
mdpi.com/journal/metals

Special Issue Reprint

Casting and Forming  
of Light Alloys

Edited by 

Wenming Jiang



Casting and Forming of Light Alloys





Casting and Forming of Light Alloys

Editor

Wenming Jiang

Basel • Beijing • Wuhan • Barcelona • Belgrade • Novi Sad • Cluj • Manchester



Editor

Wenming Jiang

Huazhong University of

Science and Technology

Wuhan, China

Editorial Office

MDPI

St. Alban-Anlage 66

4052 Basel, Switzerland

This is a reprint of articles from the Special Issue published online in the open access journal Metals

(ISSN 2075-4701) (available at: https://www.mdpi.com/journal/metals/special issues/Casting

Forming).

For citation purposes, cite each article independently as indicated on the article page online and as

indicated below:

Lastname, A.A.; Lastname, B.B. Article Title. Journal Name Year, Volume Number, Page Range.

ISBN 978-3-0365-8918-3 (Hbk)

ISBN 978-3-0365-8919-0 (PDF)

doi.org/10.3390/books978-3-0365-8919-0

Cover image courtesy of Wenming Jiang

© 2023 by the authors. Articles in this book are Open Access and distributed under the Creative

Commons Attribution (CC BY) license. The book as a whole is distributed by MDPI under the terms

and conditions of the Creative Commons Attribution-NonCommercial-NoDerivs (CC BY-NC-ND)

license.



Contents

About the Editor . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . vii

Wenming Jiang and Yuancai Xu

Casting and Forming of Light Alloys
Reprinted from: Metals 2023, 13, 1598, doi:10.3390/met13091598 . . . . . . . . . . . . . . . . . . . 1

Feng Guan, Suo Fan, Junlong Wang, Guangyu Li, Zheng Zhang and Wenming Jiang

Effect of Vibration Acceleration on Interface Microstructure and Bonding Strength of Mg–Al
Bimetal Produced by Compound Casting
Reprinted from: Metals 2022, 12, 766, doi:10.3390/met12050766 . . . . . . . . . . . . . . . . . . . . 5

Bei Yuan, Dunming Liao, Wenming Jiang, Han Deng and Guangyu Li

Study on Friction and Wear Properties and Mechanism at Different Temperatures of Friction
Stir Lap Welding Joint of SiCp/ZL101 and ZL101
Reprinted from: Metals 2023, 13, 3, doi:10.3390/met13010003 . . . . . . . . . . . . . . . . . . . . . 23

Igor A. Petrov, Anastasiya D. Shlyaptseva, Alexandr P. Ryakhovsky, Elena V. Medvedeva and

Victor V. Tcherdyntsev

Effect of Rubidium on Solidification Parameters, Structure and Operational Characteristics of
Eutectic Al-Si Alloy
Reprinted from: Metals 2023, 13, 1398, doi:10.3390/met13081398 . . . . . . . . . . . . . . . . . . . 41

Wenchang Zhang, Kun Xu, Wei Long and Xiaoping Zhou

Microstructure and Compressive Properties of Porous 2024Al-Al3Zr Composites
Reprinted from: Metals 2022, 12, 2017, doi:10.3390/met12122017 . . . . . . . . . . . . . . . . . . . 55

Shuhui Huang, Baohong Zhu, Yongan Zhang, Hongwei Liu, Shuaishuai Wu and

Haofeng Xie

Microstructure Comparison for AlSn20Cu Antifriction Alloys Prepared by Semi-Continuous
Casting, Semi-Solid Die Casting, and Spray Forming
Reprinted from: Metals 2022, 12, 1552, doi:10.3390/met12101552 . . . . . . . . . . . . . . . . . . . 71

Xu Zheng, Jianguo Tang, Li Wan, Yan Zhao, Chuanrong Jiao and Yong Zhang

Hot Deformation Behavior of Alloy AA7003 with Different Zn/Mg Ratios
Reprinted from: Metals 2022, 12, 1452, doi:10.3390/met12091452 . . . . . . . . . . . . . . . . . . . 89

Gengyan Feng, Hisaki Watari and Toshio Haga

Fabrication of Mg/Al Clad Strips by Direct Cladding from Molten Metals
Reprinted from: Metals 2022, 12, 1408, doi:10.3390/met12091408 . . . . . . . . . . . . . . . . . . . 105

Vadlamudi Srinivasa Chandra, Koorella S. V. B. R. Krishna, Manickam Ravi,

Katakam Sivaprasad, Subramaniam Dhanasekaran and Konda Gokuldoss Prashanth

Mechanical and Tribological Behavior of Gravity and Squeeze Cast Novel Al-Si Alloy
Reprinted from: Metals 2022, 12, 194, doi:10.3390/met12020194 . . . . . . . . . . . . . . . . . . . . 119

Mahmoud Ahmed El-Sayed, Khamis Essa and Hany Hassanin

Influence of Bifilm Defects Generated during Mould Filling on the Tensile Properties of
Al–Si–Mg Cast Alloys
Reprinted from: Metals 2022, 12, 160, doi:10.3390/met12010160 . . . . . . . . . . . . . . . . . . . . 131

v



Anastasiya D. Shlyaptseva, Igor A. Petrov, Alexandr P. Ryakhovsky, Elena V. Medvedeva and

Victor V. Tcherdyntsev

Complex Structure Modification and Improvement of Properties of Aluminium Casting Alloys
with Various Silicon Content
Reprinted from: Metals 2021, 11, 1946, doi:10.3390/met11121946 . . . . . . . . . . . . . . . . . . . 147

Ming Sun, Depeng Yang, Yu Zhang, Lin Mao, Xikuo Li and Song Pang

Recent Advances in the Grain Refinement Effects of Zr on Mg Alloys: A Review
Reprinted from: Metals 2022, 12, 1388, doi:10.3390/met12081388 . . . . . . . . . . . . . . . . . . . 159

vi



About the Editor

Wenming Jiang

Wenming Jiang, Ph.D., professor and doctoral supervisor for the State Key Laboratory of

Materials Processing and Die & Mould Technology, School of Materials Science and Engineering,

Huazhong University of Science and Technology, Wuhan, China, was selected as the most beautiful

scientific and technological worker in the national Foundry Industry in 2021 and the scientific and

Technological Innovation (double innovation) talent in Jiangsu Province. He served as the director of

the National Magnesium Alloy Society, the director of the National Casting Society, and the Executive

Deputy Secretary general of the National lost mold Casting Committee. He has presided over more

than 20 scientific research projects, such as the National Natural Science Foundation, the National

Key Research and Development Plan, and the National Key Research Plan for Basic Strengthening.

He has published more than 150 academic papers, applied for/authorized 35 invention patents,

and participated in the compilation of five books/textbooks. He is an Editorial Board Member of

journals such as Materials, Metals, China Foundry, Casting, and China Foundry Equipment and Technology.

He has mainly carried out research on magnesium, aluminum alloys, and their precision casting

forming theory and technology; 3D printing rapid casting technology; and green casting theory and

technology research.

vii





Citation: Jiang, W.; Xu, Y. Casting

and Forming of Light Alloys. Metals

2023, 13, 1598. https://doi.org/

10.3390/met13091598

Received: 29 August 2023

Accepted: 8 September 2023

Published: 15 September 2023

Copyright: © 2023 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

metals

Editorial

Casting and Forming of Light Alloys

Wenming Jiang * and Yuancai Xu

State Key Laboratory of Materials Processing and Die & Mould Technology, School of Materials Science and
Engineering, Huazhong University of Science and Technology, Wuhan 430074, China; mutouxyc@163.com
* Correspondence: wmjiang@hust.edu.cn

1. Introduction and Scope

With the rapid development of aviation, aerospace, navigation, automotive, electronics
and other fields, the demand for light alloys components is increasing, and the performance
requirements are becoming higher and higher, especially for large complex light alloys
components. Therefore, high performance light alloys will have a great application potential
in the future. The casting and forming of light alloys is an important step to obtain large and
complex light alloy components with a high performance. Together with the compositions
of light alloys, they determine the formability, defects, microstructure and mechanical
properties of light alloys.

This Special Issue aims to present the latest developments in the casting and forming of
light alloys. The preparation process and performance enhancement of Al, Mg or their com-
posite materials are mainly studied. Particular attention has been paid to the relationship
between process conditions, microstructural features and mechanical properties.

2. Contributions

This Special Issue contains a total of 11 articles covering the topic of the casting and
forming of light alloys such as Al and Mg. Among them, six papers are about Al alloys,
four papers are about light metal composite materials, and one paper is about Mg alloys.

Huang et al. [1] compared the microstructure of a AlSn20Cu wear-resistant alloy
prepared using semi-continuous casting, semi-solid die casting and spray forming. The
results showed that the tin phase particles of the alloy prepared using semi-continuous
casting had a prolate particle shape, the tin phase of the alloy prepared using semi-solid
die casting was nearly spherical and strip shaped, and the tin phase in the alloy prepared
using spray forming and hot extrusion was nearly equilateral shaped. Among the three
preparation methods, the semi-solid die casting had the shortest process time, and the
spray molding process could obtain a finer and more uniform tin phase structure.

Shlyaptseva et al. [2] developed a new modifier with complex effects on the structure
of Al-Si alloys. The modifier was composed of TiO2, BaF2 and KF. Under the role of the
composite modifier, the α-Al dendrites, Al-Si eutectic and primary Si were all refined to
different degrees. The SDAS and the average area of eutectic silicon in aluminum alloys
with different Si contents were all reduced. The composite modifier could increase the
strength of the hypoeutectic and eutectic silumins by 10–32% and the plasticity by 24–54%.

Zheng et al. [3] studied the effect of the Zn/Mg ratio on the hot deformation behavior
of an AA7003 alloy. The optimum hot working temperature of the ternary alloy AA7703
was in the range of 653 K to 813 K, and the strain rate was lower than 0.3 S−1. Materials
with a low Zn/Mg ratio could cause problems with hot deformability. Alloys with higher
ratios had better machinability. The Al3Zr dispersoid in the alloy could effectively inhibit
the recrystallization of the AA7003 alloy, and the Zn/Mg ratio could potentially affect the
drag force of the dispersoids.

El-Sayed et al. [4] discussed the influence of casting process parameters on bifilm
defects in aluminum alloy casting. The bifilm defects produced during the filling process of
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the aluminum alloy had adverse effects on the mechanical properties. Adding filters to the
gating system and reducing the hydrogen content of the molten metal could minimize the
possibility of bifilm defects and significantly increase the tensile strength and elongation of
the casting.

Petrov et al. [5] reported the effect of rubidium on the solidification parameters, struc-
ture and operational characteristics of a eutectic Al-Si alloy. The rubidium was relatively
distributed in the silicon phase, effectively refining the eutectic silicon and changing its
morphology. Rubidium modification changed the solidification parameters of the alloy.
The solidus temperature and eutectic solidification onset temperature were significantly
lowered, leading to an expansion of the solidification range.

Chandra et al. [6] compared the mechanical properties and wear resistance of an
Al-Si alloy prepared using squeeze casting and gravity casting. The results showed that
compared with gravity die-casting, the Al-Si alloy prepared using high pressure squeeze
casting was refined due to the increased cooling rate and the destruction of primary
dendrites during solidification via extrusion pressure. The grains were refined and the
dendrite arm spacing was reduced. The reduction in casting defects in high-pressure
squeeze casting alloys resulted in a lower coefficient of friction and an improved alloy wear
resistance.

Yuan et al. [7] studied the friction and wear properties of friction stir welding CiCp/ZL101
and Zl101 composites at different temperatures. The results showed that the sliding friction
process at each temperature was relatively stable, and the average friction coefficient was
stable at about 0.4. The wear forms at room temperature were mainly oxidative wear
and abrasive wear. As the temperature increased, the main wear form became fatigue
wear. When the temperature reached 200 ◦C, the characteristics of adhesive wear appeared.
After 250 ◦C, the composites had high-temperature lubricating properties. The composite
materials had good high-temperature friction and wear properties.

Zhang et al. [8] prepared porous 2024Al-Al3Zr composites using in situ and spatial
scaffolding methods, and studied the effects of Zr content and space scaffold (NaCl) content
on the properties of the composites. Studies showed that with the increase in Zr content, the
powder cohesion was enhanced and the defects were significantly reduced. The increase in
Al3Zr reduced the stress concentration and hindered the crack growth. However, too much
Al3Zr increased the brittleness and reduced the performance. The increase in space scaffold
content led to a gradual decrease in the compressive properties and energy absorption
performance of the material.

Feng et al. [9] studied the effects of roll speed, pouring sequence and solidification
length on AZ91D/A5052 clad strips prepared using direct cladding from molten metals.
The results showed that the rolling speed had an influence on the average thickness of
the solidified layer. The thickness of solidified layer decreased with the increase in rolling
speed. The high-melting-point A5052 alloy, when poured into the lower nozzle, could solve
the remelting problem of the low-melting-point AZ91D. Extending the solidification length
could reduce the generation of intermetallic compounds.

Guan et al. [10] studied the effect of vibration acceleration on the microstructure and
properties of a composite-casted Mg-Al bimetal interface. With the increase in vibrational
acceleration, the cooling rate of the bimetal increased, leading to reductions in the reaction
duration to form the intermetallic compound and its thickness. And the Mg2Si phase in the
IMC’s layer was refined and distributed more uniformly.

Sun et al. [11] reported the latest progress on the effect of Zr in the grain refinement
of magnesium alloys. The Mg-Zr master alloy ensured a clean interface between the
Zr particles and Mg solution, which was beneficial to the diffusion of Zr elements and
improved the utilization rate of nucleation. It was an efficient way to introduce Zr elements.
The mechanism of grain refinement using Zr was attributed to the heterogeneous nucleation
and constitutional supercooling effect. Pretreatment of the Mg-Zr master alloy or treatment
of the solution could improve the utilization rate of Zr and obtain a better refining effect.

2



Metals 2023, 13, 1598

Acknowledgments: As Guest Editors, we would like to express our sincere gratitude to all the
contributing authors and reviewers for their outstanding work, which has made this Special Issue
possible. We are also deeply grateful to the staff at the Metals Editorial Office and MDPI for their
invaluable support and active involvement in the publication process. Last but not least, we extend
our heartfelt appreciation again to all the contributing authors and reviewers whose exceptional
contributions have played a crucial role in the success of this Special Issue. We hope that it will serve
as an informative and valuable reference for readers.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Huang, S.; Zhu, B.; Zhang, Y.; Liu, H.; Wu, S.; Xie, H. Microstructure Comparison for AlSn20Cu Antifriction Alloys Prepared by
Semi-Continuous Casting, Semi-Solid Die Casting, and Spray Forming. Metals 2022, 12, 1552. [CrossRef]

2. Shlyaptseva, A.D.; Petrov, I.A.; Ryakhovsky, A.P.; Medvedeva, E.V.; Tcherdyntsev, V.V. Complex Structure Modification and
Improvement of Properties of Aluminium Casting Alloys with Various Silicon Content. Metals 2021, 11, 1946. [CrossRef]

3. Zheng, X.; Tang, J.; Wan, L.; Zhao, Y.; Jiao, C.; Zhang, Y. Hot Deformation Behavior of Alloy AA7003 with Different Zn/Mg Ratios.
Metals 2022, 12, 1452. [CrossRef]

4. El-Sayed, M.A.; Essa, K.; Hassanin, H. Influence of Bifilm Defects Generated during Mould Filling on the Tensile Properties of
Al-Si-Mg Cast Alloys. Metals 2022, 12, 160. [CrossRef]

5. Petrov, I.A.; Shlyaptseva, A.D.; Ryakhovsky, A.P.; Medvedeva, E.V.; Tcherdyntsev, V.V. Effect of Rubidium on Solidification
Parameters, Structure and Operational Characteristics of Eutectic Al-Si Alloy. Metals 2023, 13, 1398. [CrossRef]

6. Chandra, V.S.; Krishna, K.S.V.B.R.; Ravi, M.; Sivaprasad, K.; Dhanasekaran, S.; Prashanth, K.G. Mechanical and Tribological
Behavior of Gravity and Squeeze Cast Novel Al-Si Alloy. Metals 2022, 12, 194. [CrossRef]

7. Yuan, B.; Liao, D.; Jiang, W.; Deng, H.; Li, G. Study on Friction and Wear Properties and Mechanism at Different Temperatures of
Friction Stir Lap Welding Joint of SiCp/ZL101 and ZL101. Metals 2022, 13, 3. [CrossRef]

8. Zhang, W.; Xu, K.; Long, W.; Zhou, X. Microstructure and Compressive Properties of Porous 2024Al-Al3Zr Composites. Metals
2022, 12, 2017. [CrossRef]

9. Feng, G.; Watari, H.; Haga, T. Fabrication of Mg/Al Clad Strips by Direct Cladding from Molten Metals. Metals 2022, 12, 1408.
[CrossRef]

10. Guan, F.; Fan, S.; Wang, J.; Li, G.; Zhang, Z.; Jiang, W. Effect of Vibration Acceleration on Interface Microstructure and Bonding
Strength of Mg-Al Bimetal Produced by Compound Casting. Metals 2022, 12, 766. [CrossRef]

11. Sun, M.; Yang, D.; Zhang, Y.; Mao, L.; Li, X.; Pang, S. Recent Advances in the Grain Refinement Effects of Zr on Mg Alloys:
A Review. Metals 2022, 12, 1388. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

3





Citation: Guan, F.; Fan, S.; Wang, J.;

Li, G.; Zhang, Z.; Jiang, W. Effect of

Vibration Acceleration on Interface

Microstructure and Bonding Strength

of Mg–Al Bimetal Produced by

Compound Casting. Metals 2022, 12,

766. https://doi.org/10.3390/

met12050766

Academic Editor: Emin Bayraktar

Received: 20 March 2022

Accepted: 26 April 2022

Published: 29 April 2022

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2022 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

metals

Article
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Bonding Strength of Mg–Al Bimetal Produced by
Compound Casting
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Abstract: Vibration was adopted to enhance the interface bonding of Mg–Al bimetal prepared by the
lost foam compound casting (LFCC) technique. The Mg–Al bimetallic interface was composed of
three layers: layer I (Al3Mg2 and Mg2Si phases), layer II (Al12Mg17 and Mg2Si phases), and layer III
(Al12Mg17 + δ-Mg eutectic structure). With the increase in vibration acceleration, the cooling rate of
the Mg–Al bimetal increased, resulting in the decrease in the reaction duration that generates the
intermetallic compounds (IMCs) layer (including layers I and II) and its thickness. On the other hand,
the Mg2Si phase in the IMCs layer was refined, and its distribution became more uniform with the
increase in the vibration acceleration. Finally, the shear strength of the Mg–Al bimetal continued to
increase to 45.1 MPa when the vibration acceleration increased to 0.9, which was 40% higher than
that of the Mg–Al bimetal without vibration.

Keywords: Mg–Al bimetal; vibration; interface; microstructure; bonding strength

1. Introduction

Bimetallic materials have received close attention in recent years because of their
unique superiority in combining the advantages of both different materials. Aluminum and
magnesium alloys are two commonly used structure materials for lightweight applications
for economic savings and ecological protection [1,2]. The former has the characteristics
of good formability, excellent corrosion resistance, high specific strength, and stiffness [3].
The latter has low density, good castability, and high damping capacity [4]. Mg–Al bimetal,
which consists of these two components, combines these advantages, and is widely applied
in the automobile, aviation, and aerospace fields [5,6].

At present, a large number of technologies have been used to fabricate Mg–Al bimetal,
such as welding [7], rolling [8], and casting [9]. The rolling process is an effective way to
produce laminated or rodlike material, but it is challenging to manufacture complex parts.
The welding methods are usually used to prepare the bimetallic products with a simple
shape with high efficiency. Compared to the rolling and welding processes, compound
casting has the advantage of being suitable for the production of bimetals with large
and complex geometry. Moreover, the production procedure of the compound casting
process is simple and low cost. Recently, much attention has been attracted to compound
casting technology. Mg–Al bimetals have been prepared by various compound casting
methods. Zhu et al. [9] fabricated AM50–Al6061 bimetallic products by a compound die
casting method, followed by a low-temperature (200 ◦C) annealing schedule. The shear
strength of the AM50–Al6061 bimetal reached the maximum value of 8.09 MPa, after
a three-hour annealing. Their research found that the thickness of the Mg–Al interface
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greatly affected its shear strength. He et al. [10] used a solid–liquid compound casting
process to manufacture the arc-sprayed Al–AZ91D bimetal via casting AZ91D melt into
the molds deposited by arc-sprayed aluminum coating. Hajjari et al. [11] used compound
casting to produce a pure Al–pure Mg bimetal joint. The Mg–Al bimetal obtained in this
experiment has a thick interface of about 1 mm, and the interface consists of multiple
layers of different microstructures. The shear strength of the Mg–Al interface is about
23 MPa. Emami et al. [12] produced Mg–Al bimetal by both conventional and lost foam
compound casting. The research also found a thick Mg–Al interface, achieving a millimeter
level in the contact area of the two kinds of metals. In our previous research, lost foam
compound casting was used to fabricate the A356–AZ91D bimetal, and key parameters
such as pouring temperature and liquid–solid volume ratio were systematically studied.
The results show that the improvement of the bonding strength of Mg–Al bimetal can be
achieved by adjusting the processing parameters [13–16]. The properties of the Mg–Al
bimetal are still poor due to the massive brittle and hard Al–Mg intermetallic compounds
(IMCs) phase in the Mg–Al interface [10–12], and the Al2O3 film on the surface of the solid
Al alloy, which hinders the direct bonding of the solid and liquid alloy and brings down
the wettability [17,18].

In the recent research, the metal coating is usually prepared on the solid matrix to
strengthen the mechanical properties of the bimetal prepared by compound casting [19,20].
Mola et al. [21] prepared a Zn coating with a thickness of 0.1 mm on the surface of the
6060 inserts by diffusion bonding. Then, the coated insert was used for the compound
casting. After introducing the Zn element in the interface, the microstructure of the Mg–Al
interface changed from Al–Mg IMCs to Mg–Al–Zn ternary IMCs, and the shear strength of
the Mg–Al joint increased significantly, from about 8 MPa to about 42 MPa. Liu et al. [22]
fabricated the Mg–Al bimetallic composites by a compound casting process. Moreover, a Ni
interlayer was coated on the aluminum insert to hinder the direct reaction between the solid
aluminum and liquid magnesium. As a result, the bonding strength of the Mg–Al bimetal
was improved from 17.3 MPa to 25.4 MPa after adopting the Ni interlayer. However,
the preparation process of the coating will make the preparation process of the bimetal
more complicated and greatly increase the energy consumption and production cost, thus
producing more pollution.

In addition, the researchers also tried a variety of other methods to improve the bond-
ing properties of bimetals produced by the compound casting process. Chen Yiqing et al. [23]
added La element to the magnesium alloy melt when preparing Mg–A390 bimetal by cast-
ing liquid Mg alloy onto the solid Al alloy panel. Experimental results show after adding
the rare earth La into the magnesium alloys, the Al12Mg17 phase at the interface becomes
lesser and thinner, and the cast grain is gradually refined. When the magnesium alloys con-
tain 1% rare earth La, the maximal shearing strength of the interface can achieve 88.5 MPa.
Wu Li et al. [24] proposed a modified horizontal continuous casting process under the
electromagnetic field for preparing AA3003–AA4045 clad composite hollow billets. When
rotating electromagnetic stirring was applied, the flow pattern of fluid melt was greatly
modified; the temperature field in the interface region became more uniform. As a result,
the microstructure of the clad composite hollow billet was refined, and the diffusion of the
elements at the interface was promoted. Tayal et al. [25,26] used sandpaper with different
mesh sizes to grind the surface of the aluminum alloy to research the influence of surface
roughness on the shear strength of the A356–Mg bimetal produced by vacuum-assisted
sand mold compound casting. The results show that it is more appropriate to use 800-grit
sandpaper to polish the surface of the A356 insert. Babaee et al. [27] machined a special
concentric groove pattern on the surface of the Al insert to improve the bonding properties
of Al–Al-4.5%Cu bimetal prepared by squeeze casting. The tensile strength of the bimetal
increased from 17 MPa to 54 MPa, after applying this method.

Although many studies have been conducted on the preparation of Mg–Al bimetal,
few studies have been conducted to improve the performance of the Mg–Al interface
by improving its microstructure through external assistance. The dependence of the
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mechanical properties on the microstructure of the Mg–Al interface is still insufficient.
Vibration-assisted solidification is a technology of applying vibration in metal casting. It
can effectively improve the microstructure solidification and the properties of the materials.
Meanwhile, it has the advantages of low cost and no pollution. On the one hand, the molten
metal was compressed and stretched by periodic force under the vibration, which was
beneficial to the degassing and crystallization process [18,19,28,29]. Moreover, mechanical
vibrations can form forced convection in the melt. The flow of the melt causes the tem-
perature equalization of the melt, promotes the heat exchange between the molten metal
and the mold, and increases the cooling rate of the melt [30]. At the same time, the flow
caused by the melt also leads to the transport process of the solid phase and an increase
in crystal nucleation. Therefore, it promotes the formation of more uniform fine-grained
solidification microstructures [31]. Moreover, the vibration can also affect the distribution
and shape of precipitates by promoting the element diffusion and solute exchange in the
bimetallic interface [32]. It has excellent application prospects for the bimetals produced by
compound casting.

In our previous study, we have investigated some key process parameters of a lost
foam composite casting (LFCC) [13–16]. The microstructure of the interface of the Mg–Al
bimetal prepared by the lost foam solid–liquid composite casting process was also reported.
However, there are still many unsolved problems in our previous studies. For example, the
bonding strength of the Mg–Al interface was not strong, the composition of the interface
was relatively complex, and the formation process of the interface has not been fully
clarified. In this work, the AZ91D–A356 bimetal was produced using the LFCC process.
Vibration with different accelerations was applied during the casting and solidification
process to enhance the bonding strength of the Mg–Al bimetal, by the vibration table used
in the original lost foam casting process. The effect of the vibration acceleration on the
microstructures and the bonding strength of the Mg–Al bimetal was investigated.

2. Experimental Procedure

2.1. Materials and Fabrication Process

The commercial A356 aluminum alloy (Al-6.81Si-0.44Mg-0.21Fe-0.02Ti wt.%) and
AZ91D magnesium alloy (Mg-9.08Al-0.62Zn-0.23Mn wt.%) were used to fabricate the
Mg–Al bimetal. The aluminum rods with a diameter of 10 mm and a height of 110 mm
were obtained from the commercial aluminum ingot by wire-electrode cutting. Figure 1a
shows the original microstructures of the A356 rods. They were mainly composed of the Al
substrate and the Si phase dispersed in the substrate. Figure 1b,c shows the microstructure
zoom in areas b and c in Figure 1a, indicating that the original shape of the Si phase in the
A356 rods is mostly needle-like or slate-like.

 

Figure 1. (a) Original microstructures of the A356 insert; (b) microstructures zoom in area b in (a);
(c) microstructures zoom in area c in (a).

Before being used in the experiment, the as-cast A356 rods were polished with silicon
carbide sandpapers, followed by cleaning with acid (50% HNO3 + 48% HF + 2% water) and
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lye (20 g/L NaOH, 5 g/L ZnO) to remove the oxide film on the surface. The treated A356
rods were assembled with the foam pattern. Then, the foam patterns were used for the
LFCC process, of which the schematic diagram is illustrated in Figure 2. The foam pattern
was placed in the sand flask, which was vibrated through the vibration table, while the
loose sand was added to the sand flask. Under vibration, the loose sand in the sand flask
was compacted. Then, a plastic film was placed over the surface of the loose sand. Finally,
the vacuum pump was launched, and the sand flask was vacuumized and maintained at
a vacuum of −0.03 MPa during the experiment. Under atmospheric pressure, the sand
mold became tough and could tolerate the applied vibration. During the LFCC process,
the pouring temperature of the AZ91D magnesium alloy was 720 ◦C. The 35 Hz vibration
with different peak accelerations of 0.3 g (with the peak–peak displacement of 0.2 mm)
and 0.9 g (with the peak–peak displacement of 0.6 mm) was applied to the manufacturing
process of the Mg–Al bimetal by the vibration table under the sand flask, as shown in
Figure 2, to investigate the effect of the vibration acceleration on the microstructure and
bonding strength of the Mg–Al bimetal. During the casting process, the solidification
temperature curve of the Mg–Al bimetal was measured at a sampling frequency of 75 Hz
by the thermocouple, placed against the surface of the A356 insert, as shown in Figure 2.

 

Figure 2. The schematic diagram of the experiment.

2.2. Characterization

The Mg–Al bimetal specimens were cut along their cross section. A Quanta 200 scan-
ning electron microscope (SEM, FEI, Eindhoven, The Netherlands) equipped with energy-
dispersive X-ray spectroscopy (EDS) was used to investigate the microstructure and chemi-
cal composition of the Mg–Al bimetallic interface. The thickness of the Mg–Al interface
and the size of the precipitated phase were measured using the image-pro software, and
the measure method and process are illustrated in supplementary materials, as shown in
Figures S1–S11. The element distribution of the interface was tested by WDS equipped
with EPMA (EPMA-8050G (Shimadzu, Tokyo, Japan)). An XRD-6100 X-ray diffractometer
(XRD, Shimadzu, Tokyo, Japan) was employed to identify the phase compositions at the
Mg–Al interface. Further investigation of the constitutive phases at the interface was
performed using transmission electron microscopy (TEM; JEOL2100, Tokyo, Japan). The
bonding properties of the Mg–Al bimetal were tested by a push-out experiment in the
ZwickZ100 universal testing machine (Zwick, Roell, Germany) with the compression rate of
0.5 mm/min. The schematic diagram of the push-out experiment is shown in Figure 3. The
bonding property of the Mg–Al bimetal was evaluated according to Equation (1) [33–35]:

S = F/(πdh), (1)
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where S is the shear strength of the Mg–Al bimetal, F is the maximum force loaded obtained
from the testing machine during the compression process, d is the diameter of the aluminum
rod, and h is the height of the specimen. The fracture behavior of the Mg–Al bimetal was
analyzed using SEM equipped with EDS.

 

Figure 3. Schematic diagram of the push-out test for the shear strength testing.

3. Results

3.1. Effects of the Vibration Acceleration on Microstructure of the Mg–Al Bimetal

Figure 4a–c shows the interface morphology of the Mg–Al bimetal obtained with
different conditions. Without the vibration, the outline of the interface is relatively flat.
After applying the vibration, the thickness of the interface changes, and its morphology
becomes irregular. When the vibration is not applied, there is a boundary in the Mg–Al
interface at the location marked in Figure 4a. In the Mg–Al interface, many long dendrites
grow towards the AZ91D matrix on the left side of the boundary, as shown in Figure 4a.
On the right side of the boundary, the distribution of the grey precipitates in that area is
not uniform. Near the A356 matrix, fewer precipitates can be observed.

Figure 4. Cont.
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Figure 4. Microstructures of the Mg–Al bimetals obtained with different conditions: (a) without
vibration; (b) with the vibration acceleration of 0.3 g; (c) with the vibration acceleration of 0.9 g;
(a1–a3) microstructures under high magnification in the regions a1–a3 in (a), respectively; (b1–b3) mi-
crostructures under high magnification in the regions b1–b3 in (b), respectively; (c1–c3) microstruc-
tures under high magnification in the regions c1–c3 in (c), respectively.

When the vibration with 0.3 g is adopted, a clear boundary can still be observed in the
Mg–Al interface at the location marked in Figure 4b, and there are obvious dendrites on the
right side of it. However, the dendrites in the interface zone decrease compared with that
without vibration. As the vibration acceleration increases to 0.9 g, no obvious boundary can
be observed in the Mg–Al interface, and the dendrites in the Mg–Al interface decrease fur-
ther. According to the above observations, three regions are selected for further observation
to analyze the effect of vibration acceleration on the microstructure of the Mg–Al interface.
Figure 4(a1–c3) shows the microstructures under high magnification in the regions marked
in Figure 4a–c, respectively. EDS point analysis is used to analyze the composition of
the phase existing in the Mg–Al interface, and the results of the corresponding points are
shown in Table 1. The possible phases of the analyzed points are identified and indicated in
Table 1, combing the EDS point analysis results with the Al–Mg [36] and Mg–Si [37] binary
phase diagrams. According to these results, the Mg–Al interface can be divided into three
regions: layer I (composed of Al3Mg2 and Mg2Si phases), layer II (composed of Al12Mg17,
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and Mg2Si phases), and layer III (Al12Mg17 + δ-Mg eutectic). Layers I and II can also be
collectively called the IMCs layer because their substrates are the Al–Mg IMCs, and layer
III can be named the eutectic layer. Layer I is mainly composed of the Mg2Si precipitates
and Al3Mg2 substrate. There are many Mg2Si bulks and bars when the vibration is not
applied, as shown in Figure 4(a1). After applying the vibration with the acceleration of
0.3 g, the Mg2Si phase is dispersed into granular form, as shown in Figure 4(b1). When the
acceleration increases to 0.9 g, a large number of fine Mg2Si particles can be observed in
the Al3Mg2 substrate, and the size of the Mg2Si phase is refined, as shown in Figure 4(c1).

Table 1. Results of EDS analysis at different locations in Figure 4.

Area No.
Element Compositions (At.%)

Possible Phase
Mg Al Si

1 38.73 61.27 - Al3Mg2
2 58.02 12.56 29.43 Mg2Si
3 50.82 49.18 - Al12Mg17
4 63.94 36.06 - Al12Mg17
5 83.66 16.34 - δ-Mg
6 38.73 61.27 - Al3Mg2
7 61.23 14.84 23.93 Mg2Si
8 49.45 50.55 - Al12Mg17
9 65.65 34.35 - Al12Mg17

10 77.70 22.30 - δ-Mg
11 38.74 61.26 - Al3Mg2
12 61.87 22.09 16.03 Mg2Si
13 49.28 50.72 - Al12Mg17
14 63.43 36.57 - Al12Mg17
15 85.78 14.22 - δ-Mg

Figure 4(a2–c2) shows the microstructures of the Mg–Al interfaces in layer II, which
is composed of the black Mg2Si phase and the Al12Mg17 substrate. These results indicate
that the vibration also affects the distribution and size of the Mg2Si phase in the Al12Mg17
substrate. Without applying the vibration, the aggregation of the Mg2Si phase is observed
in Figure 5b. As shown in Figure 5b,c, fewer large Mg2Si bulks are observed in the Al12Mg17
substrate when the vibration is applied. It indicates that the Mg2Si phases in layer II are
dispersed and refined after the mechanical vibration is brought to the manufacturing
process. As to the microstructures in layer III, there is no significant difference in the δ-Mg
and Al12Mg17 eutectic structure, after applying the vibration.

 

Figure 5. The distributions of the Si element in the Mg–Al bimetals prepared with different conditions:
(a) without vibration; (b) with the vibration acceleration of 0.3 g; (c) applying the vibration acceleration
of 0.9 g.

Figure 5 shows the distributions of the Si element in the Mg–Al bimetals prepared
under different conditions. According to the microstructures observed in Figure 4, the Si
elements distributed in the Mg–Al interface may mainly exist in the precipitates (the Mg2Si
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phase) located in the IMCs layer. After the vibration, the distribution of the Si element
in the IMCs layer becomes more uniform, and the composition of the Si element in the
eutectic layer increases slightly. It indicates that the vibration can improve the uniformity
of the Mg2Si phase in the Mg–Al interface.

The above experimental results show that the Mg–Al interface can be divided into two
parts, the IMCs layer (composed of layers I and II) and the eutectic layer (layer III). There
are a lot of Mg2Si precipitates in the IMCs layer. In the eutectic layer, eutectic structures
and some primary dendrites can be observed. These two parts can be distinguished
and measured according to their differences in microstructure and contrast. Figure 6
summarizes the measurements of the thickness of the different parts of the Mg–Al interface.
Compared with the Mg–Al bimetal without vibration, the thickness of region I decreases by
29.6%, from 914 μm to 643 μm, after applying the vibration of 0.9 g. However, the change
of the thickness of the eutectic layer presents a different phenomenon. It decreases when
the vibration is applied. Then, it increases when the acceleration of the vibration increases
to about 0.9 g.

 

Figure 6. The thicknesses of the Mg–Al interfaces obtained with different conditions.

The microstructures shown in Figure 4 indicate that the Mg2Si phase mainly exists in
layers I and II in the Mg–Al interface. To quantify the influence of vibration acceleration
on the Mg2Si phase in the Mg–Al interface, we observed and measured the size of the
Mg2Si phase in layers I and II, respectively, according to the locations shown in Figure 4a–c.
Figure 7 shows the sizes of the Mg2Si phase in the Mg–Al interfaces. The results indicates
that the size of the Mg2Si phase in layer II is larger than that in layer I. The size of the
Mg2Si phase in the IMCs layer decreases with the enhancement of the acceleration of the
vibration. Compared with the Mg–Al bimetal without vibration, the size of the Mg2Si phase
decreases from 4.3 μm to 1.8 μm in layer I, and drops from 4.7 μm to 3.3 μm in layer II, after
applying the vibration of 0.9 g. Figure 4(a3–c3) shows the microstructures of layer III in the
Mg–Al interfaces.

12



Metals 2022, 12, 766

 

Figure 7. The sizes of the Mg2Si phase in the IMCs layers of the Mg–Al interfaces.

To further confirm the phase composition of the Mg–Al interface, the Mg–Al interface
was observed by TEM. Figure 8a shows the bright-field image in layer I. There are many
large granular phases distributed in the substrate. Figure 8c,d shows the analysis result of
the diffraction spots. The results confirm that layer I in the Mg–Al interface is composed of
the Al3Mg2 substrate and the Mg2Si precipitates. Research has shown the appearance of
the bend contours is related to the strain field led by the residual stresses [38,39]. Since the
linear expansion coefficient of Mg2Si (13 × 10−6 K−1) [40] is lower than that of the substrate
(Al3Mg2, 22 × 10−6 K−1) [41], it will generate the compressive stress in the precipitates
and the substrate. The stress may lead to the deformation of the substrate in the area
near the Mg2Si phase. It may result in the occurrence of the bend contours, as shown in
Figure 8a. On the other hand, the compressive stress in the Mg2Si phase may lead to a large
number of dislocations in the particles, as shown in Figure 8b. These results indicate that
the presence of Mg2Si in the interface may lead to the generation of residual stress in the
interface. Therefore, the oversized Mg2Si phase may lead to the increase in residual stress
and adversely affect the interface properties.

 

Figure 8. Cont.
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Figure 8. TEM analysis results of layer I in the Mg–Al interface: (a,b) TEM bright-field images;
(c) SAED pattern of the Al3Mg2 phase; (d) SAED pattern of the Mg2Si phase.

3.2. Effect of the Vibration Acceleration on Bonding Strength of the Mg–Al Bimetal

Figure 9a shows stress-displacement curves of the Mg–Al bimetals with different
conditions, and the average shear strength of the Mg–Al bimetal prepared with different
conditions is presented in Figure 9b. With the increase in the vibration acceleration, the
shear strength of the Mg–Al bimetal gradually increases from 32.2 MPa to 41.5 MPa and
45.1 MPa. Compared with the Mg–Al bimetal obtained without vibration, it increases
by 30% and 40%, respectively, after applying the vibration with the accelerations of 0.3 g
and 0.9 g.

 

Figure 9. (a) Stress-displacement curves of the Mg–Al bimetals with different conditions; (b) Shear
strengths of Mg–Al bimetals with different conditions.

Figure 10 presents the SEM fractographies of the Mg–Al bimetals with different
conditions, and the compositions of the phases observed on the fracture surface were
analyzed. The cleavage planes and river patterns are observed in the SEM fractographies,
as shown in Figure 10b,e,h, demonstrating that the Mg–Al bimetal fractures by a brittle
fracture. Figure 10a shows the macroscopic morphology of the fracture surface of the
Mg–Al bimetal without vibration. It indicates a noticeable slope on the surface of the
fracture. Region b and c, shown in Figure 10a, were selected for observation. The results
show that the Mg–Al bimetal fractures in different Mg–Al interface areas. In region b,
shown in Figure 10b, the composition of the flat region is the Al3Mg2 phase, and the
composition of the granular structure and pit area is the Mg2Si phase, indicating that
region b belongs to the IMCs layer. The Mg2Si phase on the fracture surface aggregates and
distributes in a reticular form when the vibration is not applied.
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Figure 10. SEM morphologies of the fracture surfaces of the Mg–Al bimetals at the Mg substrate
side: (a) macroscopic morphology of the fracture surface of the Mg–Al bimetal without vibration;
(b,c) enlarged images of region b and c in (a), respectively; (d) macroscopic morphology of the fracture
surface of the Mg–Al bimetal with the vibration acceleration of 0.3 g; (e,f) enlarged images of region e
and f in (d), respectively; (g) macroscopic morphology of the fracture surface of the Mg–Al bimetal
with the vibration acceleration of 0.9 g; and (h,i) enlarged images of region h and i in (g), respectively.

In region c of Figure 10a, the surface of the fracture is relatively straight and flat, and
the Al12Mg17 + δ-Mg eutectic structure can be observed, indicating that it may belong to
the eutectic layer. However, it is noteworthy that no plastic deformation is observed in
the eutectic structure, as shown in Figure 10c. The fracture morphology of the Mg–Al
bimetal with vibration demonstrates a similar fracture pattern. The Al3Mg2 phase, Mg2Si
phase, and the eutectic structure are also found on the fracture surface. Compared with
the fracture morphology of the Mg–Al bimetal without vibration, the aggregated Mg2Si
phase is dispersed after applying the vibration, as shown in Figure 10e,h. Moreover, the
δ-Mg in the eutectic structure is elongated, which is beneficial to improve the ductility of
the Mg–Al interface.

After the shear testing, the fragments of broken interfacial structures were used for
XRD testing. The fragments were broken and screened again before testing. The XRD
testing result, shown in Figure 11, also confirms the presence of the Al3Mg2, Al12Mg17, and
Mg2Si phases in the IMCs layers. Because the IMCs is more brittle, it is more likely to break
and fall off during shear fracture. Due to the presence of a large number of δ-Mg phases in
the eutectic structure, its plasticity is relatively better, and it is not easy for it to break and
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fall off, so it may not be included in the tested samples. This may explain the result that
δ-Mg was not detected in the Figure 11.

 

Figure 11. XRD diagram of the IMCs layer of the Mg–Al interface.

4. Discussion

4.1. The Effect of Vibration Acceleration on the Microstructure of Mg–Al Bimetallic Interface

Figure 6 indicates that the thickness of the IMCs layer in the Mg–Al interface gradually
decreases with the increase in the vibration acceleration. To investigate the influence
mechanism of vibration acceleration on the thickness of the IMCs layer, the solidification
curve of the interfacial region was measured by the thermocouple, located on the surface of
the aluminum insert, and the results are shown in Figure 12. Previous research has shown
that under the vibration, the disturbance and convection of the molten metal promoted
the heat exchange at the solid–liquid interface [42]. As a result, it can increase the cooling
rate during the solidification process. It can be observed that the cooling rate of the
solidification process significantly increased after the application of the vibration, as shown
in Figure 12a. According to the research of Haq et al. [43], the increase in the derivate curve
indicates the generation of a new phase. Combining the Al–Mg binary phase diagram with
the solidification curve shown in Figure 12, the reaction duration of the IMCs (both the
Al3Mg2 and Al12Mg17) phases and the cooling rates during the formation of the IMCs were
measured. Then, they are used to estimate the time taken to form the IMCs layer. The
cooling rate during the formation of the IMCs was about 0.27 K/s, under the condition
of no vibration. After applying the vibration with the accelerations of 0.3 g and 0.9 g, the
cooling rates were 0.38 K/s and 0.40 K/s, respectively, during the formation of the IMCs.
It increased significantly when the vibration was applied. Without vibration, the reaction
duration of the IMCs layer (tIMCs) was about 47.7 s. After applying the vibration with the
accelerations of 0.3 g and 0.9 g, it decreased to 34.5 s and 28.76 s, respectively. Compared
with the Mg–Al bimetal obtained without vibration, it was reduced by 27.7% and 39.7%,
respectively, after applying the vibration with the accelerations of 0.3 g and 0.9 g. The
decrease in the tIMCs may be the reason why the thickness of the IMCs layer in the Mg–Al
bimetallic interface decreased, with the increasing of the vibration acceleration.
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Figure 12. (a) Results of thermocouple measurement; (b) Temperature curve zoom in area b in (a).

Moreover, the disturbance and convection led by the vibration may also affect the
size and distribution of the Mg2Si phase. Figure 13 shows the influence mechanism of the
vibration on the size and distribution of the Mg2Si phase. The Si element in the Mg2Si
phase comes from the Si phase in the A356 insert. Figure 13a shows the initial state of the
Si element in the manufacturing process of the Mg–Al bimetal. In the beginning, the Si
existed in the needle-like or slate-like Si phase on the aluminum substrate. After pouring
the molten AZ91D alloys, the molten metal filled the position of the foam mold and came
into contact with the A356 insert.

 

Figure 13. The influence mechanism of the vibration on the size and distribution of the Mg2Si phase:
(a) The initial state of the Si element; (b) The insert melted to form a molten pool on the surface of the
solid insert; (c) The diffusion of the Si in the molten pool under the condition of no vibration; (d) The
interface formed under the condition of no vibration; (e) The diffusion of the Si in the molten pool
after applying the vibration; (f) The interface formed after applying the vibration.

During the casting process, the highest temperature measured in the insert surface
region was about 571 ◦C, as shown in Figure 12, close to the Al–Si eutectic reaction temper-
ature of 577 ◦C [35]. The actual temperature of the insert surface area should be higher than
the measured temperature, so when the AZ91D melt was in contact with the A356 matrix,
the surface area of the insert might be melted. In addition, under the high-temperature
condition, the mutual diffusion of the Al and Mg elements occurred between the solid
aluminum insert and the molten magnesium alloy. It changed the composition of the
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insert surface, decreased the melting point of the insert surface [44], and promoted the
melting of the surface region of the solid insert. So, the insert melted to form a molten
pool on the surface of the solid insert, as shown in Figure 13b. In the molten pool, there
were some Si-rich regions where the eutectic Si phase initially existed. Subsequently, the Si
element in the molten pool gradually diffused due to the concentration gradient, as shown
in Figure 13c. Without vibration, the diffusion distance of the Si element was relatively
short due to the brief solidification time of the interface region during the manufacturing
process. Finally, as shown in Figure 13c, the Si element aggregated in a small area and
precipitated the large Mg2Si bulks from the molten metal, as shown in Figure 13d.

After applying the vibration, the disturbance and convection led by the vibration
promoted the diffusion of the Si element. The diffusion distance of the Si element increased,
and the Si element was dispersed into a larger region, as shown in Figure 13e. Finally, the
size of the Mg2Si phase was refined, and its distribution became more uniform, as shown in
Figure 13f. Therefore, it can be seen from the above experiment results that the size of the
Mg2Si phase in the IMCs layer is gradually refined as the vibration acceleration increases
to 0.9 g.

However, the improvement of the distribution of the Mg2Si phase in layer I is mainly
observed after applying the vibration. Since the A356 insert melts from the outside to
the inside during the preparation process, the Si element in layer II has more diffusion
time. As a result, the distribution of the Mg2Si phase in that region is relatively uniform.
Therefore, the effect of the vibration on the distribution of the Mg2Si phase in layer II is not
as significant as that of layer I.

4.2. Strengthening Mechanism of the Mg–Al Bimetal

The IMCs layer in the Mg–Al interface is mainly composed of the IMCs substrate
and the Mg2Si phase distributed on the substrate. Compared with A356 and AZ91D
matrixes, the IMCs layer has significantly higher hardness and lower plastic deformation
ability [45]. Therefore, the thickness of the IMCs layer has an important influence on the
number of brittle phases and bonding properties of the Mg–Al bimetal. In the preparation
process of the Mg–Al bimetal, reducing the content of these brittle phases is the key to
improving the bonding property of the Mg–Al bimetal [46,47]. After applying the vibration,
the thinning of the IMCs layer means decreasing the mass of the brittle phases, thereby
improving the mechanical properties of the Mg–Al bimetal. Studies have shown that the
size and morphology of the Mg2Si phase have an important effect on the properties of
the material [48,49]. The refined Mg2Si phase may also contribute to enhancing the shear
strength of the Mg–Al bimetal. Without vibration, there are many Mg2Si bulks in the IMCs
layer. Since the linear expansion coefficient of the Mg2Si is lower than that of the Al3Mg2
substrate, it will generate compressive stress in the Mg2Si precipitates. Existing research
has found that for the large-sized Mg2Si phase, its ability to carry external loads is weaker
because the larger size reinforcement particles are more likely to fracture under the action
of the residual stress [50]. Therefore, under the action of the stress, the Mg2Si bulks in the
IMCs layer are more likely to form cracks when it is under load, leading to the formation
of crack propagation channels, which will adversely affect the ability of the Mg2Si phase
to withstand and disperse loads [51]. When the vibration is applied, the thickness of the
IMCs layer decreases, and the Mg2Si phase is refined. Therefore, the shear strength of the
Mg–Al bimetal is improved from 32.2 MPa to 41.5 MPa, after applying the vibration with
the acceleration of 0.3 g. As the acceleration increases to 0.9 g, the shear strength of the
Mg–Al bimetal continues to rise to 45.1 MPa, due to the further reduction in the thickness
of the IMCs layer and the further refinement of the Mg2Si phase.

5. Conclusions

In the present work, the Mg–Al bimetal was fabricated by the LFCC process, and
the effect of the vibration acceleration on the interfacial microstructure and mechanical
properties was studied. The main conclusions are presented in the following:
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• The interface of the Mg–Al bimetal fabricated by the LFCC process was divided
into three areas, named layer I (Al3Mg2 and Mg2Si phases), layer II (Al12Mg17, and
Mg2Si phases), and layer III (Al12Mg17 + δ-Mg eutectic structure). With the increase in
the vibration acceleration, the cooling rate of the Mg–Al bimetal increased, and the
reaction duration of the IMCs layer (including layers I and II) decreased. In addition,
the thickness of the IMCs reduced.

• The vibration promoted the refinement and dispersion of the Mg2Si phase. After applying
the vibration, the distribution of the Mg2Si in the IMCs layer became more uniform, and
the size of the Mg2Si phase decreased with the increase in the vibration acceleration.

• The shear strength of the Mg–Al bimetal increased with the increase in the vibration
acceleration. As the acceleration grew to 0.9 g, the shear strength of the Mg–Al bimetal
continued to rise to 45.1 MPa, which was 40% higher than that of the Mg–Al bimetal
without vibration. The significant improvement of the shear strength of the Mg–Al
bimetal might be attributed to the decrease in the IMC’s thickness, as well as the
refinement and uniform distribution of the Mg2Si phase.
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Abstract: In order to achieve the goal of lightening the braking system of urban rail trains, SiCp/ZL101
and ZL101 plates were welded by friction stir lap welding (FSLW) to prepare a new type of brake
disc material. The friction and wear properties of the friction-stir-processed composite material
were studied at different temperatures (30 ◦C, 100 ◦C, 150 ◦C, 200 ◦C, 250 ◦C, 300 ◦C) to provide a
theoretical basis for the evaluation of braking performance. The experimental results showed that the
sliding friction processes at each temperature were relatively stable, the friction coefficients did not
vary much and the average friction coefficients changed slightly, stabilizing at about 0.4. The wear
extent and the depth of wear scars increased with the increase in the temperature, reaching the highest
at 150 ◦C and then began to decrease. At room temperature, the wear forms were mainly oxidative
wear and abrasive wear; as the temperature rose, under the cyclic shearing action of the grinding ball,
the abrasive debris fell off under the expansion of fatigue cracks and fatigue wear was the main form
at this stage. When the temperature reached 200 ◦C, it began to show the characteristics of adhesive
wear; after 250 ◦C, due to the gradual formation of a mechanical mixed layer containing more SiC
particles and oxides on the wear surface, it exhibited high-temperature lubrication characteristics,
and the wear extent was equivalent to 35% of the wear extent at normal temperature, indicating that
the composite material had good high-temperature friction and wear properties.

Keywords: FSLW; SiCp/ZL101 and ZL101 joint; temperature; friction and wear properties; wear
mechanism

1. Introduction

Aluminum matrix composites (AMCs) have the advantages of light weight, high
tensile strength, high specific stiffness and specific strength, better fatigue strength, cor-
rosion resistance and a low thermal expansion coefficient, etc. [1–6]. They have broad
application prospects in electronics, new energy vehicles, aerospace and other fields [7–9].
Traditional cast iron and cast steel brake discs are not conducive to improving the braking
performance of vehicles due to defects such as heavy weight, poor thermal conductivity
and poor fatigue performance [4,10]. Aluminum-based composite materials are ideal sub-
stitutes for traditional brake disc materials [4,11]. The application in the brake disk has been
widely considered [12]. For example, Venkatachalam et al. [13] prepared Al6082 composite
material by stir casting, and verified through performance research that the composite
material had a small friction coefficient and wear rate, and could be used to prepare auto-
mobile brake discs. Firouz et al. [14] prepared Al-9Si-SiC composite automobile brake discs
with 10% and 20% SiC volume fractions by stir casting, and conducted thermal fatigue
research. The results showed that the thermal fatigue performance of composite brake
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discs was better than that of cast iron brake discs. Sadagopan et al. [15] prepared the Al
6061 metal matrix composite brake rotor with 20% SiC volume fraction by stir casting, and
verified through experiments that the composite brake disc had better efficiency in terms of
braking distance and heat dissipation than the cast iron disc. Daoud et al. [16] prepared
the A359 particle composite brake rotor with 20% SiC volume fraction by sand casting,
and verified that the AMC brake disc had the advantages of wear resistance and higher
thermal conductivity compared with the cast iron brake disc, lighter weight and a more
uniform coefficient of friction; these characteristics reduced braking distance and braking
noise. In addition, there are many studies on the friction and wear behavior of AMCs.
For example, Jin et al. [5] conducted a high-temperature friction and wear test on as-cast
SiCp/A356 composites. The results showed that the wear rate of the as-cast SiCp/A356
was very sensitive to temperature changes, and the friction stability decreased sharply
with the increase in temperature. Hekner et al. [17] used molecular dynamic simulations to
study the nanoscale wear behavior of SiC particle-reinforced AMCs (SiC/Al NCs), and the
results showed that the wear mechanism was changed during high temperature.

Particle-reinforced composite castings prepared by traditional casting technology have
defects such as uneven particle distribution and large porosity [18–20], and do not have
high strength and ductility compared with the base material [21], resulting in the inability
to fully exert the performance of composite materials. To overcome this problem, Friction
Stir Processing (FSP) is widely used in the preparation of composite materials [22–24];
through the continuous stirring motion of the stirring tool, the reinforced particles are
evenly distributed throughout the matrix, which reduces the porosity and improves the
friction and wear properties of the composite [25]. Based on the above research results,
this study proposed a new method for the preparation of composite brake discs, which
used friction stir welding to lap the AMC sheet on the aluminum alloy substrate, and at
the same time used FSP to modify the AMC, to prepare a functionally graded brake disc
material with both wear resistance and toughness. At present, there is much research on
FSW for AMCs. For example, Avettand-Fènoël et al. [26] reviewed the microstructure,
friction stir welding performance and other indicators of the FSW joints of various AMC
materials, and proposed ways to improve them. Zuo et al. [27] reviewed the weldability,
macrostructure and microstructure of joints, mechanical properties of joints, tool wear
and monitoring of SiCp/Al composites, and looked forward to the future development
direction. In addition, the research on the use of FSP to prepare AMCs is also a hot topic
that has attracted much attention. For example, Vijayavel et al. [28] used FSP to process the
surface of the lm25 composite material with a volume fraction of 5% SiC. The experimental
results showed that when the shaft-to-shoulder ratio of the stirring pin was 3.0, the obtained
equiaxed grains were finer [29] and the microstructures processed at a tool traverse speed
of 40 mm/min showed excellent wear resistance. Mohamadigangaraj et al. [30] evaluated
the effects of friction stir processing parameters on the properties of A390-10 wt% SiC
composite using response surface methodology, and the results showed that the speed
of rotation had a higher impact on hardness than other parameters. Kumar et al. [31]
investigated the mechanism for improving the tensile properties, wear properties and
corrosion resistance of stir-cast Al7075–2 wt.% SiC composites by friction stir processing
(FSP); the results showed that nanoparticle-reinforced composites after FSP exhibited better
wear resistance than microparticle-reinforced composites. Kurtyka et al. [32] studied the
effect of the plastic deformation generated in the FSP process on the concentration and
distribution of SiC particles in the cast composite A339/SiCp, and the study showed
that the FSP process significantly improved the distribution of reinforced particles in the
composite. Butola et al. [33] conducted pin-on-disk friction and wear tests on AA7075–2
wt.% SiC composites prepared by FSP, and the results showed that FSP can produce
surface composites with no defects and the uniform distribution of reinforcement materials,
which helped to improve the wear resistance of composites. Aruri et al. [34] studied the
effect of tool speed on the wear properties of aluminum-based surface hybrid composites
manufactured by FSP, and the results showed that reducing the tool speed appropriately
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could reduce the wear rate of Al-SiC/Al2O3 surface composites. Devaraju et al. [35]
studied the effects of rotational speed and reinforced particles such as SiC and Al2O3 on
the wear and mechanical properties of aluminum alloy-based surface hybrid composites
prepared by FSP, and found that the size of the reinforced particles was reduced, and
the wear resistance was greatly improved after FSP. Rana et al. [36] used FSP to prepare
Al 7075-T651-B4C surface composite material, and found that the wear resistance of the
composite material increased by 100% compared with the base material. The FSW process
research on AMCs mentioned in the above research rarely involves the FSLW process. The
existing research on the preparation of AMCs by FSP mainly focuses on the optimization of
process parameters, and the volume fraction of the reinforcing phase is not high (≤10%).
The research on the friction and wear properties of the prepared surface composites is
also mainly concentrated on the normal temperature in the environment. Since the sliding
friction will generate a lot of heat during the braking process, the temperature of the brake
disc will change sharply, which will affect the braking effect (thermal stability, the vibration
of the braking system, braking noise, braking safety and so on [37,38]). The above research
results rarely involve the influence of temperature on the friction and wear properties of
FSPed composite material. The friction and wear properties of this brake disc material at
different temperatures are of great significance for exploring the wear mechanism of the
brake materials at different temperatures and evaluating their braking performance.

ZL101 has excellent casting performance and good weldability, and is widely used in
the preparation and welding of AMCs [39–44]. In this study, the 20% volume of the stir-
casted SiCp/ZL101 composite sheet and the ZL101 sheet was used for the preparation of the
composite material using the FSLW. The friction and wear performances and mechanisms
of the SiCp/ZL101 and ZL101 composite material at 30 ◦C, 100 ◦C, 150 ◦C, 200 ◦C, 250 ◦C
and 300 ◦C were studied, providing a theoretical basis for the evaluation of the braking
performance of the brake disc material.

2. Experimental Procedure

2.1. Experimental Materials

In this experiment, the SiCp/ZL101 composite material with 20% SiCp volume fraction
was prepared by stir casting method, and the size of the SiC particles was 1000 mesh. The
material composition of ZL101 aluminum alloy is shown in Table 1. The prepared composite
materials were cut into sheets of size 6 mm × 180 mm × 90 mm by wire cut, ZL101 sheets
were cut into sheets of size 9 mm × 180 mm × 90 mm by the wire cut, and the surface
roughness of the two sheets was processed to Ra 0.8 by machining technology.

Table 1. Chemical composition of the ZL101 aluminum alloy (wt.%).

Aluminum Alloy C Si Mn Mo Cr Ni Mg Al Fe

ZL101 - 6.5~7.5 ≤0.35 - - - 0.25~0.45 Bal -

The experimental equipment in this study was a FSW equipment modified from
a X35K milling machine from Zhengling (Liuzhou, China), and the FSLW process was
adopted to weld SiCp/ZL101 composite plate (upper plate) and ZL101 plate (lower plate)
to prepare multiple sets of welding samples. Figure 1a is a schematic diagram of the FSLW
process. The overlapping rate of adjacent welding passes was 50%. The detailed welding
parameters are shown in Table 2. After the welding samples were prepared, natural aging
was carried out for 7 days.
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Figure 1. (a) Schematic diagram of FSLW; (b) Schematic diagram of the size of the stirring pin;
(c) Schematic diagram of the sampling location of the friction and wear specimen; (d) Schematic
diagram of the sizes of the friction and wear specimen.

Table 2. The parameters of the FSLW process.

No. Speed (rpm)
Welding Speed

(mm/min)
Pressing

Amount (mm)
Welding

Pass
Tool Tilt
Angle (◦)

1 375 35.5 0.15 1 3.5

Six friction and wear test specimens were cut from the weld joint of the sample by wire
cut. The sampling location is shown in Figure 1c, and the sample size is shown in Figure 1d.
The surface roughness of the specimens was treated to Ra0.8 by the machining technology.

2.2. Friction and Wear Test

The equipment used in this experiment was MMQ-02G ball-on-disk high-temperature
friction and wear testing machine from Yihua (Jinan, China), and six specimens were
subjected to friction and wear tests in air atmosphere at different temperatures. Figure 2 is
a schematic diagram of the experimental device. As can be seen, the specimen was fixed
on the rotating disk, and the counter-grinding ball was in contact with the surface of the
specimen under the specified load. The distance between the counter-grinding ball and the
center of the rotating disc is the friction radius. After the device was heated to the specified
temperature in the incubator, the rotating disk drove the friction specimen to perform
relative frictional motion with the grinding ball at a specified speed. Si4N3 balls with a
diameter of 6 mm were used as the counter-grinding balls, and the test time was 60 min.
The test parameters of the six specimens are shown in Table 3. During the experiment, the
test parameters such as test force, rotational speed, friction coefficient, temperature, time,
etc., were collected and calculated by the computer in real time, and the wear debris was
collected after each test.
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Figure 2. Schematic diagram of the friction and wear test device.

Table 3. The parameters of the friction and wear test.

No. Speed (r/min) Temperature (◦C) Load (N) Radius of Friction (mm)

1 150 30 6 5
2 150 100 6 5
3 150 150 6 5
4 150 200 6 5
5 150 250 6 5
6 150 300 6 5

2.3. Wear Detection and Structural Characterization

After cleaning and drying the friction and wear specimens with alcohol, the MS-M9000
multifunctional friction tester from Huahui (Lanzhou, China) was used to measure the
wear extent and wear scar depth of the friction and wear specimens by the surface profile
method. Each specimen was measured at four symmetrical parts of the friction ring, and
the arithmetic mean value of the four groups of data was taken.

In order to study the microstructure of the wear surface and wear debris, a Quanta
400 scanning electron microscope (SEM) equipped with an energy-dispersive X-ray spec-
trometer (EDS) (FEI, Eindhoven, The Netherlands) was used to observe the microstructure
of the wear surface and wear debris, and the elemental compositions of the wear debris
were analyzed by EDS.

3. Results

3.1. Macrostructure Morphology of Wear Surface

Figure 3 is a schematic diagram of the macrostructure of the wear surface at 30 ◦C,
100 ◦C, 150 ◦C, 200 ◦C, 250 ◦C and 300 ◦C. As shown in the figure, the wear scar of the
30 ◦C specimen (Figure 3a) is relatively wide, and the wear surface is rough and uneven,
showing a silvery white luster. The wear surface of the specimens from 100 ◦C to 300 ◦C
is black; the wavy folds caused by extrusion deformation can be clearly observed on the
wear surface of the specimen at 100 ◦C (Figure 3b), and the distribution is relatively dense.
The distribution of wavy folds on the wear surface of the 150 ◦C specimen (Figure 3c) is
relatively sparse. The wear surface of the 200 ◦C specimen (Figure 3d) is relatively flat,
with only one obvious wavy fold observed. The wear surfaces of the 250 ◦C and 300 ◦C
specimens (Figure 3e,f) are relatively flat.
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Figure 3. (a–f) Macrostructures of the wear surfaces of 30 ◦C, 100 ◦C, 150 ◦C, 200 ◦C, 250 ◦C and
300 ◦C.

3.2. Microstructure Morphology of Wear Surface

Figure 4 is a schematic diagram of the microstructure morphology of the wear surface
at 30 ◦C, 100 ◦C, 150 ◦C, 200 ◦C, 250 ◦C and 300 ◦C. As shown in Figure 4a, there are a large
number of pits on the wear surface at 30 ◦C due to the shedding of wear debris, and these
pits are connected to each other, resulting in uneven wear surfaces. The high-magnification
image of the SEM (Figure 4a1) shows that there are fine furrows on the surface of the wear
scar. The wear surface at 100 ◦C (Figure 4b,b1) shows obvious traces of plastic deformation
due to extrusion, and the amount of wear debris falling off is reduced compared with that
at 30 ◦C, and it begins to show obvious peeling marks. At 150 ◦C, the amount and area
of the wear debris shedding on the wear surface (Figure 4c) increase significantly, and
the SEM high-magnification image (Figure 4c1) shows obvious peeling marks. The wear
surface above 200 ◦C shows significant plastic deformation traces. Due to the extrusion of
the grinding ball, the metal softened at high temperature overflows at the edge of the wear
scar to form an obvious flash-like structure (Figure 4d–f). The high-magnification image
of the SEM (Figure 4f1) shows that fatigue cracks are generated on the wear scar surface
under the action of cyclic stress.
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Figure 4. (a–f) Low magnification SEM micrographs of the microstructure of the wear surface at
30 ◦C, 100 ◦C, 150 ◦C, 200 ◦C, 250 ◦C and 300 ◦C; (a1–f1) High magnification SEM micrographs of the
structure of area A in a–f.
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Figure 5 is a graph of the wear extent curve, wear scar depth curve and average
friction coefficient curve at each experimental temperature. As shown in Figure 5a,b, as the
temperature increases, the wear extent and wear scar depth first decrease and then increase,
and then show a downward trend after reaching the highest level at 150 ◦C. The wear
extent above 200 ◦C is equivalent to about 35% of the wear extent at room temperature; the
wear extent and wear scar depth show the smallest dispersion at 30 ◦C, and the largest
dispersion at 150 ◦C. As shown in Figure 5c, the average friction coefficient does not show
significant differences with the change of temperature, and is stable at around 0.4; the
average friction coefficient has the largest dispersion at 300 ◦C.

Figure 5. (a) Wear curves at 30 ◦C, 100 ◦C, 150 ◦C, 200 ◦C, 250 ◦C and 300 ◦C; (b) Wear scar depth
curves at 30 ◦C, 100 ◦C, 150 ◦C, 200 ◦C, 250 ◦C and 300 ◦C; (c) Curves of the average friction coefficient
at 30 ◦C, 100 ◦C, 150 ◦C, 200 ◦C, 250 ◦C and 300 ◦C.

Figure 6 is a graph of the friction coefficient changing with time at various exper-
imental temperatures. As shown in the figure, at each experimental temperature, the
friction coefficient does not show large fluctuations with time, reflecting a stable friction
performance.
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Figure 6. (a–f) Curves of friction coefficient versus time at 30 ◦C, 100 ◦C, 150 ◦C, 200 ◦C, 250 ◦C and
300 ◦C.

3.3. Morphology of Wear Debris

Figure 7 shows SEM micrographs of wear debris at 30 ◦C, 100 ◦C, 150 ◦C, 200 ◦C,
250 ◦C and 300 ◦C. As shown in Figure 7a, the abrasive debris consists of a small amount
of large-sized massive abrasive debris and a large amount of powdery abrasive debris at
30 ◦C. As the temperature increases, the powdery abrasive debris decreases greatly (as
shown in Figure 7b). The size of the massive abrasive debris reaches the maximum at
150 ◦C. As the temperature rises further, the powdery abrasive debris begins to increase,
and the size of the debris tends to be consistent (as shown in Figure 7e,f); obvious cracks
appear on the surface of the massive wear debris at 150 ◦C and 200 ◦C.
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Figure 7. (a–f) SEM micrographs of wear debris of 30 ◦C, 100 ◦C, 150 ◦C, 200 ◦C, 250 ◦C and 300 ◦C.

An energy-dispersive X-ray spectrometer was used to analyze the composition of the
wear debris of 30 ◦C and 150 ◦C. As shown in Figure 8, besides the Al and Si elements
contained in the matrix material, there are more O elements in the wear debris. Since the
grinding balls are Si4N3 ceramic balls with high hardness and stable chemical properties, it
shows that the O element in the grinding debris comes from the oxidation of the composite
material during the wear process.

An energy-dispersive X-ray spectrometer was used to analyze the composition of
the wear debris at 300 ◦C. As shown in Figure 9, the EDS component analysis shows the
presence of Al, Si, O and C. Since the friction and wear experiments were carried out in air
atmosphere, the surface of the exfoliated SiC particles was easily stained with the oxide
produced by the Al matrix. Therefore, according to the EDS analysis results in Figure 9b, it
is judged that the particles in Figure 9a are SiC particles.
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Figure 8. (a,a1) The EDS composition analysis of wear debris of 30 ◦C, the red plus sign in (a) is the
EDS sampling point; (b,b1) EDS composition analysis of wear debris of 150 ◦C, the red plus sign in
(b) is the EDS sampling point.

 

Figure 9. (a,b) The EDS analysis result of wear debris at 300 ◦C, the red plus sign in (a) is the EDS
sampling point.

4. Discussion

4.1. Effect of Temperature on the Morphology of Wear Scars

The roughness of sliding friction surfaces plays a crucial role in the wear process [45].
When the grinding balls first come into contact with the composite surface, they only make
contact at a few rough points where these micro-protrusions cover only a small portion of
the surface area. As a result, very high stresses are generated in these small surface areas
and wear occurs at these points [46]. Figure 10 is a schematic diagram of the wear surface
morphology change from low temperature to high temperature. As shown in Figure 10a,
when the temperature is low, the plastic deformation of the contact surface is small, and the
uneven contact point cracks and breaks under the cyclic shearing action of the grinding ball;
the wear process at 30 ◦C fits this type (Figure 3a). In addition, due to the higher fracture
energy [46], the plastic deformation of the metal caused by wear at 30 ◦C is small; a silver-
white rough wear surface is finally formed. As the temperature increases, the plasticity of
the friction surface of the composite material improves; the uneven contact points on the
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friction surface are fractured due to the large plastic deformation under the sliding shear
of the grinding ball and accumulate to the advancing side of the grinding ball. With the
increase in accumulation, due to insufficient shear force, the grinding ball will move on
over the accumulated metal. Wavy folds are formed on the wear surface under this cyclic
friction (as shown at point A in Figure 10b). Since the plasticity of the composite material is
further enhanced with the increase in temperature, more metal needs to be accumulated on
the advancing side of the grinding ball to generate sufficient shear resistance (Figure 10c).
Therefore, the spacing of the wavy folds on the wear surface gradually increases (as shown
in Figure 3b–d).

Figure 10. (a) Schematic diagram of the change of the wear surface morphology during the friction
and wear process at room temperature; (b) Schematic diagram of the formation of wavy folds on
the wear surface when the temperature of the friction and wear test increased; (c) The temperature
of the friction and wear test was further increased; the spacing of the wavy folds on the wear
surface increases.

When the temperature reaches 200 ◦C, the increased plasticity of the composite leads
to the improvement of the fluidity, leading to flashing at the edge of the wear scar due
to composite spillage (as shown in Figure 4d–f). When the temperature exceeds 250 ◦C,
the wear surface exhibits extensive plastic deformation. Therefore, the wear groove track
formed parallel to the sliding direction is relatively clear (as shown in Figure 4e,f).

4.2. Effect of Temperature on Wear Mechanisms

Friction Stir Processing improves the defects in the as-cast composites [25] and pro-
motes the performance improvement of the composites [47]. Figure 11a is the photo of the
cross-section of the FSLW joint; Figure 11b is the SEM photograph of the as-cast composite
material area at point A not affected by FSP in Figure 11a; Figure 11c is the SEM photo
of the nugget area at point B in Figure 11a. As shown in Figure 11b, the SiC particles
are agglomerated and unevenly distributed, and there are casting shrinkage defects in
the as-cast SiCp/ZL101. The microstructure of the as-cast SiCp/ZL101 is significantly
improved after FSP (Figure 11c). The SiC particles are refined and evenly distributed, and
casting shrinkage cavities are eliminated. The composite material after stirring is denser,
and the wear surface maintains better compactness and continuity [46,48]. Therefore, the
friction process at each temperature is relatively stable, and the fluctuation range of the
friction coefficient is small. A stable friction coefficient can lead to better braking effects,
such as better thermal stability, the reduction of the vibration of the braking system, low
noise, controllable braking safety and so on [37,38].
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Figure 11. (a) Schematic diagram of the cross-section of FSLW joint; (b) SEM photograph of the
as-cast composite material area at point A not affected by FSP in Figure 11a; (c) SEM photo of the
nugget area at point B in Figure 11a.

When the friction and wear test was carried out at 30 ◦C, the micro-protrusions on
the surface of the composite material were plastically deformed under the cutting action
of the grinding ball and the rotating torque; a large amount of heat was generated locally,
resulting in the partial oxidation of the material and it falling off the surface to form wear
debris, leading to pitting on the wear surface. This phenomenon exhibited characteristics
of oxidation wear. The fine scratches on the wear surface along the sliding direction were
mainly caused by the reinforcement particles shed from the matrix [49], indicating that
abrasive wear also occurred during the sliding friction process [50]. It is worth noting that
the stirred composite materials show very shallow grooves after sliding wear, which may
be attributed to the following two factors. First, the SiC particle becomes smaller and has
a good interfacial bond with the Al matrix after the stirring treatment. Good interfacial
bonding persists at 30 ◦C and allows load transfer across the particle/matrix interface.
Therefore, only a small number of SiC particles fracture and detach from the Al matrix.
Secondly, since there is no obvious accumulation of reinforced particles after the stirring
treatment [51], the evenly distributed small-sized and high-hardness SiC particles improve
the hardness, strength and wear resistance of the composite material [52], which can act as
a hard barrier against scratching and plowing by abrasive particles [53]. These two factors
lead to the formation of shallow grooves in the wear surface.

The plasticity of the wear surface is improved with the increase in temperature.
Figure 12 is a schematic diagram of fatigue crack growth on the wear surface. As shown in
the figure, due to the repeated extrusion of the grinding ball, microcracks nucleate at the
stress concentration of the friction surface, gradually break through the wear surface, and
then grow and connect with each other during the sliding process. Eventually, the surface
metal will fall off and become wear debris. This statement is confirmed by the cracks on
the wear debris in Figure 7c,d and the pits with irregular edges formed by the shedding of
wear debris in Figure 4c1,d1. The wear surface exhibits fatigue wear behavior at this stage.
The initiation and growth of the fatigue cracks are further accelerated with the increase
in temperature; the size of the wear debris is larger; the wear extent and wear scar depth
reach the maximum at 150 ◦C. The fatigue wear leads to the shedding of large pieces of
wear debris at 150 ◦C (Figure 7c), and the wear surface is rough and uneven. Therefore,
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the fluctuation range of the friction coefficient becomes significantly larger after 1500s
(Figure 6c), which shows significant differences with the friction coefficient curves at other
temperatures. As shown in Figure 3c, there were wavy folds caused by plastic deformation
on the wear surface at 150 ◦C. When the surface profiling method was used to detect the
wear extent and wear scar depth, if the sampling part was just near the wavy folds, it would
cause a large deviation between different measurements. Therefore, the large dispersion of
wear extent and wear scar depth at 150 ◦C can be attributed to the combination of the high
roughness of the wear surface and the morphology of the measurement sampling part.

 

Figure 12. (a) Fatigue crack initiation on the wear surface; (b) Fatigue crack growth on the wear
surface; (c) Fatigue cracks penetrated through the wear surface, and wear debris fell off.

In Figure 4d1, the irregular tear ridges are shown after the wear debris breaks away
at 200 ◦C, and the wear scar depth is significantly smaller, showing the characteristics
of adhesive wear [53], indicating that the further improvement of the plasticity of the
composite material at high temperature leads to the transition of the wear behavior to
adhesive wear. As the temperature further increases, the softening of the Al matrix leads to
the cracking or loosening of the SiC particles. As shown in Figure 9, the EDS component
analysis of the abrasive debris at 300 ◦C shows the presence of small-sized SiC particles
and oxide particles. Figure 13 is a schematic diagram of the sliding friction process at high
temperature. As shown in Figure 13b, these small-sized SiC particles and oxides aggregate
between the wear surface and the grinding ball, and gradually form a mechanically mixed
layer on the wear surface under the action of cyclic load [54]. Elastic deformation occurs
on the wear surface at high temperature [55], and this mechanically mixed layer is more
likely to cause shear instability on the sliding friction surface [56,57]. Meanwhile, the wear
surface maintains better compactness and continuity due to the denser composite material
after stirring [46,48], and is not easily damaged by the shear force of the mechanical mixing
layer, which further reduces the severity of the microplowing action caused by interactions
between abrasive particles. The combined effect of appealing factors leads to a reduced
wear rate at elevated temperatures. On the other hand, the plastic deformation resistance
of the composite decreases due to the increase in temperature. The wear debris adhered
to the grinding ball forms a clear furrow on the wear surface; the wear does not progress
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further, due to the lubrication of the high-hardness mechanical mixed layer [58]. Therefore,
there were no pits on the wear surface caused by the shedding of large-sized wear debris at
250 ◦C and 300 ◦C, and the depth of the wear scars did not continue to increase.

Figure 13. (a) The SiC particles started to loosen and detach from the matrix during sliding friction at
high temperature; (b) SiC particles and oxides aggregated on the wear surface to form a mechanically
mixed layer.

5. Conclusions

(1) The wear scars of the specimen at 30 ◦C were relatively wide, and the wear surface was
rough and uneven. The wear scars of the specimens at 100 ◦C to 300 ◦C were black,
and obvious wavy folds could be observed on the wear surface. The distribution of
wavy folds was denser and decreased with increasing temperature. The wear surfaces
showed significant signs of plastic deformation at temperatures above 200 ◦C. The size
of the wear debris reached its maximum at 150 ◦C, and obvious cracks appeared on
the surface of the wear debris. Then, the powdery abrasive debris began to increase,
and the size of the wear debris tended to be consistent. The O element was detected
in the wear debris at each temperature.

(2) The friction process at each temperature was relatively stable; the friction coefficient
did not change much. The average friction coefficient changed slightly and was
stable at around 0.4. The wear extent and the depth of wear scars increased with
increasing temperature, reaching the highest at 150 ◦C, and then began to decrease.
The wear extent above 200 ◦C was equivalent to about 35% of the wear extent at
room temperature.

(3) The wear mechanisms were mainly oxidation wear and abrasive wear at 30 ◦C. As the
temperature increased, the wear debris fell off under the propagation of the fatigue
cracks caused by the action of the cyclic shearing of the grinding ball; fatigue wear
was the main form at this stage. When the temperature reached 200 ◦C, it began
to show the characteristics of adhesive wear. Due to the gradual formation of a
mechanical mixed layer containing SiC particles and oxides on the wear surface at
high temperature, it exhibited high-temperature lubrication characteristics and better
high-temperature friction and wear performance.
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Abstract: Modification of the eutectic silicon in Al–Si alloys causes a structural transformation of the
silicon phase from a needle-like to a fine fibrous morphology and is carried out extensively in the
industry to improve mechanical properties of the alloys. The theories and mechanisms explaining
the eutectic modification in Al–Si alloys are considered. We discuss the mechanism of eutectic
rubidium modification in the light of experimental data obtained via quantitative X-ray spectral
microanalysis and thermal analysis. X-ray mapping revealed that rubidium, which theoretically
satisfies the adsorption mechanisms of silicon modification, had an effect on the silicon growth
during solidification. Rubidium was distributed relatively homogeneously in the silicon phase.
Microstructural studies have shown that rubidium effectively refines eutectic silicon, changing its
morphology. Modification with rubidium extends the solidification range due to a decrease in the
solidus temperature. The highest level of mechanical properties of the alloy under study was obtained
with rubidium content in the range of 0.007–0.01%. We concluded that rubidium may be used as a
modifier in Al-Si eutectic and pre-eutectic alloys. The duration of the modifying effect of rubidium in
the Al-12wt%Si alloy melt and porosity in the alloy modified with rubidium were evaluated.

Keywords: cast aluminum alloys; modification; rubidium; microstructure; eutectic silicon;
solidification process; porosity

1. Introduction

Cast aluminum alloys are used in the automotive and aerospace industries and oc-
cupy a special position among structural materials. This is because of the possibility of
achieving an optimal combination of basic operational properties (strength, ductility, cor-
rosion resistance, density, etc.) with technological properties, including excellent casting
characteristics.

The phase composition, the structural components and the nature of solidification
of any cast aluminum alloy are the most important criteria that determine either the
operational or technological properties [1].

During the solidification of an alloy, its internal structure is formed, which is one of
the determining factors of its operational properties [2]. Solidification is a complex physical
and chemical process that can proceed at different rates and under the influence of various
external factors. The course of solidification is affected by the physical characteristics of
an alloy and the cooling conditions of the casting. Technological factors, such as the tem-
perature of casting the alloy and various types of melt treatment (including modification),
significantly affect the solidification process.
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In most cases, modification can be considered as the adding of modifying additives
into an alloy—elements are added in an amount from 0.001 to 0.3%. Generally, a large
number of elements that have a modifying effect on the structure of Al-Si alloys are known.

Modifying elements change the characteristics of the origin, growth and shape of
eutectic silicon crystals. Such elements primarily include some alkaline (Na [3–5] and
K [6–8]) and alkaline earth metals (Sr [9–11], Ba [12–14] and Ca [12,15,16]). To date, the
modifying effect of a number of REMs (Y [12,17], La [18], Ce [19], Sm [20], Eu [21], Ho [22],
Er [23,24] and Yb [12,24,25]) on eutectic silicon crystals is known. Such elements are
introduced into aluminum alloys with Si content from 6 to 13%, where the eutectic is
the main structural component of the alloy. To explain the modification of Al-Si alloys,
the theory of supercooling by Edwards and Archer [26] as well as adsorption theories
considering the adsorption mechanisms of silicon modification are used. Thus, according
to the “Twin plane re-entrant edge” (TPRE) “poisoning” mechanism proposed by Day and
Hellawell [27], the modifying element is adsorbed at active growth points in the re-entrant
edges of twins, retarding the growth of silicon crystals and changing their growth directions.
This deactivates the TPRE mechanism, causing silicon crystals to grow in a more isotropic
manner. The basic idea of the “Impurity-induced twinning” (IIT) mechanism proposed by
Lu and Hellawell [28] is that the atoms of the modifying element are absorbed on the steps
of a growing silicon crystal at the interface between the solid and liquid phases. This leads
to the formation of new twins and consequently ensures their growth in other directions.
According to the IIT mechanism, only elements showing the “ideal” ratio of atomic radii
ri/r~1.646 (where ri is the atomic radius of the element and r is the radius of silicon) are
modifiers.

The interest of researchers in the processes of structure formation during modifi-
cation of Al-Si alloys has led to the advancement of modification technologies and the
production of high-quality castings as well as the development and confirmation of various
modification theories.

Of great interest is the use of Rb for modifying Al-Si alloys. There is insufficient
literature data on the use of rubidium as a modifier in aluminum–silicon alloys. Rubidium
is a chemically active alkali metal with a melting point of 39.3 ◦C [29]. It is close in its
physical and chemical properties to sodium; therefore, it is assumed that the modifying
effect of rubidium on a eutectic (α + Si) is similar to the action of sodium. Based on
the adsorption theory of modification, the most effective modifiers that refine a eutectic
(α + Si) are elements with a low surface tension. Rubidium has a surface tension equal to
83 mN/m [30]. It is significantly lower than the surface tension of aluminum (914 mN/m)
and silicon (865 mN/m) [30].

Rubidium has not received practical application in the foundry of eutectic Al-Si alloys.
This is due to the complexity of adding this metal into the melt, and the lack of information
regarding its effect on the properties of Al-Si alloys. Data on its modifying effect on Al-Si
alloys are contradictory [6,28,31]. Rubidium in its pure form is difficult to add to the melt;
therefore, it was decided to use salt to add it.

The effect of rubidium on the structure, mechanical properties and solidification of
a eutectic Al-Si alloy was examined in our study. The duration of the modifying effect of
rubidium in the Al-Si alloy melt was determined, and the porosity of an alloy modified
with rubidium was evaluated.

2. Materials and Methods

2.1. Materials and Modification Technology

The object of the study was a eutectic Al-12wt%Si alloy. The chemical compositions of
the experimental alloys are presented in Table 1.
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Table 1. Chemical compositions of experimental alloys.

Al-12wt%Si Alloy
Estimated
Quantities

Rb %

Mass Fraction, % (Al-Base)

Si Cu Mn Ti Zn Fe Rb

Unmodified — 11.42 0.0020 0.002 0.007 0.0097 0.22 —

Alloy 1 0.1 11.39 0.0017 0.0023 0.004 0.0090 0.22 0.002

Alloy 2 0.3 11.51 0.0013 0.002 0.006 0.01 0.26 0.0052

Alloy 3 0.5 11.36 0.0021 0.0026 0.006 0.0092 0.20 0.0075

Alloy 4 1.0 11.48 0.0018 0.0042 0.009 0.01 0.25 0.01

Salt (RbNO3) was chosen as the compound to add rubidium into the melt. The
estimated amounts of rubidium added to the alloy were chosen to be equal to 0.1%, 0.3%,
0.5%, and 1.0% from the weight of the melt. The salt was dried at 150–200 ◦C for 2 h before
melting.

Experimental melting was carried out in an electric resistance furnace. The weight
of one melt was 1 kg. The melt was previously degassed with argon. Rubidium salt
(RbNO3) was added into the melt at the bottom of the crucible at a temperature of
750 ± 5◦ with the help of a “bell”. The treatment of the melt with the salt was accompanied
by bubbling. Then, the melt stood for 10 min, slag was removed from its surface, and
samples of the experimental alloys were poured into a sandy-clay mold at a temperature
equal to 710 ± 5 ◦C. Samples were cast separately to determine porosity.

The weight of the melt to determine the duration of the modification effect was equal
to 5 kg. The melt was kept at a constant temperature equal to 730 ± 5◦C for up to 240 min.
In the process of holding the melt, samples were poured into a sandy-clay mold at the time
intervals of 15, 30, 45, 60, 120, 180 and 240 min.

2.2. Methods of Studying the Microstructure and Mechanical Properties

The mechanical properties of the experimental alloys (ultimate strength and relative
elongation) were determined in accordance with ASTM B557M-15 on an Instron 5982 testing
machine (Instron, Norwood, MA, USA). In each experiment, 4 samples were tested. Each
experiment was repeated twice.

Microstructural studies were carried out on a Carl Zeiss-brand Imager.Z2m AXIO universal
research motorized microscope (Carl Zeiss, Microscopy GmbH, Göttingen, Germany).

Quantitative analysis of the microstructure (average length, area of eutectic silicon and
α-Al dendrites) was carried out using the specialized program ImageExpert Pro 3.7, version
3.7.5.0, NEXSYS, (Moscow, Russia) over three images per each sample. The photographs
were processed through the use of the following operations: changing the size of the
photograph, selecting the scale, binarization, determining the object of study by color,
etc. For image processing, the ImageExpert Pro 3.7 program uses built-in algorithms (the
methods correspond to the ASTM E112-10 international standard).

To measure the size of the α-Al dendrite, the secondary dendrite arm spacing (SDAS)
was determined. The SDAS was evaluated (as reported in [32]) by measuring thirty
dendrites for each sample using three images at 50× magnification.

The microstructure and elemental composition and distribution of modifying elements
in the structure were studied using a Phenom XL scanning electron microscope (SEM) with
an integrated energy-dispersive spectrometry (EDS) system (Phenom-World BV, Eindhoven,
Netherlands). To determine the elemental composition at a point and according to area,
the method of quantitative X-ray spectral microanalysis was used using special Phenom
Element Identification v. 3.8.0.0 software. To carry out X-ray mapping, the Elemental
Mapping software was used.
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2.3. Methods of Chemical and Thermal Analysis

The chemical (elemental) composition of the samples was studied using a CCD-based
Q4 TASMAN-170 spark optical emission spectrometer. The Q4 TASMAN-170 spectrometer
was controlled from a desktop computer using special QMatrix software version 3.8.1 (Bruker
Quantron GmbH, Kalkar, Germany).

The actual rubidium content was obtained using an ICAP 6300 inductively coupled plasma
atomic emission spectrometer (ICP-AES) (Thermo Fisher Corporation, Cambridge, UK).

Thermal analysis of the alloys’ solidification was carried out using a Netzsch DSC404 F3
Pegasus differential scanning calorimeter (Netzsch-Geratebau GmbH, Bavaria, Germany).
The samples were subjected to exposure at room temperature for 24 h before the test. The
analyzed sample and the platinum standard were placed with thermocouples (Pt–Rh) in
platinum crucibles and put into the heating chamber of the installation. The tests were
carried out in an inert argon atmosphere. NETZSCH Proteus® v. 7.1 software was used to
process the data obtained (Netzsch-Geratebau GmbH, Bavaria, Germany).

2.4. Porosity Investigation Method

The porosity of the alloys was evaluated on a five-level standard scale in macrosections
of samples cut from castings in sandy-clay molds in accordance with ISO 10049:2019(E) [33].
To disclose the pores, the sample was sanded and etched in a 20% NaOH solution in
accordance with ISO 10049:2019(E).

3. Results

3.1. Thermodynamic Analysis of the Interaction of Rubidium Nitrate with Melt

The study of an alloy modification with rubidium using RbNO3 salt is impossible with-
out a preliminary thermodynamic analysis. In this regard, the thermodynamic probability
of the salt-decomposition process and its interaction with the melt up to a temperature of
1200 K (927 ◦C) was determined. Calculations of the free reaction energy were carried out
while taking into account phase transformations based on the literature data [34,35].

It is known [34] that rubidium nitrate RbNO3 is a low-melting salt (melting point
t = 313 ◦C) and that when heated above the melting point, it decomposes to form a nitrite
and oxygen according to Reaction (1):

RbNO3 = RbNO2 + 0.5O2 (1)

The resulting RbNO2 reacts with aluminum and is reduced to rubidium according to
Reaction (2):

RbNO2 +
4
3

Al =
2
3

Al2O3 +
1
2

N2 + Rb (2)

At the same time, direct interaction of the nitrate with aluminum according to Reaction
(3) with the formation of rubidium is also possible:

RbNO3 + 2Al = Al2O3 +
1
2

N2 + Rb (3)

According to the calculations obtained, the free reaction energy for Reactions (2) and
(3) at the temperatures of 600–1200 K was negative (Figure 1). Consequently, at the salt
input temperature of 1023 K (750 ◦C), the formation of rubidium in the aluminum melt
was possible according to Reactions (2) and (3), for which the energy of the system reached
values of −432 and −367 kJ/mol, respectively.
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Figure 1. Temperature dependences of the free reaction energy of Reactions (2) and (3) on temperature.

3.2. Mechanical Properties

The results of mechanical tests of the Al-12wt%Si alloy after modification with ru-
bidium are presented in Table 2. It was experimentally established that adding rubidium
caused an increase in the mechanical properties (ultimate strength σB and relative elonga-
tion δ).

Table 2. Mechanical properties of Al-12wt%Si alloy and average dimensions of eutectic Si and SDAS.

Al-12wt%Si Alloy
Features

σv, MPa δ, % lSi eut, μm SDAS, μm

Unmodified 145 ± 2 2.6 ± 0.2 14 − 49.4 42 ± 10

Alloy 1 149 ± 2 4.1 ± 0.1 5.42 − 28.58 40± 9

Alloy 2 166 ± 3 5.5 ± 0.4 1.88 − 7.88
0.7 − 22 37 ± 10

Alloy 3 169 ± 1 9.3 ± 0.5 0.36 − 2.29
0.2 − 7.6 37 ± 9

Alloy 4 171 ± 2 8.6 ± 0.5 0.72 −3.97
0.29 − 11.7 39 ± 8

Note: the numerator shows the average size of the structural components and the denominator shows the
minimum and maximum size.

The largest increase in the mechanical properties of the alloy 3 is explained by the
modified microstructure of the alloy. An increase in the Rb content in alloy 4 did not lead
to a further increase in mechanical properties, which remained at the level of alloy 3.

3.3. Microstructural Studies

The results of the optical microscopy of the structures of the unmodified Al-12wt%Si
alloy and those modified with different rubidium content are shown in Figure 2. For alloy 3,
the results of the X-ray spectral microanalysis and EDS elementary mapping are presented
in Figure 3.

In the Al-12wt%Si alloy under study, the silicon concentration was 11.4%. The microstruc-
ture of the unmodified alloy was characterized as coarse eutectic (lSi eut = 14–49.4 μm) with
large α-Al dendrites (SDAS 42 μm). Due to the presence of impurities and low cooling rates
(casting into a sandy-clay mold), primary silicon crystals could be observed in the structure of
the alloy under study. The iron concentration in the alloy was about 0.3%, which can lead to the
β-FeSiAl5 phase formation.
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Figure 2. Microstructure of Al-12wt%Si alloys: (a) unmodified; (b) alloy 1; (c) alloy 2; (d) alloy 3;
(e) alloy 4.

Figure 3. Cont.
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Figure 3. Energy-dispersive X-ray spectral microanalysis of a sample of alloy 3 and elemen-
tary mapping of the studied area of a sample modified with rubidium. (a) Magnification at
1100× (composition according to area); (b) magnification at 2150× (composition according to area
and mapping according to elements); (c) magnification at 11,500× (composition according to area);
(d) magnification at 4300× (composition according to area and mapping according to elements).

Studies of the microstructure of alloy 1 showed that modification with a minimal
amount of rubidium led to a change in morphology, a decrease in the linear dimensions of
the eutectic silicon length to 5.42–22.58 μm, and a decrease in α-Al dendrites by 5%. With
an increase in the rubidium content in alloys 2 and 3, the respective linear dimensions of
the eutectic silicon decreased to 1.33–5.02 and 0.36–2.29 μm (Table 2). As a result, the Si
particles acquired a finer fibrous morphology, as shown in Figure 2d,e. An increase in the
rubidium content in alloy 4 did not lead to greater refinement of eutectic silicon (Figure 2d).
Different contents of rubidium weakly affected the size of the α-Al dendrites, and the SDAS
in the alloy decreased by an average of 11–12%. Therefore, in order to obtain a modified
eutectic in the alloy under study, it was necessary to ensure the actual rubidium content in
the range of 0.007–0.01 wt %. Therefore, further studies were carried out with an estimated
rubidium content of 0.5% (corresponding to 0.0075 wt %).

Based on the results of studying the microstructure of the sample of alloy 3, the
presence of rubidium in the studied samples was studied using X-ray spectral microanalysis
over the area of the image. The structure, X-ray spectrum and composition of the elements
are shown in Figure 3a,c.

To confirm the elemental composition, elementary mapping of a sample of alloy
3 modified with rubidium was carried out. The elementary maps of the rubidium-modified
sample in the eutectic area (containing aluminum, silicon and the Fe-containing phase)
obtained by scanning at a low resolution are shown in Figure 3b, and a higher-resolution
map is shown in Figure 3d. The mapping results showed that rubidium atoms were present
in the eutectic silicon and had a low concentration.

3.4. Thermal Analysis

The solidification parameters of the alloys under study (depending on the melt treat-
ment) are presented in Table 3.
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Table 3. Solidification parameters of the studied alloys.

Al-12wt%Si,

Solidification Parameters, Temperature (◦C)

Liquidus (tliq) Solidus (tsol) Solidification Range (Δt)
Beginning of

Solidification of
Eutectic (teu.sol.st)

Unmodified 582.0 557.5 24.2 576.0

Alloy 1 581.0 551.0 30.0 571.9

Alloy 2 581.5 549.1 32.2 570.6

Alloy 3 581.8 539.3 42.5 568.4

Alloy 4 581.7 538.2 43.5 567.9

A DSC curves analysis (Figure 4) showed two-stage solidification of the Al-12wt%Si
alloy samples from the liquid state up to complete solidification. In the first stage, the
nucleation of aluminum solid solution crystals and their growth occurred, which was
recorded in the DSC thermogram as the first thermal effect. The second thermal effect
(second stage) was caused by the solidification of the binary eutectic according to the
reaction L→α + Si. Since the alloy contained an iron impurity, during solidification of this
alloy, not only the formation of binary eutectic (α + Si) was possible but also a more complex
iron-containing eutectic L→α + Si +Al5FeSi could form. The solidification temperatures of
these eutectics were close [1].

Figure 4. Thermograms of experimental alloys.

In the alloys studied, the solidification parameters changed with an increase in the
rubidium concentration. Alloy modification with rubidium decreased the solidus tempera-
tures and the temperatures at which the solidification of the eutectic began compared to
the unmodified alloy. As a result, the solidification range of the Al-12wt%Si alloys under
study expanded (Table 3). According to the data obtained (Figure 4), the most pronounced
change in solidification parameters occurred in alloys 3 and 4.

An analysis of the alloy 3 sample’s solidification parameters showed that rubidium
did not change the liquidus temperature, which remained at the level of the unmodified
alloy, while at the same time the solidus temperature decreased by 18.2 ◦C. The solidi-
fication range of the alloy with rubidium under study expanded by 18.3 ◦C compared
to the unmodified alloy. It should be noted that the temperature of the beginning of the
second thermal effect on the alloys was considered as the temperature of the beginning of
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solidification of the eutectic (Table 3). Rubidium contributed to a significant decrease in the
temperature of the beginning of the solidification of the eutectic (α + Si) compared to the
unmodified alloy (equal to 7.6 ◦C).

3.5. Study of the Effect of Rubidium on the Porosity of the Alloy

A qualitative assessment of the effect of rubidium on the formation of gas porosity in
the experimental alloys at different concentrations of rubidium was carried out (Figure 5).

Figure 5. Porosity distribution in Al-12wt%Si alloy castings when modified with rubidium:
(a) unmodified; (b) alloy 1; (c) alloy 2; (d) alloy 3; (e) alloy 4.

The studies showed that the samples of the Al-12wt%Si alloys treated with rubidium
had a decrease in gas porosity compared to an unmodified alloy, the porosity of which
corresponded to four levels on the standard ISO 10049:2019(E) porosity scale. In alloy 1,
the porosity corresponds to level 3, and with an increase in the rubidium content in alloy 4,
the porosity decreased to level 1 according to the porosity scale (Figure 5).

Studies were also conducted on the effect of modification of the Al-12wt%Si alloy with
rubidium on the manifestation of volumetric shrinkage of the experimental alloys. The
formation of shrinkage defects in a massive element, which was the thermal center of the
casting, was studied. Since the unmodified Al-12wt%Si alloy had a narrow crystallization
interval of 24.2 degrees, it crystallized frontally (successively) (Figure 6a). In this case,
a shrinkage cavity was formed on the upper surface of the sample, and the shrinkage
porosity was formed on the opposite side. Alloy 3 modified with rubidium had a larger
crystallization interval that equaled 42.5 degrees. Therefore, it was more prone to bulk
crystallization. At the same time, a shrinkage cavity was formed at the top, and distributed
porosity was formed below it (Figure 6b).

 

Figure 6. The manifestation of volumetric shrinkage in the Al-12wt%Si alloy: (a) unmodified;
(b) modified with Rb.

3.6. Evaluation of the Duration of the Modifying Effect of Rubidium in the Melt

Based on the studies shown above, alloy 3 was selected to determine the duration of
the modifying effect. Treatment of the melt with rubidium led to an increase in the duration
of the effect of modifying the Al-Si alloy (Figure 7a,b) compared to sodium modifiers [7].
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During the first 30 min after the melt treatment, the σ value of the Al-12wt%Si alloy
modified with rubidium was 176 MPa. However, with a longer holding time of up to
60 and 120 min, the ultimate strength of the rubidium-modified alloy decreased slightly to
173 and 170 MPa, respectively. With further holding of the melt up to 240 min, the ultimate
strength of the rubidium-modified alloy decreased to 155 MPa.

Figure 7. Effect of melt holding time after rubidium modification on: (a) ultimate strength; (b) relative
elongation; (c) the average length of eutectic silicon particles.

The values of the relative elongation of the Al-12wt%Si alloy modified with Rb
remained at approximately the same level (from 9.1 to 8.46%) during the first 45 min.
However, with a longer holding time from 60 to 180 min, the relative elongation of the
Al-12wt%Si alloy modified with rubidium decreased from 7.5% to 6.32%.

When holding the melt up to 240 min, the relative elongation of the rubidium-modified
alloy decreased significantly to 4.48%.

When modifying the Al-12wt%Si alloy with rubidium, the refined eutectic silicon
phase endured for 45 min. A thin fibrous morphology of eutectic silicon was observed
(Figure 8a–d). With the increase in the holding time from 60 to 120 min, a smooth size
enlargement and coarsening of the eutectic (α + Si) was observed in the microstructure
of the alloy (Figure 8e,f). With further holding of the melt up to 180 min, changes to the
thin-plate shape in the morphology of the eutectic silicon were observed (Figure 8g). With
the proceeding increase in the holding time to 240 min, an abrupt enlargement in size and
coarsening of the eutectic (α + Si) was observed in the microstructure of the alloy. The
morphology of eutectic silicon changed to needle-like (Figure 8h). However, even with
such a long melt holding time, the resulting structure could be characterized as partially
modified.

Quantitative analysis of the microstructure of the Al-12wt%Si alloy modified with
rubidium showed that an increase in the melt holding time led to an increase in the linear
size of the eutectic silicon (Figure 7c). After holding the melt with rubidium modification
for 60 min, the average length of eutectic silicon particles increased from 1.3 to 2 microns,
after 120 min—to 2.7 microns, and after 180 min—to 3.7 microns. With further exposure of
the melt for another 60 min, a sharp increase in the linear sizes of the silicon particles to
16.2 microns occurred.
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Figure 8. Effect of the melt holding time after modification of the microstructure of alloy 3. (a) 0 min.;
(b) 15 min.; (c) 30 min.; (d) 45 min.; (e) 60 min.; (f) 120 min.; (g) 180 min.; (h) 240 min.

4. Discussion

To determine the possibility of modifying the Al-12wt%Si alloy under study with
RbNO3 salt, a thermodynamic analysis of the probable chemical Reactions (2) and (3) was
carried out. The formation of rubidium and nitrogen in the melt was thermodynamically
possible and confirmed experimentally. During the experimental melting, the release of
gaseous compounds during the adding of the salt into the melt was noted.

Based on the obtained data from the atomic emission spectral analysis and energy-
dispersive X-ray spectral microanalysis of the samples modified with Rb, it can be con-
cluded that rubidium passed into the melt when added with its nitrate.

The assimilated amount of the modifying element in the range of 0.007–0.01% was
sufficient to modify the structure and increase the mechanical properties of the alloy under
study.

When modified with rubidium, a thin fibrous eutectic structure was obtained, which is
typical of a structure with standard Al-Si alloy modifiers such as sodium and strontium [4,5,36].

The modification mechanism of eutectic silicon by rubidium can be explained using
the theory of supercooling and adsorption theory; in particular, the adsorption mechanism
of the modification of eutectic silicon.

Firstly, the basis of the theory of supercooling is the data of thermal analysis. According
to the theory of supercooling [26], modification of Al-Si alloys lowers the temperature of
the beginning of the solidification of the eutectic. An analysis of the DSC thermograms
confirmed that rubidium contributed to a significant decrease in the temperature of the
beginning of the solidification of the eutectic (α + Si), which led to supercooling of the melt
contributed to the appearance of more embryos, and consequently led to the modification
of the eutectic.

Secondly, since rubidium is close in its physical and chemical properties to sodium
and is a surface-active element, it can be assumed that it will work via a “poisoning” (TPRE)
mechanism [27].

On the other hand, according to the IIT mechanism, only elements showing the “ideal”
ratio of atomic radii ri/r ~ 1.646 (where ri is the atomic radius of the element and r is the
radius of silicon) are modifiers.

However, rubidium has a ratio of its atomic radii of ri/r = 2.08 [28] and does not meet
this criterion, as do some other modifying elements (for example, Sr, Ba and Na). This
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indicates that the ratio of the atomic radii of a potential modifying element by itself is not
capable of predicting the spheroidization of eutectic silicon.

Thus, besides the atomic radius, other factors that are important for the modification
of eutectic silicon (the vapor pressure, the formation of secondary compounds or oxides as
well as phase equilibria with aluminum and silicon phases, and the cooling rate) probably
exist.

The concept of the “poisoning” mechanism (TPRE) and IIT suggests the formation
of a high density of twinning in modified silicon crystals [26,28,37,38]. In order for the
impurity rubidium atoms to cause such a high twinning density, it is necessary that they
are relatively evenly distributed (at least at the nucleation stage) throughout the silicon
crystal, as was observed in the results of the energy-dispersive X-ray spectral microanalysis
and elementary mapping in our studies. Thus, these results confirmed the operation of the
“poisoning” mechanism (TPRE) and IIT in the rubidium-modified 12wt%Si alloy.

It should be noted that the mechanism of rubidium modification has not yet been fully
determined and requires further research.

The observed decrease in gas porosity when modifying the studied alloys with rubid-
ium can be caused by the degassing effect of nitrogen formed during the decomposition
of the RbNO3 salt according to Reactions (2) and (3). The hydrogen dissolved in the melt
diffused into the floating nitrogen bubbles and was removed from the liquid metal. An
increase in the amount of salt added to the melt for its modification led to an increase in
the degree of degassing of the 12wt%Si alloy.

The formation of shrinkage defects in a casting is affected by the nature of the solidifi-
cation of the alloy. Under the same cooling conditions, the main effect on the nature of the
solidification of alloys is exerted by the temperature range of solidification. Narrow-interval
alloys, which include the 12wt%Si alloy, are characterized by sequential or frontal solidifi-
cation with slight supercooling and the formation of a concentrated shrink shell [39–41].

With an increase in the solidification range of an alloy, the tendency the alloy to lose
porosity increases. It is known that when modifying Al-Si alloys with surfactants, which
include rubidium, the degree of supercooling of such alloys increases [40,41]. When modi-
fying the 12wt%Si alloy with rubidium, the liquidus temperature of the alloy practically
did not change compared to the unmodified alloy (Table 3). At the same time, as a result of
the adsorption of rubidium atoms onto the solidification centers of the eutectic (Figure 3),
their deactivation occurred. The solidus temperature of the experimental alloy decreased,
and its degree of hypothermia increased. According to the authors of [42,43], due to the
neutralization of solidification, eutectic colonies grow in the form of spheroids, forming
isolated pores when closing. As a result, volumetric solidification and the formation of
shrinkage porosity occurred in the thermal center of the casting (Figure 6b).

The results of the studies conducted to determine the duration of the modifying effect
showed that when treated with rubidium, the modifying effect in the melt lasted up to
180 min. This was indirectly confirmed by the mechanical properties and quantitative
analysis of the microstructure at different melt holding times. Apparently, the duration of
the modifying effect depended on the kinetics of oxidation of rubidium in the melt, which
requires additional research. Compared to commonly used eutectic silicon modifiers [44,45],
the retention time of the modifying effect of rubidium is higher than that of Na but lower
than that of Sr.

5. Conclusions

1. The results of the studies conducted showed that the use of rubidium as a modifier is
an interesting direction for improving the structure of cast aluminum alloys and im-
proving their mechanical properties. The most stable and highest level of mechanical
properties was obtained via modification with rubidium using an actual content in
the range of 0.007–0.01%.

2. Microstructural studies showed that rubidium effectively refined eutectic silicon
and changed its morphology but had little effect on α-Al (SDAS) dendrites. Energy-
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dispersive X-ray spectral microanalysis and elementary mapping showed the presence
of impurity rubidium atoms in modified silicon crystals.

3. Thermal analysis showed that modification with rubidium changed the solidification
parameters of the 12wt%Si alloy, causing an extension of the solidification range. The
solidus temperature decreased by 18.2 ◦C. Rubidium contributed to a significant decrease
in the temperature of the beginning of the solidification of the eutectic by 7.6 ◦C.

4. When the 12wt%Si alloy was treated with RbNO3 salt, the melt was degassed and
the gas porosity decreased. Modification with rubidium allowed the duration of the
modifying effect to be maintained in the melt for up to 180 min.
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Abstract: Porous 2024Al-Al3Zr composites were prepared by in situ and spatial scaffolding methods.
As the Al3Zr content increased from 5 wt.% to 30 wt.%, the binding of the powder in the pore wall
increased and the defects in the composites decreased. The yield strength of the composites reached
28.11 MPa and the energy absorption capacity was 11.68 MJ/m3 at a Zr content of 20 wt.%, when
the composites had the best compression and energy absorption performance. As the space scaffold
content increased from 50% to 70%, the porosity of the composites then increased from 53.51% to
70.70%, but the apparent density gradually decreased from 1.46 g/cm3 to 0.92 g/cm3, leading to a
gradual decrease in their compressive properties. In addition, by analysing the compression fracture
morphology, the increase of Al3Zr will reduce the stress concentration and hinder the crack growth,
while too much Al3Zr will lead to brittleness and reduce the performance.

Keywords: porous composite; space holder method; compression property; energy absorption

1. Introduction

Porous aluminium, as a widely used structural and functional material [1], has be-
come a highly practical topic due to its low density, high specific surface area, high
specific strength and light weight [2–5]. Its properties such as vibration damping, en-
ergy absorption, flame retardancy, sound absorption and heat dissipation have been
widely studied [6–8]. The preparation methods of porous aluminium generally include
the gas injection method [9], foaming method [10], mould casting method [11], deposition
method [12] and space holder method [13]. However, the mechanical strength of pure
aluminium and aluminium alloys prepared by the above methods is poor, which limits
the application of porous materials. Therefore, to enhance the mechanical strength of the
material, some researchers added the second phase to the porous aluminium to prepare
composites. The in situ synthesis method is widely used because of its uniform distribution
and tight bonding. Inoguchi [14] prepared in situ Al3Ti/Al porous composites and the
compression properties of porous materials improved by the combination of Al phase and
Al3Ti. Atturan [15] prepared an A357-TiB2 porous composite and the mechanical strength
is much higher than Al porous materials. In situ synthesis of reinforced particles in porous
aluminium enhances the mechanical properties of the composites.

In recent years, in situ generation of Al3X, such as Al3Ni, Al3Fe, Al3Ti, and Al3Zr,
has been used in different composites due to their attractive properties. But among these,
Al3Zr has attracted much attention due to its low density (4.11 g/cm3), high melting
point (1580 ◦C), high specific strength, high specific stiffness, excellent corrosion and wear
resistance [16,17]. The lattice matching values of Al3Zr (tetragonal structure) and α-Al (FCC
structure) in the a and c/2 directions are 93% and 99.2%. The relatively high wettability
contributes to a better dispersion of particles in the matrix, better grain refinement and better
properties of composite [18]. Gupta and Danie [19] added K2ZrF6 salt into the aluminium
melt to produce Al3Zr particles, the Al3Zr particles dispersed uniformly and refined
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microstructure during the melting process, which significantly improved the strength of
the material. Pourkhorshid [20] used mechanical alloying (MA) and a hot extrusion process
to prepare Al/Al3Zr composites, the Al3Zr began with the nucleation of the metastable
phase and then transformed into a stable tetragonal Al3Zr structure. The tensile yield
stress of obtained Al-10 wt.%Al3Zr composites is 103 MPa, which is about twice that of
pure aluminium (53 MPa). It can be seen that the in situ Al3Zr has a good effect on the
mechanical properties of composites. Nevertheless, the studies on the application of Al3Zr
to improve the mechanical properties of porous aluminium have not been fully investigated.
In the present study, the effects of Zr and NaCl space holder content on the microstructure
of porous Al3Zr/2024Al composites with space holder and in situ synthesis method were
investigated. Changes in the compressive and energy absorption characteristics were
also studied.

2. Materials and Methods

Materials: Zr powder (China, MACKLIN, purity > 99%, d50: 48 μm), 2024Al alloy
powder (China, Sinopharm Group Chemical Reagent Co., average particle size: 48 μm),
the alloy composition is shown in Table 1 and NaCl space-holder powders (China, Shang-
hai Wokai Biotechnology Co., purity: A.R., average size: 100~500 μm) were used, the
morphology of powders is shown in Figure 1a–c.

Table 1. Chemical composition of the 2024Al alloy (mass fraction, %).

Cu Mg Mn Si Fe Zn Others Al

3.949 1.283 0.452 0.087 0.123 0.137 0.050 Bal.

 
Figure 1. (a–c) SEM images of the raw powders: (a) 2024Al, (b) Zr, (c) NaCl. (d,e) the sample surface
morphology of the sample.

Experimental procedures: First, 2024Al-Zr metal powder with Zr content of 5–30 wt.%
was put into a planetary ball mill to mix the powder uniformly with a ball-to-ball ratio
of 4:1 and a speed of 100 r/min for 3 h. In the second step, a 50–70 vol.% NaCl space
holder was mixed uniformly with the above powder mixture with the same ball milling
parameters as in the first step. The powder particle size was not changed before and after
mixing. The final mixed powder was placed in the stainless-steel mould (inner diameter
40 mm, outer diameter 100 mm, height 100 mm), and the cold-pressed block with a height

56



Metals 2022, 12, 2017

of 10–12 mm was obtained by applying constant pressure (400 MPa). The block was heated
to 650 ◦C at a heating rate of 5 ◦C/min in an argon atmosphere for 1 h [21]. The obtained
sample was placed in water at 50 ◦C to remove NaCl. The sample surface morphology of
the sample is shown in Figure 1d,e. The preparation and sintering process curves of the
sample are shown in Figure 2.

Figure 2. Schematic illustration showing the fabrication techniques for porous materials.

Characterisation of the porous composite: A rectangular compressed sample with a
size of 10 × 10 × (10–12) mm was obtained through the wire electrical discharge machining.
The porosity of the sample can be calculated by the following equation [22]:

P = 1 − m
vρs

(1)

where m is the mass of the sample, v is the volume of the sample, and ρs is the theoretical
density of the composite material, which can be calculated by the following equation [23]:

ρs =
1

mAl
ρAl

+ mZr
ρZr

(2)

where mAl, mZr are respectively mass fractions of 2024Al and Zr, the 2024Al is 2.78 g/cm3

and Zr is 6.49 g/cm3. In this study, to facilitate the description of the two types of pores
studied and consequently the two sizes, we will use “intergranular pore” which corre-
sponds to the pores between the particles (2024Al and Zr) in the matrix material and range
from 1 to 10 μm. “Pores” correspond to the leached NaCl space holder which ranges from
100 to 500 μm. The intergranular porosity can be calculated in the following equation [24]:

Pm = P − Pn (3)

where Pm is the intergranular porosity, P is the total porosity, Pn is the volume fraction
of NaCl.

The compression test was carried out by the CMT-4204 material creep testing machine
at room temperature. The previously mentioned rectangular compressed specimen of
dimensions 10 × 10 × (10–12) mm was placed in the middle of the loading table at the
strain rate of approximately 3.3 × 10−3 s−1. When the material was compressed to the
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identified region, the compression stress–strain curve of the sample was obtained. The
energy absorption capacity of the material is calculated by the following equation [25]:

ω =

e0∫
0

σ de (4)

where ω is the energy absorption capacity, e0 is the densification strain and σ is the com-
pressive stress. The compressive yield stress is defined as the first peak of the compressive
stress–strain curve, and the plateau stress is set as the average stress in the range from 20%
to 30% strain.

The micro-hardness of the pore wall of the sample was measured by a Vickers hardness
tester with a load of 0.98 N (0.1 Kgf) along the vertical line. The hardness test was conducted
at least ten test times, and the results were averaged. The phase composition of the
composite was analysed through an Empyrean sharp shadow X-ray diffractometer at
the scanning rate of 10◦/min with Cu-Kα radiation; the obtained porous material was
processed by wire cutting, mounting, polishing and cleaning, and the tissue was observed
under an optical microscope. After it was determined that the surface of the material
was free of scratches, the microstructure of the sample was observed by Zeiss Gemini
300 scanning electron microscope (SEM), and the phase composition was analysed by EDS.

3. Results and Discussion

3.1. Effect of Zr Content on Phase and Structure Morphology of Composites

Figure 3 presents the XRD pattern of the composites as an increase in the Zr content.
As Zr content increases, the relative intensity of the Al peak decreases and the relative
intensity of the Al3Zr peak increases. The specimens were confirmed to be composed of
α-Al(fcc), Al3Zr(D023) and Al2Cu(C16) phases, indicating that Zr reacted with Al to form
Al3Zr under the designed sintering process. The result was consistent with the Al-Zr binary
phase diagram [26]. In the case where the mass fraction of Zr is less than 53%, Al and
Zr will form a single-phase Al3Zr intermetallic compound under equilibrium conditions.
Moreover, there is no new phase formed involving the elements Na and Cl, reflecting that
NaCl has no effect on the composition of the composite after sintering. It can be employed
as an excellent space holder.

Figure 3. XRD patterns of the composites with different Zr contents.
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Figure 4 shows the SEM image and results of the EDS quantitative analysis of com-
posites with different Zr content. It can be concluded that the grey part is Al3Zr and the
morphology is mainly a fine block. In the case of Zr content 30 wt.%, the point scan result is
Al3Zr, which is consistent with the result of XRD, indicating that Zr and Al in this content
will only form Al3Zr and there is no other substance. An increase in Zr content also causes
the appearance of Al3Zr agglomerates with short rod morphology.

 
Figure 4. The points show the SEM images and results of EDS quantitative analysis of the
Al3Zr/2024Al composites prepared with different Zr contents. (a,b) 10Zr; (c) 20Zr; (d) 30Zr.

Figure 5 is the SEM image of the pore wall of Al3Zr/2024Al porous composites with
different Zr contents (space holder content is 60 vol.%). With the increase of Zr content,
the number of Al3Zr in the pore wall gradually increases, and the main components in the
pore wall gradually change from 2024Al to Al3Zr. As shown in Figure 5a,b, the Al3Zr are
mainly formed at the contact interface between Zr and 2024Al. In the region of the Al3Zr
phase, the microstructure was more uniform and regular compared with other regions, and
there are fewer defects in the reaction area. However, obvious powder gaps and defects can
be found between the mechanically bonded 2024Al powder particles, there is an obvious
gap between the 2024Al powders, and there is much unevenness in the pore wall. When
the Zr content continues to increase, the defect and gap in the material are declined and the
distribution of Al3Zr in the pore wall is more dispersed. In the case of Zr content 20 wt.%,
the gap between 2024Al particles caused by mechanical bonding cannot be observed. It
was supposed that the bonding mode of the material was metallurgical bonding. As the
content of Zr further increases, a large number of 2024Al react with Zr. Almost the whole
pore wall was occupied by Al3Zr particles. It demonstrates that the material is mainly
Al3Zr. However, the amount of Al3Zr possibly causes serious brittleness in the samples.
The qualitative relationship between the content of Al3Zr and the mechanical properties of
the material will be investigated in the future.
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Figure 5. The SEM images of the composite pore wall were prepared with different Zr contents.
(a) 5Zr; (b) 10Zr; (c) 15Zr; (d) 20Zr; (e) 25Zr; (f) 30Zr.

Figure 6 shows the SEM images of the pore walls of the porous composites. In the
case of composition Zr5, there are obvious gaps (Intergranular pores) between the crystals
in the pore wall. This phenomenon occurred since the 2024Al in the sample melted at the
sintering temperature of 650 ◦C and flowed out due to the low interfacial tension, which
resulted in the precipitation of some aluminium alloy on the outside of the sintered sample.
In contrast, the powder is tightly connected, and the gap is small, and the surrounding
defects are greatly reduced at the composition Zr20. It illustrates that the Al3Zr formation
under the action of surface tension will prevent the outflow of molten 2024Al, even liquid
phase sintering also can keep the shape of cold pressing, and the reaction heat between
particles will accelerate the bonding between particles.

Figure 6. The SEM images of the pore walls of the porous composites with Zr content of (a,b) 5Zr
and (c,d) 20Zr.

3.2. Effect of Zr Content on Mechanical Properties of Composites

Figure 7 shows the hardness of the pore wall of the composites with different Zr con-
tent. The hardness of the pore wall increases continuously with the increase of Zr content,
Through the analysis of the hardness value, the highest hardness value (145.4 HV0.1) is
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obtained in the case of Zr content 30 wt.%, which is 71.6% higher than that of 84.73HV0.1
in the case of Zr content 5 wt.%. Based on the above analysis, the low pore wall hardness
of composites is attributed to the weak bonding of powder particles with low content of
Al3Zr. With the increase of Zr content, the main composition of the pore wall changes to
Al3Zr, leading to higher hardness.

Figure 7. The hardness value of pore wall with different Zr content.

Figure 8 shows the compressive stress–strain and energy absorption capacity curves
of the composites with different Zr content (space holder content is 60 vol.%). The curve
in Figure 8a was divided into three regions: (1) Elastic region: the elastic deformation
occurs, and the compression process is similar to dense materials, and the compression
curve shows that the stress increases linearly with the increase of strain. The yield stress
of the material is the value when the stress reaches the highest point for the first time.
Moreover, the slope of the material with different Zr content in the elastic region is similar,
indicating that the composition of the material has little effect on the elastic stage, and the
main difference in the elastic region is the different yield stress of the material; (2) plateau
region: most of the curves in this region is wavy or meandering. This phenomenon can be
explained by the fact that the pore wall collapsed and deformed under the compressive
load, and some pores ruptured rapidly with the increase of compressive strain, which
eventually led to the stress weakening [27]. When the compression load is distributed to
the uncompressed cavity, the support of the pore wall will make the stress increase again.
So, the degree of curve bending is determined by the combined action of macroscopic and
microstructural instability of porous materials [28,29]; (3) densified region: the pores in
this area have been compacted, the material is in a dense state, and the compressive strain
makes the stress rise rapidly.

Figure 8. (a) Compressive stress–strain and (b) energy absorption capacity curves of composite
materials with different Zr contents.
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Compared with the upper limit of 50% strain, the curves in Figure 8b show that the
energy absorption capacity of the material increases at first and then decreases with the
increase of Zr content. In the case of Zr content 20 wt.%, the energy absorption capacity
reaches the highest of 11.68 MJ/m3, which is 315.6% higher than that of 5Zr (2.81 MJ/m3).
This phenomenon can be explained by the fact that the energy absorption capacity is mainly
related to the area under the stress–strain curve in the case of samples with similar porosity.
Due to the good stiffness and elastic modulus of Al3Zr, the performance of the material in
the plateau stress region is improved as well as the energy absorption performance.

Figure 9 presents the yield stress and plateau stress of the composites with different
Zr content. It can be seen that the numerical gap between yield stress and plateau stress
decreases gradually. This phenomenon can be explained by the fact that the density of
porous materials increased with the increase of Zr content, and the microstructure of the
material gradually stabilised. Under the influence of these comprehensive factors, the
plateau stress value gradually approached yield stress. The figure also shows that yield
stress and plateau stress increase at first and then decrease with the increase of Zr content,
and reached their highest point at a Zr content of 20 wt.%. The yield stress was 28.11 MPa,
which was 198.1% higher than 5Zr (9.43 MPa), and the plateau stress was 24.87 MPa, 358.8%
higher than 5Zr (5.42 MPa). Among them, the stress rise of the plateau is more than the
yield stress, which is due to the low density and many defects in the case of Zr content
5 wt.%, the pores will collapse quickly after entering the plateau region, resulting in a rapid
decrease in the platform stress.

Figure 9. The yield stress and plateau stress of composites with different Zr contents.

In the case of Zr content 25 wt.% and 30 wt.%, there is mainly brittle phase Al3Zr in
the pore wall, cracks generated at defects will propagate easily, which could decline the
material properties.

Figure 10 presents the SEM images of compression fracture of composites with dif-
ferent Zr contents. There are no obvious fracture characteristics in the area around the
white box in Figure 10a, indicating that the white box area is one of the starting points
for the fracture failure of the pore wall under the compression load. Moreover, some pore
walls in the material are not in a strictly closed state, which causes the regional stress
concentration, collapse and deformation in the compression process. At the fracture of
Figure 10c, there are continuous dimples of different sizes, indicating that the fractured part
is coherent. This may be due to the crack propagating in all directions because the thickness
and structure of the pore wall are uniform, the fracture occurs in the whole area. However,
it is difficult to directly observe the initial position of the fracture. Unlike the morphology
of the sample in Figure 10c, there is a smooth area surrounded by cracks at the fracture of
the pore wall in Figure 10e. Because the thickness distribution of the pore wall around this
area is different and this irregular porous structure will cause stress concentration. The
stress concentration in the thinner part of the pore wall will be greater than that in the
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thicker pore wall, Zettl [30] also concluded that the initial defect is the preferred medial
part of the pore wall and the damage begins in the thinner part of the pore wall.

Figure 10. The SEM image of compression fracture of composites with different Zr content (a,b) 10Zr;
(c,d) 20Zr; (e,f) 30Zr.

From the SEM of the pore walls, it can be seen that the fracture surfaces of 10Zr and
20Zr have a large number of dents and torn edges, indicating that the pore walls are ductile
fractures. The dents of the fractures of 30Zr are larger and shallower than those of 20Zr,
which indicates that brittle fractures occurred in the pore walls. Based on the explanation
of the morphology and properties of porous materials with different Zr content, it can be
considered that there are two fracture modes in the pore wall of Al3Zr/2024Al porous
composites during compression. One is the fracture between ductile phase 2024Al, which
is mainly displayed in Figure 10b. There are a large number of tear edges formed by the
fracture between 2024Al. When the crack develops near the Al3Zr particles, the fine Al3Zr
will hinder the crack extension and form dimples. As a result, the compression properties
of the composites are enhanced. With the increase of the Al3Zr number, the resistance of
crack extension also increases, and the number of dimples in the fracture surface of the
pore wall also increases. Another one is the brittle fracture of Al3Zr, the interior of the
material is mainly brittle phase Al3Zr when too much Al3Zr is formed. Due to the lack of
ductile phase as support, the crack will develop rapidly after compression fracture, which
leads to the fracture of some agglomerated Al3Zr particles earlier than the ductile phase
and makes the dimples on the fracture surface larger and shallower. Finally, this brittle
structure causes the decline of material properties.
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According to the previous explanation of pore wall morphology, the reaction of Zr
and 2024Al from 5Zr to 20Zr forms finely dispersed Al3Zr particles that hinder crack
growth by reducing the stress concentration. The reaction also improved the density and
reduced the number of defects on the pore wall. Under the combined effect of these
factors, the composite performance is significantly improved. However, when the Zr
content continues to increase, the composite is mainly brittle phase Al3Zr, the crack will
quickly spread to the surrounding parts under a compression load, thereby degrading
the properties of the sample. Therefore, Al3Zr should be composited with toughness to
compensate for its brittleness, to obtain porous composites with excellent compressive and
energy-absorbing properties.

3.3. Effect of Space Holder Content on Morphology and Properties of Composites

Figure 11 shows the morphology of the samples with different space holder contents
(20 wt.% Zr content). Figure 11a,c,e show the macroscopic morphology of the specimens
with space holder contents of 50 vol.%, 60 vol.% and 70 vol.%, where the morphology can
remain intact after the removal of the space holder by impregnation. However, in the case
of space holder content greater than 70 vol.%, some areas of the sintered specimens were
difficult to maintain integrity due to the clumping of the space holder during cold pressing
and collapse or detachment during impregnation, so porous specimens with space holder
content greater than 70 vol.% were not explored in this paper. Figure 11b,d,f shows the
enlarged shapes of specimens with 50 vol.%, 60 vol.% and 70 vol.% space holders. After
removing the NaCl space holder by immersion, the macroscopic pores basically maintain
the original shape of the NaCl particles, and with the increase of the space holder, the pores
are more frequently connected, and the pore wall thickness gradually decreases.

Figure 11. Cont.
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Figure 11. Macroscopic morphologies of porous materials with different contents of NaCl space
holder (a,b) 50 vol.%; (c,d) 60 vol.%; (e,f) 70 vol.%.

This section introduces the relative density data according to the literature [30] inves-
tigation to better study the effects of different space holder contents on material proper-
ties [30]. The relative density is the ratio of the apparent density of the porous material
to the theoretical density when the material is densified. Table 2 shows the mass, vol-
ume, apparent density and theoretical density of the 20Zr samples with different space
holder percentages.

Table 2. The mass, volume, apparent density and theoretical density of the 20Zr samples with
different space holder percentages.

Space Holder Percent/% Mass/g Volume/cm3 Apparent
Density/(g/cm3)

Theoretical
Density/(g/cm3)

50 1.61 1 × 1 × 1.1 1.46 3.14
55 1.32 1 × 1 × 1.0 1.32 3.14
60 1.31 1 × 1 × 1.1 1.19 3.14
65 1.28 1 × 1 × 1.2 1.07 3.14
70 1.10 1 × 1 × 1.2 0.92 3.14

Relative density is also another manifestation of the density of the material, which can
be calculated by the following equation [31]:

R =
ρP
ρs

(5)

where R is the relative density, ρP is the apparent density of porous materials and ρs
is the theoretical density of materials when they are dense. Table 3 shows the porosity,
intergranular porosity and relative density of the composites with different space holder
contents. It illuminates that with the increase of space holder content, the number of
intergranular pores decreases gradually, and the porosity of the material is closer to the
volume fraction of the space holder. This is due to the reduction of metal powder, the
powder gap caused by cold pressing and the Kirkendall voids formed by the in situ reaction
is also reduced [32], and the pores of porous materials are mainly formed by space holders.

Figure 12 shows the compressive stress–strain and energy absorption capacity curves
with different relative densities (20Zr). It can be found that with the increase of porosity,
the elastic strain limit and the slope of the curve decrease, and the yield stress of materials
also decreases gradually. The plateau region in the curves is longer and flatter with the
decreases in relative density. It is because porous materials with lower relative density (or
higher porosity) have more pore structures. When the pore wall collapses and deforms
under a compression load, there is enough space inside to bear the deformation of the
pore wall. From the energy absorption capacity curve, it can be concluded that the energy
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absorption performance of the porous material has a positive correlation with the relative
density, because when the relative density is higher, there are more matrix materials in the
porous material, and the compressive performance of the material will be better. Therefore,
with the decrease in relative density, the energy absorption capacity also decreases.

Table 3. The porosity, intergranular porosity and relative density of the composites sintering at
different space holder percentages.

Space Holder Percent/% Porosity/%
Intergranular

Porosity Porosity/%
Relative Density

50 53.51 3.51 0.47
55 57.96 2.96 0.42
60 62.10 2.10 0.38
65 65.92 0.92 0.34
70 70.70 0.70 0.29

Figure 12. (a) Compressive stress–strain and (b) energy absorption capacity curves of composite
materials with different relative densities.

Figure 13 shows the yield stress and plateau stress of the composites with different
relative densities. It can be seen that the performance range of porous materials increases
with the increase of relative density. This rule is mainly because with the increase of
porosity, the space of the pore wall in the same area is smaller, and the thickness of the pore
wall is thinner, the supporting capacity to the load decreases greatly, so the performance
of the porous material decreases gradually. However, the decline in performance brings a
larger specific surface area and lower density.

Figure 13. (a) Yield stress and (b) plateau stress of composites at different relative densities.
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By comparing the prepared Al3Zr/2024Al porous composites with other references,
the properties of the materials are significantly improved, and the corresponding results are
shown in Table 4. It is worth noting that the properties of porous composites prepared by
in situ synthesis are better than those of pure aluminium, indicating that in situ synthesis
has a unique advantage in solving the poor properties of porous aluminium.

Table 4. Compression properties of different porous materials.

Composition Porosity/%
Yield

Stress/MPa
Plateau

Stress/MPa
Reference

Al3Zr/2024Al
53.51 54.15 53.63
62.10 28.02 24.94 Present study
70.70 13.52 10.51

Al3Ti/Al ~70 13 10 [32]

CNT/Al ~60 22.24 33 [22]

SiC/Al ~40 58 - [33]

Al2O3/Al ~60 15 10 [34]

Al
~50 17.0 - [35]
~60 11.2 -
~70 4.6 -

To better describe the effect of the relative density of porous materials on the com-
pression properties of porous materials, Gibson and Ashby [6] assume that the pore wall
is a dense material, and the compression of porous materials is mainly accomplished by
the buckling and compression of the pore wall, and its strength is mainly determined by
its relative density. A prediction model is proposed for this assumption, which can be
calculated by the following equation [6]:

σ = 0.3
(

Φ
ρ f

ρd

) 3
2
+ 0.4(1 − Φ)

ρ f

ρd
(6)

where σ is the compressive strength of the porous material, ρf is the actual density of
the porous material and ρd is the theoretical density when the material is fully dense,
Φ is the volume percentage of the pore wall of the material. Because the porous material
prepared by the space holder method is a three-dimensional reticular structure, after the
space holder is removed, the whole material is composed of a pore wall, so the Φ = 1.
Therefore, D.P. Mondal [36] has made some modifications to this model, and the result is
the following equation [36]:

σ = C
(

ρ f

ρd

)n
(7)

where C and n are constant, determined by the properties of the porous material. This
equation shows that the relationship between compression properties and the relative
density of porous materials is exponential. Applying this equation to this experiment, the
relationship between yield stress, plateau stress and relative density is as follows:

σy = 535.58
(

ρ f

ρd

)3.01
(8)

σp = 743.24
(

ρ f

ρd

)3.45
(9)

where σy is the yield stress, σp is the plateau stress. However, the pore wall of the actual
porous material is difficult to be completely dense, and there will inevitably be some defects
in the interior, and its pore structure, such as wall thickness and pore size cannot be the
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same, and the distribution of pores is also difficult to achieve uniform distribution. But
these equations can be used to predict the compressibility of porous materials, which will
become a part of the production process route design in actual production.

4. Conclusions

The effects of differences on the microstructure and properties of Al3Zr/2024Al porous
composites were studied.

(1) As the Zr content increases from 5 wt.% to 30 wt.%, the Al3Zr content gradually in-
creases, the pore walls become denser and the number of defects decreases. The hard-
ness of the material also increases with the increase of Al3Zr content from 84.73 HV0.1
to 145.4 HV0.1. The pressure properties and energy absorption properties first increase
and then decrease, and the best overall performance is achieved with a compressive
strength of 28.11 MPa and an energy absorption capacity of 11.68 MJ/m3 at a Zr
content of 20 wt.%.

(2) The compressive fractures of materials with different Zr contents show that Al3Zr can
improve the compressive properties of the material by hindering the propagation of
cracks in the pore wall, but when the Al3Zr content is too much, the pore wall will
undergo brittle fracture and the performance will decrease.

(3) As the space frame content increases from 50% to 70%, the relative density of the
material gradually decreases from 0.47 to 0.29, and the yield strength and platform
stress subsequently show a power function trend from 54.15 MPa and 53.63 MPa to
13.52 MPa and 10.51 MPa, respectively. Thus, the compressive properties and energy
absorption capacity of the material gradually decrease.

Therefore, porous composites with excellent compression and energy absorption
properties can be obtained by combining the brittle phase and ductile phase of Al3Zr.
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Abstract: Antifriction alloys such as AlSn20Cu are key material options for sliding bearings used in
machinery. Uniform distribution and a near-equiaxed granularity tin phase are generally considered
to be ideal characteristics of an AlSn20Cu antifriction alloy, although these properties vary by
fabrication method. In this study, to analyze the variation of the microstructure with the fabrication
method, AlSn20Cu alloys are prepared by three methods: semi-continuous casting, semi-solid die
casting, and spray forming. Bearing blanks are subsequently prepared from the fabricated alloys
using different processes. Morphological information, such as the total area ratio and average particle
diameter of the tin phase, are quantitatively characterized. For the tin phase of the AlSn20Cu alloy,
the deformation and annealing involved in semi-continuous casting leads to a prolate particle shape.
The average particle diameter of the tin phase is 12.6 μm, and the overall distribution state is related
to the deformation direction. The tin phase of AlSn20Cu alloys prepared by semi-solid die casting
presents both nearly spherical and strip shapes, with an average particle diameter of 9.6 μm. The tin
phase of AlSn20Cu alloys prepared by spray forming and blocking hot extrusion presents a nearly
equilateral shape, with an average particle diameter of 6.2 μm. These results indicate that, of the three
preparation methods analyzed in this study, semi-solid die casting provides the shortest process flow
time, whereas a finer and more uniform tin-phase structure may be obtained using the spray-forming
process. The semi-solid die casting method presents the greatest potential for industrial application,
and this method therefore presents a promising possibility for further optimization.

Keywords: AlSn20Cu alloy; microstructure; semi-continuous casting; semi-solid die casting; spray
forming; antifriction alloys; bearings

1. Introduction

Sliding bearings are key components that are commonly used in machinery; antifric-
tion alloys are the main materials employed in their manufacture. Bearing antifriction alloy
materials generally have two metallographic structures. The first type of structure is based
on a soft-phase matrix, where the hard phase is evenly distributed in the form of particles,
such as in tin- and lead-based alloys. The second type of structure is based on a hard-phase
matrix, where the soft phase is uniformly distributed in the form of particles, such as in
aluminum–tin alloys and copper–lead alloys [1,2]. The Babbitt alloy belongs to the first type
of antifriction alloy. It exhibits good compliance, compatibility, and embedment with other
materials, although it has poor bearing capacity and heat resistance. It is prone to sticking
and corrosion because of its lead content. The Babbitt alloy is therefore suitable for use
under stable load working conditions, but not for use under heavy load conditions, and has
been gradually phased out of industrial production. The second type of antifriction alloy
for preparing self-lubricant bearings presents significant advantages. During working, the
hard matrix structure of the bearing ensures that the bearing bush is not deformed, whereas
the soft phase is easily worn out, forming a gap between the bearing bush and the bearing
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that contains the lubricant. As a representative example of the second type of antifriction
alloy, aluminum–tin and copper–lead alloys are widely used in high-load mechanisms.
However, preparation of this second type of antifriction alloy is more difficult than that
of the first, where the main difficulty is related to controlling the distribution morphology
of the soft phase in the matrix. For aluminum–tin alloys, the tin-phase morphology in the
alloy is one of the most critical technical indicators for potential applications, and the fine,
uniform, and nearly equiaxed Sn phase is the ideal application state for alloys [3–5].

Semi-continuous casting of aluminum–tin alloy ingots, followed by processing the
aluminum–tin alloy bearing blanks through multiple deformations and annealing, is
presently the most commonly used process. The morphology of the tin phase of alloys
prepared in this manner is affected by the deformation, and the phase forms a flat strip
along the deformation direction. Annealing treatments above the melting point of tin
are used to obtain a granular tin phase, which causes tin liquefaction and overflow from
the matrix [6–10]. Aluminum–tin alloys can be prepared by powder metallurgy [11–15].
However, this process is extremely complicated, involving multiple processes such as
powder milling, powder mixing, wrapping, degassing, and sintering. In addition, if the
sintering temperature is higher than the melting point of the tin phase (232 ◦C), the tin
phase becomes reticular and segregates. However, if the sintering temperature is lower
than the melting point of the tin phase, the aluminum matrix is not able to metallurgically
bond. Although there are many reports on the preparation of aluminum alloys by spray
forming, few studies describe aluminum–tin alloy preparation by spray forming, although
these studies [16–19] confirmed the feasibility of preparing Al-Sn alloys using this approach.
However, because spray forming involves the use of high-speed airflow as the driving force
for deposition and forming, defects are inevitably introduced; few studies have considered
the analysis and elimination of these defects. In contrast, the preparation of aluminum
alloys by semi-solid die casting is a mature technology [20–22], although there have been
no studies describing the preparation of aluminum–tin alloys by semi-solid die casting.

In this study, three methods: semi-continuous casting, semi-solid die casting, and
spray forming are used to prepare aluminum–tin alloy billets for analyzing the variation of
microstructure with fabrication method. Different processes are used for the subsequent
processing (except semi-solid die casting) to obtain self-lubricating and antifriction bearing
bush blanks. The microstructures of the materials obtained by these three processes are
compared, providing valuable data that may be used in the improvement of aluminum–
tin alloy processing technologies. This study also provides a meaningful experimental
reference for the preparation of alloys such as copper–lead alloys, in which a low-melting-
point phase is uniformly distributed in a high-melting-point matrix.

2. Materials and Methods

The composition of the alloy prepared in this experiment is 20.0 wt.% Sn, 2.0 wt.% Cu,
with the remainder of the material comprising Al. The purity of all raw materials is above
99.9%. The software PANDAT (CompuTherm LLC, Middleton, WI, USA) was used to
calculate the equilibrium phase diagram of the AlSn20Cu alloy and the results are shown
in Figure 1. Figure 1a shows the phase transition with increasing Sn content in Al–2Cu
matrix, and Figure 1b shows the phase transition with increasing Cu content in Al–20Sn
matrix. Tin and aluminum cannot dissolve each other in the solid state, they both maintain
the original phase structure. Copper is present in the aluminum matrix (FCC_Al) in the
form of Al2Cu (AlCu_Theta).

Spray forming is conducted using SF-500 equipment (GRIMAT Ltd., Beijing, China),
which is a self-made machine. The schematic diagram of SF-500 equipment for spray
forming is shown in Figure 2. Semi-continuous casting and semi-solid die casting was
conducted using universal equipment. A metallographic microscope and scanning electron
microscope (SEM) are used to observe the microstructures of the alloys. Image processing
software (ImageJ software, National Institutes of Health & Laboratory for Optical and
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Computational Instrumentation, Madison, WI, USA) is used to analyze the morphology of
the Sn phase.

Figure 1. The equilibrium phase diagram of the AlSn20Cu alloy calculated by PANDAT: (a) the phase
transition with increasing Sn content in Al–2Cu matrix, (b) the phase transition with increasing Cu
content in Al–20Sn matrix.

Figure 2. Schematic diagram of the spray-forming process.

The AlSnCu alloy ingot prepared by semi-continuous casting is cylindrical, which
needs to be rolled and heat treated to form the plate for making the bearing bush. Gleeble
compression experiments were used to study the process parameters of rolling deformation.
The compression experiment temperature is 20, 100, 150, 202, 222, and 242 ◦C; the strain
rate is 0.01, 0.1, and 1 s−1; the deformation is 60%; and the quenching and cooling are
realized within 3 s after deformation. The AlSnCu alloy ingot prepared by semi-solid die
casting is flat, which reduces the production process of the bearing bush. The AlSnCu alloy
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ingots prepared by spray forming are also cylindrical. Because there are many defects in it,
it needs to be reduced by densification process, and finally the ingot is sliced into plates.

3. Results

3.1. Semi-Continuous Casting

The process and ingot of an AlSn20Cu alloy prepared by semi-continuous casting is
shown in Figure 3, for which the ingot diameter is φ150 mm. The metallographic and SEM
photos of the semi-continuously cast AlSn20Cu alloy are shown in Figure 4. There are
some porosity casting defects in the ingot. In addition to the tin phase that is distributed at
the grain boundaries of the aluminum matrix, there are also granular tin phases inside the
grains. Thus, the tin phase is distributed in a network in the aluminum matrix, resulting in
poor deformation properties of the alloy.

Figure 3. (a) Semi-continuous casting process, and (b) resulting AlSn20Cu alloy ingot.

Figure 5 shows the EDS analysis of semi-continuous casting AlSnCu alloy, and the
order corresponds to the points marked in Figure 4b. From the results of EDS analysis,
it can be seen that the matrix is mainly composed of aluminum, and a small amount of
copper is solid solution in the matrix. The brightest phase is tin, and a small amount of
gray phase is Al2Cu. Subsequently, the phase of the alloy was analyzed by XRD, and the
results are shown in Figure 6. XRD analysis can only see the diffraction characteristics of
Al and Sn, but not the diffraction information of Al2Cu. This also shows that the amount
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of Al2Cu is very small, so in the subsequent quantitative analysis of the phase, the Al2Cu
phase can be ignored.

Figure 4. (a) Metallographic and (b) SEM images of the AlSn20Cu alloy fabricated using semi-
continuous-casting.

The deformation properties of AlSn20Cu are studied using a Gleeble compression
experiment. Macro-photographs of the post-compression test are shown in Figure 7.

When subject to deformation above the Sn melting point (232 ◦C), the Sn phase melts
and is extruded from the matrix. Deformation below the melting point of the Sn phase
results in a smooth sample surface. However, when deformation is too fast, deformation
heat causes an increase in sample temperature, resulting in melting of the Sn phase. In this
experiment, Sn phase melting occurs when deformation is conducted at a temperature and
strain rate of 222 ◦C and 1 s−1, respectively.

When the deformation temperature is below 150 ◦C, the alloy will crack, even at an
extremely low deformation rate. In Figure 7, the red boxes mark samples with cracking,
the blue boxes mark samples with tin-phase spillage, and the green boxes mark samples
with neither cracking nor tin-phase spillage. Therefore, the blocking hot extrusion process
will be conducted at a strain rate of 0.01–0.1 s−1 between 202 and 222 ◦C.

Figure 8 shows photos of the preparation of an antifriction bearing bush blank using a
semi-continuous cast AlSn20Cu alloy. Figure 8a,b indicates a hot rolled billet at 210 ◦C for
the first time and second time, respectively. Coating was applied to the surface of the sheet
to prevent tin spillage, and the sheet was annealed at 250 ◦C for 10 h (Figure 8c). Figure 8d
shows the final milled sheet after rolling.

The antifriction bearing bush blank is prepared by two hot rolling processes, one heat
treatment and one cold rolling process. Its microstructure is shown in Figure 9. The initial
network morphology of the tin phase is destroyed and transformed into a granular form.
The particle shape shows directionality and is stretched along the deformation direction.

3.2. Semi-Solid Die Casting

According to the Al-Sn-Cu phase diagram in Figure 1, the temperature of the AlSn20Cu
alloy solution is adjusted to approximately 720 ◦C. It is then transferred to a mechanical
vibration platform. Under the action of mechanical vibration and stirring, when the alloy
solution drops to 610 ± 5 ◦C, it is transferred to the die casting machine, for which the
speed of the in-mold gate is fixed at approximately 40 m/s. Figure 10 shows the semi-solid
die casting billet; its corresponding SEM image is shown in Figure 11. Compared with
that produced using semi-continuous casting, the AlSn20Cu alloy prepared by semi-solid
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die casting does not require deformation and annealing, and a granular tin phase may be
obtained. No defects are observed in the ingot, although some tin phases are observed in
strips along the grain boundaries of the aluminum matrix.

Figure 5. EDS analysis of semi-continuously cast AlSnCu alloy: the order corresponds to the points
marked in Figure 4b. (a) point A, (b) point B, (c) point C.
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Figure 6. XRD analysis of semi-continuously cast AlSnCu alloy.

Figure 7. Photos of the alloy specimen after hot compression tests.

3.3. Spray Forming

The alloy ingot with an outer contour size of Φ190 mm × 500 mm prepared by spray
forming is shown in Figure 12. Figure 13 shows a metallographic photo of the ingot
produced using spray forming. It can be observed that, compared with the other ingot
making processes, the number of defects in the ingot prepared by spray forming is larger,
but the defect size is significantly smaller than that of ordinary casting. Figure 14 shows an
SEM image of the ingot produced using spray forming.
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Figure 8. Preparation process for an antifriction bearing bush blank produced using a semi-
continuous cast AlSn20Cu alloy: (a) first hot rolling, (b) second hot rolling, (c) annealing, and (d) final
milled sheet after cold rolling.

High-speed ejected nitrogen or argon is used to drag the metal droplets towards
the receiver desk during the spray-forming process, and the metal droplets rapidly cool
during flight to form semi-solid particles, which are superimposed and deposited into the
ingot. The particles inevitably entrain gases during the deposition process, and these gas
particles cause defects in the ingot. The hot isostatic pressing densification process often
used in powder metallurgy is not suitable for the elimination of gas-containing defects
in spray-formed ingots, and the schematic diagram is shown in Figure 15. During hot
isostatic pressing, the ingot is completely immersed in high pressure gas. The ingot is
subjected to the same gas pressure in all directions, so the load applied by the hot isostatic
pressing process only contains the spherical tensor of the stress. Under the action of the
spherical tensor of stress, gas-containing defects can be compressed but not discharged.
As mentioned earlier, large plastic deformation processing such as rolling may be used
to eliminate defects in the original ingot, but this will also significantly change the shape
of the tin phase, thereby destroying the equilateral granular tin in the original structure.
To eliminate gas without introducing large deformation to change the morphology of the
tin phase, a densification method by hot extrusion is proposed in this study, as shown in
Figure 16.
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Figure 9. Scanning electron microscope (SEM) images of the final milled sheet: (a) S-T direction, and
(b) L-S direction.

Figure 10. AlSn20Cu alloy billet produced using semi-solid die casting: (a) front view, and (b)
side view.

Figure 17 shows the effects of traditional hot isostatic pressing and blocking hot
extrusion on gas-containing defects. The load applied by the blocking hot extrusion
process includes not only the stress ball tensor but also the stress deviator tensor. The
gas is squeezed out of the defect and the defect is bridged. In blocking hot extrusion, the
densification of the billet may be achieved with a small macroscopic deformation resulting
from the small diameter of the extrusion barrel that limits the size of the billet.
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Figure 11. SEM images of a billet produced using semi-solid die casting: (a,b) secondary electron
imaging, (c,d) backscattered electron imaging.

The original diameter of the extrusion billet is Φ175 mm, with an extrusion cylinder
diameter of Φ180 mm. Graphite lubricant is applied to the surface to reduce friction and
enhance the flow capacity of the material. The extrusion is conducted using a 1250 ton
extruder. According to the Gleeble compression experiment results, the billet and extrusion
cylinder are heated to 215 ± 5 ◦C. The ingot is continuously pressed three times using a
load of more than 1000 tons. The billet is analyzed after blocking hot extrusion, as shown in
the SEM images in Figure 18. No defects are found in the secondary electron images, and
the Sn phase morphology in the backscattered electron images shows nearly equilateral
granular morphology.
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Figure 12. Photo of spray-formed alloy ingot.

Figure 13. Metallographic photo of the spray-formed alloy ingot.
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Figure 14. SEM image of the spray-formed alloy ingot. (a) magnified 200 times, (b) magnified
500 times.

Figure 15. Schematic diagram showing the densification process of hot isostatic pressing. 1: hot
isostatic pressing furnace, 2: gas, 3: billet, 4: holder.

Figure 16. Schematic diagram showing the densification process of blocking hot extrusion. 1: Blocking
extrusion die, 2: billet, 3: extrusion cylinder, 4: extrusion pad, and 5: extrusion rod.
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Figure 17. Schematic diagram showing the effect of (a) hot isostatic pressing, and (b) blocking hot
extrusion on gas-containing defects in the alloy.

Figure 18. SEM images of a spray-formed ingot after densification. (a) magnified 100 times, (b)
magnified 200 times.

4. Discussion

Cu exists in the AlSn20Cu alloy aluminum matrix as a solid solution element, and Sn is
mostly insoluble in aluminum. The discontinuous distribution of the tin phase in the grain
boundaries of the aluminum matrix results in poor plasticity of the alloy. As mentioned
in Section 1, aluminum–tin antifriction alloys generally require a tin-phase morphology
that is in the form of nearly equilateral particles. Because of the weak deformation capacity
of the alloy, the acquisition of nearly uniformly distributed equilateral granular tin phase
is the main focus of this study. According to engineering practice experience and the
literature [5,18], the ideal distribution of the tin phase in an AlSn20Cu alloy in terms of
bearing preparation is shown in Figure 19. The tin phase is uniformly distributed in a
spherical shape in a matrix that comprises the aluminum alloy.

The densities of aluminum, tin, and copper are 2.70, 7.31, and 8.96 g/cm3, respectively.
Assuming that there is no volume change before and after the formation of a solid solution
of aluminum and copper, the area fraction of the Sn phase in the cross-section of the
AlSn20Cu alloy may be calculated as follows.

MAl:MSn:MCu = 0.78:0.2:2 (1)

MAl:MSn:MCu = (ρV)Al:(ρV)Sn:(ρV)Cu ⇒ VAl:VSn:VCu = 0.907:0.086:0.007 (2)

V1/3∝S1/2 ⇒ SAl:SSn:SCu = 0.803:0.166:0.031 (3)

where M, V, and ρ are mass, volume and density of the elements in AlSn20Cu alloy, and S
is area of the elements in a section. On the premise that the weight ratio of each element in
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the alloy is known, according to the density of each element, the volume fraction occupied
by them can be calculated. In any section of the alloy block, it is obvious that the square
root of the area occupied by each element is proportional to the cube root of the volume
occupied by each element in the block. According to these calculations, the area fraction
occupied by the tin phase in the microstructure section of the ideal-state AlSn20Cu should
be 16.6%.

Figure 19. Ideal distribution of the tin phase in an aluminum–tin alloy.

The final microstructures of the AlSn20Cu alloys prepared using the three different
processes are shown in Figures 4, 9, 11, 14 and 18. The same raw material is used in
each process. The morphology of the Sn phase is quantitatively analyzed using image
processing software, as shown in Table 1. The area fraction, particle size, and number
density of tin-phase particles are analyzed, and the data in Table 1 are converted from
pixel data.

The spray-forming process provides the highest ingot Sn content, and the Sn content
area fraction of its cross-section reaches 13.6%, which is close to the ideal value of 16.6%.
Semi-solid die casting provides the lowest ingot Sn content, at only 9.2%. The tin content in
the aluminum alloy matrix is positively correlated with the cooling rate, and the faster the
cooling rate, the higher is the tin content in the alloy. The smallest tin phase is observed in
the ingot prepared by spray forming, with an average particle diameter of 6.5 μm. The tin
phase in the ingot prepared by semi-continuous casting is the coarsest, with an average
particle diameter of 13.1 μm. The agitation and vibration in the semi-solid die casting
process have significant effects on the refinement of the tin phase.

Table 1. Result of quantitative analysis of Sn phase morphology.

Morphological
Parameters of Tin Phase

Original State Final State

Semi-
Continuous

Casting

Semi-Solid
Die Casting

Spray
Forming

Semi-
Continuous

Casting

Semi-Solid
Die Casting

Spray
Forming

Total area ratio
(%) 11.4 9.2 13.6 8.2 9.2 13.8

Quantity density
[number/(100μm)2] 8.4 12.6 39.3 6.5 12.6 40.2

Average particle area
(μm2) 135.8 72.6 32.8 125.7 72.6 30.5

Average particle diameter
(μm) 13.1 9.6 6.5 12.6 9.6 6.2
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After semi-continuous casting, rolling deformation and annealing, a large amount
of tin is lost, and the area fraction of Sn content in the cross-section decreases from 11.4
to 8.2%. After spray forming and hot extrusion, there is no significant change in tin
content and morphology. A large amount of tin in the ingot prepared by semi-solid die
casting is left in the final solidified cylindrical biscuit, which essentially corresponds to the
macro-segregation of tin.

According to the Al-Sn-Cu pseudo-binary partial phase diagram (Figure 1), the
aluminum–tin alloy first forms Al dendrites below 660 ◦C during the solidification process.
When cooled below 232 ◦C, the Sn phase gradually solidifies along the grain boundaries
of the aluminum dendrites, thereby forming an as-cast network structure. The cooling
rate of semi-continuous casting is of the order of 10 K/s, although the Sn phase is still
distributed in a network shape along the grain boundaries of the Al matrix. After multiple
deformations and annealing treatments, granular Sn that is uniformly distributed in the
aluminum matrix may be obtained, and the average particle diameter of the Sn phase
reaches approximately 12.6 μm. The annealing temperature must be above the melting
point of the Sn phase. After the Sn phase is liquefied, the individual particles tend to be
spherical under the action of surface tension. During the annealing process, after the Sn
phase on the surface of the billet is liquefied, it will inevitably overflow, which results in an
uneven distribution of the tin phase and a waste of materials.

The cooling rate of semi-solid die casting is similar to that of semi-continuous casting,
which is in the order of 10 K/s. However, the vibration stirring and high-speed filling
employed in the semi-solid die casting process have a crushing effect on the dendrites of the
aluminum matrix. When the temperature of the alloy solution is lowered to approximately
610 ◦C under the conditions of vibration and stirring, the dendrites formed by the aluminum
matrix are continuously broken and tend to be granular; the solidified aluminum reaches
more than half of the total content. This is then injected into the mold cavity by pressure.
The semi-solid alloy is rapidly cooled below the melting point of the tin phase, and the alloy
is completely solidified. The AlSn20Cu alloy prepared by semi-solid die casting has both
the characteristics of a network and granular shape. If active cooling can be introduced
through appropriate design of the mold structure and the cooling rate after alloy injection
can be increased, a more equilateral tin-phase granular microstructure can be obtained.

High-speed ejected nitrogen or argon is used as a power to drag the metal droplets
during the spray-forming process, and the cooling speed may reach the order of 103 k/s.
High-velocity airflow not only disperses the droplets, but also prompts their rapid cooling,
changing the solidification process from both a thermal and mechanical perspective. The
dispersed droplets have a particle size of approximately 30–50 μm, and are rapidly cooled
from 720 ◦C until solidified. The aluminum matrix is gradually deposited and solidifies
before forming dendrites, whereas the tin phase also rapidly solidifies. The Sn phase of the
spray-formed ingot is in the shape of polygonal particles, with an average particle diameter
of 6.5 μm. There are certain porosity defects in the ingot, but the gas may be discharged
through the blocking extrusion, thereby eliminating the defects. One characteristic of the
blocking extrusion process is that the densification of the material is achieved with less
deformation, which implies that the morphology of the Sn phase does not significantly
change after the densification process.

The initial shape of the Sn phase is determined by both thermal and mechanical
factors during preparation. Different cooling rates and external force conditions cause
significant differences in the tin-phase morphology of the AlSn20Cu alloys prepared by
the three processes used in this study. Compared to semi-continuous casting and semi-
solid die casting, the alloy cools faster during spray forming, in which the high-speed
airflow suppresses and destroys aluminum dendrites. Although the cooling rate of semi-
solid die casting is similar to that of semi-continuous casting, the destruction of dendrites
by the vibration and stirring process prevents the tin phase from exhibiting a network-
like distribution.
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The study at this stage mainly focuses on the influence of the preparation process
on tin phase morphology in AlSn20Cu alloys, and their wear-reducing properties are
only qualitatively predicted based on tin phase morphology. The authors will carry out
the wear reduction experiments of AlSn20Cu alloys prepared by three processes in the
following work, and illustrate the effect of the tin phase morphology on the wear reduction
performance of the alloys with specific experimental data.

5. Conclusions

(1) For the AlSn20Cu alloy prepared by semi-continuous casting, the majority of the tin
phase is distributed in a network along the grain boundaries of the aluminum matrix.
After deformation and annealing treatment, the tin-phase morphology changes from
that of a network to prolate particles. The average particle diameter and total area
ratio of the tin phase are 12.6 μm and 8.2%, respectively. Although the annealing
process results in a granular tin phase, it also leads to a situation in which the tin
phase overflows from the aluminum matrix.

(2) The tin phase of AlSn20Cu alloy products prepared by semi-solid die casting forms
two shapes: nearly spherical and strips. The average particle diameter and total
area ratio of the tin phase are 9.6 μm and 9.2%, respectively. The cooling rate of the
semi-solid die casting process used in this study is not sufficient to prevent serious
macro-segregation of the tin.

(3) In the AlSn20Cu alloy prepared by spray forming, the tin phase is mostly equilateral,
although there are some defects in the matrix. After hot extrusion at 215 ◦C, the
defects are completely eliminated, and the tin-phase morphology remains almost
unchanged. The average particle diameter and total area ratio of the tin phase are
6.2 μm and 13.8%, respectively.

(4) The initial shape of the Sn phase is determined by both thermal and mechanical factors
during preparation. A finer and more uniform tin-phase structure may be obtained
by using the spray-forming process. Preparing an AlSn20Cu alloy by semi-solid die
casting requires the shortest time of the three studied methods, and this method
therefore presents a promising possibility for further optimization.
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Abstract: The hot-deformation behavior of three medium-strength Al-Zn-Mg alloys with different
Zn/Mg ratios was studied using isothermal-deformation compression tests; the true strain and
true stress were recorded for constructing series-processing maps. A few constitutive equations
describe the relationship between flow stress and hot-working parameters. The microstructures were
characterized using an electron backscatter diffraction (EBSD) detector and transmission electron
microscope (TEM). The results show that the optimized deformation parameters for ternary alloy
AA7003 are within a temperature range of 653 K to 813 K and with strain rates lower than 0.3 S−1.
The microstructures show that materials with a lower Zn/Mg ratio of 6.3 could lead to a problematic
hot-deformation capability. Alloys with a higher Zn/Mg ratio of 10.8 exhibited better workability
than lower Zn/Mg ratios. The Al3Zr dispersoids are effective in inhibiting the recrystallization for
alloy AA7003, and the Zn/Mg ratios could potentially affect the drag force of the dispersoids.
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1. Introduction

Al-Zn-Mg ternary alloys have strong work-hardening capabilities at room temperature.
In order to achieve the desired microstructures and mechanical properties, it is required
that they be processed at elevated temperatures [1,2]. An appropriate thermal–mechanical-
processing (TMP) route should be carefully selected, as dynamic recrystallization or crack-
ing may happen during the deformation process.

Prasad developed dynamic material modeling (DMM) to calculate the processing
maps using a set of flow stress data as a function of temperatures and strain rates over a
wide strain range [3–6]. The calculated processing maps can optimize the hot-processing
parameters and determine flow instability regimes that should be avoided during process-
ing. Several published papers have demonstrated that the processing maps have been
successfully applied for steels [7], zirconium alloys [8], and aluminum alloys [9–11].

For example, Lin et al. built up the hot deformation and processing map for a typical
aluminum alloy AA7075. They proposed that the optimum hot-working domain for this
high-strength alloy should be within the temperature range of 623–723 K and strain rate
range of 0.001–0.05 S−1 [12]. Xiao et al. also demonstrated similar optimum processing
parameters for their studied alloy AA7050 [11]. However, Lu et al. also showed that the op-
timal hot-working processing parameters for alloy AA7075 sheet are within the temperature
range of 695–723 K and the strain rate range of 0.05–1 S−1 [13]. Their strain rate conditions
for a given alloy are different. Zhao et al. claimed that the initial structures for Al-Zn-Mg-
Cu before deformation could cause a significant difference. Their results demonstrated
that the recrystallization mechanism might be different for different grains. Therefore,
the alloys with different microstructures should be deformed accordingly [14]. Luo et al.
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studied the deformation behavior of alloy 7A09 during the isothermal-compression test.
Their results showed that the maximum power dissipation efficiency was about 0.34 for
the studied alloy deformed at 713 K and a strain rate of 0.01 S−1 [15]. In comparison, Liu
studied the isothermal-compression process of alloy AA7085. Their results demonstrated
that dynamic recrystallization could happen if the alloy deformed at a temperature higher
than 673 K with higher-strain-rate conditions. Therefore, the alloy should be deformed at
a temperature of 673 K and a strain rate of 1 S−1 [16]. Yang et al. demonstrated that the
optimized deformation parameters for alloy AA7085 are within a temperature range of
663–723 K and at strain rates lower than 0.1 S−1 [10].

However, Bylya et al. showed validation of the simulation results compared with
processing maps for alloy AA2099. The author claimed that the underlying mechanisms of
instability regions for processing maps are unclear. Therefore, more meaningful processing
maps might be generated using more complex testing scenarios [17].

In this article, we develop processing maps for alloy AA7003 with different Zn/Mg
ratios. This alloy is known as a medium-strength alloy, and it can be easily processed
during manufacturing. M. Kumar et al. demonstrated that a medium-strength alloy
AA7020 exhibited the desired workability at temperatures above 423 K and was sensitive
to temperature and strain rate [18–20]. However, there is always the requirement, from
an industrial point of view, that the alloy be extruded as fast as possible. Then, the
question would be whether the alloy AA7003 can be deformed at a relatively faster or
lower temperature range? Can they be easily deformed with slight change in alloying
compositions? It is also reported that such medium-strength Al-Zn-Mg alloys suffer a strong
natural-ageing effect after quenching [21–23]. By altering the Zn/Mg ratios, the natural
ageing effect can be inhibited, but on the other side, the deformation capabilities for different
Zn/Mg ratios should be evaluated systematically. The microstructure characterization of a
series of processing maps can indicate different workability of variable alloy compositions.

2. Materials and Experiments

The materials used in the present study were deliberately designed AA7003 alloys with
three different Zn/Mg ratios, but the total content of Mg + Zn was the same (~6.6 wt.%).
The measured chemical compositions are shown in Table 1.

Table 1. Chemical composition of the tested 7003 alloys (wt.%).

Fe Si Zn Mg Cu Mn Ti Zr Al Zn/Mg

0.14 0.06 5.73 0.91 0.16 0.02 0.03 0.20 Bal. 6.3
0.14 0.04 5.95 0.72 0.17 0.02 0.03 0.19 Bal. 8.3
0.14 0.05 6.05 0.56 0.18 0.03 0.03 0.23 Bal. 10.8

The cylinder samples with a dimension of Ø10 × 12 mm were cut along the longitude
direction of commercially direct-chilled casting ingots. The homogenization was carried
out at 733 K for 48 h. The isothermal-deformation compression tests were carried out
on a computer servo-controlled Gleeble-1500 thermo-simulation machine. All samples
were lubricated with graphite paste at both ends to reduce friction and increase thermal
conductivity. The samples were heated to target temperatures at a constant heating rate
of 1 K/s and held at setting temperatures for 5 min before compression. Five different
temperatures (653, 693, 733, 773, and 813 K) were chosen to cover the real industrial-
manufacturing situations. Samples were deformed at constant true strain rates of 0.01, 0.1,
1, and 10 S−1 over a selected temperature range. All samples were deformed to a strain of
about 0.9. True stress–true strain curves were recorded during the compression test.

Microstructures were characterized using a ZEISS EVOMA10 scanning electron mi-
croscope with an OXFORD electron backscatter diffraction (EBSD) detector. Samples were
electrolytically polished in a 10% perchloric acid solution mixed with 90% ethanol. Trans-
mission electron microscope (TEM) samples were 3 mm discs punched from an 80 μm-thick
foil. The specimens were further polished using twin-jet electropolishing in a solution of
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80% methanol and 20% nitric acid at a temperature below 248 K. A Tecnai G2 F20 TEM
then examined the samples operated at 200 kV.

3. Results and Discussion

3.1. True Stress–Strain Curves

Before the stress–strain curves are presented, the initial microstructures are shown in
Figure 1. It is shown that all three alloys demonstrated large grains with casting dendrites
inside. The grain size is very close for the alloy with a Zn/Mg ratio of 6.3 (as shown in
Figure 1a) and a Zn/Mg ratio of 8.3 (as shown in Figure 1b). The grain size for the alloy
with a Zn/Mg ratio of 6.3 is relatively more prominent than the other two alloys. The
measured average grain sizes are 200 ± 35 μm, 156 ± 28 μm, 175 ± 40 μm, respectively.
However, this is not conclusive as the as-cast microstructure varies from place to place. It
is also noticed that some eutectic phases can be observed. This could be due to the high
alloying content for the studied alloys.

  

 

Figure 1. The initial microstructure of the studied alloy with (a) Zn/Mg ratio of 6.3, (b) Zn/Mg ratio
of 8.3, and (c) Zn/Mg ratio of 10.8.

There are five different temperature conditions, four different strain rates, and three
different alloys. In total, 60 curves need to be present. For the readers’ convenience, the true
stress–strain curves for the alloy with Zn/Mg = 6.3 were chosen to demonstrate the data
process routine, while the results of other alloys are calculated using the same methodology.

Figure 2 shows the true stress–strain curves during the hot-compression testing of
alloy AA7003 with a Zn/Mg ratio of 6.3 under the strain rate condition of (a) 0.01 s−1,
(b) 0.1 s−1, (c) 1 s−1, and (d) 10 s−1 for different temperatures. The true stress–strain curves
need to be corrected as the friction could either leading to inhomogeneous deformation
or temperature rising. As a result, the deformed samples start to form a barrel shape. The
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detailed friction correction method and temperature correction method can be found from
Ebrahimi [9] and Z-P Wan et al. [20]. The authors here use the Ebrahimi method to correct
the stress–strain curves; the basic equations are:
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where m is the constant friction factor in the compression test, σ is the corrected true stress,
Pave is the uncorrected external pressure applied to specimens in compression (the measured
stress), b is the barrel parameter, and R and H are the radius and height of samples during
compression. Temperature correction was also carried out so the raw data and corrected data
are shown in Figure 2. It is shown in Figure 2a that, for a given temperature condition, the
true stress values initially increase rapidly with increasing true strain values. It reaches its
maximum values after a small number of strain values and remains constant for the rest of
the strain values before it descends to tremendous strain values. Comparing stress values at
different temperatures demonstrates that the alloy is more resistant to deformation at lower
temperatures. This trend is generally observed in other strain rate conditions, as shown
in Figure 2b–d. When comparing different strain rate conditions for a given temperature,
the true stress increases with increasing strain rate conditions (as shown in the same color
in different figures). It is also interesting to find out that the true stress is relatively stable
at low-strain-rate conditions (as shown in Figure 2a,b). The strain–stress curves become
more fluctuated at relatively high-strain-rate conditions (as shown in Figure 2c,d). Moreover,
the stress curves exhibit a significant drop at high-strain-rate conditions. This could be an
indication of the instability of the studied alloys.

Figure 2. Cont.
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Figure 2. Raw and corrected (friction and temperature) stress vs. true strain curves of alloy AA7003
with Zn/Mg ratio of 6.3 during hot-compression testing at different strain rates for different tempera-
tures. (a) strain rate of 0.01 s−1, (b) strain rate of 0.1 s−1, (c) strain rate of 1 s−1 and (d) strain rate of
10 s−1.

Table 2 summarizes the detailed flow stress values (in MPa) of alloy with a Zn/Mg
ratio of 6.3 at different temperatures and strain rates for various strains.

Table 2. Flow stress values (in MPa) of alloy with Zn/Mg ratio of 6.3 at different temperatures and
strain rates for various strains.

Strain Strain Rate, s−1
Temperature (K)

653 693 733 773 813

0.2

0.01 39.73 28.90 22.16 17.42 12.55
0.1 53.86 42.07 33.35 25.86 20.28
1 71.13 57.64 48.13 38.34 30.98
10 87.47 73.90 60.46 50.75 42.62

0.4

0.01 39.54 28.46 21.26 16.93 12.31
0.1 54.23 42.22 33.43 25.62 19.63
1 73.42 59.38 48.63 39.05 31.34
10 87.91 73.14 60.25 50.46 42.17

0.6

0.01 37.91 27.58 19.83 16.08 11.69
0.1 53.22 40.74 31.95 24.98 18.93
1 72.62 58.57 47.28 38.24 30.27
10 84.68 70.09 57.51 49.02 41.49

0.8

0.01 35.55 26.34 18.25 15.16 11.23
0.1 51.92 39.65 30.99 24.86 18.11
1 72.76 59.11 47.05 37.28 29.36
10 82.38 68.74 56.43 48.04 39.94

3.2. Constitutive Equations

The constitutive equations describe the relationship between flow stress and hot-
working parameters, such as strain, deformed temperatures, and strain rates. Sellars
and McTegart developed a hyperbolic sine model in 1960 [24]. This model has been
widely used to describe the workability of different alloys. Workability depends on the
initiated microstructures, chemical compositions, and processing histories. For example,
the annealed materials (O temper) exhibit better workabilities than the deformed materials
(H temper). It should also be noted that the friction between the sample’s edges and the
dies, such as adiabatic heating during the deformation, may significantly influence the
true stress–true strain curves. This could be corrected by introducing lubricant during the
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deformation process or empirically corrected by estimation [25,26]. Since we used graphite
paste on both ends of the samples, the friction effect can be negligible in this case.

In the 1960s, Sellars and McTegart proposed that the isothermal stress–strain relation
is based on Arrhenius equations [24]:

.
ε = f (σ) exp

(
− Q

RT

)
(4)

where the strain rate unit is s−1; R is gas constant, Q is activation energy for hot deformation,
unit in kJ/mol; T is isothermal temperature, unit in Kelvin; and f (σ) is the strain-related
equation, also called Zener–Hollomon parameters in some publications.

It turns out that the alloy may exhibit different deformation mechanisms within other
strain regions. Therefore, many publications proposed describing the data using different
subfunctions for different intervals:

When ασ < 0.8,
.
ε = A1σn1 exp

(
− Q

RT

)
(5)

When ασ > 1.2,
.
ε = A2 exp(βσ) exp

(
− Q

RT

)
(6)

For all other ασ,
.
ε = A[sin h(ασ)]n exp

(
− Q

RT

)
(7)

where n1, β, and α are the material’s constants, and α = β/n1. Taking the natural logarithm
on both sides of the equation yields:

ln
.
ε = ln A1 + n1 ln σ − Q/RT (8)

ln
.
ε = ln A2 + βσ − Q/RT (9)

ln
.
ε = ln A + n ln[sin h(ασ)]− Q/RT (10)

According to Equation (5), the slope value of the linear relationship between ln
.
ε and

ln(σ) is the n1 value. According to Equation (6) at different temperatures, the slope value
of the linear relationship between ln

.
ε and σ is β. The α can be calculated accordingly. The

detailed plots are shown in Figure 3a–c. The activation energy Q value for hot deformation
can be extrapolated by linear fitting for 1/T and ln[sin h(ασ)] at a given strain rate condition.

Figure 3. Cont.
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Figure 3. (a) linear fitting for ln(σ) and ln
( .
ε
)

at different temperatures; (b) linear fitting for σ and
ln
( .
ε
)

at different temperatures; (c) linear fitting for ln[sin h(ασ)] and ln
( .
ε
)
; and (d) linear fitting for

1/T and ln[sin h(ασ)] at given strain rate conditions.

Applying this methodology to other strain conditions, one can calculate the activation
energy Q values for studied alloys (as shown in Figure 4). It was demonstrated that an
alloy with a Zn/Mg ratio of 10.8 exhibited deficient activation energy compared to the
other two studied alloys. This could be an indication that this alloy is easy to be deformed.
The activation energy for the other two alloys with close Zn/Mg ratios (Zn/Mg ratio of 6.3
and Zn/Mg ratio of 8.3) demonstrated very similar values. However, their values show a
different trend with increasing strain.

Figure 4. Calculated Activation energy value under different nominal strain conditions for three
studied alloys with different Zn/Mg ratios.

3.3. Processing Maps

The constitutive equation may be helpful in the interpretation of strain–stress curves.
However, the processing map could be a straightforward method to describe the workability
of the studied alloys. Although it is an explicit representation of the response of studied
alloys, it has been widely applied in many process parameter selections.

According to Prasad and Srivatsana [27,28], the input energy causing deformation at a
given temperature could be dissipated by heat or the so-called “conduction entropy” and
microstructural changes induced by dislocation movement.

P = G + J =
∫ .

ε

0
σd

.
ε +

∫ σ

0

.
εdσ (11)
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where the first integral (G content) is dissipated energy as temperature arises, while the
second integral (J co-content) is energy dissipated due to microstructural changes.

m =
∂J
∂G

=

.
ε∂σ

σ∂
.
ε
=

∂ ln σ

∂ ln
.
ε

(12)

The strain rate sensitivity (m) is given by Equation (9). This strain rate sensitivity value
defines the relationship between ln

.
ε and ln σ. According to Prasad [4,5,8], the m value is

generally between 0 and 1 for aluminium alloys. Equation (8) states that:

ΔJ/ΔP =
m

m + 1
(13)

The efficiency of power dissipation (η) is, therefore, defined by:

ΔJ/ΔP
(ΔJ/ΔP)linear

=
2m

m + 1
= η (14)

The denominator in Equation (11) indicates that the G-content is equal to J co-content
in the ideal dissipation system. The efficiency of power dissipation (η) describes how
close the current system is compared to the ideal dissipation system, since the J-content is
more related to the microstructural changes. Therefore, the efficiency of power dissipation
(η) essentially describes the microscopic deformation mechanism of the materials within
the range of applied temperatures and strains. The efficiency of power dissipation (η)
changes with temperature and strain rate to form a power dissipation map, representing
the microstructure change in the studied materials. Since various failures (such as void
formation and cracking propagation) or metallurgical changes (such as dynamic recovery,
dynamic recrystallization, etc.) in the plastic deformation process dissipate input energy,
with the help of microstructural characterization, the power dissipation diagram can be
used to analyze different deformation mechanisms under other deformation conditions.
It is necessary, first, to determine the processing instability zone of the studied alloys.
According to Prasad [5,8,29], the instability criteria are given by:

ξ
( .
ε
)
=

∂ ln
( m

m+1
)

∂ ln
.
ε

+ m < 0 (15)

Figure 5 shows the constructed processing maps for the studied alloy with different
Zn/Mg ratios at different strain conditions. The processing map is an instability diagram
overlapped with an energy dissipation diagram at the current strain condition. As shown in
Figure 5, the yellow shaded region represents the instability regions. When comparing with
other publications, we have presented a series of processing maps that show a systematic
change with different conditions. In general, the instability regions for studied alloys are
within the lower-temperature and higher-strain-rate conditions. This is consistent with the
idea that alloy AA7003 is easier to be deformed when compared to other high-strength 7xxx
series alloys [5,9,26]. It is interesting that the studied alloys represent different workability
with different Zn/Mg ratios, i.e., different rows in Figure 5. The alloys with a lower
Zn/Mg ratio exhibit more significant instability regions. Therefore, it is concluded that
alloy AA7003 with a higher Zn/Mg ratio could have better formability than lower Zn/Mg
ratios. When comparing different strain conditions, i.e., different columns, it is clear that
the higher-strain condition exhibits more significant instability regions. This also agrees
with our shared knowledge that higher-strain conditions could lead to void formation and
cracking propagation. The result also agrees with Figure 4 that the calculated activation
energy value for the alloy with a Zn/Mg ratio of 10.8 is significantly lower than the other
two alloys.
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Figure 5. The processing maps for alloys with (a,b) Zn/Mg = 6.3, (c,d) Zn/Mg = 8.3, (e,f) Zn/Mg = 10.8,
at strain of 0.6 (left column) and 0.8 (right column), respectively, while the shaded region represents the
instability regions.
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The contour lines in Figure 5 represent the efficiency of power dissipation (η) at the
current strain condition. As discussed earlier, the maximum efficiency is 100%, while
G-content is equal to J co-content in the ideal dissipation system. In the current dissipation
system, the maximum efficiency (η) is about 50%, and the high efficiency of power dissi-
pation (η) is always shown in the lower-right corner of each diagram. This indicates that
the input energy is more likely to be dissipated at higher temperatures and low-strain-rate
conditions without cracking or instability. Therefore, it is concluded that optimized defor-
mation parameters for ternary alloy AA7003 are within a temperature range of 653–813 K
and with strain rates lower than 0.3 S−1.

4. Discussions

As discussed earlier, the J co-content is energy dissipated due to microstructural
changes. The alloy with a Zn/Mg ratio of 8.3 was chosen for typical microstructure charac-
terization. The electron backscatter diffraction (EBSD) technique was selected to analyze
deformed microstructures, recrystallized microstructures, and substructures quantitively.
The specific microstructural characterization is shown in Figure 6. When the grain’s mis-
orientation angle (θc) exceeds 15◦, it is classified as a deformed microstructure. Grains
consisting of subgrains whose internal misorientation is below 15◦, but whose misorienta-
tion from subgrain to subgrain is above 2◦, are classified as substructures. All the remaining
grains are classified as recrystallized. In Figure 6, the colored maps present different mi-
crostructures, i.e., blue stands for recrystallized structures, yellow stands for substructures,
and red stands for deformed structures. It is shown in Figure 6a that the primary remaining
microstructures are deformed structures that coexist with a small number of substructures
and few recrystallized structures. When deformed at a higher temperature, i.e., 733 K in
Figure 6b, it is shown that more substructures and more recrystallized structures were
found. It is shown in Figure 5b that the primary microstructures are substructures. Addi-
tionally, the recrystallized structures are significantly increased. Figure 6c shows that when
deformed at 813 K, the recrystallized structures become the dominated microstructures.

The statistical analysis of EBSD mappings at a different temperature and at a strain
rate of 0.1 s−1 is shown in Figure 7. It is demonstrated in Figure 7a that the area fraction
of recrystallized grains significantly increased with deformation temperatures, while the
frequency of deformed microstructures declined dramatically. This indicates that recrys-
tallization occurs rapidly for the alloy with Zn/Mg = 6.3. The frequency of recrystallized
structures showed a moderate decrease for the alloy with Zn/Mg = 8.3. However, it is
shown in Figure 7b that the substructures arose significantly at different temperature con-
ditions. For the alloy that contained the highest Zn/Mg ratio (as shown in Figure 7c), the
substructures exhibited a remarkable frequency at a temperature of 733 K and 813 K. It is
also shown that the amount of recrystallized structures increased slightly with tempera-
ture. It also should be noticed that the deformed microstructures decreased with rising
temperatures within all three alloys. In general, the EBSD results show that the alloy with
Zn/Mg = 10.8 exhibited a significantly small amount of recrystallization, while the other
two alloys exhibited a moderate amount of recrystallization. This could be an indication
that the dynamic recrystallization is the main factor to dissipate the deformation energy. It
is also shown that the alloy with Zn/Mg = 10.8 retained a large number of substructures.
This could also be an indication that this alloy can be further deformed without cracking.

98



Metals 2022, 12, 1452

 

Figure 6. The typical EBSD mappings for the alloy with Zn/Mg = 6.3 deformed at (a) 653 K, (b) 733 K
and (c) 813 K at a strain rate of 0.1 S−1, with the different colors representing different microstructures,
i.e., yellow stand for substructures, blue stand for recrystallized structures and red stand for deformed
structures; the bottom right image shows the compressed samples before and after deformation.

Many reports focus on the effects of dispersoid particles [30,31]. It is proven that these
particles effectively inhibit the dislocation movement and grain boundary movements [32–35].
In the current research work, ~0.2% Zr was added to the studied alloys. The typical particles
are known to be Al3Zr dispersoids. It is shown in Figure 8a that there are a significant
number of spherical Al3Zr particles; they have an L12 crystalline structure (as shown by
the selected area diffraction pattern (SADP)) and are confirmed to be coherent with the Al
matrix. The SADP also indicates that these particles exhibit a simple cubic/cubic orientation
relationship with the Al matrix, where the diffraction pattern from Al3Zr particles is located
at {100} planes.

It is shown in Figure 8a that the size of Al3Zr dispersoids is within the range of
20–50 nm. In fact, due to the same homogenization treatment and Zr addition, all three
studied alloys have a similar size distribution of Al3Zr dispersoids. However, it should be
noted that these dispersoids are heterogeneously distributed within grains. Some regions
(as shown in Figure 8b) have very-low-number density while others have relatively high-
number density (as shown in Figure 8a). Interestingly, these particles constantly interact
with dislocations or grain boundaries. It is shown in Figure 8b that the dislocations bypass
a single spherical Al3Zr dispersoid by bowing around. According to classical deformation
theory, an Orowan loop is left afterward. The classical deformation theory considers the
shear stress or line tension caused by dispersoids themselves. However, it should be noted
that the studied alloys exhibit different thermal–mechanical behaviors, given they contain
a similar amount of Zr addition. Therefore, it is concluded that the main alloying content,
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such as Zn/Mg ratios, could also affect the dynamic recrystallization process. In the current
study, about the reaction with recrystallizations, three scenarios can be discerned: the low-
Zn/Mg-ratio alloy being deformed with difficulty can cause recrystallization quickly, the
medium-Zn/Mg-ratio alloy has a moderate trend of recrystallization, and the high-Zn/Mg-
ratio alloy being deformed easily can lead to very low recrystallization. The underlying
mechanism is not yet fully understood. More detailed work will be conducted in the future.

 

Figure 7. Statistical analysis of different area fractions of different microstructures at various defor-
mation temperatures for (a) alloy with Zn/Mg = 6.3, (b) alloy with Zn/Mg = 8.3, and (c) alloy with
Zn/Mg = 10.8.
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Figure 8. TEM observation of the alloy with Zn/Mg = 6.3 deformed at 733 K at a strain rate of 0.1 S−1,
(a) Distribution of Al3Zr dispersoids within grains (an alloy with Zn/Mg = 6.3), viewing from {100}Al,
(b) an Al3Zr dispersoid tangled with dislocation movement during deformation.

5. Conclusions

The hot-deformation behavior of three Al-Zn-Mg alloys with different Zn/Mg ratios
was studied. The main conclusions are:

(1) When comparing the processing maps for AA7003 alloys with different Zn/Mg ratios,
alloys with a low Zn/Mg ratio of 6.3 led to a problematic hot-deformation capability.
In contrast, alloys with a higher Zn/Mg ratio of 10.8 exhibited better workability than
lower Zn/Mg ratios.

(2) The optimized deformation parameters for ternary alloy AA7003 were within a
temperature range of 653–813 K and at strain rates lower than 0.3 S−1.

(3) When comparing the microstructures after hot deformation, alloy AA7003 with a
lower Zn/Mg ratio of 6.3 had a more negligible fraction of substructures but higher
frequency of recrystallized structures. In comparison, the alloy with a higher Zn/Mg
ratio of 10.8 had a high fraction of substructures and low frequency of recrystallization.

(4) The Al3Zr dispersoids were effective in inhibiting the recrystallization for alloy
AA7003; three scenarios can be discerned when considering the interaction between
dispersoids and recrystallization: the low-Zn/Mg-ratio alloy being deformed with
difficulty can cause recrystallization easily, the medium-Zn/Mg-ratio alloy has a
moderate trend of recrystallization, and the high-Zn/Mg-ratio alloy contains a minor
fraction of recrystallization and, therefore, leads to easy deformability.
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Abstract: This work describes the fabrication of AZ91D/A5052 clad strips by direct cladding from
molten metals using a horizontal twin roll caster. Subsequently, the effects of roll speed, pour-
ing sequence, and solidification length on the AZ91D/A5052 clad strips were investigated. The
AZ91D/A5052 clad strips with a thickness of 4.9 mm were successfully cast at a roll speed of
9 m/min and with a 5 mm roll gap. The cladding ratio of AZ91D/A5052 was about 1:1. The single-
roll casting results showed that the experimental solidification constants of AZ91D and A5052 were
62 mm/min0.5 and 34 mm/min0.5, respectively. The twin-roll casting results showed that the effect
of rolling speed on the surface condition of A5052 was greater than that of AZ91D. In addition, the
high melting point A5052 alloy poured into the lower nozzle could solve the remelting problem of
the low melting point AZ91D. Moreover, extending the upper solidification distance could reduce
the generation of intermetallic compounds. The EDS analysis results showed no voids at the bond-
ing interface, while three intermetallic compound layers were also found at the bonding interface
of AZ91D/A5052 strips, namely α-Mg + Mg17Al12, Mg17Al12, and Al3Mg2. This study could be
instructive for dissimilar sheet metal bonding.

Keywords: magnesium alloy; aluminum alloy; twin-roll caster; molten metals; cladding

1. Introduction

Automotive light-weighting has been a hot research topic in recent years to im-
prove fuel efficiency and reduce vehicle exhaust emissions [1–4]. Traditional automotive
lightweighting technology has been used to replace steel materials with a single lightweight
alloy [5]. However, with the development of new energy vehicles, the characteristics of
single-metal materials can no longer meet the new demands of automotive industry de-
velopment. On this basis, metal additive manufacturing technologies have also started to
receive attention [6–9]. Among these, the fabrication of clad sheets has become a current
research hotspot [10–14], as they will exhibit the characteristics of each metal alloy, and can
realize the complementary advantages and disadvantages of different metal alloys.

As the lightest metal among the practical structural metals, magnesium (Mg) alloys
have gained attention as they offer excellent specific strength, vibration damping perfor-
mance, and recyclability. However, drawbacks such as low corrosion resistance and high
production costs have limited their application in the automotive industry [15]. As one
of the practical lightweight metals, aluminum (Al) alloys have been widely used in the
transportation and aerospace fields due to their active chemical properties, which can easily
react with oxygen in the air to produce a dense oxide film and improve their corrosion
resistance. Composite sheets prepared by using Mg and Al alloys can improve the corro-
sion resistance of Mg alloys, while also endowing the composite sheets with the physical
properties of two metal sheets [16].
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Many preparation methods for Mg/Al composite sheets have been reported, such
as vacuum diffusion bonding [17], in situ hot press bonding [18], cold rolling [19], hot
rolling [20–24], explosion welding [25–29], and solid-liquid composites [30,31]. The vacuum
diffusion bonding method consists of bonding Mg and Al sheets by heating, pressurizing,
and cooling in a vacuum environment. Because oxides on the metal surface can hinder
diffusion bonding, it is necessary to clean the oxides before experimentation; however, this
method is tedious and has high equipment requirements [17]. Jin investigated an in situ hot
press bonding technique to prepare Mg/Al composite sheets. This technique required only
four steps, and no vacuum environment or protective gas was needed to avoid oxidation of
the metal material. The results showed that the Mg/Al composite sheet had good interfacial
strength, while the intermetallic compounds that were generated at the interface had little
effect on the Mg/Al composite sheet in compression, but caused clad–core delamination
under tensile conditions [18]. Cold and hot rolling is a combination of pressure on Mg
and Al alloy sheets using rolling equipment. The advantage of this approach is the low
production cost and the fact that the preparation process does not need to be performed
under a vacuum. In addition, most of the Mg/Al composite sheets are rolled by hot rolling
because of the difficulty of processing Mg alloys at room temperature. Generally, rolled
Mg/Al composite sheets also must be annealed. Research has shown that the best bonding
strength of Mg/Al composite plates can be achieved under an annealing temperature of
200 ◦C and annealing time of 1 h [21]. Cao et al. investigated the effect of secondary rolling
on the interfacial bonding strength and mechanical properties of Al/Mg/Al composite
sheets. The results showed that secondary rolling significantly improved the interfacial
bond strength. After annealing, the elongation of the composite plate was as high as 21%
and the interfacial strength was maintained at 12 MPa [24]. Explosion welding uses the
high impact forces generated by the explosion to strongly bond Mg and Al alloy sheets.
Wang et al. improved the explosion welding technique by adding an additional thin
aluminum plate as a buffer layer between the Mg and Al sheets, while the other sides of
the magnesium sheets were fixed with steel plates to avoid deformation. The welding
process was also simulated using smoothed-particle hydrodynamics (SPH) simulations,
and the bonding interface showed a regular wave shape, which was in agreement with the
experimental results [28]. However, explosion welding poses certain safety risks and cannot
be produced on a large scale. Solid-liquid composite uses twin-roll casting technology,
which differs from traditional sheet production methods in that it significantly reduces
production costs due to the use of a twin-roll caster, enabling continuous casting from
molten metals. Park et al. successfully fabricated three-layer A5052/AZ31/A5052 clad
strips by twin-roll casting and post-treatment, where the thinness of the A5052 alloy sheet
resulted in an uneven surface condition of the composite sheet after casting [31]. In addition,
Haga et al. successfully cast clad strips consisting of Al alloys in one step using a single-roll
caster equipped with a scraper and an unequal diameter twin-roll caster. A theoretical
formula for controlling the clad ratio by solidification length is also proposed. Because the
second molten metal was located directly over the free solidification surface of the first
molten metal, oxidation of the first metal as a result of contact with air was avoided [32,33].
However, relatively little research has been conducted on the liquid–liquid lamination of
dissimilar metals.

In this study, AZ91D/A5052 clad strips were fabricated by direct cladding from molten
metals using horizontal twin-roll casters, and the effects of experimental parameters such
as the roll speed, pouring sequence, and solidification length on the surface conditions
of the AZ91D/A5052 strips were investigated. Then, the microstructure of the fabricated
strips was investigated using optical microscopy and electron microscopy.

2. Experimental Procedures

2.1. Materials and Methods

An AZ91D Mg alloy (Mg-9mass%Al-1mass%Zn alloy), with excellent specific strength,
was chosen as the base material, and an A5052 Al alloy (Al-2.5mass%Mg alloy) with good
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corrosion resistance and plasticity was chosen as the covering material. Table 1 shows
the chemical compositions of the AZ91D and A5052 alloys. Figure 1 shows a schematic
illustration of the cladding processes of the two molten metals, which utilized a horizontal
twin-roll caster (HTRC). The two molten metals were poured into the upper and lower
nozzles separately, cooled rapidly when they made contact with the rolls, and then bonded
between the rolls. The rolls were composed of copper and were 300 mm in diameter and
150 mm in width. In addition, both the upper and lower nozzles had a width of 150 mm.

Table 1. Chemical compositions of the AZ91D and A5052 alloys [mass%].

Materials Mg Al Si Fe Cu Mn Zn Cr

AZ91D Rest 9 0.05 0.002 0.01 0.3 1 -
A5052 2.5 Rest 0.09 0.14 0.01 0.01 - 0.25

Figure 1. Schematic showing the cladding processes of Mg/Al using a horizontal twin-roll caster (1.
crucible; 2. molten metal A; 3. molten metal B; 4. upper nozzle, 5. lower nozzle; 6. upper solidification
length; 7. cooling length; 8. solidification length; 9. upper roll; 10. lower roll; 11. clad strip).

2.2. Control of Clad Ratio

In this study, because molten metal B in the lower nozzle solidifies before the molten
metal A in the upper nozzle, the cladding ratio of the cladding material could be expressed
by Equation (1), where the roll gap was the shortest distance between the surfaces of the
twin rolls:

clad ratio =
roll gap − thickness of solidification layer of molten metal B

thickness of solidification layer of molten metal B
, (1)

The thickness of the solidification layer of molten metal B was controlled by the
solidification length and roll speed, and the thickness of the solidification layer is given by
Equation (2) [32]:

d = K
√

t = K
√

L/V, (2)

where d is the thickness of the solidification layer, K is the experimental solidification
constant, t is the solidification time, L is the solidification length, V is the roll speed, and
the K values were obtained from single-roll casting experiments. The schematic diagram of
the single-roll casting experiment is shown in Figure 2, and the experimental conditions
are shown in Table 2. The length of the molten metal in the lower nozzle in contact with
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the roll was defined as the solidification length (L), and the length of the molten metal in
contact with the roll after completion of solidification was defined as the cooling length
(Lc). The pouring temperature was the temperature of the molten metal inside the crucible
during pouring, while the casting temperature was the temperature of the molten metal
inside the nozzle. Because the temperature of the molten metal decreased as a result of
the pouring process, the pouring temperature was increased by 5 ◦C to ensure that the
temperature inside the nozzle reached the liquidus temperature of the metal material [34].
Because it was difficult to measure the temperature of the bonding interface in the twin-roll
composite casting, the surface temperature of the solidified metal immediately out of the
melt pool was measured in the single-roll casting experiment. The temperature at point A
was approximately equal to the temperature of the metal bonding surface on the lower roll
side before the two metals were compounded. The temperature of the metal contact surface
on the upper roll side was its liquidus temperature. In addition, the continuous twin-roll
caster used in this experiment was not equipped with water cooling. To investigate the
variation of the surface temperature of the cast rolls, the surface temperature of point B
during the casting process was measured.

Figure 2. Schematic diagram of single-roll casting.

Table 2. Experimental conditions of the single-roll casting experiments for the cast AZ91D and
A5052 alloys.

Materials AZ91D A5052

Solidus temperature [◦C] 430 607
Liquidus temperature [◦C] 595 649
Pouring temperature [◦C] 600 654
Solidification length [mm] 50

Cooling length [mm] 50
Roll speed [m/min] 6–36

2.3. Cladding for Mg/Al Clad Strips by Twin-Roll Caster

The casting conditions for the Mg/Al clad strips are shown in Table 3. The experimen-
tal results of single-roll casting showed that the effect of roll speed on the thickness of the
solidified layer was small when the roll speed exceeded 12 m/min. Therefore, in this experi-
ment, to study the effect of rolling speed on the Mg/Al clad strip, casting experiments were
conducted at rolling speeds ranging from 6–12 m/min, and different pouring sequences
were also investigated. In addition, the settings of cooling length and solidification length
were kept the same as for single-roll casting, and both were set to 50 mm. The roll gap
was set at 5 mm. Because flame retardant gases such as SF6 will destroy the ozone layer
and cause environmental pollution, in this experiment, we did not use a flame retardant
gas such as SF6. To inhibit the oxidation and combustion of Mg alloys, 0.5 mass% flux
(S.K.No.101, TACHIGAWACAST, Japan) was added during the dissolution and refining
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stages, and an oxide film formed on the surface of the crucible at the end of refining. This
oxide film could prevent direct contact between the molten Mg alloy and the oxygen in the
air, preventing further oxidation and combustion. In addition, the oxide film was removed
from the surface before the Mg alloy was poured. In this study, the molten metal from
the upper nozzle was poured directly onto the surface of the metal solidified by the lower
nozzle, avoiding direct contact between the lower nozzle metal and the air. This replaced
the traditional vacuum environment of hot rolling bonding. The aim of this work was to
maximize the control of strip production costs.

Table 3. Casting conditions for the Mg/Al clad strips.

Materials AZ91D A5052

Pouring temperature [◦C] 600 654
Pouring sequence [upper nozzle/lower nozzle] A5052/AZ91D, AZ91D/A5052

Upper solidification length [mm] 50, 100
Solidification length [mm] 50

Cooling length [mm] 50
Roll gap [mm] 5

Roll speed [m/min] 6–12
Roll surface temperature [◦C] 22

2.4. Microstructure of the Bonding Interface

Subsequently, the bonding interface microstructure of the AZ91D/A5052 clad strip
was observed using an OLYMPUS BX60M optical microscope. To clearly observe the
diffusion layer of the bonding interface, the observation surfaces of the specimens were
abraded in turn using #400, #800, #1500, and #2000 sandpaper. The specimens were then
polished to a mirror finish using 6.0 and 0.25 μm diamond polishing solutions, in order.
Then, the polished surface was sequentially chemically etched with a citric acid solution
(10 g of C6H8O7 + 90 g of H2O) and sodium hydroxide solution (1 g of NaOH + 100 mL of
H2O). Then, the composition of the intermetallic compounds at the bonding interface was
analyzed by ultra-low acceleration voltage scanning electron microscopy (JSM-7100F).

3. Results and Discussion

3.1. Calculation of the Experimental Solidification Constants

The temperature measurement results at point A showed that the surface temperature
of AZ91D was between approximately 491 ◦C and 520 ◦C, while the surface temperature
of A5052 was between approximately 600 ◦C and 626 ◦C. Because the metal surface was
in a semi-solidified state, the thermocouple did not perfectly measure most of the surface
temperature of the metal. Therefore, the measured temperature could only be used as a
reference. In addition, during the experiment, the temperature at point B increased from
the initial 22 ◦C to 30 ◦C. Compared to the temperature of the molten metal, the effect of
this temperature difference was negligible.

The experimental results showed that AZ91D and A5052 could be cast continuously
using a single roll, and the average thickness of the solidification layer was measured
using a micrometer. The relationship between the roll speed and solidified layer thickness
is shown in Figure 3a. With a higher roll speed, the thickness of the solidification layer
was thinner [35]. The effect of the roll speed on the solidified layer thickness was more
obvious when the roll speed was below 12 m/min, which indicated that the control of the
solidified layer thickness of molten metal B, and consequently the cladding ratio of the
cladding material, was easier to achieve under roll speed conditions below 12 m/min. The
relationship between the square root of the solidification time and the solidification layer
thickness is shown in Figure 3b. According to the figure, the experimental solidification
constants of AZ91D and A5052 were 62 mm/min0.5 and 34 mm/min0.5, respectively.
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Figure 3. (a) Relationship between the roll speed and solidification layer thickness; (b) relationship
between the square root of the solidification time and the thickness of the solidification layer.

The duration of the experiment was difficult to quantify. Currently, we have observed
the approximate time from the pouring to the end of casting by video, which was not
accurate. This made it difficult to quantify the duration of the experiment because the
amount of molten metal poured at the beginning potentially did not reach the height of
the melt pool, and the amount of molten metal in the melt pool slowly decreased after the
end of pouring, resulting in thin ends at the front and back of the continuous sheet, with
uniformity in the middle. In addition, calculating the solidification time was reasonable.
For example, when the roll speed was 6 m/min, the solidification time was 0.5 s for a
solidification length of 50 mm, assuming no relative sliding of the solidified molten metal
and casting roll.

3.2. Effects of Roll Speeds and Pouring Sequences on the Surfaces of the Clad Strips

The experimental results under different roll speeds and pouring sequences are shown
in Table 4. The first pouring sequence involved pouring the high melting point A5052
material into the upper nozzle and the low melting point AZ91D material into the lower
nozzle. As a result, the remelting of AZ91D on the lower roll side occurred under different
roll speed conditions, as shown in Figure 4, which also shows the experimental results of
the first pouring sequence at a roll speed of 9 m/min. The upper roll contact surface of the
strip showed a good surface condition; however, the lower roll contact surface was uneven.
The front portions of the clad strips showed that it was possible to form AZ91D sheets
without the A5052 covering. After A5052 covered the AZ91D layer, the underlying AZ91D
was dissolved and mixed together, forming grey intermetallic compounds. In addition,
two types of heat transfer were associated with AZ91D in this experiment: one with A5052,
and the other with the lower copper roll. Because the solidus temperature of A5052 was
higher than the liquidus temperature of AZ91D, heat could only be transferred from the
A5052 side to the AZ91D side. When the heat absorbed by AZ91D from A5052 was greater
than that absorbed by the copper roll, the basic conditions for AZ91D solidification were
not present. This resulted in the remelting phenomenon shown in Figure 4b.

Table 4. Experimental results under different roll speeds and pouring sequences.

Pouring Sequence
[Upper Nozzle/Lower Nozzle]

Roll Speed [m/min]

6 9 12

A5052/AZ91D × × ×
AZ91D/A5052 × Δ ×

×: bad, Δ: not good.
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Figure 4. Surfaces of the A5052/AZ91D clad strips at a roll speed of 9 m/min. (a) Upper roll side,
(b) Lower roll side.

The surfaces of the AZ91D/A5052 strips cast using the second pouring sequence at
different rolling speeds are shown in Figure 5. The upper roll contact surface (AZ91D side)
of the AZ91D/A5052 clad strip contained numerous ripple marks and some black oxides
at a roll speed of 6 m/min. This black oxide could be easily removed by acid washing.
When the roll speed was increased to 9 or 12 m/min, the ripple marks disappeared, and
the surface condition was good with a smooth surface. However, we observed that the
roll speed had a significant influence on the lower roll contact surface (A5052 side) of the
AZ91D/A5052 clad strips. When the roll speed was 6 m/min, most of the area on the A5052
side was AZ91D and only a small portion of the area was A5052, and cracks were observed.
The A5052 side showed a bright Al alloy surface at a roll speed of 9 m/min; however,
intermetallic compounds appeared on both the surface and edges of the strip. Specifically,
at 12 m/min, the A5052 side was directly covered with intermetallic compounds. We could
speculate about these compounds. Because Mg and Al were in direct contact inside the
nozzle, the interface output compound likely consisted of a liquid Mg alloy, an Al-Mg
intermetallic compound, and a mixture of both.

Figure 5. Surface of the AZ91D/A5052 strips cast using the second pouring sequence with different
roll speeds.

The large size of these intermetallic compounds and the rapid solidification of the
alloy were not very well connected. In the twin-roll experiment, the upper and lower sides
of the sheet were close to the upper and lower roll faces, respectively, and could achieve
rapid solidification. Therefore, the surface condition was good; however, the middle part
of the sheet was far from the upper and lower rolls and did not solidify well. This led to
incomplete solidification in the middle part of the sheet, and excess liquid metal or metal
compounds were then squeezed out under pressure of the double rolls and flowed around
the sheet. The large size could be explained by Figure 6. The excess liquid metal or metal
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mixture at the bonding interface flowed to the lower surface of the sheet and accumulated
between the individual drums of the drum conveyor under the influence of its own gravity.
After cooling and solidification, large-size intermetallic compounds formed.

Figure 6. Schematic diagram of intermetallic compound output.

Figure 7 shows the casting process at different roll speeds. At low roll speeds, there
was a significant increase in the thickness of the solidification layer in both molten metals.
The increased thickness of the solidification layer of the Al alloy caused the lower nozzle to
become blocked and the solidified Al alloy layer could not be smoothly brought out. Thus,
only a small portion of the Al alloy was bound. However, the increased thickness of the
solidification layer of the Mg alloy created a downward squeezing force. This inhibited the
formation of the Al alloy in the lower nozzle, and this was consistent with the experimental
results shown in Figure 5 (6 m/min). At high roll speeds, the thickness of the solidification
layer in both molten metals was significantly reduced. Theoretically, with a constant roll
gap, most of the intermediate gap would be filled by the molten Mg and Al alloys in a
semi-solidified state. In this study, the bonding interface between the Mg alloy and Al alloy
occurred at a high temperature, because the higher the temperature, the higher the energy
of the atoms, the easier the migration, the higher the diffusion coefficient, and the faster
the diffusion. Therefore, the mutual diffusion movement of the Mg and Al atoms was
very strong, which would intensify the generation of intermetallic Mg and Al compounds.
The experimental single-roll casting results showed that the surface temperature of A5052
before bonding was higher than 600 ◦C. In addition, the AZ91D in the upper nozzle was in
a liquid state and the temperature of the bonding interface was the liquidus temperature
(595 ◦C); thus, the average temperature of the bonding interface was higher than 595 ◦C.
Because the temperature of the bonding interface was higher than 595 ◦C, the excess molten
Mg alloy and intermetallic compounds remained in a liquid state and were extruded to
both sides of the strip under the pressure of the twin rolls, and finally flowed along the edge
of the Al layer to the lower roll contact surface of the strip via gravity. In addition, more
intermetallic compounds were produced at the bonding interface at high roll speeds. This
also resulted in more compounds flowing to the lower roll contact surface of the Mg/Al
strips, which was consistent with the experimental results shown in Figure 5 (12 m/min).

Figure 5 shows that the surface condition of the Mg/Al clad strips was closest to being
successful at a roll speed of 9 m/min with a 5 mm roll gap. The generation of intermetallic
compounds was caused by excessive contact between the molten AZ91D and A5052 at
the bonding interface. According to Equation (2), extending the solidification length at a
certain roll speed increased the thickness of the solidification layer, which in turn reduced
contact between the molten AZ91D and A5052. Theoretically, this could reduce the output
of intermetallic compounds, which we verified experimentally. The upper solidification
length was extended from the original 50 mm to 100 mm, and the experiments were carried
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out. Figure 8 shows the surface of the AZ91D/A5052 clad strips at an upper solidification
length of 100 mm, showing the good overall surface condition of the AZ91D/A5052 clad
strip. The picture of the lower roll side showed that the intermetallic compounds were
only present at the edges of the AZ91D/A5052 clad strips. The effectiveness of extending
the upper solidification length in reducing the generation of intermetallic compounds was
verified. In this study, the surface of A5052 was smooth and had the metallic luster of the
Al alloy, and the average thickness of the AZ91D/A5052 clad strip manufactured at a roll
speed of 9 m/min and solidification length of 100 mm was 4.9 mm.

Figure 7. Casting process at different roll speeds. (a) Low speed, (b) High speed.

 

Figure 8. The surface of the AZ91D/A5052 clad strip with an upper solidification length of 100 mm.
(a) Upper roll side, (b) Lower roll side.

3.3. Microstructure of the Bonding Interface

Figure 9a shows the cross-section of the AZ91D/A5052 clad strips cast by the hor-
izontal twin-roll caster. Figure 9b shows the microstructure of region A of the bonding
interface in Figure 9a. We clearly observed that the bonding interface was free of voids,
with two diffusion layers at the bonding interface of AZ91D and A5052. The thickness
of the total diffusion layer on the bonding interface was about 1 mm, which was much
greater than the thickness of the diffusion layer obtained by hot rolling [21,22]. Because the
solidus temperature of A5052 was higher than the liquidus temperature of AZ91D, when
the molten Mg alloy and Al alloy were combined, the temperature at the bonding interface
still remained above 595 ◦C. This accelerated the diffusion of Mg and Al elements on the
bonding surface. In addition, the thicknesses of the AZ91D layer and A5052 layer were
2.1 mm and 1.8 mm, respectively, and the cladding ratio was approximately 1:1. According
to Figure 3a, the theoretical solidification thickness of A5052 at a roll speed of 9 m/min was
2.4 mm, and the thickness of the A5052 layer in the clad strip was reduced by 25%. This was
because the surface of A5052 in the lower nozzle was in a semi-solidified state after the end
of solidification and before bonding with the molten AZ91D [35]. When the molten AZ91D
was poured onto the semi-solidified surface of A5052, the thickness of A5052 on the lower
roll side was smaller than the theoretical value due to the gravity of the molten AZ91D
and rolling force of the upper roll. Combining the results in Figure 10 and Table 5, it was
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clear that the two diffusion layers in the microstructure consisted of the α-Mg+Mg17Al12
eutectic layer near the Mg side and the Mg17Al12+Al3Mg2 compound layer near the Al side.
Because the lowest magnification image of the laboratory optical microscope did not show
the complete cross-section image of the clad strip, the image in Figure 9a was obtained
using a normal camera under the illumination of a vertical light source. In addition, the
two etching solutions used in this experiment could not etch the Mg17Al12 and Al3Mg2
layers, which were the two intermetallic compound layers that also showed a mirror effect
under polishing and reflected under the irradiation of a vertical light source, causing the
photographed Mg17Al12 and Al3Mg2 layers to show dark colors.

 

Figure 9. (a) Cross-section of the AZ91D/A5052 clad strips cast by the horizontal twin-roll caster;
(b) microstructure of region A of the bonding interface in (a).

Figure 10. Microstructure and EDS analysis results on the bonding interface of the Mg/Al clad strips:
(a) SEM image; (b) EDS line scan result corresponding to (a).

Table 5. Results of EDS point scan analysis at different positions of the interface corresponding to
Figure 10a.

Point Mg Al Possible Phase

1 90.15 9.49 α-Mg
2 66.70 33.30 α-Mg+Mg17Al12
3 56.86 43.14 Mg17Al12
4 43.32 56.68 Al3Mg2

The trace element content in AZ91D and A5052 was low and most of the trace elements
would solidly dissolve into α-Mg and α-Al, respectively, where the content did not change
significantly. In addition, the focus of this study was on the content changes of the major
elements Mg and Al, and the composition of the compounds. Figure 10 shows an SEM
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image of the bonding interface of the A5052/AZ91D clad strip and the EDS line scan results
of the bonding interface. The SEM image and EDS line scan results indicated that the
diffusion layer was divided into three layers. The chemical composition of each layer was
analyzed by EDS point scanning and the results are shown in Table 5. The results showed
that the layers near the AZ91D side were α-Mg and Mg17Al12, the middle was Mg17Al12,
and the layer near the A5052 side was Al3Mg2. The composition of the intermetallic
compounds was consistent with the results of previous studies [36,37]. Moreover, reducing
the generation of intermetallic compounds has been an effective means of improving the
interfacial bond strength of composite sheets [21]. For example, Ni or Zn intermediate layers
were inserted between Mg alloys and Al alloys to avoid direct contact between the Mg and
Al alloys, which in turn reduced the generation of Al-Mg intermetallic compounds [38–40].
Therefore, the future direction of this study will be to insert an Ni foil in the middle of the
upper and lower nozzles to reduce the generation of intermetallic compounds and improve
the bonding strength of the composite strip.

4. Conclusions

In this work, the continuous casting performance of AZ91D and A5052 was verified by
single-roll casting experiments, and the experimental solidification constants of AZ91D and
A5052 were obtained by empirical equations and fitted curves, with values of 62 mm/min0.5

and 34 mm/min0.5, respectively. Next, the surface temperatures of the metals during single-
roll casting were measured to provide data to support the subsequent temperature change
discussion of the bonding interface during double-roll composite casting. In addition, for
continuous casting of a small number of metal ingots, the surface temperature variations of
the casting rolls could be neglected.

Furthermore, the AZ91D/A5052 clad strips were successfully fabricated by direct
cladding from molten metals using a horizontal twin-roll caster. The optimal experimental
parameters were investigated by conducting tests under different experimental conditions
of roll speed, pouring sequence, and solidification length. The results showed that the
AZ91D/A5052 clad strip with a thickness of 4.9 mm was successfully cast at a rolling speed
of 9 m/min and rolling gap of 5 mm. We found that the roll speed affected the surface
state of A5052 on the lower roll side more than AZ91D on the upper roll side. In addition,
the casting sequence of AZ91D/A5052 (upper nozzle metal/lower nozzle metal) made
it easier to form the strip compared to A5052/AZ91D, and the intermetallic compounds
produced at the bonding interface of AZ91D and A5052 could be controlled by the upper
solidification length. The cross-section (Figure 9) showed that the AZ91D/A5052 strip had
a cladding ratio of approximately 1:1, while three intermetallic compound layers were
found at the bonding interface. Finally, the use of a horizontal twin-roll caster allowed for
the direct compounding of dissimilar metals.
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Abstract: The automotive industry traditionally reduces weight primarily by value engineering
and thickness optimization. However, both of these strategies have reached their limits. A 6%
reduction in automotive truck mass results in a 13% improvement in freight mass. Aluminum
alloys have lower weight, relatively high specific strength, and good corrosion resistance. Therefore,
the present manuscript involves manufacturing Al-based alloy by squeeze casting. The effect of
applied pressure during the squeeze cast and gravity cast of a novel Al-Si alloy on microstructural
evolution, and mechanical and wear behavior was investigated. The results demonstrated that
squeeze casting of the novel Al-Si alloy at high-pressure exhibits superior mechanical properties and
enhanced wear resistance in comparison to the gravity die-cast (GDC) counterpart. Squeeze casting
of this alloy, at high pressure, yields fine dendrites and reduced dendritic arm spacing, resulting in
grain refinement. The finer dendrites and reduced dendritic arm spacing in high-pressure squeeze
cast alloy than in the GDC alloy were due to enhanced cooling rates observed during the solidification
process, as well as the applied squeeze pressure breaks the initial dendrites that started growing
during the solidification process. Reduced casting defects in the high-pressure squeeze cast alloy led
to a reduced coefficient of friction, resulting in improved wear resistance even at higher loads and
higher operating temperatures. Our results demonstrated that squeeze casting of the novel Al-Si alloy
at high-pressure exhibits a 47% increase in tensile strength, 33% increase in hardness, 10% reduction
in coefficient of friction, and 15% reduction in wear loss compared to the GDC counterpart.

Keywords: squeeze casting; novel Al-Si alloy; wear analysis; microstructure; mechanical properties;
pin on disc wear testing

1. Introduction

According to the International Energy Association report of 2019, the transportation
industry is the second largest contributor to global CO2 emissions (at 27%) [1]. The automo-
tive industry globally is striving to reduce CO2 emissions by light-weighting, improving
the efficiency of internal combustion engines, usage of alternate fuels, etc. A 10% reduction
in mass results in a 6% improvement in fuel efficiency, by which CO2 emission will be
reduced significantly over the lifetime of the vehicle [1].
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Aluminum, being light in comparison to steel, is an excellent choice of material for
weight reduction in automobile and aerospace sectors (where it is available in both sheet
and cast forms) [2–5]. The aluminum industry offers a wide range of aluminum alloys
with various combinations of strength, ductility, wear, and corrosion resistance [6–8]. Many
elemental combinations are used to alloy with aluminum as solute [9,10]. Small quantities
of elements such as silicon, manganese, iron, chromium, molybdenum, etc. are added
in aluminum to enhance its mechanical and physical properties and to improve some of
the specific properties required in strategic applications [11–13]. In almost all production
industries and in day-to-day life, Al-Si cast alloys play a vital role due to their ease in casta-
bility, corrosion resistance, and high mechanical properties [14–16]. Al-Si alloys are widely
used in various industries due to their excellent mechanical properties, improved wear
and thermal behavior, supreme corrosion resistance, and excellent castability [8,17–19].
The addition of Cu and Fe to this alloy further enhances the mechanical and wear behavior
of the material without heat treatment [20–22]. The addition of Copper imparts strength
and hardness to the casting [20,22]. The properties achieved by the addition of Fe are com-
parable to those alloys with various heat-treated and aged Aluminum alloys. Optimized
Fe alloying aids for the possibility to reduce the aging time without the addition of Mg,
resulting in significant cost saving which is the need of the hour in any industry [23,24].

Iron tends to form intermetallic with other alloying elements resulting in strengthening
of the alloy with enhanced wear and thermal behavior [24]. The intermetallics formed
are usually hard and brittle with a superior high-temperature behavior. Thus, novelty in
conventional Al-Si casting alloys, by the addition of Cu and Fe during the casting process,
can result in enhanced performance of the cast product [20–23]. Further, the addition of Fe
improves fluidity, a vital requirement to produce a sound casting. Taylor et al. suggested
having a critical percentage of Fe based on the silicon percentage in the alloy. If Fe exceeds
the critical percentage, it would influence loss of ductility due to shrinkage porosity [23,25].
Enhanced fluidity provides an opportunity for the production of thin-walled castings [26].
Intricate shapes with a near-net finish are possible due to the improved fluidity. 4XXX series
wrought alloy has a UTS of ~134 MPa and YS of ~64 MPa and novel Al-Si alloy is expected
to have the UTS of ~385 MPa and YS of ~240 MPa [18,19,27–29]. There is a significant
enhancement of mechanical properties by the addition of an optimum percentage of Fe,
without any thermal treatment leading to huge cost savings [24]. Hence, such novel Al-
based alloys can be utilized in a variety of applications, due to their superior mechanical
and thermal properties. In addition, it can find a prominent place in automotive industry,
where light-weighting at a lower cost is a beneficial advantage. Some of the remarkable
advantages of die-casting over conventional sand casting are an increase in productivity,
dimensional accuracy of as-cast components, and better mechanical properties as a result
of improved microstructural features [30].

Squeeze casting is both economical and has the potential to create cast components
with minimal defects, often achieving near-net-shaped components [31–33]. In addition,
die-casting reduces the metal wastages which arise due to the use of feeders and risers
as in conventional sand casting [34]. Squeeze casting is a combination of the casting and
forging processes where the solidification of molten metal takes place under pressure,
thereby reducing the casting defects created due to gas entrapments as well as increasing
the ductility of the resultant component. The squeeze casting process parameters play
an important role in determining the microstructure of the cast components. The process
parameters such as squeeze pressure, squeeze pressure duration, pouring temperature,
and die temperatures have overall control on the microstructure [35]. The squeezing
pressure increases the heat transfer rate in between the mold interfaces that enhance the
surface finish and also help to create a uniform microstructure from surface to core [36].
For any new alloys or modified alloys, process parameters have to be optimized for
better microstructure and mechanical properties [37]. In the squeeze casting process,
the desirable mechanical and microstructure features are based on the combination of mold
casting and die forging due to the fact that the molten metal is solidified under hydrostatic
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pressure. This would have better control over mechanical properties as we all as lead to a
homogenous microstructure [38]. In addition, the squeeze-casting process creates a very
fine microstructure and also eliminates the gas and shrinkage porosities [39]. Reports on the
Fe-addition to Al-Si alloy show that for the Al-Si alloy with Fe, the mechanical properties
depend not only on chemical composition but also on the microstructural morphology of
the phases (such as the Al-rich alpha phase and eutectic Si phase) [40].

Since the addition of alloys elements to Al lead to the formation of coarse microstruc-
ture in the as-cast condition and to obtain finer microstructure suitable strategies need
to be followed [41–45]. Fine microstructure can be the addition of grain refiners [44–46],
severe plastic deformation [47,48], cryomilling [49], high pressure solidification [50,51],
laser processing [52,53], etc. Accordingly, the present investigation aims to study utilize
the low-cost fabrication technique (squeeze pressure casting) and explore the influence
of applied squeeze pressure on the microstructure during the solidification of a molten
Al-Si-Cu-Fe alloy. The influence of squeeze pressure on the mechanical and wear behavior
of the alloy is investigated in detail.

2. Experimental Procedure

Samples considered in the present study are processed through gravity die casting
(GDC), low-pressure squeeze casting (LPSC) at 5 MPa, and high-pressure squeeze cast
(HPSC) at 12 MPa respectively using a cylindrical mold made up of H13 steel. The chemical
composition of the alloy in various cast conditions are determined using an optical emission
spark (OES) spectrometer and are listed in Table 1.

Table 1. Chemical composition of novel alloy designed.

Element/Weight % Al Si Cu Mg Fe Zn Mn Ni Cr

GDC 91.02 5.41 2.97 0.373 0.135 0.019 0.01 0.005 0.001
LPSC 91.09 5.41 2.91 0.372 0.135 0.016 0.01 0.006 0.001
HPSC 90.99 5.41 2.98 0.391 0.142 0.017 0.01 0.005 0.001

Microstructural analysis of the samples (under various casting conditions) was ob-
served using an optical microscope (LEICA DMLM, Mumbai, India; 50× to 1000× range).
The hardness measurements were carried out using a Zwick Roell Vickers microhardness
tester (from Zwick, Gurugrum, India) at a test load of 0.1 kgf with a dwell time of 10 s.
Tensile testing was performed using a Tinius Olsen H25KL tabletop tensile testing unit
(from Tinius Olsen, Noida, India) with a strain rate of 5 × 10−4/s as per ASTM-E08-2016
standard using a sub-sized specimen [54]. Wear testing was carried out using a pin on disc
wear testing machine (Ducom, Bangalore, India) based on the ASTM G99-05 standard [55].
Wear tests were carried out with a sliding velocity set to 0.314 m/s and measured for
the sliding distance of 1000 m [56–58]. The sliding disc diameter is 30 mm, the speed
of the machine is held at 200 rpm and the test time is considered to be around 3185 s.
The machine disc is made up of EN31 material with a roughness of 10 μm and hardness
~60 HRC. The wear testing was carried out with different test variables to understand the
behavior of Al-Si alloys as a function of changing parameters. Three different loads were
applied (20 N, 40 N, and 60 N) at a higher operating temperature of 200 ◦C, refer to Table 2.
The schematic of the wear testing unit is illustrated in Figure 1. The wear testing machine
consists of a specimen in the form of a pin and it is tested against a disc made of EN31
material according to the ASTM G99-05 standards. In addition, the load is applied through
the loading panel, and the entire equipment is operated using a computer-based controller.
All of the parameters including depth, force, temperature, speed of the disc, time, etc. can
be controlled using the controller in an acute fashion. The surface morphological features
of all of the tensile fractured samples and worn-out surfaces from wear tests were studied
using an FEI Quanta 200 Scanning electron microscope (SEM) (FEI, Bangalore, India).
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Table 2. Al-Si alloys wear test input parameters.

Experiment Number Casting Route Applied Load (N) Temperature (◦C)

1-A1 GDC 20 200
1-A2 GDC 60 200
1-A3 GDC 40 200
1-B1 LPSC 20 200
1-B2 LPSC 60 200
1-B3 LPSC 40 200
1-C1 HPSC 20 200
1-C2 HPSC 60 200
1-C3 HPSC 40 200

Figure 1. Schematic representation of the pin-on-disc wear testing unit.

3. Results and Discussion

3.1. Microstructure

The microstructure of GDC, LPSC, and HPSC samples are shown in Figure 2 using
optical (Figure 2a–c) and scanning electron microscopy (Figure 2d–f). The microstructure
of the GDC specimen has coarse dendrites as shown in Figure 2a. The microstructure
gets refined with the application of pressure. The LPSC and HPSC samples have shown
the presence of small dendrites, which are also deformed. They are not in a continuous
state like the GDC samples. An increase in the squeeze-pressure increases the cooling rate,
resulting in higher nucleation and finer dendritic size with large dendrite spacing. Similar
observations were made by Amar et al. [59], where the 2017A alloy was squeeze cast using
GDC and at high pressures. Moreover, Amar et al. have shown that with the application of
pressure, a refined and homogeneous microstructure was observed, which is in agreement
with the present results. The heat inside the mold and pressure have a significant effect
on the size of the dendrites, dendritic morphology, and the distribution of microstructural
constituents. Increasing the squeeze casting pressure refined all microstructural features
(including the size of the microstructural features and arm spacing of dendrites) and
modified the morphology of Al-Si eutectic phases. Further, dendrites were small and
almost spherical in shape in squeeze cast conditions. In GDC alloys, the dendrites were
observed to have an elongated plate-like morphology (Figure 2d), whereas, in the other
two alloys (Figure 2e,f), cast microstructures consist of needle-like morphologies. In all of
the samples, the Al-Si-Fe regions are constrained within the inter-dendritic regions due to
kinetic differences between the phases. These phases were formed as curved crystals and in
some regions, it exhibits plate-like morphology joined along with irregular, curved surfaces.
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Figure 2. (a–c) Optical micrographs and (d–f) scanning electron microscopy images of the cast
samples fabricated by (a,d) GDC route, (b,e) LPSC route, and (c,f) HPSC route, respectively.

3.2. Hardness

The hardness analysis was carried out to study the variation of hardness along the
cast cross-section from the surface to the middle of the cast sample in all three-process
conditions, viz., GDC, LPSC, and HPSC, respectively. The results shown in Figure 3 indicate
that the squeeze-cast sample with higher pressure exhibits a higher hardness. Lin et al.
studies on the Al-based alloys showed a hardness of 75 HV and 85 HV for GDC and high-
pressure squeeze cast materials [38]. Similarly, Thirumal et al. [39] studies on AA6061 alloy
castings as a function of different squeeze-cast pressures show an increase in the hardness
of the alloy with an increase in the pressure. The results from Lin et al. and Thirumal et al.
are in agreement and are similar to the results from the present study. In addition, there is
significant variation in hardness values as observed from the surface to core, indicating the
absence of porosity and other casting defects.

Figure 3. Microhardness survey taken for the cast samples in all three conditions (gravity die casting
(GDC), low-pressure squeeze-casting (LPSC), and high-pressure squeeze-casting (HPSC) taken from
surface to center of the casting).

The hardness observations from the surface to the core also indicate that the cast
structure is homogenous and uniform. On the other hand, the LPSC sample shows similar
hardness values to the high-pressure squeeze-cast sample along the surface. However,
the hardness values show some fluctuations when measured from the surface to the core,
unlike the high-pressure squeeze-cast samples. This corroborates the presence of defects
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(such as porosity) in these LPSC samples. Similarly, the GDC sample shows inferior hard-
ness when compared to the squeeze-case samples due to reduced cooling rates. In addition,
the hardness fluctuates between 95 HV to 75 HV as we move from the surface to the core
showing the presence of defects/imperfections in these samples. Based on the hardness
survey and microstructural correlation, it is evident that squeeze pressure is one of the
most significant process parameters for achieving higher material properties with uniform
distribution in the squeeze-casting process. This is in good agreement with the discussion
carried out by Azhagan et al. [39] and Mohamed et al. [59]. In addition, the hardness of
the alloy increases with the application of pressure. This enhanced behavior in HPSC and
LPSC alloys in comparison with GDC alloy was due to improvements in heat transfer rates
during solidification due to the applied pressure, resulting in refinement of microstructure
and the improved contact area between the die and molten metal surface [50,51,60,61].

3.3. Tensile Properties

Tensile properties of the investigated GDC and other two-squeeze cast samples are
shown in Figure 4. The HPSC sample has shown a tensile strength of ~540 MPa against
LPSC at ~382 MPa and GDC at ~367 MPa. On comparing GDC and squeeze cast alloys,
the mechanical properties are superior for the LPSC and HPSC alloys. The results explain
that the samples fabricated by the squeeze-casting process exhibit higher yield and ten-
sile strength as compared to samples fabricated by the GDC process. In the squeeze-cast
samples, the tensile and yield strength of the alloy increases with increasing pressure. A de-
crease in the grain size with an increase in squeeze casting pressure results in an increased
grain boundaries volume. The increased grain boundary volume increases the resistance to
dislocation movement, resulting in enhanced strength properties [62–64]. As pressure was
held on molten metal during the squeeze casting process until the end of the solidification
process, the rate of heat transfer was increased and macro and microporosity had been
eliminated in comparison to the GDC process, resulting in enhanced mechanical proper-
ties. The elongation observed for the cast samples (GDC, to be almost similar with LPSC,
and HPSC) is similar within the experimental conditions.

Figure 4. Engineering stress-strain curves of the cast samples fabricated under different conditions
(gravity die-casting, low-pressure squeeze casting, and high-pressure squeeze casting).

3.4. Wear Behavior

The wear behavior of all three samples fabricated by the three casting routes (namely
GDC, LPSC, and HPSC) were studied to understand their tribological behavior. The wear
test results in terms of coefficient of friction (COF) and wear loss are shown in Figure 5.
The COF increases with an increase in the working temperature. However, with the
application of pressure at the same condition, the COF decreases in general (Figure 5a).
The results suggest that HPSC samples show better wear resistance compared to LPSC and
GDC samples at every given load and temperature combination (Figure 5b). Such improved
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tribological performance of the HPSC samples is attributed to the reduction in porosity and
shrinkage defects. A higher wear rate is observed for the non-pressurized cast samples due
to its high coefficient of friction, which is the result of poor surface quality along with the
presence of porosities and shrinkage defects, whereas the coefficient of friction is less in
pressurized cast samples, thereby increasing its tribological response. Samples fabricated
by squeeze-casting process demonstrated lesser wear rate in comparison to GDC process.
Squeeze pressure maintains the molten metal closer to the wall surfaces of the die, which in
turn gives a higher cooling rate at the surface. Higher cooling rate results in a more refined
dendritic structure, resulting in a smoother surface. Finer microstructures offer improved
hardness, which in turn offer higher wear resistance [65–67]. It may be observed that in
general, the wear resistance of the HPSC decreases with increasing load and/temperature
combination due to accelerated conditions (which is as expected). Ashiri et al. [36] have
shown similar wear properties on the Al–Si–Mg–Ni–Cu alloy fabricated by GDC and
pressure squeeze cast samples. They have demonstrated that both wear rate and COF
decrease with an increase in the pressure at a given load. The wear loss increases with an
increase in the applied load. In addition, the COF of pressure squeeze-cast materials is
lower than the GDC counterpart, and the results are in agreement with the present study.

 

Figure 5. Tribological performance including (a) coefficient of friction and (b) wear loss comparison
between GDC, LPSC, and HPSC samples as a function of load and operating temperature.

3.5. SEM Surface Analysis of the Worn out Samples

Fracture analysis conducted on worn-out samples by using SEM micrographs is
shown in Figure 6. The wear surface of Al-based cast samples through the GDC route
(Figure 6(a1,a2)) shows the presence of excessive material loss due to digging and pene-
tration (deeper ploughing grooves [68,69]) of the pin at higher loads applied at elevated
temperature. On the other hand, the LPSC samples wear surface shows minor digging
and smearing observed due to frequent rubbing of the pin (Figure 6(b1,b2)). In addition,
delamination and micro cracking (Figure 6(a1,a2)) may be observed in the samples pro-
duced through the GDC route due to its lower hardness compared to LPSC and HPSC
samples. However, deep ploughing grooves and considerable delamination were not
observed in the samples fabricated through LPSC and HPSC. The HPSC samples wear
surface shows minimal rubbing/wear pattern at higher loads applied at elevated temper-
ature. This difference in the wear rate of HPSC samples (Figure 6(c1,c2)) is due to the
molten metal being solidified under high pressure, which reduces gas entrapments and
shrinkages or gas porosity thereby improving its tribological properties, in addition to
the microstructural refinement [70–72]. The present results are very similar to the studies
conducted by Ashiri et al. [36], where deeper ploughing grooves are observed for the GDC
samples compared with the pressure squeeze-cast samples leading to severe damage in the
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GDC samples. Hence, the present results demonstrate the role of pressure during the cast-
ing/solidification process and its influence in refining the microstructure and improving
their mechanical and tribological performance.

 

Figure 6. Worn out surface of the cast alloys in GDC, LPSC, an HPSC at two different load conditions
20 N (a1,b1,c1) and 60 N (a2,b2,c2) at a higher operating temperature of 200 ◦C.

4. Conclusions

In this study, a varying cast pressure was applied to squeeze cast novel Al-Si alloys,
and their effect on microstructure, mechanical properties, and wear behavior at higher
operating temperatures were investigated and compared with GDC counterparts. The in-
vestigation reveals better mechanical behavior for squeeze cast Al-Si alloys compared to
their GDC counterpart. In all cases, the HPSC alloy shows better mechanical behavior
(hardness (115 HV) and tensile strength (540 MPa)) as compared to its GDC counterpart
(hardness (86 HV), and tensile strength (367 MPa)). The microstructural study reveals
reduced grain size, increased grain boundaries volume, reduction in dendrite arm spacing,
small and rounded Si eutectic phases, and dendrites in the HPSC alloy. Wear behavior was
studied at different loads 20 N and 60 N for the samples fabricated by GDC, LPSC, and
HPSC routes. The results reveal the remarkable differences in wear rate, even at higher
operating temperature and load for HPSC samples (wear loss 0.09 g), compared to the
GDC (wear loss 0.045 g) and LPSC samples (wear loss 0.033 g) under nominal pressure
due to minimal casting defects and lesser coefficient of friction. Under the same test con-
dition, the HPSC samples show the least COF of 0.481 as against the GDC (COF—0.534)
and LPSC (COF—0.516) samples. This study helps in determining the high-temperature
wear-resistant behavior of a novel Al-Si HPSC alloy, making it suitable for critical indus-
trial applications.
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Abstract: Entrapped double oxide film defects are known to be the most detrimental defects during
the casting of aluminium alloys. In addition, hydrogen dissolved in the aluminium melt was
suggested to pass into the defects to expand them and cause hydrogen porosity. In this work, the
effect of two important casting parameters (the filtration and hydrogen content) on the properties
of Al–7 Si–0.3 Mg alloy castings was studied using a full factorial design of experiments approach.
Casting properties such as the Weibull modulus and position parameter of the elongation and the
tensile strength were considered as response parameters. The results suggested that adopting 10 PPI
filters in the gating system resulted in a considerable boost of the Weibull moduli of the tensile
strength and elongation due to the enhanced mould filling conditions that minimised the possibility
of oxide film entrainment. In addition, the results showed that reducing the hydrogen content in
the castings samples from 0.257 to 0.132 cm3/100 g Al was associated with a noticeable decrease
in the size of bifilm defects with a corresponding improvement in the mechanical properties. Such
significant effect of the process parameters studied on the casting properties suggests that the more
careful and quiescent mould filling practice and the lower the hydrogen level of the casting, the
higher the quality and reliability of the castings produced.

Keywords: bifilm; Al–7 Si–0.3 Mg alloy; hydrogen; filtration; Weibull modulus

1. Introduction

Aluminium alloys are the most used materials in the automotive industry due to
their excellent properties such as strength, durability, safety and low density, resulting in
reduced emissions and an increase in fuel efficiency of the produced vehicles. In addi-
tion, aluminium is a fully recyclable material without losing recycled quality. Therefore,
there is an accelerated demand for innovations and developments for aluminium alloys,
particularly regarding improving the mechanical properties of the cast components [1–6].

Cast aluminium alloys are shown to have low gas absorption, with the exception of
hydrogen [7–10]. Oxide film defects (bifilms) are typically created due to surface distur-
bance of the Al melt during pouring and/or transfer processes. This causes the oxidised
surface to be folded upon itself entrapping an air layer within it and then be entrained
in the bulk liquid Al [11–14]. Entrainment of bifilm defects is one of the most significant
issues in aluminium castings, as they are claimed to deteriorate the tensile and fatigue
properties. They are also promoting the creation of other casting defects such as pores and
iron intermetallics [15–17].

Research studies showed that the bifilm defects occurrence during the pouring of
the melt could be explained through the critical ingate velocity concept. As the melt
enters the mould cavity with a speed more than a critical value (about 0.5 m/s for most
aluminium alloys), the flow front becomes unstable and allows the creation of surface
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oxide foldable layers [18–22]. Literature has also confirmed that it is challenging to produce
reliable casting and avoid oxide film entrainment using top-pouring methods. Therefore,
bottom-pouring gating techniques are preferred because they avoid instability of melt flow
behaviour during mould filling by controlling the ingate-velocity requirements for sound
castings [23–26].

During solidification of the cast, the solubility of the hydrogen in Al melt considerably
drops causing the former to be rejected by the growing dendrites. Concurrently, entrained
bifilms, initially being compacted due to bulk turbulence, start to unfurl due to the negative
pressure ascending from the shrinkage of the cast. This behaviour causes hydrogen to
diffuse into the developed bifilm and inflate them into pores [27]. The results recently
supported these findings by El-Sayed, Chen and Griffiths that demonstrated a harmful
influence of hydrogen on the mechanical properties of an Al casting [28–31].

Design of experiments (DoE) is a systematic approach used to plan, conduct, and
analyse tests to study the effect of different parameters of a given process on the response(s)
of that process through performing the minimum number of experiments [32–35]. A two-
level full factorial design is one of the most widely used experimental designs in which
each of the process parameters is set at two levels. These levels are called ‘high’ and ‘low’,
‘Good’ and ‘Bad’ or ‘+1′ and ‘−1′. A factorial design denoted 2k design is a full factorial
design of k parameters—each has two levels, and the design will involve 2k runs [36].

Previous investigations about casting of light alloys had looked at the effect of dif-
ferent casting parameters on the mechanical properties. However, not many attempts in
the literature have been made to identify which of these parameters had a statistically
significant effect on the tensile properties of Al–Si–Mg cast alloys. The current research
was carried out to cover the research gap and utilizes statistical techniques by means of
Full Factorial Design of Experiments (DoE) and Analysis of Variance (ANOVA) to identify
the significance of casting process parameters and study their effect on the UTS and %
elongation of the castings produced. In addition, the application of DoE not only allowed
to statistically assess the significance of the studied parameters, it also provided a sort of
quantification of the weight of each parameter in impacting the studied process outputs
through the calculation of the standardised effect of each factor. Finally, the use of DoE
allowed also to assess the interaction effect between the studied parameters, which is very
difficult, if not impossible, to determine otherwise.

In this paper, the effect of the hydrogen content of aluminium casting and the use of
filters on the amount and size of bifilm defects, and by implication on the properties of
Al–7 Si–0.3 Mg alloy castings was studied. A two-factor DoE was used for the modelling
and the analysis of the casting process. The aim of such study is to provide a better
understanding of the factors dominating the quality and reproducibility of light metal
cast alloys.

2. Experiment

The two-parameter Weibull distribution is an empirical distribution [37] introduced
by Weibull in 1951, and the distribution function is expressed as

P = 1 − exp {−[x/x0]m} (1)

where:
P = the cumulative fraction of failures in the mechanical property, e.g., a tensile test;
x = variable being measured, e.g., tensile strength;
x0 = position parameter or characteristic value at which 63% of the samples failed;
m = Weibull modulus.
Taking the logarithm of Equation (1) twice yields a linear equation:

ln [−ln(1 − P)] = m ln(x) − m ln(x0) (2)
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with a slope of “m” and an intercept of “−m ln(x0)”. When “ln [−ln(1−P)]” is plotted
versus “ln(x)”, Weibull probability plot is obtained and therefore the values of “m” and
“x0” could be determined [20].

Literature suggests that Weibull distribution could better explain the failure of ma-
terials under a mechanical loading than a normal distribution [37,38]. A greater Weibull
modulus and position parameters mean that the samples have fewer defects, which indicate
higher and more reproducible properties. This study employed a two-parameter Weibull
distribution to quantify the variability of the ultimate tensile strength and the % elongation
of Al-Si-Mg cast alloys.

In this study, castings from Al–7 wt.%Si–0.3 wt.%Mg alloy were produced using
gravity casting technique. Hydrogen contents and filtration were the two factors of the sand
casting process that were considered for the experimentation. In addition, four process
outputs or study responses were considered in this study. They were the cast Weibull
modulus and position parameter of the UTS (denoted mUTS and x0)UTS, respectively), and
the Weibull modulus and position parameter of the elongation (denoted mELONG and
x0)ELONG, respectively). Each process parameter was varied over two levels: “−1” and
“+1”. The experiment, therefore, contained four combinations of hydrogen contents and
filtration. The design matrix of the experimental work is shown in Table 1.

Table 1. Experimental plan.

Experiment

Factor
Coded

Symbol
1 2 3 4

Hydrogen content of
the casting A −1 +1 −1 +1

Level - (High) (Low) (High) (Low)

Filtration B −1 −1 +1 +1

Level - (Unfiltered) (Unfiltered) (Filtered) (Filtered)

A two-level full factorial study was applied to explore the effects of hydrogen contents
and filtration and their interaction using Design-Expert Software Version 7.0.0 (Stat-Ease
Inc., Minneapolis, MN, USA). Figure 1a shows a sketch of the pattern geometry used
to produce the resin-bonded sand moulds. The mould consists of ten tensile test bars
of a length of 100 mm and a diameter of 11 mm. The runner used in this mould had a
thickness of 25 mm. Two moulds were cast to produce 20 tensile test bars for each of
the four experiments listed in Table 1. In each experiment, about 6 kg of Al–7 Si–0.3 Mg
alloy were melted in an induction furnace (Inductotherm, Droitwich, United Kingdom ).
The melt was kept at 800 ◦C under a partial vacuum atmosphere of 0.2 bar for 2 h before
pouring to allow the expansion of the charge oxide films and consequent floating to the
melt surface, which helps to remove them as suggested in the literature [29]. The melt was
then poured into the moulds in such a way to promote the creation of fresh bifilms.

In order to evaluate the effect of the hydrogen content in the casting samples, the
experiments were grouped into two categories—the first category includes samples with
high hydrogen content (Experiments 1, 3), and the second category includes samples low
hydrogen content (Experiments 2, 4). For Experiments 1 and 3 the molten aluminium was
poured into the moulds that had been prepared one day before the experiment. As for
Experiments 2 and 4, and in order to ensure obtaining castings with low hydrogen content,
degassing was carried out using AlSCAN equipment (ABB Measurement & Analytics,
Pennsylvania, USA) for 30 min before pouring. In addition, and to eliminate hydrogen
picking up from the mould walls, the moulds were kept under a reduced pressure of
0.5 bar for 14 days before the experiment in order to allow the resin solvent to evaporate
completely from the sand moulds [28]. For Experiments 3 and 4, two ceramic filters
(Fesoco, Birmingham, United Kingdom) of 10 pores per linear inch (PPI) and dimensions
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of 50 × 50 × 20 mm, were placed in the filter prints at the locations shown in Figure 1a.
This would allow better control of the melt flow inside the mould, aiming to reduce the
possibility of oxide film entrainment. After solidification of the cast, samples were cut
from the runner bar, and hydrogen measurement was analysed using LECO™ hydrogen
analyser (LECO, St. Joseph, MI, USA) for solid-state hydrogen measurement of the castings
from different experiments.

 
(a) 

 
(b) 

Figure 1. A schematic diagram of (a) the pattern used to create the mould, (b) a tensile test sample
(dimensions in mm).

Tensile test samples were prepared by machining the solidified castings using a turning
machine. Figure 1b shows a schematic of the tensile test samples. Testing was performed
with a WDW-100E universal testing machine (Time Group Inc., Beijing, China) with a
strain rate of 1 mm min−1. The ultimate tensile strength (UTS) and % elongation results
were assessed using a two-parameter Weibull distribution to evaluate the effect of the
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casting parameters on the scatter of the casting tensile properties. Finally, the broken
tensile test samples were examined using a Philips XL-30 scanning electron microscope
(SEM) (SEMTech Solutions, Inc., North Billerica, MA, USA ) equipped with an energy
dispersive X-ray analyser (EDS) for the evidence of bifilm. For each of Experiments 1 and 4,
three specimens were selected for investigation that showed the lowest UTS, as they were
expected to include more oxide film defects.

3. Results and Discussion

As discussed, aluminium alloy melt was held under vacuum to eliminate the effect of
previously introduced oxides in the raw material and ensure that the castings’ variability is
only due to the changed casting process parameters [27,36]. These process parameters or
casting conditions are the amount of hydrogen in the solidified casting and the filtration.

Table 2 lists the casting conditions of the experiments performed and the corresponding
Weibull analysis results for different properties.

Table 2. Position parameter and Weibull modulus of cast specimens produced under different
conditions.

Exp.
No.

Hydrogen Level
(cm3/100 g Al)

UTS (MPa) % Elongation

Filtration
Position

Parameter
Weibull

Modulus
Position

Parameter
Weibull

Modulus

1 0.257 Unfiltered 81 4.15 4.08 2.17
2 0.132 Unfiltered 106 8.95 4.92 6.14
3 0.257 Filtered 105 7.78 4.72 4.88
4 0.132 Filtered 148 21.67 8.2 10.87

The results showed a significant effect of the degassing treatment as well as the holding
of the sand mould under reduced pressure, for a given time before pouring in, on the casting
hydrogen content. The average hydrogen content of the samples cut from the solidified
undegassed castings (Experiments 1 and 3) and degassed castings (Experiments 2 and 4)
were 0.257 and 0.132 cm3/100 g Al, respectively. The noticeable reduction in the hydrogen
level in Experiments 2 and 4 is reasoned to the use of a degassing treatment that was able to
decrease the hydrogen content in the melt before pouring, as well as the vacuum treatment
of the moulds before the use that seemed to minimise the amount of hydrogen picked by
the poured melt from mould walls [39].

Figure 2 shows the Weibull distribution results of the tensile samples. Corresponding
plots for the % elongation are also presented in Figure 3. As shown in the two figures,
the data representing both properties are linearly distributed, as suggested by correlation
coefficients. In both figures the slope of the data trend lines (that represent the Weibull
moduli) of both the UTS and % elongation in Experiment 4, where degassing and ceramic
filters were employed, were the largest among all castings.

By applying the DoE approach to investigate the effect of the process parameters,
Figure 4a–c shows the effect of hydrogen content, filtration and the interaction between
the two parameters, respectively, on mUTS. Corresponding plots related to mELONG are
presented in Figure 5a–c, respectively. Note that in both Figures 4b and 5b the points
representing the responses are connected using dotted lines, not solid lines, to indicate a
categoric factor.
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Figure 2. Weibull distribution of UTS of Al–7 Si–0.3 Mg alloy for different experiments itemised in
Table 1.

 

Figure 3. Weibull distribution of % elongation of Al–7 Si–0.3 Mg alloy for different experiments
itemised in Table 1.
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The two figures indicate that both moduli had been increased consistently with either
the decrease of hydrogen content and/or the use of filters. The value of mUTS, at a hydrogen
level of 0.257 cm3/100 g Al and without the use of filters, was about 4 (Experiment 1). De-
creasing the hydrogen level to 0.132 cm3/100 g Al increased the modulus to about 9, while
the use of 10 PPI filters increased the modulus to 8. However, the application of degassing
and mould treatment (that tended to decrease hydrogen level) and the implementation of
filters resulted in a significant improvement of mUTS to about 22 (Experiment 4). Moreover,
mELONG of about 2 was obtained for the undegassed casting poured in unfiltered moulds.
MELONG values of 6, 5 and 11, respectively, were obtained for castings when hydrogen
level was reduced, filters were implemented, and both conducts were adopted. Finally,
the results suggest that the hydrogen level and filtration interaction is also significant,
especially for mUTS, as shown in Figures 4c and 5c. At lower hydrogen level, the positive
effect of filtration on both moduli is clearer. Likewise, the antithesis impact of hydrogen
level on the Weibull moduli is more obvious when filtration was adopted.

  
(a) (b) 

 

 

(c)  
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Figure 4. Effect of (a) hydrogen level, (b) use of filters, (c) the interaction between hydrogen level
and filters on mUTS.
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Figure 5. Effect of (a) hydrogen level, (b) filtration, (c) the interaction between hydrogen level and
filtration on mELONG.

The influence of the hydrogen levels, filters, and interaction between them on x0)UTS
and x0)ELONG are shown in Figures 6 and 7, respectively. x0)UTS and x0)ELONG exhibited
similar trends to those of mUTS and mELONG. Again, in both Figures 6b and 7b the points
representing the responses are connected using dotted lines, not solid lines, to indicate a
categoric factor. The parameters were enhanced 81 to 148 MPa for the UTS, and from 4 to 7
for the % elongation upon reducing the hydrogen level and use of filters. Furthermore, the
interaction between both factors was also revealed to remarkably influence the position
parameters of both tensile properties. Employing ceramic filters enabled a sharper rela-
tionship between the hydrogen level and x0)UTS (Figure 6c) and x0)ELONG (Figure 7c), and
vice versa.

Generally, it was evident that the implementation of ceramic filters and the application
of casting procedures that promoted reducing the hydrogen level of the casting had a
significant effect on the enhancement of mUTS, x0)UTS mELONG and x0)ELONG, as could be
inferred from Figures 4–7. The Weibull moduli and position parameters were the highest
for samples produced in Experiment 4 compared to all castings. This is owed to the use
of filters and low hydrogen level castings. This indicates that the casting quality has been
improved, and the variability among them has been reduced.
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Literature has demonstrated that the use of a poor gating system, with a runner of
≥25 mm height and without the use of filters, was associated with the formation and
entrainment of a substantial amount of bifilm defects [28]. They have also advocated
that due to the lack of bonding between the inner (dry) sides of a bifilm, the rejected
hydrogen during solidification usually penetrates into the defect and easily expands it, like
a balloon, creating a hydrogen pore in the final casting [40]. In Experiment 1, the casting
experiment was performed without a prior degassing of the aluminium melt to produce
a high hydrogen level casting. This resulted in a substantial drop in the tensile strength
of the samples (a x0)UTS of 81 MPa and a x0)ELONG of 4%) and also widened their spread
(4 and 2, respectively, for mUTS and mELONG). This could be easily inferred from the results
shown in Figures 2–7, as well as in Table 2, which showed that samples from Experiment 1
experienced the worst properties among all experiments.
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Figure 6. Influence of (a) hydrogen level, (b) filtration (c) the interaction between hydrogen level and
filtration on x0)UTS.
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Figure 7. Graphs of (a) hydrogen level, (b) filtration, (c) the interaction between hydrogen level and
filtration against x0)ELONG.

Using the experimental data, a factorial analysis using Analysis of Variance (ANOVA)
statistical approach was executed to determine the standardised effects of studied parame-
ters (the hydrogen level of the casting and filtration) and their interaction on four responses
considered in this study: mUTS, x0)UTS, mELONG and x0)ELONG. Table 3 summarises the list
of factors and their interaction, as well as the effect of each factor and/or interaction. The
effect is the change in the response as the factor changes from the “−1” level to the “+1”
level. In other words, the effect of a given factor A is the difference between the mean
values of the response at levels “+1” and “−1” of A. A positive value of the effect denotes
a lineal influence favouring optimisation, whereas a negative sign signifies a converse
repercussion of the parameter on the studied response [41].

It is evident that the H level of the casting had an adverse effect on mUTS, x0)UTS,
mELONG and x0)ELONG, while filtration showed an advantageous effect on the four outputs
evaluated in this study, see Table 3. This could be concluded from the signs of the main
effects of the two parameters for different responses. However, and independent of the
sign of the effect, ANOVA results had demonstrated that the standardised effects of each
of the hydrogen levels and filtration on the four responses were too close. This is a clear
indication of the important roles played by both factors in influencing the reproducibility
of aluminium castings.
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Table 3. Factorial analysis of the properties of the casting.

Term

Standardised Effect

Weibull
Modulus of

UTS

Position
Parameter of
UTS (MPa)

Weibull
Modulus of %

Elongation

Position
Parameter of %
Elongation (%)

A-Hydrogen Level −9.43 −34 −4.98 −2.16
B-Filtration 8.18 33 3.72 1.96

AB −4.56 −9 −1.01 −1.32

The DoE results, presented in Table 3, signified that doubling the hydrogen content
was associated with a negative effect on mUTS and x0)UTS of about −9 and −34 MPa,
respectively, and on mELONG and x0)ELONG of about −5 and −2%, respectively. On the other
hand, filtration was shown to have a favourable effect on mUTS and x0)UTS of about 8 and
33 MPa, respectively, and on mELONG and x0)ELONG of about 4 and 2%, respectively. This
might be due to the role played by the filters in damping the acceleration of the incoming
flow of liquid Al during its passage through the runner. This would permit a calmer and
smoother flow behaviour of the melt inside the mould, reduce the ingate velocity, minimise
oxide film entrainment, and ultimately improve the tensile properties. This confirms the
results obtained by Green and Campbell [38,42], who apprised a considerable improvement
in the Weibull moduli of the tensile properties of Al–7Si–Mg castings, of about 350%, while
applying a turbulent-free filling system that seemed to prevent oxide film entrainment.

Bifilm defects were detected at the specimens’ fracture surfaces from the four experi-
ments carried out in this work. Typical examples of such defects from Experiments 1 and 4
are shown in Figures 8 and 9, respectively. Results of the accompanied EDX examination at
the suspected oxide films confirmed that spinel films existed at these surfaces. The EDX
spectra contained a peak for carbon which was suggested to be caused by the contamination
of the atmosphere inside the SEM. The identity of the spinel films was confirmed by EDX
analyses that detected relatively large amounts of oxygen at the suspected oxide films
(indicated by the high oxygen peak in the EDX spectrum), which had not been detected
in other adjacent areas of the fracture surface being examined. It was shown that the
approximate average areas of the spinel layers detected on the fracture surfaces of the
examined test bars (assuming an elliptical shape for the oxide film) from Experiments 1
and 4 were about 1.4 and 4.5 mm2, respectively.

In Experiment 1 the bad mould design and the lack of filtration are expected to violate
the critical ingate velocity and accordingly plenteous entrainment of oxide films is expected.
Additionally, the relatively high hydrogen level of the castings in this experiment (about
0.257 cm3/100 g Al) was expected to increase the hydrogen ingress into the bifilms and
increase their sizes. Therefore, several oxide film defects of comparatively larger sizes were
often detected at the fracture surfaces of test bars from this experiment. See Figure 8. In
contrast, the area covered with oxide layers detected on the fracture surface of a specimen
from Experiment 4 (Figure 9) was considerably smaller than that in the casting from
Experiment 1 by about one-third. This is suggested to be a result of the significantly lower
hydrogen level of the former experiment due to the application of degassing, as well as the
use of filters that seemed to minimise the oxide film entrainment during mould filling.

The substantial reduction in the amount and size of bifilm defects, which is related to
the combined effect of the two casting parameters, caused the castings from Experiment
4 to have a noticeable improvement of their mUTS and mELONG by about 420% and 400%,
respectively, compared to those in Experiment 1. Moreover, a less significant increase in
x0)UTS and x0)ELONG of about 82% and 101% respectively was obtained due to the reduced
hydrogen level and the use of filters. See Table 2.
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The connotation of the current findings would be that the implementation of filters
could significantly reduce the production of bifilm defects. Moreover, the reduction of
casting hydrogen level would minimise the amount of the gas diffuses into the entrained
bifilms, decreasing the size of the defects. Thus, if appropriate treatment procedures for
both the melt and the sand mould would be considered, this would permit the production
of castings with minimum hydrogen level. Additionally, if filtration was applied, this
would allow a more quiescent mould filling regime. These considerations would allow
a casting producer to reduce both the number and the size of the bifilms in the melt and
consequently obtaining an Al cast alloy with improved mechanical properties.

  

(a) (b) 

Figure 8. (a,b) Electron microscopy fractographs and corresponding EDX spectra (at the positions
pointed with “X”) of oxide films on the fracture surfaces of two tensile-tested bars from Experiment 1.
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(a) (b) 

Figure 9. (a,b) Electron microscopy fractographs and corresponding EDX spectra (at the positions
pointed with “X”) of oxide films on the fracture surfaces of two tensile-tested bars from Experiment 4.

4. Conclusions

1. The detection of bifilms at fracture surfaces of the majority of tensile samples examined
is a suggestion of the deleterious influence of these inclusions on the mechanical
properties of Al cast alloys.

2. ANOVA results suggested that reducing the hydrogen content of an Al–7 Si–0.3 Mg
cast alloy and the application of 10 PPI filters had remarkable positive standardised
effects of about 9 and 4, respectively, on the UTS and % elongation Weibull modulus.

3. Statistical analysis also indicated that both parameters had significant standardised
effects on the UTS and % elongation position parameters, of 33 MPa and 2%, respectively.

4. The optimised casting condition involving the implementation of filters and the
application of the precautions required to decrease the hydrogen level of the casting
resulted in an outstanding improvement of the Weibull moduli of the UTS and %
elongation by a factor of about 4.
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Abstract: The possibility of using complex structure modification for aluminium casting alloys’
mechanical properties improvement was studied. The fluxes widely used in the industry are mainly
intended for the modification of a single structural component of Al–Si alloys, which does not allow
unifying of the modification process in a production environment. Thus, a new modifying flux that
has a complex effect on the structure of Al–Si alloys has been developed. It consists of the following
components: TiO2, containing a primary α-Al grain size modifier; BaF2 containing a eutectic silicon
modifier; KF used to transform titanium and barium into the melt. The effect of the complex titanium
dioxide-based modifier on the macro-, microstructure and the mechanical properties of industrial
aluminium–silicon casting alloys containing 5%, 6%, 9%, 11% and 17% Si by weight was studied.
It was found that the tensile strength (σB) of Al–Si alloys exceeds the similar characteristics for
the alloys modified using the standard sodium-containing flux to 32%, and the relative elongation
(δ) increases to 54%. The alloys’ mechanical properties improvement was shown to be the result
of the flux component’s complex effect on the macro- and microstructure. The effect includes the
simultaneous reduction in secondary dendritic arm spacing due to titanium, the refinement and
decreasing size of silicon particles in the eutectic with barium and potassium, and the modifying
of the primary silicon. The reliability of the studies was confirmed using up-to-date test systems, a
significant amount of experimental data and the repeatability of the results for a large number of
samples in the identical initial state.

Keywords: aluminium casting alloys; complex structure modification; titanium; barium; titanium
dioxide; mechanical properties; microstructure; macrostructure

1. Introduction

Aluminium–silicon casting alloys are in demand due to the most favourable combina-
tion of casting, mechanical properties and a number of special operational properties [1].
Currently, there are several directions for the improvement of the alloys’ properties, but
melt modification does not become irrelevant, thus allowing achievement of the required
level of the mechanical properties of alloys.

A large number of research works cover the issue of Al–Si alloy modifications [2–5],
but there are no unified and reliable methods of Al–Si alloy modification with the various
silicon rates so far. Most modifiers do not fully meet the production requirements. The
fluxes widely used in the industry are mainly intended for the modification of a single
structural component of Al–Si alloys, which does not allow unifying of the modification
process in the production environment.
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Sodium-based modifiers are widely used [6] due to the availability of sodium salts
and a good modifying ability of sodium as a modifier of the Al–Si eutectic. However, the
scope of application of such modifiers is limited to alloys with the eutectic as the main
structural component. Moreover, a significant disadvantage of alloy modification with
sodium is the short modification effect and the increased tendency to form gas porosity [6].

In recent years, researchers have paid particular attention to the issues of the modifica-
tion of Al–Si alloys using the complex impact on their structure [7–13]. The use of modifiers
that give an impact on various structural components of the alloys is more effective than
modification of a single phase. As a result, the scope of application of the modifier is
expanded. However, such complex compositions often contain expensive substances, and
this disadvantage limits the scope of their application.

Therefore to reduce the cost of such compositions, it is necessary to find new, avail-
able complex modifiers, develop production technologies and use such modifiers for the
aluminium melt.

This paper describes the changes in the mechanical properties, macro- and microstruc-
ture of various alloys as a result of melt treatment with a complex modifying flux consisting
of 19–29 wt.% TiO2 + 32–40 wt.% BaF2 + 34–42 wt.% KF mixture [14].

To ensure eutectic modification (α-Al + Si), the flux contains barium, a surface-active
element for eutectic silicon, which is injected using fluoride. When barium is injected into
the melt, the particles of eutectic silicon are refined and rounded. The main advantage of
barium use is the long-term preservation of the modifying ability [15–19]. Barium fluoride
is an available substance with a relatively low cost.

To modify the primary α-Al grain size, we propose to use titanium, the most efficient
grain modifier in aluminium alloys, which refines the α-Al dendrites in Al–Si alloys [20–24].
Titanium is introduced using its oxide compounds instead of traditional ligatures and
salts. Titanium dioxide is the most available and inexpensive compound among titanium-
containing substances.

To modify Al–Si alloys, titanium dioxide should be reduced to titanium by melting
with the subsequent formation of additional TiAl3 crystallization centres. Therefore, the
flux consists of potassium fluoride, which improves the wettability of titanium dioxide
with aluminium and dissolves the oxide, thereby ensuring the aluminothermic reduction
of the oxide to metal [25–28]. Potassium fluoride has a relatively low cost and increases
the probability of barium transition from fluoride to the melt due to the formation of the
low-melting eutectic [29].

The paper describes the study of the complex flux versatility, i.e., the use of this
modifier for aluminium casting alloys with the various silicon content.

2. Materials and Methods

The following widely-used alloys were selected for the study:
Hypoeutectic alloy with copper of Al–Si–Cu system (Alloy 1); hypoeutectic alloys

with magnesium of Al–Si–Mg system (Alloy 2) and (Alloy 3); eutectic binary alloy of Al–Si
system (Alloy 4); hypereutectic piston alloy of Al–Si–Cu–Mg–Ni system (Alloy 5). The
chemical composition of the alloys is listed in Table 1.

Table 1. Elemental composition of the study alloys according to spectral analysis data (average values).

Alloy Elements (wt. %)

System Nº Si Fe Cu Mg Mn Ni Zn Ti Al

Al-5wt.% Si-Cu Alloy 1 5.45 0.64 1.21 0.35 0.19 0.02 0.22 0.05 base

Al-6 wt.% Si-Mg Alloy 2 5.94 0.37 - 0.19 0.006 - 0.01 0.011 base

Al-9 wt.% Si-Mg Alloy 3 9.28 0.37 0.09 0.31 0.25 0.04 0.02 0.026 base

12 wt.% Si Alloy 4 11.53 0.36 0.002 0.0006 0.0026 - 0.01 0.009 base

Al-17 wt.% Si-Cu-Mg-Ni Alloy 5 17.02 0.36 1.03 0.88 0.009 1.35 0.012 0.007 base
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Experimental alloy meltings were carried out in a muffle electric resistance furnace.
The weight of a single melt was 900 g. The melt was pre-degassed by blowing with an inert
gas (argon).

The melt surface was covered with an even layer of the flux under study at a tem-
perature of 770–790 ◦C. After holding for 8–10 min at a given temperature, the flux was
thoroughly mixed deep into the melt for 3–5 min. Then, the melt was held for 15–20 min,
and the slag was removed from the melt surface. The temperature of the melt was brought
to 710 ◦C, then, the melt was poured into the prepared sandy-clay mould.

The melt was treated with the standard sodium-containing flux (25% NaF + 62.5%
NaCl + 12.5% KCl [30]) at a temperature of 730–750 ◦C. The melt surface was covered with
an even layer of the flux in the amount of 1.5% by the melt weight. After holding for 10 min
at a given temperature, the flux was thoroughly mixed deep into the melt. Then, the slag
was removed from the melt surface, and the melt was held.

Alloys 1 and 2, after modification, were subjected to heat treatment in accordance
with ASTM B917/B917M—12 in the T6 mode, alloy 3 was subjected to heat treatment in
the T62 mode.

The mechanical properties of the alloys (ultimate strength (tensile strength) σB (MPa),
relative elongation δ (%)) were determined in accordance with ASTM B557M—15 using
Instron 5982 testing machine.

In each experiment, 4 samples were tested. Each experiment was repeated three times.
Microstructural studies were conducted using Imager.Z2m AXIO universal research

microscope (Carl Zeiss, Microscopy GmbH, Göttingen, Germany).
For etching the macrostructure of alloys 2–5, the Hume-Rothery reagent (15 g of CuCl2,

100 mL of H2O) was used, for alloy 1, the Keller’s reagent (2.5% HNO3, 1.5% HCl, 0.5%
HF) was used [31].

Quantitative analysis of the microstructure (the average area of eutectic silicon, the
average size of primary silicon and α-Al dendrites) was carried out using specialized
ImageExpert Pro 3.7 software, version 3.7.5.0, NEXSYS, Moscow, Russia using three images
for each sample. The photos were processed according to the following operations: photo
resizing, scale selection, binarization, determination of the object of study by colour, etc.
For images processing, ImageExpert Pro 3.7 software uses built-in algorithms (techniques
corresponding to the international standard ASTM E112-10).

To measure the size of an α-Al dendrite, secondary dendrite arm spacing (SDAS) was
determined. SDAS was evaluated as reported in [32] by measuring thirty dendrites for
each sample, employing three images at 50× magnification.

The primary Si particle size was evaluated as the maximum Feret’s diameter.
The chemical (elemental) composition of the prototypes was studied using CCD-based

Q4 TASMAN-170 spark optical emission spectrometer. The control of Q4 TASMAN-170
spectrometer is carried out from a desktop computer using special QMatrix software,
version 3.8.1, Bruker Quantron GmbH, Kalkar, Germany.

Before the start of the chemical (elemental) composition analysis, Q4 TASMAN-170
spectrometer was set up using special calibration samples. The samples for the chemical
(elemental) composition analysis were made from the sink head of the casting and had the
size of 25 × 25 × 10 mm.

3. Results and Discussion

The results of mechanical tests of various silumins treated with the developed flux
and the standard sodium-containing flux are given in Table 2. The experiments showed
that the treatment with the developed complex flux improves the mechanical properties
(tensile strength σB and relative elongation δ) of eutectic, hypoeutectic and hypereutectic
Al–Si alloys, compared to the similar parameters of the alloys treated with the conventional
industrial flux.
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Table 2. Mechanical properties of Al–Si alloys, the average area of eutectic Si and the average size of
primary Si, SDAS, depending on the type of treatment (sand casting).

Alloy Properties Unmodified Standard Flux Complex Flux

Alloy 1 (Т6)

σB, MPa 316 ± 6 317 ± 5 367 ± 7

δ, % 0.67 ± 0.1 1.25 ± 0.2 1.92 ± 0.15

SSi eut, μm2 8.84 ± 0.25 6.75 ± 0.41 5.42 ± 0.5

SDAS, μm 35.71 ± 4.15 35.59 ± 5.18 25.47 ± 2.14

Alloy 2 (Т6)

σB, MPa 239 ± 10 235 ± 6 262 ± 4

δ, % 0.98 ± 0.25 3.72 ± 0.3 4.89 ± 0.3

SSi eut, μm2 19.48 ± 2.2 2.21 ± 0.17 1.99 ± 0.2

SDAS, μm 37.69 ± 2.15 35.23 ± 2.18 30.33 ± 2.08

Alloy 3 (Т62)

σB, MPa 255 ± 10 245 ± 10 323 ± 6

δ, % 1.05 ± 0.2 2.9 ± 0.15 3.60 ± 0.15

SSi eut, μm2 12.55 ± 1.61 3.91 ± 0.28 2.68 ± 0.37

SDAS, μm 28.35 ± 3.1 30.98 ± 2.9 21.72 ± 2.07

Alloy 4

σB, MPa 140 ± 6 160 ± 9 175 ± 9

δ, % 2.27 ± 0.2 8.05 ± 0.7 12.2 ± 0.8

SSi eut, μm2 53.71 ± 6.0 0.56 ± 0.05 0.48 ± 0.09

SDAS, μm 37.98 ± 5.03 36.01 ± 4.5 27.6 ± 2.2

Alloy 5

σB, MPa 150 ± 4 – 182 ± 4

δ, % 0.38 ± 0.05 – 0.74 ± 0.15

SSi eut, μm2 30.34 ± 4.01 – 21.70 ± 3.89

SiI, μm 92 ± 12 – 46 ± 9

The significant improvement in the alloys’ mechanical properties upon modification
with an experimental flux is caused by the complex impact on the alloy structure.

Measurements of SDAS and the average area of eutectic Si were carried out for all
samples to observe the difference between the modified and unmodified specimens. As
Table 2 demonstrates, the average area of eutectic Si and the SDAS decreased in all alloys
after the addition of complex flux.

The microstructure of the eutectic unmodified alloy Al-12 wt% Si (alloy 4) features a
coarse eutectic (α-Al + Si) in the form of large needles and plates (SSi eut = 53.71 μm2) with
large α-Al dendrites (SDAS = 37.98 μm) (Figure 1a).

Figure 1. Microstructure of eutectic alloy 4 depending on treatment: (a) untreated; (b) standard flux; (c) complex flux.
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Treatment of alloy 4 with such fluxes results in the refinement of eutectic silicon, and
the particles of eutectic silicon become globular (Figure 1b,c). The average area of eutectic
silicon particles in a modified alloy is two orders of magnitude smaller than the area of
eutectic silicon in an unmodified alloy (Table 2). However, treatment with a complex flux
(Figure 1c) leads to a greater fragmentation of the eutectic compared to treatment with
a standard flux (Figure 1b). The average particle area of eutectic silicon decreases from
0.56 μm2 for standard flux to 0.48 μm2 for complex flux. The developed flux also affects the
α-Al dendrites, SDAS in alloy 4 was reduced by 27% (Table 2). Titanium, as a component
of the flux, facilitates refinement of the alloy macrograin, as clearly seen in the photographs
of the macrostructure (Figure 2c). The standard flux does not change the macrograin size
(Figure 2b) compared to the unmodified alloy (Figure 2a). Due to grain refinement, the
mechanical properties of the alloy are also improved. Compared to the unmodified alloy,
the relative elongation increases 5.4 times (12.2%) and the tensile strength increases by 25%
(175 MPa). The resulting values are lower in the case of treatment with a standard flux, δ,
by 52%; σB by 9.4%.

Figure 2. Macrostructure of eutectic alloy 4 depending on treatment: (a) untreated; (b) standard flux; (c) complex flux.

The main structural components of hypoeutectic Al–Si casting alloys are α-Al den-
drites and aluminium–silicon eutectic (Figure 3a,b).

Figure 3. Microstructure of hypoeutectic alloys: (a) Alloy 2, untreated; (b) Alloy 2, standard flux; (c) Alloy 2, complex flux;
(d) Alloy 3, untreated; (e) Alloy 3, standard flux; (f) Alloy 3, complex flux.

Modification with the complex flux significantly affects all structural components of
hypoeutectic silumins (Figure 3c,f). Compared to the alloy treated with the standard flux
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(Figures 3b,e and 4b,e), the complex flux reduces SDAS, which is most expressed in Al-9
wt.% Si-Mg alloy (Alloy 3) (Figure 3e), as well as refines alloy macrograins (Figure 4c,f).
In detail, SDAS in alloy 2 was reduced by 19% and in alloy 3 by 23%. This effect on the
structure is exerted by titanium transformed from the dioxide into the melt and contained
in the modified alloys Al-7 wt.% Si-Mg (Alloy 2) and Al-9 wt.% Si-Mg (Alloy 3) in the
amount of 0.119 wt.% and 0.126 wt.%, respectively. Moreover, the complex flux refines
eutectic silicon more intensely than sodium-containing flux. The size of the eutectic area
was strongly reduced after complex flux addition: in alloy 2 it was reduced by 89% and in
alloy 3 by 78% compared to the unmodified alloy. The effect on the eutectic in the complex
flux is exerted by two surface-active elements—barium and potassium.

Figure 4. Macrostructure of hypoeutectic alloys: (a) Alloy 2, untreated; (b) Alloy 2, standard flux; (c) Alloy 2, complex flux;
(d) Alloy 3, untreated; (e) Alloy 3, standard flux; (f) Alloy 3, complex flux.

The mechanical properties of hypoeutectic alloys were determined after heat treatment
in the T6 mode (Alloy 2) and the T62 mode (Alloy 3) (Table 2). The greatest improvement in
properties is achieved when using the complex flux. Compared to unmodified alloy 2 and 3,
δ increases 5 times and 3.4 times, respectively, σB increases by 7% and 27%, respectively. δ
of alloys 2 and 3 treated with a complex flux is higher than upon treatment with a standard
flux by 31% and 24%, respectively; σB is higher by 11% and 32%, respectively.

Al-5 wt.% Si-Cu alloy (Alloy 1) has a wider crystallization range compared to the
previously considered silumins and has a relatively high strength—more than 300 MPa
(Table 2). However, the study alloy has low values of the relative elongation—0.67%.

The treatment of alloy 1 with a complex modifying flux based on titanium dioxide
makes it possible to increase the relative elongation of the alloy by 2.9 times, and the
strength by 16%. The resulting values of the mechanical properties of the experimental
alloy are also higher than upon treatment with the standard flux: the relative elongation
increases by 54%, and the strength increases by 16%.

The significant improvement of the alloy properties upon modification with an ex-
perimental flux is a consequence of the complex impact upon the structure of the copper
Al–Si alloy. The main structural components in the alloy are aluminium dendrites and
aluminium–silicon eutectic (Figure 5a). Figure 5 shows the structure of the alloy heat
treated according to the T6 mode. The result of heat treatment is not only the complete
dissolution of copper and magnesium in aluminium but also the partial refinement and
spheroidization of eutectic silicon [32].

Complete refinement and spheroidization of eutectic silicon is achieved as a result of
modification. The average area of eutectic Si shrank by 39% after complex flux addition
and by 23% after standard flux addition. When treated with the standard flux, the eutectic
is modified with sodium (Figure 5b), when modified with the experimental flux—with
barium, successfully transferred into the melt in the amount of 0.019 wt.% (Figure 5c),
and potassium transferred into the melt in amount of 0.002 wt.%. However, in contrast
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to the standard flux, the developed modifier also refines aluminium dendrites (Figure 5c)
with the volume fraction exceeding 70% [33]. SDAS in alloy 1 was reduced by 29%. The
macrograin is refined (Figure 6c). Such an effect on the structure is exerted by titanium
transformed from the dioxide into the alloy and contained in the amount of 0.186% of the
alloy weight.

Figure 5. Microstructure of hypoeutectic alloy with copper, Alloy 1: (a) untreated; (b) standard flux; (c) complex flux.

Figure 6. Macrostructure of hypoeutectic alloy with copper, Alloy 1: (a) untreated; (b) standard flux; (c) complex flux.

Al-17wt.% Si-Cu-Mg-Ni alloy (Alloy 5) is assigned to piston alloys and has high
hardness, even at elevated temperatures. However, it has low plasticity due to the high
volume fraction of excess phases. Modification can improve the mechanical properties
of the alloy. The studies of the influence of the developed modifier on the mechanical
properties of the hypereutectic alloy showed that the alloy treatment with a complex flux
increases the alloy strength by 1.2 times (182 MPa), and the relative elongation by about
2 times (0.74%).

Figure 7a shows the structure of the hypereutectic alloy. The casting alloy structure
has primary crystals of the silicon phase in the shape of polyhedrons. Aluminium–silicon
eutectic has a coarse structure. Modification with a complex flux based on titanium dioxide
reduces the size of primary silicon by 2 times to 46 μm, contributes to the refinement of the
eutectic (Figure 7b), and refines macrograins (Figure 8b), while the standard flux does not
affect the properties and structure of alloy 5.

Figure 7. Microstructure of hypereutectic alloy 5: (a) untreated; (b) complex flux.
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Figure 8. Macrostructure of hypereutectic alloy 5: (a) untreated; (b) complex flux.

It should be noted that the eutectic phase’s size is different among the unmodified
alloys: 8–19 μm2 for alloys with less silicon (alloys 1, 2 and 3) to 53 μm2 for eutectic alloy 4,
but such a difference is reduced after modification with flux. Unmodified alloy 4, having
a lower content of alloying elements, has larger eutectic particle sizes. This behaviour is
due to the large presence of alloying elements in alloys 1, 2 and 3 favouring nucleation of
intermetallics into the eutectic area, thus limiting the growth of silicon [34].

The positive effect of the modifier on various structural components of Al–Si alloys
is stipulated by the modifying impact of titanium and barium. Spectral analysis data
(Figure 9) confirm that Ti and Ba are successfully transformed into the melt in the amount
sufficient for modification and within permissible concentration (Figure 9). The concentra-
tion of modifying elements in alloys is provided in optimal amounts: Ti—0.1–0.2 wt% and
Ba—0.010–0.020 wt%.

Figure 9. Mass concentration of modifying elements in Al–Si alloys according to spectral analysis data: (a) Ti, (b) Ba.

The long-term retention of the modification effect is critical for the casting of alu-
minium alloys. The comparative study of the effect of melt holding up to 5 h on the
structure and mechanical properties of Al-12 wt% Si binary alloy (alloy 4) treated with a
complex flux was carried out.

The melt was held at a temperature of 720–740 ◦C. The results were compared with
the time of action of the sodium salt flux (standard flux).

The results of mechanical tests are given in Figure 10. According to the data obtained,
the time of action of the complex flux during casting is 5 h, while the standard flux retains
its modifying effect only for 30 min.

The structure of the alloy held up to 2 h is completely modified and represents a
eutectic with the refined and spheroidized silicon (Figure 11). The average area of eutectic
silicon increases from 0.48 μm2 for no exposure to 2.1 μm2 for 5 h exposure. Nevertheless,
after 5 h of exposure, silicon is significantly refined compared to an unmodified alloy. The
extension of the holding time up to 5 h results in the growth of the particles of eutectic
silicon, which is caused by the partial burn-off of the modifying elements (Figure 11).
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Figure 10. Influence of the holding time of the melt of the binary eutectic alloy Al-12% wt. Si (alloy 4) on the relative
elongation (a), ultimate strength (b).

Figure 11. Microstructure and concentration (wt.%) of modifying elements in Al-12% wtSi alloy treated with a complex flux.

If the titanium concentration exceeds 0.2 wt%, rough needles of the TiAl3 intermetallic
phase are formed in the alloy, and the mechanical properties decrease [25]. The value of
less than 0.05 wt.% Ti is insufficient to modify the grain and α-Al dendrites. The increased
barium content may also worsen characteristics due to the formation and growth of the
intermetallic phase based on barium, for example, Al2Si2Ba [17], and an insufficient amount
may lead to incomplete modification of eutectic silicon.

4. Conclusions

The developed complex flux consists of available substances that are widely produced
by the industry and has a significant effect on the mechanical properties and structure of
hypoeutectic, eutectic, hypereutectic aluminium–silicon alloys.
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1. Compared to the modifier that is widely used in the industry, modification with a
complex flux increases the strength of hypoeutectic and eutectic silumins by 10–32%
and plasticity by 24–54% (depending on the alloy). Moreover, the developed flux
reduces the size of primary silicon, which results in the increase in the properties of
the hypereutectic alloy Al-17 wt% Si-Cu-Mg-Ni.

2. The improvement in the mechanical properties of alloys results from the complex
effect of the flux components on the structure. The microstructural analysis es-
tablished that all the main structural components of silumins, i.e., α-Al dendrites,
aluminium-silicon eutectic and primary silicon, are refined in the alloys modified
with the complex flux. The SDAS and average area of eutectic silicon decreases in all
the alloys as a consequence of addition of complex flux.

3. Another advantage of the complex flux compared to the standard sodium-containing
flux is the long-term retention of the modifying effect.

4. The study results showed that the use of the complex modifier based on titanium
dioxide is a promising direction for the improvement of the structure of aluminium
casting alloys and increasing their mechanical properties.

5. Further studies are planned in relation to the combined effect of modifying elements
of various types (Ti, Ba, K) on the crystallization parameters and the size, shape and
composition of the structural components of Al–Si casting alloys.
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Abstract: As the lightest structural materials, Mg alloys show great effectiveness at energy saving and
emission reduction when applied in the automotive and aerospace fields. In particular, Zr-bearing
Mg alloys (non-Al containing) exhibit high strengths and elevated-temperature usage values. Zr is
the most powerful grain refiner, and it provides fine grain sizes, uniformities in microstructural and
mechanical properties and processing formability for Mg alloys. Due to the importance of Zr alloying,
this review paper systematically summarizes the latest research progress in the grain refinement
effects of Zr on Mg alloys. The main points are reviewed, including the alloying process of Zr, the
grain refinement mechanism of Zr, factors affecting the grain refinement effects of Zr, and methods
improving grain refinement efficiency of Zr. This paper provides a comprehensive understating of
grain refinement effects of Zr on Mg alloys for the researchers and engineers.

Keywords: magnesium alloy; Mg-Zr master alloy; Zr refiner; grain refinement; casting

1. Introduction

Due to low densities and high specific strengths, Mg alloys show great potential
in aerospace and automobile areas because the application of Mg alloys to structural
components can effectively reduce weight, fuel consumption and CO2 emissions [1,2].
However, the mechanical properties of Mg alloys are relatively low, and require further
improvement by means of various strengthening methods. During the casting process of
Mg alloys, grain refinement is one of the most important steps for improving castability,
microstructure uniformity, mechanical properties, and post-formability [3,4]. In particular,
the low ductility of Mg alloys due to the hexagonal close-packed (HCP) crystal structure
can be effectively improved by grain refinement.

On the basis of differences in the grain refinement method employed, Mg alloys
can be roughly divided into two groups, i.e., Al-bearing and Al-free Mg alloys. For the
Al-bearing Mg alloys, there are still no ideal grain refiners [4]. Conversely, for Al-free
Mg alloys, Zr has become the most effective grain refiner since it was found in the 1940s
by Sauerwald [5]. Driven by the needs of aircraft components, Zr-containing Mg alloys
with higher strengths and elevated temperature resistances have been developed [6,7]
that take advantage of grain refinement, the precipitation strengthening effect, and other
strengthening factors [8]. For example, WE43 alloy (Mg-4% Y-3% RE-0.5% Zr, RE = rare
earth) shows high strength and long-term thermal stability at temperatures as high as
250 ◦C [6], and Mg-8Gd-4Y-0.8Zr alloy exhibits a better creep resistance than WE54 at an
applied stress of 100 MPa and temperatures from 250 ◦C to 300 ◦C [7], which can be applied
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in military and aerospace areas [9]. Thus, it is believed that without the grain refiner Zr, the
development of high-strength Mg alloys remains a challenge.

To date, there have been some high-impact review papers on the grain refinement
of light alloys [1,3,4,10,11], on the basis of which some basic aspects of the effect of grain
refinement with Zr on Mg alloys can be found. However, most of the information from
the references is so fragmented that readers must browse through more papers to acquire
sufficient knowledge. In other words, there is still a lack of a systematic review on the effect
of grain refinement with Zr on Mg alloys. Considering the importance of Zr refinement,
this paper comprehensively summarizes the recent advances in effect of grain refinement
with Zr on Mg alloys. The principal text includes the alloying process of Zr, the mechanism
of grain refinement with Zr, factors influencing the grain refinement behaviors of Zr,
methods to improve grain refinement efficiency of Zr, and prospective research on Zr grain
refinement. This review will provide researchers and engineers with a full understanding
of Zr grain refinement in Mg alloys.

2. Alloying Process of Zr

2.1. The Methods of Zr addition

The direct addition of pure Zr metal into Mg melt is very difficult, because Zr has
a much higher melting point (~1852 ◦C) than Mg (~650 ◦C) and a stable oxide film that
normally presents on Zr particle surfaces [9,12]. Before the popular use of the Mg-Zr master
alloy, many approaches were tried, such as alloying with pure Zr powder, ZrO2, or Zr-rich
salt mixtures [6,13–15]. Table 1 shows some examples of early patents claiming methods
for alloying Zr in Mg alloy melt [16–19]. For example, Sauerwald et al. tried using the
Zr powder as a source [16]. However, Zr powder is prone to ignite, and the oxide film
inhibits the diffusion of Zr in the Mg melt. In addition, the direct addition of Zr-containing
chloride or fluoride salt mixtures into Mg alloy melt has also been tried, which showed
that the residuals MgCl2 or MgF2 are difficult to remove from the melt [6]. In a word, early
methods were not satisfactory due to their complicated processes and the contamination of
the melt. Recent research has attempted the traditional Zr-rich salts method again, through
the addition of K2ZrF6-NaCl-KCl [20,21], KZrF5-LiCl-KCl-CaF2 [22] or ZrCl4 [23] salts
to Mg-RE alloys, further confirming that good grain refinement effects can be achieved.
Nevertheless, the salt inclusions are really difficult to remove.

Table 1. Early patents of Zr alloying methods in Mg alloy.

Ref. Composition or Route Aim

[16] Pure Zr powders + Mg melt at 700 ◦C → solidified → annealed at about
600 ◦C for 4~5 days → Mg-Zr master alloy Preparing Mg-Zr master alloy

[17] ZrCl4 (15~60%) + KCl (≥10%) + BaCl2 (≥30%) Preparing Zr-rich salts mixture used in
Mg melt[18] ZrCl4 (5~25%) + ZrO2 (≤25%) + KF + BaCl2. ZrO2 as inspissation agent

[19] ZrCl4 (33~45%) + KCl (33~45%) + MnCl2 (12~33%) + BaCl2 (≤20%)

In addition to the direct use of Zr-rich salt mixtures, earlier researchers have also tried
to prepare a Mg-Zr master alloy. For example, Robert [24] tried three different routes to
produce Mg-Zr master alloys: (1) Distillation of Mg out of low-Zr Mg-Zr alloy to obtain a
high-Zr Mg-Zr alloy. Mg could either be sublimated at pressures of mercury below about
3 mm, or boiled at higher pressures. However, the alloys showed serious compositional
segregation. (2) Fusing compacts of ZrH2 powder and Mg shavings. The reason ZrH2 was
used is that ZrH2 is not pyrophoric, unlike pure Zr powder. A compact of ZrH2 powder
and Mg shavings was formed using a hydraulic press. Then, the compact was heated to a
temperature above 900 ◦C for a couple of hours in an electric vacuum furnace in order to
remove the H2 and form Mg-Zr alloy. However, several trials only demonstrated limited
success. (3) Melting compacts of Zr and Mg shavings in a sealed steel “bomb”. The steel
bomb was heated in an electric muffle furnace at a temperature below 500 ◦C for a couple of
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hours. After being taken out of the furnace, it was shaken vigorously and then quenched in
water. The results showed that the Mg-Zr alloy was of sufficient quality. However, due to
their complex processes and low production capacity, these methods have been abandoned.

In terms of the development of a production method for Mg-Zr master alloys, the
chemical reduction of Zr-rich fluoride or chloride salt with molten Mg has become a suitable
route [14]. During the production process of the Mg-Zr master alloy, the Zr particles were
formed in-situ within the Mg matrix, and thus the particle surfaces were not contaminated
with O2 or other impurities. This kind of Zr particle is clean, active, and quickly diluted in
Mg melt, helping to easily achieve the saturation of Zr content [6]. Therefore, since about
1960, only Mg-Zr master alloy has been widely used as a satisfactory Zr refiner in Mg alloys.
A famous commercial Mg-Zr product named Zirmax, developed by Magnesium Elektron
in the UK, has become one of the popular products [6]. This product contains nominally
more than 30% Zr in a relatively homogeneous distribution of Zr particles.

2.2. The Features of the Mg-Zr master Alloy

Generally, Mg-Zr master alloy contains a large number of Zr particles, the sizes
of which range from the sub-micron level to hundreds of microns. The backscattered
electron (BSE) scanning electron microscopy (SEM) images in Figure 1 show the typical
microstructural features of different Mg-Zr products available on the market [25–27]. It can
be seen that the Zr sizes exhibit a log-normal distribution. However, the number density of
each size range has great differences, depending on the preparation parameters.

 

Figure 1. SEM backscattered electron (BSE) images of different Mg-Zr master alloys [25]:
(a) Mg-30 wt.% Zr; (b) Zirmax® Mg-33% Zr, (c) AM-CAST® Mg-25 wt.% Zr; and (d) Zr particle
size distributions [26]. Reprinted with permission from ref. [26]. Copyright 2013 Wiley.

To ensure the high absorptivity of Zr in Mg melt, some aspects should be considered,
such as excessive addition of Zr, high alloying temperature, and adequate stirring. In
particular, high temperature and adequate stirring accelerate the dissolution of Zr [28].
With the aid of stirring, the dissolution of Zr can be completed within a few minutes in
the temperature range 730~780 ◦C [29]. However, if the temperature is above 780 ◦C, the
difficulties in melt protection obviously increase, since Mg melt is prone to oxidation and
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burning, although protective gas (e.g., CO2 + SF6) can be used. Normally, in industrial
practice, temperatures below 780 ◦C are regarded as suitable for Zr alloying.

2.3. Settling Behavior of Zr Particles during Alloying

The settling of Zr particles, forming sediment, is the most serious problem during Zr
alloying process. This is due to their having a higher density (~6.52 g/cm3) than liquid Mg
(~1.7 g/cm3), leading to the spontaneous settling of Zr particles. The bigger the Zr particle
size is within the Mg-Zr master alloy, the faster the rate of settling will be. The settling of Zr
reduces the absorption of Zr, causes waste of Zr, and forms a non-uniform microstructure
from the top to the bottom of the ingot [3,30]. To compensate for the loss of Zr, the addition
of Zr is always as high as 1~3 wt.% in practical operations, which is 2~4 times the nominal
Zr composition of Mg alloys [29,31]. Therefore, the expensive Zr waste increases the cost of
the Mg alloy.

Figure 2a,b show the experiment and simulation results, respectively, of Zr settling
reported by Qian [30]. The settling behavior of Zr particles follows the Stokes law:

S ≈ g
(
ρZr − ρMg

)
d2

P
18ηMg

t (1)

where S is settling distance, g is gravitational acceleration, ρZr is the density of Zr, ρMg is the
density of Mg melt, ηMg is the viscosity of Mg melt, dP is the diameter of Zr particle, and t
is the holding time. It can be seen that larger Zr particles settle more quickly than smaller
ones; S increases with prolonging time; a higher melt temperature favors quicker settling
due to the lower viscosity of Mg melt. These results can guide the industrial operations of
the Zr alloying process in order to avoid severe loss of Zr. Generally, the melt should be cast
after settling for 15~30 min, in order to prevent continuous settling and the fading of the
grain refinement. Moreover, after setting for more than 60 min, the melt can be re-stirred to
recover the settled Zr particles [29,32], which makes the casting process more complicated.

Figure 2. (a) Experimental results for settling; (b) predicted settling results of 3 μm Zr particles in
pure Mg melt as a function of time and temperature [30]. Reprinted with permission from ref. [30].
Copyright 2001 Elsevier.

Recently, to avoid the settling problem and reduce costs, the in-situ Al2RE nucleat-
ing particles were trialed to replace Zr [33–35]. The grain refinement effect of Al2RE is
comparable to that of Zr. However, the aging precipitation ability is reduced due to the
consumption of RE element following the addition of Al, and the formation of needle-like
AlxREy phases is detrimental to the mechanical properties.
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3. Grain Refinement Mechanisms of Zr

It is generally accepted that the grain refinement mechanism of Zr is dictated by both
soluble and insoluble Zr. With the help of quantitative analysis of ZrS and ZrT, the grain
refinement behaviors of Zr can be well estimated [36]. On the one hand, when the Zr content
reaches the peritectic point, the peritectic reaction is believed to be the core mechanism of
grain refinement [3,4,31,37,38]. On the other hand, a grain refinement effect can also be
observed when the Zr content is far below the peritectic point, which is thought to be due
to the constitutional supercooling (CS) effect generated by soluble Zr [3,4,31,37,38]. This
section will briefly discuss these two aspects.

3.1. Nucleation Effect
3.1.1. Peritectic Reaction

According to Mg-Zr binary phase diagram, Zr and Mg do not form compounds, and
there is a peritectic reaction at 653.5 ◦C. The peritectic reaction leads to Mg nucleation at the
primary Zr-rich sites, which plays a very important role in the grain refinement process of
Mg by Zr [10,13,39]. The peritectic point of Zr composition was previously found to be 0.6%
Zr. However, re-assessment shows that it is substantially lower, at about 0.45% [4]. Thus, it
is possible to use a smaller amount of Zr, thus reducing the cost of grain refinement [40].

Table 2 presents a comparison between the crystal structures of Mg and Zr, indicating
that both α-Zr and α-Mg have HCP crystal structures, and their lattice parameters are
quite similar. Thus, Zr has outstanding potency for acting as a nucleation substrate for Mg
phase [41]. The perfect nucleation ability of Zr can be further verified by low undercooling
(ΔTn ≈ 0.15 ◦C [42]) equal to that for Al grains nucleating on TiB2 substrates (~0.2 ◦C [43]).

Table 2. The crystal structure and lattice parameters of Mg and Zr [41].

Phase Crystal Structure Lattice Parameters

α-Mg HCP α = 0.320 nm, c = 0.520 nm
α-Zr HCP α = 0.323 nm, c = 0.514 nm

Figure 3 shows an example demonstrating that 0.5% Zr content can strongly re-
fine the grains of Mg alloy, where the grain size of WE54 Mg alloy (Mg-5Y-4HRE-0.5Zr,
HRE = heavy rare earth elements) was refined from 295 μm to 83 μm [44] under the con-
ditions of pouring at about 780 ◦C into a steel mold preheated to 300 ◦C. This content of
Zr is basically in accordance with the peritectic point in the Mg-Zr phase diagram. The
simulation work performed by Zhao et al. [45] further showed that the growth velocity of
dendrite tip of Mg-4Y alloy can be reduced to be one-sixth (1/6) using 0.5Zr, forming a fine
grain size. However, this perspective still requires further evidence.

  

Figure 3. An example showing the powerful effect of grain refinement with Zr on Mg alloy. Electron
backscattered diffraction technology (EBSD) image of: (a) Zr-free WE54 alloy; (b) Zr-containing WE54
alloy. Poured at 780 ◦C into a steel mold (300 ◦C). Reprinted with permission from ref. [44]. Copyright
2013 Elsevier.
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In early work, it was thought that only the dissolved Zr was effective for grain
refinement, because saturated dissolved Zr content meets the standards of a peritectic
composition. However, later work verified that Mg grains can nucleate not only onto Zr
particles precipitating from the melt during cooling, but also onto undissolved Zr particles
through heterogeneous nucleation [4,31,38,46]. The products of peritectic solidification in
the microstructure of Zr-containing Mg alloy are Zr-rich halos or cores, present in most
Mg grains, as shown in Figure 4 [26,37]. The Zr-rich halo shows either dendritic or nearly
spherical growth, depending on the soluble Zr content. A higher level of soluble Zr (close
to the solubility) usually leads to spherical halo, while a lower level of soluble Zr leads to a
dendritic halo [38].

 

Figure 4. SEM BSE image of Zr-rich cores in: (a) Mg-0.56Zr alloy [37]; Reprinted with permission
from ref. [37]. Copyright 2002 Elsevier. (b) Mg-5Gd-1.5Y-0.55Zr alloy [26]; Reprinted with permission
from ref. [44]. Copyright 2013 Wiley.

3.1.2. HRTEM Observations of Zr Nucleus

To facilitate the understanding of the grain refinement mechanism, the orientation
relationships (ORs) between Mg grains and Zr nuclei were observed via high-resolution
transmission electron microscopy (HRTEM). Table 3 summarizes some of the reported
coherent or semi-coherent ORs in grain-refined Mg alloys [23,47–51]. All the ORs have low
misfits, which are responsible for the good nucleating potency of Zr. For example, the misfit
of OR

[
1213

]
Mg ‖ [

1213
]

Zr +
(
1212

)
Mg

∧
1◦
(
1212

)
Zr, OR

[
2110

]
Mg ‖ [

2110
]

Zr + (0001)Mg ‖
(0001)Zr and OR

[
0111

]
Mg ‖ [

0111
]

Zr +
(
1011

)
Mg ‖ (

1011
)

Zr is only 0.13% [47], 0.9% [49]

and 0.41% [50], respectively. Figure 5 shows a typical example of OR
[
2110

]
Mg ‖ [

2110
]

Zr +(
0111

)
Mg ‖ (

0111
)

Zr observed in the sand-cast Mg-8Gd-3Y-0.82Zr alloy [23].

Table 3. Reported ORs between Mg and Zr in grain-refined Mg alloys 1.

ORs Alloys Processing Ref.[
2110

]
Mg ‖ [

2110
]

Zr +
(
0111

)
Mg ‖ (

0111
)

Zr Mg-7.43Gd-2.74Y-0.82Zr Sand-cast [23][
1213

]
Mg ‖ [

1213
]

Zr +
(
1122

)
Mg

∧
1◦
(
1122

)
Zr Mg-0.5Zr Gravity cast [47][

1213
]

Mg ‖ [
1213

]
Zr +

(
1010

)
Mg ‖ (

1010
)

Zr Mg-1.0Zr Gravity cast [47][
2110

]
Mg ‖ [

2110
]

Zr + (0001)Mg ‖ (0001)Zr Mg-0.5Zr Gravity cast [48]
Mg-1.0Zr IMS + Gravity cast [49][

0111
]

Mg ‖ [
0111

]
Zr +

(
1011

)
Mg ‖ (

1011
)

Zr Mg-1.0Zr HPDC [50][
2423

]
Mg ‖ [

2423
]

Zr +
(
1010

)
Mg ‖ (

1010
)

Zr Mg-0.1Zr HPDC [51]
Mg-0.52Zr Gravity cast [27]

1 In Table 3, ∧—tilted directions; ‖—parallel directions; IMS—intensive melt shearing; HPDC—high-pressure
die casting.
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Figure 5. TEM showing OR between Mg matrix and Zr nucleus in Mg-8Gd-3Y-0.82Zr alloy:
(a) bright-field image; (b) dark-field image; (c) enlarged view of the selected area in (a); (e) HRTEM
image of the interface between Mg matrix and Zr nucleus (beam ‖ [

2110
]

Zr); (d,f) fast Fourier
transform (FFT) spectrum of α-Zr and α-Mg, respectively; (g) EDS analysis of Zr nucleus. Reprinted
with permission from ref. [23]. Copyright 2021 Elsevier.

With the analysis of HRTEM and the selected area diffraction pattern (SADP), Saha con-
cluded that Mg grains only nucleate on the “faceted” crystal planes of Zr particles [47,48],
e.g., the basal planes {0001} or the prismatic planes

{
1010

}
. However, contradicting

Saha, Peng et al. [49] found that the interface between the Zr nucleus and the Mg matrix
was “curved” rather than “faceted”. The curved interface, in combination with coherent
ORs, provides perfect lattice matching along various directions and across various planes,
benefitting the nucleation of Mg grains on the Zr particle surface.

Although various ORs have been reported, as shown in Table 3, Yang et al. [51]
suggested that very strict ORs are not required for Zr nuclei, because Zr particles may
be wetted by Mg melt on all exposed crystal planes. This viewpoint was validated by
HRTEM observations in Ref. [49], as shown in Figure 6 [51]. Perfect coherent ORs can
be observed, among which even the slightly higher index OR

[
2423

]
Mg ‖ [

2423
]

Zr +(
1010

)
Mg ‖ (

1010
)

Zr is present, which is similar to that described in Ref. [27]. Thus, α-Mg
grains can grow epitaxially on any suitable planes of Zr nuclei. Recently, in-situ neutron
diffraction observations have provided further evidence of the grain refinement mechanism
of Zr, showing that with the addition of Zr, all of the diffraction intensities of the

(
1010

)
,

(0002) and
(
1011

)
planes of Mg-5Zn-0.7Zr alloy increase at similar rates during the early

stages of solidification, leading to the formation of a uniform grain structure [52].
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Figure 6. HRTEM images showing: (a) faceted interface; (b–d) curved interfaces between α-Mg
grains and Zr nuclei in Mg-0.1Zr alloy along four different low-index zone axes. (e) Stereographic
projection of HCP structure showing the various ORs (a–d) within a 90◦ range [51]. Reprinted with
permission from ref. [51]. Copyright 2015 Elsevier.

3.2. Constitutional Supercooling (CS) Effect

Zr can affect both the nucleation and the growth of the dendritic phase in Mg alloy
depending on its status in the melt [53]. When the addition of Zr content is higher, grain
refinement can be achieved due to the large number of Zr nucleating particles. When the
addition of Zr is low, an obvious grain refinement effect can still be observed. This is mainly
due to the strong CS effect of solute [4,10,26,43,54–56], since Zr is also a solute element in
the Mg-Zr system. The growth restriction factor (GRF, Q) is defined as follows to reflect the
CS effect [4,43,54]:

Q = m(k−1) (2)

where m is the liquidus gradient and k is the partition coefficient. The larger the Q value is
(unit K or ◦C), the stronger the grain refinement effect will be. On the basis of phase diagram
analysis, the Q value of Zr was calculated to be 38.29, which is much higher than that of
most of the alloying elements, such as Al (4.32), Y (1.70), Zn (5.31), etc. [4,11], indicating
that soluble Zr produces a strong grain refinement effect [1,4]. Peng et al. [57] proved
that the grain refinement of Mg-9Gd-3Y-0.25Zr alloy (low Zr) was mainly contributed
by the GRF effect, while the grain refinement of Mg-9Gd-3Y-0.51Zr alloy (high Zr) was
mainly contributed by the heterogeneous nucleation of Zr particles. The CS effect of Zr was
recently verified by Zhang et al. [57]. As shown in Figure 7, remarkable grain refinement
(from 74 μm to 3.5 μm) occurred in the melt pool of the laser-surface-remelted (LSR) Mg-
3Nd-1Gd-0.5Zr alloy, which was mostly due to the high CS effect of soluble Zr caused
by LSR.
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Figure 7. SEM BSE images of the laser-remelted Mg-3Nd-1Gd-0.5Zr alloy showing the microstructure
of: (a) the substrate; (b) the melt pool, the cross-section EBSD analysis of which is included as an inset
in the upper-right corner [58]. Reprinted with permission from ref. [58]. Copyright 2020 Elsevier.

In summary, the nucleation effect combined with the CS effect leads to a high nucle-
ation rate and low undercooling, resulting in the powerful effect of grain refinement with Zr.
Such effects are not only of benefit to achieving equiaxed grains during the casting process,
they also facilitate the formation of slurries with fine and spherical primary particles during
the semi-solid forming process [59,60].

4. Factors Influencing the Grain Refinement Behaviors of Zr

This section briefly summarizes the effects that influence the Zr alloying efficiency
during the melting process.

4.1. Effect of Zr Size Distribution in Mg-Zr Master Alloy

In the microstructure of Mg alloy refined by Zr, Qian et al. [30,61] observed that
the majority of Zr nuclei had sizes in the range of 1~5 μm. Sun et al. [25–27] further
systematically compared the size distribution of different Mg-Zr master alloys (Figure 1)
and the subsequent grain refinement efficiency on Mg-Gd-Y alloys (Figure 8). It was found
that Mg-Zr master aloys with more Zr particles within the size range 1~5 μm (i.e., master
alloy C) exhibited better grain refinement efficiency. This is because both the saturation of
soluble Zr content and a greater number of Zr nucleation sites could be achieved when the
Mg-Zr master alloy had a finer Zr particle distribution.

4.2. Effect of Cooling Condition

Generally, increasing the cooling rate (Ṫ) results in a decrease in grain size. For
example, Liu et al. [62] showed that the grain size of Mg-Zr binary alloys (0.3, 0.7 or 1.2Zr)
decreased with increasing cooling rate from sand mold to Cu mold. Sun et al. [63] found

that the relationship between the grain size of Mg-Y-Zr alloy (1~9Y, 0.1~0.5Zr) and 1/
√

Q
.
T

could be linearly fitted at a cooling rate ≤80 ◦C/s (Figure 9 shows Mg-1Y-Zr alloy as an
example of this phenomenon). Yang et al. [51] showed that, compared with traditional
gravity casting, HPDC improved the percentage of activated Zr nuclei from 1~2% to 48.78%
in the Mg-0.1Zr alloy, and resulting in finer grains.
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Figure 8. (a) The relationship between grain size (dgs) and total Zr content (ZrT) for Mg-5Gd-1.5Y
alloy refined using different Mg-Zr master alloys. (b) The distribution of Zr nuclei in Mg-5Gd-1.5Y
alloy with ZrT contents of 0.46, 0.55 and 0.59, inoculated by master alloys A, B and C, respectively [26].
The microstructure and Zr particle size distributions of the Mg-Zr master alloys are shown in Figure 1.
Reprinted with permission from ref. [26]. Copyright 2013 Wiley.

Figure 9. Effect of cooling rate (Ṫ) on the grain size (dgs) of Mg-1Y-Zr alloy [63]. Reprinted with
permission from ref. [63]. Copyright 2020 Springer.

Nevertheless, grain coarsening has also been observed under some cases of high
cooling rate and steep thermal gradient [58,63]. According to Figure 9, by Sun et al. [63],
grain coarsening of the Mg-Y-Zr alloy (1~9Y, 0~0.5Zr) occurred at a cooling rate 160 ◦C/s
(with rapid water-quenching). This was due to the reduction in size of the CS zone,
decreasing the likelihood of further nucleation. Yang et al. [50] showed that the grain
coarsening effect occurred in HPDC Mg-1Zr alloy, in contrast to HPDC pure Mg. The grain
size increased abnormally from 6.7 to 18.9 μm following the addition of 1% Zr. This change
was attributed to the competition between the native MgO and the Zr particles. Without
the addition of Zr, the high number density of the in-situ MgO particles permitted them to
act as nucleation sites, due to a the low misfit with Mg (5.46%), leading to a finer grain size.
However, with the addition of Zr, the Zr particles acted as nucleation sites first, thereby
suppressing the activation of the in-situ MgO particles. More importantly, the number
density of the Zr particles was lower than that of the in-situ MgO particles. Therefore, the
grain size of Mg-1Zr was coarser than that of pure Mg.

168



Metals 2022, 12, 1388

4.3. Effect of Alloying Elements

Contrary effects can be found depending on the elements employed. On the one hand,
the elements Al [64,65], Mn, Si, Fe [29,66], Sn, Ni, Co and Sb [29] inhibit the grain refinement
ability of Zr, which is referred to as the poisoning effect. This is mainly due to the reactions
with Zr forming stable compounds that can no longer act as a nucleant [4,13,29]. Beryllium
(Be) also poisons Zr, but via a different mechanism, which is probably the formation of a
new coating on the Zr particle surface, thus reducing the potency of the Zr [67]. On the
other hand, the elements Ca [68] and Zn [69–71] enhance the grain refinement ability of Zr,
mainly via the mechanism increasing the soluble Zr content. This section summarizes the
effects of these elements.

4.3.1. Al

Al poisons the effect of grain refinement with Zr, which is the main reason for which
Mg-Al alloy cannot be grain-refined using Zr. Tamura et al. [72] found that even the
trace addition of 0.015% Zr could severely coarsen the grain size of high-purity Mg-9Al
alloy; Kabirian et al. [64] found that the dendrites of AZ91 alloy were greatly coarsened
by the addition of 0.2~1.0% Zr; Balasubramani et al. [65] found the grain size of Mg-1Zr
was sharply coarsened from 114 ± 38 μm to 1550 ± 38 μm with the addition of 0.2% Al
(Figure 10). Two reasons have been proposed. One is that Zr poisons the surface of the
native Al-carbide nuclei (such as Al4C3 [73]) that are originally present in high-purity
Mg-9Al alloy. Another is that the consumption of solute Al by Zr (or solute Zr by Al)
reduces the extent of the CS effect. The Al-Zr compounds were identified to be Al2Zr [64],
Al3Zr2 [64] or Al3Zr [65]. Despite the negative effect on grain refinement, Al-Zr compounds
can increase the thermal stabilities of grain during heat treatment, refine grains during hot
deformation [74], and increase creep resistance [75].

 
Figure 10. SEM BSE images showing: (A) blocky Zr particles and fine Zr particles in Mg-1Zr alloy;
(B) faceted ZrxAly particles in Mg-1Zr-Al-Be alloy; (C) Zr clusters surrounded by fine precipitates of
ZrxAly particles in Mg-1Zr-Al-Be alloy, EDS testing point 1 is rich in Al and Zr, whereas point 2 is
rich in Zr. The samples were cut from the bottom of an ingot to observe the clusters [65]. Reprinted
with permission from ref. [65]. Copyright 2004 Elsevier.
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4.3.2. Fe

Fe is one of the most common impurities in Mg alloys, and may result from the raw
materials, fluxes, crucible, and stirring tools used. Fe is detrimental to the effect of grain
refinement with Zr. This can be understood from two perspectives.

On the one hand, Fe can react with Zr in the Mg melt, forming the compound Fe2Zr,
as verified by Cao et al. [66]. As a result, the Zr content is rapidly consumed, and the
grain refinement effect is remarkably reduced. This effect has also been observed during
the remelting process of pre-alloyed or commercial ingots of Zr-bearing Mg alloys when
using an Fe crucible. An obvious loss of dissolved Zr takes place due to the diffusion of
Fe through the Mg melt, finally leading to the addition of extra Zr in order to achieve the
required level of grain refinement [76].

On the other hand, trace Fe and Si impurities on tiny Zr particles may alter the
surface chemistry of the Zr particles, upsetting the coherent match between the Zr and Mg
lattices, as reported Davis et al. [77]. Therefore, the nucleating potency of the Zr particles is
decreased, reducing the grain refinement effect.

On the basis of these analyses, it can be seen that when an Fe crucible and Fe stirring
paddle are used during melting of Mg alloys, a protective coating (e.g., BN coating [66])
should be pre-coated to inhibit the dissolution of Fe into the Mg melt. However, it has been
reported that, by taking advantage of the effective removal of Fe by Zr, high-purity Mg
alloys containing less than 1 ppm Fe can be produced [78].

4.3.3. Be

Cao et al. [67] investigated the effect of trace addition of Be on the grain refinement of
Mg-0.5Zr alloy, as shown in Figure 11, where a significant grain coarsening effect can be
observed. However, since Be was added in the form of Al-5Be master alloy, the influence of
the consumption of Zr by Al cannot be neglected. Thus, the alloys were designed in two
groups, i.e., a low-Zr-content group (ZM1~ZM4) and a high-Zr-content group (ZM5). It can
be seen that with increasing addition Be from 10 to 100 ppm, the grain size of ZM1~ZM4
increased gradually, which was mainly because of the continuous consumption of Zr by
Al. Nevertheless, with the further addition of 0.5% Zr (ZM5), the grain size continued to
coarsen, rather than recovering. Therefore, a poisoning effect of Be was deduced, whereby
Be, as a surface-active ‘surfactant’, readily coats the surfaces of heterogeneous nucleant
particles such as Zr particles or native particles (Fe-rich, carbon-rich nuclei) destroying the
nucleating potency.

 

Figure 11. (a) Grain size as a function of Be addition. (b) Be, Al and Zr contents in alloys. ZM1: base
alloy Mg-0.5% Zr; ZM2: 10 ppm Be addition; ZM3: 50 ppm Be addition; ZM4: 100 ppm Be addition;
ZM5: 100 ppm Be + 0.5% Zr. [67]. Reprinted with permission from ref. [67]. Copyright 2004 Elsevier.

4.3.4. Ca

Chang et al. [68] showed that the grain size of squeeze-cast Mg-xCa-0.6Zr (x = 0.2~1.2)
alloy was finer than that of squeeze-cast Mg-0.6Zr alloy. They concluded that Ca was able
to increase the effect of grain refinement with Zr. The reason for this was explained from a
thermodynamics perspective. Before the addition of Ca, the Mg melt reacts preferentially
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with O2, forming MgO inclusions that envelope the Zr particles. This effect increases
the difficulty of the dissolution of Zr. After the addition of Ca, the formation of MgO is
suppressed due to CaO possessing a lower standard free energy than MgO. Accordingly,
the dissolution of Zr particles becomes more efficient, and the interface wettability between
Zr particles and the Mg matrix improved. Therefore, the combined addition of Zr and Ca
shows a better grain refinement effect.

However, the effect of CS was neglected in [68]. According to StJohn et al. [4], the GRF
value for Ca is 11.94, which is the third highest among all solute elements in Mg alloy (the
first is Fe, at 52.56, and the second, Zr, at 38.29). Thus, the high GRF of Ca may be another
reason for the increase in the grain refinement effect of Mg-Ca-Zr alloy.

4.3.5. Zn

Zn has been reported to show contradictory influences on the effect of grain refinement
with Zr in Mg-Zn-Zr alloy, depending on the Zn content. According to Hildebrand et al. [69]
and Li et al. [70], there exists a critical Zn content (3~4%) below which the grain size is
gradually refined, but beyond which the grain size coarsened. The reasons for this have
been well explained. When Zn content does not exceed 3~4%, the soluble Zr content
increases with increasing Zn content, resulting in a finer grain size [69]. When Zn content
exceeds 4%, Zn and Zr form the stable compounds ZnZr2 or Zn2Zr3 [79], decreasing the
soluble Zr content and resulting in a coarser grain size. However, in partial divergence
from Hildebrand et al. [69], Li et al. [70] attributed the grain coarsening effect at higher Zn
contents to the “dendrite coherency theory”. A large constitutional undercooling caused
by higher Zn content leads to instability of the S-L interface. The sharp tip of the dendrite
increases the growth rate of the dendritic grains, thus leading to coarser grains.

In addition, higher Zn contents have been reported to relieve the grain poisoning
effect of Zr on AZ91 alloy. Jafari et al. [71] showed that the grain size of AZ93 alloy was
not coarsened when 0.25~0.9% Zr was added, which was ascribed to the higher content
of Zn (3%). Compared with lower Zn content (1%), higher Zr content can improve the Zr
solubility in Mg alloy, thus improving the grain refinement effect.

5. Methods of Improving the Grain Refinement Efficiency of Zr

As is well known, Mg-Zr master alloy with the largest number density of fine Zr parti-
cles (1~5 μm) exhibits the best refinement ability [26,31,61]. Therefore, the Zr particle size
distribution in the Mg-Zr master alloy needs to be controlled to be as fine and as uniform
as possible. To achieve this aim, a new Mg-Zr master alloy with fine Zr particles [14,80]
has been developed, and pre-treatments [27,81–87] have been conducted to modify the
Mg-Zr master alloys already available. In addition, melt treatment can be conducted to
reduce the settling of Zr during the melting of the Mg alloy, thereby improving the Zr grain
refinement efficiency [41,49,88–94]. This section briefly summarizes these methods.

5.1. Pretreatments of the Mg-Zr Master Alloy

The severe plastic deformation (SPD) method can generate massive force, breaking the
Zr particles into smaller ones, and can been conducted via hot rolling [27,83], equal channel
angular extrusion (ECAE) [47,82,83], friction stirring processing (FSP) [84], or crush [85].

Qian [81] first showed that hot rolling effectively fragmented the Zr particle clusters
in the Mg-33Zr master alloy into smaller clusters. Sun [27] further verified that eight passes
hot rolling effectively crushed the large Zr particles of the Mg-30Zr master alloy into smaller
ones. Saha [82] showed that ECAE was able to effectively break up the Zr particles of
the Mg-15Zr master alloy. Wang et al. [84] showed that FSP can be used to modify the Zr
particle distribution of the Mg-30Zr master alloy. Recently, Wang et al. [85] employed a
new method for preparing “powder Mg-Zr master alloy” that consisted of three steps, i.e.,
mechanically crushing the original Mg-30Zr master alloy block, ball-milling the pieces, and
finally sieving to keep particles smaller than 20 μm.
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These methods mainly take advantage of mechanical force to refine the Zr particle
size. All of these studies proved that the Zr particle size distribution can be modified to
become narrow, achieving better distribution. As a result of modification, the settling of Zr
particles during melting can be retarded, and a higher soluble Zr content can be obtained.
Consequently, the grain refinement efficiency of pretreated Mg-Zr master alloys on pure
Mg [81–83], Mg-10Gd-3Y [27], Mg-3Nd-0.2Zn [84] and Mg-14Li-Zn [85] alloys was effec-
tively improved. However, the pretreatment methods have some obvious disadvantages,
such as their complicated processes, low productivity, and the SPD molds and tools (FSP
probes) being easily broken.

In addition to the SPD methods, a non-equilibrium re-precipitation method via tung-
sten inert gas arc remelting with ultra-high frequency pulses (UHFP-TIGR) was recently
trialed by Xin et al. [86,87]. Figure 12 shows the Zr particle distribution in the UHFP-
TIGR-treated Mg-30Zr master alloy. UHFP-TIGR treatment promoted the precipitation of a
considerable number of nano-sized Zr particles (Zrnp) from the supersaturated Mg matrix
due to the effect of high temperature, strong stirring, and rapid equilibrium cooling. As a
result, the UHFP-TIGR-treated Mg-30Zr master alloy exhibited superior grain refinement
efficiency on Mg-9Gd-3Y alloy compared to its untreated counterpart. A similar method
was also reported by Zhang et al. [95], who improved the refining efficiency of Al-5Ti-1B
master alloy on Al alloys by re-precipitating tiny TiB2 particles.

Figure 12. Characterization of UHFP-TIGR-treated Mg-30Zr master alloy: (a) SEM BSE image
under low magnification; (b) TEM dark-field image; (c,d) HRTEM image with diffraction patterns of
nanoscale Zrnp [86]. Reprinted with permission from ref. [86]. Copyright 2022 Elsevier.
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5.2. Melt Treatments

Melt treatments such as ultrasonic treatment (UST) [88–91], intensive melt shearing
(IMS) [41,49,92,93] or low-frequency electro-magnetic stirring (LFEMS) [94] have been tried
after the addition of Zr into the Mg alloy melt. Ramirez et al. [88] showed that UTS enhances
the effect of grain refinement with Zr (0.5, 1.0 or 1.5Zr) on Mg-3Zn alloy (Figure 13). For
instance, the grain size of Mg-3Zn-0.5Zr alloy was about 91.5 μm, which was further refined
to 71.9 μm by means of UST. Nagasivamuni et al. [89,90] showed that UST enhances the
grain refinement effect of Mg-Zr alloys (0.2, 0.5 or 1.0Zr). The main reason for this is that
UST increases the soluble Zr, activates more Zr nucleation particles, and decreases the Zr
settling [89,90]. Additionally, another possible reason for this may be that the surfaces of
some contaminated Zr particles were cleaned and wetted by UST, facilitating an increase in
the number of nucleation sites.

 

Figure 13. Grain size vs. 1/Q for Mg-3Zn-Zr alloys [88]. “Sonicated” = UST; addition of Zr = 0.5, 10.0
and 1.5, respectively. Reprinted with permission from ref. [88]. Copyright 2008 Elsevier.

Das et al. [92] showed that IMS enhances the effect of grain refinement with Zr on Mg-
6Zn alloy. The mechanism for this is that IMS deagglomerates and disperses the Zr particle
clusters uniformly in the melt, increasing the number density of Zr nucleation particles.
However, Peng et al. [39,49,93] showed that IMS makes the effect of grain refinement with
Zr more complicated, as a result of the competition between Zr and MgO particles formed
in-situ [49]. On the one hand, when Zr content was as low as 0.1%, IMS led to a significant
grain refinement of the Mg-0.1Zr alloy. This was because the MgO particles formed in-situ
were able to be well dispersed by IMS, resulting in an increase in the number density of
MgO nucleating particles. At the same time, the adsorption of the Zr layer on the surface
of the MgO particles was enhanced by IMS, leading to an improvement in the nucleating
potency of the MgO particles [49]. Thus, the grain refinement effect could be achieved at a
relatively lower Zr content (0.1%). On the other hand, when Zr content was just beyond the
peritectic point, grain coarsening occurred. This was because the Zr particles underwent a
coarsening growth process with the effect of IMS, resulting in the formation of larger Zr
particles and a reduction in Zr number density [49]. Thus, grain coarsening was observed.
In addition, when Zr content was as high as 2%, the grain was well refined again, because
more Zr nucleating particles were supplied.

6. Conclusions and Remarks

Zr is the most effective and important grain refiner for Al-free Mg alloys, especially
for many high-strength Mg alloys. This review paper summarizes the recent advances
in the effect of grain refinement with Zr on Mg alloys in detail, including the alloying
process of Zr, the grain refinement mechanism of Zr, the grain refinement behavior of Zr,
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and improvements in the grain refinement efficiency of Zr. This review provides a full
understanding of the effect of grain refinement with Zr on Mg alloys. The main points of
Zr refinement are summarized in Figure 14.

Figure 14. The main features of the effect of grain refinement with Zr on Mg alloys.

The main conclusions are as follows:

(1) Among various methods of introducing Zr into Mg melt, only the Mg-Zr master
alloy shows high efficiency. This is because the Mg-Zr master alloy ensures that the
interface between the Zr particles and the Mg melt is clean and active, facilitating the
diffusion of Zr elements and increased nucleation utilization.

(2) The grain refinement mechanism is attributed to both heterogeneous nucleation and
the constitutional supercooling effect. The perfect crystal match between Zr and Mg,
and the high GRF value contribute to the powerful effect of grain refinement with Zr.

(3) Many factors influence the effect of grain refinement with Zr, including Zr particle
settling, the particle size distribution of the Mg-Zr master alloy, cooling rate, and the
alloying elements. In particular, the size distribution of the Mg-Zr master alloy has a
great influence on the grain refinement efficiency of Zr. The spontaneous settling of
Zr particles increases the alloying cost.

(4) To achieve a better refinement effect and a higher utilization rate of Zr, two meth-
ods have been investigated, i.e., pre-treatment of the Mg-Zr master alloy and melt
treatment. The newly developed UHFP-TIGR pre-treatment [86] shows remarkable
modification effects and remarkable grain refinement efficiency.

However, due to the complicated process of melt treatment or pretreatment of the
Mg-Zr master alloy, some work needs to be done in future on tackling the problem of Zr
waste at the root and saving expensive Zr resources. The key point is the development of
Mg-Zr master alloy with super-fine Zr particles. To achieve this aim, the typical method for
preparing the Mg-Zr master alloy, i.e., Mg thermal reduction reaction with Zr-rich halides,
should be investigated again in more detail with respect to its thermal dynamic aspects. If
the Zr particle size can be controlled to be as small as possible during the reaction, a more
economical production of Mg-Zr master alloy will be achieved.

Additionally, if the in-situ method of mixing Zr-rich salts is employed, a suitable
purification technology should be developed for removing the salt inclusions in the Mg
melt. There are two points worthy of investigation. One is that new fluxes effective in
removing inclusions can be developed based on the molten salt system. Another is that
complex purification methods such as gas bubbling plus external energy field are deserving
of trials.
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