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Special Issue on Metal-Based Composite Materials: Preparation,
Structure, Properties and Applications

Andrey Suzdaltsev 1,2,* and Oksana Rakhmanova 1,2

1 Laboratory of the Electrochemical Devices and Materials, Ural Federal University, Mira St. 28,
620002 Yekaterinburg, Russia; oksana_rahmanova@mail.ru

2 Institute of High Temperature Electrochemistry, Ural Branch of the Russian Academy of Sciences,
Akademicheskaya St. 20, 620990 Yekaterinburg, Russia

* Correspondence: suzdaltsev_av@mail.ru

The Special Issue is aimed at analyzing modern trends and recent advances in the
synthesis of new metal-based composite materials. Such composites are increasingly used
in civil, automotive, and aerospace engineering, shipbuilding, robotics, nuclear power,
portable energy devices, biomedicine, electronic devices, and portable aircrafts.

Non-ferrous metals are often used as the matrix of composites, aluminum, magnesium,
nickel, titanium and their alloys, and can act as modifiers with boron, carbon structures,
borides, carbides, nitrides, and oxides of refractory metals and high-strength steel. For
high-temperature composites, tungsten or molybdenum fibers are used. Despite the large
number of scientific works in this area, new methods for the synthesis of such composites
in order to improve and optimize their structure and properties are still needed. In this
regard, experimental and theoretical works aimed at developing and optimizing methods
for the synthesis of composite materials, as well as the search for new materials, have been
successfully published in this Special Issue.

Thirteen papers devoted to the development of composite materials for different
applications are published in this Special Issue [1–13]. Among them, the main scientific
topics include the following:

- Light metals (Al)-based materials and alloys (Al–Mg, Al–Mg–Zn) [1–3,8,9,13] with
modifying and reinforced additions (Fe [2], SiC [3,13], Al2O3 [8]) used as structural
materials and coatings [9], as well as the steel-filament-reinforced carbon fiber for
general use [6];

- Silicon-containing materials for lithium-ion batteries with increased specific capac-
ity [4,12];

- Oxide materials for modern energetic devices [7,11];
- Multi-layer structures based on graphene for the synthesis of semiconductive materi-

als [10];
- Materials for catalysis [5].

The applicability of these developed materials goes far beyond the declared topics
of the Special Issue. Here, we provide a brief description of the published papers. The
authors of work [1], using a molecular dynamics method, aim to investigate the details of
the fabrication techniques of an Al–Mg composite with improved mechanical properties. It
is shown that shear strain has a crucial role in the mixture process. According to the tensile
tests, a fracture occurred in the Mg part of the final composite sample, which means that
the interlayer region, where the mixing of Mg and Al atoms is observed, is much stronger
than the pure Mg part.

The aim of work [2] is to investigate the microstructural and mechanical properties
of a nanostructured Al-based matrix reinforced with Fe40Al intermetallic particles. The
results indicate that the hardness varies linearly with the increase in the concentration

Appl. Sci. 2023, 13, 4799. https://doi.org/10.3390/app13084799 https://www.mdpi.com/journal/applsci1
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of the Fe40Al intermetallic phase present in the composite material, and it grows almost
linearly with the rising dislocation density and with the reduction in the grain size.

Paper [3] shows the applicability of data on the evolution of the elastic modulus
measured by the instrumented microindentation technique to determine the accumulated
damage in metal matrix composites under high temperature deformation. A composite
material with the 7075 aluminum alloy matrix and SiC reinforcing particles is studied here.
The results show that at the deformation temperature of 500 ◦C, the plastic properties of
the material are significantly lower than at 300 and 400 ◦C.

The work [4] takes into consideration the questions regarding the electrolytic produc-
tion of nanosized silicon from low-fluoride molten salts. The obtained silicon deposits
are used to fabricate a composite Si/C anode for a lithium-ion battery. The galvanostatic
cycling of the anode half-cells reveals a better capacity retention and higher coulombic
efficiency of the Si/C composite based on silicon synthesized from a KCl–K2SiF6–SiO2 melt.
The capacity of the obtained material is estimated in the paper.

In work [5], a selective dissolution of a tungsten (85 wt.%)–rhenium (15 wt.%) alloy,
with rhenium in hydrochloric acid at the temperature of 298 K, and anodic polarization
modes are carried out. A thermodynamic description of the processes occurring during
the anodic selective dissolution of a binary alloy is proposed. The existence of a bimodal
structure on the tungsten surface after dealloying is proven.

The work [6] focuses the reader’s attention to the investigation of the quasi-unidirectional
continuous fiber reinforced thermoplastics joined with metal sheets. The unique novelty of
the method is the use of non-rotational symmetric pin structures for material production.
The created samples are consequently mechanically tested, and the failure behavior of the
single lap shear samples is investigated.

Manuscript [7] provides results on the ab initio molecular dynamics studies of the
mechanism of proton motion in a LaScO3 perovskite crystal. It is shown that initial location
and interaction between the proton and its nearest environment are of great importance
to the character of the proton movement, while the magnitude and direction of the initial
velocity and electric field strength are secondary factors characterizing its movement
through the LaScO3 crystal.

Paper [8] presents a new method for the industrial production of metal-matrix com-
posites with improved properties, and an aluminum matrix reinforced by “in situ” α-Al2O3
nanoparticles is fabricated and tested. Under static uniaxial tension, the cast aluminum
composites containing aluminum oxide nanoparticles demonstrate the increased tensile
strength, yield strength, and ductility. The microhardness and tensile strength of the
composite material are 20–30% higher than those of the metallic aluminum.

The goal of article [9] is the consideration of the Zn–Al–Mg-coated steel HC340LAD + ZM
due to its excellent corrosion resistance, self-healing properties, and good surface hardness.
It is shown that the presence of the Zn–Al–Mg coating slightly affects the mechanical prop-
erties of welding joints. The corrosion current of the body material containing Zn–Al–Mg
plating is 7.17 times that of the uncoated plate.

In the paper [10], single- and multi-layer graphene sheets are obtained on a highly
textured Cu substrate using the chemical vapor deposition method. Plasma-assisted
molecular beam epitaxy is applied to carry out the GaN graphene-assisted growth. The
effect of graphene defectiveness and thickness on the quality of the GaN epilayers is
studied. The density functional theory is used to calculate the energy of interaction between
graphene and its substrates.

The work [11] investigates oxygen-deficient defects in TiO2 nanoparticles synthesized
by the sol–gel method and laser evaporation of ceramic targets. The nanopowders are
subjected to vacuum annealings to modify the defective structure in nanoparticles. The be-
havior of the defects in TiO2 nanoparticles is under consideration. According to the results,
the concentration of the defects can vary in wide limits via vacuum annealings of nanopow-
ders, which can lead to the formation of a solid film of titanium atoms 1–2 monolayers in
thickness on the surface of oxide nanoparticles.
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In work [12], a new and promising approach for the carbothermal synthesis of C/SiC
composite mixtures with SiC particles of fibrous morphology, with a fiber diameter of
0.1–2.0 μm and with an increased energy density for lithium-ion batteries is proposed. As
a result, the energy characteristics of the mixtures are determined, and the potential use
of the obtained mixtures as anode materials for a lithium-ion battery is presented. The
authors declare the Coulombic efficiency of the samples during cycling to be over 99%.

Paper [13] investigates the rheological behavior and microstructuring of an AlMg6/10%
SiC metal matrix composite. The paper proposes a new method of adding data to a training
sample, which allows neural networks to correctly predict the behavior of microstructure
parameters, such as the average grain diameter, and the fraction and density of low-angle
boundaries with little initial experimental data. It is shown that at strain rates ranging
from 0.1 to 4 s−1 and temperatures ranging from 300 to 500 ◦C, the main softening pro-
cesses in the AlMg6/10% SiC composite are dynamic recovery and continuous dynamic
recrystallization, accompanied by geometric recrystallization.

In conclusion, some statistics pertaining to the papers published in this Special Issue
should be mentioned (see Table 1). Of the 15 papers submitted, 13 of them were successfully
accepted for publication and published. The average length of the publication period is
33 days, while the review process lasts from 3 up to 12 days. The rest of the time spent
preparing this Special Issue involves the authors’ processing of the article. Thanks to
this Special Issue, MDPI journals have received more than 50 new citations and over
12,000 views. By the time this Editorial is published, some of the papers will already have
significant view and citation metrics.

Table 1. Statistics and geography of published papers (27 March 2023).

Ref
Days before
Publication

CrossRef WoS Scopus
Google
Scholar

Views
16 March 2023

MDPI Refs

1 59 2 1 2 9 1128 0/42
2 33 1 1 1 1 1233 0/36
3 22 1 1 1 1 791 1/42
4 25 5 7 6 10 1476 0/54
5 52 2 2 2 2 1023 1/33
6 15 - - - 2 876 0/21
7 32 - - - - 637 1/31
8 25 - 1 1 2 876 1/43
9 38 - - - - 605 3/30
10 30 - - - - 534 2/66
11 27 1 1 1 1 524 0/31
12 25 - - - - 571 25/54
13 43 - - - - 444 5/68

Average 33 12 13 14 28 >12,000 All 39

Author Contributions: Conceptualization, A.S. and O.R.; writing—original draft preparation, A.S.
and O.R.; writing—review and editing, A.S. and O.R.; project administration, A.S. All authors have
read and agreed to the published version of the manuscript.

Acknowledgments: We are very grateful to the authors who agreed to take part in this Special Issue,
and we wish the authors more interesting and significant scientific discoveries.

Conflicts of Interest: The authors declare no conflict of interest.
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Formed Non-Rotational Symmetric Pin Structures
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Abstract: In this study, quasi-unidirectional continuous fiber reinforced thermoplastics (CFRTs)
are joined with metal sheets via cold formed cylindrical, elliptical and polygonal pin structures
which are directly pressed into the CFRT component after local infrared heating. In comparison to
already available studies, the unique novelty is the use of non-rotational symmetric pin structures for
the CFRT/metal hybrid joining. Thus, a variation in the fiber orientation in the CFRT component
as well as a variation in the non-rotational symmetric pins’ orientation in relation to the sample
orientation is conducted. The created samples are consequently mechanically tested via single lap
shear experiments in a quasi-static state. Finally, the failure behavior of the single lap shear samples
is investigated with the help of microscopic images and detailed photographs. In the single lap
shear tests, it could be shown that non-rotational symmetric pin structures lead to an increase in
maximum testing forces of up to 74% when compared to cylindrical pins. However, when normalized
to the pin foot print related joint strength, only one polygonal pin variation showed increased joint
strength in comparison to cylindrical pin structures. The investigation of the failure behavior showed
two distinct failure modes. The first failure mode was failure of the CFRT component due to an
exceedance of the maximum bearing strength of the pin-hole leading to significant damage in the
CFRT component. The second failure mode was pin-deflection due to the applied testing load and a
subsequent pin extraction from the CFRT component resulting in significantly less visible damage in
the CFRT component. Generally, CFRT failure is more likely with a fiber orientation of 0◦ in relation
to the load direction while pin extraction typically occurs with a fiber orientation of 90◦. It is assumed
that for future investigations, pin structures with an undercutting shape that creates an interlocking
joint could counteract the tendency for pin-extraction and consequently lead to increased maximum
joint strengths.

Keywords: joining of CFRT/metal; hybrid technology; mechanical properties; pin geometry; contin-
uous fiber reinforced thermoplastics

1. Introduction

Hybrid parts consisting of continuous fiber reinforced thermoplastics (CFRTs) and
high strength steel components offer interesting possibilities in use-cases with challenges
that cannot be met with mono-material parts. One possible example is the combination
of a demand for lightweight construction, where CFRTs can offer superior weight-related
properties [1], with locally high thermal or abrasive stress, where CFRTs typically meet
limitations [2]. This could be resolved with the combination of metal components to
form a hybrid part. In this approach, the joining operation is the key challenge due to
strongly diverging physical and chemical properties such as stiffness and thermal expansion
coefficients. In the state of the art, bolted and riveted joints are commonly used; as for these
joints, a comprehensive knowledge is available in the literature and it is possible to create
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strong and durable joints [3]. However, despite their widespread use, these form-fitting
joining techniques come with relevant disadvantages. First, the need for a precise bolt
hole [4] requires an additional process step, which increases processing costs and typically
destroys load-bearing fibers. This can require additional reinforcements such as locally
embedded titanium sheets or additional layers in the laminate. Furthermore, the need for
additional auxiliary elements such as bolts, nuts and rivets leads to increased weight of the
structure, which contradicts the idea of lightweight construction [5]. A fiber-friendly joining
technology is the use of adhesives. While adhesive joining leads to an even introduction
of force into the laminate, which reduce concentration of tension and typically does not
require additional reinforcements [6], it also comes with distinct challenges, including the
demand for extensive process quality control to ensure a reliable joint and especially with
thermoplastic composites, joinability via adhesives is oftentimes limited. Polyolephinic
polymers especially require surface treatment to be joinable via adhesives that add process
steps and complexity to the joining process [7].

A comparably new joining process is the creation of form fitting joints via cold formed
pin structures, which can embedded into the locally heated CFRT component [8]. In the field
of thermoset-based composite (CFRP)/metal joining, the use of pin-reinforced adhesive
joints is already widely described. However, in CFRP/metal joining, the pin needs to be
embedded during the manufacturing process of the part [9]. This can either be into the dry
fabric prior to the infusion process via vacuum assisted resin infusion [10], vacuum assisted
resin transfer molding [11] or into pre-impregnated sheet during manufacturing before
the curing stage of the matrix [12]. Thus, a separate, subsequent joining process is not
possible. In the field of CFRT/metal joining, the direct pin pressing process into a locally
heated CFRT component has been shown to be an uncomplicated joining process with
promising mechanical properties [13]. In the current state of the art, rotational-symmetric
pins have been primarily investigated [14], although in Römisch et al. [15], the uses of
non-rotational-symmetric pins have shown potential to increase the maximum load of
the joint in the field of metal to aluminum hybrid joining. Due to the good performance
in metal/metal joining, the use of non-rotational-symmetric pin structures also appears
promising in the use of CFRT/metal joining. However, the underlying mechanisms in the
direct pin pressing of CFRT/metal parts are fundamentally diverse for steel/aluminum
joining and consequently, a direct transfer of the knowledge from Römisch et al. [15] is
not possible. In particular, the joints’ dependency on the pin- and fiber orientation of the
anisotropic CFRT material in relation to the load direction needs to be investigated.

Considering the existing literature, the present study aims to create an understanding
of the CFRT/metal joining process with non-rotational-symmetric pin structures. The focus
thereby lies on the mechanical behavior in dependency of the pin- and fiber orientation in
relation to the load direction and the investigation of occurring failure modes.

2. Materials and Methods

2.1. Used Material

In this study, a custom-fabricated quasi-unidirectional glass fiber reinforced polypropy-
lene (GF/PP) material with a thickness of approximately 2 mm was used. Thus, glass fiber
non-crimp fabrics from Saertex GmbH & Co. KG (Saerbeck, Germany) and a polypropylene
(PP) type BJ100HP from Borealis AG (Vienna, Austria) were impregnated and consolidated
on an interval hot press at the Neue Materialien Fürth GmbH (Fürth, Germany). The
residual after incineration was measured to 71.1 wt.-%, which translates to a fiber volume
content under the assumption of ideal consolidation of 47 vol.-%. The melt peak tempera-
ture of the composite was measured to 164.4 ◦C and the crystallization peak temperature
was measured to 121.4 ◦C both as an average of nine differential scanning calorimetry
(DSC) measurements.

As a steel component, a galvanized dual-phase steel type HCT590X (DP600) from
Salzgitter AG (Salzgitter, Germany) was used. This cold-rolled steel variant was frequently
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used in the automotive sector for a crash relevant component of the car body. The thickness
of the used steel sheets was 1.5 mm.

2.2. Definition of Pin Geometry

In the scope of this study, three different pin geometries with a height of 1.8 mm
were investigated. As a baseline geometry, which aims to create a comparability between
the different non-rotational symmetric pins as well as a comparability to sources in the
literature, which primarily use cylindrical pin structures, a cylindrical pin with a diameter
of 1 mm was chosen. As a pin with a strong directional dependency in means of fiber
displacement and behavior under load, an elliptical pin with a small diameter of 1 mm and
a large diameter of 2 mm was chosen. As a third geometry with an anisotropic behavior
under compressive and tensile loading, a polygonal pin structure was chosen, which is
based on a triangular geometry. It has an in-circle diameter of 1 mm; the sides are curved
with a radius of 1.18 while the edges are rounded with a radius of 0.1 mm. Figure 1 displays
the three investigated geometries.

Figure 1. Used pin geometries: cylindrical (left), elliptical (middle), polygonal (right).

The investigated geometries feature different cross sections, volumes and projection
areas (for elliptical pins in dependency of the viewing angle) which are summarized in
Table 1. These values allow for assessing the efficiency of a pin-geometry in means of used
foot-print on the sample and mechanical performance of the created joints.

Table 1. Geometric properties of pin geometries.

Cylindrical Elliptical Polygonal
Cross section 0.79 mm2 1.57 mm2 0.98 mm2

Volume 1.41 mm3 2.83 mm3 1.77 mm3

Projection area 1.8 mm2 3.8 mm2 (90◦)
1.8 mm2 (0◦) 2.13 mm2

2.3. Pin Manufacturing via Cold Forming Process

For the production of the pin geometries described above, forward extrusion from the
sheet metal plane was used. For this purpose, a multiple-acting tool is required to ensure
independent control of the blank holder as well as the punch. The process sequence of
the pin extrusion as well as the essential tool components for the extrusion are shown in
Figure 2. First, the blank holder moves axially downwards onto the test specimen and
initially applies a blank holder pressure (σBH) of 250 MPa. This is necessary to prevent the
sheet from bulging due to local deformation and the resulting stresses. Furthermore, the
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applied pressure and the resulting friction between the blank and the blank holder reduces
the radial flow of material into the sheet metal plane, thus increasing the material flow
into the die during extrusion. Once the pressure is applied, the forming punch made of
carbide with a diameter (dP) of 3 mm, which is guided in the blank holder, moves axially
downwards at a constant speed of 5 mm/min and penetrates the steel sheet made of DP600
with an initial sheet thickness (t0) of 1.5 mm. In the process, the material underneath the
punch is displaced both axially into the die and laterally outward into the sheet plane and
laterally inward into the die. Three different dies made of carbide with a shrink ring and
the geometries described above were used for the investigations performed in this work.
Each die had an additional entry radius of 0.1 mm to reduce the stress on the die, especially
on the edges, and to promote the axial material flow into the die and decrease the required
punch penetration depth (s). To achieve the required pin height, the punch penetration
depth is controlled in order to adjust the amount of displaced material. For this purpose,
mechanical stops with varying heights are used, with which the forming punch comes
into contact, initiating the end of the forming process. Subsequently, first the blank holder
and the punch and then the ejector punch move axially upwards to eject the formed pin
structure with a height (h), from the die. For the investigations carried out in this work, a
pin height of 1.8 mm was targeted for the pin extrusion.

s

dD

dP

t0

Punch
σBHMechanical stops

Blank holder

Die
Blank

Pin structure

FP

h

Ejector punch

Figure 2. Schematic illustration of the pin extrusion process and the essential tool components.

2.4. Joining Process

For the joining process, a custom joining device was used (see Figure 3). This device is
equipped with an infrared spot type 600.5100.1 (Optron Infrared Systems GmbH, Garbsen,
Germany) and a pneumatic piston type ADN-80–25-A-P-A (Festo SE & Co. KG, Esslingen,
Germany). The infrared spot has a maximum power output of 150 watts and is focused to
a nominal spot diameter of 10 mm at a focus distance of 50 mm, and is used to locally heat
the CFRT component above the melting point of the matrix. Despite the nominal focus
diameter, the actual irradiated area is not sharply limited and exceeds the nominal spot
diameter of 10 mm. Consequently, a mask with a circular opening of 12 mm is used to
sharply define the irradiated area. The pneumatic piston is used to press the pin structure
into the CFRT sheet and to reconsolidate the CFRT sheet during the cooling stage after the
joining process. The piston diameter is 80 mm resulting in a maximum force of 3000 N at
an operation pressure of 0.6 MPa. To control the joining speed, a choke valve is equipped,
which allows to adjust the piston velocity between approx. 0.01 m/s and 0.1 m/s. A
polyetherehterketone (PEEK) insert is utilized to thermally insulate the CFRT sample from
the steel positioning device that would otherwise lead to excess heat loss at the bottom of
the sample.
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Figure 3. Schematic illustration of the joining device.

The joining process is conducted in the following three steps:
First, the sample is placed in the positioning device and is heated in such way, that the

matrix is molten through the entire thickness of the sample. The heating parameters have
been identified in previous investigations [16] and are directly taken over.

Second, the positioning tool is placed under the pneumatic piston and the metal
component is placed on top of the CFRT sample while a form-fit in the positioning device
allows proper concentrical alignment of the pin structure with the heated zone in the CFRT
component. Detailed measurements of the samples used can be seen in Figure 4.

Figure 4. Sample dimensions and test setup for single lap shear tests.

Third, the pin is pressed into the CFRT component via the pneumatic piston. During
the cooling stage, the pressure remains applied onto sample, to allow a complete reconsoli-
dation of the laminate. After the cooling stage, which was defined to approximately 60 s in
this study, the pressure is removed and the joined sample is removed from the positioning
device.

The heating as well as joining parameters in this study were identical with the settings
in [16], where a good reconsolidation quality without matrix damage due to overheating
could be achieved. The settings are summarized in Table 2.
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Table 2. Used heating and joining parameters.

Mask Diameter IR Spot Power Heating Time Joining Force Piston Speed
12 mm 39 Watt 210 s 2500 N 0.1 m/s

2.5. Mechanical Characterization—Single Lap Shear Test

The joined specimen were mechanically tested using the single lap shear test according
to the technical bulletin DVF EFB 3480-1 [17]. Both components of the hybrid sample had
a length of 105 mm and a width of 45 mm; the joining position was placed 8 mm from
the short side of the samples, resulting in an overlap of 16 mm and a total length of the
hybrid sample of 178 mm. The clamping free length measured 95 mm. The elongation of
the sample was measured via tactile extensometers with a measuring distance of 50 mm.
The test setup and sample dimensions are summarized in Figure 4.

Before testing, the samples were stored in normalized climate (23/50) according to
DIN EN ISO 291 [18]. The test was performed on a universal testing machine type Z1465
from ZwickRoell AG (Ulm, Germany) in quasi-static condition with a testing speed of
1 mm/s and a sampling rate of 100 Hz.

In the scope of this study, 10 different variations were investigated consisting of a
variation in the non-rotational-symmetric pin geometries’ orientation in relation to the
load direction and a variation in the fiber orientation in relation to the load direction. The
sample size of each parameter setting was n = 3 resulting in 30 tested samples. Thereby,
the two investigated orientations of the elliptical pin were named “0◦” and “90◦”, which
correspond to the orientation of the long axis of the pin in relation to the load direction. The
investigated pin orientations of the polygonal pin are described as “sharp” and “blunt”,
which distinguishes whether the edge or the side of the triangular geometry transmit
the force between both joining partners in the single lap shear test. A variation in the
orientation of the cylindrical pin was not possible due to the rotational symmetric shape.
Table 3 summarizes the conducted variations. The fiber orientation is described to 0◦ and
90◦, which corresponds to the fiber orientation in relation to the load direction.

Table 3. Summary of the conducted variations for the mechanical characterization.

Pin Type Pin Orientation Fiber Orientation Nomenclature
Cylindrical n/a 0◦ Cylindrical 0◦
Cylindrical n/a 90◦ Cylindrical 90◦

Elliptical 0◦ 0◦ Elliptical 0◦/0◦
Elliptical 0◦ 90◦ Elliptical 0◦/90◦
Elliptical 90◦ 0◦ Elliptical 90◦/0◦
Elliptical 90◦ 90◦ Elliptical 90◦/90◦

Polygonal Sharp 0◦ Polygonal Sharp/0◦
Polygonal Sharp 90◦ Polygonal Sharp/90◦
Polygonal Blunt 0◦ Polygonal Blunt/0◦
Polygonal Blunt 90◦ Polygonal Blunt/90◦

2.6. Microscopic Investigation

In order to create an understanding about the failure behavior of the joint, microscopic
investigations of the CFRT and metal component after failure were conducted. For this,
a stereo microscope type Discovery V12 and a microscopy camera of the type Axio Cam
MRc5 (both Carl Zeiss Microscopy GmbH, Jena, Germany) were used. The images were
created so that the X/Y plane could be analyzed in detail (compare Figure 4). In order to
create a sufficient depth of focus and to be able to analyze sections of the samples with
different elevations, multiple single images with different focus distances were stacked
to one image. Before investigation, the metal and CFRT components were separated and
were investigated individually. Of each variation, one CFRT component and one metal
component were investigated. Thus, the samples, which showed the highest maximum
forces of each variation, were chosen for the microscopic investigation. To create a better
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understanding about the initial failure behavior under shear load, two cylindrical samples
with fiber orientations in 0◦ and 90◦ were tested in the above-described procedure until a
first drop in reaction force could be seen. After this initial drop in the reaction force, the
testing procedure was manually terminated and the samples were examined in the same
manner as described above.

3. Results

3.1. Pin Manufacturing Process

To gain a deeper understanding of the pin extrusion process, especially for non-
rotationally symmetrical geometries, to verify the repeatability during extrusion and to
investigate the extrusion process in more detail, the force–displacement data of the pin
extrusion process were analyzed. Figure 5 shows the punch force–displacement curves
averaged from four experiments for each of the pin geometries investigated. Furthermore,
the standard deviation of the respective geometries is shown using an error band. Here, it
can be seen that the standard deviation with a maximum value of ±0.13 kN across all the
investigated geometries is very low compared to the maximum forces between 18.23 kN
for the elliptical 0◦ pins and 21.74 kN for the cylindrical pins.
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Figure 5. Punch force Fp to punch penetration depth s for the different pin geometries and different
orientations. The curves are the average from four tests and the standard deviation is shown using
error bands.

Comparing the maximum standard deviation of the different pin geometries, the
cylindrical and polygonal blunt pins show the smallest deviations with ±0.08 kN. In
contrast, the deviation of the other geometries with ±0.12 kN (polygonal sharp), ±0.13 kN
(elliptical 0◦) and ±0.13 kN (elliptical 90◦) are on a slightly higher level. If we compare
the force–displacement curves of the geometries formed in different orientations, i.e., the
polygonal sharp and blunt as well as the elliptical 0◦ and 90◦, we see that the rotation
of the polygonal geometry has only a very slight influence on the forming and thus the
force–displacement curve, and thus the curves are almost identically superimposed. This
can be explained by the fact that the general orientation of the geometry in relation to
the rolling direction of the sheet does not change and thus similar forming conditions are
present. Conversely, a comparison of the elliptical pins at 0◦ and 90◦ shows a deviation in
the force starting at a punch penetration depth of around 0.6 mm. Here, the slope of the
force–displacement curve is greater for the elliptical 90◦ pins than for the elliptical 0◦ pins.
In this case, the rolling direction during cold rolling and thus the orientation of the grains of
the sheets used for the extrusion of the pin structures is along the long axis of the ellipse in
0◦ and therefore along the short axis for the ellipse in 90◦. Consequently, it is possible that
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for the 90◦ ellipses along the short side, a greater number of linear dislocations are necessary
for the pin extrusion. However, this effect can only be detected as the punch penetration
depth increases, as can be seen from Figure 5, since at the beginning of extrusion, the
radial flow of material outward into the sheet plane is initially more dominant, and this is
directionally independent [19]. The smaller the residual sheet thickness, the more dominant
the extrusion into the die, and here the directional dependence due to the pin geometry can
be detected.

In Table 4, in addition to the force–displacement curves shown in Figures 4 and 5,
the corresponding pin height, punch penetration depth, sheet thickness, relative punch
penetration depth and residual sheet thickness averaged from a sample of n = 4 pins are
listed for the different investigated pin geometries. Looking at the force–displacement
curves shown in Figure 5 and the associated standard deviations, as well as the parameters
relevant for pin extrusion shown in Table 4 and the respective standard deviations, it can be
seen that both the process and the resulting pin structures can be assumed to be repeatable.

Table 4. Pin height h, punch penetration depth s, sheet thickness, relative punch penetration depth in
relation to initial sheet thickness and residual sheet thickness for the investigated and extruded pin
geometries (n = 4).

Pin Type Cylindrical Elliptical 0◦ Elliptical 90◦ Polygonal Sharp Polygonal Blunt
Pin-height h [mm] 1.80 ± 0.01 1.78 ± 0.02 1.82 ± 0.01 1.79 ± 0.02 1.81 ± 0.01

Punch penetration depth s [mm] 0.87 ± 0.00 0.90 ± 0.00 0.93 ± 0.00 0.87 ± 0.01 0.87 ± 0.00
Sheet thickness [mm] 1.50 ± 0.00 1.50 ± 0.00 1.49 ± 0.01 1.50 ± 0.00 1.50 ± 0.00

Rel. punch penetration depth [%] 57.91 ± 0.15 59.58 ± 0.20 62.58 ± 0.31 58.11 ± 0.39 58.10 ± 0.18
Residual sheet thickness [mm] 0.63 ± 0.00 0.61 ± 0.00 0.56 ± 0.01 0.63 ± 0.01 0.63 ± 0.00

When considering the pin heights and the required punch penetration depths, it can
be seen that, compared to polygonal and cylindrical pins, the elliptical pin structures
require a greater penetration depth. This effect has already been demonstrated in [15] and
it could be shown that with an increasing pin cross-sectional area compared to the punch
cross-sectional area, it leads to a greater material utilization of the material displaced by
the punch, since the reduction in the flow resistance into the die reduces the radial material
flow into the sheet plane and increases the axial material flow into the die. However,
due to the larger cross-sectional area, a larger volume of material is required to achieve
the same pin height as in the other pin geometries with smaller cross-sectional areas.
This larger volume of material is not entirely compensated for by the increase in material
utilization, which is why a greater punch penetration depth is necessary for the elliptical
pins [15]. A comparison of the punch penetration depths of the elliptical 0◦ and 90◦ pins
shows it is noticeable that the elliptical 90◦ pins have a greater punch penetration depth
than the elliptical 0◦ pins. However, these also have a greater pin height of 1.82 mm on
average compared to 1.78 mm. Thus, less material was displaced from the punch with
the elliptical 0◦ pins, which can result in the lower average pin height. However, the
orientation of the geometry to the rolling direction may also have a certain influence on the
punch penetration depth and the corresponding pin height cannot be conclusively clarified
based on the present results, since the penetration depths are not identical. However, an
influence can be suspected, since due to the higher force requirement, which results from
the orientation of the geometry and thus represents a greater flow resistance, the amount
of radial material flow increases compared to the elliptical 0◦ pins. This would result in a
greater punch penetration depth being required for the elliptical 90◦ pins to achieve the
same pin height as the elliptical 0◦ pins.

3.2. Mechanical Characterization

As it can be expected, the results from the single lap shear tests show a strong depen-
dency on the pin type and pin-orientation as well as the fiber orientation in relation to
the load direction. For all pin types and pin orientations, it can be seen that a significant
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increase in the maximum force comes with a fiber orientation of 90◦. Table 5 and Figure 6
give a summary of the measured maximum forces in the single lap shear test.

Table 5. Summary of maximum shear force results.

Pin Type Cylindrical Elliptical 0◦ Elliptical 90◦ Poly. Sharp Poly. Blunt
Fiber

Orientation 0◦ 90◦ 0◦ 90◦ 0◦ 90◦ 0◦ 90◦ 0◦ 90◦

Max. force [N] 179.3 ± 8.7 239.0 ± 8.0 187.5 ±
15.5

291.3 ±
16.0

319.7 ±
19.7

415.0 ±
13.6

185.3 ±
23.8

281.7 ±
16.7 232.0 ± 7.0 346.7 ± 7.5

Figure 6. Maximum force in single lap shear tests.

Therefore, the increase in force between fibers in 0◦ and 90◦ lies between 33.3% for
the cylindrical pins and 55.4% for elliptical pins with an orientation of 0◦ in relation to the
load direction. It is noticeable that the non-rotational symmetric pins lead to increased
maximum forces in comparison to cylindrical pins independently on the pin- and fiber
orientation. However, the increase in maximum force for an elliptical pin 0◦/0◦ and the
polygonal sharp/0◦ pin compared to a cylindrical 0◦ pin is relatively low with only 4.6%
and 3.3%, respectively, in comparison to the corresponding cylindrical pins tested with the
same fiber orientation.

When comparing elliptical pins with different orientation, it shows that a 90◦ pin
orientation leads to an increase in maximum force of 70.5% (0◦ fiber orientation) and 73.6%
(90◦ fiber orientation), which leads to the conclusion that for elliptical pins in CFRT/metal
joining, an orientation of the pin in 0◦ to the load direction is strongly inferior in comparison
to a pin orientation of 90◦. When comparing this result with Römisch et al. [15], where a
material combination of a DP600 and aluminum EN AW-6014 was investigated, this finding
is contrary. Römisch et al. found an increased joint strength under shear load, when the pin
was oriented in 0◦ of 878 ± 7 N in comparison to 811 ± 9 N with a pin oriented in 90◦ while
in both cases the failure occurred due to a broken-off pin structure. This is explained with a
higher area moment of resistance of the pin of 0.39 mm3 in 0◦ in comparison to 0.2 mm3

in 90◦, which leads to pin failure at higher loads when the pin is oriented in 0◦. In the
present study, however, the joint did not fail due to pin breakage and consequently other
mechanisms were found (compare Section 3.3). For polygonal pins, it shows that a “blunt”
orientation in relation to the load direction is superior in means of maximum transmitted
force with an increase of 25.2% (0◦ fiber orientation) and 23.1% (90◦ fiber orientation) in
comparison to the “sharp” orientation.
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When analyzing the foot print related joint strength, which can be seen as an in-
dication for the efficiency of a certain pin geometry, especially with the perspective of
multi-pin joints, which will be required to achieve higher total joint stabilities, a different
situation shows. The baseline joint strength of the cylindrical pins is 227.0 ± 11.1 MPa and
302.5 ± 10.2 MPa, respectively, for fiber orientations in 0◦ and 90◦. Table 6 and Figure 7
summarize the resulting foot print related joint strength.

Table 6. Summary of joint strength results.

Pin Type Cylindrical Elliptical 0◦ Elliptical 90◦ Poly. Sharp Poly. Blunt
Fiber

Orientation 0◦ 90◦ 0◦ 90◦ 0◦ 90◦ 0◦ 90◦ 0◦ 90◦

Joint
strength
[MPa]

227.0 ± 11.1 302.5 ± 10.2 119.4 ± 9.9 185.6 ± 10.2 203.6 ± 12.5 264.3 ± 8.7 189.1 ± 24.3 287.4 ± 17.1 236.7 ± 7.1 353.7 ± 7.7

Figure 7. Foot print related strength in single lap shear tests.

Elliptical pins show reduced joint strength when compared to cylindrical pins. This
phenomenon is most pronounced for elliptical 0◦/0◦ samples where a joint strength of only
119.4 ± 9.9 MPa is measured, which is a decrease of 107.6 MPa or 47.4% when compared to
cylindrical 0◦ samples. For elliptical 0◦/90◦ pins, the drop in joint strength is in a similar
range with 116.9 MPa or 38.6%. Elliptical pins with an orientation of 90◦/0◦ and 90◦/90◦
perform better but still lead to a reduction of 23.4 MPa (0◦ fiber orientation) and 38.2 MPa
(90◦ fiber orientation) respectively.

In contrast to elliptical pins, polygonal pins lead to either increased or decreased foot
print related joint strength, depending on the pin-orientation. While pins with “sharp”
orientation lead to a reduction in joint strength of 37.9 MPa/16.7% (0◦ fiber orientation)
and 15.1 MPa/5.0% (90◦ fiber orientation), respectively, an increase by 9.7 MPa/4.3% (0◦
fiber orientation) and 51.2 MPa/16.9% can be seen for polygonal pins with a “blunt” pin
orientation in relation to the load direction. Generally, it can be summarized that from a
joint strength perspective, an elliptical pin is disadvantageous, especially when oriented in
the load direction while a polygonal pin can be beneficial when oriented so that the blunt
side introduces the load into the CFRT component but is disadvantageous when the sharp
edge is oriented towards the interfacing surface.

When comparing the joint strength in relation of the projection area of the pin geome-
tries in the direction of the testing load, it shows that, especially with fiber orientations
of 0◦, the measured values are in a comparable range between 87.0–103 MPa (compare
Figure 8 and Table 7). This can be explained with the dominant failure behavior of these
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samples (compare Section 3.3 and Table 8), which for fiber orientations of 0◦, typically is a
failure of the CFRT component, which occurs at similar compressive stresses induced into
the CFRT laminate. The lowest projection related strength is measured for elliptic 90◦/0◦
pins, which show a combination of CFRT failure and subsequent pin extraction, which can
be assumed as the reason for the reduced strength.

Figure 8. Projection area related strength in single lap shear test.

Table 7. Summary of projection area related joint strength.

Pin Type Cylindrical Elliptical 0◦ Elliptical 90◦ Poly. Sharp Poly. Blunt
Fiber

Orientation 0◦ 90◦ 0◦ 90◦ 0◦ 90◦ 0◦ 90◦ 0◦ 90◦

Joint strength
[MPA] 99.6 ± 4.9 132.8 ± 4.5 104.2 ± 8.6 161.9 ± 8.9 88.8 ± 5.5 115.3 ± 3.8 87 ± 11.2 132.3 ± 7.9 103 ± 3.3 162.8 ± 3.5

Table 8. Summary of failure modes.

Pin Type Cylindrical Elliptical 0◦ Elliptical 90◦ Poly. Sharp Poly. Blunt
Fiber

Orientation 0◦ 90◦ 0◦ 90◦ 0◦ 90◦ 0◦ 90◦ 0◦ 90◦

Failure mode CFRT
failure extraction CFRT

failure
CFRT
failure

CFRT fail-
ure/extraction extraction CFRT

failure
CFRT
failure

CFRT
failure extraction

With 90◦ fiber orientation, the values vary between 115.3 and 162.8 MPa, which is a
significantly higher range. This higher fluctuation can be explained with two approaches:
first, more diverse failure modes (both pin extraction and CFRT failure occur); second,
for samples with a failure due to pin extraction, the area moment of resistance of the pin
structure strongly varies leading to pin bending and subsequent pin extraction at different
loads. So consequently, elliptical 0◦/0◦ pins have a significantly increased strength in
comparison to cylindrical 0◦ pins as it has a higher area moment of resistance with the
same projection area as the cylindrical pin avoiding the failure due to pin extraction, and
consequently, failure at higher loads but with the same projection area leading to higher
projection are related joint strength.

Figure 9 summarizes the force–displacement curves of all tested samples in depen-
dency of pin type, pin orientation and fiber orientation. Therefore, curves with dotted lines
represent samples with a 90◦ fiber orientation while solid lines represent 0◦ fiber orien-
tation. Generally, it can be seen that a fiber orientation of 90◦ leads to higher maximum
forces and typically to a more abrupt drop in reaction force after the maximum force is
reached. The exceptions to this phenomenon are elliptical 0◦/90◦ and polygonal sharp/90◦
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pins, where the reduction in reaction force is relatively smooth as it is the case for their 0◦
fiber orientation counter parts but with the distinction of higher force levels. A possible
explanation for this behavior is that these pin samples have a comparably high resistance
against pin bending, which avoids pin deflection and consequent pin extraction but are
shaped in such way that the force is introduced into the CFRT sample over a relatively
small and sharp edge. This leads to concentrations of tension and following gradual failure
of the fibers in the CFRT component, leading to a less abrupt failure (compare Section 3.3).
Another interesting phenomenon is that the force–displacement curves of cylindrical 0◦
and elliptical 0◦/0◦ samples are very similar and that the measured average maximum
forces are identical in the range of the standard deviation. This can be explained with the
failure behavior that is for both samples a failure of the CFRT sample and no deformation
of the pin structure (compare Section 3.3). As the projected area of both pin types in the
direction of force application is identical, similar pressure is introduced into the CFRT
component by the pin and consequently, the maximum force before failure of the CFRT in
both sample types is almost identical.

For all samples, with the exception of elliptical 90◦/90◦ samples, it can be seen that the
initial stiffness of sample pairs with 0◦ and 90◦ fiber orientation are very similar, but that
the force–displacement curves of samples with 0◦ fiber orientation flattens, indicating a
reduction in stiffness, before reaching the maximum force level while a 90◦ fiber orientation
typically leads to a steeper curve until the maximum force is reached. In combination with
the typically more abrupt drop in force with 90◦ degree fiber orientation, it is concluded
that in the course of this study with non-undercutting pin geometries, 0◦-degree fiber
orientation leads to a less critical failure behavior than a fiber orientation of 90◦, but at
lower absolute force levels.

The comparison of the mechanical performance in the present study with studies
in the literature which deal with pin based CFRT/metal joining is not easily achievable.
Reasons for this are the use of different CFRT [14] or metal [20] components as well as
divergent pin manufacturing methods [21]. When comparing with Kraus et al. [14], where
a maximum force of 118 N was reached with a pin diameter of 1.32 mm and a pin height
of 1.48 mm, both the maximum force as well as the foot print related joint strength in the
present study are higher. This could possibly be explained with the lower pin height of
the samples, which leads to early pin extraction as well as a different sample geometry.
In [20], a pin-array with 16 pins was tested with a maximum reaction force under shear
load of 5570 N and consequently a maximum force per pin of 348 N. This is higher than the
values in the present study, but only partially comparable. First, the thickness of the CFRT
component is significantly higher with 4 mm, potentially leading to higher reaction forces.
Second, the sample geometry is fundamentally different and avoids pin extraction due to
bending of the single lap shear sample, which could also lead to increased reaction forces.
Finally, the exact pin geometry was not presented in [20], which makes it difficult to assess
the performance based on the foot print.
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Figure 9. Force–displacement curves for cylindrical (top), elliptical (bottom left) and polygonal pins
(bottom right).

Generally, the presented mechanical performance was relatively good, when compared
to other studies, but it has to be acknowledged, that the comparability is limited [14,20,21].
Therefore, in future studies it is required to investigate pin-arrays which on one hand
increase the general load capacity of the joint but also allow to relate the maximum forces
with the actual joint surface to obtain comparable joint strength values, which also allows
to relate the results with established joining technologies such as adhesive joining or arrays
of bolts and rivets.

3.3. Failure Analyzation

In the following section, the observed failure behavior of the samples is described
and first explanations for the underlying failure mechanisms are given. In the course of
this study, two distinct failure modes occurred depending on the fiber orientation in the
CFRT component and the type and orientation of the pin geometry in relation to the load
direction. The study shows that with a fiber orientation of 0◦, the samples tend to fail due
to failure of the CFRT component while with fibers oriented in 90◦, the samples more often
fail due to an extraction of the pin structure at higher loads, as was also found in [13].

Figure 10 shows images of samples created after manually stopping the single lap
shear test after the initial drop of force was noticed. On the left, an example of a sample
with 90◦ fiber orientation and a cylindrical pin is shown with a clearly visible separation
between the CFRT and metal component which is a sign for beginning pin extraction and
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also a significant bending of the CFRT sample, which is a result of the samples’ low bending
stiffness perpendicular to the fiber orientation and the resulting rotary moment induced by
the testing forces. In the middle, a microscopic image of an exemplary CFRT sample with a
90◦ fiber orientation after the extraction of the steel component is shown, which shows no
significant deformation of the pin hole. Despite the lack of hole-deformation, dark areas
can be seen below the pin hole that is the area where the testing forces are introduced into
the laminate, which can be interpreted as matrix cracks due to the introduced compressive
stress perpendicular to the fiber orientation. These cracks are a result of the unidirectional
composite’s low strength under compressive loads perpendicular to the load direction.
However, despite the low compressive strength perpendicular to the load direction, samples
loaded in 90◦ to the fiber orientation still show higher maximum forces before failure of
the joint, which needs further explanation. This can be explained by the more efficient
introductions of the testing load into the fibers in comparison to 0◦ fiber orientation. In
90◦, the fibers take up the testing load similar to an arresting cable used at aircraft carriers
to rapidly decelerate landing airplanes and translate the testing load into a tensile load in
the fibers.

Figure 10. Summary sample behavior directly after maximum force: single lap shear sample with
fiber orientation in 90◦ to load direction (left), CFRT component with removed cylindrical pin (fiber
orientation: 90◦, (middle)) and CFRT component with ovalized pin hole (fiber orientation: 0◦, (right)).

On the right, a sample with fibers in 0◦ orientation is shown. This sample clearly
shows an ovalization of the pin hole as a result of the introduced compressive stresses.
An explanation for this deformation can be found in the distinct fiber morphology, which
occurs, in the direct pin pressing process (compare [8]) which leads to practically fiber free,
matrix rich zones, which are located next to the pin hole in the direction of fibers. When
samples are loaded in 0◦ to the fiber orientation, the testing force is directly introduced
into these matrix rich zones, which have no reinforcing fibers and consequently are less
stiff leading to the shown ovalization of the pin-hole and to a reduction in force in the
mechanical tests.

Table 8 summarizes the observed failure modes. A tendency for failure of the CFRT
component with 0◦ fiber orientation and pin extraction failure with 90◦ fiber orientation
can be seen, which also corresponds with the findings in the previous section.

Exceptions to this are elliptical 0◦/90◦ and polynomial blunt/90◦ samples, which
also showed divergent force–displacement curves in Figure 9. This can be explained
by the comparably sharp edge of the pin structure at the point of load transmission in
combination with a pin geometry, which has an increased resistance against pin bending
and consequently less likely pin extraction. This leads to a failure of the CFRT component
where the fibers are cut perpendicular to the fiber orientation. In Figure 11, a summary of
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microscopic images after failure of the sample is shown. It can be clearly seen that samples
that failed with pin extraction are significantly less damaged than samples that failed due to
CFRT failure. Furthermore, the elliptical 0◦/90◦ and polygonal sharp/90◦ example clearly
show a CFRT failure with cut fibers in the direction of load.

Figure 11. Summary of CFRT samples after single lap shear test.

One factor that amplifies the tendency for pin extraction is that pins tested with 90◦
fiber orientation bend due to the higher testing forces in comparison to 0◦ fiber orientation.
This force in combination with the comparably soft CFRT component, which does not
provide significant support against bending, leads to the pin plastically deflecting under
load. Figure 12 shows cylindrical and polygonal pins after failure. It can be clearly seen that
pins with a 90◦ fiber orientation strongly deflect in the direction of testing while pins tested
with a 0◦ fiber orientation are not or significantly less deformed. In comparison to the
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shown images, elliptical 90◦/90◦ pins are similarly deformed while polygonal sharp/90◦
pins and elliptical 90◦/0◦ pins show a strongly reduced deformation. Elliptical 0◦/90◦ as
well as 0◦/0◦ and polygonal sharp/0◦ pins do not show a significant deformation. Pins
tested with fiber orientation in 0◦ generally did not significantly deform.

Figure 12. Cylindrical and polygonal blunt pins with fiber orientations of 0◦ and 90◦ after testing.

The shown deformation of the pin structure corresponds with the earlier described
failure phenomena. Pins of samples with failure due to pin extraction are strongly deformed
while samples with CFRT failure typically show only slightly deformed pins. The shown
deflection leads to a changed flux of force during experimental testing with a resulting
force component that facilitates the pin extraction and ultimately leads to a slipping of
the pin from the joint and consequent joint failure. A possible way to counteract this
tendency for pin extraction is the use of undercutting pin geometries, which interlock
in the CFRT component and consequently counteract a pin extraction. This was already
shown by Ucsnik et al. in [20] where in the field of metal/epoxy based composite joining,
interlocking pin geometries with ball heads lead to 37.4% higher maximum forces in a
double lap shear test.

4. Summary

In the scope of this study, it could be shown that in the field of direct pin pressing
of cold formed pin structures into locally heated CFRTs, an increase in maximum force
before failure can be achieved with non-rotational symmetric pins in comparison to the
investigated cylindrical reference pin. The maximum transmittable force depends strongly
on the factors of fiber orientation and pin orientation in relation to the load direction as
well as the tested pin geometry. Therefore, elliptical pins and fibers both oriented in 90◦ to
the load direction show the highest average maximum force with 415.0 ± 13.6 N. However,
when relating the maximum force to the foot print of the pin structure as an indication for
the efficiency of a pin structure, it shows that elliptical pins are inferior to cylindrical pins
and that polygonal pin structures are, in dependency of the pin orientation, either slightly
superior or slightly inferior to cylindrical pins.

Investigation of the failed samples shows that two distinct failure modes occur:
Failure of the CFRT component, which typically occurs when a sample with a fiber

orientation in 0◦ is tested or when pins with a sharp edge such as elliptical pins with
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a 0◦ orientation or polygonal pins in the “sharp” orientation are combined with a fiber
orientation of 90◦ leading to cut fibers.

Pin bending and subsequent pin extraction, which occurs at higher loads than CFRT
failure, which are sufficient to deform the pin structure. This failure typically occurs
with fiber orientations of 90◦, which leads to a more efficient force introduction into the
reinforcing fibers as the fibers are oriented perpendicular to the introduced load and
support the introduced load similar to an arresting cable in naval aviation.

5. Conclusions

Based on the findings in this study, the selection of a certain pin structure must be made
based on the expected loads in the use case of the hybrid parts. If an isotropic behavior of
the joint is required, cylindrical pin structures seem favorable; if a main direction of load is
expected, a polygonal pin with specifically chosen orientation could be beneficial. Thus,
the findings of this work enable the design of customized joints adapted to the application
with the aid of adapted pin geometries and orientations, which increases the versatility of
the joining process.

Furthermore, a more detailed investigation of the pin extrusion of non-rotationally
symmetrical geometries based on the different orientation of the elliptical pin structures has
shown that the orientation in relation to the rolling direction of the blank has an influence
on the required forming force, which can consequently affect the work hardening of the
pin structure.

In future studies, it is necessary to investigate multi-pin arrays in order to increase
the maximum transmittable forces. Therefore, it is required to determine minimum pin
spacing in dependency of the pin’s dimensions, fiber orientations and restrictions from a
pin manufacturing standpoint. In addition, the effect of the orientation of non-rotationally
symmetric pin geometries on the strain hardening of the pin structures should be inves-
tigated in future work, since strain hardening of the pin structure, especially in the pin
base, plays a crucial role in the subsequent shear strength of the joint. In addition, the
production of undercutting pin geometries via cold extrusion requires further studies, as
it is expected that undercuts can increase the joint strength under shear loads, especially
with a fiber orientation of 90◦, where pin extraction is the dominant failure mode, which
could be counteracted with an undercutting pin. Furthermore, future studies are planned
to investigate different laminate structures, such as bi-axial laminates.
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Abstract: The aluminum–magnesium (Al–Mg) composite materials possess a large potential value in
practical application due to their excellent properties. Molecular dynamics with the embedded atom
method potentials is applied to study Al–Mg interface bonding during deformation-temperature
treatment. The study of fabrication techniques to obtain composites with improved mechanical
properties, and dynamics and kinetics of atom mixture are of high importance. The loading scheme
used in the present work is the simplification of the scenario, experimentally observed previously to
obtain Al–Cu and Al–Nb composites. It is shown that shear strain has a crucial role in the mixture
process. The results indicated that the symmetrical atomic movement occurred in the Mg–Al interface
during deformation. Tensile tests showed that fracture occurred in the Mg part of the final composite
sample, which means that the interlayer region where the mixing of Mg, and Al atoms observed is
much stronger than the pure Mg part.

Keywords: composite; molecular dynamics; magnesium; aluminum; mechanical properties

1. Introduction

Magnesium (Mg) alloys are of considerable interest nowadays in the automotive and
aerospace industry since they have lightweight properties[1,2]. Moreover, magnesium-
based alloys can be biocompatible and biodegradable. However, magnesium has quite
low strength, elastic modulus, creep resistance, and formability [3], which considerably
limits its applications. Thus, the search for new possibilities to fabricate composites based
on Mg and other metals that can demonstrate improved mechanical properties is of high
importance. For example, aluminum (Al) can prevent the corrosion process of Mg alloy
and possess better properties for both Mg and Al [4–6].

One of the possible ways to obtain metallic composites is high-pressure torsion (HPT),
during which high compressive and shear stresses result in the formation of the composite
structures. To date, several types of composite materials were obtained by HPT from
metallic plates: Al–Cu [7–13], Al–Mg [14–16], Al–Nb [17], and Al–Ti [18]. Since severe
plastic deformation can increase the diffusion in the materials [19,20], in situ composites
can be obtained by HPT through the bonding of different metals, which can lead to
the formation of new intermetallic phases. According to the phase diagram, several
intermetallic Al–Mg phases can be obtained, which are AlMg, Al3Mg2-β, Al30Mg23-ε, and
Al12Mg17-γ [21]. The intermetallic Al12Mg17 can significantly influence the corrosion and
mechanical properties of the Al–Mg structure.

Fundamental aspects of deformation behavior between Al and Mg and the formation
of intermetallic compounds can be effectively studied by molecular dynamics (MD). Due
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to some limitations of experimental methods, MD is widely used to study phase transfor-
mations and to determine structural properties of different materials [22–25]. Moreover,
it allows scientists to visualize the structure on the atomistic level, analyze the distribu-
tion of atoms during different processing stages, and calculate physical or mechanical
properties. MD was used for studying of effect of grain boundary segregation on the
deformation mechanisms and mechanical properties of Al–Mg alloys [26–28], reduction of
tensile strength for Al matrix with Mg inclusion [29], strengthening effects of basal stacking
faults in Mg [30], etc.

In this work, the interactions between Al and Mg on Al–Mg interface under com-
pression combined with shear load using the MD simulation method is studied. This
combination of compression and shear is the attempt to realize HPT which was success-
fully used to obtain in situ composites. The present work is the continuation of the previous
work by authors of [31], in which preliminary results were published. To study the strength
of obtained mixed structure on the Al–Mg interface, a tensile strain is applied to the sample.

2. Computational Methods

To study the process of atomic mixing under deformation treatment near the interface
of different metals, MD modeling of Mg–Al sample, containing an interfacial boundary
was used. The cubic sample contained 54,170

atoms and was a simulation box with a dimension of 10.0 × 10.0 × 10.0 nm3. The
contact surfaces of Mg and Al were (0001) and (001) planes, respectively. The Al and Mg
layers were 5.0 nm thick. The schematic of the initial structure is shown in Figure 1, where
the face-centered cubic (FCC) Al is bordered by the hexagonal (HPC) Mg. The atomic
radius of Al was 143 pm and for Mg was 160 pm; atomic masses were 26.98 for Al and
24.307 for Mg. The interlayer distance between two crystals was calculated as (aMg + aAl)/2
= 3.6 Å. Periodic boundary conditions were applied along x, y, and z. Melting temperatures
of Al and Mg were close and equal to 660 ◦C and 650 ◦C, respectively.

The sample with the minimized interfacial boundary energy was used for modeling.
To obtain the initial structure in an equilibrium state, the minimal energy of the system
was achieved by the multiple corrections of the atomic positions with the help of the
steepest descent method, terminated if the variation in the energy or force was less than
a given value. The initial structure was relaxed until the local or global minimum of
the potential energy was reached. The simulation run was terminated when one of the
stopping criteria (energy or force) was satisfied. The main goal of the relaxation process,
in this case, was to obtain equilibrium stresses on the interface. After several numerical
experiments with different parameters of minimization, stopping tolerance energy 10−24

and stopping tolerance force 10−26 eV/Å were chosen. In the present case, the setting
of tolerance force 10−26 means no x, y, and z component of the force on any atom will be
larger than 10−26 eV/Å after minimization.

Figure 1. Schematic of the initial sample.
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After the minimization process at 300 K, the simulation box was initially stress-free.
The equilibrium state implies that normal stresses σzz in the two crystals are zero; the
summation of stress σxx in the two crystals and the summation of stress σyy in the two
crystals are zero. Moreover, the two dimensions of the sample (x and y) were not arbitrarily
chosen because of the incommensurate nature of the FCC and HCP crystals but were
determined such that the strains imposed on Al and Mg semi-infinite perfect crystals were
minimized, ensuring periodic boundary conditions and equilibrium of the initial structure.

The simulations were carried out by MD using the large-scale atomic/molecular mas-
sively parallel simulator (LAMMPS) package. For temperature control, the Nose–Hoover
thermostat was applied. Verlet algorithm to integrate the Newtonian equation of motion with
an integration time-step of 2 fs was used. The well-approved Mg–Al embedded atom method
(EAM) potential [32] was used in the molecular dynamics model. The EAM potentials for Al
and Mg have been constructed on the basis of the experimental data and successfully used for
a previous simulation in [33].

To obtain the composite structure and mixing of the atoms near the Al–Mg interface,
uniaxial compression normal to the Al–Mg interface (εzz < 0), combined with shear in the
interface plane (εxy in this case), was applied. It should be noted that in accordance with the
deformation mechanism inserted in the LAMMPS simulation package, shear deformation
is simply the change of the xy, xz, and yz tilt factors of the simulation box with the given
strain rate [34]. To apply compression deformation, change of the specified dimension of
the box via constant displacement (in this case, it was applied along z-dimension), which is
effectively a constant engineering strain rate, occurred.

As previously shown [31,33], pure compression is not efficient enough to obtain
composite. Thus, in this study, compression was combined with shear to reproduce analog
to high-pressure torsion. Strain rates were ε̇zz = 6.2×10−8 ps−1 and ε̇xy = 6.2×10−7 ps−1.
Numerical experiments were conducted at room temperature 300 K, since it is the usual
temperature for experiments.

In Figure 2, the stress–strain curve of the sample under compression is presented,
along with the snapshots of the structure at three strain stages. There are several different
possibilities to present stress–strain curves and calculate equivalent stress and strain in
experiments when HPT is conducted [35–38]. However, the most useful equations for
calculations of equivalent stress and strain proposed previously are not always suitable [38],
especially when considering such a simple simulation, in which just two strain components
are realized. For the present model, recalculation of compressive and shear stress and strain
to the equivalent one can become physically unreasonable. Thus, stress–strain curves were
presented for both components. Further, the shear strain is mentioned as characteristic for
the description of the obtained results, since shear strain, in particular, results in better
mixing of atoms.

The course of the curve for compression (see Figure 2a) before step II is almost linear,
without considerable stress fluctuations, in comparison with the curve after step III. As it
can be seen from the snapshots of the structure, even at εxy = 0.5 (εzz = 0.05), very good
mixing of the atoms occurred, However, the strength of the interface and microstructure
peculiarities should be estimated. In comparison with compressive components, shear
stress is low (about 1 GPa), while the achieved strain is 10 times higher.

To check the strength of the obtained composite, tensile loading normal to the Al–Mg
interface was applied (εzz > 0 in this case). Since this work is an attempt to reproduce the
experimental work, all the parameters were chosen to be close to the experimental. Thus,
tensile numerical tests were conducted at 300 K, which is usual for experiments. The tensile
strain imposed in this simulation was performed by deforming the simulation box. During
the dynamic loading, the stress was attained by the averaged stress, and the strain was
derived from the positions of the periodic boundaries along the z-axis.

Tensile strain was applied after three steps of deformation and to the initial structure.
The structure of the composite, obtained after compression to stage I, was considered as
initial for the tensile test and was not additionally relaxed or changed. The same principle
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was applied for structures after compression to stage II and III. Thus, structures at points I,
II, or III in Figure 2 are considerably stressed and at non-equilibrium.

Figure 2. Stress–strain curves during uniaxial compression normal to the Al–Mg interface combined
with shear: (a) compressive strain and stress; (b) shear strain and stress; (c) the snapshots of the
structure at three stages of deformation. The red color is for Mg atoms, the blue color is for Al atoms.

Visualization of MD simulation data and structure analysis were carried out using the
VMD [39] and OVITO [40] tools.

3. Results

3.1. Composite Fabrication

During deformation treatment, considerable mixing of Al and Mg atoms occurred
through the interface. In Figure 3, changes of the atomic positions through Al–Mg interface
for 0.0 < εxy < 1.6 are presented. Mg block in the model is shifted to the right by about
100 Åfor a clearance. As it can be seen, mostly, atomic mixing occurred during the first
deformation stages εxy < 0.4. The first atomic movement occurred at εxy = 0.017 simultane-
ously with the appearance of base-centered cubic (BCC) lattice defects in the Mg part of
the sample. Atomic positions between εxy = 0.027 and εxy = 0.4 are not presented since the
continuous atomic movement occurred: Al atoms move towards the Mg part of the sample
and vise versa.

The process of atomic migration can be better described by the average and maximum
distances of an atomic displacement in comparison with the initial position of the boundary,
which is presented in Figure 4. The value of Δz is calculated as the average movement of
the atoms from the initial position of the interface. At εxy = 0.017, Al atoms moved from the
atomic planes closest to the interface for Δzmax = 2.2 Å, and Mg atoms at the same strain
moved for Δzmax = 2.3 Å. Considerable displacement of Al (Mg) atoms inside Mg (Al) part
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of the sample occurred before εxy=0.4, with the average displacement for 4 Å, while for
0.04 < εxy = 1.6, the average atomic displacement is about 2 Å.

Figure 3. Changes of the atomic positions through Al–Mg interface: (a) for 0.0 < εxy < 0.4 and (b) for
0.4 < εxy < 1.6. Different colors correspond to different deformation stages. Only part of the sample is
presented.

Figure 4. Changes of the atomic positions Δz as the function of compression strain. (a) Δzav, (b)
Δzmax.
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As it can be seen from Figure 3, both average distances and changes of the maximum
atomic displacements can be described by the power function for both metals. It is well
seen that ε = 0.4 is enough to obtain good mixing of the atoms near the interface. After
ε = 1.6, compression strain begins to prevent mixing, since the structure near the boundary
is strongly compressed. As it is found, Al atoms move towards the Mg part of the sample
slightly better, which is connected with the difference of the lattices: Mg HPC lattice is not
as densely packed as FCC Al lattice. However, it should be mentioned that the number
of Mg atoms moving into the Al part is almost equal to the number of Al atoms moving
into the Mg matrix. This can be explained by the similarity of the atomic radii of Mg and
Al. The lack of difference in the melting point for Mg (923 K) and Al (933.5 K) is worth
considering, which means the bonds in both metals are similarly stronger to fracture. For
both metals, a symmetrical binding movement occurred during the deformation of the
initial sample.

In accordance with common-neighbor analysis (CNA), during the first stage of defor-
mation (until εxy = 0.4), the Al part of the sample preserves FCC lattice, and the Mg part of
the sample preserves HCP lattice with the appearance of BCC lattice. After εxy = 0.0015, a
considerable number of dislocations appeared in the Al part, about two times more than in
Mg. Dislocations in the Mg part rapidly move and disappear during shear, while in Al,
they change type but never entirely disappear. Numerous dislocations appeared on the
interface during a mixture of Al and Mg atoms.

For the first chosen stages I and II (before ε = 1.0), in the Mg part, mostly the HCP
lattice can be seen from CNA, but further, the share of the BCC lattice increases, which is
the main difference between structure at stage I and II, in comparison with stage III.

Although mixing dynamics is quite similar, structural transformations during com-
pression to εxy = 0.5, εxy = 1.0, and εxy = 1.6 are different. The structure obtained after
stages II and III are similar, in comparison with structure after stage I, which means that
the strength of the final composite would be different.

In the experiment [9,10,12,13,17], annealing at 450 ◦C is applied after the initial defor-
mation of the Al–Cu composite. It is observed, that after annealing, two more intermetallic
phases have appeared in the structure, and microhardness increase two times. Although
this work is also based on the experiment on Al–Mg composite fabrication, there are no
published results for Al–Mg annealed after HPT.

In the present work, annealing at temperatures between 250 and 450◦ was conducted.
However, no noticeable effect is observed for all the considered temperatures. Limitations
of the MD model do not allow us to simulate annealing since considerable time is required
for this process. Even four times bigger annealing time is not enough.

3.2. Al–Mg under Tension

In Figure 5, stress–strain curves with characteristic marks during tensile loading
normal to the Al–Mg interface are presented for the tension of the initial sample (black
curve, 1) and tension after compression at stages I (red curve, 2), II (green curve, 3), and III
(blue curve, 4). Several pop-in events are observed on the stress–strain curves, which can
be attributed to the release of strain energy accumulated during the deformation through
defect activities. To analyze deformation mechanisms and strength of the composite,
snapshots of the structure during tensile loading are presented for curves 1–3 in Figure 6, in
accordance with CNA, and for curve 4 in Figure 7, in accordance with CNA and dislocation
analysis.

The first structural changes of the initial sample occurred at ε = 0.03 in the Mg part of
the sample (see Figure 6a). Fracture is observed in the Mg part of the sample at ε = 0.045
(shown by a circle in Figure 6a). Close to this limit, dislocations appeared in Mg together
with other structural defects. This result is quite expected since Mg is well known for
having low strength. However, this result is important for further comparison.
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Figure 5. Stress–strain curves during tension normal to the interface region after different initial
compression strain: after εxy = 0.5 (2); εxy = 1.0 (3), and εxy = 1.6 (4).

Figure 6. Snapshots of the structure in accordance with stress–strain curves shown in Figure 5: (a)
tension of the initial sample; (b) tension of the sample after compression, stage I; (c) tension of the
sample after compression, stage II. All atoms are colored by the CNA parameter, where HCP atoms
are red, FCC atoms are green, BCC atoms are blue, and other atoms are gray.

From Figure 6b, it can be seen that fracture of the sample compressed to stage I
occurred at ε = 0.15 on the boundary between Al and Mg, where the mixed structure is
obtained. This means that the interlayer part is even weaker than the Mg part (see also
Figure 5, curves 1 and 2). At tensile strain ε = 0.0, there are two lattices in the MG part of
the sample—HPC (red atoms) and BCC (blue atoms); however, after ε = 0.06, BCC phase
almost disappears. It should be noted that a single HCP atom layer represents a twin
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boundary, two adjacent HCP atom layers present an intrinsic stacking fault, and an FCC
atom layer in the middle of two HCP atom layers stands for an intrinsic stacking fault. As
in the experiments or other MD simulations, twinning is one of the effective mechanisms
of deformation for Mg [41,42].

From Figure 6c, it can be seen that fracture of the sample compressed to stage II
occurred at ε = 0.194 in the Mg part of the sample, between two boundary regions. At ε
= 0.047, the share of the BCC phase considerably decreases; however, the Mg part of the
sample contains the BCC phase during the whole deformation process.

Figure 7 presents a series of snapshots exhibiting the defect evolution during tension
after stage III of compression corresponding to the characteristic points marked in the
stress–strain curve 4 of Figure 5. This case is chosen for detailed analysis because the
strength of the sample after stage III is the highest. The other atoms are colored grey,
the HCP atoms are colored red, BCC atoms are colored blue, and the FCC atoms are
colored green. In accordance with the OVITO dislocation extraction algorithm, the stair-rod
dislocation lines are colored purple, the Hirth dislocation lines are colored yellow, Frank
dislocation lines are colored light blue, the Perfect dislocation lines are colored blue, and
the Shockley dislocation lines are colored green.

Figure 7. Snapshots of the structure in accordance with stress–strain curve shown in Figure 5 for
tension after stage III. All atoms are colored by the CNA parameter, where HCP atoms are red, FCC
atoms are green, BCC atoms are blue, and other atoms are gray.

After compression to ε = 0.16, the BCC phase is dominant in the Mg part of the sample.
It should be mentioned that an even boundary region with mixed Al and Mg atoms is
shown by green FCC lattice. At tensile strain ε = 0.04, the BCC phase almost disappears,
and this region on the stress–strain curve is almost linear. Curves 3 and 4 from Figure 5
coincide before ε = 0.045, and both have similar structural transformations. Numerous
dislocations appeared on the interface between Al and Mg.
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At point C, new dislocations appeared in the Mg part, while dislocation distribution
in Al remained almost the same from ε = 0.05 to ε = 0.1. After ε = 0.1, dislocation network
is developed, mainly in the Mg part, until a tensile strain equal to 0.15 is achieved. After
that, as it can be seen from Figure 5, on curve 4, no pop-in events are observed, which is
connected with the total change of the dislocation structure (Figure 7F,G).

Fracture occurred at ε = 0.22 on the opposite side of the crystal, which cannot be seen
in Figure 7G, but the crack appeared in the Mg part of the composite, where the BCC
phase is localized. Close to the strength limit, almost all dislocations disappeared from the
structure.

4. Conclusions

Molecular dynamics simulation was used to study and analyze atomic movement on
the Al–Mg interface under high pressure combined with shear strain. The proposed model
was based on the scenario, experimentally observed previously in [9,10,12,13,17] for Al–Nb
and Al–Cu composites. It is found that compression combined with shear is an effective
method to obtain composite structure on the Al–Mg interface.

Considerable mixing of Al and Mg atoms occurred after compressive strain 0.04, with
simultaneously applied shear strain 0.4; however, it is found that at this stage, the mixed
Al–Mg region is weak, and fracture occurred on the boundary region. Further deformation
treatment is required to obtain the formation of a strong interface. From the tension tests,
it is found that there is a critical compression level after which no considerable structural
changes can be achieved. Moreover, the higher the applied shear strain is, the higher the
strength of the composite is.

In the present work, no effect is observed after annealing of the compressed samples, which
is in contradiction with previous experimental results on the Al–Cu interface [9,10,12,13,17].
This can be explained by the difference in the metals used for composite fabrication, the
weaknesses of the methodology, or by the lack of understanding of how to find better annealing
temperatures. The temperature of 450 ◦C chosen from the experiments for Al–Cu does not
facilitate the mixing of the atoms.
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Abstract: In this study, a nano-composite material of a nanostructured Al-based matrix reinforced
with Fe40Al intermetallic particles was produced by ball milling. During the non-equilibria pro-
cessing, the powder mixtures with the compositions of Al-XFe40Al (X = 5, 10, and 15 vol. %) were
mechanically milled under a low energy regime. The processed Al-XFe40Al powder mixtures were
subjected to uniaxial pressing at room temperature. Afterward, the specimens were subjected to a
sintering process under an inert atmosphere. In this thermal treatment, the specimens were annealed
at 500 ◦C for 2 h. The sintering process was performed under an argon atmosphere. The crystallite
size of the Al decreased as the milling time advanced. This behavior was observed in the three
specimens. During the ball milling stage, the powder mixtures composed of Al-XFe40Al did not
experience a mechanochemical reaction that could lead to the generation of secondary phases. The
crystallite size of the Al displayed a predominant tendency to decrease during the ball milling process.
The microstructure of the consolidated specimens indicated a uniform dispersion of the intermetallic
reinforcement phases in the Al matrix. Moreover, according to the Vickers microhardness tests, the
hardness varied linearly with the increase in the concentration of the Fe40Al intermetallic phase
present in the composite material. The presented graphs indicate that the hardness increased almost
linearly with the increasing dislocation density and with the reduction in grain sizes (both occurring
during the non-equilibria processing). The microstructural and mechanical properties reported in this
paper provide the aluminum matrix composite materials with the ideal conditions to be considered
candidates for applications in the automotive and aeronautical industries.

Keywords: Al composite; Fe40Al intermetallic; mechanical milling

1. Introduction

Al-based alloys are widely used as parts and components in the automotive and
aerospace industry sectors due to their high ductility, specific strength, formability, and
stiffness [1]. However, both pure Al and Al alloys possess low hardness and poor wear
resistance. A well-known strategy to improve the wear resistance of Al and Al alloys is to
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produce Al composites. In this sense, it is well known that Al composites provide better
wear resistance and improved bulk mechanical properties [2]. In particulate metal matrix
composites (MMCs), the function of reinforcement particles is to strengthen the metal
matrix. The mechanical behavior of the MMCs is greatly influenced by the properties of the
matrix and reinforcement, volume fraction, their distribution, and size of reinforcement,
as well as the interfacial strength between the matrix and reinforcement [1]. Adequate
distribution of the particulate reinforcement in the metal matrix can be attained by the ball
milling technique [3–8].

Aluminum matrix composites have been produced using two methods—liquid state
processing (ex-stir casting) and solid-state processing (powder metallurgy, mechanical
alloying). In the powder metallurgy processing method, the Al matrix and reinforcement
are mixed in order to be compacted with a subsequent sintering process to gain strength.
Aluminum MMCs are typically reinforced by oxides or ceramic particles. Considering
that in ex situ processing, the reinforcement is added externally to the liquefied metal,
problems of wettability and particle agglomeration needed to be resolved [9]. In this
regard, the powder metallurgy method emerged with the aim of avoiding wettability and
agglomeration problems and promoting a uniform dispersion of reinforcement in the Al
matrix. Another strategy to counter the disadvantages of utilizing ex situ processing is to
use phases other than ceramics as reinforcements. For example, intermetallic compounds
could be considered candidate materials to reinforce Al matrix composites since ordered
intermetallic compounds based on the aluminides of transition metals, such as Fe, Ni, Nb,
Ti, and Co, have been assessed and studied for their potential application as structural
materials at medium and high temperatures [10]. Moreover, the Al contents of these
compounds induce the formation of a passive layer of Al oxide, which is responsible for
very good corrosion and oxidation resistance at elevated temperatures [11]. Iron aluminides
of the type Fe-Al and Fe3Al exhibit excellent mechanical resistance at high temperatures,
low densities, high melting points, and good structural stability; however, efforts were
applied to enhance the ductility and impact resistance of these compounds [12].

In terms of producing an MMC with improved mechanical properties along with
low density, intermetallic compounds are very suited to these purposes. For example, the
intermetallic phases of the Al-Ca binary alloy system are among the materials that can
produce very light metal matrix composites, as these phases are extremely low in den-
sity [13]. The mechanical resistance of MMCs is significantly influenced by the interfacial
strength between the matrix and reinforcement, which depends on the wettability between
the metal and reinforcing particles. In this sense, it has been reported that intermetallics
can be wetted by molten metal without difficulty. Additionally, they exhibit comparable
mechanical behavior and a coefficient of thermal expansion closer to that of Al when
compared to hard ceramic phases [14]. Therefore, in recent times, intermetallics based
on Ni-Al and Ti-Al systems have been investigated as a new type of reinforcement for
MMCs [15–18]. It is worth noting that the stiffness and wear behavior of the MMCs can be
enhanced by the addition of intermetallics.

Thus, the purpose of this investigation was to take into account the advantages
provided by the powder metallurgy route and the excellent properties that intermetallic
compounds possess, in order to fabricate Al matrix composites reinforced with inter-
metallics of the Fe-Al system. Another goal was to analyze and study the influence of the
processing parameters on the microstructure and hardness of the composites in order to
achieve desired properties for automotive or aeronautic applications.

2. Materials and Methods

Processing route. The stages that were carried out in the processing route developed in
this work are described below.

First, cast ingots of binary Fe40Al intermetallic compound were prepared using a
high-frequency induction furnace at around 1500 ◦C, as shown in Figure 1a. High purity
(99.9%) Fe and Al were placed inside a silicon carbide crucible for induction melting.
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The molten Fe–40 wt.% Al (labeled Fe40Al hereafter) alloy was poured into a rectangular
parallelepiped steel mold and subsequently solidified as it cooled until it reached room
temperature; these cooling conditions resulted in a coarse-grained microstructure. Then, in
order to pulverize the ingots of the intermetallic compound, small pieces of the ingot with
approximate measurements of 1 cm in height × 1 cm in length × 0.5 cm in width were cut.
Then, these small ingot pieces were mechanically struck with a hammer, taking advantage
of the fragility of the Fe40Al intermetallic compound in order to obtain a powder of this
material with a particle size of less than 1 mm. Subsequently, the intermetallic composition
powders were subjected to mechanical milling, and thus, their final size was obtained
at this stage (see a schematic representation in Figure 1b). After, the powder mixture
of Al and Fe40Al was subjected to planetary ball milling for various periods in order
to reduce the particle sizes of both phases, obtain a uniform distribution of the Fe40Al
intermetallic compound in Al, and induce the homogenization of the chemical elements in
the powder mixture (see the illustrative image in Figure 1c). Then, the powder mixture
of the Al and Fe was uniaxially pressed at room temperature in a cylindrical mold, as
shown in Figure 1d. Subsequently, the green compacts obtained by uniaxial pressing were
subjected to a sintering process in a conventional furnace under an argon atmosphere (see
the illustration presented in Figure 1d).

Figure 1. The processing route developed in the present work, involving melting and casting along with some powder
metallurgy techniques of powder.

The processing parameters of each of the stages involved in the processing route
developed in the present work are described as follows.

Materials. The elemental powders of metallic Al and intermetallic Fe40Al (99.9%
purity) were blended in a mortar—three-particle volume fractions of 5, 10, and 15% of
Fe40Al intermetallic particles, were added to the aluminum powder.

Composite powder. The powder mixture was introduced, under an argon atmosphere,
to a hardened steel vial with balls of the same material. Analytical grade methyl alcohol,
used as a process control agent, was added at a ratio of 0.003 mL per gram of mixture.
Later, the mixture was mechanically milled by utilizing a planetary mill at a speed of
250 RPM during different milling times: 0.5, 1, 2, 4, 6, and 8 h. During the ball milling tests,
a balls-to-powder weight ratio of 10:1 was employed.

Consolidation of composite powders. The powder mixture that was milled for 8 h was
uniaxially pressed by using a pressure of 15 tons with a hydraulic press. The resulting
compacts possessed a diameter of 3/8 in and 1

4 in of height. Then, the green compacts were
sintered at 500 ◦C for 2 h with subsequent cooling inside the furnace.

Characterizations. The evolution of the morphology, the particle size, and the distribu-
tion of the chemical elements of the powder mixture were analyzed in a scanning electron
microscope (SEM, Stereoscan 440), which was connected to software for energy dispersive
spectroscopy (EDS). X-ray diffraction analysis was performed to determine and identify the
crystalline structure of the different phases that remained or were formed during milling,
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as well as to determine the crystallite size, crystalline state transitions, and the lattice
parameters from the X-ray diffraction peaks. To perform this analysis, a Bruker D2 Phaser
Diffractometer D500 was utilized, in which a voltage of 30 kV was applied with a current
of 20 mA. The samples were scanned with a filter of CuKα radiation with a wavelength of
λ = 1.5418 Å, using a step of 0.020◦/0.6 s in a range of 20◦ to 80◦. Vickers microhardness
measurements were performed in a Future-Tech Corp FM 700 microhardness tester to
determine the microhardness of the sintered samples.

3. Results

3.1. Microstructural Analysis by Scanning Electron Microscopy

Figure 2 presents the morphology of the elemental starting powders before the ball
milling process. These powders correspond to Al and Fe40Al, respectively. Figure 2a dis-
plays the irregular-shaped particles of Al (with a mean particle size of 2.7 microns ± 0.95).
Figure 2b exhibits the irregular-shaped Fe40Al intermetallic particles (with a mean particle
size of 27 microns ± 2.9).

Figure 2. Scanning electron micrograph of (a) Al powder particles and (b) Fe40Al intermetallic
powder particles. Particle size distributions of (c) Al and (d) Fe40Al.

Figure 3 presents the evolution of the particle morphology and size of the powder
mixtures of Al-5Fe40Al, Al-10Fe40Al, and Al-15Fe40Al respectively. Aiming to improve
the visibility and synthesize the results of the particle size, the micrographs corresponding
to 0, 2, 4, and 8 h of milling taken from each composition (Al-5Fe40Al, Al-10Fe40Al, and
Al-15Fe40Al), are presented in one figure. The scanning electron micrographs show that
the particle size decreased as the milling time advanced from 0 to 8 h in the cases of the
Al-10Fe40Al and Al-15Fe40Al powder mixtures. However, the particle size of Al-5Fe40Al
underwent a progressive diminution from the beginning to the end of the processing. In
addition, according to these micrographs, the particle morphology remained irregular.
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Figure 3. Microstructural evolution of the Al-5Fe40Al powder mixture composition as a function of
milling time: (a) 0 h, (b) 2 h, (c) 4 h, (d) 8 h. Al-10Fe40Al: (e) 0 h, (f) 2 h, (g) 4 h, (h) 5 h. Al-15Fe40Al:
(i) 0 h, (j) 2 h, (k) 4 h, (l) 6 h.
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In Figure 4, the particle size variation of the Al-5Fe40Al composite powder is presented.
It can be observed that the mean particle size decreased from around 4.7 microns to
1.6 microns as the powder mixture was milled from 1 h to 4 h. Between 4 h and the end of
the milling process, the particle size increased from 1.6 μm to 2.4 μm. This behavior could
be related to the predominance of welding among the particles. The size ranges of the
powder composite mixtures exhibited a slight tendency to narrow with the advancement
of the processing time.

Figure 4. Variations of the mean particle size with the processing time of all powder mixtures
(Al-5Fe40Al, Al-10Fe40Al, and Al-15Fe40Al) as a function of the ball milling period.

Additionally, in Figure 4, the particle size of the Al-10Fe40Al powder mixture and the
standard deviation as a function of the milling period are presented. This plot shows that
the particle size predominantly diminished from about 4.1 μm to 0.8 μm as the milling time
progressed from 1 h to 8 h. The size ranges related to the standard deviation of the powder
composite mixtures exhibited a very slight trend to decrease with the advancement of the
ball milling time.

Figure 4 also shows the particle size of the Al-15Fe40Al powder mixture. In this plot,
the particle size of the Al-15Fe40Al powder mixture decreased from 4.2 μm at 0 h to 2.8 μm
at 8 h of ball milling.

Similarly, the particle size distributions were applied to determine the mean particle
size and the size range of the powder particles in each specimen. The size ranges of the
powder composite mixtures suggest an almost imperceptible propensity to decrease as the
ball milling period progressed.

It is evident that the particle size variation as a function of milling time exhibited a
similar trend for the processing of the three powder mixtures (Al-5Fe40Al, Al-10Fe40Al,
and Al-15Fe40Al). This tendency indicates that extended milling times yield a more
uniform size of powders and smaller mean particle sizes.

Since the constituents of a powder mixture are ductile–brittle components, in this case,
at the beginning of milling, the irregular shapes of the ductile aluminum particles were
transformed into a flat flake morphology by the ball–powder–ball collisions, while the
fragile particles corresponding to the Fe40Al intermetallic compound were fragmented.
These brittle Fe40Al particles tend to be occluded by ductile aluminum particles and settle
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in interlamellar spacings. As the mechanical milling time progresses, the ductile aluminum
particles are hardened by the mechanical workings, and the lamellae become convoluted
and refined. As the grinding process takes place, the lamellae become more refined, the
interlamellar spacing decreases, and, in this case, the brittle intermetallic particles were
uniformly distributed throughout the ductile aluminum matrix. However, if the brittle
constituent is soluble, then the alloying process occurs between the brittle and ductile
components, tending towards chemical homogeneity [19]. In this case, the Fe element from
the Fe40Al intermetallic particles was solubilized in the Al matrix progressively during the
milling process.

3.2. Microstructural Analysis by X-ray Diffraction

Figure 5a,b depicts the X-ray diffractograms of the pure Al and Fe40Al intermetallic
phases, both in particulate powder aggregation. The X-ray diffractograms of Al exhibit the
(111), (200), (220), and (311) diffraction peaks, indicating that the crystal orientations inside
the powder particles were randomly distributed. In addition, Figure 5b illustrates the (110)
and (200) diffraction peaks related to the intermetallic particulate phase. In this case, the
presence of only two diffraction peaks could be due to a preferential crystallographic orien-
tation since the intermetallic particulate powder was produced by a solid-state trituration
and pulverization process from ingots with coarse grains.

Figure 5. X-ray diffraction profiles of (a) pure Al and (b) Fe40Al intermetallic phase.

Figures 6–8 depict the X-ray diffraction patterns of the powder mixtures subjected to
mechanical milling at various processing times. In accordance with the diffraction patterns,
only the diffraction peaks of Al can be predominantly observed. The presence of the
diffraction peaks of Fe-Al is negligible; this behavior could be related to the low content
of the intermetallic phase and the possible overlap of the peaks of the intermetallic phase
with those of aluminum. The highest peaks of Al pertain to the reflections produced by the
(111) crystallographic planes. From 0 to 8 h of milling time, the little peak corresponding
to the Fe40Al vanished progressively. This behavior could be related to a combined effect
consisting of the disorder or amorphization of the Fe40Al intermetallic phase during the
processing period.
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Figure 6. X-ray diffraction profiles of the powder mixture of Al-5Fe40Al at different processing times.

Figure 7. X-ray diffraction profiles of the powder mixture of Al-10Fe40Al at different processing times.
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Figure 8. X-ray diffraction profiles of the powder mixture of Al-15Fe40Al at different processing times.

There is no evidence of the presence of secondary phases that could have been pro-
duced by mechanochemical reactions among Al and Fe40Al. It can be observed that the
intensity of the Fe40Al diffraction peak increased as the content of the intermetallic phase
increased in the Al-xFe40Al powder mixtures. All the diffractograms show that the width
of peaks at half its height belonging to the Al exhibited a trend to increase as the milling
time elapsed. It is well known that this tendency is related to a decrease in the crystallite
size and the generation of lattice strain [20].

Figures 9–11 exhibit the dependence of the crystallite size as a function of the pro-
cessing time of the powder mixtures composed of Al-5Fe40Al, Al-10Fe40Al, and Al-15
Fe40Al, respectively. In this case, the nanometric size of grains was determined from
all the X-ray diffraction peaks, and a mean value of the crystallite size was calculated.
The crystallite size (nm) was computed by the typical method that employs the Scherrer
equation [21] by utilizing the width of the XRD diffraction peak at half its height. It is
worth noticing that the trend of the decreasing crystallite size in the ball milling process
has typically been reported in the literature where Al composite powders were subjected
to this non-equilibrium processing technique [22–25].
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Figure 9. Variation of crystallite size of Al and Fe40Al, lattice strain (Al), and dislocation density (Al) as a function of
processing time for Al-5Fe40Al powder mixture.

Figure 10. Variations of the crystallite sizes of Al and Fe40Al, lattice strain (Al), and dislocation density (Al) as a function of
processing time for the Al-10Fe40Al powder mixture.
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Figure 11. Variations of crystallite sizes of Al and Fe40Al, lattice strains (Al), and dislocation density (Al) as a function of
processing time for Al-15Fe40Al powder mixture.

Crystallite sizes were utilized to compute dislocation density. In a preliminary ap-
proach, dislocation density was considered to be at least one dislocation per crystallite.
Thus, in agreement with Equation (1), dislocation density (N) becomes the inverse square
of the crystallite size (Lc) [26].

N = (Lc)
−2 (1)

The variation of crystallite size for both the Al solid solution and Fe40Al intermetallic
phase, along with the lattice strain, dislocation density, and the processing period of the
Al-5Fe40Al powder mixture, is shown in Figure 9. This plot reveals that the nano-scaled
grain size of the (alpha) Al phase displayed a tendency to decrease from about 90 nm at the
onset of the process to around 65 nm at the end of mechanical milling (8 h). Concerning
the Fe40Al intermetallic compound, its nano-metric grain size underwent a reduction from
around 19 nm (at 0 h) to about 10 nm at 6 h; however, afterward, the powder mixture
increase from 10 nm at 6 h to around 13 nm at 8 h. The lattice strain presented in Figure 9
exhibited a trend of decreasing from 1 h to 8 h of milling; however, after 8 h of processing,
it displayed a trend of increasing until the end of milling. In this case, the fact that the
dislocation density continuously increased from the start of the process to the end of
15 h of milling suggests that the lattice strain decreased during the first 8 h of processing
because the Al phase predominantly experienced removal of vacancies, stacking failures,
and punctual defects, among others.

The fact that the nano-scaled grain size of the intermetallic iron aluminide showed a
decrease during the first 6 h and a subsequent increase up to 8 h of milling may be due to
the dynamic recrystallization nature that it is typically observed during the hot deformation
of ordered alloys. It was reported that during the deformation process within a temperature
range of 600–700 ◦C, where <111> super-dislocations operate, dynamic recrystallization
developed very slowly [27]. However, at temperatures within the interval of 750–900 ◦C,
where <100> super-dislocations operate, dynamic recrystallization progressed rapidly [28]
(Imayev et al., 1995).
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The changes in the crystallite sizes for both Al and Fe40Al phases, along with the
lattice strain, dislocation density, and the processing time of the Al-10Fe40Al powder
mixture are shown in Figure 10. This graph indicates that the nano-scaled grain size of
(alpha) Al phase displayed a decreasing trend from about (80 nm) at the beginning of
the process to around (57 nm) at the end of the ball milling (8 h). Regarding the Fe40Al
intermetallic phase, its crystallite size experienced a decrease from 19 nm at (0 h) to 16.5 nm
at (2 h) of milling; however, after that period, the powder mixture increased from 16.5 nm
at (2 h) to 18.5 nm at (6 h), and finally, decreased again after 6 h, until the nanometric
grain-size reached a value of 17 nm at the end of processing. The lattice strain exhibited
a decreasing trend from 1 h to 8 h of milling. In this case, the fact that the dislocation
density continuously increased from the start of the process to the end of the 15 h of milling
suggests that the lattice strain decreased during the first 8 h of processing because the Al
phase predominantly experienced removal of vacancies, stacking failures, and punctual
defects, among others.

The fact that the crystallite size of the intermetallic phase showed fluctuating behavior
as a function of processing time may be due to the dynamic recrystallization character
that is frequently observed in the hot deformation of ordered alloys. It could also be due
to the fact that local high temperatures in the impact zone of the balls can reach up to
600 ◦C and the temperature also varies depending on the impact mode. Thus, it is expected
that the dynamic recrystallization will be altered, considering as well that this process
operates very slowly in the temperature range of 600 to 700 ◦C [29]; however, at high
temperatures (750–900 ◦C), recrystallization develops rapidly [30]. This explains why the
irregular variations in crystal size depend on the dynamic recrystallization processes for
which the driving force is the temperature (which, in this case, varies from one point to
another in the impact zones of the balls) and deformation.

The variations of nano-scaled grain sizes for both Al and Fe40Al phases, along with
the lattice strain, dislocation density, and the ball milling time of the Al-15Fe40Al powder
mixture are displayed in Figure 11. This plot depicts that the nano-metric grain size of
the solid solution (alpha) Al showed a tendency to decrease from about (90 nm) at the
beginning of the process to around (61 nm) at the end of the process (8 h). Regarding
the Fe40Al intermetallic phase, its nanometric grain size decreased from around 19 nm
at 0 h of milling to about 16.8 nm at the end of processing. The lattice strain exhibited a
predominant decreasing trend for almost the entire processing period. Similarly, in this
case, the curve of the dislocation density versus the milling time depicted a continuous rise
from the beginning to the end of the non-equilibria processing; this behavior is reasonable
since the increase in dislocations was generated by a plastic deformation process that
took place during milling. In this way, during the deformation process, a hardening of
the particles was induced by the increase in dislocation density, which, at the same time,
contributed to inducing the fracture of particles. This tendency is in agreement with the
continuous decrease in the size of particles as the milling time elapsed. A continuous
increase in the dislocation density led to restricted dislocation motion, and afterward, led
to their accumulation. When the dislocation density reaches a certain value, the crystal
disintegrates into subgrains, which are separated at the beginning by low-angle grain
boundaries. This process is repeated over and over until a final grain size is attained.

The crystallite size of the intermetallic compound decreased from the beginning of
the process up to 6 h of milling, but after that period, the nanometric grain size decreased
slightly from about 16 nm to 17 nm until the end of the mechanical milling. This behavior
could be explained in terms of the complexity of the recovery and recrystallization process
that develops in ordered alloys during milling. The intricate kinetics of these processes are
related to the following observations: the drastic reduction in grain motion in ordered alloys
severely delays recrystallization, a temperature interval is present where recrystallization
does not develop, and the pre-recrystallization behavior relies on the annealing temperature
and alloy composition.
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Figure 12 shows Vegard’s law plot calculated from the reticular constants obtained
using the experimental results of the three Al-xFe40Al powder mixtures. This plot shows
that the lattice parameter of Al or the solid solution Al-Fe varies mostly in a linear way
from 0 to 8 h of ball milling. In this case, the physical origin of the deviations of the lattice
constants from Vegard’s law could be mainly due to the large size mismatch between Al
and Fe [31]. Figure 12 exhibits that a solid solubility of about 0.02% was reached in the
case of Al-5Fe40Al and Al-10Fe40Al powder mixtures. However, the Al-15Fe40Al powder
mixture exhibited a solid solubility of about 0.012%.

Figure 12. Variations of the sizes of lattice parameters of Al in Al-5Fe40Al, Al-10Fe40Al, and Al-
15Fe40Al (vol. %) powder mixtures as a function of the milling period.

3.3. Microstructural Characterization by Microscopy of Consolidated Specimens

Figure 13 shows optical micrographs corresponding to the Al-5Fe40Al, Al-10Fe40Al,
and Al-15Fe40Al consolidated samples. Figures 13a,b and 14c show bright phases (Fe40Al)
uniformly distributed in a dark grey matrix (Al). The bright intermetallic phases presented
an irregular morphology. The mean particle size corresponding to the intermetallic phase
in Al-5Fe40Al composite was 9.2 microns with a standard deviation of ±3.6. Regarding
the mean particle size of the Fe40Al particles in the Al-10Fe40Al composite, the computed
value was 9.5 microns with a standard deviation of ±4.8. Concerning the mean particle
size of the reinforcement Fe40Al particles in the consolidated composite Al-15Fe40Al, the
calculation procedure gave a value of 10.8 microns with a standard deviation of ±4.1.
This uniform size of intermetallic particles indicates that during milling, there was not
a significant decrease in its size; however, the size of the Al particles exhibited a higher
decrease percentage. Figure 13d–f exhibits the distribution of the precipitate size of the
Fe40Al intermetallic particles. In the first composite composition, Al-5Fe40Al, most of the
Fe40Al intermetallic particles are within the size interval of 4.4 to 8 μm. Concerning the
composite composition of Al-10Fe40Al, most intermetallic particles are within the size
interval of 8.8 to 20.8 μm.
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Figure 13. Optical micrographs of consolidated specimens, (a) Al-5Fe40Al, (b) Al-10Fe40Al, and (c) Al-15Fe40Al. Particle
size distribution: (d) Al-5Fe40Al, (e) Al-10Fe40Al, and (f) Al-15Fe40Al.

Figure 14. X-ray diffraction spectra of the sintered Al-5Fe40Al, Al-10Fe40Al, and Al-15Fe40Al specimens.

3.4. Microstructural Characterization by X-ray Diffraction of the Consolidated Specimens

Figure 14 exhibits the X-ray diffraction profiles of Al-xFe40Al specimens after the
sintering treatment. The diffraction peak corresponding to the Fe40Al intermetallic phase
grew after the sintering heat treatment. In this case, the intensity of the diffraction peak of
the intermetallic phase was significantly greater than those observed in the X-ray diffraction
peaks of the specimens that were mechanically milled. This behavior could be related to
the crystallization of the Fe40Al intermetallic phase, which was induced by the sintering
process. First, the Fe40Al intermetallic phase underwent amorphization during the ball
milling process, and after, the compound crystallized because of sintering. Moreover, it is
worth noticing that during the sintering, the crystallite size of the aluminum increased in
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accordance with the following percentages: in Al-5Fe40Al—29.6%, in Al-10Fe40Al—57.3%,
and in Al-15Fe40Al—31.01%.

3.5. Microhardness of Sintered Samples

Figure 15 displays the three values of the hardness of the Al-5Fe40Al, Al-10Fe40Al,
and Al-15Fe40Al composites determined in the present work, with values of 84.6, 101.1,
and 107.2 VPN, respectively. In this case, the hardness also varied almost linearly with an
increase in the volume fraction of the reinforcement phase [32]. In addition, the microhard-
ness value of the pure Al utilized as the matrix is presented in the above-mentioned plot.

Figure 15. Vickers microhardness of composite materials Al-5Fe40Al, Al-10Fe40Al, and Al-15Fe40Al
compared with the predicted values of hardness of various composites reinforced with Fe50Al
intermetallics under different processing conditions.

Aiming to compare the hardness values measured in the present work with a theoreti-
cal basis, a model that describes the variation of hardness as a function of the reinforcement
phase concentration was developed. In this theoretical model, the hardness values of pure
Al and those of the Fe50Al intermetallic compounds (under different processing conditions)
were taken from the literature [33]. The composition of the Fe50Al intermetallic phase was
considered since its hardness is similar to that of the Fe40Al intermetallic phase. Then,
the hardness values were modeled as a function of the volume fraction of the reinforce-
ment phase (Fe50Al), in accordance with the rule of mixtures that is represented by the
following equation:

pc = ∑ fi pi = f1 p1 + f2 p2 + . . . + fn pn (2)

where pc is the property of compound; p1, p2, . . . pn are the properties of each of the
constituents of composite material, and f 1, f 2, . . . fn are the volume fractions of each of the
components. However, the property modeled here was hardness.

Figure 15 displays the variation of hardness modeled as a function of the volume
fraction of the reinforcement phase (Fe50Al), considering, in all cases, an aluminum (Al)
matrix. The three curves presented in this plot were generated by considering the hardness
of the Fe50Al intermetallic compounds reported in previous works that were processed
under the following parameters: water quenched, furnace cooled at 100 k/h, and annealed
at 673 K for 118 h [33]. In these three curves, the hardness of the Al matrix composite
changed linearly with increases in the Fe50Al reinforcement phase [32].
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It was observed that the hardness values of the Al-5Fe40Al, Al-10Fe40Al, and Al-
15Fe40Al measured in the present research exhibited higher values than the hardness
modeled as a function of the content of the Fe50Al reinforcement phase [33], as can be
observed in Figure 15. The hardening effect observed in the composite produced in the
present study is due to the hardening mechanism induced by the solid solution of solute
Fe in solvent Al, which promotes the formation of strain fields around solute atoms, which,
in turn, interact with the stress fields of dislocations and obstruct dislocation motion.
Other reasons that promoted the hardness increase in the sintered specimens were the
work hardening effect induced by the plastic deformation during milling, the continuous
generation of dislocations, and the interruption of dislocation motion [34].

Figure 16 shows the dependence of hardness on dislocation density. In this case, the
dislocation density was estimated from the Al-5Fe40Al, Al-10Fe40Al, and Al-15Fe40Al
specimens that were subjected to the ball milling process for 8 h. In this plot, a linear
relationship of both variables is depicted. For this analysis, the dislocation density was
considered to remain constant during sintering since the predominant material transport
mechanism occurs by surface, volume, or grain boundary diffusion, or even by vaporization
and re-condensation [35]. In addition, Figure 16 displays a relatively linear increase in
hardness with increasing dislocation density. This behavior is reasonable since, during the
mechanical milling, the particles experienced a plastic deformation. This phenomenon is
associated with the hardening of crystals due to an increase in the dislocation density and
the mutual interaction of dislocations. When dislocations move, they interact and change
their distribution and density, thereby causing hardening [36].

Figure 16. Variation of the Vickers microhardness with dislocation density and the inverse square
root of the grain size, illustrating a typical Hall–Petch linear relationship.

The variations of microhardness as a function of the grain size for the three composites,
Al-5Fe40Al, Al-10Fe40Al, and Al-15Fe40Al, are presented in Figure 16. In this plot, the
microhardness values are related to the inverse square root of the grain size by a common
Hall–Petch linear relationship. This correlation between the grain size and hardness was
demonstrated by a variety of previous research studies on unreinforced alloys of Al [37–39].

4. Conclusions

During the stage of the mechanical milling process, the particle size of the initial
powder mixtures of compositions Al-5Fe40Al, Al-10Fe40Al, and Al-15Fe40Al exhibited a
predominant decreasing trend as the milling time progressed from the beginning to the
end of the non-equilibria processing. For the case of the Al-5Fe40Al powder mixture, its
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particle size decreased from 4.7 μm at 0 h to 1.6 μm at 4 h, but after increased again up to
2.25 μm at 8 h. Regarding the Al-10Fe40Al powder mixture, its particle size decreased from
4.1 μm at 0 h to 0.9 μm at 8 h of processing. Finally, concerning the Al-15Fe40Al powder
mixture, its particle size decreased from 4.2 μm at 0 h to 2.8 μm at 8 h of ball milling.

The X-ray diffraction analyses revealed that the crystallite size of the Al decreased
during all of the processing periods and for all three compositions, and the crystallite size
of the Fe40Al intermetallic phase tended to decrease during the first 4 h of milling. During
the mechanical milling, there was no evidence of the formation of additional phases that
could be formed by mechanochemical synthesis.

The crystallite size of the (α) Al phase in the Al-5Fe40Al powder mixture exhibited a
decreasing trend from 90 nm at the onset of the process to 65 nm at the end of mechanical
milling (8 h). Regarding the Al-10Fe40Al powder mixture, the nanometric grain size of
the (α) Al phase displayed a decreasing trend from 90 nm at 0 h to 57.5 nm at 8 h. Finally,
concerning the Al-15Fe40Al powder mixture, the nano-scaled grain size of the (α) Al phase
showed a propensity to decrease from 90 nm at (0 h) to 61 nm at (8 h).

During ball milling, the Fe dissolved progressively in the Al matrix. In this case, the
lattice parameter of the Al followed Vegard’s Law since the reticular constant changed
almost in a linear way with the percentage of the Fe dissolved in the Al matrix. Consolida-
tion of the Al-xFe40Al powder mixtures produced solid and rigid pieces with low volume
fractions of porosity, and optical micrographs revealed a uniform distribution of the Fe40Al
intermetallic phase on the Al matrix. Moreover, XRD analyses of the consolidated speci-
mens indicated that there was no evidence of the formation of secondary phases during
the sintering process. During the mechanical milling, the intermetallic phase experienced
amorphization; however, during sintering, the amorphous phase recrystallized again, as
revealed by the definition of the diffraction peaks of the Fe40Al phase in the XRD patterns.

The addition of Fe40Al to the Al matrix effectively induced a hardening effect. This
may have been due to the mechanisms of solid solution hardening, plastic deformation, and
precipitation. Likewise, the observed hardening can be modeled in terms of the rule of mix-
tures as a fundamental mathematical expression of the properties of composite materials.

Microhardness (Vickers) of the Al-XFe40Al composites exhibited an increasing trend
from 84 VPN with 5 vol. % of Fe40Al reinforcement up to 107 VPN when Fe40Al reinforce-
ment was added in 15 vol. %.

The graph, representing the microhardness as a function of dislocations density
and grain size, indicates that the hardness increased almost linearly with the increasing
dislocations density and decreasing grain size.
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Abstract: The paper shows the applicability of data on the evolution of the elastic modulus measured
by the instrumented microindentation technique to the determination of accumulated damage in
metal matrix composites (MMCs) under high temperature deformation. A composite with a V95
aluminum alloy matrix (the Russian equivalent of the 7075 alloy) and SiC reinforcing particles is
used as the research material. The metal matrix composite was produced by powder technology.
The obtained results show that, under macroscopic compression at temperatures ranging between
300 and 500 ◦C, the V95\10% SiC MMC has the best plasticity at 300 ◦C. At a deformation temperature
of 500 ◦C, the plastic properties are significantly lower than those at 300 and 400 ◦C.

Keywords: damage; elastic modulus; microindentation; metal matrix composite; high temperatures;
aluminum; 7075 alloy

1. Introduction

Practical problems of materials processing by plastic deformation often require dam-
age criteria and damage models, with the help of which it would be possible to assess the
deformation ability of materials in various technological processes [1–5]. After thermo-
mechanical deformation, damage models are most often experimentally identified and
verified on the basis of density measurements of deformable material specimens [6–9],
metallographic analysis [6,8,10,11], computed tomography [12,13], as well as on the basis of
measurements of physical characteristics implicitly dependent on metal imperfection, such
as the elastic modulus [8,10,13], hardness [10,14], electrical resistance [8,10,15], acoustic
emission characteristics [8,16], and heat dissipation [17–19].

Under severe plastic deformation of specimens, an inhomogeneous stress-strain state
is formed due to the loss of specimen stability. A neck is formed during tensile tests, and a
barrel is formed during compression tests. This is especially evident at high temperatures,
when lubricant effectiveness is greatly reduced, thus making the specimen barrel-shaped.
In this case, the stress state and accumulated strain in the specimen strongly depend on the
area under consideration. The smallest strain is concentrated at the specimen–die contact,
the largest strain being found in the specimen center. Under certain conditions, the sign
of the stress-state factors on the specimen side surface can reverse. Therefore, the level
of accumulated damage in a specimen is significantly heterogeneous in volume, and the
use of macro-level tests for determining the relation of accumulated material damage to
external thermomechanical effects may lead to a significant error. As a result, micro-level
testing is required to find the relationships between the stress-strain state history and
material damage.

Methods for determining damage at the micro-level are based on data of metallo-
graphic analysis, computed tomography, hardness and elasticity measurements. The
former two methods are direct methods for measuring damage, and they are theoretically
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the most accurate. However, their practical application is inconvenient. In the metallo-
graphic method, it is rather difficult to prepare a thin section where there would be no
particles of the composite matrix or the alloy phase, which result from mechanical grinding
and polishing. Besides, microcracks and micropores are polished out during thin section
preparation. Another methodological difficulty of the metallographic technique is the
lack of reliable methods for detecting all submicropores and submicrocracks, as well as all
micropores and microcracks. At the moment, the only drawback of the technique based
on computed tomography data is the resolution of computer tomographs, which allow
us to detect reliably defects with a linear size of above 15 μm in real measurements of
metal-based specimens [12,20].

Methods based on measuring hardness and elasticity by instrumented indentation at
the micro-level avoid the disadvantages of the metallographic technique; however, they
have a number of other significant problems [13,21]. As shown in [13], the technique based
on hardness measurements cannot be used to calculate damage in metallic materials due to
the presence of competitive processes associated with hardening and softening as a result
of increasing material damage by defects. Damage determination based on elastic modulus
measurements is devoid of the disadvantages of the metallographic technique caused by
polishing out submicroscopic and microscopic material defects, as well as by their detection
methods. Besides, the elastic modulus is weakly affected by relaxation processes and by
grain shape and size [22,23]. Nevertheless, as shown in [13,21], the determination of the
elastic modulus in metallic materials at the micro-level by the Oliver-Pharr method has
a number of methodological difficulties, such as the effect of texture evolution on the
elastic modulus, phase transformations during deformation and the appearance of residual
stresses in materials, as well as the necessity to produce specimens with a surface plane
perpendicular to the indenter. The latter problem is fairly easy to solve, but the issues
related to the effect of residual stress formation, as well as texture and phase evolution,
on the elastic modulus cannot be easily resolved since these characteristics represent the
state of the material after deformation. The authors of [24] solved these problems for
the DP600 steel using heat treatment of the specimen, which included recrystallization
and recovery. Due to the thermal effect on the steel, they were able to restore the initial
grain microstructure and texture and to remove residual stresses. At the same time,
based on the metallographic method, the authors found that the density of specimen
defects remained unchanged. This allowed them to determine specimen damage using the
instrumented indentation technique. It was reported in [24] that this technique is laborious.
Besides, thermal effects reduce material damage [9,25], thus generally making it impossible
to use heat treatment to determine specimen damage proceeding from data on elastic
modulus evolution.

At high deformation temperatures, relaxation processes associated with dynamic re-
covery and recrystallization occur in metal materials. This forms new grains and decreases
texturization and residual stresses [26–29]. Thus, the deformation of metal materials under
conditions of dynamic structure formation can form material microstructure suitable for
the determination of damage in metallic materials from microindentation data.

Numerous studies have reported on the effect of thermomechanical conditions on
damage accumulation [9,25,30–33] and damage healing [9,25,34,35] in metals and alloys in
terms of both the mechanics of solids [9,25,31–33] and physical material science [25,30,34].
Unlike the case with alloys, interface boundaries between the phase constituents of metal
matrix composites act more clearly as sources for the formation of discontinuities and
barriers for micro- and macrocrack growth. As a result, the models relating the history of
changes in temperature and the stress-strain state to damage accumulated in a metal matrix
composite due to the presence of reinforcing particles may in general differ from previously
constructed models for alloys. A limited number of studies deal with this problem [36–39],
and this makes it relevant to study damage evolution in metal matrix composites under
various thermomechanical conditions. The goal of this article is to evaluate the applicability
of data on elastic modulus evolution at the micro-level to the study of damage in metal
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matrix composites under high-temperature deformation conditions. The best type of metal
matrix composites used to estimate the damage measuring method is a composite produced
by powder technology since microcracks can be much more easily detected in it than in
a composite made by liquid-phase technology. This is what determined the choice of the
method of composite manufacturing.

2. Material and Research Methods

The V95\10% SiC aluminum matrix composite and the V95\0% SiC material were
manufactured using powder metallurgy technologies with and without the addition of
reinforcing particles, respectively. The V95\10% SiC and V95\0% SiC materials were not
extruded after sintering. The size of the used SiC particles with an average diameter of
3.0 ± 0.5 μm corresponded to F1200 (FEPA-Standard 42-2:2006). The V95 alloy powder
particles had a shape close to a solid sphere. The particle diameter ranged between 1 and
60 μm. The V95 alloy (similar to the 7075 aluminum alloy in the chemical composition)
had the following chemical composition, wt%: Al 89.73, Zn 5.72, Mg 1.95, Cu 1.71, Mn 0.34,
Fe 0.26, Cr 0.14, Ni 0.06, Si 0.05, Ti 0.05, and Zn 0.02. Raw material constituents of the
V95\10% SiC MMC and the V95\0% SiC material were mixed by a vibromixer. Sintering
was carried out at 470 ◦C for 60 min. The sintering pressure was 30 MPa. There were no
additives for modifying the surface of the SiC particles.

Particle examination and fracture surface analysis after specimen deformation were
performed using a Vega II Tescan scanning electron microscope. The microstructure of the
specimens before deformation was studied by the electron backscatter diffraction (EBSD)
technique using a Vega II Tescan scanning electron microscope with an EBSD Oxford HKL
NordlysF+ analysis accessory. Figure 1 shows the SEM image and the EBSD image of the
matrix of the V95\10% SiC metal matrix composite and the V95\0% SiC material after
sintering. When constructing EBSD images, we assumed that high-angle boundaries had a
misorientation of more than 15◦ and that the low-angle boundaries were in the range from
2 to 15◦. The grain boundaries in the EBSD images are black, and the low-angle boundaries
are shown in gray. Dark spots on the EBSD images correspond to places where it was
impossible to determine the orientation of the matrix lattice, and they generally correspond
to areas with a large accumulation of SiC particles.

Figure 1. An SEM image of the microstructure of the V95\10% SiC metal matrix composite (a); An EBSD image of
V95\10% SiC (b) and V95\0% SiC sintered powder (c).

The scanning pitch in the EBSD analysis was 0.3 μm. The size of the scanned area was
300 × 200 μm. For EBSD analysis and search for pores and microcracks, the specimens
were first mechanically polished. Then, they were ion-polished by a Linda SEMPrep2 ion
milling device for 30 min at an accelerating voltage of 10 kV with the angle of specimen
inclination to the ion beam equal to 7◦.

Cylindrical specimens were tested for compression and tension in the Instron 8801 servohy-
draulic experimental system. The compression specimen had a diameter of d0 = 6 ± 0.05 mm
and a height of h0 = 9 ± 0.05 mm. The cylindrical tensile specimen had the following dimen-
sions: d0 = 5 ± 0.05 mm and the length of the working part l0 = 25 ± 0.1 mm. In compression
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tests, a graphite-based lubricant was used to reduce friction between the punch and the speci-
men. The lubricant provided the coefficient of Coulomb friction between the punch and the
aluminum alloys equal to 0.09 at 300 ◦C; at temperatures of 400 and 500 ◦C, the coefficient of
friction was 0.1 and 0.13, respectively. After the test, despite lubrication, the specimen became
barrel-shaped (Figure 2) in the entire deformation temperature range. In order to determine
the stress-strain state evolution in the specimen during the test, its computational model was
constructed and solved by the finite element method in the DEFORM program. An isothermal
viscoplastic model with isotropic strain hardening was adopted for the specimen material.
The flow stress was set in tabular form based on cylindrical specimen compression testing
(see Figure 3a). The calculations were performed under the assumption of the axisymmetric
stress-strain state in the deformation center and deformation symmetry about the horizontal
geometric symmetry axis of the specimen (see Figure 3b). Thus, only a quarter of the specimen
cross-section was simulated. The simulation was performed in accordance with experimental
conditions of specimen loading, when the punch movement speed Vy(t) was constant and
equal to 1.19 mm/s. It was assumed that the friction between the specimen and the punch
followed Coulomb’s friction law and depended on temperature. In the simulation of specimen
deformation at a temperature of 300 ◦C, the Coulomb friction coefficient was set to 0.09, and at
temperatures of 400 and 500 ◦C it was equal to 0.1 and 0.13, respectively.

Figure 2. The longitudinal section of the cylindrical specimen after compression: orange—the
indentation zone.

Figure 3. The dependences of flow stresses on strain (a) for 300 ◦C (green curve), 400 ◦C (blue curve),
500 ◦C (red curve) and strain rates ranging between 0.1 and 10 s−1, as well as the finite element grid
used for the simulations (b).

Indentation experiments were made in a Hysitron TI 950 nanomechanical testing
device using a Berkovich indenter. A restriction was set on the movement of the indenter
into the specimen. The indenter penetration and lifting rate was 0.5 μm/s, the holding time
under load was 0 s. At this loading form, the device was tested on standard calibration
samples made of fused quartz and monocrystalline aluminum.
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After compressions, the specimens were indented in the zone close to the side surface
on the thin sections after mechanical and ion polishing. The plane of the thin section
was parallel to the direction of the compression axis, and it passed through the specimen
symmetry axis (see Figure 2).

Material density was determined by the hydrostatic method according to ASTM
B311-13 by weighing the specimens in air and in distilled water. The weighing was made
on an Ohaus Pioneer PA 214 analytical balance. Table 1 shows the densities of the materials,
as well as their porosity for the V95\10% SiC metal matrix composite and the V95\0% SiC
material. The theoretical density ρth

MMC of the V95\10% SiC MMC was calculated according
to the mixture rule. The porosity PMMC of the V95\10% SiC MMC was calculated by
the formula

PMMC =

(
1 − ρ

exp
MMC

ρth
MMC

)
· 100%,

where ρ
exp
MMC is the experimentally determined density of the V95\10% SiC metal matrix

composite; ρth
MMC is the theoretically calculated density of V95\10% SiC.

The porosity PCM of the V95\0% SiC material was calculated by the formula

PCM =

(
1 − ρ

exp
CM

ρ
exp
M

)
· 100%,

where ρ
exp
CM is the experimentally determined density of the V95\0% SiC material; ρexp

M is
the experimentally determined density of the V95 alloy.

Table 1. The density and porosity of the materials.

Material
Density, g/cm3

Porosity, %
Experimental Calculated

V95\10% SiC 2.85 2.86 0.30
V95\0% SiC 2.81 - 0.12

V95 alloy 2.82 - -

3. Methodology for Measuring Damage in a Metal Matrix Composite and Discussion
of Results

3.1. The Mechanism of Fracture in the Sintered V95\10% SiC Metal Matrix Composite

In order to determine the effect of reinforcing particles on the fracture mechanism in
the V95\10% SiC metal matric composite, cylindrical specimens made from the V95\0% SiC
material and the V95\10% SiC metal matrix composite were tensile tested at room temper-
ature. The results of the mechanical tests are shown in Figure 4a. The figure shows that the
strain to fracture of the composite is higher than that of the sintered material under exter-
nal tensile stresses at room temperature. The fracture of both materials occurs along the
interface boundaries rather than in the material matrix (see Figure 4b,c). A similar fracture
of the composite occurs under compressive stresses, this being clearly demonstrated by
the composite fracture surface in compression tests of the cylindrical specimens at room
temperature (see Figure 5). Figures 4c and 5b show SEM images of the fracture surface with
a superimposed maps of the distribution of SiC particles and the composite matrix, which
were constructed based on EDS analysis. In these figures, the SiC particles are highlighted
in green and the matrix is orange.
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Figure 4. The strain dependence of flow stress under tension at room temperature (a); the fracture surface after the
tension of the V95\0% SiC sintered material (b) and the V95\10% SiC metal matrix composite (c): orange—the matrix;
green—SiC particles.

Figure 5. The strain dependence of flow stress under compression (a) and the fracture surface of
the compressed V95\10% SiC metal matrix composite at room temperature (b): orange—the matrix;
green—SiC particles.

The revealed deformation behavior of the metal matrix composite can be explained
by the fact that the interface boundaries between the matrix and a reinforcing particle,
as well as the interface boundaries among the matrix particles, were the main centers
of fracture. The fracture of the composite did not occur in one stage; it resulted from
gradual damage accumulation in the material leading to the appearance of macrocracks
and subsequent fracture. According to the general ideas of the mechanisms of metallic
material fracture [9,33,40], the fracture of the composite under study can be divided into
three stages. At the first stage of the fracture of the V95\10% SiC MMC, submicropores
and submicrocracks occur both inside the composite matrix and at the particle interface
(see Figure 6, stage I). The composite matrix is plastically deformable and fails by ductile
fracture (see Figure 7); therefore, in addition to the formation of new submicropores
and submicrocracks in the matrix, the submicropores coalesce and previously formed
submicrocracks become blunted, thus turning into submicropores. Then, with a significant
deformation of the matrix, the submicropores coalesce, with the subsequent appearance of
micropores and ductile microcracks. In parallel with increasing damage in the matrix, the
stage of isolated development of microcracks occurs at the interfaces (see Figure 6, stage
II). At this stage, sharp wedge-shaped microcracks quickly reach a critical value, above
which their development requires no increase in external stresses (self-similarity). The
growing microcrack runs into a barrier represented by a reinforcing particle or a matrix
particle. A microcrack can overcome this barrier only with an increase in external stresses
(see Figure 6, stage III); the microcracks coalesce thereafter to form a crack, and this leads
to the final fracture of the composite along the interface boundary.
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Figure 6. Schematic damage accumulation in the sintered metal matrix composite during
plastic deformation.

Figure 7. The fracture surface of the V95 alloy after specimen tension at room temperature.

3.2. Damage Measurement Technique

The main non-damage-induced influences on the elastic modulus in metallic materials
are texture change, residual stress formation, and phase composition evolution. In order to
determine whether an oriented texture was formed in the composite during deformation,
EBSD analysis was performed on the V95\10% SiC MMC specimens after deformation
at temperatures ranging from 300 to 500 ◦C. Figure 8 shows images of {100} pole shapes,
as well as EBSD images of the specimens before and after deformation in the presence of
macrocracks on the side surface. This figure shows that the shape of the grains inside the
matrix particles remains close to equiaxed although the matrix particles as wholes stretch
along the material flow direction. This behavior of the material matrix is attributable to the
active process of dynamic recrystallization, which causes the formation of new grains. In
its turn, the dynamic recrystallization process in the matrix is responsible for the absence
of a predominant lattice orientation. Thus, we can say that the formed microstructure of
the matrix will have no effect on the measured elastic modulus.
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Figure 8. The initial state (a), the state after deformation at 300 (b), 400 (c), and 500 ◦C (d) for the
V95\10% SiC metal matrix composite.

Figure 9 shows microcracks formed at the interparticle boundary in the V95\10% SiC
MMC before the appearance of macrocracks on the side surface of the specimen due to
compressive plastic deformation. The elastic modulus of the material must decrease due
to microcracking, and this can be detected via instrumented indentation by pressing a
diamond indenter into the material.

When the indenter is pressed into the metal matrix composite, the indentation diagram
is affected by both the composite matrix and the reinforcing particles. Under low loads,
the indenter penetrates either only into the matrix or only into the reinforcing material,
and this causes a large scatter in the indentation diagrams [41,42]. As the load gradually
increases, this scatter decreases and reaches a certain threshold value, which is determined
by the variation of the macroscopic properties of the specimen and by the measurement
error of the device. The correctness of using the technique for determining damage by the
indentation technique requires that the volume of the deformed material under the indenter
exceed the minimum material volume (representative volume) containing the number of
the carriers of the structural phase state sufficient for a statistical description of the material
state. Reinforcing particles, matrix phases and interphase boundaries, matrix grains and
subgrains, etc. act as such carriers in metal matrix composites. The representative volume
during indentation, as well as the determined value of the elastic modulus, depends on
the indenter depth. The variation coefficient δ was chosen as a measure of the relative
variation of the reduced elasticity modulus, and the penetration depth dependence of
the variation coefficient δ was plotted thereafter. Such dependences for the V95\10% SiC
MMC are shown in Figure 10a. This figure demonstrates that the detected reduced elastic
modulus for the composite remains unchanged at indenter penetration depth exceeding
12 μm. Thus, for the correct determination of the local value of the reduced elastic modulus
for the whole composite, not its structural components, the indenter penetration depth
must exceed 12 μm. In order to meet this requirement, all further micromechanical tests
aimed at the determination of the reduced elastic modulus were performed at an indenter
penetration depth of 15 μm. Typical images of indents on the specimens at this penetration
depth are shown in Figure 10b.
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μ

Figure 9. The microstructure near the side surface of the sintered V95/10% SiC MMC specimen after
compression at temperatures of 300 ◦C and DE = 0.28 (a), 400 ◦C and DE = 0.27 (b), 500 ◦C and
DE = 0.28 (c,d). The images were obtained from a longitudinal thin section with a plane passing
through the symmetry axis of the specimen (see Figure 2).

μ

Figure 10. The penetration depth dependence of the variation coefficient δ for the V95\10% SiC
MMC (a) and a typical image of an indent on the specimens (b) at an indenter penetration depth
of 15 μm.

Figure 11 shows the behavior of the reduced elastic modulus E∗ on the side surface of
the metal matrix composite specimen depending on specimen strain ε at test temperatures

of 300, 400 and 500 ◦C. The strain at each time t is calculated by the formula ε =
√

2
3 eijeij,
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where eij denotes strain tensor deviator components determined from the results of the
finite element simulation of cylindrical specimen compression (see Section 2). The data in
Figure 11 show that the value of E∗ decreases with increasing strain. For temperatures of
300 and 400 ◦C, as soon as the strain reaches the value ε = 0.65, there is a sharp decrease
in the reduced elastic modulus E∗. At a temperature of 500 ◦C, this occurs as early as
at ε = 0.4. Figure 9 shows the microstructures of the composite specimens in the region
close to the side surface. These microstructures were obtained after compression to the
strain ε = 0.76 at temperatures of 300 and 400 ◦C and ε = 0.59 at a temperature of 500 ◦C.
As seen from this figure, the microstructures of the specimens before fracture are similar
to each other. For all the test temperatures, the specimens have plenty of microcracks
at the interparticle boundaries and micropores inside the matrix. Further deformation
of the specimens leads to the appearance of macrocracks on the side surface at ε = 0.78
for temperatures of 300 and 400 ◦C. For a temperature of 500 ◦C, macrocracks appear at
ε = 0.63. Figure 9c shows a cavity defect on the specimen side surface, which may come
out to the surface and develop into a macrocrack with further specimen compression.

E*
 

Figure 11. The strain (ε) dependence of the reduced elastic modulus E* for the V95\10% SiC MMC
specimen at 300, 400 and 500 ◦C, the dependence being valid for the zone near the side surface of the
specimen (see Figure 2).

Material damage DE is here considered to mean a measure that characterizes the
degree of strain-induced material defectiveness. At the same time, the value of material
damage is equal to 0 prior to deformation. At the time of macrocrack formation, damage
takes the value equal to 1. In order to determine the moment of macrocracking, the
specimens were deformed to different strains, and the moment of macrocrack appearance
was determined iteratively. The presence of a macrocrack was detected by means of an
optical microscope with ×20 magnification.

The parameter DE is calculated by the formula found in [7],

DE = 1 − Ecur

Ein
(1)

where Ein is the elastic modulus of the specimen in the initial (undeformed) state; Ecur is
the elastic modulus of the specimen before macrocracking, i.e., at a current value of strain ε.
The data obtained by the instrumented indentation technique do not allow us to determine
the elastic modulus directly. The reduced elastic modulus E∗ is calculated from the results
of instrumented indentation, which is related to the elastic modulus E by the following
formula (ISO 14577-1-2002):

E =
1 − (νs)

2

1
E∗ − 1−(νi)

2

Ei

(2)

where νs is Poisson’s ratio for the test specimen; νi is Poisson’s ratio for the indenter, which
is equal to 0.07 for diamond (ISO 14577-1-2002); E∗ is the reduced elastic modulus of the
test specimen; Ei is the elastic modulus of the indenter, which is equal to 1.14 · 106 N/mm2
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for diamond (ISO 14577-1-2002). Using the relation between the elastic modulus and
the reduced elastic modulus represented by Equation (2) and then substituting it into
Equation (1), we obtain the following formula for calculating material damage:

DE =
Ei ·

(
E∗

in − E∗
cur
)

E∗
in ·
(
Ei +

(
E∗

cur · ν2
i − E∗

cur
)) (3)

According to the technique described above, the DE − ε dependencies for the V95\10% SiC
metal matrix composite deformed at temperatures of 300, 400, and 500 ◦C were obtained
for the zone near the side surface of the specimen (see Figure 12). The last point on each
DE − ε curve is marked with a cross; it corresponds to the state of the specimen with a
macrocrack detected on the side surface, and this corresponds to damage equal to 1.

μ σ

Figure 12. The strain (ε) dependence of accumulated damage DE for the V95\10% SiC MMC in the
zone near the side surface at 300, 400, and 500 ◦C (see Figure 2).

Figure 12 shows that the beginning of damage accumulation in the composite belongs
to the strain range from 0.2 to 0.3 and increases with deformation temperature. The results
of damage accumulation indicate that the slowest damage accumulation occurs at 300 ◦C,
that it is more rapid at 400 ◦C and the most rapid at 500 ◦C. The history of changes in the
stress state is one of the factors affecting damage accumulation. In this paper, the stress
state coefficient k and the Lode-Nadai coefficient μσ are used as the stress state indices.
They are calculated by the following formulas:

k =
σ

T
and μσ = 2

σ22 − σ33

σ11 − σ33
− 1,

where σ = 1
3 (σ11 + σ22 + σ33) is the average normal stress; T =

√
0.5σ′ijσ

′
ij is the intensity

of tangential stresses; σ′ij are the stress deviator components; σ11, σ22, σ33 are principal
stresses. The stress state indices are calculated from finite element method computer
simulation of specimen compression under conditions of the axisymmetric stress-strain
state (see Section 2).

Figure 13a,b show changes in the stress state indices k and μσ on the side surface of
the specimens during testing at three test temperatures. The difference from the values
k = − 1√

3
and μσ = +1, which are typical for uniaxial compression conditions, is caused

by the curvature of the side surface of the specimens under compression due to the action
of friction forces on the contact surfaces. It is obvious from these figures that, even though
the most favorable conditions of the stress state at the time of macrocracking on the
lateral surface of the specimen exist at 500 ◦C, the composite demonstrates significantly
lower plasticity at this temperature. At this temperature, the strain to fracture on the side
surface of the specimen is the lowest and equal to 0.63, and it is 0.78 for test temperatures
of 300 and 400 ◦C (see Figure 13c). Despite the same accumulated strain to fracture at
300 and 400 ◦C, the composite was deformed at a temperature of 300 ◦C under worse stress
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conditions (see Figure 13). This allows us to assume that the V95\10% SiC metal matrix
composite has better plastic properties at 300 ◦C than at the other two temperatures.

μ σ K

Figure 13. The strain (ε) dependence of the stress state indices μσ (a) and k (b) in the zone near the side surface of
the specimen (see Figure 2) for a temperature range of 300 to 500 ◦C; the accumulated strain field. ε (c) at the time of
macrocracking on the side surface of the V95\10% SiC MMC specimens at temperatures ranging from 300 to 500 ◦C.

As shown above, the fracture in the composite under study occurs along the interphase
boundary. Reinforcing particles and matrix zones with high interparticle contact strength
are barriers for the growth of microcracks (see Section 3.1). As the temperature increases,
the strength of the interparticle contact in the matrix decreases due to the temperature
softening of the V95 alloy. This fact may explain the identical strains of the composite at
300 and 400 ◦C despite the more rigid stress state at 300 ◦C. The same reason can explain a
significant decrease in plastic properties at 500 ◦C.

4. Conclusions

1. A mechanism of damage accumulation in a sintered V95\10% SiC metal matrix
composite has been proposed. The mechanism consists of a three-stage accumulation
of defects on the interphase boundaries and inside the composite matrix.

2. The applicability of data on elastic modulus evolution obtained from instrumented
microindentation in order to determine damage in sintered metal matrix composites
after high-temperature deformation has been exemplified by the V95\10% SiC metal
matrix composite. The correctness of using the technique for determining damage by
indentation requires that the possible effect of residual stresses and texture be taken
into account and that the volume of the deformed material under the indenter exceed
the minimum material volume (the representative volume) containing a sufficient
number of carriers of the structural phase state for a statistical description of the
material state.

3. The strain dependences of damage for temperatures ranging from 300 to 500 ◦C have
been obtained for the V95\10% SiC MMC. It has been shown that the best plasticity
of the composite under compression conditions at the macro-level is observed at a
temperature of 300 ◦C. At a deformation temperature of 500 ◦C, the plastic properties
significantly decrease from those at 300 and 400 ◦C.
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Abstract: Currently, silicon and silicon-based composite materials are widely used in microelectronics
and solar energy devices. At the same time, silicon in the form of nanoscale fibers and various particles
morphology is required for lithium-ion batteries with increased capacity. In this work, we studied
the electrolytic production of nanosized silicon from low-fluoride KCl–K2SiF6 and KCl–K2SiF6–SiO2

melts. The effect of SiO2 addition on the morphology and composition of electrolytic silicon deposits
was studied under the conditions of potentiostatic electrolysis (cathode overvoltage of 0.1, 0.15, and
0.25 V vs. the potential of a quasi-reference electrode). The obtained silicon deposits were separated
from the electrolyte residues, analyzed by scanning electron microscopy and spectral analysis, and
then used to fabricate a composite Si/C anode for a lithium-ion battery. The energy characteristics
of the manufactured anode half-cells were measured by the galvanostatic cycling method. Cycling
revealed better capacity retention and higher coulombic efficiency of the Si/C composite based on
silicon synthesized from KCl–K2SiF6–SiO2 melt. After 15 cycles at 200 mA·g−1, material obtained at
0.15 V overvoltage demonstrates capacity of 850 mAh·g−1.

Keywords: lithium-ion battery; silicon; halide melt; electrodeposition; silicon fibers; nanotubes;
nanoneedles; composite anode

1. Introduction

Currently, silicon and silicon-based composite materials are widely used in micro-
electronics, solar energy devices, as well as in the manufacture of portable energy storage
devices [1–3]. In particular, a new lithium-ion battery (LIB) with a silicon-based anode is
being actively developed. The theoretical capacity of such an anode (4200 mAh·g−1) is an
order of magnitude higher than the widely used graphite anode [3,4]. However, during
cycling, silicon is subject to huge volumetric expansion (up to 400% [5]), which leads to me-
chanical destruction of the electrode and significant loss of the original capacity. To avoid
this, it is recommended to use anodes based on nanosized silicon particles. Nanosized sili-
con cannot be obtained by the existing methods of the carbothermal reduction of quartz to
silicon with subsequent purification of the silicon by hydrogenation–dehydrogenation [6].
The use of nanosized silicon particles, mainly fibers and tubes within composite materials,
can significantly reduce the problem of volumetric expansion. Suitable polymer binders
also reduce mechanical degradation of the electrode, but they do not affect the silicon
expansion [7,8]. Another method that can improve silicon’s performance is the coating
(mainly carbon based) of silicon particles and creation of a “core-shell” structure [9,10].
Doped silicon anodes have also shown improved electrochemical performance and cyclic
resistance in comparison with pure silicon [11–13].
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Methods for preparing silicon nanofibers can be divided into two groups. The first
group comprises methods based on removing excess material-laser ablation [14], ion
etching [15], chemical etching [16,17]. These methods allow one to obtain high-purity
components with the required sizes. However, they require expensive equipment, catalysts
(gold is most often used) and are poorly suited for industrial scale production. The second
group of methods includes silicon deposition on the substrates. Among these, the most
commonly used method is the vapor–liquid–crystal deposition [18,19]. Silane is usually
used as a source of silicon. The disadvantages of these methods also include the use of
gold as a catalyst and the difficulty in scaling and hardware design of the process. To
obtain silicon suitable for microelectronics, several stages of purification are needed, one
of which is represented by a group of methods based on zone crystallization from molten
silicon [20].

One of the cheapest and promising methods for producing nanosized silicon is elec-
trolytic reduction from molten salts. To date, many studies have been carried out aimed at
the electrolytic production of silicon from various molten electrolytes with K2SiF6, Na2SiF6,
SiO2, and SiCl4 additives in a temperature range mainly from 550 ◦C to 750 ◦C [21–39].
All these studies show the fundamental possibility of using electroreduction for the pro-
duction of silicon deposits of various morphologies, including continuous coatings up to
1 mm thick, submicron films (0.5–1 μm), micro-sized dendrites, nano- and micro-sized
disordered fibers.

One of the most promising electrolytes for silicon production is the KCl–KF melt
with a KF molar fraction of up to 66% [27–31], which is a good solvent for K2SiF6 and
SiO2 and is water soluble. However, this system also has a number of disadvantages,
including relatively high aggressiveness of KF to reactor materials, the need to remove
impurities such as H2O and HF from KF when preparing a molten KCl–KF mixture, and
a good solubility of oxides. Despite the positive results of the work performed, all of
the above factors can impede the deposition of high-purity silicon, especially without
oxygen inclusions.

To eliminate these drawbacks, alternative media with the reduced or zero fluoride
content for the production of silicon are being investigated. In particular, this concerns
the KCl–KI–KF–K2SiF6 [32,33] and CaCl2–CaO–SiO2 melts [34–37], although their use
also implies the absence of moisture in the reactor and increased requirements for the
preparation of molten electrolytes and instrumentation. In previous works, we have shown
the fundamental possibility of obtaining nanosized silicon fibers by electrolytic refining
of silicon in a low-fluoride KCl–K2SiF6 system [38,39]. The advantage of this system is
that its anionic composition virtually does not change. That provides stabilization of the
energy characteristics of silicon-containing electroactive ions and possibility of controlling
the morphology of silicon deposits. Preliminary electrolysis tests [38,39] show that it is
difficult to obtain nanosized silicon deposits from molten salts. In particular, this is due to
the varied concentration of silicon-containing ions in the melt, the semiconducting nature
of silicon, and increased sensitivity of the deposit morphology to oxygen impurities.

Despite the active interest in Si-based anodes for LIBs [3,4,6–19,40], the works devoted
to the utilization of electrolytic silicon deposits as the LIB anode material are limited [41–46].
The highest characteristics for silicon obtained by electrodeposition are on carbon cloth.
The capacity was more than 1100 mAh·g−1 by the 200th cycle at a discharge current
of 500 mA·g−1, while the silicon nanopowder itself, without the use of carbon fabric,
demonstrates very low capacity—less than 500 mAh·g−1 by the 5th cycle and less than
200 mAh·g−1 by 200th cycle [40]. In recent years, most researchers are focused on sili-
con electrodeposition from CaCl2-based melts. In work [42] carried out by researchers
from the USA and China, electrodeposited nanofibers in LIB demonstrate a capacity of
714 mAh·g−1 after 500 cycles at C/2 current. According to [45], China launched a large-
scale test production of electrodeposited silicon with capacity more than 2000 mAh·g−1

after 70 cycles at a current of 0.1 C; capacity at a current of 5 C is about 1600 mAh·g−1. It is
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noted that for practical use of the produced silicon they made Si/graphite mixture with a
total capacity of 650 mAh·g−1 [47].

In this regard, in this work, we studied the effect of SiO2 on the morphology of
nanosized silicon deposits during the electrolysis of KCl–K2SiF6 melts. For this, silicon
deposits were obtained from the KCl–K2SiF6 and KCl–K2SiF6–SiO2 melts at different
cathode overvoltage. Obtained deposits were analyzed and tested on their electrochemical
characteristics as a part of an Si-based anode of a LIB.

2. Materials and Methods

Melt preparation. The investigated KCl electrolytes with additions of K2SiF6 and SiO2
were prepared by mixing individual salts of a chemically pure grade (Reakhim, Russia)
and then melting them in a glassy carbon crucible immediately before the experiments. In
a previous study [48], it was shown that the purity of KCl used is close to that of the recrys-
tallized salt; therefore, additional purification of the prepared melt from electropositive
impurities was not carried out. The K2SiF6 salt was preliminarily purified from oxygen
impurities by HF fluorination. For this, K2SiF6 was mixed with NH4F and heated in stages
to a temperature of 450 ◦C according to a previously described procedure [49]. SiO2 was
added to the melt in an amount of 0.34 wt.%. The KCl–K2SiF6 and KCl–K2SiF6–SiO2 melts
were held for an hour at the operating temperature to establish equilibrium between silicon
ions [50,51]. Then, the melt samples were taken for analysis, and electrolysis was started.

Experimental setup. Electrolysis tests were carried out in a sealed quartz retort with
a high-purity argon atmosphere at a temperature of 790 ◦C (Figure 1). A glassy carbon
crucible with the melt was placed at the bottom of the retort, which was hermetically
closed with a fluoroplastic cap. The inner walls of the retort were additionally shielded
with nickel plates to protect against fluorine-containing sublimates. Holes with fittings
were made in the cap, in which a working electrode (glassy carbon), a glassy carbon
counter electrode, and a silicon QRE were placed. In addition, holes were provided for
an additional working electrode, thermocouple, and a tube for gas supply and loading
of silicon-containing additives. During the experiments, the temperature was controlled
within ±2 ◦C by a Pt/PtRh thermocouple and a thermocouple module USB-TC01 (National
Instruments, Austin, TX, USA).

Figure 1. Experimental setup. 1—working electrode; 2—gas inlet; 3—quartz cell; 4 —counter
electrode; 5—quasi-reference electrodes; 6—glassy carbon crucible.
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Electrochemical measurements and electrodeposition. To establish the effect of SiO2 on
the kinetics of silicon electrodeposition, voltammograms were obtained by the cyclic
chronovoltammetry. Before measurement, the electrodes were kept in the melt for 30 min
to establish a stable (within ± 5 mV) potential difference between the working electrode
and the quasi-reference electrode (QRE). In order to determine and compensate the ohmic
voltage drop in the measuring circuit, impedance spectroscopy and current interruption
(I-Interrupt) technique were used.

The electrodeposition of silicon was carried out on glassy carbon plates with an area of
2 cm2 at different cathode overvoltage for one hour. The electrolysis time was selected based
on the results of preliminary electrolysis tests [24,25]. For electrochemical measurements
and electrolysis, PGSTAT AutoLAB 302N with Nova 1.11 software (MetrOhm, Herisau,
Switzerland) was used. Glassy carbon plates were used as anodes.

At the end of the electrolysis, the electrode was raised above the melt for 20–30 min
in order to remove excess salts included in the cathode deposit. Then, the electrode was
raised to the cold zone of the retort and, after cooling in an inert atmosphere, was removed.

Separation of the cathode deposit. The obtained silicon deposits were washed in acidic
(HCl) water solution; the pH of the solution for washing varies in the range of 2 to 4.
An ultrasonic homogenizer SONOPULS UW mini 20 was used to disperse the deposits.
Dispersion was carried out in a periodic mode at a given power of 0.995 kJ with a pulse
duration of 90 s. After washing, the deposits were dried in a vacuum oven at 80 ◦C for
18 h.

Analysis of the morphology and composition. The elemental composition of the melt
and the obtained silicon deposits was analyzed by atomic emission spectroscopy with
inductively coupled plasma (AES-ICP) using an iCAP 6300 Duo Spectrometer (Thermo
Scientific, Waltham, MA, USA). The morphology and elemental composition of the ob-
tained deposits were studied using a Tescan Vega 4 (Tescan, Kohoutovice, Czech Republic)
scanning electron microscope with an Xplore 30 EDS detector (Oxford, UK).

Electrochemical performance. Silicon performance was investigated in a 3-electrode
half-cell. The anode composition was 10 wt.% polyvinylidene difluoride dissolved in
N-methyl-2-pyrollidone, 10 wt.% carbon black, and 80 wt.% silicon. LIB fabrication was
performed in an argon-filled glove box (O2, H2O < 0.1 ppm). Stainless steel mesh with
applied composite anode was used as the working electrode and two separate lithium
strips as the counter and reference electrodes. All electrodes were divided by two layers of
separator and tightly placed in the cell. The cell was flooded with 1 mL of electrolyte—1 M
LiPF6 in a mixture of ethylene carbonate/dimethyl carbonate/diethyl carbonate (1:1:1 by
volume). Cycling experiments were performed using a Zive-SP2 potentiostat (WonATech,
Seoul, Korea).

3. Results

3.1. Electrolysis Test Results

According to ICP, the silicon contents in the KCl–K2SiF6 and KCl–K2SiF6–SiO2 melts
before electrolysis tests were 0.05 and 0.15 wt.%, respectively. The deposits were obtained
at cathode overvoltage of 0.1, 0.15, and 0.25 V relative to the QRE potential. For the KCl–
K2SiF6 melt (0.05 wt.% of silicon), the obtained deposits are shown in Figure 2. It can be
seen that the growth of deposits occurs with the formation of silicon-salt mixtures. In this
case, with a decrease in the cathode overvoltage, the deposits change color from gray to
light brown. This can be associated both with a change in the crystalline structure of silicon
to amorphous, and with a change in the size of silicon particles [31,38].
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Figure 2. Photographs of the cathode deposits obtained after the electrolysis of the KCl–K2SiF6 melt
at a temperature of 790 ◦C and cathode overvoltage of 0.25, 0.15, and 0.1 V vs. QRE potential.

Electrolysis tests in the KCl–K2SiF6 melt with the addition of SiO2 (0.15 wt.% of
silicon) at the same cathode overvoltages of 0.1, 0.15, and 0.25 V vs. QRE potential were
performed. As a result, cathodic deposits were obtained, photographs of which are shown
in Figure 3. It can be noted that during electrolysis of the melt with the addition of SiO2,
more volumetrically uniform deposits are obtained, while the color of the precipitates
remains the same in all tests.

Figure 3. Photographs of the cathode deposits obtained after the electrolysis of the KCl–K2SiF6–SiO2

melt at a temperature of 790 ◦C and cathode overvoltage of 0.25, 0.15, and 0.1 V vs. QRE potential.

3.2. Effect of SiO2 on the Morphology of Silicon Deposits

For more detailed analysis of the effect of SiO2 on the morphology of the silicon, SEM
images were made. Figure 4 shows the corresponding micrographs of the deposits. It can
be seen that in the KCl–K2SiF6 system, silicon was deposited in the form of disordered
fibers with an average diameter of 300–400 nm, while the effect of cathode overvoltage on
the morphology of the deposit is not clearly observed. Such a result is probably due to the
limiting stage of the preceding chemical reaction of silicon-containing ion dissociation.
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Figure 4. Micrographs of the cathode deposits obtained during the electrolysis of KCl–K2SiF6 and KCl–K2SiF6–SiO2 melts
at a temperature of 790 ◦C and cathode overvoltage of 0.25, 0.15, and 0.1 V vs. QRE.

When SiO2 is added in the melt, silicon is predominantly deposited in the form of
nano-sized tubes and needles, the length of which varies in the range of 30–60 μm, and
the diameter varies in the range of 200 nm to 400 nm. This effect can be interpreted as the
mutual influence of several factors:

(1) a change in the composition of silicon-containing electroactive particles, namely the
inclusion of oxygen atoms in their composition, leading to a decrease in binding
energy of silicon atoms [51] and facilitation of the charge transfer stage;

(2) a decrease in electrical conductivity (increase in resistance) of the near-cathode layer
melt, which will redistribute the current lines among the cathode surface. Namely,
silicon electrodeposition will occur at the tips of the deposit, rather than on the
lateral surfaces;
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(3) a change in the composition of silicon-containing electroactive ions, as a result the
ions activity and the rate constant of the possible preceding chemical reaction in the
melt change.

Taking into account the weak effect of the cathode overvoltage on the morphology of
silicon deposits, the effect of SiO2 addition can be associated with the last two factors. It
can be noted that the average size of silicon particles decreases with the addition of SiO2 to
the melt. A similar effect was observed in other works [31,41].

According to EDX analysis, the average oxygen content in the fibers obtained during
the electrolysis of the KCl–K2SiF6 melt was 2.1–4.3 wt.%, and the average oxygen content in
nano-sized tubes and needles obtained during the electrolysis of this melt with the addition
of SiO2 was 2.7–5.1 wt.%. The appearance of oxygen in the deposits can be caused both by
the use of a quartz retort as a reactor container and after-electrolysis silicon treatment. It is
important to note that the addition of SiO2 does not significantly increase oxygen content
in silicon deposits, which is important from the point of the electrochemical characteristics
as the anode of LIB.

3.3. Effect of SiO2 on the Kinetics of Silicon Electrodeposition

To check the effect of SiO2 addition on the silicon electroreduction, voltammograms
were recorded in the KCl–K2SiF6 and KCl–K2SiF6–SiO2 melts at a temperature of 790 ◦C.
Figure 5 shows that the electroreduction of silicon-containing electroactive ions from the
KCl–K2SiF6 melt occurs at a potential more negative than 0.1 V, with the formation of a
cathodic peak Si [27,32] at a potential of –0.1 V, relative to the QRE potential (Figure 5,
black line).
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Figure 5. Cyclic voltammograms for the KCl–K2SiF6 and KCl–K2SiF6–SiO2 melts with a total silicon
content of 0.05 and 0.15 wt.%, respectively. Potential sweep rate is 0.4 V s−1.

For the SiO2-containing melt, additional Si-O cathode waves appeared on the voltam-
mogram at the potentials of about 0.1 and 0 V relative to the QRE potential (Figure 5, red
line). Those waves can be associated with the discharge of different oxygen-containing
electroactive Si-O-Cl-F anions, which appear in the melt during SiO2 dissolution [50,51].
A similar effect was observed in the works, aimed at the electroreduction of silicon and
other elements from halide-oxide melts [52–54]. In the KCl–K2SiF6–SiO2 melt, an increase
of the silicon electroreduction current was observed, since the silicon content has been
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increased. In the anode region, peak Si′ and a wave (Si-O)′ at a potential of 0.1 and 0.33 V
relative to the QRE potential were detected. We assume that the peak Si′ is associated with
silicon dissolution [27,32], and the additional wave (Si-O)′ can be caused by oxidation of
a reduced form of the silicon electroactive ion. To obtain a more detailed picture, further
study of the cathodic process in KCl–K2SiF6 and KCl–K2SiF6–SiO2 melts is required.

3.4. Electrochemical Characteristics of the Obtained Silicon Deposits

The obtained silicon deposits were studied as a composite Si/C anode for a lithium-
ion battery. In the first charge/discharge cycle (Figure 6), the capacity of Si/C composite
prepared on the base of silicon electrodeposited from KCl–K2SiF6 was between 1450 and
3000 mAh·g−1 during lithiation, and between 950 and 1670 mAh·g−1 during delithiation.
Despite of the similar morphology and size of silicon fibers synthesized at different over-
potentials, their energy characteristics are different. As can be seen from Figure 6, samples
2 and 3 synthesized at 0.15 and 0.25 V show similar charging times, although the initial
period associated with electrolyte reduction and solid electrolyte interphase formation
is quite different. Silicon synthesized at 0.1 V demonstrates 60% lower capacity, and the
highest initial coulombic efficiency of 65.5%.
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Figure 6. First charge/discharge cycle curves of Si/C composites based on electrodeposited silicon at
50 mA g−1. Solid lines represent silicon deposited from molten KCl–K2SiF6; dashed lines represent
silicon deposited from molten KCl–K2SiF6–SiO2.

After 15 cycles at 200 mA·g−1 (Figure 7a), the capacitance for the best sample of silicon
fibers was 750 mAh·g−1 for sample 3 synthesized at 0.25 V overvoltage. The coulombic
efficiency of the anode half-cell with silicon fibers in this case increased from 59% up to 92%.
Silicon synthesized at 0.15 V (sample 2) demonstrates a similar capacity fade rate as sample
3, but a lower overall capacity. However, these samples have different coulombic efficiency
during the first 10 cycles. Sample 1, while having a much lower capacity, demonstrates
better capacity retention, with −50.7% of the initial capacity after 15 cycles.
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Figure 7. Cycling performance and the coulombic efficiency of the Si/C made from silicon electrodeposited from
(a) KCl–K2SiF6 (samples 1–3) and (b) KCl–K2SiF6–SiO2 (samples 4–6) at the cathode overvoltages of –0.1, –0.15, and
–0.25 V. Diamonds-coulombic efficiency; squares-capacity.

For silicon samples obtained from the KCl–K2SiF6–SiO2 melt, the anode capacity was
between 920 and 2430 mAh·g−1 for charging and between 600 and 1300 mAh·g−1 during
discharge. As can be seen from Figure 6, the behavior of these samples is similar to the ones
synthesized without the addition of SiO2 to the melt, but lower capacities are achieved
for all the samples. The highest capacity value was observed for the sample 5 synthesized
at 0.15 V overvoltage. The initial coulombic efficiency of the silicon needles/tubes was
44–65%, lower than for the samples 1–3. Sample 4 demonstrates much higher delithiation
potential than all other samples, probably due to the higher C-rate in comparison to other
samples. After 15 cycles (Figure 7b), samples synthesized from the melt with SiO2 addition
demonstrate higher coulombic efficiency—between 93.5% and 96.1%—and better capacity
retention rate. Remaining capacity of the sample 5 is 850 mAh·g−1, which is 74.5% of the
initial capacity.

It is probable that such a difference in capacity fade rate is caused by different silicon
structures or surface layer composition; however, the reasons for drastic capacity difference
among the samples with similar morphology synthesized at different deposition overpoten-
tial is not clear. The results obtained indicate that further research is promising, aimed both
at optimizing the conditions for obtaining silicon deposits from the investigated molten
electrolytes, and at improving the performance of a lithium-ion battery with a composite
anode based on the obtained silicon.

4. Conclusions

In this work, we studied the effect of cathode overvoltage and the addition of SiO2 on
the morphology of silicon electrolytic deposits obtained from KCl–K2SiF6 and KCl–K2SiF6–
SiO2 melts at a temperature of 790 ◦C. Using scanning electron microscopy, it was shown
that during electrolysis of the KCl–K2SiF6 melt, nano-sized disordered fibers (300–400 nm
in diameter) are formed on the cathode, while the addition of SiO2 to the melt leads to an
ordered growth of silicon deposit in the form of nano-sized needles and tubes (diameter
200–400 nm, length 30–60 μm). At the same time, it was noted that an increase in cathode
overvoltage during the electrolysis of the studied molten electrolytes has virtually no effect
on the morphology and size of the deposit, which may be associated with the course of
the process under the conditions of a slowed-down preceding chemical reaction of the
silicon-containing ion dissociation.

According to EDX analysis, the average oxygen content in silicon deposits obtained
during the electrolysis of the KCl–K2SiF6 melt was 2.1–4.3 wt.%, and in the deposits
obtained during the electrolysis of this melt with the addition of SiO2, the average oxygen
content was 2.7–5.1 wt.%.
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The resulting deposits were used for the manufacture of composite Si/C anode half-
cells of lithium-ion batteries. All the synthesized samples have similar initial charge/discharge
curves, although the capacity is different. Samples synthesized at 0.1 V show much lower
capacity than the ones synthesized at 0.15 and 0.25 V overvoltage. Although the first cycle
capacity of silicon synthesized with SiO2 addition is lower than that of silicon obtained
without additive, further cycling results in higher capacity and much higher capacity reten-
tion for all samples. For silicon deposited from KCl–K2SiF6, the highest capacity value is
750 mAh·g−1 with capacity retention of 46.6 % and coulombic efficiency of 92.7%. The best
results are achieved for silicon synthesized from KCl–K2SiF6–SiO2 at 0.15 V overvoltage; its
capacity was 850 mAh·g−1 after 15 cycles at a current of 200 mA·g−1 and capacity retention
of 74.5% with coulombic efficiency of 96.1%. Such differences in the capacity retention
for the samples synthesized with and without SiO2 addition is not clear and requires
further investigation.
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Abstract: Selective dissolution of a tungsten (85 wt.%)–rhenium (15 wt.%) alloy with rhenium in
hydrochloric acid at the temperature of 298 K and anodic polarization modes was carried out to
develop a porous catalytic substrate and to recycle rare metals. The parameters of the effective
selective anodic dissolution of the tungsten–rhenium alloy, including the differences in applied
potentials and electrolyte composition, were found. It was established that samples of the tungsten–
rhenium alloy possess the smallest average pore size after being exposed for 6000 s. The obtained
porous tungsten samples were characterized by X-ray diffraction and scanning electron spectroscopy.
A thermodynamic description of the processes occurring during the anodic selective dissolution of a
binary alloy was proposed. In the course of the work, the selectivity coefficient was determined using
an X-ray fluorescence wave-dispersion spectrometer XRF-1800. The existence of a bimodal structure
on the tungsten surface after dealloying was proved.

Keywords: tungsten; rhenium; dealloying; anodic polarization; developed surface; catalyst for HER

1. Introduction

The search for renewable, environmentally friendly energy sources, which is triggered
by the depletion of fossil energy and environmental pollution [1,2], has determined the
important role of hydrogen energy [3]. Despite the high specific energy release (160 MJ/g),
its significant disadvantage and limitation include the significant consumption of electricity
required for hydrogen electrolysis [4]. The main task in the development of hydrogen
energy is to reduce the overvoltage of the hydrogen evolution reaction (HER), which will
reduce the total energy consumption. Therefore, new materials should be based on metals
with high electrocatalytic activity of cathodic hydrogen release that will lead to a decrease in
the overvoltage of HER and, consequently, to a reduction in the hydrogen production cost.

Recently, base metals such as Ni, Co, W, or Mo [2,5–12]; their alloys [2,5–13]; and
base metal-containing materials such as sulfides, nitrides, phosphides, and carbides of
transition metals have been recognized as effective HER catalysts [14–19]. This is due to
their chemical stability; their low cost; and, most importantly, to the low overvoltage of
hydrogen release [20].

Tungsten, having unique properties such as a high melting point and chemical resis-
tance, is a promising material for the HER from alkaline electrolytes [21,22]. The potential
use of a porous layer of tungsten obtained in the process of dealloying accompanied with the
removal of the second metal has determined the interest in the study of tungsten–rhenium
alloys. Due to its thermodynamic properties, a tungsten–rhenium alloy is promising for
the formation of a highly porous surface by anodic dissolution. The mechanism of anodic
formation of such structures has received considerable scientific and technological interest.
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A large number of works are devoted to the synthesis and study of nanostructured
mesoporous materials obtained by various methods at ordinary temperatures. The current
state of the problem is analyzed elsewhere [23–25]. There are several common methods
for synthesizing mesoporous materials. For example, one of them is based on the use of
nanotemplates such as silicon dioxide or organic polymers as structure-forming agents
for metallic nanolayer formation. After chemical removal of the template, nanopores are
formed. We would also like to mention here the method of thermal decomposition of
unstable nitrogenous metal compounds, which are used to form nanofoams with a record
low density. The removal of a more electronegative alloy component (so-called dealloying)
is less widespread and is mainly used to obtain precious metals in the mesoporous state—
gold, silver, and platinoids [26,27]. Thus, Hakamada and Mabuchi [28] presented a method
for the preparation of mesoporous palladium in an aqueous sulfuric acid solution.

The existing works on the electrochemical behavior of anodes made of binary alloys in
low-temperature electrolytes are scattered and, as a rule, do not pay much attention to the
formed near-surface structures and the development of the electrode surface. The situation
is somewhat better in low-temperature electrolytes [29].

Currently, the research in the field of mesoporous materials is shifting its focus toward
the materials’ synthesis. Apart from impressive specific surface areas, these materials
demonstrate a sufficiently high electronic conductivity and high reaction capacity. The pos-
sibility of extracting expensive rhenium and simultaneous formation of a porous tungsten
structure, which can be used as a substrate for catalyst deposition, from a tungsten–rhenium
alloy is of considerable interest. The main task of this work is to evaluate the change in the
structure of the tungsten–rhenium alloy depending on the electrolysis conditions and the
composition of the solution at constant temperature.

Modern electrochemical materials science, using advancements in the field of nano-
materials, opens up new opportunities in the development of electric and hybrid vehicles,
power supplies, and portable electronics. Various mesoporous materials are being inten-
sively studied as electrodes for supercapacitors, biosensors, and catalysts.

Within the framework of this research, the main attention is focused on the structure
of a metallic material synthesized by the selective dissolution of a tungsten and rhenium
alloy. In further studies, it is planned to establish the patterns that govern the formation,
structure, and properties of the tungsten structures.

The purpose of this work is to study the regularities of the formation of a porous
structure on the surface of tungsten during selective anodic dissolution of a tungsten
(85 wt. %)–rhenium (15 wt. %) alloy in a solution of hydrochloric acid at 298 K; to develop
the technology for obtaining nanostructured electrode materials with a developed surface;
and to study their physicochemical properties. There is a lack of scientific literature on
the tungsten-containing systems of this type. There are only works on electrochemical
dealloying of other materials in aqueous solutions. Tungsten is a promising catalyst
and/or substrate. Production of nanoporous tungsten is also of great practical interest.
Processing of tungsten–rhenium alloys is important to prove the possibility of extracting
more expensive rhenium [30–32]. The method of selective dissolution, in addition to the
synthesis of a bimodal structure at the surface of tungsten, provides the extraction of
rhenium in the form of chlorrenic acid or potassium chlorrenate.

2. Materials and Methods

Electrochemical measurements were carried out using an Autolab PGStat 302N elec-
trochemical workstation (Metrohm, Switzerland).

Experimental measurements were carried out in a standard three-electrode two-
chamber glass cell using the following working electrodes: high-purity rhenium with
a surface area of 1.06 cm2, high-purity tungsten (0.72 cm2), and a tungsten–rhenium alloy
BP-20 (Russia) containing 15 wt. % rhenium with a surface of 2.5 cm2. A rod made of
spectrally pure graphite was used as a counter electrode, and a silver chloride electrode
(SCE) was used as the reference electrode. All potentials in this work are given with
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respect to SCE. A Luggin capillary was used to eliminate the ohmic drop through the
electrolyte solution.

The surfaces of the working electrodes were prepared by cleaning SiC paper with
different grain sizes, followed by polishing with diamond powder. Linear voltammetry
data were obtained for all electrodes from hydrochloric acid solutions; their compositions
are shown in Table 1.

Table 1. Compositions of solutions for electrochemical studies.

Component Solution 1 Solution 2 Solution 3 Solution 4

HCl, g L−1 200 200 350 350
KCl, g L−1 0 340 0 340

All solutions were prepared based on distilled water with the use of potassium chloride
and hydrochloric acid of high purity. Electrochemical studies were carried out in the
ambient air at an environment temperature of 298 K and a rate of potential change of
1 mV/s.

Based on linear voltammetry, the potential of the rhenium separation from a tungsten–
rhenium alloy was determined. To confirm the selective separation of rhenium from the
alloy, chronoamperometry was performed at a constant potential (Econst = 600 mV (SCE))
within 30,000 s.

The surface of porous tungsten samples obtained as a result of anodic potentiodynamic
polarization (chronoamperometry) was analyzed by the micro-X-ray spectral method using
the TESCAN MIRA 3 LMU auto-emission electron microscope (TESCAN, Czechia) and the
X-ray phase method using the Rigaku D/MAX-2200VL/PC automatic X-ray diffractometer
(Rigaku, Japan).

3. Results

Linear voltammetry was used to study the anodic process occurring on individual
rhenium, tungsten, and tungsten–rhenium electrodes. Figure 1 shows that rhenium was
dissolved in all solutions according to the mechanism of the delayed ionization. The active
dissolution stage began at the potential of 600 mV relative to the silver chloride electrode.
At current densities below 20 A/m2, the addition of potassium chloride practically did
not affect the course of the polarization curve. However, at high current densities above
2500 A/m2, the addition of potassium chloride caused electrode salt passivation and the
formation of potassium chlorrenate.

(a) (b) 

Figure 1. Cont.
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(c) (d) 

Figure 1. The data of linear voltammetry in different solutions: (a) Solution 1; (b) Solution 2;
(c) Solution 3; (d) Solution 4.

The process taking place on the tungsten electrode was accompanied with significant
polarization. The active stage began at the potential of 1100 mV (SCE) and was accompanied
by abundant gas release. At the same time, there was no decrease in the mass of the
electrode itself. Therefore, tungsten dissolution and the active release of gaseous oxygen
were not observed.

No pronounced processes were registered in solutions 1 and 2 for the tungsten–
rhenium alloy. Pronounced peaks associated with the selective dissolution of rhenium were
observed in solutions 3 and 4.

The potential of rhenium release in hydrochloric acid solutions was determined on the
basis of the obtained voltage dependences. The active dissolution stage of rhenium began
at a potential of 600 mV (SCE) for both individual rhenium and the tungsten–rhenium alloy.

The extraction of rhenium from a tungsten–rhenium alloy depending on the processing
time was carried out using chronoamperometry at a constant potential (Figure 2).

Figure 2. Chronoamperogram of tungsten–rhenium alloy dissolution.

The samples of the tungsten–rhenium alloy after potentiostatic dealloying were sub-
jected to X-ray phase analysis using a Rigaku D/MAX-2200VL/PC X-ray diffractometer
(Rigaku, Japan) (Figure 3). It was found that after dealloying, new phases (for example, an
oxide film) were not formed on the surface of the samples. This indicates the absence of the
process passivation and favorably affects the depth of extraction of rhenium from the alloy.
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Figure 3. Diffractograms of initial alloy, alloy after 3000 s exposure in the solution, and alloy after
6000 s exposure in the solution.

To determine the change in the alloy composition, SEM studies of the samples’ surfaces
were carried out using energy-dispersive X-ray spectroscopy (EDS) with the TESCAN MIRA
3 LMU (Figure 4).

Figure 4. Microstructure of initial alloy (A), alloy after 3000 s exposure in solution (B), and alloy after
6000 s exposure in the solution (C).

Figure 4 shows that with the increase in the duration of the electrolysis, the sample
surface dissolved selectively, forming a rough surface. The EDS spectra confirmed by linear
voltammetry demonstrate that at a given potential, selective dissolution of rhenium occurs.
In the first 3000 s, the process of active dissolution of rhenium proceeds and a strong change
in the surface occurs. With the continuation of the electrolysis, the diffusion of rhenium
ions from the electrode into the electrolyte bulk is hampered by the emerging bimodal
structures, which leads to a slowdown but not to an interruption in the dealloying process.
The EDS spectra of the sample after 6000 s exposure confirm this. To confirm the EDS data,
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the wavelengths of the samples were also analyzed using an XRF-1800 dispersive X-ray
fluorescence spectrometer (Shimadzu, Japan). According to the results of the analysis, the
concentration of rhenium in the alloy changed from 15 wt.% in the initial electrode up to
14 wt.% after 3000 s, to 12 wt.% after 6000 s, and to 6.8 wt.% after 30,000 s.

The dealloying penetration depth was estimated by SEM images of the sample cross-
section using EDS with the TESCAN MIRA 3 LMU (Figure 5 and Table 2).

Figure 5. SEM images of cross-section of the sample after dealloying: (A) alloy after 3000 s; (B) alloy
after 6000 s.

Table 2. EDS analysis of cross-section of the sample after dealloying.

Figure 5A Component Spectrum 1 Spectrum 2 Spectrum 3 Spectrum 4

W, wt.% 88.25 88.75 86.22 86.31
Re, wt.% 11.75 11.25 13.78 13.69

Figure 5B Component Spectrum 1 Spectrum 2 Spectrum 3 Spectrum 4

W, wt.% 90.66 90.73 88.63 88.36
Re, wt.% 9.34 9.27 11.37 11.64

The change in the concentration of rhenium from the volume to the front of the
corrosion attack (dealloying) indicates that the process occurs not only on the surface of the
sample but also in the pores formed at the initial moment of time.

A porous bimodal structure formed at the surface of tungsten during selective anodic
dissolution of the tungsten (85 wt.%)–rhenium (15 wt.%) alloy in a solution of hydrochloric
acid at 298 K. The specific morphology of the resulting electrode materials based on
mesoporous tungsten was studied.

4. Discussion

The criterion of thermodynamic probability of anodic processes in binary alloys is
applicable for the process of dissolution of tungsten alloys with a more electronegative
component (rhenium). The anode reaction involving a component with a more negative
potential has the highest rate. For a tungsten–rhenium alloy, the process scheme is as follows:

W(alloy W − Re) − ne− = Wn+ (1)

Re(alloy W − Re) − ne− = Ren+ (2)

This process is accompanied by selective dissolution of rhenium from the surface layer
of the alloy and the formation of a developed surface structure. The linear decrease in the
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thickness of the electrode and the difference in the partial diffusion coefficients of the alloy
components were taken into account.

Selective anodic dissolution of one of the alloy components is quantitatively character-
ized by the coefficient of selective dissolution.

zA =
(CW/CRe)solution
(CW/CRe)alloy

(3)

A thermodynamic vacancy mechanism of this process has been developed for low-
temperature electrolytes [33]. Based on the Darken dependence of the logarithm of the
mutual diffusion coefficient from the inverse temperature, the value of the self-diffusion
coefficient at 298K is estimated.

D = D0 · exp
(
− E

RT

)
(4)

The external flow is caused by two effects: a change in the concentration gradient CRe
and a decrease in the thickness of the electrode, causing the dissolution of the electronega-
tive component.

The rate of dissolution of the alloy q0
Re (mol/cm2s) is given by the following equation:

− q0
Re = −D

∂CRe

∂x
(0, t)− CA(0, t)UL(t) (5)

where D is the diffusion coefficient, x is the initial flat surface of the electrode, t is the time,
and UL is the rate of linear loss of the alloy (cm/s).

UL = qReValloy (6)

where Valloy is the molar volume of the alloy.
The anodic dissolution of rhenium at the alloy–solution boundary, which is a powerful

source of vacancies, where vacancies are absorbed by dislocations, and its diffusion from
the depth of the alloy to the boundary cause the formation of vacancies in the alloy volume.
There are two sources of vacancies with a total flow:

JV = J′V ↑↓ +J′′V ↑ (7)

where J′V ↑↓ is the flow of excess or lack of vacancies in comparison with the equilibrium
concentration in the alloy volume, and J′′V ↑ is the flow of vacancies formed directly due to
the process of selective dissolution of rhenium.

The change in the total volume of the formed voids (negative crystals) as a result of
selective dissolution can be calculated:

ΔV = C−1
∫ t

0
JV(t)dt (8)

The excess of vacancies at the boundary causes the linear loss of the alloy and the
decrease in the thickness of the electrode. Vacancies can both move to the border and merge
into the pores.

It is the supersaturation of vacancies in the alloy volume that causes them to merge
into pores and form the so-called diffusion porosity or Frenkel effect. As the temperature
increases, the alloy dissolves (decreasing in thickness) faster, the defectiveness decreases,
and the boundary diffusion coefficient increases faster than the volume diffusion coeffi-
cient. With an increase in temperature, the relative contribution of diffusion along the
boundaries decreases; at a lower temperature, the process of formation of sufficiently small
pores prevails.
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The result of selective dissolution of the alloy is the formation of a surface layer with a
modified composition. In the process of anodic dissolution, both the surface relief of the
solid electrode and the proportion of the alloy components change and electrochemical
destruction of the starting material occurs.

Studies of the regularity of selective dissolution are important for corrosiology and for
the kinetics of electrochemical processes in general, as well as for electrochemical materials
science and the production of structured materials for catalysis since it is necessary to take
into account the real heterogeneity of solid metal surfaces.

To quantitatively characterize the type of destruction of intermetallic phases, the
coefficient of selective dissolution ZA was used, which shows how many times the ratio
of the amounts of tungsten to rhenium in the electrolyte solution was greater than the
corresponding ratio in the alloy. With uniform dissolution, this coefficient is equal to unity,
and with selective dissolution, it tends to infinity (tungsten transfers into the solution) or to
zero (rhenium transfers into the solution) [33]. According to the obtained experimental data,
the selectivity coefficient and the rate of linear loss of the alloy were calculated (Table 3).

Table 3. Compositions of solutions for electrochemical studies.

Time, s 3000 6000 30,000

ZA(W) 1.08 1.29 2.35
ZA(Re) 0.92 0.77 0.41

UL, sm/s 1.4 × 10−9 2.9 × 10−9 7.2 × 10−8

Simultaneous occurrence of reactions (1) and (2) is thermodynamically possible at a
value of applied anode potential exceeding the equilibrium potential of both alloy com-
ponents. At an applied potential of 600 mV (SCE), only the dissolution of rhenium is
thermodynamically possible, which is consistent with the data of linear chronovoltamme-
try (Figure 1).

During the anodic dissolution of a tungsten alloy with a more electronegative compo-
nent, such as rhenium, the alloy dissolves in the active state at a relatively low overvoltage
of the anodic metal dissolution reaction. Under the conditions of anodic dissolution of a
two-phase alloy, a structural-selective dissolution is most often observed.

5. Conclusions

The regularities of anodic dissolution of a two-component tungsten–rhenium alloy in
an aqueous solution of hydrochloric acid were studied.

The parameters of the effective selective anodic dissolution of the tungsten–rhenium
alloy, including the differences in applied potentials and electrolyte composition, were found.
The existence of a bimodal structure on the tungsten surface after dealloying was proved.

The technological parameters such as the composition of the electrolyte, the process
temperature, and the modes of anodic polarization, which provide the most efficient
separation of tungsten and rhenium, were determined.
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Abstract: The mechanism of proton motion in a LaScO3 perovskite crystal was studied by ab initio
molecular dynamics. The calculations were performed at different temperatures, locations, and
initial velocity of the proton. Different magnitudes and directions of the external electric field were
also considered. It is shown that initial location and interaction between proton and its nearest
environment are of great importance to the character of the proton movement, while the magnitude
and direction of the initial velocity and electric field strength are secondary factors characterizing its
movement through the LaScO3 crystal. Four types of proton-jumping between oxygen atoms are
determined and the probability of each of them is established. Energy barriers and characteristic
times of these jumps are determined. The probable distances from a proton to other types of atoms
present in perovskite are calculated. It is shown that the temperature determines, to a greater extent,
the nature of the motion of a proton in a perovskite crystal than the magnitude of the external electric
field. The distortion of the crystal lattice and its polarization provoke the formation of a potential
well, which determines the path for the proton to move and its mobility in the perovskite crystal.

Keywords: electric field; molecular dynamics; perovskite; polaron; proton

1. Introduction

High-temperature solid oxide fuel cells (SOFCs) are made entirely of solid materials.
As a solid electrolyte, they use metal oxides which, unlike carbonate electrolytes, do not
corrode the anode and cathode. The metal-oxide material used as a solid electrolyte should
be as dense and thin as possible in order to reduce the ohmic resistance. On the one hand,
the high operating temperature of SOFCs has the advantage that these devices can run on a
variety of fuels, including natural gas. Moreover, their operation does not require catalysts
based on noble metals (for example, Pt). When reusing waste heat in SOFC, its efficiency
can be brought up to 70–75%. However, the high operating temperatures of SOFCs create
certain difficulties. Manufacturing SOFCs requires high thermal stability of materials,
which increases the cost of the system. There is also difficulty in connecting different
components in SOFC at high temperatures. The use of proton conductors exhibits to
achieve the higher ionic conductivity at lower temperatures (~500–600 ◦C). The possibility
of creating a solid ionic conductor with a lower operating temperature based on LaScO3
perovskite was studied. At high pressure, a solid solution with a perovskite type structure
was formed [1]. For the synthesized material of the composition (Li0.4Ce0.15La0.67)ScO3,
an ionic conductivity of 1.1 × 10−3 S·cm−1 at 623 K was achieved. A number of works
have been devoted to the development of protonic electrolytes [2–7]. Each of them is
dedicated to a particular system of materials or manufacturing technology. Sufficiently
high conductivity (~10−3 S·cm−1) was observed for LaNbO4 doped with calcium in a
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humid atmosphere at 800 ◦C [8]. Importantly, this result was achieved using materials that
do not contain Ba or Sr, which are not suitable for fuel cells operating in a CO2 atmosphere.

LaScO3 perovskite is a promising proton conductor [9–12]. It exhibits a fairly high
structural stability. Even at high impurity levels, LaScO3 is characterized by orthorhombic
symmetry in the range from room temperature to about 1993 K [13]. The structural skeleton
of this compound is made up of rigid ScO6 octahedra. The formation of oxygen vacancies,
which increase the proton conductivity, occurs when La is replaced by Sr [14]. The proton
conductivity (6 × 10−3 S·cm−1) obtained upon reaching the ratio of Sr to La x = 0.2, i.e., for
the La0.8Sr0.2ScO3–δ compound, still remains one of the highest [15]. This doped perovskite
is a promising proton-conducting electrolyte and can be used in proton–ceramic fuel cells.
However, a targeted enhancement of proton conductivity requires a fundamental study of
the mechanism of proton migration in the corresponding solid electrolyte. Among the most
reliable methods for studying the mechanism of conduction performed at the atomic level
are atomistic calculations in combination with neutron diffraction and nuclear magnetic
resonance (NMR). The possible implementation of the proton dynamics in a crystal with a
perovskite structure has not yet been fully investigated [16].

We used an ab initio molecular dynamics approach to comprehensively investigate
the proton dynamics in a defect-free perovskite LaScO3 crystal. In this new study, we
investigated the influence of initial proton velocities and locations, as well as the influence
of electric field and temperature on proton behavior in LaScO3 perovskite. Carrying out
these studies can confirm or refute the hypothesis about the polaron character of proton
movement along the perovskite crystal lattice. Doped ceramics LaScO3 is also promising
material for the use as a solid electrolyte in SOFCs.

The aim of this work is to investigate the mechanism of proton movement in defect-
free LaScO3 perovskite as a function of temperature, magnitude of the applied electric field,
initial velocity of the proton, and its primary location.

2. Materials and Methods

All calculations were performed using the SIESTA software package. These ab initio
molecular dynamics calculations are based on the density functional theory and are imple-
mented within the plane wave model. For all considered atoms, only valence electrons were
taken into account in the calculations. The calculation of the exchange–correlation func-
tional was based on the Perdew–Burke–Ernzerhof (PBE) formalism [17]. In our calculations,
the periodic supercell consisted of 16 La atoms, 16 Sc atoms, and 48 oxygen atoms. The
initial configuration of the perfect LaScO3 system is shown in Figure 1. The resulting pa-
rameters of the initial lattice were: a = 11.6003997 Å, b = 8.107899684 Å, c = 11.328470354 Å,
α = β = γ = 90◦, and the volume of the created system was 1068.87 Å3. Projecting the
plane-wave onto specific orbitals allowed us to compute local states and populations. The
Monkhorst–Pack algorithm [18] was used to generate all 10 × 10 × 1 k-points. The cutoff
energy of plane waves was 400 Ry. This was found to be sufficient to achieve convergence
in the context of calculating relative energies. The integration of the equals of motion in
realization of ab initio molecular dynamics was carried out by the Verlet method with a
time step of 1 fs.

The calculations were performed according to the block diagram shown in Figure 2.
The input data are the charges of the nuclei, the number of electrons, and the coordinates
of the atoms. Plane waves were used as basic functions. The calculation procedure was
completed in accordance with the specified criterion for the accuracy of determining the
density.
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Figure 1. Initial crystal structure of LaScO3 in the absence of a proton: large circles denote the A-site
cations, the regions bounded by octahedra shows the localization of the B-site cations, and small
circles denote oxygen atoms.

Before each ab initio molecular dynamics calculation, geometric optimization was
performed. The reference value for the change in the total energy of the system during the
dynamic relaxation of atoms was 0.001 eV. As a result of this preliminary preparation, a
structure relaxed to a stable state was obtained, the final stress (pressure) in which was equal
to 0.0007 Ry/Bohr3. Next, a proton was placed in the resulting system, which occupied
different positions:

(1) in the Sc octahedron plane between the oxygen atoms at point 1, which has average
coordinates (0.44, 0.75, 0.23),

(2) in the Sc octahedron plane near the oxygen atom at point 2, which has average
coordinates (0.56, 0.75, 0.23),

(3) in the plane of finding La atoms at localization near the oxygen atom at point 3, which
has average coordinates (0.33, 0.75, 0.94).

In each of these three cases of a specific initial position of the proton, five coordinates
were used, differing in x and z coordinates. Accordingly, for each case (1-3), five different
molecular dynamics calculations were performed. The average values of the initial coordi-
nates of the proton (mentioned above) are also the initial coordinates of the proton for one
of the runs in each series.
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Figure 2. Block diagram of the calculation algorithm of the density functional theory method.

First-principle molecular dynamics calculations were performed for systems contain-
ing a proton. The initial velocity of the proton varied from 0 to 0.37418 × 105 m/s (from
0 to 0.5 Bohr/fs). An electric field acted on the proton, and the intensity vector was in the
xz plane. The directions of this vector varied, and the magnitude of the tension varied from
0 to 4.95 × 1010 V/m (from 0 to 4.95 V/Å). Note that the maximum value of the electric
field strength specified here approaches the value of the atomic electric field, which appears
as a result of the interaction of atoms in perovskite oxide SrTiO3 (4 × 1011 near the oxygen
atom and 1012 V/m near the Ti and Sr atoms) [19]. However, it is significantly higher than
the field strength (103–104 V/m) used to perform the cycle of intercalation/deintercalation
of lithium in the molecular dynamics simulation of the silicene anode functioning [20].

Nine series of five runs each with ~1000 time steps were performed in the temperature
range from 153 K to 1100 K. The last temperature value is close to the operating temperature
of the solid-state fuel cells, using LaScO3-based compounds as the electrolyte. Data on the
temperature, applied electric field, initial velocity of the proton, and its primary location are
presented in Table 1. To determine the moments of time, at which the transition of a proton
from one oxygen atom to another took place, an appropriate algorithm was developed,
the code of which was implemented in the Python 3.8 language. The block diagram of the
program for determining the energy barrier and the time of the proton transition between
oxygen atoms is shown in Figure 3. This algorithm is based on tracking the change in the
potential energy of the proton. The peaks in this dependence characterize the change in the
average virtual location of the proton. The time interval between these peaks determines
the time of its transition from one oxygen atom to another.
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Table 1. Characteristics * of the initial data and the calculated temperatures for the series of ab initio
molecular dynamics calculations.

Run
Number

1 2 3 4 5 6 7 8 9

Ex 0.5 0.5 0 1.5 1.5 1.5 3.5 3.5 3.5
Ey 0 0 0 0 0 0 0 0 0
Ez 0.5 0.5 0 1.5 1.5 1.5 3.5 3.5 3.5
E 0.7071 0.7071 0 2.1213 2.1213 2.1213 4.9497 4.9497 4.9497

v0x 0.1058 0.2645 0.1058 0.2645 0.1058 0.2645 0 0 0
v0y 0 0 0 0 0 0 0 0 0
v0z 0 0.2645 0 0.2645 0.1058 0.2645 0 0 0
v0 0.1058 0.3741 0.1058 0.3741 0.1496 0.3741 0 0 0

The initial
location

of the
proton

1
(0.44,
0.75,
0.23)

1
(0.44,
0.75,
0.23)

1
(0.44,
0.75,
0.23)

2
(0.56,
0.75,
0.23)

3
(0.33,
0.75,
0.94)

3
(0.33,
0.75,

0.94))

3
(0.33,
0.75,
0.94)

3
(0.33,
0.75,
0.94)

3
(0.33,
0.75,
0.94)

T, K 685 848 682 904 135 255 153 669 1099

* Electric field strength and its x, y, z-components are presented in 1010 V/m; the initial velocity of the proton and
its x, y, z-components are expressed in 105 m/s; the average initial locations of the proton are defined in Å.

Figure 3. The block diagram of searching for proton transitions.

We used the method of constructing Voronoi polyhedrons to trace the mutual arrange-
ment of the proton and the atoms of the LaScO3 compound closest to it. Polyhedra with the
proton in the center were built at each time step. The polyhedra were constructed for three
separate subsystems: oxygen, scandium, and lanthanum. Thus, the geometric neighbors
closest to the proton were established for O, Sc, and La for the entire time of its presence in
the system. Due to the small size of the system and the short residence time of the proton
in it, we do not consider the changes occurring in its complete environment, since they are
small. That is, we will not present the distribution of polyhedra by the number of faces and
the distribution of faces by the number of sides that characterize the rotational symmetry
of the subsystems under consideration. Instead, we will consider the angular placement of
the proton relative to different kinds of atoms. The angles under consideration are formed
by a proton and a pair of atoms included in the immediate environment of the proton. The
environment is defined using the Voronoi polyhedron. There is a proton at the vertex of the
angle under consideration, the sides of the angle are formed by segments, which extreme
points are the proton and one of the atoms of the subsystem under consideration. We have
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previously performed a similar sounding to the structure by moving a charged particle (in
this case, a proton) [21].

3. Results

Let us trace the trajectories of a proton in cases, where its initial placement corresponds
to its average initial coordinates obtained in five calculations of the same type. Horizontal
projections of the configurations of the LaScO3 crystal corresponding to the time instant of
1 ps are shown in Figure 4.

Figure 4. Horizontal projections of the configurations of the LaScO3 crystal, corresponding to the time
instant of 1 ps, (a) under the electric field with an intensity of E = 0.7071 × 1010 V/m and (b) without
the electric field; the figure also shows the trajectories of the proton for the specified time interval,
and the symbols i and f denote the beginning and the end of the trajectory, respectively.

The upper figures reflect the above system obtained in series 1, and the lower figures
show a similar system resulting from the series 3. In series 1, a constant electric field with
an intensity E = 0.7071 × 1010 V/m acted on the proton, the series 3 was performed in the
absence of an electric field. The trajectory of a proton is enclosed in a more limited space
under the effect of the electric field. It is noteworthy that a large part of the path of the
proton does not pass along the direction determined by the strength of the electric field
(line in the figure), but in the direction forming a certain angle with the direction of the
vector E. In either case, the trajectory of the ion turns out to be rather entangled. It can get
into the vicinity of another (different from the original) oxygen atom and stay there for
some time. It can also approach adjacent La and Sc atoms, which are not initially adjacent
to it. In addition, the proton can not only move away from its initial location, nor approach
it again, moving in the direction opposite to the direction of the passed path. Thus, the
electric field does not affect the choice of the preferred location for the proton in the LaScO3
crystal. Most likely, the place of its virtual location is determined by the attraction of a
proton to any closest oxygen atom.
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The temperature dependence of the average potential energy of perovskite LaScO3
is not monotonic (Figure 5). Sharp changes in the energy U are observed at temperatures
T < 153 K and in the temperature range 669 ≤ T ≤ 685 K. In this temperature range, the
highest energy U corresponds to the state with the highest value of the electric field and
the least energy appears when the field is missing. The largest value of the energy U
is also observed at T = 1099 K at the maximum value of the electric field strength. The
behavior of a proton in a system essentially depends on the temperature of the perovskite.
We can say with confidence that no proton jumps are observed at temperatures below
400 K; the proton vibrates around the oxygen atom near which it was originally located. In
the temperature range of 600–800 K, random proton jumps are observed between oxygen
atoms. Most of the proton jumps are observed at the temperatures above 800 K, when the
proton has a sufficient speed to overcome the potential barrier. A visual representation of
the proton motion in the LaScO3 perovskite is provided in Supplementary data. This film
representation shows the behavior of the proton in the calculation 1, when the temperature
in the model was 685 K.

Figure 5. Dependence of the average potential energy on the average temperature for the calculated
states of the LaScO3 perovskite. The numbers indicate the series numbers from Table 1.

The behavior of a proton in a perovskite system in the temperature range of 680–850 K
makes it possible to distinguish the time interval, during which the proton jumps to a
neighboring oxygen atom, or to another place of temporal localization. In the time sweep
of the potential energy, such an interval is always included between the local extrema of
the function U(t). Figure 4 shows the U(t) functions obtained in the series 1–3, defined by
Table 1. The time intervals of the proton jump to a new sedentary position are highlighted
in Figure 6 with red stripes. In all cases, the duration of the interval for the jump did
not exceed 100 fs, i.e., 100 time steps. Obviously, during such a time interval, the proton
completely “forgets” the initial direction of its velocity. The further speed of the proton
is determined by the interatomic interaction, temperature, and, in part, the direction of
the electric field strength. The electric field does not completely determine the direction
of motion of the proton, but it affects the instantaneous values of the potential energy:
the greater electric field results in the more significant fluctuations of the U(t) function.
Comparison of Figure 6a,b testifies in favor of the fact that the frequency of the proton
jumps can be influenced by the direction and magnitude of its initial velocity. In particular,
at a higher value of the velocity, the time intervals between the proton jumps increase. At
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the same time, a comparison of Figure 4a,c shows that the number of proton jumps in the
presence of an electric field is likely to decrease.

Figure 6. Change in the potential energy of the perovskite system over time in calculations (a) 1,
(b) 2, and (c) 3; red stripes show the proton jumps among oxygen atoms; the average potential energy
is shown by the dashed line; the initial placement of a proton corresponds to its average initial
coordinates for each selected series of five runs.

The types of possible jumps made by a proton in a perovskite are shown in Figure 7.
The directions of the proton movement are shown by light segments connecting the light
circles (proton designations). In case I, the proton changes its position, passing from
the oxygen atom belonging to one octahedron to the oxygen atom assigned to another
octahedron, and the transition occurs between La atoms. In case II, the proton moves
along only one La atom and passes from one oxygen atom to another along the edge of the
octahedron, with both oxygen atoms belonging to the same octahedron. In cases III and IV,
the proton also passes one La atom, but the oxygen atoms are separated by an octahedron,
i.e., together they belong to three adjacent octahedra. The forward and backward paths of
the proton in these cases are not equivalent due to the difference in the atomic environment.
Therefore, we consider them separately, assuming that case III corresponds to a direct
transition, i.e., the proton hits the plane of the octahedron, and case IV corresponds to a
reverse transition.
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Figure 7. Types of proton jumps in perovskite (a) I, (b) II, (c) both, as III as IV.

Figure 7 shows the characteristics of proton hopping classified according to the four
types defined above. The jumps of the first type can be characterized as the migration of
a proton in the lanthanum plane (the plane between the octahedra). The second type of
jumps takes place on the plane of scandium (in the plane of the octahedrons). The jumps
of the third type include the movement of a proton from the plane of lanthanum to the
plane of scandium (transition to the plane of the octahedron). The fourth type of transition
expresses the exit of the proton from the scandium plane and its return to the lanthanum
plane.

The characteristics of jumps of different types are shown in Figure 8. Jumps of the first
type are characterized by the maximum energy barrier height, the shortest jump time (since
in this case the proton acquires the highest kinetic energy), and the minimum number of
jumps of this type. To make a jump of the second type, the proton also needs to acquire a
sufficiently large kinetic energy to overcome the second highest energy barrier. In this case,
the jump time is the longest. The number of such jumps is a quarter of all jumps performed.
The barrier for the jumps of the third type is slightly less than that for the jumps of the
second type, and the time needed for such jumps is noticeably shorter than that for the
jumps of the second type, but it is slightly longer than for the jumps of the first type. The
proportion of the jumps of the third type turns out to be the largest. The jumps of the fourth
type are characterized by the lowest energy barrier and the jumps time is a little longer
than that for the jumps of the third type. The number of such jumps, like jumps of the
second type, is a quarter of all jumps.
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Figure 8. Parameters for performing different types of proton jumps: (a) the average height of the
energy barrier, (b) the average time of the jump, and (c) the proportion of four types of jumps.

The migration time of a proton between the planes of lanthanum and scandium is
practically independent of the direction, while the fraction of transitions into the plane of
scandium is much greater than from the plane. Consequently, this jump is more beneficial
for the proton than the motion in the lanthanum plane, so it prefers to move in the direction
of the scandium plane. On the other hand, the movement of the proton in the scandium
plane and exit from it are equally probable (the fractions of jumps of these types are the
same). However, to move in the plane, the proton needs to overcome a more significant
potential barrier than to exit from it. Therefore, the jump time in the scandium plane is
longer.

Figure 9 shows the time variation of the hydrogen run in the Cartesian coordinates
from the series 3, in which 4 proton jumps were observed by the time of 400 fs. Attention
should be paid to the behavior of the y coordinate, according to which it is best to diagnose
jumping by a proton. A strong change in the y coordinate ends by the time of 400 fs, and
further changes in this coordinate are insignificant. Small fluctuations in the y coordinate
near a constant value indicate the absence of proton jumps.
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Figure 9. Time dependence of the proton Cartesian coordinates related to series 3; the initial placement
of a proton corresponds to its average initial coordinates for the series.

The diffusion coefficient D was determined in terms of the mean square of the proton
displacement. According to the Arrhenius law, the dependence of the diffusion coefficient
on the reciprocal temperature can be represented as a linear dependence ln D(1/T). To
calculate the average diffusion activation energy, the data presented in Figure 8a,c were
used, i.e., the average activation energy was determined, taking into account the contri-
bution of each type of proton jump. The calculated dependence ln D(1000/T), showing
the estimated temperature dependence of the proton diffusion coefficient in perovskite
LaScO3, is shown in Figure 10. A similar dependence was determined for protons diffusing
in yttrium-doped crystalline perovskite BaCeO3 in a narrow temperature range (from
725 to 770 K) by the neutron scattering method [22]. These values fit satisfactorily into the
dependence ln D(1000/T) obtained by us for LaScO3. Ceramics BaCe0.8Y0.2O3–δ is one of
the most highly conductive proton conductors. The perovskite LaScO3 studied by us can
also be attributed to this class of solid proton conductors.

Figure 10. Dependence of ln D on the parameter 1000/T at a constant weighted average activation
energy Ea = 1.255 eV for the movement of a proton along defect-free perovskite LaScO3; also pre-
sented here are the values of a similar characteristic for BaCeO3 doped with yttrium obtained in the
experiment on neutron scattering [22].
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Figure 11 shows the distributions of the distances between the proton and different
types of atoms in the LaScO3 perovskite system. The first peak of the “proton–lanthanum”
distance distribution is split into two distinct subpeaks. This testifies the fact that, with a
high probability, in addition to the nearest La atom, there are always other La atoms located
at a very close distance from the proton. The highest (second) peak in this distribution
shows that the majority of other La atoms are located at distances from 4 Å to 6 Å from
the proton. The first peak in the “proton–scandium” distribution is not split and is well-
resolved. The most probable distance from the proton to the Sc atom is 2.2 Å. The next two
most pronounced peaks of this distribution are at 4.5 Å and 6 Å. It is in the vicinity of these
distances that the majority of the following Sc atoms adjacent to the proton are located. The
“proton–oxygen” distribution has a clearly pronounced peak at 1.0 Å, which shows that
hydrogen forms a bond only with one oxygen atom, located in its field. In this case, the
spectrum of distances between the proton and the rest of the oxygen atoms blurs as this
distance increases. This feature of the “oxygen” spectrum is associated with a large number
of O atoms in the system compared to other atoms and with their high mobility.

Figure 11. Distribution of distances between the proton and other atoms of the perovskite system:
(a) lanthanum, (b) scandium, and (c) oxygen, obtained over a time interval of 1 ns in series 1.

Figure 12 indirectly reflects the location of the proton by the distribution of angles
that a proton forms with a pair of any atoms of the same type (i.e., O, Sc, and La). The
top row of figures shows the angular distributions obtained in the absence of the electric
field, and the bottom row of figures shows the same distributions when the field strength
E = 0.7 × 1010 V/m acts in the [10] direction in the systems under consideration. The tem-
perature of the system in the absence and in the presence of an electric field is approximately
the same (T = 683 ± 2 K). It is seen that the corresponding angular distributions (when the
angles are formed by atoms of the same type) are in good agreement with each other. The
significant identity of the corresponding angular spectra indicates that the electric field has
no significant effect on the proton movement in the LaScO3 crystal.
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Figure 12. Angular distributions of the nearest geometrical neighbors of the proton, obtained during
its migration in the LaScO3 crystal lattice in the absence of the electric field (series 3) and in the
presence of the field E = 0.7 × 1010 V/m (series 1) at T = 683 ± 2 K; the averaged initial position
of the proton is classified as position 1 (see Table 1) and its initial velocity is 0.1058 × 105 m/s; the
captions within the figure show the type of neighbors and the absence or presence of the electric field
(in brackets).

Due to the limited space for the proton to move along the LaScO3 crystal, which is
associated with the rigid structure of this compound, an increase in the angle, at the top of
which the proton is located, when the sides pass through the centers of two atoms of the
same type (O, Sc, and La), means an increase in the average distance between the proton
and these atoms. Due to the high mobility of the proton, it more likely interacts with
the closer atoms. Figure 12 shows that the smallest angular range is characterized by the
interaction between the proton and oxygen atoms. It is this interaction that is decisive for
the proton. However, the structural skeleton of a compound is not determined by oxygen,
but by the metals forming this compound, i.e., Sc and La. The angular range of interaction
of the proton with La is less than that with Sc. Therefore, it is easier to regulate the physical
properties of the LaScO3 compound by replacing La (rather than Sr) atoms with other
atoms.

As can be seen from Figure 13, the situation with the distribution of preferential
interactions does not change, as the temperature of the system under consideration increases
from 153 K to 1099 K. Even at the highest temperature, as before, the smallest angular range
is observed for the proton interactions with oxygen atoms, and the largest one is for that
with Sc. In all cases considered, the shape of the angular spectra does not undergo too
large changes as the temperature of the system increases. Nevertheless, for the oxygen
and lanthanum subsystems, the disappearance or the appearance of separate subpeaks
in the angular distribution is observed at the temperature variation. Such changes are
less pronounced for the scandium subsystem. Since the shape of the angular distribution
characterizes indirectly the interaction between the proton and the atoms selected in the
compound, the resulting response of the system to an increase in temperature means
that the replacement of La by other atoms should create a corresponding effect at high
temperatures.
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Figure 13. Angular distributions of the nearest geometrical neighbors of the proton, obtained
during its migration in the LaScO3 crystal lattice in the presence of an electric field of strength
E = 4.9 × 1010 V/m (series 7–9) at different temperatures; the initial position of the proton corresponds
to position 3 (as classified in Table 1) and its initial velocity is 0; the captions within of the figure
reflect the temperature and the type of neighbors (in brackets).

4. Discussion

The proton conduction is an Arrhenius-type thermal activated process, phenomeno-
logically reminiscent of a polaron-type electronic conductivity. The proton jump times
can be accurately represented by the proton polaron model [16]. Conceptually, a proton
satisfies the definition of a polaron, since it can be represented as a trapped charge in an
elastic crystal field. The polaron nature of proton conductivity was potentially proposed
in [23]. However, such a concept as a “proton polaron” has not yet become widespread in
the study of the conductivity in perovskites, including the structures of the ABO3 type.

The mechanism for the appearance of a polaron in an ionic crystal with an implanted
proton is obvious. Longitudinal optical oscillations in such a system occur when positive
and negative ions move in opposite directions. As a result of such oscillations, regions of
excess (relative to the equilibrium value) charge of different signs alternating in space arise
in the crystal. In the area where the proton is located, an excess of negative charge will
most likely appear. It is clear that in such a system, there must be an interaction between
the proton and longitudinal optical phonons. Here, the notion of a “polarization cloud”
that moves along with the proton becomes appropriate. This is how a new quasi-particle,
the polaron, appears. Consequently, the problem of the polaron, and not the “bare” proton,
comes to the fore. Moreover, the residual interaction between the polaron and phonons
is weak. A polaron drags a region of lattice distortion behind it, so its effective mass is
greater than the mass of a “bare” proton, and the energy, on the contrary, is less than that
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of a “bare” proton. If a proton creates a deformation, which linear dimensions exceed the
lattice constant, one can speak of a large-radius polaron. Otherwise, we are dealing with a
small-radius polaron.

In this paper, we consider the proton–phonon interaction in the structure of the ABO3
perovskite in the form of a polaron. In addition to the aforementioned facts, we analyze the
problem arising with the control of the proton conductivity in the LaScO3 perovskite using
an external electric field. The path of the proton migration in the perovskite structure is
determined not by the direction of the field strength, but by the elastic deformations of the
crystal lattice of this compound. The mass of the La atom is 3.1 times the mass of the Sc
atom. Therefore, the La-O valence phonon mode has a lower energy compared to the Sc-O
mode. Consequently, in the LaScO3 perovskite, the thermally activated La-O mode acts as
the main driving force for the interaction of the low-energy phonon mode and the diffusion
mode of protons. Polarons appear due to the deformation of the crystal lattice. Polaron
states are characterized by distinct absorption peaks in the visible (VIS) and near-IR (NIR)
ranges of the optical absorption spectrum. Dielectric spectroscopy is an important tool in
the study of polaron states. In particular, the electrical transition between polaron states
largely determines the temperature-dependence of the relaxation frequency for the DC
electrical conductivity.

When the crystal lattice contracts, the protons slow down. As the temperature rises,
protons resist pressure more and more and retain a higher diffusion coefficient. With the
increasing pressure on the sample, the activation barrier for proton diffusion increases. The
activation energy for proton diffusion depends on the degree of the lattice deformation,
which in turn is determined by the elastic properties [24]. Proton transfer is facilitated by
cooperative processes such as lattice vibrations. In perovskites of the ABO3 type, the level
of proton conductivity depends on the nature of the atoms in this compound. Typically,
the proton conductivity increases as the elements A and B become less negative. The
proton conductivity in perovskite can be increased by increasing the number of oxygen
vacancies, i.e., by doping. In particular, the formation of oxygen vacancies is facilitated by
the substitution of Sr for La in the LaScO3 perovskite. However, this way of increasing the
proton conductivity is associated with fundamental limitations. First, the formation of an
oxygen vacancy is associated with the breaking of the oxygen–metal (O–M) bond, which
requires a certain amount of energy. Second, the formation of an electrically neutral vacancy
is associated with the reduction of neighboring cations [25], and, therefore, with changes in
the chemical energy. Third, at an excessive number of oxygen vacancies, the stability of the
compound containing them can be violated [26]. Thus, only a limited number of oxygen
vacancies can be created in a perovskite of the ABO3 type.

The perovskites based on rare earth elements demonstrate nontrivial electrical prop-
erties, such as metal-insulator transition, high-temperature superconductivity, etc. [27].
The existence of the tunable bandwidth of the materials is explained by the variations in
localized and delocalized electron patterns.

The technology of high-performance solar cells production requires uniform large-area
perovskite films obtained by the crystallization process [28]. It should be noted that the
main problems of high-efficiency solar cells are the high production cost and decrease in
their efficiency with an increase in the size of the solar module [29,30].

Polymer conductors have their own criteria for proton conductivity. Acidic hydrophilic
groups often provide high proton conductivity of a compound (proton polymer conductor)
with a supramolecular network [31]. For the effective work of the proton polymer conduc-
tors, it is necessary to achieve their significant acidity, i.e., high degree of protonation of
hydrophilic groups. The acidity index is the main factor in the synthesis of the polymer
conductor with good proton-conducting ability.

5. Conclusions

Although oxygen vacancies are currently playing a decisive role in characterizing
devices based on ABO3 perovskites, we investigated the proton conductivity in defect-free
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perovskites based on metal oxides. Understanding the mechanism of proton conductivity in
a defect-free material, which occupies at least 80% of even perovskite doped and enriched
with oxygen vacancies, is important for the further improvement of environmentally
friendly energy devices. We investigated the behavior of the proton in the perovskite
LaSrO3 crystal depending on its initial location and velocity, external electric field, and
temperature. The discontinuous nature of proton diffusion in perovskite was established
and four types of jumps determined by the structural features of the perovskite were
identified. Average execution time for all types of proton jumps is between 32 and 47 fs.
The activation diffusion energy varies in the range of 0.95 ≤ Ea ≤ 1.75 eV. The difference
in the frequencies of different types of jumps can be as high as 2.3. It is found that proton
migration in solid defect-free perovskite LaScO3 is characterized by the equation

ln D = 10.11-15.37(1000/T),

where the diffusion coefficient D is in cm2/s and the temperature T is in K.
The scale of the proton’s displacements in the presence of an electric field and without

it was established by the visual observation on the proton trajectory and the partition of
the space occupied by atoms, using Voronoi polyhedra. Regardless of the presence of an
electric field in the entire temperature range under study, the angles formed by a proton
with oxygen ions form a smaller number of peaks (from 4 to 5) than the angles created by
a proton with lanthanum ions (5–6) or scandium ions (6–7). This is due to the stronger
attraction of the proton to oxygen. The set of ab initio molecular dynamic tests is evidence
in favor of the polaron character of proton migration in the LaSrO3 perovskite. This is
confirmed by the fact that the immediate environment of the proton and the temperature of
the system determine the trajectory of its motion to a much greater extent than the external
electric field.

Further improvement of semiconductor electrolytes should be based on taking into
account the mechanism of proton migration along a perfect perovskite crystal. This,
along with investigating the effect of oxygen vacancies, could significantly improve the
performance of the clean energy devices.
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Abstract: The development of novel methods for industrial production of metal-matrix composites
with improved properties is extremely important. An aluminum matrix reinforced by “in situ”
α-Al2O3 nanoparticles was fabricated via direct chemical reaction between molten aluminum and
rutile TiO2 nanopowder under the layer of molten salts at 700–800 ◦C in air atmosphere. Morphology,
size, and distribution of the in situ particles, as well as the microstructure and mechanical properties
of the composites were investigated by XRD, SEM, Raman spectra, and hardness and tensile tests.
Synthesized aluminum–alumina composites with Al2O3 concentration up to 19 wt.% had a character-
istic metallic luster, their surfaces were smooth without any cracks and porosity. The obtained results
indicate that the “in situ” particles were mainly cube-shaped on the nanometer scale and uniform
matrix distribution. The concentration of Al2O3 nanoparticles depended on the exposure time and
initial precursor concentration, rather than on the synthesis temperature. The influence of the struc-
ture of the studied materials on their ultimate strength, yield strength, and plasticity under static
loads was established. It is shown that under static uniaxial tension, the cast aluminum composites
containing aluminum oxide nanoparticles demonstrated significantly increased tensile strength, yield
strength, and ductility. The microhardness and tensile strength of the composite material were by
20–30% higher than those of the metallic aluminum. The related elongation increased three times
after the addition of nano-α Al2O3 into the aluminum matrix. Composite materials of the Al-Al2O3

system could be easily rolled into thin and ductile foils and wires. They could be re-melted for the
repeated application.

Keywords: metal-matrix composite; aluminum; nano-alumina; molten salt synthesis; mechanical
properties

1. Introduction

Metal-matrix composites based on aluminum and its alloy have been the subject
of great scientific and practical interest over the last decades [1,2]. The reason is the
possibility to obtain lightweight metallic materials with unique properties (enhanced
hardness, ductility, elastics modulus, and many others) by combining the advantages of
constructional metals with the merits of filler materials. Metal-matrix composites based
on aluminum and aluminum-metal-matrix composite alloys (AMMC) are promising for
aerospace, military, automobile, and electronic areas because of their low density, high
specific stiffness, strong wear resistance, reduced thermal expansion coefficient and high
thermal conductivity [1,2]. These materials sustain their stability characteristics over a wide
temperature range, have high electrical and thermal conductivities, and low sensitivity to
surface defects [3–5].

AMMCs are fabricated both by ex situ synthesis (e.g., liquid ingot casting and powder
metallurgy), where reinforcement powder particles are added to the metal melt, and by in
situ synthesis (e.g., exothermic dispersion, reactive hot pressing, reactive infiltration, and
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direct melt reaction), where particles are directly synthesized in the metal melt [6–12]. The
reinforcement in AMMCs can have a form of continuous/discontinuous fibers, whiskers, or
particulates. The most frequently applied fillers are ceramic ones such as alumina, silicon
carbides or nitride, carbon fiber materials, or graphene [13,14].

At present, researchers focus on the possibility of introducing the above-mentioned
ceramic additives in the form of nanoparticles into the aluminum matrix. When mov-
ing to nanoscale hardeners, we have the opportunity to obtain an entirely new class of
lightweight materials with increased specific strength, plasticity, and crack resistance. The
mechanisms of deformation and fracture in aluminum–alumina composite materials re-
inforced by nanosized alumina particles can be fundamentally different from those in
classical aluminum alloys.

There are some problems arising in the synthesis of Al-Al2O3 composites: inhomo-
geneity of the distribution of oxide nanocrystals in the volume of the metal matrix; the
tendency of nano-objects to agglomeration inside the matrix (1–3 μm); low wettability
of oxide particles by molten aluminum (lattice consistency of the reinforcing phase and
aluminum), and degradation of oxide materials (chemical, mechanical, etc.).

The mechanical addition of alumina particles into the metal melt by means of powder
metallurgy [15–17] results in the interface pollution, poor wetting ability, and mechanical
properties. The composites synthesized via the ex situ methods have high porosity and a
lot of cracks. They are characterized by the appearance of “soft” and “hard” phases [17]
because of the difference in aluminum particles’ concentration and agglomeration [15].
Hence, the mechanical properties of composites produced by powder metallurgy methods
can vary greatly.

Selective laser melting can be used for the creation of advanced ball-milled Al-Al2O3
nanocomposites with a two-fold increase in Vickers micro-hardness compared to the
initial Al [18]. The mechanical properties of Al-nano Al2O3 produced by ball-milling and
hot-pressing under uniaxial pressure of 50 MPa were improved due to the utilization
of nano-sized reinforcement particles [19]. To date, the compaction of several layers of
aluminum foil and aluminum oxide powder, followed by rolling from 2 to 20 times, is
another promising method of composite materials’ fabrication [20–22]. As a result, layered
laminated Al-Al2O3 composite structures are formed. The uneven distribution of aluminum
oxide particles in the aluminum matrix, as well as the significant agglomeration of oxide
particles [21], are the main problems of the laminated composite production that cause the
uneven properties of the composite. Such defects are usually eliminated by increasing the
number of rolling cycles. In addition, the non-isomorphism of the composites’ properties is
also a problem.

Sometimes, both powder metallurgy and rolling are combined for the synthesis of com-
posites, which makes it possible to obtain Al-Al2O3 composites with a better distribution
of dispersing particles [23].

Direct reaction synthesis (DRS) refers to the process in which reactant powders or
compacts of reactant powders are directly added to molten metal, and ceramic reinforcing
particles are formed in situ through the exothermic reaction between reactants or between
the reactant and the component of the melt. During the in situ process, the reinforcement
phases formed in the matrix metal by direct chemical reactions are thermodynamically
stable, free of surface contamination, and disperse more uniformly. These factors lead to
the stronger particle–matrix bonding at the “in-situ” process.

DRS in situ synthesis can be applied as a commercial method because of its simplicity,
low cost, and near-net-shape-forming capability. The biggest problem of the traditional
DRS method is the necessity of a long mixing time at a high temperature, which causes
the agglomeration of small initial particles [24,25]. The introduction of alumina to the
molten aluminum matrix by the “in situ” process was proved by different independent
physical–chemical methods such as XRD, Raman spectroscopy, and others [26].

Nowadays, synthesizing Al-Al2O3 nanocomposites is an important practical and
fundamental task in the field of inorganic chemistry. There is a very high need to create
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a high-tech method for the synthesis of non-porous aluminum–alumina nanocomposites
with improved mechanical properties.

The novelty of the present work is that the aluminum matrix was reinforced by “in situ”
perfectly wetted and well-distributed Al2O3 nanoparticles, formed via a direct chemical
reaction between molten aluminum and rutile TiO2 nanopowder under a molten salt layer
at 700–750 ◦C in air atmosphere. The microstructure and mechanical properties of the
composites were investigated by XRD, Raman spectroscopy, SEM, and tensile testing.

This research aims to develop a method for the industrial large-scale “in situ” synthesis
of aluminum-based matrix composites, reinforced with ceramic nanoparticle inclusions.
These composites are formed via the reaction between molten aluminum and the salt
electrolyte flux, which contains rutile TiO2 nanopowder as the precursor. The effect of nano-
alumina inclusions content on mechanical and thermal properties of the Al-nano-Al2O3
composite is analyzed.

2. Experimental

Titanium dioxide nanopowders were produced by electrochemical oxidation of tita-
nium foil of 99.9 wt.% purity (“VSMPO-Avisma”, Ekaterinburg, Russia) in the chloride-
nitrate melt according to the method described in detail elsewhere [27,28]. The interaction
between molten aluminum and nano- and micro-oxide powders of titanium dioxide was
performed in molten alkali halide media in an alumina crucible containing the mixture of
alkali chlorides with a weighed portion of oxide additive. Salt mixtures of alkali chlorides
with melting points lower than 700 ◦C, with small additions of some fluorides, were used
as a base electrolyte with the concentration of titanium dioxide ranging from 0.2 to 2 wt.%.
We used commercial “chemically pure” salts provided by “Lanhit” Ltd., Moscow, Russia.

The aluminum sample A95 of 99.5 wt.% purity (“Rusal”, Russia) consisted of a 1 cm
high disc with a diameter strictly equal to the crucible diameter. The disc was loaded into a
layer of the dry oxide–salt mixture at the bottom of the crucible. The primary admixture
of technical aluminum was iron—about 0.5 wt.%. The aluminum disc was covered by
a layer of dry alkali chlorides. The alumina crucible was exposed inside the vertical
heating furnace at the temperatures range of 700–800 ◦C for 3 to 5 h. After the exposure,
the liquid aluminum globule was poured into the new cold alumina crucible. After the
solidification, the salt mixture was dissolved in distilled water. The aluminum composite
ingot was separated and dried. Cooled to the ambient temperature, aluminum–alumina
composite ingots were divided into four parts. One part was used for the determination
of Al2O3 content in the composite, the second part was used for XRD analysis, the third
one was poured with current-carrying gum, polished by six different silicon solutions
using a Struers disc-finishing machine (Copenhagen, Denmark), and examined by means
of scanning electron microscopy (SEM, Raman spectroscopy (Wotton-under-Edge, England,
UK), microhardness testing). The fourth biggest part was remelted to form cylindrical
samples for a servo-hydraulic testing machine.

The processing of the studied composites is schematically shown in Figure 1.
The structures of titanium dioxide and aluminum–alumina composite were studied

by means of SEM, XRD, and Raman spectroscopy. In order to determine the material
composition and the composite structure, the purity of the oxide phase was analyzed using
Raman spectra by a Renishaw U 1000 micro-Raman spectrometer (UK) connected to a Leica
DML microscope equipped with 50× and 100× magnification lenses. An Ar+ laser (Cobalt
model) with a wavelength of 532 nm and power output of 20 mW was used as the excitation
source. The diameter of the laser spot was about 1 μm; the acquisition time was set to
20 s. The XRD analysis was performed on a «RIGAKU» DNAX 2200PC diffractometer at
ambient temperature with Cu Kα radiation. Subsequent analysis of the vibrational spectra
was carried out using the embedded Wire 3.0 software (Wotton-under-Edge, England, UK);
the spectral lines were approximated using the Fityk 0.9.8 curve fitting and data analysis
application. The typical average spectra obtained are presented for each sample.

109



Appl. Sci. 2022, 12, 8907

Figure 1. Processing schematic of Al/Al2O3 nanocomposite.

The volumetric method determined the quantitative content of aluminum oxide in the
produced AMMC. Volumetric analysis was carried out by dissolving a composite sample
in 30% hydrochloric acid, followed by recalculating the released hydrogen per mass of pure
aluminum in the sample according to reaction (1):

2Al + 6HCl → 2AlCl3 + 3H2(g) ↑ (1)

The sample was then examined as follows: scanning electron microscopy (SEM) was
performed using JEOL 5900LV and TESCAN MIRA3 microscopes; the sample surface was
characterized by a Veeko Wyko NT 1100 optic profilometer-profilograph in the Vertical
Scanning Interferometry (VSI) regime; the fatigue strength was examined by a servo-
hydraulic testing machine INSTRON 8801, the sample microhardness was tested a WIN-
HCU FISCHERSCOPE HM 2000 XYm system, which is designed for Martens hardness
testing with the WIN–HCU software at a maximum load P from 1000 mN to 2000 mN, a
loading time of 20 s, a time of exposure under loading of 15 s, and an unloading time of
20 s according to the ISO 14577 standard [29].

The characteristics measured by indentation were used for the calculation of the
following parameters: the ratio of the indentation hardness to the contact elasticity modulus
HIT/E* [30], the elastic recovery Re =

hmax−hp
hmax

× 100% [31], the power ratio [32], and the

plasticity index δA = 1 − We
Wt

[29] that characterizes the ability of a material to resist
elastoplastic strain. Ten measurements of indentation characteristics at each load were
performed. The error of measurements was determined with a confidence probability
p = 0.99.

3. Results and Discussion

3.1. Formation of Nano-Titanium Dioxide as a Precursor

The formation of titanium nano-oxide powders as precursors of composite synthesis
was carried out by electrochemical oxidation of pure titanium in a chloride-nitrate melt
in an argon atmosphere [27]. The main function of the nitrate melt is corrosion protection
against the aggressive environment due to the formation of dense protective oxide layers
on metals. Chloride-nitrate melts allow synthesizing both dense protective coatings and
nanocrystalline powders of metal oxides such as Al2O3, TiO2, ZrO2, and PbO [33,34]
varying the nitrate concentration in the flux. Due to the alkali nitrates’ thermal instability,
the temperature range of their application is narrow, while amorphous oxides are usually
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formed at low temperatures. It is necessary to synthesize oxides using salt electrolytes with
higher melting points to increase the temperature of the crystalline metal oxide synthesis.

The metal oxidation in the chloride-nitrate salt melt bulk at the current densities
ranging from 3 to 5 mA/cm2 lead to the accumulation of significant amounts of oxide
nanopowder in the bulk salt electrolyte. The chemical composition and modification of the
formed oxides depended mainly on the oxidation temperature.

Despite the nanometer size of titanium dioxide crystallites (Figure 2a), the X-ray
diffraction pattern contained main rutile titanium dioxide lines of 2θ angle at 27.5◦, 36.16◦,
39.26◦, 41. 32◦, 44.14◦, 54.42◦, 56.72◦, 63.44◦, and 69.11◦ with diffraction plans (110), (101),
(200), (111), (210), (211), (220), (002), and (301), respectively (JCPDS no. #88-1175) [35]
(Figure 2c). The broadening of lines or a halo was not observed, which may be explained by
the fact that the formed oxide particles were well-faceted cubic crystals, and not spheroids,
as is often the case, which happens in the synthesis of nano-oxides by the sol-gel method.
Titanium dioxide nanopowders synthesized in a molten chloride-nitrate electrolyte at the
current density of 3.5 mA/cm2 were characterized by a high degree of crystallinity and
took the form of titanium dioxide cubes with a size up to 30 nm (Figure 2a).

Figure 2. SEM image (a), Raman spectrum (c), and XRD pattern (b) of TiO2 nanopowder in rutile
modification synthesized in NaCl-CsCl-5% NaNO3 at 700 ◦C.

According to the results of the Raman spectroscopy of the sample obtained at 700 ◦C,
peaks characteristic for the modification of rutile TiO2 were determined in the Raman
bands: 144 cm−1, 448 cm−1, 612 cm−1 (Figure 2b).
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Further, rutile titanium dioxide nanopowder formed under the above conditions was
used as a precursor.

Various industrially sol-gel methods for nano- and micro-powders production in the
form of rutile and anatase were previously studied as precursors for the synthesis of the
nanocomposite. However, all these nanopowders were sedimented to the bottom of the
crucible and reaction (3) (Table 1) did not proceed. The titanium dioxide nanopowder
in the rutile modification synthesized by the electrochemical oxidation of titanium in a
chloride–nitrate melt was the only precursor with which the above reaction was successful.

Table 1. Gibbs energies of some possible reactions in the Al-TiO2-NaCl-O2 system.

Reaction ΔG700 ◦C ΔG750 ◦C ΔG800 ◦C

13TiO2 + 4NaCl = 2Na2Ti6O13 + TiCl4(g) (2) 333.9 326.0 318.0

3TiO2 + 4Al = 3Ti + 2Al2O3 (3) −437.6 −430.85 −424.0

13Ti + 4NaCl + 13O2 = 2Na2Ti6O13 + TiCl4(g) (4) −9642.6 −9535.7 −9429.0

3TiO2 + 7Al = 3AlTi + 2Al2O3 (5) −643.7 −643.2 −624.7

3TiO2 + 13Al = 3Al3Ti + 2Al2O3 (6) −804.8 −788.9 −773.0

3.2. Interaction between Molten Aluminum and Titanium Nanodioxide under the Layer of Molten
Halides and Analysis of Interaction Products

The AMMC material dispersion reinforcement is typically achieved by casting or
powder metallurgy, with the ceramic particles being introduced ex situ into a solid or
liquid matrix. A new AMMC production method has been developed on the basis of the
controlled “in-situ” chemical reactions; reinforcing fillers are formed during the chemical
interaction between the matrix components and reactive additives [9,12]. Such AMMCs
demonstrate excellent mechanical and physical properties, because coherent (i.e., having a
standard atomic layer at the interface) or partially coherent interfaces are formed between
the matrix and new phases that arise in “in-situ” reactions.

The uniform distribution of fine particles of alumina in the aluminum matrix was
achieved by the modified method of molten salt synthesis. Molten halides (alkali or
alkali-earth chlorides and/or fluorides) are the optimal reactive media for the formation of
aluminum–alumina composites, as was shown in our previous papers [26,36].

The synthesis of alumina particles inside aluminum is carried out by a one-step
chemical reaction of titanium dioxide with molten aluminum under the layer of molten
halides in air atmosphere by reaction (3); therefore, newly formed alumina nanoparticles
are perfectly wetted by the liquid metal.

Obviously, these reactions, except for the direct interaction between TiO2 and molten
sodium chloride, are thermodynamically feasible at sufficiently low temperatures of
700–800 ◦C. The presented process is a special case of aluminothermy.

The interaction between liquid aluminum and fine titanium dioxide particles by
reactions (5) and (6) can proceed up to the formation of the intermetallic AlTi and Al3Ti
titanium aluminide compounds. The Gibbs energies of reactions (5) and (6) are more
negative than that of reaction (3). It makes reactions (5) and (6) more favorable.

Titanium aluminides were not detected in the reaction product by X-ray phase analysis,
Raman spectroscopy, EDS spectra of composites, and mapping sample surfaces in X-rays.
Intermetallic compounds of aluminum and titanium or titanium species were not de-
tected by means of an inductively coupled plasma optical emission spectrometer OPTIMA
4300 DV (Perkin Elmer, USA) after dissolving the resulting composite in hydrochloric acid.
Thus, it can be argued that the interaction occurred according to the mechanism described
above by reaction (3).

The reason for such a result is the appearance of a side reaction (4) in the system. The
interaction between titanium atoms, sodium chloride, and gaseous oxygen according to
reaction (4) resulted in the formation of Na2Ti6O13 nanowires and nanorods, which was
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experimentally proved [37]. The value of Gibbs energy of this reaction is 15 times greater
that of all other reactions.

The composites obtained in this way were non-porous with a characteristic metallic
luster (Figure 3). They exhibited high electrical conductivity and are excellently suited for
mechanical processing. It was experimentally proved that the aluminum oxide content
did not change from the surface of the aluminum drop to its center. The density of the
obtained composite averaged 2.6977 g/cm3, which is very close to that of pure aluminum
(2.6989 g/cm3), and indicates the absence of porosity in the composite, which is typical for
such samples obtained by traditional methods.

Figure 3. Optic photo of the ingot (a) and cross-section (b) of Al-Al2O3.

According to the X-ray diffraction data, the thus obtained material was composed of
Al and α-Al2O3 [36].

Raman spectra of the oxide inclusions were collected from several crystals inside the
aluminum matrix. The average spectrum of the oxide inclusion is presented in Figure 4. It
is obvious that this spectrum was a standard spectrum of α-Al2O3 with the characteristic
bonds at 378 cm−1, 417 cm−1, 430 cm−1, 448 cm−1, 576 cm−1, 644 cm−1, and 749.5 cm−1 [38].
It confirmed the XRD data about the synthesis of α-Al2O3 inside the aluminum matrix [36].

Figure 4. Raman spectrum of the oxide inclusion inside the Al matrix.
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Micro- and nanosized inclusions of aluminum oxide were also clearly visible in the
micrographs in the optic microscope (Figure 5a) and in backscattered electrons in a scanning
electron microscope (Figure 5b,c). The EDS spectrum of inclusion showed the content of
aluminum and oxygen in the stoichiometric ratio of Al2O3; inclusions of aluminum oxide
had sizes close to 100 nm.

Figure 5. Optic photo of the cross-section of Al-α-Al2O3 composite (a) (×40); BES images of Al-α-
Al2O3 composite (b,c); 3D image of Al-α-Al2O3 composite (d).

A very uniform distribution of oxide inclusions inside aluminum grains of the cross-
section of Al-Al2O3 composite is presented in Figure 6.

Inclusions in the form of long rods were crystals of iron aluminide Al3Fe (Figure 6),
which were present in the starting aluminum as an admixture. According to the phase
measurements of the cross-section of this sample, the Al area is 97.5%, Al3Fe-1.4%, and
Al2O3-1.2%. The 3D image of the cross-section of AMMC (Figure 5d) also shows a uniform
distribution of alumina nanoparticles inside the grain of the aluminum matrix.

To prove the possibility of finding nanoparticles mainly inside the grain rather than at
the grain boundary, as would be expected from classical considerations, we calculated the
value of the critical nucleus (rc) during the crystallization of aluminum using well-known
Formula (7) [39]:

rC =
2σT12M
Q12ΔTρ

, (7)

where σ is the surface tension of the metal melt; T12 is the melting point of the metal;
M is the molecular weight; Q12 is the heat of crystallization (heat of fusion); ΔT is the
supercooling of the melt, at which the nucleation of the crystallization center occurred; ρ is
the density of the metal.
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Figure 6. Elemental distribution map of the Al-1.2% Al2O3 composite cross-section.

As a result, the value of the radius of the critical nucleus of Al2O3 was rc = 108.33 nm.
Thus, the size of the critical nucleus was three times larger than the initial size of the

nanoparticles (30 nm), and the calculated value of synthesized α- alumina in the aluminum
matrix was very close to the experimental one, which varied from 100 to 150 nm.

Thus, it can be assumed that nano-α aluminum oxide formed as a result of the chemical
interaction between fused aluminum and nanopowder of titanium dioxide and was not
grouped along the grain boundaries but was uniformly distributed in the volume of the
aluminum grain (Figures 5 and 6), which is a favorable factor in assessing the mechanical
properties of the composite.

The composite samples were dissolved in hydrochloric acid HCl solution to determine
the quantitative content of aluminum oxide in the produced AMMCs using the volumetric
method. The concentration of Al2O3 in the composite was determined by the difference in
hydrogen evolution.
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The data in Table 2 elucidates that an increase in the exposure time and concentration
of titanium dioxide in the melt leads to an increase in the mass fraction of aluminum oxide
in the composite. However, when the titanium dioxide concentration increased significantly
above 1% and exposure time was up to 9 h, it was not possible to obtain samples with a
reinforcing phase concentration of more than 19%. A slight decrease in the mass fraction of
aluminum oxide in the composite caused by an increase in temperature to 750 ◦C could be
associated with the interaction between atomic titanium and a salt flux, which resulted in
the formation of sodium titanate.

Table 2. The influence of the concentration of TiO2 precursor, temperature, and exposure time on the
concentration of Al2O3 inside the obtained Al-Al2O3 composite.

% TiO2 Added T Exposure, h T Interaction, ◦C % Al2O3 in the Ingot

0.5 3 700 7.8 ± 0.2

0.5 5 700 13.5 ± 0.3

0.5 3 750 4.6 ± 0.2

0.5 5 750 13.0 ± 0.3

1.0 3 700 8.2 ± 0.2

1.0 5 700 18.4 ± 0.2

1.0 3 750 8.7 ± 0.3

1.0 5 750 10.1 ± 0.3

As can be seen from Table 2, we varied the concentration of aluminum oxide of AMMC
not by introducing a certain amount of aluminum oxide into the aluminum matrix, but by
changing the synthesis time and temperature. The content of aluminum oxide formed by
the reaction (3) did not depend on the titanium dioxide weight. Titanium dioxide was a
necessary seed for the formation of aluminum oxide in the composite; when interacting in
a salt melt, it formed sodium hexatitanate nanofibers in stoichiometric amounts [37].

3.3. Thermal Analysis of Composite Al-Nano-Al2O3

Thermal analysis of Al-Al2O3 composites was measured by a thermal analyzer STA
449C Jupiter, NETZSCH at a heating rate of 10 K/min, the temperature determination error
was <1.5 K. Synchronous analysis of samples of aluminum–nano-alumina composites was
carried out by differential scanning calorimetry (DSC) and thermogravimetry as a function
of temperature in air atmosphere. In the first case, the sample was heated to temperatures
up to 723 ◦C, cooled and, without removing the sample from the crucible, heated repeatedly
to the same temperatures, and then the sample was heated to the temperature of 800 ◦C.
The samples of the initial aluminum and studied composites exhibited congruent melting,
since the melting peaks were reproduced during repeated cooling and heating cycles, while
the lines were expressed in one DSC anomaly with the same areas during each repeated
cooling/heating cycle. The onset points changed no more than 0.3 ◦C, hence the maximum
temperatures, indicating the termination of the melting process of the samples, differed
slightly and fluctuated in the range of 669.9–671.4 ◦C (Table 3).

Table 3. Onset points, melting temperatures, and Gibbs energies of melting of Al-Al2O3 samples.

№ Al2O3, wt.% Tons, ◦C Tm,◦C ΔG, J/g

1 0 660.3 669.9 −10.63

2 7.8 660.5 671.4 −10.55

3 18.4 660.6 669.4 −10.8

4 4.6 660.2 668.4 −10.91
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This phenomenon illustrates the property of peak reproducibility (Figure 7), which is a
reflection of the reversibility of the phase transition during cooling and subsequent heating.
The closeness of the value for the obtained composites to the parameters of the original
metal can be primarily due to the indicators of the wettability of the dispersed oxide
nanophase by aluminum. The data obtained by the thermogravimetry simultaneously with
the differential scanning calorimetry also revealed that the thermal stability of the obtained
composite materials was close to pure aluminum. The recorded change in the mass of the
aluminum was equal to 0.74% and that in the composite samples during three heating and
cooling cycles did not exceed 0.37%. Such an insignificant change in the mass of the sample
during measurements, accompanied by the appearance of lines attributed to endothermic
anomalies during DSC, directly indicated the presence of the process, which is a first-order
phase transition with a high reproducibility index.

Figure 7. DSC curves (left) of initial aluminum (1), AMMCs with 7.79% (2), 18,4% (3), and 4.61% (4)
of Al2O3.

3.4. Measurement of Mechanical Properties of Composite Al-Nano-Al2O3

Experimental methods to study mechanics of deformable “Al-nano-α-alumina” com-
posites included hardness studies and tensile testing of the material with data registration
in the form of “stress-strain” curves. For the in-depth mechanical studies, samples with an
aluminum oxide concentration of 10 and 14 wt.% were selected.

The instrumented indentation data on the specific features of Al and Al-Al2O3 behavior
under elastoplastic strain are given in Table 4. It is evident that the “in situ” implementa-
tion of uniformly distributed nano-α Al2O3 (10 and 14 wt.%) into the aluminum matrix
decreased in the maximum and residual indentation depth hmax and hp and increased in
the Martens hardness HM and the indentation hardness at all loads HIT. Such simultaneous
change in the characteristics hmax, hp, HM, HIT, We, and Wt measured in the indentation
process is commonly caused by the material hardening and mainly is observed in aluminum
composites with uniformly distributed alumina nanopowders [40–42]. In particular, for
the samples “Al- nano-alumina “, an average increase in HIT was nearly 20–25%. Contact
elasticity modulus E * decreased for Al-14% Al2O3 composite at the load 1000 mN and did
not change for all other composites.

The AMMC was characterized by higher resistance to elastoplastic strain as evidenced
by an increase in the calculated parameters Re by factor 1.22–1.52, HIT/E* by factor 1.2–1.5,
and H3

IT/E*2 by the factor 2.1–2.7 (Table 5). The plasticity index δA did not change at the
increased hardness and remained relatively high in the range of 0.972–0.982.
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Table 4. Results of microindentation to the surface of Al and Al-Al2O3 samples at different maximum
indentor loads P.

P, mN hmax, μm hp, μm HM, MPa HIT, MPa E*, GPa Wt, μJ We, μJ

Al in 1000 11.20 ± 0.28 11.03 ± 0.85 310.7 ± 2.8 332.6 ± 0.3 91.1 ± 2.7 3.9 ± 0.2 0.1 ± 0.005

Al in 2000 16.05 ± 0.35 15.83 ± 0.91 301.7 ± 1.4 323.2 ± 4.5 97.4 ± 3.1 11.0 ± 0.6 0.2 ± 0.005

Al-10% Al2O3 1000 10.25 ± 0.7 10.07 ± 0.7 372.8 ± 3.0 398.4 ± 3.2 91.7 ± 5.5 3.7 ± 0.4 0.1 ± 0.005

Al-10% Al2O3 2000 14.48 ± 0.5 14.22 ± 0.6 374.2 ± 4.4 399.9 ± 7.4 92.7 ± 3.1 9.7 ± 0.6 0.3 ± 0.005

Al-14% Al2O3 1000 10.18 ± 0.04 9.95 ± 0.003 381.7 ± 1.1 407.0 ± 7.7 74.8 ± 1.1 3.5 ± 0.1 0.1 ± 0.005

Al-14% Al2O3 2000 15.07 ± 0.24 14.85 ± 0.24 343.7 ± 1.0 367.7 ± 1.1 94.5 ± 2.2 10.6 ± 0.1 0.3 ± 0.005

Table 5. Elastic recovery Re, ratios HIT/E* and HIT
3/E*2, and plasticity δA at different maximum

indentor loads P for the surface of Al and Al-Al2O3 samples.

P, mN Re, % HIT/E* H3
IT/E*2

δA

Al in 1000 1.47 0.00365 0.00000443 0.974

Al in 2000 1.34 0.00332 0.00000356 0.982

Al-10% Al2O3 1000 1.80 0.00434 0.00000752 0.973

Al-10% Al2O3 2000 1.80 0.00434 0.00000744 0.969

Al-14% Al2O3 1000 2.24 0.00544 0.0000120 0.972

Al-14% Al2O3 2000 1.58 0.00389 0.00000557 0.972

Mechanical tensile tests of aluminum–aluminum oxide composite samples were car-
ried out in order to determine the strength and plastic properties. The tests were carried
out in accordance with RF GOST 1497-84 on IV type samples (Figure 8).

Figure 8. Typical Al-Al2O3 sample for stress–strain tests.

Typical room temperature stress–strain curves of the aluminum–alumina composites
reinforced with varying alumina content are shown in Figure 9.

Figure 9. Typical stress–strain curves of the aluminum–alumina composites reinforced with varying
alumina content.
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It is evident that the yield strength did not increase with the increase of nano-α-
alumina content up to 14 wt.% in the composite (Figure 10). This is in opposition to
conclusions drawn in [43] that the increase in tensile strength was observed only up
to α-Al2O3 concentrations of about 5 wt.% and the tensile strength decreased at other
concentrations. The composites with an addition of 7–14 wt.% of α- Al2O3 possessed
tensile strengths of 67.56 and 78.16 MPa, which were 1.10 and 1.27 times greater than
that of the aluminum matrix sample (61.38 MPa). As can be seen from Figure 8, a further
increase in the content of aluminum oxide in the composite to 19 wt.% neither improved,
nor worsened, the mechanical properties of the composite. Thus, it can be considered that
the aluminum oxide concentration of 14 wt.% was optimal from the point of view of the
combination of all properties.

Figure 10. Dependence of tensile and yield strengths of AMMCs on the alumina concentration.

A great simultaneous increase in the sample elongation accompanied this strong
improvement of tensile strength. At the same time, significant hardening was accompanied
by the elongation of the samples with the addition of 7–14 wt.% of α-Al2O3, which increased
from 1.64 to 3.06 times with the greater addition of alumina and reached values of 21.32%
and 39.77%, compared with 13% for pure aluminum. This means that the hardness,
elasticity, and ductility of the aluminum-nano-α-Al2O3 composite improved simultaneously
according to the oxide concentration with uniformly distributed α-Al2O3 nanoparticles
inside the aluminum grains. Commonly, improving the hardness of materials leads to
brittle deformation, however, the addition of up to 14 wt.% of nano-α-alumina into the
aluminum matrix allows increasing simultaneously the strength, hardness, ductility, and
elasticity of the resultant aluminum-nano-α-Al2O3 composite.

Figure 11 shows SEM images of the tensile fracture surfaces of Al-Al2O3 nanocompos-
ites. The fracture mode of the initial matrix Al is predominantly not ductile, with several
dimples all over the surface. As shown in Figure 11b, 14 wt.% nano Al2O3-reinforced
composite also displayed dimples similar to the Al matrix, except that the length and depth
scale of the dimples was very different. No cracks on the fracture image of Al- nano-α
Al2O3 nanocomposite were observed at tensile strength tests.

When the Al2O3 content in the composite was increased, the number and depth of
the dimples decreases significantly, and the dimples’ size increased at least three times,
leading to a very ductile type of failure. This three-fold increase in the length of the cracks
was in excellent agreement with the three-times-increased elongation of AMMC under
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room temperature stress–strain tests. As seen in Figure 11b, nanoparticles of α-alumina
did not agglomerate in the aluminum matrix and were uniformly distributed even after
tensile strength tests. Cracks or porosity were not observed because of the very uniform
distribution of α-Al2O3 nanoparticles in the aluminum matrix.

Figure 11. Fracture morphologies of Al (a) and AMMC with 14 wt.% of Al2O3 (b) after room
temperature stress–strain tests.

3.5. Strengthening Mechanism of Al-Al2O3 Nanocomposites

The strengthening mechanism of Al-Al2O3 nanocomposites can be described by the
strengthening of fine nanoparticles. Fine Al2O3 particles can act throughout the matrix as
barriers to the dislocations and thus the elevated mechanical properties may significantly
improve the hardness and ductile properties of the composites compared to the base alloy.
The contributions of different strengthening mechanisms were estimated according to
well-known formulas [43] (Table 6).

The ultra-hard α-Al2O3 nanoparticles in the Al matrix acted as barriers to the motion
of dislocations generated in the matrix. The higher particle density caused the Orowan
strengthening, which is the main influence according to Table 6. It is obvious that the
experimental values were much closer to the sum of the load transfer (Δσload) and Orowan
strengthening (ΔσOrowan). The yield strength of the composites increased mostly because
of the Orowan strengthening.
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Table 6. Contributions of different strengthening mechanisms to the yield stress of Al- nano-Al2O3

composites.

Al2O3,
wt.%

Δσload,
MPa

ΔσOrowan,
MPa

ΔσCTE,
MPa

Δσtheor,
MPa

Δσload + ΔσOrowan,
MPa

Δσexp,
MPa

7.0 0.9763 35.7268 4.4312 41.1343 36.70314 35.76

8.7 1.1948 36.4985 5.76531 43.4585 37.69324 41.69

10.1 1.1908 37.4905 3.4322 42.1135 38.68129 39.08

13.0 2.0617 44.6348 4.6656 51.3621 46.69649 44.58

14.0 2.1555 45.4353 5.6504 53.2413 47.59082 44.56

However, an increased addition of α-Al2O3 nanoparticles up to 14 wt.% did not
lead to the agglomeration of the reinforcement, and we did not observe any subsequent
degradation of the hardness values as opposed to Srivastana et al. and Su et al. [1,7]. Further
increase in the concentration of highly dispersed α-Al2O3 nanoparticles up to 19 wt.%
did not result in any hardness improvements as compared to the composite containing
14 wt.% of α-Al2O3, but we did not observe any deterioration in the hardness. The
concentrations above 19 wt.% Al2O3 in the composite were not produced by our method.
The strengthening from fine nanoparticles can describe the strengthening mechanism of
Al-Al2O3 nanocomposites. Fine Al2O3 particles spread throughout the matrix can act as
barriers to the dislocations, and thus mechanical properties of composites (hardness and
ductile properties) are improved as compared to the base alloy.

The increase in hardness and strength (approximately 1.2–1.3 times) of the new com-
posite material compared to the original aluminum is explained by the inclusion of α-Al2O3
particles into the aluminum matrix. The α-Al2O3 particles are in their strongest allotropic
corundum modification, which has a hardness close to that of a diamond. An unusual
increase in the relative elongation of the composite by a factor of three makes it possible to
roll up to 15 μm thick foil on conventional rolling equipment with a deformation of about
500%, as well as to draw 0.2 mm thick wire from Al-Al2O3 nanocomposites (Figure 12).

Figure 12. Optic images of 15-μm-thick foil and 0.6-mm-diameter wire of Al-Al2O3 nanocomposite.
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4. Conclusions

Nanocomposite Al-α-nano-Al2O3 materials were synthesized via the chemical interac-
tion between a salt melt containing rutile TiO2 nanopowder and molten aluminum under
the layer of molten halides in air atmosphere at the temperatures of 700–800 ◦C. Aluminum
oxide nanoparticles were wholly wetted by aluminum and uniformly distributed over the
“in situ” metal volume. The concentration of 100 nm Al2O3 particles formed inside the
aluminum matrix depended entirely on the exposure time and concentration of titanium
dioxide in the melt. The mass fraction of aluminum oxide in the composite may have been
increased up to 19 wt.%.

Melting temperatures of composites with 4–19 wt.% of nano-α- Al2O3 did not differ
from the aluminum melting point because of the uniform distribution of nanometer alumina
inclusions in the composites.

It was revealed that the tensile strength, yield strength, hardness, and ductility of cast
Al-α-nano-Al2O3 composites in uniaxial tension increased up to 20–30% in the presence
of α-Al2O3 nanoparticles in the structure of aluminum. The tensile strength reached
maximum for the composites with 14 wt.% of α-nano-Al2O3, and it was the same for
those with 19 wt.% of α-nano-Al2O3. This remarkable improvement of tensile strength was
accompanied by a significant simultaneous increase in the elongation of nanocomposite
by three times as opposed to the initial aluminum. The reason for such a combination of
mechanical properties was the formation of very small nanoparticles of α-Al2O3 that were
fully wetted and uniformly distributed in the aluminum matrix.

Composite materials of the Al-Al2O3 system could be easily rolled into thin and ductile
foils and wires.

Thus, the formed metal composite materials of the Al-Al2O3 system combined the
advantages of a low-melting metal matrix and the properties of a ceramic dispersive filler
α-Al2O3, which makes this system an extremely attractive structural material, that is very
light, strong, hard, and elastic.

A possible mechanism for the simultaneous increase in mechanical properties and
elongation in tension when true aluminum oxide nanoparticles are introduced into the
Al-Al2O3 composite will be the subject of our further study.
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Abstract: Zn-Al-Mg (zinc, aluminum and magnesium)-coated steel is gradually replacing traditional
hot-dip galvanized steel due to its excellent corrosion resistance, self-healing properties and good
surface hardness. However, the effect of Zn-Al-Mg coating on the resistance spot-welding joint prop-
erties of HC340LAD + ZM steel plates is not clear, and there are few systematic studies on it. In this
paper, L16 (43) orthogonal experiments were designed on Zn-Al-Mg-coated steel HC340LAD + ZM
(thickness = 1 mm). In addition, taking the tensile shear force as the main evaluation standard, the
optimal spot-welding process properties could be achieved when the welding current, the weld-
ing time and the electrode loading were 10 kA, 14 cycles and 2.6 kN, respectively. On this basis,
the formation mechanism, microstructure and corrosion properties of two plates of steels, with or
without zinc, aluminum and magnesium coating under different welding times, were studied. The
presence of Zn-Al-Mg coating slightly affected the mechanical properties of welding joints. However,
the corrosion current of the body material containing Zn-Al-Mg plating was 7.17 times that of the
uncoated plate.

Keywords: zinc; aluminum and magnesium coating; HC340LAD + ZM; spot welding; corrosion

1. Introduction

Hot-dip galvanized steel is widely used in automobiles, construction, home appli-
ances and other industries due to its good welding performance and excellent corrosion
resistance [1–3]. In addition, the corrosion resistance of hot-dip galvanized steel is mainly
through the physical barrier protection of the surface coating and the electrochemical
protection of zinc as an anode for steel under the action of corrosive media [4–6]. With
technological development and industrial upgrading, when appropriate amounts of Mg
and Al (usually 1–4 wt%) are added to zinc coating, a Zn-Al-Mg coating is formed, which
can greatly improve the corrosion resistance of hot-galvanized steel [7–12]. Thus, the
Zn-Al-Mg-coated steel comes into being.

Zn-Al-Mg-coated steel, as an upgrade product of hot-dip galvanized steel, not only
has a much lower corrosion rate than hot-dip galvanized steel in the same environment
but also has a good bending strength ratio, excellent surface hardness, low cost and other
advantages. Therefore, Zn-Al-Mg-coated steel is widely used in automotive outer plates,
brackets and internal components [13–15].

As we all know, resistance spot-welding has become the main welding process of
automobile steel plate links due to its fast welding speed, excellent welding quality, high
degree of automation and low cost [16–21]. The coating of Zn-Al-Mg-plated steel is melted
first in the process of spot-welding due to the existence of plating, and the Zn element in the
coating is the first to evaporate, reducing the temperature of the steel [9,15,22]. However, a
part of the Al-Mg elements will remain in the weld, the formation process of the melting
core is more complex than that of traditional galvanized steel.
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Therefore, improving the quality of the spot-welding joint of Zn-Al-Mg-coated steel
and its welding process parameters are key problems. In addition, the main factors af-
fecting the mechanical properties of resistance spot-welding joints are welding current,
welding time and electrode loading [23–25]. Welding current mainly provides heat for the
welding process. When the temperature exceeds the melting temperature at the workpiece–
workpiece interface, the welding core begins to produce. Not only is the size of the welding
core related to the size of the welding current, but also the welding time and electrode
loading have a great impact on it [26,27].

In order to explore the influence of Zn-Al-Mg coating on the resistance spot-welded
joint properties of HC340LAD + ZM steel, the optimal welding process parameters of
HC340LAD + ZM steel were explored through an orthogonal experiment design. Then,
based on the optimal parameters, HC340LAD + ZM with Zn-Al-Mg coating and HC340LA
without coating were designed as experimental welding parameters to explore the nucle-
ation process of the spot-welding joint and the influence of the coating on the properties of
the spot-welding joint and, further, to study the influence of the Zn-Al-Mg coating on the
corrosion resistance of the spot-welding joint.

2. Materials and Methods

In order to study the effect of the coating on HC340LAD + ZM steel resistance spot
welding, a cold-rolled, low-alloy, high-strength HC340LA steel (sheet thickness = 1.4 mm)
was prepared as the experimental material. The other one was an HC340LAD + ZM steel,
which was developed from HC340LA steel after adding zinc, aluminum and magnesium
coating; the amount of coating was 180 g/m2. The chemical composition and mechanical
properties of the matrix are shown in Table 1.

Table 1. Chemical composition and mechanical properties of HC340LAD + ZM steel.

Chemical Composition/wt% Mechanical Property

C Mn Si P S Nb Ti
Yield

Strength/MPa
Tensile

Strength/MPa
Elongation/%

≤0.1 ≤0.05 ≤1.3 ≤0.03 ≤0.045 ≤0.03 ≤0.03 385 475 28

The matrix micromorphology and the coating cross-section morphology are also
shown in Figure 1. The mechanical properties and matrix microstructure of the two kinds
of steel plates are almost consistent. In addition, the matrix microstructure of both is
composed of ferrite and a small amount of pearlite. The differences only lie in the presence
of Zn-Al-Mg coating.

Figure 1. (a) Micromorphology of matrix and (b) coating cross-section morphology.

The two experimental steel plates were cut and processed into several 125 mm × 40 mm
plate samples, and the processed samples were cleaned and dried with ethanol (99.5%) to
avoid the metallurgical contamination of the spot-welding experiment by oil pollution and
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other factors. The cleaned samples were tested for spot-welding experiments under the
lap state, as shown in Figure 2, and the tensile samples and metallographic samples were
prepared. In addition, the metallographic samples were welded twice, and a spot-welding
experiment was carried out on the OBARA SIV21 small original spot-welding machine.

Figure 2. Size diagram of tensile sample and metallographic sample.

The tensile shear force of the spot-welding samples was measured by the SANS
microcomputer servo-controlled hydraulic universal testing machine with a tensile speed
of 2 mm/min. The rectangular samples (15 mm × 7.5 mm) of the metallographic and
scanning samples were prepared from the spot-welding joints. The corrosion solution
was 4% nitrate alcohol solution, and the corresponding corrosion time was 14 s. Then,
the Leica DM 2000 microscope and TESCAN VEGA3 tungsten filament scanning electron
microscope were used to observe the metallographic and scanning section of the welding
joint. The micro-hardness value was measured with the HXS-1000AKY hardness meter
(300 g, 10 s), and its micro-hardness distribution was measured along the horizontal and
vertical direction of the welding joint.

Firstly, welding current, welding time and electrode loading were chosen as variables
to design the orthogonal experiment. Then, mechanical properties and spot-welding joint
parameters (pressure down rate, welding joint diameter, welding joint thickness) were
measured systematically. Furthermore, the splash degree was assessed according to the
vast amount of splash distance generated in the spot-welding process, and the splash size
was graded in a section of 50 cm. The A/B/C/D splashes were, respectively, represented
by splash distances of 150–100 cm; 100–50 cm; 50–0 cm; and no splash. The value range of
welding current, welding time and electrode loading was preliminarily selected according
to the thickness, strength and galvanizing layer of the plate and combined with previous
tests and related documents (the current = 8–11 kA, the time = 12–18 cycles (1 cycle = 0.02 s),
the electrode loading = 1.8–3.0 kN). The optimal welding parameters of HC340LAD + ZM
were obtained through the orthogonal experiment, then the welding current and electrode
loading of two kinds of steel, HC340LAD + ZM with Zn-Al-Mg coating and HC340LA
without coating, were fixed under the optimal parameters. Taking welding time as the
main variable, the nucleation process of the spot-welding joint of two kinds of steels and
the effect of coating on the properties of the spot-welding joint were explored, and the
change in corrosion resistance before and after welding was studied. The welding joint and
the unwelded body material with the optimal welding parameters of 10 kA, 14 cycles and
2.6 kN for HC340LAD + ZM steel with Zn-Al-Mg coating and HC340LA without coating
were selected, and three sets of 15 mm × 15 mm samples were prepared with wire cutting.
Then, the polarization curve was tested after alcohol cleaning, with a scanning speed of
2 mV/s.
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3. Experimental Results

3.1. Orthogonal Experiments

Then, the orthogonal tests were designed, and the specific test process parameters are
shown in Table 2.

Table 2. Welding results of HC340LAD + ZM orthogonal test.

Number
Welding
Current

(kA)

Welding
Time

(Cycles)

Electrode
Loading

(kN)

Pull Shear
(kN)

Splash
Situation

Melting
Core

Diameter
(mm)

Welding
Point

Thickness
(mm)

Down Rate
(%) < 30%

1 8 12 1.8 6.58 CCCD 5.73 2.70 3.57
2 8 14 2.2 9.41 CCDD 6.16 2.69 4.11
3 8 16 2.6 9.51 CDDD 6.17 2.72 3.04
4 8 18 3 7.74 CDDD 6.41 2.55 8.93
5 9 12 2.2 8.75 CCCC 6.44 2.61 6.79
6 9 14 1.8 7.47 CDCC 6.41 2.63 5.98
7 9 16 3 9.54 BBBC 6.44 2.47 11.88
8 9 18 2.6 8.74 BBBC 6.67 2.35 16.25
9 10 12 2.6 10.67 BBBD 6.44 2.66 5.18
10 10 14 3 10.21 BBBB 6.54 2.59 7.50
11 10 16 1.8 8.55 BBBC 6.67 2.45 12.41
12 10 18 2.2 9.85 BBBB 6.83 2.38 15.18
13 11 12 3 9.07 BBBB 6.72 2.38 15.18
14 11 14 2.6 9.34 BBBB 6.44 2.24 20.09
15 11 16 2.2 10.21 BBBB 6.67 2.30 17.86
16 11 18 1.8 10.55 BBBB 6.86 2.38 15.00

Note: Splash “A”, “B”, “C” and “D” mean “A splash”, “B splash”, “C splash” and “no splash”, respectively.

With tensile shear as the main parameter, the mechanical properties of joints under
each group of parameters were inserted into SPSS for multi-factor variance and extreme
difference analysis, and the optimal process parameters were as follows: welding current,
welding time and electrode loading were 10 kA, 14 cycles and 2 kN, respectively; the order
of the influence of the three factors on tensile shear was current > pressure > time.

3.2. Macro- and Micro-Morphology

According to the orthogonal experiment results, the optimal welding process param-
eters were as follows: welding current, welding time and electrode loading were 10 kA,
14 cycles and 2 kN, respectively. Then, the two kinds of steel with coating and without
coating were welded separately on the basis of the optimal welding process parameters
by fixing the welding current and electrode loading and by changing the welding time to
explore the dynamic nucleation process of the spot-welding process and the influence of
the coating on the nucleation quality of the welding joint. The macroscopic morphology of
the welds under different welding times is shown in Figure 3. With the increase in welding
time, the diameter of the welds of the two plates of steel also increased. In addition, with
the increase in welding time, the HC340LA steel without coating showed a better quality
welding spot surface without splash, while HC340LAD + ZM steel with coating had rough
joints on the welding spot surface with fluctuations. Furthermore, the splash phenomenon
appeared after 10 cycles, and the center of the welding point became yellow.
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Figure 3. Macroscopic morphology under different welding times (10 kA, 2.6 kN).

Figure 4 shows the change in the welding joint’s diameter, thickness, pressure down
rate and tensile shear force with welding time. It can be clearly seen from Figure 4 that the
joule heat and the welding joint diameter of HC340LAD + ZM and HC340LA increased with
the increase in welding time. When the welding time was one cycle, the welding joint di-
ameter of HC340LA without coating was 0.83 mm larger than that of the HC340LAD + ZM
steel with coating. With the increase in welding time, the gap in the welding joint diameter
became smaller. When the welding time was 10 cycles, the welding joint diameter was
almost the same, and then the increase in the welding joint diameter tended to be flat, while
the thickness of the welding points was the opposite, and the thickness of both plates of
steel showed a downward trend. When the welding time exceeded 14 cycles, the welding
point thickness of the two plates of steel tended to coincide. The welding joint thickness of
the 16 cycles was 2.56 mm and 2.5 mm, respectively. The corresponding downpressure rate
was 14.88% and 10.71%.

Figure 4. The change in (a) welding diameter, (b) thickness, (c) down−rate and (d) tensile shear with
welding time.

Figure 4d shows the tensile shear force of HC340LA steel without coating and HC340LAD
+ ZM steel with Zn-Al-Mg coating. As the welding time increased, the tensile shear force
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rose first and then decreased, reaching its maximum after 14 cycles with the tensile shear
forces of 14.28 kN and 15.75 kN. However, the tensile shear force of HC340LA steel without
coating was higher than that of HC340LAD + ZM steel with Zn-Al-Mg coating under the
same welding parameters. When the welding time of HC340LA without coating was one
cycle, the welding core had already appeared, and the tensile shear force at this time was
5.34 kN. HC340LAD + ZM with coating did not nucleate until the welding time was eight
cycles, and the corresponding tensile shear force was 4.44 kN. Combined with the diameter
and the thickness of the welding point, the existence of the Zn-Al-Mg coating reduced the
weldability. Although the diameter of the welding point was large enough after six cycles, an
effective welding core was still not formed at this time. Because of the existence of Zn-Al-Mg
coating, the contact resistance between the two plates was smaller, and there was less heat
input from the welding center area, thus failing to effectively form the welding core. Therefore,
with the increase in the welding time, the impact of the coating on the welding time became
smaller, and HC340LAD + ZM with coating did not nucleate until the welding time was eight
cycles. Meanwhile, the zinc with a low melting point evaporated and gasified the heat during
welding, which reduced the effective heat input generated during welding, resulting in more
difficult nucleation.

Figures 5 and 6 show the cross-section morphologies of the HC340LA without coating
and the HC340LAD + ZM with coating at different welding times. Figure 5 shows the
cross-section morphology of HC340LA steel without coating when the welding time was
1~18 cycles. As shown in the figure, the uncoated HC340LA steel was very sensitive
to the change in welding time, and the width of the molten core gradually increased
with the increase in welding time, and the thickness of the welding point also decreased.
When the welding time was one cycle, there was no complete nucleation, but a union
appeared between the plates. When the welding time was two cycles, the nucleation began
to obviously appear, forming a small welding core area. After four cycles, nucleation
completed, and the columnar crystal appeared obviously perpendicular to the plastic ring.
At this time, a shrinkage hole defect appeared. Because there was so little molten metal,
it shrank as it cooled, and holes formed. As the welding time increased, the height of
the melting core decreased, and the width of the melting core also gradually increased,
which was basically unchanged after reaching 14 cycles. Figure 6 shows the cross-section
morphology of the HC340LAD + ZM steel with coating when the welding time was
1~18 cycles. Due to the existence of the coating, the welding of the coated HC340LAD + ZM
steel requires a greater welding heat input. On the one hand, the existence of the coating
made the contact resistance between the plates smaller and made the heat input generated
during welding lower, resulting in difficult nucleation. On the other hand, because of
the low melting point of Zn, the main heat generated was first absorbed by the coating,
resulting in less heat input obtained by the parent material, Fe, which could not effectively
nucleate. Thence, nucleation appeared initially when the welding time was eight cycles;
when the welding time reached 10 cycles, the welded joint nucleated completely.
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Figure 5. Morphology of HC340LA joint at different welding times (10 kA, 2.6 kN).

Figure 6. Morphology of HC340LAD + ZM joint at different welding times (10 kA, 2.6 kN).

3.3. Fracture Form and Hardness Distribution

The failure modes of the welding point fracture of HC340LAD + ZM with Zn-Al-
Mg coating and HC340LA without coating are mainly divided into two types: interface
fracture (IF = interfacial failure) and pull-out fracture (PF = plug failure). Figure 7a,b reveal
the morphologies of IF macroscopic tensile shear fracture and IF fracture, respectively.
The macroscopic fracture shows that the fracture occurred at the two interfaces of the
welding point, while the morphology of the microscopic fracture is an obvious cleavage
step. Figure 7c,d show the morphologies of PF macroscopic tensile shear fracture and
PF fracture, respectively. The macroscopic fracture illustrates that pull-out tear occurred
in the parent material zone around the welding joint; the welding point was well fused,
and no fracture occurred, while the morphology of the microscopic fracture had countless
axial dimples.

131



Appl. Sci. 2022, 12, 9072

Figure 7. Macroscopic and microscopic morphology of typical failure modes: (a) IF, (b) SEM of IF,
(c) PF and (d) SEM of PF.

According to Figure 4d, due to the existence of coating, the HC340LAD + ZM steel
did not nucleate at a low welding time. Nucleation completed after eight cycles, and the
tensile shear force was 4.44 kN. In addition, the quality of the welding joint was poor, and
the welding core was not firmly bonded. In this context, an IF-type interface fracture of
the welding joint occurred. After 14 cycles, the quality of the welding joint nucleation was
better, and the tensile shear force was 14.28 kN. At this time, a PF-type pull-out fracture
occurred. The HC340LA steel without coating had good malleability due to the existence
of no coating. After one cycle, although the plates did not melt in the process of chemical
metallurgy at this time, the two plates combined under the action of electrode loading. At
this time, the tensile shear force was 5.34 kN, and an IF-type interface fracture occurred.
When the welding time was four cycles, a welding point with good quality formed, and a
PF-type pull-out fracture occurred with a pull shear force of 12.36 kN. This was because,
when the welding time was short, the two plates in the welding core area were not closely
combined, and the shear force between the welding points was less than the tensile strength
of the parent material. At this time, the fracture position occurred in the welding core.
When the welding time was long enough, the welding heat was enough; the nucleation
was complete, and the shear force of the welding core area was greater than the tensile
strength of the parent material, thus, the pull-out fracture occurs. Under the same welding
parameters, the tensile shear force of the welding joint with a Zn-Al-Mg coating was
smaller than that of the welding joint without coating, which may owe to the existence of
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the coating, which affected the temperature and thermal cycle of the welding joint, resulting
in the low tensile shear force.

Figures 8 and 9 show the hardness value distribution of the welding point under
different welding times for HC340LA without coating and HC340LAD + ZM with coating.
As shown in the figure, the hardness value distribution of the welding points of both steel
results in a “π”, high on both sides and low in the middle.

Figure 8. HC340LA nugget test hardness changes at different welding times (a) in a horizontal
direction and (b) a vertical direction.

Figure 9. HC340LAD + ZM nugget test hardness changes at different welding times (a) in a horizontal
direction and (b) a vertical direction.

As can be seen in Figure 8, nucleation occurred after one cycle, and even the obvious
welding core zone, heat-affected zone and welding core zone appeared. The hardness
value of the parent material was 150 HV; the average hardness of the welding core zone
was 375 HV, and the hardness value of the heat-affected zone was between the two. In the
horizontal direction, it is obvious that the welding core zone widened as the welding time
increased. In the vertical direction, it was distributed high on both sides and low in the
middle, and the hardness value near the electrode head was 280~300 HV.

As shown in Figure 9, after one cycle and three cycles, the peak temperature of the
welding point did not exceed the A3 line, and the tissue of the welding core zone was
mixed with martensite and ferrite. At this time, the hardness value of the central position
was low (180 HV). After four cycles, the temperature of some areas near the welding core
area exceeded the A1 line, and a small amount of martensite formed. In this condition, the
hardness value of the welding core zone reached 250 HV. After six cycles, on the one hand,
due to the influence of the coating, there was no effective connection between the plates,
but at this time, the welding core zone was completely austenitic, and a large number of
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martensite was obtained. In addition, the hardness value rose. On the other hand, due to
the existence of the coating, the mechanical properties of the welding joints deteriorated,
and the average hardness value of the welding core zone was 355 HV, which was lower
than that of the welding joints of HC340LA without coating. In the vertical direction,
the hardness value near the two sides of the electrode cap was 240 HV, which was lower
than that of the welding joint of the HC340LA without coating (280 HV). This is because,
during welding, the surface coating evaporated, splashed and took away the heat; thus,
the surface area obtained less heat, eventually forming less martensite, and it had a lower
hardness value.

3.4. Corrosion Behaviour Study

The results of the polarization curves for each zone are shown in Figure 10 and Table 2.

Figure 10. HC340LA (a) and Zn−Al−Mg−coated HC340LAD + ZM (b) polarization curves.

According to Figure 10 and Table 3, compared with the parent material and the
welding point polarization curve of the same material, the corrosion potential of the welding
point was lower than that of the corresponding parent material, which illustrates that the
corrosion tendency of the welding point was greater than that of the body material, and the
change in corrosion current was also consistent. The corrosion currents of the body material
and the welding joint of the HC340LA steel without coating were 4.258 × 10−4 mA·cm−2

and 3.602 × 10−3 mA·cm−2. The corrosion current decreased by 8.46 times, while the
corrosion currents of the parent material and the welding joint of the HC340LAD + ZM
with Zn-Al-Mg coating were 5.934 × 10 −5 mA·cm−2 and 1.323 × 10−4 mA·cm−2. The
corrosion current decreased by 2.23 times. This is because the welding heat input increased
in the welding process, which led to tissue transformation and the loss of the surface
coating of the welding point during the welding process, thus leading to the deterioration
of corrosion resistance.

Table 3. Electrochemical parameters of HC340LAD + ZM and HC340LA polarization curves.

Sample Region Ecorr/V Icorr/(mA·cm−2)

HC340LA
Base metal −0.572 4.258 × 10−4

Soldered dot −0.705 3.602 × 10−3

HC340LAD + ZM
Base metal −1.167 5.934 × 10−5

Soldered dot −1.218 1.323 × 10−4

The corrosion potentials of the HC340LAD + ZM base material and the welding joint
containing zinc aluminum magnesium coating were (−1.167 V) and (−1.218 V), respec-
tively; the corrosion potentials of the base material and the welding joint of HC340LA
without coating were (−0.5721 V) and (−0.705 V), respectively. According to the longi-
tudinal comparison, the HC340LAD + ZM had a lower corrosion potential at both the
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base material and the welding joint, so its corrosion tendency was greater. The corrosion
current was just the opposite. The corrosion currents of the parent material of the zinc–
aluminum–magnesium-coated plate and the uncoated plate were 5.934 × 10−5 mA·cm−2

and 4.258 × 10−4 mA·cm−2, respectively. The corrosion current of the zinc–aluminum–
magnesium plate was 7.17 times that of the uncoated plate. The corrosion currents of the
welding joint of the zinc–aluminum–magnesium-coated plate and the uncoated plate were
1.323 × 10−4 mA·cm−2 and 3.602 × 10−3 mA·cm−2. The gap in the corrosion current was
27 times greater. The reason why the corrosion potential of the Zn-Al-Mg-coated plate was
higher than that of the uncoated plate and the corrosion current was smaller is that the cor-
rosion of the Zn-Al-Mg-coated plate was the first to develop surface corrosion. The coating
was mainly zinc, whose corrosion potential is higher (−1 V), and the uncoated plate was
the corrosive matrix ferrite (−0.4 V). Due to the presence of primary crystal phase Zn; Al;
MgZn2; binary co-crystal tissue Zn/MgZn2; and ternary co-crystal tissue Zn/MgZn2/Al
in the zinc–aluminum–magnesium coating—in which MgZn2 and Mg2Zn11 had higher
microhardness, better compactness and better single-phase corrosion resistance—the zinc
and aluminum magnesium plates had higher corrosion potential, but a slower corrosion
rate [28–30].

4. Conclusions

(1) The orthogonal tests showed that the optimal parameters of HC340LAD + ZM
steel resistance spot-welding are as follows: welding current, welding time and electrode
loading were 10 kA, 14 cycles, and 2.6 kN, respectively. The influence of welding current,
welding time and electrode loading on the tensile shear force can be successively ranked as
current > pressure > time.

(2) When the fixed welding current (10 kA) and the electrode loading (2.6 kN) in-
creased, the welding point diameter of both steel plates also increased as the welding
time increased. Under the same welding parameters, the mechanical properties of the
spot-welding joint of the HC340LA steel without coating were slightly better than those of
the HC340LAD + ZM with coating. The HC340LA steel without coating began to nucleate
after one cycle, and the tensile shear force was 5.34 kN. The nucleation completed after four
cycles, and the tensile shear force reached 12.36 kN. The HC340LAD + ZM with coating
started to nucleate after eight cycles, and the tensile shear force was 4.44 kN.

(3) In the nucleation test, the tensile shear force of the welding joint of the HC340LA
steel without coating was greater than that of the welding joint of the HC340LAD + ZM
steel with zinc–aluminum–magnesium coating. The tensile shear forces of the zinc-and-
magnesium-coated steel and the uncoated steel increased first and then decreased as the
welding time increased, and the tensile shear reached the maximum after 14 cycles. At this
time, the tensile shear forces of the welding joint of the zinc-and-magnesium-coated steel
and the uncoated steel were 14.28 kN and 15.75 kN, respectively.

(4) The fracture modes of the welding joint of the two kinds of steel can be divided
into two types: pull-out fracture and interface fracture. When the welding time was short,
and the heat input was small, the nucleation of the welding joint was insufficient, and
the tensile shear force was small. Then, an interface fracture occurred. When the welding
time increased, and the heat input increased, the nucleation of the welding joint was fully
complete, and the tensile shear force exceeded 11.6 kN. At this time, the welding joint was
pulled and broken at the parent material near the heat-affected zone.

(5) The hardness of the welding point of the uncoated steel and the coated steel was
distributed in a “π” shape, which was high on both sides and low in the middle. The
HC340LA steel without coating completed nucleation after one cycle, and the correspond-
ing hardness values of the parent material and the welding joint were 150 HV and 375 HV.
However, the hardness value for the HC340LAD + ZM steel with coating was very low after
one and two cycles, and the hardness values of the welding core zone were 180 HV and
250 HV, respectively. A large number of martensite appeared in the center of the welding
point after four cycles, and the hardness value of the welding core zone reached 355 HV.
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Compared with the hardness value of the welding joint of the HC340LA steel without
coating and the HC340LAD + ZM steel with coating, the hardness value in the welding
core zone and near the surface of the welding joint was higher than that of the same area
with the coating.

(6) The corrosion resistance of the welding point was lower than that of the parent
material. The corrosion current of the HC340LAD + ZM with zinc–aluminum–magnesium
coating was 2.23 times that of the parent material, and the corrosion current of the welding
joint of the HC340LA without coating was 8.46 times that of the parent material. The
corrosion current of the welding joint of the zinc–aluminum–magnesium-coated steel was
27 times that of the welding joint of the uncoated steel, while the corrosion current of the
parent material of the zinc–aluminum–magnesium-coated plate was 7.17 times that of the
uncoated plate.
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Abstract: Single-layer (SLG)/few-layer (FLG) and multilayer graphene (MLG) (>15 layers) samples
were obtained using the CVD method on high-textured Cu foil catalysts. In turn, plasma-assisted
molecular beam epitaxy was applied to carry out the GaN graphene-assisted growth. A thin AlN layer
was used at the initial stage to promote the nucleation process. The effect of graphene defectiveness
and thickness on the quality of the GaN epilayers was studied. The bilayer graphene showed the
lowest strain and provided optimal conditions for the growth of GaN/AlN. Theoretical studies based
on the density functional theory have shown that the energy of interaction between graphene and
AlN is almost the same as between graphite sheets (194 mJ/m2). However, the presence of vacancies
and other defects as well as compression-induced ripples and nitrogen doping leads to a significant
change in this energy.

Keywords: GaN/AlN; molecular beam epitaxy; CVD graphene; buffer layer; gallium nitride;
GaN-on-Si technology

1. Introduction

Heteroepitaxy of III-nitrides is one of the most widely developed techniques for the
manufacturing of devices for optoelectronics (light-emitting diodes [1,2], laser diodes [3,4],
ultraviolet emitters [5]) and high-frequency power electronics [6,7]. Due to the lack of
cheap GaN or AlN wafers of sufficient size, GaN-based structures are usually deposited
on various foreign substrates such as sapphire, 4H-SiC (0001) or silicon (111). The main
drawback of sapphire is its low thermal conductivity, whereas silicon carbide substrates are
still rather expensive. Silicon wafers are more manufacturable and significantly cheaper [8].
They have sufficient size (up to 8 inches) and higher thermal conductivity than Al2O3.
The ability to manufacture GaN-based devices in fully depreciated 6- or 8-inch wafer
silicon fabrication plants provides the cost competitiveness of GaN-on-Si technology [9].
Despite all the successes, obtaining III-nitrides on Si substrates is still problematic due to
the differences in lattice constants (18%) and thermal expansion coefficients (46%) of these
materials [10]. Thus, GaN-on-Si technology requires a complex buffer design including
different transition layers and superlattices [11,12] to reduce the dislocation density and
residual stresses.

In some recent works, researchers regarded graphene as a suitable 2D buffer, which
facilitated the high-quality epitaxy of III-nitrides layers on a silicon substrate via both the
MOCVD [13–16] and MBE techniques [17–19]. Graphene has a hexagonal crystal lattice
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comparable to the (0001) plane of a GaN (AlN) crystal in the wurtzite phase. In addition,
graphene is thermally stable and can be transferred to an arbitrary substrate. The Van der
Waals interaction at the III-nitride/graphene interface provides reliable binding despite
some lattice constants mismatch. In addition, gallium atoms can migrate on the graphene
surface due to the sufficiently low migration barrier (12 meV) [20]. On the other hand,
the nucleation on the pristine graphene is very difficult due to the absence of dangling
bonds on its surface [21]. Islands of nuclei appear primarily at the graphene wrinkles. This
effect leads to poor morphology and high defect density in GaN epilayers. Oxygen [22]
or nitrogen [23,24] plasma pretreatment can be applied to promote GaN nucleation and
growth on the graphene surface. In addition, the work function, surface potential, surface
oxidation and chemical activity of few-layer graphene highly depend on the number of
layers. Therefore, number of layers influence on the density and activity of nucleation sites.

Despite the growing interest in the graphene-assisted epitaxy of III-nitrides, there are
only a few studies considering the dependence of the nucleation process on the number
of graphene layers [21,25–27]. The only work devoted to the growth of GaN by MBE on
graphene-coated SiO2 substrates was conducted by [25]. However, the authors of [25]
considered only XRD data. In our previous works [18,28], GaN and AlN graphene-assisted
epitaxy using the PA-MBE method on an amorphous substrate was demonstrated. In the
present paper, we investigate the epitaxy of GaN/AlN on few-layer and multilayer CVD
graphene. The effect of the number of graphene sheets, surface properties and defectiveness
of the 2D buffer on the quality of the resulting III-nitrides epitaxial layers are considered in
detail. A theoretical study of the AlN–graphene interaction conducted using the density
functional theory complements the experimental results.

2. Experimental Section

We deposited graphene on pure copper foil (99.999%, Alfa Aesar) using atmospheric-
pressure chemical vapor deposition (AP-CVD). Two gases, methane and ethylene, were
used as precursors. The synthesis took place in a cylindrical quartz reactor with a diameter
of 14 mm. We used a custom-made CVD setup (Figure S1e). The sample size was equal
to 35 × 45 mm2. The temperature and duration of the catalyst annealing were equal to
1 h at 1050 ◦C, respectively. Two gases, nitrogen N2 and hydrogen H2, were involved
during annealing. Their flow rates were equal to 100 and 150 cm3 min−1, respectively.
Single-layer (SLG)/few-layer (FLG) and multilayer graphene (MLG) (>15 layers) samples
were obtained from the reactor at 1054 ◦C within 20 min. Subsequent cooling of the reactor
in the presence of gaseous nitrogen flow was conducted at a rate of 50 ◦C min−1. For
SLG, in order to preserve the integrity of the graphene during wet-chemical transfer, we
used a polymer support, which was subsequently removed using special techniques. In
the case of multilayer graphene, a wet-chemical transfer was carried out without polymer
support. After the process of graphene synthesis, the copper catalyst was completely
etched in an aqueous solution of FeCl3. After removal of the catalyst, the graphene films
were carefully transferred to the surface of 3-inch silicon wafers with 500 nm-thick thermal
Loxide (SiO2/Si).

The methods of scanning electron microscopy and scanning probe microscopy were
used to study the morphology and surface relief of the experimental samples. For all
AFM measurements, a Solver Open microscope (NT-MDT) was applied in the semi-contact
scanning mode with a NSG01-brand cantilever. The typical tip curvature radius for this
cantilever is 10 nm.

The analysis of the crystal structure and crystalline perfection was carried out by the
electron backscatter diffraction (EBSD) and high-resolution X-ray diffraction (HRXRD)
methods. An Ultima IV (Rigaku) diffractometer provided XRD patterns of the considered
samples. We used the wavelength λ corresponding to CuKα (0.15406 nm).

Deformations, doping, defectiveness, thickness, and quality of graphene were esti-
mated via Raman spectroscopy. We used a confocal micro-Raman spectrometer Confotec
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NR500. It provides an excitation wavelength, spectral resolution and spectral accuracy of
about 532 nm, 1 cm−1, and ~1 cm−1, respectively.

The number of graphene layers was also estimated using the classical light transmis-
sion method. Here, optical quartz plates were used as a substrate. Spectral measurements
were performed using a UV-2600 Shimadzu spectrometer.

In this work the plasma-assisted molecular beam epitaxy system Veeco GEN 930
was used to carry out the process of III-nitrides graphene-assisted growth. After low-
temperature annealing (200 ◦C) in the load-lock chamber, the wafer with the graphene
buffer was attached to a substrate holder in the growth module. This was followed by high-
temperature annealing at growth temperature (in the range of 700–720 ◦C) under ultrahigh
vacuum conditions. First, a 35 nm-thick AlN wetting layer was deposited. The temperature
of the Al effusion cell was 1060 ◦C providing nitrogen enriched conditions. Both shutters
(for Al and N cells) were opened simultaneously and remained open throughout the
entire time of the AlN nucleation growth (480 s). After that, a 500 nm-thick GaN layer
was grown. The temperature of the Ga cell was 970 ◦C providing metal-rich conditions.
A Metal Modulated Epitaxy (MME) technique was used which consists in the pulsed
gallium supply to prevent its accumulation on the surface in the form of liquid metal
droplets, while the flow of active nitrogen remained constant throughout the entire GaN
growth process. The pulse duration (open state time of the Ga shutter), monitored with an
optical pyrometer, was 8 s, while the pulse repetition period was 22 s. The GaN growth
consisted of 300 periods. The nitrogen consumption in both cases (AlN and GaN growth)
was 1.6 sccm at an RF source power of 350 W. The power of the substrate heater was
maintained at a constant level throughout the growth process.

The experimental samples were also investigated using an in situ reflection high-
energy electron diffraction technique (RHEED). RHEED patterns at all growth stages
were monitored using a standard 15 kV RHEED (STAIB Instruments) system equipped
with a 6-inch phosphor screen flange and a high-resolution CCD camera. The electron
beam in RHEED hits the wafer surface at an angle of inclination (~1◦), which makes this
method extremely valuable for studying the crystal integrity of graphene samples and
can be a valuable tool for checking the structure and quality of graphene on the surface
of amorphous substrates before manufacturing various devices. It should be noted that
RHEED patterns can be obtained in the entire range of azimuthal angles ϕ from 0◦ to 360◦
due to the possibility of wafer holder rotation controlled by a stepper motor. The beam
reflection profiles were obtained at different sample rotation angles in increments of 1◦.

To supplement the obtained experimental results, we carried out modelling of the AlN–
graphene interaction. Calculations were carried out within the density functional theory
with dispersion Grimme corrections [29], which ensure correct accounting for non-covalent
interlayer interactions, as provided in the Quantum Espresso package [30,31]. Ultrasoft
pseudopotentials with the GGA-PBE functional were used for all elements [32,33]. The
cutoff energy of the plane wave basis was chosen to be equal to 45 Ry. The number of points
of the Monkhorst-Pack grid [34] in k-space was 4 × 4 × 1. The first order Metfessel-Paxton
scheme with 0.01 Ry smearing was used [35]. Structural optimization continued until the
residual forces became less than 0.1 meV/Å.

3. Results and Discussion

Figure 1a shows the scanning electron microscopy (SEM) image of 25 μm thick Cu foil
after graphene growth. Additional SEM and AFM images of the copper foil surface are
given in the supporting information (Figure S1a,b). The surface of Cu is smooth, without
pits, with an average grain size of 80–150 μm. The dominant orientation of the copper
grains was analyzed using the XRD method (Figure 1b,c).
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Figure 1. (a) SEM image of the 25 μm Cu foil: (b,c) X-ray diffraction θ-2θ spectrum and pole figure of
a Cu (100) sample after graphene growth; the inset shows the rocking curve for the Cu (100) diffraction;
(d–f) EBSD analysis of the Cu foil after graphene growth; (d) the crystallographic orientation mapping
in direction normal to the sample surface; (e) The color code for this map is given in the stereographic
triangle; (f) The corresponding pole figure in [001]-direction (i.e., normal to the sample surface).

As follows from the X-ray diffraction analysis, the copper catalyst used has a pre-
dominant (100) orientation (Figure 1b). The measured XRD θ–2θ scan (Figure 1b), shows
a Cu (200) peak (2θ = 50.37◦). The presence of one diffraction peak indicates a good texture
with out-of-plane grain orientation along the <100> direction. The inset to Figure 1b shows
the Cu (200) peak profile, with a characteristic small width at half maximum (FWHM)
of ~0.19◦. The small value of the FWHM suggests that the Cu film has a high crystalline
quality. For additional study of the texture, an incomplete X-ray pole figure (PF) (100) was
assembled (Figure 1c). The maximum tilt angle at this PF does not exceed 70◦, so only
the central maxima are visible. To evaluate the domain sizes and microstructure of the
Cu (100) foil, an EBSD analysis was performed (Figure 1d–f). Figure 1d shows a crystallo-
graphic map of the Cu film orientation using the inverse pole figure (IPF)-Z component,
which correlates spatial crystallographic orientations with respect to the normal sample
surface. The color uniformity in Figure 1d (corresponding to the stereographic triangle
in Figure 1e) suggests that the normal direction of the sample is <100> over the entire
map. Figure S1c shows the <100> angular deviation orientation map of copper grains. The
dominance of one color demonstrates the mutual direction of all copper grains along the
direction with a slight misorientation of several degrees (~2◦) (Figure S1d). Figure 1f shows
the Cu (100) EBSD PF in the sample normal direction, which is fully consistent with the
results of the X-ray diffraction (Figure 1c).

After transfer to an amorphous substrate, the graphene samples were analyzed using
the SEM and AFM methods to obtain information on the quality of the surface morphology,
the presence of contaminants, wrinkles or various defects. Figure 2a–c shows the quality of
the SiO2/Si surface morphology. The root mean square roughness (RMS) calculated from
AFM data is about 0.4 nm.
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Figure 2. SEM images of graphene layers obtained on a 3-inch silicon wafer (with amorphous surface
due to thermal oxide film) via PA-MBE epitaxial growth (a). Randomly selected regions of FLG
(d) and MLG (g). AFM height images and line scan profiles: the oxide surface (b,c), the random
regions of FLG (e,f) and MLG (h,i).

Contrast changes in the SEM images (Figure 2d) indicate the presence of SLG and
few-layer graphene (FLG) regions, which were purposefully obtained in the process of
graphene synthesis on Cu (100) by the CVD method. However, the AFM is the main
method for directly determining and confirming the thickness and roughness of single-
and few-layer graphene [36–38]. Figure 2e,h shows typical AFM results for transferred
graphene on the SiO2/Si substrate surface. As a result of the use of liquid transfer and
subsequent drying of the sample, graphene can be raised several additional angstroms
above the amorphous substrate [37]. According to the measurements of the AFM profiles
(Figure 2f), the height of the areas of multi-layer graphene corresponds to 0.7–0.9 nm
and can be identified as two-layer graphene [38]. The observed differences in surface
morphology (Figure 2e,h) on the graphene samples are caused by the influence of the
number of layers of crumpled graphene on the surface of the SiO2/Si substrate [38]. When
using a polymer framework and liquid transfer of graphene onto an amorphous substrate,
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a certain amount of polymer residues, wrinkles and tears are present on the surface, the
number of which is significantly reduced after the process of thermal annealing in the
PA-MBE chamber. The liquid process of transferring graphene to the substrate contributes
to the deformation of graphene layers, such as bubbles and wrinkles, often formed by the
capture of water, gas, or solid nanoparticles at the interface (Figure 2h,i) [39–41].

Analysis of the graphene samples’ surface transfer to the SiO2/Si substrate by the
EDX method (Figure S2) demonstrates the presence of only three elements: carbon (C),
oxygen (O) and silicon (Si). This indicates that we have carried out high-quality operations
to cleanse graphene from contamination.

According to the light transmission measurements (Figure 3a), the transmission at
550 nm demonstrates a value of 96.3% for FLG (blue curve) and 60% for MLG (black
curve). The first value corresponds to a number of graphene layers between 1 (97.5%) and
2 (95.5%) [42,43]. The second measurement indicates that we have obtained multilayer
graphene with a large number of layers (more than 15) [43].

Figure 3. (a) The transmittance coefficient of graphene samples transferred on a SiO2/Si sub-
strate as a function of light wavelength. Raman spectra (b,c), Raman maps of I2D/IG (d,g), ID/IG
(e,h) ratios and 2D peak FWHM (f,i) from random areas on the continuous FLG (b,d–f) and MLG
(c,g–i) transferred to a SiO2/Si substrate acquired at a laser excitation wavelength of 532 nm.

To confirm the morphology and structural quality of the FLG and MLG samples, we
applied Raman spectroscopy associated with the emission (Stokes process) or absorption
(anti-Stokes process) of phonons [44]. Micro-Raman spectroscopy is particularly useful in
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obtaining information on the quality, thickness, doping levels, and strain of graphene [45–51].
Figure 3b,c shows the typical Raman spectra from SLG (red line), FLG (blue line) and MLG
(black line), measured at random sections of the substrates. Several main peaks appear
on the Raman spectrum of the graphene: the primary mode of vibrations in the plane, G
(~1580 cm−1); another vibration in the plane, D (~1350 cm−1); the second-order overtone,
2D (~2690 cm−1) [45]. As known, the G peak corresponds to sp2-hybridized graphene,
whereas the D peak arises from defects induced in a perfect sp2-hybridized structure [46].
Peak D is correlated with the disorder in graphene lattice. The positions of the peaks
D and 2D are dispersive, so they depend on the energy of laser excitation [46]. In this
paper, measurements were obtained using a laser with an excitation of 532 nm. Due to
the additional forces arising from the interaction between graphene layers, as the number
of layers increases, the spectrum will differ from the spectrum of single-layer graphene,
namely the splitting of the 2D peak into an increasing number of modes [47]. Peak G also
experiences displacement due to an increase in the number of layers [51]. Thus, to study
the number of graphene layers, it is necessary to analyze the ratio of peak intensities 2D
and G (I2D/IG), as well as the positions and shapes of these peaks (Figure 3d,g) [50]. In
turn, the ratio of ID to IG (ID/IG) reflects the quality of the graphene (Figure 3e,h) [46].

Figure 3d–i shows the maps for the intensity ratio of 2D and G (I2D/IG), the intensity
ratio of D and G (ID/IG) Raman bands and maps of 2D peak FWHM. From these maps we
can identify areas with different values of the ratios I2D/IG and ID/IG. The value of the
I2D/IG ratio greater than 1.3 apparently belongs to the areas of a single-layer graphene with
characteristic values of FWHM 2D bands ~30 cm−1 [46,50–55]. In addition, these sections
of graphene have a slight value of ID/IG (~0.175) (Figure S3c), which also corresponds to
single-layer graphene with a small number of defects [46]. Besides the regions typical of
SLG, there are areas of FLG graphene with a lower I2D/IG ratio. For such regions the value
of the I2D/IG ratio is mainly from 0.5 to 1.25 (Figure 3d and Figure S3a). The value of the
FWHM 2D-range is between 44 and 68 cm−1. This indicates the presence of regions of
few-layer graphene. It is noteworthy that for regions of FLG, the values of the ID/IG (~0.11)
(Figure S3d) ratio are less than that for SLG (Figure S3c). In particular, an increase in the
ID/IG ratio suggests that much higher defects prevail and are easily induced in thinner
layers [55]. A comparative analysis of histograms of the I2D/IG intensity ratios and ID/IG
for an area of 70 × 70 μm (Figure S3) indicates the predominance of single-layer over two-
layer fractions in the resulting graphene, which is also confirmed by spectrophotometry
data (see Figure 3a). The average values of the FWHM 2D bands for SLG and FLG are
about 41 and 56 cm−1, respectively (Figure S3e,f).

In turn, a sample of a multilayer graphene is characterized by a significant decrease
in the ratio of I2D/IG (Figure 3g) and an increase in the ratio of ID/IG (Figure 3h). The
value of the FWHM 2D bands are significantly increased (Figure 3i). A comparative
analysis of the histograms (Figure S3) demonstrates the average value of the ratio I2D/IG is
~0.08 and ~0.61 for ID/IG, while the average value of the FWHM 2D bands is ~111 cm−1

(Figure S3b,g,h). These results indicate the similarity of the synthesized multilayer graphene
with graphitized carbon [56].

Various types of defects play an important role in the process of the nucleation and
growth of III-nitrides on the graphene surface [21,57]. The studied samples differed
in the values of the RMS (Figure 2b,e,h) and the density of defects (Figure 3e,h). A
Raman analysis confirmed this conclusion (we adopted the ID/IG ratio as a measure
of the density of point defects in graphene [58–64]). The defect density (nD) in the
graphene samples used was quantified from the ID/IG ratio as nD(SLG) ~3.93 × 1010 cm−2,
nD(FLG) = 2.47 × 1010 cm−2 and nD(MLG) = 1.37 × 1011 cm−2 for SLG, FLG and MLG,
respectively. The topic of distinguishing between the Raman spectra of one and another
type of defective sp2 carbon remains an area for future study.

Thus, for further studies of the epitaxy of nitrides, we obtained two separate graphene
samples transferred to the amorphous surface of SiO2/Si substrates. Based on the results
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of Raman spectroscopy and light transmission (Figure 3) of the obtained graphene samples,
it is possible to identify SLG, FLG and MLG regions.

It was previously shown [28,65,66], the RHEED technique can be applied for visu-
alization of graphene reciprocal structure and to analyze the ordering of its crystalline
domains. Previously [38], it was shown that in the case of a single-crystal 2D material, its
reciprocal space structure consists of vertical rods. Because of the relatively large wave
vector of electrons in RHEED, the Ewald sphere is large and crosses the rods in reciprocal
space. In general, bands form in RHEED patterns in 2D materials (Figure S4a). We obtained
the reciprocal lattice of the 2D material by the measuring of streaks as a function of the
momentum transfer parallel to the surface (k‖) at different azimuthal angles ϕ [28,65,66].
We constructed a reverse space map for graphene with two types of crystallites with a
mutual rotation of 30◦ (Figure S4c), which is synthesized on a Cu (100) catalyst using the
CVD method [28].

The RHEED method was used to analyze the graphene in situ and control the processes
of nucleation and subsequent stages of III-nitride growth (Figures 4 and 5). Figure 4 shows
the RHEED patterns from the FLG (Figure 4a) and MLG (Figure 4d) transferred to a SiO2/Si
substrate. The in-plane structures of graphene and GaN/AlN films can be derived from
their observed structures in 2D reciprocal space. In the reciprocal space, the radius and
polar angle correspond to the reciprocal distance from the (00) spot and azimuthal angle,
respectively. Figure 4b,e shows the intensity profiles of line scans as a function of k‖ (the
distances from (hk) to (00)) at a fixed value k⊥ [28,65]. Since a sample with FLG is more
characterized by SLG regions, the widened peaks characteristic of graphene are noticeable
in the RHEED images (Figure 4a–c). In the case of MLG, the main peaks are characterized
by a smaller FWHM (Figure 4e), which leads to the more contrasting RHEED reciprocal
space structure (Figure 4f). A smaller half-width value is associated with a larger value of
the thickness of the MLG film compared to FLG.

Figure 4. Images of RHEED patterns obtained of FLG (a) and MLG (d) at azimuthal angles
ϕ = 0◦ (a,d). Intensity profiles for azimuthal angles ϕ = 0◦ (b,e) for FLG (b) and MLG (e), respectively.
(c,f) The RHEED reciprocal space structures for the FLG (c) and MLG (f) samples.
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Figure 5. (a,d) Images of RHEED patterns from the GaN surface during PA-MBE growth on FLG
(a) and MLG (d) at azimuthal angles ϕ = 0◦. (b,e) Intensity profiles for azimuthal angles ϕ = 0◦ for
the GaN layer growing on FLG (b) and MLG (e), respectively. (c,f) Structures of RHEED reciprocal
spaces of the GaN layer grown on different graphene buffer layers: FLG (c) and MLG (f).

The growth kinetics of the AlN wetting layer on graphene to improve the quality of the
GaN epitaxial layers is not well-studied. Nevertheless, in this work, we used the standard
nucleation process, which showed itself well during the growth of heterostructures on SiC
(30–40 nm-thickness of the AlN layer under a N2-rich regime at TS = 710 ◦C). PA-MBE
growth at this stage was also controlled by the RHEED method (Figures S5.1 and S5.2).

The next RHEED patterns (Figure 5a,e) measured along the axes of the [0110] band
follow the PA-MBE growth of GaN/AlN epilayers on different regions of the graphene
buffer: FLG (Figure 5a) and MLG (Figure 5e). Note that the axes of the [0110] band
correspond to ϕ = 0◦.

Figure 4c,f shows the reciprocal space structures of the transferred FLG and MLG.
Figure 4c,f, shows twelve mutually symmetrical spots at the reciprocal distances of
2.9 and 5.1 Å−1 from the center. These correspond to graphene domains randomly oriented
with respect to each other. According to our previous study [28], the direction of graphene
growth is rotated by 30◦ because of the 60◦ crossing of in-plane grain boundaries. Therefore,
twelve observed peaks point to two graphene domains disoriented by 30◦. Figure 5c,g
shows constructed structures of the 2D reciprocal space derived from our experiments
Figure 5c,g). Characteristic peaks from GaN grown on FLG (Figure 5a–c) demonstrate a
greater intensity value with a smaller FWHM compared to nitride on MLG (Figure 5e–g).
These results indicate the production of a higher-quality gallium nitride with a smooth
surface morphology on FLG.

Figure 6 shows SEM images of the surface of GaN grown on an AlN/graphene/SiO2/Si
substrate. One can trace the difference between GaN growth on the SLG (Figure 6a,b)
and FLG (Figure 6c) regions. The SEM images clearly show areas of different contrast
(Figure 7a), differing in the quality of the epitaxial layers and surface morphology
(Figure 6b,c). These areas correlate well with areas of single-layer and few-layer graphene
(Figure 2d,e) before PA-MBE growth. Figure 6d shows a general AFM scan of the GaN/AlN
film on SLG and FLG. Figure 6e,f shows AFM scans of GaN/AlN films on the SLG
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(Figure 6e) and FLG (Figure 6f) areas separately. Figure 6g–i shows SEM and AFM images
of GaN/AlN film grown on MLG.

Figure 6. SEM and AFM images of the surface of GaN/AlN (0001) film grown on SLG (a,b,d,e) with
regions of FLG (c,f) and on MLG (g–i) in random regions of the samples.

In the PA-MBE process, epitaxial GaN/AlN layers grow directly on the graphene-
coated regions; in other places, the nitride layers are polycrystalline. The formation of
polycrystalline GaN/AlN occurs due to the low surface mobility of the adatom and rare
nucleation sites. These regions possess increased reactivity and therefore facilitate nucle-
ation of AlN. The improvement in the quality of the GaN layers in the sections of FLG
indicates that the density of AlN cores correlates with the density of defects in graphene
and its root-mean-square roughness. This correlates well when comparing the growth of
GaN/AlN on graphene with different numbers of layers (Figure 6).

The thickness of the graphene significantly affects the selectivity of the growth of layers
of III nitrides. Figure 6 confirms this conclusion for all the samples studied. A particularly
clear contrast is observed in Figure 2e, where FLG regions are present. The contrast is
due to the different number of graphene layers. The light and dark areas in the figure
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correspond to small and large numbers of graphene layers, respectively. Epitaxial layers
of nitrides of the best quality are formed only in the darker regions (few-layer graphene),
while in the light regions (low-layer graphene) the nucleation of nitrides is worse, as can be
seen from Figure 6a–f. We assume that the role of graphene n-layers can be explained by
differences in surface potential or chemical reactivity.

Figure 7. Raman analysis: (a,d) Raman mapping of G peak intensity and of the E2(high) peak intensity
(b,e) and position (c,f) from random areas on the continuous FLG (a–c) and MLG (d–f) after nitrides
PA-MBE growth acquired at a laser excitation wavelength of 532 nm.

In the case of the growth of nitrides on multilayer graphene, epitaxial layers are
characterized by a developed surface morphology with the presence of a large number
of structural defects (Figure 6g–i). There are also distinctly traced areas of a circular
shape (Figure 6i), where bubbles with liquid were presumably present after the transfer of
multilayer graphene to the surface of the amorphous substrate (Figure 2g–i). The surface of
the bubbles was characterized by a convex shape (Figure 2i), which led to the formation of
a polycrystalline layers of nitrides on its surface (Figure 6i). EDX analysis (Figure S6f) of
nitride film on MLG indicates the presence of a small amount of copper, which confirms the
nature of the observed bubbles due to fluid residues during the liquid transfer of graphene
to the amorphous substrate.

By mapping Raman spectra and determining the intensity of the graphene and nitride
peaks, we can identify regions of SLG and FLG graphene after PA-MBE of the III-nitride
layers. Figure 7 shows the Raman maps for the obtained experimental samples. In the
spectra of epitaxial layers, it is possible to identify the combination peaks of graphene
(D-band, G-band, and 2D-band), as well as the characteristic E2(high)-peak of GaN allowed
for a c-oriented wurtzite structure. These data indicate that graphene remained under the
nitride film. To characterize areas with a different number of graphene layers (SLG and
FLG), maps of the G-peak intensity (Figure 7b,e) and maps of the E2(high) peak intensity
(Figure 7b,e) and position (Figure 7c,f) were constructed. Raman spectral mapping of
high peak GaN E2 (Figure 7a,c) confirmed the selectivity of the GaN cores with respect to
graphene-coated wafer areas. Analyzing the Raman spectral maps of the G-peak intensity
(Figures 7a,d and S7a,b), it can be seen that the areas with a high intensity value (>200) of
the G-peak can be attributed to FLG, and areas with a lower intensity value (<200) to SLG
(Figures 7a and S7a). Analyzing the maps of the position and intensity of the E2(high)-peak
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of GaN (Figures 7b,c and S7c–f), it can be concluded that the characteristic areas of SLG and
FLG experience different stress values in the epitaxial layers of nitrides (Figure 7c). The
difference in stress values may be associated with stress relaxation due to the occurrence of
additional defects during growth on more defective sections of graphene that correspond
to SLG. Thus, nitride nucleation occurs more qualitatively on the FLG regions, which are
less defective than the SLG regions.

The observed differences in the surface morphology of the obtained epitaxial layers
of III-nitrides can be explained by the initial difference between graphene areas. For SLG
sections, the average value of the E2(high) band position is ω~567.6 (Figures 7b and S7e).
At the same time, we observed a slight red shift of the E2(high) band (ω = 567.4 cm−1),
as indicated in Figures 7b and S7f. Figure 7e and Figure S7h show a significant shift for
GaN grown on the MLG buffer (ω = 568.4 cm–1). Red shift of E2(high) mode frequency
usually indicates a tensile strain, typical for epitaxial GaN grown on Si (111) substrate.
The coefficient 4.2 cm−1 GPa−1 describes the linear dependence between biaxial stress and
spectral shift of the E2 phonon mode. Therefore, we calculated a tensile stress of GaN equal
to 0.05 ± 0.01 GPa and ~0.2 ± 0.01 GPa for GaN grown on FLG and MLG, respectively.
This value is much lower than the typical stress of GaN on silicon substrate (0.4–0.68 GPa).
The results of the Raman spectroscopy show that the formation of nitrides on graphene
with higher roughness leads to a significant increase in graphene defects and deterioration
in the quality of the nitride layers.

We investigated the interaction of graphene with AlN crystal and the effect of de-
fects on the interaction energy between the layers. As an atomistic model, a rectangular
C100Al64N64H32 cell was considered, containing one graphene layer and two layers of
aluminum nitride (see Figure 8). The outer surface of aluminum nitride was passivated
by hydrogen atoms. The ratio of the AlN and graphene lattices constants is close to 5:4,
therefore the aluminum nitride and graphene layers contained 4 × 4 and 5 × 5 elementary
cells, respectively. The positions of atoms and the lattice vectors were optimized simultane-
ously. As a result, we obtained the optimal cell size of 12.37 × 21.33 Å2. The energy of the
interaction between graphene and aluminum nitride was calculated by the formula:

Eb = (E(C100) + E(Al64N64H32) − E(C100Al64N64H32))/S (1)

where S is the cell area. The resulting interaction energy was 0.194 J/m2, which is very
close to the energy of interlayer interaction in graphite. Thus, the graphene/graphene and
graphene/AlN interfaces are almost equally energetically feasible. The optimal distance
between graphene and AlN layers was equal to 3.66 Å.

Figure 8. Periodic cell of the AlN–graphene heterostructure (a). Rippling of graphene under com-
pression applied to the system (b). Purple, yellow, orange and blue balls represent C, Al, Ga and H
atoms, respectively.

Next, we investigated the effect of uniaxial stretching and compression, as well as
characteristic defects in graphene (vacancies, Stone–Wales defect and impurity atom of
nitrogen) by Eb. Stretching and defects may occur as a result of the interaction of graphene
with a silicon substrate if the number of graphene layers is not large enough. It is well
known that graphene compression leads to its wave-like curvature without substantial
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shortening of C-C bonds. Therefore, the simulation of compressed graphene provides an
estimation of the effect of sheet roughness on its interaction with AlN. In our study, the
compression of the system by 5% led to roughness, at which the distance between the
graphene and AlN layer was changed in the range of 3.2 to 4.3 Å.

The influence of various defects on the EB value is represented in Table 1. Only one
defect per cell shown in Figure 8 was introduced. Table 1 confirms that increased roughness
due to graphene compression significantly enhances the interaction of graphene with AlN.
In contrast, graphene stretching weakens this interaction. As for defects, only vacancies in
graphene lead to a significant increase in the magnitude of EB.

Table 1. Interaction energy of AlN surface with pristine, strained and defected graphene calculated
with the density functional theory.

Type of Defect Eb, J/m2

No defects 0.194

Compression 5% 0.215

Stretching 5% 0.161

Stone-Wales defect 0.196

Vacancy 0.463

Nitrogen atom 0.187

On Figure 9a,c fragments of XRD spectra are shown, including GaN (0002)
(2θ = 34.63◦) and AlN (0002) (2θ = 36.06◦) maxima for FLG (Figure 9a) and MLG
(Figure 9c). The FWHM value of the (0002) rocking curve for GaN grown on an FLG
buffer is 6.95 arc. min. For GaN on MLG the FWHM of the (0002) rocking curve was 7.848.

Figure 9. HR-XRD spectra of the experimental samples: (a,c) 2θ-ω scanning curve and (b,d) ω
scanning curve of the GaN/AlN films grown on the FLG (a,b) and MLG (c,d).

In turn, Figure 9b,d shows the ω (rocking) scans for GaN/AlN samples, grown on
FLG and MLG buffers, respectively. The peaks are centered at 34.56◦, and a higher number
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of graphene layers results in the peaks broadening. The FWHM value increases from 55.55
to 60.00 arc. min. for samples grown on FLG and MLG buffers, respectively. The wider
peaks observed in the case of using the MLG buffer confirm a poorer orientation and a
large number of defects in the GaN grown on MLG.

4. Conclusions

In summary, we grew a bulk GaN/AlN on CVD graphene, transferred on silicon sub-
strate coated by an amorphous oxide layer. In comparison with our previous
works [18,28] on the study of nitrides epitaxy using a graphene buffer, in this research
we clearly demonstrate that the number of graphene layers, the type of strain and defects
are crucial for the high-quality epitaxy of GaN/AlN by the PA-MBE method. We found a
strong correlation between the number of graphene layers and the quality of GaN/AlN
grown on it. Bilayer and few-layer graphene were recognized as the most suitable buffers,
which provide plasma-assisted molecular beam epitaxy of perfect GaN/AlN films. This
fact can be explained by the difference in the FLG and MLG stiffness and defectiveness.
We believe that our investigation contributes to the development of GaN-on-Si technol-
ogy, which promises some benefits, such as low cost and high manufacturability. Due to
its flat structure, moderate activity and tendency to non-covalent interaction, graphene
probably can also be used for epitaxial growth of III-nitrides on other substrates which are
amorphous of have a crystal lattice unsuitable for binding to III nitrides.
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Abstract: Nowadays, research aimed at the development of materials with increased energy density
for lithium-ion batteries are carried out all over the world. Composite anode materials based on Si and
C ultrafine particles are considered promising due to their high capacity. In this work, a new approach
for carbothermal synthesis of C/SiC composite mixtures with SiC particles of fibrous morphology
with a fiber diameter of 0.1–2.0 μm is proposed. The synthesis was carried out on natural raw materials
(quartz and graphite) without the use of complex equipment and an argon atmosphere. Using the
proposed method, C/SiC mixture as well as pure SiC were synthesized and used to manufacture
anode half-cells of lithium-ion batteries. The potential use of the resulting mixtures as anode material
for lithium-ion battery was shown. Energy characteristics of the mixtures were determined. After
100 cycles, pure SiC reached a discharge capacity of 180 and 138 mAh g−1 at a current of C/20 and C,
respectively, and for the mixtures of (wt%) 29.5C–70.5 SiC and 50Si–14.5C–35.5SiC discharge capacity
of 328 and 400 mAh g−1 at a current of C/2 were achieved. The Coulombic efficiency of the samples
during cycling was over 99%.

Keywords: lithium-ion battery; silicon carbide; electrodeposited silicon; composite material; anode
material; Coulombic efficiency

1. Introduction

Graphite is traditionally used as an anode material of lithium-ion batteries (LIBS) due
to its relatively low cost, low volume expansion (up to 10%), high electrical conductivity,
charge rate. On the other hand, this material capacity (up to 372 mAh g−1) [1–3] no longer
meets the requirements of modern devices and machines for an increased energy density.

Promising anode materials with a higher specific capacity for LIBS are transition
metal oxides [4–9], silicon [10–14], germanium [15–17], SiC [18,19], as well as various
composite mixtures of the above materials with carbon [20–27]. Transition metal oxides
seem to be cheap, easy to synthesize. They provide a relatively high capacity (theoretical
up to 718 mAh g−1 [4]; experimental up to 1150 mAh g−1 [4]) and charge rate, but suffer
from high volume expansion (about 96% [8]). Silicon also seems to be a suitable material
that provides maximum capacity (theoretical up to 4200 mAh g−1 [9–12], experimentally
achieved—3900 mAh g−1 [13]) and a sufficiently high charge rate, but drastic volume
expansion (up to 300% [10–12]) still presents the biggest challenge to the realization of Si
anodes. Germanium is a less accessible material with a lower capacity (theoretical, up to
1624 mAh g−1; experimental, up to 1248 mAh g−1 [16]) compared to silicon, but it provides
advantages such as higher electronic conductivity. Moreover, the diffusion coefficient of
lithium ions in germanium is 400 times higher than in silicon [17].
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Silicon carbide is a perspective easily available anode material with high mechanical,
chemical and thermal stability [18,19]. However, for lithiation, pure SiC must have a certain
structure and size. Therefore, it is considered more as a matrix or substrate that allows to
compensate the volume expansion of silicon. Nevertheless, several works have reported
on the LIBs with SiC anode. In [28,29], a decrease in the thickness of SiC films or particles
leads to an increase in their capacity from 300 to 1370 mAh g−1 with a Coulombic efficiency
of about 90%. This also explains the significant scatter of the SiC anode capacity in the
available papers. Finally, recently a significant number of articles have been devoted to
the development of LIBs with composite anode materials represented by silicon, graphite,
SiC, SiOx, etc., including various sizes and structures: core–shell wires, tubes, needles,
fibers, multilayer films of graphene and silicene [30–34]. Calculations showed improved
electrochemical parameters of such structures during lithiation/delithiation [35]. Despite
the advantages of such composite anodes, their relatively complex production should be
noted. Often, single samples are presented in the existing works and nothing is reported
about the large-scale production of the materials. At present, the carbothermal method
is mainly used for the large-scale production of silicon carbide [36,37]. At the same time,
many works are devoted to the metallothermic preparation of SiC [38,39], although these
methods require further purification of carbide from intermediate synthesis products.

Previously, we showed the possibility of synthesizing ultrafine SiC fibers from cheap
materials using carbothermal synthesis [40,41]. The feature of our method is the use of
natural samples of pure quartz and graphite with a certain morphology and particle size.
In this work, in addition to the obtaining of SiC, this approach was also used for obtaining
of C/SiC mixtures suitable for use as composite anodes of lithium-ion power sources.

2. Materials and Methods

Scheme of the synthesis: The synthesis of SiC powder was carried out in a graphite
crucible, which was placed in a protective alumina crucible. Mixture of SiO2 and graphite
powder with molar ratio of 1–3 was prepared by hand mixing in agate mortar and placed
in a crucible. Graphite crucible was covered with graphite cap and buried under extra
graphite layer. Synthesis was conducted at a temperature of 1600 ◦C for 5 h under CO
atmosphere. In such reactor and conditions, the atmosphere maintained stable due to
the oxidation of graphite powder [40,41]. The scheme for the synthesis of SiC-based
mixtures with different compositions is shown in Figure 1. It was shown experimentally
that mixtures with 40–95 wt% SiC and unreacted graphite are formed during synthesis
depending on the given SiO2:C ratio, temperature and synthesis duration; the products
may also contain traces of silicon and its nonstoichiometric oxides, which are removed by
additional treatment in the HF solution. Therefore, the primary synthesis products are the
C/SiC mixtures. The ratio of components in such mixtures can be controlled in order to
obtain required mixture.

Figure 1. Process flow diagram for obtaining C/SiC mixtures for the manufacture of LIBs anodes.

In this work we synthesized a C/SiC mixture and pure SiC that were studied in
the anode half-cell of LIBs. Along with these materials, a composite anode based on the
resulting C/SiC mixture with the addition of electrtodeposited silicon fibers from the
KCl–K2SiF6 melt was also tested [42].

Analysis of the morphology and composition: The chemical and phase composition of
the reagents and products was determined by inductively coupled plasma atomic emission
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spectroscopy (AES-ICP) using iCAP 6300 Duo Spectrometer (Thermo Scientific, Waltham,
MA, USA), X-ray phase analysis (XRD) using Rigaku D/MAX-2200VL/PC diffractome-
ter (Rigaku, Tokyo, Japan) and Raman spectroscopy using U1000 Raman spectrometer
(Renishaw, New Mills, UK). The morphology and elemental composition of the obtained
samples were studied using a Tescan Vega 4 (Tescan, Brno–Kohoutovice, Czech Republic)
scanning electron microscope with Xplore 30 EDS detector (Oxford, UK).

Electrochemical performance: Electrochemical performance of SiC, C/SiC and
Si/C/SiC anodes were investigated in a 3-electrode half-cell. The obtained compositions
were mixed with 10 wt% polyvinylidene fluoride dissolved in N-methyl-2-pyrollidone
without any other additives. LIBs anode half-cell fabrication was performed in an argon-
filled glove box (O2, H2O < 0.1 ppm). Stainless steel mesh with the applied composite
anode material was used as the working electrode and two separate lithium strips as the
counter and reference electrodes. All electrodes were divided by 2 layers of polypropylene
separator and tightly placed in the cell. The cell was filled with 1 mL of electrolyte—1 M
LiPF6 in a mixture of ethylene carbonate/dimethyl carbonate/diethyl carbonate (1:1:1 by
volume). Electrochemical measurements and cycling experiments were performed using a
Zive-SP2 potentiostat (WonATech, Seoul, Republic of Korea).

3. Results

3.1. Samples Characterization

C/SiC mixtures: Figure 2 shows a SEM-image of a C/SiC mixture and maps of
elemental distribution after carbothermal synthesis and treatment in HF solution. The
resulting mixture is represented by particles with a size of about 20–40 microns (graphite)
and smaller fibers (SiC). According to X-ray microanalysis, the content of the elements
was (wt%) silicon 47.5–51.3; carbon 47.7–51.7; oxygen—up to 1.6. The presence of oxygen
could be due to both the insufficient treatment time of the mixture in the HF solution
and the subsequent oxidation of the silicon or SiC presented in the mixture. According to
ICP analysis, the resulting mixture contained 48.8–49.4 wt% silicon (the rest was carbon)
and no more than 0.4 ppm of such impurities as Fe, Al, Ti and Ca. If we do not take into
account the presence of oxygen, the ratio of components corresponds to a mixture of (wt%):
70.5SiC-29.5C.

Si C O

Figure 2. SEM-images and elements distribution in a C/SiC mixture after carbothermal synthesis
and treatment in HF solution.

SiC: Figure 3 shows a SEM-image of a typical SiC agglomerate obtained after annealing
of residual carbon from a C/SiC mixture. Its total size is about 50–60 μm. It consists of
fibers with a diameter of 0.1 to 2 μm. The obtained morphology is similar to the previously
obtained samples of ultrafine SiC [40] since the reagents and the synthesis procedure were
reproduced almost completely. The distribution of elements in the resulting SiC are also
shown. Uniform distribution of silicon, carbon and oxygen is observed for this sample.
According to X-ray microanalysis, the average content of elements at different points of the
sample was (wt%): 68–69 silicon, 29–30 carbon, up to 1.6 oxygen. This ratio is close to the
SiC stoichiometric composition.
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Si C O

Figure 3. SEM-images and elements distribution in a SiC sample after carbothermal synthesis,
oxidation of unreacted graphite, and treatment in HF solution.

Figure 4 shows the X-ray diffraction patterns and Raman spectra for C/SiC and
SiC samples. For the C/SiC sample there are peaks of residual SiO2 (21–22◦), carbon
(26–27◦), as well as peaks indicating presence of two carbide modifications (α-SiC, β-SiC) in
sample (35–36◦, 41.5◦, 44.5◦, 55◦ and 60◦). For the SiC sample, there are no peaks of C and
SiO2; only additional signals of the β-SiC phase appear at 64.5◦. A similar picture is also
observed in Raman spectra, in which responses of α-SiC and β-SiC carbide modifications at
770–793 cm–1 were fixed. In this case, for the SiC sample, there is also a response at 502 cm–1

that can correspond to both residual silicon and the β-SiC modification [43]. Moreover,
there are lines near 1370, 1510 and 1585 cm−1 on both spectra, which indicate the C–C
bonds. In this work, the structure of the used graphite powder was not studied in detail.
However, based on the absence of pronounced peaks and intensity ratio of carbon lines,
one can only note the presence of different carbon structures [44–47]. For the SiC sample,
the intensities of these lines are less pronounced.
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Figure 4. X-ray diffraction patterns (a) and Raman spectra (b) for the obtained C/SiC and SiC samples.

Electrodeposited Si: Figure 5 shows a SEM-image of silicon deposits obtained by
electrolysis of the (wt%) 98KCl–2K2SiF6 melt at a temperature of 780 ◦C and a cathode
current density of 25 mA cm–2. A detailed procedure and parameters for silicon synthesis
were provided earlier [42]. The resulting silicon deposits are arbitrarily shaped fibers with
a diameter in the range of 0.45–0.55 μm and a length of up to 20–25 μm. According to X-ray
microanalysis data, the oxygen content in the obtained silicon was from 1.2 to 1.5 wt% and
other impurities did not exceed 0.18 ppm (mainly iron and nickel). Figure 6 shows the X-ray
diffraction pattern and the Raman spectra of silicon deposit. As can be seen, the sample is
represented by polycrystalline silicon with SiO2 impurities. This is also indicated by the
Raman spectra of the sample in which only the Si–Si bond at 510 cm−1 was found [43].
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Si C

Figure 5. SEM-image and the elements distribution in a Si sample obtained by electrolysis of the
(wt%) 98KCl-2K2SiF6 melt at a temperature of 780 ◦C and a cathode current density of 25 mA cm−2.

0
100 200 300 400 500 600 700 800 900 1000

Raman shift / cm 1

In
te

ns
ity

Si-Si 
bond

(b)

0
10 20 30 40 50 60 70 80

2Theta / degree

In
te

ns
ity

 / 
cp

s

Si

Si

Si
Si SiSiO2

(a)

Figure 6. X-ray diffraction pattern (a) and the Raman spectra (b) of silicon deposit.

3.2. Electrochemical Performance of the Comosite Anodes

C/SiC composite anode: Figure 7 shows the change in the C/SiC composite anode
potential during lithiation/delithiation, as well as changes in the discharge capacity and
Coulombic efficiency of the sample during cycling. When the C/SiC composite anode
sample was initially charged with a current of 0.1 C (first cycle) its charging capacity was 658
and discharge capacity was 322 mAh g−1 (Coulombic efficiency is 49%). Such capacity loss
is usually attributed to a solid–electrolyte interface (SEI) layer formation. All subsequent
cycling was carried out at a current of 0.5 C. In the second cycle, the discharge capacity
was 308 mAh g−1 (Coulombic efficiency is 92%), and after the 100th cycle the discharge
capacity was 328 mAh g−1 (see Figure 7c). During cycling, the Coulombic efficiency of the
C/SiC anode reached 99% and remained at this level even after capacity began to fade.
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Figure 7. Cont.
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Figure 7. Cycling of C/SiC electrode: (a) potential change during lithiation (dashed line) and
delithiation (solid line); (b) discharge capacity and Coulombic efficiency; (c) CVs at different scan
rates and log(I)–log(ν) dependencies; (d) EIS data with equivalent circuit diagram.

Figure 7c shows current–voltage dependences (CVs) characterizing the kinetics of
charge and discharge of a C/SiC composite anode material. It can be noted that the
beginning of the charge occurs at an electrode potential negatively than 0.22 V relative
to the potential of the lithium electrode. This behavior may be due to the interaction of
lithium ions with the electrode material, which is accompanied by the chemical formation
of compounds. In this case the presence of several peaks in the cathode region of the CVs
indicates the occurrence of several lithiation reactions. At a potential of about 0.05 V a
lithium reduction wave is formed. During discharge in the anodic region of the CVs in the
potential range from 0.05 to 0.5 V there are corresponding discharge (oxidation) peaks of
lithium. Moreover, the shift in the peak potentials of the lithium reduction and oxidation
indicates that the processes is not electrochemically reversible. Obviously, the irreversibility
may be due to the interaction of lithium with the anode material. Since the LIBs capacity
includes the contribution of both diffusion and capacitance reactions the expression [48] is
valid for the usual lithiation/delithiation process:

log(I) = log(a) + blog(ν) (1)

where I—peak current, A; ν—potential sweep rate, V s−1; a and b—constants. In our case,
the calculated b value was of 0.73 (see Figure 7c), which indicates the pseudocapacitive
behavior of the C/SiC anode material [48]. This may be associated with a slow chemical
reaction of silicon carbide with lithium. Figure 7d shows the electrochemical impedance
spectra (frequency range from 100,000 to 1 Hz) of the sample after the forming cycle.
The EIS contains two arcs corresponding to the processes of charge transfer through the
electrolyte layer and between the electrode and electrolyte [49–51]. The obtained data can
be described by a typical for LIBs equivalent circuit. It has two RC circuits connected in
series and a resistance (Figure 7e). Parameters changes in this scheme during cycling have
not yet been studied.

SiC anode: The cycling results of the SiC electrode are shown in Figure 8. When
the SiC electrode sample was initially charged at a current of C/20 (first cycle) its charge
capacity was only 78 and the discharge capacity was of 42 mAh g−1 (Coulombic efficiency is
54%). During further cycling, the capacity gradually increased. After the 60 cycles at C/20,
capacity increased up to 180 mAh g−1. This situation can be caused by gradual activation
of the anode material accompanied by partial destruction of SiC and the formation of Li–C
and Li–Si compounds [28,29] via the reactions:

SiC + xLi+ + xe− → LixSiyC + (1 − y)Si (y < 1) (2)

Si + zLi+ + ze− ↔ LizSi (3)
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Figure 8. Changes in the discharge capacity and Coulombic efficiency of the SiC sample during
cycling at a current of C/20 and C.

As a result, a gradual conversion of SiC to Si and C occurs [28,29]. In turn,
reactions (1) and (2) also explain the reason for the onset of lithium discharge on anodes
with SiC at a potential 0.22 V more positive than the lithium potential (see Figure 7b). With
an increase in the charge current to C, the discharge capacity decreased, while its value was
stable during 100 cycle and the Coulombic efficiency was more than 99.2%. Relatively low
capacity can be explained by the presence of voids (see Figure 3) and a lack of the electrical
contact between stiff SiC wires.

Si/C/SiC anode: Figure 9 shows the changes of the Si/SiC/C electrode potential
during lithiation and delithiation as well as changes in its discharge capacity and Coulombic
efficiency during cycling. A voltage plateau below 0.1 V (Figure 9a) indicates lithiation
of graphite and silicon; delithiation occurs at 0.15–0.4 V. Similar results were obtained for
lithiation of the silicon anode [52]. In the first cycle at a current of C/20, the discharge
capacity was 225 mAh g−1 and the initial Coulombic efficiency was 54%. Coulombic
efficiency gradually increased during further cycling at a current of 0.5C and remained
above 98% after 20 cycles (Figure 9b). The discharge capacity gradually increased up to
525 mAh g−1 after 40 cycles. The higher capacity value can be explained by the silicon
lithiation in the anode material and the additional increase during cycling can be explained
by the gradual activation of the electrode, as in the case of the SiC anode (see Figure 8a).
The subsequent decrease in the discharge capacity to 400 mAh g−1 by the 100th cycle may
be due to the contact loss of part of the anode material with the substrate due to the local
expansion and cracking of silicon.

Figure 9c shows the CVs obtained at different scan rates for the Si/SiC/C electrode.
There are clear redox peaks indicating the charge and discharge of the sample. In this
case the calculated value of b was 0.63 (see Figure 9c). This indicates that the operation of
the Si/C/SiC electrode mainly proceeds under lithium diffusion conditions. A distinctive
feature of the obtained CVs is also the fact that the charge and discharge currents of the
anode sample are observed in a wider potential range (0.8–0.1 and 0.1–1.4 V respectively),
which is due to the higher bonding energy of lithium with silicon and a larger number of
compounds in the Li–Si system [52–54].

Figure 9d shows the electrochemical impedance spectrum of the Si/C/SiC sample
after the forming cycle. One can note the relatively high resistance R1 (7.7 Ω), which can
result in a significant change in the parameters of two series-connected RC chains (R2, C2,
R3 and W1) [49,50]. The decrease in R1 will be the subject of our further research.
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Figure 9. Cycling of Si/C/SiC electrode: (a) potential change during first cycle lithiation (dashed
line) and delithiation (solid line); (b) discharge capacity and Coulombic efficiency; (c) CVs at different
scan rates and log(I)–log(ν) dependencies; (d) EIS data with equivalent circuit diagram.

The lithiation mechanism of of the Si/C/SiC anode as a whole can be represented by
the parallel flow of reactions (2) and (3) as well as reactions (4)–(6):

Si + xLi+ + xe- ↔ LixSi (4)

LixSi + yLi+ + ye- ↔ Li(x+y)Si (5)

C + zLi+ + ze- ↔ LizC (6)

Accurate estimation of the lithiated products and intermediate products (or its absence)
on the basis of peak potentials is difficult. In the literature, there is a very wide spread of
the potentials of the occurring reactions and the available analysis methods (EDX, XRD) do
not allow one to make a local assessment with the required accuracy when a thick SEI layer
is formed.

The partial replacement of SiC with electrodeposited Si leads to an increase in the
discharge capacity of the anode, while the cycling stability of the Si/C/SiC compos-
ite electrode is lower. In this regard, further work will be aimed at studying the mor-
phology and composition of samples after cycling in order to identify ways to optimize
anode composition.

4. Conclusions

Nowadays, one of the most popular issues is connected with the search of anode
materials for high energy density lithium-ion batteries. One of the promising materials
that meet these requirements are composite materials based on Si/C/SiC mixtures. In
such materials, silicon provides increased capacitance, graphite provides high electrical
conductivity and SiC provides strength and thermal stability.
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In this work, we proposed a new approach for the fabrication of composite anodes
based on SiC as well as mixtures of C/SiC and Si/C/SiC. The proposed approach includes
carbothermal synthesis and makes it possible to exclude complex equipment and expensive
reagents for the anode materials synthesis. Using the proposed method, samples of C/SiC
and SiC were synthesized and investigated. A sample of Si/C/SiC was fabricated with
the addition of electrodeposited silicon fibers. It was shown that the synthesized SiC is
represented by agglomerates of carbide fibers with diameter ranging from 0.1 to 2 μm; the
C/SiC mixture is represented by evenly distributed fibers over the matrix of unreacted
graphite; silicon is represented by arbitrary shape fibers with a diameter ranging from 0.45
to 0.55 μm.

Electrochemical behavior of the synthesized samples was studied as part of the anode
half-cell of a lithium-ion battery. The possibility of using the obtained samples as part of
the composite anode is shown. After 100 cycles pure SiC reached a discharge capacity
of 180 and 138 mAh g−1 at a current of C/20 and C, respectively. The mixtures of (wt%)
29.5C-70.5 SiC and 50Si-14.5C-35.5SiC reached a discharge capacity of 328 and 400 mAh g−1

respectively at a C/2 current. The Coulombic efficiency of sample cycling was over 99%.
The parameters of the equivalent circuits of the half-cells were estimated and ways to
optimize their manufacturing process are noted.
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Abstract: Oxide nanopowders are widely used in engineering, and their properties are largely
controlled by the defect structure of nanoparticles. Experimental data on the spatial distribution of
defects in oxide nanoparticles are unavailable in the literature, and in the work presented, to gain such
information, methods of nuclear reactions and deuterium probes were employed. The object of study
was oxygen-deficient defects in TiO2 nanoparticles. Nanopowders were synthesized by the sol–gel
method and laser evaporation of ceramic targets. To modify the defect structure in nanoparticles,
nanopowders were subjected to vacuum annealings. It was established that in TiO2 nanoparticles
there form two-dimensional defects consisting of six titanium atoms that occupy the nanoparticle
surface and result in a remarkable deviation of the chemical composition from the stoichiometry.
The presence of such defects was observed in two cases: in TiO2 nanoparticles alloyed with cobalt,
which were synthesized by the sol–gel method, and in nonalloyed TiO2 nanoparticles synthesized by
laser evaporation of ceramic target. The concentration of the defects under study can be varied in
wide limits via vacuum annealings of nanopowders which can provide formation on the surface of
oxide nanoparticles of a solid film of titanium atoms 1–2 monolayers in thickness.

Keywords: nanoparticles; TiO2; oxygen vacancies; nuclear reactions; deuterium probes

1. Introduction

The physico-chemical and functional properties of oxide nanoparticles, which are
widely employed in engineering, are largely dependent on the defect structure of nanopar-
ticles, namely, the concentration of point defects, their type, and spatial distribution. In this
field, works have mainly been devoted to defects that condition oxygen deficiency in
nanoparticles compared to the stoichiometry [1,2]. In addition, oxygen vacancies and
clusters based on them strongly affect the electrical, magnetic, diffusion, catalytic, and other
properties of oxide nanopowders [3–5]. For example, a concept of d0-magnetism was pro-
posed [6], which helped to explain ferromagnetic properties observed on oxide nanopow-
ders that did not contain any magnetic dopants by an oxygen deficiency in nanoparticles.
Such results were obtained on the oxide powders of TiO2, Al2O3, ZnO, In2O3, HfO2, CuO,
and others [7–11].

The majority of results concerning the defect structure of oxide nanoparticles are ob-
tained for the TiO2 nanoparticles with the use of a large number of techniques [3,5,8,12–15].
They highlight a wide variety of types of point defects and the evolution of the defect
structure under different treatments of nanopowders, say, oxygen annealing [3]. When in-
vestigating the defect structure, the most informative were the methods of positron annihi-
lation [3,5,8,12–15], X-ray photoelectron spectroscopy [3,5,13], and photoluminescence [14];
as defects, there were specified oxygen and titanium vacancies [3,8], interstitial titanium
atoms [12], 3D vacancy clusters [8], complexes consisting of oxygen and titanium vacan-
cies [3], Ti3+ ions and oxygen vacancies [15], and others [12]. The diversity of defect types
in the oxide nanoparticles is conditioned by a large number of atoms on the sample sur-
face, the presence of defects - charge carriers, mixed cation valence, changing oxygen
concentration upon different powder treatments, etc.
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With the bulk of important results accumulated on the types of defects in the ox-
ide nanoparticles and their impact on the magnetic properties of nanoparticles [3,16–20],
the state-of-art in this field can hardly be considered sufficient. First, no measurements
of the oxygen concentration were performed and, hence, it was not accounted for in the
concentration balance. For this reason, it cannot be excluded that information on several
defect types is lacking. The more probable it seems to take into account the selective
sensitivity of many techniques to defects of different types. Second, there are no available
experimental data on the spatial distribution of defects in nanoparticles gained by direct
observations. Such experiments are necessary since the energy states of atoms near the
surface and in the bulk are drastically different.

In view of the above, this work is devoted to studying the defect structure of ox-
ide nanoparticles via measurements of the oxygen concentration and using a technique
that allows the determination of the defect concentration on the surface and in the bulk of
nanoparticles. The choice of TiO2 nanoparticles as the object for investigation is conditioned
by a wide scope of practical applications of the dioxide titanium nanopowders [21–25].
The oxygen concentration was measured by the method of nuclear reactions (NRA);
the error of measurements being about 0.5–1.0%, which makes it applicable only for
nanopowders with rather a large oxygen deficiency compared to stoichiometry, at a level of
several percent. Nanopowders of TiO2 meet this condition [26]. The defect concentration
was determined by the method of deuterium probes (DP) [2]. It is based on the depen-
dence of the deuterium solubility in the oxide particles on the concentration of defects of a
specified type. The application of the DP method was reasonable since, first, it is sensitive to
defects bringing about oxygen deficiency [2] and, second, owing to a drastic difference in its
basic principles from those of the earlier applied techniques, it enables one to detect defects of
unknown types. The NRA and DP techniques have already been used to measure the oxygen
and defect concentrations in oxide nanoparticles [2,26–28], but in these works, the type of
defects and their spatial distribution in nanoparticles were not the subject of research.

2. Experimental

2.1. Synthesis of Oxide Nanopowders

Nanopowders were produced by the technology of laser evaporation of ceramic target
(LE) [26] and sol–gel method (SG) [16,29]. As an LE, pills of titanium dioxide 60 mm in
diameter were produced by pressing at room temperature, with the specific surface area
of micropowder being 2 m2/g. For vaporizing, a fiber-ytterbium laser was used with
a wavelength of 1.07 μm and a maximal power output of 1 kW; the frequency of laser
pulses was 5 kHz, duration was 50 μs. To produce nanopowders with a different specific
area, the type of inert gas (argon or helium), gaseous pressure, and laser power were
varied. For the synthesis of titanium oxide nanoparticles doped with cobalt ions by the
SG method [29], acid hydrolysis of organometallic precursors was employed; in our case,
titanium isopropyl oxide (Titanium (IV) isopropoxide) and cobalt (II) acetylacetonate as a
source of metal ions. All reagents used were obtained from Sigma Aldrich. The preliminary
required amounts of titanium isopropoxide (2 mL) and cobalt acetylacetonate complex
were placed in a 5 mL test tube; then, 2 mL of acetone was poured into it. After vigorous
shaking, a bluish-brown solution was formed. The solution was left overnight. Then, 1 mL
of hydrochloric acid (0.1M) was poured into the solution. The hydrolysis reaction occurs
almost instantly; however, for the process to run uniformly throughout the entire volume
of the colloid, it was subjected to intensive ultrasonic action using an ultrasonic activator
with a submerged titanium probe. Ultrasound exposure was 30 s. Then, the particles
were separated by centrifugation (10,000 RPM) for 10 min and washed with acetone.
The washing process was repeated three times. The resulting precipitate was dried at 70 ◦C.
The precursor was further calcined in air at different temperatures (from 300 to 500 ◦C).
Figure 1 shows micrographs of nanoparticles calcined at 400 and 500 ◦C, the image was
obtained using transmission electron microscopy (TEM).
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Figure 1. TEM micrographs of the TiO2 nanoparticles calcined at 400 ◦C (A) and 500 ◦C (B).

2.2. Methods of Nuclear Reactions and Deuterium Probes

All nanopowders predominantly contained such phases of titanium dioxide as anatase,
rutile, brookite, and their mixtures. Data on the phase composition are given in more
detail in Section 3.1. In the current approach, the defect structure is characterized by the
oxygen concentration CO and defect concentration Cd and real defects contain a certain
number of elementary point defects. Hence, a real defect can comprise vacancies and
interstitial atoms of oxygen and titanium. Within the approach accepted, an oxygen
vacancy cannot be distinguished from an interstitial titanium atom, the same as a titanium
vacancy from an interstitial oxygen atom. When interpreting the results of studying
the thus prepared samples, we considered solely oxygen vacancies as the most realistic
elementary point defects. In the DP technique, after annealing in gaseous deuterium,
nanopowders become three-component and their chemical composition can be presented
by formula TiO2−xD2x/N , which accounts for the presence of 2 deuterium atoms per one
defect [2]. Moreover, oxygen vacancies are supposed to be prone to joining in clusters,
and N designates the amount of vacancies in a cluster. This formula enables easily obtaining
that concentrations CO and Cd are connected as follows

CO

C0
O

= 1 − N + 4
3C0

O
Cd, (1)

where C0
O is the oxygen concentration in a defectless oxide; herefrom, concentrations are ex-

pressed in fractions of the number of atoms in a nanoparticle. It is seen from Expression (1)
that when treating the dependences CO(Cd), the number of vacancies in a defect N can be
determined if oxygen vacancies are combined in complexes. Expression (1) is obtained for
nanoparticles of arbitrary shape and does not depend on the spatial distribution of defects
and mutual arrangement of vacancies in a cluster. For example, it is valid for cases when
defects are distributed in a nanoparticle uniformly or only in its thin surface layer with
vacancies forming in a cluster of both 2D and 3D complexes.

When using the method of LE, the average concentrations CO and Cd were varied
via the synthesis of nanopowders with different specific surface areas S. This approach
makes it possible to produce nanopowders with different CO and Cd, if the concentrations
of defects in the bulk and near the surface are different. In the SG technology, nanopowders
with different defect concentrations were produced using vacuum annealings. In the
preliminary experiments, it was established that vacuum annealings are by no means a
universal way of decreasing the oxygen concentration in the titanium dioxide nanopowders.
In particular, in the case of undoped TiO2, vacuum annealings exert a poor effect on the
concentrations of oxygen and defects, which did not allow the analysis of the CO(Cd)
dependence with reliable accuracy. At the same time, Co-doped nanopowders of TiO2 with
widely ranging oxygen concentrations were prepared using vacuum annealings. The same
result was obtained in work [5], where it was shown that alloying of TiO2 with cobalt

168



Appl. Sci. 2022, 12, 11963

leads to increasing vacancy concentration. In view of this, in the case of the SG method,
investigation of the dependence CO(Cd) was performed on powders alloyed with cobalt,
its concentration in the cation sublattice made up of 3 at. %. Vacuum annealings were
carried out after completion of the synthesis routine at temperatures varying from 200 to
500 ◦C and holding time, 15 to 30 min, 500 ◦C.

To measure the defect concentration using the DP method, first, nanopowders are
annealed in gaseous deuterium, and then, the concentration of dissolved deuterium CD is
measured using the NRA technique. The DP method is shown in work [2] to be sensitive to
defects bringing about oxygen deficiency in nanoparticles and is based on the existence of
unambiguous relation of the Cd and CD concentrations, which is provided by the formation
of nanoparticles annealed in deuterium of clusters of a strictly specified composition.
In particular, in the TiO2 nanoparticles, one cluster consists of a defect and 2 deuterium
atoms. The cluster composition was determined using the dependence of CD on the
dose of deuterium irradiation. In the current work, such a procedure was applied to all
powders after synthesis and vacuum annealings, and the cluster composition was the same.
In general, nanoparticles can contain defects of different types simultaneously. For example,
in study [2], in the TiO2 particles, along with defects detectable for the DP method, one more
type of defect was observed, which consisted of Ti3+ ions and oxygen vacancies. The duration
of deuterium annealing we used was, just as in [2], 1 h, with deuterium pressure being
0.6 atm. In the DP method, the determination of the defect concentration Cd is reduced to
measuring the deuterium concentration CD. For this reason, the metrological characteristics of
the NRA technique for the reaction 2H(d,p)3H controlled the accuracy and sensitivity in the
determination of the defect concentration Cd: statistical error made up several percent of the
measured value and measurement sensitivity was about 0.01 at. %.

As was noted in Section 1, no experimental data on the spatial arrangement of defects
in oxide nanoparticles are available in the literature. Such a task is objectively complicated
because of the small size of nanoparticles. In the current work, a particular solution
was obtained. It is based on an approach that involves the characterization of the defect
structure using only two defect concentrations, namely, at the surface of nanoparticle Cds
and average concentration in the nanoparticle bulk Cdv. For the powders synthesized using
LE, we investigated the dependence of defect concentration on the specific surface area
Cd(S), which allowed us to obtain, in the model with two concentration values Cds and Cdv,
information on the spatial distribution of defects in nanoparticles. For example, the growth
of Cd with increasing S means higher defect concentration near the surface then in the
bulk and vice versa. If Cds = Cdv, the defect concentration Cd evidently is independent of
S. In this work, of special interest was the case when defects to which the DP method is
sensitive are localized near the nanoparticle surface. In this case, the chemical composition
of nanopowders can be expressed by the formula (1 − ΔρS)TiO2(ΔρS)

[(
TiO2−y

)
D2y/N

]
,

and the following relationship works:

Cd =
ΔyρS

N(3 − ΔyρS)
, (2)

where ρ is the oxide density, Δ is the thickness of the oxygen-deficient layer whose chemical
composition is denoted as TiO2−y. Expression (2) is valid for particles of arbitrary shape.
Hence, with equal parameters N, Δ, and y, in the powders with different specific area
S, the dependence Cd(S) will be close to linear, with the extrapolated value Cd(0) = 0.
Since the DP method provides a high accuracy in measuring the defect concentration,
in some particular cases the study of Cd(S) can give reliable information on the ratio of
defect concentrations in the bulk and near the nanoparticle surface. Note that application of
this approach is bound to solely the case when powders are synthesized by LE technology.
It favors independence of the parameters, Δ, and y of S, which will be considered in
Section 3.2.
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The average concentrations of oxygen CO and deuterium CD in nanopowders were
determined by the NRA technique at a 2 MB van de Graaf accelerator using reactions
16O(d,p1)17O* and 2H(d,p)3H with the deuteron energy of 900 and 650 keV, respectively.
In the majority of experiments in the accelerator, the samples were at room temperature and
nanoparticles of powders were pressed into an indium plate. When the concentration CO
was measured at the temperature of 400 ◦C, nanoparticles were pressed into copper powder.
Using Rutherford backscattering spectroscopy, it was established that indium or copper
atoms were absent in the zone under analysis. The sample surface was set perpendicular
to the incident beam, nuclear reaction products were registered with the use of a silicon
surface barrier detector. The angle of proton registration was 160◦, and the diameter of the
incident beam was 1 or 2 mm. The irradiation dose was measured on the samples using
a secondary monitor, with the statistical error being 0.2 to 1.0%. When mathematically
processing the data, spectra from the samples under study were compared with those from
reference samples having constant-in-depth isotope concentrations. For 16O, it was CuO,
whereas for deuterium, ZrCr2D0.12. In more detail, the experimental setting and processing
procedure are described in work [2].

When doing this, it was necessary to provide highly accurate measurements of con-
centrations CO and CD, which was not trivial as the data on CO depended on the presence
on the nanoparticle surface of water molecules. With increasing the thickness of the water
layer, the oxygen concentration in factions of the number of atoms in a nanoparticle de-
creases since the H2O molecule contains fewer oxygen atoms than TiO2. In view of this,
the powders were dried under vacuum pumping-off. To monitor the oxygen concentration
CO, sampling measurements of the powders were performed in the accelerator chamber at
400 ◦C, which allows the elimination of the adsorbed water molecules. The results of the
concentration CD and Cd, unlike CO, were not changed when varying experimental condi-
tions, temperature, pressure, and annealing time. In addition, these results did not depend
on the conditions of storing the powders for a year and more, since the deuterium annealing
provided the elimination of water molecules from the nanoparticle surface. Figure 2 shows
the spectra of protons p for the nuclear reactions 16O(d,p1)17O* and 2H(d,p)3H, which were
used to determine the oxygen and defect concentrations. The CO and Cd concentrations are
directly proportional to the number of registered protons, the shape of the spectra does not
depend on CO and Cd.

Figure 2. The spectra of products of the nuclear reactions 16O(d,p1)17O* and 2H(d,p)3H for the
nanopowders synthesized by sol–gel method and annealed in vacuum. The temperatures and
annealing times are shown in the figure.

3. Results and Discussion

3.1. Number of Oxygen Vacancies in a Defect

The dependence CO(Cd) shown in Figure 3 agrees with Expression (1), which testi-
fies to the formation in the TiO2 nanoparticles of defects consisting of oxygen vacancies.
Processing by the least-square method gave the number of vacancies in a defect N = 12.5 ± 0.9.
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Figure 3. Dependence of the oxygen concentration CO in TiO2 nanopowders on the defect con-
centration Cd. Black points show results for powders synthesized by sol–gel method; red points,
laser evaporation of ceramic target.

As follows from Figure 3, the formation in the dioxide titanium nanoparticles of
defects containing N = 12 oxygen vacancies is invariant with respect to experimental
conditions. First, it takes place in the nanopowders synthesized by different technologies
and characterized by different mechanisms of defect formation. In the technology of SG
method, in the as-synthesized powders of composition close to stoichiometric, the formation
of defects occurs in the course of vacuum annealing through the oxygen depletion of
nanoparticles. Upon LE, oxygen-deficient defects were formed directly in the course of
synthesizing. Second, the powders strongly differ in the number of defects per unit volume
of nanoparticles. This follows from Figure 2 since this parameter decreases with decreasing
concentration CO. Finally, the powders under study differed in phase composition. In the
case of the SG method, it was anatase, whereas upon LE, the mixture of TiO2 phases.
In particular, in the powders with S > 200 m2/g, brookite with small additions of anatase
and rutile predominates, whereas at S < 200 m2/g, quite the opposite, brookite was
not observed at all, only anatase and rutile. Since the number of vacancies in a defect
N = 12 does not depend on the synthesis technology, mechanism of defect formation,
phase composition, and other characteristics of nanoparticles, one can suggest that the
formation of such defects, denoted as Ti6, is conditioned by thermodynamic reasons.
This question needs further investigation.

3.2. Spatial Distribution of Defects Ti6 in Nanoparticles

In the investigation of spatial distribution and size of defects consisting of 6 titanium
atoms, different versions are considered, namely, defects located in the bulk and on the
surface of nanoparticles and two-dimensional or three-dimensional ones. To obtain infor-
mation on these issues, the dependence Cd(S) was studied for the powders synthesized by
the LE. As is seen in Figure 4, the experimental dependence Cd(S) matches Expression (2)
at constant parameters N, Δ, and y, which indicates that the defects consisting of 12 oxygen
vacancies are located on the surface and absent in the bulk of TiO2 nanoparticles.
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Figure 4. Dependence of the defect concentration Cd on the specific surface area S of TiO2 nanopar-
ticles. Points are experimental data for the powders synthesized by laser evaporation of ceramic
targets. Line is calculated by Expression (2) at N = 12 and Δρ y = 7.56 × 10−8 g/cm2.

The independence of the parameter N on S was experimentally shown in Section 3.1.
As for the parameters Δ and y, it is conditioned by the application of technology of LE.
In this case, the formation of the defect structure of the surface layer proceeds in two steps.
In the first step, at high temperatures in a vacuum, there form nanoparticles of stoichio-
metric composition in the bulk with the surface atomic layer virtually depleted of oxygen.
It was established that the thickness of the oxygen-depleted layer does not depend on S and
is equal to 0.36 nm [26], which approximately matches up an oxide monolayer. In works
fulfilled within the theory of density functional, the following theoretical explanation of
this result was given, namely, the existence of an oxygen-free layer on the oxide surface
is energetically more favorable than of stoichiometric composition TiO2 [26,30,31]. In the
second step, the powder is cooled to room temperature in air and oxygen enters into the
surface layer of nanoparticles. Evidently, in this case, the thickness of the oxygen-deficient
layer does not depend on S. The amount of oxygen entering into nanoparticles depends
on the regime of cooling the nanopowders. In this work, these regimes were the same for
powders with different S.

We already mentioned above that the thickness of defects Ti6 in nanoparticles synthe-
sized by LE technology is within the atomic scale, whereas other linear dimensions are
several times as high, i.e., the defects are two-dimensional. For nanoparticles synthesized
by the SG method, no data on the spatial distributions of Ti6 defects and inference on their
two-dimensional or three-dimensional shape are presented in this work because of the
lack of appropriate techniques. Yet, there are grounds to conclude that the Ti6 defects in
nanoparticles synthesized by the SG method also are two-dimensional and localized on the
nanoparticle surface. In our opinion, these defects cannot occupy internal bulk regions of
nanoparticles since the crystal structure of titanium dioxide with inner defects consisting of
12 oxygen vacancies will hardly be stable. At the same time, the presence of such defects
on the surface of nanoparticles does not cause destruction of the crystal lattice of the oxide,
which is evidenced by the results of works [26,30,31].

In the surface layer of TiO2 particles, there are present two types of regions:
(i) consisting of 6 titanium atoms and (ii) having composition close to stoichiometric TiO2.
It is worth estimating fractions of these regions. If to take up a constancy of distance be-
tween the titanium atoms upon the formation of the Ti6 defect, the fraction of nanoparticle
surface occupied by regions consisting of 6 titanium atoms is expressed as

∝=
1 − CO/C0

O
ΔρS(1 − CO)

≤ 1. (3)

In Figure 5, the dependences ∝
(
CO/C0

O
)

calculated by Expression (3) for several
values of S are shown. Points in Figure 5 show sampling experimental results, data on y
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(
CO/C0

O
)

are also given. It is easy to show that the values of ∝ and y obey the expression
y = 2∝. Bends on the dependences ∝

(
CO/C0

O
)

correspond to the formation on the nanopar-
ticle surface of a solid monolayer in which oxygen atoms are absent. The horizontal portions
of the dependences ∝

(
CO/C0

O
)

correspond to the formation in nanoparticles of one more
monolayer deficient in oxygen. It follows from Figure 5 that the fraction ∝ that is taken by
regions consisting of 6 titanium atoms can be an easily controlled parameter. In particular,
this refers to nanoparticles of TiO2 produced by the SG method. In the as-synthesized state,
they are virtually stoichiometric (∝≈ 0), and by vacuum annealings and alloying with
cobalt, this value can be increased to 1.

Figure 5. Dependence of the parameters ∝ and y for the surface monolayer of the titanium dioxide
nanoparticles on the oxygen concentration CO/C0

O in nanopowders. Lines show the calculation
results by Expression (3): green—for nanopowders with the specific area 222 m2/g; black, 156 m2/g,
red, 130 m2/g, and blue, 70 m2/g. Points are sampling results for the nanoparticles under study:
filled ones refer to the powders synthesized by the sol–gel method; empty, laser evaporation of
ceramic target.

It is shown that under certain conditions, in the TiO2 nanoparticles there form two-
dimensional defects consisting of 6 titanium atoms and localized on the nanoparticle
surface, which results in a significant deviation of the chemical composition from the
stoichiometry. Since, as noted in Section 1, in the TiO2 nanoparticles there are present
defects of other types, of interest is to compare the data on the concentration of surface
two-dimensional defects with those obtained in previous studies. Unfortunately, in view
of the absence of such information in works on oxide nanoparticles, we have to restrict
ourselves to rough estimates. In a general case, defects of almost all types cause changes in
the chemical composition of nanoparticles and their presence in the samples gives rise to a
deviation from the linear dependence in Figure 3. Since in the work no deviations beyond
the statistical experimental errors were registered, one can conclude that the concentration
of other defects was far smaller than that of defects consisting of 6 titanium atoms.

4. Conclusions

Thus, new data on the defects that condition the oxygen deficit in the oxide nanoparti-
cles of TiO2 have been gained. The formed two-dimensional defects of atomic thickness
are established to consist of six titanium atoms. They are free of oxygen atoms and located
on the nanoparticle surface. The presence of such defects is detected in two cases: in the
cobalt-doped nanoparticles of TiO2 synthesized by the sol–gel method and subjected to
vacuum annealings and undoped nanoparticles synthesized by laser evaporation of ceramic
target. The data on the defect structure were obtained by the method of deuterium probes,
DP, which was applied to measure the defect concentrations, and by nuclear reactions,
NRA, to determine the oxygen concentration in nanopowders. The concentration of the
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defects under study can be varied in wide limits; in particular, using vacuum annealings
can provide gradual growth from 0 to 1.5 at. %, including the formation of a solid film of
titanium atoms on the nanoparticle surface. The concentration of defects of other types in
the nanoparticles under study was lower than that of two-dimensional defects located on
the nanoparticle surface.
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Abstract: The paper investigates the rheological behavior and microstructuring of an AlMg6/10% SiC
metal matrix composite (MMC). The rheological behavior and microstructuring of the AlMg6/10%
SiC composite is studied for strain rates ranging between 0.1 and 4 s−1 and temperatures ranging
from 300 to 500 ◦C. The microstructure formation is studied using EBSD analysis, as well as finite
element simulation and neural network models. The paper proposes a new method of adding data to
a training sample, which allows neural networks to correctly predict the behavior of microstructure
parameters, such as the average grain diameter, and the fraction and density of low-angle boundaries
with scanty initial experimental data. The use of neural networks has made it possible to relate the
thermomechanical parameters of deformation to the microstructure parameters formed under these
conditions. These dependences allow us to establish that, at strain rates ranging from 0.1 to 4 s−1 and
temperatures between 300 to 500 ◦C, the main softening processes in the AlMg6/10% SiC MMC are
dynamic recovery and continuous dynamic recrystallization accompanied, under certain strain and
strain rate conditions at 300 and 350 ◦C, by geometric recrystallization.

Keywords: metal matrix composite; high temperature; aluminum; simulation; rheology; neural
network; relaxation; rheological behavior; flow stress; Al-Mg alloy; Al-Mg-Sc-Zr alloy

1. Introduction

Aluminum and aluminum alloys have become widely used in industry due to their
high specific mechanical properties, high thermal conductivity, and corrosion resistance,
as well as other important technological parameters. Numerous aluminum-based alloys
doped with various alloying elements offering the required physical and mechanical
properties of an alloy have been created. These materials include Al-Mg alloys, which have
good corrosion resistance, ductility, and weldability [1–6]. The latter alloys are used as
structural materials for cryogenic structures, and they are used in the aerospace industry.
Magnesium additives in aluminum strengthen it significantly. Each percent of Mg content
increases the tensile strength by 25–30 MPa [7]. At the same time, Al-Mg alloys can be
considered as deformable with a Mg content of up to 11–12 wt%. With a Mg content of
up to 8 wt%, these alloys cannot be hardened by heat treatment [7]. However, with a
magnesium content of more than 7 wt%, its anticorrosive properties deteriorate sharply;
therefore, Al-Mg alloys with this Mg content are hardly ever used. This leads to the fact that
Al-Mg alloys used in industry are not amenable to heat treatment, and they have medium
strength. As a result, these alloys find limited use only in some areas of the industry.

One of the ways to increase the strength properties of Al-Mg alloys is their alloying
with the Sc rare earth element, which, even in a small content, increases the strength of
alloys [8,9]. The hardening of Al-Mg alloys by adding scandium is a combined effect of
dispersion hardening and structural hardening [10,11]. These alloys are generally alloyed
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with Sc in an amount of up to 0.3% and modified with Mn and Zr [11–14]. However, despite
the low content of scandium due to its high cost, the use of Al-Mg-Sc alloys is also limited.

Another way to obtain increased material properties, which has recently gained
increasing attention from the industry and researchers, is the creation of metal matrix
composites based on an aluminum alloy matrix reinforced with various fillers in various
percentages [15–20]. The development of a new material consists not only in synthesis
but also in the need to form the required properties after its manufacture. The required
properties of alloys and alloy-based composites, as well as products made of them, are
formed using heat treatment and machining in a wide temperature range. In particular,
for structural materials, these types of processing make it possible to obtain materials and
products with compromised plastic and strength properties. Thus, it becomes possible to
control the properties using controlled thermomechanical action consisting of mechanical
action on the workpiece under certain temperature conditions [21–23]. As a rule, the
thermomechanical processing of alloys and alloy-based composites is carried out at elevated
temperatures, at which the alloy structure is actively rearranged.

During plastic deformation, these materials undergo competing processes associated
with hardening due to the increased dislocation density and phase transformations, as well
as with softening due to dynamic recrystallization, recovery, and increased damage [23–32].
The interaction of hardening and softening affects the rheological behavior of the material.
In particular, the flow stress curves at certain temperatures and strain rates may have a
peak [26,33–35], a steady-state portion [25–27,34,35], and several hardening and softening
sections [10,11,36]; in addition, there may be an inverse strain rate dependence [37–39],
when an increase in strain rate causes a decrease in flow stress. To determine the condi-
tions for the formation of the required shape of the workpiece from a material with the
necessary properties, one is to relate the thermomechanical parameters of deformation to
flow stress and the microstructure parameters. These relationships are generally estab-
lished by means of mathematical models based on the functional relation of microstructure
parameters to thermomechanical parameters [40–43], as well as using physically based
models [35,44–49] and computational models, including models based on the cellular
automata method [34,50–54] and molecular dynamics [55]. Neural network models for
describing microstructure formation under high-temperature deformation have not found
wide application due to the need to obtain a large amount of experimental data which is
time-consuming and leads to the inexpediency of using neural networks. The problem
of the scanty experimental data is solved by simulating microstructure formation using
cellular automata or embedding functions into finite element programs [56–59]. Simulation
enables computational experiments to be conducted, thus making it possible to reduce
the time spent on forming a sample of the necessary size for training neural networks.
Nevertheless, this approach is rather time-consuming as it requires first developing or
applying a model that adequately describes the microstructure formation in the material
and then using the results of calculations based on the model to train neural networks. This
paper proposes a new and relatively simple method for processing scarce experimental
data relating microstructure parameters to the parameters of thermomechanical action on a
metal material for subsequent neural network training. The neural networks constructed in
this study are used to identify the softening mechanisms in an AlMg6/10% SiC metal ma-
trix composite at temperatures from 300 to 500 ◦C and strain rates ranging between 0.1 and
4 s−1, as well as to relate the microstructure parameters of the metal matrix composite to
the thermomechanical parameters of deformation.

2. Materials and Methods

2.1. Material and Research Technique

The AlMg6/10% SiC metal matrix composite (MMC) [60] produced using powder
technology is used as the material for the study. The initial components of the AlMg6/10%
SiC MMC were mixed in a vibratory mixer in an argon atmosphere. Sintering was carried
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out for 60 min at a temperature of 420 ◦C. The pressure at which sintering occurred was
30 MPa. No additives modifying the surface of SiC particles were used.

The size of the SiC particles corresponds to the F1500 standard, with an average
diameter of 2.0 ± 0.4 μm. Figure 1 shows an EBSD image and SEM image of the composite
before deformation. As can be seen from this figure, the matrix particles are a polycrystalline
material. After sintering of the composite, the SiC reinforcer particles are located along
the boundaries of the matrix particles. In this paper, the composite was studied without
pre-extrusion. Its mechanical properties at room temperature are shown in Table 1. For
comparison, this table shows the properties of AlMg6 and Al-Mg-Sc-Zr alloys, which are
similar in use to the composite.

Figure 1. (a) The EBSD image after electropolishing and (b) the SEM image of the AlMg6/10% SiC
MMC microstructure.

Table 1. Material properties.

Material Yield Strength, MPa Elastic Modulus, GPa Density, g/cm3

AlMg6/10%SiC 179 93 2.67
Al-Mg-Sc-Zr alloy 164 66 2.65

AlMg6 alloy 141 76 2.62

Before testing, all the materials were identically annealed for 15 h at 520 ◦C. It can be
seen from this table that the yield strength and elastic modulus of the composite are higher
than those of the AlMg6 alloy and its more expensive Al-Mg-Sc-Zr analog. Table 2 shows
the chemical composition of the Al-Mg-Sc-Zr alloy, the AlMg6 alloy, and the matrix of the
AlMg6/10% SiC metal matrix composite. The chemical compositions were determined
by means of a Spectromaxx LMF04 optical emission spectrometer, and the granulometric
composition of the powders was determined by laser diffraction using a LaSca-TD.

Table 2. Chemical composition of materials, wt%.

Material Al Mg Mn Sc Fe Zr Si Cu Ti Zn Be

AlMg6 alloy
and the matrix of
AlMg6/10% SiC

balance 6.56 0.5 - 0.27 - 0.16 0.013 0.04 0.02 0.0012

Al-Mg-Sc-Zr alloy balance 5.18 0.36 0.23 0.12 0.07 0.01 0.022 0.02 0.02 0.003

The densities of the materials were determined using the hydrostatic method according
to ASTM B311-13, by weighing the specimens in air and distilled water on an Ohaus Pioneer
PA 214 analytical balance.
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Experiments on the determination of the mechanical properties and rheological
behavior of the composite at room and high temperatures were performed for cylin-
drical specimens. Compression specimens had a diameter d0 of 6 ± 0.05 mm and a
height h0 of 9 ± 0.05 mm. Cylindrical tensile specimens had the following dimensions:
d0 = 5 ± 0.05 mm, and the length of the gauge part l0 = 25 ± 0.1 mm. The data obtained
from high-temperature compression tests of specimens were used to construct flow stress
curves depending on temperature, strain, and strain rate. These curves were used for
finite element simulation of specimen compression. Compression experiments were carried
out using an automated plastometric installation designed at the Institute of Engineering
Science, UB RAS [11,39].

In compression experiments, a graphite-containing lubricant was used to reduce fric-
tion between the punch and specimen. The lubricant provided the coefficient of Coulomb
friction between the flat die and aluminum alloy equal to 0.09 at 300 ◦C and equal to
0.1 and 0.13 at 400 and 500 ◦C, respectively. The values of the friction coefficients were
obtained using the procedure described in [61], the essence of which is to compress spec-
imens to different heights and select the friction coefficient in the Coulomb friction law
according to the results of finite element simulation in such a way that the maximum and
minimum diameters of the specimen coincide as closely as possible with the simulated one
at different strains.

In the temperature range between 300 and 500 ◦C, the specimens became barrel-shaped
despite the use of the lubricant (Figure 2). The specimens were cooled immediately after
the end of deformation, and in 2 s, the specimen temperature did not exceed 70 ◦C. After
deformation, the specimens were cut in a longitudinal section (parallel to the compression
axis) using electric spark cutting. Then, thin sections for EBSD analysis were made in
the plane of the longitudinal section of the specimens. Zones of the specimens for EBSD
analysis are highlighted in orange in Figure 2. For the same zones, the strain ε and strain
rate

.
ε were calculated on the basis of finite element simulation of compression of specimens

at the studied range of temperatures, strains and strain rates. The formulation of the finite
element simulation problem is given in Section 2.2.

Figure 2. The longitudinal section of a cylindrical specimen after compression. The zones of the
EBSD analysis of the specimen microstructure are highlighted in orange.

The microstructures of the specimens before and after deformation were studied
by electron backscattered diffraction (EBSD) using a Tescan Vega II scanning electron
microscope with an Oxford HKL Nordlys F+ EBSD analysis accessory. For the EBSD
analysis, the specimens were first mechanically polished and then electropolished by 90%
CH3COOH +10% HClO4 electrolyte cooled to 8 ◦C. The polishing time averaged 6 s at a
voltage of 40 V and a current density of 0.3 A/mm2. The scanning step during the EBSD
analysis was equal to 0.3 μm. The size of the scanned area was 300 × 150 μm. It was
assumed that the grain misorientation exceeded 15◦ and that the subgrain misorientation
ranged between 2 and 15◦.

2.2. Formulation of the Finite Element Problem for Specimen Compression

In order to determine the stress–strain state in the specimen, its finite element model
was constructed in the Deform program. For the specimen material, an isothermal vis-
coplastic model of isotropic strain hardening was used. The flow stress was set in a tabular
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form based on cylindrical specimen compression tests (Figure 3a). The calculations were
performed under the assumption of the axisymmetric stress–strain state and deformation
symmetry about the horizontal geometric symmetry axis of the specimen (Figure 2). Thus,
only a quarter of the specimen cross-section was simulated (Figure 3b).

Figure 3. (a) Flow stress as dependent on strain for 300 ◦C (green curve), 400 ◦C (blue curve), 500 ◦C
(red curve), and strain rates ranging between 0.1 and 10 s−1; (b) the finite element grid used for
the simulation.

The simulation was performed in accordance with the experimental conditions of
specimen loading in which the time dependence of die speed Ṽy(t) (Figure 3b) was taken for
each specific tested specimen. It was assumed that the friction between the specimen and
the die followed Coulomb’s friction law and depended on temperature. In the simulation
of specimen deformation, the Coulomb friction coefficient was set to 0.09 at a temperature
of 300 ◦C and to 0.1 and 0.13 at 400 and 500 ◦C, respectively.

2.3. Neural Network Models for Forming Microstructure Parameters

The average grain diameter D, the fraction of low-angle boundaries PL, and their
density SL were the analyzed parameters of the composite matrix microstructure depending
on temperature, strain, and strain rate. The fraction and density of low-angle boundaries
were calculated using the formulas

PL =
L

L + H
and SL =

L
F

(1)

Here, L is the sum of the lengths of all the low-angle boundaries; H is the sum of the
lengths of all the high-angle boundaries; and F is the area of the microstructure image on
which the sum of the lengths of all the low-angle boundaries L was determined. These
parameters were determined from the data obtained by EBSD. The average grain diameter
D was calculated based on a sample that included grains containing at least 3 indexed
points. To describe the evolution of the microstructure parameters, we used one-, two-,
and three-layer neural networks. Their general scheme is shown in Figure 4. The neural
networks were built using the scikit-learn library.
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Figure 4. General scheme of the neural network model.

3. Results

3.1. The Rheological Behavior and Microstructuring of the Composite

Under high deformation temperatures, relaxation processes occur in metallic materials
and composites based on them, which affect the form of flow stress curves. The flow stress
curves for the AlMg6/10% SiC MMC (Figure 3a) can be divided into several portions
(stages). At stage I, the composite undergoes hardening until the peak (maximum) flow
stress value is reached. Moreover, the strain corresponding to the peak stress decreases
with increasing temperature and increases with an increasing strain rate. The hardening
stage is followed by a portion corresponding to material softening, where the flow stress
value decreases with increasing strain. At stage III (the steady-state portion), the hardening
and softening rates are close, and the flow stress value remains almost unchanged with
increasing strain. This rheological behavior of the composite at high temperatures means
that dynamic recrystallization occurred during deformation, which can follow the discon-
tinuous, continuous, or geometric recrystallization mechanisms [23]. In order to identify
the recrystallization mechanism, an EBSD analysis of the specimens was performed after
various thermomechanical loading conditions.

Figures 5–7 show the EBSD images of the microstructures of the AlMg6/10% SiC
MMC after deformation as dependent on temperature, strain, and strain rate. The black
spots in the figures correspond to non-indexed zones, which generally are zones with a high
content of silicon carbide falling out from the matrix during electrochemical polishing. The
values of strain ε and the strain rate

.
ε were determined from the results of the finite element

simulation of specimen compression. The formulation of the finite element problem is
described in Section 2.

Although the specimens have the same height after compression, the accumulated
strain in the same zones varies at different temperatures (Figure 8). Thus, it is difficult
to analyze the occurring softening processes depending on temperature and strain-rate
loading conditions without using any approximating equations. Table 3 shows the experi-
mentally obtained values of the average grain diameter D, and the fraction PL and density
SL of low-angle boundaries depending on temperature, strain, and strain rate. According
to these data, maps of the formation of the average grain diameter, and the fraction and
density of low-angle boundaries are plotted against the thermomechanical parameters of
deformation in Figures 9–11. As can be seen from these maps, increasing strain decreases
the average grain diameter, while an increasing deformation temperature forms larger
grains in the composite matrix. The effect of strain rate on grain evolution is nonmonotonic.
In the grain map (Figure 9), there are portions where the diameter of the formed grains
decreases with an increasing strain rate, and there are portions where, in contrast, the
average grain diameter decreases with a decreasing strain rate.
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Figure 5. An EBSD image of the composite matrix microstructure at a deformation temperature of
300 ◦C for (a) ε = 0.12 and

.
ε = 0.83 s−1; (b) ε = 0.13 and

.
ε = 0.26 s−1; (c) ε = 0.17 and

.
ε = 0.05 s−1;

(d) ε = 0.37 and
.
ε = 2.48 s−1; (e) ε = 0.40 and

.
ε = 0.8 s−1; (f) ε = 0.45 and

.
ε = 0.15 s−1; (g) ε = 0.58

and
.
ε = 3.85 s−1; (h) ε = 0.63 and

.
ε = 1.25 s−1; (i) ε = 0.63 and

.
ε = 4.18 s−1; (j) ε = 0.66 and

.
ε = 1.32 s−1; (k) ε = 0.73 and

.
ε = 0.24 s−1; (l) ε = 0.76 and

.
ε = 0.26 s−1.

Figure 6. An EBSD image of the composite matrix microstructure at a deformation temperature of
400 ◦C for (a) ε = 0.07 and

.
ε = 0.54 s−1; (b) ε = 0.11 and

.
ε = 0.22 s−1; (c) ε = 0.17 and

.
ε = 0.05 s−1;

(d) ε = 0.34 and
.
ε = 2.32 s−1; (e) ε = 0.43 and

.
ε = 0.81 s−1; (f) ε = 0.49 and

.
ε = 0.15 s−1; (g) ε = 0.60

and
.
ε = 4.06 s−1; (h) ε = 0.63 and

.
ε = 4.29 s−1; (i) ε = 0.79 and

.
ε = 1.47 s−1; (j) ε = 0.83 and

.
ε = 0.25 s−1; (k) ε = 0.88 and

.
ε = 1.64 s−1; (l) ε = 0.92 and

.
ε = 0.28 s−1.

182



Appl. Sci. 2023, 13, 939

Figure 7. An EBSD image of the composite matrix microstructure at a deformation temperature of
500 ◦C for (a) ε = 0.02 and

.
ε = 0.3 s−1; (b) ε = 0.05 and

.
ε = 0.1 s−1; (c) ε = 0.1 and

.
ε = 0.03 s−1;

(d) ε = 0.33 and
.
ε = 2.36 s−1; (e) ε = 0.4 and

.
ε = 0.81 s−1; (f) ε = 0.51 and

.
ε = 0.16 s−1; (g) ε = 0.66

and
.
ε = 4.57 s−1; (h) ε = 0.73 and

.
ε = 5.0 s−1; (i) ε = 0.77 and

.
ε = 1.54 s−1; (j) ε = 0.92 and

.
ε = 1.84 s−1; (k) ε = 0.97 and

.
ε = 0.29 s−1; (l) ε = 1.15 and

.
ε = 0.35 s−1.

Figure 8. Accumulated strain distribution in the AlMg6/10% SiC MMC specimens under 50%
compression at 300, 400, and 500 ◦C.

Figure 9. The effect of strain and strain rate on the average grain diameter depending on temperature,
◦C: (a) 300, (b) 400, (c) 500. The dependences are plotted from the results of the EBSD analysis of
the microstructure.
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Figure 10. The effect of strain and strain rate on the fraction of low-angle boundaries depending on
temperature, ◦C: (a) 300, (b) 400, (c) 500. The dependences are plotted from the results of the EBSD
analysis of the microstructure.

Figure 11. The effect of strain and strain rate on the density of low-angle boundaries depending on
temperature, ◦C: (a) 300, (b) 400, (c) 500. The dependences are plotted from the results of the EBSD
analysis of the microstructure.

Table 3. Microstructure parameters of the AlMg6/10 % SiC MMC at temperatures of 300, 400, and
500 ◦C.

Temp., ◦C 300

Strain 0.12 0.13 0.17 0.37 0.40 0.45 0.58 0.63 0.63 0.66 0.73 0.76
Strain rate, s−1 0.83 0.26 0.05 2.48 0.8 0.15 3.85 1.25 4.18 1.32 0.24 0.26

D, μm 5.07 3.52 5.45 2.73 2.56 4.49 1.67 1.82 1.61 1.83 3.33 2.68
PL 0.5 0.7 0.43 0.82 0.73 0.55 0.76 0.64 0.67 0.57 0.58 0.43

SL, μm−1 0.13 0.17 0.1 0.73 0.97 0.23 1.30 1.50 0.97 0.97 0.20 0.53

Temp., ◦C 400

Strain 0.07 0.11 0.17 0.34 0.43 0.49 0.60 0.63 0.79 0.88 0.83 0.92
Strain rate, s−1 0.54 0.22 0.05 2.32 0.81 0.15 4.06 4.29 1.47 0.25 1.64 0.28

D, μm 5.46 3.89 5.6 3.63 2.9 2.89 2.98 3.66 2.73 1.81 1.92 1.86
PL 0.35 0.77 0.38 0.63 0.76 0.79 0.60 0.44 0.57 0.65 0.85 0.76

SL, μm−1 0.07 0.43 0.13 0.43 0.9 0.63 0.47 0.13 0.47 1.10 1.20 1.20

Temp., ◦C 500

Strain 0.02 0.05 0.1 0.33 0.4 0.51 0.66 0.73 0.77 0.92 0.97 1.15
Strain rate, s−1 0.3 0.1 0.03 2.36 0.81 0.16 4.57 5.00 1.54 1.84 0.29 0.35

D, μm 5.13 2.85 5.27 4.56 3.04 4.76 3.37 3.53 2.43 2.27 3.55 3.91
PL 0.38 0.83 0.39 0.49 0.8 0.49 0.46 0.62 0.81 0.79 0.34 0.39

SL, μm−1 0.10 0.70 0.10 0.27 0.67 0.17 0.20 0.27 0.77 1.03 0.20 0.13
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The comparison of the initial microstructure (Figure 1a) with the microstructure
formed during deformation (Figures 5–7) testifies that, after high-temperature deformation,
small grains appear in the microstructure. It can also be seen that inside the initial large
grains, there are subgrains with low-angle boundaries (highlighted in gray in Figures 5–7).
At the same time, new elongated grains and nearly equiaxed ones are formed in the initial
elongated grains along the composite matrix flow direction; the prevailing majority of
them retain their geometry throughout the range of temperatures and strain rates under
study. At a strain of at least 0.7, some subgrains have an almost equiaxed shape, and
the other ones are elongated but with a greater equiaxiality coefficient than the grains
containing these subgrains. Another experimentally determined fact is that the matrix
grains are formed inside large, deformed grains. Thus, we can say that the grain formation
process in the composite matrix is associated with the mechanism of continuous dynamic
recrystallization [23,43]. At the same time, the subboundary migration rate in the matrix
is high enough for a significant number of the subgrains to remain equiaxed. Note also
that the high-angle boundaries of the new grains also have a migration rate sufficient for
a significant part of the recrystallized grains to be equiaxed at strains of at least 0.7. The
obtained experimental data confirm the need to construct physically based mathematical
models of microstructure evolution that take into account the migration of low- and high-
angle boundaries during continuous dynamic recrystallization [43,44,62,63].

It was reported in [11,62,64] that, during continuous dynamic recrystallization, the
fraction of low-angle boundaries changes nonmonotonically with increasing strain. That
is, the curve representing the strain dependence of the fraction of low-angle boundaries
may have portions of decreasing and increasing fractions of low-angle boundaries. It is
obvious from the plotted map of the formation of low-angle boundaries (Figure 10) that the
composite under study has similar nonmonotonic dependencies.

It can be seen from the microstructure image (Figures 5–7) that increasing temperature
induces the formation of larger subgrains and that, at a temperature of 500 ◦C, in some
large grains, there are no subgrains at all (Figure 7). This temperature effect stems from the
increasing rate of dislocation annihilation due to an increase in the velocity of their chaotic
motion caused by increasing temperature [23].

It was noted above that, in real experiments at high temperatures and large plastic
deformations, due to friction, the strain and strain rate loading conditions can hardly be
maintained constant. As a result, at the same speed of the punch of the testing machine but
different temperatures, the specimen strain rate is different. To estimate the influence of the
thermomechanical parameters on microstructure formation, the experimental values of D,
PL, and SL must be determined at the same strains and strain rates; therefore, the values of
the microstructure parameters obtained for different thermomechanical conditions must be
approximated. In this paper, polynomials are used to plot maps of the formation of grains
and low-angle boundaries (Figures 9–11) depending on temperature, strain, and strain rate.
However, it is not possible to use polynomials to predict nonmonotonically changing data
due to a low prediction level. As a result, Figures 9–11 show the maps of the formation
of grains and low-angle boundaries only within the experimental range. For a complete
analysis of the forming microstructure in the entire strain and strain rate range studied,
the constructed maps are insufficient. This problem can be solved by the use of neural
networks. They allow us to predict changes in the parameters with acceptable engineering
accuracy if the correct architecture and training data are chosen [65,66].

3.2. Constructing the Architecture of Neural Networks and Their Training

To describe changes in the average grain diameter D, the fraction of low-angle bound-
aries PL, and the density of low-angle boundaries SL during deformation at temperatures
between 300 and 500 ◦C, three neural networks with a general scheme (multilayer per-
ceptron) were constructed (Figure 4). The neural networks were trained according to the
experimental data from Table 3. Verification was performed according to the experimental
data from Table 4, which were obtained at temperatures and strain rates different from those
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used for training. The images of the microstructures obtained with the thermomechanical
deformation parameters from Table 4 are shown in Figure 12.

Table 4. Microstructure parameters of the AlMg6/10 % SiC MMC at temperatures of 350 and 450 ◦C.

Temp., ◦C 350 450

Strain 0.10 0.35 0.54 0.08 0.34 0.54
Strain rate, s−1 0.30 1.14 1.75 0.30 1.20 1.90

D, μm 4.41 3.02 2.19 4.71 3.58 2.67
PL 0.59 0.80 0.64 0.44 0.64 0.54

SL, μm−1 0.06 0.18 0.23 0.03 0.15 0.19

Figure 12. EBSD images of the composite matrix microstructure at deformation temperatures (a–c)
of 350 ◦C (d–f) and 450 ◦C, which correspond to the following strain and strain rate conditions:
(a) ε = 0.10 and

.
ε = 0.30 s−1; (b) ε = 0.35 and

.
ε = 1.14 s−1; (c) ε = 0.54 and

.
ε = 1.75 s−1; (d) ε = 0.08

and
.
ε = 0.30 s−1; (e) ε = 0.34 and

.
ε = 1.20 s−1; (f) ε = 0.54 and

.
ε = 1.90 s−1.

As it was shown in Section 3.1, the average grain diameter, and the fraction and
density of low-angle boundaries vary nonmonotonically. Therefore, in order to take into
account correctly the nonmonotonicity of the relations of the microstructure parameters
to the thermomechanical parameters of deformation, which have a form similar to those
shown in Figures 9–11, it is necessary to use a large number of neurons (usually more
than 20). It should be borne in mind that the number of weight coefficients that need
to be determined by training significantly exceeds the number of neurons in the hidden
layer. If we choose a neural network structure with one hidden layer and three input
neurons (Figure 4), the number of the weight coefficients of the neural network is four
times the number of neurons in the hidden layer. In this study, 36 sets of experimental data
relating the average grain diameter to temperature, strain, and strain rate were obtained.
Similar sets were obtained for the fraction and density of low-angle boundaries. Thus,
the maximum number of possible neurons in the hidden layer with such a single-layer
neural network is nine. A neural network with this number of neurons makes it possible to
describe the evolution of the average grain diameter depending on the thermomechanical
parameters of deformation with an average relative deviation of 111%. The average relative
deviation for each investigated microstructure parameter is calculated using the formula

δ =
1
N

N

∑
i=1

∣∣ϕi − zi

∣∣
zi

· 100% (2)

where ϕi and zi are the calculated and experimental values of the compared values obtained
under the same conditions (in this paper, these values are the average grain diameter D,
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and the fraction PL and density SL of low-angle boundaries); and N is the total number of
compared values.

To increase the number of hidden neurons in the neural network, it is necessary to
increase the size of the sample by which the neural network is trained. Augmentation is one
of the possible ways of increasing the sample size by which the neural network is trained.
The essence of this method is experimental data noising. Certainly, this method sometimes
allows the problem of neural network uncertainty to be solved. However, as computational
experiments have shown, it is impossible to achieve a significant reduction in the average
relative deviation for the dependences obtained in this study. As a result, a method of
processing experimental data was proposed, which consists of approximating experimental
data using a surface, followed by adding data to the training sample. The values of the
microstructure parameters from an arbitrary point of the constructed approximating surface
are added to the training sample. Let us now consider the algorithm for creating a training
sample for the average grain diameter obtained at 500 ◦C (Figure 13). In this figure, the
experimental points are shown in red.

1. First, planes are built on the three nearest points. Then, we select a part of the plane
bound by straight intersections with neighboring planes and with a triangle form
(Figure 13a).

2. We remove the planes located inside the body. Here, the body means a part of the
space bound by the constructed triangles.

3. If the line connecting the experimental point with its projection on the strain–strain-
rate plane intersects the triangles, they are removed from the constructed surface of
the body (the removed planes are shown in yellow in Figure 13a). This results in a
surface approximated by planes in a certain strain and strain rate range (Figure 13b).
In this case, a one-to-one correspondence of the strain and strain rate values to the
microstructure parameter is achieved.

4. We take an arbitrary point of the constructed approximating surface and add its
coordinates to the training sample.

Figure 13. (a) Constructing a surface approximated by planes and (b) the finally constructed surface
based on experimental points. The light color in (b) shows the planes that are hidden by the yellow
planes in (a).

According to this technique, 1814 values for three test temperatures were included in
the training sample. Similar procedures for constructing a training sample were used for
experimental data describing the evolution of the fraction and density of low-angle boundaries.
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To describe the evolution of the parameters of the composite matrix microstructure
depending on the thermomechanical parameters of deformation and single-, two-, and
three-layer networks, as well as various activation functions, were considered. The criterion
for choosing the composition of the hidden layer and the activation function was the mini-
mum value of the average relative deviation of the experimental data from the calculated
ones. Based on this, a single-layer network with 100 neurons in the hidden layer was
selected for the dependence of the average grain diameter D and the fraction of low-angle
boundaries PL on the thermomechanical parameters; a two-layer neural network with
75 neurons in the first hidden layer and 11 neurons in the second hidden layer shows the
best results for the dependence of the density of the low-angle boundaries SL on the thermo-
mechanical parameters (Figure 4). A logistic activation function was chosen for all the three
neural networks as neural networks using it show the best results in approximating the
microstructure parameters depending on the thermomechanical parameters of deformation.
The average relative deviation of the experimental data from the calculated ones for the
selected neural networks during their training was 5.4, 4.8, and 4.6% for the average grain
diameter D, and the fraction PL and density SL of low-angle boundaries, respectively.

In order to test the ability of a neural network to correctly predict these microstructure
parameters depending on the thermomechanical conditions, neural networks were verified
under deformation conditions different from the conditions of training. These microstruc-
ture parameters and the corresponding thermomechanical parameters are summarized in
Table 4. The average relative deviation of the experimental data from the predicted ones
was 4.2, 5.8, and 5.6% for the average grain diameter D, and the fraction PL and density
SL of low-angle boundaries, respectively. The obtained error values are acceptable for
predicting the evolution of the microstructure parameters, and this enables the constructed
neural networks to be used to study the mechanisms of softening in the AlMg6/10% SiC
metal matrix composite. The constructed neural networks were used to obtain maps of the
microstructure parameters, which describe the behavior of the average grain diameter D,
and the fraction PL and density SL of low-angle boundaries as dependent on temperature,
strain, and strain rate. These maps are shown in Figures 14–16.

Figure 14. The effect of strain and strain rate on the average grain diameter D depending on
temperature, ◦C: (a) 300, (b) 350, (c) 400, (d) 450, and (e) 500. The dependences have been obtained
from neural network predictions.

Figure 15. The effect of strain and strain rate on the fraction of low-angle boundaries PL depending
on temperature, ◦C: (a) 300, (b) 350, (c) 400, (d) 450, and (e) 500. The dependences have been obtained
from neural network predictions.
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Figure 16. The effect of strain and strain rate on the density of low-angle boundaries SL depending
on temperature, ◦C: (a) 300, (b) 350, (c) 400, (d) 450, and (e) 500. The dependences have been obtained
from neural network predictions.

3.3. Analysis of Microstructure Formation Based on Neural Network Data

Figure 17 shows the dependences D − ε, PL − ε, and SL − ε at a strain rate of 0.5, 2, and
4 s−1 for temperatures between 300 and 500 ◦C. These dependences are based on the maps
shown in Figures 14–16. The analysis of these dependences and maps of the microstructure
parameters (Figures 14–16) yields the following generalizing conclusions.

1. The strain dependences of the fraction of low-angle boundaries (PL − ε) for the entire
studied temperature and strain rate range of deformation have a peak (shown by
asterisks in Figure 17).

2. For the temperature range between 300 and 350 ◦C, the strain corresponding to the
peak on the dependences decreases with an increase in strain rate. Conversely, for
the temperature range between 450 and 500 ◦C, the strain corresponding to the peak
increases with strain rate.

3. For the temperature range between 300 and 500 ◦C and strain rates above 3 s−1,
the strain corresponding to the peak value of the dependence PL − ε increases with
temperature (Figures 15 and 17).

4. At low strain rates (
.
ε < 1s−1), for the temperature range between 300 and 450 ◦C,

the dependence D − ε consists of two characteristic portions. In the first portion of
the curve D − ε, the average grain diameter decreases, and it remains unchanged
with increasing strain in the second portion (steady-state portion). Moreover, as the
deformation temperature rises, the strain corresponding to the boundary between
these two portions (ε′) shifts towards higher strains.

5. For the temperature range between 350 and 500 ◦C, at strain rates exceeding 1 s−1,
the value of the average grain diameter decreases monotonically.

6. An increase in the deformation temperature leads to the formation of a coarser-
grained microstructure.

7. The density of low-angle boundaries SL at the initial stage of deformation increases
with strain for the entire range of temperatures and strain rates.

8. At a temperature of 300 ◦C, after reaching a certain strain value (indicated by squares
in Figure 17), the density of low-angle boundaries decreases with further deformation,
as is the case with 350 ◦C, but at strain rates above 3 s−1. For all the other deformation
temperatures, the density of low-angle boundaries increases with strain or remains
almost unchanged.

9. At a temperature of 300 ◦C, the strain at which the density of low-angle bound-
aries SL decreases with increasing strain shifts towards lower strains with increasing
strain rate.
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Figure 17. The average grain diameter D, and the fraction PL and density SL of low-angle boundaries
as dependent on temperature T, strain ε, and strain rate

.
ε. The dependences are given for temperature,

◦C: (a–c) 300; (d–f) 350; (g–i) 400; (j–l) 450 and (m–o) 500.
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The temperature, strain, and strain rate dependences of the fraction of low-angle
boundaries PL for continuous dynamic recrystallization characterizes the influence of these
thermomechanical parameters on the formation of new low-angle boundaries and their
transformation into high-angle ones. At strains below the strain corresponding to the peak
of the dependence PL − ε, the rate of the formation of new low-angle boundaries prevails
over the rate of the transformation of low-angle boundaries into high-angle ones. When
the peak is passed, in the region of higher strains, the rate of the transformation of low-
angle boundaries into high-angle ones prevails over the rate of the formation of low-angle
boundaries. As can be seen from Figure 17, the dependence PL − ε of the composite matrix
for the temperature and strain rate range under study is described by a convex upwards
function. At the same time, under certain strain rate conditions, at temperatures of 300
and 350 ◦C, the strain dependence of the density of low-angle boundaries (SL − ε) also
has a peak, after which the fraction of low-angle boundaries decreases (Figure 17a–f). This
indicates slower polygonization. Judging by the obtained microstructure images for these
temperatures, the grains are close in size to the previously formed subgrains, and this
indicates the transformation of subgrains into grains. At the same time, at a deformation
temperature of 300 ◦C, the diameter of many subgrains at strains above 0.6 is close to the
grain thickness (Figure 5). Together with the data on the evolution of the density and
fraction of low-angle boundaries, this testifies that geometric recrystallization occurs in
the composite matrix [43,67,68]. The composite matrix has a similar strain dependence of
the fraction and density of low-angle boundaries at a temperature of 350 ◦C and strain
rates above 3 s−1. This gives grounds to assert that geometric recrystallization occurs
in the composite matrix simultaneously with dynamic continuous recrystallization at a
temperature of 350 ◦C, strains above 0.6 (Figures 15–17), and strain rates above 3 s−1.
Apparently, geometric recrystallization is not implemented at temperatures between 400
and 450 ◦C, strain rates between 0.1 and 4 s−1, and strains below 1.

4. Conclusions

The rheological behavior and softening mechanisms in an AMg6/10% SiC metal
matrix composite at temperatures from 300 to 500 ◦C and strain rates ranging between
0.1 and 4 s−1 have been studied. It has been found from mechanical tests that, for the
studied range of thermomechanical action, the flow stress curve has a peak value shifted
towards higher strains with decreasing temperature and increasing strain rate in the entire
range of temperatures and strain rates. This rheological behavior of the composite is due to
the interaction of hardening and softening processes. In order to study the mechanisms
of softening occurring during deformation, neural networks were built, which required
the development of a new technique for processing experimental data, which allows one
to form a training sample necessary for a correct description of the initial experimental
data by the neural networks. The constructed neural networks have made it possible
to describe the evolution of the average grain diameter, and the fraction and density
of low-angle boundaries depending on strain, strain rate, and deformation temperature
with acceptable accuracy. The use of neural networks together with EBSD images of
the formed microstructure during deformation has allowed us to identify the occurrence
of the following relaxation mechanisms depending on the thermomechanical conditions
of deformation:

1. At a temperature of 300 ◦C and strain rates ranging between 0.1 and 4 s−1, the
composite matrix softens by dynamic recovery and continuous recrystallization, and
when a certain value of strain is reached, geometric recrystallization occurs in some
grains. At the same time, the strain at which geometric recrystallization starts to
intensify in the grains shifts towards lower strains with an increasing strain rate.

2. At a temperature of 350 ◦C, geometric recrystallization, together with continuous recrys-
tallization, occurs in the composite matrix at strain rates above 3 s−1.

3. At temperatures from 400 to 500 ◦C and strain rates ranging between 0.1 and 4 s−1, the
main softening processes are dynamic recovery and continuous dynamic recrystallization.
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