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State-of-the-Art Developments in Advanced Hard Ceramic
Coatings Using PVD Techniques for High-Temperature
Tribological Applications
Dinesh Kumar Devarajan 1,2,* , Baskaran Rangasamy 3 and Kamalan Kirubaharan Amirtharaj Mosas 4,*

1 Centre for Nanoscience and Nanotechnology, Sathyabama Institute of Science and Technology,
Jeppiaar Nagar 600119, Tamil Nadu, India

2 Sathyabama Centre for Advanced Studies, Sathyabama Institute of Science and Technology,
Jeppiaar Nagar 600119, Tamil Nadu, India

3 Energy Storage Materials and Devices Lab, Department of Physics, School of Mathematics and Natural
Sciences, The Copperbelt University, Riverside, Jambo Drive, P.O. Box 21692, Kitwe 10101, Zambia

4 Coating Department, FunGlass, Centre for Functional and Surface Functionalized Glass, Alexander Dubcek
University of Trencin, 91150 Trencin, Slovakia

* Correspondence: ddinesh.tribology@gmail.com (D.K.D.); kamalan.mosas@tnuni.sk (K.K.A.M.)

Abstract: Hard and wear-resistant coatings created utilizing physical vapor deposition (PVD) tech-
niques are extensively used in extreme tribological applications. The friction and wear behavior of
coatings vary significantly with temperature, indicating that advanced coating concepts are essential
for prolonged load-bearing applications. Many coating concepts have recently been explored in this
area, including multicomponent, multilayer, gradient coatings; high entropy alloy (HEA) nitride; and
functionally modified coatings. In this review, we highlighted the most significant findings from
ongoing research to comprehend crucial coating properties and design aspects. To obtain enhanced
tribological properties, the microstructure, composition, residual stress, hardness, and HT oxidation
resistance are tuned through doping or addition of appropriate materials at an optimized level into
the primary coatings. Such improvements are achieved by optimizing PVD process parameters
such as input power, partial pressure, reactive gas flow rates, substrate bias, and temperature. The
incorporation of ideal amounts of Si, Cr, Mo, W, Ag, and Cu into ternary and quaternary coatings, as
well as unique multilayer designs, considerably increases the tribological performance of the coatings.
Recent discoveries show that not only mechanical hardness and fracture toughness govern wear
resistance, but also that oxidation at HT plays a significant role in the lubrication or wear failure of
coatings. The tribo-induced metal oxides and/or Magnéli phases concentrated in the tribolayer are
the key governing factors of friction and wear behavior at high temperatures. This review includes
detailed insights into the advancements in wear resistance as well as various failure mechanisms
associated with temperature changes.

Keywords: hard coatings; high temperature; HiPIMS; wear resistance; oxidation; tribolayer

1. Introduction and Need for Hard Coatings

Hard, protective coatings on moving mechanical assemblies are essential in modern
industries to protect components operated under high-temperature (HT) and harsh envi-
ronments to extend their lifetime and reduce wear-/corrosion-related losses. Tribological,
hard coatings include metals, nitrides, carbides, oxides, and borides of transition met-
als [1,2]. Nitride-based hard coatings are frequently used as protective coating materials to
protect from wear and corrosion and to extend the prolonged sustainability of high-speed
cutting tools, aerospace components, and gas turbines owing to their superior properties,
such as high hardness, corrosion resistance, high-temperature stability, low friction, and
wear resistance [3,4]. More specifically, recent developments in Al-incorporated transition
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metal nitride (TMN) coatings have already demonstrated their role in the enhancement of
mechanical and HT tribological properties. The thermal stability of TMN coatings is greatly
influenced by the defect structure, interdiffusion, grain refinement, and solid solutions.
These phenomena are scientifically significant since the resulting structure has a large
impact on the mechanical and tribological properties of the coating [5]. Therefore, the
development of advanced hard ceramic coatings can be achieved by tailoring the coating
structure of single-layer coatings by adding suitable elements and fabricating novel coating
architectures, such as multilayer and multicomponent nanocomposite coatings. Many key
findings have indicated that tuning the microstructure of hard coatings has a considerable
effect on friction and wear resistance properties [6–8]. Sabzi et al. [8] observed a significant
reduction in friction (0.08) and wear for a Ni-W2C (20 wt% W2C) nanocomposite coating
compared to a Ni coating (CoF: 0.72), owing to the dendritic microstructure with a uniform
distribution of W2C nanoparticles.

Generally, tribological coatings are classified into three major categories: soft coatings
with hardness less than 10 GPa, hard coatings with hardness greater than 10 GPa, and
superhard coatings with hardness greater than 40 GPa [9,10]. Ceramic coatings such as
aluminum oxide, titanium nitride (TiN), and titanium carbide (TiC) have successfully been
applied to cutting tools, providing enhanced protection against abrasive and diffusion
wear at high temperatures, resulting in a more than ten-fold increase in lifetime. Ceramic
coatings have higher mechanical properties than metal coatings because of the solid solution
strengthening caused by gas atoms that create point defects in the metallic crystal lattice,
preventing dislocation motion [11].

Ternary hard coatings, TiAlN and CrAlN, are commercially employed in a wide range
of industrial applications due to their exceptional physical and chemical properties, which
include high hardness, fracture toughness, and chemical stability [12]. Many studies have
been conducted to overcome the higher friction behavior of these coatings by designing
unique coating architectures and doping and alloying various elements without degrading
the mechanical and thermal stability. Interestingly, Yang et al. [13] achieved enhanced
tribological properties of AlCrN coatings fabricated on volcano-shaped textured surfaces.
These unique structures substantially reduced the real contact of sliding surfaces as well as
the wear particles trapped between the textured surfaces, resulting in less frictional force
and wear. The sliding mechanisms were rather contradictory at high temperatures, where
several fracture deformations and a lower influence of humidity, oxidation process, extreme
wear, tribochemical alterations, softening, and third body influences were predominant.
Such extreme conditions ultimately require coatings with superior withstanding ability at
HT, extreme hardness, and a more precise ability to protect the component against severe
wear and oxidations. Worldwide, numerous studies have been conducted on various hard
ceramic coatings for high-temperature applications.

Previous research findings are useful for understanding these coatings and advancing
the knowledge of utilizing them in various industrial applications. However, due to the
huge volume of research, it may be difficult to identify the needed information regarding
the selection and application of these coatings. Therefore, the current review focuses
on collecting the most essential information required for researchers to understand the
recent advancements in hard coatings to be employed in high-temperature applications.
We provide a detailed overview of the most recent developments, especially in the last
5 years, regarding the design of hard coatings with the potential to be used in high-
temperature applications.

Coating Contact/Failure Mechanisms at Elevated Temperatures

In recent years, numerous research reports have been made available on different
hard coatings for elevated temperature tribological applications [14–18]. The tribological
behavior of the coating under HT conditions is evidently different from that under room
temperature conditions. Many research reports and a few potential review articles are
available regarding the comparative analysis of RT and HT tribological properties of hard

2
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coatings; however, some results only display the RT tribological behavior [19,20]. It is
highly necessary to understand the various factors of contact and/or failure mechanisms
for coatings that interact with counterbodies at elevated temperatures for any potential
application. Based on the literature, it is clearly demonstrated that different contact and/or
failure mechanisms occur at the coating/counterbody contact interfaces, as illustrated in
the flow diagram in Figure 1. The major wear mechanisms of coatings at elevated tempera-
tures include wear particle adhesion on the interacting surface, abrasive wear, excessive
oxidation, phase transformations, chipping, cutting, mechanical property weakening, and
coating delamination from substrates [21–23].
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2. Hard Refractory Ceramic Coatings for High-Temperature Applications

Nitrides and carbides based on transition metal nitrides have undergone extensive
research and development over the last 20 years for use in high-temperature industrial ap-
plications. Titanium nitride (TiN) is the primary coating material used for HT applications
because of its superior physiochemical and mechanical properties. However, the excessive
oxidation of Ti at elevated temperatures (above 550 ◦C) leads to possible abrasive wear,
and deterioration of mechanical hardness limits its applications [24–26].

To overcome this challenge, Al was incorporated into the TiN crystal lattice to create a
stable TiAlN phase without changing the crystal structure (typically FCC). The operating
temperature of the TiAlN coating was noticeably raised to 1000 ◦C with a significant increase
in mechanical hardness. CrAlN is the other significant high-temperature protective coating
material for industrial machining tools owing to its superior oxidation resistance, up to
900 ◦C. Al-based oxide layers that form on the coatings during HT exposure prevent further
oxygen from diffusing inside the material, leading to high temperature stability [27–29].
Depending on the application requirements, the Al concentration was changed by up to
70% to extend the hardness and HT performance of the coatings [30,31]. However, the
extremely high friction of these coatings at RT and HT settings severely restricts their use
in a variety of industrial applications that demand low-friction properties.
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3. Fabrication of Hard Ceramic Coatings
3.1. Fabrication Methods

Owing to the ease of operation and superior properties of the coatings, physical vapor
deposition (PVD) techniques are the most popular for the deposition of hard ceramic coat-
ings. The most preferable PVD methods for depositing hard coatings include magnetron
sputtering, cathodic arc, pulsed laser deposition, and electron beam evaporation. The
growth mechanisms of hard coatings are highly dependent on the deposition conditions,
plasma kinetics, and physiochemical characteristics of the source elements. Figure 2 shows
the many PVD techniques that have been employed over the last five years for fabricating
hard coatings, as well as the common deposition parameters that affect the characteristics
and functionality of the coatings. Among many PVD methods, magnetron sputtering
methods are the most widely used techniques for fabricating hard coatings, owing to the
ease of controlling the stoichiometry, microstructure, mechanical properties, and highly
dense, defect-free, uniform structure of the coatings by controlling various processing
parameters, such as ion energy, ion flux, sputtering power, substrate bias, gas flow rate,
partial pressure, and substrate temperature [32].
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ing the coating properties.

Many types of advanced sputtering techniques, including balanced magnetron sput-
tering, radio frequency, reactive sputtering, and high-power impulse magnetron sputtering
(HiPIMS), are frequently used for fabricating hard coatings. Owing to its ability to man-
ufacture highly dense, stable, and hard coatings, HiPIMS is presently used as a flexible
technology to deposit hard ceramic coatings for tribological applications [11,33–37]. Other
potential techniques for fabricating materials for extreme environmental applications, such
as filtered cathodic vacuum arc (FCVA) [38,39], pulsed laser deposition (PLD) [40,41], and
their hybrid approaches with magnetron sputtering [42–44], have been used extensively in
recent years. Figure 2 also includes the crucial parameters for tuning the microstructure
and mechanical properties of the coatings produced by various PVD techniques.

The schematic representations of current coating techniques are shown in Figure 3,
including filtered cathodic vacuum arc (FCVA), hybrid vacuum arc with RFMS, hybrid radio
frequency magnetron sputtering (RFMS), HiPIMS, and ultrashort PLD. For the fabrication
of ZrSiN coatings, Chang et al. [45] employed the co-sputtering approach of RFMS/HiPIMS
(as depicted in Figure 3a). Owing to the combined ability of forming a denser coating
morphology by HiPIMS and grain refinement by the addition of Si through RFMS, the
residual stress of the coatings was reduced, and the resulting increase in hardness and
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elastic modulus were the most promising properties for use in extreme environmental
applications. Pulsed laser deposition is another popular method for creating hard coatings
(Figure 3b) [46,47]. Atoms from the source material are evaporated in this process using a
high-energy, ultra-short, pulsed laser beam. As the atoms migrate toward the substrate,
they produce a homogeneous layer. Furthermore, stoichiometry control from the source
material to the coatings is superior using the PLD method compared to the other techniques,
enabling the development of unique coatings with the desired compositions [48].

Figure 3c shows a schematic of the FCVA deposition system, where the substrates
(anode) are mounted inside the vacuum chamber, while the target (cathode) is mounted at
another end of the filter arch. To avoid larger particle and droplet formation in the coating,
typically C-bend or S-bend arches are used in the FCVA system. Cao et al. [49] developed a
multilayer coating of Ti-DLC on an Al alloy substrate using the FCVA method that exhibited
ultralow friction (0.12), improved wear resistance (2.69 × 10−7 mm3/Nm) at 300 ◦C, and
decreased thermal conductivity, which could be beneficial for engine piston assemblies.
However, hard coatings produced by cathodic arc methods frequently contain surface
droplets that cause friction and wear during the initial period of sliding. Panjan et al. [50]
revealed that post-polishing procedures for cathodic arc-deposited TiN coatings could
improve the wear resistance and shorten the running-in duration. Another interesting
fabrication method is the combined vacuum arc and magnetron sputtering hybrid process
described by Hirata et al. [51], as shown in Figure 3d, for creating amorphous boron carbon
nitride (a-BCN) films for tribological applications. Here, the BN target is mounted on
the RFMS, while the graphite target is positioned on the cathodic arc gun to deposit the
films. The use of a vacuum arc in the hybrid technique enhances the ionization rate and
the kinetic energy of sputtered atoms/particles which bombard the substrate. Moreover,
the diagonal placement of the arc gun in relation to the substrate allows for better control
of droplet deposition in the coatings, a common problem associated with conventional
vacuum arc processes.
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Figure 3. Schematic of the advanced PVD deposition methods used for the fabrication of cutting-edge
hard coatings for tribological applications. (a) Co-sputtering method of RFMS and HiPIMS [45],
(b) ultra-short PLD [46], (c) FCVA [49], and (d) arc-sputtering hybrid method [51]. (Reproduced
with permission.)
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3.2. Binary, Ternary, and Multicomponent Ceramic Coatings

Coating microstructures can be engineered to improve their properties by tailoring
the deposition parameters of PVD techniques. Binary and ternary coatings have been most
widely studied over the past few decades for a variety of industrial applications, including
small-scale devices and large-scale mechanical components. In the last ten years, significant
breakthroughs in coating concepts have been developed and investigated in the search for
improved characteristics and long-lasting coatings for extreme environmental applications.
Multicomponent, multilayer, nanocomposite, and functionally graded coatings have re-
ceived much attention globally during the past five years [52–56]. Recent research trends
indicate a notable interest in the development of multicomponent coatings by co-depositing
or evaporating compound target materials in an atmosphere of reactive nitrogen (N2).
The introduction of elements into the crystalline lattice was developed to refine the grain
growth and thereby enhance the mechanical strength and wear resistance in extreme sliding
conditions [57,58]. For instance, Rodríguez et al. [59] observed a hardness enhancement
from 32 GPa to 36 GPa for a small fraction (0.2 at%) of Hf doped into AlxTi1−xN coatings
to form c-Al0.64Ti0.36Hf0.02N coatings using the cathodic arc method. They suggested that
the oxidation temperature of the coating was increased to 900 ◦C owing to the addition of
Hf, which forms Hf-based oxynitrides and Al/Ti-based oxide layers during HT exposure.
On the other hand, a study by Grigoriev et al. [60] showed that Ti-TiN-(Ti, Al, Nb, and
Zr)N multicomponent coatings significantly enhanced the wear resistance and reduced
the friction and performance of cutting tools with increasing the temperature from 700
to 900 ◦C.

On the other hand, the multilayered coatings showed remarkably improved properties,
such as hardness, fracture toughness, and elastic modulus, compared to the single-layer
coatings. It was revealed that a number of multilayer structures with varied compositions
between sublayers improved the mechanical properties. The interface/superlattice struc-
tures between two alternate layers in this case impede the mobility of plastic deformation,
acting as dislocation gliding barriers [61,62]. Xiao et al. [63], for example, achieved a max-
imum hardness of 38.3 GPa and an elastic modulus of 463.7 GPa, as well as the highest
thermal stability (up to 1000 ◦C) and wear resistance at 800 ◦C, for the AlCrN/TiAlSiN
multilayer compared to single-layer coatings. The multilayer structure, as well as the
unique nanocomposite structure of the Si3N4 matrix around the TiAlN crystals from the
TiAlSiN layers, were responsible for these properties. Similar enhanced mechanical and
tribological properties of different multilayer architectures, such as CrAlN/TiSiN [64],
AlCrSiN/VN [65], TiAlSiN/VSiN [66], and AlCrN/TiAlSiN [63], have been reported.
The consolidated mechanical and HT tribological performances of multicomponent and
multilayer coatings are described in Table 1.
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Table 1. Recent developments in hard coatings for high-temperature tribological applications from
publications in the last five years.

Coating
Deposition

Method/Post
Treatments

Thickness (µm) Mechanical
Properties (GPa) Tribological Properties at HT Major Outcomes Ref.

Multicomponent and nanocomposite hard ceramic coatings fabricated using PVD techniques for HT tribological applications

AlTiVCuN HiPIMS 1.0–1.6 H: 34–41 GPa µ: 0.5
k: 3.2 × 10−15 m3/Nm (600 ◦C)

Cu rich coating involved more
outwards diffusion of Cu to form
the lubricious CuO at HT

[67]

W-DLC Hybrid DCMS
+ HiPIMS 1.7 E: 200 GPa µ: 0.1

k: 2 × 10−7 mm3/Nm (150 ◦C)

As a result of very compact
morphology of nanocomposite
coatings, detachment of larger hard
W–C particles is prevented, resulting
in low-friction and higher wear
resistance

[68]

Al2O3/ta-C

Lateral Arc
with Central
Sputtering and
ALD for Al2O3
layer

(ta-C) and
200 nm (Al2O3
top layer)

–
µ: 0.1 (500 ◦C)
Wear Volume: 1.4 × 10−3 mm3

(500 ◦C)

The suppression of oxidation by a
thin Al2O3 multifunctional layer
improves the thermal stability and
durability of the ta-C coating.

[69]

(Cr, V)N Cathodic
Arc ion-plated 4.5 H: 24 GPa

µ: 0.28–0.37
Wear Volume: 1.4–12.9 × 10−5

mm3/Nm (700–900 ◦C)

Because of the formation of V-O
phases, Cr0.58V0.14N0.28 coatings
demonstrated superior tribological
properties at 700–800 ◦C

[70]

AlCrON,
and
α-(Al,Cr)2O3

Cathodic
Arc 4.0

H: 34.6 GPa
E: 467 GPa
(AlCrON)
H: 26 GPa
E: 446 GPa
(α-(Al,Cr)2O3)

µ: 0.5
k: 150 × 10−17 m3/Nm (AlCrON
at 800 ◦C)
µ: 0.25
k: 10 × 10−17 m3/Nm
(α-(Al,Cr)2O3 at 800 ◦C)

Superior tribological properties of
the α-(Al,Cr)2O3 coating due to the
nitrogen-free, stable alpha-alumina
structure that inhibited HT
oxidation and subsequent wear

[22]

Cr-V-Al-C
Hybrid Arc
and Magnetron
Sputtering

7.5 H: ~22.5 GPa
E: ~280 GPa

µ: 0.5
k: No measurable wear (900 ◦C)

The formation of a combined Cr2O3
and Al2O3 tribolayer can be favored
by optimizing the solid solution
content of V in Cr2AlC coating,
leading to high hardness and HT
tribological performance

[71]

MoCuVN HiPIMS 2.1–2.4

H: 19.0–15.5 GPa
E: 393–316 GPa
(with increasing
N2 flow rate)

µ: 0.43–0.51
k: 3.1–13.5 × 10−8 mm3/Nm
(400 ◦C)

At 400 ◦C, formation of mixed
lubricious oxides of MoO3/CuMoO4
and V2O5 decreases the wear
resistance compared to tests
conducted at RT due to the loss of N
and severe oxidation at HT

[72]

Multilayer hard ceramic coatings fabricated using PVD techniques for HT tribological applications

CrAlN/TiSiN Arc Ion Plating 6.8 2850 HV µ: 0.6
k: 3.95 × 10−6 mm3/Nm (300 ◦C)

Coatings are highly stable at high
temperatures, while the adhesive
wear of the ball on the coating
surface forms the Fe2O3 tribolayer

[73]

TiAlSiN/VSiN RF magnetron
co-sputtering

1.0–1.2
(10–40 nm bilayer
periods)

H: 29 GPa
E: 260 GPa

µ: 0.28
k: 7.01 × 10−6 mm3/Nm (700 ◦C)

Improved tribological properties
due to improved mechanical
properties and the formation of a
self-lubricating V2O5 Magnéli phase
at 700 ◦C

[74]

CrMoN/SiNx
RF magnetron
co-sputtering

1.2
(1 nm SiNx and
10–200 nm
CrMoN)

H: 27 GPa
E: 200 GPa
(for 100 nm
CrMoN/1 nm
SiNx)

µ: 0.22
k: 1.68 × 10−5 mm3/Nm (600 ◦C)

The optimal thickness of bilayer
periods and laminated architecture
for stress dispersal and deflection
results in improved performance

[66]

AlCrSiN/VN
Arc Ion Plating
and Pulsed DC
Sputtering

3.0
(4.6 nm
modulation
period)

H: 30.7 GPa
(Multilayer)
H: 28 GPa
(AlCrSiN)
H: 20.5 GPa (VN)

µ: 0.26 (800 ◦C)
k: 2.6 × 10−15 m3/Nm (600 ◦C) &
39.4 × 10−15 m3/Nm (800 ◦C)

Outwards diffusion pf V and Al to
form V2O5 and AlVO4 phases
results in low friction and increased
wear resistance at HT

[65]

AlCrN/TiAlSiN Cathodic Arc 2.2 H: 38 GPa
E: 463 GPa

µ: 0.45 (800 ◦C)
k: 2.5 × 10−6 mm3/N m (800 ◦C)

Enhanced wear resistance is
provided by the formation of a
dense Al2O3 oxide lubricant layer
on the wear tracks

[63]

TiN-
AlTiN/nACo-
CrN/AlCrN-
AlCrOAlTiCrN

Cathodic Arc 3.6 H: 36–41 GPa µ: 0.45 (800 ◦C)

The formation of stable protective
oxides ((Al,Cr)2O3) increases the
wear resistance at 800 ◦C compared
to 600 ◦C

[75]

3.3. Significance of the Structural and Mechanical Properties of Ceramic Coatings

The tribological properties of hard coatings are primarily governed by several internal
factors of coatings, including compositional, structural, microstructural, and mechanical
properties, as well as other external factors, such as the sliding atmosphere, load, sliding
speed, and humidity. The microstructure of the coating can be tailored to enhance the
mechanical and HT properties depending on the concentration of added components in
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the primary phases of the coating. For the Al60Cr30Si10 compound target, Fan et al. [76]
observed a gradual change in Al and Si composition with a periodic change in sputtering
power from 0.6 to 1.2, then to 2.0, and finally to 2.8 kW. They also observed the variation
in crystallinity and microstructure of quaternary CrAlSiN coatings with the change in
sputtering power from 0.6–1.2, then to 2.0, and finally to 2.8 kW. The coating samples
deposited at 0.6–2.8 kW displayed poor wear resistance due to weaker crack resistance and
higher surface roughness, whereas the highly dense and smooth surface coatings deposited
at 0.6–2.0 kW exhibited improved wear resistance. To compare the microstructure and
morphologies of CrN coatings, Ferreira et al. [77] developed two different coatings under
varying process conditions of N2 gas flow, partial pressure, and bias voltage. With a low N2
gas flow and partial pressure with a higher bias voltage, a highly dense, void free, enhanced
hardness microstructure coating with low friction (0.15) and wear loss was achieved. A
second coating was deposited at higher N2 and lower bias voltage, and the friction and
wear loss were higher because of the presence of more voids inside the coating. Substrate
rotational speed during the sputtering deposition of hard coatings also has a significant
impact on the microstructure and mechanical properties of hard coatings. With increasing
rotation speed, the dense microstructures are transferred to the coarse microstructure. The
film growth direction and the mobility of adatoms during sputtering are greater at lower
rotational speeds due to the almost perpendicular position of sputtered ions to the film
growth surface, resulting in a dense microstructure. At higher speeds, the angle of growth
of the coating structure predominantly varies, reducing the energy of sputtering ions [78].
Wang et al. [79] investigated the effect of reactive N2 partial pressure on TiBN/TiAlSiN
nano-multilayered coatings fabricated by the cathodic arc technique. The coating deposited
at 2.0 Pa partial pressure had a defect-free, smoother surface and a dense microstructure,
resulting in improved hardness (34 GPa), H/E, and H3/E*2; low friction (0.28); and wear
resistance (4.3 × 10−7 mm3/Nm). A higher partial pressure (3.0 Pa) caused target poisoning
and a reduction in coating thickness.

Similarly, changing the bias voltage causes significant changes in the tribological
properties of cathodic arc-deposited ternary and quaternary nitride coatings [80,81]. Cao
et al. [82] observed a change in the preferred orientation from (200) to (111) for TiAlN
coatings deposited using FCVA when the bias voltage was increased from 50 to 75 V. This
is due to an increase in atomic mobility and lattice distortion, which results in a higher
hardness (~30.3 GPa) and wear resistance (~4.4 × 10−5 mm3/Nm). Akhter et al. [83]
achieved a remarkable 85% increase in wear resistance for arc-produced TiNiN coatings
at a 100 V bias voltage rather compared to the coating deposited at 0 V. The enhanced
mechanical and tribological properties in this case were due to the very fine equiaxed
structure and higher compressive residual stress. A similar improvement in tribological
performance was observed for CrN/NbN multilayers deposited via HiPIMS with substrate
biases ranging from −40 to −150 V [84]. The coating deposited at −65 V demonstrated
reduced friction and enhanced wear resistance owing to the increased density of columnar
grains. However, a higher substrate bias caused grain coarsening and increased defect
concentration, which increased friction and wear. It is clear that the coating microstructure,
thickness, composition, roughness, hardness, and toughness are clearly influenced by the
applied substrate bias voltage. Therefore, the optimum bias voltage during PVD coating
deposition plays a critical role in reducing internal stress and improving load-bearing
ability. Interlayer thickness, on the other hand, has a significant impact on the residual
stress and wear properties of hard coatings, according to Lin et al. [85]. They observed that
increasing the Ti interlayer thickness of TiZrN coatings from 50 to 250 nm decreased the
residual stress from −5.67 to −3.75 GPa, and the wear resistance increased by 16%.

4. Recent Progress in Advanced Coatings for Application in Harsh Environments

Many researchers around the world have designed and developed several hard coat-
ings in the last five years to improve load-bearing ability under extreme environmental
conditions. The majority of researchers are concerned with tailoring the microstructure by
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adding appropriate elements to achieve adaptive coatings with multifunctional properties.
Many researchers are interested in multicomponent coatings and novel multilayer struc-
tures, as previously discussed. Table 1 shows the recently developed advanced coatings
deposited using PVD methods, as well as their mechanical and tribological properties,
particularly under harsh operating conditions.

4.1. Recent Advancements in Coating Design Aspects

The improved design of hard coatings shows beneficial effects on the mechanical
and tribological properties of coatings through controlling the microstructure, varying
the composition, altering the nanocomposite design, and combining hard/soft multilayer
coatings. Figure 4 depicts the various coating architectures that have been created using
PVD methods for use in HT environments. For the selection of hard coatings to extend
the performance and life of the base components, there are several primary concerns.
Considering the extreme mechanical hardness of the coating, the influence of internal stress
would limit the coating’s adhesion properties to the substrate, resulting in delamination
during highly stressed sliding operations. Therefore, special coating architectures are
highly inevitable, with specific properties at different zones for HT tribological applications.
Figure 4 depicts the coating concept with desirable properties at different zones, such as
higher adhesion strength between the coating and substrate (zone 1), a mechanical layer
with high fracture toughness and wear resistance in the middle (zones 2 and 3), and active
surface layers (zone 4) that should provide lubricity and superior oxidation resistance
properties.
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Figure 4. Schematic representation of the advanced coatings with important properties at different
zones for high-temperature tribological coatings.

Many researchers have reported different coating architectures using PVD techniques
in the last five years, taking into account the above coating requirements for extreme en-
vironmental applications. Figure 5 depicts the most recent coating architectures studied
for HT tribological applications from the literature. Haung et al. [86] designed gradient
composite TiAlSIN coatings and achieved improved tribological performance as well as
superhardness (42 GPa) and superior adhesion strength (85 N). Figure 5a depicts the three-
layer microstructure of this coating, where TiN and AlTiN provide mechanical stability,
while the formation of SiO2 surface oxides from the top TiAlSiN layer improves lubrica-
tion and protection efficiency. In another study, multicomponent gradient (Ti, Al, Si, Cr,
Mo, S, O, and N) coatings (Figure 5b), fabricated using UBMS, demonstrated improved
tribological performance due to the presence of many nanocrystalline phases, which ef-
fectively impeded the deformation during sliding [87]. Bondarev et al. [88] developed
TiSiN/TiN(Ag) multilayer coatings using DCMS with a total thickness of 2.3 µm and
a bilayer thickness of 40 nm for tribological applications. Chang et al. [89] fabricated
novel multilayer AlTiN/CrN/ZrN coatings using a cathodic arc, as shown by the cross-
sectional TEM micrograph, for tribological applications. They observed that fabricating
an AlTiN/CrN/ZrN multilayer greatly reduced residual stress, resulting in superior wear
resistance (4.21 × 10−7 mm3/Nm).
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image of a gradient layered structure (Ti, Al, Si, Cr, Mo, S, O, and N) coating [87], (c) bright field
TEM, HAADF STEM, and EDS elemental distribution of TiSiN/TiN(Ag) multilayer coatings [88], and
(d) TEM micrograph of novel nanoscale multilayered CrN/[AlTiN/CrN]n/[AlTiN/ZrN]n coat-
ings [89]. (Reproduced with permission.)

As a result, in recent studies, the main consideration to improve the tribological perfor-
mance of hard ceramic coatings is mainly controlled by tailoring the coating microstructure
by introducing additional elements and/or fabricating new coating architectures. The
selected additive materials should possess solubility in the primary coating to some extent,
be able to form strong protective oxides on the coating surface during HT sliding condi-
tions, control the inwards diffusion of oxides, and promote self-lubricating effects. In the
case of multilayer coatings, the interface strengthening mechanism with periodic changes
between sublayers exhibits enhanced resistance to plastic deformation and wear even
at high temperatures. Several metals, nonmetals, and soft metals have been considered
for this purpose in recent research, and the advancements in these nanocomposite and
multicomponent coatings for HT applications are described in the following sections.

4.2. Role of Dopants (Mo, Cr, W, Si, and C) in Hard Ceramic Coatings

As a result of their superior mechanical stability over a wide operating temperature
range, nanocomposite coatings have recently received much attention for high-temperature
tribological applications. However, there is still a problem associated with the lack of
high-temperature lubricity of nanocomposite coatings compared to at room temperature,
resulting in poor wear lifetime. To address this issue, transition metal-based dopants such
as Ti, Mo, V, and W, as well as nonmetallic elements such as Si, C, and B, have been used
to improve the tribological performance at elevated temperatures. The formation of the
Magnéli phase of transition metal oxides with layered crystal structures during exposure
of these metals to high-temperatures provides an improved load-bearing ability at high
temperatures. These layered structures slip more easily during sliding motion, providing
enhanced lubrication due to their attenuated Van der Waals forces between each layer’s
crystal. For example, Tao et al. [90] discovered that adding Mo to magnetron-sputtered
CrAlSiN coatings reduced the friction with increasing Mo concentration. They observed
that the stable MoO3 species, observed in the tribolayer in ESCA analysis, which provides
the self-lubrication properties of nanocomposite CrAlMoSiN coatings at 600 ◦C, is more
stable than the CrAlSiN coatings.

Another study found that adding Mo and C to the TiN crystalline lattice significantly
improved the mechanical and tribological properties. In this case, Mo addition promoted
hardness and toughness by increasing the crystallite charge density as well as forming
Magnéli phases, and C addition promoted the formation of amorphous carbon (a-C) phases
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at grain boundaries, resulting in friction reduction and wear resistance [91]. Similarly,
Cr-rich additions to TiAlN-coated tools provided a greater cutting performance above
600 ◦C due to the formation of a protective Cr-O tribolayer, which is the strongest tribolayer,
compared to Al-O and Ti-O gained from TiAlN coatings at higher cutting speeds [92].
Similar behavior of WO3 triboinduced oxides at high temperatures for the addition of W in
magnetron-sputtered HfN coatings with diverse additive compositions revealed minimal
friction and wear resistance at high temperatures [93]. However, excessive amounts of
these transition metals are prone to oxidative damage at high temperatures.

As previously stated, oxidation of coatings plays a critical role in the formation of
tribolayers on interacting surfaces in the HT environment. Metal oxides, depending on
their nature, may be prone to abrasive and third body wear, as well as some protective
oxides that are stable under extreme temperature conditions. For example, TiO2 formation
from TiAlN coatings under HT (typically above 600 ◦C) provides lubricity, but these oxides
have poor wear resistance. In contrast, the formation of Al- and Cr-based oxides in CrAlN
coatings provides superior wear resistance at extremely high temperatures (900 ◦C) but
with relatively high friction [94,95]. In this regard, adding a small fraction of Si to TiAlN
coatings may prevent Ti from diffusing out of the coating, thereby improving oxidation and
wear resistance. The formation of a stable Si3N4 structure in the TiAlSiN coating, depending
on the Si concentration, significantly improves the mechanical and tribological properties.
However, excessive Si addition will cause the coatings to become brittle, resulting in
increased friction and wear.

Drnovšek et al. [96] investigated the correlation between HT mechanical and tribo-
logical properties for the addition of Si in CrAlN coatings using the magnetron sputtering
method. The mechanical and tribological properties of the CrAlSiN coatings were supe-
rior to those of CrAlN coatings from RT to HT (up to 700 ◦C). However, the mechanical
properties decreased with increasing temperature during indentation (H: 37 GPa to 36 GPa
for CrAlSiN and 31 GPa to 24 GPa for CrAlN). Figure 6a depicts the comparison of the
observed friction and wear rates for both coatings tested from RT to 700 ◦C. The friction
increases in both coatings at intermediate temperatures up to 500 ◦C due to the formation
of wear debris and third body wear. Comparatively, wear predominates in the CrAlN
coatings, as shown in Figure 6b, where abrasive wear of oxides and three body wear pre-
dominate. However, wear resistance was superior for the CrAlSiN coatings, as shown in
Figure 6c, due to the enhanced resistance to oxidation and a critical H/E* ratio of 0.08–0.085
at HT, resulting in improved wear resistance. As a result, they suggested that optimiz-
ing the H/E* ratio of the coatings could be the critical governing parameter for the wear
resistance characteristics.
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Figure 6. (a) Friction curves of CrAlN and CrAlSiN coatings tested under inert atmosphere at
elevated temperature (RT to 700 ◦C). 3D optical profiler images of the wear tracks of (b) CrAlN and
(c) CrAlSiN coatings after testing from RT to 700 ◦C [96]. (Reproduced with permission.)

Cai et al. [97] investigated the effect of B addition to AlCrN coatings using the arc ion
plating method for high-temperature tribological applications. For this, they fabricated
a coating with Cr and CrN layers on the substrate, followed by an AlCrN layer, then
by the incorporation of B in the top layer with different B contents of 1.5 at%, 2.9 at%,
and 4.8 at% to obtain the AlCrBN top layer. They found that a solid solution of B in the
AlCrN columnar structure at 1.5 at% and a small fraction of a-BNx, as seen in the TEM
microstructure and schematic (Figure 7a,d), resulted in superior hardness (38.3 GPa) and
modulus (622 GPa). When the B content exceeded 2.9 at%, composite (Al, Cr, and B)N
nanograins and a-BNx composite structures were formed and crystallinity decreased, as
shown in Figure 7b,c,e,f. This was followed by a decrease in the mechanical properties
to 26 GPa (H) and 389 GPa (E*). The HT tribological results showed that the B content of
4.8 at% had superior wear resistance at 800 ◦C due to the formation of continuous tribofilms
on the wear tracks. Figure 7g depicts the different tribological mechanisms of AlCrBN
(4.8 at%) coatings with respect to temperature change based on the wear track micrograph
and tribochemical analysis. Continuous Cr2O3 tribofilms were observed at 400 ◦C, while at
600 ◦C, continuous Al2O3 and Cr2O3 with a small fraction of discontinuous B2O3/B(OH)3
tribofilms were obtained, and at 800 ◦C, a stable and continuous B2O3/B(OH)3 tribofilm
was formed as a protective layer of the coating from wear. Korneev et al. [98] also observed
improved mechanical, HT tribological, and oxidation resistance with C and N doping,
when they fabricated TaZrSiBCN hard coatings through a sputtering technique.
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Figure 7. TEM microstructure and corresponding schematic representation of the AlCrBN coatings
with B contents of (a,d) 1.5 at%, (b,e) 2.9 at%, and (c,f) 4.8 at%. (g) Schematic of the wear mechanism
of the AlCrBN coating with 4.8 at% B at different temperatures (RT—800 ◦C) [97]. (Reproduced
with permission).

4.3. Soft/noble Metal (Ag and Cu)-Doped Hard Coatings for High-Temperature Applications

Another promising coating design concept for elevated-temperature tribological ap-
plications is the incorporation of soft/noble metals into hard ceramic coatings. In recent
years, metals such as Ag, Au, and Cu have been incorporated as a second phase as well
as a lubricant phase into hard nitride coatings to form a nanocomposite structure (nc-
MeN/metal) to improve high-temperature tribological properties. These materials not only
have improved fracture toughness and hardness due to grain refinement but also have an
excellent lubrication effect due to out-diffusion of soft metals at high temperatures [99].
The morphologies and microstructures of soft metals (Ag and Ag-Cu) doped into hard
coatings for tribological applications are depicted in Figure 8a–c. The microstructure of the
coatings substantially varies depending on the dopant concentration, beginning with the
formation of a solid solution in the primary crystal lattice and progressing to nanosized
grains at lower concentrations. The microstructure of the coating is altered or amorphized
with higher concentrations of soft metals (Ag and Cu), and larger particles are then out
diffused onto the coating’s surface. Figure 8d illustrates the change in the microstructure
with varying Ag content from 0 to 25.3 at%; the columnar microstructure disappears, and
the amorphous structure predominates, which accelerates wear at high temperatures [100].
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due to the enrichment of softer phases. The friction and wear resistance characteristics did 

not change significantly at room temperature, but there was a more than two-fold reduc-

tion in low-friction values for coatings with higher Ag concentrations (9–16 at%) at ele-

vated temperature (600 °C), as shown in Figure 9a,b. Such enhancement in lubricity is 

anticipated from the Ag- and AgCrO2-rich tribolayers on the wear tracks of these samples, 
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Figure 8. Microstructure of soft metal doping/addition to hard ceramic coatings. SEM morphologies
of (a) CrMoSiCN coatings with Ag doping (3.92 at%) [101], (b) nanocomposite NbN-Ag coatings
(Ag content of 15.83 at%) [102], and (c) Ag-Cu incorporated TiAlN coatings (Ag-Cu contents of
20 at%) [102]. (d) Growth morphologies of NbN-Ag (Ag content 0, 1.89, 15.83, and 25.36 at%) [100].
(Reproduced with permission.)

Recently, Rajput et al. [103] conducted a comparative tribological performance analysis
of CrAlN coatings with Ag additions ranging from 2.4 at% to 15.6 at%. They observed
that adding Ag up to 8.6 at% increased the mechanical hardness from 18 GPa to 23 GPa
due to grain refinement, but it tended to decrease (to 14.4 GPa) with further Ag addition
due to the enrichment of softer phases. The friction and wear resistance characteristics
did not change significantly at room temperature, but there was a more than two-fold
reduction in low-friction values for coatings with higher Ag concentrations (9–16 at%) at
elevated temperature (600 ◦C), as shown in Figure 9a,b. Such enhancement in lubricity is
anticipated from the Ag- and AgCrO2-rich tribolayers on the wear tracks of these samples,
as represented in the FESEM and EDX analysis (Figure 9c–g). The self-lubricating properties
are caused by the outwards diffusion of Ag at high temperatures. However, the wear
resistance and mechanical properties of higher Ag content (12 and 16 at%) samples were
drastically reduced due to the excessive presence of soft phases, as seen in the wear
micrographs and EDS results. They found that the optimal addition of Ag (9 at%) shows
low friction and improved wear resistance at HT (600 ◦C) due to the formation of Ag and
AgCrO2 (as seen in Figure 7e).
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metals in primary ceramic hard coatings has a beneficial effect on elevated temperature 

applications [104–107]. Similar observations on Cu incorporated into AlTiVN coatings us-

ing HIPIMS demonstrated that the friction (0.45) and wear resistance (10−16 m3/N⋅m) were 

significantly enhanced at the optimum Cu concentration of 10.7 at% at high temperature 

(600 °C), as reported by Mei et al. [99]. The friction-induced oxide species, AlVO4, was 

primarily transferred to the lubricious Al2O3, V2O5, and CuO oxides with the addition of 

Cu, improving the friction and wear characteristics at elevated temperatures. On the other 

Figure 9. Friction, wear behavior, and tribochemical analysis of CrAlN and CrAlN(Ag) coatings.
Variation in the friction coefficient of CrAlN and CrAlN(Ag) coatings tested at (a) RT and (b) 600 ◦C,
and (c–g) wear micrographs of the bare CrAlN and CrAlN(Ag) with different Ag content coatings
tested at 600 ◦C. The EDX spectra (1–8) represent the chemical information of wear tracks for the
coatings tested at 600 ◦C [103]. (Reproduced with permission).

Similarly, various studies have revealed that the optimal concentration of soft/noble
metals in primary ceramic hard coatings has a beneficial effect on elevated temperature
applications [104–107]. Similar observations on Cu incorporated into AlTiVN coatings using
HIPIMS demonstrated that the friction (0.45) and wear resistance (10−16 m3/N·m) were
significantly enhanced at the optimum Cu concentration of 10.7 at% at high temperature
(600 ◦C), as reported by Mei et al. [99]. The friction-induced oxide species, AlVO4, was
primarily transferred to the lubricious Al2O3, V2O5, and CuO oxides with the addition of
Cu, improving the friction and wear characteristics at elevated temperatures. On the other
hand, the addition of soft metals not only improved the tribological performance of hard
coatings under HT but also reduced the internal stress of the primary coatings, providing
further enhancement of the desired properties. Experimental results of Ren et al. [100] on Ag
incorporation into NbN coatings (Figure 10) by sputtering show a significant reduction in
residual stress, which improves the coating adhesion strength, as illustrated in Figure 10a,b.
The change in stress with the addition of Ag from 0–25.3 at% has a direct influence on the

15



Ceramics 2023, 6

friction and wear behavior of NbN-Ag coatings at different temperatures, as represented
in Figure 10c,d. In HT sliding conditions, the soft metals promote the oxides, and the
soft phases of these metal-rich tribolayers have self-lubricating effects. Table 2 shows a
recent literature review on the properties of soft metals with hard coatings specifically for
HT applications.
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Figure 10. (a) Change in residual stress with the addition of Ag to NbN nanocomposite coatings at
different concentrations of 0 at% (R1), 1.89 at% (R2), 15.83 at% (R3), and 25.36 at% (R4) and their
corresponding (b) adhesion strength, (c) coefficient of friction, and (d) wear rates [100]. (Reproduced
with permission).
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Table 2. Recent results on Ag- and Cu-doped coatings for high-temperature tribological applications
from publications in the last five years.

Coating and
Dopants

Deposition
Method/Post
Treatments

Thickness (µm) Mechanical
Properties (GPa) Tribological Properties at HT Major Outcomes Ref.

MoN–Ag
(Ag: 0, 2.2,

7.9, 17.3 at%)

DC/RF
magnetron
sputtering

3.6–4.4
H: 14.4 GPa
E: 232 GPa

(for 2.2 at% of Ag)

µ: 0.27 (700 ◦C)
k: 2.52 × 10−6 mm3/Nm

(for 2.2 at% of Ag)

The formation of lubricating oxides
(MoO3, Ag2MoO4, and Ag2Mo4O13)

reduce the friction coefficient, but
wear resistance decreases above

300 ◦C.

[108]

TiSiN(Ag)
(Ag:

0–17 at%)
HiPIMS 2.2–2.8

H: 20 GPa
E: 218 GPa

(for 6 at% of Ag)

µ: 0.5
k: no wear

(600 ◦C)

At 600 ◦C, the tribolayer consists of
superficial Ag and the adhesive

material from the ball counterpart to
form a stable protective layer,

reducing friction and causing no
noticeable wear.

[104]

NbN–Ag
(Ag: 0, 2.62,
15.83, 25.36

at%)

UBMS 1.5–3.0

H: 14 GPa
E: 261 GPa

(for 2.62 at%
of Ag)

µ: 0.4
k: 3.24 × 10−5 mm3/Nm (for

15.83 at% (Ag) at 550 ◦C)

The reduction in friction and the
wear rate at 550 ◦C for the Ag

(15.83 at%) sample is due to the
formation of tribo-induced

compacted glaze tribolayer, which is
primarily composed of Nb2O5 and

AgNbO3.

[100]

Al-Ti-V-Cu-
N

(Cu: 6.2, 8.0,
10.2, 10.7 and

11.7 at%)

HiPIMS 1.1–1.5 H: 35.2 GPa
(for 6.2 at% of Cu)

µ: 0.45 (600 ◦C)
k: 10−16 m3/Nm (600 ◦C)

The formation of predominant V2O5
and CuO lubricating oxide phases

on worn surfaces results in low
friction and wear at 600 ◦C.

[99]

Mo(Cu)N
(Cu: 0, 5.5,

7.5, 17.8 and
24.3 at%)

Magnetron
Sputtering 1.5

H: 25 GPa
E: 359 GPa

(for 5.5 at% of Cu,
i.e., 9.2% of

Cu/(Cu and Mo))

µ: 0.4
k: 3.5 × 10−5 mm3/N m (800 ◦C)

The formation of strong oxide
phases, CuMoO4 and MoO3, at 600
◦C results in low friction and wear

resistance, whereas CuO
predominated at 200 ◦C.

[106]

TiAlN (Ag,
Cu)

(Ag and Cu:
0, 11, 16, 17
and 20 at%)

Magnetron
Sputtering 2.0

H: 15.2 GPa
E: 216 GPa

(for 11 at% of Ag
and Cu)

H: 6.7 GPa
E: 140 GPa

(for 20 at% of Ag
and Cu)

µ: 0.25
k: 7.7 × 10−5 mm3/N m (for 17

at% of Ag and Cu)

Friction and wear reduction were
due to the solid lubrication effect of
out-diffused Au-Cu nanoparticles

up to 17 at% in TiAlN coatings

[102]

4.4. Functionally Modified Coatings

As previously discussed, the addition of Si to the CrAlN and TiAlN ternary ceramic
coatings improves their high-temperature stability and wear and corrosion resistance
properties. In the most promising structures of CrAlSiN and TiAlSiN coatings, a small
amount of Si is used to substitute Cr/Ti atoms, causing lattice distortion due to the dif-
ferent atomic sizes. Additionally, the amorphous Si3N4 matrix structure surrounding the
crystalline phases regulates the grain growth, resulting in the superhard properties of these
coatings. However, these solid solution and amorphous matrix structures increase the
residual stress and brittle behavior of the coatings, leading to delamination of the coatings
from substrates. To address these issues, coating structures are modified to finetune the
microstructure to functionalize the coatings from the surface towards the substrate using
gradient composition coatings. The elimination of sharp interfaces in the gradient coatings
is extremely beneficial for reducing the internal stress of the coatings and improving the
adhesion strength and wear resistance. According to Lu et al. [109], the adhesion strength
and cutting properties of magnetron-sputtered TiAlSiN coatings were superior due to the
newly fabricated out-of-plane gradient distribution of Si in the coatings. In this gradient
structure, the Si content was higher on the TiAlSiN coating surface and decreases towards
the substrate, effectively reducing the internal coating stress.

It can be clearly presumed that oxidation and tribolayer formation are the most crucial
factors in determining the mechanical and tribological properties of hard coatings. Almost
all of the literature shows that abrasive wear of sliding surfaces occurs during the initial
stage and that oxidation of wear particles and coating/sliding counterbodies occurs in the
majority of the samples tested under HT conditions. Depending on the temperature and
nature of oxidative elements present in the coatings, the metal oxide tribolayer is the critical
governing factor of friction and wear behavior. Therefore, before studying tribological
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experiments, some studies have performed pre-oxidation treatments of hard coatings at
elevated temperatures in an air atmosphere. In these treatments, the oxygen species will
diffuse on the coatings and form oxidized surface layers to a certain depth.

For example, Lim et al. [110] conducted a comparative analysis of AlSiTiN, CrAlTiN,
and CrAlSiTiN coatings with oxidized coatings annealed at 800 and 900 ◦C in an air
atmosphere. Interestingly, the oxidized samples had lower friction and wear rates due to
the formation of lubricious SiO2 layers on the surface, which provided better protection
against friction and wear. The machining performance of oxidized coated tools was
improved due to the high presence of protective SiO2 against flank wear. Surface oxides
with improved hardness and low friction are formed on the sliding interfaces of Cr-, Al-,
Ti-, and Si-based hard coatings during post-deposition annealing processes. As a result,
coatings with surface oxide layers can easily form smooth and dense adhesive layers,
potentially reducing friction and wear [111]. Other remarkable functional coating concepts
from recent studies to enhance tribological performance have been achieved by designing
compositionally gradient coatings [109,112–114], novel multilayer coatings [73,75,89,115,
116], and nanocomposite coatings [60].

4.5. High Entropy Alloy-Based Nitride Coatings

High entropy alloys (HEAs) are the most recently developed multimetallic alloys, in
which five or more metallic elements are mixed with equal atomic ratios for the structural
components in extremely high temperature and corrosive environments. The alloying
elements are mixed to form a single-phase alloy based on the requirements. For instance,
Chen et al. [117] reported the study of AlCrNiTiV amorphous coatings fabricated using
the FCVA technique and their oxidation at 400–800 ◦C. The coatings annealed at 600 ◦C
demonstrated higher hardness (22.6 GPa) and lower friction coefficients (0.22) (Figure 11a)
and wear rates (1.1 × 10−5 mm3/Nm) in the tribological test performed at 600 ◦C. The
800 ◦C annealed samples have extremely high oxide contents, such as Al2O3, NiCr2O4, and
Cr2O3, which protect the coatings from further oxidation; however, the sudden decrease in
mechanical properties results in poor tribological performance, as shown in Figure 11a. On
the other hand, nitrides of these HEAs have recently been developed and their superior
hardness and high-temperature stability have been demonstrated, making them suitable
for harsh environmental applications. Recently, Li et al. [118] investigated the effect of
nitrogen content on the mechanical and tribological properties of (MoSiTiVZr)Nx, using
a confocal magnetron sputtering technique with varying N2 flow rates. Remarkably, a
superhardness of 45.6 GPa, an elastic modulus 408 GPa, and low friction (~0.3) (Figure 11b)
were attained for the N concentration of approximately 53.7 at%. The wear micrographs
also show that this coating has wear resistance due to its enhanced resistance to plastic
deformation with almost 50% N content present in the coating.
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Figure 11. Tribological properties of HEA-based nitride coatings: (a) friction curves of AlCrNi-
TiV amorphous HEA coatings annealed at different temperatures (400–800 ◦C) tested from RT to
800 ◦C [117] and (b) (MoSiTiVZr)Nx coatings deposited using DC sputtering with varying N2 con-
tents of 0, 10.3, 43.3, and 53.7 at% [118]. (Corresponding wear morphologies of the HEA coatings
with respect to change in temperature and N content). (Reproduced with permission).

Similar enhancements in wear as well as corrosion resistance properties were observed
for other HEA nitride coatings, such as (AlCrMoSiTi)Nx deposited using FVCA [119],
TiZrNbTaFeN deposited using HiPIMS [120], (AlCrTiZrHf)N deposited using reactive mag-
netron sputtering [121], and AlCrMoZrTi/(AlCrMoZrTi)N multilayer coatings deposited
using RF magnetron sputtering techniques [122]. Similar to other ceramic coatings, the
residual stress plays a critical role in the mechanical and tribological properties of HEA
nitride coatings, and many reports have demonstrated the optimization of substrate bias
to reduce the residual stress. Lo et al. [123] investigated the effect of substrate bias on
the fabrication of (AlCrNbSiTiMo)N using RF magnetron sputtering; the results revealed
that the coating deposited with a (−100 V) substrate bias exhibited a higher hardness
of 34.5 GPa and the lowest wear rate of approximately 1.2 × 10−6 mm3/Nm at 700 ◦C.
Furthermore, the presence of the MoO3 Magnéli phase with the addition of Mo in these
HEA nitride coatings also benefits lubrication under HT sliding conditions. The higher
the substrate bias, the denser the structure and smoother the coatings, which improves the
wear resistance of HEA nitride coatings [124].

5. Failure Mechanisms of Hard Ceramic Coatings Tested under HT Sliding Conditions

The friction and wear behavior of hard coatings are primarily related to the physical,
chemical, and mechanical properties at RT and elevated temperatures. Surface roughness
and composition also play important roles in friction, wear debris formation, and coating
deformations during initial sliding contacts. As shown in Figure 12a, asperities from both
contacting surfaces interact with each other, determining the initial frictions [125]. When
the friction energy is exceeded during continuous sliding motions, wear of one or both of
the surfaces occurs, followed by a change in friction behavior. Depending on the nature

19



Ceramics 2023, 6

of the wear particles, the friction decreases when the wear particles are lubricated, and
friction increases when the wear particles have difficulty producing scratches. Coatings
are plastically deformed as a result of continuous sliding interactions, as locally generated
frictional heat decreases the mechanical properties and accelerates the loose wear particles,
resulting in coating material loss. Therefore, one of the most important criteria for harsh
environmental wear protection is the selection of ceramic coatings with smoother surfaces.
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Figure 12. Different wear mechanisms of coatings under elevated temperature conditions.
(a) Schematic of wear and deformation mechanisms [125], (b) cracking and oxidation of Hf1−xWxN
coatings during high-temperature tribological experiments [93], (c) wear mechanism of TiSiN coatings
tested at elevated temperature [126]. (Reproduced with permission).

Oxidation is the most unavoidable factor in determining the friction and wear mecha-
nism of the coatings, especially at elevated temperatures. The formation of cracks during
tribological interactions promotes oxidation at high temperatures. To represent the oxida-
tion behavior, Yu et al. [93] illustrated a schematic of the oxidation process of Hf1−xWxN
coatings with different W contents, as shown in Figure 12b. The crack initiated and devel-
oped at lower W (x = 0.37) content coatings at 600 ◦C, due to the lower fracture toughness.
Therefore, the atmospheric oxides enter through the crack regions and predominantly
cause oxidation across the coating. Higher W additions (x = 0.73) promote higher fracture
toughness as well as WO3 lubricating oxides, resulting in a lower friction coefficient and
improved wear resistance at elevated temperatures (up to 600 ◦C). With the addition of
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W (x = 1.0), the coating became severely oxidized and the surface became more brittle,
resulting in oxidative wear and deformation.

On the other hand, oxidation of coatings at high temperatures is more common in
columnar structured coatings, which degrades the coating composition and causes total
coating wear failure. Figure 12c depicts a schematic representation of the wear life failure
mechanism of columnar coatings. Generally, three steps of failure mechanisms are involved
for such columnar coatings: (i) First, thermal expansion of the coating and substrate
occurs with increasing temperature (stage 1, Figure 12c(i)). (ii) Second, higher contact
stress at HT conditions damage the surface and create cracks and fragments in the coating,
allowing oxygen to easily penetrate and form unstable and shapeless oxides (stage 2,
Figure 12c(ii)). (iii) Finally, oxygen atoms easily propagate through the columnar grains,
and the wear continues with further sliding, resulting in total wear loss of the coating
(stage 3, Figure 12c(iii)) [126]. Therefore, highly dense microstructures would be greatly
advantageous for HT tribological applications; such coatings can be designed using novel
coating structures such as nanocomposite, multicomponent, and multilayer coatings.

Tribochemical Layer Formation and Failure Mechanisms of Coatings under HT Conditions

Most of the research articles used in this present review demonstrate that the friction
and wear behavior of hard coatings under RT to elevated temperatures is highly dependent
on the nature of the tribolayer. Figure 13 depicts the tribological mechanism and formation
of tribolayers in various nanocomposite coatings tested at RT and elevated temperatures.
Figure 13a represents the variation in tribolayer formations of CrMoSiCN/Ag nanocompos-
ite coatings with respect to Ag content (0.83, 1.64, and 2.51 at%). At lower Ag concentrations,
the tribolayer, composed primarily of SiO2, transfers wear debris from Si3N4 balls, as well
as the oxide tribochemical species Cr2O3 and MoO3 from the coating surface (Figure 13a(i)).
With increasing Ag, the tribolayer consists of mild SiO2 from the ball, Cr2O3 and MoO3
oxide species from the coating, and a small fraction of Ag nanoparticles that are subjected
to abrasive wear (Figure 13a(ii)). At higher Ag concentrations, a tribolayer composed
of enriched Ag lubricating layers with Cr2O3, MoO3, and Ag2MoO4 species, as well as
transfer on the ball surface, results in combined tribochemical and abrasive wear behavior,
as illustrated in Figure 13a(iii) [101].
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Figure 13. Schematic of different tribological mechanisms of nanocomposite coatings and the role of
the tribolayer at RT and HT in an air atmosphere. (a) RT tribological behavior of nanocomposite Cr-
MoSiCN/Ag coatings with different Ag contents: (1) 0.83 at%, (2) 1.64 at%, and (3) 2.51 at% [103] and
(b) wear mechanisms of TiAlSiCN coatings at RT and elevated temperatures (400 and 800 ◦C) [127].
(Reproduced with permission).

Changes in the wear behavior of nanocomposite coatings and their tribological mecha-
nisms have been discussed by Guo et al. [127] for TiAlSiCN coatings tested at RT–800 ◦C.
The coatings are composed of nanocrystalline (Ti,Al)(C,N), diamond-like carbon (DLC),
and amorphous Si3N4/SiC phases. Under RT conditions, the segregation of DLC at the
sliding interfaces resulted in low friction and wear resistance; however, at 400 ◦C, the
segregated DLC species started to graphitize, and carbonitride formation in the tribolayer
began to deteriorate the coating fracture toughness. Extremely high graphitization and
oxidative damage of coatings tested at 800 ◦C resulted in the severe interfacial fracture of
coatings and further increased oxidation, resulting in reduced wear resistance. It can be
demonstrated that carbon-rich coatings are beneficial under RT conditions, but excessive
graphitization degrades the mechanical properties. Wang et al. [70] reported a similar
trend in oxide forms on (Cr, V)N coatings at intermediate temperatures. Up to 600 ◦C,
the coatings showed low friction and enhanced wear resistance properties, at 700–800 ◦C,
the wear rate increased progressively with increased oxidation, and at 900 ◦C, coating
breakdown due to high oxidative wear was observed.

6. Conclusions

In the search for hard, wear-resistant coatings for HT tribological applications, numer-
ous research articles are published every day by researchers from all over the world. Many
advanced PVD techniques have been used to create cutting-edge coating architectures with
improved microstructures, grain refinement, hardness, and toughness, and their HT wear
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and oxidation properties for load-bearing applications have been tested. This review exam-
ined the most recent published research articles on state-of-the-art coating architectures and
their HT tribological properties. HiPIMS, FVCA, and their hybrid deposition techniques
have been most recently used for the deposition of hard coatings through optimization
of power, substrate bias, temperature, and partial pressure in their respective methods.
Reactive as well as co-deposition methods are promising routes for these PVD methods for
fabricating novel multicomponent, nanocomposite, multilayer, and gradient coatings in
current research. Highlights of the innovations in recent findings are summarized below
with future research aspects.

• Appropriate addition of Si and B to the TiAlN and CrAlN coatings promotes the
formation of a lubricating layer consisting of SiO2 and B2O3/B(OH)3, which provides
lower friction and wear resistance at 800–900 ◦C. The a-Si3N4 and a-BNx matrices
around the ceramic nanocrystallites strengthen the coatings due to grain refinement.
A similar effect was observed for Mo and V addition due to the formation of Mo-O
and V-O Magnéli phase oxides in the tribolayer at HT (>700 ◦C);

• Multilayer coatings of binary, ternary, and quaternary nitride layers with nanoscale
bilayer thickness exhibit remarkably high hardness (>30 GPa) and wear resistance
under HT conditions. The combined protective surface oxide formation and multilayer
structure restrict crack propagation, and further oxidation results in enhanced wear
resistance;

• Gradient coatings with Si-rich surface layers of hard coatings demonstrate improved lu-
brication and ceramic nitride mechanical strength towards the substrate. Pre-oxidation
of nitride coatings also favors lubricity; however, excessive oxidation deteriorates the
mechanical properties;

• Appropriate soft metal (Ag and Cu) additions exhibit interesting low friction and wear
resistance behavior at intermediate temperatures (up to 500 ◦C) due to the formation
of an out-diffused Ag- and Cu-rich tribolayer;

• At very high temperatures, various coating failure mechanisms are related to the
coating microstructure, compactness, and resistance to HT deformations, as well as
excessive oxidation.
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Abstract: The objective of this study is to explore and compare the mechanical response of AlCrSiN
coatings deposited on two different substrates, namely, WC-Co and cBN. Nano-indentation was used
to measure the hardness and elastic modulus of the coatings, and micro-indentation was used for
observing the contact damage under Hertzian contact with monotonic and cyclic (fatigue) loads.
Microscratch and contact damage tests were also used to evaluate the strength of adhesion between
the AlCrSiN coatings and the two substrates under progressive and constant loads, respectively.
The surface damages induced via different mechanical tests were observed using scanning electron
microscopy (SEM). A focused ion beam (FIB) was used to produce a cross-section of the coating–
substrate system in order to further detect the mode and extent of failure that was induced. The
results show that the AlCrSiN coating deposited on the WC-Co substrate performed better in regard
to adhesion strength and contact damage response than the same coating deposited on the cBN
substrate; this is attributed to the lower plasticity of the cBN substrate as well as its less powerful
adhesion to the coating.

Keywords: AlCrSiN; quaternary coating; WC-Co; cBN; nano-indentation; microscratch; adhesion strength

1. Introduction

Hard protective coatings are frequently used in the tool industry to improve wear and
corrosion resistance [1,2]. Based on traditional binary metal nitride ceramic coatings (such
as CrN and TiN), aluminum (Al) and silicon (Si) are introduced to form quaternary coating
systems (AlCrSiN and AlTiSiN) with enhanced mechanical properties, thermal stability, and
wear resistance [3,4]. By adding Al and Si, an oxide-rich layer is formed on top, contributing
to improved oxidation resistance and thermal stability of the coating [5,6]. In addition, the
amorphous Si3N4 phase formed in the grain boundary inhibits the neighboring grains from
sliding, which results in better hardness and thermal stability [7–9].

These coatings are normally deposited via physical vapor deposition (PVD) [10,11].
The crystalline phase coatings consist of a face-centered cubic lattice with high atomic
density formed via crystallization of a metastable amorphous phase after thermal treatment,
producing a coating with a columnar structure [12–14].

Although the mechanical properties of these coatings have been studied before [15],
information about mechanical behavior when the coatings are deposited on different
substrates is scarce. Performance of tool materials is governed by both the coating and the
substrate, which may result in very different performances even for the same coating if
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the substrate is different. The two most used hard substrates in the coating industry are
hardmetals (also known as cemented carbides) and cubic boron nitride.

Hardmetals are composed of a hard WC phase bonded with a metal, usually cobalt
(WC-Co), presenting an outstanding combination of mechanical properties including
hardness, fracture toughness, and wear resistance [16,17]. Cubic boron nitride (cBN) is a
superhard material consisting of cBN particles bonded with a ceramic, with hardness only
second to diamond, with an extremely high hardness and wear resistance together with
exceptional thermal and chemical properties [18–24].

There are some examples of studies exploring the effects of different substrates on
quaternary coatings, but they focus mainly on metallic substrates. For example, Gao Y. et al.
focused on how the structure of AlCrSiN coating protected high-speed steel (HSS) [25],
and K. Tuchid et al. studied thermal oxidation on HastelloyX substrate [26]. These papers
studied just one substrate, so it is interesting to study the effect of different substrates in
the mechanical responses of TiAlSiN coatings under contact loads. Similar studies on other
types of coatings exist. Sveen et al. [27] studied the scratch adhesion of TIAlN on three
different substrates (high-speed steel, cBN, and cemented carbides), but no evidence exists
on quaternary AlCrSiN coatings.

Therefore, the present study focuses on comparing the mechanical responses of Al-
CrSiN quaternary coatings deposited on two different hard substrates, WC-Co and cBN,
with the objective of understanding the mechanical performances of the coated materials.

2. Experimental Procedure
2.1. Sample Preparation

AlCrSiN coatings were deposited on two different commercially available hard sub-
strates of cemented carbide (WC-Co) and cubic boron nitride (cBN), making two different
coating–substrate systems: AlCrSiN/WC-Co and AlCrSiN/cBN. The WC-Co material
consisted in WC grains with 0.9 ± 0.4 µm grain size and 10% of cobalt content, while the
cBN material had a low cBN content with an average grain size of 1.5 microns and a TiN
ceramic binder.

Cathodic arc evaporation was used to deposit the AlCrSiN coatings. The process was
carried out using the industrial equipment Platit p80, in a vacuum chamber with an argon
atmosphere at 0.8–2 Pa and a negative bias voltage of −65 V. Cr, and Al+Si cathodes were
used as the material source. A description of the deposition process of the AlCrSiN coatings
with a Cr adhesion layer can be found in [28]. The composition of the coatings is presented
in Table 1.

Table 1. Element concentrations of AlCrSiN coating deposited on WC-Co substrate.

Element Al Cr Si N

Concentration (at.%) 41 13 8 38

The thicknesses of coatings were measured using the Calowear test, and calculations
for the coating thicknesses were performed using Equation (1).

t =
(R + r)(R − r)

d
(1)

where t is the thickness of coating, and d is the diameter of the hard steel sphere. R is the
outer edge radius of the ring depression, and r is the inner edge radius of the depression,
both of which were measured using electric scanning microscopy (Phenom XL Desktop
SEM, Phenom-World, Eindhoven, The Netherlands).

2.2. Characterization of Structure and Composition

The crystallographic phase of the coating was characterized using glancing incident
angle X-ray diffraction (GIXRD) with Cu X-ray tube radiation (D8 advance, Bruker, Billerica,
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MA, USA), and the test voltage and current went up to 40 kV and 40 mA. The incident
angle was fixed at 1◦. The scan speed was 10 s per step, and a 0.01◦ scan size was performed
from 20◦–70◦.

2.3. Nano-Indentation and Micro-Indentation

The hardness and elastic modulus were measured with a Nanoindenter XP, Oak Ridge,
TN, USA, with a continuous stiffness measurement. All surfaces of the coatings were
slightly polished using colloidal silica under the force of 1 N and cleaned using acetone to
lessen the effect caused by the roughness of the coatings during measurement [29]. Nano-
indentation tests were performed with a Berkovich diamond tip calibrated against a fused
silica standard. An array of 25 imprints was made for each sample with a constant strain
rate of 0.05 s−1. All indentations were performed with up to 2000 nm maximum penetration
depth. The calculations of the hardness (H) and elastic modulus (E) were obtained via
the Oliver–Pharr method, and the Poisson ratio was assumed to be ν = 0.25 [12]. The
hardness was measured at 10% penetration depth, and the elastic modulus was estimated
by extrapolating the results to null thickness.

The spherical contact response was assessed by means of spherical micro-indentation
with both monotonic and cyclic loads. Hertzian tests were carried out using a servo
hydraulic test machine (Instron 8500, Instron, Norwood, MA, USA) using a cemented
carbide sphere with a radius of 5 mm. Monotonic loads were conducted following a
trapezoidal waveform, at a loading rate of 500 N/s and holding 10 s at maximum load,
under seven equally spaced loads: 2000 N, 3000 N, 4000 N, 5000 N, 6000 N, 7000 N, and
8000 N. The same loading waveform was applied for the cyclic loading with a frequency of
3 Hz and 103 circles. At least three indentations were made at each load and loading mode.

2.4. Adhesion Test

Adhesion strength between coating and substrate was evaluated with scratch and
contact damage tests. Scratch tests were conducted using a Revetest Scratch tester (CSM
Revetest, Buchs, Switzerland) with a progressive load from 0 N to 90 N at a constant loading
rate of 10 N/min with a Rockwell C tip radius, and 120◦ apex angle, and length of 5 mm.
Contact damage tests were performed using the same tip geometry [30]: a Rockwell C
indenter was pressed against the surface of samples to generate deformation and cracking.
Nine loads were used for the two coated systems, 9.8 N, 49 N, 98 N, 196 N, 294 N, 392 N,
490 N, and 613 N, with the intention of producing different types of damage. Failure and
damage produced via scratch and contact damage tests were observed using scanning
electron microscopy (SEM).

2.5. Microscopy

A Phenom XL SEM and a Zeiss Neon 40 SEM-FIB coupled with an energy dispersive
X-ray detector (EDX) were used to observe the samples. The cross-section using FIB for
the coated systems was performed by using gallium ions accelerated up to 30 kV with a
decreasing ion current down to 500 pA. A protective layer of platinum was deposited on
the area of interest to avoid the waterfall effect.

3. Results and Discussion
3.1. Coating Composition and Coating Thickness

To confirm crystallographic structure and composition, XRD patterns were created
and are presented in Figure 1. The phase detected for the coatings on both substrates was
(Cr,Al)N solid solution, which was the main phase of the AlCrSiN coating. The (111), (200),
and (220) of peaks were shifted about 0.2 degrees due to the lattice expansion produced by
the substitution of Cr atoms with Al atoms [31,32]. The WC-Co substrate was also detected,
as shown in Figure 1a. In Figure 1b, indexing of the cBN substrate is also presented.
The binder phase TiN of the cBN substrate was clearly identified as a cubic phase. The
diffraction peak at 42.6 degrees was assigned to the face-centered cubic cBN [33].
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Figure 1. XRD patterns of AlCrSiN coatings deposited on (a) WC-Co and (b) cBN substrates. The
coatings present a (Cr,Al)N crystallographic phase.

The deposited AlCrSiN coatings were uniform and dense both on WC-Co and cBN
substrates, as seen in Figure 2a,b. Based on the EDX composition maps, elements of
chromium (Cr), aluminum (Al), and nitrogen (N) were detected in the coatings. Elements
of wolfram (W), cobalt (Co), titanium (Ti), boron (B), and nitrogen (N) were detected on the
substrates. The results are consistent with the compositions of coatings and substrates.
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Figure 2. SEM micrograph of the cross-section and the EDX composition maps for corresponding
areas. (a) AlCrSiN coating deposited on WC-Co substrate, (b) AlCrSiN coating deposited on cBN
substrate together with the platinum layer to avoid the waterfall effect during milling procedure, and
the crack in the coating and substrate was caused by the scratch test.

The measured thicknesses of the coatings are presented Table 2, showing similar
values for both substrates. Consequently, the geometry is similar, and the results of the
mechanical testing can be compared for both substrates.
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Table 2. Thickness of coating–substrate systems.

Coating AlCrSiN

Substrate WC-Co cBN
Thickness (µm) 3.6 ± 0.4 3.5 ± 0.3

3.2. Mechanical Properties of the Coating–Substrate Systems

The results of nano-indentation are presented in Table 3, and the images of nano-
indentation imprints are presented in Figure 3. According to Table 3, the AlCrSiN coatings
exhibited similar values when deposited on different substrates, WC-Co and cBN, which
means the mechanical properties of the coatings were not altered by the substrates. Some cir-
cumferential cracks, shown in Figure 3c, appeared at the inner edge of the nano-indentation
and indicated that the cracking resistance of the AlCrSiN coating deposited on the cBN
substrate may be lower than the sample with the WC-Co substrate, probably due to the
higher stiffness of the substrate.

Table 3. Mechanical properties of coating–substrate systems.

Material Hardness
(GPa)

Elastic Modulus
(GPa)

H/E H3/E2

Coating AlCrSiN on WC-Co 40 ± 5 553 ± 60 0.073 0.211
AlCrSiN on cBN 39 ± 4 508 ± 52 0.076 0.225

Substrate
WC-Co 31 ± 3 574 ± 54 0.054 0.091

cBN 36 ± 5 510 ± 90 0.071 0.179
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Figure 3. SEM images of nano-indentation, (a) AlCrSiN coating deposited on WC-Co substrate,
(b) AlCrSiN coating deposited on cBN substrate, (c) magnification of the circumferential cracks
highlighted with dotted circle on the image (b).

3.3. Adhesion Tests

Figure 4 presents the scratch tracks of the two coating–substrate systems obtained via
optical microscopy together with the magnification of failure events via SEM. It is seen how
plastic deformation, microcracking, and delamination occurred as the load was increased.
First, cracking of the coating (indicated as LC1) was present in both samples. For the WC-Co
substrate, stick–slip deformation was induced via compressive stress and appeared at the
contour. As the load increased, transverse cracks, which were induced by tensile stress,
appeared until spallation of the coating occurred; this load is defined as the second critical
load (LC2), implying failure of the interface between coating and substrate [34]. Interfacial
failure occurred much earlier in the cBN substrate (seen in Figure 4b,c) with clear spallation
of the coating [35,36]. Fracture features were also different, with more substrate exposure
in the case of cBN.
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Figure 4. The optical profile and SEM images of failure after scratch tests of AlCrSiN coatings
deposited on WC-Co and cBN, two different substrates. The second critical loads (LC2) are magnified
in the images of (a,b), respectively. (c) shows the scenario in which cBN substrate was totally exposed
after receiving more of the second critical load. The first critical loads (LC1) are magnified in the
images of (d,e), respectively.

The scratch crack propagation resistance (CPRs) was calculated to rationalize the
scratch resistance of the coatings in the coating–substrate systems, calculated using
Equation (2) [37,38].

CPRs = Lc1(Lc2 − Lc1) (2)

where LC1 is the first critical load and the start of lateral crack, and LC2 is the second critical
load and the start of the coating delamination or spallation. The results are presented in
Figure 4.

The critical stress σc was calculated using Equation (3).

σc =

(
2Lc2

πd2
c

)


(
4 + ν f

)
3πµ

8
− 1 + 2ν f


 (3)

where dc is the track width at LC2, µ is the friction coefficient calculated using the friction
force, and νf is the Poisson ratio of the coatings [39]. The surface energy of the known
interfacial crack (adhesion energy) is then defined using Equation (4) [39–42].

Gc =
πd2

c
2E

(4)
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where t and E are the thickness and elastic modulus of coatings, respectively. The experi-
mental values of t and E are presented in Tables 1 and 2, respectively.

The results of CPR and adhesion energy are presented in Table 4. The AlCrSiN coating
deposited on the WC-Co substrate presents higher CPR values, which means better scratch
resistance. The adhesion energy between the AlCrSiN coating and WC-Co substrate was
higher than for the cBN substrate, which illustrates better adhesion strength between the
coating and WC-Co substrate. Calculation of adhesion energy followed the method from
the previous study by S. J. Bull et al., and the values of Gc were similar to previous research
on similar coatings such as CrAlN and AlCrSiN [34,40,43,44].

Table 4. Scratch crack propagation resistance and adhesion energy of both coated samples.

Coating Substrate CPR (N2) GC (J/m2)

AlCrSiN
WC-Co 1244 ± 87 357 ± 36

cBN 48 ± 7 210 ± 20

Figure 5 presents the SEM images after the contact damage tests at a series of normal
loads of 98 N, 196 N, and 294 N. For the sample of AlCrSiN coating deposited on the WC-Co
substrate, the coating does not show any cracking. At loads of 196 N and higher, radial
cracking and delamination can be observed. In the case of the cBN substrate, delamination
is clearly present even for the smaller loads. As the load increases, more spalling of the
coating is observed, similar to previous research on similar materials [34,45,46].
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Figure 5. SEM images of the contact damage tests of AlCrSiN coatings at 98 N, 196 N, and 294 N with
a Rockwell C tip for both substrates. Contact area of the coating on WC-Co for 98 N is indicated.

In order to further inspect the mechanisms of this delamination, lower loads of 9.8 N
and 29.4 N were conducted on the cBN substrate sample, and the surface was observed
using SEM, as presented in Figure 6. Under a lower normal load, delamination of the
AlCrSiN coating appeared on the surface. Cohesive failure of the coating was evident with
normal load of 9.8 N, as seen in Figure 6(a2), where it can be seen that the coating had
fractured, without exposing the substrate. However, when the normal load was increased to
29.4 N, the coating was totally delaminated from the cBN substrate, as seen in Figure 6(b2).
This conclusion is xposure of the cBN substrate indicates that adhesion failure between the
AlCrSiN coating and cBN substrate was produced at that load. In any case, this illustrates
worse mechanical performance as compared to the WC-Co substrate.
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Figure 6. SEM images of the contact damage tests of AlCrSiN coatings deposited on cBN substrates
with a Rockwell C tip. The failures in (a1,a2) were under 9.8 N and in (b1,b2) were at 29.4 N.

3.4. Mechanical Response under Contact Loading

Both materials were indented using a spherical indenter with a monotonic load and
cyclic load to investigate the contact mechanical response under different conditions [47–49].
Figure 7 shows the SEM images of the damage failure induced via spherical indentation
under monotonic loads. The surface of the cBN substrate sample presented discontinuous
cracks under the monotonic loads of 2000 N. When the load increased up to 3000 N, the
edge of the indentation formed a complete crack circle. However, for the samples deposited
on the WC-Co, the discontinuous cracks and complete ring cracks appeared at larger loads
of 5000 N and 6000 N, respectively, which shows the form and shape of the cracks over
the load of the first damage. In agreement with previous results, the contact resistance
of the coatings deposited on the WC-Co is larger than for the coatings deposited on the
cBN substrates.

Based on the results, fatigue tests were conducted at the loads causing first damage,
that is 5000 N and 2000 N for the samples on WC-Co and cBN substrates, respectively,
as presented in Figure 8. For the cBN substrate, the ring crack was fully developed, and
partial delamination could be observed, as seen in Figure 8(b1). However, for the WC-Co
substrate, the ring crack was not fully developed, even after 103 cycles under 5000 N, the
same load that appeared for first damage, as seen in Figure 8(a1). The results indicate that
the AlCrSiN coatings deposited on the WC-Co substrate performed better under contact
fatigue than the same coatings deposited on the cBN substrates.
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In order to further explore the direction of crack development caused by fatigue tests,
the cross-section at the complete circle crack were performed using FIB, as shown in Figure 9.
The ring cracks of the surface penetrated both the AlCrSiN coatings and both substrates.
For the cBN substrate, a part of each coating was removed from the surface, as seen in
Figure 9(b1), with a delaminated area of coating forming a valley shape. However, as seen
in Figure 8(b1), the coatings were completely spalled from the cBN substrate, indicating that
cohesive and adhesive failure of the coatings coexisted under contact fatigue loading. As
seen in Figure 9(b2), the ceramic binder of the cBN substrate suffered microcracking due to
the cyclic loads. For the samples deposited on the WC-Co substrate, only some transverse
cracks appeared in the coating and substrate, which kept their original morphologies,
as seen in Figure 9(a1,a2); the overall shape of coating–substrate system remained intact,
and transverse cracks only appeared inside the coatings but not at the interfaces. Another
interesting phenomenon can be observed in Figure 9(b1,b2), where the interface between the
AlCrSiN coatings and cBN substrate was not flat but rather kept the tortuous morphology
of the surface of the cBN substrate. Multiple cracks were observed in the ceramic binder of
the cBN substrate, and the substrate appeared to be crushed along with the periphery of
the boron nitride particles.
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Figure 9. Cross-section SEM images of indentations and morphologies of fatigue cracks. (a1,a2)
present the sample of AlCrSiN coating deposited on WC-Co substrate under the cyclic load of 6000 N
with 103 cycles, (b1,b2) present the sample of AlCrSiN coating deposited on cBN substrate under the
cyclic load of 3000 N with 103 cycles. (a2,b2) are the enlarged views of the corresponding areas in
(a1,b1), respectively.

4. Discussion

From the results presented above, it is clear that coatings deposited on cBN have a
lower mechanical performance as compared with the same coatings deposited on WC-Co
substrates. Adhesion strength, as measured by scratch testing, is lower, implying that the
coating delamination is easier in this substrate. In addition, different fracture features are
evident for both substrates.

This lower adhesion can be partially attributed to the difference in chemical nature
of each substrate. However, it is also seen that the structural integrity of the coating is
also more affected when deposited on the cBN substrate under contact loadings, albeit
having the same composition and intrinsic mechanical properties such as hardness and
elastic modulus. In this sense, the differences in mechanical properties of the two substrates
induce different contact damage responses and damage evolutions with increasing loads
(as seen in Figures 7 and 8). As seen in Table 2, cBN is harder than WC-Co. If the contact
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loading is performed at relatively high loads (such as the contact damage and scratch
tests) deformation will be a combined response of both coating and substrate. Because
of the cBN substrate’s higher hardness, its deformation will be concentrated close to the
surface, which will lead to a larger amount of microcracking in order to accommodate the
deformation [50]. These results are in agreement with Sveen et al. [27], who also observed
much lower scratch resistance and different damage mechanisms for the cBN substrate.
In the case of contact loads, the results are also in agreement with the work of S. Gordon
et al. [21]. who studied TiN/TiAlN-coated cBN under contact loads and found that failure
appears near the interface between the AlCrSiN coating and the cBN substrate. In Figure 9,
in the FIB cross-section, one can see the existence of microcracking of the substrate, which
can explain the failure of the substrate observed by these authors and in this work as well.

From the above results, it is clear that the contact resistance of coated hard materials is
a multifaceted issue, in which the microstructures of both coating and substrate, as well as
interfacial adhesion, play a key role.

5. Conclusions

The mechanical performances of the AlCrSiN coatings deposited on WC-Co and cBN,
two different substrates, have been comparatively characterized. Our main conclusions
can be summarized as:

(1) Nano-indentation results show the same value of mechanical properties and thick-
nesses of the coatings when deposited on both substrates as well as chemical compositions.
The crystal structure of AlCrSiN coatings deposited on different substrates was mainly
(Cr,Al)N solid solution. Si was not detected using XRD due to its relatively small amounts
or the formation of an amorphous phase. Therefore, the coating structure is not affected by
the substrate.

(2) Through microscratch tests, AlCrSiN coatings deposited on the WC-Co substrate
presented better adhesion than those deposited on the cBN substrate. This is further
evidenced by the contact damage tests, during which a part of an AlCrSiN coating totally
detached from the cBN substrate at 29.4 N, but the delamination of the AlCrSiN coating on
the cBN substrate appeared at 294 N.

(3) The results of mechanical response under contact Hertzian loads presented that
AlCrSiN coatings deposited on the WC-Co substrate perform better resistance to monotonic
loads and cyclic loads than those coatings deposited on the cBN substrate. Using SEM and
FIB, cohesive and adhesive failures of AlCrSiN coatings were observed under cyclic loads
when deposited on the WC-Co and cBN substrates, respectively.

The differences in mechanical performances of the same coating deposited on differ-
ent substrates depend on both adhesion strengths and distinct mechanical properties of
the substrates.
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Abstract: This paper is devoted to the problem of the thermal fracture of a functionally graded
coating (FGC) on a homogeneous substrate (H), i.e., FGC/H structures. The FGC/H structure was
subjected to thermo-mechanical loadings. Systems of interacting cracks were located in the FGC.
Typical cracks in such structures include edge cracks, internal cracks, and edge/internal cracks. The
material properties and fracture toughness of the FGC were modeled by formulas based on the rule of
mixtures. The FGC comprised two constituents, a ceramic on the top and a metal as a homogeneous
substrate, with their volume fractions determined by a power law function with the power coefficient
λ as the gradation parameter for the FGC. For this study, the method of singular integral equations
was used, and the integral equations were solved numerically by the mechanical quadrature method
based on the Chebyshev polynomials. Attention was mainly paid to the determination of critical
loads and energy release rates for the systems of interacting cracks in the FGCs in order to find ways
to increase the fracture resistance of FGC/H structures. As an illustrative example, a system of three
edge cracks in the FGC was considered. The crack shielding effect was demonstrated for this system
of cracks. Additionally, it was shown that the gradation parameter λ had a great effect on the fracture
characteristics. Thus, the proposed model provided a sound basis for the optimization of FGCs in
order to improve the fracture resistance of FGC/H structures.

Keywords: thermal fracture; system of cracks; functionally graded coatings; fracture toughness; rule
of mixtures

1. Introduction

Functionally graded coatings (FGCs) are widely used in different engineering struc-
tures, e.g., for thermal barrier coatings (TBCs) in gas turbine engine blades and vanes to
protect metal components from overheating and melting [1]. Functionally graded materials
(FGMs) are a special type of composite, consisting of a graded pattern of material compo-
sition and/or microstructures, so that the properties of FGMs vary continuously across
spatial coordinates through the depth of the layer. FGCs with a gradual compositional
variation from heat-resistant ceramics to fracture-resistant metals have been proposed
in order to reduce thermal residual stresses causing delamination and the debonding of
interfaces, enhance coating toughness, and improve the long-term performance of TBCs.
However, cracks can occur because of initial defects or microcracks that appear during
manufacturing or operation. Therefore, the study of the fracture of FGCs is important for a
better understanding of the fracture resistance of graded coatings.

At present, great progress has been achieved in the study of the fracture behavior of
FGMs and FGM structures. An overview of important trends in the study of the fracture
behavior of FGMs is presented in [2], where one can find useful references on a wide range
of problems, including the thermal and thermo-mechanical fracture of FGMs and related
structures. A recent review [3] includes work on FGM fracture under mechanical loads,
especially dynamic and fatigue loads, and discusses crack propagation and crack growth
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trajectory in FGMs, as well as the effects of material gradation on crack tip fields and
crack growth.

Finite element methods and extended finite element methods are extensively used for
the computational modeling of FGMs and cracks in FGMs (see references in [2]). Recently,
the methods of peridynamics [4] and the phase field approach [5] have been effectively
applied in modeling the complex crack propagation paths in FGMs. In [4], systems of
interacting cracks in FGMs, namely a macrocrack and various microcrack configurations,
were studied with respect to the shielding effect of microcracks (and improved fracture
toughness) or the opposite effect of crack propagation acceleration due to microcracks.
In [5], 2D and 3D cracks in FGMs were investigated by the phase field formulation. Finite–
discrete element methods are also applied in fracture problems for FGMs. For example,
in [6], such a method was used to analyze a coupled thermo-mechanical fracture problem
for a system of two interacting edge cracks in an FGM.

Analytical and semi-analytical solutions are important tools in fracture studies for
FGMs. They can be used as a separate approach for a study, or as a part of a numerical
modeling process. An overview of some of the analytical methods used to solve crack
problems in FGMs can be found in [2]. Analytical solutions for steady-state heat transfer in
a finite cylinder and a hollow sphere made of an FGM (both undamaged) are presented
in [7,8], respectively. For the thermal conductivity coefficient, a power function of two
spatial coordinates was used. The Robin boundary condition (also called the third type
boundary condition) [9] was adopted for this problem. The choice of this FGM model and
these boundary conditions made it possible to derive the exact general analytical solution.
The influence of material constants and the conductivity ratio was investigated to shed
light on the material selection with respect to the temperature distribution. It should be
noted that in [10], the use of the Robin boundary condition in the stationary problem of heat
conduction helped to derive explicit representations of the singular terms of the asymptotic
expansion of the heat flow in the vicinity of the crack tips in an FGM plate with a crack.

Functional gradation opens up new directions for optimizing both material and com-
ponent structures to achieve high performance and material efficiency. At the same time,
it posits many challenging mechanics problems, including the prediction and measure-
ment of the effective properties, thermal stress distributions, and fracture of FGMs. The
modeling and evaluation of the effective properties of FGMs has been considered in many
works [11–13]. In [14], a comprehensive experimental and numerical study of the deforma-
tion and fracture of aluminum matrix–carbide particle composites was carried out. The
applied numerical procedure could be useful for studying the fracture of ceramic/metal
FGM structures. The evaluation of the fracture toughness of FGMs is also a very important
problem for studying FGC fractures [15–18]. In [19], the analysis of the fracture parameters
with respect to critical loads for a system of edge and internal cracks in FGCs showed the
importance of taking into account the variation in fracture toughness through the thickness
of the FGCs.

In our previous works [19–23], the theoretical study of the thermal and thermo-
mechanical fracture of FGC/H structures was carried out under thermo-mechanical loading.
These simulations were performed for different crack systems and geometries (edge crack
systems [20], edge and internal cracks [21], edge and internal cracks imitating a curved
interface [22]). Models for FGMs and some special models for cracks, such as partially
thermally permeable cracks and cracks with contact, which could be used in the problem
considered herein, were discussed in [23]. In [19–23], an exponential model of material
properties was used. In the present work, the problem of the thermal fracture of FGM/H
structures was investigated with the application of functions based on the rule of mixtures.
To the best of the authors’ knowledge, the problem of the interaction of arbitrarily located
cracks in FGC/H structures with material properties described by functions based on the
rule of mixtures has not be previously addressed.

Considering the possibility of optimizing an FGC in terms of improving its fracture
toughness, material models based on the rule of mixtures are preferable. These models
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contain a gradation parameter, which can be used to evaluate the profile of changes in
the properties over the coating thickness. The rule of mixtures, originally applied to
conventional composites, has been successfully used in FGMs [13,15]. The present work
was devoted to the problem of the thermal fracture of FGC/H structures using functions
based on the rule of mixtures. Emphasis was placed on the determination of critical stresses
and the energy release rate near crack tips. One illustrative example is discussed for a
system of interacting edge cracks in an FGC/H (PSZ/steel) structure.

2. Formulation of the Problem

In this theoretical work, the problem was considered for structures consisting of a
functionally graded coating (FGC) of thickness h and an underlying homogeneous substrate
(H), that is, for FGC/H structures, as shown in Figure 1. For thermal barrier coatings (TBCs),
the top of the FG layer is made of a ceramic, a material with low thermal conductivity,
and the homogeneous substrate is made of a metal. The FGC/H structure is cooled by ∆T,
∆T > 0 (e.g., cooling from operating temperatures), and a tensile load p is applied parallel
to the surface (see Figure 1).
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Figure 1. FGC/H structure with a system of cracks under the influence of thermal and mechanical
loads. The fracture toughness KIc(y) changes with the y-coordinate through the FGC thickness.

Pre-existing systems of cracks (length 2ak) in the FGCs were considered. A global
coordinate system (x, y) with the x-axis lying on the FGC’s surface was introduced, and the
local coordinates (xk, yk) refer to each crack, with the xk-axis on the crack lines, as shown in
Figure 2a. The position of cracks was determined explicitly by their midpoint coordinates
(xk

0, yk
0) (or in the complex form zk

0 = xk
0 + iyk

0, where i is the imaginary unit) and the
inclination angles αk to the x-axis, or βk for edge cracks (βk = –αk), see Figure 2a.
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Figure 2. (a) Global (x, y) and local (xk, yk) coordinate systems; (b) three edge cracks.

The following assumptions were used for this problem. (1) The uncoupled, quasi-static
thermo-elasticity theory was applied, i.e., that the temperature distribution is independent
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of the mechanical field. (2) The thermal and mechanical properties of an FGC are continuous
functions of the thickness coordinate y. (3) The non-homogeneity of the functionally graded
material is revealed in the form of the corresponding inhomogeneous stress distributions
on the surfaces of cracks [17,24,25]. These assumptions were also used in our previous
works (e.g., see [19–23]).

3. Material Properties for FGCs and Residual Stresses

Due to the applications of TBCs and their requirements, in this study, only (ce-
ramic/metal)/metal coatings were considered, that is, coatings in which the material
composition varies with the y-coordinate from ceramic at the top of the FGC to metal in
the substrate. Consequently, the thermal and mechanical properties of the FGC also vary
continuously with the thickness coordinate y and can be mathematically described by a
continuous function. It should be noted that this method is applicable to different material
combinations.

In our previous works [19,21], an exponential form of Young’s modulus and the ther-
mal expansion coefficient was used, while in [23], a linear model was applied. The Poisson’s
ratio was assumed to be constant and equal to the value of the homogeneous substrate.
Along with the change in these mechanical properties, the change in fracture toughness was
also taken into account [19,21]. The importance of considering fracture toughness variation
when determining critical stresses and assessing fractures was demonstrated in [19].

Another possibility for modeling FGC properties is the rule of mixtures, which with
its various modifications has long been used for conventional composites. In contrast to
conventional composites, in FGMs, the volume fraction of one material in relation to the
other varies; thus, the effective properties for FGMs depend on the volume fraction of one
material in relation to the other. In the present study, the thermal and mechanical properties
as well as the fracture toughness (KIc) of the FGC were modeled by the rule of mixtures.
The FGC consisted of two constituents, a ceramic on the top and a metal as a homogeneous
substrate, with their volume fractions Vc and Vm, respectively, determined by a power
law function:

Vm(y) =
[y

h

]λ
=

[
1
h

(
h + Im

(
z0

n

)
− xn sin(βn)

)]λ
, (1)

Vc(y) = 1−Vm(y) (2)

with the power coefficient λ as the gradation parameter for the FGC. This parameter could
be set to different values to realize different volume fractions as desired. The indices c and
m refer to the volume of ceramic and metal, respectively. The case λ = 0 corresponds to a
homogeneous material.

The material properties (the coefficient of thermal expansion and Young’s modulus)
of the functionally graded coating were assumed to take the following forms:

αt(y) =
αtmVm(y)Em/(1− ν) + αtcVc(y)Ec/(1− ν)

Vm(y)Em/(1− ν) + Vc(y)Ec/(1− ν)
, (3)

E(y) = Ec


 Ec + (Em − Ec)Vm(y)(2/3)

Ec + (Em − Ec)
(

Vm(y)(2/3) −Vm(y)
)


 (4)

These expressions for the effective properties were used by Noda et al. [13]. In
Equation (3), ν is Poisson’s coefficient.

The fracture toughness (KIc) for FGCs also varies with the coordinate y and can
be determined using one of the models described in [13,15]. This change in KIc(y) is
schematically shown in Figure 1. In [19,21,22], the fracture toughness for an FGM was
determined theoretically and used for calculations. In the present work, to determine the
fracture toughness, function (4) was used, where E should be replaced by KIc.
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The method of superposition was used to solve this problem, so that loads at infinity
are reduced to the corresponding loads on the crack faces. Thus, the tensile load is reduced
to the load pn on the crack surfaces (see, e.g., [26]):

pn = σn − iτn = p(1− exp(2iβn))/2 = pf(βn) (n = 1, 2, ..., N) (5)

Here, N is the number of cracks. Additionally, as the temperature changes, e.g., when
the structure is cooled by ∆T, residual stresses arise due to the mismatch in the thermal
expansion coefficients (σT

n). Furthermore, the change in E leads to residual stresses σe
n.

Thus, in standard FGCs, the full load on the n-th crack consists of pn, σT
n, and σe

n, where
the index “n” denotes that the functions are written in the local coordinate system (xn,yn)
connected with the n-th crack (see, [24]):

p∗n = pn + σe
n + σT

n= pf(βn) + pf(βn)[E(y)− 1] + Q[αt(y)− 1]E(y), (n = 1, 2, ..., N). (6)

Q = αt1∆TE1 (7)

It is assumed that p = Q; otherwise, the additional loading parameter p/Q should be
considered. E1 and αt1 are the material parameters of the substrate, and αt(y) and E(y) are
obtained from Equations (3) and (4), respectively.

4. Solution and Determination of Fracture Characteristics

The method of singular integral equations was used. The integral equations were
formulated using the method of complex potentials (see, [26]). On the right side of the
equations were the known functions for the loads (see Equation (6)), and the unknowns
were the derivative of the displacement jumps on the crack lines. The equations were
solved numerically using the method of mechanical quadrature, based on the Chebyshev
polynomials [26]. As a result of this method, the system of singular integral equations was
reduced to a system of algebraic equations, from which the unknown derivatives of the
displacements jumps on the crack lines were determined. Then, the stress intensity factors
near the crack tips were calculated.

A complete description of the singular integral equations for this problem, as well
as their numerical solutions, is provided in [21,22] and is not repeated here. The present
equations differ from those previously described only in the right-hand sides contain-
ing the load functions. In the present problem, these load functions were defined by
Equations (6) and (7).

In the considered problem, the cracks are mainly under mixed-mode loading condi-
tions. The mixed-mode loading is due not only to the applied thermal and mechanical
loads, but also to the interaction of cracks and the gradation of the material. That is, both
stress intensity factors, Mode I and Mode II, are generally not equal to zero. In this case, the
cracks will deviate from their initial paths. For predicting crack growth and determining
its direction, the criterion of maximum circumferential stresses [27] was applied in this
study. According to this criterion, the crack deviation angle φ (or the so-called fracture
angle, see Figure 2b) and the critical stress intensity factors were calculated using the
following relations:

φn = 2arctan
[(

KIn −
√

K2
In + 8K2

IIn

)
/4KIIn

]
, (8)

Keq
n ≡cos3(φn/2)(KIn − 3KIIn tan(φn/2)) = KIc, tip or Keq

n = KIc, tip (9)
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Equation (9) shows that crack growth occurs as soon as the equivalent stress intensity
factor Keq

n reaches the fracture toughness KIc. From Equation (9), the critical loads were
obtained as follows:

pcrn
p0

=
KIc,n tip

cos3(φn/2)(kIn − 3kIIn tan(φn/2))

√
a√
an

, (10)

where p0 = KIc1/
√
πa is the critical load for a single reference crack subjected to a load p normal

to the crack line with the stress intensity factor K0 = p
√
πa and a = max

n=1,...,N
an (n = 1,2, . . . , N,

where N is the number of cracks). For an FGM, KIc is defined by an expression similar to
Equation (4).

In Equations (8)–(10), the dimensional and non-dimensional stress intensity factors
(SIFs) are related as follows:

KIn − iKIIn = p
√
πan(kIn − ikIIn) (11)

The fracture angle φn is shown in Figure 2b. First, the angle of the crack propagation
(fracture angle, Equation (8)) was obtained. Then, the critical loads were calculated near the
crack tips (Equation (10)). Finally, the weakest crack was defined by the following conditions:

Pcr = min
n

pcr n/p0 (n = 1, 2, ..., N).

In the present work, attention was mainly paid to the determination of critical loads
for systems of interacting cracks in an FGC. Crack path predictions (based on fracture
angles) for other material models were investigated, e.g., in [22].

Another fracture characteristic that is particularly useful for studying fracture in FGCs
is the energy release rate:

Gn

G0
=
[
k2

In + k2
IIn

]an

a
· E′1

E′(y)
(12)

where E’ represents E for the plane stress and E/(1−ν2) for the plane strain state; E1 is the
Young’s modulus of the substrate; E(y) is given in Equation (4); the energy release rate G0
refers to a single reference crack; and the non-dimensional stress intensity factors kI and kII
are defined in Equation (11).

5. Results

As an illustrative numerical example, consider three edge cracks as shown in Figure 2b.
The results were obtained for the following parameters: d/a = 4.0, h/a = 4.0, 2a—crack size;
∆T = 300 ◦C. The thermal load Q is defined by Equation (7). The material parameters are
listed in Table 1 and were taken from [28], where further useful references can be found.

Table 1. Material parameters.

Material Property Top Coat (Ceramic)—PSZ Bottom Coat (Metal)—Steel

Young’s modulus (GPa) 48.0 207.0

Fracture toughness (MPa m1/2) 7.0 50.0

Thermal exp. coeff. (10−6 K−1) 9.0 15.0

The normalized critical loads pcr/p0 as functions of the inclination angle β (βn = β,
n = 1, 2, 3) are shown in Figure 3. Figure 3a,b present the results for three FGM models:
exponential, linear, and the rule of mixtures. Figure 3c,d present the results for the rule
of mixtures for different λ values (0.1, 0.9, 1.9, and 2.9). Figure 3a,c refer to crack 1,
and Figure 3b,d refer to the middle crack 2 (see geometry in Figure 2b). The fracture
characteristics for crack 3 were similar to those of crack 1 and are not shown in the figures.
The largest value for pcr/p0 was for crack 2, and the smallest was for crack 1; thus, a
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shielding effect was observed for crack 2. The lowest pcr/p0 value was for the rule of
mixtures model (for λ = 1), as seen in Figure 3a,b. The pcr/p0 increased with increasing
λ, and for λ = 2.9, the values were close to pcr/p0 for the exponential model (compare
Figure 3a,c for crack 1, and Figure 3b,d for crack 2).
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Figure 3. Critical loads as a function of β: (a,b) for three FG models; (c,d) for the rule of mixtures for
different values of λ (0.1, 0.9, 1.9, and 2.9); (a,c) for crack 1 and (b,d) for middle crack 2.

Different values of the critical load for different material models (as seen in Figure 3)
but the same crack showed a difference in the fracture toughness values determined by
these models, which in turn showed different concentrations of ceramic (metal) near the
crack tip. Different models (or different values of the gradation parameter λ in the rule of
mixtures model) provided different profiles of material change, which meant different KIc
values near the crack tip. As can be seen from Equation (10), pcr/p0 depended on KIc.

Ceramics in coatings create a thermal barrier and protect metal parts from overheating.
The metal content in an FGC increases the strength of the FGC but reduces the thermal
insulation. Thus, it is necessary to balance the content of ceramic and metal in coatings to
improve the thermal insulation properties of FGCs.

Figure 4 depicts the effect of the thermal load Q on the energy release rate (ERR)
(Figure 4a,b) and critical loads pcr/p0 (Figure 4c,d) for a wide range of grading parameter λ
values (from 0.1 to 3.0) in the rule of mixtures model. The results are presented for crack 1
(Figure 4a,c) and middle crack 2 (Figure 4a,c); the cracks were inclined on 90◦ to the surface.
The parameter ranges of thermal loading Q corresponded to a temperature change ∆T (◦C)
from 300◦ to 400◦.
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(c,d); (a,c) for crack 1 and (b,d) for middle crack 2.

An increase in the thermal loading Q caused an increase in the energy release rate
but decreased the critical load; that is, a reduction in the resistance to crack propagation
was observed. This was due to the higher loading (additional residual stress) acting on
the cracks.

The dependence of the fracture characteristics on λ was as follows: with an increase in
the gradation parameter λ, both ERR and pcr/p0 increased. A higher gradation parameter
corresponded to a higher metal content and a lower ceramic content in the FGC.

6. Conclusions

A theoretical study based on the method of singular integral equations was performed
for FGC/H structures under thermo-mechanical loads. For the modeling of the material
gradation of FGCs, functions based on the rule of mixtures were used. The structural
variation of fracture toughness in FGCs was also taken into account and was shown to
play an important role in evaluating fracture characteristics, especially critical loads. An
illustrative example of three edge cracks in an FGC was studied in detail to investigate
the influence of the material and geometrical parameters of the problem on the fracture
characteristics of interacting cracks. The weakest cracks in the considered system of three
edge cracks were the outer edge cracks in the FGC/H (ceramic/metal)/metal structure.
A shielding effect was observed for the middle crack. For the rule of mixture model, it
was observed that the variation in gradation parameter λ led to a significant change in the
fracture parameters, in particular, the critical loads and energy release rates.
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The above results for critical loads and energy release rates demonstrate their strong
dependence on the gradation parameter λ for different combinations of materials in coatings.
Thus, this model is a good candidate for a theoretical evaluation of the desired material
properties of FGCs for their further development in order to improve the thermal fracture
resistance of coatings.
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Abstract: To increase the thermocyclic resistance of material, multilayer coatings with alternating
layers of Zr-Y-O and Si-Al-N were obtained via magnetron sputtering. It was established that a
coating layer based on Zr-Y-O has a columnar structure; the height of the columns is determined
by the thickness of the layer. The Si-Al-N-based layer is amorphous. There were monoclinic and
tetragonal phases with a large lattice parameter in the composition of the Zr-Y-O-based coating layer.
After high-temperature annealing, a tetragonal phase with a small lattice parameter appeared in the
microscope column. In the “in situ” mode, a change in the structural state of the Zr-Y-O coating layer
was detected in the temperature range of 450–500 ◦C; namely, a change in the grain size and coherent
scattering regions, and an increase in internal elastic stresses. It was found that the thermocyclic
resistance increased by more than two times for multilayer samples compared to the single-layer
ones we studied earlier.

Keywords: structure-phase state; multilayer coatings; grain size; curvature torsion; phase transition;
thermal cyclic resistance

1. Introduction

Heat-protective coatings based on ZrO2-Y2O3 are used in the production of gas turbine
engines (GTE) to protect from the effects of the high temperature of the main components:
combustion chambers, nozzle and turbine blades, etc. Such coatings also effectively protect
the metal base of the GTE blades from high-temperature overloads, oxidizing, erosive
and corrosive effects of the aggressive environment (gases) formed during the combustion
of the fuel, and also allow one to effectively deal with the problems that determine the
reliability, operability and the working life of structures, equipment, etc. [1–6].

Ceramic materials based on partially stabilized zirconium dioxide have unique prop-
erties: high bending strength and crack resistance in combination with chemical inertia and
hardness, which makes them widely in demand as structural and functional ceramics [7,8].

It is known that zirconium dioxide ZrO2 has three stable crystal structures that depend
on temperature: a monoclinic structure below 1200 ◦C, a tetragonal structure between
1200 ◦C and 2370 ◦C and a cubic structure above 2370 ◦C. The mechanical properties of
ceramics based on zirconium dioxide are known to be the function of the phase composition
and the structure. Tetragonal zirconium dioxide has high strength and toughness. Various
methods and technologies have been improved for the production and stabilization of the
tetragonal phase in zirconium dioxide materials. The most common method has become the
formation of tetragonal zirconium dioxide by adding stabilizing impurities to it. Analysis
of the literature data has shown that yttrium oxide Y2O3 is most often used as a stabilizing
impurity, which inhibits the transformation of the tetragonal phase into the monoclinic one
during cooling.
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The ZrO2-Y2O3 ceramics system based on the tetragonal modification of zirconium
dioxide (t-ZrO2) has the highest mechanical characteristics, which, in accordance with the
state diagram at normal pressure, exists in the temperature range of 1200–2370 ◦C [8,9].
Alloying of zirconium dioxide with 3–5 mol.% Y2O3 makes it possible to preserve the
high-temperature tetragonal phase in the metastable state up to room temperature [10–14].
The high-temperature phases of zirconium dioxide have high physical and mechanical
properties, which contribute to the great interest in this material. The presence of the
monoclinic–tetragonal transition is accompanied by a sharp increase in volume, which
leads to the destruction of ZrO2 products. To ensure the possibility of using ZrO2, it is
necessary to stabilize high-temperature modifications in the entire temperature range up to
room temperature. It is also known that diffusion and diffusion-free phase transformations
occur in zirconium dioxide ceramics depending on the stabilizing impurities, the pressure,
the temperature, the ambient gas environment, the humidity and the time of their expo-
sure [15–20], which lead to significant changes in the phase composition, the structure and
the mechanical properties of the above material.

For example, stabilization of zirconium dioxide with up to 6 mole% erbium (Er2O3),
samarium (Sm2O3) or neodymium (Nd2O3) leads to stable t’-ZrO2. The compounds Cr2O3-
ZrO2 and Al2O3-ZrO2 decompose into m- and t-phases after heat treatment, and Cr2O3-
ZrO2 retain a stable t’-ZrO2 phase [21]. In the work of Shen [22], the rare earth elements
erbium and yttrium were used for alloying. The use of these elements in various ratios has
led to an increase in the number of the cycles during thermocyclic tests. It is interesting
to note that the number of cycles during thermal cycling for the Y-ZrO2 coating remains
the maximum. This value is comparable with the YEr-ZrO2 coating. The authors explain
the improvement of the thermal conductivity and the thermal cyclical resistance through
the ability of the alloying elements to lead to a non-transformable tetragonal t’ ZrO2 phase.
In other words, the joint alloying of Y and Er leads to a columnar microstructure and a
relatively good thermal insulation ability, which may be responsible for the long service
life of the Y-Er-ZrO2 TBS under thermal shock. In [23], a thermal barrier coating doped
with ZrO2-YO1.5-NbO2 is considered. The addition of niobium contributed to a significant
decrease in the thermal conductivity by about 52% compared to zirconium dioxide with a
molar content of yttrium of 7.6%.

A study of the above phenomena allows one to better understand the nature of phase
transformations, as well as to learn how to control its properties and even predict the
ceramics’ behavior.

The aim of this study was to study the structural and phase states of multilayer
nanocomposite coatings based on alternating heterogeneous Zr-Y-O and Si-Al-N layers and
to trace the processes occurring in the coating structure under heating in the “in situ” mode
via TEM and X-ray, and also to investigate the thermal cycling of the multilayer coating at
high temperatures.

2. Materials and Methods

The deposition of the coating was produced using the «KVANT-03MI» equipment [24]
with two magnetrons using mosaic zirconium–yttrium and aluminum–silicon targets.
The surface of the substrate was polished up to the roughness Ra = 0.16 µm before ionic
treatment by Ti ions. The magnetron was powered from a pulse source with a frequency of
50 kHz. The sample was placed in the chamber on a rotating table, which could be moved
in different directions—in front of the ion source for ion bombardment, and then in front of
the magnetron for deposition of a coating. The substrate bias potential was −900 V under
the bombardment of the surface layer of the substrate and −100 V during the deposition of
a coating.

The fine structure of the multilayer coatings was investigated via transmission electron
microscopy (TEM) using the JEM-2100 device (Japan). A foil was prepared via the «cross-
section» method using the ION SLISER-EM-09100IS installation. The grain structure of the
coatings was investigated in the temperature range of 25–900 ◦C in the microscope column
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and the vacuum camera of the XRD-7000S device in the «in situ» mode. The secant method
was used to determine the grain size [25]. Another method for determining the grain
size which was used in this study was the method of estimating the average grain size of
ultrafine materials by the number of reflections on the Debye rings of the microdiffraction
patterns obtained by TEM. This technique is described in detail in [26,27]. The authors
propose using the correlation curve to relate the continuity of the diffraction rings to the
average size of the grains that form the diffraction reflections.

The curvature torsion (indicating the presence of internal elastic stresses) was de-
termined using the parameters of the bending extinction contours observed in the TEM
images of the coating material. This technique is described in detail in [27–30].

The structural-phase state was studied via X-ray using the DRON-7 device (Burevest-
nik, Russia, “NANOTECH” ISPMS SB RAS). X-ray investigation of the coatings was carried
out under continuous 2θ scanning with Bragg–Brentano focusing in Co Kα radiation. The
high-temperature X-ray analysis was carried out using the XRD-7000S X-ray diffractometer
(Shimadzu, Japan) with a high-temperature prefix. The sample was heated in a high-
temperature chamber for 25 min to the desired temperature. Then, the sample was cooled
spontaneously together with the chamber to RT. A tungsten–rhenium thermocouple was
used to control the temperature. The database JCPDS PDF-4 was used to interpret the
diffractograms. Structural characteristics, such as the crystalline lattice parameter, the size
of the coherent scattering regions, and the phase composition were determined by the
methods described in [31]. The resistance of the coatings to cracking and peeling when
changing the temperature was determined from the results of thermal cycling of the sam-
ples according to the following regime: heating the sample to 1000 ◦C for 1 min, then forced
cooling for 1 min to a temperature of 20 ◦C, photographing the surface of the sample on the
side of the coating using a special Microscope DCM500 camera on an optical microscope
BMG-160 (Carl Zeiss, Oberkochen, Germany), the data being transferred directly to the
computer, then heating again. The total duration of each cycle, including all the stages of
the process—heating, cooling, photographing—was 5 min. Photographing of the coating
was also carried out before testing for thermal cycling resistance. For the criterion of the
thermal stability of the coatings, the number of the cycles until the detachment of 50% of
the coating area from the sample surface was selected. After that, the tests were stopped.
The thermal cycling resistance is described in detail in [32].

3. Results

Figure 1 shows the TEM image of the cross-section of a multilayer coating based
on the Zr-Y-O/Si-Al-N. The layers of the multilayer coating were found to consist of the
elements Zr, Y, O, Si, Al, and N. Figure 1b shows the results of the EDS in the selected area
of the transverse cross-sections of the coating and the distribution of the elements over the
multilayer coating (the area of study is highlighted with a red rectangle). We can see that
the thickness of the single layer is about 1000 ± 100 nm.

In Figure 2, one can see the TEM image of the structure of a multilayer coating
consisting of the alternating Si-Al-N and Zr-Y-O layers of equal thickness. The darker
contrast has a layer on the basis of Zr-Y-O. The lighter contrast has a layer based on the
Si-Al-N.

The results of TEM studies of the structural-phase state of the Zr-Y-O coatings in
cross-section are presented in Figure 2. The light-field images (Figure 2d) clearly show that
the coating has a crystalline columnar structure. The crystals in the form of columns are
oriented perpendicular to the surface of the substrate and extend over the entire thickness
of the formed coatings. This columnar structure is one of the characteristic features of
coatings obtained via pulsed magnetron deposition.
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Figure 1. Cross-sections of the TEM images of the multilayer coatings on the basis of Zr-Y-O/Si-Al-N
with a thickness of individual layers about 1000 ± 100 nm: bright-field image (a), depth distribution
of the elements (b).

Microdiffraction patterns (Figure 2c) of the Zr-Y-O coatings are a set of ring reflexes.
The identification of the microdiffraction patterns presented in Figure 2j–l shows that under
pulsed magnetron deposition, zirconium dioxide ZrO2 is formed in the coatings of the
Zr-Y-O system in the monoclinic and tetragonal modifications. It should be noted that
the ring reflexes in the indicated microdiffraction pattern consist of a large number of
closely spaced point reflexes. This type of microdiffraction pattern allows one to assert
that the Zr-Y-O coating has a crystal structure with a small size of structural elements. A
detailed study of the bright-field and dark-field electron microscopic images reveals that as
the Zr-Y-O coating grows, the transverse dimensions of its crystallites increase. Thus, the
results of the measurements have allowed us to establish that the average transverse size of
the crystallites of this coating near the substrate is about 25–30 nm, and near the next layer,
the average size of the crystallites increases and is about 80 nm.

As for the layer based on Si-Al-N, it is amorphous. This is evidenced by the microd-
iffraction patterns in Figure 2a which are typical for an amorphous material.

The same picture shows the TEM images of the multilayer coatings based on Zr-Y-O
in the initial state (d), at a temperature of 900 ◦C (e) and after cooling in a high-temperature
chamber (f), the microdiffraction patterns in the nanodiffraction mode corresponding to
the selected areas (g–i) and the ring microdiffraction from the visible area (j–l).

It was found using TEM that the structure of the layer based on Zr-Y-O in the Zr-Y-
O/Si-Al-N multilayer coating contains the tetragonal and monoclinic phases in the initial
state and at a temperature of 900 ◦C. In the Zr-Y-O coating layer after cooling, the tetragonal
phase t’ with a small crystal lattice parameter (a = 3.64 Å, c = 5.27 Å) was found, which was
not observed in the initial state and at 900 ◦C. It is known that the above phase, in contrast
to the tetragonal t-phase, does not undergo reversible phase transformations [33] of the
tetragonal and monoclinic phases.

It is also known that the stability of the tetragonal phase, which is the most preferable
for operations under extreme conditions, depends on the grain size. The larger the grain
size the faster the phase transition from the high-temperature tetragonal phase to the
monoclinic one [33]. Therefore, the grain size is an important characteristic of a material
operating at high temperatures. The effect of temperature on the grain size of the ZrO2
layer in the Si-Al-N–Zr-Y-O multilayer coating is discussed further in detail.
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Figure 2. TEM image of the cross-section of the protective coatings of the Zr-Y-O-Si-Al-N system 
obtained by pulsed magnetron sputtering: alternating layers (b); the microdiffraction patterns of the 
amorphous layer on the basis of Si-Al-N (a); the ring microdiffraction of the layer Zr-Y-O (c); the 
bright field of the layer Zr-Y-O in the initial state (d) and at a temperature of 900 °C (e) and after 
cooling (f); the microdiffraction patterns in the nanodiffraction mode from the circled area (g,h,i), 
from the visible area (j,k,l) and the indexing scheme, respectively. 

The results of TEM studies of the structural-phase state of the Zr-Y-O coatings in 
cross-section are presented in Figure 2. The light-field images (Figure 2d) clearly show 
that the coating has a crystalline columnar structure. The crystals in the form of columns 
are oriented perpendicular to the surface of the substrate and extend over the entire thick-
ness of the formed coatings. This columnar structure is one of the characteristic features 
of coatings obtained via pulsed magnetron deposition. 

Figure 2. TEM image of the cross-section of the protective coatings of the Zr-Y-O-Si-Al-N system
obtained by pulsed magnetron sputtering: alternating layers (b); the microdiffraction patterns of the
amorphous layer on the basis of Si-Al-N (a); the ring microdiffraction of the layer Zr-Y-O (c); the
bright field of the layer Zr-Y-O in the initial state (d) and at a temperature of 900 ◦C (e) and after
cooling (f); the microdiffraction patterns in the nanodiffraction mode from the circled area (g,h,i),
from the visible area (j,k,l) and the indexing scheme, respectively.

Further, the changes occurring at temperatures from room temperature to 900 ◦C were
investigated. First, the sample was heated from room temperature to 400 ◦C for 30 min.
Similar heatings were carried out at temperatures of 450 ◦C, 475 ◦C, 600 ◦C and 900 ◦C.

Figure 3 presents the microdiffraction patterns and the grain size distributions of the
coating layer based on Zr-Y-O for the above temperatures. As can be seen, all the grain size
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distributions for all temperatures are unimodal and close to normal. The average grain
size in the initial sample is about 15 nm. When it was heated up to 400 ◦C, the distribution
became noticeably blurred and the most probable values shifted to the region of the large
grain size, with the average grain size increased up to 20 nm.
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The number of small grains significantly reduced. With a further increase in tem-
perature, the fraction of the small grain size (less than 10 nm) decreased and the regions
with a large (up to 60 nm) grain size appeared. The distribution had an asymmetric shape:
there was a small “tail” in the region of the large grain size. In this case, the most probable
grain size of about 20 nm remained at the level of the initial state almost up to 900 ◦C. The
proportion of the grains with a minimum grain size of less than 10 nm was the smallest at
temperatures of 475 ◦C and 900 ◦C.

Let us try to interpret the results in Figure 3. Judging by the blurring of the image
of the distribution at 400 ◦C, recrystallization first occurs with an increase in the average
grain size to about 20 nm. A further increase in temperature to 475 ◦C leads to a maximum
increase in the average grain size to 23 nm, and in this case, the maximum blurring of
the grain size distribution is observed, which suggests that at the above temperature, the
martensitic phase transition from the tetragonal phase to the monoclinic one occurs most
actively [1]. It is known that a method that stabilizes the high-temperature phase at room
temperature is the introduction of impurity ions (in our case, yttrium) into the crystal
lattice, which produces local compression regions. In this case, solid solutions are formed
with stabilizer oxides, whose cations are larger than the zirconium ions and cause local
compressive stresses [34–37].

A decrease in the concentration of the stabilizing ion in the bulk of the material can be
responsible for the phase transformation of the tetragonal phase into the monoclinic one. It
is known that with an increase in temperature, the rate of atoms diffusing, including those
of the alloying elements, increases, with the atom migrating to the grain boundaries [37].
This leads to the fact that the number of the local compression regions in the solid solution
decreases and, consequently, the stabilizing effect of yttrium on the crystal lattice of the
ZrO2 tetragonal phase decreases.

An increase in the amount of the monoclinic phase, which has a larger volume (ac-
cording to various sources, from 4% to 9%) compared with the tetragonal one, leads to an
increase in the internal elastic stresses [33,37,38]. As is known, the internal elastic stresses
lead to a phase transition (from a tetragonal to a monoclinic one) in this system. The
relaxation of these stresses takes place, according to the dislocation model, due to the
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formation of dislocations followed by the formation of a grain–subgrain structure. This is
evidenced by a decrease in the internal elastic stresses and a decrease in the grain size of
the structure at 600 ◦C and high temperature [39].

Table 1 shows the values of the curvature torsion of the crystal lattice, which charac-
terizes the internal elastic stresses of the coating layer in the Zr-Y-O/Si-Al-N multilayer
coating. The components of the internal stress tensor were reconstructed from the parame-
ters of the bending extinction contours observed in the TEM images of the coating layer. It
can be seen that the maximum value of the curvature torsion of the material occurs at a
temperature range of 450 ◦C–475 ◦C.

Table 1. Grain size determined by secant and diffraction patterns, coherent scattering blocks and
values of the curvature torsion of the crystal lattice in the coating layer based on Zr-Y-O at different
annealing temperatures.

Temperature,
(◦C)

Average Value of the
Transverse Grain Size,

nm (TEM)

Average Grain Size by
Microdiffraction,

nm (TEM)

Size of Coherent
Scattering Units

(X-ray)

Average Value of
Curvature

of Torsion χ,
(cm−1) (TEM)

Initial 15 ± 2 20 ± 2 26 ± 2 2.51
400 20 ± 2 24 ± 2 3.28
450 22 ± 2 26 ±2 37 ± 2 4.27
475 23 ± 2 22 ± 2 3.82
600 19 ± 2 19 ± 2 2.02
900 23 ± 2 22 ± 2 1.82
1000 - - 25 ± 2
1100 26 ± 2
1300 35 ± 2
1400 37 ± 2

25 36 ± 2

It is known that in a substrate coating system (in our case, coating–coating layers),
internal elastic stresses always arise. During heating, the internal energy of the system
changes. This process is caused by changes in any system and is accompanied by the
change in the phase composition, grain growth, etc. With increasing temperature, two
competing processes take place: the appearance of thermal stresses and their relaxation [33].

Presumably, in our case, up to temperatures of 400–500 ◦C, the internal energy is
accumulated, which leads to an increase in the transverse size of the grains, and, conse-
quently, to the curvature torsion of the crystal lattice (emergence of stresses). Next, the
martensitic transition of the tetragonal phase to the monoclinic one (the relaxation stage)
starts. In [33,37], the authors observed a martensitic phase transition at a temperature of
500 ◦C for YSZ coatings with an yttrium content of up to 3 mol%.

Further, the grain size decreases until the temperature of 600 ◦C is reached, and then it
gradually increases up to 1400 ◦C (X-ray), remaining unchanged after cooling. Evidently,
a large quantity of t’-ZrO2 is contained in the Zr-Y-O coating, which stabilizes coating
structure.

The data of the X-ray studies confirm the data of the electron microscopy. Figure 4a
shows the fragments of the X-ray patterns of the coating layer based on Zr-Y-O. It can
be seen that with an increase in the heating temperature, the reflexes of the X-ray diffrac-
tograms shift to the left which indicates an increase in the internal elastic stresses (Figure 4a).
At room temperature after cooling together with the camera, the X-ray peaks return to their
initial position. At the same time, the width at half-height also changes, which indicates a
change in the coherent scattering regions. Indeed, their size is maximum at a temperature
of 450 ◦C, i.e., the main trend remains: the grain size measured by two methods (TEM) and
the size of the coherent scattering regions (X-ray) increases in the temperature range of
400–500 ◦C. In this regard, the curvature torsion of the crystal lattice (χ) increases, indicat-
ing an increase in the internal elastic stresses (TEM) at the same temperatures. Figure 4b
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shows the dependences of the grain size determined by two methods: the size of the
coherent scattering regions and the curvature of the torsion of the crystal lattice. It can
be seen that all the features (a sharp increase in the grain size, an increase in the internal
elastic stresses) take place within the temperature range of 400–500 ◦C.
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curvature torsion of the crystal lattice on temperature (curve 4) (b).

Thermocyclic resistance of the multilayer Zr-Y-O/Si-Al-N coatings was researched.
For the criterion of the thermal stability of the coatings, the number of the cycles before

the destruction of 50% of the coating area of the sample surface was selected [32]. After
that, the tests were stopped. Figure 5 shows that half of the coating will peel off only after
95 cycles in the multilayer coatings.

This value is significantly higher than that for the single-layer coating studied in [32].
The higher values of the thermocyclic resistance of a multilayer coating based on Zr-Y-

O/Si-Al-N compared to a single-layer Zr-Y-O are caused by the presence of the Si-Al-N
intermediate layer.

The intermediate layer is the main carrier of mechanical loads and relaxes the ampli-
tude stresses arising during thermal cycling in a multi-level coating. It has high strength,
high crack resistance and resistance to thermal shock, high relaxation ability and a low
coefficient of thermal expansion. Si-Al-N-based ceramics meet all these requirements.
The introduction of the intermediate layer under thermal cycling allows for a “multilayer
coating-substrate” system, reducing the amplitude values of thermal compression–tension
stresses in the upper functional layer. As a result, the decrease in the crack braking effect
observed at high temperatures due to weakening of the mechanism of transformational
hardening of yttrium-stabilized zirconium dioxide can be partially or completely compen-
sated [40].
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Figure 5. Optical images of the heat-shielding surface coatings on the basis of the Zr-Y-O/Si-
Al-N coating obtained under thermocyclic resistance test (the dimension of the observed field is
2.09 × 1.56 mm).

4. Conclusions

Thus, pulsed magnetron sputtering was used to form multilayer nanostructured
coatings based on the Zr-Y-O/Si-Al-N systems with alternating layers with a total coating
thickness of ~10 µm. It was established by TEM and X-ray methods that the Zr-Y-O layers
contain the ZrO2 phases in the tetragonal and monoclinic modifications. The layers based
on Zr-Y-O in the multilayer coating of Zr-Y-O/Si-Al-N have a columnar structure, with the
size of the columns in the cross-section reaching 80 nm and the height of the columns being
about 1000 nm, which, in this case, corresponds to the thickness of the applied layer. The
structure of the Si-Al-N-based layers is amorphous.

During high-temperature TEM studies in the “in situ” mode in the Zr-Y-O layer of a
multilayer coating based on Zr-Y-O/Si-Al–N in the temperature range of 400–500 ◦C, the
grain size and the coherent scattering regions change. As a result, internal elastic stresses
appear, leading to the martensitic phase transformation.

After cooling, the tetragonal phase t’-ZrO2 with a small crystal lattice parameter
(a = 3.64 Å c = 5.27 Å) was detected in the Zr-Y-O coating layer, which was not observed in
the initial state and at 900 ◦C.

Thermocyclic resistance of the multilayer Zr-Y-O/Si-Al-N coatings is about two times
higher than that of a single-layer coating. This is due to the presence of the Si-Al-N
intermediate layer, which has a high crack resistance and a resistance to thermal shock, a
high relaxation ability and low coefficient of thermal expansion.
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Abstract: The aim of this paper is to define and set up an experimental procedure, based on active
thermography, for the characterization of coatings for industrial applications. This procedure is
intended to be a fast and reliable method, alternative to the consolidated one described in International
Standards. In more detail, a classical active thermographic set up, and not a dedicated apparatus, was
used for that aim, and data processing techniques referred to the analytical approach described in
Standards. The active thermography procedure provided the measurement of the surface temperature
of specimens undergoing a thermal excitation, applied by means of a laser pulse (Pulsed Technique).
Temperature data processing, according to and adapting the Standard procedures, allowed to obtain
thermal conductivity and diffusivity information. In particular, two coating processes (Atmospheric
and Suspension Plasma Spray) applied to the same base material, Inconel 601, and the same coating
material were investigated. These results were compared in terms of thermal properties variation
with respect to base and coated materials, and in terms of different coating processes (APS and SPS).
Obtained results were also compared to those available in literature.

Keywords: thermal barrier coatings; atmospheric plasma spray; suspension plasma spray; thermal
properties; active thermography

1. Introduction

Suspension Plasma Spray (SPS) and Atmospheric Plasma Spray (APS) coatings repre-
sent a challenging field of research, both for academic interest and commercial applications.
In the aerospace environment, coatings are widely applied, and a typical application is
Thermal Barrier Coating (TBC) for underneath metallic layers. Improvement to TBCs
allows gas turbines to operate at higher temperatures, so the thermal conductivity of the
coating dictates the temperature drop across the thermal barrier [1].

The increased coating requirements, such as low thermal conductivity and high level of
thermal cycling resistance, can be reached using the new SPS technology; SPS can generate
columnar microstructures typical of Electron-Beam Physical Vapor Deposition (EB-PVD)
TBC, but at a much lower investment cost [2,3]. In more detail, SPS coating combines
the advantages of APS and EB-PVD systems: its structure is columnar like EB-PVD, with
columns, and its characteristics in terms of uniformity and density provide a higher thermal
resistance compared to EB-PVDs.

From the technological point of view, SPS coatings may be produced with micro and
nano scale features by using ultrafine particle feedstock (less than 5 microns). To facilitate
the use of these ultrafine powders, the particles are suspended in solution, providing
them with enough momentum to carry them into the plasma gun and make a coating
on the target surface. Suspension feedstocks can cover a range of material compositions,
including ceramics and metal alloy blends. Since the powder feedstocks used are ultrafine,
the resulting coatings have a wider range of columnar structures.
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SPS is a process that enables the use of thermal spray feedstocks too small for conven-
tional plasma spray processes. These feedstocks come in the form of a slurry, with micron
and submicron sized particles suspended in water, alcohol, or other solvents. Generally, the
concentration of the fine particles in the slurry can be controlled and ranges between 5–80%
by weight. This allows for the best combination of coating microstructure and deposition
rate to be achieved.

During the SPS process, the thermal spray slurry is pumped to the outlet of the thermal
spray torch and injected into the thermal spray jet. Once entrained in the plasma, the
droplets fragment and the liquid phase evaporates, leaving ultrafine particles accelerating
towards the substrate. By using these ultrafine particles sizes, it is possible to generate
uniform coatings as thin as 25 microns thick. Practically, SPS combines the versatility and
rapid deposition rate of APS with the ability to produce advanced microstructures from
submicron and nanoscale powders. At the same time, it maintains excellent resistance to
thermal shock, typical of coatings with a columnar structure.

Therefore, SPS succeeds in satisfying both fundamental requirements of the main
aero-engine manufacturers: increasing turbine inlet temperature (TIT), with consequent
increase in performance and efficiency, and ensuring resistance to thermal variations due
to in-flight maneuvers.

In support of this 4th generation coating, material selection plays a key role, both for
the bond coat and the TBC.

In general, preparation methods for coatings and corresponding key process param-
eters substantially influence their performance. In this context, the characterization of
thermal diffusivity and conductivity properties is critical for process and material selection.

Over the years, many experimental techniques, such as optical microscopy, scanning
electron microscopy (SEM), field emission scanning electron microscopy (FE-SEM), and
X-ray diffraction, were used to measure physical characteristics in TBCs and their mi-
crostructure. An example of the screening of experimental variables leading to formation
of a columnar microstructure in suspension plasma sprayed zirconia coatings is widely
described in [4]. In that case, the thermal diffusivity of coatings was characterized with
the use of NDT methods (IR thermography, flash method) and thermal conductivities of
coatings were then determined. Recently, a novel approach was presented to characterize
microstructural features as porosity of atmospheric-plasma-sprayed (APS) thermal barrier
coatings using terahertz spectroscopy [5].

Anyhow, characterization of thermal diffusivity and conductivity in TBCs, already in
the design phase, plays an important role in the performance definition.

Available and commercialized methods to measure the thermal conductivity can be
classified [6] into steady-state conditions methods (guarded hot plate, heat flowmeter)
and transient conditions methods (transient plane source, transient hot wire, laser flash
apparatus, modulated DSC, 3ωmethod, thermocouple method).

Steady state methods may directly measure the thermal conductivity, based on
Fourier’s law, while in transient methods, the thermal diffusivity is firstly needed to
calculate the thermal conductivity if both specific heat and density are known.

An example of the transient method is the so-called flash method (or flash diffusivity
technique [7]), widely used to verify the design parameters of TBCs and to assess both
in-plane and in cross-plane the thermal diffusivities of the top coats in the blades of gas
turbines, pointing out the anisotropy of thermal conduction [8]. Flash-pulse thermography
was recently introduced for quantitative inspection of the thickness of thermally sprayed
coatings [9] and for porosity verification [10].

Pulsed active thermography in reflection configuration was applied in [11] to monitor
the thermal diffusivity variation due to ageing of ceramic thermal barrier coatings and to
detect the presence of cracks at the interface of Atmospheric Plasma Spray (APS) TBCs [12].
Thermography, in passive configuration, was also used to analyze the delamination crack
growth in a thermal barrier coating [13].
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During the last decade, thermal characterization of coatings was classically performed
by the laser-flash method and following the procedure described in detail in a dedi-
cated ASTM E1461-13 Standard [14] and in Standards [15–17]. Tests for thermal char-
acterization were usually carried on by dedicated equipment, well described in [14–17].
Standards [14–17] provide both technical requirements for experimental set up and mea-
surements and multi-layer analytical models for the calculation of thermal diffusivities.

In a very recent paper [18], the thermal diffusivity of coatings was measured by the
dedicated laser-flash apparatus described in ASTM E1461-13 Standard [14], and calculated
by an analytical two layers model. That model was applied for the determination of the
thermal diffusivity of individual layers by separating its contribution from the one of the
overall sample [18].

Active thermographic techniques were developed to characterize mechanical and
thermal properties of components with coatings, regardless of the approaches involved in
Standards [14–17]. In more detail, a thermal excitation was applied to the sample by laser
sources or flash lamps and then the corresponding thermal response was detected by an
infrared thermal camera. As an example, pulsed and lock-in infrared thermography, both
in reflection mode and by using flash lamps, were used in [19] to characterize the variation
in thickness of a topcoat.

The aim of this paper is to define and set up an experimental procedure, based on
active thermography, for the characterization of coatings for industrial applications.

This procedure is intended to be a fast and reliable method, alternative to the consoli-
dated one described in International Standards [14–17]. In more detail, a classical active
thermographic set up, and not a dedicated apparatus, was used for that aim, and data
processing techniques referred to the analytical approach described in Standards.

The active thermography procedure provided the measurement of the surface tem-
perature of specimens undergoing a thermal excitation, applied by means of a laser pulse
(Pulsed Technique).

Temperature data processing, according to and adapting the Standard procedures [15–17],
allowed to obtain thermal conductivity and diffusivity information.

In particular, two coating processes (Atmospheric and Suspension Plasma Spray) ap-
plied to the same base material, Inconel 601, and the same coating material were investigated.

These results were compared in terms of thermal properties (both for base and coated
materials) with those available in the literature.

2. Active Thermography Approach for Thermal Characterization of Coatings and
Experimental Setup

Standards [15–17] are intended to provide methodologies for the thermal characteri-
zation of materials. In particular, these Standards describe the fundamental procedures
based on the laser flash method (testing apparatus and formulas) for determining the
thermal diffusivity of thermal barrier coatings [15], of monolithic ceramics [17] and plas-
tics [16]. Thermal conductivity may be obtained from thermal diffusivity values by its
physical equation.

The typical apparatus for measuring thermal diffusivity, according to the flash method,
is well described in [15,17] and mainly consists of a specimen holder, a flash source (laser)
to generate a temperature rise on one of the two major surfaces of the specimen, and a
transient IR detector with its associated electronics. The detector acquires the thermal
heating profile of the surface opposite to that heated by the laser flash. This setup is
the so called “transmission configuration” and it allows to record the thermal heating
behavior due to the energy transmitted through the sample, which will be affected by
the proper thermal properties. In the case of multilayer materials, as thermal barrier
coatings, the heated surface is the base material while the detected surface is the coated one.
Standards [15–17] describe shape, dimensions, and thicknesses of samples to be tested.

More in detail, Standard [17] describes the procedure to compute the thermal property
of fine and advanced ceramic materials. The so-called half rise time method is proposed to
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compute the thermal diffusivity of the material. In [15], a multi-layer analytical model is
provided for determining thermal diffusivities. In particular, the areal heat diffusion time
method allows to compute the apparent thermal diffusivity of the sample and the real ther-
mal diffusivity and thermal conductivity of each layer. For both Standards [15,17], appropri-
ate corrections are proposed to obtain the real thermal properties of the analyzed material.

The Active Thermography technique (AT) presented in this paper aims to substitute
the consolidated equipment described in International Standards [15–17], but based on the
same theoretical approach.

This AT technique provides the measurement of the samples’ surface temperature
undergoing an external thermal excitation, applied by means of a laser pulse (Pulsed Tech-
nique). In more detail, the external thermal excitation is a laser beam, able to give a higher
quantity of energy in a small application surface (maximum power 50 W) and the response
thermal sensor is an IR thermal camera FLIR A6751sc (Wilsonville, OR, USA) (sensitivity
lower than 20 mK and 3–5 µm spectral range) (see Figure 1). Temperature data processing,
according to and adapting the Standard procedures and analytical models [15,17], allows
thermal diffusivity and conductivity information.
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Figure 1. Experimental equipment.

Shape and dimensions of specimens, thickness values of base material and coating are
chosen following Standard indication [15]. As a matter of fact, coating thermal diffusivity
and thermal conductivity can be obtained by referring to the substrate material. This means
that, for experimental characterization, the base material sample is always necessary, as
well as the coated sample.

The calculation of the coating thermal diffusivity is based on the temperature-rise of
the base material (see Figure 2) by using the half-rise time method described in [17] for
monolayer materials and the areal heat diffusion time method, specific for metallic and
other inorganic coatings [15].
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In more detail, for monolayer materials, the thermal diffusivity α [m2/s] may be
obtained by the following equation, based on the half-rise time method:

α = (0.1388 d2)/t0.5 (1)

where t0.5 is the time delay when the temperature of the rear face reaches one-half of the
maximum temperature rise, ∆Tmax, after the front face was heated by the laser pulse (see
Figure 2) and d is the sample thickness.

In order for the rise-time to be validly applied, both duration of the laser pulse and
sampling time have to be less than 1% of the time delay t0.5 (first condition [17]).

Furthermore, the data acquisition unit requires a sampling time faster than 1% of the
half rise-time (second condition [17]).

The calculation of thermal diffusivity using Equation (1) may be modified if the
duration time of the heating laser pulse does not respect initial and boundary conditions,
as indicated in [17] by several correction methods (Centroid method, determination of
chronological centroid of laser pulse and Triangular pulse approximation). In the present
work, the Centroid method was applied to satisfy the laser square pulse condition.

In the same Standard [17], some correction factors may be introduced if radiative
heat losses cannot be neglected. In particular, Standard [17] proposes Cape and Lehman’s
equation [20], Clark and Taylor’s method [21], the Takahashi method [22], and Cowan
method [23]. The Cowan method was chosen here, due to its effect on the stabilization
zone of the thermal profile.

A specific approach for metallic and other inorganic coatings is described in Stan-
dard [15]. In particular, the areal heat diffusion time method provides both thermal diffu-
sivity of each layer αi (and therefore of the substrate too) and apparent thermal diffusivity
of the multilayer sample αapp (substrate and coatings). The method refers to the areal heat
diffusion time represented in Figure 3 and to the analytical multi-layer model shown in
Figure 4, both reported in [15].
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The thermal diffusivity of a single layer belonging to a multi-layered system is com-
puted as follows:

αi = (di)
2/τi (2)

where di is the thickness of the layer and the heat diffusion time τi is evaluated with a
specific formulation for each layer of the specimen.

Physical parameters required to compute the heat diffusion time of each layer (τ1, τ2,
. . . , τn) are illustrated in Figure 4 [15].
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Figure 4. Multi-layer model.

In Standard [15], the analytical formulations for calculating the heat diffusion time of
both layer 1 (τ1) (the substrate) and layer 2 (τ2) (the coating) are described.

In particular, τ1 is defined as:
τ1 = 6 A1-S (3)

where A1-S is the area (see Figure 3) obtained from the temperature profile generated with
the base material specimen, τ2 is evaluated as:

τ2 = [6 A2-S (c1 ρ1 d1 + c2 ρ2 d2) − (c1 ρ1 d1 + 3 c2 ρ2 d2) τ1)]/(3 c1 ρ1 d1 + c2 ρ2 d2) (4)

and A2-S (see Figure 3) is the area obtained from the temperature profile generated with the
two-layer specimen (base material and coating).

Standard [15] also suggests a specific formulation for the evaluation of the apparent
thermal diffusivity of a multilayer specimen:

αapp = (ds + dc)2/(6 A2-S) (5)

where ds and dc are, respectively, substrate and coating thicknesses.
Equation (5) represents an alternative formulation with respect to Equation (1) to

evaluate the apparent thermal diffusivity.
Finally, the thermal conductivity can be obtained from the thermal diffusivity αapp

values by the following relationship:

k = α ρ c (6)

where ρ and c are, respectively, density and heat capacity of the material useful for
the purpose.

3. Materials, Samples, and Testing Procedure

Samples adopted for this study were made of two materials. Inconel 601 was the
substrate material, Yttria-Stabilized Zirconia (YSZ) based powder was selected for the
ceramic coating. Two types of deposition process were utilized, respectively, APS and SPS.

Figure 5 shows the samples adopted for measurements. Samples were prepared with
the aim to respect the geometrical characteristics requested in Standards and to create
uniform heating on the surface sample. Substrate geometry was a flat sample with 2 mm
thickness and 5 × 5 mm square surface. Three specimens per samples were tested and at
least three replications for each measurement were performed.
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Figure 5. Samples.

A SEM analysis was performed to evaluate both structure and thickness of coatings,
generated by APS and SPS deposition processes. Thickness values were necessary to
calibrate experimental set up parameters. Figure 6 shows SEM images of APS and SPS
specimens, emphasizing both stiffnesses of Inconel 601 and coatings and the structure of
coatings. SEM images refer to different zones of the same specimen (1 and 2 for APS, 3 and
4 for SPS).
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Physical characteristics values (density ρ and specific heat c) adopted for the estimation
of thermal conductivity may be found in [24] for substrate (Inconel 601) and in [25] for
coatings (see Table 1). Inconel 601 data are useful to check this procedure.

Table 1. Physical characteristics of materials.

Material ρ
[kg/m3]

c
[J/kg ◦C]

Inconel 601 (substrate) 8110 448

Yttria Stabilized Zirconia (coating) 5200 467

A dedicated experimental configuration and apparatus were setup to carry out the
experimental tests following the procedure described in [15,17], but by means of different
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equipment, as was stated in the previous sections. The experimental equipment was
composed by a thermal camera, a laser excitation source, and a PC control unit.

A transmission-mode configuration was utilized, where samples were positioned
between the laser source and thermal camera. Distances between the thermal camera and
sample and between the laser source and sample were 0.8 m and about 0.1 m, respectively.
Samples were clamped in a device with two polymeric supports to reduce the possible heat
transmission. Figure 7 shows the schematic experimental configuration.
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Figure 7. Schematic experimental configuration.

Laser excitation and acquisition parameters (frame rate) were tuned both for the
substrate and coatings. The substrate material (Inconel 601) was heated with a pulse period
of 50 ms at the maximum power, while coated samples were heated with a pulse period
of 5 ms at the maximum power. As a matter of fact, the substrate material requires more
energy to increase its surface temperature, due to the high conductivity characteristic.
Acquisition rates were chosen at 785.67 Hz for the substrate and 600 Hz for the specimen
with the coating, respectively.

To extract the temperature profile from thermograms, the evaluation of the emissivity
of each sample was done, according to Standard ISO 18434 [26].

The extraction of temperature profiles was done by using ResearchIR Software. A
Region Of Interest (ROI) was chosen to extract the temperature profiles from the corre-
sponding thermogram. As an example, Figure 8 illustrates the thermal image and the
corresponding ROI for the Inconel 601 sample. In general, the ROI is located at the specimen
center in order to reduce possible external contour influences.
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As already observed, tests performed on Inconel 601 allowed to characterize the
base material from the thermal point of view (thermal conductivity) and to verify the
methodology reliability (experimental set up and data processing).

4. Results

The experimental activity carried on by the above-described dedicated methodology
provided an estimation of thermal diffusivity and conductivity values of both substrate and
coating materials, based on Standards approaches [15,17]. Temperature profiles obtained
for all specimens, substrate and coating, allowed to obtain the thermal characteristics
of interest.
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A filtering process (Gaussian filter) was applied to raw signals in order to reduce
the effects of high acquisition frame rates. This way, the temperature increment after the
laser excitation was correctly identified, without altering the original profile. An example
of comparison between unfiltered and filtered temperature profiles (row and denoised
signals) for Inconel 601 is illustrated in Figure 9.
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Figure 10 shows denoised signals corresponding to Inconel 601 relative tempera-
tures ∆Temperature (difference between measured temperature T referred to the ambient
temperature Tamb, ∆Temperature = T − Tamb) [◦C].
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Figure 10. Inconel 601: relative temperature ∆Temperature.

Five test replications were performed for the base material (Inconel 601).
Relative temperature profiles ∆Temperature, according to Standards [15–17], were

processed in a time range up to its maximum relative temperature rise.
Figure 11 shows the normalized temperature rise [15] for Inconel 601. In particular,

this plot represents the same relative temperature profiles ∆Temperature shown in Figure 10,
here normalized with respect to maximum relative value for each curve (Tmax − Tamb). In
the same Figure 11, the parameters of interest (area and half rise time t0.5) useful for thermal
characterization are illustrated.

Thermal diffusivity and conductivity were computed by using Equations (1)–(3) and (6),
reported in [15,17], and by applying the corrections suggested in Standard [17], as the
Centroid method (to correct the finite pulse period of the excitation source) and the Cowen
method (to correct the heat losses) [15,17].
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Table 2 resumes all results related to the thermal characterization of the substrate
(Inconel 601) (averaged values of all replications) by applying Standards [15,17] formula.

Table 2. Inconel 601: thermal diffusivity and thermal conductivity.

ISO18755 [17] ISO18555 [15]

Thickness:
2 mm

αideal
[m2/s]

kideal
[W/m ◦C]

αtc
[m2/s]

ktc
[W/m ◦C]

αCowen5
[m2/s]

kCowen5
[W/m ◦C]

αCowen10
[m2/s]

kCowen10
[W/m ◦C]

α1-ideal
[m2/s]

k1-ideal
[W/m ◦C]

τ1
[s]

Inconel
601

3.31 ×
10−6 12.02 3.82 ×

10−6 13.90 3.84 ×
10−6 13.96 3.83 ×

10−6 13.90 3.53 ×
10−6 12.82 1.25

Standar
deviation

4.4 ×
10−8 0.175 6.4 ×

10−8 0.232 1.0 ×
10−7 0.372 6.5 ×

10−8 0.236 4.4 ×
10−8 0.161 1.5 ×

10−2

In particular, Table 2 can be thought as divided into two parts: the left side con-
cerns results obtained by applying to the substrate a monolayer ceramic material model
(ISO18755 [17]), while the right one concerns the results that refer to a multilayer material
model (ISO18555 [15]).

In more detail, on the left side (ISO18755 [17]), the calculated values of ideal ther-
mal diffusivity and conductivity (αideal e kideal) as they are defined in [17], which is the
diffusivity and conductivity calculated by means of the half rise method, and the corre-
sponding values corrected by the Cetroid Method (αtc e ktc) and by the Cowen Method are
presented (αCowen5, kCowen5, αCowen10, and kCowen10) (respectively, 5 and 10 times the half
rise time “t0.5”).

On the right side (ISO18555 [15]), the calculated values of ideal thermal diffusivity
and conductivity obtained by considering the Inconel 601 as a monolayer material (α1-ideal
and k1-ideal) are shown.

Finally, Table 2 reports the calculated heat diffusion time of the substrate (τ1), useful
for thermal characterization of APS and SPS coatings.

From the analysis of Table 2, it can be observed that for Inconel 601, both Standard
analytical formula ([15,17]) provide similar diffusivity and conductivity values. These
values are in a good agreement with the corresponding provided by the material producer
(k =11.2 to 12.7 W/m ◦C).

Table 3 shows a comparison between thermal conductivity values of Inconel 601 shown
in Table 2 and those available in the literature [24].
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Table 3. Inconel 601: thermal conductivity values.

kideal
[W/m ◦C]

ktc
[W/m ◦C]

kCowen5
[W/m ◦C]

kCowen10
[W/m ◦C]

k1-ideal
[W/m ◦C]

k [22]
[W/m ◦C]

Inconel-601 12.02 13.90 13.96 13.90 12.82 11.2–12.7

Figures 12–15 resume all thermal profiles related to APS and SPS coatings.
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Figure 15. SPS: normalized temperature rises and standard parameters [15,17].

In particular, Figures 12 and 14 show the denoised relative temperature profiles,
respectively, for APS and SPS coatings.

Figures 13 and 15 report the normalized temperature rises with respect to maximum
relative value for each curve (Tmax − Tamb) and the parameters of interest (area and half
rise time t0.5) for APS and SPS coatings.

Finally, Table 4 resumes all thermal diffusivity and conductivity values for APS and
SPS coatings, organized as Table 2.

Table 4. APS and SPS: thermal diffusivity and thermal conductivity.

ISO18755 [17] ISO18555 [15]

Mean
Thickness

[mm]

αapp-ideal
[m2/s]

αapp-tc
[m2/s]

αapp-Cowen5
[m2/s]

αapp-Cowen10
[m2/s]

αapp-ideal
[m2/s]

α2-ideal
[m2/s]

k2-ideal
[W/m ◦C]

APS 0.1868 3.18 × 10−6 3.20 × 10−6 3.09 × 10−6 3.17 × 10−6 3.11 × 10−6 1.31 × 10−7 0.32
Standard
deviation 2.5 × 10−7 2.6 × 10−7 2.0 × 10−7 2.2 × 10−7 1.0 × 10−7 1.2 × 10−8 1.3 × 10−1

SPS 0.1759 2.64 × 10−6 2.67 × 10−6 2.63 × 10−6 2.66 × 10−6 2.58 × 10−6 1.24 × 10−7 0.30
Standard
deviation 9.3 × 10−9 9.5 × 10−9 7.5 × 10−8 1.9 × 10−8 4.6 × 10−8 6.3 × 10−9 1.5 × 10−2

Real and apparent (substrate and coating respectively, two layers material) thermal
diffusivities and thermal conductivities of APS and SPS coatings were obtained from
Equations (1), (2), and (4)–(6) ([15,17]), taking into account the mean value of calculated
variables as for Inconel 601. Computation of coatings thermal characteristics required the
thickness information, obtained by the SEM analysis as averaged thickness values. The
thermal conductivity evaluation is based on an estimation of the physical properties of the
coating (density and specific heat), as already described.

Tests performed on these specimens allowed us to characterize both SPS and APS
coatings, once the heat diffusion time (τ1) of the substrate was calculated (see Table 2).

All results related to coated specimens (substrate and TBCs) and averaged on all repli-
cations are resumed in Table 4, organized with the same layout of Table 2 (left side and right
side refer, respectively, to ISO18755 Standard [17] and ISO18555 Standard [15] approaches).

In particular, respectively, for APS and SPS coated specimens, the following results
are shown on the left side of Table 4: ideal apparent thermal diffusivity values (αapp-ideal),
apparent thermal diffusivity values corrected by both Centroid method (αapp-tc) and Cowen
Method (αapp-Cowen5 and αapp-Cowen10, respectively, 5 and 10 times the half rise time “t0.5”).
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The right side of the same table shows: ideal apparent thermal diffusivity values
(αapp-ideal) of substrate + coatings, ideal thermal diffusivity and conductivity values of
coatings (α2-ideal and k2-ideal), obtained based on the heat diffusion time of Inconel 601 (τ1)
(see Table 2).

As already commented for Table 2, a similar consideration can be stated referring to
TBCs results, based on the analysis of Table 4. In more detail, it can be concluded that
obtained thermal parameters values for SPS and APS coatings are comparable to those
available in the literature [3] (k = 0.6 to 1 W/m ◦K) as order of magnitude. A great tuning of
data is difficult to be reached due to the variability of TBC thickness that strongly influences
the obtained values.

5. Conclusions

The results obtained in the present work allow us to draw the following conclusions.
The experimental procedure defined and set up the thermal characterization of indus-

trial TBCs, based on active thermography, provided very good results, comparable to those
available in the literature. As wished and hypothesized, this methodology can be thought
as a fast and reliable method, alternative to the consolidated one described in International
Standards ISO18755 and ISO18555, for which is required dedicated equipment.

The classical active thermography apparatus utilized in this research activity, consisting
of a thermal camera and a fast thermal excitation source, was able to measure thermal profiles
suitable to be processed and analyzed following the International Standards requirements.

Moreover, the developed technique, together with its processing algorithms, provided
a robust method to be easily used in the industrial environment.

From the coatings point of view, it can be conclude that, despite the difficulty in defin-
ing samples with quite constant thickness, obtained thermal diffusivity and conductivity
values are representative of the actual behavior of TBCs obtained by different production
processes. Similar considerations may be drawn for base materials characterization.

Finally, particularly for concerns of the present industrial application, it can be con-
cluded that SPS and APS coatings show similar thermal behavior and the choice to employ
one of these can be left to production and business choices.
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Abstract: Structural, optical, magnetic, and electrical properties of zinc oxide (henceforth, ZO) and
iron doped zinc oxide (henceforth, ZOFe) films deposited by sputtering technique are described
by means of Rutherford backscattering spectrometry, grazing incidence X-ray diffraction, scanning
electron microscope (SEM), UV–Vis spectrometer, vibrating sample magnetometer, and room temper-
ature electrical conductivity, respectively. GIXRD analysis revealed that the films were polycrystalline
with a hexagonal phase, and all films had a preferred (002) c-axis orientation. The lattice parameters
a and c of the wurtzite structure were calculated for all films. The a parameter remains almost the
same (around 3 Å), while c parameter varies slightly with increasing Fe content from 5.18 to 5.31 Å
throughout the co-deposition process. The optical gap for undoped and doped ZO was obtained
from different numerical methods based on the experimental data and it was increased with the
increment of the concentration of Fe dopant from 3.26 eV to 3.35 eV. The highest magnetization
(4.26 × 10−4 emu/g) and lowest resistivity (4.6 × 107 Ω·cm) values of the ZO films were found to be
at an Fe content of 5% at. %. An explanation for the dependence of the optical, magnetic, and electrical
properties of the samples on the Fe concentrations is also given. The enhanced magnetic properties
such as saturated magnetization and coercivity with optical properties reveal that Fe doped ZO thin
films are suitable for magneto-optoelectronic (optoelectronic and spintronics) device applications.

Keywords: diluted magnetic semiconductor; TM doping; sputtering; magnetic properties; optical
band gap; resistivity

1. Introduction

Nowadays, studies on ZO, which is one of the most important 3rd generation semi-
conductors, support a new stage of comprehensive use due to its multi-functional char-
acteristics. It plays an important role in a very wide range of applications in fields such
as: biosensors, biomedical and antibacterial active media, in biological fields [1,2]; UV
light-emitting devices, optical waveguides, solar cells in electro-optical fields [3]; trans-
parent high power electronics, varistors, thin film transistors in electronics; gas sensors,
water purification and solar photocatalytics in the environmental field [1,4,5]. Moreover,
since 2001, many studies have been carried out in the field of Diluted Magnetic Semicon-
ducting Oxides (DMSO) which combine two interesting properties—semiconducting and
magnetic—whether to look for a new compound which might be ferromagnetic at room
temperature or to find materials which might have a large magnetic moment [6]. The
interest in ZO is fueled and fanned by its prospects in optoelectronics applications, having
the necessary excellent conditions of ultraviolet and blue emissions because of its unique
of chemical and physical properties of a large direct energy gap (e.g., ~3.37 eV at 300 K)
and a large exciton binding energy (60 meV) at room temperature which makes it being
invaluable compared to numerous other nanomaterials [7]. It is also a promising candidate
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for semiconductor spintronics applications; Dietl et al. [8] predicted a Curie temperature
of >300 for Mn-doped ZO. In addition, n-type doping in Fe-, Co-, or Ni-alloyed ZO was
also predicted to stabilize high—Curie—temperature ferromagnetism. Moreover, the well-
known room temperature ferromagnetism (RTFM) is one of the more studied phenomena
in pure ZO nanostructures doped with magnetic ions. This phenomenon has been found at
low temperatures as well, and it has been studied both experimentally and theoretically [9].

Furthermore, the remarkable morphological features of ZO make it a striking material
that is widely used as a counterpart of a noteworthy scope of applications. As for ZO’s mor-
phological perspectives, synthesis and fabrication procedures also play an important role.
The various parameters used (namely surfactant, temperature, concentration, and time, etc.)
play a crucial role in the growth of various forms of synthetic processes. An enormous
number of different methods for the synthesis of surface structured ZO as nanopowder,
composites, and films have been published worldwide. There are widely noted techniques
for synthesizing different ZO nanomaterials, composites and doped heterostructures, in-
cluding precipitation, wet-chemical technique, sol-gel procedure, hydrothermal method,
solvothermal procedure, sputtering, coating and microwave techniques, etc. [1].

For several of the above-mentioned applications, a stable, high, and reproducible
p-doping is mandatory. Though progress has been made, this aspect still represents a major
problem. The contribution of the current ZO research is not only on the same topics as
earlier, but also includes nanostructures and nanotechnologies, new growth and doping
techniques, and focuses more on the application-related aspects of daily life [9,10].

In this study we planned to control and enhance the optical band gap, and the magnetic
properties of Zinc Oxide (ZO) thin films doped by a transition element (TM).

Fe is a magnetic transition metal that has several oxidation states, an electronegativity
of 1.83 and ionic radii that range from 0.61 to 0.78 Å (depending on the magnetic and
oxidation states) [10]. Because the properties of iron are similar to those of aluminum
or gallium, it is considered a potentially attractive alternative for the doping of ZO thin
films [11]. However, the performance of iron as a dopant is complicated by the existence of
3d electrons in its electronic configuration. Currently, most studies on Fe-doped ZO thin
films focus on their wide applications. As we are aware, fewer reports have investigated
Fe-doped ZO thin films as transparent conducting oxides [12–14]. Due to the complex
electronic structure of iron, it has been difficult to control the different properties of these
films. Moreover, iron-doped ZO thin films have been synthesized by several techniques
including electrodeposition, spray pyrolysis, spin coating, ion implantation, and the sol–gel
method. Sputtering is the most widely used technique for the preparation of Fe-doped ZO
thin films [15] because it provides the ability to control the properties of the films through
several deposition parameters, such as the sputtering mode, power, sputtering and reactive
gas pressures, substrate temperature, and target composition and allows deposition of
different materials [16]. Three sputtering techniques have been used to synthesize Fe-doped
ZO thin films:

1. simultaneous co-sputtering from two targets (ZO and Fe) [17];
2. direct-current (DC) sputtering using an Fe-doped Zn target [18] or a Zn target with Fe

pieces attached to it [19] and;
3. radio-frequency (RF) magnetron sputtering.

Several of the studies using RF-sputtering for Fe-doped ZO thin film have investigated
the effect of doping concentration on the properties of the films [17]. Others have studied
the influence of the deposition parameters on the properties of films with fixed dopant
concentrations [19].

In this present study, a thin film of iron (Fe) doped zinc oxide (ZO), with various
Fe-concentrations, is investigated using RF-magnetron sputtering on silica and silicon
substrates. We report the influence of the Fe doping on the microstructure, optical, magnetic
and electrical resistivity of the ZO films. The results indicated that ZO film with 5.0 at. %
doping-concentration can attain a higher energy gap and magnetic properties, and better
electrical resistivity.
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2. Materials and Methods

Undoped and doped ZO films with Fe were deposited on single-crystal n-type Si (100)
wafer and silica (HSQ 100 from Heraeus) glass preliminarily washed in piranha solution
for magnetron sputtering. The ZO target (99.95% purity, 100-mm diameter) is placed in
a radio-frequency driven (RF) source while setting the power at 100 W and Fe target in a
direct current (DC) source providing powers of 3, 5, 10, and 15 W to produce (1, 2.4, 4.8,
5) at. % of Fe, respectively. Moreover, in order to control the sputtering yield of Fe and
instead of reducing the DC power (which produced instabilities of the DC source), we
performed the DC sputtering through a grid with a different mesh size to block part of
the Fe atoms. During the deposition, the substrate was rotated at a low speed to enhance
the thickness uniformity of deposited films. The two sources were tilted of an angle 30◦

with respect to the axis normal to the sample surface allowing a simultaneous deposition
of the two targets and the source-target distance was about 15 cm. The thickness and the
composition of the films were properly tuned through an optimized combination of the
electrical power of the source and the opening time of the shutters placed in front of the
targets. The thickness of the films was 150 nm, which was controlled by the deposition
time. Other detailed conditions about the deposition process of the films are summarized
in Table 1.

Table 1. Typical deposition parameters for sputtering deposition.

Pre-sputtering pressure (mbar) 1.5 × 10−6

Sputtering pressure (mbar) 50 × 10−4

Ar gas pressure (mTorr) 0.5
Ar gas flow (sccm) 20

Sputtering time (min) 17
Sputtering voltage (V) VDC ≈ 350 V, VRF ≈ 390 V

Furthermore, the film thickness was measured using a thickness profile-meter and
by Rutherford back scattering (RBS), performed with a HVEC 2.5 MeV Van de Graaff
accelerator at Legnaro National Laboratory (LNL)—INFN, using 2 MeV α -particles at
normal incidence and a scattering angle of 20◦, which was also used to determine the
contents by atomic percentage of Zn, O and Fe ions. Furthermore, the hexagonal phase
wurtzite structure of samples was confirmed by grazing incidence X-ray diffraction (GIXRD)
(Philips X’Pert PRO MRD triple axis diffractometer (angular resolution 0.01◦, accuracy
0.001◦)) and the scanning electron microscope (SEM), Zeiss Field-emission SEM (FE-SEM),
was used to determine the surface morphology. The optical properties of the films were
measured using UV-Vis optical spectroscopy, Jasco V-670 UV-Vis-NIR Spectrophotometer
with working range 190–2500 nm, in order to determine the optical parameters such as
band gap, Urbach energy and refractive index for all investigated samples.

Likewise, the magnetic hysteresis loops for the doped and undoped films were inves-
tigated by a vibrating sample magnetometer (VSM) (LakeShore model no. 7410 USA) in a
maximum applied field of 20 kOe. Finally, the IV characteristics and electric resistivity was
also measured for undoped and doped films by a two probe method with a KEITHLEY
6514 system electrometer. For simplicity, throughout the present work, the “balanced
stoichiometry” for the Fe doped ZnO will be named ZOFe. The DC power values are
indicated as follows: ZOFe/3 W, ZOFe/5 W, ZOFe/10 W and ZOFe/15 W for 3, 5, 10 and
15 Watt for DC deposited power of the Fe source target.

3. Results
3.1. Elemental Analysis

The elemental composition of ZO and ZOFe films was measured by Rutherford
backscattering spectrometry (RBS). The RBS data analysis is reported in Figure 1 where the
experimental data for all investigated films is superimposed to the simulation. The quality
of the fit is the direct proof of the sample homogeneity.
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Figure 1. RBS random spectra for the ZO and ZOFe thin films deposited on Si.

One can notice that the surface edge for the different elements (Zn, O, Si and Fe) can
be observed clearly from Figure 1. The large peak on the right-hand side located in the
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high energy range of the spectrum is due to the zinc atoms whereas the low energy peak
signal is related to the oxygen, which is superimposed over the continuous spectrum of a Si
substrate. Moreover, small peaks were observed on right-hand side of the Zn peak which
indicate the Fe. The yield account of these peaks increased with increase in the DC power
value in the co-deposited process from 3 W to 15 W.

RBS is not equally sensitive to various elements. The height of the RBS signal depends
on the scattering cross section which is proportional to the square of the atomic number of
the element. Thus, for light elements, the RBS signal is much lower than for heavy ones [20].
Therefore, it is quite difficult to separate the signal from such elements as nitrogen, carbon
or oxygen, from the high background of much heavier substrates as Si. Consequently, it
is not easy to evaluate the contribution of light elements. Zinc, oxygen and iron contents
in the ZO and ZOFe thin films were evaluated from the RBS random spectra. It has been
found that the value O: Zn content is approximately equal 1 and the results are summarized
in Table 2.

Table 2. RBS results for the estimation of Zn and Fe content (at. %) in the investigated films.

RBS Fluency (1015 at./cm2) The Contents Percentage (% at.)

Film Zn O Fe ZnO Fe

ZO 620 620 0 100 0

ZOFe/3 W 555 555 11 99 1

ZOFe/5 W 630 630 30 97.6 2.4

ZOFe/10 W 650 650 65 95.2 4.8

ZOFe/15 W 473 516 52 95 5

3.2. GIXRD Analysis

Figure 2 depicts the GIXRD pattern of the ZO thin films. One can see that it ex-
hibits a hexagonal crystal phase, which was confirmed with a standard JCPDS card (PDF
No. 36–1451). In the GIXRD pattern, the two dominant peaks, (002) and (103) were obtained
for all films without any secondary phase.

All films exhibited preferential (002) c-axis orientation, which grew perpendicular
to the substrate surface. This can interpreted as follows: the sputtered ZO and ZOFe
thin films with a c-axis have a preferential orientation due to the lowest surface free
energy of (002) plane in ZO. In the equilibrium state, the films grow with the plane of the
lowest surface free energy parallel to the surface if there is no effect from the substrate.
Additionally, the sp3 hybridized orbit in zinc oxide forms a tetrahedral coordination.
Because each apex is parallel to the c-axis in the wurtzite structure, ZO films prefer to grow
in the (002) direction [21].

Table 3 represents some significant data estimated from the diffracted peaks such
as 2θ, d-spacing, (hkl), peak intensity, crystallite size, and the texture coefficient for all
deposited films.

The texture coefficient TC(hkl) is another perspective for preferred orientation and/or
preferred growth. TC(hkl) can provide quantitative information on the preferred crystal
orientation which can be calculated from the expression [22,23]

TC(hkl) =
I(hkl)/Io(hkl)

(1/n) ∑n I(hkl)/Io(hkl)
(1)

where I(hkl) is the measured intensity and Io(hkl) is the standard JCPDS intensity and n is the
number of diffraction peaks. If TC(hkl)∼1 for all the (hkl) planes considered, then the films
have a randomly oriented crystallite similar to the JCPDS standard, while values higher
than 1 indicate the abundance of grains in a given (hkl) direction.
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Figure 2. GIXRD patterns of ZO and ZOFe thin films deposited on SiO2.

Table 3. Planes angle 2θ, d-spacing, intensity I, crystallite size D, and texture coefficient TC for
different DC depositing powers of sputtered ZO and ZOFe from GIXRD.

Film 2θ (o) d-Spacing
(Å)

Peak Intensity,
I (a.u.)

Crystallite Size,
D (nm)

Texture
Coefficient

Plane (002) TC(002)

ZO 34.57 2.59 54,621 40 0.815
ZOFe/3 W 33.28 2.69 88,247 6 1.554
ZOFe/5 W 34.20 2.62 39,271 19 1.120
ZOFe/10 W 34.13 2.61 45,609 25 1.264
ZOFe/15 W 33.67 2.65 72,050 11 1.398

Plane (103) TC(103)

ZO 63.08 0.52 49,566 - 1.184
ZOFe/3 W 62.08 0.52 15,787 - 0.445
ZOFe/5 W 62.61 0.52 19,252 - 0.879
ZOFe/10 W 62.69 0.52 16,571 - 0.735
ZOFe/15 W 61.87 0.52 19,353 - 0.601
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Values 0 < TC(hkl) < 1 indicate the lack of grains oriented in that direction. As TC(hkl)
increases, the preferential growth of the crystallites in the direction perpendicular to the hkl
plane is the greater. Since two diffraction peaks were used ((002) and (103)), the maximum
value TC(hkl) possible is two.

The calculated texture coefficient results are displayed in Table 3 and were found to be
maximum for the (002) plane and increased by increasing iron content, as shown in Figure 3.
Moreover, the (002) polar facet of Fe doped ZO films increased significantly compared to
the (103) facet. This also indicates the preferential growth along the c-axis orientation.
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Figure 3. Texture coefficient, TC, for (002) and (103) plans of ZO, Fe-doped ZO deposited at different
DC power.

On other side, the crystallite size may be estimated from the full-width at half-
maximum (FWHM) of (002) and (103) diffraction peak using the Debye–Scherrer
formula [24] which is expressed as:

D =
0.9 λ

β cosθhkl
(2)

where D is the average crystallite size, λ is the wavelength of the X-ray and takes 1.54 Å for
Cu Kα, β is the peak width of two peaks at half maximum height (FWHM) in radians, and
θhkl is the diffraction angle of the crystal plane (hkl). The values of the average crytallite
size are given in Table 3.

In addition, using the interplanar spacing values (d-spacing) and the related hkl
parameters for hexagonal systems, the lattice parameters (a, b, and c where a = b) of
the wurtzite cell of ZO and ZOFe thin films have been calculated by using following
formula [22,25]:

1
d2 =

4
3

(
h2 + hk + k2

a2

)
+

(
l2

c2

)
(3)

Interplanar d-spacing is calculated according to Bragg’s law:

nλ = 2 d(hkl)Sin θ (4)
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where d is lattice spacing, a and c are lattice constants, h, k, l are miller indices, θ is the
angle of corresponding peak and λ is the wavelength of X-ray used (1.5402 Å). Considering
Bragg’s law, it is possible to rewrite Equation (4) as follows:

4 sin2 θ

λ2 =
4
3

(
h2 + hk + k2

a2

)
+

(
l2

c2

)
(5)

There are two unknowns to be calculated in the formula above. Because of this, while
calculating lattice constant a, a peak in the form of (h00) should be used to eliminate c from
the equation. As an alternative, the (00l) peak should be used to get an equation with just
one unknown for calculating the c constant. Following correct peak selection, the following
equations for a and c constants are obtained [25,26].

a =
λ ·
√

h2 + hk + k2
√

3 sin θ
(6)

c =
λ · l

2 sin θ
(7)

The calculated lattice parameters for all films are listed in Table 4. As can be seen from
Table 4, the a parameter remains almost the same, while the c parameter varies slightly
due to an increase in Fe content throughout the co-deposition process. As we noticed from
XRD, no obvious peaks corresponding to iron metal or iron oxide phase were observed.
Furthermore, the wurtzite structure of ZO remained unchanged after iron modification.
There is a slight left shift in the (002) and (103) peaks of the ZOFe films which could be
interpreted as follows. Fe exists stably in both valence states, i.e., Fe2+ and Fe3+ state. The
peaks would shift towards a lower angle if Fe exists in Fe2+ (0.78 Å) state due to its larger
ionic radius than Zn2+ (0.74 Å), as seen in Figure 4. This confirms that iron has been doped
into the ZO lattice. However, if it exists in the Fe3+ (0.68 Å) state, the peak shift will occur
towards the higher angle side. As a result, we may conclude that the iron in our samples is
predominantly in the 2+ state.
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Table 4. Values of lattice constants, cell volume, internal parameter, bond length, strain and the
compressive stress for the wurtzite hexagonal ZO and ZOFe films deposited at different DC powers.

Film a (Å) c (Å) V (Å3) U L (Å) ezz × 10−3 σ × 109 (GaP)

ZO 2.993 5.183 40.201 0.361 1.871 −4.152 1.868

ZOFe/3 W 3.015 5.378 41.908 0.361 1.942 3.329 −14.981

ZOFe/5 W 3.024 5.237 41.420 0.361 1.891 6.236 −2.806

ZOFe/10 W 3.015 5.221 41.091 0.361 1.885 3.316 −1.411

ZOFe/15 W 3.071 5.318 43.416 0.361 1.921 2.172 −9.775

As well, the volume V, the internal parameter U, and the bond length L of wurtzite
unit cell for hexagonal ZO and ZOFe thin films have been calculated using the following
expressions [22,25,27]:

V =

√
3

2
a2c; U =

1
3

(
a2

c2

)
+

1
4

; L =

[
c2
(

1
2
−U

)2
+

a2

3

]1/2

(8)

The obtained values are tabulated in Table 4 and the variation in a, c and L after Fe
incorporation may be attributed to the differences between the atomic radii of the host
material (ZO) and the dopant (Fe) [27].

Moreover, the average uniform strain, ezz, in the lattice along the c-axis in the randomly
oriented ZO and ZOFe films has been estimated from the lattice parameters as follow:

ezz =
c− c0

c0
(9)

where c is the lattice parameter of the ZO film calculated from the (002) peak of XRD pattern
and the c0 is the lattice parameter for the ZO bulk. For hexagonal crystals, the stress (σ) in
the plane of the film can be calculated using the biaxial strain model [28,29]:

σ =

[
2C13 −

(C11 + C12)C33

C13

]
ezz (10)

where Cij are elastic stiffness constants for ZO, (C11 = 2.1 × 1011 N/m2, C33= 2.1 × 1011 N/m2,
C12 = 2.1 × 1011 N/m2, and C13 = 2.1 × 1011 N/m2). This yields the following numerical
relation for the stress derived from the change in the ‘c’ lattice parameter:

σ(Nm−2) = −4.5× 1011ezz (11)

The calculated values of stress (σ) in the undoped and doped films are listed in Table 4.
The negative sign indicates that the films are in a state of compressive stress which not seen
in pure ZO film. The total stress in the film typically consists of two components: intrinsic
stress which introduced by impurities, defects and lattice distortions in the crystal, and
the extrinsic stress familiarized by the lattice mismatch and thermal expansion coefficient
mismatch between the film and substrate. When the thickness of a thin film is large, the
extrinsic stress in the thin film normally relaxes. All of the films in our current study have
a thickness around 150 nanometers. As a result, extrinsic stress will be absent, and the
overall predicted stress values will be dominated by intrinsic stress. Furthermore, in the
current scenario of sputtering deposition with rising DC power, this intrinsic stress arises
as a result of the bombardment of energetic species. Strong compressive stress is present
in films deposited at lower temperatures. In the sputtering process, the highly energetic
species could be implanted below the ZO surface, causing high intrinsic stresses by creating
the defects [29,30]. The existence of stress in the ZO films was reported by Gupta and
Mansingh, who ascribed it to oxygen interstitial defects [31]. It is well known that, because
of the higher formation energy, the oxygen interstitials are less expected in ZO films. In the
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present experiment all the films were deposited in argon atmosphere. So, the possibility of
the formation of oxygen interstitials is ruled out and the formation of Zn interstitials and
the oxygen vacancies are expected. Thus, in our case, the intrinsic stress in the deposited
ZO and ZOFe films seems to arise due to presence of Zn interstitials.

3.3. Microstructural Analysis

Figure 5 shows the morphology of the ZO and Fe doped ZO thin films; the pure zinc
oxide film surface seems to be agglomerated, spherical in shape as shown Figure 5a. The
surface of the films consists of tightly packed grains forming a smooth surface without
any voids and cracks whereas the Fe doped zinc oxide films in Figure 5b,c look like black
and white islands of spherical shape. Still, by increasing the DC deposited power for Fe
with ZO deposition, the black spots decreased. A SEM image of the sectional view of the
samples could help in discovering the shape of the spherical grains and their interface with
the substrate as in Figure 5. Moreover, the shape of the grains would be hard to identify
because the growth could not be described in a reliable way. Further, the distribution
and size in grains is inhomogeneous. Figure 6 shows the EDX spectrum of the ZO and
Fe doped ZO thin films. The observed peaks are attributed to zinc, oxygen and iron as
principal elemental components with no other impurities being obtained. The Zn:O:Fe
atomic percentage ratios of the ZO thin film are listed.
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3.4. Optical Properties
3.4.1. Transmittance Spectra

Zinc oxide and iron doped zinc oxide samples grown on SiO2 are transparent to visible
and NIR light; thus it was possible to obtain transmittance spectra and make observations
on the material properties. The spectra were taken in the range between 300 and 900 nm, as
shown in Figure 7. The optical transmittance spectra of the films show a good transmission
in the visible region and a sharp fall in the UV region which corresponds to the band
gap. The decrease of the transmittance is due to the interaction of the incident long-
wavelength radiation with the free electrons in the films [32]. Moreover, the films have
good transmission in the visible region of the spectrum terminated at shorter wavelengths
while, in the UV region, the obvious absorption could be observed; it increased with
increasing Fe content.
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3.4.2. Optical Band Gap

The energy gap and refractive index of semiconductors are two essential physical
parameters that define their optical and electronic properties. The optical energy gap (Eg)
determines the threshold for absorption of photons in a semiconductor. In order to de-
termine the optical energy gap (Eg), there are several numerical methods based on the
experimental data. We are used different methods and compared them to obtain (Eg) values
which have a good agreement with the literature.

(A) Tauc method:

In most of the literature, the energy gap in the crystalline and amorphous semicon-
ductors is determined by the Tauc method [33]. This method is easy to apply due to fitting
of the linear function to the graph for parameter: m = {0.5, 1.5, 2, 3} which represents
direct allowed, direct forbidden, indirect allowed and indirect forbidden optical transition,
respectively. The energy gap determined using the Tauc method is often subject to high
uncertainty. In some cases, it is possible to fit a straight line for all values of parameter m.
The energy gap of all the films is determined from the absorption coefficient (α) which can
be calculated from the transmittance (T) of the undoped and doped ZO thin films. The
absorption coefficient (α) is calculated from Equation:

α =

(
1
d

)
ln
(

1
T

)
(12)

where (d) is film thickness and (T) is the transmittance. The absorption edge was analyzed
by the following Equation:

(αhν)2 = A
(
hν− Eg

)
(13)

where A is a constant, hν is the incident photon energy and Eg is the optical energy band
gap. Based on Equation (15), the plots of (αhν)2 as a function of incident photon energy (hν)
were obtained for the undoped and doped ZO thin films and are shown in Figure 8. The
linear portions of these plots are extrapolated to meet the energy axis and the energy value
at (αhν)2 = 0 gives the values of the energy gap Eg for the thin films. The Eg values are listed
in Table 5.

89



Ceramics 2022, 5
Ceramics 2022, 5, FOR PEER REVIEW  14 
 

 

 
Figure 8. Plot of (αhν)2 vs. (hν) for the undoped and Fe doped ZO thin films. 

(B) The derivative of transmittance (T) against photon energy (hν) 
This method is applicable for transitions between direct band gaps [34]. The trans-

mission through a film may be approximated as: 𝑇(𝐸)    1 − 𝑅(𝐸) 𝑒 ( )   (14)

where E is the energy of the incident light, R is the reflectance, and d is film thickness. 

Figure 8. Plot of (αhν)2 vs. (hν) for the undoped and Fe doped ZO thin films.

Table 5. Energy gap values Eg obtained from different methods for undoped ZO and Fe doped ZO
thin films.

Film Tauc dT/dE dT/dλ LD

ZO 3.26 3.26 3.26 3.26
ZOFe/3 W 3.27 3.27 3.27 3.27
ZOFe/5 W 3.29 3.28 3.29 3.28
ZOFe/10 W 3.33 3.34 3.34 3.33
ZOFe/15 W 3.35 3.39 3.40 3.40

(B) The derivative of transmittance (T) against photon energy (hν)

This method is applicable for transitions between direct band gaps [34]. The transmis-
sion through a film may be approximated as:

T(E) ≈ [1− R(E)]2eα(E)d (14)
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where E is the energy of the incident light, R is the reflectance, and d is film thickness.

α(E) =
C

Eηr(E)

√
E− Eg (15)

where C is a constant and ηr(E) is the energy-dependent index of refraction. The behav-
ior of the reflectance at the band gap energy must be considered while calculating the
transmission derivative. It can be shown that as E→Eg, the quantities (1 − R(E)) and
dR(E)/dE remain finite at energies in the environs of Eg due to the presence of a band
tail that prohibits singularity- type behavior. The reflectance and its derivative are well-
behaved values near the band gap energy, according to experimental studies concerning
ZO thin film properties [35]. As a result, we can write the transmission through a direct
gap semiconductor as

T(E) = eCd(1/Eηr(E))
√

E−Eg (16)

After taking the first derivative of T(E) with respect to energy and then at the limit
E→Eg, this results in a spike towards negative infinity at E = Eg. Due to band tail states, it
was assumed that dηr(E)/dE is continuous around Eg. As a result, when plotting dT/dE
versus E, a significant singularity will appear at the band gap energy. In realistic instances,
absorption tails exist, which soften the divergence and create well-defined peaks around
the gap energy, as also can be seen in Figure 9 for ZO and ZOFe/10 W thin films. The
values of the band gap of all investigated samples obtained by the derivative method are
listed also in Table 5. These values of band gap are very close to the values obtained by
Tauc method. Discrepancy between values of band gap obtained by both methods can be
explained: the fitting of a line in the linear region of (αhν)2 is quite challenging which adds
errors in determination of the band gap. Hence, the derivative method is considered more
appropriate when compared to Tauc method.

lim
E→Eg

dT
dE

= −C
(
−0− 0 +

1
0

)
→ −∞ (17)
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(C) The derivative of transmittance (T) against wavelength (λ)

As we noticed in the transmittance curve of ZO films, there are transmittance tails at
the high energy side of the absorption edge. Because a sharp absorption edge is generally
observed in the transmittance spectra of direct band gap semiconductor films, we com-
puted the derivative of transmittance (T) against wavelength (λ) in an effort to accurately
determine the optical band gap of undoped and doped ZO films. The sharp absorption
edge in the transmittance spectra may result in a sharp peak in a plot of dT/dλ vs. hν
from which the optical band gap can be successfully determined. Figure 10 shows plots of
dT/dλ vs. hν for the ZO and ZOFe/10 W thin films. One can see in Figure 10 a broad peak
centered around 3.3 eV, corresponding to a band gap of all investigated films, also listed in
Table 5.
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(D) Logarithmic derivative (LD) method:

This approach combines the advantages of both the Tauc [33] and McLean [36] meth-
ods: the fit is linear, and the parameter m is calculated as a consequence of the fitting.
Significantly, the results of all three approaches are consistent in simple cases.

As we referred above, the Tauc method is based on linear fit for αhν1/m data for
selected m = {0.5, 1.5, 2, 3} values. The zero point of the fitted linear function is then the
energy gap Eg. In the McLean method, one can determine m, Eg and parameter A in
Equation (13) by fitting a power function to αhν data. LD transformation starts from the
Tauc equation. For the sake of calculating the natural logarithm, let us suppose that all the
quantities in Equation (13) are unitless. Then the natural logarithm will be:

ln(αhν) = m ln(A) + m ln
(
hν− Eg

)
(18)

By differentiation of Equation (18) with respect to hν

d ln(αhν)
d(hν)

= m
(

1
hν− Eg

)
(19)

The left side of Equation (19) is calculated based on the experimental data. This
numerical derivative should be calculated as the difference of transformed measurement
data (hν, αhν) from subsequent measurement steps.
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Now, we can determine the precise value of the optical band gap from the d ln(αhν)
d(hν)

vs. hν curve as in Figure 11. We can see that a peak in the curve appeared at the band
gap energy (Eg); i.e., hν = Eg. The peak at a particular energy value gives the approximate
optical band gap, Eg [37].
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On other hand, the type of the optical transition can be estimated from the slope (m)
of the curve of ln (αhν) vs. ln (hν − Eg) using the Eg value of the highest Fe concentration
doped ZO (15 at. %), as an example, and to determine the value of (m) which was found
about 1/2 from the slope as shown in Figure 12. This indicates that the optical transition
through the base glass and also the doped samples is a directly allowed transition which
we selected to obtain Eg values by using the Tauc relation.
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Thus, the estimated values of Eg for ZO doped and undoped by Fe are listed in Table 5
to compare with the other values obtained from different approaches.

One can see that in Table 5, the obtained values of Eg determined from the Tauc method
are close to those determined by dT/dE and dT/dλ and LD methods. Furthermore, the
average values of the Eg are 3.26, 3.27, 3.29, 3.33 and 3.39 eV for the undoped and 3 W, 5 W,
10 W and 15 W of Fe-doped ZO thin films, respectively.

It is worthwhile to notice that two points may be inferred from these energy gap
values. The first is that from the undoped to doped thin film, the Eg values increased.
Furthermore, as the doping concentration of Fe increases, the Eg value increases.

The first point can be interpreted as follows. As we know, the incidence of a photon
with energy of hν on a semiconductor leads to a transition between the highest occupied
state of valence band and the lowest unoccupied state of the conduction band. This
phenomenon is applied to calculate the optical band gap energy of ZO thin films as we
referred before. In Fe-doped ZO thin films, the optical band gap energy mainly depends on
the valence state of Fe ions [38,39]. With Fe-doped ZO thin films, there is a large variability
in the optical behavior which leads to inconsistent conclusions. The valence state of Fe
is an important factor in the optical properties of ZO thin films. Fe dopants in ZO thin
films can be in the two forms of Fe2+ or Fe3+, or even coexistence of these two forms is
seen. By addition of Fe into ZO films, the maximum of the valence band is increased
and the minimum of the conduction band is decreased which leads to the reduction of
band gap. However, substituting Fe3+ ions into Zn2+ leads to providing extra free carrier
concentrations. As a result, the Fermi level moves toward the conduction band and the
band gap increases. This makes the optical band gap of Fe-doped ZO thin films tunable.

Moreover, it is known that doping significantly alters the absorption spectrum of the
pure semiconductor, resulting in degenerate energy levels which cause the Fermi level to
push above the conduction band edge. This shift is known as doping induced band-filling
called a Moss–Burstein shift and leads to an increase in the band gap from the undoped to
doped thin film [40]. In addition, with Fe incorporation, there are initially sp-d exchange
interactions that do not strongly affect the band gap. After a further doping percentage,
the Moss–Burstein effect dominates the normal sp—d exchange interactions. In addition,
ZO is normally n-type material stable at room temperature in which the Fermi level lies in
the conduction band when doped with greater Fe [41]; as a result, there is an increase in
the band gap with more Fe doping. Since no empty state is available inside the conduction
band, so the absorption edge shifts towards the higher energy region, thereby giving rise to
an increase in the band gap. With increasing Fe doping the d—d transition of Fe ions also
increases and leads to increase in the band gap. According to Parra-Palomino et al. [38],
increasing Fe doping concentration to ZO nanocrystals increased the band gap significantly.
Chen et al. [42] and Wang et al. [43] found that raising the Fe doping concentration in ZO
films can minimize the band gap.

3.4.3. Urbach Energy

One of the main properties which measure the degree of structural disorder in the
films is the Urbach energy (EU). The imperfection in the structurally disordered film leads
to broadening the bands of localized states. As we mentioned, near the band edge, the
absorption coefficient has an exponential dependence on photon energy. This dependence
is given as follows:

α = αoexp
(

hν
EU

)
(20)

where αo is the band tailing parameter that can be obtained by:

αo =

√√√√σo

(
4π
c

)

x∆E
(21)
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where σo, c and ∆E are the electrical conductivity at absolute zero, the velocity of light and
the width of the tail of localized states in the energy gap, respectively, and x = 0.5 for the
directly allowed transitions [44]. Then the Urbach energy can emerge from Equation (22) as:

EU =

[
d (ln(α))

d hν

]−1
(22)

As shown in Figure 13, the values of the EU were obtained from the slopes of the linear
fitting of the plots of ln (α) versus (hν) and are listed in Table 6. EU increases from 225 to
403 meV as the Fe concentration increased. The dopant may contribute significantly to the
width of localized states within the ZO’s optical band. In other words, the EU is responsible
for the valence and conduction bands’ tails [45]. Moreover, EU values confirm the GIXRD
analysis which shows that Fe doping is followed by an increase of the strain which can also
create structural disorder.
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Table 6. Optical band gap and refractive index values for undoped ZO and Fe doped ZO thin films.

Film Optical Band
Gap, Eg (eV) Eu (meV) no

[Moss]
no [Ravindra

and Srivastava]
no [Dimitrov
and Sakka]

ZO 3.26 255 2.323 2.399 2.330
ZOFe/3 W 3.27 236 2.321 2.397 2.327
ZOFe/5 W 3.29 263 2.318 2.393 2.323
ZOFe/10 W 3.33 400 2.311 2.386 2.313
ZOFe/15 W 3.35 403 2.307 2.382 2.308

3.4.4. Refractive Index

The two most interesting optical properties of a semiconductor are the absorption
edge, or optical energy gap, and the refractive index. The relation between the optical band
gap Eg and the refractive index no was proposed for first time by Moss in 1950 on the very
general grounds that all energy levels in a solid are scaled down by a factor 1/ε2

opt, where
εopt = n2 is the optical dielectric constant; it was described in detail elsewhere [46,47]. Moss
showed that the energy levels of the semiconducting materials can be scaled down by the
term 1/n4 as follows [46]:

n4
o Eg = 9 eV (23)
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Then Ravindra and Srivastava [48] modified Equation (25) to be:

n4
o Eg = 108 eV (24)

The main difference between the Moss and Ravindra relations originated from the
estimating of the reflection loss by Ravindra. Moreover, Equation (26) covers most of
the semiconducting materials used for solar cell, photocatalytic and sensing applications.
Dimitrov and Sakka [49] have deduced the correlation between the refractive index and
the optical band gap from the Lorentz- Lorentz (L.L.) Equation:

n2
o − 1

n2
o + 2

= 1−
√

Eg

20
(25)

The estimated refractive index based on the optical band gap is shown in Table 6.
The refractive index of ZO was compared with the optical data from references [22,49].
As we can see, by increasing the Fe content, the refractive index decreased and as we
know the refractive index is correlated to the optical band gap. Subsequently, from
Equations (25) and (26), the relation between them is inverse.

3.4.5. The Extinction Coefficient

The extinction coefficient (k) reflects the absorption of electromagnetic waves in the
semiconductor due to inelastic scattering events and it can be calculated from the transmit-
tance spectra using the relation

k =
αλ

4π
(26)

The dependence of k on the wavelength for all investigated thin films is shown in
Figure 14. In the UV region (λ < 400 nm), the k value increases from 0.36 to 0.42 with
increasing Fe concentration. Furthermore, the k values are very small and relatively
constant in most of the visible region. This indicates the smoothness on the surface and
homogeneity of the films and enhances its uses in blocking UV radiation [40]. As well,
increase in k value by doping Fe can be ascribed to increasing topical donor levels formed
within the energy levels that lead to an increased extinction coefficient, showing that the
electronic transitions occur directly.
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3.5. Magnetic Properties
3.5.1. Magnetic Behavior of the Films

The hysteresis loops of ZO and Fe doped ZO thin films in Figure 15 show clear room
temperature ferromagnetism (RTFM) for all the doping concentrations of Fe; they were
obtained from room temperature vibrating sample magnetometer (VSM) measurements.
It is clear from Figure 15 that undoped ZO and Fe doped ZO films show well-defined
hysteresis loops with noticeable coercivity. The loops are S-shaped, which indicates the
ferromagnetic nature of the samples. One can notice that there is non-saturation of the
M-H loop at higher applied fields, which is a commonly observed phenomenon in semicon-
ductor/metal nanocomposites. Rumpf et al. also observed such non-saturation behavior
for ferromagnetic semiconductors and attributed it to the lattice defects and magnetic
anisotropy [50].
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The mechanism of RTFM in the ZO based system was still unclear for researchers.
The dopant related secondary phase, magnetic cluster, metal precipitation formation will
lead to magnetic behavior in the doped ZO. In a doped ZO system, the carrier exchange
interactions such as RKKY, indirect double exchange interactions and super exchange
interactions induced a magnetic nature [51–53]. In addition, the doped and co-doped ZO
samples reveal ferromagnetism at RT due to the presence of intrinsic lattice defects. The
presence of lattice defects as strain and texture, and concentration of Fe doping ions may
also have a major impact on the room temperature magnetic properties [54,55]. Generally,
RT ferromagnetism in TM doped ZO films could be explained on the basis of intrinsic and
extrinsic effects associated with the local magnetic moments. If the spin of Fe ions has an
exchange interaction with local magnetic moments of ZO then it is intrinsic effect. When
there is a direct interaction between the local magnetic moments of the Fe clusters, it is
known to be an extrinsic effect.

Accordingly, in Figure 15, the M-H curves of the pure ZO exhibit ferromagnetic (FM)
behavior and Fe doped ZO thin films, with Fe concentration 2.4, 4.8 and 5 at. % of Fe
dopants, exhibit diamagnetic behavior at a high magnetic field and FM behavior in the low-
est field regime. There are several literature reports that pure ZO exhibited ferromagnetic
nature at room temperature due to the exchange interaction between localized electron
spin moments resulting from oxygen vacancies [56].
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For more details about the diamagnetic behavior shown in the pure ZO films, a fitting
with Langevin curve was performed, as shown in Figure 16; this type of analysis has been
conducted on ZnO doped with transition metals [9].
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Further, the ferromagnetic property for DMSs can be contributed from the secondary
phase related to metal oxides or metal clusters with a ferromagnetic property. DMSs could
have an intrinsic effect as well [57]. However, our GIXRD patterns clearly indicate the
absence of clustering of metallic iron phase or iron oxide cluster in the films. Moreover, the
possibility of attributing the observed ferromagnetic order of Fe doped ZO thin films to the
carrier-mediated mechanism or RKKY exchange interaction is also ruled out because the
DMSs usually show very high resistance. Therefore, RTFM of our Fe doped ZO films are
not due to the carrier-mediated mechanism. A pertinent and appropriate explanation for
the observed RTFM [58] in our case is the ferromagnetic exchange mechanism involving
oxygen vacancies model. This could be explained in terms of two reasons: (1) the number of
oxygen vacancies (OV) and zinc interstitials (Zni) and (2) the exchange interaction between
doped transition metal ion and O ion spins.

Further, Kittilstved et al. [59] stated that the ferromagnetism in TM doped ZO is due
to the effective dopant defect hybridization arising from the energetic alignment of the
shallow donors, Zn interstitial (Zni) and oxygen vacancy (OV), with TM+/2+ level. Thus,
the magnetic coupling between Fe ions with ZO is FM mediated by (Zni) and (OV) and
this may account for the observed RTFM and indicates that defects play a role to gain a
FM coupling. In addition, in our case, for low magnetic fields, the ferromagnetic behavior
can be attributed to the presence of small magnetic dipoles located at the surface of thin
film nanocrystals, which interact with their nearest neighbors inside the crystal involving
oxygen vacancies [53].

3.5.2. The Magnetic Parameters

Table 7 shows the saturation magnetization Ms of undoped ZO~9 × 10−4 emu/g
at 2000 G. Vettumperumal et al. [60] have observed RTFM of ZO thin film with Ms
value ~ 6.9 × 10−5 emu/g emu/g at 300 K while Ariyakkani et al. [61] have obtained Ms
value ~ 5.6 × 10−5 emu/g at 300 K for ZO thin film. Therefore, the magnetization value
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obtained in our work is higher as compared to previous reported values of undoped ZO.
Furthermore, it is obvious, from Table 7, that the saturation magnetization of the films
is increased by increasing the Fe concentration. As we mentioned before, the origin of
ferromagnetism in transition metal doped ZO until now is still not clear. A number of
studies indicate that ferromagnetism in transition metal doped ZO may come from sec-
ondary magnetic phases [62]. However, others reported that the RTFM in Fe-doped ZO
could be due to the oxidation of Fe in mixed valence (Fe2+ and Fe3+) states [63]. The
exchange interaction between conductive electrons and local spin polarized electrons is
responsible for the magnetic behavior of Fe-doped ZO. Likewise, the occurrence of Fe-Fe
super exchange interaction could be one reasons for increased Ms values with increasing
Fe concentration; it is found to be dominant at higher Fe doping concentrations [64,65].

Table 7. Magnetization, coercivity and remanence values of undoped and Fe doped ZO thin films.

Film Magnetization
× 10−4 emu/g Coercivity (G) Remanence

× 10−3 emu/g

ZO 3.16 ± 0.04 110.7 ± 2 3.12 ± 0.2
ZOFe/3 W 1.84 ± 0.03 100.3 ± 1 2.05 ± 0.1
ZOFe/5 W 2.20 ± 0.02 94.3 ± 1 1.82 ± 0.1
ZOFe/10 W 4.24 ± 0.05 101.3 ± 1 3.76 ± 0.2
ZOFe/15 W 4.26 ± 0.06 95.7 ± 1 3.77 ± 0.2

The coercivity of Fe doped films is lower than the undoped film at any particular Fe
concentration, as shown in Table 7. There are several factors influencing the reduction in
the coercivity such as magnetic domain size, micro-strain, magnetocrystalline anisotropy,
and shape anisotropy. However, such decrease in coercivity could be related to a decrease
in the anisotropy field, which reduces the thickness of the domain wall [66]. However, the
coercivity (Hc) is low (~95 Oe) for the doped films and it indicates that all Fe doped ZO thin
film samples are ferromagnetically soft compared to ZO. The magnetization measurements
by Kumar et al. [63] on 1% Fe doped ZO samples shows soft ferromagnetic behavior at
room temperature with coercivity (Hc) about 27 Oe. Further, low coercivity and high
saturation magnetization are required for spintronics memory devices and this is obtained
for the ZO: Fe (5% at 15 W) thin films compared to the other thin films. It can be seen
that the coercivities and saturation magnetizations were enhanced with the increase of Fe
content. This phenomenon should be investigated further to understand it. Therefore, to
enhance ferromagnetic order, the appropriate doping concentration of Fe in ZO wurtzite
structure plays a vital role in obtaining an optimum number of charge carriers and oxygen
vacancies, which may be useful for spintronics based solid state devices.

Thus, the remanence (Mr) is found to slightly increase with the increase in the high
Fe concentration which is related to the saturation magnetization Ms. Table 7 shows the
magnetic saturation (Ms), remanence magnetization (Mr) and coercivity (Hc) for all the
thin films.

3.6. Electrical Properties

As already noted, ZO is a large band gap semiconductor and its electric conductivity
is very low. Low electric conductivity is one of the most important reasons for limited
performance in the devices based on ZO film. Therefore, to improve electron transport
rates in ZO film would be a significant way to achieve high performance devices. It has
been suggested by many researchers to substitute ZO films with TM [67].

The electrical resistivity of ZO thin films undoped and doped by Fe with different
concentrations was investigated by a two probe method. Figure 17a shows the I-V charac-
teristics of the thin film samples having Ohmic behavior. The lowest resistivity of these
films (4.6 × 107 Ω·cm) was measured for the films doped with 5% Fe corresponding to
the highest DC power of the thin films. Otherwise, the resistivity of the co-sputtered films
showed an initial increase for a DC power of 3 W and also for 5 W. This was followed by a
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continuous reduction in resistivity as the DC power increased beyond 10 W, reaching the
lowest value of (4.6 × 107 Ω·cm) in the films deposited under a DC power of 15 W, i.e.,
two orders of magnitude lower than the lowest resistivity obtained in the films prepared
from the doped targets. These results manifest the pivotal role played by the method of
incorporation of the dopant.
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The electrical resistivity of undoped ZO thin films prepared by RF sputtering has been
reported to be in the range of (104–108 Ω.cm), depending on the substrate temperature [68].
Further, a previous study on co-sputtered Fe—doped ZO thin films reported a decrease of
resistivity by four orders of magnitude compared to the undoped film [16].

As we pointed above, the resistances of the films increase with increase in low dopant
concentration of Fe then decrease with higher concentrations, as shown in Figure 17b. The
increasing trend of resistivity at low dopant concentration was reported by Cherif et al. [69].
The probable causes of increase in resistivity from undoped to Fe dopants in low concen-
tration could be due to carrier traps formation at the film surface causing impediment to
charge carriers and due to Fe incorporation, with the formation of interstitial metal atoms
causing a decrease in the oxygen vacancies [70]. Meanwhile, increasing the concentration
of Fe led to an increase the number of surface defects in the ZO matrix. Hence, the electrical
resistivity of ZO is reduced as the concentration of Fe in ZO is increased slightly or, in
other words, the conductivity increased. This makes our samples of thin films a promising
material in very wide range of applications.

4. Conclusions

ZO and ZOFe films are deposited using RF magnetron sputtering with thicknesses
150 nm. The effect of Fe dopant on the structure, morphology, optical, magnetic and electric
properties in Fe-doped ZO films was investigated. Curiously, we found that, both ZO
and ZOFe films show a high crystalline quality with sharp band edge emission. As an
interesting point, the energy band gap (Eg) was obtained by different numerical methods
based on the experimental data in order to determine the most precise values. In addition,
it has been pointed out that the refractive index (n) decreased with increasing Fe content
which correlated to the optical band gap behavior.
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Likewise, an increasing of the saturation magnetization (Ms) values was noted with in-
creasing Fe doped concentration while the coercivity (Hc) decreased. Finally, the resistivity
of ZO is reduced as the concentration of Fe in ZO is increased slightly or, in other words,
the conductivity is increased. The high saturation magnetization and conductivity values
as well as the tunable optical properties of the investigated doped thin films make them
promising multifunctional nanomaterials for a wide range of applications as spintronics
memory and magneto-optoelectronic devices.
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Abstract: The objective of this study was to investigate the variability of flexural strength for flame-
sprayed ceramic components and to determine which two-parametric distribution function was best
suited to represent the experimental data. Moreover, the influence of the number of tested specimens
was addressed. The stochastic nature of the flame-spraying process causes a pronounced variation in
the properties of potential components, making it crucial to characterise the fracture statistics. To
achieve this, this study used two large data sets consisting of 1000 flame-sprayed specimens each.
In addition to the standard Weibull approach, the study examined the quality of representing the
experimental data using other two-parametric distribution functions (Normal, Log-Normal, and
Gamma). To evaluate the accuracy of the distribution functions and their characteristic parameters,
random subsamples were generated by resampling of the experimental data, and the results were
assessed based on the sampling size. It was found that the experimental data were best represented
by either the Weibull or Gamma distribution, and the quality of the fit was correlated with the number
of positive and negative outliers. The Weibull fit was more sensitive to positive outliers, whereas the
Gamma fit was more sensitive to negative outliers.

Keywords: flame-spraying; fracture statistics; QQ analysis; Weibull distribution; Gamma distribution

1. Introduction

The flame-spraying of ceramic materials is a highly versatile technique [1,2]. The unique
microstructure of the flame-sprayed coatings, including cracks and pores, results in excep-
tional thermal shock resistance [3,4]. That offers numerous possibilities for the preparation
and modification of various substrate materials for refractories in high-temperature ap-
plications. One motivation was the functionalisation of refractory hollowware based on
uniaxially pressed rice husk ash [5] via flame-sprayed alumina potentially used in steel
ingot casting (prototype, see Figure 1). These components must provide excellent resistance
against thermal shock and erosion caused by the flow of the molten steel, as well as high
chemical inertness against the steel melt itself [6,7]. However, materials traditionally used
for this purpose, such as refractory clay, are limited in terms of these properties [8]. With the
flame-spraying technique, a wide range of materials can be utilised [1,2,9]. Accordingly,
their mechanical characteristics are of particular interest when considering the service life
time of such materials in both room and high-temperature applications.

Figure 2 shows the cross-section obtained via scanning electron microscopy of a mate-
rial composite based on rice husk ash and a flame-sprayed alumina coating. The nature of
the rice husk ash and the shaping process results in a rough surface of the bulk material. This
causes an interlocking with the flame-sprayed alumina coating on the coating/substrate ma-
terial interface. This interlocking must be taken into account with regard to the mechanical
properties of the composite material, which is non-trivial. Consequently, the contributing
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materials has to be characterised separately in a first step. In this regard, the flame-sprayed
ceramic coating is of particular interest.

35
0m

m105 mm

Figure 1. Prototype of refractory hollowware based on biogenic silica with flame-sprayed alu-
mina coating.

Recent studies provided an overview regarding the mechanical characteristics of flame-
sprayed components based on different ceramic materials (Al2O3 and Al2O3 with TiO2
and ZrO2 additions) [3,4]. The stochastic nature of the flame-spraying process can result in
a pronounced variability in the mechanical properties of the flame-sprayed components,
particularly in terms of their fracture statistics [4,10]. Thus, a comprehensive characteri-
sation of these properties is essential in order to predict their mechanical behaviour and
ensure their successful use in high-temperature applications [11]. Hence, the sampling size
required to obtain statistically reliable data has to be questioned.

Following the suggestion of Danzer et al. [12], a minimum of 30 specimens is required
for determining strength data for ceramic components. According to the law of large
numbers, the probability to obtain the true value for a variable from an experiment ap-
proaches one for the number of performed experiments approaching infinity [13]. However,
in practice, the number of tested specimens needs to be limited and minimised as much as
possible. Therefore, selecting an appropriate sampling size for determining strength data
involves balancing the cost of sample preparation with the desired level of experimental
accuracy. Danzer et al. [12,14] assessed the scatter of strength data for ceramic parts in
dependency of the sampling size. To achieve this, strength data were randomly generated
from an idealised theoretical Weibull distribution. Obviously, the scatter of the Weibull
modulus determined for the generated sample around the true value of the distribution
increases as the sampling size decreases. However, the analysis revealed an asymmetric
deviation with a larger positive difference, leading to an overestimation of the true value.
Thus, the standard suggests a correction factor for the Weibull modulus dependent on the
sampling size. Conventionally, flexural strength data of ceramic components are repre-
sented using the Weibull distribution [15]. However, recent studies showed that the Weibull
modulus of flame-sprayed ceramic components is low (m = 3 to 5.5 [3,4]) compared to
densely sintered ceramic components fabricated by injection moulding (m = 11.8 [16]).
Because of the unique microstructure of flame-sprayed ceramic components (see Figure 2),
it is uncertain whether the assumption of a Weibull distribution, i.e., failure because of the
weakest link, is met in the first place [15,17–19]. Thus, it is also uncertain, whether a similar
behaviour as a function of the sampling size can be expected.
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75 µm

Flame-Sprayed
Alumina

Rice Husk Ash
Figure 2. Microstructure of a composite material based on rice husk ash (lower part) and a flame-
sprayed alumina coating (upper part) obtained by scanning electron microscopy; interface (dotted
red line).

Therefore, this work statistically investigated the scatter of flexural strength for flame-
sprayed ceramic components on two large data sets including 1000 specimens each. Re-
cently, Gorjan and Ambrožič [20] investigated a large experimental data set of flexural
strength data for low-pressure injection-moulded ceramic parts with regard to its repre-
sentation by different two-parametric distribution functions. It was found that the Weibull
distribution describes the experimental data best, while the Normal, Log-Normal, and
Gamma distributions yielded lower fitting accuracy. However, Fedorov and Gulyaeva [21]
pointed out that the obtained strength data of porous alumina pellets were significantly
better represented by the Gamma distribution compared to the Weibull distribution.

Thus, the current study aims to investigate the suitability of the two-parametric dis-
tribution functions Normal, Log-Normal, and Gamma distribution, in addition to the
standard Weibull approach, for representing flexural strength data of flame-sprayed compo-
nents. Furthermore, this study presents a simulation based on resampling of experimentally
determined strength data to investigate the influence of the sampling size on the robustness
of different distribution functions and their characteristic parameters. This complements
the theoretical simulation presented by Danzer et al. [12,14]. The study examines to what
extent the flexural strength data of flame-sprayed components follows the theoretically
expected fracture statistics of ceramic components.

2. Materials and Methods
2.1. Fabrication and Testing of Specimens

For flexural strength testing, disc-shaped Al2O3 specimens were fabricated using the
flame-spraying technique (Flexicord feedstock, Saint-Gobain Coating Soluations S.A.S.,
Avignon, France) on a graphite substrate (Graphite Materials GmbH, Zirndorf, Germany)
with pins of diameter D = 8 mm and D = 15 mm, respectively. The spray distance between
the flame-spraying gun and the graphite substrate was 150 mm. Table 1 summarises the
parameters of the flame-spraying process. Details of the experimental setup were described
by Neumann et al. [4]. After cooling, the specimens were removed from the graphite
pins, resulting in self-supporting components. To avoid pre-selection of specimens for
B3B testing, the proportion of rejects r, i.e., specimens, which were not removed from the
substrate without rupture, was determined by r = 1− q q−1

a , where q is the number of
usable specimens and qa the number of spraying attempts [4]. This ratio depends on the
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specimens’ geometry and thickness and the substrate properties. For each disc geometry,
a total of 1000 specimens were fabricated with r < 0.01. Following the suggestion by
Neumann et al. [4], such geometries were suitable for estimating Weibull parameters.
The two populations, designated as D08 and D15 according to the specimen diameter, each
consisting of 1000 specimens, were tested for their flexural strength.

Table 1. Parameters of the flame-spraying process (m3 represents a standard cubic metre).

Parameter Dimension Value

flow rate of O2 m3 · h−1 3.2
flow rate of C2H2 m3 · h−1 1.3
flow rate of pressurised air m3 · h−1 38
feed rate m ·min−1 0.28–0.30

The flexural strength was determined using the ball on three ball test (B3B) [22,23].
For both populations, a similar experimental setup was used. The diameter of the used
alumina balls was 5 mm and 10 mm for D08 and D15, respectively. All specimens were
tested with a loading rate of 0.5 mm min−1. The flexural strength was calculated according
to Equation (1) using the maximum load at rupture Fc, the specimens’ thickness t, and the
dimensionless factor f ∗. The latter is dependent on Poisson’s ratio ν and the ratio of both the
specimens’ thickness t and the support balls’ diameter Ds to the specimens’ diameter D and
was calculated by an empirical formula presented by Börger et al. [23]. The Poisson’s ratio
ν of the flame-sprayed material was approximated by ν = 0.2. A thickness measurement of
the flame-sprayed components was carried out using a digital caliper (resolution 0.01 mm).

σc,B3B = f ∗
(

2t
D

,
Ds

D
, ν

)
Fc

t2 (1)

Figure 3 shows exemplary load-displacement curves of one tested specimen each
of the D08 and D15 populations. For both curves, deviation from linearity at peak load
was observed.
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Figure 3. Exemplary Load-Displacement graphs for a tested specimen and specimen photographs
before and after testing from the D08 population (a) and the D15 population (b).

2.2. Statistical Analyses

All calculations described in this work were performed using the statistical software
package R [24]. Whenever required, a local weighted regression (LWR) was applied using
the loess function from base R [25] to smooth certain curves for clarity and readability.
The figure captions indicate the use of LWR. A span width of 0.05 was used, corresponding
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to 5% of the total data points used as nearest surrounding neighbours for the local regression
at each point.

The compatibility of different two-parametric distribution functions, namely Weibull
(W), Normal (N), Log-normal (LN), and Gamma (G) (Equations (2)–(5)) with the exper-
imental data was investigated in the following analysis. The statistical variable was the
flexural strength obtained by B3B designated as σ.

pW(σ) =
m

σ0W

(
σ

σ0W

)m−1
exp

(
−
(

σ

σ0W

)m)
(2)

pN(σ) =
1

δ
√

2π
exp

(
−1

2

(
σ− σ0N

δ

)2
)

(3)

pLN(σ) =
1
σ

1
ω
√

2π
exp

(
−1

2
ln(σ)− ln(σ0LN)

ω

2
)

(4)

pG(σ) =
1

σk
0GΓ(k)

σk−1 exp
(
− σ

σ0G

)
(5)

The compatibility was evaluated using quantile-quantile probability plots (Q-Q plots)
constituting the experimental data against the values calculated with a theoretical distribu-
tion. Moreover, the visual examination of the fit quality was complemented by calculating
the coefficient of determination R2 for each distribution according to Equation (6). There-
fore, the fitting parameters were determined using the maximum likelihood method (for
details, see [20]), while the probability of failure (Pi) was determined for the ascending
ranked experimental data according to Equation (7). Note that quantities determined for
the experimental data receive the index ‘ex’.

R2 =1− ∑
Nj
i=0(σi − σi,th)

2

∑
Nj
i=0(σi − 〈σi〉)2

(6)

Pi =(i− 0.5)N−1
j (7)

The experimentally determined strength data were assumed to be a representative
distribution of the true strength data of the flame-sprayed components. This assump-
tion allowed for the application of the random resampling technique to investigate the
influence of the sampling size on the robustness of different fitted distributions and their
corresponding shape and scale parameters.

Random resampling was used to generate sub-populations from each experimentally
determined population. The sub-populations were of size Nj, with Nj= {30; 31; . . . ; 1000}.
For each value of Nj, 1000 sub-populations were generated by drawing Nj strength values
with replacement from the data sets. This resulted in a total of 971,000 distinct sub-
populations being generated from each of the populations D08 and D15. For each sub-
population, the coefficient of determination, shape, and scale parameters for the Gamma
and Weibull distributions were determined.

Whenever required, percentiles were calculated using the quantile function from R stats
package [24]. The uth percentile of variable X is denoted as X|u. The median of X would
thus follow the denotation X|50. The u− vth interpercentile range X|uv for the variable X is
calculated by subtracting the vth percentile X|v from the uth percentile X|u.

3. Results and Discussion

In Figure 4, the complete experimental data are presented, i.e., the flexural strength
over the specimen thickness. As presented and irrespective of the test series D08 or D15,
for both the specimen thickness and the determined flexural strength, a certain scattering
was observed. As outlined, the basic flame spray settings were kept consistent for both test
series (number of oversprays, etc.). Consequently, from the processing point of view, the
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test series themselves can be considered consistent, meaning a sufficient resemblance of all
individual specimens per series.
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Figure 4. Complete experimental data: flexural strength over the specimen thickness and basic
boxplots of the strength data (w (z) = {σc ∈ (Q1 − zIQR, Q3 + zIQR)}, IQR = inter quartile range,
Q1 = 25% quantile, Q3 = 75% quantile). Asterisks * indicate extreme positive outliers in the scatter
plot, derived from the boxplot representation, i.e., outliers above w (z = 3).

Following Equation (1), the influence of the specimen thickness should already be
accounted for and thus the flexural strength should be independent of the specimen
thickness. Referring to the scatter plots from Figure 4; however, a correlation between the
specimen thickness and the flexural strength cannot be rejected from visual inspection
alone. For that reason, the data were tested for correlation by the non-parametric Spearman
rank sum correlation test. Basically, such test results in a correlation factor ρ ∈ [−1, 1].
For ρ ∈ [−0.1, 0.1], no correlation would be given, for ρ ∈ ±[0.1, 0.5], a mild correlation
can be assumed, and for ρ ∈ ±[0.5, 1.0], a strong or very strong correlation is present [26].
In the present study, mild correlation is considered the maximum tolerated correlation
in order to hold the basic premise of one consistent data set. Mild correlation may trace
back to the influence of the human operator and could be arbitrary. Known from the
literature, several flame-spray process parameters can affect the final coating properties,
such as the spray angle, distance between the spray unit and the substrate, or the horizontal
travel- or rotation-speed of the spray unit, to name a few [1,2,27]. As an operator, a human
would be unable to reproduce those settings exactly for each specimen, for example, due to
human fatigue. Eventually, that may result in an inherent scatter of the specimen thickness
and the derived flexural strength, as it was observed (cf. Figure 4). That is why mild
correlation between the specimen thickness and the flexural strength is accepted (per test
series). In contrast, a strong or very strong correlation would mean that the specimens are
not similar due to strong variation in the spray process parameters. If so, the specimens
could differ too much in terms of their microstructure, modulus of elasticity, local phase
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composition, etc. In the present study, the resulting ρ of D08 and D15 amounted to 0.39
and 0.10, respectively. Henceforth, for both series, only a mild correlation is present from
the data and both series can be considered as one entire population each.

The boxplot representation reveals a rather symmetric distribution of the strength data
around its median for both test series. Equal for both, a certain amount of outliers can be
derived from the standard boxplots, i.e., for w (z = 1.5). Also equal for both, an extreme
positive outlier was found, i.e., for w (z = 3) (cf. Figure 4). For the present study, extreme
positive outliers are excluded from the experimental data (in Figure 4 indicated by asterisks).
Extreme positive outliers oppose the conservative point of view insofar as they would
lead to an overestimation of the flexural strength limits even for robust statistical measures
(median, upper and lower quartile, etc.). Overestimation is considered the more harmful
way of misestimation. Excluding such positive outliers can be understood as a ‘concept of
maximum doubt’. Extreme negative outliers on the contrary (whenever present), should not
be excluded at any rate. Hence, for the following resampling procedures, the experimental
data pool comprises Nex = 999 strength values per series.

3.1. Fitting of Two-Parametric Distributions for Experimental Data

Figure 5 presents Q-Q plots for D08 and D15 assuming either the Weibull, Normal, Log-
Normal, or Gamma distribution for the experimental data. The corresponding coefficients
of determination R2

ex as well as shape and scale parameter for each fit are summarised in
Table 2.
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Figure 5. Q-Q plots assuming Weibull, Normal, Log-normal, and Gamma distribution for D08
population (a–d) and D15 population (e–h).

Visually, both populations fit well to a straight line for the Weibull or the Normal
distribution. However, the fit for the Weibull distribution was slightly worse for D08
compared to D15. Accordingly, the Normal or the Weibull fit gave the highest R2

ex values for
the D15 population and slightly lower values for the D08 population (Table 2). In contrast,
the data points deviate from a straight line when assuming Log-Normal distribution,
resulting in lower R2

ex values, particularly for the D15 population. This indicates a poor
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representation of the data points, leading to the rejection of the Log-Normal distribution
for flexural strength data of flame-sprayed materials.

The Gamma distribution gave an excellent fit to the D08 population with an
R2

G,ex = 0.9954. However, the accuracy of the fit was worse for the D15 population. Nev-
ertheless, a high R2

G,ex > 0.94 was observed for both populations. Therefore, the Gamma
distribution was considered for further investigation.

Figure 6 shows the histogram of the experimental data for both populations with the
fitted lines for the Weibull and the Gamma distributions. It can be seen that the right tail of
the Gamma distribution is larger compared to the Weibull distribution. This means that
positive outliers are less detrimental to the Gamma distribution fit. On the other hand, when
fitting the Weibull distribution, the left tail was found to be larger. This suggests a greater
tolerance for negative outliers. The box plots show that the outliers of the D08 population
were mainly positive outliers (Figure 6a), while those of the D15 population were mainly
negative outliers (Figure 6b). Because of that, the fit quality of the D08 population was
better with the Gamma distribution than with the Weibull distribution (R2

G,ex > R2
W,ex).

Conversely, the fit quality of the D15 population was better with the Weibull distribution
than with the Gamma distribution (R2

W,ex > R2
G,ex), see Table 2.

Table 2. Parameters of fitted distributions for experimental data of D08 and D15 populations (shape
parameter of Normal distribution in MPa).

Distribution
Coeff. of Det. Shape Par. Scale Par. in MPa

D08 D15 D08 D15 D08 D15

Normal 0.9892 0.9959 6.481 7.460 27.640 25.003
Log-Normal 0.9847 0.8057 0.246 0.366 26.857 23.631

Weibull 0.9691 0.9957 4.478 3.753 30.189 27.650
Gamma 0.9954 0.9410 17.556 9.025 1.574 2.770

The Q-Q analysis showed that both D08 and D15 were equally well represented by the
Normal distribution. However, Neumann et al. [4] reported that the Normal distribution
underestimates the loss of strength in flame-sprayed components due to thermal shock.
This is critical for components subjected to substantial thermal shock such as refractory
hollowware [6,7]. Therefore, the Normal distribution was rejected.
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population (a) and the D15 population (b).

111



Ceramics 2023, 6

3.2. Random Sub-Population Analysis–Random Resampling

Based on the Q-Q analyses, the Weibull and the Gamma distribution functions were
found to be suitable for representing the experimental strength data. Consequently, these
distributions were used to fit the sub-populations generated by random resampling of the
experimental strength data.

3.2.1. Coefficient of Determination

Figure 7 shows the relationship between R2 and the sampling size (Nj) based on
random resampling of the strength data. With the increasing sampling size, the median fit
quality (represented by R2|50) improved and approached the fit quality of the underlying
experimental data set (R2

ex, Table 2). Accordingly, the interpercentile range between the 5th
and the 95th percentiles (R2|95

5 ) decreased with the increasing Nj. This trend is in line with
the law of large numbers [13].
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the Gamma (G) distribution for the sub-populations from D08 (a) and D15 (b); curves smoothed
using LWR.

However, the span width of R2|95
5 for the D08 and D15 populations varied depending

on the assumed distribution. Specifically, when the Weibull distribution was used, R2
W|95

5
was larger for the D08 population compared to D15, and the lower boundary reached
smaller values for the decreasing Nj. On the other hand, when the Gamma distribution
was used, R2

G|95
5 of the D15 population was larger than that of the D08 population, and the

lower boundary reached smaller values for decreasing Nj.
The following has to be discussed:

• Among others, the fit quality of a data set depends on the number of its outliers, which
also affects the fit quality of sub-populations derived from the data.

• A sub-population from a data set containing a high number of outliers may have
a high or low fit quality, depending on chance.

• Generating a sub-population with a high fit quality is more likely if the number of
outliers in the underlying experimental data is low. This also reduces the scatter in the
fit quality of the generated sub-populations.

Figure 8 indicates that sub-populations from D08 had a larger median number of
positive outliers than negative outliers, regardless of Nj. Moreover, the variability of the
positive outliers was higher than that of the negative outliers (wider span of the IPR).
Because the Weibull distribution is more sensitive to positive outliers than the Gamma
distribution, this caused R2

W|50 to be lower than R2
G|50 for all Nj and a higher variability in

R2
W compared to R2

G for the D08 sub-populations. The share of positive and negative outliers
showed an opposite behaviour for sub-populations from D15, resulting in a reversal of the
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R2 values and their scatter for the Weibull and Gamma distributions. This was because the
Gamma distribution is more sensitive to negative outliers than the Weibull distribution.
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Nevertheless, the median fit quality R2|50 of the generated sub-populations was
similar to the fit quality of the corresponding experimental data independently of Nj.
Table 3 illustrates the required Nj to achieve R2

ex within specified boundaries. This shows
that R2|50 was robust even for small sampling sizes.

Table 3. Minimum sampling size Nj,min for which R2|50 ∈ R2
ex · (1± i) with i = {0.05; 0.025; 0.01}.

i 0.05 0.025 0.01

R2
W|50-D08 30 30 74

R2
W|50-D15 30 34 93

R2
G|50-D08 30 35 98

R2
G|50-D15 30 30 30

3.2.2. Distribution Parameters

In the following, the shape and scale parameters of the Weibull distribution (m and
σ0W) and the Gamma distribution (k and σ0G) were investigated as a function of the sam-
pling size Nj for the resampled sub-populations.

Figure 9 presents the shape parameters m and k for assuming the Weibull and Gamma
distributions, respectively, for the D08 and D15 sub-populations as a function of the sam-
pling size (Nj). As Nj increases, the IPRs (m|95

5 and k|95
5 ) and the median shape parameters

(m|50 and k|50) of the resampled populations approach the experimentally determined
values (mex and kex) due to the law of large numbers [13]. However, the IPRs were found
to span asymmetrically around mex, with a larger upper range. As presented, m|50 > mex
was valid independent of the investigated range of Nj. However, the difference m|50 −mex
decreased as Nj increased, which is consistent with previous studies [12,14]. This suggests
that mex, which in this regard was considered as the true m of the resampled distribution,
would be likely overestimated, particularly for small sampling sizes. Similarly, the median
shape parameter for the Gamma distribution k|50 was found to positively deviate from kex
for small sampling sizes (Figure 9b,c).
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Therefore, the standard EN 843 5 recommends a correction of the Weibull modulus m
to mcor using Equation (8), while b can be approximated with Equation (9) where s = 1.593
and h = 1.047 (determined based on a Monte-Carlo-Simulation).

mcor = b ·m (8)

b = 1− s · N−h
j (9)

kcor = c · k (10)

c = 1− s · N−h
j (11)
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Figure 9. Shape parameter of the Weibull distribution (a,b) and the Gamma distribution (c,d) in
dependence on the sampling size Nj for D08 and D15 sub-populations.

Similarly, an empirical correction factor was estimated based on the data obtained
from the random resampling. The badj was fitted with mcor = mex and m = m|50(Nj)
using Equation (8) and a non-linear least-squares method. Using the same approach and
Equations (10) and (11) with kcor = kex and k = k|50(Nj), a correction factor cadj,D08 and
cadj,D15 was determined for the Gamma distribution based on the data of D08 and D15,
respectively. As mentioned above, extreme positive outliers were removed from both
populations, which was a single data point in each case. At this point, the influence of
a single extreme outlier shall be investigated. Therefore, the correction factors b∗adj and c∗adj
were estimated for an identical random resampling of the distribution of strength data
including the extreme outliers. Table 4 summarises the obtained coefficients s and h.
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Table 4. Empirical determined parameters s and h for different correction factors.

Correction Factor s h

Weibull Distribution:
bstd 1.5931 1.0470
badj,D08 1.4361 1.0328
badj,D15 0.9905 0.9694
b∗adj,D08 0.9070 0.7458
b∗adj,D15 0.6821 0.9694

Gamma Distribution:
cadj,D08 1.6765 0.8711
cadj,D15 2.7654 1.0399
c∗adj,D08 1.2296 0.8085
c∗adj,D15 1.8863 0.9664

Figure 10 shows the adjusted correction factors as a function of Nj for the D08 and
D15 populations. It can be seen that the adjusted correction factors badj,D08 and badj,D15
were in excellent agreement with bstd. Thus, using bstd as a correction factor for a Weibull
analysis of flexural strength data for flame-sprayed components is suitable. However,
for the Gamma distribution, a stronger correction factor than bstd was required for both
populations. A stronger correction b∗adj for the determined Weibull Modulus was required
for both populations, if extreme outliers were included in the generation of sub-populations.
Conversely, the correction factor c∗adj differed only negligibly from cadj of the corresponding
distribution. This again emphasises the robustness of the Gamma distribution against
positive outliers, while the Weibull distribution was susceptible in this regard.
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(a) and the Gamma distribution (b).

Figure 11 shows that the 5th to 95th interpercentile range of the characteristic strength
σ0W|95

0 was symmetrical around σ0W,ex independently of Nj and became smaller as Nj in-
creases. This was in excellent agreement with the simulation based on a theoretical Weibull
distribution presented by Danzer et al. [12,14]. Moreover, the obtained median σ0W|50 of
the simulated data deviated negatively from σ0W,ex for small values of Nj. Similarly, σ0G|95

5
spans symmetrically around σ0G,ex. The median scale parameter σ0G|50 determined for
the Gamma distribution deviated negatively from σ0G,ex as well. This means an underesti-
mation of the experimentally determined scale parameter of the underlying distribution.
While an overestimation would have more adverse effects and presents a higher degree
of risk, an underestimation is a more conservative approach and therefore acceptable.
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Therefore, no correction factor was required, which is in accordance with the EN 843-5
standard. In the case of the Gamma distribution, the characteristic strength is obtained
by multiplication of shape and scale parameter. Thus, the underestimation of the scale
parameter compensates for the overestimation of the shape parameter k to a certain extent.
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Figure 11. Scale parameter of the Weibull distribution (a,b) and the Gamma distribution (c,d) in
dependency on the sampling size Nj for D08 and D15 sub-populations.

Figure 11 shows that the median characteristic strength σ0W|50 of the Weibull distri-
bution was higher for the D08 population compared to the D15 population. This was in
excellent agreement with the size effect theory, which predicts a decreasing characteristic
strength with increasing volume under load [11]. Taking into account the multiplication
of shape and scale parameter from the Gamma distribution, the characteristic strength of
27.6 MPa and 25.0 MPa was determined based on the experimental data from the D08 and
D15 population, respectively. Thus, an identical trend of the size effect was observed.

3.3. Conditional Sub-Population Analysis–Conditional Data Cropping

A final note shall be made on the correlation between the specimen thickness and the
flexural strength, exemplary for D08. Among the two test series, despite being of an overall
mild nature, a positive correlation was present for D08. However, to isolate an origin of this
relation remains a difficult question to be answered. A likely reason was already discussed,
i.e., the fact of relying on a human operator. Despite this uncertainty, a resampling on the
basis of the variation in the specimen thickness as a condition allows for some insight,
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taking the scattering of specimen thickness as an inherent characteristic of the manual
flame-spray process. First, the quantiles of the specimen thicknesses were determined.
Then, starting at the median of the specimen thickness t|50, interpercentile ranges t|50+x

50−x
around this median can be defined (abbreviated by IPR; including the borders). Referring to
the Figures 9 and 11, this principle of interpercentile ranges was applied before in this study.
In consequence, the higher the interpercentile range of the specimen thickness around the
median is set, the more variability in the specimen thickness is accounted for. By cropping
the experimental D08 data set on the basis of this premise, conditioned sub-populations
were built, which were analysed for their statistics as performed before, including the
correction of the determined Weibull modulus.

From that conditioned data cropping, two boundaries can be derived: allowing for no
variation in the specimen thickness (lower boundary) or allowing for the maximum scatter
of the specimen thickness (upper boundary). For the lower boundary, only the specimens
with a thickness equal to the median of all thicknesses were taken into account and for the
upper boundary, all specimens were taken into consideration (minus the extreme positive
outlier, excluded before). Consequentially, the conditioned data cropping results in sub-
populations of different sampling sizes N and thus, for comparability, it is necessary to
account for that in regard of the Weibull modulus. At this point, the measurement precision
of the specimen thickness became relevant. In the present study, the thickness was measured
on two decimal digits. Due to the mere number of experimentally tested specimens and
this measuring precision, the original experimental data sets contain multiple specimens
of similar thickness. As a consequence, it was possible to form a data subset at the lower
boundary (only specimens of median thickness), which comprises a statistically reasonable
number of 30 individual specimens. Note that the following statements exclusively apply
to the D08 series. Their transfer to other test series, materials, or testing methods has to be
considered separately.

Starting at the lower boundary, no correlation between the specimen thickness and
the flexural strength can be postulated, i.e., an ideal Spearman correlation factor of ρ = 0.
The respective statistical parameters of the Weibull and Gamma fitting are listed in Table 5,
relative to the corresponding experimental parameters from Table 2. For the upper bound-
ary, i.e., the full data set, the Spearman correlation factor amounts to ρ = 0.39 (as presented
before). Regarding the Weibull fitting (actually the less suited distribution for D08) it
occurred that after reducing the specimen thickness variation to zero, the Weibull fitting
was improved (R2

W/R2
W,ex > 1). Simultaneously, the Weibull modulus was increased

(m/mex > 1), while the characteristic strength was lower (σ0W/σ0W,ex < 1). In comparison,
the difference in the characteristic strength by 1% (only median thickness vs. the full data
set) is lower than the difference in the Weibull modulus by about 30%. As further presented
in Figure 12, a difference in either the Weibull modulus (positive difference up to 18%)
or the characteristic strength (negative difference of about 2%) was observed nearly for
the complete range of IPR. For the Gamma distribution fitting, it was observed that the
fitting improved at a higher variation in the specimen thickness (R2

G/R2
G,ex < 1). Moreover,

both distribution parameters k and σ0G lay above the experimental data for 0 < IPR < 100
(cf. Figure 12). The strictest conclusion that can be drawn from this is that the experimen-
tal scatter in the flexural strength of the D08 series was to some extent affected by the
variation in specimen thickness, i.e., it was increased. Here, a trade off has to be found:
stating a more pronounced scattering in the flexural strength would again be the more
cautious/conservative point of view and prevent an overestimation of the material. In the
present case of flame-sprayed alumina, it was thus indeed permitted to neglect the mild
correlation between the flexural strength and the specimen thickness.
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Table 5. Relative Weibull and Gamma fit parameters for specimens of only the median thickness
t|50 resulting in N = 30 considered specimens (R2—coefficient of determination of the QQ analy-
sis, m—Weibull modulus, σ0W—characteristic strength, k—Gamma distribution shape parameter,
σ0G—Gamma distribution scale parameter; extension ‘ex’ indicates experimental supported data of
the D08 test series).

R2
W/R2

W,ex 1.012 R2
W/R2

G,ex 0.955
m/mex 1.329 k/kex 1.539
σ0W/σ0W,ex 0.990 σ0G/σ0G,ex 1.531
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Figure 12. Exemplary sub-populations of D08 for different interpercentile ranges around the median
specimen thickness (IPR, for t|45

55, t|25
75, and t|95

5 ), generated by thickness-conditioned data cropping
and the resulting relative Weibull and Gamma fit parameters and the Spearman correlation factor
as function of the IPR (R2—coefficient of determination of the QQ analysis, m—Weibull modulus,
σ0W—characteristic strength, k—Gamma distribution shape parameter, σ0G—Gamma distribution
scale parameter; extension ‘ex’ indicates experimental supported data of the D08 test series).

4. Conclusions

According to textbook standards, the variability of failure, i.e., the scattering of the
mechanical strength, poses a fundamental and design-relevant material-specific feature
to be introduced into the lifetime prediction of ceramic components, next to the fracture
resistance and the sub-critical cracking behaviour. In this work, the flexural strength of
two populations of flame-sprayed self-supporting ceramic components based on alumina
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including 1000 disc-shaped specimens each, were tested using the ball on three ball test.
The suitability of the two-parametric distribution functions, i.e., the Normal, Log-Normal,
Weibull, and Gamma distribution to describe the data were investigated using Q-Q analysis.
Based on random resampling of the flexural strength data, the suitability of different
distribution functions in dependency of the sampling size in the range from 30 to 1000 was
investigated. Moreover, the distribution parameters, i.e., the shape and the scale parameters
were determined and their dependence on the sampling size was evaluated.

The Q-Q analysis revealed the Weibull and Gamma distribution to be most suitable to
represent flexural strength data of flame-sprayed self-supporting components. Moreover,
it was shown that because of their skew, the Gamma distribution is more robust against
positive outliers in a data set, while the Weibull distribution is more robust against negative
outliers. The random resampling of the strength data showed that the fitting accuracy
of the distribution was robust independently of the sampling size. Even for the smallest
sample size investigated (30), the median fit quality was in a range of ±5% of the fit quality
from the underlying experimental data set. An analysis of the distribution parameters
revealed that for both the Weibull and the Gamma distribution, the shape parameter of the
underlying distribution would be overestimated for small sampling sizes. Nevertheless,
the study also showed that the suggested correction factor for the Weibull modulus was in
excellent agreement with the simulated data (as long as extreme outliers were excluded
from the analysis). Based on these results, a correction factor for the shape parameter
of the Gamma distribution was suggested. Conversely, the characteristic strength (scale
parameter) was slightly underestimated by both distribution functions for small sampling
sizes and requires no correction.
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Abstract: CrN coatings are widely used in the industry due to their excellent mechanical features
and outstanding wear and corrosion resistance. Using scratch and ball-on-disk wear tests, the current
study deals with the tribological characterisation of CrN coatings deposited onto an X42Cr13 plastic
mould tool steel. Two surface conditions of the secondary-hardened substrate are compared—the
plasma nitrided (duplex treated) and the un-nitrided (simply coated) states. The appropriate combina-
tion of secondary hardening providing the maximum toughness and the high-temperature nitriding
of this high Cr steel is a great challenge due to the nitrogen-diffusion-inhibiting effect of Cr. The
beneficial effect of the applied duplex treatment is proven by the 34% improvement of the adhesion
strength and the 43% lower wear rate of the investigated duplex coatings. Detailed morphological
analyses give insight into the characteristic damage mechanisms controlling the coating failure pro-
cesses during scratching and wearing. For the simply CrN-coated sample, a new type of scratch
damage mechanism, named “SAS-wings”, is identified, providing useful information in predicting
the final failure of the coating. The tribological results obtained on tribosystems with the investigated
high Cr steel/CrN constituents represent a novelty in the given field.

Keywords: CrN coating; X42Cr13 tool steel; duplex treatment; high-temperature nitriding; scratch
test; wear test; damage mechanism

1. Introduction

The class of transition metal nitride coatings has proved to be beneficial in improving
the useful service life of the components in the metal tool industry. The performance of the
coated components in various engineering applications is largely dependent on not only
the tribological characteristics of the coatings but the bonding (adhesion) strength between
the coating and the substrate. The adhesion can be improved by adequately controlling
the coating process parameters and modifying the substrate prior to the deposition of
the coating.

Protective surface coatings prepared by physical vapour deposition (PVD) have been
effectively used in mechanical components to increase their lifetime. CrN coatings possess
wide application due to their excellent mechanical properties [1,2], low friction coefficient,
high hardness, wear resistance [3,4], chemical inertness [5,6], superior oxidation resistance
at high temperatures up to ~700 ◦C, or corrosion resistance under severe operating con-
ditions. These coatings provide excellent abrasion resistance [7]; thus, they are used as
cutting, milling, and screw threading tools. Using CrN coatings, a considerable reduction
of ejection forces or cavity pressure is achievable in injection moulding; therefore, they are
preferred as protective coatings for tool cores, punches, or dies [8] and in various other
tribological applications [9]. TiN coatings having large-scale application in the 1980s–1990s
were replaced by CrN coatings in the 1990s–2000s due to their better wear performance in
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dry and lubricated conditions [9–11], higher oxidation resistance at elevated temperatures,
better thermal stability, corrosion resistance, and three times higher achievable deposition
rate [12] compared with that of TiN or Ti-C-N coatings [13].

The unique combination of mechanical and physical characteristics can significantly
impact the tribological performance of a coated system, that is, a more favourable combined
response of the substrate and the surface layer under a wear type of loading. The perfor-
mance of the coated systems can be significantly improved by duplex treatment [14], which
combines two or more surface technologies to produce a composite surface on the compo-
nent with improved loadability and durability, not achievable by the individual processes
alone. This improvement indirectly leads to a considerable cost reduction and increases
the productivity of the manufacturing technologies applying tools with duplex-treated
surfaces [15].

Plasma nitriding is an advanced and versatile tool for the thermochemical treatment
of steel, widely used in the industry. A duplex treatment consisting of plasma nitriding
the substrate followed by ceramic coating deposition represents an effective solution to
improve the wear resistance, hardness, and durability of a coating/steel substrate material
system [16,17]. The diffusion of nascent nitrogen into the surface layer results in a nitrided
layer consisting of two structural zones. The compound layer consists of ε(Fe2–3N) and
γ′(Fe4N) nitrides formed by the alloying elements with the basic constituents, while the
diffusion layer contains interstitially solute N atoms along with fine and coherent precipi-
tates of nitrides, where the solubility limit is exceeded. The nitrided layer provides several
advantages, such as increased surface hardness, better corrosion and fatigue resistance, or
reduced wear and friction [18,19], which is utilised as a sublayer in duplex-treated coatings.

The base material investigated in the current research is a high-alloy plastic mould tool
steel designed to cater to the requirements of die casting and plastic injection moulding dies
in polymer processing. It requires good machinability, high strength, toughness, corrosion
resistance, high wear resistance, and good photoetching characteristics. The increasing
demand for this steel in the automobile, mechanical, and structural component industries
triggered intensive research and development of these steels. The material properties
desired in these applications can be efficiently improved by plasma nitriding; however,
the material’s response to nitriding depends on several parameters, such as substrate
composition, treatment time, temperature, and nitrogen potential.

Alloying elements such as Al, Ti, Cr, V, and Mo can interact with nitrogen to form ni-
trides, which affect surface hardening. The investigated X42Cr13 steel has a high chromium
content. It is known that a Cr content below 5.6 wt% has an intermediate effect on N
diffusion during nitriding. At the same time, above this value, a strong interaction between
Cr and N occurs [20], resulting in the formation of CrN precipitates that limit the nitrogen
diffusion into the surface layer and significantly reduce the achievable hardness, besides
causing high tensile residual stresses.

This nitriding issue has been a critical obstacle to the broader-range application of
such high Cr steels. Several researchers have dealt with this problem [21,22], and they
suggested the reduction of the nitriding temperature to below 450 ◦C [23] and applying a
long-term nitriding [24] to avoid overaging during nitriding of the precipitation-hardened
steels of high hardness (470–550 HV) obtained by a tempering temperature below 500 ◦C.
In contrast, when lower hardness/higher toughness is the purpose, realised by a tempering
temperature greater than 500 ◦C, better wear resistance can be reached by applying a
nitriding temperature above 520 ◦C and shorter (~4 h) holding times. In this case, there is
no risk of overaging [20], but other undesirable consequences of the treatment—delayed
cracking [25], increased sensitivity to corrosion [24], steep hardness profile, or lower case-
depth—may occur. Studies on this nitriding problem are available mainly for the steels
of AISI 420 type, mainly focusing on the corrosion resistance of low-temperature nitrided
martensitic stainless steels [26–30]. A minimal amount of studies on wear resistance of
high Cr steel treated by high-temperature nitriding [27,28] is found, and to the best of the
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authors’ knowledge, no results on the nitriding problem and wear resistance of the X42Cr13
steel have been reported up to now.

Adhesion of the coating to the substrate plays a vital role in the successful application
and durability. There are several techniques to evaluate the adhesion strength of the
coating. The scratch test is one of the most reliable and efficient standardised methods
for determining the LC critical load, causing the delamination of the coating from the
substrate [31]. This critical load is a function of several factors, such as the mechanical
properties of the coating and the substrate, the adhesion strength between them, the coating
thickness, the internal stresses in the coating or the subsurface region, or the flaw size
distribution at the substrate–coating interface [32]. Furthermore, the measured critical
load depends on the loading rate, scratching speed, load gradient, stylus tip radius, or
friction between the stylus and the coating [33]. However, the critical load is constant if the
load gradient is constant [34], regardless of the loading rate and scratching speed, which
allows for a comparison of scratch test results carried out with different test parameters
but identical load gradients. In coated systems, a decisive role is played by the composite
hardness of the coated material system influenced by the hardness of both the coating and
the substrate, as well as the hardness gradient between them. The critical force derived
from the scratch test can also be correlated directly with this composite hardness [35,36].

Wear is a damaging process involving progressive material loss that takes place due
to the interaction of surfaces being in relative motion. During wear, within the area of
contact, several physical and chemical elementary processes between the sliding pairs occur,
leading to changes in the material structure and the shape of the frictional counterparts.
Under a given loading, usually, more wear mechanisms operate simultaneously, and
the damage process is controlled by the dominant one, which is possible to identify by
analysing the wear track morphology using optical or electron microscopy. For quantitative
characterisation of the wear resistance, several wear tests are available. The ball-on-disk
method is one of the most frequently used standardised test procedures [37]. Similar to
the case of scratching, the wear damage process, the controlling damage mechanisms, and
the wear resistance of the tribosystem are also influenced by several extrinsic and intrinsic
factors [38–41].

The current research focuses on the effect of the applied duplex treatment on the
tribological performance of CrN coatings deposited on the investigated high Cr content
tool steel (X42Cr13).

Tribological analyses—either wear or scratch tests—accomplished on tribosystems
constituted by the combination of the studied substrate and coating materials have not
been reported in the professional literature. Some tribological studies on coated systems
with AISI 420, that is a similar substrate material, are available [29,30,42,43]. However, AISI
420 and X42Cr13 have compositional differences in terms of C and other alloying elements,
such as V, Mo, Ni, Cu, and Al, which influence both the results of the surface modification
(nitriding) technology and the tribological behaviour of the coated system. It should also
be noted here that the tribological results for AISI 420 steel found in the literature refer
to AISI 420 steel grades with a very diverse chemical composition in terms of the listed
constituents, so in some cases, they are difficult to compare with each other and with the
results presented in this research.

This study on the influence of the duplex treatment on the scratch and wear resistance
of the applied CrN coating deposited on a high Cr steel substrate is a novel contribution
to the topic and presents the first-ever results on trybosystems with high Cr, secondary-
hardened, martensitic stainless-steel substrates, therefore may attract the attention of
tribologists and material scientists.

2. Materials and Methods

Test samples were made of X42Cr13 plastic mould tool steel of the following chem-
ical composition (wt%): C = 0.40, Si = 0.42, Mn = 0.38, P = 0.021, S = 0.002, Cr = 13.1,
V = 0.03, Ni = 0.17, Cu = 0.12, Al = 0.019, and remaining is Fe. Disc-shaped samples of
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ϕ30 mm × 10 mm were cut from a commercially available annealed steel road and sec-
tioned using a universal lathe machine. It was followed by grinding to refine the dimensions
and geometric shape, for example, the parallelism of the surfaces. Then samples were
sonicated with acetone to remove dirt and grease; then holes of ϕ3 mm in diameter were
created by drilling to hang the samples during nitriding. Finally, samples were given an
identification mark.

Samples were subjected to bulk heat treatment of secondary hardening, consisting of
austenitising and oil quenching, followed by a high-temperature tempering. Austenitisation
was accomplished at a temperature of Taust = 1020 ◦C for a time of taust = 20 min, and double
tempering at Ttemp = 580 ◦C for the duration of ttemp = 2 h. After bulk heat treatment, the
samples were divided into two categories. One set of the samples, denoted by (S), was not
nitrided, only ground and polished, then coated by a hard CrN layer deposited by PVD.
During grinding, SiC papers with a grit size of P400, P1000, and P1500 were used, and for
polishing, Al2O3 suspension of a grain size of 0.3 µm was applied. The other set of samples,
denoted by (D) and called duplex treated, was nitrided in a plasma nitriding equipment
(type Nitrion 10, from SC PLASMATERM SA, Targu Mures, Romania) at a temperature
of Tnitr = 520 ◦C, for a holding time of tnitr= 8 h. The primary voltage was 600 V, and the
pressure was 200 Pa. The source of nitrogen was decomposed ammonia (N2:H2 = 1:3).
Thus, the S (simply coated) samples are secondary-hardened + PVD coated specimens,
while the D (duplex-coated) samples are secondary-hardened + nitrided + PVD coated
test materials.

CrN coating is deposited using PVD magnetron sputtering, assisted by the microwave
technique. Microwave increases the quantity and the kinetic energy of Ar ions. The
equipment used was TSD 550 (from HEF Durferrit M&S SAS, Andrézieux-Bouthéon,
France). The steps involved are as follows: First, a Cr adhesion layer was deposited
using a Cr target (99.99%) in Ar (60 cm3/min). The nitrogen gas flow was controlled by
light measurement (luminosity), a chamber working pressure of 0.3–0.5 Pa using a pulsed
DC sputtering power source, held at 6 kW. A bias voltage of 100 V was applied to the
substrates. The thickness of the CrN layers was controlled by adjusting the deposition time.
The substrate temperature was 400 K, resulting from the bombarding species only. The
deposition rate for the CrN films was 1.5 µm/h.

The elemental distribution in the near-surface layer was defined by glow discharge op-
tical emission spectroscopy (GDOES) using the equipment of GD-Profiler 2 (from HORIBA
Jobin Yvon, Montpellier Cedex 4, France). Test parameters were as follows: RF generator,
flushing time: 5 s, preintegration time: 60 s, depth: 66.966 µm, pressure: 500 Pa, power:
25 W, module: 6 V, phases: 5 V.

The hardness of the samples with different treatment conditions and the composite
hardness of the coated systems, furthermore the near-surface hardness profile of the nitrided
layers, were determined by the standard micro-Vickers test (with Mitutoyo HVK-H1
hardness tester from Mitutoyo Corp., Kanagawa, Japan) with normal loads of F = 1 N
and 0.5 N. The thickness of the coatings was defined by the ball cratering method using a
Compact CAT2c Calotester from Anton Paar GmbH, Graz, Austria [44]). The tests were
performed with a ϕ30 mm quenched steel ball and a rotational speed of n = 3000 1/min for
t = 3 min.

Optical microscopy (OM) using a Zeiss Axio Observer D1m type inverse microscope
from Zeiss, Jena, Germany, and scanning electron microscopy (SEM) using a Zeiss Evo
MA10 machine equipped with energy dispersive X-ray spectroscopy (Zeiss, Jena, Germany)
was used to reveal the microstructure of the samples of different—secondary-hardened,
nitrided, and coated—conditions. Secondary electron (SE) and backscattered electron (BSE)
imaging during the SEM were used for detailed morphological analyses of the scratched
and worn surfaces and to visualise the microstructural features of the nitrided surface.

For evaluating the adherence of the coatings, an instrumented scratch tester (type
SP15, from Sunplant, Miskolc, Hungary [45]) was used by applying a progressive loading
scratch test, widely used for rapid assessment and quality assurance of surface coatings [31].
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During this test, a standard HRC diamond cone, as a stylus, is moved over the coated
surface with a linearly increasing load, which varied from 2 to 150 N in the current study.
The velocity of the sample holder table, moving below the stylus, was 5 mm/min, and the
gradient of the normal force was 10 N/mm. The critical force at which the coating failure,
that is, delamination, occurs can be found from the friction coefficient-loading force versus
the scratching distance diagram recorded by the test machine. Failure modes (damage
mechanisms), occurring at and below the critical forces, were identified by morphological
analyses of the scratch grooves using OM and SEM.

The wear resistance of the coatings was investigated using a ball-on-disk test (equip-
ment: UNMT-1, manufacturer: Center for Tribology, Inc., CETR, Campbell, CA, USA). The
friction counterpart was a SiC ball of ϕ6 mm in diameter, the normal load was 20 N, the
total sliding distance was 108 m, the radius of the wear track was 3 mm, and the sliding rate
was 30 mm/s. The integrated software program recorded the values of the coefficient of
friction as a function of sliding distance. The specific wear rate (k) was calculated according
to Archard’s equation [46]:

k = (A × C)/(F × Lt), (1)

where A (mm2) is the worn cross section obtained from profilometry (with Altisurf 520
surface tester using a confocal head from Altimet, Thonon-les-Bains, France), F (N) is the
normal load, Lt (m) is the total sliding distance, and C (mm) is the length of the wear
track centreline.

During the hardness test, the scratch tests, the coating thickness measurements, and in
the case of determining the hardness profiles of the nitrided layer, three valid measurements
on two samples of both the simply and duplex-coated test groups were accomplished. Wear
tests with the given test condition were performed on two samples accomplishing two
measurements per sample. During profilometry, the wear tracks were scanned along four
mutually perpendicular directions of the circumferential worn track. The average of these
four data for each worn track is represented by At, while the A value is the average of the
At values obtained on two worn tracks created on one sample. The ball cratering thickness
tests were performed three times on two samples.

3. Results and Discussion
3.1. Microstructural and Compositional Characterisation and Hardness

After the bulk heat treatment, the secondary-hardened microstructure consists of a
martensitic matrix containing high Cr content precipitates, which are usually Cr23C6- and
(Cr, Fe)23C6-type carbides [47]. The dimensional stability is provided by the low amount
of residual austenite, characteristic of the given microstructure in the case of the applied
tempering temperature [48]. A SEM image of the microstructure combined with EDX
compositional analyses in two spots is shown in Figure 1.

Spot 1 is indicative of the tempered martensitic matrix, with an amount of alloying
elements corresponding to the composition of the raw material. Spot 2 shows a Cr-rich
precipitation with higher C content, suggested by the C peak appearing in the related
EDX spectrum that is not observed in Spot 1. Compared with the maximum (540 HV)
hardness achievable for this steel, the applied bulk heat treatment results in a lower—HVPH
= 290 HV0.1 ± 4.7—substrate hardness, providing higher toughness and better dimensional
stability. It is applied primarily in structural components, as well as in the case of tools,
where good toughness is more important than high hardness. In the current study, the
bulk heat treatment parameters were chosen to avoid the significant hardness reduction,
dimensional inhomogeneity, and high residual stresses that are possible to occur during
subsequent nitriding.
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Figure 1. The SEM image of the secondary-hardened (quenched and highly tempered) substrate
along with the EDX spectra in the indicated two spots (etchant: Nital 5%).

A SEM cross-sectional image and the hardness profile of the nitrided layer (520 ◦C,
8 h) are shown in Figure 2. The microstructure of the nitrided layer contains a large
number of precipitates along the prior austenite grain boundaries and in the bulk, which
is characteristic of high Cr steels. The most common type of these precipitates is CrN,
hindering the N diffusion strongly and resulting in a flat hardness profile shown in Figure 2,
and may cause high tensile stresses [26,49]. The surface hardness measured after removing
the white layer—and before the coating process—was 360 HV0.05 ± 37, which dropped
sharply below the surface towards the core. The nitrided layer thickness, hN = 40 ± 5.6 µm,
was small.

Figure 2. SEM image of the cross section of the nitrided surface layer in the quenched and highly
tempered (secondary-hardened) substrate (a); defining the nitrided layer depth (hN) based on the
hardness profile (b).

The nitrogen and chromium distribution obtained by GDOES in the near-surface layer
(Figure 3) explains the hardness profile shown in Figure 2.
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Figure 3. Distribution of the nitrogen and chromium in the nitrided sample (obtained by GDOES).

The nitrogen content decreases sharply in the 0.5–1 µm depth region and approaches
0% at the deeper locations. It is reasoned by the intermediate nitriding temperature,
resulting in a low penetration depth of the nitrogen atoms responsible for the moderate
surface hardness after nitriding. Obtaining a thicker and harder layer would require an
increase in the nitriding temperature and holding time. The Cr peak, observed at a 0.8 µm
depth, appears supposedly due to the strong gradient of the N distribution in this region.
Since there is no significant amount of N at higher depths that would attract the Cr atoms,
Cr is accumulated in a very thin, high-N content subsurface region.

SEM images of the coatings are seen in Figure 4. The coating thicknesses on the simple
and duplex-treated samples were 3.8 ± 0.23 and 4.0 ± 0.27 µm, respectively.

Figure 4. SEM image of the CrN coatings on the simply coated (a) and duplex-treated (b) samples.

The composite hardness of the coated systems was 632 ± 61 HV0.5 for the simply
coated and 1250 ± 204 HV0.5 for the duplex-treated samples.

3.2. Scratch Resistance of the Simply and Duplex-Coated Systems

During the progressive loading scratch test, the friction coefficient/loading force vs.
scratch length curves for the simply and duplex-coated specimens was recorded. Scratch
diagrams, characteristic of both coating systems, are illustrated in Figure 5.

The LC3 critical force causing delamination is easy and quick to read directly from the
scratch diagrams at the location of the abrupt change in the slope of the friction coefficient
curve. These values are denoted by LC3(S) and LC3(D) for the simply and duplex-coated
samples, respectively, and indicate the better adhesion strength of the CrN coating for the
duplex-treated system.

On the contrary, identification of the subcritical loading forces—i.e., LC1 and LC2 indicated
in the diagram—that initiate distinct characteristic damage mechanisms at the lower loading
regions requires morphological analyses using optical and scanning electron microscopy.
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Figure 5. Friction coefficient/loading force vs. scratch length diagrams for simply coated (S) and
duplex-treated (D) samples.

Figure 6 illustrates the damage mechanisms for the simply coated and duplex-treated
samples at these characteristic subcritical and critical loadings.

Figure 6. (a–c) SEM images of the characteristic damage mechanisms at the LC1, LC2, and LC3 loadings
for the simply coated sample, respectively; (d) magnified OM image of the SAS-wing region; (e–g)
SEM images of the damage mechanisms at the LC1, LC2, and LC3 loadings, respectively, for the
duplex-coated specimen; (h) EDS spectra in some characteristic points of the scratched and intact
regions, denoted by 1, 2, and 3 in the (b,f,g) insets of the figure.
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For the simply coated sample, the initial cracking appears in the form of lateral cracking
at l1(S) = 0.6 mm scratch length (Figure 6a) at a subcritical load of LC1(S) = 9 N. As the
force increases, recovery spallation can be observed on both sides of the groove (Figure 6b)
at l2(S) = 3.5 mm scratch length, belonging to the LC2(S) = 36.6 N subcritical load and
the friction coefficient of µ = 0.18. The arc tensile cracks become more expressed, and
partial delamination also begins in this region. At the critical force of LC3(S) = 49.7 N,
(l3(S) = 4.9 mm, µ = 0.23), the coating starts to delaminate by gross spallation (Figure 6c), a
damage mechanism, characteristic of coatings with low adhesion strength. A continuous
increase in the corresponding friction coefficient curve, even at subcritical loads, can also
be observed (Figure 5, red curve) because small particles are torn off the coating and
agglomerate in the vicinity of the stylus. The debris particles create an additional obstacle
to the stylus’ motion, thereby increasing the µ value. In Figure 6d, presenting a magnified
OM image of the region indicated with blue dashed lines in Figure 6c, a new type of damage
mechanism is identified, named “SAS-wings” by the authors. It is supposed that a special
plastic deformation mechanism, that is, grain boundary sliding of the columnar grains,
characteristic of CrN coatings at high compressional stresses [50], occurs due to the plastic
shear deformation of the underlying soft substrate. Thus, “SAS-wings” may be considered
a forecast of the critical condition belonging to the exhaustion of the load-bearing capacity
of the substrate. SAS-wings were observed exclusively in the simple CrN coating and were
not seen in duplex versions at the same loading level. The visibility of the SAS-wings is
characteristically different in OM and SEM images. They appear as a set of white parallel
lines on OM pictures, while they look like barely visible, dark shadow lines on SEM images.

For the duplex-treated sample, the damage mechanisms are similar to those found
in the case of the simply coated sample, but the subcritical and critical forces at which
the coating starts to fail, or delaminate from the substrate, are significantly higher. At the
subcritical force of LC1(D) = 22.5 N, which is 2.5 times greater than that of the simply coated
sample, the initial cohesive failure of the coating appears in the form of lateral cracking
and arc tensile cracking (Figure 6e). At LC2(D) = 40.8 N, the adhesive failure starts in the
form of recovery spallation, followed by partial delamination. Additionally, a lateral and
very dense tensile crack formation is continued in this region (Figure 5f). At the critical
load of LC3(D) = 66.5 N, gross spallation starts, like in the case of the simply coated sample
(Figure 5g). The 34% higher critical load suggests a better adhesion and scratch resistance
of the duplex-coated sample compared with the simply coated one.

In the numbered locations, as shown in the Figure 6b,f,g insets, we made EDS spot
analyses and observed the following characteristic compositional differences. In the spot
denoted by “1”, representing an intact region of the coating, we found a high amount
of Cr and N content at a ratio of about 1:4, which corresponds to the composition of the
CrN chemical compound. In Spot “2”, similarly, a high amount of Cr and N was seen,
combined with Fe, alluding to the presence of a mixture of the coating and the substrate
material. In contrast, In Spot “3”, a very high amount of Fe and a significantly lower Cr
and N content were obtained, corresponding to the composition of the substrate material
due to the delamination of the coating.

Thus, nitriding the substrate prior to coating deposition proved to be an effective
method to increase the critical loads, resulting in improved scratch resistance of the investi-
gated CrN coating systems.

Here, it should be noted that scratch tests results for duplex tribosystems with CrN
coating are extensively reported [51–55] and demonstrated that duplex treatment might
result in a considerable improvement of the critical load. However, no publication was
found by the authors for tribosystems with substrate material investigated in the current
research. It is an essential distinguishing factor since substrate material plays a crucial role
in a coated system’s behaviour.

The direct comparison of the results obtained in the current study with those available
in the professional literature is also difficult due to the differences in scratch test param-
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eters, tribosystems, variations in the coating technology, and treatments of the substrate.
Nevertheless, some further remarks may be useful.

A significant consideration in scratch tests is that the critical load depends on var-
ious factors, such as, the load gradient mentioned in the Introduction section. Scratch
tests with the same tribosystems, applying different load gradients—20 N/mm for the
simple and 40 N/mm for the duplex coating and a slightly higher scratching speed of
6 mm/min—have been carried out by the authors in the framework of a round-robin
test [56]. The results revealed a 53% improvement in the critical force in the case of the
duplex-treated system, which is attributed partially to the different and considerably higher
load gradients [31,32]. The 34% improvement obtained at a significantly lower (10 mm/min)
load gradient in this study proves unambiguously the favourable and remarkable effect of
the duplex treatment on the scratch resistance and the role of the substrate’s loadability
in the performance of the composite system formed by the substrate and coating together.
Additionally, some conclusions can be derived regarding the non-negligible effect of the
load gradient. Considering the simply coated case, the load gradient in the referred work
was twice higher, resulting in a 7% higher critical load, while for the duplex-coated system,
the load gradient was four times higher, leading to a critical load higher by 22%. It draws
attention to the importance of identical test conditions when comparing the results.

During scratch analyses, several damage modes—depending on the substrate/coating
combination—can be recognised using OM analysis of the scratch groove. An efficient
guide in this respect is represented by the ASTM C1624 standard [31], which notes that
in the case of new types of coatings or substrate/material combinations, novel damage
mechanisms are expected to be identified; therefore, describing them as detailed as possible
and their systematisation together with the previously known ones may be helpful for
researchers. Identifying the SAS-wing-type scratch damage mechanism can contribute to a
better understanding and a more efficient description of the scratching behaviour of the
given coated system.

3.3. Wear Behaviour of the Simply and Duplex-Coated Tribosystems

The wear resistance of the coatings was compared based on the friction coefficient
curves, compositional and phase analysis of the worn surface, wear track morphology,
cross-sectional profiles of the wear tracks, and specific wear rate, k.

For the simply coated sample, the running-in period of the friction coefficient vs.
the sliding distance curve is somewhat longer with a higher peak of µ, suggesting more
intensive damage of the coating on the softer and less stiff substrate compared with that of
the duplex-treated sample (Figure 7). As the ball contacts the sample, adhesion occurs at
the contact area, leading to sticking and increasing the frictional force, consequently, µ. This
well-known transient behaviour is responsible for the first peaks at the very beginning of
both curves; however, it does not explain the peaks appearing at 10 and 5 m for the simply
and duplex-coated systems, respectively. The harsh acoustic noise experienced during the
whole wear test indicated that the load-bearing capacity of the CrN/substrate systems had
already been exceeded at the beginning of the test for both types of tribosystems. With the
premature loss of the integrity of the coating, debris is formed, and a three-body abrasive
wear mechanism occurs in the contact zone. As a result, the friction coefficient increases to
a large extent, which is more pronounced in the case of the simply coated sample, where
the coating could not adapt to the larger plastic deformation of the weaker substrate. In
the case of the duplex-treated tribosystem, although the coating is damaged early too, the
process is presumably associated with less amount of particle detachment, so the increase
in the coefficient of friction is less. With continuous debris fragmentation, the obstacle to
the movement of the counterpart (ball) also decreases, and the coefficient of friction begins
to decrease. This phenomenon can be observed at a sliding distance of 10–40 m in the
simply coated system, while it occurs at about 5–10 m in the duplex-treated sample.
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Figure 7. Friction coefficient curves obtained for the simply coated and duplex-treated samples
during the ball-on-disk wear test.

Following this period, the friction coefficient curves show a stabilising character with
an increasing sliding distance that suggests a tribofilm formation to occur. The process
behind this is that as the coating is damaged, the steel substrate that gradually becomes
exposed also participates in the wear process by forming an oxide-type—presumably
Fe3O4—tribofilm, a characteristic of steels. With an increasing sliding distance, the amount
of tribofilm increases, providing a continuous layer to be formed, which ensures a gradual
decrease in the friction coefficient.

The steady-state friction coefficient is 0.16 and 0.11 for the simply and duplex-coated
samples. Here, it should be mentioned that preliminary measurements with an Al2O3 ball
showed a similar tendency of the wear behaviour of the differently treated CrN coatings.
However, considerably higher friction coefficients were obtained, namely, 0.94 and 0.88,
respectively, for the simply and duplex-coated systems.

In the last quarter of the sliding distance, the thickening tribofilm becomes increasingly
brittle and starts to break up. Debris particles from the tribofilm cause abrasive wear,
and the friction coefficient increases again. In this stage, the two competing processes
are tribofilm formation and delamination, and their ratio defines the controlling wear
mechanism. Consequently, the worn surface will be partially covered by massive tribofilm
and tribofilm debris and contain exposed steel substrate areas. Similar damage mechanisms
are reported for CrN coatings against Si3N4 balls [57]. However, a strong chemical reaction
between the ball material and the CrN coating occurred.

Analysing the dark regions in the OM image of the wear track, appearing on the worn
surface of the simply CrN-coated specimen (Figure 8), the presence of Fe3O4 tribofilm
was proven by laser-induced breakdown spectroscopy (LIBS) using a digital microscope
(Keyence VHX-5000 series) equipped with a laser material inspection head (EA-300 series)
from Keyence Corp., Osaka, Japan [58].

The compositional analysis was accomplished in two spots having different appear-
ances inside the wear track. Spot 1 in Figure 8 is a highly worn region, while Spot 2 is an
area covered by black smoke assumed to be the Fe3O4 tribofilm. Based on quantitative
elemental analysis, the substrate material, that is, stainless steel, was identified with Cr
content corresponding to the applied base material in Spot 1, while in the black area, the
presence of Fe3O4 film was confirmed in Spot 2.

The OM pictures of the worn tracks reveal an identical wear mechanism for the two
coated systems (Figure 9) controlled by tribo-oxidation of the steel substrate after the
coatings have been damaged.
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Figure 8. Compositional analysis and phase identification in two spots of the wear track of the
simply CrN-coated sample. Spot 1: a highly stripped region, Spot 2: an area covered by black smoke
assumed to be the Fe3O4 tribofilm.

Figure 9. Morphology of the worn track on the simply (a) and the duplex-coated sample (b) with
Fe3O4 islands on the damaged coatings.

The thinner wear track and the significantly lower amount of exposed substrate
(Figure 9b) reflect the duplex-treated sample’s more favourable wear behaviour. It can be
attributed to the higher strength of the nitrided steel substrate, giving better support to the
brittle ceramic coating and the formed tribofilm.

While the optical microscopy of the wear rings showed only a slight difference in
the width of the wear tracks of the simply and duplex-treated samples, the profilometry
measurements already revealed a significantly higher worn cross section. Consequently,
there was a higher amount of material loss for the simply coated sample compared with
the duplex-treated one (Figure 10).

132



Ceramics 2022, 5

Figure 10. Worn track profiles of simply coated (S) and duplex-treated (D) samples (t: coating
thickness; h: depth of wear track).

Besides, the ratio of the depth of the wear track (h) to the coating thickness (t) is
approximately seven times higher for the simply coated sample, that is, hS/tS = 7.1, while
it is hD/tD = 1.7 in the case of the duplex-treated coating system. This finding gives
unambiguous evidence of the improvement of the wear resistance of the applied CrN
coating deposited on the nitrided steel substrate.

In addition, the profile diagrams reveal that in the case of the simply coated specimen,
the coating was entirely removed from the substrate, while the duplex-treated coating
remained partially intact in the contact zone.

The specific wear rate values, calculated by Equation (1), were an average of (2.8
± 0.11) × 10−5 mm3/Nm and (1.6 ± 0.76) × 10−5 mm3/Nm for the simply coated and
duplex-treated samples, respectively. This change represents a 43% reduction in the wear
rate due to the duplex treatment, as shown in Figure 11.

The applied duplex surface treatment resulted in a significant improvement of the
wear resistance of the investigated CrN coatings in terms of the reduction of the wear rate.

Formerly, we established that nitriding the substrate preceding the coating deposition
does not alter the wear mechanism of the duplex-coated system compared with that of
the simply coated one for the investigated loading conditions (Figure 9). The measured
wear rate values, which fall into the same order of magnitude (10−5), are in harmony with
this observation.

Usually, a significant change in the wear rate can be expected if the wear mechanism
is modified. Here, the observed reduction of the wear rate cannot be attributed to such
kind of phenomenon. The duplex treatment led to the observed favourable wear behaviour
by altering the substrate microstructure, improving its loadability, and providing better
support for the hard and brittle coating, significantly increasing the composite hardness
and the joint performance of the substrate/coating composite system.
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Figure 11. The specific wear rate for the simply and duplex-treated samples.

Here, it should also be noted that the applied F = 20 N normal load already causes
failure of the CrN coating at the very early stage of the wear test. Research works on CrN
coating reflect that the applied loading conditions represent a severe loading regime for
this tribosystem [59,60].

The measured wear rate values, especially those obtained for the duplex-treated sam-
ple, fall close to the values of 10−6 mm3/Nm representing the border between the mild and
severe wear regimes. The enhancement of the substrate loadability through optimising the
duplex treatment—particularly regarding the high-temperature nitriding—would provide
a breakthrough to this border, changing the wear regime to mild wear.

Similarly, as mentioned in connection to scratch studies available in the literature,
several reports on wear tests for CrN coatings can also be found [61–64]. However, the
possibility for comparison with the current results is very limited due to the different
substrate characteristics and differences in the applied test parameters that play a vital role
in the wear mechanisms and wear resistance of the tribosystem.

4. Conclusions

The tribological performance of CrN coatings deposited by the PVD technique on a
high Cr content X42Cr13 tool steel was analysed by comparing two different conditions
of the substrate/coating system. On the one hand, the coating was deposited by PVD
directly to the quenched and highly tempered (secondary-hardened) substrate. On the
other hand, duplex treatment, consisting of nitriding and a subsequent CrN coating of
the substrate material, was applied. Tribological behaviour was studied in scratch and
wear-type loadings. The main findings of the research work can be summarised as follows.

The investigated high Cr content steel represents a key issue regarding the appro-
priate combination of nitriding parameters during duplex treatment. The applied high-
temperature nitriding technology—characteristic of this steel in case of maximum tough-
ness requirements—is less investigated and reported in the literature. The related problems
were demonstrated during structural and compositional analyses of the obtained nitrided
layer, demonstrating a steep hardness profile, low nitrided case depth, and characteristic
high residual stresses due to the intense CrN precipitation. Despite these problems, the
applied duplex treatment resulted in a considerable improvement of the tribological perfor-
mance reflected by the 34% higher critical loads during scratching, that is, higher resistance
to coating delamination and a 43% improvement of the wear resistance in terms of the
calculated wear rate.

During morphological analyses of the scratch grooves, a new damage mechanism
named “SAS-wings” was identified, which is a characteristic of the simple CrN tribosystems
and a preliminary indicator of the critical failure of the ceramic coating not observed for
the duplex-treated systems.
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The research work confirmed that the duplex treatment is an effective and advanta-
geous solution to improve the tribological behaviour of the tested CrN coating by increasing
the load-bearing capacity of the applied X42Cr13 steel substrate. It allows for a significant
decrease in material loss due to wearing, thereby increasing the lifetime of the tool.

One of the important application areas of X42Cr13 steel is the plastic mould tool
industry. Due to dynamic loadings, the lifetime during plastic injection moulding or
extrusion is often controlled by the toughness of the tool, and it is limited significantly by
the abrasive wear caused by reinforcing particles, such as glass and carbon fibres of the
processed plastic materials. The use of duplex technology in the case of high-toughness,
low-hardness tool steels is significant because the hard CrN coating, applied for high wear
resistance, can lead to a significant hardness gradient occurring at the interface between
the substrate and the coating, limiting this way considerably the achievable improvement
of the wear resistance. The duplex treatment may essentially reduce this hardness gradient
and the accompanying weaker performance.

X42Cr13 steels are often replaced by prehardened steels—e.g., X30Cr13 (DIN) equiva-
lent with SUS420J2 (JIS), AISI 420, or 420S45 (BS)—the heat treatment and the corresponding
hardness of which are very similar to those of the tested steel. However, these types of
steels are marketed in large blocks; therefore, manufacturing test specimens required for the
wear test is rather complex, labour intensive, and expensive. The wear tests performed can
also be considered model tests for these steels, and the obtained results can be effectively
used for the wear problem solutions of such prehardened steels too.

Another crucial area of utilisation is represented by improving the mould release
capability of the plastic forming tools and reducing the tool opening force. Using the CrN
coating, the interfacial energy can be significantly reduced; consequently, the tool opening
force can be reduced. This green technology solution can take the place of using release
agents, which both pollute the environment and contaminate the finished product and
the tool.

The presented tribological investigations with the novel combination of constituents
applied in the tribosystem open many aspects where a significant study and further re-
search are proposed. These novel findings provide a reasonable basis for future work
to elaborate an optimised set of technological parameters for the duplex technology of
the given tribosystem. Further improvements in the efficiency of the scratch and wear
resistance can be achieved if a more diffused hardness profile with a higher case depth is
obtained by the optimised parameters of the high-temperature nitriding.

A new series of wear tests with a decreasing normal load is suggested to determine the
threshold of the load-bearing capacity of the investigated tribosystem. Such a programme
would also allow for a more thorough examination of the wear resistance by avoiding the
premature failure of the CrN coating observed in the current study. Reducing the normal
load during the wear test allows for reaching the transition from severe to mild wear
regime. This change in wear behaviour may be promoted by elaborating the appropriate
high-temperature nitriding technology, less studied, reported, and applied currently, but
promising regarding improving the wear resistance of the analysed tribosystem.
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Abstract: Tribological investigations are of great importance, especially in the case of novel combina-
tions of materials used for the tribosystem. In the current research, multilayer diamond-like carbon
coating deposited by plasma enhanced chemical vapour deposition on an X42Cr13 plastic mould
tool steel is studied with two different surface conditions of the substrate. On the one hand, it is
secondary hardened; on the other hand, it is additively plasma nitrided preceding the diamond-like
carbon coating. This latter combined treatment, called duplex treatment, has an increasingly wide
range of applications today. However, its effectiveness largely depends on applying the appropriate
nitriding technology. The tribological behaviour was characterised by an instrumented scratch test
and a reciprocating ball-on-plate wear test. The results demonstrate better scratch resistance for the
duplex-treated samples, while they show weaker performance in the applied wear type of loading.
The current comparative study reveals the reason for the unexpected behaviour and highlights some
critical aspects of the heat treatment procedure. The architecture of the tested multilayer DLC coating
is unique, and no tribological results have yet been published on tribosystems combined with an
X42Cr13 steel substrate. The presented results may particularly interest tribologists and the materials
research community.

Keywords: multilayer DLC coating; CrN interlayer; X42Cr13 tool steel; duplex treatment; nitriding;
scratch test; reciprocating wear test; damage mechanism

1. Introduction

Duplex surface treatment is a unique method combining two (or more) surface tech-
nologies to produce a composite surface having improved properties [1]. The significant
efforts and advances in this field have led to considerable developments in reducing
the wear, friction, and damage of the components, thereby increasing the durability of
the components [2–5]. The duplex treatment combines surface modification and surface
coating [6–8]. Surface modification refers to the changes in the microstructure, realised
by thermo-chemical diffusional processes (such as nitriding, carburising), mechanical
processes (such as forging, shot blasting, etc.), or ion implantation. Surface coating is a
technique of adding a new layer onto the underlying substrate. The coating can be pro-
duced from the vapour state of the constituents, chemically (sol-gel, anodising, etc.) or
by thermal spray (air plasma, vacuum plasma). The vapour state method is most widely
used in mechanical engineering industries. One of the main objectives of surface coating
is to increase wear resistance and reduce interfacial shear stresses and strains. This way,
the material properties and performance of the surface layer can be significantly improved
without altering the bulk materials [9–11].

Plasma nitriding is one of the most versatile nitriding techniques. It is a thermo-
chemical process for diffusing nascent nitrogen onto the surface of steel or cast iron. It

139



Ceramics 2022, 5

increases the surface hardness and improves the fatigue strength of alloy steels causing
minimum distortion or damage to bulk materials. However, the application of the nitriding
technology for high (more than 13%) Cr-content plastic mould tool steels may impose
limitations on their wide range of applicability. The reason for it can be the formation
of the CrN precipitates during the high temperature (>450 ◦C) nitriding, accompanied
by the simultaneous reduction in the free Cr content in the steel matrix leading to low
corrosion resistance. This unfavourable structural change represents a key issue in the
metal-mechanical industry, especially in the plastic injection moulding sector, where high
alloyed tool steels are widely used. The general solution for this problem is the applica-
tion of an anti-wear and anti-corrosion coating to enhance the tool’s steel performance
and durability.

Carbon-based coatings such as diamond-like carbon (DLC) have proven highly advan-
tageous in tribological applications [12–14]. They consist of hydrogen and carbon atoms
with sp2 and sp3 hybridisation. The classification of DLC coatings has been extensively re-
ported in the literature [15–17]. The two main classes are hydrogen-free and hydrogenated
films. The properties of DLC are largely dependent on the hydrogen content. An increasing
amount of hydrogen makes DLCs less rigid and less stressed.

DLC coatings possess high hardness, chemical inertness, wear resistance, corrosion
resistance, excellent adhesion to several substrate materials [18], self-lubricating capability, and
low friction coefficient [19]. Applications of such coatings include automotive [20], aerospace
industry, protective layer for cutting, forming tools, and biomedical implants [21–23].

These coatings have found wide applications in plastic injection moulds owing to
high durability and influencing favourably specific technological characteristics, such as
ejection force, surface lubrication, cavitation pressure, etc. The key requirement for a mould
component coating is to effectively increase the productive service life of the components
while reducing operational and maintenance costs. DLC coating on a plastic injection
mould proved to show a non-sticking behaviour, with close to zero ejection forces [24]. A
comprehensive overview of the beneficial effects of DLC coating in plastic injection mould
tooling is provided by Delaney et al. [25]. Among the others, DLC significantly decreases
the ejection force when polypropylene (PP)], polyethene terephthalate (PET) [26], polylactic
acid (PLA), polystyrene (PS) [27,28], polyamide (PA), or polyoxymethylene (POM) [28]
parts are removed from the tool. PVD-deposited DLC films—characteristic thickness of
0.5–5 µm—effectively reduced the cavity pressure for molten PS and PET plastics [29] and
reduced the filling flow resistance of PET in thin-wall injection moulding.

Various technological solutions are available for depositing DLC coatings, e.g., mag-
netron sputtering (MS) [30,31], high power impulse magnetron sputtering (HiPIMS) [32,33].
The group of the plasma enhanced chemical vapour deposition (PECVD) techniques in-
volves several types of processes, such as the radio-frequency plasma enhanced chemical
vapor deposition (RFPECVD) [34,35] and the low-frequency plasma-enhanced chemical
vapor deposition LFPECVD [36–38]. For industrial purposes, RFPECVD and LFPECVD are
the most widely used methods due to their versatility in scale [39] and coating structure,
e.g., for doped or multilayered DLC systems.

PECVD techniques are characterised by a low deposition temperature, allowing them
to obtain a uniform layer structure and size and making them suitable for coating tool steel
substrates of different treatment conditions. The efficiency of duplex treatment involving
plasma nitriding was emphasised in decreasing the wear rate for AISI 4140 steel with MS
DLC coating [40] and improving the wear and scratch resistance of the K340 cold work tool
steel with PACVD DLC coating used as a deep drawing die in sheet metal forming [41].
Combined mechanical and thermochemical treatment—involving mechanical turning and
burnishing combined with plasma nitriding—improved the tribological performance of
multilayer PECVD DLC-coated Sverker 21 (AISI D2) steel and Vanadis 8 powder metal-
lurgical (P/M) steel [42]. The importance of the effect of the surface finish and removal
of the compound layer on friction and wear behaviour was emphasised in the case of
MS DLC coated, quenched, and tempered and plasma nitrided AISI H11 hot work tool
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steel [43]. Extended (up to 100%) tool life and improved surface quality of the plastic
product were ensured by the DLC coating deposited on a plasma nitrided Vanadis 4 P/M
austenitic stainless steel forming tool due to the outstanding anti-sticking properties and
wear resistance of the DLC layer [44].

The major drawback suffered by these coatings on steel substrate is the occasionally
poor adhesion that causes cracking under an external load. Doping with non-metal or
metal is a suitable method to improve the thermal stability and enhance the tribological
properties of the coating due to better adhesion [8,45]. The efficiency of a novel HiPIMS
technique with positive pulses used for depositing DLC coating on K360, Vanadis 4, and
Vancron steels was demonstrated in regard to higher wear resistance due to improved
adherence of the coating [46]. The synergetic effect of low-pressure arc plasma-assisted
nitriding (PAN) of M2 type steel and the PECVD technique on the adhesion of the DLC
coatings was analysed by wear and scratch tests demonstrating the importance of the
process parameters of both treatments on the adhesion and, consequently, the tribological
behaviour of the coating [47].

The adhesion mechanism at the coating/substrate interface can be realised by me-
chanical interlocking and physical or chemical bonding or a combination [47]. While the
effect of plasma nitriding on the improved adhesion properties of the DLC coatings is still
being investigated, explanations by some researchers refer to the larger thickness of the
intermixed layer at the interface and lower level of graphitisation—due to an increased
bias voltage—during plasma nitriding [48,49]. These favourable effects may be further
enhanced by an increased polarisation tension in the PECVD deposition process leading to
better adhesion of the DLC coating to the M2 steel substrate [47].

When the coating is exposed to high loadings, plastic deformation begins in the
vicinity of the coating/substrate interface. The applied coating can become damaged at this
interface due to poor adhesion to the substrate or if the cohesive strength of the coating is
poor. It was shown that a large plastic zone first develops in the substrate, followed by the
initiation of plastic deformation in the coating. Thus, the substrate properties play a vital
role in improving the load-bearing capacity of the coating-substrate system [50], which is
evaluated quantitatively by the force required to remove the coating from the substrate,
known as the critical force.

The instrumented scratch test is a simple, cost-effective, and widely used conventional
method of determining the adhesive strength of the coatings to the interface. The result
depends on several intrinsic factors, such as substrate mechanical properties, coating
thickness, and interfacial bond strength, as well as extrinsic parameters such as scratching
speed, applied normal load, type of indenter, tip radius, etc. The morphology of the scratch
track and cracks initiating from the scratch groove with different orientations provide
information on the controlling damage mechanisms such as cohesive or adhesive failure of
coating; interfacial, tensile, or conformal cracking; brittle chipping, etc. The progressive load
scratch tests provide the highest amount of information on the cooperative behaviour of the
coated systems; therefore, such test results are extensively reported in the literature [51–54]
for various combinations of the substrate/coating pairs.

Wear is defined as the irreversible material loss of interacting surfaces in relative
motion. Physical and chemical elementary processes within the area of contact of a sliding
pair leading, subsequently, to the change in material structure and geometry of the friction
partners are known as wear mechanisms [55,56]. The most common ones are abrasion,
adhesion erosion, fretting, and cavitation. Wear tests provide relevant qualitative and
quantitative information on the wear resistance; the mechanism, severity, and mode of
the damage; and materials performance among friction and wear type loadings that are
useful during the design of the components to reduce material loss due to wearing [57].
A wear test configuration applied in engineering practice can be of great variety. It may
realise, e.g., a point contact (ball on plate, ball on disk), a linear contact (block on plate), or
a plane contact (block on ring, pin on disk) [58] to model the actual loading condition at
the most adequate.
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The substrate material in this work is X42Cr13 steel, which has a very similar chemical
composition to that of the AISI 420-type steels. The literature research on plasma nitriding
of X42Cr13 steel is found to a limited extent, while research on the AISI 420 martensitic
stainless steel (MSS) is extensively reported [59,60]. The requirements of high surface
hardness and simultaneous wear- and corrosion resistance is required for a wide range
of applications. For low alloy steel, plasma nitriding is usually advantageous in improv-
ing corrosion resistance. In contrast, this treatment can have either positive or negative
effects in the case of Fe-based stainless steels. The low-temperature plasma nitriding was
suggested as a possible solution to enhance wear resistance without altering the excellent
anti-corrosion properties that require a homogeneous distribution of the high Cr content. It
can be assured by a low-temperature or short-duration nitriding operation, allowing the
CrN precipitation in the nitrided layer to be avoided [61].

Another solution for enhancing wear resistance with simultaneous reservation of
the corrosion resistance of high Cr steels is represented by the deposition of anti-wear
ceramic coatings (such as DLC) on the previously nitrided steel substrate. In this regard,
we report the first wear test results obtained on duplex-treated multilayer DLC/X42Cr13
tribosystems compared to those obtained on the control set of the un-nitrided and simple
DLC-coated samples.

The primary objective of the current research work consists of comparing the tribolog-
ical performance—in terms of the adhesion and wear behaviour—of two coated material
systems, which have the same multilayer DLC top layer deposited onto the X42Cr13 plastic
mould tool steel with two different surface conditions. We address the key issue of CrN
precipitation in the tool steel at high-temperature nitriding, limiting the applicability of
the duplex treatment in the case of this grade of tool steel. The reciprocating wear test
configuration provides a good basis to elaborate on the harmful effects of CrN precipitation
in the nitrided layer on the wear resistance of the coated system.

2. Materials and Methods

The tribological tests were carried out on the samples made of high-alloy plastic mould
tool steel X42Cr13 (DIN) Nr. 1.2083. The chemical composition (in wt%) is C = 0.38–0.45,
Si ≤ 1.0, Mn ≤ 1.0, P ≤ 0.030, S ≤ 0.030, Cr = 12.00–13.50, V~0.3, and the remainder is Fe.
Disc-shaped samples with dimensions of Φ30 mm × 10 mm were prepared.

The two types of the investigated coated systems are denoted by Sample (S) and
Sample (D), where the identical DLC top layer is deposited on two different substrates.
In the case of Sample (S), the substrate is bulk heat treated, that is, secondary-hardened
steel, while in the case of Sample (D), this bulk heat treatment is followed by a subsequent
plasma nitriding. Thus, Sample (S) is a simple DLC-coated system, while Sample (D) is
a duplex-treated one. The technological parameters of the bulk heat treatment were as
follows. Austenitisation was carried out at Taust = 1020 ◦C, for t = 20 min, followed by
cooling in a vacuum. The temperature and holding time of tempering was Ttemp = 580 ◦C
and t = 2 h in air.

The reason for this treatment is, on the one hand, to provide the best dimensional
stability of the product, on the other hand, to increase the toughness, playing a vital
role, for example, in low temperature and cryogenic applications, or dynamic loadings
characteristic for tool materials. These treatment parameters represent a non-conventional
treatment resulting in a lower substrate hardness than in most cases when this steel is used
as tool steel.

The temperature of the plasma nitriding was 520 ◦C, with a holding time of 8 h,
a voltage of 600 V, and a pressure of 2 mbar. The source of nitrogen was decomposed
ammonia (N2:H2 = 1:3).

The DLC top layer deposited on Samples (S) and (D) by plasma enhanced chemical
vapour deposition (PECVD) is a multilayer coating consisting of CrN + WC + aC:HW + aC:H
layers. The coating is deposited using the equipment TSD 550 (from HEF Durferrit M&S
SAS, Andrézieux-Bouthéon, France).
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The process in the furnace starts with cleaning the samples by ion-etching using
ionised Ar atoms to bombard the substrate for 60 min with 65 sccm argon (purity ~99.95%)
under vacuum (pressure = 1 × 10−3 Pa). This operation was executed using a microwave
generator as an auxiliary plasma booster with 1000 W and 2.45 GHz frequency. The first
step of the coating process is the deposition of the CrN and WC-Co underlayers.

The first sublayer was the CrN deposited at 150 ◦C for 30 min. The Cr target was
sputtered using a power of 6.5 kW, and the gas flow of N2 was controlled by PLC via
light measurement of plasma. The second sublayer was the WC-Co interlayer created by
magnetron sputtering. The target was a typical cemented carbide constituting of WC and
6% Co. For the deposition of the a-C:H top layer, acetylene gas with a flow rate of 200 sccm
was utilised. The microwave generator served as an auxiliary plasma booster with 500 W
and 2.45 GHz frequency.

The instrumented scratch tests were accomplished on a scratch tester (model SP15,
Institute of Materials Science and Technology, the University of Miskolc, manufacturer: Sun-
plant, Miskolc, Hungary) [62]), conforming with the requirements of the ASTM C1624-22
standard [63]. During the applied progressive loading scratch test, a standard Rockwell
C stylus (120◦ vertex angle and 0.2 mm radius) was drawn over the sample surface with
normal force, increasing from an initial normal load of 2 N to a maximum normal load
of 150 N until the coating was removed from the substrate. The gradient of the normal
force was 10 N/mm, and the velocity of the table supporting the sample was 5 mm/min.
The total scratch length was 15 mm. Tests were made on two pieces of the simple- and
duplex-coated batches producing three scratches per sample. The diamond stylus was
cleaned by manual polishing after each scratching using a polish cloth (grade Struers MD-
NAP) soaked with acetone. Then, the tool was sonicated in acetone for 3 min to remove
the scratch-test-originated residuals. The integrity of the stylus was checked by OM after
each test. The critical loads were obtained from the scratch diagrams registered by the
test machine, while subcritical loads and damage characteristics were evaluated by optical
microscopy based on the ASTM C1624-22 standard.

The wear tests were carried out in the laboratory of Rtec Instruments, Switzerland
using a multi-functional tribometer (type MFT-5000, from Rtec Instruments, Yverdon-
les-Bains, Switzerland) equipped with a load cell (200 N) and an imaging system using
a confocal microscope. Two samples of simple- and duplex-coated types were tested,
carrying out two measurements on one piece. To model the fretting-type loading, generally
occurring during the operation of forming tools, a reciprocating wear test configuration
was chosen to characterise the wear behaviour of the samples. This type of test regime is
widely used for tool coatings. Wear tests were accomplished with a normal load of 25 N, a
reciprocating frequency of 5 Hz, a sliding distance of 10 mm, and a cycle number of 7900
at room temperature, in dry sliding conditions, at a relative humidity of RH = 50%. The
material of the frictional counterpart was an Al2O3 ball of 6 mm in diameter, using a new
ball for each measurement.

The coating hardness was characterised by the composite hardness of the coated
systems using a standard micro-Vickers method with F= 0.5 N loading force. This test was
performed with F = 0.25 N normal load to define the hardness profile in the nitrided layer
to obtain the nitrided layer depth (Mitutoyo HVK-H1 hardness tester from Mitutoyo Corp.,
Kanagawa, Japan). Two samples from each group (simple and duplex-treated) were tested
by performing ten valid measurements—having no cracks from the corners—by sample.
Three profiles on each of the two duplex-treated samples were determined.

To evaluate the thickness of coatings, the ball cratering method was used (Compact
CAT2c Calotester from Anton Paar GmbH, Graz, Austria) by creating three craters on two
samples of both the simple- and the duplex-coated groups [64,65].

The structure of the coatings and the substrate were examined by scanning electron
microscopy (Zeiss Evo MA10, form Zeiss, Jena, Germany) equipped with an energy-
dispersive X-ray spectroscopy. Optical microscopy (Zeiss, Axio Observer D1m from Zeiss,
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Jena, Germany) using the Axio Vision imaging software (Zeiss, Jena, Germany) was applied
for the morphological analysis of the scratch grooves.

3. Results and Discussion
3.1. Coating Thickness and Structure

The architecture of the multilayer coatings is shown in Figure 1. They are built up with
a CrN bottom layer (thickness of 0.7 µm for both samples), an a-C:HW intermediate layer
(0.8 and 0.9 µm for the simple and duplex coating, respectively), and an a-CH top layer (thick-
ness of 1.9 and 2 µm, respectively). The thickness of coatings, defined by the ball-cratering
method on the simple and duplex coatings, were 3.4 ± 0.07 and 3.6 ± 0.06 µm, respectively.
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3.2. Microhardness

The average depth of the nitrided layer is 0.14 mm for the duplex-treated sample,
which was defined based on the hardness profile below the surface (Figure 2).
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The coating characteristics are summarised in Table 1. It is seen that DLC coating
caused no changes in the substrate hardness (see HV of the substrate surface and substrate
core for Sample (S). At the same time, plasma nitriding increased the surface hardness while
decreasing the core hardness of the secondary hardened substrate in the case of Sample (D).

144



Ceramics 2022, 5

Table 1. Sample nomination and characteristics of the multilayered DLC coating.

Sample
Substrate
Condition

Coating

Thickness, µm Hardness, HV0.05

Nomi-Nation Type DLC
Coating

Nitrided
Layer

DLC
Coating *

Substrate
Surface

Substrate
Core

S simple-coated un-nitrided 3.4 – 1386 295 290

D duplex-treated nitrided 3.6 140 2077 335 250

* The coating hardness is characterised by the composite hardness of the coated system.

3.3. Microstructure Characterisation

A magnified SEM cross-sectional image of the nitrided layer produced at 520 ◦C for
8 h holding time is shown in Figure 3. The image was captured using the backscattered
electron (BSE) mode to visualise the microstructural features and compositional variations
in the nitrided surface. Elemental analysis by EDX in three characteristic points was made.
Chemical composition at Spot 1, close to the spherical precipitate, and at Spot 3, which was
taken in the middle of the grain, at a somewhat higher depth (~3 µm) below the surface,
was almost identical. The increased Cr and N content suggest the presence of nitrides,
which appear as dark grey areas around the spherical precipitation and at spot 3 in the
BSD imaging mode. Spot 2, taken along the grain boundary (GB) region, shows higher
Cr, N content compared to Spots 1 and 3, which give strong evidence of the path of CrN
precipitation along the GB.
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Figure 3. The SEM image of the nitrided zone of the (S) sample with the EDX spectra taken in three
characteristic locations of the layer: Spot 1—close to a precipitate in the near-surface region inside the
grain, Spot 2—a grain boundary precipitation, Spot 3—the grain volume at a slightly deeper region
below the surface.

The GBs are clearly seen due to the heterogeneous deformation among the grains,
resulting from the compressive residual stresses generated by the diffusion of nitrogen
from the surface to the core, accompanied by simultaneous nitride precipitation [66].
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3.4. Scratch Resistance

The scratch diagrams for the simple-coated (S) and duplex-treated (D) samples
recorded during the progressive loading scratch tests are shown in Figure 4. which pro-
vides a comparative analysis of the friction coefficient (µ) vs. scratch length for the two
coated systems with the differently treated substrate. In the first approximation, it is
seen that the critical (Lc3) and subcritical (Lc1 and Lc2) loading forces are higher for the
duplex-treated sample.
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Figure 4. Scratch test diagrams for the simple-coated and duplex-treated samples.

These load levels indicate the initiation of specific characteristic damage processes
identified using the optical micrographs shown in Figure 5.

The friction coefficient curve for the simple-coated sample (Figure 4) illustrates that the
initial micro-cracking (Figure 5a) takes place at 1.0 mm at a loading force of Lc1 (S) = 12.9 N,
followed by buckling spallation (Figure 5b) observed at the scratch length of 1.7 mm and
a normal load of Lc2 (S) = 18.4 N, where µ = 0.110. At the critical force of Lc3 (S) = 46.0 N,
when the friction coefficient is µ = 0.217, the coating becomes detached from the substrate,
making the highly deformed, periodically torn substrate visible (Figure 5c).

Once the coating is removed, there are traces of detached coating material beyond the
groove. It is indicative of gross spallation (Figure 5c), a characteristic failure mechanism
of coatings with low adhesion strength [63]. The reason behind the increasing value of µ
is the presence of the small coating’s particles removed already by the subcritical loads,
which cling in the vicinity of the stylus, creating additional resistance to the motion of the
stylus and thereby increasing the µ value.

Regarding the friction coefficient curve obtained for the duplex-treated sample, the
critical force at which the coating delamination begins is significantly higher, that is,
Lc3 (D) = 106.9 N. The Lc1 (D) and Lc2 (D) subcritical forces are 28.0 and 81.7 N, respectively,
which initiate microcracking (Figure 5d) and arc tensile cracking (Figure 5e) of the coating.
Beyond the Lc3 (D) loading, there are traces of rounded regions of DLC coating that are
removed laterally from the edges of the scratch groove. It is known as chipping [63], which
was observed in the case of the duplex sample. It suggests a better scratch resistance of
the coating and strong adherence [63] to the substrate. Thus, it can be concluded that the
duplex sample possesses a higher critical load, higher scratch resistance accompanied by
different damage mechanisms, and stronger adherence to the substrate compared to the
simple-coated sample. The improvement is 117, 344, and 132% in terms of the Lc1, Lc2, and
Lc3 subcritical and critical loads, respectively. The authors of the current work experienced
a similar improvement in a recent round robin test [67], as well as found by others [40,53]
for hydrogenated DLC coating if duplex treatment was applied.
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DLC system (d–f).

3.5. Wear Resistance of the Simple and Duplex-Treated Coatings

The friction coefficient curves for Sample (S) and (D), obtained during the reciprocating
wear test, are shown in Figure 6. Surprisingly, the steady state friction coefficient is twice as
high for the duplex-treated sample (µ(S) = 0.049) than the simple-coated one (µ(D) = 0.020).
At the beginning of the test, that is, from 162 to 300 s of running, an abrupt increase in the
friction coefficient—from 0.06 to 0.22—is also seen in the case of the duplex coating.
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The 2D and 3D profilometry images for the disks (Figure 7) and the balls (Figure 8)
provide qualitative and quantitative analysis of the wear damage produced on the two
different coating systems. The worn track is significantly thinner for the simple coating
showing negligible debris outside the worn path. In contrast, a large amount of debris
decorates the two sides of the wear track in the case of the duplex coating.

Regarding the quantitative characteristics, the worn width values are wS = 165 µm
and wD = 245 µm, and the worn depth values are dS = 0.44 µm and dD = 0.86 µm on the
simple-coated and duplex-coated samples, respectively. Similar differences in the worn
scar diameters, that is, xS = 155 µm and xD = 247 µm for the simple and duplex coating,
were measured on the worn alumina balls (Figure 8). These results represent a 48%, 93%,
and 59% increase in wear width, wear depth, and ball scar diameter, respectively. Thus, we
can conclude that during reciprocating wearing, a significantly higher amount of material
loss occurred in the case of the duplex coating, that is, the wear resistance decreased
considerably. Nevertheless, the integrity of the DLC coatings was kept in both coating
systems in terms of the wear depth remaining below the thickness of the a-:CH top layer.

In analysing the reason for this unexpected tribological response of the duplex-treated
sample, the following considerations can be made. The F = 25 N normal load caused a
reversal motion of the sample and the ball in every test cycle of the reciprocating test. How
can this cause more significant damage to the duplex coating? The most probable answer is
given by the more enhanced Bauschinger effect (BE) in the secondary hardened and nitrided
substrate material. Ellermann and Scholtz studied the BE in different heat treatment
conditions of 42CrMo4 steel and found that the larger amount of carbide precipitates causes
larger BE [68]. Queyreau and Devincre made dislocation dynamics simulations to analyse
the Bauschinger effect in precipitation-strengthened materials. They established that the
most effective contribution to BE is given by the Orowan-looping around the II. phase
particles, interacting with the mobile dislocations. Thus, an increasing volume fraction of
unshearable particles contributes extensively to the larger BE. In addition to the volume
fraction, the density, size, and shear strength of these precipitates also have a definite role
in the BE [69]. Kostryzhev et al. demonstrated that a higher amount of larger precipitates
in differently treated C-Nb and C-Nb-V steel plates are responsible for a higher BE stress
parameter [70]. The BE is strongly related to the residual stresses [68,71], that is, it may be
enhanced by the large tensile stresses usually forming around the precipitates [72].

These observations support the hypothesis that the underlying duplex-treated sub-
strate material below the hard DLC coating was softened to a greater extent during the
reversed shear plastic loading caused by the friction force. It can be explained by the
higher amount of precipitates present in the nitrided layer due to the high-temperature
nitriding applied.
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Similarly, an unexpected decrease in the hardness below the worn surface was re-
ported by Mussa et al. during the reciprocating wear test of the case-hardened martensitic
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22NiCrMo12–F steel. At the same time, they observed strain hardening for the same
material in unidirectional loading of the ball-on-disc test [73].

It should also be noted that the nitrided layer, providing generally better support
for hard coatings, was in this case, relatively thin due to the high Cr content of the steel
preventing efficient N diffusion into the surface (see Figure 2). Thus, a compositionally and
microstructurally heterogeneous subsurface layer structure was developed, unfavourable
regarding the cyclic fatigue during the wear test. As a result, the hard coating was easily
broken on the softened substrate producing hard-wear debris particles, enhancing and
accelerating the damage process and leading to severe wear due to a three-body abrasive
wear mechanism.

The main reason for the failure of the DLC coating altogether is the softening of the
substrate material, resulting in an intensive plastic deformation in the metallic substrate
during both the fro- and the reversal motion of the ball. The intensive shear deformation of
the soft substrate towards the two sides of the groove may contribute to the high tensile
stresses in the DLC coating. The accumulation of the plastic deformation during the
subsequent passages of the loading reveals itself in the ploughing mechanism, traces of
which are visible on the worn surface, as shown by the 3D OM image of the wear track of
the duplex-coated specimen in Figure 7.

The load condition is further complicated by residual stresses around the precipitates
in the high-Cr nitrided steel, which can initiate intensive cracking in the base material.
Their stress-concentration effect can also contribute to the increase in tensile stresses arising
in the coating.

A considerable contribution to the amount of abrasive particles may be given by the
broken particles from the alumina ball, the amount of which was significantly higher while
wearing the duplex-coated system.

The magnified image of the initial region of the friction coefficient vs. time diagram
reveals that the two curves of the simple-coated and duplex system moved close to each
other for approximately 160 s (Figure 9). The friction coefficient of the duplex-treated
sample decreased slightly faster than that of the single-treated sample after the local
maximum associated with the initial stick-slip behaviour. At 160 s, an abrupt increase
in the friction coefficient indicated the premature failure of the duplex-treated coating.
The very hard ceramic coating particles caused an increase in the friction coefficient to
about four times greater than the friction coefficient, exceeding the 0.2 value. The detached
particles of the extremely hard coating caused a three-body abrasive wear until they became
chopped due to the repeated rubbing of the mating surfaces. After approximately 300 s, the
coefficient of friction abruptly fell and showed a similar character over time as the curve of
the simple-coated sample; however, its value always moved above it.

If neglecting the deviations in the initial stage, the friction coefficient curves typi-
cally show a decreasing trend with time for both coating systems, which indicates the
tribochemical nature of the wear of the DLC coatings.

The explanation for the fact that the friction coefficient is higher, approximately double
for the duplex-coated specimen compared to the simple-coated one, is the substantial
softening of the substrate due to the more considerable plastic deformation in the reversed
direction. It contributes to a much more intensive crack formation and propagation,
consequently, a more significant amount of debris formation in the DLC top layer, which
accompanies the entire wear process, as seen in Figure 6.

The presented tribological investigations show that the applied duplex treatment—
namely, the high-temperature plasma nitriding of the steel substrate before the coating
deposition—is inefficient in offering higher wear resistance during reciprocating sliding
compared to that of the simple-coated samples.

It should be noted that ball-on-disk wear tests—realising unidirectional circumferential
loading conditions—on the same batch of simple and duplex-coated samples prevailed
better wear resistance of the duplex-coated tribosystems [74]. The similar wear behaviour
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of cemented 22NiCrMo12–F substrate in ball-on-disc, as well as reciprocating wear test
configuration, was observed by the authors of the work [73].
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Figure 9. The initial part of the friction coefficient vs. time diagram illustrating the different wear
behaviour of the DLC coating on the simple- (S) and duplex-treated substrate.

At the same time, we could demonstrate that during the scratch tests, where only
unidirectional loading occurs, plastic softening of the substrate in the duplex-treated
specimens did not happen, and the favourable effect of the combined bulk and surface
treatments prevailed.

These experiences draw attention to the fact that the problem of high-temperature
nitriding of steels with a high Cr content is not yet solved. The optimal technological
parameters must be developed for the given steel grade based on further experimental
work. In addition, our hypothesis on the modified BE behaviour of the duplex-coated
system, in reciprocal and unidirectional wear test conditions, has to be supported by further,
purposefully designed comparative wear tests supplemented with detailed microstructural
and phase analysis of the worn surfaces.

4. Summary

The current study evaluates the adhesion and wear resistance of two hard coating
systems represented by the identical multilayer DLC top coatings deposited on nitrided
and un-nitrided steel substrates. The substrate material was a secondary hardened X42Cr13
tool steel involving tempering to high toughness and dimensional stability. Based on the
results of the tribological tests performed, the following conclusions can be drawn.

The applied duplex treatment benefits the tested DLC coating system in terms of
scratch resistance. The Lc3 critical load was improved more than 130% and the Lc1 and Lc3
subcritical loads were doubled and tripled, respectively.

In contrast, the applied surface treatment cannot be efficiently used for the tested
combination of substrate material/heat treatment/multilayer coating in respect of the
reciprocating wear test accomplished with the given test circumstances.

Despite the better adhesion strength of the coating for the duplex sample, shown by
the progressive loading scratch test, the duplex-coated system offers poor wear resistance
in the reciprocating wear test configuration compared to the simple-coated ones. The
reason behind the unfavourable behaviour is the intense CrN precipitation during the
nitriding process and particle coarsening, which on the one hand, induces an intensive
plastic softening of the substrate due to the enhanced Bauschinger effect, a characteristic
of the reversed motion during reciprocating sliding. On the other hand, precipitates in
the nitrided steel subsurface region may induce high residual tensile stresses, contributing
to the tensile stresses developing in the DLC coating due to the shear deformation of the
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softened steel substrate. As a result, a more enhanced cracking and failure of the DLC
coating occur, accompanied by a more intensive debris formation in the reciprocating
wearing of the duplex-treated coating.

These results raise the need for a more profound overview of these novel findings,
during which both purposefully designed new comparative wear tests, deeper microstruc-
tural and phase analyses of the worn substrate, compositional and morphological analysis
of the debris particles, as well as estimation of the developed stress state by simulation
software (e.g., ABAQUS, 3D-FEM) have to be taken into account as tools of the solution.

The direction of future work is to analyse the effect of the different loading conditions
embodied by the other test methods on the wear behaviour of the duplex-treated coating
with particular attention to the mentioned features. In addition, the influence of the core
hardness of the substrate material—plastic mould tool steel—controlled by the tempering
temperature during bulk heat treatment should be optimised for better wear performance
of the coated systems.
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Abstract: The prospects of plasma electrolytic oxidation (PEO) technology applied for surface hard-
ening of aluminum alloys are substantiated. The work aims to optimize the technological process
of PEO for aluminum in flowing electrolyte. The design of the equipment and the technological
process of the PEO for aluminum deformed alloy D16T in flowing silicate–alkaline electrolyte have
been developed. Oxide coatings were formed according to various technological parameters of the
PEO process. The properties of the oxide coatings were evaluated, respectively, by measurements
of coating thickness, geometric dimensions of the samples, microhardness, wear tests, and optical
and scanning electron microscopy. To study the influence of the technological parameters of the PEO
process of forming oxide coatings on geometrical, physical, and mechanical properties, planning of
the experiment was used. According to the results of the conducted experiments, a regression equa-
tion of the second order was obtained and the response surfaces were constructed. We determined
the optimal values of the technological parameters of the PEO process: component concentration
ratio (Na2SiO3/KOH), current density, flow rate, and electrolyte temperature, which provide the
oxide coating with minimal wear and sufficiently high physical and mechanical properties and
indicators of the accuracy of the shape of the parts. The research results showed that the properties of
oxide coatings mainly depend on almost all constituent modes of the PEO process. Samples with
Al2O3 oxide coating were tested during dry friction according to the “ring–ring” scheme. It was
established that the temperature in the friction zone of aluminum samples with an oxide coating is
lower compared to steel samples without a coating, and this indicates high frictional heat resistance
of the oxide coating.

Keywords: plasma electrolytic oxidation; aluminum; coating; technological process; experiment
planning; microhardness; wear and tear; cone-likeness; friction heat resistance of materials

1. Introduction

Today, aluminum alloys are widely used in the automotive, aerospace, and radio
electronics industries, nuclear engineering, mining, oil and gas production, as well as in
construction and other areas of modern engineering [1–3]. Relatively high ratios between
strength characteristics and specific weight, high thermal conductivity, good machinability
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by cutting and plastic deformation, and high corrosion resistance are the most impor-
tant properties that make aluminum alloys technologically attractive and cost-effective
structural materials [4–6].

However, in many cases, insufficient wear resistance, heat resistance, and vulnerability
to thermal shock remain the restraining factors that significantly limit the scope of applica-
tion of aluminum alloys [7–9]. Aluminum parts are usually operated at temperatures up to
230 ◦C because, at higher temperatures (T > 0.4 Tm, where Tm is the melting temperature of
the alloy), diffusion processes occur, especially grain boundary diffusion, which begins to
play an important role, which leads to extensive growth grains during deformation [10,11].
Attention should also be paid to the problem of hydrogen embrittlement of aluminum
alloys, which occurs in modern tanks with high-pressure hydrogen [12], the danger of
sulfide corrosion cracking of critical parts of drilling, oil and gas industrial and pumping
equipment [13], as well as problems regarding the interaction of biological environments
with metal implants [14–16].

In order to take advantage of the significant advantages and eliminate certain disad-
vantages of aluminum alloys for specific practical applications, engineers use constructive,
operational, and technological methods.

Design methods include selection of rational forms of parts from aluminum alloys [17],
rational choice of the alloy grade [18,19], as well as conducting stress state studies [20],
temperature calculations of layered compositions [21,22], and use of monitoring of damage
to coatings [23–25].

Some customers are skeptical about protective coatings of working surfaces of prod-
ucts because, in practice, application of coatings sometimes faces the problem of their
premature destruction [26,27]. Abnormal conditions during operation can cause acceler-
ated reduction in the service life of machine components with protective coatings [28,29].
Therefore, “base material–coating” compositions should always be required to combine
special properties (for example, heat resistance and wear resistance) with a sufficient margin
of strength [30–32]. Here, first, it is necessary to evaluate the strength of the “base material–
coating” composition as a two-layer deformable body under the action of operational
loads [33,34].

Thus far, significant progress has been made in the field of mechanics of thin films,
coatings, and overlays in the presence of singular stress fields caused by sharp defects
or localized loads. The influence of the curvature and shape of the damaged surface on
the strengthening effect of the applied coating was studied in works [35,36] using the
theory of thin shells. Stress concentration near crack-like defects in coating itself was the
subject of studies described in publications [37,38]. 1D [39–41] and 2D [42,43] models are
used to develop analytical methods for assessing the stress state of layered coatings under
local loading. An example of such an analysis of a ceramic–aluminum coating under an
arbitrarily oriented load concentrated along a line is [44].

Among the technological methods, the choice of methods of mechanical processing
of parts to reduce manufacturing errors, including considering technological heredity [45]
to ensure long-term operation throughout the life cycle of products [46] with coatings, de-
serves attention. To protect aluminum alloys from wear corrosion at elevated temperatures,
various methods of surface strengthening are used [47,48], namely titanium modification
during ultrasonic shock treatment [49], silicon carbide during laser surface treatment [50],
formed coating by electric spark alloying method [51], high-speed oxygen-fuel HVOF
coating [52], electrochemical chromium plating [53], hard anodizing [54], and plasma
electrolytic oxidation (PEO), which is also known as micro-arc oxidation (MAO) [55–58].

It is known that, among metal coatings, the most widespread are chrome, and, among
non-metallic coatings, oxide. PEO can be a promising alternative [59] to replace use of
environmentally harmful chrome plating processes for both aluminum [53] and other
metals [60–62].

Among several strengthening methods, PEO should be singled out, which is inten-
sively developed and is currently one of the most popular, environmentally friendly, and
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fairly cost-effective technologies for forming oxide layers on aluminum and its alloys [55–58],
as well as other metals, for example, titanium [63,64], magnesium [65], and steels [66]. In
addition, PEO is one of the fundamental ways to improve the operational properties of
products by modifying the working surfaces of aluminum parts in order to transform the
surface layer into a hard wear-resistant and heat-resistant oxide ceramic [55–58]. PEO is
a technological process of forming ceramic layers on the surface of aluminum alloys in
an electrolyte under high voltages in the mode of spark and micro-arc discharges, which
enables obtaining higher-quality oxide coatings that are firmly attached to the base of the
part, comparable to hard anodizing and plasma spray ceramic [67]. The PEO process is
accompanied by discharges that develop under the influence of a strong electric field in
a system consisting of a part (substrate), an oxide layer, a vapor–gas envelope, an electrolyte,
and an electrode (usually a galvanic bath made of stainless steel) [58]. Electrical breakdown
in this system leads to emergence of a plasma state in the discharge channel, in which,
during plasma–chemical reactions, the substrate material is transformed into chemical
compounds consisting of the substrate material itself (including alloying elements), oxygen,
and electrolyte components [56,57]. When applying rational technological parameters
of the PEO process, we obtain a multifunctional wear-resistant and heat-resistant oxide
ceramic coating that has a reliable chemical and metallurgical connection with the main
material of the part [55–58,63–65,67].

Aluminum deformed alloy D16T has fairly high mechanical properties compared to
other aluminum alloys, and its products are widely used in industry and everyday life.
This alloy belongs to the aluminum alloys of the Al–Cu–Mg system, and it is subject to
hardening and natural aging. Intermetallics formed in the microstructure are the main
factor in the strengthening mechanism of this alloy. However, these intermetallics lead
to microelectrochemical inhomogeneity of the alloy, which leads to pitting corrosion,
intergranular corrosion, or delamination [68–70]. Therefore, deformed alloys of such
a system are used clad with a layer of aluminum and/or subjected to PEO [71]. Predicting
the phase composition of multicomponent Al-based alloys during PEO within certain
thermodynamic approaches [72–74] or first-principles calculations [75,76] is complicated
due to formation of metastable gradient structures, whose redistribution requires detailed
statistical analysis.

Microstructural properties, part surface morphology, wear resistance, heat resistance,
frictional heat resistance, and other operational properties of oxide ceramic coatings formed
by the PEO method depend on the component composition of the electrolyte [56–58,77]
and technological process parameters [56–58,78–80]. In particular, in [81], the influence of
technological parameters of PEO on corrosion properties of oxide coatings was investigated.
Researchers [82–84] studied the tribological characteristics of coatings formed by PEO
under various types of lubrication and established high wear resistance during friction
in a pair with carbon steel and revealed the effect of hydrogen on the wear resistance of
steels in contact with PEO layers synthesized on aluminum alloys during tests in mineral
lubricant [85]. A number of studies are devoted to study of thermal conductivity, thermal
protective properties [56,86–89], and thermal shock resistance [90] of oxide ceramic coatings
on various materials, the results of which demonstrate low thermal conductivity and
high protective properties of these coatings, including taking into account the thermal
conductivity of the substrate [91]. Papers [92,93] report on use of aluminum oxide to
reinforce composite coatings to improve their protective properties.

Thus, depending on the selected material of the substrate, electrical parameters of
the PEO process (current density, ratio of anode and cathode currents, voltage, frequency,
time), chemical composition, concentration, and temperature of the electrolyte, it is possible
to obtain oxide ceramic coatings with a complex of physical and mechanical properties
that most fully satisfy the specific operational requirements of consumers [55–58]. The
complexity of choosing rational technological parameters of PEO is due to the diversity of
the chemical composition of aluminum alloys, as well as the component composition of
electrolytes, temperature, and electrical regimes of coating formation. However, there is
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practically no information in the literature about the tribological and thermal characteristics
of parts with oxide coatings and the processes of formation of PEO coatings in the flowing
electrolyte. Therefore, development of PEO strengthening processes for formation of oxide
ceramic coatings on the surface of parts made of heterogeneous alloys is an urgent problem.
Use of the experiment planning methodology during development of various technologies
enables significantly reducing the number of experiments and establishing optimal process
modes [94–100]. The technological process of PEO should be optimized specifically for the
selected brand of deformed aluminum alloy and depending on the field of application and
the desired operational properties of the parts covered with enveloping ceramic coatings.

The study aims to determine the optimal technological parameters of the PEO process
and the component composition of the electrolyte to ensure formation of a wear-resistant
oxide ceramic coating on aluminum deformed alloy D16T in the flowing electrolyte.

To achieve the goal, the following tasks should be addressed:

• Develop a mathematical model of oxide coating forming and study the influence of
the PEO technological parameters on the physical and mechanical properties of oxide
coatings and the geometric dimensions of parts;

• Determine the optimal technological parameters to provide the maximum microhard-
ness, minimal wear with low cone-likeness of the cylindrical surface of the coated
part, as well as justify the placement of parts taking into account their shape in the
electrochemical cell during PEO;

• Conduct microscopic studies of the oxide coating;
• Investigate the frictional heat resistance of the oxide coating.

2. Materials and Methods
2.1. Research Materials and Equipment

The authors studied the strengthening process of PEO samples made of aluminum
deformed alloy D16T (State Standart GOST 4784–2019 Aluminum and aluminum alloys are
deformable. Marks (ISO 209:2007, NEQ)) of the Al–Cu–Mg system, hardened and naturally
aged). Chemical composition and properties are presented in Tables 1 and 2, respectively.

Table 1. Chemical composition of the aluminum deformed alloy D16T, mass.%.

Si Fe Cu Mn Mg Cr Zn Ti Ti+Zr Others Elements Al

0.50 0.50 3.8–4.9 0.3–0.9 1.2–1.8 0.10 0.25 0.15 0.20 0.15 The rest

Table 2. Physical and mechanical properties of the aluminum deformed alloy D16T.

σUTS,
MPa

σY,
MPa δ5

E,
GPa HB α,

degree–1 λ, W/(m·degree) ρ, kg/m3 C, J/(kg·degree)

390–420 255–275 10–12 72 105 0.0000229 130 2770 0.922

Manufacturing of parts with operational surfaces strengthened with PEO coatings
was carried out by the developed technological process (Figure 1).

Based on a review of scientific and technical literature, patents, and the results of
our own preliminary studies of the PEO process, we chose a water-based silicate–alkaline
electrolyte for experiments. For preparation of electrolytes, chemically pure components
were used: potassium hydroxide (KOH), State Standart GOST 9285−78 and sodium silicate
(Na2SiO3), and State Standart GOST 13078−81. The electrolyte was prepared by simply
mixing the components in distilled water, which was obtained using water distiller DE-4-2.
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Figure 1. Structural diagram of manufacturing of parts with operational surfaces strengthened with
PEO coatings.

PEO of aluminum deformed alloy D16T was carried out on a device developed by us,
which enables formation of oxide coatings on parts in a flowing electrolyte. The installation
includes an alternating current power source (voltage up to 1000 V), a system for measuring
voltage and current values in the cathodic and anodic periods, an electrolyte circulation
system, variable electrochemical cells with stainless steel electrodes, an electrolyte cooling
system, an exhaust ventilation system, and a damage blocking system electric current.
Before forming the PEO coating, the aluminum alloy samples were subjected to mechanical
processing to obtain a surface roughness of Ra = 0.8–1.1 µm. In the studies, the average value
of Ra = 0.9 µm was taken. During formation of the oxide coating, the cylindrical sample
was placed vertically, coaxially with the axis of the electrochemical cell. Technological
modes of coating formation are shown in Table 3. The thickness of the formed working
layer of the oxide coating was approximately 300 µm.
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Table 3. Coding of factors and levels of their variation during PEO experiments.

Levels of Factors

Coded Values Natural Values

x1 x2 x3 x4

Concentration
Ratio

(Na2SiO3/KOH),
C

Current
Density,
i, A/dm2

Flow
Rate,

v, cm/s

Electrolyte
Temperature,

T, ◦C

The main level 0 0 0 0 4.4 5 75 50
Interval of
variation 1 1 1 1 1.3 2 40 15

The upper level +1 +1 +1 +1 5.7 7 115 65
The lower level −1 −1 −1 −1 3.1 3 45 35
Star points (+) +1.4826 +1.4826 +1.4826 +1.4826 6.3 8 141.7 72.2
Star points (−) −1.4826 −1.4826 −1.4826 −1.4826 2.6 2 8.3 27.8

2.2. Microstructure Observation and Mechanical Properties Measurement

The microhardness of coatings and the base was measured on transverse microsands
using a PMT-3 hardness tester. The load on the diamond Vickers pyramid was 0.5 N and
1.0 N with the holding time of 12 s to 15 s.

The cone-likeness of the coated part is the deviation of the profile of the longitudi-
nal section for which the components are rectilinear, but not parallel, determined from
the dependence:

YC = (dmax − dmin)/2, (1)

where dmax and dmin are the maximum and minimum diameter of the coated part, respec-
tively. Measurements were carried out using a clock-type indicator with a division price of
1 µm.

The total thickness of oxide coatings was determined on cross-sectional microsections
with an optical microscope MIM-7 and PMT-3 hardness tester using an eyepiece micrometer
with a resolution of 1 µm.

We conducted the microscopic studies of oxide coatings, PEO-formed on aluminum
alloy D16T, at the Center for collective use of scientific instruments “Center for Electron
Microscopy and X-ray Microanalysis” of the Karpenko Physico-mechanical Institute of the
National Academy of Sciences of Ukraine, Lviv. We used a ZEISS Stemi 2000-C (Germany)
optical microscope, and ZEISS EVO 40XVP (ZEISS Group, Jena, Germany) scanning electron
microscope with a micro X-ray spectral analysis system and an INCA ENERGY 350 (Oxford
Instruments, Abingdon, UK) energy dispersive X-ray spectrometer. Before conducting
electron microscopic studies, we applied a monolayer of gold to the surface of the samples
to increase their conductivity.

2.3. Wear Test

Wear tests of samples with PEO coatings were carried out on a bench for researching
friction pairs during reciprocating motion, which simulates the real operating conditions
of elements of metal–rubber friction pairs of piston pumps: cylinder sleeve–piston seal;
piston rod–seal; plunger–seal [101]. The amount of weight loss due to wear samples was
determined by the gravimetric method: weighing the test specimens on the analytical axis
of VLA-200g-M (weight accuracy of 0.1 mg) before and after the test. Before each weighing,
the samples were thoroughly wiped with ethyl alcohol and dried. The arithmetic mean
value from three tests for wear of the PEO ceramic coatings was chosen as the resulting
value for determining the wear resistance.

Evaluation of the frictional heat resistance of oxide coatings formed by PEO was
carried out according to recommendations (State Standart GOST 23.210−80 Ensuring the
wear resistance of products. The method of evaluating the frictional heat resistance of
materials). Experiments were carried out on the machine for testing materials for friction
UMT-1 (PA “Tochprilad”, Ivanovo, USSR) during dry friction of samples according to the
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“ring–ring” face scheme. Dimensions of the samples: outer diameter D = 28 mm, inner
diameter d = 20 mm, h = 15 mm, area of the nominal friction surface of the stationary sample
A = 2.9 cm2. The rotation frequency of the moving sample is 1000 min–1, with an accuracy
of ±5%. The load on the sample is 200 N, with an accuracy of ±4%. The temperature in the
friction contact zone was measured using an automatic electronic potentiometer of accuracy
class 0.5 using a chromel-copel (E) thermocouple of the ChK type, the measurement range of
which is from −50 to +600 ◦C. The essence of the method is that the rotating and stationary
ring samples of the studied pair of materials are installed coaxially, pressed against each
other by end working surfaces with a given axial force, and the temperature of frictional
heating is controlled. A stationary ring sample is mounted in a hinge assembly to ensure
self-alignment. For comparative tests, structural steel alloyed 40ChN (State Standart GOST
4543−2016), λ = 44 W/(m·degree) was used. The frictional heat resistance of materials
(coatings) is judged by the dependence of the temperature change on the test time. The
duration of the tests, after the samples were run-in, was monitored with a stopwatch.

2.4. Methods of Planning Experimental Research

Experiment planning was used to optimize the technological parameters of the PEO
process in the flowing electrolyte.

To conduct experimental studies, the results of which allow to calculate the coefficients
of the regression equations, that is, the dependences for microhardness YH , wear YW , and
the cone-likeness YC:

YH = f (C, i, v, T);YW = f (C, i, v, T);YC = f (C, i, v, T) (2)

of PEO coatings on D16T aluminum alloy from the technological parameters of the process:
the mass ratio of the concentration of the components of the electrolyte Na2SiO3/KOH—
sodium silicate and potassium hydroxide (C), current density (i, A/dm2), electrolyte flow
rate (v, cm/s), and electrolyte temperature (T, ◦C) chose an orthogonal central composite
plan of the second order.

In our case, for four experimental factors k = 4 and two experiments in the center of
plan n0 = 2, the total number of experiments was N = 24 + 2 × 4 + 2 = 26.

Orthogonal central composite planning of PEO experiments was carried out on five
coded levels with a step equal to α = 1.4826: −α; −1; 0; +1; +α.

The selected factors meet all the requirements for them. The accuracy of maintaining
the technological parameters of the PEO process was 3−5%. The intervals of variation are
given in Table 3.

The order of experiments was chosen from a series of random numbers to exclude the
influence of unregulated and uncontrollable factors.

To simplify the calculations, when determining the coefficients of the regression
equations and their evaluation, a transition was made from the natural values of the factors
to coded values (Table 3). Each experiment was repeated three times at the same level
of factors and the arithmetic mean value of the initial parameter in each experiment was
calculated (Table 4).

A second-order polynomial was used to describe the response function (optimization
parameter) of the investigated technological process of forming PEO coatings in the flowing
electrolyte:

Y = b0 + ∑k
i=1 bixi + ∑k

i 6=j bijxixj + ∑k
i=1 biix2

i , (3)

where b0, bi, bij, bii¯regression coefficients, xi¯factors of the experiment, k = 4 .
The coefficients of the regression equation were calculated in matrix form according to

known formulas.
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Table 4. Plan-matrix of experimental results of the PEO process.

Ex
pe

ri
m

en
tN

um
be

r

Levels of Factors The Average Value of the Optimization Parameters

x0 x1 x2 x3 x4

M
ic

ro
ha

rd
ne

ss
Y H

,G
Pa

W
ea

r
Y W

,g

C
on

e-
li

ke
ne

ss
Y C

,µ
m

1 +1 −1 −1 −1 −1 13.93 0.277 15.8

2 +1 −1 −1 −1 +1 14.84 0.287 15.3

3 +1 −1 −1 +1 −1 15.11 0.260 10.4

4 +1 −1 −1 +1 +1 14.99 0.272 10.9

5 +1 −1 +1 −1 −1 13.89 0.238 13.1

6 +1 −1 +1 −1 +1 17.73 0.215 11.4

7 +1 −1 +1 +1 −1 16.32 0.234 10.4

8 +1 −1 +1 +1 +1 19.00 0.207 8.2

9 +1 +1 −1 −1 −1 15.37 0.241 13.1

10 +1 +1 −1 −1 +1 13.53 0.258 15.3

11 +1 +1 −1 +1 −1 17.44 0.230 9.3

12 +1 +1 −1 +1 +1 15.47 0.245 8.7

13 +1 +1 +1 −1 −1 19.40 0.201 10.4

14 +1 +1 +1 −1 +1 19.86 0.198 11.4

15 +1 +1 +1 +1 −1 21.95 0.182 7.1

16 +1 +1 +1 +1 +1 20.29 0.196 6.5

17 +1 −1.4826 0 0 0 13.91 0.268 12.1

18 +1 +1.4826 0 0 0 19.65 0.207 7.4

19 +1 0 −1.4826 0 0 14.08 0.287 11.1

20 +1 0 +1.4826 0 0 21.51 0.192 8.8

21 +1 0 0 −1.4826 0 18.91 0.213 14.2

22 +1 0 0 +1.4826 0 19.86 0.205 7.6

23 +1 0 0 0 −1.4826 18.68 0.215 7.7

24 +1 0 0 0 +1.4826 19.63 0.207 8.8

25 +1 0 0 0 0 21.51 0.192 8.3

26 +1 0 0 0 0 21.98 0.188 8.4

The significance of the obtained coefficients of the regression equations was checked by
Student’s t-test. The coefficient was considered statistically significant under the condition
that |bs|> t·S(bi) , where the t-test, selected from the reference table for the significance
level of 0.05 and degrees of freedom fE; S(bi)—coefficient error (here, bi is considered
b0, bi, bij, bii). Statistically insignificant coefficients were discarded and regression equa-
tions were refined. The resulting regression equations were tested for adequacy using
Fisher’s F-test.

The calculated value Fc was compared to that selected from the reference table (Ftabl)
for the fad and fE degrees of freedom using 0.05 significance level.
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If the condition of regression equation Fc < Ftabl is fulfilled, it can be considered
adequate at the accepted level of significance 0.05.

On the basis of the obtained regression equations, response surfaces were constructed
and the levels of the same output of parameter Y on the horizontal plane were calculated.
To determine the optimal values of the technological parameters of the PEO process in the
flowing electrolyte, we took the partial derivatives from the regression equations, equated
them to zero, and solved the system of equations. Note that more general systems of
equations with partial derivatives are considered in the article [102]. Based on the obtained
regression equations, the response surfaces of the optimization parameters (microhardness
YH , wear YW , and cone-likeness YC) were constructed from two variable technological
parameters, with the other two fixed at the basic level (C, i, v, and T).

3. Results and Discussion
3.1. Optimization of the PEO Process Technological Parameters

Ensuring the quality of the working surface of cylindrical parts and improving the
operational properties of products is achieved by using PEO in the flow electrolyte. In
order to substantiate the technological parameters of the PEO process in the flowing
electrolyte and to establish the laws of their influence on the physical and mechanical
properties of the coating, parameters of the shape of the part and laboratory experimental
studies of samples with coatings formed according to the developed PEO technology
were conducted. We studied the change in microhardness, wear, and cone-likeness of
the cylindrical surface of the part with PEO coating depending on the mass ratio of the
concentrations of the electrolyte components C, the current density i, the electrolyte flow
rate v, and the temperature of the electrolyte T. In order to evaluate the quality indicators of
the PEO coatings, the microhardness of the coating was measured, tested on wear during
reciprocating motion, and the cone-likeness of cylindrical parts was determined.

The unknown coefficients of the regression equation were determined by the matrix
method in coded form. The significance of the coefficients of the regression equation was
checked at the 0.05 level using Student’s t-test. Statistically insignificant coefficients were
discarded. After that, they were recoded according to a known method into natural values.

Response functions (optimization parameter) reflecting the dependence of the micro-
hardness of the oxide coating YH , wear YW , and cone-likeness YC of the cylindrical surface
depending on the mass ratio of the concentrations of the electrolyte components C, the
current density i, and the electrolyte flow rate v, the temperature of the electrolyte T, based
on the results of the orthogonal of the central composite planning of the experiment in the
natural values of the variable factors, the regression equation of the second order takes the
following form for:

• microhardness YH :

YH = −33.1213 + 12.2770C + 2.2724i + 0.5159T − 1.2249C2

−0.3538i2 − 0.0037T2 + 0.2905Ci− 0.0411CT + 0.0174iT;
(4)

• wear YW :

YW = 46.4174− 7.1806C− 3.0236i− 0.1534v
+0.6687C2 + 0.2752i2 + 0.0007v2;

(5)

• cone-likeness YC:

YC = 0.7054− 0.1151C− 0.0470i− 0.0002iT + 0.00115C2 + 0.0041i2. (6)

After checking the adequacy of the obtained second-order models for this PEO tech-
nological process, the Fisher test was applied. Therefore, as Fc < Ftabl , it satisfies the
requirements for the hypothesis about the adequacy of the regression equations, which
was accepted.
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The obtained second-order regression equations in natural values can be directly used
to calculate microhardness YH , wear YW , and cone-likeness YC of parts with an oxide coating
depending on the change in the mass ratio of concentrations of electrolyte components C,
current density i, A/dm2, electrolyte flow rate v, cm/s, and electrolyte temperature T, ◦C,
which are, respectively, within the following limits:

2.6 ≤ C ≤ 6.3;2 ≤ i ≤ 8;8.3 ≤ v ≤ 141.7;8 ≤ T ≤ 72.2

To analyze the influence of the technological parameters of the PEO process in the
flow electrolyte (variable factors) on the optimization parameters, response surfaces and
their two-dimensional sections were constructed depending on two variable factors (the
other two factors were at a constant basic level) (Figures 2–4).
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Figure 2. Response surfaces of dependence of the microhardness YH coating on the technological
parameters of the PEO process in the flowing electrolyte: (a)—C, i, v = 75 cm/s, T = 50 ◦C; (b)—C,
v, i = 5 A/dm2, T = 50 ◦C; (c)—C, T, i = 5 A/dm2, v = 75 cm/s; (d)—i, v, C = 4.4, T = 50 ◦C; (e)—i, T,
C = 4.4, v = 75 cm/s; (f)—v, T, C = 4.4, i = 5 A/dm2.

Analysis of the obtained second-order regression Equations (4)–(6) and constructed
response surfaces (Figures 2–4) shows that the values of the optimization parameters
microhardness, wear, and cone-likeness for the oxide coating depend on almost all the
technological parameters of the PEO process C, i, v, T.

In addition, the optimal values of the technological parameters of the PEO process in
the flow electrolyte for the D16T alloy were determined to ensure the maximum microhard-
ness, minimal wear of the coating, and minimal cone-likeness of the cylindrical surface of
the PEO-coated part, which are presented in Table 5.

Table 5. Optimal values of technological parameters of the PEO process.

Optimization Parameters Technological Parameters

Name Optimal
Value

Concentration Ratio
(Na2SiO3/KOH),

C

Current
Density,
i, A/dm2

Flow
Rate,

v, cm/s

Electrolyte
Temperature, T,

◦C

Minimum Values
3.1 3 45 35

Optimal Values

Microhardness YH , GPa 18.56 5.04 6.63 106.77 49.92
Wear YW , g 0.185 4.98 6.61 103.96 53.59

Cone− likeness YC, µm 10.6 5.07 5.82 119.52 55.16

− Maximum Values
5.7 7 115 65
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Figure 3. Response surfaces of dependence of the wear YW coating on the technological parameters
of the PEO process in the flowing electrolyte: (a)—C, i, v = 75 cm/s, T = 50 ◦C; (b)—C, v, i = 5 A/dm2,
T = 50 ◦C; (c)—C, T, i = 5 A/dm2, v = 75 cm/s; (d)—i, v, C = 4.4, T = 50 ◦C; (e)—i, T, C = 4.4,
v = 75 cm/s; (f)—v, T, C = 4.4, i = 5 A/dm2.
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It should be noted that, at the maximum value of microhardness of the formed oxide
coating, its minimal wear is ensured, and the optimal values of the technological parameters
of the PEO process are within the factor space (Table 5). For the optimization parameters of
cone-likeness, the optimal values of technological parameters of the process are also within
the factor space.

Analysis of the results of planning the experiment provided in Table 5 shows that the
optimal values of the technological parameters of PEO in the flow electrolyte for the opti-
mization parameters microhardness of the oxide coating YH , wear YW , and cone-likeness
YC differ from each other. For the first two parameters of optimization–microhardness
and wear, the optimal values of the technological parameters of the process practically
coincide and are within the range of variation of the factors. That is, with maximum
microhardness, minimal wear of the oxide ceramic coating is ensured. The optimal values
of the technological parameters to ensure the minimum cone-likeness are slightly different
from the optimal technological parameters to ensure the maximum microhardness and
minimal wear. At the same time, in order to obtain the minimum value of YC, the optimal
value of the electrolyte flow rate is beyond the range of variation of the factors, even taking
into account the value of the star arm.

Premchand, C. et al. [103] studied the influence of the ratio of electrolyte components
on the corrosion resistance of PEO coatings and found that excellent corrosion resistance is
achieved when the coating is formed in an aqueous electrolyte with the same concentration
ratio of the components (Na2SiO3/KOH) = 1.

Since wear resistance is an important operational characteristic for products that are
operated in abrasive environments, the optimal values of the technological parameters of
the PEO process in the flowing electrolyte were taken to be those that ensure the minimum
amount of wear of parts YW = 0.185 g: C = 4.98; and i = 6.61 A/dm2; v = 103.96 cm/s;
T = 53.59 ◦C. By substituting these values of the optimal technological parameters of PEO
into the Formulas (4)–(6), we obtained a calculated value of microhardness YH = 17.96 GPa;
i.e., its value is slightly smaller than that obtained during the optimization YH = 18.56 GPa
and cone-likeness YC = 10.9 µm; i.e., its value is slightly greater than that obtained during the
optimization YC = 10.6 µm (Tables 5 and 6). The necessary cone-likeness of the cylindrical
surface in accordance with the technical requirements for production of parts, depending
on their functional purpose, is expediently obtained during further machining operations–
diamond grinding.

Table 6. Calculated values of the optimization parameters: YH , YC according to the optimal values of
the technological parameters of the PEO process, which ensure minimal wear YW .

Optimization Parameters Technological Parameters

Optimization
Parameters
Deviation,

%
Name Optimal

Value

Concentration
Ratio

(Na2SiO3/KOH),
C

Current
Density,
i, A/dm2

Flow
Rate,

v, cm/s

Electrolyte
Temperature,

T, ◦C

Optimal Values
4.98 6.61 103.96 53.59

The Values of the Optimization Parameters are Calculated

Microhardness YH , GPa 18.56 17.96 3.35
Wear YW , g 0.185 0.185 0

Cone− likeness YC, µm 10.6 10.9 2.91

It should be noted that, during PEO in the flowing electrolyte of cylindrical parts in
a vertical position, the maximum increase in diameter for the outer surfaces of the shafts
and a decrease for the inner surfaces of the bushings was observed in the lower part of
the parts. To eliminate cone-likeness and increase the accuracy of cylindrical surfaces,
considering technological heredity, during strengthening with oxide ceramic coatings, the
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parts must be measured and mounted in a vertical position in the electrochemical cell
before starting PEO in such a way that the minimum diameter of the shaft is from below,
and, for the sleeve during application coating on the inner surface, its maximum diameter
was from below.

Analysis of the results presented in Table 6 shows that the calculated values of the
optimization parameters for microhardness and cone-likeness, obtained for the optimal
values that ensure the minimum amount of wear, differ from their optimal values by 3.35%
and 2.91%, respectively.

Thus, the obtained results of the study show the possibility of targeted control of the
technological parameters of the PEO process in the flowing electrolyte by changing the
technological parameters considering the technological heredity of manufacturing blanks
of aluminum deformed alloy parts.

The obtained research results prove the possibility of practical application of the
optimal values of the technological parameters of the PEO process in the flow electrolyte
for serial production of parts, such as bodies of rotation, for example, cylinder sleeves and
pump plungers at machine-building enterprises.

3.2. Microscopic Studies

We formed PEO coating (Figure 5) according to the obtained optimal values of techno-
logical parameters. According to Figure 5, PEO coatings have a uniform structure and do
not have visible defects, such as pores, microcracks, and others.
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Figure 6 shows the results of studying the morphology and composition of PEO
coatings by SEM/EDS methods.

The interface between the base metal (D16T) and the PEO coating is shown in Figure 6a.
As can be seen from the figure, the interface zone is characterized by integrity and the
absence of significant delamination, indicating a high level of chemical bonding. It is caused
by direct synthesis of the oxide phase from the base metal due to electrolyte elemental
composition during the PEO process.

As can be seen from Figure 6b, the coating has the layered pancake-shaped structure
typical of PEO coatings (Sikdar, S. et al.) [58]. The chemical composition analysis indicates
the presence of key components for oxide formation (Al and O) and the components of
the electrolyte (K, Na, Si) (Figure 6c). At the grain boundaries, there are many evenly
distributed small pores formed as a result of gas migration during plasma discharge. The
thickness of the PEO coatings was 180−210 µm, which determines the heat-protective
properties of oxide ceramic coatings. The mechanism of formation of PEO coatings on
aluminum alloys is described in publications [55–58].
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Figure 6. SEM micrograph of the interface between the PEO coating and the base alloy D16T (a) and
the EDS analysis of the PEO coating: (b)—area of EDS analysis; (c)—resulting spectrum and chemical
composition at the analyzed area.

3.3. Frictional Heat Resistance

The results of evaluation of the frictional heat resistance of PEO coatings during the
tests of the samples using the “ring–ring” end friction scheme are presented in Figure 7.
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From the graphic dependences (Figure 7) of temperature changes in the friction zone
on the duration of the tests, the temperature in the contact zone of the samples with the PEO
coating stabilizes approximately 9–10 min after the start of the tests, reaches values from
192 to 197 ◦C, and practically does not change during further wear oxide coating (30 min).
During testing of samples made of 40ChN steel, a higher temperature was established
in the contact zone, which reached rather high values from 345 to 362 ◦C, in a less short
period of time from 4 min to 6 min after the start of the tests. This attests to the high
heat-shielding properties of the oxide ceramic coating and is consistent with the results of
research by Curran J. et al. [88], where a low coefficient of thermal conductivity of PEO
coatings is indicated, the value of which is from 0.5 to 1.5 W·m−1·K−1. Oxides in the
composition of the ceramic coating formed by PEO provide high heat-shielding properties
of the composition and protection of the base made of aluminum deformed alloy D16T
from temperature effects and wear.

Further research is planned to study the effect of heating on the occurrence of thermal
stresses in PEO ceramic coatings.

4. Conclusions

As a result of studies of the PEO technological process PEO in the flowing electrolyte
of aluminum deformed alloy D16T:

• A mathematical model of the PEO process was built, based on which it was estab-
lished that the optimal values of the technological parameters to ensure obtaining
the maximum microhardness and minimal wear practically coincide, and, for cone-
likeness, they do not coincide either with the optimal technological parameters for
microhardness and wear or with each other;

• It was established that, in order to ensure high operational performance of parts
with an oxide coating, optimization should be carried out according to minimum
wear, which is achieved with the following values of the optimal technological pa-
rameters of the PEO process: mass ratio of concentrations of electrolyte components
C = 4.98; current density i = 6.61 A/dm2; electrolyte flow rate in the electrochemical cell
v = 103.96 cm/s; temperature of the electrolyte T = 53.59 ◦C; and necessary cone-
likeness of the surface of the aluminum part should be obtained during further ma-
chining operations;

• Vertical mounting of cylindrical parts in the electrochemical cell is justified in order to
eliminate the cone-likeness in the PEO process that arose during the previous opera-
tions of mechanical processing of the workpiece; for shafts, the minimum diameter
of the surface on which the oxide coating is formed is from below, and, for bushings,
respectively, from below, the maximum internal diameter to increase the accuracy of
parts with oxide coatings since during formation of the oxide coating there is a maxi-
mum increase in diameter for external surfaces and a decrease for internal surfaces
from bottom to top;

• The results of the SEM analysis of the microstructure of the oxide ceramic coating
indicate the presence in the composition of oxides formed from the chemical elements
of the alloy material and electrolyte components, the presence of pores, as well as the
absence of through cracks;

• Research results showed high friction heat resistance of the oxide ceramic coating,
which provides protection of aluminum alloy parts during dry friction, while the
temperature stabilization time in the friction zone for a pair of samples with an oxide
ceramic coating on the D16T alloy is twice as long as for a pair of samples with
steel 40ChN.
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Abstract: In this work, composites based on AA5049 aluminium alloy reinforced with multiwalled
carbon nanotubes (CNTs) and multiwalled TiC-coated CNTs were prepared by powder metallurgy.
For the first time, the effect of TiC coating on the CNT surface on the flow stress of aluminum
matrix composites under compressive conditions at 300–500 ◦C has been investigated. It was
found that composites reinforced with TiC-coated CNTs have a higher flow stress during high-
temperature deformation compared to composites reinforced with uncoated CNTs. Moreover, with
an increasing temperature in the 300–500 ◦C range, the strengthening effect increases from 14% to
37%. Compared to the reference sample of the matrix material without reinforcing particles, obtained
by the same technological route, the composites reinforced with CNTs and CNT-hybrid structures
had a 1.8–2.9 times higher flow stress during high-temperature deformation. The presented results
show that the modification of the CNTs surface with ceramic nanoparticles is a promising structure
design strategy that improves the heat resistance of aluminum matrix composites. This extends the
potential range of application of aluminum matrix composites as a structural material for operation
at elevated temperatures.

Keywords: carbon nanotubes; TiC coating; hot deformation; aluminum matrix composite; compression;
properties; flow stress

1. Introduction

The modern industry needs lightweight yet tenacious materials. Aluminum alloys
have met these requirements for many years. However, despite the economic availability of
these materials, the limiting factor for their use is often their low strength at elevated tem-
peratures. Typically, the operating temperature limit for aluminum alloys does not exceed
200–300 ◦C [1]. It is possible to increase the operating temperature range of aluminum alloys
by creating particulate-reinforced composites on their basis by controlling the properties
by selecting the type, size and shape of reinforcing particles. Liquid-phase or solid-phase
methods [2–4] for creating bulk composites, as well as various methods of depositing
coatings and surface modification [5–10], can be used for this purpose. Great progress in
this direction has been achieved in the production of so-called sintered aluminum powders
(SAP’s) [1,11–14], which are, in fact aluminum matrix composites reinforced with Al2O3
particles. These materials exhibit relatively high strength properties even at ~0.85 Tm of
the matrix alloy. For example, in the study [1], the in situ formation of an Al2O3 shell on
an aluminum surface provided the preservation of the strength of a material in the range
of 140 to 120 MPa at 0.66–0.88 Tm (350–520 ◦C). In [14], it was shown that the addition of
1.5 wt.% Al2O3 facilitates the measurement of the compression strength of the Al7075 alloy
at the level of 260–125 MPa at 0.61–0.82 Tm (300–500 ◦C).

One of the promising types of reinforcing particles, due to their unique physical
and mechanical properties, are carbon nanotubes (CNTs). The Young moduli of CNTs,
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depending on their chirality, number of walls, diameter and defectiveness of their structure,
can reach from ~1 to 4 TPa [15–19], and the axial tensile strength is 63–110 GPa [18,19].
Despite this, the effective utilization of the load-bearing potential of CNTs in aluminum
matrix composites at high temperature is hindered by their tendency to react chemically
with the matrix aluminum alloy. This leads to the in situ formation of the Al4C3 phase,
compromising the structural integrity of CNTs. For example, in [20], it was shown for the
2009 Al alloy composite reinforced with 1.5 vol.% CNTs that, after increasing temperature
from 20 to 300 ◦C, the yield strength increment decreases from ~100 to ~30 MPa, and in
the case of 4.5 vol.% CNTs, a decrease in the yield strength of the composite material at
300 ◦C was noted even in comparison with the matrix material without reinforcement. It
should be noted that this is also characteristic of aluminum matrix composites reinforced
with carbon microfibers. For instance, paper [21] reports that AA7075 alloy reinforced
with 15 vol.% carbon fibers with an average diameter of 10 µm shows a 5-fold decrease in
compressive flow stress from 750 MPa to 150 MPa at an increasing temperature from 25 ◦C
to 300 ◦C. A more recent work [22] shows an increase in the strengthening effect when the
CNTs volume fraction increases from 2.5 to 5 vol.%, which can be explained by a rather
homogeneous distribution of nanotubes in the aluminum matrix. At the same time, the
strengthening effect at 200 ◦C was greater than at 400 ◦C. The authors attributed this to the
higher recrystallization resistance of the composite compared to the matrix material. The
reduction of the strengthening effect with increasing test temperature from 200 ◦C to 400 ◦C
is attributed to the fact that, at this temperature, the CNTs could no longer so effectively
prevent grain boundary movement.

Considering the above, it seems promising to use CNT-hybrid nanostructures with
ex situ modified CNTs as reinforcing additives. Such a modified surface of CNTs will
contribute to the formation of an interfacial layer at the Al–CNT interface [23–28]. The
presence of an ex situ interfacial layer, for example, TiC carbide ceramics, on the surface of
CNTs should improve the interfacial interaction by increasing adhesion [29,30] and also
prevent unwanted chemical reactions with the matrix leading to the structural degradation
of CNTs [31].

The purpose of this work is to investigate the effect of TiC coating on the surface of
CNTs on increasing the flow stress at high temperature of aluminum matrix composites.

2. Materials and Methods

The initial multiwall CNTs were synthesized by the MOCVD method with ferrocene
and toluene used as precursors under argon flow in a tubular reactor equipped with
a tubular furnace at 825 ◦C, as described in detail elsewhere [32]. The deposition of
titanium carbide nanoparticles on the surface of CNTs was performed by the thermal
decomposition of titanocene dichloride vapors according to the procedure described in
detail earlier [33].

The initial matrix material was in the state of granules of aluminum alloy AA5049 1–2
mm in size. The elemental composition of the granules measured using an ARL ADVANT’X
(Thermo Scientific) sequential X-ray fluorescence spectrometer was as follows (wt.%): Al
96.11; Mg 2.42; Mn 0.55; Fe 0.26; Si 0.37; Zn up to 0.1; Ti up to 0.1; Cu to 0.1.

Granules of aluminum alloy with reinforcing additives (named as CNT or TiC/CNT
for simplicity hereafter) were mixed by high-energy ball milling (HEBM) using a PUL-
VERISETTE 6 planetary mill (Fritsch, Idar-Oberstein, Germany). For this purpose, alu-
minum alloy granules, reinforcing particles (CNT or TiC/CNT, 1 wt.%), and a process
control agent (stearic acid, 0.8 wt.%) were placed in a 250 mL stainless steel vessel in which
grinding balls of hardened steel 100 × 6 with a diameter of 8 mm were also added. The
ball-to-powder weight ratio was 15:1. The processing speed and time were 600 rpm and 6 h,
respectively. Thus, composite powders named A_CNT or A_TiC/CNT for simplicity here-
after and a reference sample of matrix alloy powder without reinforcing particles named
A_m were obtained. The milled composite powders were hot-pressed in a special heated
steel die at 450 ◦C and 350 MPa to obtain compacts with a diameter of 17 mm and a height
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of 12 mm. The consolidation modes were adopted, considering the recommendations
of [34].

The surface morphology of the initial CNTs, TiC-coated CNTs and synthesized com-
posite powders were studied using a Zeiss 55 Ultra scanning electron microscope (Carl
Zeiss AG, Jena, Germany). The particle size analysis of the powders was carried out with
a Microsizer 201C laser analyzer (Moscow, Russia).

The phase composition of CNTs, CNT-hybrid structures, composite powders and bulk
samples was studied with the XRD method using a D8 ADVANCE (BRUKER, Bremen,
Germany) with Cu Kα radiation (λ = 1.5148 Å, 40 kV and 40 mA) and linear detection
at angles of 25–85◦. The crystallite size was calculated from XRD data using the Scherer
relation for the main diffraction peak of aluminum (111). The instrumental broadening was
determined using a standard α-Al2O3 sample.

The bulk samples were investigated by Raman spectroscopy Integra Spectra (NT-MDT,
Moscow, Russia) at 473 nm with no more than 50 mW. The Raman spectra were measured
at more than 10 different points on each sample.

The surface porosity was determined on metallographic sections using an Altami Met
1-C optical microscope (Moscow, Russia). The quantitative analysis of surface porosity was
performed using ImageJ software. At least 10 images were studied (the surface area was
~3.5 mm2).

Compression tests at elevated temperatures were performed on a universal testing
machine WDW-100E (Time Group Inc., Beijing, China) in a special thermal cell at temper-
atures of 300, 400 and 500 ◦C and a compression rate of 0.1 s−1. Cylindrical samples for
compression testing at elevated temperatures with a diameter of 6 mm and a height of
12 mm were obtained by electroerosive cutting on a Mitsubishi BA8 machine. Graphite was
used to reduce friction on the end surfaces of the specimens. The choice of the lower bound-
ary of the test temperature interval corresponds to the limiting operating temperature of
aluminum alloys. The upper boundary of the range is the limit in most of the published
investigations. The compression rate was taken for the possibility of comparing the data of
this work with those published in other sources as one of the most frequently used.

The results of calculating the volume fraction of reinforcing nanostructures using the
model given in [27] show that the volume fraction of the reinforcement in CNT-reinforced
composite was 1.2 vol.%, and in TiC/CNT-reinforced composites, it was 0.65 vol.%.

3. Results and Discussion

The results of the characterization of the structural-phase composition of reinforcing
nanoparticles of both types used in this study using scanning electron microscopy and
X-ray diffractometry are shown in Figure 1.

The SEM images show that the initial CNTs have a diameter of ~60–100 nm and
a length of a few micrometers (see Figure 1a). After TiC coating, the CNTs diameter
increases to ~160–180 nm (see Figure 1b). The carbide coating on the CNTs’ surface has
a relatively smooth and continuous morphology. Figure 1b,d shows the XRD results of
initial CNT and TiC/CNT. The initial CNTs are characterized by the presence of (002), (100),
(101), and (004) carbon lines. The TiC/CNT structures contain, similarly to the original
CNT, a carbon phase and fcc-TiC, for which (111), (200), (220), and (311) peaks are clearly
recorded. Thus, the data presented show that, during MOCVD treatment, a TiC coating is
formed on the surface of the initial CNT.

Typical SEM images of the morphology of powders obtained by the HEBM method
are shown in Figure 2. The synthesized powders are characterized by a rounded shape.
The average particle size was 50–60 µm. The results of the particle size analysis of the
synthesized powders are shown in Figure 2d. Combined analysis of the SEM images and
particle size data shows that the reinforcing particles contribute to a slightly more intense
refinement of the matrix alloy particles. For example, the average particle size of the matrix
powder without reinforcing particles was 60.5 µm. The particle size of composite powder
reinforced with 1 wt.% CNT and TiC/CNT was 51.3 and 54.8 µm, respectively. Therefore,
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it can be concluded that the average particle size of the composite powder decreases with
the increasing volume fraction of reinforcing nanostructures.
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Figure 2. SEM images of matrix alloy powders after HEBM (a), CNT-reinforced composite (b) and
TiC/CNT-reinforced composite (c), and particle size analysis of these powders (d).

The XRD results of the powder materials and bulk samples are shown in Figure 3. The
data obtained for the powder and bulk samples are qualitatively similar. They clearly show
(111), (200), (220), (311) and (222) aluminum peaks. At the same time, no diffraction peaks
of the reinforcing phases were observed. In general, this is typical for aluminum alloys re-
inforced with carbon nanostructures even at higher concentrations of reinforcing additives.
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Figure 3. XRD data of powder materials (a), bulk samples (b) and Raman spectroscopy results of
bulk samples (c).

In addition, it can be noted that the FWHM for bulk samples decreases compared to
powder samples. This indicates an increase in crystallite size during isothermal holding
during consolidation. For composite samples A_CNT and A_TiC/CNT containing rein-
forcing nanostructures, a smaller increase of crystallite size was observed in comparison to
A_m without reinforcing additives. This may indicate the anchoring of grain boundaries in
the composite materials due to reinforcing nanoparticles. Moreover, A_TiC/CNT samples
are characterized by a smaller crystallite size both after ball milling and after consolidation,
as compared to A_CNT samples. This may be due to the better distribution of CNT-hybrid
nanostructures during ball milling because of their lower volume fraction. Since the XRD
data do not contain information on the reinforcing particles and ceramic coating, the Raman
spectroscopy of bulk samples was performed (see Figure 3c). The Raman spectroscopy of
bulk A_TiC/CNT composites shows the presence of D- and G-lines at ~1350 cm−1 and
~1600 cm−1 belonging to CNT. In addition, lines at 439 cm−1 and 606 cm−1 belonging to the
TiC-coating are identified. At the same time, the Al4C3 lines are absent. At the same time,
the Al4C3 lines at ~490 cm−1 and ~855 cm−1 are clearly detected for the A_CNT composites
in addition to the D- and G-lines. This shows that the presence of the TiC coating on the
CNT surface prevents the formation of in situ Al4C3 and acts as a barrier interphase layer
between the matrix alloy and CNT.

Figure 4 shows the optical microscopy microstructure of the bulk samples and the
surface porosity data. A comparative analysis of the microimages shows that all the bulk
samples have low residual porosity (see Figure 4d). This could be an indication that the
consolidation mode was chosen correctly.
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Figure 4. Optical images of the microstructure of bulk samples of matrix material (a), CNT-reinforced
composite (b), TiC/CNT-reinforced composite (c) and surface porosity data of these samples (d).

Figure 5 shows the engineering curves for compression tests on bulk specimens at
300–500 ◦C. The flow stress curves are characterized by the presence of sections corre-
sponding to the processes of the strengthening and softening in the deformed material. At
300–400 ◦C for all the materials tested at the initial stage, the strengthening processes are
dominant, which is expressed in the presence of a “hill”. This is due to the necessity of en-
ergy accumulation for the realization of thermally activated softening mechanisms. In this
case, at 500 ◦C, strengthening and softening processes are balanced. This is due to the higher
mobility of the boundaries at this temperature, which contributes to more intensive nucle-
ation and growth of dynamically recrystallized grains as well as more intensive destruction
of dislocations. The increased flow stress of composites as compared to the reference
matrix material sample is explained, on the one hand, by the inherent submicron structure
formed at the HEBM stage and retained during consolidation and, on the other hand, by
the presence of reinforcing nanoparticles on the matrix alloy grain boundaries, preventing
both the dislocation motion and the boundaries themselves during recrystallization.
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As expected, an increase in temperature led to a decrease in the flow stress of the
bulk samples. For example, an increase in temperature from 300 to 500 ◦C resulted in
a decrease of flow stress from 300 to 86 MPa and from 350 to 137 MPa for A_CNT and
A_TiC/CNT, respectively. This clearly demonstrates the positive effect of TiC coating on
the CNTs surface on the increase of flow stress during the high-temperature deformation
of aluminum matrix composites. Besides, composites reinforced with both TiC/CNT and
CNT showed greater flow stress during high-temperature deformation compared to the
reference sample A_m of the matrix material obtained by the same process route. Thus,
CNT-reinforced composites have on average 1.8–2.5 times higher flow stress at the specified
temperatures compared to A_m. Moreover, with increasing temperature, the strengthening
effect for A_m CNT decreased. This is consistent with the data reported in [22]. In contrast,
the strengthening effect for A_TiC/CNT was constant over the temperature range in
question and the TiC/CNT-reinforced composites had 2.9 times higher flow stress than
the A_m reference sample. This is due to the fact that in situ Al4C3 formation occurs
in CNT-reinforced composites, which compromises the structural integrity of CNTs and
reduces their bearing capacity. The TiC barrier coating inhibits this reaction, which leads
to a more efficient use of the CNT’s load-bearing potential. Considering this, it can be
assumed that A_TiC/CNT can also operate at temperatures higher than 500 ◦C. However,
this requires further investigations.

To correlate the obtained results with the published data on aluminum alloys and
aluminum matrix composites reinforced with other types of micro- and nanoparticles,
summary graphs (see Figure 6) of the change in flow stress depending on temperature at
a deformation rate of 0.1 s−1 are presented.
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300–500 ◦C and strain rate 0.1 s−1.

Figure 6a shows that, for the aluminum alloy systems considered, the flow stress at
300 ◦C ranges from ~100 to ~200 MPa [35–39]. The highest values correspond to Al-Li
alloys [35,36]. An increase in temperature up to 500 ◦C significantly reduces the above
parameter, while reducing its range of variation to ~20 to 55 MPa. This is likely to make it
impossible to operate products made from these materials under these conditions. However,
AA2060 still appears preferable to alloys of other systems. A slightly different picture was
obtained with aluminum alloy composites (see Figure 6b). The addition of 15 vol.% carbon
fibers, as mentioned above, provides a flow stress value of 150 MPa at 300 ◦C, which is
five times lower than the flow stress at a normal temperature [21]. This severe drop in
strength properties is attributed by the authors to a weak interfacial interaction at elevated
temperatures. This leads to a change in the composite fracture mechanism from fiber
delamination to fracture at the interface. Approximately the same ~150 MPa value of flow
stress was demonstrated by a composite based on the Al7075 alloy reinforced with 1.7 vol.%
TiC particles of 50 nm average size [30]. A further increase in the test temperature to 400 ◦C
led to a 2-fold decrease in flow stress to ~75 MPa. According to the authors, this was due to
the slippage of the spherical nanoparticles with respect to the grain boundaries under load.
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Paper [14] reported that the use of 1.5 wt.% Al2O3 particles with an average size of 20 nm
to reinforce the alloy Al7075 provides softening reduction with increasing temperature. So,
if at 300 ◦C, the flow stress was ~260 MPa, which is 13% lower than for A_CNT obtained
in this work, then at 400 ◦C the difference does not exceed 5%. At 500 ◦C, the flow stress
of the Al7075-based composite reinforced with 1.5 wt.% Al2O3 nanoparticles was already
~125 MPa, which is 30% higher than that of A_CNT. Data on the effect of SiC microparticle
size on the heat resistance of Al7075 alloy are given in [37]. The authors show that increasing
the average size of SiC microparticles from 5 to 63 µm at 15 vol.% reinforcement led to an
increase in the flow stress of the composite material. For example, at 500 ◦C, the strain
strength was 45 MPa and 140 MPa for 5 and 63 µm SiC-reinforced composites, respectively.
The authors attribute this effect to the expansion of the Al–SiC interface and a change in
the composite fracture mechanism from an adhesive one (along the matrix-reinforcing
particle interface) to a transgranular one, in which cracks propagate through the reinforcing
particles. The A_TiC/CNT composite material obtained in this work has approximately
the same properties as the Al7075-alloy-based composite reinforced with 15 vol.% SiC
with an average size of 63 µm. However, the reinforcement volume fraction in the case of
A_TiC/CNT is ~23 times lower than that of the Al7075-based composite.

Thus, the presented results show that the surface modification of CNTs with nanopar-
ticles, such as TiC, is a promising structure design strategy to increase the heat resistance of
aluminum matrix composites.

4. Conclusions

Two types of bulk composites based on aluminum alloy reinforced with 1 wt.% of CNTs
and 1 wt.% of TiC-coated CNTs were produced by powder metallurgy. Compression tests
on these three bulk composites at 300–500 ◦C and a strain rate of 0.1 s−1 were performed. It
was found that the composites obtained have 1.8–2.9 times higher flow stress at the above
temperatures than a reference sample of matrix material without reinforcing particles,
obtained by the same technological route. CNT-reinforced composites with TiC coating
exhibited better properties than CNT-reinforced composites. For example, the presence of
a TiC coating on the CNTs surface resulted in a 14–37% increase in the high-temperature
flow stress at 300–500 ◦C compared with CNT-reinforced composites.

The results show that the use of TiC-coated CNTs as reinforcing particles expands
the potential range of application of aluminum matrix composites as a structural material
for operation at elevated temperatures. The surface modification of CNTs with ceramic
nanoparticles is a promising structure design strategy to enhance the heat resistance of
aluminum matrix composites.
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Abstract: This study analyses the distribution of stress during the testing of glued cylindrical speci-
mens with thermally sprayed MgAl2O4, Al2O3 oxide coatings in order to evaluate the tensile adhesion
strength. The set of studies that make up this work were conducted in order to evaluate the influence
of the geometric parameters of cylindrical test specimens, 25 mm in diameter by 16–38.1 mm in
height, on the measured tensile adhesion strength of the specimens. The stress and strain states inside
the coating and at the coating-substrate interface were determined using the finite element modelling
method. The debonding mechanisms, failure mode and influence of the coating microstructure
on bond strength are also discussed. The finite element stress analysis shows a significant level of
non-uniform stress distribution in the test specimens. The analysis of the results of the modelling
stresses and strains using the finite element method for six types of cylindrical specimens, as well as
the values obtained for the adhesion testing of MgAl2O4, Al2O3 coatings, show a need to increase the
height of the standard cylindrical specimen (according to ASTM C633-13 (2021), GOST 9.304-87). The
height should be increased by no less than 1.5–2.0 times to reduce the level of a non-uniform stress
distribution in the separation area.

Keywords: tensile adhesion strength; plasma spray coating; MgAl2O4; Al2O3; FEA

1. Introduction

Thermally sprayed coatings of MgAl2O4, Al2O3 are commonly used as a protective layer
for parts that require strong insulating properties (ρ = 10−14−10−15 Ohm cm, T = 20 ◦C) under
the conditions of high temperature, vacuums and radiation. Magnesium aluminate spinel
compositions using aluminium oxide MgAl2O4 + 30%Al2O3, MgAl2O4 + 50%Al2O3, with a
coating thickness of between 0.35 and 0.50 mm, offers satisfactory electrical insulation via
high intensity neutron and gamma fluxes in vacuum, at temperatures ranging between 20
and 700 ◦C. The MgAl2O4, Al2O3 coatings are widely used as an electrical insulation layer
for high-voltage electrical devices, channels and parts of magnetohydrodynamic (MHD)
generators, sensors, the pads of reactors and International Thermonuclear Experimental
Reactor (ITER) blanket modules. These types of coatings are predominantly deposited
using atmospheric plasma spraying (APS) [1–3]. The performance of oxide ceramics that
are applied to reactor facilities will be determined not only by a significant difference in the
thermal expansion coefficients of the substrate and the coating material, but also by phase
transformations at high temperatures and through exposure to radiation [4,5]. Compared
to aluminium oxide, the cubic crystal lattice of spinel provides greater stability at high
fluxes of gamma-neutron irradiation at high temperatures.

The problem of estimating the degree of a non-uniform stress-strain state at the
interfacial debonding region of coating and over the thickness has practical applications
that will allow us to better interpret the results and optimise the geometry parameters of
standard cylindrical specimens, according to the international standards EN ISO 14916:2017,
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ASTM C633-13 (2021) and GOST 9.304-87, JIS H 8666:1994 [6–9]. In practical terms, the
standards and methods used to estimate the bond strength of thermal spray coatings are
reduced to two main approaches for assessing cylindrical and conical specimens under
tensile loads (uniaxial stress state). Most methods used to estimate the adhesion strength
of a coating to a substrate can also be divided into two main groups; namely, qualitative
testing methods and quantitative testing methods [10–15].

The tensile adhesion strength of thermal spray coatings will depend on different
mechanical characteristics, including crack resistance (fracture toughness), Young’s mod-
ule, microhardness/hardness, compressive and tensile strength, types of residual stresses
(quenching, peening, compressive [16,17]), differences in the coefficients of thermal ex-
pansion between the coating and the substrate as well as other features [10,11,18–20].
Parameters such as the roughness of the substrate after grit blasting, coating thickness, the
composition of the coating, the tendency of the substrate/coating system to form chemical
bonds and spraying methods (APS, HVOF, suspension-HVOF, DGS, LPCS [21–23], etc.) are
critically important in terms of the adhesion strength. As such, there is no straightforward
method for determining the adhesion strength of the part if it is operating under a complex
stress state [24–27].

Meanwhile, test data obtained using different methods are often difficult to compare
and are therefore rarely used for analytical description. There are some basic disadvantages
that make it unfeasible to apply standard tensile strength test methods to a cylindrical
specimen for high strength thermally sprayed ceramic coatings (bond strength more than
100 MPa). These are, firstly, the insufficient adhesive strength of glue at room and high
temperatures, and secondly, the penetration of the adhesive to the substrate when the
coatings are thin.

In cases where it impossible to perform the glue test, it is possible to apply an alter-
native pin method (Figure 1). However, this also has some drawbacks due to the lack of
precise interpretation of the data due to the small diameter of the conical pin separation area
(dpin = 2–2.5 mm) and the incomplete separation of the brittle and highly porous coating.
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Figure 1. A conical pin specimen and self-aligned test fixture for tensile adhesion test: (1) Conical pin;
(2) Matrix; (3) Centring screw; (4) Coating; (5) Equipment for tensile testing machine: F—ultimate
tensile force.

The application of a tensile adhesion test to a conical pin specimen may eliminate the
influence of friction forces between the pin and the mating conical pair matrix (Figure 1).
The end surfaces of the assembled pair must be carefully grounded before grit blasting
and thermal spraying, and the absence of glue then makes it possible to investigate the
adhesive strength of the thermally sprayed coatings at high temperatures.
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Comparative studies [10,14,24,28] show a significant impact on stress distribution at the
bonding interface of the main geometric parameters based on the ratio of height (length)—hspec
to depth of the threaded closed hole—hthr.holl and the nominal diameter—dspec of a cylindrical
specimen. The studies focus on investigating the influence of specimen height on tensile
adhesion strength for both standard and elongated glued specimens with thermal spray
coatings assumed by ASTM C633-13 (2021), GOST 9.304-87. The effect of various specimen
heights on the tensile adhesion test results and the interface stress distribution at the
debonding area will be presented and discussed in the following sections.

2. Experimental Procedures
2.1. Plasma Spraying Conditions

Magnesium aluminum spinel (magnesium aluminate) and aluminium oxide powders
(MgAl2O4 GTV 40.70.1, GTV GmbH, Luckenbach, Westerwald, Germany, particle size
20−45 µm; Al2O3 Amperit 740.001, H.C. Starck, particle size 22−45 µm) were deposited
onto austenitic stainless steel 316L(N)-IG substrates using atmospheric plasma spraying,
through the YPY-8M (JSC “Electromekhanika”, Rzhev, Tver region, Russia [29]) technique,
with a mounted low-capacity plasma torch. The spraying parameters for two types of
oxide coatings and bond coatings are listed in Table 1. Argon-nitrogen was used as plasma-
forming mixture, and the constant flow rates are also listed in Table 1. The standard
plasma spray conditions of the oxide coating, such as MgAl2O4, Al2O3, are described in
various articles [22,24,30,31]. Each set of specimens was deposited by specially designed
equipment to set specimens at the same spray distance (Table 1). The spraying of ceramic
electrically insulating MgAl2O4, Al2O3 oxide coatings on an austenitic steel substrate of
a 316L(N)-IG alloy, standard EN 10088-1:2005 was performed using atmospheric plasma
spraying equipment by feeding powdered material into the column of the compressed arc
discharge (the anode spot of plasma torch between cathode and anode).

Table 1. Plasma spraying operating parameters.

Parameters MgAl2O4, Coating Al2O3, Coating NiAl, Bond Coat

Current (A) × voltage [V] = power [kW] 330 × 50 = 16.50 320 × 50 = 16.00 330 × 48 = 15.84

Spray distance, [mm] 105 90

Feed powder, [g/min] 15–18 30

Velocity of travel plasma torch, [s/min] 2800 1600

Carrier gas type and flow rates, [L/min] Ar: 25–30; N2: 2.0–2.4 Ar: 20–25; N2: 1.5–2.0

Transporting gas type and flow rate, [L/min] Ar: 2.5−3.0

Number of passes 9–10 1–2

For testing purposes, the coatings were deposited onto six cylindrical specimen types
(dspec = 25/25.4 mm in diameter; 3 standard and 3 elongated—heights hspec = 28–38.1 mm) by
thickness hc from 0.4 to 0.5 mm with a bond coating of NiAl (powder: Metco 40NS, Oerlicon
Metco, Wohlen, Switzerland, particle size 45−90 µm) (Figure 2). In order to isolate the
uncoated surfaces of a cylindrical specimen from a stream of spray particles, a protective
mask was applied. The first and third types of cylindrical specimen were manufactured in
accordance with the standards ASTM C633-13 (2021), GOST 9.304-87, (Figure 2).
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Figure 2. Six types of cylindrical specimens used to evaluate the bond strength of the thermal
spray coating.

The geometry of the second type of specimen (Figure 2) was altered to improve the
ability of the process to remove the adhesive (glue) surge after curing and to save the
possibility of further centring the specimen in the precision bushings (Figure 3). The design

192



Ceramics 2022, 5

of the elongated specimen was changed in accordance with the ratio of the specimen’s
height hspec to depth of the threaded closed hole hthr.holl using the following equation:

α =
hthr.holl
hspec

= 0.4 (1)

The coefficient ratio of the specimen heights α = 0.4 was chosen based on the results of
similar studies [14].
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Figure 3. The geometry of a cylindrical specimen (type 2) assembled by tensile force F = 14,000 N:
(1) Specimen with coating; (2) Epoxy; (3) Specimen without coating; (4,5) Equipment for tensile
testing machine; (6) Bushing.

Before the substrates were coat-sprayed, they were grit-blasted with 1 mm alumina
grit at an air pressure of up to 4–5 kg/cm2. The mean roughness of the substrate was
approximately Rz 45 ± 5 µm.

2.2. Finite Element Analysis, Boundary Conditions

Considerable research has been performed to investigate the stress-strain distribution
in oxide coating and substrate interface to develop six finite element models using the
ANSYS R16.2 programme, (Ansys Inc., Canonsburg, PA, USA). The axisymmetric models
included two identical cylindrical halves, bonded together with a ceramic coating.

In order to facilitate calculations, the adhesive layer (glue) was excluded from the
models, and the primary objective of this study was to estimate the level of uniformity
in the interface stress distribution. It was therefore possible to simplify the finite element
models of the specimens.

The following boundary conditions and assumptions were made for the finite-element
models:

• The contact between the substrate and coating was assumed as a rigid connection with
a restriction on all degrees of freedom

193



Ceramics 2022, 5

• Axial symmetry was provided by a cyclic region in the form of a 1/4 model by impos-
ing boundary conditions to the symmetry regions along the XOY and YOZ planes

• The material of the substrate and oxide coating possessed only elastic strain.

The finite element grid near the coating-substrate interface was more refined than in
other areas of the model—approximately 0.1 mm (Figure 4). The results of a finite element
analysis (FEA) of the models were compared with each other and with the results of the bond
strength tests. The finite element models were loaded with a tensile load of F = 14,000 N to
the threaded hole, as shown in Figure 4. The mechanical properties of the Al2O3 coating and
substrate were taken from the material library of the ANSYS R16.2 programme.
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Figure 4. The axisymmetric finite element model for the standard specimen (type 1): (a) the finite
element of two identical cylindrical halves bonded together with ceramic coating, GOST 9.304-87;
(b) the 3-D finite element model grid.

Previous tests [31–33] revealed very similar mechanical and physical properties for
the MgAl2O4, Al2O3 oxide coatings, which made it possible to perform FEA only for the
Al2O3 coating.

2.3. Tensile Adhesion Strength Testing

In this investigation, the test method of estimation tensile adhesion strength was based
on the ASTM C633-13 (2021), GOST 9.304-87 [6,9] standards. Six specimens (standard and
elongated) were bonded to the same uncoated specimens (counterparts) using a single-part
epoxy resin Permobond ES 550 (maximum tensile strength σten = 60 ± 3 GPa, maximum
shear strength τsh = 41 ± 2 GPa by T = 20 ◦C). The alignment of the specimens was provided
by centring bushings. The coatings produced were compared in terms of phase composition
and microstructure, and the bond strength was also analysed at a temperature of T = 20 ◦C.

After thermal curing and cooling, the specimens were loaded with axial breaking force
until debonding occurred at a traverse speed of 0.5 mm/min in the IR5143-200-11 tensile
testing machine (JSC “Tochpribor”, Ivanovo, Russia [34]). The tensile adhesion strength of
σten was calculated as the ratio between ultimate tensile force F divided by cross-sectional
area A (A = 491 mm2 for all testing results). Three identical tests were performed under the
same conditions for each type of cylindrical specimen, using the MgAl2O4, Al2O3 plasma
spray coating.
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3. Results and Discussion
3.1. Results of Tensile Bond Strength of Standard and Elongated Specimens

Verification of the FEA data was performed by comparing them with the summary
results of the tensile adhesion testing. The bond strengths of the APS ceramic coatings–-
MgAl2O4, Al2O3 for both standard and elongated specimens—are shown in Table 2. Before
testing the tensile strength of the coating thickness, the hc and roughness Ra were estimated
(Table 2). In the present investigation, the adhesive failure mode occurred at the bond
coating-substrate interface [30] for all of the tensile tests of the MgAl2O4, Al2O3 coatings,
without the visible penetration of epoxy resin into the coating-substrate interface. The
trend of decreased adhesion strength for elongated specimens correlated well with the
FEA results.

Table 2. Summary results of tensile bond strength measurements for APS—MgAl2O4, Al2O3 and
finite element surface stresses on standard and elongated specimens.

Type of
Specimen/Test Method

Type of
Coating

Thickness
hc [µm]

Roughness Ra
[µm]

Tensile Bond
Strength

σten±δ [MPa]

Relative
Error of
Tensile
Bond

Strength [%]

Finite Element
Average

Equivalent
Stress σeq

[MPa]

β

Type 1, standard/GOST
9.304-87 [9]

Al2O3_APS 420 ± 35 38 ± 10 30.1 ± 1.6 5 60 6.7

MgAl2O4_APS 406 ± 27 33 ± 6 28.8 ± 1.9 7 - -

Type 4, elongated/GOST
9.304-87 [9]

Al2O3_APS 484 ± 21 29 ± 4 25.0 ± 2.6 10 45 1.4

MgAl2O4_APS 446 ± 45 48 ± 5 22.0 ± 4.3 19 - -

Type 2, modified/an
in-house test method

Al2O3_APS 424 ± 38 33 ± 8 23.2 ± 3.2 14 45 3.1

MgAl2O4_APS 484 ± 18 31 ± 4 26.4 ± 1.6 6 - -

Type 5, elongated/an
in-house test method

Al2O3_APS 426 ± 36 31 ± 6 19.4 ± 0.5 2 44 1.8

MgAl2O4_APS 440 ± 29 30 ± 2 20.8 ± 2.0 10 - -

Type 3, standard/ASTM
C633-13 (2021) [6]

Al2O3_APS 460 ± 32 37 ± 8 27.8 ± 0.6 2 43 4.9

MgAl2O4_APS 430 ± 30 38 ± 4 25.1 ± 3.2 13 - -

Type 6, elongated/ASTM
C633-13 (2021) [6]

Al2O3_APS 472 ± 12 33 ± 3 20.7 ± 1.7 8 44 1.7

MgAl2O4_APS 450 ± 31 37 ± 3 18.4 ± 1.5 8 - -

The results of the tensile adhesion strength tests showed a low level of bond strength
for applied APS technology for MgAl2O4, Al2O3 coatings [3,10,22,24]. This may be related
to the spraying equipment used, the construction of the plasma torch, the residual stress
distribution, the fatigue crack propagation, the pore size and distribution [35], or the rate
of particle velocity and temperature.

The high level of stress discontinuity at the coating-substrate interface might help
explain the increased value of the adhesion strength (Table 2). As the surface morphology
images in Figure 5 show, the low level of bond strength conforms well to the results of
the metallographic analysis of the scanning electron microscope (SEM) images of the cross
sections and surface morphologies of the coatings (large, moulded agglomerates, a large
number of pores and other defects).

3.2. Assessment of Stress Distribution during Tensile Testing

The equivalent stress distribution and total strain showed in the three standard
and three elongated specimens are shown in Figures 6–8. A calculation of the stress
distribution at the interface of three standard specimens showed a high level of non-
uniformity over the debonding area. For example, the maximum value of equivalent
stress came at the outer edge of the ASTM C633-13 (2021) standard specimen (type 3,
Figure 2)—σmax

eq = 71.5 MPa and the minimum value occurs at the centre—σmin
eq = 14.5 MPa

(Figure 8). The international standards procedure assumes that the stress is uniform based
on testing a cylindrical specimen. The most uneven distribution of the equivalent stress
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was found at the interface of the GOST 9.304-87 standard specimen (type 1, Figure 2)—the
maximum σmax

eq = 59.6 MPa occurs between the centre and the outer edge of the specimen,
while the minimum σmin

eq = 9 MPa occurs at the centre of the specimen (Figure 6). The
maximum value of the equivalent stress can therefore be taken as the average equivalent of
the interface for the standard specimen type 1—σmax

eq = σeq.
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The average equivalent stress σeq = 43 MPa (Figure 8) showed by FEA is 155% higher
than the average tensile adhesion strength σten = 27.8 ± 0.6 MPa for Al2O4 (type 3, see
Table 2) assumed by the ASTM C633-13 (2021) procedure.

The level of non-uniformity stress distribution in the test specimen was estimated
using the following equation:

β =
σmax

eq

σmin
eq

, (2)

The non-uniform stress distribution will lead to the misinterpretation of the adhesion tensile
testing results [14]. Significant excess of peak stress values at the outer edge, compared
with average stress distribution, means that the inherent determination of high or low
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values of adhesion strength can be assumed by the ASTM C633-13 (2021), GOST 9.304-87
test procedure. The result implies that the bond strength depends not only on the geometry
of a specimen [14,16], but also on the degree of plasticity and brittleness of the coating
(brittle or ductile fracture).
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Al2O3_APS 484 ± 21 29 ± 4 25.0 ± 2.6 10 45 1.4 
MgAl2O4_APS 446 ± 45 48 ± 5 22.0 ± 4.3 19 - - 

Type 2, modified/an 
in-house test method 

Al2O3_APS 424 ± 38 33 ± 8 23.2 ± 3.2 14 45 3.1 
MgAl2O4_APS 484 ± 18 31 ± 4 26.4 ± 1.6 6 - - 

Type 5, elongated/an 
in-house test method 

Al2O3_APS 426 ± 36 31 ± 6 19.4 ± 0.5 2 44 1.8 
MgAl2O4_APS 440 ± 29 30 ± 2 20.8 ± 2.0 10 - - 

Type 3, standard/ASTM 
C633-13 (2021) [6] 

Al2O3_APS 460 ± 32 37 ± 8 27.8 ± 0.6 2 43 4.9 
MgAl2O4_APS 430 ± 30 38 ± 4 25.1 ± 3.2 13 - - 

Type 6, elongated/ASTM 
C633-13 (2021) [6] 

Al2O3_APS 472 ± 12 33 ± 3 20.7 ± 1.7 8 44 1.7 
MgAl2O4_APS 450 ± 31 37 ± 3 18.4 ± 1.5 8 - - 

3.2. Assessment of Stress Distribution During Tensile Testing 
The equivalent stress distribution and total strain showed in the three standard and 

three elongated specimens are shown in Figures 6, 7 and 8. A calculation of the stress 
distribution at the interface of three standard specimens showed a high level of 
non-uniformity over the debonding area. For example, the maximum value of equivalent 
stress came at the outer edge of the ASTM C633-13 (2021) standard specimen (type 3, 
Figure 2)—σ  = 71.5 MPa and the minimum value occurs at the centre—σ  = 14.5 
MPa (Figure 8). The international standards procedure assumes that the stress is uniform 
based on testing a cylindrical specimen. The most uneven distribution of the equivalent 
stress was found at the interface of the GOST 9.304-87 standard specimen (type 1, Figure 
2)—the maximum σ  = 59.6 MPa occurs between the centre and the outer edge of the 
specimen, while the minimum σ  = 9 MPa occurs at the centre of the specimen (Figure 
6). The maximum value of the equivalent stress can therefore be taken as the average 
equivalent of the interface for the standard specimen type 1—σ  =   σ . 
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Figure 7. The equivalent stress distribution and total strain at the debonding area of the coating
Al2O3 with tensile force F = 14,000 N: (a) Modified specimen, type 2; (b) Elongated specimen, type 5.
For geometric parameters, refer to Figure 2.

The main reasons for the appearance of significant non-uniform interface stress distri-
bution should also be mentioned. These are the appearance of additional shear stress at the
outer edge of the coating (the Edge effect), and the decrease in the stiffness of the specimen
due to the close proximity of the threaded hole in relation to the detachment surface of
the coating.

The impact of the Edge effect can be minimized by increasing the diameter of the
cylindrical specimen, up to dspec = 40–60 mm, as well as the length of a cylindrical specimen.
The distance from the threaded closed holes to the plane face of a cylindrical specimen with
a diameter of dspec = 25/25.4 mm should be enough to minimise the stiffness reduction.
Applying elongated specimens with lengths of hspec = 38–50 mm and more [9] will lead to
more uniform stress distribution.

The finite element analysis and laboratory testing of the elongated cylindrical speci-
mens with a diameter of dspec = 25/25.4 mm confirmed that the results of estimating bond
strength using a standard cylindrical specimen assumed by ASTM C633-13 (2021), GOST
9.304-87 can be significantly higher than the actual tensile adhesion strength [2]. With the
exception of the GOST 9.304-87 standard specimen, the equivalent stress peaks were not
identified at the centre of the specimens, but rather, at the outer edge in all models.
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Figure 8. Equivalent stress distribution and total strain at the debonding area of the Al2O3 coating
with a tensile force of F = 14,000 N: (a) ASTM C633-79 (2021) standard specimen, type 3; (b) Elongated
specimen, type 6. For geometric parameters, see Figure 2.

4. Conclusions

According to the results of this scientific study and the analysis of the existing literature,
we were able to make three conclusions. Firstly, the significant peak stress at the outer edge
of the specimen, compared to the average stress calculated by tensile testing, implies that
the bond strength should be estimated using elongated specimens, according to the ASTM
C633-13 (2021), GOST 9.304-87 test procedure. Secondly, compared to conventional tests
(EN ISO 14916:2017, ASTM C633-13 (2021), GOST 9.304-87), the accuracy of tensile bond
strength estimation may be higher when the new geometry of a cylindrical specimen is
applied. Thirdly, to provide a more accurate method, researchers should carry out finite
element analysis and an epoxy tensile adhesion test using elongated cylindrical specimens
using different diameters, dspec = 20–60 mm (using the procedure defined in ASTM C633-13
(2021), GOST 9.304-87).

Author Contributions: A.Z. developed and planned the concept and methodology for conducting
and reporting this science work. A.L., D.D. and A.Z. carried out the simulations of stress-strain
stated at the coating-substrate interface and analysed the data on the tensile tests. D.D. undertook the
spraying of coatings on specimens. A.Z. wrote the draft document. Y.A. organised SEM analysis and
contributed to the discussion and interpretation of the results. All authors have read and agreed to
the published version of the manuscript.
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2110800012-0.

199



Ceramics 2022, 5

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: Not applicable.

Conflicts of Interest: The authors declare no conflict of interest.

References
1. Niemi, K.; Hakalahti, J.; Hyvärinen, L.; Laurila, J.; Vuoristo, P.; Berger, L.-M.; Toma, F.-L.; Shakhverdova, I. Influence of chromia

alloying on the characteristics of APS and HVOF sprayed alumina coatings. In Proceedings of The ITSC 2011, International
Thermal Spray Conference & Exposition, Düsseldorf, Germany, 27−29 September 2011; Volume 276.

2. Sang, P.; Chen, L.-Y.; Zhao, C.; Wang, Z.-X.; Wang, H.; Lu, S.; Song, D.; Xu, J.-H.; Zhang, L.-C. Particle size-dependent
microstructure, hardness and electrochemical corrosion behavior of atmospheric plasma sprayed NiCrBSi coatings. Metals 2019,
9, 1342. [CrossRef]

3. Junge, P.; Rupprecht, C.; Greinacher, M.; Kober, D.; Stargardt, P. Thermally Sprayed Al2O3 Ceramic Coatin–s for Electrical
Insulation Applications. In Proceedings of The ITSC, International Thermal Spray Conference, Vienna, Austria, 4−6 May 2022;
pp. 72–81.

4. Popov, A.I.; Lushchik, A.; Shablonin, E.; Vasil’chenko, E.; Kotomin, E.A.; Moskina, A.M.; Kuzovkov, V.N. Comparison of the
F-type center thermal annealing in heavy-ion and neutron irradiated Al2O3 single crystals. Nucl. Instrum. Methods Phys. Res. Sect.
B Beam Interact. Mater. At. 2018, 433, 93–97. [CrossRef]

5. Lushchik, A.; Feldbach, E.; Kotomin, E.A.; Kudryavtseva, I.; Kuzovkov, V.N.; Popov, A.I.; Seeman, V.; Shablonin, E. Distinctive
features of diffusion-controlled radiation defect recombination in stoichiometric magnesium aluminate spinel single crystals and
transparent polycrystalline ceramics. Sci. Rep. 2020, 10, 7810. [CrossRef]

6. ASTM C633-13; Standard Test Method for Adhesion or Cohesion Strength of Thermal Spray Coatings. ASTM International: West
Conshohocken, PA, USA, 2021. Available online: https://www.astm.org/c0633-13r21.html (accessed on 7 November 2022).

7. EN ISO 14916; Thermal spraying—Determination of Tensile Adhesive Strength. ISO: Geneva, Switzerland, 2017. Available online:
https://www.iso.org/standard/60995.html (accessed on 7 November 2022).

8. JIS H 8666; Test Methods for Ceramic Sprayed Coatings. Japanese Standards Association: Tokyo, Japan, 1994. Available online:
https://jis.eomec.com/abolished/jish86661994?abolishedid=10886661994#gsc.tab=0 (accessed on 7 November 2022).

9. GOST 9.304-87; Unified System of Corrosion and Ageing Protection. Thermal Sprayed Coatings. General Requirements and
Methods of Control. GOST—USSR Ministry of Chemical and Petroleum Engineering: Moscow, Russia, 1987. Available online:
https://docs.cntd.ru/document/1200014731 (accessed on 7 November 2022).

10. Hadad, M.; Marot, G.; Démarécaux, P.; Chicot, D.; Lesage, J.; Rohr, L.; Siegmann, S. Adhesion tests for thermal spray coatings:
Correlation of bond strength and interfacial toughness. J. Surf. Eng. 2007, 23, 279–283. [CrossRef]

11. Vencl, A.; Arostegui, S.; Favaro, G.; Zivic, F.; Mrdak, M.; Mitrović, S.; Popovic, V. Evaluation of adhesion/cohesion bond strength
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Abstract: We present the experimental results on the fabrication of metal-ceramic coatings by electron-
beam evaporation of alumina ceramic and copper powder composites with different fractions of the
components (with Cu powder fraction from 0.1 to 20%) pre-sintered by an electron beam. The mass-to-
charge composition of the multi-component plasma, generated in the electron beam transport region,
was measured, demonstrating that the fraction of target ions in plasma grows with the electron beam
power density. The morphology and electrical conductivity of fabricated coatings were investigated;
it was found that the increase in Cu fraction in the deposited coating from 0 to 20% decreases both
the volumetric and surface resistance of the coatings in around 8 orders of magnitude, thereby being
a convenient tool to control the coating properties.

Keywords: electron-beam evaporation; fore-vacuum pressure range; beam plasma; coating deposition;
metal-ceramic coatings

1. Introduction

Many requirements on industrial products are determined by the properties of the
surface layers of the material from which the product is made. The use of expensive and
scarce materials in industrial production is often not feasible. In practice, the required
properties of a product are achieved by using materials with special coatings that endow
such properties [1–3].

Ceramic structures, owing to their high strength properties, are of interest as a rein-
forcing material in the composites [4,5]. They are refractory, have high specific strength and
high mechanical characteristics; they preserve their properties at elevated temperatures.
Alumina ceramics is a dielectric, which can be used as an insulating coating in microelec-
tronics [6]. Such coatings can be used for reinforcement, wear-resistance, refractory, optical,
biocompatible, and decorative purposes [7–9].

As of today, among the many methods of coating deposition [10–12], beam-plasma
methods have a special place. Multifunctional dielectric and metal coatings produced by
magnetron or vacuum-arc sputtering and laser ablation in plasma chemical reactors, as well
as by electron-beam evaporation, are applied to handle a wide range of practical problems
related to surface modification of various materials. In the long list of beam-plasma coating
technologies, the electron-beam evaporation technique is characterized by higher rates of
deposition and, hence, a higher process performance [13]. The electron-beam evaporation
method, when applied to dielectric targets, is hampered by the electron-beam charging of
the target surface. To avoid this, it is required to apply, at least at in the initial stages of the
technological process, special methods and approaches [14]. It complicates the production
equipment and makes the entire process less manageable and efficient.

Fore-vacuum plasma-cathode electron sources [13] can generate electron beams in a
previously inaccessible range of elevated fore-vacuum pressures (1–100 Pa). They have all
the known advantages of conventional plasma sources of electrons, such as high current
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density and reliability and are not demanding in terms of operation in harsh vacuum
conditions and in the presence of aggressive gases. The beam plasma generated in the beam
transport region at elevated fore-vacuum pressures effectively neutralizes the electron-beam
charging of the surface of electrically non-conductive materials [15]. This feature allows one
to create plasma that contains evaporation products of a dielectric (ceramics) and deposit
its vapor onto the substrate, thus forming a dielectric coating. It is additionally possible,
using an electron beam, to create a metal-ceramic coating by evaporating composite targets
of compound composition based on ceramic and the addition of practically any metal.
The properties of such coatings can be readily controlled by varying the ratio of the
components used in the preparation of the target to be evaporated.

In this article, we summarize our studies of the process of obtaining metal-ceramic
coatings by electron-beam evaporation of aluminum ceramic and copper composites.
The importance of thin films deposited from an evaporated composite target is justified by
the fact that the properties of such coatings can be adjusted in a wide range by varying the
composition and the fractions of elements in the composite targets.

2. Sample Preparation

The targets for electron beam evaporation were made in our lab from an Al2O3 fine
dispersive powder with a particle size of ≈30–60 µm and a Cu powder with a particle
size of ≈30–50 µm. The targets had different weight ratios of metal to ceramics. A total of
four targets with different contents of ceramics and metal were used in the experiments.
The component composition of the targets is given in Table 1.

Table 1. Component composition of Al2O3-Cu targets.

Component Percentage, Mass %

Component Target 1 Target 2 Target 3 Target 4

Al2O3 99.9 99 90 80

Cu 0.1 1 10 20

To ensure an even distribution of the material over a target volume, the powder
components were mixed for 30 min. Powder was mixed using a conventional ball mill
with the addition of ceramic granules. Then, the resulting mixture was poured into a mold
and pressed in a pallet at a pressure of 200 MPa. The diameter of the produced target was
10 ± 0.1 mm with a height of 3 ± 0.15 mm. Micrographs of aluminum oxide and copper
powders used in the experiment are shown in Figure 1.

Figure 1. Micrographs of original Al2O3 (a) and Cu (b) powders used to fabricate the compacts.
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The coatings were deposited on titanium samples (disks, 20 mm in diameter and 3 mm
thick), which were located on a stainless holder; it was possible to place up to four samples
per cycle. The sample surfaces were prepared using a Saphire 320 (Germany) grinder and
polisher with an automatic Rubin 500 head, with working wheels 200 mm in diameter, the
grinder speed 50–600 rev/min and the option to load up to 5 samples per automatic cycle.

The elemental composition of coatings was studied using a Hitachi S3400N SEM,
equipped with a BrukerX’Flash 5010 energy-dispersive microanalyzer.

The electrical resistance of the synthesized metal-containing ceramic coatings was
studied using an E6-13A teraohmmeter of «Punane-Rat», Estonia. The experimental stand
for studying the electrical resistance is discussed in detail in [16].

3. Experimental Setup

Experiments on electron-beam synthesis of coatings were conducted using a fore-
vacuum plasma-cathode electron source based on a hollow-cathode glow discharge, op-
erating in a continuous mode [17] (Figure 2). The beam was transported towards the
evaporated target at a residual atmosphere of 5 Pa. Under the electron beam action, the tar-
get material evaporated and partially ionized, thereby providing the deposition of coating
on the sample surface. In one experiment, the coatings were synthesized simultaneously on
three samples. The temperatures of the sample surface and of the evaporated target were
monitored by a rapid Raytek optical pyrometer; they were 150 and 2100 degrees celsius,
respectively. The chamber vacuum was maintained by an ISP-500C spiral fore-vacuum
pump. The secondary plasma created during the target material evaporation, consisting of
the “products” of the gaseous residual atmosphere and the evaporated target, was analyzed
using a modified RGA–300 quadrupole mass-spectrometer, operating as a mass analyzer of
the beam plasma ions [18].

Figure 2. Schematic diagram of the coating deposition experiment.
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4. Results

The ion mass-to-charge spectrum of the plasma vapor generated during the electron
beam evaporation of target 2 with 1% copper content is shown in Figure 3. This spectrum
was recorded during the electron beam evaporation at a power density of 1 kW/cm2.
As seen, when the evaporation is not intensive, the spectrum includes predominantly ions
of the residual atmosphere. The spectrum also registers atomic ions of the ceramic material:
lithium, sodium, aluminum, as well as copper. It should be noted that for the indicated
copper fraction, the beam power density of about 1 kW/cm2 is a threshold value. It is from
this level of the power density that the mass analyzer begins to register the copper ions.
With a further increase in the electron beam power density, the amplitude of copper ion
peaks falls off abruptly against the background of the growing amplitude of aluminum ions.

Figure 3. Mass spectrum of the beam plasma ions at a power density of 1 kW/cm2.

A similar situation is observed in the plasma generated during the evaporation of
target 3 with 10% copper content (Figure 4). At a beam power density of 0.75 kW/cm2,
the spectrum exhibits exclusively ions of the residual atmosphere. At a beam power density
of 1 kW/cm2, the spectrum shows the peaks of copper and sodium ions. In contrast to the
evaporation of 1% copper target, in this case, the copper peaks are distinctly identified in the
spectrum due to the larger fraction of copper atoms. No destruction of the sample surface is
observed in this case. As the beam power density increases, the proportion of impurity ions
in the spectrum decreases, and the amplitude of ceramic base atoms (aluminum) increases.
This fact can be explained as follows. With an increase in the beam power density, the
temperature of the target being processed increases. As the temperature increases, fusible
(compared to aluminum oxide) impurities (sodium, lithium, copper) melt and, because of
differences in the density with the base, move to the surface where they evaporate.
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Figure 4. Dependence of the mass-to-charge composition of beam plasma ions on the beam
power density.

Since for the case of target 2, the content of such impurities did not exceed 1%, they
evaporated within a short time, and the spectra registered only ions of the target material
and residual atmosphere. The 10% content of copper in target 3 ensured a longer presence
of these ions in the mass-spectra; however, in the end, the ions of the ceramic material
remained dominant.

Figure 5 shows typical micrographs of the fabricated coatings depending on the
percentage of the components in the target material (see Table 1). As seen, the coating
surface is fairly uniform and almost free of defects (Figure 5a–c). Nevertheless, for target
4 with 20% copper (Figure 5d), there are condensed copper droplets on the surface with
the size ranging from 500 nm to 2 µm. The coating thickness varies from 1.5 to 2 µm.
The deposition rate was greater than 1 µm per minute.

The formation of these droplets on the surface is caused by the explosive boiling
of copper in the melting pool of target 4. As a result, along with the vapor or plasma,
the micro droplets form, with the velocity comparable to that of copper vapor, and bring
about the micro defects in the deposited coating. To reduce this negative effect, one can use
high-speed scanning of the target or indirect heating of the target similar to what we used
earlier in [19].

Figure 6 shows the elemental composition and its spatial distribution for the obtained
coatings. One can conclude from Figure 6 that the components of the evaporated target
distributed rather uniformly in the deposited coatings.
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Figure 5. Micrographs of the fabricated coatings.

Figure 6. Surface distribution of the coating components.
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It should be noted that the copper content in the coatings obtained by the evaporation
of targets 3 and 4 (Figure 6c,d) considerably exceeds the copper content in these targets.
This is due to a significant difference in melting Tm and boiling Tb points of the components
of the target material (Tm = 1083 ◦C, Tb = 2567 ◦C for copper; Tm = 2047 ◦C, Tb = 2980 ◦C
for alumina ceramics). Atoms of relatively fusible copper are quicker to reach the target
surface layers during heating, and, hence, they are likely the first to evaporate. Similar to
electron beam power density, the density of copper vapor exceeds the density of alumina
ceramic vapor, which results in an imbalanced content of elements in the coating and in
the target.

The adhesion of metal-ceramic coatings has not been carried out specifically; how-
ever, the expression “scratch method”, which consists of applying a linearly-increasing
force to the diamond indenter with its simultaneous uniform displacement along the film
surface [20], showed that the adhesion of the coatings ranges from 3.2 to 4.1 J/m2.

Figure 7 shows the volume and surface resistance of the obtained coatings depending
on the fraction of the copper impurity in the target material. For pure ceramic target
1, practically without copper addition, the measured values of the volume and surface
resistance of coatings condensed on the surface of titanium samples were at a level of
1010 Ω and 5·109 Ω/sq (Ohms per square). An increase in the mass fraction of copper in the
evaporated target to 1% resulted in a sharp decrease in the volume and surface resistance
down to 2·103 Ω and 5·105 Ω/sq, respectively. A further increase in the proportion of
copper in the composite targets to 20% promoted a smoother decrease in electrical resistivity
of the deposited coatings down to 103 Ω/sq for the surface resistance, and to less than
100 Ω for volume resistance.

Figure 7. Dependences of the volume and surface resistance on the proportion of copper content in
the coating.

We suppose that the main reason for the decrease in the volume resistance is the
conductivity matrix, which is created as a result of mutual overlapping of the synthesized
copper particles submerged in the bulk of condensed ceramic coating. The surface resistance
also decreases with increasing copper proportion in the composite metal-ceramic target
as a result of the copper particles residing on the surface of the synthesized coating, and,
at the same time, having direct contact with the bulk conductivity matrix consisting of
similar particles. Thus, the experimental curves shown in Figure 7 indirectly confirm the
correspondence between the stoichiometric composition of the materials of the composite
target, subjected to electron-beam evaporation, and the coatings synthesized as a result of
condensation of evaporation products.
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5. Conclusions

In this article, by example of aluminum oxide ceramics and copper, we present the
results of experimental studies that convincingly demonstrate the possibility of fabricat-
ing metal-ceramic coatings by electron-beam evaporation of a sintered target, containing
powder components of ceramic and metal, in the fore-vacuum pressure range. The mass-to-
charge composition of the multicomponent plasma generated in the beam transport region
and the morphology and electrical conductivity of obtained coatings were investigated
for different ratios of ceramics and copper in the evaporated target. It was experimentally
shown that by simply varying the fraction of the metal (copper) within dielectric (alumina)
powder, one can predictably control the functional properties (such as volume and surface
resistance) of the thin coating deposited on a substrate as a result of electron beam evapora-
tion of the mixed-powder target. These results justify the further search of possibilities to
control other properties (such as porosity, hardness, Young modulus, corrosion resistance,
etc.) by the choice of proper materials and their fractions in the composite target. The results
of the studies carried out expand the field of the possible applications of electron-beam
synthesis of functional coatings using fore-vacuum plasma-cathode electron sources.
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Abstract: We describe our studies of the influence of Cr content in an Al2O3-Cr composite on
its thermal and electrical conductivity properties during and after electron-beam sintering in the
forevacuum range of pressure. Sintering was carried out using a plasma-cathode forevacuum-
pressure electron source of an original design, capable of processing non-conducting materials
directly. It is shown that the chromium content affects the efficiency of the beam power transfer to the
irradiated composite. The efficiency decreases with increasing chromium content. Measurement of
the composite’s coefficient of thermal conductivity, in the temperature range 50–400 ◦C, shows that it
varies almost linearly from 25 W/(m·K) to 68 W/(m·K) as the Cr content in the composite increases
from 25% to 75% wt. The electrical conductivity properties after sintering exhibit a non-linear
behavior. The conduction activation energy Ea, measured via the dependence of the current through
composites of different compositions, is slightly lower than the Al2O3 band-gap. The addition of
metallic Cr results in a disproportionate decrease in Ea, almost by an order of magnitude, from 6.9 eV
to 0.68 eV. By varying the chromium content, it is possible to form a material with thermal and
electrical conductivities controllable over a wide range.

Keywords: pressureless sintering; composite ceramics; electron beam; electron-beam irradiation;
sintering; conduction activation energy; Al2O3-Cr; thermal conductivity; electrical conductivity;
forevacuum pressure region

1. Introduction

Metal–ceramic composites offer numerous advantages. They are materials of high
hardness and mechanical strength that can operate at temperatures above 1000 ◦C [1]. Wide
commercial use of composites is possible, contingent upon the availability of rapid produc-
tion methods and a good understanding of their thermal and electrical characteristics. Of
the various kinds of ceramic materials, Al2O3-based ceramic is one of the most widely used,
possessing high strength, high hardness, and excellent thermal resistance [2–5]. However,
its high brittleness restricts its possible applications. The introduction of malleable metal
phases to ceramics is an effective method of reducing its brittleness. Metal–ceramic com-
posites obtained in this way acquire not only low brittleness but also often new electrical,
optical, magnetic, and thermal properties [6–11]. In the work described here, for the metallic
component we select Cr, which has a high melting point (1863 ◦C [12]), high-temperature
oxidation resistance, and high-temperature plasticity [13,14]. These properties may be
useful in creating thermally, chemically, and mechanically strong metal–ceramic materials.
Among the main areas of application of such materials are the coating of jet nozzles and
the protective coating of gas furnaces, crucibles, heat shields, etc.

The main methods used for forming composite materials can be divided into two
types. The first is selective sintering by an electron or laser beam [15,16], and the second
includes hot pressing, [17,18], cold pressing, microwave, thermal [19], and spark plasma
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sintering [20–22]. The sintering of powders involves issues with controlling the heating rate
and the uniformity of target heating. Furnace heating and sintering require time-consuming
exposure at high temperatures and have low energy efficiency. When a target is irradiated
by laser radiation, heating of the material starts from the surface and proceeds to the core
unevenly [23]. This temperature gradient leads to uneven distribution of grain size and
of density with depth [24]. These problems can be resolved by lowering the heating rate,
thereby increasing the overall processing time. Additionally, the efficiency of the laser
energy transfer to the target depends on its optical properties, which restricts the range of
materials that can be used for sintering.

In the case of target heating by an electron beam, the target optical properties are
not important. However, a new problem arises, which is removing the electrical charge
carried by the electron beam onto the dielectric target. The charged surface causes electron
beam defocusing and diminishes the efficiency of the beam power transfer to the irradiated
target [25,26]. This issue can be resolved by use of a forevacuum-pressure plasma-cathode
electron source for the e-beam irradiation. Such sources generate electron beams at a
pressure of 1–100 Pa, and the negative surface charge is compensated by the positive ion
flux from the beam plasma created during beam propagation at such elevated pressure
values [27]. We have previously shown [28–30] that the use of electron beams generated by
forevacuum plasma electron sources is a useful approach for sintering ceramic compacts.
In the work described here, we have used this method for electron-beam sintering of
Al2O3-Cr-based composites and have explored the thermal and electrical properties of the
Al2O3-Cr composites produced.

2. Materials and Methods

We used commercially available Al2O3 powders with particle size 10–30 µm, and Cr
powder with particle size 50 µm.

The main parameters pertaining to the experiment are shown in Table 1 [31–34].

Table 1. Material parameters at 20 ◦C.

Material Theoretical
Density, g/cm3

Thermal
Conductivity,

W/(m·K)

Melting
Point, ◦C

Specific Electrical
Conductivity, S/m

Band
Gap, eV

Al2O3 3.97 27–34 2054 10−9–10−11 5.1–8.7

Cr 7.19 93.9 1907 5.104 × 106 -

The composites for sintering were produced by mixing ceramic and metal powders in
various mass proportions. The sample and the mixture used to produce it were assigned
the same nomenclature label. The proportions are shown in Table 2.

Table 2. Mixture contents used to prepare Al2O3-Cr composite.

Mixture Label Al2O3 Content, % wt. Cr Content, % wt.

100A 100 0

75A 75 25

50A 50 50

25A 25 75

Pellets 3 ± 0.1 mm thick and 10 ± 0.1 mm in diameter were formed from the mixtures
by uniaxial pressing. The composites were processed in a vacuum chamber equipped with
necessary pumping equipment and manipulators; see Figure 1a. A forevacuum plasma-
cathode electron source [35] was used for composite heating. A beam-focusing system
of a special design allowed an electron beam of 0.6 mm in diameter to be generated in
the vacuum chamber, under forevacuum conditions at a pressure of 30 Pa (helium). For
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sintering, the composite of given composition was placed in the vacuum chamber on a
graphite holder of special design. The holder assembly consisted of a graphite crucible with
mounting and bracing that minimized heat loss to its fastening elements. The composite
heating efficiency was improved by placing a heat-reflecting shield around the graphite
holder to reduce heat transfer to the chamber walls by thermal radiation. After installing
the composite and evacuating the chamber to a working pressure of 3.0 Pa, the electron
source was turned on. Sintering was performed as follows. First, a smooth heating of
the composite at constant electron beam energy of 15 keV, by slowly increasing the beam
current from 10 to 100 mA, depending of the composite composition; then, exposure to
the beam at a constant temperature of 1400 ◦C for 10 minutes; next, cooling by reducing
the beam current, followed by turning off the electron source and further cooling in the
vacuum chamber for 20 minutes. Since the area of the irradiated surface was much greater
than the cross-sectional area of the electron beam at its point of incidence on the composite,
the electron beam was rapidly scanned over the composite surface. The scanning was
performed using a magnetic deflecting system controlled by a sweep circuit. The scanning
frequency was 100 Hz, and the scanned area was 1 × 1 cm2.

Ceramics 2022, 5, FOR PEER REVIEW 3 

plasma-cathode electron source [35] was used for composite heating. A beam-focusing 

system of a special design allowed an electron beam of 0.6 mm in diameter to be gener-

ated in the vacuum chamber, under forevacuum conditions at a pressure of 30 Pa (he-

lium). For sintering, the composite of given composition was placed in the vacuum 

chamber on a graphite holder of special design. The holder assembly consisted of a 

graphite crucible with mounting and bracing that minimized heat loss to its fastening 

elements. The composite heating efficiency was improved by placing a heat-reflecting 

shield around the graphite holder to reduce heat transfer to the chamber walls by thermal

radiation. After installing the composite and evacuating the chamber to a working pres-

sure of 3.0 Pa, the electron source was turned on. Sintering was performed as follows.

First, a smooth heating of the composite at constant electron beam energy of 15 keV, by 

slowly increasing the beam current from 10 to 100 mA, depending of the composite 

composition; then, exposure to the beam at a constant temperature of 1400 °С for 10

minutes; next, cooling by reducing the beam current, followed by turning off the electron 

source and further cooling in the vacuum chamber for 20 minutes. Since the area of the

irradiated surface was much greater than the cross-sectional area of the electron beam at

its point of incidence on the composite, the electron beam was rapidly scanned over the

composite surface. The scanning was performed using a magnetic deflecting system 

controlled by a sweep circuit. The scanning frequency was 100 Hz, and the scanned area 

was 1 × 1 cm2. 

He 0.25 Ut 

Electron beam 

Plasma electron 

source 

Vacuum 

chamber 

RAYTEK 1MN 

True-RMS 

Multimeter 

Graphite 

crucible 

Thermal 

shield 

Al2O3-Cr 

composite 
Thermocouple 

Substrate 

Thermocouples 

Thermal 

protection 

Heating  

element 

(a) (b) 

Al2O3-Cr 

composite 

Figure 1. Schematic diagram of the experimental setup (a) and electrical heater (b). 

The composite surface during sintering was monitored remotely by a RAYTEK 1MH 

(Raytek Corp., Santa Cruz, CA, USA) infrared pyrometer with measurement range 550–

3000 °С. A tungsten–rhenium thermocouple was used to measure the temperature of the

composite non-irradiated side. The thermocouple and the composite surface were in tight 

contact with each other. The thermocouple and the pyrometer were calibrated by heating 

of a thin copper plate. The difference in readings did not exceed 10 °С. 

Current through the composite during its irradiation was measured by replacing the

thermocouple with a flat metal electrode (not shown in Figure 1). The sample was placed 

on this electrode on the irradiated side. The current through the sample was measured by 

a True-RMS Multimeter 289 (Fluke Corp., Everett, WA, USA), with one sensing wire 

connected to the electrode and the other grounded. 

In order to investigate the thermal properties of the composites after sintering, a 

model of an electrical heater was made; see Figure 1b. The heater could heat composite 

Figure 1. Schematic diagram of the experimental setup (a) and electrical heater (b).

The composite surface during sintering was monitored remotely by a RAYTEK 1MH
(Raytek Corp., Santa Cruz, CA, USA) infrared pyrometer with measurement range
550–3000 ◦C. A tungsten–rhenium thermocouple was used to measure the temperature of
the composite non-irradiated side. The thermocouple and the composite surface were in
tight contact with each other. The thermocouple and the pyrometer were calibrated by
heating of a thin copper plate. The difference in readings did not exceed 10 ◦C.

Current through the composite during its irradiation was measured by replacing the
thermocouple with a flat metal electrode (not shown in Figure 1). The sample was placed
on this electrode on the irradiated side. The current through the sample was measured
by a True-RMS Multimeter 289 (Fluke Corp., Everett, WA, USA), with one sensing wire
connected to the electrode and the other grounded.

In order to investigate the thermal properties of the composites after sintering, a model
of an electrical heater was made; see Figure 1b. The heater could heat composite materials
up to 400 ◦C in a controlled manner. In addition, it was possible to measure the heat flow
through the samples and to measure the temperature of the irradiated and non-irradiated
surfaces. The temperature was measured using standard chromel–copel thermocouples.
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Sample microstructure and elemental composition were studied using a JEOL JSM-
7500FA (JEOL Ltd., Freising, Germany) scanning electron microscope, equipped with a set
of add-on units for energy dispersive elemental analysis (EDS) and electron backscatter
diffraction (EBSD) (Bruker Nano GmbH, Berlin, Germany). We used the facilities at the
TPU Center for Sharing Use, “Nanomaterials and Nanotechnologies”, supported by the
Ministry of Education and Science of Russia under grant number 075-15-2021-710.

3. Experimental Results and Analysis
3.1. Electron-Beam Sintering

Focused electron-beam heating in the forevacuum medium enabled us to heat the
composite surfaces quite easily to temperatures of 800–900 ◦C. The temperature growth
rate at constant beam power of 40 W/min was 80 ◦C/min; see Figure 2.
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Figure 2. Dependencies of the electron beam power 1 and the temperature of irradiated 2 and
non-irradiated 3 surfaces of the 75A composite, as a function of time.

The sample temperature growth rate decreased to 26–30 ◦C/min, depending on the
chromium content in the composite. The temperature-increase rate for zero chromium
content is 30 ◦C/min, and the addition of chromium decreases the temperature growth
rate to 26 ◦C/min. This change in the rate of temperature rise is not significant, but is still
noticeable. Clearly the thermal parameters, especially the coefficient of thermal conduc-
tivity, affect the composite heating. Since chromium has a greater coefficient of thermal
conductivity than aluminum oxide, 94 W/(m·K) and, on average, 30 W/(m·K), respectively,
the addition of chromium results in greater heat transfer to the graphite crucible and the
holder elements, thereby reducing the composite heating. This circumstance should be
taken into account when automating and optimizing the process.

3.2. Microstructure and Parameters

After sintering, the samples were cut in half along a diameter and were polished. In
order to remove the products of grinding, they were then rinsed in alcohol and distilled
water in an ultrasonic bath for 20 minutes. The microstructures of 75A, 50A, and 25A
composites are shown in Figure 3. The samples display homogeneous areas with good
compaction, as well as pores of various sizes formed at grain boundaries. EDX analysis

214



Ceramics 2022, 5

revealed that the gray areas correspond to Al2O3 ceramic matrix and the lighter areas are
Cr. The size of Al2O3 grains is 20–40 µm, and the size of Cr grains is 20 to 80 µm. With the
increase in Cr content, the Cr grain size increases due to smaller grains amalgamating into
bigger grains.
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Figure 3. SEM image of composite microstructure for samples (a) 75A, (b) 50A, and (c) 25A.

The elemental composition of the selected areas, obtained by energy-dispersive analy-
sis, is shown in Figure 4. The increase in Cr content corresponds to its content in the initial
mixture of powders used for sintering.
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Figure 4. Contents of O, Al, and Cr in the cross sections of 75A, 50A, and 25A composites.

Composite parameters before and after electron-beam sintering are shown in Table 3.

Table 3. Composite parameters before and after sintering.

Sample 100A 75A 50A 25A

Mass m, mg
before 395 420 493 610

after 356 401 479 580

Thickness h, mm
before 2.78 2.83 2.82 2.73

after 2.6 2.63 2.68 2.61

Diameter d, mm
before 10.3 10.32 10.23 10.30

after 9.32 9.54 9.69 9.86

Density ρ, g/cm3 before 1.7 1.77 2.13 2.68

after 2.02 2.14 2.43 2.92
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The maximum increase in density after irradiation, 21%, was for the composite contain-
ing 75% aluminum oxide. The minimum increase in density, 9%, was for the 25A sample,
with the lowest content of Al2O3. It is apparent that since aluminum oxide has greater
shrinkage in the course of sintering, the corresponding samples with greater content of
it must have smaller geometric dimensions and, hence, a higher density after sintering.
Compared with the sintering of similar composites using the hot-pressing method [36],
the porosity value in this work turned out to be higher. This difference may be due to the
peculiarity of the electron beam method—sintering without applying pressure.

The mass of all composites changes (decreases) after sintering; see Table 3. A possible
reason could be mass evaporation during sintering. However, the sintering temperature
of 1400 ◦C is not high enough for melting and evaporating the composite components;
see Table 1. To further explore the possibility of mass loss by evaporation, we conducted
experiments to study the composition of coatings on witness substrates. Substrates in
the form of flat steel disks were placed at a distance of 5 cm from the sintered composite,
as shown in Figure 1. After sintering, the sample surface elemental composition was
studied by energy-dispersive analysis. According to the composition measurements for
three compacts, the substrate coatings contained elemental constituents of the composites,
namely chromium and aluminum; see Figure 5.
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Figure 5. Contents of Al and Cr in the witness substrate coatings: 75A, 50A, and 25A.

As shown in Figure 5, the coatings contain a significant amount of the composite
elements. Thus, for the composite with 75% aluminum oxide (75A), the substrate coating
contains over 13% at. aluminum. The witness substrates used for the other composites
with a lower aluminum oxide content demonstrate a considerable decrease in aluminum
in the coating. For the 50A composite, the aluminum content on the substrate is less than
for 75A, by almost a factor of 10. At the same time, the chromium content in the substrate
coating increases almost proportionally to the increase in chromium content in the sintered
composite—from 1.26% for composite 75A with 25% Cr to 3.56% for composite 25A with
75% Cr. Evidently, these elements appear on the substrate due to evaporation from the
composite surface. Despite the rather low temperature, according to pyrometer readings,
for the evaporation of these elements to occur, such an effect can occur during electron-
beam sintering of ceramics employing an electron beam deflecting system. When scanning
the ceramic surface, the high power-density electron beam can cause local heating of the
surface at the impact point; the beam cross-section at the impact point is less than 1 mm2.
Since the pyrometer measures the mean value of the composite surface temperature over
an area of about 2.5 cm2, the local temperature increase at the beam impact point is not
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readily registered. Additionally, mass loss from the composite surface can occur due to
evaporation of low-melting-point impurities with a content in the aluminum oxide powder
used in the experiments that can be as high as 5%.

Another possible mechanism for heating to the evaporation temperatures of Al2O3 and
Cr could be heating due to the current through the composite bulk, as is the case for the flash-
sintering technique. In this technique, a constant electric field of 100–150 V/m is established
between the two opposite surfaces of the sintered sample, which is simultaneously heated
to a high temperature. The electrical conduction, arising as a result of the temperature
increase, leads to Joule heating of the sample. This significantly reduces the ceramic
sintering time.

Measurement of the current through the composite show that it can reach several
milliamperes; see Figure 6.
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Figure 6. Temperature dependence of current through composites during electron-beam sintering:
(1) composite 75A; (2) composite 50A; (3) composite 25A.

The current increases with increasing chromium content, which is directly related
to the increase in the composite electrical conductivity. The addition of a metal, as a
more electrically conducting material, increases the overall electrical conductivity of the
composite. The dependence of the coefficient of electrical conductivity is well-known to be
exponential with temperature:

γ = γ0 · exp
(
−∆Ea

kT

)
(1)

where
γ0 is an electrical conductivity of the conductor/dielectric, S/m;
γ0 is a temperature-independent coefficient determined by the properties of the con-

ductor/dielectric, S/m;
k is Boltzmann’s constant, J/K;
T is the temperature of the irradiated composite surface, K; and
Ea is the conduction activation energy, eV.
The conduction current in semiconductors, of which aluminum oxide may be referred

to as a particular kind, depends on the coefficient of electrical conductivity, as well as on
the field strength in the semiconductor. Assuming that the field strength is determined by
the difference of potentials between the irradiated and non-irradiated surfaces, one can
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write an equation for evaluating the value of the conduction current flowing through the
composite as a function of temperature during electron-beam irradiation:

Iγ =
∆ϕ

h
· S · γ0 · exp

(
− Ea

kT

)
(2)

where
S is the composite base area, m2;
∆ϕ is the difference of potentials between the irradiated and non-irradiates surfaces of

the composite, V; and
h is the composite thickness.
Expression (2) allows the conduction activation energy to be estimated for composites

with different elemental contents. Assuming that the temperature dependence of the
potential of the composite surface is not as strong as that of the coefficient of electrical
conductivity and plotting the graphs ln(I) = f

(
1
T

)
using the experimental data of Figure 4,

one can determine the activation energy from the slope of the straight lines obtained. The
dependencies ln(I) = f

(
1
T

)
, plotted for the three composites over the temperature range

1000–1400 ◦C, where a noticeable increase in current is observed, are shown in Figure 7.
As can be seen, the experimental points of the logarithm of the current from the inverse
temperature fit into a linear dependence. From one perspective, this serves as an argument
in favor of the chosen mechanism for increasing electrical conductivity with increasing
temperature and the correctness of choosing Formula (1) for theoretical estimates.
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(
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T

)
for composites of different compositions: (1) com-

posite 75A; (2) composite 50A; (3) composite 25A.

The fact that the experimental data fit well to straight lines indirectly indicates that the
assumption not to take into account the change in potential on the composite surface over
the given temperature range is correct.

The calculated values of the conduction activation energy Ea are given in Table 4.
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Table 4. Conduction activation energy for composites of different compositions.

Sample 75A 50A 25A

Ea, eV 3.1 ± 0.4 2.5 ± 0.3 0.68 ± 0.08

The obtained values of Ea for the Cr-containing composites are slightly lower than
the Al2O3 band gap, which is predictable, since it was a metal that was added to the
composite. The addition of metallic Cr results in a disproportional decrease in Ea. Thus, for
the composite with 25% chromium content, the conduction activation energy, or band gap,
decreases compared to pure Al2O3, from an average value of 6.9 eV (see Table 2) to 3.1 eV,
i.e., by more than a factor of two. The addition of 75% Cr leads to a further decrease in Ea,
down to 0.68 eV, which is almost by an order of magnitude.

As shown in [37], the electrical conductivity of aluminum oxide-based composites
can be adjusted, when reinforced with conductive or semi-conductive phases (such as
silicon carbide, for example), added in an amount at which they penetrate into an insu-
lating aluminum oxide matrix. After sintering, such a composite can be used in many
industries. The main factors affecting the electrical properties of composites with reinforced
semiconductor phases are the volume fraction of SiC and the content of other impurities.
The addition of SiC improves the electrical conductivity, which increases with an increase
in the volume fraction of SiC [37]. Thus, in a composite with 20 vol.% SiC, the conductivity
of 4.05 × 10−2 S·m−1 was measured, which is an increase of four orders of magnitude
compared to the reference monolithic alumina (7.80 × 10−6 S·m−1).

A rather strong dependence of the composite electrical conductivity on the content of
metal phase has been observed [38], when adding Ti to an Al2O3 ceramic matrix. Specific
electrical resistance, with the addition of 20% vol. Ti, decreases from 1012 Ohm·m to
10−2–10−3 Ohm·m, and the fall is rather abrupt. The authors have explained this by the
formation of conducting paths through the composite bulk, due to the melting of fine
grains of Ti. In the present work, the changes are not so severe, which may be related
to pressureless sintering. Chromium grains combine without forming conducting paths
throughout the composite volume; see Figure 3.

The electrical parameters of the Al2O3-Cr composite can be controlled over a fairly
wide range.

3.3. Composite Thermal Conductivity

Thermal conductivity is an important parameter in such applications of Al2O3 ceramics
as high-temperature structural components, refractories, gas burners, wear parts, and
cutting tools. To reduce thermal shock, the thermal conductivity of the composite in
all these applications should be as high as possible. It can be expected that Cr particles
improve the thermal conductivity of Al2O3-based composites due to the inherent high
thermal conductivity of Cr.

To measure the thermal conductivity, the sintered composites were placed in a heating
device with a fixed heater temperature T1 and a temperature T2 on the composite side
not subject to irradiation; see Figure 1b. The coefficient of thermal conductivity λ was
determined using the expression:

λ =
Q · h

∆T · S (3)

where λ is the coefficient of thermal conductivity, W/(m·K);
Q is the heat flux through the composite, W/m2;
∆T is the difference of temperatures: T1 − T2, ◦C; and
S is the composite surface area, m2.
The obtained value of the coefficient of thermal conductivity corresponds to the

average temperature ∆T/2.
The measured thermal conductivity over the temperature range 50–400 ◦C is shown

in Figure 8. As seen, the coefficient of thermal conductivity decreases with increasing
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temperature for composites of any composition, as reported in the literature [39]. The
general pattern here is as follows: the thermal conductivity of ceramics of a crystalline
structure, especially an oxide, with an increase in temperature, as a rule, drops signifi-
cantly [40]. This is based on the idea of heat transfer in solid non-metallic bodies by thermal
elastic waves—phonons. The thermal conductivity of the composite is closely related to
their microstructure and depends on the free path length of the phonons: the degree of
disturbance of the harmonic oscillations of heat waves during their passage through a
given substance. Phonons are also known to interact with lattice defects, grain boundaries,
and other microstructure defects. The presence of a metallic phase in the form of chromium
inclusions leads to a higher porosity value, characteristic of composites and, as a result,
negatively affect thermal conductivity. The resulting internal stresses in composites also
lead to a decrease in thermal conductivity [41]. However, despite these negative factors, the
thermal conductivity of the composite increases with an increase in the chromium content
and is still higher than that of pure aluminum oxide.
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Figure 8. Temperature dependence of thermal conductivity for composites of different compositions:
(1) composite 75A; (2) composite 50A; (3) composite 25A.

The coefficient of thermal conductivity of the composite with 75% content of Al2O3 is
25 W/m·K and does not differ significantly from that of pure Al2O3 at the same tempera-
ture [42]. The values of thermal conductivity measured at room temperature are somewhat
lower than the data given in the literature [43] and are measured for mono-cast Al2O3
(28–30 W/m·K). A possible reason is the greater porosity of the materials obtained in this
work. With the addition of Cr, the composite conductivity rises almost proportionally to
the content of Cr. Thus, for the composite with 75% content of Cr, i.e., three times as much
compared to that in the 25% Cr composite, the conductivity increases from 25 to 68 W/m·K.
For both Al2O3 and Cr, the thermal conductivity decreases with temperature [44], as is
reflected in Figure 8. Compared with the data of [45], the thermal conductivity of the
composite remains at a high level and does not decrease to values below 15 W/m·K.

4. Conclusions

Electron-beam irradiation allows Al2O3-Cr-based composites to be sintered at a tem-
perature of 1400 ◦C. The complete sintering cycle, including heating and cooling, is no
longer than 50 minutes. By varying the Cr content, one can change the electrical and
thermal conductivity properties of the composite. In this case, the thermal conductivity in
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the temperature range of 20–400 ◦C varies directly proportionally to the Cr content and
inversely proportionally to temperature. The thermal conductivity increases from 25 to 68
W/m·K, when the Cr content increases from 25% to 75%, and decreases with increasing
temperature, especially for composites with higher Al2O3 content.

The electrical conductivity properties, illustrated by the current through the composite
and the conduction activation energy, depend on the Cr content nonlinearly. The addition
of 75% Cr to the composite decreases the Al2O3-Cr activation by an order of magnitude
compared to that of Al2O3, from 6.9 to 0.68 eV. At the same time, the addition of 50%
Cr reduces this energy only by a factor of two, to 2.5 eV. In general, by varying the
chromium content, it is possible to produce materials with values of electrical conductivity
controllable over orders of magnitude and thermal conductivity controllable within range
limits differing by almost a factor of two.
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Abstract: In this study, fore-vacuum plasma electron beam sources were used to deposit a few micron-
thick boron coatings on A284 and ZrNb1 alloys and modify their surfaces. The coating deposition
rate with a continuous 1 kW electron beam that evaporated the boron target at a distance of 10 cm was
0.5 µm/min, and the boron coating density was 2.2 g/cm3. Based on the comparison of data on the
mass-to-charge composition, beam plasma density, and coating parameters, the contribution of the
plasma phase of the evaporated material to the growth of coatings was greater than that of the vapor
phase. Using the scanning electron and atomic force microscopy techniques, surface modification
by repeated electron beam pulses with electron energies of 8 and 6 keV and a beam power per
pulse of 2 J/cm2 and 2.25 J/cm2, respectively, transformed a relatively smooth coating surface into
a hilly structure. Based on a structural phase analysis of coatings using synchrotron radiation, it
was concluded that the formation of the hilly coating structure was due to surface melting under
the repeated action of electron beam pulses. The microhardness, adhesion, and wear resistance of
coatings were measured, and their corrosion tests are presented herein. The pure boron coatings
obtained and studied are expected to be of use in various applications.

Keywords: boron coatings; electron beam deposition; fore-vacuum electron source; film properties;
electron beam modification

1. Introduction

Boron-based coatings are promising protective surface coatings [1]. They are used to
harden the surface of parts and structural materials in the field of mechanical engineer-
ing [2]. They are characterized by high hardness, resistance to wear [3], corrosion [4], and
high thermal stability [5]. For example, wurtzite boron nitride has comparable hardness to
natural diamond [6]. Pure boron thin films are used as materials in electronic [7] and optical
devices [8] as well as in protective layers of thermonuclear installations [9]. Moreover,
boron coatings of monoisotopic compositions find applications in the nuclear industry;
for example, 10B-based coatings are promising as burnable neutron absorbers in nuclear
reactors [10] and as absorber coatings of neutron detectors [11]; they are also used for the
delivery of 10B atoms deposited on the surface of nanosized particles to the malignant
neoplasm during boron neutron capture therapy [12], while 11B-based coatings are used for
the 11B aneutronic fusion of protons and 11B atomic nuclei, which may be an alternative to
deuterium and tritium fusion [13]. Hence, developing techniques to deposit boron coatings,
investigating the properties of boron coatings, and revealing the interrelationship between
these properties and conditions that brought about their formation are crucial.

Boriding is an industrial technique that has been used widely for decades to develop
boron-containing layers on metal and alloy surfaces. In this process, boride atoms are
diffused into the surface of a metal component, resulting in the formation of metal borides
in the surface layer, thereby increasing the surface hardness and wear resistance. Con-
ventional boriding can be achieved in a solid, liquid, or gaseous [14,15] medium [16,17].
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However, there are disadvantages to using it, including the high energy consumption
required for heating parts and electrolysis of boron-containing media, the long duration
of surface diffusive saturation with boron, the use of hazardous and toxic substances, and
environmental pollution.

Vacuum-plasma methods, such as magnetron sputtering [18,19] or cathodic arc de-
position [20–22], can be used as alternatives for creating boron surface layers owing to
their eco-friendliness because the equipment of this type generates a boron flux from a
consumable boron-containing solid cathode during an electric discharge in a vacuum cham-
ber. Moreover, there is no heating requirement for the surface because the main process
involves the deposition of boron atoms or ions onto the surface. Another advantage of these
methods over conventional boriding is the short process duration, which is determined
by the flux intensity. The maximum flux intensity is limited by thermal stability in the
discharge of the consumed boron-containing cathode. At maximum discharge parameters,
the deposition rate of boron-containing coatings at a characteristic distance of 10 cm from
the cathode can reach approximately 20–30 nm/min [19] for magnetron sputtering and
approximately 100 nm/min for arc deposition [22].

A method for depositing boron coating has been proposed based on the electron beam
evaporation of a boron solid target using an electron beam at a fore-vacuum pressure [23].
Briefly, a boron or boron-containing ceramic target is heated locally by an electron beam
to the melting temperature and the melted surface area undergoes an intense evapora-
tion. The flux of boron vapor, partially ionized by the beam, deposits onto the substrate
surface forming a boron-containing coating [24]. The maximum temperature of the boron-
containing target is limited in this case not by its thermal resistance, as in magnetron or
vacuum arc deposition of boron coatings [18–22] but by the temperature of intense boiling
of boron, at which an unwanted flux of droplets occurs because of the splashing of the
molten target material. Thus, the boron coating deposition rate under this method is much
higher than that under magnetron sputtering or arc deposition and can reach up to 1
µm/min [24], which provides a higher coating production performance. This work aims to
further develop this method using an additional action of a wide-aperture electron beam
in the fore-vacuum on the deposited boron coating. The characteristics and properties of
boron coatings are studied by surface analysis, which includes structural phase analysis
with synchrotron radiation generated by the VEEP-2 electron storage ring based in the
Siberian Center for Synchrotron and Terahertz Radiation at G. I. Budker Institute of Nuclear
Physics, SB of RAS [25].

2. Experimental Setup and Diagnostics

Figure 1 illustrates the setup for depositing boron coatings by electron-beam heating
and evaporation of a crystal boron target. The target was evaporated using a fore-vacuum
plasma electron source operating in continuous mode [26]. In such a source, electrons are
extracted from a hollow cathode glow discharge plasma. The discharge current varies from
100 to 500 mA, while the discharge burning voltage, depending on the discharge current
and gas pressure, varies from 200 to 500 V. At the maximum discharge current, the source
is capable of generating electron beams with a current of up to 200 mA and energy of up to
20 keV, while the beam can be focused on the target surface by the magnetic field of the
focusing system to a diameter of 3 mm. The electron beam current is controlled by the
discharge current. The average power density in the electron beam focal spot on the target
surface is 500 W/mm2, which is several times greater than the radiation power density on
the sun’s surface (approximately 60 W/mm2). Hence, the source is capable of melting and
evaporating the surface of a target composed of any refractory material.
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Figure 1. Schematic of the electron-beam synthesis of boron-based coatings.

A 4-mm-thick, 1 × 1 cm2 boron plate target fabricated using the hot pressing of 99.6%
pure boron crystals 1–10 µm in size was placed at the bottom of the vacuum chamber on
a carbon crucible. The average density of the target due to the pores between crystals
was 1.2 g/cm3, which is two times less than the density of amorphous boron. Because
the pores occupied 50% of the target volume, the effective surface-to-volume ratio for the
target material was about 3 × 103 cm−1 and the total effective surface area of the target
was about 0.1 m2. The electron beam toward the boron target was transported through
the vacuum chamber filled with 99.9% pure nitrogen at a pressure of 10 Pa. An ISP-500C
helical mechanical oil-free fore-vacuum pump with a pumping rate of 500 l/min was used
to maintain the vacuum in the chamber. Prior to the experiment, the vacuum chamber was
evacuated to a residual pressure of 1 Pa.

Because boron is a wide-gap semiconductor, its specific resistivity is as high as
1 MOhm × cm at a normal temperature of 20 ◦C; [27], which is insufficient for the complete
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drain of the electron beam charge. Therefore, at the initial heating of the boron target,
its negative surface charge introduced by the electron beam was neutralized by a flux
of positive ions from the beam plasma [28]. As the beam heated up the boron target, its
specific resistivity decreased to 0.1 Ohm × cm at a temperature of about 750 ◦C. At this
resistivity, the effect of the target surface charging by the beam becomes immaterial because
of the electron beam current running through the boron target volume.

To prevent the boron target from thermal shock destruction, the target was heated in
two stages, the parameters of which were determined experimentally [24]. Initially, the
electron beam with a current of 80 mA at an accelerating voltage of up to 5 kV heated up
the target to a temperature of approximately 900 ◦C for 70 s. Subsequently, the accelerating
voltage was increased slowly up to 9 kV for 1 min; in this case, there was an observed local
melting of the target surface at the focal spot of the beam. Target evaporation occurred and
the boron coating was deposited on the sample surface at a temperature of the melting pool
of approximately 2400 ◦C, and after increasing the accelerating voltage to 10 kV and the
beam current to 100 mA.

The samples with polished surfaces on which boron coatings were applied were
disks of A284 steel and a special reactor alloy ZrNb1 with a hexagonal crystal lattice;
they had a 2 cm diameter and 0.5 cm thickness. The samples were placed at an angle of
30◦ relative to the electron beam propagation axis. The sample surfaces were normally
oriented to the center of the evaporated target. A high-performance Raytek-MM1MH
optical pyrometer was used to monitor the temperature of the sample surface during the
deposition process; the temperature did not exceed 500 ◦C. Plasma composition during the
coating was controlled with a quadrupole mass analyzer based on an RGA-300 residual
gas analyzer. We have produced several dozen samples with boron coating thicknesses of
1–7 µm throughout the course of our research. Herein, for comparison, we analyze coatings
fabricated under the same conditions, such as a distance of 10 cm from the beam-heated
boron target to the sample surface and an overall coating deposition time of 6 min and 10 s.
Considering that the first two heating stages under which the deposition did not occur took
1 min and 10 s, the direct deposition time was 5 min.

The deposition rate of boron coatings by a 1 kW electron beam was measured with an
MII-4 interferometer and an MNL-1 interference microscope-profilometer. The thickness of
the deposited boron coatings was about 2.1 µm. Thus, under the experimental conditions,
the coating growth rate was about 0.5 µm/min. The weight gain because of boron coating
deposition, measured with a VL-220M analytical balance with a precision of ±10 µg, was
1.45 mg. Considering a sample surface area of 3.13 cm2, the density of boron coatings
was estimated to be ρ ≈ 2.2 g/cm3, which is close to the density of crystalline boron of
2.34 g/cm3.

Figure 2 shows a setup for the modification of boron coatings obtained with a pulsed
electron beam. The pulsed electron beam was generated by a fore-vacuum plasma-cathode
electron source based on an arc discharge [29]. The electron source was mounted on the
vacuum chamber, which was evacuated with an ISP-500C pump. The working gas was
helium at a pressure of 10 Pa. The samples were placed on a movable grounded holder,
which allowed several samples to be sequentially irradiated after the chamber evacuation.
To prevent the sample surface from beam exposure, a protective stainless-steel screen
was applied on top of one of the samples. The treatment of boron-coated samples was
performed in two regimes through a series of 300 pulses with a repetition rate of 2 pulses
per second (p.p.s.). The length of each pulse was τe = 500 µs. The beam diameter was 7 cm.
In regime 1, the treatment was performed at a beam current amplitude of 20 A and an
electron energy of 8 keV; in regime 2, it was performed at a beam current amplitude of 30 A
and an electron energy of 6 keV. The electron current density je on the boron coating surface
and the energy per pulse Pe were 0.5 A/cm2 and 2 J/cm2 for regime 1, and 0.75 A/cm2

and 2.25 J/cm2 for regime 2, respectively. The pulsed beam parameters for modifying the
boron coatings were selected empirically: on the one hand, they should lead to a noticeable
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change in the surface morphology; on the other hand, they should be soft enough to prevent
the coating from cracking, or its evaporation.
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Figure 2. Setup for the modification of boron coatings with a pulsed electron beam.

The morphology of the final coatings was studied using a Hitachi S3400N scanning
electron microscope and a Solver P47 atomic force microscope. Elemental composition was
analyzed with a Bruker X’Flash 5010 energy dispersive spectrometer. The surface hardness
of coatings was determined using the micro-Vickers technique. A square-section diamond
indenter with a dihedral angle of 136◦ acted on the sample surface at various points with
a constant load of 100 g while the penetration depth and indentation area were recorded.
The phase composition of coatings was measured at the Synchrotron Radiation Station
for High-Precision X-ray Diffraction Studies of Materials (also called the “Anomalous
Scattering” station) on beamline No. 2 of the VEPP-3M electron storage ring at the Siberian
Synchrotron Radiation Center (Budker Institute of Nuclear Physics, SB of RAS).

For the evaluation of the adhesive properties of the coatings, the scratch method
was used. The method consisted of applying a force F (linearly growing with time) to
the diamond indenter with its simultaneous uniform displacement along the coating
surface. At the critical load Fc, the coating begins to break down. The critical load Fc is
determined using the sensors of acoustic emission and friction force, indenter immersion
depth, indenter loading force, and optical microscopy.

Adhesion can be characterized by a parameter G (specific peel work). The calculation
formula connecting the parameter G with the critical lateral load Fc at the beginning of the
film detachment from the substrate is as follows:

G = (Fc)2d/π(rc)4EIT ,

228



Ceramics 2022, 5

where d is the film thickness; rc is the radius of the contact spot at the moment of peeling;
EIT is the Young’s modulus of the substrate material. The determination of adhesion was
carried out using a Micro-Scratch Tester MST-S-AX-0000 device.

The wear resistance of the obtained coatings was measured using a Pinon Disc and
Oscillating TRIBO tester (France) using the “ball on disk” method. The sample surface was
pressed by a tungsten carbide spherical tip with a load of 2 N. The coefficient of friction
was determined by measuring the deflection of the lever. The wear rate was calculated by
the formula:

V = 2πRA/FL,

where R is the track radius, µm; A is the cross-sectional area of the wear groove, µm2; F is
the value of the applied load, N; L is the distance traveled by the ball, m.

3. Results and Discussion

During the target heating and coating deposition, the ion composition of the plasma
was measured with a quadrupole mass spectrometer based on an RGA-300 residual gas
analyzer [30]. In our previous work [31], at an electric beam power of 0.4 kW, which
corresponds to the preheating of the target at a beam current of 80 mA and an electron
energy of 5 keV, the density of such a plasma is about 3 × 1010 cm−3. Initially, at the target
heating, in addition to nitrogen ions, a significant number of ions, up to 50% of the total
ions, were produced through water vapor ionization processes: HO+, H2O+, and water
dissociation products O+, H3

+, H2
+, and H+. The sources of water molecules were the walls

of the vacuum chamber with a surface area of approximately 1 m2, the overall effective
surface of the boron crystalline target with dimensions 1 × 1 × 0.4 cm, and the total area of
about 0.1 m2. The appearance of water molecules on the walls and in the target was due to
their exposure to the atmosphere prior to the experiments. With the electron beam power
increasing to 0.7 kW, the surface temperature of the boron target at the beam focal spot
reached 2100 ◦C; this started the melting process, and the plasma spectrum recorded traces
of 10B+ and 11B+ ions. At this temperature, water molecules apparently evaporated from
the target and the heated walls, resulting in the appearance of peaks of water vapor ions
and their derivatives.

A further increase in the electron beam power of up to 1 kW led to an increase in the target
temperature at the focal spot to 2400 ◦C. Consequently, a brightly glowing melt area about
4 mm in diameter formed on the target surface, from which an intense evaporation of boron
occurred. In this case, the plasma density increased to approximately 1.6 × 1011 cm−3. The
fraction of boron ions in this plasma, evaluated by the height of its ion peaks in the spectrometer
signals, was approximately 75%, and their total density in the plasma was about 1.2 × 1011

cm−3. The ratio of 10B+ to 11B+ isotopes in the plasma at a beam power of 1 kW was 1:4, which
is close to their natural ratio. Thus, the concentrations of 10B+ and 11B+ in the beam plasma were
2.4× 1010 and 9.6× 1010 cm−3, respectively.

Because boron coatings are formed from two-phase states, namely, plasma and boron
vapor, it is important to know the contribution of each phase in coating formation. Because
the thickness, elemental composition, and specific density of coatings were determined
using independent methods, one can demonstrate that to form such boron coatings, the
flux density of atomic and ion boron onto the sample surface must be approximately
9.6 × 1016 cm−2 s−1. The speed of boron isotope ions of mass Mi that leave the beam
plasma with plasma electron temperature Te, in eV units, is determined by the ambipolar
speed of sound vi =

√
eTe/Mi. At Te ≈ 3 eV, this speed is v10B = 5.4 × 105 cm/s for

10B+ ions and v11B = 5.2 × 105 cm/s for 11B+ ions. Because only singly charged ions
were registered in the beam plasma, the flux density of 10B+ ions on the sample surface
equaled the product of their density in the plasma and their speed from plasma, which is
1.3× 1016 cm−2 s−1. This value was 5.0× 1016 cm−2 s−1 for the 11B+ isotope. Thus, the flux
density of all boron ions on the sample surface was around 6.3× 1016 cm−2 s−1. Comparing
this value with the above estimate of the total boron particle flux both in ionized and neutral
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states, it was concluded that the contribution of the plasma phase to the formation of boron
coatings is about 65 at.%, which exceeds the 35 at.% contribution of boron vapor.

Figure 3 shows the scanning electron microscopy (SEM) images of the surfaces of
the obtained boron coatings. The coatings do not contain any defects, pores, or cracks,
indicative of coating uniformity and smoothness. The boron coating deposited without
the electron beam comprises small tightly packed segments 30–150 nm in size, while
that deposited with a pulsed electron beam (regime 1) has a structure with discernible
round hills on the surface. The characteristic side of the hill base in the image field is
approximately 1–3 µm.
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Figure 3. Scanning electron microscopy (SEM) images of boron coatings on sample surfaces (a) after
deposition on the substrate and (b) after processing with electron beam pulses in regime 1 at a peak
current of 20 A and an electron energy of 8 keV.

Figure 4a shows the elemental composition of the coating, comprising 95.5 at.% boron
with small admixtures of carbon (3.7 at.%) and oxygen (0.9 at.%). Analysis of the elemental
composition of coatings modified and unmodified by the electron beam showed that beam
treatment did not practically change the coating composition. The carbon content in the
coating is caused by the presence of this element in the substrate material (steel A284).
Figure 4b,c shows the coating profiles measured using a Solver P47 SEM before and after
treatment with a pulsed electron beam in regime 2. For a better visual perception of the
beam effect, the scale of the height axes in Figure 4b,c is two orders of magnitude smaller
than the scales of width and length, and the columnar structure of the surface in Figure 4c
is actually a landscape of gently sloping hills. Hence, the deposition of coating forms a
relatively smooth surface with nonuniformities a few fractions of a micrometer in size,
while subsequent treatment by a pulsed electron beam leads to the formation of gentle
hills with a height of up to 1.5 µm. In contrast to SEM, the use of atomic force microscopy
(AFM) to determine the surface relief may screen small nonuniformities adjacent to the
larger ones with a larger height. Thus, Figure 4b shows mostly hills with a base diameter
of 1–10 µm although their structure qualitatively matches the surface structure in Figure 3b
with discernible smaller hills. The change in energy during the pulse action on the coating
does not significantly affect the picture of the surface; however, the size and height of the
hills in regime 1 are approximately 20% greater than those in regime 2.
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Figure 4. (a) Elemental composition of the obtained coatings. The surface profiles of (b) boron-based
coating and (c) boron-based coating after pulse modification in regime 2 measured under a Solver
P47 atomic force microscope.

Accelerated electrons in a solid are decelerated in the layer of their maximal range
of penetration. Based on previous works [32], this range Re in micron units at an electron
beam energy Ee = 0.5–10 keV in a solid with density ρ (in g/cm3) with an accuracy of better
than 15% can be estimated by

Re = 9× 10−2 ρ−0.8E1.3
e (1)

For boron coating ρ ≈ 2.2 g/cm3 and electron beam energy Ee = 8 keV, the value of Re
is 0.72 µm for regime 1, while for Ee = 6 keV, the Re value is 0.49 µm for regime 2. Thus, for
both regimes, the electron energy is released in the layer whose thickness is less than that
of the boron coating.

The dependence of energy density distribution Q absorbed from the beam of acceler-
ated electrons by the boron coating at depth x can be determined by [33]

Q(x) = (Ee/Re)(1− x/Re)
5/4(3− 2 exp(−(Z + 8/4)× (x/Re))(jeτe) (2)

where je and τe are the densities of the electron beam current on the sample surface and the
pulse duration, respectively, and Z = 5 is the number of electrons in a boron atom. When
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evaluating (x), it is convenient to substitute in the first factor in Expression (2), the electron
energy Ee in eV and Re in cm, and the remaining factors should use Re in µm. In this case,
the Q value is expressed in J/cm3 and the depth x is expressed in µm. The dependences
of the energy density distribution for the electron beam in both regime 1 and regime 2 are
shown in Figure 5.
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Figure 5. Distribution of the energy density Q absorbed by the boron coating from the beam of
accelerated electrons versus depth for two regimes. The beam parameters are τe = 500 ms, regime 1:
je =0.5 A/cm2, Ee = 8 keV, regime 2: je =0.75 A/cm2, Ee = 6 keV.

The boron temperature profile with depth x will approximately match the profile of
Q(x), provided that the condition

√
ατe � Re holds true, where α ≈ 0.1 cm2/s is the

thermal diffusivity of the boron coating. At experimental electron energies, this condition
is strictly satisfied for submicrosecond electron beam pulses, when the heat due to the
energy imparted from the beam at a depth Re does not have time to propagate deep
into the surface of the solid. However, even though this condition is not satisfied in our
experimental conditions due to much longer pulse width (hundreds of microseconds),
anyway, as follows from the dependences in Figure 5, about 70% of the released energy
of accelerated electrons and, therefore, the most intense heating of the coating material
occurs at a depth of 0.5Re, which corresponds to 17% of the overall coating thickness at
Ee = 8 keV and about 12% at Ee = 6 keV. That means that a significant part of electron beam
energy can be deposited even at much longer pulses. Moreover, because the experimental
processing of coatings was performed using a series of 300 pulses for 150 s, it is possible
that the gradual heating of the coating surface during this period of time took place.

232



Ceramics 2022, 5

The surface hilly structure appeared due to the beam action, which is apparently
related to cyclic temperature effects. The energy density of the pulsed electron beam on the
coating surface is about 2 J/cm2 per pulse, while the thermal conductivity coefficient of
boron is an order of magnitude less than those of the majority of metals. Thus, the surface
of the boron coating at the depth with the maximum release of the beam energy can heat
up to a temperature at which the thin surface layer of the coating begins to melt. A similar
relief of the surface of TiNi alloy was observed during repeated treatment by an electron
beam with an electron energy of 20 keV and a beam power per pulse of 4 J/cm2 [34]. Under
the beam action, a hilly structure was formed; the number of pulses (128) in this case was
comparable to that in our experiments (300 pulses). From a prior study [32], such surface
relief may be associated with the development of instabilities on the melt/vapor phase
interface under repeated action of the electron beam and cyclic melting and cooling of a thin
surface layer. Similar effects seem to take place in our case too. Another thing that can be
noted is that the pulsed electron beam treatment may have an effect on the structure of the
deposited coating at different depths. Although the study of such effects is an interesting
task, it was outside of the scope of the current research focused on the study of the surface
properties of the coating.

The structural phase properties of boron coatings were studied using synchrotron
radiation on beamline 2 of the VEPP-3 electron storage ring at the Anomalous Scattering
station. In the X-ray diffraction patterns of boron coatings treated and untreated with the
electron beam, reflections of low intensity and considerable width are observed. Among
them, there are two remarkable reflections that correspond to interplanar distances of 0.27
and 0.24 nm (areas 1, 2, 3, and 4 in the inset of Figure 6). These reflections are associated with
ultrafine crystals of nonstoichiometric boron nitride. Notably, these reflections decrease for
regime 2, which may be indicative of the partial destruction of crystals by the beam with
a high power density. However, the X-ray patterns do not show any reflections that can
be associated with the crystal structure of boron, as is the case for the hexagonal crystal
structure of the zirconium alloy. Thus, the hilly surface of the boron coating after the
beam treatment does not exhibit a pronounced inner crystalline structure, and the hills
themselves are not specific crystalline formations. This fact again verifies the nature of their
formation as a result of repeated melting and cooling of the coating surface at the depth of
the maximum beam energy release during the cyclic beam action.

Figure 7 shows the microhardness results of a steel substrate, a crystalline boron
target, boron coatings, and boron coatings treated with a pulsed electron beam (regime 1,
regime 2). The microhardness of the crystalline boron target is approximately three times
less than that of the boron coating. This is apparently due to the density of the target
(1.2 g/cm3) being lower than the measured density of the coating (2.2 g/cm3). The micro-
hardness of the boron coating is 12 ± 0.35 GPa, while additional surface modification with
a pulsed beam further increases the microhardness, up to 15.5 ± 0.45 GPa.

The adhesion measurements of the samples with boron-based coatings showed that
the pulsed beam treatment of coatings did not affect the adhesion value between the boron
coating and the sample surface. This is because the beam mainly affected the surface layers
of the coating as adhesion is the interface property of the coating–substrate boundary on
which the effect of beam treatment was weak. Figure 8 shows the typical micrographs
of the surface under different loads F exerted on a diamond indenter with a radius of
100 µm. As the pressure on the indenter increases, it begins to submerge into the coating.
This is accompanied by an increase in the coefficient of friction, indicating the growing
resistance of the sample to the indenter movement. At a load of 6 N exerted on the coating,
the coefficient of friction begins to fluctuate, which is indicative of the destruction of the
surface structure. In the micrograph of the 6 N load, the start of the local film peeling can
be seen. A further increase in the load on the indenter leads to increased fluctuations in the
coefficient of friction and in the submergence depth, which is indicative of the film peeling
off the substrate. The maximum load on the indenter was 30 N; nevertheless, it sufficed to
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completely peel off the coating. Traces of the coating remained on the substrate surface.
Thus, it can be estimated that the specific peel work of the coating was about 100 J/m2.

The wear resistance of the A284 steel samples with deposited boron coatings and the
samples with the same coatings modified by a pulsed electron beam was also measured.
The wear rate of the original sample was 6× 10−4 mm3/N·m, while that of the boron-based
coating sample was significantly lower and equal to 0.8 × 10−4 mm3/N·m. The wear rate
of the coating modified by the pulsed electron beam was 1.3 × 10−4 mm3/N·m, lower than
that for the uncoated samples but higher than that for the boron coating without beam
treatment. Thus, the boron-based coating increases the surface wear resistance by a factor
of 7.5, but the coating modification by a pulsed electron beam rolls it back by about 60%.
Meanwhile, even a surface with boron coating modified by the beam has a wear resistance
4.5 times higher than that without coating. In our opinion, the reduced wear resistance
of the boron coating after modification is associated with an increase in the coefficient of
friction due to the formation of the surface hilly structure.
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appear: regions 1, 2, 3, and 4. The wavelength of synchrotron radiation is 0.154 nm.
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Figure 8. Micrographs of the boron coating surface under different loads exerted on a diamond
indenter with a radius of 100 µm (regime 2), taken with an optical microscope; indenter loads: 1–3 N;
2–6 N; 3–9 N; 4–30 N.

Additionally, a corrosion rapid test was performed. Uncoated and boron-coated steel
samples were placed in 25 wt.% saturated aqueous NaCl solution and exposed at 70 ◦C for
200 h. We tested 2 samples without coatings and 10 samples with deposited boron coatings,
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including those treated with a pulsed electron beam. Uncoated samples bore traces of
pitting corrosion, distinctly seen in Figure 9a. Signs of corrosion were not noticeable on the
surface of all the boron-coated samples. As an example, we include here pictures of the
sample surface with boron coating treated with a pulsed electron beam (regime 2) and the
sample kept in the solution. This verifies the high corrosion resistance of boron coatings
and the absence of slits and cracks in them.
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Figure 9. Photographs of A284 steel sample surfaces after a 200-h exposure in 25 wt.% NaCl aqueous
solution: (A) uncoated sample, (B) sample with boron coating.

4. Conclusions

Electron-beam evaporation was used on boron targets to fabricate coatings on the
surface of A284 steel and ZrNb1 alloy with a thickness of a few microns and a uniform
structure. The deposition rate of boron coating at a power of 1 kW of a continuous beam of
a fore-vacuum source was about 0.5 µm/min. The coating density of 2.2 g/cm3 was close to
the density of crystalline boron. On comparing the data on the mass-to-charge composition,
beam plasma density, and coating parameters, it was concluded that the contribution of the
plasma phase to the growth of the boron coating exceeded that of the vapor phase.

The boron coatings were modified by a pulsed beam with electron energies of 8 and
6 keV and powers of 2 and 2.2 J/cm2 for a duration of 300 pulses at a repetition rate of 2 p.p.s.
Using SEM and AFM, it was determined that such modifications yielded a considerable
change in the surface morphology, forming a hilly structure with a characteristic size of
the hill base of 1–10 µm and a height of 0.2–1.5 µm. Analysis of the absorbed beam energy
showed that at a boron coating thickness of about 2 µm, 70% of the electron energy was
released at a depth constituting less than 20% of this thickness. Structural phase analysis of
coatings using synchrotron radiation showed that boron, both in modified and unmodified
coatings, was present in the form of amorphous or ultrafine phases. Based on the bulk of
the data obtained, it was concluded that the formation of the hilly surface structure was not
caused by crystallization due to the electron beam but was associated with cyclic melting
and cooling of the surface under the action of repetitive electron beam pulses.

Research on mechanical properties of the boron coatings showed that modification
of its surface by the electron beam improved the coating hardness from 12 ± 0.35 to
15.5 ± 0.45 GPa. Based on the study of the coating–surface adhesion, it was shown that
the specific peel work of the coating was about 100 J/m2. The measured wear resistance of
boron coatings was of the order of 10−4 mm3/N·m, which exceeded the wear resistance of

236



Ceramics 2022, 5

the A284 steel substrate manyfold. Based on the tests conducted in saturated salt solution,
we demonstrated that the deposited coatings have anti-corrosive properties.
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Abstract: Solid oxide fuel cells (SOFCs) are promising devices for electrical power generation from
hydrogen or hydrocarbon fuels. The paper reports our study of CaO-SiO2-B2O3 material with
composition 36 mol.% SiO2, 26 mol.% B2O3, and 38 mol.% CaO as a high-temperature sealant
for SOFCs with an operating temperature of 850 ◦C. The material was studied as an alternative to
presently existing commercial glass and glass-ceramics sealants for SOFCs with operating temperature
of 850 ◦C. Many of these sealants have limited adhesion to the surface of Crofer 22APU steel,
commonly used in these SOFCs. The present study included X-ray diffraction, dilatometric, thermal,
and microstructural analysis The study has shown that the softening point of the CaO-SiO2-B2O3

glass is around 900 ◦C, allowing sealing of the SOFCs with this glass at convenient temperature
of 925 ◦C. The CaO-SiO2-B2O3 glass sealant has shown excellent adhesion to the surface of Crofer
22APU steel; SEM images demonstrated evidences of chemical reaction and formation of strong
interface on sealant–steel contact surface. Furthermore, the glass has shown a coefficient of thermal
expansion about 8.4 × 10−6 1/K after sealing, making it thermomechanically compatible with the
existing SOFC materials.

Keywords: glass; glass-ceramic; microstructure; sealant; SOFC

1. Introduction

Solid oxide fuel cells (SOFCs) are promising electrochemical devices for conversion of
chemical energy of hydrogen and hydrocarbon fuels into electricity. The energy conversion
process goes directly through electrochemical reactions, bypassing the fuel-burning stage.
Compatibility of SOFCs with conventional hydrocarbon fuels along with high efficiency
and nearly noiseless operation make them an attractive solution for industrial and domestic
power generation.

SOFCs owe their compatibility with hydrocarbon fuels to their high operation temper-
atures; most of the commercial SOFC systems work at 800–100 ◦C. It should be noted that
in the last two decades, active research on SOFCs operating at intermediate (600–800 ◦C)
or low temperatures (500–600 ◦C) has been conducted [1,2], but these systems have not
yet reached the commercialization level. High temperatures used in SOFCs not only allow
use of hydrocarbon fuels, but also lead to high-quality exhaust heat that can be used for
domestic or industrial heating. Unfortunately, high the operating temperature of SOFCs
has its drawbacks. It increases duration of startup and stopping of SOFCs, introduces
additional requirements to thermomechanical and chemical compatibility of the materials
used in SOFCs, and complicates the choice of sealing materials for SOFCs [3].

Primary functions of the sealing materials in SOFCs include dividing fuel and air
streams inside the fuel cell, isolating the internal gases flow from the environment, and
mechanical consolidation of separate cells into a battery. No organic-based seals can be
used at 800–1000 ◦C, so glasses and glass-ceramics are employed instead. Choice of sealants
for SOFCs is a complicated task because they should meet a number of requirements. A
sealant should have a coefficient of thermal expansion (CTE) close to that of both ceramic
membrane (electrolyte) and metal interconnect (usually high-chromium steel or CFY alloy),
typically in the 8–12 × 10−6 1/K range. In addition, a strong adhesion should exist between
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a sealant and steel interconnect to ensure both impermeability for gas products and high
mechanical strength of the battery. The last requirement for SOFC sealing materials is the
stability of their chemical composition and physical properties during the operation of
the battery.

A number of glass and glass-ceramic sealant compositions for SOFCs are reported in
the literature and implemented in commercial products. Among the most frequently used
chemical compositions, one may note the following:

1. Barium aluminosilicate glass-ceramics. Their approximate chemical composition is
45–55 mol.% SiO2, 5–15 mol.% B2O3, 20–30 mol.% BaO, 5–15 mol.% Al2O3, minor
amounts of ZrO2, NiO, ZnO, and Cr2O3, and some other oxides. These glass-ceramics
usually have CTE of 10.5–11 × 10−6 1/K, nicely matching CTE of SDC and ScSZ
electrolytes. They show decent adhesion to heat-resistant steel such as Crofer 22
APU [4–10]. In these glass-ceramics, the choice of the appropriate amount of flux is
crucial to obtain material with the desired softening and glass-transition temperature.

2. Diopside-based glass-ceramics. These glass-ceramics are also frequently used to seal
SOFCs. Approximate chemical composition is 15–20 mol.% CaO, 25–35 mol.% MgO,
and 45–50 mol.% Al2O3, and minor quantities of Al2O3, SiO2, and B2O3 [6,11,12]. These
sealants also have CTE of about 10 × 10−6 1/K and decent adhesion to conventional
metal interconnect.

3. Modified soda–lime glass. Soda–lime glass, with the addition of alumina and in-
creased calcia content, is sometimes considered as glass sealant for SOFCs [4]. An
example of composition used is 50–60 % mol.% SiO2, 5–10 mol.% Al2O3, 24–28 mol.%
CaO, and 10–14 mol.% Na2O.

The materials mentioned above, especially barium aluminosilicate glass-ceramics, pro-
vide good sealing in SOFCs according to the literature. The procedure of SOFC sealing with
these materials includes heating of the whole battery well-above its operating temperature.
For example, for batteries operating at 850 ◦C, typical sealing temperature is 950 ◦C (Schott
394 glass). Dwell at the elevated temperature usually takes a few hours if conventional
sealants are used so that reaction between the sealant and metal interconnect takes place
and a strong interface is formed. The dwell at elevated temperatures may cause undesirable
changes in the structure of electrodes due to sintering processes and may lower power
output of the cell.

It is thus desirable to use glass or glass-ceramic sealant that quickly reacts with the
material of a bipolar plate forming strong interface such that it remains stable under
operating conditions. Indeed, other requirements for sealants still hold true for such
sealants. They should be thermomechanically compatible with high-chromium steel or CFY
and with the electrolyte used in the cell. Their properties should not deteriorate during
the operation of the fuel cell through crystallization or through further reaction with either
steel or the gas environment.

In the present work, we have investigated the glass-ceramic sealant of CaO-SiO2-B2O3
system with high boron oxide content of 26 mol.% B2O3. This system was chosen because
calcium borosilicate glasses are known to have CTE in the range 8–10 × 10−6 1/K and
glass-transition temperature about 650–700 ◦C [13–16]. CaO-SiO2-B2O3 glasses with boron
oxide content above 7–8 wt. % are rarely used as sealants for SOFCs; they primarily
find applications in the sealing of microelectronic components working at near-room
temperature [17–19]. The main reason for the limited high-temperature use of these glasses
is volatility of boron oxide in glasses and its ability to cause poisoning of the cathode
materials when volatilized [20,21]. However, in the present research, we hoped to achieve
a high degree of crystallization of the sealant material after heat treatment to bind the
boron oxide into the crystal lattice and into reaction products with steel and thus, lower
boron mobility.

The main aims of the study were the following:
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1. Study interface between CaO-SiO2-B2O3 sealant and Crofer 22 metal interconnect
after brief heat treatment or after treatment at temperatures lower than are conven-
tionally used;

2. investigate thermomechanical compatibility of the CaO-SiO2-B2O3 sealant and Crofer
22 interconnects;

3. investigate degree of crystallinity and phase composition of the sealant after the
sealing procedure both in and out of contact with steel interconnect.

2. Materials and Methods

We prepared a sealant with chemical composition 38 mol.% CaO, 26 mol.% B2O3, and
36 mol.% SiO2. Choice of the composition was based on the previous publications on low-
temperature applications of CaO-B2O3-SiO2 seals [13]. As initial materials for preparation
of the sealant, we used >99 % pure calcium carbonate, boric acid, and silicon dioxide
(Chemcraft, Russia). In order to mix the precursors homogeneously, we added bidistilled
water and mixed the slurry with a laboratory mixer UED-20 (UED Group, Russia) for 5 min.
The slurry was then left to dry in a laboratory oven at 100 ◦C for 15 h to remove water.

The dried mixture was then placed into platinum crucible and heated in air to 1500 ◦C
at heating rate of 2.5 ◦C/min. Heating was conducted in a vertical load furnace LHT 02/17
LB (Nabertherm, Germany). We chose low heating rate to allow full decomposition of
precursors to take place before the melting. We held the melt at 1500 ◦C for 1 h for the
components to form homogeneous melt. Then, we quenched the melt into bidistilled water.
After cooling of the water, we extracted the pieces of the resulting material and dried them
at 100 ◦C for 2 h.

The dried pieces of the material were ground with a mechanical mortar Pulverisette
2 (Fritsch, Germany). We used zirconia pestle and mortar to minimize contamination of
the material during grinding. We estimated the size of the ground powder with laser
diffraction method (Analysette 22 Next, Fritsch, Germany) and compared it to size of
commercially available powder glass Schott 394. For the purpose of the measurement small
quantity of ground powder was dispersed in bidistilled water, ultrasonicated to break any
agglomerates, and subjected to static light scattering measurement. It was performed to
ensure that there was no significant particle size difference that could influence comparison
of properties of the materials.

We performed X-ray diffraction (XRD) analysis of as-prepared sealants after heat
treatment both in and out of contact with Crofer 22 APU. XRD analysis was performed
on finely ground powder with copper X-ray tube in Bragg–Brentano reflective geometry
with Smartlab (Rigaku, Japan) diffractometer. Peaks were identified with the use of PDF
database. The latter was used as a reference material of a bipolar plate. XRD data were
used to estimate degree of crystallinity of the material and identify crystalline phases if any
were present.

We investigated high-temperature behavior of the prepared material. For this purpose,
we have put about 0.3 g of the studied material on Crofer 22 APU (ThyssenKruppVDM,
Berlin, Germany) plate with dimension 20 × 20 × 2 mm. The powder formed a loose cone
with 10-milimeter base and about 10-milimeter height. The plate with the powder was
then put to furnace and heated to a maximum temperature of 850–950 ◦C at 2 ◦C/min
rate, held there for 1 h, and cooled down at the same rate. Low heating and cooling rates
were chosen to minimize effects caused by CTE mismatch. Plate with the sealant was then
visually assessed to estimate suitable sealing temperature of the prepared material. We
ground the sealant after high-temperature treatment to prepare fine powder and performed
XRD analysis of its phase compositions. We also cut rectangular samples with approximate
dimensions 3 × 1 × 1 mm from the heat-treated sealant and measured its CTE in air
with dilatometer L75Vertical (LINSEIS, Berlin, Germany). The samples were measured
with heating and cooling rates of 3 ◦C/min and were held at 850 ◦C for 2 h. Ends of the
samples were covered with thin zirconia pellets to minimize reaction of the sealant with
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the measurement chamber. Expansion of zirconia pellets was accounted for and subtracted
from the final data.

In order to assess strength of the sealant adhesion to the Crofer 22 APU plate, we
performed a mechanical test. The steel plate was fixed in a vertical position by a lower
part not covered with the sealant in clamps. Then, we applied bending load to the upper
part of the plate in a way such that the sealant/steel interface was under tensile stress. We
registered the applied load at which delamination of the sealant occurred and calculated
the corresponding flexural stress.

We also investigated microstructure of sealant/steel interface. To prepare samples
for this study, we deposited a hollow square pattern of sealant on 20 × 20 × 2 mm Crofer
22 APU plate. For the deposition of the sealant, we used F4200N (Fisnar, Copenhagen,
Denmark) dispenser with terpineol-glass-PVB paste. Organic components for the paste
were supplied by Chemcraft, Russia. The as-deposited sealant was dried and covered
on top with similar Crofer plate. This “sandwich” structure was loaded with a force of
approximately 1 N and heat-treated in a furnace on the described above routine. A 150-
micrometer zirconia delimiter was put in the center of the assembly to avoid leaking of the
sealant under the load at elevated temperature. After cooling of the assembly, we prepared
and polished cross-sections of the assembly. We prepared SEM images of the cross-sections
with Supra 50 VP (Carl Zeiss, Germany) microscope. Both our material and commercial
Schott 394 glass were investigated this way. We used energy-dispersive X-ray spectroscopy
(EDXS) for elemental analysis of the cross-section and sealant/steel interface.

Thermal cycling tests were conducted on “sandwich” assemblies after heat treatment
at 925 ◦C. For thermal cycling, we put the assemblies with no load applied into a furnace
and heated them to 850 ◦C (typical temperature of SOFCs operation) with 2 ◦C/min heating
rate, held at this temperature for 2 h, and then cooled down to room temperature with
2 ◦C/min cooling rate.

Schematic diagram of the sequence of the experiments conducted in the present study
is given for reference in Figure S1 (Supplementary Materials).

3. Results and Discussion

CaO-SiO2-B2O3 sealant melted at 1500 ◦C flowed freely from the platinum crucible into
water. Its viscosity, as assessed visually, was much lower than that of barium aluminosili-
cate, diopside, and modified soda–lime glass sealants melted at the same temperature. The
as-quenched calcium borosilicate sealant was opaque white contrary to what we observed
on other types of sealants, which were transparent.

Mechanical strength of the as-quenched CaO-SiO2-B2O3 sealant was similar to that of
other sealants as judged from time required to mill quenched chunks of the material into
fine powder.

Particle size distribution of the CaO-SiO2-B2O3 powder is presented in Figure 1 along
with the data for commercial powder Schott 394 measured under the same conditions. It
is clear from the presented particle size distribution that the prepared sealant was similar
to the commercial product, although with slightly narrower distribution especially for
larger particles. Peaks of the distribution for our sealant lie at ~1.5 µm and at ~10–12 µm.
Commercial powder has a wider distribution slightly shifted toward larger particle size
with the rightmost peak at 30–40 µm. It should be noted that this peak corresponding to
30–40 µm particle can also be observed on the powder of our sealant, but there the peak
is much less intensive. The difference between the distributions can be illustrated by d10,
d50, and d90 values of the presented data. The values are shown on the insert in Figure 1.
All the values are slightly lower for the CaO-SiO2-B2O3 sealant, indicating that its particle
size distribution is shifted toward lower values. The most notable difference is in d90 value,
which is predictable given the difference in the right part of the distributions.
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Figure 1. Particle size distribution in a ground powder of CaO-SiO2-B2O3 sealant and in commercial
Schott powder.

Figure 2 shows XRD pattern of the ground CaO-SiO2-B2O3 sealant. No crystalline peaks
can be seen; three broad amorphous halos are present instead. They correspond from left to
right to interatomic distances 9.23 Å, 3.132 Å, and 2.01 Å. Among these distances, only 2.01 Å
may be clearly attributed to B–O bond length [22]. Other distance cannot be attributed to
either Si–O or Ca–O bond, which have lengths of 1.60–1.65 Å and 2.45–2.54 Å [23,24]. The
low-angle peaks may correspond not to distances between adjacent atoms, but to distance
between adjacent “strands” of the glass network.

Figure 2. XRD pattern of as-quenched CaO-SiO2-B2O3 sealant.
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Figure 3 shows schematic depiction of the sealant-on-plate assembly after heat treat-
ment at different temperatures for 1 h. We did not insert photographs here; because of the
relatively small size of the samples, it was difficult to make a high-quality “macrophoto-
graph”, showing the necessary details. Colors used in the figure are nearly identical to
actual colors of different zones of the sealant after heat treatment. The color of Crofer 22
APU plate is shown only schematically with hatching. Relative dimensions of the sealants
and the steel plate are lifelike with factual size of the plate 20 × 20 × 2 mm. Wetting angles
are also shown true to life.

Figure 3. Shape and color of sealants after heat treatment for 1 h.

For CaO-SiO2-B2O3 sealant, heat treatment at 800 ◦C for 1 h did not cause any notable
change in the geometry of the powder pile. Sharp edges of the particles remained and the
particles themselves were only loosely bound to each other. We observed no reaction zone
on sealant/steel interface. Increase in the temperature to 850 ◦C led to some softening of
the angles of the powder pile and to the formation of a thin (~ 100 um), but notable layer
of dark blue color at the interface with steel. Even further increase in temperature led to
progressive softening of the relief of the pile and thickening of the blue layer to ~300 µm at
925 ◦C. At this temperature, surface of the sealant became smooth, forming a drop, slightly
wetting the steel plate. It indicates that the glass softening point lies between 850 ◦C and
925 ◦C. For samples heated to 950 ◦C, we observed spreading of the sealant over the surface
of the plate, demonstrating excellent wetting and low viscosity of the sealant. The latter is
undesirable for sealing of SOFCs because low-viscosity sealant may flow from the designed
areas and block air or fuel channels. In the following discussions, part of the sealant that
was not in direct contact with the steel plate and did not change color significantly is
named “White area”. The part that was in contact with the plate and changed its color
to saturated blue is named “Blue area”. The key difference between these regions is that
the former represents change in the sealant itself after the heat treatment, while the latter
represents products of interaction of the sealant and Crofer plate. Experiments with Schott
394 glass were conducted only for 950 ◦C because it is a recommended sealing temperature
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for this sealant. The degree of the sealant softening at this temperature was similar to that
of CaO-SiO2-B2O3 sealant at 850 ◦C. Significant visual difference lies in the color of the
contact layer on the interface with steel. The color is saturated yellow as opposed to the
dark blue of CaO-SiO2-B2O3.

Mechanical test of adhesion strength was performed on samples with CaO-SiO2-B2O3
sealant heat-treated at 925 ◦C and on Schott 394 sealant heat-treated at 950 ◦C. We registered
the bending load was applied when the delamination of the sealant from the steel plate
took place. In the case of Schott 394, sealant delamination occurred at a load of 11 N, which
corresponded to flexural stress of 0.12 MPa. In the case of CaO-SiO2-B2O3, delamination of
the sealant took place at a load of 28 N, corresponding to flexural stress of 0.31 MPa. In the
present experiment setup, flexural stress represents tensile stress at steel-sealant interface
in the interface plane; therefore, it can be said that the strength of the CaO-SiO2-B2O3
adhesion to steel surface is approximately 2.5 times higher than that of Schott 394 sealant.
It should be noted that during exfoliation of the studied sealant, it came of the steel surface
with significant starting velocity unlike what was observed on the Schott 394 sealant. Such
behavior may follow from both external mechanical stresses introduced during the test
and from thermomechanical stresses generated at sealant–steel interface due to possible
CTE mismatch. Since it is likely that the appearance of the blue zone on the sealant/steel
interface was a result of the reaction between the CaO-SiO2-B2O3 sealant and steel, we
performed XRD study of both white and blue areas of the sealant after heat treatment at
925 ◦C. Figure 4 shows XRD patterns for both of these areas.

Figure 4. XRD patterns of white and blue areas of the CaO-SiO2-B2O3 after heat treatment at 925 ◦C.
Symbols mark positions of the most intensive peaks of different phases.

Sealant that was not in contact in Crofer plate is fully crystallized (upper curve in
Figure 4). The most prominent crystalline phases attributed to the observed peaks are
CaB2O4 (PDF 00-032-0155), SiO2 (Cristobalite modification, PDF 00-039-1425), and CaSiO3
(PDF 00-043-1460). The amount of amorphous phase in the white area is negligible. The
ratio between CaSiO3 and CaB2O4 allowed us to estimate boron content in the heat-treated
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sealant; it turned out to be close to the nominal value. XRD pattern of the blue area
shows the same crystalline phases with similar molar fractions of the phases with a slightly
higher CaSiO3/CaB2O4 ratio, which may serve as an indication that part of boron oxide
took part in reaction with the steel plate. The products of the reaction are likely to be
amorphous, as evidenced by the appearance of an amorphous halo on the XRD pattern. We
detected no crystalline phases containing iron or chromium (main components of Crofer
22 APU steel) in the blue area. However, the coloration itself hints at the presence of Cr3+

ions in the interface area. It may be assumed, thus, that the amorphous phase is formed
through reaction of at least boron oxide and components of the steel plate. Of course, other
components of the sealant could take part in the formation of the amorphous layers. XRD
patterns show that the sealant after heat treatment is glass-ceramic in the area near the
bipolar plate. Taking into account that thickness of the seal is usually well-below 500 µm,
we may safely assume that the entire seal will be composed of the “blue” zone, meaning
that the seal will be in the glass-ceramic state after the sealing procedure.

It was difficult to calculate molar fractions of the crystalline phases in powder prepared
from the blue area because of the significant contribution of the amorphous phase. Roughly,
ratios of the crystalline phases may be estimated to be 55 mol.% CaSiO3, 30 mol.% CaB2O4,
and 15 mol.% SiO2. We managed to calculate the amount of amorphous phase only
approximately to be 60–70% of total crystalline phases content. CTEs of the present phases
are, according to the literature:

1. CaSiO3 has a CTE of 11.2 × 10−6 1/K in a wide range of temperatures, as calculated
from high-temperature crystallographic data on CaSiO3 reported in the literature [25].

2. We found no results on CTEs of CaB2O4 in the literature. The closest match we found
in the literature is a paper by Kluev et al. [26], where the authors reported CTE of glass
consisting of 40 mol.% CaO and 60 mol.% B2O3 to be 7.29 × 10−6 1/K in 20–300 ◦C
range. Other results mentioned in the paper imply that material with 50 mol.% CaO
and 50 mol.% B2O3 may have slightly higher CTE.

3. SiO2 in β-cristobalite has a CTE changing significantly with temperature, having CTE
of 10.9 × 10−6 1/K at 100–500 ◦C rapidly falling to 1.7 × 10−6 1/K in 500–1000 ◦C [27].

Among the present crystalline phases, cristobalite, predictably, has the lowest average
CTE in the 100–850 ◦C range. It means that cristobality may serve as a main source of
thermomechanical stresses on the sealant-interconnect interface, which may be somewhat
mitigated by the glassy phase presenting dampening CTE mismatch. Crystallization of
SiO2 is an undesirable process, lowering overall CTE of the sealant and causing internal
thermomechanical stresses. This process should be suppressed by the introduction of
additional components to the sealant. We plan to use them in the process of further
development of the reported sealant.

To assess thermomechanical compatibility of the sealant and Crofer 22 APU, we cut a
rectangular sample of the sealant after heat treatment at 925 ◦C. We managed to prepare
suitable samples from the white area of the treated sealant because the blue area was too
thin (<300 µm). Of course, in the case of SOFCs sealing, the sealing space will be filled with
the material with phase composition of the blue area because of typically low thickness
of the seal (usually well-below 500 µm). Nonetheless, dilatometric data obtained on the
white (Figure 5) area may give a useful insight into properties of the blue area because of
the closeness of their phase composition.

It should be noted that the data presented in Figure 5, obtained on the sealant after
heat treatment, does not illustrate properties of the original glass. Instead, it shows prop-
erties of the sealant after the sealing procedure, which, we believe, are more important
when studying thermomechanical compatibility of the sealant and steel. Average CTE
in range 400–850 ◦C is 8.4 × 10−6 1/K. This value is lower than CTE of Crofer 22 APU
(11–12 × 10−6 at 800–900 ◦C) and than that of zirconia electrolyte (10.5–11 × 10−6 1/K).
CTE of the CaO-SiO2-B2O3 sealant is close to that of Schott 394 glass–8.6 × 10−6 1/K. It
allows us to assume that a sealant with CTE equal to 8.4 × 10−6 1/K is thermomechani-
cally compatible with Crofer 22 APU and zirconia-based electrolytes. Since the data were
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obtained on the sealant crystallized after heat treatment, it is impossible to determine the
glass-transition temperature from the presented dilatometry data.

Figure 5. Dilatometric curve of the CaO-SiO2-B2O3 sealant after heat treatment at 925 ◦C.

SEM images of the steel–sealant–steel assembly cross-sections are presented in Figure 6.
Figure 6a,b features an assembly with the CaO-SiO2-B2O3 sealant. It can be seen that a
strongly pronounced interaction area is formed; it consists of elongated formations with
predominant orientation normally to the interface surface. The interaction area appears
consistently along the entire sealant–steel contact surface. The sealant layer all along
the studied surface showed a solid structure without cracks or extensive pore networks,
which could lead to the loss of impermeability of the material. We have also held some
samples at the operation temperature of 850 ◦C for 100 h to examine if the reaction zone
propagates further into the sealant. We found no evidence of such behavior; SEM images
of as-heat-treated and aged samples were hard to distinguish from each other.

In the assembly with Schott 394, the interaction area was not pronounced, as can
be seen in Figure 6c. SEM images of the assembly with Schott 394 sealant show regions
where delamination of the sealant from steel surface is observed (central part of the lower
interface in Figure 6c). The delamination might have taken place due to possible factors:
(a) poor adhesion combined with thermal stresses at the interface or (b) contamination
of the steel plate surface prior to sealant deposition. The latter is unlikely because of the
careful preparation of the samples and consistency of the appearance of the areas with
delamination, but it cannot be entirely ruled out.

The reported CTE of the sealant is lower than that of steel interconnect or zirconia
electrolyte. The CTE mismatch causes thermomechanical stress, which was not high enough
to lead to immediate delamination of the sealant, according to conducted mechanical tests.
It, however, may lead to the degradation of the interface upon thermal cycling. SOFCs
rarely undergo a high number of thermal cycles to room temperature, since they usually
operate at a nearly constant temperature for prolonged periods. Nevertheless, a sealant-
interconnect interface should withstand a small number of cycles inevitably occurring at
startups or stops of the SOFC battery. We have thermally cycled the steel-sealant–steel
assembly 20 times and after that obtained an SEM image of the polished cross-section. We
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have observed no delamination or cracking of the sealant after 20 cycles. It may be supposed
that CTE of the reaction zone (blue zone) is different from that of the bulk sealant, perhaps
having intermediate value between bulk sealant and steel interconnect, thus avoiding
generation of large amounts of thermomechanical stress on the interface. However, it is
only an assumption, since we were not able to prepare a sample for dilatometry from the
reaction zone because of its small size. Another possible assumption, which is indirectly
supported by the SEM images of the interface, is that adhesion on the interface is strong
enough to withstand the thermomechanical stress.

Figure 6. SEM images of the cross-sections of sealant–steel assembly: (a) CaO-SiO2-B2O3 sealant,
(b) close-up image of CaO-SiO2-B2O3 sealant–steel interface, and (c) Schott 394 sealant.

For EDXS analysis of the sealant–steel assembly, we intentionally performed heat
treatment of the assembly at 925 ◦C for 6 h instead of 1 h. The purpose of such treatment
was to grow the sealant–steel interaction zone to obtain more reliable data on the elemental
composition. Prolonged exposure to high temperatures caused intensive growth of the
interaction zone with dendrite formations growing deep into the sealant layer. Figure 7
shows points where elemental composition was measured; these points are: (a) large
dendrite formations originating at sealant–steel interface, (b) dark contrast regions in the
sealant, and (c) gray-contrast areas in the bulk of the sealant. Table 1 summarizes our
findings on the compositions in these points. It should be noted that EDXS does not allow
detection of boron so boron is not listed in the table, but is indeed present as evidenced by
XRD data (Figure 4).
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Figure 7. Choice of points for EDXS of heat-treated sealant–steel assembly.

Table 1. Elemental composition in the points shown in Figure 7.

Type of Atom Content, mol.%
Point 1 Point 2 Point 3

Si 11.89 35.26 9.29
Ca 2.24 0.74 23.60
Cr 26.35 - 0.84
Fe 0.40 - 0.32
O 59.12 64.00 65.94

The gray-contrast area (point 3 in Figure 7) contains mostly Ca, Si, and O with minor
quantities of Cr and Fe. Presented in Table 1, elemental composition in the point cannot be
attributed to either CaSiO3, SiO2, or their mixture because of Ca/Si and Ca/O ratios. It
is evident that the disbalance in the amount of the elements is due to the presence of the
CaB2O4 phase. Darker contrast regions (point 2) show almost purely SiO2 with some minor
amounts of CaSiO3. Dendrite formations at the interface contain large amounts of Cr and
Si with a little Ca. It shows that at the sealant–steel interface, the sealant predominantly
reacts with Cr. The ratios Cr/Si and Cr/Ca allow us to safely assume that the reaction
product contains significant amounts of B. The latter was expectable because of the high
reactivity of boron. Furthermore, it agrees with the observations made from XRD patterns
of the reaction zone.

The main observed shortcoming of the studied sealant is its relatively low CTE of
8.4 × 10−6 1/K, which is lower than CTEs of most materials used in SOFC. For example,
metal interconnects and zirconia electrolytes usually have a CTE of about 11 × 10−6 1/K. CTE
of the studied sealant is also low relatively to CTEs usually offered by reported sealants. For
example, barium aluminosilicate sealants often have CTEs of 8.5–14 × 10−6 [4,9]. Calcium
aluminosilicates may have CTEs in a wide range including 7–12 × 10−6 1/K, depending
on the composition with higher values of CTE observed at low-silica and high-calcia
contents [28]. Despite this difference in CTEs, it is close to that of commercially supplied
sealants for SOFC, e.g., Schott 394 glass designed for high-temperature SOFCs has a
CTE of 8.6 × 10−6. Low CTE of the studied sealant is likely caused by the presence of
cristobalite and calcium metaborate phases with low CTE. It may be possible to improve
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thermomechanical properties of the sealant by substituting part of CaO for SrO or by
introducing some additional components such as La2O3 [4].

It should be noted that we only managed to measure CTE of the heat-treated sealant
that was not in contact with the steel interconnect. According to our XRD data, the part that
was in contact with the interconnect contained a significant amount of glassy phase with
some dissolved Cr3+ ions, as evidenced by EDXS data and by coloration of the reaction
zone. This glassy phase likely has CTE intermediate between that of heat-treated sealant
and steel interconnect, as indirectly evidenced by SEM images showing no cracks at the
cross-section of steel–sealant assembly.

The glass-transition temperature of the prepared sealant was not measured, but it
can be estimated from the literature data to be around 650–700 ◦C [17–19]. A high content
of glassy phase after sealing along with a relatively low glass-transition temperature and
excellent adhesion to the metal interconnect surface suggest that the prepared sealant may
be suitable for the sealing of SOFCs with an operation temperature of 800–850 ◦C.

4. Conclusions

The CaO-SiO2-B2O3 sealant prepared in the study may be considered a promising
glass-ceramic sealant for SOFCs with an operation temperature of about 800–850 ◦C. It has
excellent adhesion to the surface of Crofer 22 APU steel frequently used as a material of
bipolar plates in SOFCs. The prepared sealant has an acceptable CTE of 8.4 × 10−6 1/K
comparable to that of commercial sealants, although significantly lower than that of the
most SOFC sealants reported in the literature.

SEM images of the sealant-interconnect interface demonstrate that reaction took place
between the components’ forming layer, providing strong adhesion at the interface. In
addition, the sealant formed a dense structure with no cracks or pore clusters, which
indicates that this sealant can be used to prepare airtight seals for SOFCs. An excellent
adhesive layer was formed after sealing at 925 ◦C for 1 h. Usually, the sealing of SOFCs
operating at 850 ◦C requires heating to at least 950 ◦C for a few hours. The ability of the
studied sealant to adhere strongly at relatively mild sealing conditions is beneficial for the
preservation of the electrodes structure during sealing. Short-term aging at an operation
temperature of 850 ◦C for 100 h caused no visible change in the morphology of the interface,
indicating that the formed reaction zone is relatively stable.

We would like to note, however, that the 100-h experiment gives only preliminary
information about the stability of the sealant–steel interface and that of the sealant itself.
Further experiments with longer exposures should be carried out. A study of the sealant
stability in humid environments at operation temperatures will be of particular interest.
Furhtermore, experiments studying long-term stability of SOFCs sealed with the proposed
sealants should be conducted. These experiments will allow for assessing the effect of
high boron oxide content on electrode poisoning and studying stability of dielectric and
thermomechanical properties of the sealant.
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