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EDX analysis in a JEOL JSM-2200FS field emission gun transmission electron microscope (TEM) (JEOL
Ltd., Tokyo, Japan) in scanning TEM (STEM) mode, with a 30 mm diameter silicon drift detector from
JEOL. In addition, selected area electron diffraction (SAED) investigations in the TEM were utilized to
disclose the orientation dependency between the substrate and the Cu and FeMn layers. The results of
the SAED were evaluated using the Java electron microscopy software (JEMS) (Version 3.8224U2012,
JEMS-SAAS, Saas-Fee, Switzerland).

3. Results and Discussion

3.1. Ab Initio Interface Design

For the ab initio design of a suitable layer system, Figure 1 depicts the structural models as
well as the corresponding electron density distributions, which are used to explore the electronic
structure analysis. For MgO(001)/Cu(001)/Fe0.6Mn0.4(001), the calculated work of separation
value is 0.85 J/m2 for the substrate/Cu interface, which is consistent with literature [48] and
3.89 J/m2 for the Cu/FeMn interface. For α-Al2O3(0001)/Cu(111)/Fe0.6Mn0.4(111), the work
of separation value is 5.48 J/m2 for the substrate/Cu interface, which is in line with previous
studies [49] and 3.45 J/m2 for the Cu/FeMn interface. Hence, striking differences occur
for the considered substrate/Cu interfaces. MgO(001)/Cu(001) reveals a rather low work of
separation, which is still by one order of magnitude higher compared to a weak interface, for
example, ideal polypropylene/Ti0.5Al0.5N(002) [52] but smaller than medium strong interfaces like
V2AlC/α-Al2O3 [32] or Pt/NbO2 [53]. The α-Al2O3(0001)/Cu(111) interface exhibits a more than six
times higher work of separation which is in the range of strong interfaces such as Nb/α-Al2O3 [54],
TiO2/α-Al2O3 [55], or Al/diamond [56]. On the other hand, the work of separation for the
Cu/Fe0.6Mn0.4 interface in both layer systems is comparable and differs by 0.44 J/m2. The values are
in the range of other medium strong interfaces such as Ir/Ir3Zr [57].

  
(a) (b) 

Figure 1. Structural models of (a) MgO(001)/Cu(001)/Fe0.6Mn0.4(001) and (b) α-Al2O3(0001)/Cu(111)/
Fe0.6Mn0.4(111), each with corresponding electron density distribution in a (1120) plane of the substrate.
The work of separation (WS) and bond length (d) at the interfaces are also provided.
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The distinct differences in the calculated work of separation for the substrate/Cu interface can
be understood based on the Cu coordination at the interface, which is 1 between Cu and O for
MgO(001)/Cu(001) but 3 for α-Al2O3(0001)/Cu(111) with Cu being bonded to O via (short and strong)
ionic-covalent bonds. The origin of the difference in interfacial bonding can then be explained by
the different electronic structures of MgO and α-Al2O3: The Mg-O bonds are predominantly ionic
in character with significant charge transfer from Mg to O, while the Al-O bonds are characterized
by (ionic) charge transfer as well as some localization (hybridization; consistent with literature on
isostructural oxides [58]). For the O terminated α-Al2O3, the bond distance between Cu and O is 2.10 Å
and the shared charge between Cu and O provides only Cu-O bonds in the interface. Compared to
that, MgO is terminated by both O and Mg so that the weaker Cu-O interaction is characterized by less
near neighbours and hence the lower coordination and a bond distance Cu-O of 2.25 Å.

The comparable work of separation values for the Cu/FeMn interfaces in both systems can be
explained by the rather similar bonding conditions. The bond distance between Cu and Fe is 2.55 Å for
Cu(001)/Fe0.6Mn0.4(001) compared to 2.56 Å for the Cu(111)/Fe0.6Mn0.4(111) interface exhibiting a 13%
lower work of separation for the considered Fe0.6Mn0.4 lattice with its Mn content dependent lattice
constant. As the nature of both the Cu as well as the Fe-Mn bonds are mainly metallic offering itinerant
change with some localization between the atoms and there are no coordination modulations across
the interface, hence, the bonding conditions at the Cu/FeMn interface are maintained throughout
both layers.

Hence, the interfacial bonding between rigid substrate and Cu nucleation layer is theoretically
shown to be extraordinary high for α-Al2O3(0001)/Cu(111), which may facilitate the epitaxial
growth of Cu(111) on α-Al2O3(0001). The subsequent Cu(111)/Fe0.6Mn0.4(111) interface exhibits
high interfacial strength as well and may thus allow for the continuation of the epitaxial growth
throughout the interface between nucleation layer and FeMn thin film. Consequently, the layer system
α-Al2O3(0001)/Cu(111)/Fe0.6Mn0.4(111) is selected to be appraised experimentally.

3.2. Experimental Validation

A 10 nm layer of Cu subsequently followed by a 100 nm combinatorial FeMn layer was synthesized
on an α-Al2O3(0001) substrate and evaluated by EDX and spatially resolved XRD to identify the Mn
content range, in which the desired fcc FeMn forms. Figure 2a shows the XRD scans (2θ-scans
at fixed incidence angle ω) for Mn contents between 16 and 49 at. %. For Mn contents above
39 at. % the formation of phase pure fcc FeMn is observed. Lower Mn contents appear to facilitate the
formation of an additional bcc phase and are thus excluded from further analysis. Figure 2b shows
the Bragg-Brentano XRD scan of the fcc region of the α-Al2O3/Cu/FeMn sample, which is selected
for TEM analysis (TEM-EDX: ~42 at. % Mn). For comparison, the XRD scan of a sole 10 nm Cu
thin film (α-Al2O3/Cu)—deposited and measured under the same conditions—is included. Both
Bragg-Brentano scans solely exhibit the (111) peak of the fcc structure. The intensity difference is caused
by the difference in thin film thickness (110 nm for α-Al2O3/Cu/FeMn and 10 nm for α-Al2O3/Cu)
and thus measured volume. Hence, the fcc FeMn layer as well as the Cu layer are highly (111) oriented
and exhibit a very similar d111-value of about 2.08 Å. The presence of a (111) fibre texture was excluded
by φ-scans (2θ = 43.39◦, ω = θ◦, χ = 20◦) in the fcc region at ~42 at. % Mn. Figure S1 (Supplementary
Material) shows the maximum intensities plotted in dependence of φ, exhibiting maximum intensities
every 60◦ φ but minimum intensities in-between and thus refuting a fibre texture. Hence, XRD analysis
indicates local epitaxial growth, which will be confirmed by high resolution techniques.

The surface roughness of the FeMn thin film is determined to be as low as Ra = 0.6 nm with
a calculated standard deviation of 4% (based on ten individual measurements of 10 × 10 μm2;
a representative surface area scan can be found in the Supplementary Material, Figure S2). Hence, the
surface roughness is on the same order of magnitude as the one measured for the pristine α-Al2O3

substrate (Ra = 0.1 nm). Thus, a significant reduction of the surface roughness compared to the
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high temperature synthesis strategy resulting in surface roughness values of Ra = 58 nm [19] and
larger [16,17] (film thickness ~2 μm) could be obtained.

The STEM high angle annular dark field (HAADF) image of the layer system
α-Al2O3/Cu/Fe0.58Mn0.42 with the corresponding EDX line scan shown in Figure 3 confirms the
chemical stacking of the layer system: The α-Al2O3 substrate is characterized by high Al K and O
K intensities, while the nucleation layer shows a peak in Cu K intensity for a length of about 10 nm.
The Cu layer is directly followed by the ~100 nm thick FeMn layer with correspondingly high Fe K
and Mn K intensities. The uppermost region of the FeMn layer already shows significant intensities of
Pt M and Ga K, which is an effect of the FIB preparation necessitating the deposition of a Pt protection
layer in order to reduce Ga implantation. Spot EDX measurements of the Fe and Mn content in the
thin film layer result in 58 ± 1 at. % and 42 ± 1 at. % Mn, respectively, which is close to the calculated
Fe0.6Mn0.4 composition.

 
(a) (b) 

Figure 2. (a) X-ray diffraction (XRD) scans (2θ-scans at fixed incidence angle ω) of α-Al2O3/Cu/FeMn
in dependence of the Mn content of the FeMn layer; (b) XRD scan (Bragg-Brentano) of
α-Al2O3/Cu/Fe0.58Mn0.42, which is chosen for transmission electron microscopy (TEM) analysis
(comparison: α-Al2O3/Cu without FeMn layer).

The SAED of the α-Al2O3/Cu/Fe0.58Mn0.42 layer system confirms that the α-Al2O3(0001)
substrate is a chemically ordered structure and thus provides superstructure diffraction spots, as
shown in the indexed diffraction pattern in Figure 4a. Figure 4b shows the diffraction pattern and
an evaluation of the Cu/Fe0.58Mn0.42 layer. The Cu and the FeMn layer are not distinguishable
and offer the same diffraction spots, confirming that they exhibit the same fcc structure as well as
non-distinguishable lattice parameters. This was already indicated by the (macroscopic) XRD analysis
discussed above, see Figure 2b. The fcc Fe0.58Mn0.42 is a chemically disordered solid solution, which is
consistent with literature [25]. The orientation relationship between the α-Al2O3 substrate and the fcc
Cu/Fe0.58Mn0.42 suggests (local) epitaxial growth and is determined as follows:

• α-Al2O3(0006) || Cu/Fe0.58Mn0.42
(
111

)
[or

(
111

)
] and

• α-Al2O3
(
0330

)
|| Cu/Fe0.58Mn0.42

(
220

)
[or

(
220

)
]

The possibilities in square brackets are due to the rotational symmetry for a 180◦ rotation of the
diffraction pattern. Furthermore, the inverted diffraction pattern of the layer system in Figure 4c
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reveals that the (small, focused) diffraction spots of the α-Al2O3 substrate are not positioned at the
exact same positions as the (broad, unfocused) spots of the fcc Cu/Fe0.58Mn0.42 layer, indicating on the
one hand that the (local) epitaxial growth is realized but also that the slightly different lattice plane
spacing of α-Al2O3 and fcc Cu/Fe0.58Mn0.42 result in strain relaxation in the probed volume. Hence,
we have demonstrated that fcc Fe0.58Mn0.42(111) can be grown epitaxially on fcc Cu(111) which in turn
grows epitaxially on α-Al2O3(0001).

The low surface roughness of the 100 nm thick FeMn thin film, achieved by the local epitaxial
growth on the Cu nucleation layer, allows for the formation of a flat (2D) interface between the fcc
FeMn if another layer is deposited on top. This is a necessary step towards realizing the deposition of
a bi- or multi-layered (multiphase) thin film model systems to allow for the systematic evaluation of
interface dominated properties. These model systems are relevant to explore for example FeMn steels
containing precipitates or secondary phases. The single phase model systems can benefit from the low
surface roughness in terms of for example, a more accurate determination of mechanical properties by
nanoindentation or other roughness-sensitive analysis techniques.

Figure 3. Scanning transmission electron microscopy (STEM) high angle annular dark field (HAADF)
image of the layer system α-Al2O3/Cu/Fe0.58Mn0.42 with corresponding energy dispersive X-ray
(EDX) line scan including the Al K, O K, Cu K, Fe K, Mn K, Pt M and Ga K intensities. The intensity
signal is not corrected for peak overlapping.
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(a) (b) 

 
(c) 

Figure 4. Indexed diffraction pattern of (a) α-Al2O3 substrate (zone axis
[
2110

]
); (b) fcc Cu/Fe0.58Mn0.42

layer (zone axis [112]); (c) Diffraction pattern of the layer system α-Al2O3/Cu/Fe0.58Mn0.42 (fcc and
α-Al2O3 diffraction spots are labelled with red circles and blue squares, respectively).

4. Conclusions

In conclusion, a low temperature deposition strategy for the growth of smooth fcc FeMn thin
films was developed. Ab initio calculations suggest that the layer structure α-Al2O3(0001)/Cu(111)
exhibits higher interfacial strength than MgO(001)/Cu(001) and is thus chosen as substrate/nucleation
layer combination to enable (local) epitaxial growth of fcc Cu(111) on α-Al2O3(0001) as well as (local)
epitaxial growth of fcc FeMn(111) on fcc Cu(111). The work of separation between Cu and Fe0.6Mn0.4

does not differ significantly between the two configurations studied, and, as such, is not decisive
regarding the selection of the substrate system. However, the α-Al2O3(0001)/Cu(111) interface exhibits
a more than six times higher work of separation (5.48 J/m2) than the MgO(001)/Cu(001) interface
(0.85 J/m2) and hence strong interfacial bonding. This distinct difference in the calculated work of
separation can be understood based on the Cu coordination at the interface, which is 1 between Cu
and O for MgO(001)/Cu(001) but 3 for α-Al2O3(0001)/Cu(111).
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The low temperature deposition strategy for the growth of smooth fcc FeMn thin films was
critically appraised by synthesizing a 100 nm thick (combinatorial) FeMn thin film on a 10 nm Cu
nucleation layer which was in turn deposited on an α-Al2O3(0001) substrate (α-Al2O3/Cu/FeMn).
XRD confirms the phase formation of fcc FeMn for Mn contents above 39 at. %. The (local) epitaxial
growth of fcc Fe0.58Mn0.42(111) on fcc Cu(111) on α-Al2O3(0001) is verified by TEM/SAED with the
following orientation relationship: α-Al2O3(0006) || Cu/Fe0.58Mn0.42

(
111

)
and α-Al2O3

(
0330

)
||

Cu/Fe0.58Mn0.42
(
220

)
. The thin film exhibits the desired low surface roughness with Ra values as low

as 0.6 nm, which is on the same order of magnitude as the α-Al2O3 substrate (Ra ~0.1 nm) and at least
two orders of magnitude lower than the fcc FeMn based thin films deposited at high temperatures (Ra ≥
58 nm). Thus, the introduced synthesis strategy opens the possibility of the successful implementation
of thin film model systems for materials with interface dominated properties such as FeMn based
steels containing κ-carbide precipitates.

Supplementary Materials: The following are available online at http://www.mdpi.com/2075-4701/8/6/384/s1.
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Abstract: A key issue in understanding and effectively managing hydrogen embrittlement in
complex alloys is identifying and exploiting the critical role of the various defects involved.
A chemo-mechanical model for hydrogen diffusion is developed taking into account stress gradients
in the material, as well as microstructural trapping sites such as grain boundaries and dislocations.
In particular, the energetic parameters used in this coupled approach are determined from ab initio
calculations. Complementary experimental investigations that are presented show that a numerical
approach capable of massive scale-bridging up to the macroscale is required. Due to the wide range
of length scales accounted for, we apply homogenisation schemes for the hydrogen concentration
to reach simulation dimensions comparable to metallurgical process scales. Via a representative
volume element approach, an ab initio based scale bridging description of dislocation-induced
hydrogen aggregation is easily accessible. When we extend the representative volume approach
to also include an analytical approximation for the ab initio based description of grain boundaries,
we find conceptual limitations that hinder a quantitative comparison to experimental data in the
current stage. Based on this understanding, the development of improved strategies for further
efficient scale bridging approaches is foreseen.

Keywords: hydrogen embrittlement; multi-scale; multiscale modelling; chemo-mechanics

1. Introduction

Hydrogen embrittlement (HE) can be defined as the structural degradation of materials resulting
from exposure to hydrogen and often leading to abrupt and premature failure [1–7]. HE in complex
engineering materials is increasingly commonplace in key application areas, such as hydrogen-based
energy conversion cycles [8,9], high strength materials synthesis and coatings [10], marine and deep
sea technology as well as structural components in the oil and gas industries [11]. While there is a
critical need for such technologies to meet increasing worldwide energy demands, the damage risks
associated with HE has become a substantial bottleneck for further development.

Despite considerable effort, the mechanistic causes for HE are not yet completely understood
owing to its complex nature [12–14]. The competition of different defects for aggregating hydrogen,
especially between dislocations and grain boundaries, poses a crucial as well as intricate subject
of investigation in hydrogen embrittlement. Especially for dislocations and grain boundaries,
the competitive picture is complemented by possibly cooperative damage facilitation, as hydrogen
transport to grain boundaries via slip transfer. Currently, some viable mechanisms proposed in the
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literature are: (i) hydrogen enhanced de-cohesion (HEDE), (ii) hydrogen enhanced localized plasticity
(HELP), (iii) hydride-induced embrittlement, and (iv) hydrogen induced super-abundant vacancy
(HISAV) formation. In the HEDE mechanism, hydrogen diffusion to and its subsequent interaction
with the strained atomic bonds at the crack tip, result in a lowering of the cohesive energy of the
material [15], thus making it easier to form a Griffith crack [16–18]. The HELP mechanism was
proposed to account for observations of localized plasticity at the crack tip in a range of metallic
systems [2,19]. It is based on the influence of hydrogen in reducing the mobility of dislocations
by screening their interaction stress fields [20,21]. The corresponding increase in plasticity is highly
localized owing to the heterogeneous hydrogen distribution due to stress concentrations in the material,
and thus culminates prematurely in ductile fracture.

These failure mechanisms and failure-inducing effects depend on localised chemistry, stress and
deformation state, and the defects accessible to damage initiation. We therefore aim at the development
of an efficient, massively scale-bridging approach that allows for catching process-relevant states of
steel products, including massive deformations, high defect densities and varying chemical loadings.
The approach of choice is a coupled crystal plasticity finite element (CPFEM) phase field model that is
implemented in the Düsseldorf Advanced Material Simulation Kit (DAMASK) [22]. It operates on the
macroscale and therefore employs representative volume element (RVE) descriptions that allow for
including electronic and atomistic scale information about the system via efficient averaging in terms
of composite models.

The manuscript is organised as follows: in Section 2, our recent experimental findings in ferritic
steels, which exhibit grain boundary related hydrogen embrittlement, are presented. Hereby, we
motivate the subsequent theoretical considerations. In Section 3, the continuum model is introduced,
followed by a brief description of the implementation and the ab initio-based parametrisation.
In Section 4, the analytic ab initio based approximations for the influence of dislocations on hydrogen
aggregation are introduced and we compare the analytic composite model and the fully numerically
resolved full-field simulation results. Based on the excellent agreement, we extend the composite
model by an efficient, ab initio based description of grain boundaries. We recognise the conceptual
difficulties to include grain boundaries in terms of a composite model in an RVE spirit. Finally,
in Section 5, we summarise the insights gained and relate them to potential future approaches to the
inherently massively scale bridging problem of hydrogen embrittlement.

2. Experimental Findings

Our theoretical considerations are complemented by experimental measurements of hydrogen-
charged martensitic steel samples, focusing on fracture strength and hydrogen saturation. As we
are interested in a qualitative estimate for the difference in hydrogen concentration in steel due to
defects relative to a basic Sievert’s law estimate, a cold rolled martensitic stainless steel X20Cr13 is
chosen. Here, we expect a high dislocation density and a pronounced effect of defect-mediated
hydrogen aggregation.

Figure 1 shows an example of hydrogen induced cracking in a cold rolled martensitic stainless
steel X20Cr13 with the chemical composition 0.2% C and 13% Cr in weight percent. The material was
pre-charged with hydrogen in 0.05 M H2SO4 and 1.4 g/L Thiourea at the overpotential of −800 mVSCE
from 0–24 h to bring in different amounts of hydrogen into the material. Hydrogen charging was
carried out with potentiostat High-Power 96 from Bank GmbH, Pohlheim, Germany . A Calomel
electrode was used as a reference electrode and a platinum net was used as the counter electrode.
Before charging, the specimen surfaces were ground sequentially from #320 to #800 SiC grit paper
and finally polished with 6 μm diamond paste on canvas. After charging, the material was stored
in liquid N2 before hydrogen measurement by hot extraction with the hydrogen analysis equipment
LECO RH402. Figure 1a shows the evolution of hydrogen contents according to the charging period.
It reveals the material obtained as high as 27 ppm hydrogen after 24 h hydrogen charging. According
to the Sievert’s law, the solid solubility of hydrogen in pure iron under hydrogen pressure of 100 bar at
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room temperature accounts for 2 × 10−7, which is extremely low compared to the amount of hydrogen
measured in this experiment [23]. Therefore, it is assumed the oversaturated hydrogen due to the
hydrogen charging is associated with hydrogen at dislocations and grain boundaries. Figure 1a also
reveals the sharp reduction of fracture strength due to the charged hydrogen after a slow strain rate
test at the strain rate of 10−6 s−1, which is reduced from 1046 MPa to 432 MPa when the amount of
hydrogen is raised from 1.5 ppm to 20 ppm. Slow strain rate tests were performed with a constant
extension machine from Zwick, Ulm, Germany, with a maximum load of 30 kN. The tensile specimens
are in dog-bone shape with the geometry A25. Figure 1b illustrates the fracture surface from the failed
slow strain rate specimens. The as delivered X20Cr13 has the initial hydrogen content of 1.5 ppm,
which exhibits fully ductile (D) fracture feature with very fine dimple sizes. After charging with 5 ppm
hydrogen, the fracture surface changes to mixed transgranular (TG) and intergranular (IG) cleavage
and a few ductile islands. The cracks are propagating through the prior austenite grain boundaries
as well as the martensite lath. By further increasing the charged hydrogen, the TG and IG fractures
become more prominent. In association with the sharp reduction in fracture strength, the high amount
of charged hydrogen is assumed to be accumulating at the prior austenite grain boundaries and
reduces the grain boundary cohesion force.

Figure 1. Hydrogen induced cracking in a cold rolled X20Cr13 martensitic stainless steel. (a) the
evolution of hydrogen contents according to the hydrogen charging time and the fracture strength
according to the hydrogen charging time determined by a slow strain rate test at the strain rate
of 10−6 s−1; (b) fracture surfaces from the failed slow strain rate specimens with different amounts of
pre-charged hydrogen.

The complexity of the possible interpretation of the reported observations suggests a theoretical
approach that reaches the experimental dimensions. On the other hand, it also needs to catch
essential aspects of atomistic and electronic interaction of the hydrogen with the dominant species,
here presumably dislocations and grain boundaries. In the following section, the ab initio informed
crystal plasticity model is introduced, which we extend to include the effective description of these
defect species in the context of hydrogen aggregation.

3. Model Formulation

The description of the entire model covers several aspects on multiple length scales. For an
extended discussion of the model, see [24]. Following the continuum picture of the crystal plasticity
model and hydrogen transport, the numerical implementation is briefly introduced. Based on the
continuum picture, we explain which insights and parameters from the quantum mechanical level we
use for the scale-bridging approach, and briefly discuss the ab initio model.
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3.1. Continuum Model Formulation

Let B0 ⊂ R3 be a microstructural domain of interest, with boundary ∂B0. The deformation
resulting from an applied loading defines a field, χ(x) : x ∈ B0 → y ∈ B, mapping points x in the
reference configuration B0 to points y in the deformed configuration B and a concentration field,
cH(x) : x ∈ B0 → [0, 1], of the fraction of interstitial lattice positions occupied by hydrogen. The total
free energy density of this system is composed of mechanical, chemical and gradient contributions:

ftotal = fmech + fchem + fgrad. (1)

The constitutive model for the mechanical free energy density is presented first. Here, the total
deformation gradient, F = grad χ, is multiplicatively decomposed into an elastic, chemical interstitial
and plastic component as

F = FeFiFp. (2)

The elastic deformation gradient, Fe, determines the stress at a material point, where an anisotropic
elastic stiffness, C, relates the elastic GREEN–LAGRANGE strain measure [25], E, to the second
PIOLA–KIRCHHOFF stress measure, S [25]:

E =
1
2
(Fe

TFe − I), and S = CE. (3)

The chemical deformation gradient, Fi, is determined from the hydrogen concentration, cH,

Fi = εHcHI (4)

and results from the interstitial volumetric change associated with solute hydrogen occupancy, εH.
As we explain in more detail in Section 3.2, the concentration field cH will be evaluated based
on different equilibrium approximations. These distinguish whether no defects, dislocations or
dislocations and grain boundaries are present in the system. The plastic deformation gradient evolves
according to the flow rule

Ḟp = LpFp, (5)

where the plastic velocity gradient, Lp, is driven by the stress through the plasticity model. The crystal
plasticity model used in the present study, is an adoption of the phenomenological description of
Peirce et al. [26] for face-centered cubic crystals. The plastic velocity gradient Lp is composed of the
slip rates γ̇α on each of the 12 BCC {1 1 0}〈1 1 1〉 slip systems, which are indexed by α = 1, . . . , 12.

Lp = ∑
α

γ̇α bα ⊗ nα, (6)

where bα and nα are unit vectors along the slip direction and slip plane normal, respectively. The slip
rates are given by

γ̇α = γ̇0

∣∣∣∣τα

gα

∣∣∣∣
n

sgn (τα) (7)

in terms of the resolved shear stress, τα = S · (bα ⊗ nα). The slip resistances on each slip system, gα,
evolve asymptotically towards g∞ with shear γβ (β = 1, . . . , 12) according to the relationship

ġα = γ̇β h0

∣∣∣1 − gβ/g∞

∣∣∣a
sgn

(
1 − gβ/g∞

)
hαβ (8)

with parameters h0 and a. The interaction between different slip systems is captured by the hardening
matrix hαβ.
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The constitutive model represents an implicit system of equations to be solved for a consistent
elastic and plastic deformation gradient (for details see [27]). The mechanical free energy density is
then given by

fmech =
1
2

S · E (9)

and its minimization results in mechanical equilibrium in terms of the first Piola–Kirchhoff stress
measure, P,

δ fmech
δχ

= Div P = 0. (10)

The chemical free energy density for this system is based on the regular solution model

fchem =
1
Ω

[
EHcH + kBT[cH ln cH + (1 − cH) ln(1 − cH)]

]
, (11)

where Ω is the atomic volume, kB is the BOLTZMANN constant, T is the temperature and EH is
a hydrogen enthalpy. Though EH belongs to bulk Fe, the development of the hydrogen energy
description given in the subsequent part of this publication will also include dislocations and grain
boundaries.

Following [28], the free energy of the interface is given by

fgrad = κ|Grad cH|2, (12)

where κ is the surface energy parameter associated with the diffuse pore–matrix interface.
The evolution of the conserved concentration field is then given by the modified Cahn–
Hilliard equation

˙cH = Grad · MH Grad μH, (13)

where MH is the mobility of the hydrogen solute. Their chemical potential μH is thermodynamically
determined from the free energy density

μH =
δ ftotal
δcH

=
δ fmech

δcH
+

EH

Ω
+

kBT
Ω

ln
(

cH

1 − cH

)
, (14)

where the mechanical coupling with μH is obtained through Equation (4).

3.2. Numerical Implementation of the Continuum Model

For the numerical implementation of the chemoelastoplastic model, the Düsseldorf Advanced
Material Simulation Kit (DAMASK) [22] is used, an open source crystal plasticity finite element library.
For the sake of simplicity, we exemplarily introduce here representative volume elements (RVEs) used
for simulations of fcc materials. The respective numerical parameters will be described correspondingly
in the results part.

RVEs belong to the group of statistical approaches to achieve a representative homogenization
of a material’s microstructure for a macroscopic model. For plasticity models, the varying quantity
typically is the dislocation density. In Figure 2, an example of the RVE for a dislocation density of
ρ = 1 × 1015 m−2 is shown. The dislocation density ρ is given as ρ = Nd/V, where N is the number
of dislocations, d the circumference of the dislocation line, modeled as ellipse, and V the volume of
the simulation box. The semi major-axis is labelled a, the semi minor-axis b. The dimensions of the
dislocation lines are a = 15 nm ± 3 nm and b = 7 nm ± 3 nm, where ±3 nm here means that, for each
individual dislocation line, a value from the interval (−3 : 3) is randomly added to the corresponding
basic value of a and b. The dislocations are equally distributed on all 12 slip systems, i.e., on all
12 slip planes, only one dislocation is initially set, and the two additional dislocations are randomly
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distributed to a slip system. These dislocations are randomly positioned on the corresponding slip
systems. Such an RVE thus includes 25 different microstructural phases, i.e., 12 phases enclosed by the
dislocations, the 12 dislocations and the matrix phase.

Figure 2. Here, the inner of a dislocation and the dislocation line are shown separately.
top: the microstructure index 2–13 refers to the inner of dislocations, bottom: the microstructure
index 14–25 refers to dislocation loops. Microstructure index 1 refers to the matrix and is not shown.

3.3. Atomistic Parameterisation

A key aim of the present work has been to determine the parameters of the continuum model
from atomistic simulation. One important parameter is the effective binding energy of H in the vicinity
of a dislocation. Evaluating such a binding energy is challenging for a number of reasons. Firstly,
the long-range strain field around an ideal straight-line dislocation leads to the requirement of large
simulation cells to avoid elastic artifacts. Moreover, care must be taken to avoid interactions between
the interstitial H and its periodic images in the direction of the dislocation line. A third issue is that a
large number of possible configurations must be considered in order to obtain reliable sampling of the
potential energy surfce for hydrogen around such a dislocation.

In order to solve these issues, we utilise the environmental tight-binding (ETB) approach [29,30],
which enables the rapid evaluation of energies and forces for systems of arbitrary chemistry, within a
quantum-mechanical framework. The current approach requires the full eigenvalue spectrum of a
one-electron Hamiltonian matrix, thus solving the one-electron Schrödinger equation within a local
atomic-orbital basis set. Due to the cubic scaling of the eigenvalue problem, the present implementation
is limited to systems of the order of 103 atoms. The reliability of the approach for the Fe-H system has
been demonstrated by examining the H segregation behaviour at a selection of grain boundaries in
α-Fe [30].
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The chosen dislocation is the a/2〈111〉 screw dislocation in α-Fe, the behaviour of which is
highly relevant for plastic deformation of iron at low temperatures. In order to circumvent the
problem of long-range strain fields around a dislocation, and to avoid electronic surface effects arising
from the application of elastic boundary conditions, the well-known quadrupole construction [31] is
used, which allows for the study of dislocations within a periodic cell. In this approach, sketched
schematically in Figure 3, a periodic arrangement of dislocations of opposite Burgers vectors is
made, such that the long-range strain field is eliminated. One must take care that the distance
between dislocation pairs is sufficiently large so that their mutual interaction (which is of course
long-ranged) does not overshadow the effect under scrutiny. In these simulations, a rectangular
arrangement of periodic dislocations is chosen, which allows for the computationally convenient use
of an orthorhombic unit cell in the simulations; we found that a cell of 672 atoms is necessary to avoid
significant augmentation of the core structures of the dislocations.

[112]

[110]

[111]

_

__

Figure 3. Schematic images of the quadrupole dislocation construction used in the simulation. The blue
arrows indicate the helicity of the dislocations, with “up” and “down” arrows corresponding to screw
dislocations of Burgers vectors b = a/2〈111〉 and −b, respectively. The red circles indicate the effective
binding range.

Having obtained the relaxed dislocation configuration, the next stage is to assess the binding
energy of hydrogen to this dislocation. In order to avoid interactions between H atoms and their
periodic images, the simulation cell is extended by doubling the number of atomic planes along the
direction of the Burgers vector, thus resulting in a H-free simulation cell of 1344 atoms. By numerical
simulation, we find that the dislocation has an effective binding range of ∼5 Å from the centre of the
core. Within this radius, 72 plausible interstitial sites for H are found (per Burgers vector), and the
binding energy of each of these is evaluated (see Figure 4). The maximum value of the binding energy
(with respect to a single H atom in a tetrahedral site in bulk α-Fe) is found to be 0.34 eV at the core of
the dislocation. The median value of the binding energies is Ēbind = 0.14 eV, for a core radius rc = 5 Å.
To account for the entropic contribution of the dislocations, Ēbind is shifted by kBT ln(Vdislocation/Vvoxel)

in the scale bridging simulations.
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Figure 4. Each vertical line corresponds to one data point (due to symmetry, some points overlap).
The colors correspond to the distances from the dislocation core, measured by the radius R. The red
circles correspond to the 24 points closest to the dislocation core (R < 2.87 Å), the green squares are in
the “intermediate range” (2.87 Å < R < 4.04 Å), with the blue points belong are the outermost 24 points.
The density of states (DOS) curve is generated by broadening the delta functions by a Lorentzian
function of width kBT/2 (T = 300 K), with the integral under the DOS curve being normalised to 1.

While it would be possible to resolve the detailed picture presented in Figure 4 on a continuum
level when we stick to small simulation volumina or low defect complexities, see the results
reported [20,21], reaching process-relevant simulation boxes in the CPFEM approach requires further
homogenziation. Therefore, to make a connection to the continuum picture, we choose the binding
energies over a representative volume, such that the average H concentration within that volume
corresponds to the expected density of occupied interstitial sites with respect to the bulk H chemical
potential. The occupation of all interstitial sites within the dislocation line region will be one-half;
this choice corresponds to selecting the median value of the binding energy distribution function.
We note that, from the results obtained in terms of such comprisingly homogenised models, it is still
possible to reconstruct the distinct site occupations, but this is restricted to fully relaxed states.

For the parametrisation of grain boundaries, we refer to the results published in [15] for α Fe.
They show the dependence of the binding energy of hydrogen at an interstitial site on the spatial
distance to the grain boundary. Precisely, we refer to the calculations for a Σ3 [11̄0](112) grain boundary.
The resulting binding energy shows a pronounced attraction with binding energies from 150 to 330 meV
in a distance of about 2 Angstroms, while in distances from 2 to 7 Angstroms from the grain boundary
plane, the binding energy ranges from 10 to 40 meV.

4. Results and Discussion

Here, the results of our investigations are presented and it is discussed how they can be interpreted
in the context of grain boundary hydrogen embrittlement. On the phenomenological side, our main
interest is in the competition between dislocation and grain boundaries in the aggregation of hydrogen.
On the methodological side, the main goal is a quantitative scale transfer from the quantum mechanical
description of hydrogen at dislocations and grain boundaries to an elastoplastic deformation model
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on the macroscale that reflects hydrogen aggregation. Apparently, one of the core challenges in
such approaches is the reduction of complexity of the model while still catching the essential effects.
We reduce the complexity step by step, which allows us to consider in each stage of simplification the
loss of accuracy we inevitably tolerate in the description.

4.1. Modelling Hydrogen Aggregation Considering Dislocation Effects

We aim at the introduction of a composite model for the chemical potential and hydrogen
concentration in the RVEs. This approach introduces an analytic approximation for the non-mechanical
contributions to the hydrogen chemical potential, leading to a decrease of the computational expense
of the simulations. Therefore, we begin with the comparison of the corresponding analytical
approximations for the hydrogen distribution in volume elements with and without dislocations
to results from analoguous simulations. These approximations are valid for a single volume element.
The most basic approximation excludes also the influence of dislocations, leading to an average
concentration profile

〈c(μ, E)〉 =
exp

(
μ−E
kBT

)
1 + exp

(
μ−E
kBT

) (15)

with an average chemical potential μ = 〈μ〉 and formation energy E = E0 for the bulk description.
To include the dependence on the dislocation density in the model, the average concentration is split
into bulk and dislocation contributions:

〈c〉 = cbulk + νdis (cdis − cbulk) . (16)

Here, νdis is the volume fraction of the dislocation cores and νbulk the volume fraction of the bulk,
which are defined as νdis = πr2

c ρ and νbulk = 1− νdis, whereby rc describes the radius of the dislocation
core and, therefore, πr2

c describes the cross-sectional area of the dislocation line. The system is
described in a stationary state ċ = 0, and mechanical contributions are neglected. Equality of the
chemical potentials then provides expression for the concentration for the bulk and the dislocations
as cbulk = 〈c(〈μ〉, E0)〉 and cdis = 〈c(〈μ〉, Edis)〉 where we can, based on the calculations in Section 3.3,
set Edis = Ēbind.

When comparing the predictions based on the composite analytical model, Equation (15),
to the full field simulation results in Figure 5, we see that just the inclusion of the averaged
dislocation densities is a strict requirement for the accuracy of the approximation. While the
performance of the analytical approximation is convincing when dislocations are included, the situation
becomes much more complex as soon as we introduce grain boundaries in the system to simulate
polycrystalline samples.

Figure 5. Cont.
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Figure 5. Comparison of the numerical solution (blue) with the old analytical solution (red),
which includes no dislocation density and the new analytical solution (green) for different
dislocation densities. Including the dislocation density substantially improves the accuracy of the
analytically approximation.

4.2. Modelling Hydrogen Aggregation Considering Dislocation and Grain Boundary Effects

We distinguish two contributions to the hydrogen aggregation at grain boundaries here: on the
one side, the stress concentration at the grain boundaries when the system is subjected to mechanical
load and, on the other hand, the binding energies and binding length scales to the grain boundaries
when the system is free from external stresses. For the latter, we introduce a voxel averaging scheme
that allows us to include results from the ab initio calculations that are reported in [15] (see Figure 6).

Figure 6. Illustration of grain boundary and dislocation volume voxel averaging.

Here, Lvoxel is the length of the voxel and lGB the range of attractive sites associated with the grain
boundary. Then, the volume fraction of the grain boundary is defined as

νGB =
lGB

Lvoxel
. (17)

The average hydrogen concentration in this voxel can then be expressed as

〈c〉 = 〈c(〈μ〉, E0)bulk〉+ νdis

(
〈cdis(〈μ〉, Ebind)〉 − (〈cbulk(〈μ〉, E0)〉

)
+ νGB

(
〈cGB〉 − 〈cbulk(〈μ〉, E0)〉

)
. (18)
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Via the ab initio results from [15], the concentration becomes dependent on the distance to the
grain boundary as EGB = EGB(r) when r is the distance from the grain boundary, thus

〈cGB〉 =
1

lGB

∫ lGB

0
〈cGB(r)〉 dr. (19)

However, the grain boundary fraction we introduce via this scheme is then fixed for a given
voxel length, which leads to undesirable effects. When the voxel length is set to Lvoxel = 1 μm,
we obtain a hydrogen concentration profile as shown in Figure 7, corresponding to an estimated
grain boundary fraction of ∼10−3. This scenario shows basically no remaining hydrogen segregation
at the dislocations in the grains. To reduce the grain boundary fraction to values that show less
dominant hydrogen aggregation at the grain boundaries, a voxel length of about 100 micrometres has
to be chosen (see the simulation result obtained for that case in Figure 8). However, in that case, the
numerical parametrisation implies a solution of the elastoplastic equations on an undesirably large
spatial scale.

At this point, we have to recognise that defining a representative grain boundary binding energy,
which can be used to obtain a composite model, i.e., analytical description, is a rather ineffective
approach in comparison to the composite model for the dislocations. The spatial distribution
of dislocations can be assumed to suffice the requirements to be fulfilled for a representative
volume element definition, but the distribution of grain boundaries is subject to complex geometric
constraints. Furthermore, the characteristic length scale of the grain boundary distribution is typically
several orders of magnitude larger than the characteristic length scale of the dislocation distribution.
This comparably small density requires larger representative volumes for the composite model,
which would introduce further inaccuracies to the model.

To reflect the simulation results, we relate them to classical McLean [32] segregation profiles based
on the same ab initio data sets. This includes estimates for the hydrogen segregation from dislocations
to grain boundaries and the effect of hydrogen enrichment at the grain boundaries on segregation to
further increased concentration levels.

Figure 7. Simulation of a polycrystal containing dislocations with a binding energy to grain boundaries
and a voxel size of Lvoxel = 1 μm.

We estimate the influence of a locally hydrogen enriched grain boundary region on the segregation
behaviour of additional hydrogen to those remaining attractive sites at the grain boundary. For this
sake, we assume that the work of volume expansion due to the hydrogen is the dominant contribution
to the solution energies. Furthermore, we assume that the change in the work of volume expansion
under hydrogen solution with increasing hydrogen content is dominated by the change of the bulk
modulus of the region at the grain boundary.
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Figure 8. Simulation of a polycrystal containing dislocations with a binding energy to grain boundaries
and a voxel size of Lvoxel = 100 μm.

Therefore, we consider the following two limiting cases. First, when no other hydrogen atoms
are present at the GB, the resulting segregation profile in a simple McLean picture is just based on
the energies reported in [15]. In the second limiting case, we assume that half of all locally available,
attractive sites, i.e., with a formation enthalpy ≤ 0.25 eV, are populated. For the Σ3[11̄0](112) bcc grain
boundary, this corresponds to a minimum of three hydrogen atoms per volume V ≤ 10−28 m3, which is
in the order of 10% at hydrogen at the grain boundary. To estimate the difference in the segregation
energy, assume ΔEel = νΔB0 is assumed, with bulk modulus contrast ΔB0 and partial molar volume
of hydrogen ν. The exact elastic grain boundary data we need is not available, but the change of the
bulk modulus due to the hydrogen aggregation at the grain boundary is estimated based on the bulk
results reported in [33]. The resulting change ΔB0 is approximated as 15 GPa. For the partial molar
volume of hydrogen, we refer to the comprising studies summarized in [34], which suggest a constant
value of 1.7 × 10−6 m3/mol of atomic hydrogen (half of a H2 molecule) over wide temperature and
pressure ranges. The shift for the segregation energy then amounts to ΔEel ≈ 15 × 1.7 × 103/NA eV/J,
i.e., ΔEel ≈ 255 meV.

This value certainly represents a grain boundary that is very densely populated by hydrogen.
As the most attractive sites are restricted to a distance of 1–2 Angstroms away from the grain boundary,
we assume that the elastic shift of the segregation energies only affects those sites that lie in this
area. For the Σ3 grain boundary investigated in [15], this corresponds to the four sites within
approx. 2 Angstroms distance.

The resulting segregation profiles are shown in Figure 9, and the effect of the local elastic softening
on the segregation profile is partially compensated when also dislocations as hydrogen traps are taken
into account. While the detailed data presented in Figure 4 shows a maximal attraction of 0.34 eV
in the area close to the dislocation core, we use here the averaged dislocation binding energy of
0.14 eV, corrected by an entropic contribution about kBT ln (Vdislocation/Vvoxel). This is consistent as it
reproduces an occupation of the dislocation-associated sites, which is reasonable for hydrogen enriched
regions, and we make a similar assumption for the estimate of the occupation shift due to the hydrogen
induced elastic softening. For an interpretation in the context of macroscopic metallurgical processes,
a more detailed description of the ambient hydrogen chemical potential is required. Apart from the
surface properties of the samples, especially surface roughness and surface porosity, the humidity of
the atmosphere is also essential. When the samples are subjected to large thermal gradients due to
heat treatment, the distribution of hydrogen at grain boundaries and dislocations close to the surface
will change depending on the distance to the surface.
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Figure 9. Segregation profiles for the sites in the vicinity of the grain boundary. The curves with
cross symbols correspond to a temperature of 300 K, the curves with box symbols correspond to a
temperature of 800 K. For both temperatures, the solid lines correspond to the segregation from a bcc
bulk site with formation enthalpy ΔE = 0.25 eV to the sites with energies and spatial distance to the
grain boundary plane as reported in [15]. The dashed curves assume that the segregating hydrogen
atom moves into a hydrogen enriched region which is limited to those sites within 2 Angstroms
distance to the grain boundary plane. The hydrogen enriched zone has a reduced bulk modulus,
and the resulting shift is about 255 meV. The dotted lines correspond to data that takes account that
high local plasticity densities act as effective traps and that the hydrogen has to overcome the binding
energy of about 140 meV. We note that the hydrogen is absorbed into the dislocations both for 300 K and
800 K from those sites that are more than 2 Angstroms away, expressed by positive segregation energies.
This leads to a weak depopulation of this region at 800 K and a pronounced depopulation at 300 K.

This resulting effect of hydrogen binding to dislocations and hydrogen enrichment due to reduced
mechanical resistance to hydrogen aggregation is a high local hydrogen density at the grain boundary.
Though these results are based on estimates for the bulk modulus contrast and an effective dislocation
binding energy, which result from a site occupation median, they exhibit the weakness of ferritic grain
boundaries to hydrogen accumulation. For increasingly high levels of hydrogen aggregation to the
grain boundary, as they are required for hydrogen embrittlement, a kinetic transport of hydrogen is
required in addition to thermodynamically driven transport. As recently pointed out in [35], hydrogen
shielded slip transfer to grain boundaries might offer not only a source for grain boundary stress
concentration, but also this non-thermodynamical hydrogen transport process.

At this point, it is worth discussing the effect of the presence of hydrogen atoms along the grain
boundaries on the plastic behavior on the polycrystalline metals. Recent simulations [35] show that
hydrogen atoms have multiple effects of the dislocation–GB interactions. First of all, the segregated
hydrogen atoms can develop stress field around the grain boundaries. These stress fields which stem
from the misfit volumetric strain of the H atoms can attract/repel the dislocations. Thus, the average
slip along the GBs can change [35]. This change promotes the accumulation of slip in local regions
along the boundary that can lead to the formation of nano-cracks and voids.

Moreover, the presence of H atoms can not only significantly increase the critical shear stress
needed for resolving the lattice dislocation in the grain boundaries, but it can also change the nature
of the GB–dislocation interaction. The presence of H atoms can block the dissociation of the lattice
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dislocations into GB-dislocation. Thus, the slip either remains along the grain boundary or is transited
to the adjacent grain at significantly higher stresses. This leads to the formation of more populated
pile-ups and eventually leads to intergranular fracture of the grain boundary surfaces. The dislocations
that are present in the pile ups can attract hydrogen atoms and deliver it to the grain boundary.
As shown in previous studies in nickel, these extra hydrogen atoms can reduce the fracture energy
significantly [36] and make brittle fracture favourable. This intergranular fracture cannot be achieved
by considering only the equilibrium segregation hydrogen atoms along the boundary [37]. However,
clarification of the kinetic aspects of this process needs further investigation.

5. Conclusions

Within our attempt to find efficient and predictive models for hydrogen segregation based
on ab initio data, we present an analytic composite model for dislocation RVEs. Due to the
comparably homogeneous distribution of dislocations, the length scales of defect separation and
defect extent are unproblematic for the representative volume approach for dislocations and we
can introduce an effective binding energy that leads to good agreement in the efficient composite
model and full field simulations. When extended to also include grain boundaries in an RVE
spirit, also based on ab initio determined binding energies, we recognise a conceptual difficulty
of the analytical model. This challenge originates from the strong seperation of the length scales
describing defect extent and defect distribution in the case of grain boundaries. A thorough approach
to this problem would first demand a comprising analysis of the limitations of scale transfers
between the description of grain boundaries on the ab initio scale and within the crystal plasticity
picture, which models grain boundaries indirectly. Therefore, one of the key challenges is the vast
combinatorical complexity of compositional and structural degrees of freedom in grain boundaries.
On the one hand, the computational expense of state-of-the-art grain boundary calculations, which still
exhibit substantial discrepancies to experimental measurements, is enormous. On the other hand,
there are few approximative schemes available to interpolate or extrapolate data sets to differing grain
boundaries, even if such data sets are available. Consequently, any comparability to experiments is
limited to well defined model systems at the moment.

Apart from this methodological challenge, the simulations and theoretical considerations predict
a strong hydrogen segregation in atomic distance from grain boundaries well in competition with
dislocation based aggregation when local hydrogen occupation is elevated at the grain boundary.
This competition between hydrogen segregation at dislocation and grain boundaries is also observed
in the experimental measurements. In the low hydrogen concentration condition, the cleavage
fracture indicates weak interaction between diffusive hydrogen and grain boundary, whereas the
interaction becomes intensified with a higher amount of hydrogen. Therefore, there is still a challenge
to quantitatively define the critical hydrogen contents leading to grain boundary decohesion for
different material groups.
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Abstract: Based on first principles calculations, we theoretically predict the new two-dimensional (2D)
MgH2. The thermodynamic stability, partial density of states, electron localization function, and Bader
charge of pure and the transition metal (Ti, V, and Mn) doped 2D MgH2 are investigated. The results
show that all the systems are dynamically stable, and the dehydrogenation properties indicate that
the decomposition temperature can be reduced by introducing the transition metal, and the Mn
doped system exhibits good performance for better hydrogen storage and dehydrogenation kinetics.

Keywords: 2D MgH2; hydrogen storage; first principles; dehydrogenation kinetics

1. Introduction

Hydrogen energy is considered to be the most promising alternative because it is lightweight,
environmentally friendly, highly efficient, renewable, and abundant on earth. However, the storage
limits the application of hydrogen. Metal hydrides are considered as the most promising materials
for hydrogen storage and have been widely investigated in the past decades [1]. Among them,
magnesium-based alloys and magnesium hydrides can achieve the hydrogen storage capacity of
7.6 wt % [2–8]. However, the high thermodynamic stability (the heat of formation is around
−75.99 kJ/mol·H2), high desorption temperatures (above 573 K), and slow dehydrogenation kinetics
seriously limit the practical applications [3,9,10]. Therefore, it is always a central task to design
new materials or adopt efficient strategies for achieving lower desorption temperatures and good
dehydrogenation performances.

Previous studies show that the bonding nature of MgH2 is a mixture of strong ionic and weak
covalent bonding [11], and weakening the interactions may be an effective strategy to improve
dehydrogenation performance. It has been reported that doping with transition metal elements or their
oxides mixtures with MgH2 can effectively reduce its stability and improve the hydrogen desorption
thermodynamics [3,12–17]. Oelerich [15] et al. have reported that MgH2 milled with Fe3O4, V2O5,
Mn2O3, or Cr2O3, etc. can accelerate the hydrogen desorption kinetics. Shang [3] et al. have studied the
hydrogen storage performance of (MgH2 + M) systems (M = Al, Ti, Fe, Ni, Cu, and Nb) experimentally
and theoretically, and they found that MgH2 mixed with those metals can reduce the stability and
improve the hydrogen desorption kinetics. Nonetheless, the MgH2 systems still have a high desorption
temperature around 500 K. It is noted that the bulk MgH2 has been extensively investigated, however,
the single-layer magnesium hydrides have been largely ignored. Motivated by the above mentioned
details, we focus on exploring new structures with good dehydrogenation performance in this work.

In this paper, the new two-dimensional (2D) MgH2 structure is theoretically predicted and studied
by first principles calculations. The stabilities of pure and Ti/V/Mn doped MgH2 are discussed by the
phonon spectra and heat of formation. The calculated heat of formation for pure and Ti/V/Mn doped
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2D MgH2 are −37.57, −25.67, −18.14, and −23.90 kJ/mol·H2, respectively, which are significantly
lower than that of −75.99 kJ/mol·H2 of bulk MgH2. The electronic structure and hydrogen desorption
kinetics results show that the predicted two-dimensional magnesium hydride are promising candidates
for hydrogen storage.

2. Computational Details

The structural optimization and electronic property calculations were performed using the
projector augmented plane-wave method (PAW) based on the density functional theory (DFT) in
the Vienna ab initio simulation package (VASP) [18,19]. The exchange-correlation potential was
approximated by generalized gradient approximation (GGA) in the Perdew-Burke-Ernzerhof (PBE)
form [20,21]. To avoid the interlayer effects of the c-axis, the vacuum region around 15 Å was set in all
the systems. The energy cutoff of 600 eV and the 9 × 9 × 1 Γ-centered Monkhorst-Pack k-points [22]
were employed for all calculations. The atomic positions were fully relaxed and the force tolerance
between each atom was less than 0.01 eV/Å for the structural optimization. The convergence criteria of
10−6 eV per atom was applied to be self-consistent. Meanwhile, for calculation of electronic structures,
we also applied the local density approximation (LDA) [23] and HSE06 [24] was functional. The kinetic
stability was discussed using the phonon spectra calculations in PHONOPY code coupled with VASP
using the density functional perturbation theory (DFPT) method [25–27].

3. Results and Discussion

Figure 1 shows the fully relaxed structure of the top and side view of pure 2D MgH2 of the
hexagonal structure with space group P-3m1 (D3

3d). The primitive cell has the lattice constant
of a = b = 3.01 Å, the Mg-H bond length of l = 1.97 Å, and the buckled height of d = 1.86 Å.
The next calculations were performed for the 3 × 3 × 1 supercell of 2D MgH2, named Mg9H18.
The corresponding lattice parameters, Wyckoff [28] and atomic positions, are shown in Table 1. As is
seen, there are nine Mg atoms located at 1b (Mg1), 6h (Mg2), and 2d (Mg3) sites, while the eighteen H
atoms are located in three identical Wyckoff positions, i.e., 6i, as shown in Figure 1.

Figure 1. The relaxed unit cell of Mg9H18. The primate cell is marked with a red dashed box.
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Table 1. The relaxed structural parameters and atomic positions of Mg9H18.

Lattice Parameters Atom
Wyckoff Atomic Positions (Fractional)

Positions x y z

164(P-3m1) Mg1 1b 0 0 0.5
a = b = 9.033 Å Mg2 6h 0 0.33333 0.5

c = 15 Å Mg3 2d 0.33333 0.66667 0.5
d = 1.86 Å H1 6i 0.11111 0.22222 0.43783
α = β = 90◦ H2 6i 0.22222 0.44444 0.56217

γ = 120◦ H3 6i 0.11111 0.55556 0.43783

In this work, three different Mg sites are considered as possible positions for substitution
doping. Meanwhile, defects are inevitable in synthesis or processing and can usually affect their
properties [29–33]. The most common types of defect are vacancy defects, so we also considered
the vacancies of Mg (Mg8H18) for comparison to the doped systems. The formation energies were
calculated to determine the favorable positions of doping elements of Ti/V/Mn, which is defined
as ΔE = Etot(Mg8H18Xn) − Etot(Mg9H18) − n Etot(X) + Etot(Mg), where Etot is the total energy of the
system, the parameter n = 0/1 represents Mg vacancy, and X (X = Ti, V, and Mn) doped. The energies
are listed in Table 2. It is noticed that the Mg8H18 and Ti/V/Mn doped systems have positive energy,
indicating that the stability of all the systems are lower than that of pure Mg9H18. In addition, for the
three high symmetry sites of Mg1 (1b), Mg2 (6h), and Mg3 (2d), the ΔE are nearly identical, therefore,
we assume that all the doped-sites are located at the Mg1 site in the following work. The relaxed
parameters and bond lengths of Mg9H18 and Mg8H18X (X = Ti, V, and Mn) are listed in Table 2, and for
the detailed lattice parameters, see Table A1 (Appendix A). As is seen, the bond length of Mg-H is
changed, which indicates that the doped X atoms break the symmetry of the 2D MgH2 structure.

Table 2. The energy (ΔE), the lattice parameter (a), and bond length of Mg9H18, Mg8H18 and Mg8H18X
(X = Ti, V, and Mn).

Hydride
ΔE (eV) Parameter Bond Length (Å)

Mg1 Mg2 Mg3 a (Å) Sub-H1 Mg2-H1 Mg2-H2 Mg2-H3 Mg3-H2 Mg3-H3

Mg9H18 0 0 0 9.033 1.972 1.972 1.972 1.972 1.972 1.972
Mg8H18 2.968 2.968 2.968 9.062 - 1.894 2.043 1.976 1.947 1.992

Mg8H18Ti 1.113 1.114 1.114 9.027 1.915 1.997 1.964 1.982 1.946 1.990
Mg8H18V 1.818 1.818 1.819 8.951 1.822 1.999 1.945 1.992 1.939 1.983
Mg8H18Mn 1.279 1.279 1.279 8.815 1.691 2.028 1.911 2.008 1.937 1.965

Structural stability is discussed by the phonon spectra calculations using the DFPT method, as is
shown in Figure 2. Clearly, there are no imaginary frequencies in the whole Brillouin zone, indicating
that all the systems are dynamically stable. Meanwhile, the heat of formation (ΔH) [7,34–36] is one of
the most fundamentally thermodynamic properties. The heat of formation can be obtained directly
from the equation ΔH = [Etot(Mg9-nH18Xn+m) − (n + m) Etot(X) − (9-n) Etot(Mg) − 9 Etot(H2)]/9,
where the parameters (n = 0, m = 0), (n = 1, m = −1), and (n = 1, m = 0), represent pure, Mg vacancy,
and X (X = Ti, V and Mn) doped Mg9H18, respectively. The value of Etot(H2) of −6.762 eV in a
10 × 10 × 10 Å3 cubic cell is very close to −6.773 eV reported in Ref. [37].
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Figure 2. The phonon spectra of Mg9H18 (a); Mg8H18Ti (b); Mg8H18V (c); and Mg8H18Mn (d).

The estimated heats of formation are listed in Table 3. As is seen, the heat of formation
of Mg9H18, Mg8H18, Mg8H18Ti, Mg8H18V, and Mg8H18Mn are −37.57, 31.71, −25.67, −18.14,
and −23.90 kJ/mol·H2, respectively. The results show that the stability decreased for the doped
2D MgH2, followed by Mg8H18Ti, Mg8H18Mn, and Mg8H18V, and Mg8H18 is the most unstable.
In comparison, we also obtained the heat of formation of the bulk MgH2 of ΔH = −54.56 kJ/mol·H2,
which is close to the theoretical values −54.4 in Ref. [36] and −53.85 kJ/mol·H2 in Ref. [38]. At the
same time, we estimated the decomposition temperature according to the following relationship:
ln P

P0
= ΔH

RT − ΔS
R , where P, P0, R, T, and ΔS represent the pressure, the standard pressure, the gas

constant, the decomposition temperature, and the entropy change, respectively. At the standard
pressure, the ΔH is defined as ΔH = TΔS [39,40]. For most of the dehydrogenation reactions of simple
metal hydrides, the ΔS is in the range of 95 J/mol·K < ΔS(H2) < 140 J/mol·K [41]. Consequently,
the decomposition temperatures are 268 K < T(Mg9H18) < 396 K, 183 K < T(Mg8H18Ti) < 270 K, 130 K <
T(Mg8H18V) < 191 K, 171 K < T(Mg8H18Mn) < 252 K, which are significantly lower than that of 573~673
K of bulk MgH2. The discussions mentioned above show that 2D MgH2 has better dehydrogenation
thermodynamic properties than that of bulk MgH2, and doping with Ti, V, and Mn elements can
reduce the stability and improve the dehydrogenation thermodynamics properties of 2D MgH2.
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Table 3. The heat of formation (ΔH), the decomposition temperature (T), Bader charge of Mg and H
atoms, and the dehydrogenation energies (Ed) of Mg9H18, Mg8H18, and Mg8H18X (X = Ti, V, and Mn).

Hydride
ΔH T Bader Charge (e) Ed

(kJ/mol·H2) (K) Mg X H (eV)

Mg9H18 −37.57 268~396 +2.000 - −0.997 1.589
Mg8H18 31.71 - +2.000 - −0.886 −1.931

Mg8H18Ti −25.67 183~270 +2.000 +1.825 −0.988 1.305
Mg8H18V −18.14 130~191 +2.000 +1.523 −0.971 1.044

Mg8H18Mn −23.90 171~252 +2.000 +0.975 −0.940 0.853

To understand the effect of Ti/V/Mn-doped 2D MgH2 well, we analyzed the electronic structures.
The band structures were obtained using PBE, LDA, and HSE06 functionals and are shown in
Figure A1. It can be seen that the pure Mg9H18 with the energy gap is 4.87 eV, which is smaller
than the experimental values 5.16 eV [42] or 5.6 eV [43] of bulk MgH2. For comparison, we found
that the bandgaps using HSE06 functional are larger than those using PBE and LDA functionals,
and the bandgaps using LDA functional are close to those of the PBE functional for pure and vacancies
of Mg9H18. For the doped systems, there are few energy bands across the Fermi level due to the
d orbitals of the dopants. Figure 3 shows the total and partial density of states (PDOS) of Mg9H18

and Mg8H18, which are calculated using the PBE functional. We can see the stronger hybridization
between H and Mg atoms near the Fermi level, which indicates the strong interaction between H and
Mg atoms. For the Mg8H18X, the electronic structure is different from that of the pure Mg9H18, as is
shown in Figure 4. We can see that the d orbitals of Ti/V/Mn are mainly located near the Fermi level
in doped-2D MgH2, and there are few H-s orbitals and states of Mg atoms at the Fermi level, which
indicates that the interactions between Ti/V/Mn and H/Mg atoms are relatively weaker. Meanwhile,
since the H-s orbitals are reduced at the Fermi level, the hybridization between H and Mg atoms is
weaker compared to pure Mg9H18.

 

Figure 3. The total and partial densities of states of pure (a) and defective (b) Mg9H18.
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Figure 4. The total and partial densities of states of Mg8H18Ti (a); Mg8H18V (b); and Mg8H18Mn (c).

In order to analyze the chemical bond of all the systems, the electron localization function (ELF)
was calculated and is shown in Figure 5 with the isosurfaces of 0.6 e/Å3. As shown in Figure 5b–f,
all the systems have similar features in that the ELF values are lower between Mg and H atoms.
These suggest that the ionic bonds exist between Mg and H atoms, and the Mg atoms act as the charge
donor, according well with the discussions of PDOS and ELF of bulk MgH2. The Bader charges were
also calculated (see Table 3), and it can be seen that Mg atoms contributed two electrons, and H atoms
acquired electrons to form anions. Meanwhile, the H atoms obtained fewer electrons due to the Mg
vacancy and doping with Ti/V/Mn elements, thereby weakening the interactions between H and the
metal atoms.

Figure 5. (a) Structural representation of considered systems. The big (small) ball represents Mg
(H) and the red ball site is the doped site; (b–f) represent the electron localization function (ELF) of
Mg9H18, Mg8H18, Mg8H18Ti, Mg8H18V, and Mg8H18Mn, respectively. The color bar represents the
values of ELF.
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As mentioned above, doping with Ti/V/Mn elements reduces the stability of 2D MgH2 and
weakens the interactions between H and metal atoms, which facilitates the release of hydrogen.
To further understand the dehydrogenation behavior, the dehydrogenation energy was estimated
by the formula: Ed = Etot(Mg9-nH17Xn+m) − Etot(Mg9-nH18Xn+m) + 1/2 Etot(H2), where (n = 0, m = 0),
(n = 1, m = −1), and (n = 1, m = 0) represent the pure, Mg vacancy, and X (X = Ti, V, and Mn) doped
Mg9H18, respectively. The dehydrogenation energies are listed in Table 3. The results show that the
dehydrogenation energy of the Mg8H18 was significantly reduced compared to the pure and doped
Mg9H18, while there are high ΔE of 2.968 eV and positive ΔH of 31.71 kJ/mol·H2, indicating that
it is almost impossible to steadily occur. For doped systems, their dehydrogenation energies are
significantly smaller than 1.589 eV of pure Mg9H18, especially Mg8H18Mn with the dehydrogenation
energy of 0.853 eV. Therefore, doping with Ti/V/Mn elements can improve the dehydrogenation
thermodynamic properties of 2D MgH2.

4. Conclusions

In summary, we theoretically predicted two-dimensional MgH2 and studied the electronic and
dehydrogenation properties of pure and Ti/VMn doped 2D MgH2. The phonon spectra calculations
indicate that all the systems are dynamically stable. The results of heat of formation suggests
that Ti/V/Mn doping can reduce the thermodynamic stability, followed by Mg8H18Ti, Mg8H18Mn,
and Mg8H18V, and Mg8H18 is the most unstable. Importantly, the dehydrogenation temperatures for
all the systems are significantly lower than that of bulk MgH2 at 573~673 K. Especially, Mg8H18Ti
(183~270 K), Mg8H18V (130~191 K), and Mg8H18Mn (171~252 K) have much lower decomposition
temperature than that of pure 2D MgH2 (268~396 K), which is important for practical applications.
The partial densities of states, electron localization function, and Bader charge calculation results show
that Ti, V, and Mn elements can weaken the interaction between H and the metal atoms, which is
favorable to dehydrogenation and better than that of the bulk MgH2.
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Appendix A

Table A1. The relaxed structure parameters of pure, vacancies, and doped Mg9H18 using
Perdew-Burke-Ernzerhof (PBE) and local density approximation (LDA) functionals.

Hydride
PBE LDA

a (Å) α (◦) β (◦) γ (◦) a (Å) α (◦) β (◦) γ (◦)

Mg9H18 9.033 90.0 90.0 120.0 8.894 90.0 90.0 120.0
Mg8H18 9.062 90.0 90.0 120.0 8.888 90.0 90.0 120.0

Mg8H18Ti 9.027 90.0 90.0 120.0 8.883 90.0 90.0 120.0
Mg8H18V 8.951 90.0 90.0 120.0 8.803 90.0 90.0 120.0

Mg8H18Mn 8.815 90.0 90.0 120.0 8.662 90.0 90.0 120.0
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Figure A1. Band structures of Mg9H18 (a); Mg8H18 (b); Mg8H18Ti (c); Mg8H18V (d); and Mg8H18Mn (e)
calculated using PBE (black line), LDA (red dot line), and HSE06 (blue dot line) functionals, respectively.
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