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Abstract: The superheating process is a unique grain refining method found only in aluminum-
containing magnesium alloys. It is a relatively simple method of controlling the temperature of the
melt without adding a nucleating agent or refining agent for grain refinement. Although previous
studies have been conducted on this process, the precise mechanism underlying this phenomenon
has yet to be elucidated. In this study, a new approach was used to investigate the grain refine-
ment mechanism of aluminum-containing magnesium alloys by the melting superheating process.
AZ91 alloy, a representative Mg-Al alloy, was used in the study, and a rapid solidification process was
designed to enable precise temperature control. Temperature control was successfully conducted in a
unique way by measuring the temperature of the ceramic tube during the rapid solidification process.
The presence of Al8Mn5 and Al10Mn3 particles in non-superheated and superheated AZ91 ribbon
samples, respectively, manufactured by the rapid solidification process, was revealed. The role of
these Al-Mn particles as nucleants in non-superheated and superheated samples was examined
by employing STEM equipment. The crystallographic coherence between Al8Mn5 particles and
magnesium was very poor, while Al10Mn3 particles showed better coherence than Al8Mn5. We
speculated that Al10Mn3 particles generated by the superheating process may act as nucleants for
α-Mg grains; this was the main cause of the superheating grain refinement of the AZ91 alloy.

Keywords: AZ91 alloys; grain refinement; melt superheating; rapid solidification; Al-Mn particles

1. Introduction

Magnesium alloys are among the lightest metals, featuring low density and high
specific strength properties [1]. These characteristics are considered as important factors in
various industrial fields, particularly in aerospace, automotive, and electronics industries
where weight reduction is crucial for specific applications [2]. The utilization of magnesium
alloys for creating lightweight and robust structures can reduce fuel consumption, enhance
energy efficiency, and decrease environmental impact [3]. However, the strength and
ductility of magnesium alloys may be lower compared to other lightweight materials, such
as aluminum alloys, which highlights the need to develop methods to enhance the strength
and ductility of magnesium alloys in order to make them more competitive in various
applications [3].

Grain refinement in magnesium alloys has proven to be an efficient method for en-
hancing strength and ductility simultaneously [4]. Research on the grain refinement of
magnesium alloys is primarily divided into two categories: aluminum-free and aluminum-
bearing magnesium alloys [5]. Zirconium is recognized as the most potent grain refiner for
aluminum-free magnesium alloys. Qian et al. asserted that the zirconium-rich core struc-
tures in Mg-Zr alloys serve as nucleation sites for α-Mg grains, emphasizing zirconium’s
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remarkable grain refining capabilities [6]. However, zirconium forms stable compounds
with Al, Mn, Si, Fe, Sn, Ni, Co, and Sb, so it cannot serve as a nucleating agent in magnesium
alloys containing aluminum, which are mostly used in commercial applications [7]. Various
techniques have been reported for the grain refinement of aluminum-containing magne-
sium alloys, but, unlike the addition of zirconium in aluminum-free magnesium alloys,
there are no commercially available and reliable grain-refining processes for aluminum-
containing magnesium alloys. Additionally, the mechanisms of grain refinement in these
alloys have not been fully elucidated [8]. Therefore, further research is required to under-
stand the grain refinement mechanisms and develop effective grain refining processes for
aluminum-containing magnesium alloys.

One of the grain refinement mechanisms for aluminum-containing magnesium (Mg-Al)
alloys is the superheating process, which enables grain refinement through a relatively
simple method of controlling only the temperature of the melt without the addition of
nucleating or refining agents [9]. In this process, the molten alloy is heated to a temper-
ature well above its liquidus temperature (150–260 ◦C or higher) for a brief period, after
which it is rapidly cooled down to the pouring temperature and held for a short time
before being cast [10]. The effectiveness of superheating as a grain refinement method
depends on the alloy’s composition, particularly its aluminum content. Alloys with higher
aluminum content tend to exhibit better grain refinement when subjected to superheating.
Other elements, such as Fe, Mn, and Si, can also influence the grain refinement effect, but
excessive amounts of these elements can be counterproductive [11]. The key to successful
grain refinement through superheating lies in determining the optimal temperature range
and holding time. Once these optimal conditions are achieved, further increasing the
holding time or repeating the process does not result in additional grain refinement. Rapid
cooling and immediate pouring after reaching the superheating temperature are essential
to prevent grain coarsening [12].

Although grain refinement by superheating has been known for a long time, the exact
mechanism has not yet been identified. Some hypotheses have been proposed to explain
the effect, but they all have their limitations. The oxide nucleation theory [13] suggests
that grain refinement occurs through the formation of magnesium oxide and other oxide
particles produced in the molten metal during the superheating process. However, grain
refinement is observed even in a vacuum atmosphere where oxide formation is difficult.
Moreover, it cannot explain why grain refinement occurs with compounds composed of
Al, C, Fe, and Mn. Temperature-solubility theory [14] posits that particles too large for
good nucleants at normal pouring temperatures are dissolved during superheating and
re-precipitated as finer particles that act as nucleation sites. However, the theory does not
identify specific particle species. Al4C3 particle nucleation theory [15] suggests that grain
refinement in Mg-Al alloys occurs due to the nucleation of α-Mg grains on Al4C3 particles
formed during the superheating process. Superheating causes the diffusion of carbon atoms
from the steel crucible into the Mg molten metal, leading to the formation of Al4C3 particles,
which are believed to be nucleation sites for α-Mg grains. Motegi’s study [16] on commer-
cial AZ91E alloys showed the presence of numerous Al4C3 particles after superheating,
supporting this hypothesis. However, there is no direct experimental evidence to confirm
the formation of Al4C3 particles during the superheating process. Al-Mn intermetallic
compound nucleation theory [17] proposes α-Mg grain nucleation by Al-Mn intermetallic
compounds precipitated during cooling after superheating. It has been proposed that
aluminum contributes to reducing the solubility of manganese in Mg melts, leading to
the formation of various Al-Mn intermetallic compounds during the superheating process.
Byun et al. [18] suggested that Al8Mn5 compounds provided heterogeneous nucleation sites
for primary α-Mg grains. However, the edge-to-edge matching model by Zhang et al. [19]
indicated that Al8Mn5 had low nucleating efficiency as nucleation sites for α-Mg grains.
Cao et al. [20] reported ε-AlMn as apotent nucleant for α-Mg grains due to its presence
in the Al-60Mn master alloy, which showed high grain refining efficiency. Qin et al. [21]
supported these findings, showing that single-phase ε-AlMn refined AZ31 grains, while
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single-phase Al8Mn5 did not. In contrast, Qiu et al. [22] suggested that metastable τ-AlMn,
which could be generated during the melt superheating process, had better crystallographic
matching with the Mg matrix than ε-AlMn and acted as a nucleant for α-Mg grains. How-
ever, no direct evidence currently exists to confirm the presence of τ-AlMn and ε-AlMn
in Mg-Al alloys, and methods to control their phase and morphology are still unknown.
Duplex nucleation theory [9,10] suggests that Al4C3 particles are responsible for grain
refinement in Mg-Al alloys, while Mn and Fe may interfere with the nucleation potency
of Al4C3 particles. During the superheating process, Mn and Fe are dissolved, allowing
Al4C3 particles to act as nucleants for α-Mg grains. However, prolonged holding at the
pouring temperature causes Mn and Fe to re-wrap around the Al4C3 particles, coarsening
the grains. Han et al. [23] supported these findings, showing that Al4C3 particle clusters act
as nucleants for α-Mg grains rather than individual particles. In Mn-containing AZ91 alloy,
the attachment of Al8Mn5 particles to Al4C3 reduces nucleation efficiency. Nevertheless,
Al4C3 particles not attached to Al8Mn5 within a nucleating cluster can still play an effective
role in refining a-Mg grains. Thus, it is deduced that Al4C3 particle clusters are beneficial
in overcoming the hindering effect of Mn. However, definitive evidence regarding the
formation of duplex structures involving Al8Mn5 and Al4C3 has not yet been established.

Previous studies have proposed various theories to explain the mechanism of grain
refinement by superheating in Mg-Al alloys. However, these studies have certain shortcom-
ings, such as a lack of direct experimental evidence to validate the theories and incomplete
understanding due to the inability of any one theory to fully explain all observed phenom-
ena. In this study, the rapid solidification process was employed to identify the nucleants
generated by the superheating process. This approach was specifically designed to identify
and analyze potential nucleants that may exist as solid phases within the molten Mg-Al
alloy during the superheating process. By harnessing the rapid solidification process, these
solid particles could be effectively captured and scrutinized, allowing for a deeper and
clearer understanding of their structure and composition. Therefore, this study presents
new perspectives on the mechanism of superheating grain refinement that have not been
reported in any previous studies.

2. Materials and Experiments
2.1. Materials and Casting Process

AZ91D alloy, which is most widely used in industrial fields, was used in this study.
Approximately 1000 g of the alloys were melted in an alumina crucible using an electric
furnace. Samples were prepared with and without the superheating process. For samples
without superheating, the AZ91D alloy was melted at 670 ◦C under a protective gas of
1.0% SF6 and 99.0% N2 and then poured into a mild steel mold preheated to 250 ◦C. For
samples subjected to the superheating process, the alloy was melted at 670 ◦C under a
protective gas, then rapidly heated to 770 ◦C and held at this temperature for 15 min,
followed by rapid cooling to 670 ◦C, and finally poured into a mild steel mold preheated
to 250 ◦C. The chemical composition of the samples was analyzed by an optical emission
spectrometer (Spectro MAXx, SPECTRO, Kleve, Germany).

2.2. Rapid Solidification Process

Rapidly solidified ribbon samples were prepared using the melt spinner equipment
(MSE 170, Yein Tech, Seoul, Republic of Korea) shown in Figure 1a. Rapidly solidified
ribbon samples were prepared by melting 2 g of AZ91D alloy within a ceramic tube and
subsequently injecting the molten metal into a rapidly rotating copper wheel at 1500 rpm.
As shown in Figure 1b, each sample was melted using a ceramic crucible that has little
reactivity with Mg molten metal. Cracking of the ceramic crucibles due to thermal shock
was prevented by wrapping them with SUS304 tube. The thermocouple was attached to
a ceramic crucible and was set at a position not affected by the induction heating coil. To
enhance the contact between the ceramic crucible and the thermocouple, a copper sheet
was used to wrap around the thermocouple. The high thermal conductivity of copper
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enabled the temperatures of the molten metal and crucible to reach an equilibrium state
over time, ensuring proper melting. The process temperature was recorded by a data
logger (NI cDAQ-9174, National Instruments, Austin, TX, USA) at the frequency of 20 Hz.
Conventional casting samples were produced by melting the molten metal at a temperature
of 650 ◦C, followed by a spraying process onto the rotating wheel. In contrast, superheating
samples were prepared by first heating the molten metal to a temperature of 800 ◦C, then
rapidly cooling it down to 650 ◦C before proceeding with the spraying process.
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Figure 1. Apparatus for the rapid solidification process: (a) Equipment for rapid solidification process.
(b) Rapid solidification process system with precise temperature control.

2.3. Measurement of Grain Size

Metallographic specimens were polished and then etched using an acetic acid-picral
etchant to obtain a clear color contrast that enabled detailed investigation of the microstruc-
ture via optical microscopy. Microstructural analysis was performed using a high-resolution
optical microscope (Leica MC 170, Leica, Teaneck, NJ, USA) to capture images of the speci-
men surfaces. The average grain size of the specimens was measured by focusing on the
center of the cross-section of each specimen.

2.4. Thermal Analysis

Thermal analysis experiments were carried out using cylindrical graphite crucibles to
determine the undercooling during the solidification of the alloys. The graphite crucible
was submerged in the melt until its temperature reached the temperature of the molten
metal. The crucible, filled with molten metal, was then transferred to a ceramic board. A
K-type thermocouple, calibrated using the equilibrium melting temperature of high-purity
(99.99%) aluminum, was inserted into the center of the melt to monitor the temperature
throughout the solidification process. Cooling curves were recorded using a data logger
(NI cDAQ-9174, National Instruments, Austin, TX, USA) at a frequency of 20 Hz.

2.5. Analysis of Microstructure on Rapidly Solidified Sibbon Samples

The microstructure of samples was analyzed using a field emission scanning transmis-
sion electron microscope (Talos F200X, Thermo Fisher Scientific, Waltham, MA, USA) after
preparing the samples with focused ion beam (Scios2, Thermo Fisher Scientific, Waltham,
MA, USA) equipment. The sample was first protected with a thin layer of Pt, then FIB
milling was performed to create thin samples. Energy-dispersive x-ray spectroscopy (EDS,
Thermo Fisher Scientific, Waltham, MA, USA) was employed to obtain more detailed ele-
mental information, and high-resolution images were acquired to study the microstructure
of samples. Crystallographic analysis of the phases observed in each sample was carried
out utilizing Gatan software (ver 3.43) and CrysTbox software (ver 1.10).
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3. Results
3.1. Microstructure and Chemical Composition

Figure 2 shows the effect of the superheating process on the microstructure and grain
size of AZ91D alloy. The average grain size of the non-superheated sample was measured
to be 310 µm, while the grain size decreased to 108 µm after the superheating process. Both
samples exhibited dendritic microstructures with equiaxed grains, but the superheated
sample had grains that were approximately three times smaller than the non-superheated
sample. Additionally, the superheated sample showed enhanced uniformity in grain size
and shape compared to the non-superheated sample, which had non-uniform grain shapes
and sizes.
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(b) Superheated AZ91D alloy with superheating.

As shown in Table 1, the composition of Al, Zn, and Mn of both alloys is remark-
ably similar, thus indicating that the possibility of grain refinement effects resulting from
constitutional undercooling can be excluded. Furthermore, because both specimens are
manufactured under identical casting conditions, a more accurate comparison can be made,
eliminating the potential for grain refinement effects due to differences in cooling rates. The
consistency in casting conditions and composition ensures that the observed differences in
microstructure can be ascribed to the superheating process, rather than variations in the
manufacturing process.

Table 1. Chemical compositions on non-superheated and superheated AZ91D alloy.

Alloy Al Zn Mn Si Fe Cu Ni Mg

Non-superheated
AZ91D 8.93 0.57 0.250 0.015 0.0012 0.0016 0.0012 Bal.

Superheated
AZ91D 8.88 0.58 0.251 0.015 0.0012 0.0018 0.0012 Bal.

3.2. Cooling Curve and Undercooling

Figure 3 illustrates the cooling curves of the non-superheated and superheated AZ91
alloys. The non-superheated AZ91 alloy exhibited an undercooling of 2.1 ◦C, whereas
the superheated AZ91 alloy showed negligible undercooling. This suggests that the su-
perheated AZ91 alloy contained effective nucleants that could initiate nucleation with
minimal activation energy [24]. Cooling rates were measured at 1.1 ◦C and 0.9 ◦C for the
non-superheated and superheated samples, respectively, and it was found that the impact
of cooling rates on the observed undercooling variations was negligible. Therefore, it can
be concluded that the observed differences in microstructure between the two samples can
be attributed to the superheating process, rather than variations in cooling rates [25].
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3.3. Design of the Precise Temperature Measurement System for the Rapid Solidification Process

In this study, the rapid solidification process was used to detect nucleants within the
molten metal that play a significant role in grain refinement. However, measuring the
temperature of the molten metal during rapid solidification using melt spinner equipment
can be challenging due to the absence of a dedicated temperature measurement system and
thermocouple inaccuracies caused by induction coil influence. To overcome this challenge,
a method was designed to precisely measure the temperature of the molten metal, and
this method was used to manufacture rapidly solidified AZ91 ribbon samples, as shown in
Figure 1. By integrating this precise temperature measurement system into conventional
melt spinner equipment, it is possible to produce rapidly solidified AZ91 ribbon samples
with a precisely controlled superheat process. Figure 4a displays the temperature profile
of the non-superheated and superheated AZ91 ribbon samples during the manufacturing
process, while Figure 4b illustrates the resulting rapidly solidified AZ91 ribbon samples.
The non-superheated AZ91 ribbon sample was heated at a rate of 0.43 ◦C/s until it reached
the target temperature of 650 ◦C. The molten metal was then immediately sprayed onto the
rapidly rotating copper wheel, which led to the formation of rapidly solidified samples. For
the superheated AZ91 ribbon sample, a two-stage heating process was employed. First, the
sample was heated to 454 ◦C at a rate of 0.41 ◦C/s. Then, the heating rate was increased and
the sample was rapidly heated to 800 ◦C at a rate of 1 ◦C/s. Once the desired superheating
temperature was achieved, the molten metal was held at 800 ◦C for 180 s to ensure uniform
temperature distribution. The molten metal was then cooled at a controlled rate of 0.9 ◦C/s
until it reached the target temperature of 650 ◦C, at which point it was sprayed onto the
copper wheel to produce rapidly solidified samples.
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3.4. Cooling Rate Calculation for Rapid Solidification Process

Determining the cooling rate of ribbons fabricated by rapid solidification is essential
for the identification and analysis of solid-phase nucleants present in the molten AZ91
magnesium alloy. The cooling rate significantly influences the formation and growth of
solid-phase nucleants within molten metals. By establishing and controlling the cooling
rate, a systematic investigation of the formation of nucleants and their contribution to grain
refinement can be conducted more effectively. Figure 5 shows the cooling rate of AZ91
ribbon samples at different copper wheel speeds. The cooling rate of the rapidly solidified
AZ91 magnesium alloy ribbon was determined using an equation derived from a previous
study [26]. The thickness of the ribbon samples was measured at different copper wheel
speeds, and the data were used to calculate the cooling rate for each. For a specimen with a
thickness of 50 µm, the cooling rate reached 2.69 × 106 ◦C/s, while for a specimen with a
thickness of 165 µm, the cooling rate was notably lower at 2.47 × 105 ◦C/s. It was observed
that the cooling rate demonstrated a tendency to increase as the thickness of the specimen
decreased. For optimal results in rapid solidification, a higher cooling rate is preferable.
However, when the copper wheel speed exceeded 2000 rpm, it became challenging to
produce ribbon samples with consistent size and shape, making microstructure analysis
difficult due to their small dimensions. Consequently, the rapid solidification process was
conducted with a copper wheel speed of 1500 rpm, resulting in a ribbon sample with a
thickness of 85 µm.
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3.5. EDS Analysis of Rapidly Solidified AZ91D Ribbon Samples

Figure 6a shows an image of a non-superheated AZ91 alloy ribbon sample obtained
using bright-field transmission electron microscopy. The microstructure of the sample
contains dispersed particles within the magnesium matrix. One of these particles, indi-
cated by a yellow arrow, was selected for further analysis using energy-dispersive X-ray
spectroscopy mapping (Figure 6b). The analysis revealed that the particle did not con-
tain magnesium but had significant amounts of aluminum (Figure 6c) and manganese
(Figure 6d). The atomic ratios of aluminum and manganese in the particle were found to
be 63.54 and 36.46, respectively, based on EDS point analysis (Figure 6e). This composition
ratio is consistent with the Al8Mn5 intermetallic compound, which was confirmed through
further analysis of other particles in the sample. The results demonstrate that the particles
observed in the non-superheated AZ91 alloy ribbon sample were Al8Mn5 intermetallic
compounds [27]. Upon conducting further analysis of the other particles using the same
method, results consistent with the previous observation were obtained.
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(c), and Mn (d) for the particle observed in non-superheated AZ91 ribbon samples. (e) EDS point
analysis of the particle observed in non-superheated AZ91 ribbon samples.

The image in Figure 7a shows a bright-field transmission electron microscopy image
of a superheated AZ91 alloy ribbon sample, revealing the presence of particles dispersed
throughout the magnesium matrix. One particle, indicated by a yellow arrow, was chosen
for detailed analysis using energy-dispersive X-ray spectroscopy mapping. The analysis
confirmed the absence of magnesium in the particle (Figure 7b) but the presence of alu-
minum (Figure 7c) and manganese (Figure 7d), consistent with the particles observed in
the non-superheated sample. However, the atomic ratios of aluminum and manganese
in the particle of the superheated sample (Figure 7e) were different from those in the
non-superheated sample (Figure 6e). Specifically, the particle in the superheated sample
exhibited an atomic ratio of 78.34 for aluminum and 21.66 for manganese, whereas the
particle in the non-superheated sample had a ratio of 63.54 for aluminum and 36.46 for man-
ganese. Based on these ratios, the particles were identified as Al10Mn3 in the superheated
sample and Al8Mn5 intermetallic compounds in the non-superheated sample [27].

3.6. HR-TEM Images of Rapidly Solidified AZ91D Ribbon Samples

Table 2 shows the crystal structures of Mg, Al8Mn5, and Al10Mn3 [27]. It was observed
that the crystal structure and lattice parameters of Al8Mn5 significantly diverge from those
of Mg. Conversely, Al10Mn3 and Mg share the same crystal structure and even belong
to the same space group; however, a distinction in their lattice parameters was observed.
Considering the crystal structures of each phase, Al10Mn3 appears to present a higher
propensity to function as a nucleat for α-Mg grains compared to Al8Mn5. However, to
elucidate this with higher precision, it is essential to evaluate the interplanar spacings
and investigate potential crystallographic mismatches between the planes interfacing with
each phase.
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Table 2. The crystal structures for Mg, Al8Mn5, and Al10Mn3 [27].

Phase Crystal
Structure Space Group Space Group

Number Lattice Parameter (nm)

Mg Hexagonal P63/mmc 194 a and b = 0.320 c = 0.521
Al8Mn5 Rhombohedral R3m 160 a and b = 1.264 c = 1.585
Al10Mn3 Hexagonal P63/mmc 194 a and b = 0.750 c = 0.783

Figure 8a shows a high-resolution transmission electron microscopy (HR-TEM) image
of the magnesium matrix and Al8Mn5 particles in the non-superheated AZ91 alloy ribbon
sample. A local inverse fast Fourier transform (IFFT) image of white circle A (Mg) is shown
in Figure 8b. The spacing of white line in the IFFT image denotes the interplanar spacing
of the region being measured. Using the IFFT image as a reference, a profile image was
derived, as shown in Figure 8c, enabling the measurement of the white line distance. As
there is a variance between the peak intervals, an average value was acquired by measuring
over an extended distance, which resulted in a value of 0.2479 nm. Table 3 presents the
planes and corresponding d-spacing (in nm) for Mg, Al8Mn5, and Al10Mn3, derived using
the CrysTBox software (ver 1.10). The

(
0 1 1 1

)
plane of Mg, with a D-spacing of 0.2453 nm,

displayed the closest proximity to the 0.2479 nm value obtained through the IFFT profile
image. The IFFT image of the white circle B, representing Al8Mn5, is shown in Figure 8d,
and Figure 8e displays the profile image derived from this IFFT image. The Al8Mn5 par-
ticles were identified on the (1 4 1) plane and the interplanar spacing was calculated to
be 0.2275 nm, using the same method employed for the determination of the plane and
interplanar spacing of Mg. Through the analysis of the HR-TEM image, IFFT images
were acquired for the contact area between magnesium and Al8Mn5 particles, leading
to the identification of the magnesium plane as

(
0 1 1 1

)
and the Al8Mn5 plane as (1 4 1).

Furthermore, the interplanar spacing was determined for both planes: the magnesium(
0 1 1 1

)
plane had an interplanar spacing of 0.2453 nm, while the Al8Mn5 particle (1 4 1)

plane had a slightly smaller interplanar spacing of 0.2275 nm.
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Table 3. List of Plane and D-Spacing (nm) for Mg, Al8Mn5, and Al10Mn3 (used CrysTbox ver1.10).

Magnesium Al8Mn5 Al10Mn3

Plane D-Spacing
(nm) Plane D-Spacing

(nm) Plane D-Spacing
(nm)

0 0 0 1 0.5210 0 0 1 0.7690 0 0 1 0.7789
¦ ¦ ¦ ¦ ¦ ¦

0 0 0 2 0.2605 0 2 3 0.2320 0 1 3 0.2412
0 1 1 1 0.2453 1 4 1 0.2275 1 2 1 0.2347
0 1 1 2 0.1901 0 5 0 0.2183 0 3 0 0.2147

¦ ¦ ¦ ¦ ¦ ¦
5 5 10 3 0.0316 5 5 3 0.1131 5 5 3 0.0772

Figure 9a shows a high-resolution transmission electron microscopy (HRTEM) image
of the magnesium matrix and Al10Mn3 particles in the superheated AZ91 alloy ribbon
sample. Local inverse fast Fourier transform (IFFT) images of two white circles, A and
B, are also shown in Figure 9b,d, respectively. In addition, Figure 9c,d are profile images
derived through IFFT images of two white circles, A and B, respectively. In the profile
images of Mg and Al10Mn3, the average distance between the peaks was calculated to
be 0.2406 nm and 0.2328 nm, respectively. The values obtained from the profile images
were compared with the D-spacing values listed in Table 3, allowing for the confirmation
of the Mg and Al10Mn3 planes. In the superheated sample, the magnesium plane was
identified as

(
0 1 1 1

)
, which is consistent with the non-superheated sample. However, the

Al10Mn3 plane was observed as (1 2 1), which is distinct from the Al8Mn5 plane found
in the non-superheated sample. Furthermore, a detailed examination of the interplanar
spacing was conducted, revealing an interplanar spacing of 0.2347 nm for the Al10Mn3
particle (1 2 1) plane in the superheated sample.
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4. Discussions

The microstructure of as-cast AZ91D samples was investigated to determine the effect
of superheating, and the results are presented in Figure 2. The non-superheated alloy
exhibited an average grain size of 310 µm, while superheating reduced it to 108 µm. This
indicates that the superheating process has a significant impact on the grain size of the
alloy. Furthermore, the superheated AZ91D alloy had a more uniform and finer grain size
than the non-superheated sample. The average grain size of the superheated sample was
approximately three times smaller than that of the non-superheated sample. The chemical
composition of the cast AZ91D samples was analyzed and is shown in Table 1. The
primary additives, Al, Zn, and Mn, were found to have similar compositions in both alloys,
thereby eliminating constitutional undercooling as a possible cause of grain refinement.
In addition, because the samples were manufactured under the same casting conditions,
any grain refinement effect due to the difference in cooling rate can be excluded. Thus, the
observed difference in grain size between the non-superheated and superheated samples
can be attributed to the superheating process. The cooling curves of non-superheated
and superheated AZ91 alloys are shown in Figure 3. The extent of undercooling during
solidification can reveal the presence of nucleants in the melt. When potent nucleants
are present in the melts, the thermodynamic driving force required for the transition
from the liquid phase to the solid phase is decreased, facilitating the formation of solid-
phase nuclei with minimal undercooling [24]. This suggests that the cooling curves of
the non-superheated and superheated AZ91 alloys provide information about the extent
of undercooling during solidification, which can reveal the presence of nucleants in the
melt. When potent nucleants are present, the thermodynamic driving force required for the
transition from liquid to solid phase is decreased, facilitating the formation of solid-phase
nuclei with minimal undercooling. Although a quantitative analysis of the nucleants was
not conducted in this study, the degree of undercooling measured during solidification
provides a basis for qualitatively deducing that the superheated AZ91 alloy possessed more
nucleants promoting grain refinement than the non-superheated AZ91 alloy.

The rapid solidification process was used in this study to investigate the effect of
nucleants on grain refinement in molten metal, as it can detect nucleants present in the
molten metal. Ribbon samples were fabricated using non-superheated and superheated
AZ91 alloys to study the impact of the superheating process on grain refinement and the
contribution of nucleants to the formation of α-Mg grains. Rapid solidification also allows
for the preservation of metastable phases within the molten metal, which is important for
understanding the underlying mechanisms of grain refinement during the superheating
process. Accurately measuring the temperature of the molten metal during the produc-
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tion of rapidly solidified ribbon samples using conventional melt spinner equipment is
a significant challenge in this study. This is because precise temperature measurement is
crucial to understanding the mechanism of grain refinement induced by the superheating
process. However, conventional melt spinner equipment lacks an integrated temperature
measurement system, and obtaining precise temperature control using a thermocouple
is difficult due to the interference of the induction coil responsible for heating the metal
material. In this study, a system capable of precise temperature measurement was designed
and used to produce these rapidly solidified ribbon samples by modifying the existing melt
spinner equipment. The temperature profiles during the fabrication of non-superheated
and superheated AZ91 ribbon samples are presented in Figure 4a. It is evident that both
samples were manufactured using a rapid solidification process at a precisely controlled
temperature. The cooling rate is an important factor in identifying and analyzing solid-
phase nucleants in AZ91 magnesium alloy produced by rapid solidification. It significantly
affects the formation and growth of solid-phase nucleants, and controlling it allows for a
more systematic investigation of their formation and contribution to grain refinement. The
study by Wang et al. [26] investigated the heat transfer during rapid solidification of a rib-
bon prepared by the melt spinning process. They used a one-dimensional heat conduction
equation to model the heat transfer, which allowed them to determine the temperature
distribution and cooling rate within the ribbon. The cooling rate was found to be inversely
proportional to the square of the thickness of the ribbon [26], and the same principle was
applied for estimating the cooling rate of those rapidly solidified AZ91 alloy ribbon samples
in this study. Various factors such as melting temperature, thermal conductivity, specific
heat capacity, density, and latent heat were adjusted for the AZ91 magnesium alloy. The
molten metal was rapidly solidified by spraying it onto a copper wheel rotating at a speed
of 1500 rpm, resulting in the manufacturing of a ribbon sample with a thickness of 85 µm.
This approach builds upon the findings of previous research and allowed for a systematic
investigation of the cooling rate and its effect on the formation of solid-phase nucleants
and subsequent grain refinement in the AZ91 magnesium alloy.

Bright-field transmission electron microscopy images of ribbon samples from non-
superheated and superheated AZ91 alloys are shown in Figures 6a and 7a, respectively. In
both samples, particles are dispersed throughout the magnesium matrix. The EDS results
showed that the particle in the non-superheated sample was an intermetallic compound
with a composition of Al8Mn5, while the particle in the superheated sample was identified
as Al10Mn3. Although manganese is an element added to enhance the corrosion resistance
of the AZ91 alloy [28], it reacts with aluminum to form Al-Mn intermetallic compounds.
Among these, Al8Mn5 is known to form prior to the primary magnesium phase [29], and
its role as a nucleant for α-Mg grains has been debated in numerous studies. However,
no definitive mechanism has been established [17,30]. One widely accepted theory is
the edge-to-edge matching model proposed by Zhang et al. [19], which suggests that,
crystallographically, Al8Mn5 cannot act as a nucleant for α-Mg grains. There are various
theories regarding the mechanism of the superheating process, and one of them is related to
the Al-Mn intermetallic compound nucleation [17]. Cao et al. [20] found that ε-AlMn, which
is present in Al-60Mn master alloy, can act as a potent nucleant for α-Mg grains, showing
excellent grain refinement efficiency. This was further supported by Qin et al. [21], who
reported that single-phase ε-AlMn could refine AZ31 grains, whereas single-phase Al8Mn5
could not. However, Qiu et al. [22] suggested that metastable τ-AlMn, potentially formed
during the melt superheating process, could exhibit better crystallographic matching
with the Mg matrix than ε-AlMn, making it a more effective nucleant for α-Mg grains.
Nonetheless, there is currently no clear evidence to verify the presence of both τ-AlMn and
ε-AlMn in Mg-Al alloys, and there are no established methods to regulate their phase and
morphology. The finding of a new particle, Al10Mn3, during the superheating process of
the AZ91 alloy is significant as it has not been previously reported in the literature. This
new particle may provide novel insights into the mechanism of grain refinement during
the superheating process. However, further research is needed to fully understand the
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thermodynamic calculations and physical and chemical processes involved in the formation
of Al10Mn3 during the superheating process.

The coherent relationship between two phases occurs when their interatomic distances
and atomic arrangements on their crystal faces are similar, enabling one phase to act as a
highly efficient heterogeneous nucleation site for the other phase [31]. It is important to
note that for a favorable coherent relationship to exist at the interface of the two phases,
comparable interplanar distances are essential. Classical nucleation theory suggests that
a substrate’s ability to promote nucleation depends on the interfacial energy between
the substrate and the nuclei. This interfacial energy is influenced by the crystallographic
structures of both the substrate and the nuclei [32]. Turnbull and Vonnegut [33] proposed a
one-dimensional misfit model to describe the relationship between substrate particle effec-
tiveness and crystallographic mismatch for nuclei. However, this model has limitations
when the crystallographic structures of the nuclei and substrate particles differ signifi-
cantly. Bramfitt [34,35] improved upon Turnbull’s model by creating a two-dimensional
model that takes into account the angle between the crystal orientations of both phases.
This two-dimensional model enables the calculation of two-dimensional lattice misfit for
matching planes.

In this modified Turnbull’s model, the two-dimensional lattice misfit of two matching
planes was calculated based on Equation (1),

δ
(hkl)s
(hkl)n

=
3

∑
i=1

∣∣∣
(

d
[uvw]is

cosθ
)
− d

[uvw]in

∣∣∣/d
[uvw]in

3
× 100% (1)

where (h k l)s is a plane of the substrate, [uvw]s a direction in (h k l)s, (h k l)n a plane of
the nucleated solid, [uvw]n a direction in (h k l)n, d[uvw]s the interatomic distance along
[uvw]s, d[uvw]n the interatomic distance along [uvw]n, and θ is the angle between the
[uvw]s and [uvw]n.

This study found that there is crystallographic coherence between the interfaces of
Al8Mn5 and Al10Mn3 particles with the magnesium matrix. The high-resolution transmis-
sion electron microscopy (HR-TEM) and inverse fast Fourier transform (IFFT) images of the
non-superheated AZ91 alloy ribbon samples are shown in Figure 8, which revealed that the
contact planes for magnesium and Al8Mn5 particles were the magnesium plane

(
0 1 1 1

)

and the Al8Mn5 plane (1 4 1). Similarly, the HR-TEM and IFFT images of the superheated
AZ91 alloy ribbon samples are shown in Figure 9, which identified the contact planes
for magnesium and Al10Mn3 particles as the magnesium plane

(
0 1 1 1

)
and the Al10Mn3

plane (1 2 1). The modified Turnbull’s model is effective in analyzing the coherence of two
planes when their crystallographic structures are not significantly different. However, in
the case of the (1 4 1) plane of Al8Mn5 and the

(
0 1 1 1

)
plane of Mg, their crystallographic

coherence was poor, and thus the application of the modified Turnbull’s model was not
feasible. On the other hand, the (1 2 1) plane of Al10Mn3 and the

(
0 1 1 1

)
plane of Mg

showed good crystallographic coherence, and the modified Turnbull’s model could be
used to analyze their coherence. Figure 10 shows the typical planar atomic arrangements
in the (1 2 1) plane of Al10Mn3 and in the

(
0 1 1 1

)
plane of Mg. The brown dash circles

represent the Al10Mn3 atoms in the (1 2 1) plane and the blue circles represent the Mg atoms
in the

(
0 1 1 1

)
plane. The Al10Mn3 and Mg atoms applied to the lattice misfit analysis are

indicated by filling the center with the same color as the circle, and the place where the
Al10Mn3 and Mg atoms exactly match is marked in red. The i1 indicate a line connecting
the arrangement of Al10Mn3 atoms in the [1 0 1] direction with an interatomic distance of
1.224 nm and a line connecting the arrangement of Mg atoms in the [3 3 −3] direction with
an interatomic distance of 1.084 nm; the angle (θ) between both lines is 4◦. The i2 and the i3
are marked in the same way as the i1; the required parameters for Equation (1) are listed in
Table 4. The disregistry, δ, for Mg

(
0 1 1 1

)
|| Al10Mn3 (1 2 1) is as follows:
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δ
(0 1 1 1)Mg
(1 2 1)Al10Mn3

=
(|1.081− 1.244|/1.244) + (|2.956− 3.21|/3.21) + (|1.734− 1.524|/1.524)

3
× 100% ≈ 11%
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(
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Table 4. Parameters for Equation (1).

Case i d[u v w]s d[u v w]n θ (◦)

Mg
(
0 1 1 1

)
||

Al10Mn3 (1 2 1)

1 1.084 1.224 4
2 3.012 3.210 11
3 1.736 1.524 2

This indicates that the Al10Mn3 particle is a better nucleating site for α-Mg grains
than the Al8Mn5 particle, and α-Mg can nucleate on the Al10Mn3 nucleation substrates.
Previous research has shown that a substrate can effectively act as a nucleant for a solid
if the disregistry between the two is less than 5% [36]. However, this is not always the
case. Despite an 11% disregistry between Al10Mn3 particles and Mg, it is not conclusive
that Al10Mn3 particles cannot act as nucleants for α-Mg grains. This study found that
Al8Mn5 particles, which have low crystallographic coherence with Mg, can transform into
Al10Mn3 through superheating, allowing them to act as nucleants for α-Mg grains. This
finding provides a new perspective on investigating the mechanism of superheating grain
refinement in the AZ91 alloy.

This study investigated the mechanism of superheated grain refinement in the AZ91
magnesium alloy through rapid solidification with precise temperature control. The results
showed that Al8Mn5 may transform into Al10Mn3 during the superheating process. At a
higher temperature, the solubility of Mn in the Mg melt will be increased and that would
also affect the phase transformation of Mn intermetallics. From the HR-TEM and IFFT
images of the samples, the Al10Mn3 can effectively act as a nucleant for grain refinement
in AZ91. The formation of Al10Mn3 particles was found to play a crucial role in the
superheating grain refinement process of the alloy. However, the study did not provide
objective thermodynamic evidence to support the phase transformation of Al8Mn5 to
Al10Mn3 or the generation of Al10Mn3, which will be explored in future research. Overall,
this study offers a new perspective on the superheating grain refinement mechanism in
AZ91 and provides insights for future research.
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5. Conclusions

In this work, the mechanism on superheating grain refinement of the AZ91 alloy was
investigated using a rapid solidification process. The main conclusions can be summarized
as follows:

(1) The average grain size of the non-superheated sample manufactured by the mold
casting methods was measured to be 310 µm, while the grain size decreased to 108 µm
after the superheating process.

(2) The non-superheated AZ91 alloy exhibited an undercooling of 2.1 ◦C, whereas the
superheated AZ91 alloy showed negligible undercooling. This suggests that nu-
cleants, which influence the refinement of α-Mg grains, were generated by the
superheating process.

(3) Through the utilization of a rapid solidification process with precise temperature
control, Al8Mn5 particles were observed in the non-superheated AZ91 ribbon samples;
the (1 4 1) plane of these particles and the

(
0 1 1 1

)
plane of magnesium was found

to be in contact. However, it was confirmed that the crystallographic coherence
between the two planes was so inconsistent that the modified Turnbull–Vonnegut
equation, which is used for quantitative crystallographic coherence analysis, could
not be applied.

(4) Al10Mn3 particles were observed in the superheated AZ91 ribbon samples; the
(1 2 1) plane of these particles and the

(
0 1 1 1

)
plane of magnesium was found

to be in contact. The 11% mismatch between the two planes was calculated using the
modified Turnbull–Vonnegut equation.

(5) It is thought that the superheating process contributes to grain refinement of
AZ91 alloy by generating Al10Mn3, which exhibits more good crystallographic match-
ing with magnesium compared to Al8Mn5. However, the study did not provide
objective thermodynamic evidence to support the phase transformation of Al8Mn5
to Al10Mn3 or the generation of Al10Mn3, and additional thermodynamic studies are
planned to clarify our results.
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Abstract: The pore size of nanoporous superalloy membranes produced by directional coarsening
is directly related to the γ-channel width after creep deformation, since the γ-phase is removed
subsequently by selective phase extraction. The continuous network of the γ′-phase thus remaining
is based on complete crosslinking of the γ′-phase in the directionally coarsened state forming the
subsequent membrane. In order to be able to achieve the smallest possible droplet size in the later
application in premix membrane emulsification, a central aspect of this investigation is to minimize
the γ-channel width. For this purpose, we use the 3w0-criterion as a starting point and gradually
increase the creep duration at constant stress and temperature. Stepped specimens with three different
stress levels are used as creep specimens. Subsequently, the relevant characteristic values of the
directionally coarsened microstructure are determined and evaluated using the line intersection
method. We show that the approximation of an optimal creep duration via the 3w0-criterion is
reasonable and that coarsening occurs at different rates in dendritic and interdendritic regions. The
use of staged creep specimens shows significant material and time savings in determining the optimal
microstructure. Optimization of the creep parameters results in a γ-channel width of 119 ± 43 nm
in dendritic and 150 ± 66 nm in interdendritic regions while maintaining complete crosslinking.
Furthermore, our investigations show that unfavorable stress and temperature combinations favor
undirectional coarsening before the rafting process is completed.

Keywords: CMSX-4; superalloy membranes; creep test; directional coarsening; premix membrane
emulsification

1. Introduction

Previous studies by Kohnke et al. [1] have shown that there is a promising application
opportunity for nanoporous superalloy membranes in the field of premix membrane emul-
sification, a process that can be used to produce nanoemulsions, e.g., for pharmaceutical
applications. Particularly promising results were achieved for directionally coarsened
γ′-membranes based on the single crystalline superalloy CMSX-4. Key processing steps to
produce this kind of superalloy membrane are (i) solution and precipitation heat treatment
of CMSX-4 resulting in cubic γ′-particles embedded in the γ-matrix; (ii) directional coarsen-
ing, also referred to as rafting, of the γ′-particles by creep deformation to a bicontinuous
γ/γ′-microstructure; and (iii) selective phase extraction of the γ-phase so that a nanoporous
material consisting of the γ′-phase and channel-like porosity at the location of the dissolved
γ-phase results. In premix membrane emulsification, a coarse emulsion is then pushed
through the membrane, resulting in droplet size reduction. To achieve the finest possible
droplet size and a narrow droplet size distribution during this process, it is of great im-
portance to reduce the γ-channel width, i.e., the subsequent pore size, by adjusting the
process parameters in the creep test [1–5]. Therefore, for the production of nanoporous
superalloy membranes with a directionally coarsened microstructure, the process of rafting
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is of central importance. This depends on several factors such as the direction of loading,
the γ′-volume fraction, and the misfit, which is defined as δ = 2

(
aγ′ − aγ

)
/
(
aγ′ + aγ

)
with

aγ and aγ′ being the lattice parameters of the γ- and γ′-phase, respectively [6–9]. Single
crystalline Ni-based superalloys such as CMSX-4 have a negative misfit of the magnitude
of δ ≈ −0.001 at room temperature. Due to the different thermal expansion coefficients of
γ and γ′, the misfit δ becomes increasingly negative with increasing temperature [6,10,11].
If the starting material, which contains cube-shaped γ′-particles (L12 crystal structure)
coherently embedded in the fcc γ matrix, is loaded in the [001]-direction at elevated tem-
peratures, a change in microstructure occurs and a raft structure is formed [4,12]. This is
due to the introduction of dislocations in the γ-channels between the γ′-precipitates. In
case of a negative misfit δ, the superposition of applied tensile force and internal misfit
stresses leads to shear stresses, which are highest in the horizontal γ-channels so that plastic

deformation starts there. Dislocations of type a/2 < 0
−
11 > {111} preferentially bulge

through the γ-channels leaving interfacial dislocations of screw or mixed character in the
γ/γ′-interfaces [13–16]. The dislocations introduced in this way shift the misfit δ to more
positive or negative values in the horizontal and vertical channels, respectively [17]. For
alloys with negative misfit, this means that the associated coherency stresses are reduced
in the horizontal channels while they are elevated in the vertical ones. Consequently, it
becomes energetically favorable to widen the horizontal channels at the expense of the
vertical ones, leading eventually to the coalescence of the γ′-precipitates at the vertical
γ-channels. This process is called rafting [1,4,6,12,14–16]. Thus, a negative misfit δ results
in rafts oriented perpendicular to the tensile loading direction, referred to as type-N. If the
misfit δ is positive, rafts form parallel to the load direction and are referred to as type-P [7].
Altogether, a bicontinuous γ/γ′-network is formed, where both phases interpenetrate each
other while each phase is connected in itself [3]. This understanding led to the invention
and development of nanoporous superalloy membranes [3,5].

During past research on the fabrication of nanoporous superalloy membranes based
on CMSX-4, mainly directional coarsening and crosslinking at a temperature of 1000 ◦C
and a tensile stress of 170 MPa was investigated. The γ-channel widths obtained were
250–400 nm [18]. An important component of this investigation is the γ-channel widening
rate experimentally determined by Epishin et al. [19,20] for the horizontal γ-channels
of dendritic regions. Two different rates

.
w1 and

.
w2 were found for the process of raft

formation and subsequent coarsening, respectively. Furthermore, it was found that at the
time the raft formation is completed, the channel width of the horizontal channels is about
three times the initial channel width w0 in the precipitation heat-treated condition. This
was attributed to the fact that there are twice as many vertical channels as horizontal ones
and that the entire γ-phase of the closing vertical channels is transferred to the horizontal
ones. This is called the 3w0-criterion [19]. Taking these conditions into account, an optimal
heat treatment was therefore worked out in a previous study, combining the most regular
arrangement and angularity of the γ′-particles with the minimum size w0 of the γ-channels.
The optimized precipitation heat treatment at 1140 ◦C for 30 min results in a γ′-particle size
of 224 ± 52 nm and a γ-channel width of 35 ± 19 nm [21].

Using the above-mentioned heat path development and the resulting initial microstruc-
ture, we investigate in this work the influence of stress and time on the microstructure
development during creep deformation with the aim of identifying optimal creep param-
eters for the production of superalloy membranes with the smallest possible γ-channel
width. Since the subsequent membranes are subjected to mechanical stress in premix mem-
brane emulsification, the selection of the process parameters should include an additional
increase in strength via an increased γ′-content. As the γ′-volume fraction depends on the
temperature and previous investigations were carried out at 1000 ◦C, the temperature in
the creep tests will be reduced to 950 ◦C. According to Epishin et al. [22], this increases the
γ′-volume content from 70% to 72%. To compensate for the reduced channel widening rate
due to the reduced temperature, the stress in the creep tests is increased up to 250 MPa [20].
In order to be able to investigate the influence of different creep stresses at a constant
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temperature, stepped creep specimens are used. These have three different diameters in
three sections so that stresses of 250 MPa, 183 MPa, and 140 MPa can be set in one sample.
A similar variant with different dimensions has already been used by Cheng et al. [23] in
tensile and compressive creep tests. Epishin et al. [19] used a so-called flat wedge-shaped
sample. The designs differ in that we used clearly separated sections with transition radii
rather than a rectangular, continuously converging cross-section. However, in this investi-
gation, the combination of 950 ◦C and 250 MPa is decisive for the subsequent membrane
production. In summary, this investigation pursues two goals in the context of superalloy
membrane development:

1. To identify suitable creep parameters for the fabrication of nanoporous superalloy
membranes with the application target of premix membrane emulsification with
minimized pore size.

2. To investigate if stepped creep specimens are suitable for the fast and cost-effective in-
vestigation of multiple stress and temperature combinations in membrane development.

2. Methodology
2.1. Materials and Processing

To investigate the influence of creep duration and stress on the microstructure evo-
lution during directional coarsening, the single-crystalline Ni-based superalloy CMSX-4
was used. For this purpose, three out of four creep specimens were manufactured from
rods with a length of 220 mm and a diameter of 21 mm produced by Access Aachen
e.V. using the Bridgeman process (Specimen ID starting with “A-”). The deviation of the
[001]-orientation from the rod centerline was determined by Röntgenlabor Eigenmann
using the Laue diffraction method. It was less than 10◦ for the used rods. One of the four
samples used was made from a single crystal plate. The deviation of the plate center axis
from the [001]-orientation was measured using electron backscatter diffraction (EBSD) in
a scanning electron microscope (FEI Helios NanoLab 650) and was 6–10◦ (Specimen ID
starting with “I-”). All samples were heat treated using the following homogenization (HT)
and precipitation heat treatment: 1277 ◦C/2 h + 1288 ◦C/3 h + 1296 ◦C/3 h + 1304 ◦C/2 h +
1313 ◦C/2 h + 1316 ◦C/2 h + 1318 ◦C/2 h + 1321 ◦C/2 h + AC to RT + 1140 ◦C/30 min + AC
to RT (AC: Air cooling). The precipitation heat treatment at 1140 ◦C for 30 min is the result
of previous studies on γ′-precipitate size and morphology as mentioned before [21]. For
completeness, Figure 1a shows the γ/γ′-microstructure in the precipitation-hardened state.
The average edge length of the cubic γ′-particles is 224 ± 52 nm, and the channel width
between the γ′-particles 35 ± 19 nm. Stepped creep specimens were then fabricated with a
total length of 72 mm. The three sections along the gauge length have diameters of 6, 7, and
8 mm, and the specimens have a metric M12 × 1.75 thread at each end. Figure 1b shows
the technical drawing of the creep test sample and a manufactured sample from CMSX-4.
Table 1 summarizes the test conditions of the investigated stepped creep specimens. The
minimal creep duration of 140 h at a stress of 250 MPa was estimated using the channel
widening rate

.
w1 = 5.25× 10−1 nm

h determined experimentally by Epishin et al. [19,20]
in dendritic regions for that test condition. Creep tests were carried out with a constant
weight applied to the creep frame. Following the creep test, the samples were cleaned and
the three sections were separated. For further investigations of the microstructure, each
section was cut in half parallel to the [001] direction.

In order to be able to check the crosslinking in dendritic and interdendritic areas,
sheets for the production of membranes were taken from the creep specimens. The sheets
were ground to a thickness of approximately 0.3 mm after cutting (including P2500).
Electrochemical etching was used to dissolve the γ-phase, leaving the γ′-phase as a solid
membrane and a channel-like porosity in place of the γ-phase. A solution of 800 mL
H2O, 8 g (NH4)2SO4, and 8 g C6H8O7 and an extraction voltage of 1.3 V were used. For a
detailed description as well as a detailed experimental setup, see [5]. The specimens with
the specimen ID A-CMSX-4/140h/250, A-CMSX-4/170h/250, A-CMSX-4/310h/250, and
I-CMSX-4/506h/250 were investigated with this method.
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Figure 1. (a) γ/γ-microstructure of the CMSX-4 creep samples used after homogenization and pre-
cipitation heat treatment. The  γ’-particle size is 224  52 nm, the  γ-channel width 35  19 nm, (b) 
technical drawing of the stepped creep specimens used in this study (top) and exemplary stepped 
creep specimen made of CMSX-4 before the creep test (bottom). 
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Figure 1. (a) γ/γ-microstructure of the CMSX-4 creep samples used after homogenization and
precipitation heat treatment. The γ’-particle size is 224 ± 52 nm, the γ-channel width 35 ± 19 nm,
(b) technical drawing of the stepped creep specimens used in this study (top) and exemplary stepped
creep specimen made of CMSX-4 before the creep test (bottom).

Table 1. Loading conditions and geometrical details of the stepped creep test samples; θ is the
misorientation angle between the crystallographic [001]-orientation and the long axis of the single
crystal rods.

Specimen ID Cross Section (mm2) θ (◦) Stress (MPa) Duration (h)

A-CMSX-4/140h/250

28.27

9.9

250

140A-CMSX-4/170h/250
A-CMSX-4/310h/250 9.8 170

I-CMSX-4/506h/250
9.6 310

6–10 506

A-CMSX-4/140h/183

38.48

9.9

183

140
A-CMSX-4/170h/183 9.8 170
A-CMSX-4/310h/183 9.6 310
I-CMSX-4/506h/183 6–10 506

A-CMSX-4/140h/140

50.26

9.9

140

140
A-CMSX-4/170h/140 9.8 170
A-CMSX-4/310h/140 9.6 310
I-CMSX-4/506h/140 6–10 506

2.2. Microstructure Analysis

For the investigation and analysis of the microstructure, the samples were first ground
and polished up to and including oxide polishing suspension (OPS). Then the γ′-phase
was etched with the help of molybdic acid (1 part H2O, 1 part HCl (37%), 1 part HNO3,
1 weight-% MoO3) for 3 s to obtain sufficient contrast in the scanning electron microscope
(SEM). For each condition, five SEM images were taken with a ZEISS LEO 1550 GEMINI at
a magnification of 8 k and then used for the measurement with the line intersection method.
To be able to carry out the measurement of the γ/γ′-microstructure, first, a binarization
was necessary. For this purpose, after cropping the image to 688 × 688 pixels, the software
ImageJ [24] and the plugin Trainable Weka Segmentation [25] were used. The plugin is
trained by the user’s input; in the broadest sense, this training is conducted by determining
which pixels with which grey values belong to the γ-phase or γ′-phase. The software
can use various settings, such as taking the neighboring pixels into account, to make the
distinction between the adjacent pixels. Since the recorded images were usually taken with
identical brightness and contrast settings for each creep state, the software only had to
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be trained once for each state to the corresponding settings. Afterward, the image was
imported into a program for the line intersection method.

In the line intersection method, a defined set of parallel lines is placed in the binarized
image in an angular range of 0◦ to 180◦ degrees. The software then detects where the line
is interrupted by black or white areas and measures the length of these areas according
to the previously defined distance between adjacent pixels. This method was carried out
for every creep state on five images each in dendritic and interdendritic areas, after which
the values were summarized. The mean value and the associated standard deviation
are then calculated for each angle. This procedure is equivalent to the one described by
Näth et al. [18]. The only difference is that the analysis here was not carried out on
membranes, but on polished and etched samples.

The results of the line intersection method can be plotted polar so that the results are
displayed as an ellipse. The vertical axis a refers to the γ-channel and γ′-ligament width.
Since the γ-phase is removed for membrane production in the selective phase extraction, the
γ-channel width is associated with the pore width in the nanoporous superalloy membrane.
The horizontal axis c refers to the length of the γ- and γ′-ligaments, respectively. In the case
of the line intersection method, it must be noted that due to a non-perfect alignment or the
vertical connection of two γ-channels, an overestimation of the γ-channel width along the
axis a may occur. In the case of the γ′-ligament length along the horizontal axis c, this can
correspondingly lead to an underestimation.

3. Results
3.1. Creep Stress: 250 MPa

The results of the creep tests at a stress of 250 MPa are shown in Figure 2a–d. Exemplary
images from the dendritic areas of the specimens are shown. After a creep time of 140 h,
the microstructure in (a) shows an irregular raft structure. In many cases, vertical struts are
present between the γ-channels. The individual channels are mostly not parallel to each
other and have a curved shape. This contrasts with the microstructure in (b) after a creep
period of 170 h. Compared to (a), the raft structure appears to be finer and the channels
themselves are more regular and parallel in many places. Nevertheless, irregular areas and
vertical connecting struts are also present here.

A further increase in the creep duration to 310 h results in a comparatively homoge-
neous raft structure with predominantly parallel γ-channels. Although the γ-channels have
a slightly curved shape, they differ in appearance from the creep durations considered so far.
There are also only a few vertical struts connecting the rafts. Overall, the structure appears
very homogeneous and regular. After 506 h, the structure of the γ-channels changed in
comparison to 310 h. The shape of the rafts is now more curved or bent and resembles a
wavy shape. The structure is still homogeneous and regular, but the dimensions, especially
the width of the channels, have increased.

The development of the dimensions of the rafting structure can also be measured and
plotted using the line intersection method. Figure 3 shows the structural ellipses of the
creep tests performed at a stress of 250 MPa. The results have been plotted as polar plots.
Accordingly, axis a refers to width, and axis c to length. The left half of the plot shows
the results from dendritic regions, and the right half from interdendritic ones. The values
are given in units of nanometers. Furthermore, the distinction between γ-channels and
γ′-ligaments is made, where γ-channels are indicated as dashed lines and the solid lines
refer to the γ′-ligaments. For further presentation of the results from the line intersection
method, the values from Table 2 will be considered in more detail. These summarize the
most important parameters for the characterization of the rafting structure. Values marked
a refer to the vertical axis a and correspond to the results of the line intersection procedure
in which the parallel lines were placed at an angle of 90◦ in the image. They are used to
determine the width of the pores and ligaments. The label c corresponds to the angle 0◦,
i.e., along the axis c, and describes the length. The subscripts d and id indicate dendritic
and interdendritic areas, respectively.
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Figure 2. SEM images of dendritic areas after creep testing at 250 MPa/950 ◦C for durations of
(a) 140 h, (b) 170 h, (c) 310 h, and (d) 506 h. Note, due to the etching of the γ′-phase, it appears darker
than the γ-phase.

In both the dendritic and interdendritic regions, the progression of the γ-channel width
is identical. The minimum in both cases is after a creep time of 170 h and is 108 ± 65 nm
for γ-channels in the dendritic and 147 ± 123 nm in the interdendritic region. For the
homogeneous structures in Figure 2c,d, 119 ± 43 nm and 171 ± 60 nm could be measured
in the dendritic and 150 ± 66 nm and 164 ± 69 nm in the interdendritic regions. For
the lowest creep duration of 140 h, γ-channel widths of 132 ± 70 nm in dendritic and
166 ± 137 nm in interdendritic regions are obtained. The γ-channel length shows a similar
trend; the smallest channel length is found after 170 h and is 280 ± 273 nm in the dendritic
and 198 ± 197 nm in the interdendritic region. It increases for the creep tests in the order
140 h, 310 h, and 506 h up to 403± 343 nm and 423± 354 nm for dendritic and interdendritic
areas, respectively.

With regard to the width of the γ′-rafts, there are strong similarities to the γ-channels
in the dendritic areas. The smallest width was also measured here after a creep time of
170 h and amounts to 219± 92 nm. This increases in the sequence 140 h, 310 h, and 506 h up
to 337 ± 163 nm. In the interdendritic areas, the results are more constant. The minimum
is 325 ± 163 nm after 140 h, after 170 h 338 ± 147 nm, after 310 h 334 ± 147 nm, and after
506 h 348 ± 170 nm.

Considering the interdendritic regions, a pronounced shape difference between the
two ellipses for the shorter test durations (140 h, 170 h) and those for the longer ones (310 h,
506 h) is noticeable. While the ellipses show c/a-ratios of 2.50 and 2.58 for the γ-channels
as well as 2.40 and 2.43 for the γ′-ligaments after 310 h and 506 h, respectively (see Table 2),
the c/a-ratios after 140 h and 170 h are 1.43 and 1.35 for the γ-channels as well as 1.36 and
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1.18 for the γ′-ligaments. This indicates that the interdendritic regions of the specimens
with creep durations of 140 h and 170 h have a different microstructure compared to the
dendritic regions after 140 h and 170 h as well as to the dendritic and interdendritic regions
after 310 h and 506 h, respectively.
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γ′-ligaments (solid line) are shown. Furthermore, the left side shows the results of the dendritic, and
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length of the lines as a function of their orientation to the microstructure.

In this context, Figure 4a–d show an example comparison of the dendritic and interden-
dritic regions after creep durations of 140 h and 310 h, respectively. In (a), the microstructure
from a dendritic region can be seen. As described previously, the microstructure shows
irregular γ′-rafts and γ-channels. In contrast, the microstructure imaged in (b) is from
an interdendritic region and shows mostly isolated, coarsened γ′-cubes and elongated
γ-channels. Overall, the structure shown is very inhomogeneous. If we now compare
Figure 4c,d from dendritic and interdendritic regions after 310 h, we see that the microstruc-
ture in both regions has a directional appearance. Although the γ′-rafts and γ-channels in
(c) are more uniform and finer than in (d), a fully developed raft structure is present in both
figures. This comparison shows that dendritic and interdendritic regions display different
stages of directional coarsening depending on the creep duration. This applies not only to
the state after 140 h creep shown here, but also to the state after 170 h creep.
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Table 2. Results of the line intersection measurements of the longitudinal sections of the creep
tests with a stress of 250 MPa at a test temperature of 950 ◦C. The values for the vertical axis a and
horizontal axis c of the structural ellipse are given. The additions d and id refer to the analyzed
dendritic and interdendritic areas; the additions γ- and γ′-channels po denote the respective structure.

A-CMSX-4/140h/250 A-CMSX-4/170h/250 A-CMSX-4/310h/250 I-CMSX-4/506h/250

cd, γ-channel 290 (261) 280 (273) 363 (329) 403 (343)

cid, γ-channel 238 (232) 198 (197) 375 (326) 423 (545)

ad, γ-channel 132 (70) 108 (65) 119 (43) 171 (60)

aid, γ-channel 166 (137) 147 (123) 150 (66) 164 (59)

cd, γ′-channel 500 (391) 443 (347) 812 (786) 766 (582)

cid, γ′-channel 442 (334) 398 (236) 801 (679) 845 (691)

ad, γ′-channel 251 (106) 219 (92) 284 (101) 337 (163)

aid, γ′-channel 325 (163) 338 (169) 334 (147) 348 (170)

(c/a)d, γ-channel 2.20 2.59 3.05 2.36

(c/a)id, γ-channel 1.43 1.35 2.50 2.58

(c/a)d, γ′-ligament 1.99 2.02 2.86 2.27

(c/a)id, γ′-ligament 1.36 1.18 2.40 2.43
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The obtained results for the dendritic and interdendritic areas after 140 h and 310 h
creep duration show that, depending on the location, the raft formation process is at
different stages. Since complete crosslinking is required for membrane production and a
connected structure must be present for the subsequent application purpose, the surfaces
of the membranes manufactured from the creep samples are examined in the following.
Figure 5a–d show the membrane surfaces at dendritic areas after 140 h, 170 h, 310 h, and
506 h creep deformation. In both (a) and (b), holes or breakouts of the γ′-phase can be
seen on the surface demonstrating that the γ′-phase was not completely connected at those
locations. In contrast, in (c) and (d), the surfaces do not show any breakouts or irregularities.
Thus, crosslinking of the γ′-phase is now complete everywhere. As previously observed in
Figure 2c,d, a regular microstructure is present.
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mation, breakouts are absent everywhere (see Figure 6d). 

  
(a) (b) 

Figure 5. Membrane SEM images of dendritic areas after creep testing at 250 MPa/950 ◦C for
durations of (a) 140 h, (b) 170 h, (c) 310 h, and (d) 506 h. Note, due to the dissolving of the γ-phase,
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Figure 6a–d show the membrane surfaces at interdendritic regions after 140 h, 170 h,
310 h, and 506 h. After a creep duration of 140 h, a fissured surface can be seen in (a). In
several areas of the image, the γ′-phase is missing over a large area, and a kind of skeleton
of the remaining γ′-phase forms a fissured structure. In addition, small breakouts can be
seen in the areas of the remaining γ′-phase. In (b), a similar situation after 170 h can be
seen. The large-scale breakouts of the γ′-phase are still present, but are smaller than in (a).
Furthermore, in (b), there are also small breakouts of the γ′-phase between the ligaments.
Overall, the structures on the surface of (a) and (b) look very similar. After a creep time of
310 h, the surface in (c) shows no breakouts of the γ′-phase except near larger casting pores.
This can be attributed to the altered stress state around pores during creep deformation,
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hampering directional coarsening at certain locations. After 506 h of creep deformation,
breakouts are absent everywhere (see Figure 6d).
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Figure 6. Membrane SEM images of interdendritic areas after creep testing at 250 MPa/950 ◦C for
durations of (a) 140 h, (b) 170 h, (c) 310 h, and (d) 506 h. Note, due to the dissolving of the γ-phase,
pores appear black.

Finally, it is possible to plot the results of this investigation for a stress of 250 MPa in a
graph. Figure 7 shows the γ-channel width in nanometers as a function of the creep time in
hours for the dendritic regions. Marked as a red circular dot is the initial channel width of
35 nm in the precipitation heat-treated condition. The blue point marks the result of the
3w0-criterion and represents the minimum channel width of 105 nm when raft formation is
just completed. According to Epishin et al. [19], this occurs in the dendritic regions after
133 h for the stress of 250 MPa at 950 ◦C. In green, the γ-channel widths measured in the
dendritic regions are indicated with the corresponding standard deviations. The diagram
visualizes the results from Table 2. The obtained γ-channel width for the creep time of
140 h is 132 ± 70 nm, which is higher than the value of 105 nm given by the 3w0-criterion.
After 170 h, the value for the γ-channel width decreases to 108 ± 65 nm and is thus very
close to the value of the 3w0-criterion. For the creep duration of 310 h, the value increases
slightly to 119 ± 43 nm and for 506 h to 171 ± 60 nm. Furthermore, it becomes clear that
the γ-channel width in general increases with increasing creep duration. Nevertheless, the
results for the creep duration of 140 h show a larger γ-channel width than after 170 h and
310 h. On the one hand, this can be attributed to the measurement uncertainty (see large
standard deviations); on the other hand, the cross-links in the vertical direction and the
non-parallel alignment of the γ-channels and γ′-ligaments after 140 h have an influence
on the measurements. This can lead to an overall overestimation of the γ-channel width.
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With increasing creep time, the γ-channel width increases, the cross-links decrease and
the microstructure aligns better. If the decrease in the cross-links and the alignment of the
γ′-ligaments and γ-channels outweigh the real channel widening, the used measurement
method may result in a minimum as observed after 170 h creep duration.
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In summary, the results of the investigation at a stress of 250 MPa show that dendritic
and interdendritic regions coarsen at different rates. With the measurement method used
in this study, the γ-channel width of 105 nm predicted via the 3w0-criterion could not
be achieved in dendritic regions after a creep period of 140 h. Firstly, the still existing
crosslinking between the γ-channels can be stated as a reason here, and secondly, the
non-parallel alignment influences the results of the line intersection method. On the ba-
sis of the measurements and taking into account the influencing factors, however, it can
be concluded that the actual γ-channel width is overestimated and that the real chan-
nel width must be smaller than the measured 132 ± 80 nm. Nevertheless, the results
show that an approximation to the γ-channel width established by the 3w0-criterion is
possible via variation in creep duration. Using two-dimensional SEM images, the small-
est γ-channel width with a complete directionally coarsened microstructure in dendritic
and interdendritic regions could be observed after 310 h, whereas the creep durations of
140 h and 170 h show directionally coarsened structures only in the dendrites and after
506 h larger structures have already emerged. Considering the later application in premix
membrane emulsification, membranes were prepared from the tested creep samples. The
results from the observation of the surfaces show that the membranes from the creep sam-
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ples with a creep time of 140 h and 170 h do not have complete crosslinking in dendritic and
interdendritic areas. While in dendritic areas, isolated parts of the γ′-phase fell out during
the dissolution of the γ-phase, the interdendritic areas of both membranes show more
extensive breakouts of the γ′-phase. Complete crosslinking can be observed in dendritic
areas after a creep time of 310 h. Contrary to the results from the longitudinal sections,
breakouts can also be seen in interdendritic areas in the region around the casting pores.
Note that this does not hinder membrane application so that a creep duration of 310 h is
considered optimal when the finest possible pores are the objective. Finally, after a creep
time of 506 h, dendritic and interdendritic areas show complete crosslinking everywhere.

3.2. Creep Stress: 183 MPa and 140 MPa

Figure 8a–d show the dendritic microstructures at a stress of 183 MPa as a function
of time. In (a), after 140 h, as well as in (b), after 170 h, a cubic precipitation structure
can be seen. In contrast to (a), the structure in (b) appears more inhomogeneous, and the
γ′-precipitates are in many places no longer cube-shaped but rectangular. In (c), a raft
structure is already present after 310 h, and a large number of vertical γ-channels continues
to be present, connecting the horizontal and parallel γ-channels. The structure in (c) is
comparatively homogeneous. Measurements after 310 h result in a γ-channel width of
141± 130 nm. In (d), the dimensions of the γ-channels have increased after 506 h. Moreover,
the γ′-rafts have increased in size. Vertical γ-channels are still present but they are more
irregular with respect to their shape or run increasingly in a curved form. Measurements
after 506 h result in a γ-channel width of 147 ± 85 nm.
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Figure 8. SEM images of dendritic areas after creep testing at 183 MPa/950 ◦C for durations of
(a) 140 h, (b) 170 h, (c) 310 h, and (d) 506 h. Note, due to the etching of the γ′-phase, it appears darker
than the γ-phase.
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Finally, Figure 9a–d show the microstructures of the creep specimens with a stress
of 140 MPa. In (a), after 140 h, and (b), after 170 h, a cubic γ′-precipitate structure can
be seen; although, the γ′-particles are less regularly arranged in (b) than in (a), so that
the microstructure appears more inhomogeneous. In (c), after a creep time of 310 h, the
first rectangular γ′- particles are visible in addition to cubic γ′-precipitates. In comparison
to (d), it is noticeable that the γ′-particles are very angular, whereas in (d), they have lost
their angularity after 510 h. At the same time, several elongated γ′-precipitates are visible.
Nevertheless, it is not possible to speak of a raft structure here.
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4. Discussion

By loading the creep specimens along the [001]-orientation at constant temperature
and stress, a directionally coarsened γ/γ′-microstructure was observed after a sufficiently
long creep period. This is an N-type raft structure that occurs at negative misfit δ of the
alloy. The alloy CMSX-4 has a negative misfit δ at room temperature, which becomes
more negative with increasing temperature. The formation of type-N rafts is thus con-
sistent with results from the literature, for example [6–8,14,19,20,26–29]. For a stress of
250 MPa, a directionally coarsened microstructure in the dendritic and interdendritic re-
gions was observed at a creep time of 310 h. Moreover, after 140 h and 170 h, rafting of the
γ′-precipitates is essentially complete in the dendritic domains. However, the interdendritic
areas show only partial areas in which directional coarsening, i.e., raft formation, has taken
place (see Figure 4). According to Reed et al. [14] the reason for these different rates of raft
formation is the chemical imbalance between dendritic and interdendritic areas, which
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leads to different γ′-volume contents, different misfits, and chemical compositions of the
phases. Aluminum and tantalum, in particular, preferentially accumulate in interdendritic
regions, so that the γ′-volume content is greater here than in dendritic regions. This leads
to the γ-channels being narrower, which results in greater creep resistance. Additionally,
Völkl et al. have shown that the misfit is more positive in the interdendritic regions than
in the dendritic ones in the case of CMSX-4 [30]. These aspects explain the observation
made here that raft formation in the interdendritic regions is delayed compared to the
dendritic ones, which is why the creep durations of 140 h and 170 h are not suitable to
obtain a completely directionally coarsened microstructure. Nevertheless, the results show
that approximating the optimal creep duration for a directionally coarsened microstructure
via the channel widening rate

.
w1 determined by Epishin et al. [20] is reasonable, since the

results can be used as a starting point for further experiments. Since the channel widening
rate was determined in dendritic regions and the results of our investigation show raft
structures in the same already after 140 h, a consistency is given. However, because the raft
structure after 140 h and 170 h contains vertical γ-channels to a significant extent, there is
a considerable overestimation of the γ-channel width using the line intersection method,
especially after 140 h, which results in a γ-channel width of 132 ± 70 nm. Taking this
into account, the actual channel width appears to be close to three times its initial value
3w0= 35 nm, in agreement with the 3w0-criterion for just-completed raft formation pro-
posed by Epishin et al. [19]. Note that the same holds true for the width of 108 ± 65 nm
measured after 170 h.

The results from Figure 7 show that with the completion of raft formation in the
dendritic regions at about 140 h to 170 h, the widening rate of the γ-channels decreases
considerably. This is also consistent with the results of Epishin et al. [20] and has been
explained by the higher stability of the plate-like γ′-structure compared to the cube-like one
as well as different coarsening mechanisms associated with these different γ′-morphologies.
Considering the fabrication of nanoporous superalloy membranes where a bicontinuous
γ/γ′-microstructure is required prior to selective phase extraction, the slowed coarsening
kinetics is of great benefit. It allows creep durations to be selected where rafting is com-
pleted not only in the dendritic but also in the interdendritic regions with limited further
coarsening of the already-rafted dendritic areas. In this respect, a creep duration of 310 h
at 250 MPa appears to be favorable. Then, the interdendritic regions are fully rafted (see
Figure 4d) while the γ-channel width in the dendritic ones is still close to the minimum
possible value (see Figure 7). Even though isolated breakouts still occur at casting pores in
the interdendritic regions (see Figure 6c), they are not expected to affect the mechanical
strength or functionality of the membrane in any appreciable way because they neither
significantly reduce the membrane’s cross-section nor do they cause a short-circuit for the
flow of a medium through the membrane.

The other results for the stresses of 183 MPa and 140 MPa show that the raft forma-
tion process becomes less complete with decreasing stress at constant creep duration (see
Figures 8 and 9). According to Kamaraj et al. [6] and Pollock et al. [7], the driving force
for the raft formation process is the increase in dislocation density in the γ-channels when
the creep specimen is loaded. The introduced dislocations reduce or increase the misfit
δ in the horizontal and vertical channels, respectively, and thus the associated elastically
stored energy. Due to the resulting change in thermodynamic driving forces and chemi-
cal potentials, raft formation occurs, eliminating the energetically less favorable vertical
γ′-channels. Thus, the greater the stress in the creep test, the more dislocations are intro-
duced into the γ-channels within a certain time period and the greater the thermodynamic
driving force for the raft formation process. This is the reason for the increasingly in-
complete raft formation process with decreasing stress at constant temperature and creep
duration. It can also be inferred from the results that the channel widening rate during the
process of raft formation becomes smaller with decreasing stress, which is in agreement
with the results of Epishin et al. [20]. This is simply due to the fact that the dislocations in
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the γ′-channels, and with them the thermodynamic driving force for rafting, evolve more
slowly with decreasing stress.

Another observation was made during the creep test at 183 MPa and 506 h. According
to Epishin’s 3w0-criterion and the stress-dependent widening rate [20], the calculated
minimum channel width of 105 nm would have to be reached after a longer creep time at
183 MPa than at a50 MPa. In certain respects, this is consistent with the experimental results.
They show that raft formation is complete after 506 h/183 MPa in the dendritic areas in a
similar way as after 140 h and 170 h at 250 MPa (compare Figure 8d with Figure 2a,b) with
numerous vertical γ-channels still present in all these cases. However, as the width of the
horizontal channels is already 141 ± 130 nm in the former case, i.e., larger than 3w0 and the
widths after 140–170 h/250 MPa, there is an additional factor influencing raft formation
at this point. It is reasonable to assume that, as already observed by Epishin et al. [20],
undirectional coarsening of the γ/γ′-microstructure by Ostwald ripening takes place in
parallel to the ongoing raft formation process, becoming the more important the slower
the rafting is, i.e., the lower the applied stress. For this reason, the minimum possible raft
width increases with decreasing stress and the 3w0-criterion has to be seen as a lower limit
in the absence of undirectional coarsening. This is also suggested by the observations of
Chen et al. [31] who reasoned that the increase in thickness of the γ′-rafts is related to
Ostwald ripening as a function of the initial size of the γ′-particles and the coarsening
rate. This results not only in the coarsening of the γ′-rafts but also of the γ-channels. It
can be concluded that the channel widening rate at 183 MPa is so low that undirectional
coarsening already takes place to a significant extent during the raft formation process.
Considering the application of interest here, it means that a creep stress of 250 MPa is
favored over the lower ones inspected here. As the achieved channel width is already close
the lower limit of 3wn, even higher stresses are expected to be of limited benefit.

5. Conclusions

In this study, the γ-channel width was investigated as a function of creep duration
and stress using staged creep specimens. Stresses of 250 MPa, 183 MPa, and 140 MPa and
creep durations of 140 h, 170 h, 310 h, and 506 h were considered. The test temperature was
950 ◦C in all cases. The following conclusions can be drawn from this investigation:

1. The use of stepped creep specimens with three stress ranges allows the simultaneous
investigation of different creep states within one creep test. This can reduce material
usage and make it easier to find the optimum combination of temperature, stress, and
creep duration.

2. The 3w0-criterion is suitable for approximating the minimum γ-channel width in the
dendritic regions of the single-crystalline Ni-based superalloy CMSX-4 achieved at
the point in time when rafting is just completed. The calculated minimum γ-channel
width of 105 nm could be essentially reached after 170 h/250 MPa with a measured γ-
channel width of 108± 65 nm in the dendritic regions. Due to the chemical imbalances
between dendritic and interdendritic regions, no raft structure was present in the
interdendritic regions at this point in time, which does not allow for the use of this
microstructure for membrane fabrication.

3. The combination of a temperature of 950 ◦C, a stress of 250 MPa, and a creep time
of 310 h achieves the requirements we set for a membrane structure, leading to a
γ-channel width of 119 ± 43 nm in dendritic and 150 ± 66 in interdendritic regions
and complete crosslinking. Further characterizations such as mechanical strength
or emulsification behavior of nanoporous superalloy membranes produced by these
parameters have to be performed.

4. In combination with the test temperature of 950 ◦C, the stresses 183 MPa and 140
MPa do not lead to suitable microstructures for the fabrication of membranes for
premix membrane emulsification as the lower rafting speed in combination with
undirectional coarsening results in larger γ-channels than required.
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5. The use of previous research results to investigate the microstructure development
of CMSX-4 in the high-temperature range could be successfully transferred to the
field of membrane development and contribute to further optimization of Ni-based
nanoporous membranes. For future application in the field of premix membrane
emulsification and the production of colloidal lipid-based excipients, further experi-
ments have to be carried out, for example, on the mechanical properties or resulting
droplet size.
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Abstract: Information about the technological possibility of stamping in open dies, round-shaped
forgings made of ductile cast iron, is outlined herein. Cast iron’s propensity for plastic deformation
under complex loading conditions is analyzed from the standpoint of the morphology of graphite in-
clusions, depending on the degree and mechanical scheme of deformation. The research methodology
included: the choice of a brand of cast iron with spherical graphite and the technological process of
its deformation; mathematical modeling of the deformation process using the DEFORM–3D software
package; stamping of an experimental batch of forgings; and microstructural studies of the forging
material, together with the data of its stress–strain state and the direction of flow of the material.
Under the conditions of comprehensive compression of the workpiece material at the beginning of the
deformation process, lateral pressure was created from the tool walls. It was carried out by selecting
the size and shape of the initial blank by mathematical modeling. When analyzing the morphology
of graphite inclusions, the stress state scheme was determined as the main influencing factor. The
greatest change in the shape and size of graphite inclusions of cast iron, including their crushing,
corresponds to the condition of the disappearance of all-round compression. When stamping in open
dies, this occurs in the area where the material exits from the stamp engraving into the flash gutter. In
the process of forming, cast iron showed the possibility of deformation in the deformation intensity
index εi = 2.5.

Keywords: forging in open die; ductile cast iron; ultimate plasticity; analysis of the stress–strain state
of the material; microstructural studies

1. Introduction

In mechanical engineering, one of the important practical tasks is the manufacture of
products from hard-to-deform metal materials, one of which is cast iron. As a structural
material, grey cast iron contains, in the microstructure, graphite, which is widely used for
the manufacture of various parts. Compared with steels, it has a number of advantages:
it works well on friction, is wear-resistant, and dampens vibration. However, cast iron is
inferior in strength due to the low level of viscosity and fracture resistance, which is due,
on the one hand, to the presence of graphite particles, and on the other, to defects in the
structure of the cast metal [1–5]. The first studies on plastic deformation of cast iron con-
taining graphite in its structure date back to the end of the 1940s. The starting point of these
studies was the experiments of T. Karman, Becker [4,5] and the fundamental works of P.V.
Bridgman (1947) [6–8], the results of which showed that even brittle materials, such as mar-
ble and red sandstone, can be plastically deformed under conditions of uneven all-round
compression. In practice, the scheme of uneven triaxial compression was implemented in
the 1950s in the technological processes of extrusion, pressing, and volumetric stamping.
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As concrete examples of the manufacture of cast iron blanks, one can cite: hot rolling of a
sheet to a thickness of 1.5–2.1 mm from a rectangular-shaped slouch in several passes and
the production of pipes by pressing, stitching, and rolling, obtaining grinding bodies (balls)
by the process of cross rolling [7]. The mechanical properties of cast iron depend on the
shape of graphite [1]. Analysis of the deformability of cast irons with different graphite
shapes has shown that as graphite inclusions approach the spherical shape, the ductility of
cast iron increases significantly. The spheroidal shape of graphite does not have a strong
incising effect on the metal base, as a result of which a stress concentration occurs to a lesser
extent around graphite spheroids. For comparison, the value of elongation in tensile tests
for cast iron with lamellar graphite is 0.2–0.5%, and with spherical graphite, it is 10–12%.
Ductile cast iron has a high ratio of conditional yield strength σ0.2 to the temporary tensile
resistance σb, which is 0.6–0.7, which allows it to be used as a structural material along
with steel (steel: 0.5–0.6) [9]. The second decade of our century has been marked by a large
number of studies in the field of hot plastic deformation of ductile cast iron, in particular,
those carried out by scientists of the Belarusian school of deformation [10–12]. The research
direction concerned changes in the structure, in particular, the shape of graphite particles,
under various deformation schemes and their influence on mechanical properties. The
main results of the research were formulated into the following conclusions:

• The structural, mechanical, and physical properties of cast iron are determined by the
shape of graphite inclusions, the changes in which are determined by the deformation
of the metal base (matrix) of cast iron [13,14].

• Depending on the mechanical deformation scheme implemented, graphite inclusions
of cast iron acquire a different shape: a disc-shaped shape under precipitation condi-
tions, an elongated shape during extrusion [11].

• Studies of plastic deformation of cast iron under conditions of complex loading are
rationally carried out using technological samples in which deformation schemes are
implemented in relation to the manufacture of a certain class of products [15].

• The plastic flow of brittle graphite inclusions inside a metal matrix must be performed
under conditions of uneven all-round compression; however, it is possible to use
deformation schemes with the presence of tensile stresses [16,17]. As a confirmation
of the use of deformation schemes that do not fully correspond to comprehensive
compression, examples of the developed processes are given: backward extrusion in
one pass of the “electric drill chuck body” part, hot transverse three-roll rolling of
parts such as rods and shafts, and cold surface rolling with rollers [18,19].

When analyzing the developed processes of plastic deformation of cast iron to date,
the practical interest in the manufacture of volumetric shaped products using deformation
technological schemes that differ from the schemes of the implemented processes should
be noted. In particular, this applies to the process of hot volumetric stamping in open
dies, which makes it possible to produce products of various shapes. The shaping of the
material in open dies is characterized by uneven all-round compression at an average
total pressure and incomplete lateral pressure of the metal on the rigid walls of the tool.
During deformation, part of the metal is displaced from the engraving in the form of a
technological burr, which causes local free broadening of the metal in the area of the exit
into the burr groove, creating additional tensile stresses that contribute to destruction.
The structural features of the deformation focus and the periods of its change during
stamping in open dies are described in detail in the works of M.V. Storozhev, S.I. Gubkin,
E. I. Semenov, and other scientists [20,21]. To date, hot stamping of volumetric shaped
ductile cast iron products in open dies has no practical implementation, which allows us to
conclude that this research topic is relevant to determine its technological capabilities for
the manufacture of specific classes of products. The mechanical properties of the material
depend on its metallurgical and structural condition. In the process of plastic deformation
of the material, the defect and structure parameters change: grain size, morphology of the
structure, residual micro, and macro stresses. Therefore, the problem of determining the
technological feasibility of manufacturing volumetric shaped ductile cast iron products in
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open dies requires solving theoretical issues to establish patterns of changes in its structural
state depending on the deformation conditions, which was the purpose of this work.

2. Materials and Methods

The solution to this problem involves the application of a comprehensive research
methodology, which includes: mathematical modeling of the process, with the determina-
tion of the optimal dimensions of the workpiece and the assessment of the stress–strain
state and the nature of the flow of the material in its volume during deformation; stamping
of the experimental batch of forgings; and structural studies of the deformed material.

Ductile cast iron in a ferrite–perlite matrix with the following characteristics was
selected as the material under study:

• The strength characteristics are hardness 170–180 HB, which corresponds to the ulti-
mate strength 490–530 MPa.

• The permissible degree of deformation in hot precipitation is εh = 12%.
• The chemical composition of cast iron is shown in Table 1.

Table 1. Chemical composition of cast iron.

Content of the Elements, %

C Si Mn Ni Cr Mg S P

2.60 2.15 0.60 0.38 0.14 0.07 0.019 0.09

In order to clarify the ductility parameters of cast iron used for deformation, tests
were carried out on the hot sediment of turned cylindrical samples with a diameter of
30 mm and a height of 60 mm from the batch of material used. The samples were heated
in the furnace to a temperature of 1025–1050 ◦C and deformed by precipitation on the
press with degrees of deformation of 10, 15, and 20%. In order to avoid contact with cold
strikers, the deflection was carried out between heated plates. The results obtained showed
that the cast iron used for testing has a ductility with a degree of deformation at a hot
draft of εh = 20%. It was also noted that the cooling of the deformed material must be
carried out in the furnace at a speed of 100 ◦C per hour [22]. As a technological test, the
process of hot volumetric forging of a round-shaped “flange” part in an open die on a
crank hot-stamping press (JSC “Tjazhmekhpress”, Voronezh, Russia) was chosen. In the
manufacture of forgings, a technological scheme was chosen for deforming a blank piece of
a round shape into an end face without the use of a precipitation operation.

Mathematical modeling was carried out using the DEFORM–3D software package
(SFTC, Columbus, OH, USA, Ver. 6.0).

The optimal dimensions of the initial workpiece were determined based on the pos-
sibility of creating conditions of all-round uneven compression in it during deformation.
According to the modeling results, the dimensions of the workpiece were selected: height
30 mm and diameter 56 mm, which is 4 mm less than the internal size of the flange section
of the working cavity of the stamp.

Evaluation of the stress–strain state in the volume of the product was carried out
in areas corresponding to microstructural studies. The schemes of the deformed state of
the workpiece material are shown in Figure 1. The diagram of the stressed state of the
workpiece material during the stamping process is shown in Figure 2.

Stamping was carried out on a crank hot-stamping press with a force of 10 kN. The
ground workpieces were heated in an electric furnace at a temperature of 1025–1050 ◦C for
one hour. A sketch (a) and a photograph (b) of the stamped forging of the “flange” part are
shown in Figure 3. There are no surface defects in the form of cracks on the forging surface,
which indicates that the dimensions of the initial workpiece are correctly determined.
After stamping, the forgings were cooled in a furnace of 900 ◦C and a reduction of 100 ◦C
per hour.
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Microstructural analysis was carried out on samples, the cutting scheme of which,
from the fourth part of the flange’s forging, is shown in Figure 4a. The measurement of the
size and shape of graphite grains was carried out on layer-by-layer and end-face sections
of the samples. Zones of the microstructural studies were selected on the planes of layered
samples, in which the values of deformation and stress in the intensity indicator were
determined using mathematical modeling. For samples №1, №3, and №7, they are given in
Tables 2 and 3.
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Table 2. Values of the intensity of deformation of cast iron in the studied flange zones.

Sample №1 Sample №3 Sample №7

point area 1 area 2 area 3 area 4 area 1 area 2 area 3 area 4 area 1 area 2 area 3

1 2.03 2.16 1.41 1.91 0.70 1.46 1.61 2.12 2.28 1.60 1.71

2 2.02 1.38 1.38 0.95 1.37 1.63 1.79 2.38 1.87 2.51

3 2.43 1.28 1.60 1.00 1.50 1.64 2.21 2.38 1.54 1.57

4 2.53 1.42 1.62 1.20 1.54 1.77 2.29 1.58 1.36

5 2.26 1.45 1.22 1.58 2.28 2.02 1.59 1.63

6 2.51 1.25 1.62

7 1.53 1.28 1.65

Table 3. Stress intensity values (MPa) of cast iron in the studied flange zones.

Sample №1 Sample №3 Sample №7

point area 1 area 2 area 3 area 4 area 1 area 2 area 3 area 4 area 1 area 2 area 3

1 239 238 192 189 187 199 195 204 144 143 148

2 235 194 180 190 203 193 196 144 144 144

3 251 186 188 188 200 189 200 140 145 156

4 255 198 183 197 195 193 145 145 151

5 239 199 194 192 199

6 256 197 189

7 205 201 195

3. Results and Discussion

One feature of the shaping of the initial blank in an open die is the fact that individual sec-
tions have different directions of metal flow due to the implementation of various mechanical
deformation schemes, which forms a multidirectional structure of graphite particles.

The material of the initial blank is initially deformed in the central zone under condi-
tions of reverse extrusion (Figure 1a). The stressed state is characterized by a comprehensive
compression scheme, which is provided by an active force in the direction of precipitation
and the reaction of adjacent sections of the deformable workpiece in the radial direction to
its axis. The stress state scheme does not change during the entire deformation process; the
maximum stress at the end of the process has a value of 239–256 MPa. The flow of metal
occurs in both directions from the center in the radial direction (Figure 1).

The beginning of deformation of the material of the lateral (peripheral) zone of the
workpiece has a delay in relation to the deformation of the material of the central zone
(Figure 1b). In its volume, the deformation patterns change during the process. In the initial
period, the stress state of the material is characterized by uneven all-round compression.
On the one hand, this is due to back pressure from the side walls of the working surface of
the stamp at the place of formation of the flange part of the forging, on the other, it is from
the side of the upset material of the central zone of the workpiece.

In the subsequent period of stamping, when the material flows out in the form of
a technological burr, in the zone of the connector plane, the state of back pressure, as
well as all-round compression, disappears. The deformed state of the material, as in the
central zone, shortens in the direction of compression and elongates towards the center
of the workpiece and the perimeter of the stamp. The maximum voltage of 239–256 MPa
corresponds to the output of the material from the engraving along the connector plane.

The formation of the cylindrical section of the product occurs last of all under con-
ditions of reverse extrusion, which is carried out due to counter radial displacements of
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the material of the central and peripheral zones of the workpiece (Figure 1c). Friction
forces act on the side of the walls of the cylindrical section on the extruded material, which
generally provides a scheme of uneven all-round compression. The intensity of stresses
reaches values of 239–256 MPa.

The implementation of various mechanical deformation schemes during forging was
expressed in the unevenness of the deformed state of the material in its volume and the
change in shape and size of graphite inclusions. The location of the studied characteristic
zones in the forging layers is shown in Figure 5.
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Figure 5. Diagram of the studied zones in the flange forging layers (numbering of eight layers from
bottom to top).

Along the perimeter of the flange part of the forging at the place where the material en-
ters the burr groove, in the first layer, the deformation intensity has the value εi = 2.02–2.52
and, in the second layer, it is εi = 1.64–1.9. The deformed state of the material displays
shortening in the direction of compression and elongation in two other directions, primarily
to the perimeter of the engraving stamp. Graphite inclusions have an elongated shape in
the direction of the flow of the material into the burr groove (Figure 6).
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Figure 6. The shape of graphite inclusions in the side flange part of the forging (layer №1): layered
section (a) and end section (b).

In the direction of the forging center, the deformed state of the first two layers decreases
to the value of εi = 1.41–1.52 and then increases again to εi = 1.68–1.91. In the center, the
deformed state of the material is characterized by shortening in the direction of compression
and uniform elongation in the other two directions. Graphite inclusions have largely
changed their spherical shape to a flattened lenticular shape, the position of which is
perpendicular to the direction of precipitation (Figure 7).
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Figure 7. The shape of graphite inclusions in the central zone of the forging base (layer №1): layered
section (a) and end section (b).

In the third and fourth layers of the perimeter of the flange part of the forging, the
deformation has the value εi = 0.76–1.26, which is less than in the first two layers. As the
transition to the pipe part of the forging occurs, the deformed state of these layers increases,
reaching the value of εi = 1.79–2.21 in the radius section. The deformed state of the material
is characterized by elongation of its height and shortening in thickness. The change in the
shape of graphite inclusions is also characterized by stretching in the direction of extrusion
(Figure 8).

Materials 2023, 15, x FOR PEER REVIEW 8 of 11 
 

 

compression and uniform elongation in the other two directions. Graphite inclusions 
have largely changed their spherical shape to a flattened lenticular shape, the position of 
which is perpendicular to the direction of precipitation (Figure 7). 

 
Figure 7. The shape of graphite inclusions in the central zone of the forging base (layer №1): lay-
ered section (a) and end section (b). 

In the third and fourth layers of the perimeter of the flange part of the forging, the 
deformation has the value εi = 0.76–1.26, which is less than in the first two layers. As the 
transition to the pipe part of the forging occurs, the deformed state of these layers in-
creases, reaching the value of εi = 1.79–2.21 in the radius section. The deformed state of 
the material is characterized by elongation of its height and shortening in thickness. The 
change in the shape of graphite inclusions is also characterized by stretching in the di-
rection of extrusion (Figure 8). 

 
Figure 8. The shape of graphite inclusions on the radius section of the transition of the flange to the 
pipe part of the forging (layer №3): layered section (a) and end section (b). 

In the fifth and sixth layers of the pipe section, the deformed state continues to in-
crease to the value εi = 2.07–2.42. The highest value corresponds to the outer surface of the 
section, the smallest to the inner surface. 

In the seventh and eighth layers, the deformed state of the pipe section in compari-
son with the previous layers decreases: in the outer layers, to the value of εi = 1.5, and in 
the inner layers, to the value of εi = 1.35. Graphite inclusions have slightly lost their 
rounded shape (Figure 9). 

Figure 8. The shape of graphite inclusions on the radius section of the transition of the flange to the
pipe part of the forging (layer №3): layered section (a) and end section (b).

In the fifth and sixth layers of the pipe section, the deformed state continues to increase
to the value εi = 2.07–2.42. The highest value corresponds to the outer surface of the section,
the smallest to the inner surface.

In the seventh and eighth layers, the deformed state of the pipe section in comparison
with the previous layers decreases: in the outer layers, to the value of εi = 1.5, and in the
inner layers, to the value of εi = 1.35. Graphite inclusions have slightly lost their rounded
shape (Figure 9).
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Based on the result of the deformation analysis, it can be concluded that there is a
significant unevenness of deformation in the forging volume, which is determined by the
complex geometry of the deformation focus and, as a consequence, by different directions
of the material flow [17]. The main flow occurs in the radial direction from the center of
the workpiece to the burr groove. At the same time, it is impossible to fully agree with the
position expressed by M.V. Storozhev, according to which, during the pre-stamping period,
when the stamp figure is almost completely filled with metal, only the excess flows into
the burr [19]. The results of mathematical modeling showed that during the pre-stamping
period, due to the braking of the metal at the place of exit from the working area of the
stamp, the direction of the main flow changes (bifurcates) and, additionally, by reverse
extrusion, ensures the design of the cylindrical part of the product.

There were positive results of the stamping of the experimental batch of round forgings,
in terms of the technological possibility of hot plastic deformation of ductile cast iron in
open dies. In addition, the position that the deformability of the material is not a property,
but the state of the material, was also confirmed and is determined by the conditions of
deformation: speed, temperature, degree, and mechanical scheme of deformation. The
most significant factor in increasing plasticity is considered to be deformation in a state
of all-round compression. It can be created by applying special techniques that simulate
hydrostatic pressure. In this work, it was created due to lateral pressure from the walls
of the tool, carried out by optimizing the size of the initial workpiece. The diameter of
the workpiece was selected in accordance with the dimensions of the inner contour of the
flange part of the product. During deformation, the cast iron showed plasticity with a value
of deformation intensity of εi = 2.5.

The study of structural changes in cast iron with spherical graphite during deformation
in open dies made it possible to evaluate the ability of graphite inclusions to undergo
plastic deformation under conditions of complex loading and large degrees of deformation.
During forging, the material underwent the greatest deformation in three zones: along
the perimeter and center of the flange part and in the transition zone of the flange part to
the cylindrical section. With almost identical degrees of deformation, εi = 2.1–2.5, in all
zones, graphite inclusions had different morphologies, which showed their dependence on
loading conditions. The most difficult loading corresponds to the zone of the material’s exit
from the die cavity into the burr groove, in which there is no state of all-round compression.
Unlike the other two zones, in which the scheme of uneven all-round compression is
implemented, on the one hand, by a deforming tool, and on the other, by adjacent layers of
metal, there is no compressive stress in the considered zone from the material outlet side.
The morphology of graphite inclusions is characterized by the greatest change in shape
and size, including their fragmentation.
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4. Conclusions

Based on the results of the work, the following conclusions were made:

1. By the method of hot volumetric stamping in an open die, an experimental batch
of forgings of the round shape of the “flange” part, with satisfactory quality of the
deformed metal in macro and microstructure, grinding, and orientation of the graphite
phase in the direction of the main deformations, was obtained.

2. The results of the described work made it possible to determine the technological
possibility of stamping forgings of round and similar shape in open dies in terms of
creating conditions for uneven all-round compression of the material, while cast iron
showed plasticity with a value of deformation intensity εi = 2.5.

3. When stamping in open dies to create conditions for all-round compression, it is
rational to use special techniques that simulate hydrostatic pressure, in particular,
lateral pressure from the walls of the tool, carried out by selecting the size and shape
of the initial workpiece.

4. The study of structural changes in ductile cast iron during deformation in open
dies has shown the ability of graphite inclusions to undergo plastic deformation
under conditions of complex loading with changes in shape and size, including
their crushing.
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Abstract: This study sought to experimentally develop guidelines for shaping 0.3-mm-thick cold-
rolled grain-oriented ET 110-30LS steel using a shear-slitting operation. Coated and non-coated steel
was used for the analysis. The coated sheet had a thin inorganic C-5 coating on both sides applied to
the C-2 substrate. The first part of this paper presents an analysis of the quality of the cut surface
depending on the adopted machining parameters, which were the control variables on the production
lines. The second part presents an analysis of the magnetic parameters of the cut samples, which
allowed for the specific impact of the quality of the cut edge on the selected magnetic features. Finally,
an optimization task was developed to obtain a set of acceptable solutions on the plane of controllable
process variables such as slitting speed and horizontal clearance. The obtained results can be used to
control the shear-slitting process on production lines and obtain high-quality workpieces.

Keywords: electrical steel; shear-slitting; sheared edge; magnetic properties; optimization

1. Introduction

The dynamic development of manufacturing techniques is related to the ever-increasing
requirements for product quality, manufacturing operations reduction, and the assurance of
high efficiency in the machining process. Accordingly, there are many difficulties involved
in the correct development and proper implementation of technological processes that
meet these requirements. Modern materials with promising applications are appearing
on the market, but to realize their potential, they will require continuous development
and investigation into the the possibilities of their processing and shaping [1,2]. The trend
of continuous miniaturization in electronic and magnetic components also poses new
challenges to production processes. In many cases, at the production stage, it is necessary
to change the geometry and surface properties of the workpiece material by separating
its fragments or applying mechanical pressure. Therefore, mechanical cutting processes
are constantly used in various industries, such as the electromechanical, electrotechnical,
automotive, food, and paper industries. In the electrotechnical industry, a notable challenge
is to ensure not only the appropriate mechanical properties, but also the magnetic prop-
erties of the shaped products. The optimization of various methods of cutting facilitates
the manufacture of a product of high technological quality in one operation. The products
must have no burrs and minimum shape deviations and the deformation affected zone
must be of minimum width [3–5]. In the electrotechnical industry, electrical steels and
amorphous and nanocrystalline tapes are the basic magnetic materials used, among others,
for the production of electrical machines such as electric motors, transformer cores, and
generators [6–8]. Despite the availability of models that allow for forecasting the technolog-
ical quality of products in the mechanical cutting process in terms of the state of the cut
surface, the proper selection of technological parameters for the process is complicated,
especially in the case of shaping magnetic materials. This is due to the lack of data in the
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literature regarding the settings of machining parameters, for example, for the shear-slitting
of grain-oriented silicon electrical sheets in the context of final cutting surface quality and
the obtained magnetic properties of the product. Thus, there are known problems that occur
in the manufacture of electrical machinery such as transformers and electric motor cores.

In the case of electrical steel cutting, the difficulty in production lines is in ensuring
appropriate quality in the cut edge with minimal interference with the magnetic characteris-
tics. It is necessary to analyze the physical phenomena occurring in the contact zone of the
tools with the material that is shaped during the process. Knowledge of these phenomena
is crucial for proper process control and the design of new tools. Creation of built-up
edges on tools, process instability, changes in physicochemical properties in the cutting
zone, and low dimensional and shape accuracy of the product are typical problems on
production lines related to magnetic material processing that uses cutting techniques [9,10].
The occurrence of slivers, burrs, microcracks in the material, and edge bends are the reasons
for poor-quality cut surfaces and result in the generation of waste [11,12].

Previous studies have discussed the selection of an appropriate cutting technology
(punching, abrasive water jet cutting, laser cutting) for shaping these steels [13,14]. There
is a lack of data on the correct conditions for the implementation of mechanical cutting
processes to obtain appropriate cut-surface quality and the least possible interference in
the magnetic properties of electrical materials. However, there are no universal guidelines
for process control to obtain high-quality products. The technological quality of electrical
steel products is determined not only by the characteristic features of the sheared edge,
but also by the magnetic properties, which are often degraded as a result of incorrect
process performance. In two previous papers [15,16], the authors conducted research on the
influence of cutting speed on the magnetic properties of amorphous tapes. The hysteresis
losses were significantly influenced by the increased deformation zones of the material,
which were caused by the excessive wear of the cutting tool and the formation of burrs
on the intersection surface. Another paper [17] presents an analysis of the process of fine
punching, which helps to ensure a higher quality in the cut surface than the standard
process of punching electrical sheets due to the greater triaxial compressive stress in the
cutting zone caused by the use of a wedge root and a small cutting clearance. In addition,
some researchers [18] developed the FEM model to facilitate the determination of the
optimal clearance for punching electrical sheets with non-oriented grain. The modeling
results were experimentally verified for each clearance value obtained.

Some major challenges lie in the correct control of the cutting speed, the value of
the cutting clearance, and the appropriate selection of the geometry of the cutting tools
depending on the type of material being cut for obtaining a product of appropriate quality.
The problem of wear in cutting tools during the forming of electrical sheets has also been
analyzed [13,16–20].

It has been shown that the magnetic properties are mostly influenced, apart from
concentrated stresses in the cutting zone, by grain deformation and the crystallographic
structure, which depend especially on the amount of cutting clearance and speed [21]. In
several papers [13,15,16], attempts were made to determine the effect of cutting speed on
changes in magnetic properties. The authors of two other papers [16,22] made an attempt
to investigate the influence of cutting tool wear and cutting process speed on the width
of the deformation zone and the magnetic properties of electrical sheets. Local changes
in the cutting edge geometry due to wear resulted in the appearance of burrs on the cut
surface, an increased deformation zone, and hysteresis losses. In another two papers [13,23],
hysteresis losses also increased as a result of changes in the microstructure of materials
such as dislocations or stresses. The test results also showed that sharp tools caused less
magnetic degradation than worn, blunt tools. In one study [24], the quality of the cut edge
and negative changes in magnetic parameters were significantly influenced, apart from the
processing parameters, by the methods of attaching metal sheets to punching dies. Variable
boundary conditions were particularly visible in the cutting process on circular shears
where the sheet metal exhibited longitudinal movement.
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In shear-slitting, the material separation mechanism is often very difficult to control
because the tools rotate and the material is not rigidly held [25,26]. If appropriate process
conditions are not ensured, excessive tensile stresses may concentrate in the cutting zone,
causing local tearing of the material. Two papers [27,28] analyzed the influence of the
cutting process on selected magnetic properties of grain-oriented electrical steel cut from
sheets with a width of 40 to 660 mm. A significant influence of the construction of tools on
the mechanism of material deformation in the cutting zone was found, and the influence of
the process conditions on the iron loss of steel was analyzed. Hubert et al. [29], using FE
modeling, analyzed the stress distributions in the shearing area under the use of two rotary
tools. Particular attention was paid to building an effective process model and appropriate
FE discretization in the areas of contact between tools and material. It has been shown that
the cutting clearance is an important factor influencing the stress values. The significance
of the value of the knife rake angle on the formation of burrs on the cut surface in the case
of metal alloys has also been demonstrated [30]. By controlling the rake angle, it is possible
to increase the quality of the cut part of the sheet [31]. In the case of electrical sheets with
a small thickness, t = 0.1–0.3 mm, the rake angle control alone is not sufficient, because its
selection depends on the cutting speed.

The objective of this study was to research the impact of main shear-slitting techno-
logical process parameters on the cut surface formation mechanisms and the final quality
of the sheared edge of grain-oriented electric steel ET 110-30LS. In the process of cutting
electric steels, the selection of cutting parameters is often done by trial and error, which
extends the duration of the process and the amount of waste. In the case of defects on the
cut edge, smoothing and deburring operations are used, which increase production costs.
Currently, the literature and industry lack information on how to minimize inter-laminar
short-circuit faults between the laminations of electrical machines, which are two of the
main challenges for suppliers and customers of electrical steels. In several papers [32–34],
additional power losses caused by interlayer faults depend on many factors, including the
location of the fault points. One of the reasons for the formation of short-circuit points is
the formation of burrs on the edges of packaged sheets and the deviation of the sheet shape.
In many cases, it is necessary to use deburring operations. In some critical applications,
e.g., large rotating machines, a second coating layer is applied to the laminates after the
punching or cutting deburring operation. However, deburring processes are usually not
very thorough and can reduce the accuracy of machined parts, damage the edges or surface
of the sheet, and create additional stresses in the lamination. In addition, the deburring
process requires an additional machining step and additional production time, leading to
additional costs. Partial interlayer failure in the stator cores of rotating machines can be
more destructive than transformer cores because the layers of the stator cores are welded
or held together by key bars or a casing at the base of the stator yoke.

Therefore, it is crucial to define guidelines for the proper control of the cutting process
so that at the stage of its duration, the correct condition of the cut edge without defects is
already obtained without interfering with the magnetic properties. The novelties of our
study include the following:

- Determination of appropriate conditions for the shear-slitting process to obtain mini-
mum burr heights and minimum shape deviations, enabling the correct packaging of
sheets. Currently, there is no information on how to select process parameters and
conditions to minimize these features at the same time. Knowledge on this subject
will allow for the manufacture of products ready for direct packaging without the
need for additional machining operations.

- Comprehensive tests for coated and uncoated sheets. Electrical engineering materials
in industry are shaped by cutting techniques in different phases, often before or after
coating. Currently, the literature lacks information on how to cut such materials
depending on their condition. Here, we have proposed universal solutions that can be
used for the cutting process of both coated and uncoated materials.
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- Optimization techniques that allow for determining the areas of acceptable solutions
and the optimal solution. Based on our results, these techniques can be used on
production lines, enabling technologists to select appropriate conditions for the cutting
process, depending on the assumptions made.

- Partial experimental research, result analysis, and multi-criteria optimization of the
cutting process, which enables the development of an effective numerical model of the
process for blanking parts for electric machines. On the basis of the obtained research
results, a computer model was developed using the finite element method for the
process of blanking parts from grain-oriented electrical sheets for the construction
of an electric transformer. The developed model is aimed at verifying the results of
fragmentary tests and implementing research conclusions in production.

Due to the complexity of the problem, the research was carried out in several stages. In
the first stage, research was carried out on the influence of the most important technological
parameters of the process on the quality of the cut edge for both sheets with an electric
insulation coating and without the coating. This enabled observation of the geometric
structure of the sheared edge and analysis of the causes of its defects in the form of: burrs,
bends and rounded edges, and coating delamination. Then, selected magnetic properties of
the sheet metal were tested after the cutting process for the adopted processing parameters.
As a result, it was possible to determine the values of the technological parameters that
could most often be controlled on production lines during the process, ensuring the highest
quality of the cut edge while maintaining the appropriate magnetic properties. In the
final part of the paper, we present a computer model that uses the FEA of the blanking
grain-oriented electrical sheet metal process for the construction of an electric transformer.
The research results were implemented in industry.

2. Materials and Methods
2.1. Material Characteristics

The tests were carried out on cold-rolled grain-oriented ET 110-30LS steel of 0.3 mm
thickness. The choice of material was based on technological conditions. In the case of
shaping electrical sheets, there are no guidelines for the proper control of the cutting process.
A thickness of t = 0.3 mm was chosen due to this thickness having the greatest applicability
for the construction of electrical devices. The material, despite the quality guarantees
provided by the supplier, was subjected to the following laboratory tests: hardness and
mechanical properties. The material we analyzed is used in the construction of power
and distribution transformer cores and in the production of current transformers, voltage
transformers, medium and large high-efficiency generators, reactors, magnetic screens, and
coiled audio transformer cores. Coated and non-coated steel was used for the analysis.
The coated sheet had a thin inorganic C-5 coating on both sides, applied to the C-2 substrate
(labeled in accordance with ASTM A976-13: 2018 [35]). The C-5 coating has a very good
electrical insulating quality, was 1.5–3.0 µm thick per side, and had good adhesion to
the substrate. This ensured insulation resistance of >15 Ω cm2, and the coating is also
resistant to annealing up to 840 ◦C in a non-oxidizing atmosphere. Coated and uncoated
sheets were selected to develop guidelines for the implementation of the process for two
material variants. This choice also allowed for clarification on whether universal settings
of the process parameters for these materials could be used or whether they needed to be
modified to maintain appropriate quality in the workpiece.

The material hardness was tested using the Brinell and Vickers methods. Measure-
ments were made with HPO-300 and PTM-300M hardness testers. The basic mechanical
properties of the material were determined by carrying out a material tensile test on
a Zwick/Roell Z400 testing machine. The samples were made in accordance with the
PN-EN 10002-1 + AC standard [36]. Ten replications of the test were used for each material.
The results are summarized in Tables 1 and 2.
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Table 1. Mechanical properties of non-coated ET 110-30LS steel (at T = 20 ◦C).

Density [kg/dm3] Rp0.2 [MPa] Rm [MPa] Fm [kN] Ag [%] Hardness [HB] Hardness [HV]

7.8 318 332 1 11.4 148 157

σ 1.1 10.88 9 0.03 2.79 2.98 2.06

Table 2. Mechanical properties of coated ET 110-30LS steel (at T = 20 ◦C).

Density [kg/dm3] Rp0.2 [MPa] Rm [MPa] Fm [kN] Ag [%] Hardness [HB] Hardness [HV]

7.8 314 337 0.96 10.93 157 165

σ 1.3 12.3 9.4 0.02 0.02 0.81 2.38

2.2. Experimental Setup

To conduct experimental research, a test stand was designed that consisted of a shear-
slitting machine (Prinzing Maschinenbau) and high-speed camera i-SPEED TR (iX Cameras)
that was used to record the cutting process. The sheets of metal were fixed in the device with
special mounts with sheet holders. Then, the machining parameters were set in accordance
with the five-level rotatable experiment plan. Specially purchased additional components
enabled the use of high cutting speeds, precise settings for the cutting clearance, and knife
overlap (Figure 1). The machine was driven in one-stage, two-stage, or stepless mode
through a motor with a gear and a brake. The drive was transmitted to the upper knife
and the pressure roller made of polyurethane. The horizontal clearance hc was adjusted by
a threaded socket with a scale. The slitting velocity v was set by a knob with a scale. Five
replicates were performed for each level of the study plan.

As a result of the preliminary research, the most important factors were determined.
The input factors included horizontal clearance (hc) and cutting velocity (v). The values of
the process parameters are summarized in Table 3.

Table 3. The values of the studied factors.

Horizontal clearance, hc 0.02−0.1 mm

Vertical clearance, cv 0.1 mm

Slitting velocity, v 3−32 m/min

Rake angle, α 7◦

After the cutting process, the characteristic features of the cut edge were measured,
including the height of the burr, the width of the roll-over, and the width of the sheared-
burnished area (Figure 2). Measurements were taken in random places along the cutting
line using a measuring microscope (Kestler-Vision Engineering Dynascope) with the ND
1300 Quadra-Chek measuring system. The LEXT OLS4000 confocal laser microscope from
OLYMPUS was used to measure the geometric structure of the tested steel’s cut edge after
cutting. This microscope made it possible to obtain images with excellent quality and
accurate 3D measurements using the advanced UIS2 Optical System (infinity correction,
non-destructive method). The professional TalyMap Platinum software (version 7.4) was
used to analyze the measurement results. Using the data obtained from the measurements
of microtopography, the program made it possible to determine the value of the parameters
of the geometric structure of the surface of ET 110-30LS steel after cutting, facilitating
a graphical presentation of the geometric shape of the measured areas and their profiles.
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Figure 1. Experimental equipment and characteristic parameter definitions: 1—engine, 
2—electrical system, 3—circular knives, 4—sheet stabilizer, 5—drive pedal, 6—high-speed camera, 
7—threaded socket with a scale for adjusting the clearance, 8—cutting speed regulator, 9—knife 
overlap regulator, 10—scale for determining the diameter of cut discs for curvilinear contours, 
11—sheet metal, 12—LED lamp, 13—PC for archiving measurement data, 14—auxiliary screen for 
data recording and analysis. 

After the cutting process, the characteristic features of the cut edge were measured, 
including the height of the burr, the width of the roll-over, and the width of the 
sheared-burnished area (Figure 2). Measurements were taken in random places along the 
cutting line using a measuring microscope (Kestler-Vision Engineering Dynascope) with 
the ND 1300 Quadra-Chek measuring system. The LEXT OLS4000 confocal laser micro-
scope from OLYMPUS was used to measure the geometric structure of the tested steel’s 
cut edge after cutting. This microscope made it possible to obtain images with excellent 
quality and accurate 3D measurements using the advanced UIS2 Optical System (infinity 
correction, non-destructive method). The professional TalyMap Platinum software (ver-

Figure 1. Experimental equipment and characteristic parameter definitions: 1—engine, 2—electrical
system, 3—circular knives, 4—sheet stabilizer, 5—drive pedal, 6—high-speed camera, 7—threaded
socket with a scale for adjusting the clearance, 8—cutting speed regulator, 9—knife overlap regulator,
10—scale for determining the diameter of cut discs for curvilinear contours, 11—sheet metal, 12—LED
lamp, 13—PC for archiving measurement data, 14—auxiliary screen for data recording and analysis.
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3. Experimental Results and Discussion
3.1. Sheared-Edge Topography

Sample photos of the sheared edge and its surface topography maps are shown in
Figures 3–10.
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In the case of mechanical cutting processes, irregularities on the sheared surface emerge
after the process in the macro and micro scales, the height and arrangement of which may
affect the tribological properties of the steel after the cutting process [3,5]. The type of
breakthrough may have a large impact on the operational properties of machine elements
through the frictional conditions on the contact surfaces, contact stress, joint tightness, fatigue
strength, or magnetic properties. Production deficiencies in surface preparation may cause
mechanical damage, e.g., fatigue cracks. To improve the fatigue strength of details, rolling
and burnishing processes are used. In one study [37], the authors presented a theoretical
and experimental analysis of the roller-burnishing technique to achieve isotropic surface
topography on cylindrical components made of austempered ductile iron (ADI) casting.
Their results showed that their proposed solutions greatly improved surface roughness and
eliminated the kinematic-driven roughness pattern of turning, leading to a more isotropic
finishing that can reduce the negative impact of mechanical cutting on fatigue cracks.

Specimens cut with a clearance of hc = 0.04 mm and cutting speed v = 10.2 m/min for
uncoated material were characterized by a clear sheared burnished transition into fracture
area in the separating material (Figure 3). The width of the sheared burnished area was
greater than the width of the fractured area. The material was characterized by a slight
edge-rounding and perpendicular deviation, which did not significantly reduce the quality of
the cut edge. This indicates the occurrence of tensile material in selected areas, along with
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shear in the gap between the cutting edges, which caused local changes in the width of the
sheared burnished and its unevenness. The insulating coating influenced the topography
of the cut surface. Compared to the uncoated material with clearance of hc = 0.04 mm and
speed of v = 10.2 m/min, the samples were characterized by a smaller rollover in the sheared
surface and smaller deviations in perpendicularity (Figure 4). The sheared burnished area
was mostly dull with local shiny areas. A significant share of tensile stresses was visible in the
areas of the fracture formation, indicated by the size and number of pits with a depth of more
than 30 µm. On the edge of the burr, in some areas along the cutting line, fragments of the
electrically insulating coating, which is a form of built-up edge on the cut surface, were visible.

Increasing the cutting clearance increased the degree of roll-over of the cut edge of the
product. In the case of cutting with clearance of hc = 0.08 mm and speed of v = 10.2 m/min
the samples were characterized by a matt sheared burnished without a clear transition
border in the fractured region (Figure 5).

The increase in clearance for coated material increased the area of deformation concen-
tration and enlarged the area of the built-up edge, which also includes the coating, which
was deformed and curved towards the center of the cross-section (Figure 6).

For this case, zones of irregular sliding fracture were also visible, where the arrange-
ment and depth of the furrows indicated the occurrence of alternating phases of flow or
cracking along the cut line already at the beginning of the process.

For cutting with minimum horizontal clearance of hc = 0.02 mm and cutting speed of
v = 17.5 m/min the samples had a visible transition boundary of the sheared burnished area
in the fractured area (Figure 7). The width of the sheared burnished area, as in the case of
cutting with clearance of hc = 0.04 mm and speed of v = 10.2 m/min was greater than the
width of the fracture area. Coated steel samples had a shiny sheared burnished area with
matte areas and local depressions with a maximum depth of approximately 10 µm (Figure 8).
The rounding of the cut edge and the built-up layer of the insulation coating overlapping the
cut surface can be seen.

Increasing the clearance value from hc = 0.02 mm to hc = 0.06 mm with a cutting speed
of v = 17.5 m/min resulted in a slight increase in the regularity of the sheared burnished
area, which was still very smooth for uncoated material (Figure 9). The structure was
slightly grainy but without the presence of peaks, which reached their maximum values
in the area of the burr, creating local surface irregularities in the direction perpendicular
to the cut surface. However, the burr height was minimal for both cases. The increased
flow of eddy currents was caused by burrs, which contribute to increased losses due to
additional electrical paths [33]. In the case of the coated material, the increase in horizontal
clearance resulted in the elongation of the plastic flow phase and the emergence of a wide
sheared burnished zone with a homogeneous structure and the minimum peak height. The
breakthrough was grainy and shiny. A slight roll-over of the edge was visible (Figure 10).

3.2. Sheared-Edge Quality

The quality of the sheared edge after the mechanical cutting process is usually analyzed
by measuring the width of characteristic areas (Figure 2) on the cut-edge profile and burr
height hz. From a technological point of view, it is very important to reduce the burr
height below 20% of the thickness of the material being cut. The sheared burnished zone
width should be maximized and roll-over minimized. Currently, there are no guidelines
regarding the optimal values of these zones in terms of product quality nor an analysis
of their influence on the magnetic properties. In a later part of the study, we analyzed
the influence of the tested parameters on the selected magnetic properties of the material.
The analysis of the test results showed a strong influence of cutting speed and clearance on
the formation of the width of individual zones on the cut surface, both in the case of sheets
with and without an insulating coating.

Figure 11 shows the effect of horizontal clearance and slitting speed on the width of
the sheared-burnished zone sp for uncoated and coated material.
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The settings of the input parameters for which the zone of the sheared burnished area
is the largest represent conditions for a proven steady state for the process, as confirmed
in prior research [38–40]. In punching and blanking processes, ensuring process stability
is easier than in shear slitting because the material is not displaced during the process.
Therefore, the material is less exposed to local large increases in tensile stress in the cutting
zone and tearing, causing an increase in the fracture areas and burr. A very important issue
is the correct selection of the processing speed, which would ensure the high efficiency
and appropriate technological quality of the process. In one paper [41], a mechanistic
model for cutting force prediction was presented. A series of cutting trials using austenitic
stainless steels and high process speeds were conducted to obtain expressions of the proper
force factors. Expressions were developed for individual shear coefficients, taking into
account the variable depths of cut and process speed. Deformation and strain-hardening
of austenitic stainless steels at high cutting speeds were discussed. Another paper [42]
presents a complete analysis of the principal beneficial aspects of mechanical surface
treatment produced by the application of ball-burnishing at high speed. The use of such
a treatment makes it possible to increase the fatigue strength of sheets.

Our test results for shear-slitting indicate that the lowest process stability is obtained at
high cutting speeds above v = 24 m/min (Figure 11a,b). This especially applies to variants of
horizontal clearance above hc = 0.08 mm. According to other studies [30,31,38] this is probably
due to the instability of the fracture process which, at high speeds, can occur more quickly
even with minimal horizontal clearances in electrotechnical materials. This increases the width
of the fractured zone on the cut edge. Using clearances in the range of hc = 0.04–0.08 mm,
the greatest width of the sheared burnished zone can be obtained; however, for clearances
within hc = 0.08 mm, the burr increases (Figure 12). For the v = 3 m/min cutting speed, there
was a sheared burnished zone even for a clearance of hc = 0.1 mm in the case of uncoated
sheets (Figure 11a). For the coated material, when a clearance of hc = 0.02 mm was used, it
was advantageous to use a cutting speed above v = 10 m/min. (Figure 11b).

Figure 12a,b shows the influence of the analyzed parameters on the burr height on
the cut edge. Significant problems occurred when the burrs electrically connected several
layers, because losses increased and there was a high risk of melting the core [33]. The use of
clearances above hc = 0.06 mm caused a significant increase in the burr height for both coated
and uncoated material. For clearances above hc = 0.08 mm, the burr height was too high and
may cause a problem on the production line for each analyzed cutting speed. An increase in
the burr contributes to an increase in the roundness of the edge and high roll-over. The use of
a clearance value below hc = 0.06 mm allows the use of significant cutting speeds, even up to
v = 24 m/min, while still obtaining an acceptable burr height value. For minimum clearance
values of hc = 0.02–0.04 mm, the width of the sheared burnished area increases, which results
in a significant reduction of burrs for each speed. When using a clearance of hc = 0.04 mm,
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it is more advantageous to use a cutting speed in the range of v = 3 ÷ 20 m/min for coated
material and v = 3–28 m/min, so that the burr height does not exceed hz = 60 µm.
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According to a number of papers [38,43–45] in which the authors analyzed the pro-
cesses of punching and blanking metal materials, the width of the roll-over zone depends
mainly on the cutting clearance. One of these papers [44] presented the results of the
analysis of the impact of the number of punch cycles on the height of burrs on the cut edge
and roll-over formation for three values of the clearance of the blank at 5%, 10%, and 15%
of the sheet thickness. It was shown that the intensity of the degradation of the working
surfaces and punching edges of the punch were influenced by the friction path. However,
our results indicate that it is also important to properly select the cutting speed depending
on the adopted cutting clearance (Figure 13a,b). Excessive roll-over concentrates plastic
strains over a larger area and contributes to the degradation of magnetic properties [45,46].
The use of cutting clearances over hc = 0.08 mm was found to have an adverse affect.
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In this area, the effect of the insulating coating on the width of the roll-over zone is
significantly increased. For coated material, the maximum roll-over values were greater
than for uncoated material for each speed value. The greatest differences occurred for
the cutting speed of v = 3 m/min when the clearance was hc = 0.1 mm. We noted that as
clearances increased, ther was an excessive increase in the bending moment and local edge
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damage. This is related to the excessive concentration of deformations and the plastically
strengthened area in the vicinity of the cut edge, as confirmed by the tests carried out in
prior work [47]. The movement of defects or irregularities in the crystal, called dislocations,
causes plastic deformation. This impedes the movement of the domain walls and increases
hysteresis loss [47]. The use of an insulating coating results in a narrowing of the ranges of
favorable parameter settings and an increase in roll-over when using minimal clearances
and increased cutting speeds.

3.3. Magnetic Characteristics

There are many aspects that may have a negative impact on the magnetic properties of
electrical sheets, which include excessive concentration of maximum stresses and deformations
in the area of the cut edge, a wide deformation zone or the formation of burrs, built-up
edges on the cutting edge, and damage to the insulating coating [31,47,48]. It was therefore
important to determine to what extent the investigated process conditions affected the magnetic
properties. Specially prepared samples made of laser electrotechnical steel ET 110-30LS with
an insulating coating applied (closed ring samples, where outer diameter D = 120 mm, inner
diameter d = 90 mm) were used for the tests. The preparation of samples was carried out
according to previously described standards and procedures [46,49]. A magnetizing winding
and a measuring winding were wound on each of the samples, each winding being wound
uniformly to create a closed magnetic circuit and avoid magnetic flux dispersion in the material.
The tests were carried out on a test stand consisting of the components shown in Figure 14.
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distorted and exhibited the largest internal surface area, i.e., total losses: the results for 
individual experiments showed that the shear-slitting process conditions had a signifi-
cant influence on changes in the characteristic features of the magnetic hysteresis loop. 
Here, the negative impact of increased cutting clearance at high speeds on the character-
istics of the hysteresis loop was particularly visible (Figures 15 and 16). Clear changes in 
the shapes of the hysteresis loop could be observed in the upper-bend areas of the char-

Figure 14. Block diagram of the test stand for testing magnetic characteristics.

The magnetic characteristics were measured for the determined values of the amplitude
of the magnetic field strength at Hm = 250 A/m. The frequency of the demagnetizing
waveform was 10 Hz. Figures 15 and 16 show the effect of the cutting speed and the clearance
between the cutting tools on the hysteresis loops of ET 110-30LS steel with a thickness of
t = 0.3 mm. For the tests, the rake angle of the cutting edge of the upper knife was α = 7◦, and
the vertical clearance of the knives was cv = 0.1 mm. The intensity of Hmax and the induction of
Bmax are called saturation intensity and induction, respectively. Bs is the remanence induction.
The strength of the magnetic field Hk is called the coercive force. In devices with multiple
magnetization (e.g., transformer cores), hysteresis is seen as a problem because its surface area
is proportional to the energy loss during one re-magnetization cycle. Given the appropriate
thermal and plastic treatments and chemical composition, it is possible to minimize its
surface and reduce its coercivity. In the case of soft magnetic materials, even a low range of
deformation (1–10%) affects the magnetic properties [30,47,48]. In one paper [49], the authors
used strength tests to show that the magnetization at saturation and remanence decrease
with increases in deformation. Magnetic saturation refers to a state in which the increase
of an applied external magnetic field does not increase the magnetization of the material.
Remanence, or residual magnetization, is the value of the magnetic induction that remains
after the removal of the external magnetic field that was magnetizing a given material.

58



Materials 2022, 15, 8824

Materials 2022, 15, 8824 15 of 22 
 

 

acteristics and saturation. When using reduced cutting clearances outside of the range of 
hc = 0.02–0.04 mm, the cutting speed mainly affected the characteristics of the saturation 
area and maximum induction (Figure 15). The parameters of the coercivity intensity and 
remanence induction changed slightly only for a cutting speed of v = 10.2 m/min in this 
range of cutting clearances. The effect of saturation induction decrease above clearance 
values of hc = 0.08 mm was particularly visible. 

 
Figure 15. Influence of selected values of input factors of the cutting process on the magnetic 
characteristics B (H) of the ET 110-30LS sheet. 

Figure 15. Influence of selected values of input factors of the cutting process on the magnetic
characteristics B (H) of the ET 110-30LS sheet.

Materials 2022, 15, 8824 16 of 22 
 

 

 
Figure 16. Influence of selected values of input factors of the cutting process on the magnetic 
characteristics B (H) of the ET 110-30LS sheet. 

The increase in the intensity of coercivity and remanence induction is probably due 
to the increased deformation zone that occurred when using increased cutting clearances 
and the formation of cut-edge defects. The least unfavorable changes in the parameters of 
the hysteresis loop occurred for the experiments performed with cutting clearances of hc = 
0.02 mm and hc = 0.04 mm and a cutting speed of v = 17.5 m/min. The highest maximum 
induction and the smallest coercivity then occurred. Reducing the cutting speed to v = 3 
m/min with a clearance of hc = 0.06 mm resulted in a decrease in the value of saturation 
induction and an increase in coercivity. The induction of remanence also decreased. A 
further increase in the cutting speed value for this clearance value reduced the saturation 
induction, while the remanence induction and coercivity did not change significantly. 

4. Optimization of the Process 
On the basis of the obtained research results and the developed mathematical mod-

els of the process (regression function type II: for the magnetic hysteresis field hf, the 
height of the burr on the cut edge hz for cutting), an optimization task was developed. In 
industrial conditions, it is important to deliver products of planned, repeatable techno-
logical quality, and thus of functional quality. Selected features (hf, hz) determine both the 
construction quality (important, e.g., from the point of view of sheet-metal assembly) and 
electromagnetic quality (important, e.g., from the point of view of the efficiency of man-
ufactured machines and electrical devices). The gradient method was used for mul-
ti-parameter optimization of the mechanical cutting process of electrical sheets. In in-
dustrial production, in addition to obtaining a high-quality product, the goal is to max-
imize efficiency. In the case under consideration, the efficiency of the mechanical cutting 
process was defined as W = f (v), where v is cutting speed. 

Figure 16. Influence of selected values of input factors of the cutting process on the magnetic
characteristics B (H) of the ET 110-30LS sheet.

59



Materials 2022, 15, 8824

Among cutting processes, the greatest changes in the parameters of the hysteresis loop
were shown in one paper to be caused by laser cutting [50]. As a result of high stresses
and thermal deformations in the cutting zone, the hysteresis loops were strongly distorted
and exhibited the largest internal surface area, i.e., total losses: the results for individual
experiments showed that the shear-slitting process conditions had a significant influence
on changes in the characteristic features of the magnetic hysteresis loop. Here, the negative
impact of increased cutting clearance at high speeds on the characteristics of the hysteresis
loop was particularly visible (Figures 15 and 16). Clear changes in the shapes of the hysteresis
loop could be observed in the upper-bend areas of the characteristics and saturation. When
using reduced cutting clearances outside of the range of hc = 0.02–0.04 mm, the cutting speed
mainly affected the characteristics of the saturation area and maximum induction (Figure 15).
The parameters of the coercivity intensity and remanence induction changed slightly only for
a cutting speed of v = 10.2 m/min in this range of cutting clearances. The effect of saturation
induction decrease above clearance values of hc = 0.08 mm was particularly visible.

The increase in the intensity of coercivity and remanence induction is probably due to
the increased deformation zone that occurred when using increased cutting clearances and
the formation of cut-edge defects. The least unfavorable changes in the parameters of the hys-
teresis loop occurred for the experiments performed with cutting clearances of hc = 0.02 mm
and hc = 0.04 mm and a cutting speed of v = 17.5 m/min. The highest maximum induction
and the smallest coercivity then occurred. Reducing the cutting speed to v = 3 m/min with
a clearance of hc = 0.06 mm resulted in a decrease in the value of saturation induction and
an increase in coercivity. The induction of remanence also decreased. A further increase in
the cutting speed value for this clearance value reduced the saturation induction, while the
remanence induction and coercivity did not change significantly.

4. Optimization of the Process

On the basis of the obtained research results and the developed mathematical models
of the process (regression function type II: for the magnetic hysteresis field hf, the height of
the burr on the cut edge hz for cutting), an optimization task was developed. In industrial
conditions, it is important to deliver products of planned, repeatable technological quality,
and thus of functional quality. Selected features (hf, hz) determine both the construction
quality (important, e.g., from the point of view of sheet-metal assembly) and electromag-
netic quality (important, e.g., from the point of view of the efficiency of manufactured
machines and electrical devices). The gradient method was used for multi-parameter
optimization of the mechanical cutting process of electrical sheets. In industrial production,
in addition to obtaining a high-quality product, the goal is to maximize efficiency. In the
case under consideration, the efficiency of the mechanical cutting process was defined as
W = f (v), where v is cutting speed.

The developed type II regression function for process optimization may be an objective
function or a constraint function. The optimization task was defined as follows:

Materials 2022, 15, 8824 17 of 22 
 

 

The developed type II regression function for process optimization may be an ob-
jective function or a constraint function. The optimization task was defined as follows: 

 
W = f(v) → max 

hf < 15,000 [mT·A/m] 

hz < 60 [µm] 

3 < v < 32 [m/min] 

0.02 < hc < 0.1 [mm] 

The developed optimization task was solved using the graphical method (Figure 
17). The optimal values of the process settings were determined as follows: optimal hor-
izontal clearance, hc opt. = 0.06 mm; optimal cutting speed, vopt = 27 m/min. The designated 
settings guarantee high technological quality in the product with maximum efficiency in 
the process. 

 
Figure 17. Graphical optimization of the cutting process. 

5. Practical Application of Analysis Results 
The conducted fragmentary experimental research, results analysis, and mul-

ti-criteria optimization of the cutting process enabled the development of an effective 
numerical model of the process for blanking parts for electric machines. Using the results, 
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shows the FEM model of the sheet metal blanking process for the transformer core. 
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The developed optimization task was solved using the graphical method (Figure 17).
The optimal values of the process settings were determined as follows: optimal horizontal
clearance, hc opt. = 0.06 mm; optimal cutting speed, vopt = 27 m/min. The designated
settings guarantee high technological quality in the product with maximum efficiency in
the process.
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Figure 17. Graphical optimization of the cutting process.

5. Practical Application of Analysis Results

The conducted fragmentary experimental research, results analysis, and multi-criteria
optimization of the cutting process enabled the development of an effective numerical model
of the process for blanking parts for electric machines. Using the results, a computer model
was developed with the finite element method for the process of blanking parts for the
construction of an electrical transformer from grain-oriented electrical sheets. The developed
model is aimed at verifying the results of fragmentary tests and implementing research
conclusions into production. The industrial implementation of the research results will make
it possible to obtain a polyoptimal product for mechanical (manufacturing) and electrical
(efficiency of electrical devices) purposes. Figure 18 shows the FEM model of the sheet metal
blanking process for the transformer core.
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The solution of the developed equation for the motion of the object was found using
the method of explicit integration (central difference) [51–53]. The results (state of reduced
stresses) are shown in Figure 19.
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The simulation results confirm the height of the burrs obtained in experimental tests,
and thus the optimal machining parameters we determined for obtaining the correct prod-
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uct. The last stage of our study was the implementation of technological parameters in the
manufacturing process. As a result, a polyoptimal product (mechanically and electrically)
was obtained, shown in Figure 20. The product confirmed previous expectations and has
been implemented for production.
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6. Conclusions

The process of cutting electrical sheets is a very complex process. The technological
quality of the product depends on many parameters related to both the condition of
the workpiece and the conditions of the shearing process. The shear-slitting process is
characterized by complex kinematics, which made the recommendations in the literature
regarding blanking or punching processes unsuitable for use in this process. This explains
the high burr formations, edge fracture, and rollover on cut surface that are observed in the
shearing processes on production lines.

To enable a detailed analysis of these issues, an experimental analysis of the shear-
slitting process was carried out, taking into account variable cutting conditions. As a result,
the influence of the main control parameters on production lines on the quality of the cut
edge and selected magnetic parameters of the material after the process was determined.
Based on our results, the following conclusions can be formulated:

• Conducting tests for a material with an insulating coating, which has a composite
structure, and for the same material without the coating, allowed for determining the
local changes in the quality of the cut edge and identifying the appropriate cutting
conditions for each of the cases. This creates new possibilities for production planning
and the possibility of proper selection of machining parameters depending on whether
the material will be cut with or without a coating.

• The analysis of the test results showed a strong influence of cutting speed and hori-
zontal clearance on the formation of the width of individual zones on the cut surface,
both in the case of sheets with and without an insulating coating. The test results
indicate that the lowest process stability can be obtained at high cutting speeds above
24 m/min. This especially applies to variants of clearances above hc = 0.08 mm.

• The use of an insulating coating reduces the effect of cutting speed on the width of the
sheared burnished zone (by approx. 15%). On the other hand, the effect of horizontal
clearance increases (by approx. 20%). The coating increases the stability of the plastic
flow process as well as the propagation and the course of cracking for clearances in
the range of hc = 0.02–0.06 mm.

• In some cases, at the edge of the burr along the cut line, fragments of the insulating
coating, which is a form of built-up edge on the cut surface, were observed. This can
have a very negative effect on the magnetic properties and accelerate the wear of the
cutting tools.
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• As horizontal clearance increased, there was an excessive increase in the bending
moment and local edge damage. The use of an insulating coating resulted in a
narrowing of the ranges of favorable input parameters settings and an increase in
roundness in the case of using minimal clearances and increased cutting speeds.

• The cutting process changes the shapes of the hysteresis loop in the areas of the upper
curve of the characteristic and saturation. For reduced cutting clearances beyond the
range of hc = 0.02–0.04 mm, the cutting speed mainly affected the characteristics of the
saturation area and the maximum induction. In the case of increased cutting clearances,
the value of the saturation induction decreased. This was especially visible in clearance
values above hc = 0.08 mm. The increase in clearance also caused an increase in the
intensity of coercivity and induction of remanence.

• Based on the research results and the use of graphical optimization, a set of acceptable
solutions and an optimal solution were determined to ensure the highest quality
of the cut edge and minimum disturbances in magnetic properties (v = 27 m/min,
hc = 0.06 mm). The proposed approach enables the implementation of the process for
other data.
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Abstract: Cu-to-Cu direct bonding plays an important role in three-dimensional integrated circuits
(3D IC). However, the bonding process always requires high temperature, high pressure, and a high
degree of consistency in height. In this study, Sn is passivated over electroplated copper. Because
Sn is a soft material and has a low melting point, a successful bond can be achieved under low
temperature and low pressure (1 MPa) without any planarization process. In this experiment, Sn
thickness, bonding temperature, and bonding pressure are variables. Three values of thicknesses
of Sn, i.e., 1 µm, 800 nm, and 600 nm were used to calculate the minimum value of Sn thickness
required to compensate for the height difference. Additionally, the bonding process was conducted
at two temperatures, 220 ◦C and 250 ◦C, and their optimized parameters with required pressure were
found. Moreover, the optimized parameters after the Cu planarization were also investigated, and it
was observed that the bonding can succeed under severe conditions as well. Finally, transmission
electron microscopy (TEM) was used to observe the adhesion property between different metals and
intermetallic compounds (IMCs).

Keywords: 3D integration; Cu-to-Cu bonding; low pressure; compensate height difference

1. Introduction

Recently, the shrinking of transistors has met physical limitations, because extremely
small transistors cause current leakage and damage electronic devices. Therefore, 3D
integration has become a promising way to implement Moore’s law, as it has several
advantages, such as high interconnection density, high performance, and small form
factor [1,2]. There are two bonding methods in 3D IC: dielectric and metal bonding, and
metal bonding plays a more important role because it determines the transmission signal
and power.

In metal bonding, Cu-to-Cu direct bonding is the preferred method, owing to its
low cost and good electrical conductivity [3,4]. However, the Cu-to-Cu bonding process
is always conducted under high temperature and high pressure, which causes damage
to electronic devices [5,6]. Moreover, the amount of Cu oxide on the surface is a crucial
factor affecting the bonding quality [7]. Thus, several studies have passivated different
inert materials, such as Au and Ag, over the Cu to lower the bonding temperature and
pressure and to protect the Cu from oxidation [8–11]. Nonetheless, Cu-to-Cu direct bonding
and metal-passivated Cu-to-Cu bonding both require high surface flatness [12], which is
achieved by Chemical Mechanical Planarization (CMP) and grinding processes [13–15].
However, these are time-consuming and expensive processes. Therefore, a bonding process
that could omit the CMP and grinding processes and can be conducted under low pressure
and low temperature would be ideal.

Due to the motivation mentioned above, in this study, Sn was passivated over Cu
to enhance the bonding. Three bonding parameters, Sn thickness, bonding temperature,
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and bonding pressure, were investigated in the experiment. A schematic of Cu-to-Cu
direct bonding with the Sn passivation layer is shown in Figure 1. Because Sn is soft,
owing to its low melting point (232 ◦C) [16,17], a perfect bond can be achieved under
low temperature and low pressure and without CMP. This could significantly reduce
the process cost, process time, and avoid high thermal budgets and compressive stress.
Experiments at two bonding temperatures were conducted in this study to find the opti-
mal parameters. These temperatures were 220 ◦C (<Sn melting point (Tm)) and 250 ◦C
(>Sn Tm). At 220 ◦C, Sn remains solid during the bonding; this could protect the other part
of electronic device which also contains Sn from melting. At 250 ◦C, Sn becomes a liquid,
so any height difference in the metals can be better compensated for, and higher surface
roughness may be tolerated. Therefore, Sn of three thickness values (1 µm, 800 nm, and
600 nm) were utilized in this study to determine the minimum required thickness and the
required bonding pressure. Additionally, the present paper will compare and discuss the
bonding results of Sn passivated on Cu with CMP and Sn passivated on Cu without CMP.
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Figure 1. Schematic of the Cu-to-Cu direct bonding using Sn as the passivation layer.

2. Experimental Methods

A 50-nm Ti adhesion layer and a 300-nm Cu seed layer were sequentially sputtered
onto a 4-inch silicon wafer. Subsequently, approximately 5 µm of Cu and different thick-
nesses of Sn were electroplated using a Cu and Sn electroplating solution from Sheng
Hung Chemical Engineering Corporation in Taiwan. After electroplating, the wafer was
sliced into small chips. To achieve good bonding, the chips were cleaned with acetone and
50 vol% HCl (36 wt%) followed by a DI water rinse to remove any organic materials or
oxides on the sample surface.

Afterward, chips were bonded by TCB (Thermal Compressive Bonding) under a 10−2

torr vacuum environment. The bonding profile is shown in Figure 2. First, two chips were
pressed to avoid displacement. Then, at a heating rate of 40 ◦C/min, the target temperature
was achieved (220 ◦C and 250 ◦C) and was held for 1 min. After completion of the bonding
process, the pressure was removed and a N2 purge was used to cool down the sample to
room temperature.

These samples were then mounted in epoxy and polished by SiC abrasive papers.
To avoid the manual polishing of artifacts and surface impurities which could affect
observations, an ion milling system (Hitachi IM4000Plus, Tokyo, Japan) with an Ar+ ion
beam was applied after the manual polishing. Then, the bonding interface was analyzed
by scanning electron microscopy (SEM, Hitachi SU5000, Tokyo, Japan) to examine the
cross-sectional morphology. The chemical composition of Cu–Sn intermetallic compounds
(IMCs) was measured by energy-dispersive X-ray spectrometry (EDX). Some nanovoids
and adhesion properties between different layers could not be observed clearly under the
SEM. Therefore, transmission electron microscopy (TEM, FEI Tecnai G2 F20, Hillsboro, OR,
USA) was used to analyze the interface under extremely high magnification.
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Figure 2. Pressure and temperature profile of the bonding process.

3. Results and Discussion
3.1. Bonding Parameter Optimization

Figure 3 shows the SEM image of different Sn thicknesses which were bonded at
220 ◦C and 250 ◦C under a pressure of 1 MPa for 1 min. As can be seen from Figure 3a,b,
Sn bonded at both temperatures demonstrated good bonding quality, indicating that 1 µm
of Sn was enough to compensate for the height difference and achieve perfect bonding at
these two temperatures. It is well-known that Cu and Sn diffuse and form Cu6Sn5 and
Cu3Sn; Cu3Sn is considered better than Cu6Sn5 due to its higher melting point and lower
resistivity [18–20]. Although Cu6Sn5 would eventually become Cu3Sn due to the high
working temperature of the electronic device, it was necessary to analyze the adhesion
properties between the different metals and IMC layers while Cu6Sn5 was still present in
order to ensure that the bonding strength was sufficient. This phenomenon was observed
in the following SEM and TEM analysis. Sn becomes a liquid at 250 ◦C, and it reacted
quickly with Cu to form IMCs. Therefore, after bonding, only Cu6Sn5 and Cu3Sn appeared
at the interface, as shown in Figure 3a, but there was still some Sn remaining, as shown
in Figure 3b. The bonding results when the Sn layer was reduced to 800 nm are shown in
Figure 3c,d. All the IMCs became Cu3Sn at 250 ◦C, and the interface showed Cu6Sn5 and
Cu3Sn with a low quantity of Sn at 220 ◦C. Furthermore, there were large gaps observed at
the interface, which indicated that under these conditions, bonding did not go well, and
this poor bonding might be a result of insufficient Sn. It has been reported that when two
hard IMCs contact each other, the pressure is concentrated at the point of contact [21]. Thus,
other points did not receive enough force, and this led to long gaps. For the 600 nm layer
of Sn, because of the lower quantity of Sn, Figure 3e,f showed bigger gaps and holes at the
interface. Moreover, at this thickness, no more Sn remains at 220 ◦C, and only Cu6Sn5 and
Cu3Sn can be seen at the interface. Furthermore, all the IMCs were converted to Cu3Sn
at 250 ◦C.

It has been reported that higher pressure could lead to better bonding [22]. Therefore,
the pressure was increased from 1 MPa to 2 MPa for those parameters for which bonding
was poor (refer to Figure 3). Furthermore, Figure 4 shows the result when using 2 MPa for
800 nm Sn and 600 nm Sn at 220 ◦C and 250 ◦C, respectively. From Figure 4a, the condition
of 800 nm Sn bonded at 250 ◦C indicated a good interface when using higher pressure,
and all the IMCs were converted to Cu3Sn. Though most of the surfaces bonded well in
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Figure 4b, the holes were large. This could be caused by high surface roughness, because
when Sn reacted with Cu to form smooth Cu3Sn and scallop-like Cu6Sn5, the depletion of
Sn would make the surface rougher as shown in Figure 5 [23,24]. Thus, after two interfaces
which had high surface roughness bonded with each other, the large holes finally appeared
at the bonding interface. Specifically, 800 nm Sn is not thick enough to compensate for
surface roughness of this magnitude. After all, the Sn remained solid at 220 ◦C, so it could
not act like a liquid at 250 ◦C to flow and compensate for the height difference. For 600 nm
Sn, small gaps still occurred at the interface under 2 MPa at 220 ◦C and 250 ◦C as shown in
Figure 4c,d, which indicated that 2 MPa was not high enough to ensure perfect bonding.
However, compared to Figure 3e,f, which are bonded under 1 MPa, the gaps were small.

Materials 2022, 15, x FOR PEER REVIEW 4 of 13 
 

 

Figure 3b. The bonding results when the Sn layer was reduced to 800 nm are shown in 
Figure 3c,d. All the IMCs became Cu3Sn at 250 °C, and the interface showed Cu6Sn5 and 
Cu3Sn with a low quantity of Sn at 220 °C. Furthermore, there were large gaps observed 
at the interface, which indicated that under these conditions, bonding did not go well, and 
this poor bonding might be a result of insufficient Sn. It has been reported that when two 
hard IMCs contact each other, the pressure is concentrated at the point of contact [21]. 
Thus, other points did not receive enough force, and this led to long gaps. For the 600 nm 
layer of Sn, because of the lower quantity of Sn, Figure 3e,f showed bigger gaps and holes 
at the interface. Moreover, at this thickness, no more Sn remains at 220 °C, and only Cu6Sn5 
and Cu3Sn can be seen at the interface. Furthermore, all the IMCs were converted to Cu3Sn 
at 250 °C.  

 
Figure 3. Cross-sectional SEM images of the bonding interface under 1 MPa for 1 min. (a) 250 °C, 1 
μm Sn; (b) 220 °C, 1 μm Sn; (c) 250 °C, 800 nm Sn; (d) 220 °C, 800 nm Sn; (e) 250 °C, 600 nm Sn; (f) 
220 °C, 600 nm Sn. 

It has been reported that higher pressure could lead to better bonding [22]. Therefore, 
the pressure was increased from 1 MPa to 2 MPa for those parameters for which bonding 
was poor (refer to Figure 3). Furthermore, Figure 4 shows the result when using 2 MPa 
for 800 nm Sn and 600 nm Sn at 220 °C and 250 °C, respectively. From Figure 4a, the con-
dition of 800 nm Sn bonded at 250 °C indicated a good interface when using higher pres-
sure, and all the IMCs were converted to Cu3Sn. Though most of the surfaces bonded well 
in Figure 4b, the holes were large. This could be caused by high surface roughness, be-
cause when Sn reacted with Cu to form smooth Cu3Sn and scallop-like Cu6Sn5, the deple-
tion of Sn would make the surface rougher as shown in Figure 5 [23,24]. Thus, after two 
interfaces which had high surface roughness bonded with each other, the large holes fi-
nally appeared at the bonding interface. Specifically, 800 nm Sn is not thick enough to 
compensate for surface roughness of this magnitude. After all, the Sn remained solid at 
220 °C, so it could not act like a liquid at 250 °C to flow and compensate for the height 
difference. For 600 nm Sn, small gaps still occurred at the interface under 2 MPa at 220 °C 
and 250 °C as shown in Figure 4c,d, which indicated that 2 MPa was not high enough to 
ensure perfect bonding. However, compared to Figure 3e,f, which are bonded under 1 
MPa, the gaps were small.  

Figure 3. Cross-sectional SEM images of the bonding interface under 1 MPa for 1 min. (a) 250 ◦C,
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Figure 5. Schematic of IMC formation and microstructure evolution of the Cu–Sn bonding when Sn
is not thick enough.

3.2. Porosity and Unbonded Interface Percentage

Although there were four parameters that indicated good bonding results, their hole
percentages and the size of the holes were different. Figure 6 shows the comparison of the
hole percentage and unbonded region percentage among these four parameters. These two
values were calculated using the following formulae:

Porosity (%) =
Pores Area

(
µm2)

Interface IMCs Area (µm2)
(1)

Unbonded Percentage (%) =
Unbonded Line Length (µm)

Interface Length (µm)
(2)
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It was observed that the thickness of IMCs was not equal because their initial Sn
thicknesses were different. Therefore, a variable called fixed interface IMCs area was set
to calculate Equation (1) for each parameter. Moreover, the unbonded percentage was
calculated with the unit of length in Equation (2).

In Figure 6, it can be seen that 1 µm Sn at 250 ◦C under 1 MPa was the best combination
of parameters because it had the lowest porosity and the lowest unbonded percentage,
approximately 0.9% and 13%, respectively. 1 µm Sn at a temperature of 220 ◦C under a
pressure of 1 MPa and 800 nm Sn at a temperature of 250 ◦C under a pressure of 2 MPa
showed similar results. Their porosities were around 1.5%, and unbonded percentages
were approximately 20–25%. Finally, 800 nm Sn at 220 ◦C under 2 MPa had the largest
porosity and unbonded percentage at 4.7% and 37.5%, respectively. Additionally, the
porosity and unbonded percentage in the first three parameters showed a similar trend, as
shown in Figure 6. Nevertheless, porosity increased more dramatically than the unbonded
percentage for 800 nm Sn at 220 ◦C under 2 MPa because of the large holes caused by
high surface roughness. The cause of this high surface roughness is discussed in the
next paragraph.

3.3. Bonding after Grinding and CMP

In the previous section, the experiments were conducted without any planarization
process. However, bonding parameter optimization after the copper planarization process
is illustrated in this section. Figure 7 shows a 2D image of the electroplated Cu and
Sn on electroplated copper before and after the planarization of the copper, obtained
through Atomic Force Microscopy (AFM, Bruker Bioscope resolve). As shown in Figure 7a,
electroplated Cu without grinding and CMP had much higher surface undulation than
electroplated Cu with grinding and CMP (Figure 7b) because it did not undergo flattening.
Previous research has demonstrated that electroplated Sn contains large grains [25], so the
surface had high roughness after electroplating Sn. Consequently, under the AFM 2D image,
grain morphologies of Sn were apparent, which is shown in Figure 7c,d. Table 1 shows the
surface roughness (Rq) of each condition. The Rq value of electroplated copper was 22.1 nm,
and the surface roughness was lowered to 1.32 nm after grinding and CMP. In addition, Sn
on electroplated copper also showed a smaller Rq value with copper planarization than
without copper planarization, which meant that the copper which was flatter could make
the surface of electroplated Sn flatter as well. Table 2 shows the maximum height difference
of the samples measured by the Alpha step (Surfcoder ET3000). It has been reported that
electroplated copper had a ±10% height error [26,27], and the electroplated Cu possessed
a 0.96 µm height difference. These data corroborated previous research, as the copper
thickness was around 5–6 µm. After grinding and CMP, the height difference was reduced
to 0.28 µm. Moreover, the Sn on electroplated Cu decreased from 0.84 µm to 0.42 µm.

Table 1. AFM measurement of four different parameters.

Rq Electroplated Cu Sn on Electroplated Cu

Without Grinding + CMP 22.1 nm 61.1 nm
With Grinding + CMP 1.32 nm 56.2 nm

Table 2. Maximum height difference of four different parameters.

Maximum Height Difference Electroplated Cu Sn on Electroplated Cu

Without Grinding + CMP 0.96 µm 0.84 µm
With Grinding + CMP 0.28 µm 0.42 µm
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Figure 8 shows the cross-sectional SEM bonding interface comparison of 800 nm Sn 
with and without the planarization process at 220 °C under 2 MPa for 1 min. Without 
grinding and CMP, many large holes were observed at the interface due to the high sur-
face roughness, as shown in Figure 8a. However, after the planarization process, the bond-
ing interface achieved perfect bonding without any apparent holes, as shown in Figure 
8b. The porosity dropped from 4.8% to 0.3%, while the unbonded percentage decreased 
from 37.3% to 7.35%. 

Figure 7. AFM 2D image of (a) Electroplated Cu without grinding and CMP; (b) Electroplated Cu
with grinding and CMP; (c) Sn on electroplated Cu without grinding and CMP; (d) Sn on electroplated
Cu with grinding and CMP.

Figure 8 shows the cross-sectional SEM bonding interface comparison of 800 nm Sn
with and without the planarization process at 220 ◦C under 2 MPa for 1 min. Without
grinding and CMP, many large holes were observed at the interface due to the high surface
roughness, as shown in Figure 8a. However, after the planarization process, the bonding
interface achieved perfect bonding without any apparent holes, as shown in Figure 8b. The
porosity dropped from 4.8% to 0.3%, while the unbonded percentage decreased from 37.3%
to 7.35%.
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Figure 8. Comparison between SEM bonding interface (a) without and (b) with planarization process
with 800 nm Sn at 220 ◦C under 2 MPa for 1 min.

Furthermore, the flatter Cu not only made the holes smaller, but it also allowed the un-
bonded interface to change to a bonded interface under the same parameter.
Figure 9a,a1 shows the bonding interface comparisons between 600 nm Sn with and
without the planarization process at 220 ◦C under 2 MPa for 1 min. There was a long
gap that appeared in the material without grinding and CMP (Figure 9a). However, after
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grinding and CMP, most of the surfaces connected, with some voids appearing at the
interface, as shown in Figure 9a1. The porosity was 1.25% and the unbonded percentage
was 16.9%. Also, Figure 9b,b1 shows a comparison between the bonding interface before
and after the planarization process, both bonded at 250 ◦C under 1 MPa for 1 min with
800 nm Sn. Without grinding and CMP, the interface had an apparent gap, while the
interface was well-connected after flattening. The porosity and the unbonded percentage of
this well-connected interface were 1.21% and 22.7%, respectively. This improvement could
be attributed to the flatter surface, which prevented the two hard IMCs from contacting
each other first.
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3.4. Summary of Bonding Parameters and Results

This section summarizes the bonding parameters and their qualities, which were
discussed in the previous paragraph. Table 3 is the summary of the porosities and unbonded
percentages of optimized parameters for achieving good bonding without any planarization
process. A successful bonding under 1 MPa is only feasible in the case of 1 µm Sn thickness.
When using 800 nm Sn thickness, 2 MPa pressure is required. Moreover, under the same
Sn thickness and pressure, the sample prepared at 250 ◦C bonding temperature possesses
fewer defects than the one prepared at 220 ◦C, because the melted Sn can easily flow and
fill the holes. Moreover, although the pressure exerted on 1 µm Sn is lower than on 800 nm
Sn, it still shows better bonding quality without any planarization process.

Table 3. Summary of the optimized parameters without grinding or CMP.

Sn Thickness Temperature Pressure Time Porosity Unbonded
Percentage

1 µm
250 ◦C 1 MPa 1 min 0.9% 13.2%
220 ◦C 1 MPa 1 min 1.5% 20.2%

800 nm
250 ◦C 2 MPa 1 min 1.7% 22.1%
220 ◦C 2 MPa 1 min 4.8% 37.3%

Without Grinding or CMP.

Table 4 shows that the optimized bonding parameter changes after copper planariza-
tion when compared to no planarization. The drastic decrease in the surface roughness
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and maximum height difference leads to a better bonding quality and allows the bonding
to succeed even under suboptimal conditions. The porosity and unbonded percentage
show a drastic decrease in the 800 nm thick Sn, bonded at 220 ◦C under 2 MPa for 1 min.
Additionally, the pressure can decrease to 1 MPa in the 800 nm thick Sn, bonded at 250 ◦C,
and Sn thickness could be reduced to 600 nm under 2 MPa at 250 ◦C after grinding and CMP.

Table 4. Summary of the optimized parameters with grinding and CMP (red characters show the
differences, when compared to no grinding and CMP).

Sn Thickness Temperature Pressure Time Porosity Unbonded
Percentage

800 nm 220 ◦C 2 MPa 1 min 4.8%→
0.3%

37.3%→
7.35%

800 nm 250 ◦C 2 MPa→ 1
MPa 1 min 1.21% 22.7%

800 nm→ 600 nm 250 ◦C 2 MPa 1 min 1.25% 16.9%
With Grinding + CMP.

3.5. TEM Analysis

There was only Cu3Sn at the interface for some parameters, while the other parameters
had Cu6Sn5 and remaining Sn after the bonding. However, these Cu6Sn5 and Sn were
eventually converted to Cu3Sn due to the high working temperature. It is still important
to measure the adhesion properties between different layers no matter what type of IMCs
were at the interface, and there might be some defects and voids which could not be
observed clearly under the SEM. Therefore, TEM was required to analyze the bonding
quality between different IMCs and metal layers under higher magnification. In addition, a
diffraction pattern was used to perform phase identification. Figure 10a shows the bright-
field TEM image of the interface bonded at 250 ◦C under 1 MPa for 1 min with 1 µm
Sn thickness. Under this condition, the interface had a Cu/Cu6Sn5/Cu3Sn/Cu6Sn5/Cu
structure. Figure 10b,c shows the selected area diffraction patterns (SADPs) of the Cu3Sn
and Cu6Sn5, respectively, corresponding to Figure 10a. Cu3Sn is the columnar grain, which
was in accord with the previous study [28]. Additionally, there were no voids or cracks
at either the Cu–Cu3Sn interface or the Cu6Sn5–Cu3Sn interface. This phenomenon could
indicate that the interface had good adhesion. The stress concentration caused by voids or
cracks would not happen in this system. Moreover, the study indicated that the Sn–Cu6Sn5
interface is the main factor that affected the strength of the Cu–Sn system [29]. However,
in this experiment, only a small amount of Sn remained at the interface. Furthermore,
the remaining Sn was scattered in the Cu6Sn5 layer, and the Sn was depleted in most of
the conditions after the bonding process. Therefore, the strength of the joints could not
be determined by the Sn–Cu6Sn5 interface. Moreover, the previous studies revealed that
the Cu/Cu6Sn5/Cu3Sn/Cu6Sn5/Cu structure had good strength [30,31], so the joint with
Cu6Sn5 that obtained in this experiment would not be fragile.

Figure 11a shows the TEM bright-field image after all the Cu6Sn5 was converted to
Cu3Sn with 800 nm thick Sn bonded at a temperature of 250 ◦C under 2 MPa pressure
for 1 min. While in this state, grain growth stopped; the Cu3Sn grain layers on both sides
came in contact with each other but did not merge together, which was in accord with the
previous study [28]. Figure 11b shows the SADP of the Cu3Sn grain shown in Figure 11a.
It was reported that Cu/Cu3Sn/Cu had over 44 Mpa of shear strength [32]. No defects
occurred at the Cu–Cu3Sn interface, so the joint would also be strong when all the IMCs
converted to Cu3Sn.
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4. Conclusions

To develop a Cu-to-Cu direct bonding with low temperature and low pressure and
without any planarization process, passivating a Sn layer over the copper material is a
promising method. Despite using the surface with a roughness of 22.1 nm Rq and 0.96 µm
height difference, the bonding result is good under the conditions mentioned above. These
bonding parameters were optimized, and the bonding qualities were investigated using
SEM and TEM. The following conclusions can be drawn:

1. As shown in Table 3, there are three parameter changes in this study: Sn thickness,
bonding temperature, and bonding pressure. From the results, higher Sn thickness
(1 µm) and higher temperature (250 ◦C) are recommended to achieve better bonding.
Moreover, if a lower Sn thickness (800 nm) is used, 2 MPa pressure can still achieve a
successful bond. However, the bonding quality is not as good as the parameters of
1 µm Sn under 1 MPa pressure at both 250 ◦C and 220 ◦C. Besides, 600 nm Sn is not
thick enough to bond well without the planarization process in spite of the 250 ◦C
temperature and 2 MPa pressure.

2. Though the high surface flatness is not needed in the bonding after passivating
soft Sn over Cu, the surface roughness of Cu will still affect the bonding quality.
The comparison between planarization and no planarization of required bonding
parameters and the bonding results are shown in Table 4.

76



Materials 2022, 15, 7783

3. As per the TEM analysis, there are no cracks or voids which occur at the Cu–Cu3Sn,
Cu3Sn–Cu6Sn5, or Cu3Sn–Cu3Sn interfaces. This implies that there is good adhesion
between different layers regardless of whether Cu6Sn5 is present at the interface.
Therefore, the strength of this Cu–Sn joint would be sufficiently strong, because no
defects occur between different layers. Thus, the defects at the bonding interface
might be the dominant factor which affects the joint strength.

Finally, by passivating Sn over Cu, apart from the advantage of a low-temperature
and low-pressure bonding process, the most attractive quality is that it does not require
extremely low surface roughness. Because CMP is currently a time-consuming and expen-
sive procedure and is always required before bonding in 3D IC, such as hybrid bonding,
this research will provide a promising method to enhance the bonding process without
grinding or CMP. Additionally, the whole bonding process can be accomplished with a
cheaper and faster procedure.
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Abstract: The present study describes the laser welding of Co-based superalloy L605 (52Co-20Cr-
10Ni-15W) equivalent to Haynes-25 or Stellite-25. The influence of laser welding process input
parameters such as laser beam power and welding speed on mechanical and metallurgical properties
of weld joints were investigated. Epitaxial grain growth and dendritic structures were visible in the
weld zone. The phase analysis results indicate the formation of hard phases like CrFeNi, CoC, FeNi,
and CFe in the weld zone. These hard phases are responsible for the increase in microhardness up to
321 HV0.1 in the weld zone, which is very close to the microhardness of the parent material. From the
tensile strength tests, the ductile failure of welded specimens was confirmed due to the presence of
dimples, inter-granular cleavage, and micro voids in the fracture zone. The maximum tensile residual
stress along the weld line is 450 MPa, whereas the maximum compressive residual stress across the
weld line is 500 MPa. On successful application of Response Surface methodology (RSM), laser power
of 1448.5 W and welding speed of 600 mm/min i.e., line energy or heat input equal to 144 J/mm,
were found to be optimum values for getting sound weld joint properties. The EBSD analysis reveals
the elongated grain growth in the weld pool and very narrow grain growth in the heat-affected zone.

Keywords: fiber laser welding; microstructure; residual stress; epitaxial growth; fractography;
EBSD analysis

1. Introduction

Cobalt-based superalloy L605 is a preferred material for a wide range of high-temperature
applications such as gas turbine blades, jet engine parts, aerospace systems, combustion
chambers, etc. Owing to their excellent mechanical and fatigue strength; biocompatibility;
corrosion and oxidation resistance, they also have wide applications in chemical, marine,
and bio-medical industries [1–3]. The presence of cobalt and chromium makes it eligible for
extensive biomedical applications. The presence of tungsten, chromium, and molybdenum
enhances the melting point, hardness, and density of the said alloy [4]. Co-based super-
alloys are synthesized through a vacuum induction melting process followed by electro
slag refining, which leads to very low non-metallic inclusions and hence limited crystal
defects. Sometimes, it is also observed that this alloy is superior to Ni-based superalloys
as it has better thermal shock resistance and anti-corrosion properties even in a hot gas
environment. Different welding processes with high metal deposition rate like Gas Metal
Arc Welding (GMAW), Gas Tungsten Arc Welding (GTAW) showed wide HAZ and welding
defects in the joints which restricts its uses in precision aerospace components [5]. Laser
welding produces minimum defects and narrow HAZ, which attracts its applications in

79



Materials 2022, 15, 7708

various industries. Although there are several laser welding processes (using gas lasers
and solid-state lasers), fiber laser welding is preferred over other processes due to its low
maintenance cost and high reliability of the laser source.

Welding of different superalloys has been reported by many researchers. For example,
Osoba et al. [6] have carried out laser welding of Haynes 282 superalloy and observed the
formation of micro-segregation pattern in the fusion zone. Chen et al. [7] have investigated
the grain growth phenomenon in Co-Cr-Mo alloy during laser melting and reported that
the solidification starts from the epitaxial grains in the boundary zone of the melt track.
The planar grain growth is not possible due to very high grain growth velocity [8]. M.
Shamanian et al. [9] carried out pulsed Nd: YAG laser welding of Co-based superalloys
and observed that heat input to the welding process plays a major role in the control of
microstructure and grain orientation in the weldment. However, the changes in heat input
had an insignificant effect on the mechanical properties. Palanivel R. et al. [10] studied the
Nd: YAG laser welding of IN 800 and observed the formation of an elongated columnar but
fine equiaxed dendritic structure in the fusion zone. In addition, the phase transformation
occurred due to the higher cooling rate of the laser welding process. The ductile failure
of welded joints was observed at higher welding speed whereas brittle failure occurred
at low welding speed. Similarly, many kinds of literature describe the effects of input
parameters of the laser welding process on the weld quality parameters of different materi-
als such as the microstructure and grain orientation [11–14], bead profile [15], mechanical
properties [16–18], metallurgical properties [19], corrosion resistance [20] and residual
stresses [21].

In all the above-mentioned applications, the joining plays a crucial role. Some ap-
plications demand better weld geometry with the narrow heat-affected zone, which is
difficult to meet through conventional welding processes [22–26]. These requirements
may be met using a highly focused and concentrated heat source, as in laser and electron
beam welding processes. The present investigation deals with the fiber laser welding of
Co-based superalloy L605 of 2 mm thick sheets and describes the detailed analysis of the
welded joints for weld bead geometry, microstructure, microhardness, tensile yield strength
(yield stress), phase analysis, residual stress and EBSD study. The statistical analysis of the
welding process has been carried out to develop a regression model and to correlate the
dependent and independent process parameters.

2. Materials and Methods
2.1. Setup Configuration

The fiber laser welding setup consists of a 4 kW fiber laser source (make: Arnold
Ravensburg, Germany), X-Y-Z CNC stages (movement range: 2500 mm × 3000 mm ×
750 mm, maximum traverse speed in X-Y plane: 6000 mm/min) and an integrated CNC
controller. The emission wavelength of the fiber laser is 1070 nm; the spot diameter on the
focal plane is 440 µm; the beam profile is Gaussian and can be operated in continuous wave
mode. The laser beam is delivered onto the worktable through an optical fiber cable. The
core diameter of the optical transmission fiber is 200 µm. The welding head is equipped
with an air cross jet facility to protect the lens from the deposition of metal vapors. For
shielding the weld zone from atmospheric contamination, inert gas (argon) is purged from
the top and bottom (above and below the workpiece) of the weld zone. The welding head is
provided with X-Y-Z motion; whereas the workpiece is mounted on the machine table using
a rigid fixture. The setup configuration for conducting fiber laser welding experiments is
presented in Figure 1.
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Figure 1. Setup configuration of the fiber laser welding process.

2.2. Workpiece Preparation

Cobalt-based superalloy L605 sheets having a thickness of 2 mm were used as work-
pieces to carry out the experiments. The samples were prepared to 60 mm × 125 mm
× 2 mm size by abrasive water jet cutting, followed by milling and fine grinding of the
edges. The prepared samples were cleaned with acetone to remove the oxide layer from
the surfaces and the edges before conducting the welding experiments. The chemical
composition of L605 material is given in Table 1.

Table 1. Chemical composition of L605 material.

Unit Co Cr W Ni Fe Mn Si C S P

Wt.% Balance 20.00 15.00 10.00 3.00 1.50 0.40 0.10 0.030 0.040

2.3. Parameter Selection

Several pilot experiments were conducted by varying laser parameters such as laser
beam power and welding speed at the focal plane (Figure 2) with reference to the workpiece
surface for finding the ranges of different parameters to ensure full penetration welding
along with the formation of acceptable bead geometry. Subsequently, the ranges of different
weld parameters were selected as laser beam power: 1400–1800 W, laser beam scanning
speed: 200–600 mm/min.
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2.4. Design of Experiments

In the present research, Response Surface Methodology (RSM) was followed for con-
ducting weld experiments. Table 2 shows the levels of different input welding parameters
which were decided after conducting trial experiments. Central Composite Design (CCD)
was used to find the parameters setting of each experimental run. MINITAB software was
used for conducting Design of Experiments (DOE). Table 3 shows CCD with parameter
settings for 14 experimental runs. RSM is a statistical approach to observe the influence
of simultaneous variation of any two input parameters on the responses which cannot
be done in a normal parametric study, and it provides the designed model (Equation (1))
which can predict the responses with the variations of input welding parameters within
the selected range.

Y = α0 + α1 X1 + α2 X2 + α3 X3 + α12 X12 + α13 X13 + α23 X23 + α11 X11 + α22 X22 + α33 X33 (1)

where, Y represents the response variable, X1, X2, and X3 are the input process variables, α0
is a constant, α1, α2, and α3 are linear coefficients, α11, α22, and α33 are quadratic coefficients,
and α12, α13, and α23 are interaction coefficients. The prediction ability of the developed
equation is checked through ANOVA.

Table 2. The different input welding parameters used in the present study.

Parameter Units Level 1 Level 2 Level 3

Laser power Watt (W) 1400 1600 1800
Welding speed mm/min 200 400 600

Table 3. Experiment table and the measured responses.

Run
Order

Pt
Type Blocks P WS W1 W2 H1 H2 Y

1 0 1 1600 400 4016.83 3807.56 139.51 145.33 492
2 1 1 1800 600 3051.86 2662.39 110.45 0 509
3 0 1 1600 400 3650.61 3859.88 156.95 122.07 481
4 1 1 1400 200 4964.36 4656.27 226.71 168.58 474
5 1 1 1800 200 5958.4 4447.00 610.37 1150.99 299
6 1 1 1400 600 2336.85 1790.43 122.07 87.20 532
7 0 1 1600 400 4016.83 3731.99 244.15 198.82 486
8 −1 2 1600 200 5981.65 5830.51 412.73 494.11 540
9 0 2 1600 400 3784.31 3749.43 168.58 133.70 506

10 −1 2 1400 400 3197.19 2371.73 198.82 129.40 495
11 0 2 1600 400 3877.32 3685.49 238.34 249.96 487
12 −1 2 1600 600 3121.62 2348.48 104.64 133.70 548
13 0 2 1600 400 3830.81 3929.63 267.4 191.83 495
14 −1 2 1800 400 4150.53 3865.69 325.53 395.29 409

P: Laser power (W), WS: Scanning Speed (mm/min), W1: Top width of weld bead, W2: Bottom width of weld
bead H1: Weld bead height from the parent work surface, H2: Weld undercut bottom side.

2.5. Experimentation

The prepared samples (size: 60 mm × 125 mm × 2 mm) were mounted on the welding
fixture for making a butt joint without using filler material (autogenous welding). All the
experiments were conducted using the parameters settings listed in Table 3. The laser
source was operated in continuous mode, with a focus spot size of 0.44 mm at the focal
plane. During the experimentation, the laser was irradiated perpendicular to the work
surface during the welding experiments. Commercial argon gas (purity > 95%) was used as
the shielding gas and purged at the rate of 10 L/min at 1 bar pressure. The gas purging was
done from the top and bottom of the weld zone to prevent oxidation and other atmospheric
contaminations. In this way, 14 welded samples of L605 sheets were prepared and subjected
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to quality evaluation. The fabricated samples were cut from the weld specimens using a
wire-EDM machine and molds were prepared for mounting purposes followed by polishing
to measure the microhardness.

2.6. Characterization Processes

At first, all-welded samples underwent a radiography test using a 160 kV X-ray
source (model: Seram 235; make: BALTAUE NDT, Canada) to identify the internal defects
(such as porosity, and internal cracks) present in the weld zone, which is required before
conducting the tensile strength test. A dye penetrant test was conducted to detect surface
defects. Then the tensile test specimens (prepared as per ASTM E8/E8M-15a standard)
were cut from minimum defects or defect-free zones of weld samples using the wire-
EDM process (Figure 3a,b). The tensile tests were carried out on Universal Tensile Testing
Machine (UTM) (model: BiSS make Measure India Corporation Pvt Ltd., Secunderabad,
India). The remaining part of the welded joint was kept for evaluation of other properties.
The bead geometry of the weld bead was analyzed using a metallurgical microscope
(make Olympus Corporation, Tokyo, Japan). The different parameters of the weld bead
geometry are presented in Figure 3c. The samples were polished and etched with a
chemical solution (20 mL HCl, 5 mL HNO3, 65 gm FeCl3, 150 mL distilled water, swabbing
for 10–15 s) for measuring the heat-affected zone (HAZ) and microstructure analysis using
Metallurgical Microscope (model: BX51M; make: Olympus Corporation, Tokyo, Japan).
Microhardness tests were performed on the weld zone and on the parent material for
comparison using a Digital Microhardness tester (model: MMT-X7; make MATSUZAWA,
Akita, Japan). Phase and chemical composition analysis was carried out by Scanning
Electron Microscope (SEM) (model EVO MA10; make ZEISS, Jena, Germany). XRD (make:
Rigaku, Tokyo, Japan) analysis was done to identify the new chemical compounds formed
due to welding temperature. Residual stress measurement on weld samples was carried
by LXRD equipment (make: Proto, Canada). EBSD study was carried out for the welded
samples in the weld zone to analyze the grain growth by FESEM with an attachment of
EBSD Camera (Make: ZEISS, Jena, Germany); the results of the characterization process
were analyzed and discussed in Section 3.
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Figure 3. (a) Dimensions of the prepared tensile test specimen, (b) Tensile test specimens in the weld
sample (c) Weld bead geometry on prepared weld sample (H1: weld bead height above the workpiece
surface, H2: Weld undercut at the bottom surface, W1: Weld bead width at the top surface, W2: Weld
bead width at the bottom surface).

3. Results and Discussion

All the prepared weld samples (14 numbers) were subjected to different tests as
discussed in Section 2.6 to evaluate the characteristics of weld joints. The prominent test
results and the discussions are enumerated in the following sections.

83



Materials 2022, 15, 7708

3.1. Radiography and Dye Penetrant Test

The weld zones were subjected to radiography testing as per ASTM E1742 with X-rays
to find any internal defects present within them. Similarly, the dye penetrant test was
carried out as per ASTM E1417 to check the surface defects. Few of the captured images of
radiography and dye penetrant test are presented in Figure 4. In the radiography test, the
weld samples were kept above the phosphoric image plate and then high-power X-rays
(160 kV, 4 mA, exposure time: 2 min) were made to fall on the welded samples. A latent
image of the sample was captured by the plate. These latent images were converted into
real viewable images by a laser scanner (make GE, USA) and then images were further
analyzed for internal defects. In the dye penetrant test, the liquid penetrant (Magna flux
SKL-SP1) was spread over the weld zone after a thorough cleaning by the cleaner (Magna
flux SKC-1) and left untouched for 30 min. Subsequently, the developer (Magna flux SKD-
S2) is spread over the weld bead and left for 5 min, which pulls up the penetrant and gets
accumulated in the pores and cracks. The surface turns red by which the surface defects are
identified [27,28]. The results of the radiography test and die penetration tests conducted
on the samples are shown in Figure 4. The presented figures show that samples are free
from embedded pores and internal cracks. Only a few undercuts are visible at the edge of
the welded specimen that are not the part of samples used for various tests. Tensile test
specimens were cut from the weld coupons, which were having minimum or zero defects.
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3.2. Statistical Analysis

After the radiographic test, the other quantitative responses were measured (Table 3)
and entered into the design table of RSM with CCD. All the data were analyzed to observe
the effects of the combination of different process parameters on the obtained responses.
Regression equations in uncoded form (Equations (2)–(6)) were developed and validated
through the ANOVA (Analysis of Variance) (Table 4) which are described below. Figure 5
represents the normal probability plots for different responses. As the distribution of
different points is very close to the straight line, which indicates the model has good
prediction ability [29,30]. The values of R-sq and R-sq(adj) are very close to each other,
which indicates the less variability of the predicted responses with respect to the input
parameters. The P values in the ANOVA table for linear, square, and interaction of input
parameters are found to be less than 0.05 which indicates that the developed regression
model is significant [31].

W1 (µm) = −16422 + 28.75 P − 15.30 WS − 0.00807 P2 + 0.01387 WS2 − 0.00174 P·WS (2)

W2 (µm) = −34885 + 54.1 P − 23.26 WS − 0.01718 P2 + 0.00709 WS2 + 0.00676 P·WS (3)

H1 (µm) = 680 − 1.45 P + 2.55 WS + 0.000893 P2 + 0.000805 WS2 − 0.002470 P·WS (4)

84



Materials 2022, 15, 7708

H2 (µm) = −506 − 1.54 P + 7.04 WS + 0.00162 P2 + 0.00291 WS2 − 0.006685 P·WS (5)

Y (MPa) = −2537 + 4.44 P − 1.864 WS − 0.001580 P2 + 0.000715 WS2 + 0.000951 P·WS (6)

Table 4. Analysis of Variance for different responses.

W1 W2 H1 H2 Y

Source DF p-Value DF p-Value DF p-Value DF p-Value DF p-Value

Linear 2 0.000 2 0.000 2 0.000 2 0.000 2 0.003
Square 2 0.001 2 0.029 2 0.137 2 0.017 2 0.026
2-Way

Interaction 1 0.357 1 0.153 1 0.003 1 0.000 1 0.039

Lack-of-Fit 3 0.444 3 0.001 3 0.792 3 0.060 3 0.001

R-sq 98.11% 93.47% 92.97% 95.62% 84.97%
R-sq(adj) 95.78% 89.39% 88.57% 92.89% 75.58%
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line and hence less amount of base metal is melted, however, the weld width increases 
reasonably with the increase in laser power. With the increase in laser power, the bead 
width increases due to over melting of the base material (Figure 6b). The bead width (W2) 
at lower side of the welding is found to be reduced with the increase in scanning speed, it 

Figure 5. Normal probability plots for responses (a) Weld bead width at the top surface (W1),
(b) Weld bead width at the bottom surface (c) Weld bead height above the workpiece surface (H1),
(d) Weld undercut at the bottom surface (H2), (e) Tensile yield strength (Y).

3.2.1. Weld Bead Geometry Analysis

The weld bead geometry plays a vital role in the better strength of the joint. One of the
typical weld bead geometries is shown in Figure 3c for reference purpose and the measured
values are presented in Table 3. Equations (2)–(6) represents the variation of geometrical
parameters (responses) corresponding to the inputs which are explained with the help of
the contour plots in Figure 6. The width of the weld zone is reduced with the increase in
scanning speed, this might be due to laser beam passes quickly over the weld line and
hence less amount of base metal is melted, however, the weld width increases reasonably
with the increase in laser power. With the increase in laser power, the bead width increases
due to over melting of the base material (Figure 6b). The bead width (W2) at lower side of
the welding is found to be reduced with the increase in scanning speed, it may be due to the
formation of keyhole in the welding process which leads to wider top and narrow bottom
of the weld bead (Figure 6c). The bead height and undercut are found to be maximum
at higher laser power and lower scanning speed, at the appropriate combination of laser
power 1600 W and scanning speed of ~500 mm/min the bead height and undercut are
found to be minimum as shown in Figure 6d,e. It shows the variation of W1, W2, H1, and
H2 with respect to the laser beam power and welding speed. It has been observed that
the minimum weld bead geometry (Table 3) with top width (W1): 2336.85 µm, Bottom
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width (W2): 1790.43 µm height (H1): 104.64 µm and undercut (H2): 0 µm were obtained at
different parameter setting of laser power in the range of 1400 W to 1800 W and scanning
speed 200 to 600 mm/min and the same is also confirmed from the contour plots shown
in Figure 6. The optimum values of the bead geometry can be obtained at parameters
settings of laser power 1448.5 W and scanning speed 600 mm/min where top width (W1):
2594.45 µm, bottom width (W2): 1848.62 µm, height (H1): 126.04 µm and undercut (H2):
130.14 µm. In view of the above, the welding parameters can be selected from the contour
plots shown in Figure 6 as per the requirement of the weld bead geometry, which is in line
with the reference article [32].
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Figure 6. Contour plots for weld bead geometry: (a) variation of tensile yield strength (Y) (b) variation
of top width of weld bead (W1), (c) variation of bottom width of weld bead (W1), (d) variation of
weld bead height (H1), (e) variation of undercut (H2), w.r.t input parameters.

3.2.2. Microhardness of Weld Bead

The prepared sample for microhardness is presented in Figure 7a. The micro-hardness
was measured from the centerline of the weld bead to one side towards the parent material.
Figure 7b represents the microhardness profile of a typical weld sample. From the experi-
mental data, it is observed that there is little variation in microhardness (maximum value:
321 HV0.1) on the weld bead as compared to the parent material (average value: 305 HV0.1)
that indicates a good quality of weld joint without impacting its mechanical properties.
During the laser welding, when the laser beam is irradiated on the material, considerably
high temperature is developed and melts the weld sample interface. When the material
solidifies, the fusion zone is created. Some parts of the heat are dissipated into the welding
parts and lead to the formation of HAZ. Due to very short exposure time of the laser, the
temperature of the weld zone decreases rapidly with high cooling rates. It results in the
formation of austenite and austenite + carbide phases along with other different phases
like CrFeNi, CoC, FeNi, and FeC that affect the microstructures of the fusion zone and
microhardness is increased.
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3.2.3. Tensile Yield Strength (Yield Stress)

To perform the tensile strength tests, the specimens were prepared using the wire-EDM
process which is in accordance with ASTM E8 standard (Figure 3a), and the prepared tensile
test specimens are shown in Figure 8a. The mounting of the specimen on UTM is shown
in Figure 8c. The tensile tests for all specimen along with parent material were conducted
at room temperature with a crosshead speed of 0.5 mm/min and the captured plots are
shown in Figure 8d,e. The plots indicate that the amount of elongation varies between
5.21% to 25.09%, whereas the breaking load varies from 1 kN to 12 kN. During the tensile
strength tests, all the samples failed in the weld zone as shown in Figure 8b and this is
because of epitaxial grain formation, which was located along the axis of the weld bead [33].
The solidification of molten metal takes place at room temperature and the parent material
on both sides of the weld zone acts as the chiller unit due to which the solidification starts
from both sides, as a result, the end of solidification takes place at the center of the weld
nugget [34]. During the solidification process, the equiaxed grain structure is formed in the
weld zone due to which a parting line is observed at the center of the weld zone and that
leads to the formation of the weaker part. Therefore, the optimization of the input process
parameters was performed for better strength of the weld joint. It was also observed that
as the heat input supply during the welding is reduced, the cooling rate increases, and it
results in the formation of finer grain size and therefore results in enhanced mechanical
properties [35]. In this way, laser welding parameters at high input i.e., 1800 W laser power
and 200 mm/min scanning speed resulted in low yield stress of 299 MPa as compared to
the laser welding parameters at low heat input i.e., 1400 W laser power and 600 mm/min,
where yield stress of 546.20 MPa was obtained.

The measured values of tensile yield strength were fed to the design table and further
analyzed to correlate with the input parameters presented in Equation (6). The contour plots
(Figure 6a) explain the variation of yield stress w.r.t input parameters and it is observed
that the tensile yield strength (yield stress) up to 541 MPa can be obtained at a parameter
combination of laser power: 1448.5 W, scanning speed: 600 mm/min i.e., line energy or
heat input equal to 144.44 J/mm, as shown in Figure 9.

3.2.4. Optimization of Process Parameters

In the present work, the multi-objective optimization of input process parameters
was carried out using the desirability approach through the RSM technique considering
responses: W1, W2, H1, H2 and Y. The desirability values of response parameters are shown
in Figure 9. It is observed that the desirability value approaches 1 which indicates the
good prediction ability of the developed model. In the present study, laser beam power:
1448.5W, scanning speed: 600 mm/min give response values such as W1: 2594.45 µm,
W2: 1848.62 µm, H1: 126.04 µm, and H2: 130.14 µm and Y: 546.20 MPa (Figure 9). These
responses were validated by conducting the confirmation experiments and the error was
found to be within 5%.
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3.3. Analysis of Weld Bead

The mechanical and metallurgical properties were evaluated further to investigate
the weldability characteristics of L605 alloy. The prepared weld samples which had high
and low heat input were considered in this investigation, which are presented in the
following sections.

3.3.1. Morphology and Microstructure

The prepared weld samples were polished to get a mirror finish surface and etched
with a chemical solution to observe the microstructure by metallurgical microscope and
SEM (Figure 10). Figure 11c,d represents the morphology of the cross-section of the weld
bead. Small concavity is observed in the weld root as shown in Figure 10c, which may
be due to high heat input during the welding process with parameters laser beam power
1800 W, scanning speed 200 mm/min. The flat root is observed in the other case as
shown in Figure 10d which is due to the low heat input with parameters laser beam power
1400 W, scanning speed 600 mm/min. It is also worth stating that, the transfer of heat within
the weld pool happens by convection; and therefore, the fluid dynamics predominantly
determine the formation of bead shape. The major factors coming into play are surface
tension, volume contraction, vapor pressure, phase transformation and gravity [36]. With
the reduction in energy input, the cross-section of the weld joint transforms into almost
an X-shape; whereas the V-shaped cross-section is obtained when there is partial keyhole
formation [37]. This leads to a reduction in the width of the weld zone, as shown in
Figure 10b. Figure 10e,f indicate the magnified images of Figure 10c,d, respectively, which
affirm that granular and epitaxial grain growth takes place during the solidification process.
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In the present work, the two typical samples fabricated at laser power of 1400 W
and 200 mm/min scanning speed, and 1800 W and 200 mm/min were considered for the
microstructural analysis through SEM. The detailed investigation of the weld section at the
interface and weld zone has been selected. The SEM micrographs revel the long colum-
nar dendritic structure, which is divided into cellular and columnar dendritic structures.
Figures 11 and 12 represent microstructure and Energy Dispersive Spectroscopy (EDS)
results of the weld bead. From Figure 11, it has been observed that the dendritic microstruc-
tures are formed having long columnar grains at the interface (Figure 11b) and cellular
dendrites (Figure 11c). The fusion zone microstructure at this section revels formation of
secondary dendritic arm, the magnifying image shows the formation of intermetallic phase
whose presence is confirmed through the EDS report (Figure 11d), the grains are parallel
and distributed uniformly with mix coarse and fine columnar dendritic (uniaxial) which
might be due to the proper mixing of material at the fusion zone [38,39]. Figure 12 shows
the SEM images of the weld cross section, i.e., at the interface and the fusion zone; this
shows the microstructure with no directional solidification with columnar and cellular
dendritic structure. The white granular structure confirms the present of Co, which is
confirmed through EDS report, as shown in Figure 12d. The Variation in thermal prop-
erties like specific heat and thermal conductivity with changing temperature of the base
alloys leads to the formation of microstructure obtained after welding. The presence
of Co, Cr, W, Ni, and Mn was observed in the inter-dendritic structure at the interface
(Figures 11b,d and 12b,d). On the other hand, the laser welding process associated with
a rapid cooling rate without pores and cracks was observed at the interface zone in the
prepared weld samples (Figures 11a and 12a) [40]. The columnar dendritic and cellular
dendritic structures were formed in the weld zone, and it may happen due to the formation
of CrFeNi, CoC, FeNi, and CFe phases in the inter-dendritic regions and this provides
strength to the weld zone [41].
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3.3.2. Phase Analysis

X-ray diffraction (XRD) test was performed with laser parameter settings of 1800 W,
200 mm/min, and 1400 W and 600 mm/min on the weld bead cross-section to examine the
presence of different phases (Figure 13a) along with XRD plot of parent material as shown
in Figure 13b. The 2θ angle varied from 30 to 90◦ with a scanning speed of 4 deg/min.
Figure 13 shows the XRD spectra of the weld beads and the analysis shows the presence of
CrFeNi, CoC, FeNi, CFe, and Fe phases in the weld zone, unlike parent material.
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Figure 13. XRD spectra of the (a) weld zones processed at 1800 W, 200 mm/min, and 1400 W,
600 mm/min, respectively, and (b) parent material.

3.3.3. EBSD Analysis

The base metal EBSD micrograph is shown in Figure 14. The image quality map show
in Figure 14 indicates a uniform fine grain size. The average grain size of the base metal is
found to be ~17 µm. The fine grain size has uniformly distributed grains as shown in the
Inverse pole figure map. The microstructure has around 4 % low angle grain boundaries
with the remaining 96% high angle grain boundaries, as shown in Figure 14c. The pole
figures and inverse pole figures show a random orientation of the grains in the base metal
with no specific texture. The microstructure of the L605 weld pool region on both sides of
the weld central line is shown in Figure 15. The average grain size of the HAZ has increased
to 68 µm from the base metal grain size of 17 µm. This region is melted during the welding,
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and a dendritic/ columnar grain growth result in the formation of long elongated grains
and the direction of the grains are elongated towards the base metal. The fraction of the
low angle grain boundaries has increased from 4% to 15%. The resultant increase in LAB
is due to the intersection for growing columnar grains. The pole figure and inverse pole
figures indicate that there is a strong orientation of grains in the direction of (111) and (101),
the resulting texture is like cold rolled texture.
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The EBSD maps of the complete weld bead region along with base metal are shown in
Figure 16. The microstructure shows a very narrow HAZ, wherein a uniform grain size
has been noticed. This region shows the grain growth compared to base metal, as this
region is exposed to higher temperature below the melting point of the base material. The
strain energy stored in the base material along with the temperature above recrystallization
temperature has resulted in grain growth. The image quality map shows a completely
dendritic and elongated grains. The pole figures indicate an overall texture orientation in
<101> direction. The phase map presented indicates a fully austenitic structure with small
amounts of metallic carbides. The carbide formation of (W, Cr)7 C3 was observed.
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3.3.4. Residual Stress Measurement

Residual stress was measured through the XRD technique using LXRD equipment
on two prepared weld samples (input parameters 1800 W, 200 mm/min and 1400 W,
600 mm/min) at seven different points along mutually perpendicular directions (D90◦

and D0◦) with respect to the weld line as shown in Figure 17a,b. In Figure 10c,d the
grains are elongated across the weld line. It is observed the residual stress is compressive
when measured along D90◦ (Figure 17c,d) for both parameter settings. Along D0◦ the
compressive stress is reduced and sometimes it becomes tensile (Figure 17c) for parameters
setting of 1800 W, 200 mm/min. However, at parameters setting of 1400 W, 200 mm/min,
give weld bead with tensile residual stress along D0◦ (Figure 17d). Because of the above,
the input parameters which produce the elongated grains may be preferred for the laser
welding process.
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3.3.5. Fractography Study

Figure 18 shows the SEM micrograph of the fractured surfaces of the tensile test
specimens at high heat input parameters of 1800 W, 200 mm/min, and low heat input
parameters of 1400 W, 600 mm/min. It is observed that tensile test specimens are subjected
to ductile failure as well as cleavage failure, as illustrated in Figure 18. A significant number
of dimples were observed in the fracture zone. In the inter-granular cleavage, micro-voids
are seen at high and low energy input. The observed features show the ductile failure of
the welded samples [42,43].
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4. Conclusions

Fiber Laser welding of L605 cobalt superalloy sheets of a thickness of 2 mm was carried
out successfully and different characterization techniques were followed for evaluation of
the properties of the welded joints. From the study, the following conclusions are drawn:

• Response surface methodology was used for the development of regression equations
to correlate the input and output process parameters. Within the present range of laser
welding parameters, the work surface was kept at the laser beam focal plane, which
gave different weld quality in the experimentation at different laser input parameters.

• Regression models were developed, and their predictability was checked through
ANOVA. The best weld bead geometry of top width (W1): 2594.45 µm, bottom width
(W2): 1848.62 µm, bead height (H1): 126.04µm, and undercut (H2): H2: 130.14 µm
along with the highest tensile yield strength (yield stress) of 546.20 MPa were obtained
at parameters setting of laser beam power: 1448.5W, scanning speed: 600 mm/min.

• The failure of tensile test samples occurred in the weld zone due to the formation of
epitaxial grains, which was confirmed from the optical micrographs and to avoid this
wobble mode of fiber laser welding may be adopted. The ductile failure occurred in
the weld zones of the tensile test specimens, which are confirmed by the presence of
dimples, intergranular cleavage, and micro voids in the fractured surfaces.

• The SEM analysis indicates the absence of micro-cracks in the weld zone. The mi-
crostructure (EBSD analysis shows a narrow HAZ, wherein a uniform grain size has
been noticed. This region shows the grain growth compared to base metal, as this
region is exposed to higher temperatures below the melting point of the base material.
The strain energy stored in the base materials, along with the temperature above
recrystallization temperature, has resulted in grain growth.

• All experiments in this work were conducted at room temperature and the mate-
rial properties reported here also carried at room temperature. However, testing
and characterization at high operating temperature will be considered as a part of
future work.
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Abstract: The control of inclusions in steel components is essential to guarantee strong performance.
The reliable characterization of inclusion populations is essential not only to evaluate the quality of the
components but also to allow the use of analytical procedures for the comparison and discrimination
of inclusion populations. In this work, inclusion size distributions in wire rod specimens from six
plant-scale heats were measured and analyzed. For the measurements, the metallographic procedure
specified in the ASTM E2283 standard was used. The population density function (PDF) approach
and the extreme value statistical procedure specified in the ASTM E2283 standard were used to
analyze the whole size distribution and the upper tail of the size distribution, respectively. The PDF
approach allowed us to identify differences among inclusion size distributions and showed that new
inclusions were not formed after the liquid steel treatment process. The extreme value statistical
procedure led to the prediction of the maximum inclusion length for each heat, which was used for
the statistical discrimination of heats. Furthermore, the estimation of the probability of finding an
inclusion larger than a given inclusion size using the extreme value theory allowed us to order the
heats for different critical inclusion sizes.

Keywords: inclusion; size distribution; population density function; extreme value theory

1. Introduction

Control over inclusion cleanliness in steel products is necessary to ensure their per-
formance under specific conditions. Inclusion size distribution is one of the parameters
used to evaluate steel quality, and therefore its control during the steelmaking process
is required [1,2]. Hence, the successful control of the inclusion size distribution must be
based on analysis procedures that provide information on the formation and evolution of
inclusions. Furthermore, predictive and discriminative analysis procedures are desirable.

The size distribution of an inclusion population is frequently estimated from metallog-
raphy measurements and image analysis and represents an inclusion cleanliness parameter.
Higgings [3] represented the particle size distribution by the population density function
(PDF) as an alternative to the classic histogram format. The PDF approach presents the
advantage of being user-independent compared to the histogram and the corresponding
density function, which assumes a normal distribution [4]. Furthermore, the PDF is unique
for a given inclusion population, provides information on the formation and evolution of
inclusions [5] and enables the comparison of size distributions from different specimens.
The logarithmic representation of PDFs is linear or quadratic and can be described by fractal
(power law) and lognormal distributions, respectively [6]. Zinngrebe et al. [7] introduced
the PDF approach in the analysis of inclusion size distribution and used it to study the
formation of inclusions during the secondary steelmaking and casting process of Ti-alloyed
Al-killed steel. The logarithmic representation of PDF showed a quadratic shape just after
Al addition and became linear with time. A quadratic shape characterizes the transient de-
oxidation process where the transfer of the matter occurs between steel and inclusions, i.e.,
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the formation and growth of inclusion process, whereas a linear behavior indicates that the
equilibrium inclusion-steel was reached, and consequently the inclusion size distribution is
the result of effective collisions and breakage phenomena and the removal of inclusions.
Hence, it is expected that estimated PDFs in specimens obtained in later stages of processing
can provide information on the size distribution at the end of the liquid steel treatment
and its subsequent evolution. This provides evidence of the occurrence of phenomena,
such as the reoxidation process, that form new inclusions after liquid treatment. It is worth
mentioning recent works that use the PDF approach. Piva and Pistorius [8] used the PDF
to show the evolution of the size distribution for different processing routes for steel Ca
treatment, while Qifeng et al. [9] used it to analyze results obtained from the modeling of
the nucleation, growth, and agglomeration of Al2O3 inclusions.

On the other hand, the generalized extreme value (GEV) theory based on
Murakami et al.’s pioneering work [10] has been used to describe the large inclusion
size tail of the size distribution, in which standard probability distributions, such as the
log-normal distribution, are insufficient [4]. The method is based on measuring the max-
imum inclusion size in random inspection areas and fitting the Gumbel distribution to
these measurements. This allows to predict the maximum inclusion length (Lmax), i.e., the
longest inclusion expected to be found in a predetermined area. The fitting of the Gumbel
distribution to the size distributions of different specimens enables the statistical compar-
ison and discrimination of Lmax. Variations in the procedures used for the application of
GEV led to the development of the ASTM E2283 standard “Standard Practice for Extreme
Value Analysis of Nonmetallic Inclusions in Steel and other Microstructural Features” [11]
as a guide to evaluate inclusion cleanliness. The standard was shown to be a reliable
tool to assess inclusion cleanliness. Recently, Kumar and Balachandran [12] showed the
standard as an effective tool for estimating the largest inclusion, which has the potential for
crack nucleation that leads to fatigue failure in steel specimens. Fuchs et al. [13] confirmed
the effectiveness of the standard in the evaluation of inclusion cleanliness in ultraclean
gear steels. Furthermore, the standard has been used in the evaluation of the maximum
inclusion size of heat-treated wire rod specimens [14]. More recently, the results using the
standard showed relatively good agreement with measurements of large inclusions based
on the X-ray microcomputed tomography method [15]

In this work, size distributions were measured in steel wire rod specimens from six
different plant-scale heats following the metallographic procedure indicated in the ASTM
E2283 standard. The PDF approach was used to analyze the whole size distribution, whereas
the GEV theory was employed to describe the upper tail of the size distributions following
the procedure specified in the ASTM E2283 standard and to estimate the survival probability.

2. Background
2.1. PDF Approach

The PDF concept, introduced by Higgins [3], is expressed by the following equation:

PDF =
nv (LXY)

(LY − LX)
(1)

where nv (LXY) is the frequency of inclusions in a given size bin (particle number per
volume), and (LY − LX) is the bin width with units of length. The logarithmic representa-
tion of PDFs can be linear or quadratic and can be described by fractal (power law) and
lognormal distributions, respectively [6]. The probability density function of the fractal
distribution is given by

f (x) =
C
xD (2)
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where C is the constant of proportionality, and D is the fractal dimension. The probability
density function of the lognormal distribution is

f (x) =
1

x σ(2π)1/2 exp

[
[ln(x)− ln(µ)]2

2σ2

]
(3)

where m and s are the mean and standard deviation, respectively.

2.2. ASTM E2283 Standard

The ASTM E2283 standard [11] describes a procedure to statistically characterize the
distribution of the largest particles in a solid matrix. It can be used in the case of inclusions
in a steel matrix. Herein, essential aspects allowing us to understand the use of the standard
in this work are introduced.

The ASTM E2283 procedure is based upon quantitative optical metallographic measure-
ments and their analysis via statistical GEV theory. Six specimens per analysis are required for
metallographic measurements. An area of 150 mm2 (control area Ao) must be evaluated in four
different metallographically prepared planes in each specimen, and the largest measured inclu-
sion in each Ao is recorded. The measurements must be made using the correct magnification
to ensure that the detected largest inclusion is a minimum of 20 pixels in length. The procedure
provides a dataset of the 24 largest inclusions, which are listed in ascending order and can be
represented as xi. The cumulative probability Pi is calculated by the following equation:

Pi =
xi

(N + 1)
(4)

where N = 24.
The prediction of Lmax is based on the fitting of the Gumbel extreme value distribution

to the 24 recorded inclusion lengths. The probability density function of the Gumbel
distribution is expressed by

f(x) =
1
δ

[
exp
(

x − λ

δ

)]
× exp

[
−exp

(
− x − λ

δ

)]
(5)

where x is the random variable (maximum inclusion length), and l and d are the location
and scale parameters, respectively. The corresponding cumulative distribution is

F(x) = exp
(
−exp

(
− x − λ

δ

))
(6)

which can be rewritten by introducing the reduced variate y:

F(y) = exp(−exp(− y )) (7)

where
y =

x − λ

δ
(8)

Solving Equation (8) for x,
x = δ y + λ (9)

From Equation (7), y can be expressed in terms of the cumulative function as

y = −ln(−ln(F(y))) (10)

Equation (10) can be related to Equation (4), and the expression for y is rewritten as

y = −ln(−ln(F(y))) = − ln(− ln(P)) (11)
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On the other hand, the return period T is used to predict how large an inclusion could
be expected to be found if a reference area (Aref) larger than Ao were to be evaluated. That is,

T =
Are f

Ao
(12)

In the ASTM E2283 standard, Aref is chosen to be 1000 times larger than Ao.
Furthermore, T is statistically defined as

T =
1

1 − P
(13)

For a T value of 1000, the corresponding P value is 0.999 (99.9%).
Thus, for P = 0.999, the y(P=0.99) value is calculated using Equation (11), and the

corresponding x(P=0.99) value is calculated by Equation (9). The calculated x(P=0.99) value
corresponds to Lmax, and Equation (9) is rewritten as

x(P=0.99) = Lmax = δ y(0.99) + λ (14)

The δ and λ parameters are calculated using the maximum likelihood method ML
from the log of the distribution function:

LL =
n

∑
i=1

ln
(

1
δ

)
−
(

xi − λ

δ

)
− exp

(
− xi − λ

δ

)
(15)

The estimated parameters are referenced as λML and δML and are used to construct
the best-fit line through the data points using Equation (9).

The standard error SE for any inclusion of length x is

SEx = δML

√
(1.109 + 0.514y + 0.608y2)/n (16)

The approximate 95% confidence interval is given by

95% CI = ±2 SE(x) (17)

The comparison of differences in sizes of large inclusions in two steels, denoted A and
B, is calculated by the approximate 95% confidence interval for Lmax(A) − Lmax(B) by the
following equation:

C.I = Lmax(A)− Lmax(B)± 2
√

S.Ere f (A)2 + S.Ere f (B)2 (18)

If the lower to upper bounds of the 95% CI include 0, then it is concluded that there is
no difference in the characteristic sizes of the largest inclusions in heats A and B.

3. Materials and Methods

Measurements and analyses of inclusion size distributions in wire rod specimens from
six plant-scale heats were conducted. The PDF approach was used to analyze the whole size
distribution, and GEV theory was employed to analyze the upper tail of the size distributions.

Specimens from six different heats of high carbon rod wire produced at the plant
scale were studied. The heats were produced by an electric arc furnace-ladle treatment-
degassing-continuous casting route, and the liquid steel was deoxidized with Si. The
studied steel corresponded to SAE 9254, and Table 1 shows the chemical composition
expressed in weight percent (wt. %) for two specimens of each heat. The chemical analysis
of C and S was performed using the infrared combustion technique, while the content of
other elements was determined using the spark emission spectroscopy technique.
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Table 1. Chemical composition (wt. %) of the studied heats.

Content (wt. %)
Heat Specimen

C Mn Si Cr P S

1 1 0.57 0.70 1.45 0.66 0.008 0.014
2 0.58 0.70 1.44 0.67 0.007 0.012

2 1 0.54 0.68 1.43 0.65 0.008 0.014
2 0.57 0.70 1.45 0.66 0.007 0.014

3 1 0.64 0.71 1.51 0.71 0.009 0.019
2 0.65 0.72 1.52 0.71 0.009 0.019

4 1 0.59 0.70 1.5 0.70 0.008 0.019
2 0.60 0.71 1.48 0.69 0.008 0.019

5 1 0.60 0.70 1.5 0.66 0.007 0.17
2 0.58 0.71 1.52 0.70 0.008 0.17

6 1 0.54 0.71 1.52 0.71 0.009 0.15
2 0.61 0.70 1.49 0.69 0.008 0.15

Inclusion size distributions were estimated using the metallographic procedure detailed
in the ASTM E2283 standard, which was rigorously followed. For each heat, six specimens
of wire rod in as-rolled conditions of 25 mm diameter and 200 mm length were available.
Each specimen was cut into a probe of 25 mm length and sectioned longitudinally as shown
in Figure 1. The plane denoted as A was progressively dry ground using 80-, 220-, 300-,
500-, 800-, 1000-, and 1200-grit SiC paper and polished with 3 and 1 µm diamond paste.
The measurements were conducted under a Nikon Eclipse MA200 light optical microscope
(Minato ku, Japan) at 100X magnification on 150 fields by image analysis, and the total
analyzed surface was 150 mm2. Three additional planes were analyzed, ensuring that the
space between neighboring planes was at least 0.3 mm, thus avoiding inclusions being counted
more than once. The total number of analyzed fields per heat was 600.
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Figure 1. Obtention of probes for metallographic measurements.

The totality of the analyzed inclusions in each heat was considered to estimate the
corresponding PDF using Equation (1). The frequency of inclusions per volume unit
specified in that equation was estimated from the two-dimensional inclusion measurements
obtained by image analysis, which were transformed into three-dimensional data using a
procedure based on the Saltikov method [16,17].

By applying the ASTM E2283 standard, the measured maximum inclusion size in each
of the inspected planes (24) was used for the statistical analyses described in the standard
and synthetized in the previous section of this paper.
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4. Results and Discussion

Figure 2 shows the measured inclusion frequency (inclusions/mm2) and area fraction
for the six specimens of each heat. In general, Heats 5 and 6 presented the highest values
for both parameters, whereas Heats 1 and 2 presented the lowest values. Furthermore,
Heats 5 and 6 showed more variability among specimens of the values of both parameters.
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was due to the processing of liquid steel rather than to an eventual phenomenon. 

Figure 2. Evolution of inclusions/mm2 and area fraction of inclusions.

4.1. Population Density Function PDF

Figure 3 shows the calculated PDF for each heat. The inclusion size is referred to as the
inclusion equivalent diameter, which is defined as the diameter of a circle with the same area
as the recorded particle [5]. Great differences were observed at small inclusion sizes, which
decreased as the inclusion size increased. Below 10 µm, Heat 2 presented the lowest PDF
values and was followed by Heats 1 and 3, while the rest of the heats presented similar values.
In the range of 10–20 µm, Heat 2 continued to present the lowest values, followed by Heat 1,
whereas Heat 6 presented the highest values; the rest of the heats presented similar values.
Furthermore, the magnification of the PDF scale (inner figure) shows that at larger inclusion
sizes, differences are also observed in PDF values and that Heats 2 and 6 showed the lowest
and highest values of PDF, respectively. Thus, it can be stated for the studied heats that as the
frequency of small inclusions increased, the population of large inclusions also increased, i.e.,
that the presence of large inclusions was due to the processing of liquid steel rather than to an
eventual phenomenon.
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The logarithmic representation of the calculated PDFs is shown in Figure 4. A general
linear power law behavior, represented by a reference straight line plotted in the figure, was
observed. The reference straight line was estimated from the totality of the PDF data. The
most notable deviations from the reference line corresponded to Heats 2 and 6, respectively,
whereas the other heats fit better to the reference line. To clarify the observed behavior,
the logarithmic representations of the PDFs of Heats 2 and 6 are shown in Figure 5, in
which the data of Heat 4 were included because of its better fit to the reference line. Heat
6 presented both a higher frequency of inclusions and a larger inclusion size; in contrast,
Heat 2 presented a lower frequency of inclusions and a smaller inclusion size, and Heat
4 exhibited intermediate values of both parameters. To individually analyze the heats of
Figure 5, the data corresponding to the associated six samples of each heat are shown in
Figure 6. As expected from a statistical point of view, more dispersion between the data
were observed as the frequency decreased (Heat 2), although the linear trend continued to
be observed. Thus, the heats can be ordered in decreasing order of cleanliness as follows:
Heat 2, 4 and 6. Furthermore, Heats 3 and 5 had a similar behavior to Heat 4.

Then, the differences between the slopes of the straight lines of each heat can be
deduced. The slope of the straight line is associated with the refining process and is specific
to each process. Van Ende et al. [5] showed results for Ti-alloyed Al-killed steel produced in
different plants. At the end of the refining process, a linear behavior of log PDF with a good
fit was shown, and the slope values of the straight line were similar regardless of the plant of
production. The slope value (−3.5) was associated with the Al-deoxidation process. Thus,
the average slope value of the reference line (−0.089) in Figure 4 can be associated with
the Mn–Si deoxidation process. In previous work [18], SiO2-Al2O3-MnO inclusions were
observed at the beginning of the ladle treatment, which evolved to SiO2-Al2O3-CaO-MgO
inclusions during treatment. Of note, SiO2-Al2O3-CaO-MgO inclusions were observed
in this work under as-rolling conditions, as shown in Figure 7 for inclusions of different
sizes. This result suggests that the estimated slope of the reference line is associated with
the formation of SiO2-Al2O3-MnO inclusions during the Mn-Si deoxidation process and
their evolution to SiO2-Al2O3-CaO-MgO inclusions during ladle treatment. Furthermore,
the linear behavior indicates that the new inclusions were not formed after liquid steel
treatment and that inclusion populations evolved by the growth of inclusions, breakage,
and removal of inclusions. In addition, the inclusions found in all samples were embedded
in a matrix similar to that presented in Figure 8. The microstructure of the matrix did not
vary due to the similarity of the chemical composition (Table 1) and because the inclusions
were subjected to the same thermomechanical treatment.
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Figure 5. Log-log plot of PDFs versus inclusion equivalent diameter for Heats 2, 4 and 6.
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Figure 6. Log-log plot of PDFs versus inclusion equivalent diameter for specimens of Heats 2, 4 and 6.
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4.2. Extreme Value Distribution Analysis

Figure 9 shows a representation of the inclusion size distribution in histogram format.
In this section, “length inclusion” is used to denote the inclusion size, just as the ASTM
E2283 standard does. Of note, the inclusion length corresponds to the “equivalent diameter”
used in the previous section. Two main observations can be highlighted. Below 20 µm, the
highest frequency was shown by Heat 2; above 70 µm, however, Heat 6 had the highest
frequency. For intermediate inclusion sizes, it is difficult to describe a trend.

Table 2 shows the 24 measured values of maximum inclusion length obtained for
each heat from four analyzed planes in each of the six available specimens. The maximum
inclusion length values are listed in increasing order as specified by the ASTM E2283
standard. The reduced variate was calculated using Equation (11) and is shown in Figure 10
for each heat as a function of the inclusion length. In general, a linear behavior for individual
heats was observed. The fit of the straight lines was better at small inclusion lengths, and
scattering was observed at longer inclusion lengths. It is also observed that steeper slopes
correspond to lines located at shorter inclusion lengths, and consequently, the interception
with the horizontal axis was different for each line.
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Table 2. Inclusion maximum length Lmax (µm) for analyzed plans in each heat.

N◦ Inclusion
Heat

1 2 3 4 5 6

1 7.5 10.4 16.7 20.2 16.7 24.8
2 8.1 11.0 19.0 20.8 21.4 36.9
3 8.7 11.5 19.6 24.8 25.4 39.2
4 10.4 11.5 20.2 26.0 26.0 43.9
5 11.6 12.1 20.2 31.2 26.5 57.1
6 12.1 12.7 20.8 31.7 31.2 60.6
7 12.1 12.7 20.8 31.7 31.7 64.0
8 12.1 13.3 21.4 32.9 34.0 64.0
9 12.7 13.3 22.5 32.9 34.6 64.6
10 14.4 13.3 23.1 32.9 35.2 65.8
11 15.0 14.4 23.7 33.45 35.2 69.8
12 15.0 14.4 24.2 34.0 39.2 69.8
13 17.3 14.4 24.8 34.6 40.4 71.0
14 19.0 15.0 25.4 35.2 45.0 72.1
15 21.9 16.2 30.0 35.8 46.2 73.3
16 22.5 16.2 30.0 35.8 46.7 75.0
17 23.7 16.2 31.7 39.8 47.9 75.0
18 26.5 17.9 32.3 39.8 48.5 76.2
19 30.0 17.9 34.0 41.5 49.0 77.9
20 31.7 17.9 35.2 43.3 50.8 77.9
21 32.9 17.9 38.1 46.2 73.0 78.5
22 38.1 22.6 42.7 49.0 80.2 79.0
23 38.7 24.2 48.5 53.1 80.8 79.6
24 40.4 29.4 52.5 53.7 93.5 83.1

Table 3 lists the values of the estimated statistical parameters according to the procedure
of the ASTM E2283 standard. The values of λ, δ, and Lmax are plotted in Figure 11, in which it
is observed that the lower the values of λ and δ are, the lower are the values of Lmax. Thus,
the heats can be listed in increasing order of Lmax values as follows: Heat 2, Heat 1, Heat 3,
Heat 4, Heat 5, and Heat 6. This behavior is illustrated in Figure 12, where the probability
distribution functions calculated via Equation (5) and using the values of λ and δ included in
Table 3 are plotted.
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Figure 10. Reduced variate versus inclusion length.

Table 3. Values of statistical parameters (µm).

Parameters
Heat

1 2 3 4 5 6

λ 15.4 13.8 24.1 32.2 35.6 57.5
δ 7.6 2.9 6.5 8.8 14.1 18.0

L average 20.0 15.7 28.2 35.8 44.1 65.8
Standard deviation (Sdev) 10.4 4.6 9.6 11.8 19.8 15.3

Maximum length (Lmax) 68.2 34.2 69.0 92.7 132.9 181.9
Minimum length Y (Lmin) 6.9 6.9 6.9 6.9 6.9 6.9

Standard error (S.E.) 8.9 3.5 7.7 10.4 16.7 21.3

To determine whether the observed differences in Lmax values were statistically significant,
Lmax values were compared according to the procedure described in the ASTM E2283 standard.
The criterion of a 95% C.I. was calculated from the predicted value of Lmax for each heat as
well as the corresponding standard error. Table 4 lists the results of a round-robin comparison
in matrix format, where the column and arrow titles correspond to the identification of heats.
The interception of a column with an arrow denotes the range of bounds of the 95% C.I. of the
corresponding heats. A C.I. range that does not include 0 is denoted in red and indicates a
difference between the compared Lmax; otherwise, it is denoted in green and indicates that
there was no difference. The Lmax of Heats 5 and 6 did not differ from each other; in contrast,
they differed from the Lmax of the rest of the heats. Furthermore, Lmax of Heat 2 was different
from other Lmax, and Lmax of Heats 1, 3 and 4 were not different from each other. Thus, using
the Lmax parameter as the cleanliness index, it can be stated that Heat 2 is the cleanest and
significantly different from the rest of the heats; Heats 5 and 6 are the worst and significantly
different from the rest of the heats; Heats 1, 3 and 4 are not different from each other, and their
inclusion cleanliness is intermediate between Heat 2 and Heats 5 and 6.

109



Materials 2022, 15, 7681

1 
 

 
Figure 11. Maximum inclusion size Lmax, λ, and δ for all heats.
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Figure 12. Probability density function for heats.

Although Lmax represents a useful indicator that enables the comparison and discrimi-
nation of inclusion populations, there is often interest in knowing the probability of finding
inclusions greater than a certain “critical” size depending on the specific application of the
steel component. For example, in components subjected to fatigue, it is accepted that the
size of the inclusion is important because cracks can form at the inclusion–steel interface.
In this context, the survival function S(x) (probability of finding an inclusion larger than
a given length, equal to the complement of the cumulative density function) rather than
Lmax is more convenient. Figure 13 presents S(x) as a function of the inclusion length for all
heats. The order of heats previously stated as a function of Lmax is confirmed for inclusion
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lengths greater than 35 µm, where no overlapping of curves is observed. At 35- and 10 µm
inclusion lengths, the curves of Heats 3 and 4 and Heats 1 and 2 overlapped, and therefore,
the order of heats was modified.

Table 4. Range of bounds of 95% confidence interval C.I.

Heat 2 Heat 3 Heat 4 Heat 5 Heat 6

Heat 1
53.23 22.82 2.87 −26.84 −67.43
14.79 −24.40 −51.96 −102.63 −159.96

Heat 2
−17.89 −36.64 −64.63 −104.49
−51.70 −80.46 −132.87 −190.94

Heat 3
2.10 −27.18 −67.56

−49.60 −100.72 −158.26

Heat 4
−0.87 −41.71
−79.52 −136.60

Heat 5
5.21

−103.14
 

6 

 

 
 
 
 
 
13 
  

Figure 13. Survival function S(x) for each heat.

S(x) is plotted in Figure 14 from the data of Figure 13 for three critical inclusion lengths:
10, 20 and 30 µm. The heats can be ordered by increasing the S(x) value for each critical value;
for example, for an inclusion length shorter than 10 µm, the order is Heat 1, Heat 2, Heat 3,
Heat 4, Heat 5 and Heat 6. This order is altered when the critical value of 20 µm is selected,
changing the order to Heat 2, Heat 1, Heat 3, Heat 5, Heat 4 and Heat 6. The observed
difference is explained by the overlapping probability density curves and S(x) curves for
Heats 1 and 2 and for Heats 4 and 5. For example, in Heat 1 and Heat 2, overlapping can be
observed in the upper left corner in Figure 13, or the overlapping of probability density
functions in the lower left corner in Figure 11. The same explanation can be used for the
inversion of order between Heats 4 and 5. Furthermore, for critical values greater than
35 µm, where no overlapping of curves is observed, the order is Heat 2, Heat 1, Heat 3,
Heat 4, Heat 5 and Heat 6. This is the same when parameter Lmax is considered as the
cleanliness parameter.
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Figure 14. Survival function S(x) for different “critical” inclusion sizes.

5. Conclusions

Inclusion size distributions in wire rod specimens from six plant-scale heats were
measured and analyzed. The measurements were taken following the metallographic
procedure specified in the ASTM E2283 standard. The analysis of size distributions was
developed using two approaches: (1) the estimation of PDFs according to the Higgins
formalism [3] to obtain information on the whole inclusion size distribution and (2) the use
of the extreme value theory to describe the upper tail of the size distributions. Thus, the
following conclusions can be drawn.

• Heats were listed in decreasing order of inclusion cleanliness based on the analysis of
the linear logarithmic representation of PDFs.

• No new inclusions were formed after the ladle treatment process, as inferred from the
linear behavior of the logarithmic representation of PDFs, a power-law-type with time.
Hence, the evolution of inclusion distribution was associated with growth, breakage,
and the removal of inclusions.

• Heats were listed in decreasing order of inclusion cleanliness using the maximum
inclusion length parameter Lmax. The use of the extreme value statistics procedure
specified in the ASTM E2283 standard led to a statistical comparison of Lmax.

• Heats were ordered by considering the survival function S(x) values (probability of
finding an inclusion larger than a “critical” inclusion length) estimated using the GEV
theory. It was shown that the order can change depending on the critical value.
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Abstract: A novel processing route is proposed to create a heterogeneous, multiphase structure in a
medium Mn steel by incorporating partial quenching above the ambient, warm deformation, and
partial recrystallization at high partitioning temperatures. The processing schedule was implemented
in a Gleeble thermomechanical simulator and microstructures were examined by electron microscopy
and X-ray diffraction. The hardness of the structures was measured as the preliminary mechanical
property. Quenching of the reaustenitized sample to 120 ◦C provided a microstructure consisting
of 73% martensite and balance (27%) untransformed austenite. Subsequent warm deformation at
500 ◦C enabled partially recrystallized ferrite and retained austenite during subsequent partitioning
at 650 ◦C. The final microstructure consisted of a heterogeneous mixture of several phases and
morphologies including lath-tempered martensite, partially recrystallized ferrite, lath and equiaxed
austenite, and carbides. The volume fraction of retained austenite was 29% with a grain size of
200–300 nm and an estimated average stacking fault energy of 45 mJ/m2. The study indicates
that desired novel microstructures can be imparted in these steels through suitable process design,
whereby various hardening mechanisms, such as transformation-induced plasticity, bimodal grain
size, phase boundary, strain partitioning, and precipitation hardening can be activated, resulting
presumably in enhanced mechanical properties.
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1. Introduction

Medium Mn steels (MMnS) containing 3–12 wt.% Mn have attracted increasing inter-
est as potential candidates for automotive applications because of an excellent strength–
ductility–toughness balance along with inexpensive alloying [1,2]. The key factor in govern-
ing a good strength–ductility combination lies in controlling properly the volume fraction
and stability of retained austenite (RA). Considerable efforts have since been devoted to
finetuning the balance of mechanical properties through suitable composition and pro-
cess designs [3–6], thus leading to appropriate control of grain size [5,6] as well as phase
fractions [7], and their morphology and heterogeneity [4].

MMnS are usually processed using intercritical annealing treatment (IAT), mostly
starting from a martensitic microstructure as the dominant constituent [8]. The IAT deter-
mines the chemical composition, volume fraction, and grain size of RA [9–11]. However,
in steels with a low Mn content, a long IAT time would be required to enrich austenite
with an appropriate fraction of Mn to achieve a preferred fraction of stabilized RA in the
final microstructure, due to the sluggish kinetics of Mn partitioning [10]. Such a prolonged
IAT inevitably leads to coarsening of the recrystallized ultrafine-grained ferrite/martensite
matrix and substantially deteriorates the strength of MMnS [12,13]. Therefore, a relatively
high annealing temperature, usually above 600 ◦C (slightly below or above Ar1 tempera-
ture), is needed to accelerate Mn partitioning, while avoiding or at least delaying the loss
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of carbon through cementite formation. As a result, the hardness of the martensite phase
decreases significantly due to extensive tempering following the reduction of both the dis-
location density as well as solid solution carbon content during IAT. This makes the further
strengthening of intercritically annealed MMnS difficult at a constant volume fraction of
RA. Therefore, it is necessary to accelerate austenite reversion and/or partitioning using
different methods.

The process of quenching and partitioning (Q&P) is normally applied in the tempera-
ture range of 250–450 ◦C to stabilize austenite down to room temperature (RT) through the
partitioning of carbon from supersaturated martensite to untransformed austenite [14–16].
Q&P processing has successfully been applied to MMnS resulting in a microstructure com-
prising low-carbon martensite and carbon-enriched RA [17]. The martensite contributes
to high strength, while the RA improves ductility. Recently, it has been shown [18,19] that
the Q&P concept could be extended to higher temperatures to enable the partitioning of
substitutional alloying elements, such as Mn in addition to C partitioning.

One effective method to accelerate the partitioning of alloying elements could be
the introduction of a high density of crystal defects in the microstructure. The most
common processing that is applied to MMnS includes hot-rolling followed by cold-rolling
and IAT [8,20]. On the other hand, the microstructure of hot-rolled MMnS after IAT
comprises lath-shaped martensite and austenite. For cold-rolled MMnS, recrystallization
of deformed martensite along with austenite formation during IAT leads to the formation
of an equiaxed ultrafine-grained ferritic/austenitic microstructure [21]. Kim et al. [22]
reported that after cold rolling, the partially recrystallized ferrite grains and a combination
of several strengthening mechanisms could result in high yield strength and enhanced work
hardening of the MMnS. Bai et al. [23] suggested that the utilization of non-recrystallized
austenite and recrystallized ferrite in a cold-rolled MMnS is an effective method to produce
steel of ultrahigh strength (1000–1500 MPa) and excellent ductility (>40%). They showed
that non-recrystallized austenite with low mechanical stability can strengthen the MMnSs
through the transformation-induced plasticity (TRIP) effect, while the recrystallized ferrite
can enhance ductility through sustainable plastic deformation [23]. In addition, the coupled
influence of grain refinement, dislocation strengthening, and precipitation contributes to
an increase in yield strength. In general, the initial microstructure strongly affects the
final phase morphology, so that both the lath and globular morphologies of RA can be
observed [8,20,24].

In addition to the hot and cold deformation routes, the warm rolling process can
also emerge as an alternative method to achieve the required properties. There are, how-
ever, very few research works on the warm-deformed MMnS [25–29]. Chang et al. [28]
and Li et al. [29] demonstrated that the warm stamped 0.1C-5Mn steel exhibited more
prominent work hardening, larger ductility, and better impact toughness compared to
the boron-alloyed 22MnB5 Fe-Mn steel. He et al. [26] have recently shown that warm
deformation of an MMnS at 300 ◦C following IAT enhanced the stability of RA by creating
intense dislocation networks.

The presence of prior austenite in the initial microstructure of MMnS and its fraction
can also affect the partitioning process and austenite transformation from martensite during
IAT and accordingly the final microstructure and mechanical properties. Liu et al. [27]
reported that in a martensite–austenite dual-phase structure of 0.47C-10Mn-2Al-0.7V steel
(concentrations are in wt.%), warm rolling (50% reduction at 750 ◦C) promoted ferrite
transformation during IAT at 625 ◦C, in addition to austenite reversion, so that these two
transformations provided a heterogeneous and multiphase microstructure susceptible
to enhanced strain hardening. Tsuchiyama et al. [30] demonstrated that the presence of
pre-existed austenite in 0.1C-5Mn-1.2Si steel led to the formation of fresh martensite (FM)
during final cooling, which improved the tensile strength of the steel. Ding et al. [31]
studied the effect of pre-existed austenite on subsequent Mn partitioning and austenite
formation in a 0.2C-8Mn-2Al MMnS. They reported that 10% of pre-existed austenite
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accelerated the kinetics of austenite reversion and the final RA fraction could be even
higher than its equilibrium value.

From the microstructure point of view, it has been shown that a heterogeneous mi-
crostructure can be very efficient in providing an enhanced strength–ductility combination
in materials [27,32–34]. The hetero-structured multiphase microstructure facilitates stress
and strain partitioning between the phases [35], in addition to the strain hardening in-
duced by grain size gradient [36,37], and enables mechanisms such as deformation-induced
martensite formation over a certain extended strain range depending on the stability of RA
with heterogeneous sizes and morphologies [38]. Given that recrystallization is known to
drastically decrease the strength of deformed materials [39], partial recrystallization has
been widely used as a tool to preserve the strength to a certain extent, while improving
ductility by imparting heterogeneous structures with soft and hard domains in various
alloys [40]. Kim et al. [22] showed that the partially recrystallized ferrite grains contribute
to the high yield strength of MMnSs due to the low mobility of screw dislocations. Ac-
cordingly, partial recrystallization provides an opportunity to achieve a heterogeneous
microstructure in MMnS as well with the matrix consisting of both the recrystallized ferrite
and non-recrystallized martensite that contributes to the enhancement of yield strength via
heterogeneous deformation-induced hardening [22,41–43].

As concluded from the above, the design of heterogeneous microstructure in MMnS
including heterogeneity in phases, morphologies, and sizes could result in a superior
combination of high strength and large ductility. Though several processing strategies have
since been individually investigated for accelerating the partitioning of alloying elements
and promoting the heterogeneity in the final microstructure of MMnSs, incorporation of
a controlled combination of these strategies, however, might seemingly be more effective
in enhancing mechanical properties from the microstructure engineering perspective. In
the previous work [44], a combination of factors accelerating the stabilization of austenite,
including pre-existed austenite, pre-deformation at 250 ◦C, and high-temperature partition-
ing was employed to create a refined microstructure in a 0.31C-4Mn-2Ni-0.5Al-0.2Mo (in
wt.%) steel. In the present work, a modified process is proposed to produce a heteroge-
neous multiphase microstructure consisting of martensite, recrystallized ferrite, pre-existed
austenite, reverted austenite, and carbides by warm deformation at a higher tempera-
ture promoting partial recrystallization of ferrite and austenite reversion in an MMnS.
The strategy is composed of three steps: (1) quenching of the austenitized specimen to a
temperature below martensite start temperature (Ms) to produce a martensitic/austenitic
structure, (2) warm deformation of the dual-phase alloy at a temperature above Ms to
create high densities of crystal defects and potential nucleation sites for new phases in
the microstructure, (3) annealing of the deformed microstructure to recover and partially
recrystallize the martensite grains and to achieve the desired fraction of stabilized austenite,
and finally cooling to RT.

2. Experimental Procedure

An MMnS with a chemical composition of Fe-0.31C-4Mn-2Ni-0.42Al-0.21Mo (in wt.%)
was used in the present study. A 200 mm × 80 mm × 55 mm piece of the vacuum induction
melted ingot was cut and homogenized at 1200 ◦C for 2 h and then hot-rolled to 11 mm in
thickness. Cylindrical specimens with a diameter of 6 mm and a height of 9 mm were cut
with the axis transverse to the rolling direction. The samples were used for processing and
dilatometry tests on a Gleeble 3800 thermomechanical simulator. The specimens were first
reheated at 900 ◦C, held for 6 min, then cooled to 120 ◦C to achieve a microstructure of ~75%
martensite and ~25% untransformed austenite. Then, the martensitic–austenitic specimens
were reheated to 500 ◦C where a compressive true strain of ~0.4 was applied at a constant
true strain rate of 0.1. The deformed samples were immediately heated to the annealing
temperatures of 600, 625, 650, and 700 ◦C and soaked for 20 min and subsequently cooled
down to RT (hereafter referred to as samples Def-A600, Def-A625, Def-A650, and Def-A700,
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respectively). A constant rate of 10 ◦C/s was used for all the heating and cooling steps
during the processing cycle. Figure 1 illustrates a schematic of the applied process.

Figure 1. Sketch of the applied processing route.

To characterize the microstructures, the processed specimens were sectioned along
their compression axis and prepared using standard metallographic methods. A field
emission scanning electron microscope (FE-SEM) with electron backscatter diffraction
(EBSD) and a scanning/transmission electron microscope (STEM/TEM) were used for
microstructure observations. The specimens were finally polished with a colloidal solution
of silica suspension in H2O2 for EBSD analysis. EBSD scans were conducted with a step
size ranging from 50 to 20 nm. For STEM/TEM observations, 3 mm discs were first
ground to a thickness of 100 µm and then electrochemically polished with a solution of 5%
perchloric acid and 95% ethanol using a twin-jet polisher operated at −15 ◦C. Interesting
microstructural features were analyzed in respect of chemical composition via energy-
dispersive X-ray spectroscopy (EDS) mapping in the STEM. Phase fraction was determined
using X-ray diffraction (XRD) with Co-Kα radiation (λ = 0.179 nm). Vickers hardness
measurements were carried out on all specimens using a 5 kg load.

3. Results and Discussion

According to the dilatometry results, austenite transformation start (As) and finish
(Af) temperatures, and the martensite start temperature (Ms) of the studied steel were
measured to be ~713 ◦C, ~802 ◦C, and 223 ◦C, respectively. According to XRD results
shown in Figure 2a, the microstructure following reaustenitization at 900 ◦C and quenching
to RT was mainly (93%) martensitic. The EBSD phase map of the corresponding sample
confirmed that the microstructure essentially consisted of martensite and a very small
amount of retained austenite, as shown in Figure 2b. The average prior austenite grain size
was measured to be around 10 µm. Figure 2c shows the variation of martensite fraction
as a function of quench temperature as calculated from the dilatation curve (not shown
here) using the lever rule. The dashed line in Figure 2c indicates that the volume fraction of
martensite is around 73% after quenching to 120 ◦C, so the volume fraction of pre-existed
austenite is estimated to be about 27%.
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Figure 2. (a) XRD pattern of the sample quenched to RT after annealing at 900 ◦C, indicating
martensite (M) and weak austenite (A) peaks, (b) corresponding EBSD phase map (austenite in red
and martensite in grey), and (c) volume fraction of martensite at different quench temperatures.

Figure 3a presents the dilatation curves of the Def-A600, Def-A625, and Def-A650
samples. A secondary martensite formation was detected around 120 ◦C (Ms2 temperature)
during final cooling after annealing at 600 ◦C, as shown by the arrow. It is expected
that after initial quenching, the Ms temperature of the untransformed austenite to be just
the same as the quench-stop temperature (i.e., 120 ◦C). Therefore, it can be concluded
that in the process of warm deformation, subsequent heating, and isothermal holding at
600 ◦C, the austenite was not stabilized at all. In spite of this, with increasing the annealing
temperature to 625 ◦C and 650 ◦C, the Ms2 temperatures of the untransformed austenite
decreased to 90 ◦C and 60 ◦C, respectively, indicating the stabilization of austenite to some
extent. Figure 3b shows the change in the diameter of the samples as a function of holding
time at different annealing temperatures. The curves indicated an initial contraction up
to 850 s, followed by a plateau until the end of isothermal holding. The magnitude of
total contraction decreased with increasing annealing temperature from 600 ◦C to 650 ◦C.
However, after a certain holding time, some microstructural changes occurred causing
expansion in competition with the contraction caused by partitioning and/or austenite
formation. Several processes, such as the recovery and recrystallization of deformed
martensite, austenite formation, and precipitation of carbides can cause volume contraction
during holding at a particular temperature. In contrast, the transformation of austenite
to phases such as ferrite, pearlite, and/or bainite causes volume expansion. These phase
transformations that may occur during isothermal holding can affect the final volume
fraction and the chemical stability of RA. The expansions observed here are most probably
associated with the austenite decomposition, which has also been investigated in the
previous work [44]. The decomposition processes may reduce the austenite fraction, so that
if less new austenite forms, the amount of RA will decrease despite its higher stability.
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Figure 3. (a) Dilatation curves of the Def-A600, Def-A625, and Def-A650 samples, (b) corresponding
curves of the change in diameter vs holding time, (c) corresponding XRD patterns showing the
presence of austenite (A) and martensite (M) phases in the final microstructure and (d) corresponding
austenite fractions and hardness values.

Figure 3c,d show the XRD patterns of the samples annealed at different temperatures
and the corresponding volume fractions of RA calculated based on the integrated intensities
of austenite and martensite peaks. According to calculations, the RA fraction increased
from 8% to 29% with an increase in the annealing temperature from 600◦C to 650 ◦C. This
increase in RA fraction, and less new fresh martensite (FM) as illustrated in the following,
and a related decrease in dislocation density of tempered martensite (TM) due to higher
partitioning temperature led to a decrease in hardness from 430 HV to 396 HV. Further
increase in partitioning temperature to 700 ◦C resulted in a decreased RA fraction to 11%
and an increased fraction of FM, while the hardness value increased to 536 HV. Thus, the
maximum RA fraction was detected in the sample annealed at 650 ◦C. The change in the RA
fraction and the hardness of the sample are associated with the formation of new martensite
from less-stable austenite, and this is discussed based on the microstructure.

As SEM micrographs in Figure 4a–c present, the microstructure of the Def-A600
sample exhibits several features inherited from primary TM, FM, pearlite (P), RA, and
carbides. The lath-shaped TM (dark areas) can be characterized thanks to the presence
of various carbide precipitates. Two different morphologies of TM are detected: the
equiaxed fine grains, i.e., the recrystallized ferrite with size in the range of 200–300 nm
(Figure 4c), and the lath morphology. Such heterogeneity in morphology can be attributed
to the partial recrystallization of martensite during annealing at 600 ◦C. Carbide-free FM
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islands are somewhat lightly etched compared to TM (Figure 4c) but can still display some
substructures. Some pearlite phase constituents were also detected in the microstructure
as shown by arrows in Figure 4a. In addition, two lath-type and equiaxed morphologies
of RA were also observed. However, TM usually contains both large and fine carbide
precipitates, unlike in the case of RA, where carbides are generally fine. Though it is
difficult to distinguish RA from TM using SEM images due to their similar contrast and
morphology, RA can be easily identified by the EBSD phase maps. Due to more nucleation
sites created during deformation, many carbides were observed along the boundaries of
partially recrystallized grains with a globular morphology, as shown in Figure 4c. As
mentioned, several carbides were detected with varying sizes. Large carbides with a size in
the range of 80–150 nm were observed mainly on lath boundaries, while both medium-size
carbides in the range of 20–50 nm and fine ~10 nm carbides were found inside the TM.

Figure 4. FE-SEM micrographs of the Def-A600 sample showing pearlite (P), tempered martensite
(TM) some fresh martensite (FM), and several carbides on the lath boundaries and inside the laths (a,b),
recrystallized ferrite and equiaxed retained austenite (RA) nucleated on carbide/ferrite boundaries
and presence of very fine carbides inside the TM, ferrite, and RA grains (c).

Figure 5a,b presents the image quality (IQ) map overlayed by a phase map plotted
from the EBSD examinations carried out on the Def-A600 specimen. The RA fraction was
estimated to be ~8.5% in agreement with the XRD results presented in Figure 3d. In fact, a
significant amount of austenite is consumed by transforming to P and FM during holding
at 600 ◦C and subsequent quenching. The average grain size of RA was estimated to be
around 150 nm, which is markedly smaller than that of the as-received specimen (10 µm).
A considerable amount of FM was observed in the microstructure, which is in agreement
with the dilatometric result (Figure 3a), giving an Ms2 temperature of 120 ◦C. The IQ maps
in Figure 5a,b clearly show that the TM has a higher IQ value, i.e., is brighter compared to
the FM due to its lower defect density. The kernel average misorientation (KAM) map in
Figure 5c shows that the TM contains a low density of geometrically necessary dislocations
because of dislocation annihilation during the tempering, resulting in low KAM values.
In contrast, significantly higher KAM values, i.e., dislocation densities are detected in FM
areas. In addition to the differences in dislocation density, the TM contains a very low
amount of C due to its partitioning into the austenite, while the FM forms from C-enriched
austenite rendering it to be an untempered, high-C hard phase. Therefore, the hardness of
the FM formed during final quenching is expected to be higher than that of the TM formed
during initial quenching to 120 ◦C following austenitization (Figure 3d).
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Figure 5. EBSD maps of the Def-A600 sample. (a) IQ map overlayed by phase map, (b) higher
magnification of the marked area in (a), (c) KAM, (d) and (e) grain orientation spread (GOS) maps;
and (f) GOS distribution for ferrite and austenite.

Unlike in the case of cold-rolled MMnS which usually provides a fully recrystallized
microstructure after IAT [21], warm rolling only promoted partial recrystallization in the
ferritic matrix as a result of a comparatively lower driving force. Further, austenite had two
different types of morphologies, i.e., lamellar and equiaxed. We may assume that due to the
lower driving force for recrystallization in the warm-rolled matrix, the recrystallization of
ferrite and its reversion to austenite took place simultaneously. Whilst reversion of marten-
site laths led to the formation of lamellar RA of size <200 nm, recrystallized ferrite grains
transformed to equiaxed RA with size varying in the range 150–600 nm (Figure 5a,b). In ad-
dition to the new austenite formation through reversion, partial recrystallization of lamellar
pre-existed austenite may produce equiaxed or lamellar morphology in RA. Therefore, both
ferrite and austenite phases showed heterogeneity in terms of size and morphology.

Figure 5d,e shows the grain orientation spread (GOS) maps of ferrite and austenite of
the Def-A600 sample. As the inset in Figure 5d shows, the GOS value varies from 0 (blue)
to 10 (red). This blue-to-red range was set identically so that the different conditions could
be directly compared. The GOS maps comparing the local orientation of each point with
respect to the orientation of the neighboring points have widely been used in evaluating the
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degree of recrystallization [45–47]. As seen in Figure 5d, a considerable number of ferrite
grains had a high GOS value illustrating that those grains were not fully recrystallized.
In contrast, most austenite grains appearing as blue or green displayed low GOS values.
However, we have to notice that even with a step size of 50 nm, orientation differences are
difficult to detect by GOS in grains with a size below 200 nm. The lamellar old austenite
might be partly recrystallized, but 600 ◦C is a very low temperature for recrystallization,
even though some strain partitioning might have concentrated strain in austenite. In
austenitic stainless steels, the lowest recrystallization temperature is about 700 ◦C [48],
and in duplex stainless steel, recrystallization of austenite occurs above 800 ◦C (though
20% cold rolling reduction, only) [49]. Therefore, despite possibly higher energy stored
in austenite owing to strain partitioning between martensite and austenite during the
warm deformation, there is no real evidence for the recrystallization of austenite at 600 ◦C,
and GOS limited resolution might lead to a wrong conclusion. Fine grains may be new
equiaxed austenite nucleated during annealing, being naturally dislocation-free. The
formation of new dislocation-free austenite is consistent with the KAM results, though the
recrystallization of pre-existed austenite cannot be ruled out and would be the subject of
future studies.

Figure 5f presents a comparison of the GOS distribution for ferrite and austenite.
While the ferrite grains showed a wide range of GOS owing to the presence of both
recrystallized grains along with non-recrystallized grains, the austenite grains displayed a
relatively narrower distribution of GOS. Two well-separated peaks for the GOS values of
both ferrite and austenite grains can be identified as corresponding to the recrystallized or
new grains and deformed non-recrystallized ones. Grains with a GOS less than 2◦ were
classified as fully recrystallized ferrite which is in agreement with the reported threshold
value for GOS [45–47], or dislocation-free new austenite. Based on the criterion of GOS
<2◦, the dislocation-free fractions were determined to be 19% and 67% for ferrite and
austenite, respectively.

The microstructure of the Def-A650 sample contained several features including TM,
FM, RA, and carbides, as shown in Figure 6a. It is also obvious from Figure 6b that
the recrystallized grains of the specimen partitioned at 650 ◦C are somewhat coarser
compared to those of the Def-A600 specimen. Unlike in the case of the Def-A600 sample,
the absence of pearlite in the microstructure of the Def-A650 sample suggested slow kinetics
of pearlite transformation at 650 ◦C despite holding for 20 min. The retardation of pearlitic
transformation as a result of increasing annealing temperature has also been discussed
in the previous study [21]. RA grains (fraction about 28%) were mainly equiaxed, in
addition to the presence of a small fraction of interlath austenite in the microstructure.
Additionally, the volume fraction of carbides following partitioning at 650◦C was lower
than that observed in the case of the sample partitioned at 600 ◦C, though the average size
of carbides was expectedly larger at 650 ◦C.

Figure 6. FE-SEM micrographs of the Def-A650 sample showing TM, FM, and carbides on the martensite
lath boundaries and inside the laths (a), recrystallized ferrite (F), and equiaxed RA nucleated on
carbide/ferrite boundaries along with very fine precipitates inside the F and RA grains (b).
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Figure 7 illustrates the EBSD maps of the Def-A650 specimen, where the RA appears
mostly as equiaxed grains, along with the TM, recrystallized ferrite, and some contents of
the FM. According to Figure 7a, a significantly higher fraction of RA is observed compared
to that in the Def-A600 specimen, in consistence with the XRD results shown in Figure 3c.
The fraction is practically the same as that of the pre-existed austenite. Though the RA
grains are somewhat coarser following partitioning at 650 ◦C, they are more uniform in
size and distribution compared to those observed in the Def-A600 specimen, as shown
in Figure 5a,b. Though the TM had both equiaxed as well as lath morphologies, the area
fraction of equiaxed grains increased with increasing the annealing temperature from 600 ◦C
to 650 ◦C, as a result of enhanced recrystallization rate at 650 ◦C. The inverse pole figure map
overlayed by the high-angle boundary map, shown in Figure 7c, indicates a heterogeneous
grain structure containing about 74% of high-angle boundaries. Figure 7d,e shows the
GOS maps of ferrite and austenite of the Def-A650 sample. According to Figure 7d, ferrite
grains were not yet fully recrystallized following 20 min holding, even though the fraction
of recrystallized grains was higher than that of the Def-A600 sample (Figure 5d). The
recrystallized fractions of ferrite and austenite were calculated to be around 26% and
73%, respectively. The average grain size of RA increased to 600 nm with increasing the
annealing temperature to 650 ◦C. This corroborates that a higher amount of stored energy
was available in the deformed austenite compared to the deformed martensite due to strain
partitioning. As shown in Figure 7f, the ferrite grains showed a wider distribution of
GOS, while the austenite grains showed a narrower distribution of GOS because of a large,
recrystallized fraction.

The STEM images of the Def-A650 sample illustrate two lath-type and equiaxed
morphologies for both austenite and martensite phases, as shown in Figure 8a,b. Thin
interlath films of RA, surrounded by martensitic areas along with some equiaxed austenite
grains can be observed as bright regions in Figure 8b. These thin RA films might be
non-recrystallized pre-existed austenite or new austenite formed on non-recrystallized
martensite lath boundaries. In addition to martensite and austenite, various precipitates as
strings of large carbides on the lath boundaries and both spherical and rod-shaped carbides
inside the TM lath were observed in the microstructure as shown in Figure 8c.

As described, the applied process resulted in a multiphase microstructure comprising
TM, ferrite, RA, and carbides. Both martensite and austenite phases exhibited heterogeneous
morphologies and grain structures decorated by carbides. As mentioned, these phases and
morphologies could contribute to different strengthening and deformation mechanisms.

To investigate the partitioning of alloying elements in the final microstructure, STEM-
EDS scans were conducted on the Def-A650 specimen. A typical STEM image along with
corresponding distribution maps of C, Mn, and Ni for the sample are shown in Figure 9a–d,
respectively. The contents of elements in the regions marked by identifying numbers in
Figure 9c are listed in Table 1. The maps evidently show that C, Mn, and Ni have partitioned
to specific regions and depletion in other regions. The Mn contents at points 1, 2, and 3
were measured to be 6.7%, 2.8%, and 15.7%, respectively. The equilibrium concentrations
of Mn in austenite, ferrite, and cementite were calculated to be about 7.34%, 1.46%, and
13.85% at 650 ◦C, as reported elsewhere [44]. This suggests that point 1 in Figure 9c
corresponds to the austenitic area, while point 2 is in the ferritic region, and point 3 lies
in cementite. The corresponding SAED patterns in Figure 9e,f confirm that areas marked
A1 and M1 in Figure 9a are distinguished as FCC and BCC structures. Since C, Mn, and
to some extent Ni, partition from BCC martensite to FCC austenite, the amounts of these
alloying elements in RA, especially Mn concentration, ought to be relatively higher than
that in the martensitic grains. The compositions listed in Table 1 denote that there is an
insignificant change in the Al and Si contents in comparison to their average value before
the processing, while the C, Mn, and Ni contents are varying appreciably in different
regions. This suggests that considerable partitioning of C, Mn, and Ni did take place
during the process, whereas the partitioning of Al and Si to BCC ferrite was insignificant
because of their lower diffusivity in FCC austenite. The partitioning of C and Mn has been
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reported even in a short duration of 180 s during IAT of cold-rolled MMnS in the range
of 640–680 ◦C [50]. However, Lis et al. [51] reported no considerable partitioning of Ni, Cr,
and Si in their investigation of the partitioning of various alloying elements.

Figure 7. EBSD maps of the Def-A650 sample. (a) IQ map overlayed by phase map, (b) higher
magnification of the marked area in (a), (c) IPF and (d,e) grain orientation spread (GOS) maps; and (f)
GOS distribution for ferrite and austenite.
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Figure 8. STEM images of the Def-A650 specimen. (a) Lath and equiaxed structure of martensite and
RA phases, (b) two morphologies of retained austenite as films between the martensite laths, and
some globular grains along with carbides on lath boundaries, (c) strings of large carbides on lath
boundaries and spherical and rod-shaped carbides inside the TM laths.

Table 1. Chemical composition of the areas marked by numbers in Figure 9c measured by STEM-EDS.

Position Mn C Ni Al Si Mo Phase

1 6.71 1.27 2.06 0.34 0.20 2.62 RA
2 2.84 - 0.99 0.32 0.46 0.63 F
3 15.73 9.41 0.95 0.07 0.19 0.54 Carbide
4 4.66 0.88 1.98 0.24 0.59 1.58 FM
5 7.08 1.73 2.40 0.05 0.49 - RA
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Figure 9. (a) STEM image of the Def-A650 specimen and corresponding STEM-EDS maps of (b) C,
(c) Mn and (d) Ni distribution along with the electron diffraction patterns taken from the areas (e) A1,
(f) M1, (g) A2 and (h) M2.

In addition to typical Mn and Ni partitioning, some martensitic regions depleted of
Mn and Ni that were surrounded by thin austenitic films enriched in Mn and Ni were
also observed. For example, Mn concentration at point 4 was measured to be 4.7% while
Mn concentration in the outer layer, (i.e., at point 5) was measured to be 7.1%. The SAED
patterns presented in Figure 9g,h confirm that the exterior area close to the boundary
(i.e., A2 in Figure 9a) has an FCC structure, while the core area (i.e., M2 in Figure 9a) has
a BCC structure. It can be concluded that the shell regions of the larger austenite grains
close to the FCC/BCC interfaces, where Mn concentration was adequately high to stabilize
the austenite, retained untransformed at RT. In contrast, core regions that were Mn-lean
transformed to fresh martensite during the cooling to RT. It is worth mentioning that the
STEM samples were prepared at −15 ◦C indicating that RA was stable even until this
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temperature. The average thickness of the Mn-enriched austenite shell was measured to be
around 150–200 nm. Given that the contents of C, Mn, and Ni in FM were measured to be
higher than those in TM but lower than those in RA, it was possible to distinguish the TM,
FM, and RA in the microstructure, as shown in Table 1 for the selected locations.

A similar formation of martensite inside austenite has also been reported in 5Mn-0.1C
steel during cooling from the intercritical region [30]. It has been shown that the content of
Mn inside the core region, can be close to its average level in the material [31], which is in
good agreement with the present observations. The present results indicate that despite
the higher Mn concentration in the core of the prior austenite (4.7%) in comparison to its
average value in the bulk material (4%), the partitioning of Mn and Ni was still inadequate
to fully stabilize austenite and only a thin shell of austenite with a thickness of 150–200 nm,
where the Mn content is higher (7.1%), was stabilized. This is ascribed to the fact that
the annealing at 650 ◦C for 20 min was too short for adequate partitioning of Mn to fully
stabilize austenite because of the slow diffusion of Mn in the austenite phase. In contrast, a
large area of ferrite was depleted of Mn (e.g., 2.5–3% Mn) due to the higher diffusion rate
in ferrite.

The authors recently showed [44] that the prior deformation can effectively improve
the Mn partitioning distance by creating high densities of dislocations as easy diffusion
paths. However, due to 20 min partitioning at 650 ◦C, some of the grains coarsened beyond
500 nm suggesting that Mn partitioning may not be enough to stabilize large austenite
grains, as their core regions transformed to FM during the cooling to RT. According to
previous results [44], the critical Mn concentration to stabilize austenite in the studied steel
was found to be around 5.5%. However, to consider the partitioning effect of other alloying
elements on austenite stabilization, the Ms temperature was calculated for different grains.
On the other hand, C diffuses several hundred times faster than substitutional elements
such as Mn and Ni, and its equilibration is completed at the very beginning of the heating
so that the effect of deformation on carbon diffusion rate is not detectable irrespective of
the partitioning duration.

During IAT, the recovery and recrystallization of martensite occur before its reversion
to austenite and the recrystallization is enhanced with high stored energy provided by
deformation. The effect of deformation on the accelerated recrystallization of martensite
before its reversion has already been observed in dual-phase steels [52] and MMnS [53]. It
has also been reported that recrystallization of ~75% cold-deformed martensite occurs in
less than 5 s at a temperature around Ac1 [54]. In the present work, a smaller deformation
strain of 40% at a higher temperature of 500 ◦C was applied, so the stored energy is much
lower compared to that generated in cold deformation. Because of the lower driving
force in warm deformation, the recrystallization process is slower. The recrystallization
of martensite results in fine ferrite grains with low dislocation density. However, with
reduced dislocation density, accelerated diffusion processes cannot operate to transport
adequate Mn atoms to desired diffusion distances in austenite [44].

It has been shown that the austenite reversion in martensite–austenite structure can
start at a temperature below Ac1 [44,55,56]. The equilibrium thermodynamic calculations
also indicate that austenite might form at temperatures as low as 492 ◦C [44]. This can be
ascribed to the pre-existed austenite so that the increase in austenite fraction results from
the growth of pre-existed austenite rather than by the nucleation of new grains. According
to Ding et al. [31], in the presence of prior austenite, both the growth of pre-existed austenite
and the nucleation of new austenite grains may take place during intercritical annealing.

To clarify the influence of partial recrystallization on microstructural evolutions, some
salient microstructural characteristics obtained in the present study (the sample deformed
at 500 ◦C) and in the previous work [44] (a non-deformed and a sample deformed at
250 ◦C) are compared as listed in Table 2. The main difference concerns the recrystallization
fraction of ferrite which was much smaller in the specimen deformed at 500 ◦C. The
lower recrystallized fraction is obviously due to the reduced stored energy following
deformation at the high temperature (500 ◦C), also resulting in a heterogeneous structure
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with a broad grain size distribution. Though there is uncertainty about the recrystallization
of austenite due to new austenite formation, still the sample deformed at 500 ◦C showed
a lower fraction of dislocation-free grains. The sample deformed at 500 ◦C exhibited a
comparatively larger average grain size and a higher number fraction of grains with core–
shell structure following partial recrystallization resulting in a slightly lower fraction of
stabilized austenite and the formation of more FM. The average Ms temperatures and
stacking fault energies (SFE) of RA in various samples were estimated using the following
equations [57,58]:

Ms = 517 − 423C − 30.4Mn − 7.5Si + 30Al (1)

SFE = 1.2 + 1.4 (Ni + 0.5Mn + 0.3Cu + 30C) + 0.6 (Cr + 2Si + 1.44B) (2)

Table 2. Microstructural characteristics of the present steel after deformation at 500 ◦C (def-500) and
250 ◦C (def-250) and without deformation (non-def) followed by annealing at 650 ◦C for 20 min.

Sample
Recrystallized

Ferrite
Fraction (%)

Recrystallized
Austenite

Fraction (%)

RA Average and
Range of Grain

Size (µm)

Ferrite Average
and Range of

Grain Size (µm)

RA Fraction
(%) Ms (◦C) RA SFE

(mJ/m2)

def-500 26 73 0.23 (0.07–0.99) 0.31 (0.11–5.51) 29 −70 45
def-250 56 78 0.24 (0.07–1.32) 0.24 (0.09–2.97) 32 −89 48
non-def 0 0 0.2–0.3 * 0.8–2 * 34 −105 48

* The lath thickness was used for this sample.

The Ms and SFE values listed in Table 2 indicate that the RA in the sample deformed
at 500 ◦C had lower stability in comparison to that in the sample deformed at 250 ◦C
and non-deformed sample. This comparison indicates that by varying the deformation
temperature, it is possible to vary the microstructure stability and heterogeneity in terms of
size, distribution, phase fractions, morphology, and its stability.

Figure 10 schematically illustrates the progress of microstructural evolution during the
processing of present MMnS under the application of warm deformation and subsequent
partitioning annealing. The initial microstructure, which is mainly martensitic, transforms
to a fully austenitic structure with a large grain size after annealing at 900 ◦C for 6 min
(step I). Following quenching to 120 ◦C, a microstructure consisting of 73% martensite
and 27% austenite is achieved (step II). As a result of warm deformation at 500 ◦C, a
high dislocation density is created both in austenite as well as martensite phases (step III).
Strain partitioning to the softer austenite phase makes austenite grains far more strained
meaning acquisition of a higher dislocation density. During subsequent IAT at 650 ◦C
for 20 min, both the formation of new austenite and partial recrystallisation of martensite
take place along with partial carbide dissolution (step IV). During the final cooling to RT,
some austenitic regions with lower chemical stability transform to FM creating a core–
shell structure in addition to the bulky FM regions (step V). The applied processing route
results in a heterogeneous multiphase microstructure comprising coarse-grained TM, fine
recrystallized ferrite, ultrafine RA, FM, and fine carbides. The grain refinement along
with C, Mn, and Ni partitioning promotes higher stability of RA grains that are envisaged
to provide pronounced TRIP and/or TWIP effects and consequently enhance the strain
hardening rate and ductility.
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Figure 10. Schematic illustration of the microstructure evolution during the annealing (I), quenching
to 120 ◦C (II), warm deformation at 500 ◦C (III), and IAT at 650 ◦C (IV) resulting in a heterogeneous
multiphase microstructure (V).

4. Conclusions

A new processing route was employed to achieve a highly refined, multiphase, and
heterogeneous microstructure in a medium Mn steel. Based on the detailed microstructural
analysis, the main conclusions are summarized as follows:

1. The processing route comprising step quenching to 120 ◦C, warm deformation at
500 ◦C, and high-temperature partitioning at 650 ◦C for 20 min results in the occur-
rence of various desired microstructural evolutions such as martensite tempering
and its partial recrystallization, carbide precipitation, partitioning of elements and
austenite reversion.

2. The desired multiphase and heterogeneous microstructure of the studied medium
Mn steel was composed of several phases including lath-shape tempered martensite,
recrystallized ferrite, pearlite, 29% of ultrafine retained austenite (in both lath-type
and equiaxed morphologies), some fresh martensite and undissolved carbides.

3. A core–shell structure of Mn-lean fresh martensite surrounded by Mn-rich austenite
film was detected in the final microstructure of the samples. Despite warm deforma-
tion, during the intercritical annealing at 650 ◦C for 20 min, Mn can diffuse only to a
short distance, and in the case of austenite grain size larger than the maximum diffu-
sion distance, an Mn-rich layer around an Mn-lean core was created. The peripheral
area of Mn enrichment was stabilized, while the core area tended to transform into
fresh martensite during final cooling.

4. Employing a warm deformation strain of 40% at 500 ◦C provided a microstructure
exhibiting a wide ferrite grain size range, in addition to a moderate level of recrys-
tallization (i.e., 26%) compared to the microstructural features noticed earlier in the
case of samples either deformed at 250 ◦C or without any deformation. In contrast,
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the austenite grains displayed a high fraction (i.e., 73%) of dislocation-free grains in
a narrow size range. This was attributed to the formation of new dislocation-free
austenite grains, though the partial recrystallization of pre-existed austenite cannot be
ruled out.

5. The calculation of Ms and SFE indicated that the RA in the sample deformed at
500 ◦C had lower stability in comparison to that in the sample deformed at 250 ◦C
and also, the non-deformed sample. This indicates that by varying the deformation
temperature, it is possible to finetune the microstructure stability and heterogeneity
in terms of size, distribution, phase fraction, and morphology, known to be beneficial
for mechanical properties, particularly tensile ductility.

The current results provide a better understanding of the various microstructural
evolutions during the processing of MMnS and shed light on advanced microstructure
design. It is shown that a judicious combination of several austenite stabilizing methods
including warm deformation, pre-existed austenite, and high-temperature partitioning
will be advantageous in creating a multiphase and heterogeneous microstructure, to be
able to control the strengthening and deformation mechanisms, thereby enhancing the
mechanical properties.
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Abstract: Advanced metallurgical processing techniques are required to produce aluminum matrix
composites due to the tendency of the reinforcement particles to agglomerate. In this study, graphene
nano-platelet reinforcement particles were effectively incorporated into an automotive A319 alu-
minum alloy matrix using a liquid metallurgical route. Due to its low density, it is a highly difficult
task to produce an aluminum matrix composite reinforced with graphene. Hence, this study ex-
plored a novel approach to prevent particle floating to the melt surface and agglomeration. This was
achieved via a hybrid semi-solid stirring of A319, followed by ultrasonic treatment of the liquid melt
using a sonication probe. The microstructure and graphene particles were characterized using optical
microscopy and scanning electron microscopy. Furthermore, the interfacial products produced with
the incorporation of graphene in liquid aluminum were analyzed with X-ray diffraction. The tensile
test results exhibited 10, 11 and 32% improvements in ultimate tensile strength, yield strength, and
ductility of A319 reinforced with 0.05 wt.% addition of graphene. Analysis of strengthening models
demonstrated primary contribution from Hall-Petch followed by CTE mismatch and load bearing
mechanism. The results from this research enable the potential for using cost-effective, efficient
and simple liquid metallurgy methods to produce aluminum reinforced graphene composites with
improved mechanical properties.

Keywords: aluminum alloys; metal matrix composites; graphene; mechanical properties; metalcasting;
strengthening mechanisms

1. Introduction

High-strength aluminum (Al) alloys, such as the A319 alloy, are commonly used in
the production of lightweight and high-performance automotive powertrain components.
Continuous efforts are made by researchers to improve the properties of Al alloys including
through the use of modification, grain refinement and heat treatment. An alternative
strengthening method is through the reinforcement of metals with hard ceramic particles
has gained impetus to produce metal matrix composites (MMCs). MMCs are manufactured
by dispersing the reinforcements in the metal matrix. The reinforcements are typically
applied to improve the properties of the base metal such as strength, ductility, and thermal
conductivity. Aluminum and its alloys have attracted much attention as a base metal in
MMCs [1,2]. Aluminum metal matrix composites (AMCs) are widely used as structural
components in aircraft, aerospace, automobiles and various other fields [3]. The most
commonly used reinforcements are silicon carbide (SiC), aluminum oxide (Al2O3) and
titanium boride (TiB2). These reinforcements have been found to increase the tensile
strength, hardness, density and wear resistance of Al and its alloys [3].

In recent years, graphene has emerged as a material with high potential as a rein-
forcement particle for AMCs. Graphene is an atomic-scale honeycomb lattice made of
carbon atoms. It has unique properties such as high strength and thermal conductivity [4,5].
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Graphene is comparatively a newer type of carbon-based nanoparticles. Graphene can
be effectively used as reinforcement for structural composites due to its unique charac-
teristics (2-D single-atom-sheet sp2 hybridized carbon atoms) and significantly enhanced
mechanical and thermal properties [6].

The particle distribution plays a very vital role in the properties of the AMCs, which is
improved by intensive shearing of the liquid melt or rigorous mixing of metallic powders.
As a result, appropriate processing of AMCs reinforced with graphene is key in developing
a material with enhanced properties. Optimized dispersion of graphene reinforcement in
the Al matrix plays a critical role in improving the properties of AMCs. This is difficult to
achieve because of the strong van der Waals forces between graphene particles, high specific
surface area (2630 m2/g) and low density of graphene (~1.8–2.2 g/cm3) compared to Al
(~2.7 g/cm3). As a result, various processing techniques have been explored to determine
the optimal method for incorporating graphene into Al.

The most commonly used processing route for the production of graphene reinforced
AMCs is powder metallurgy [7–9]. However, it should be noted that powder metallurgy
processes are typically lengthy and involve several steps, including final processing such as
rolling or extrusion. For example, Bhaudaria et al. [3] investigated the combined effect of a
nanocrystalline matrix and reinforcement with 0.5 wt.% graphene nano-platelets (GNPs)
on pure Al using ball milling and spark plasma sintering. It was found that the ultimate
tensile strength improved by 85% compared to that of pure Al. However, the increase
in strength was accompanied by a significant decrease in ductility [3]. The decrease in
ductility was attributed to cracking at the Al-graphene interface. It is also well known that
agglomeration is an issue during processing of AMCs reinforced with graphene, which
leads to porosity and a reduction in mechanical properties [10,11]. The results demonstrate
excellent potential due to the significant strengthening enhancement, however the process
involves multiple methods which can increase time and cost. Therefore, while powder
metallurgy can enable the production of AMCs with enhanced mechanical properties, it
may not be practical for industrial applications due to time and cost constraints.

As an alternative, liquid metallurgy techniques such as casting have been explored
as a processing route to produce graphene reinforced AMCs. However, stir casting is not
typically used compared to powder metallurgy techniques when manufacturing AMCs
reinforced with graphene. This is due to the density difference between graphene and
Al, which results in the floating of graphene particles at or near the melt surface. This
leads to severe losses of graphene particles during melt treatment and casting. Further,
the poor wettability between graphene and Al can inhibit the interfacial interaction which
leads to agglomeration, thereby deteriorating the mechanical properties of the composite.
Nonetheless, some studies have shown success in reinforcing Al with graphene. Liquid
metallurgy processing techniques such as casting are of interest to the industry because
they are practical, while enabling mass production capability. This is especially important
for the automotive industry, where powder metallurgy techniques are less feasible.

Alipour and Eslami-Farsani [12] reported an optimal increase in tensile strength from
263 to 372 MPa after 0.5 wt.% addition of GNPs in an AA7068 Al alloy through a stir casting
process. The main mechanism for this improvement in tensile strength was due to the grain
refinement, according to the authors. The authors also found that beyond 0.5 wt.% addition,
severe agglomeration of GNPs occurred. Similarly, Srivistava et al. [13] used the stir casting
method to reinforce AA1100 Al alloy with GNPs. The results showed an increase in tensile
strength and yield strength with increasing addition of GNPs up to 1.2%. In contrast, the
elongation was negatively affected resulting in a brittle failure mode. Of note, while these
studies implemented the stir casting technique, preprocessing via ball milling was required
to prepare Al-graphene master alloys in order to incorporate graphene into the liquid Al
melt. In the current study, the authors present a method which enables the incorporation of
graphene without the requirement of preprocessing.

An alternative liquid metallurgy technique that has been successfully implemented
to reinforce Al with graphene is via the pressure infiltration method [14,15]. It was found
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that the tensile strength of an Al-20Si alloy can be improved by 230% using the pressure
infiltration method to reinforce 1.5 wt.% of graphene into the matrix [14]. This is also
an effective method, however certain components such as automotive engine blocks and
cylinder heads are not produced using pressure infiltration due to their complex geometry.
Hence, there is a need for further exploration of methods that enable the production of
high-strength AMCs reinforced with graphene.

Conventional casting and pressure infiltration have been implemented individually to
reinforce graphene into an Al matrix. To that end, there is also potential to use multiple
methods, such as semi-solid stirring and ultrasonic stirring, to achieve graphene reinforce-
ment with excellent properties [16]. For example, Boostani et al. [17–19] implemented
the combination of semi-solid stirring and non-contact ultrasonic processing to reinforce
SiC encapsulated with graphene to enhance the mechanical properties of A356 Al alloy.
However, the effect of the processing parameters can be further explored with varying
graphene addition, as well as the effect of graphene on alternative aluminum alloys such as
A319 Al alloy. As such, the processing of graphene in liquid metals is still in development,
especially for varying alloys. Moreover, the current work by the authors implements the
utilization of direct contact isothermal ultrasonic stirring with a sonication probe, which
may be more suitable for industry applications. Furthermore, it is difficult to isolate the
individual strengthening contribution of graphene due to the effect of SiC. Hence, there
is potential to explore the individual effects of graphene on the mechanical properties of
aluminum alloys.

In the present work, hybrid semi-solid stirring and ultrasonic processing is successfully
implemented to reinforce graphene nano-platelets (GNPs) in A319 Al alloy for automotive
cylinder heads and engine blocks. To the authors’ knowledge, reinforcement of automotive
A319 Al alloy with graphene has not been comprehensively investigated. In contrast to
past works, this study demonstrates the isolated effects of semi-solid stirring and direct-
contact ultrasonic stirring, as well as the combined effects. Furthermore, the results reveal
the individual strengthening contribution of graphene, without the aid of a secondary
reinforcement particle. The use of pre-processing techniques, such as ball-milling, were also
not required to incorporate graphene in the liquid melt. Most studies involve the use of
preprocessing methods such as ball-milling to first manufacture a master-alloy composite
prior to casting. This has been found to be successful, although they typically increase
the manufacturing time and cost. While there has been significant progress in research
involving the incorporation of graphene as a reinforcement particle for Al using liquid
metallurgy processes, there is still potential for improvement especially when considering
automotive applications as the industry moves towards sustainable electric vehicles.

In this study, a simple and innovative, hybrid semi-solid stirring and ultrasonic pro-
cessing is implemented to produce an A319/GNP reinforced composite with improved
mechanical properties without the need for complex preprocessing methods. A comprehen-
sive analysis on the individual effects of semi-solid stirring and ultrasonic processing on
A319 was investigated. Subsequently, the combined effects were then explored and com-
pared to the individual processes. This was achieved using optical microscopy, scanning
electron microscopy, X-ray diffraction and tensile tests. The strengthening mechanisms
were also studied using existing mathematical models and validated experimentally. The
results from this research enable the potential for using cost effective, efficient and simple
liquid metallurgy methods to produce aluminum reinforced graphene composites with
improved mechanical properties.

2. Materials and Methods

Castings of A319-graphene MMCs were produced at the Centre for Near-net-shape
Processing of Materials, Toronto, ON, Canada. Graphene particles (graphene nano-platelets)
were obtained from XGSciences, Lansing, MI, USA for the production of high-strength GNP
reinforced MMCs. The GNPs had an average diameter of 1 µm and thickness of 15 nm,
according to the supplier data sheets. In this study, five experimental casting conditions
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were used and they involved semi-solid processing (SS) or ultrasonic processing (UST).
The material designations for the experimental conditions are summarized in Table 1.

Table 1. Summary of casting conditions and designation.

Condition GNP Addition (wt.%) Semi-Solid (SS) Ultrasonic
Processing (UST)

A319 - - -
A319 + UST - - *

A319 + 0.05 GNP + SS + UST 0.05 * *
A319 + 0.05 GNP + SS 0.05 * -
A319 + 0.1 GNP + SS 0.1 * -

* indicates that the process was applied.

For each casting, approximately 1.5 kg of the alloy was melted at 750 ◦C in a SiC
crucible using an electric resistance furnace. Subsequently, a ASTM B108-19 permanent
tensile mold was preheated to 300 ◦C. A combination of semi-solid stirring and ultrasonic
stirring was used to incorporate GNPs in the A319 melt. Once the alloy was molten, the
furnace was cooled to 590 ◦C and held at this temperature to allow the A319 alloy to
reach semi-solid state. This corresponds to a 0.2 solid fraction for the A319 alloy [20].
Subsequently, the GNPs were preheated to approximately 200 ◦C to aid in wetting of
the particles with liquid Al and remove any moisture [3]. Following this, the GNPs
were submerged into the semi-solid alloy and stirred mechanically with an impeller at
1000 RPM for approximately 10 min. Afterwards, the furnace temperature was raised
back to 750 ◦C to allow the alloy to reach molten state. Upon reaching this temperature,
ultrasonic treatment was applied directly to the melt using a Sonic Systems (Ilminster,
UK) ultrasonic vibration device (model L500) with a frequency of 20 ± 1 kHz. For these
experiments the vibrational amplitude was fixed at 24 µm, which was applied to the melt
using a titanium alloy sonotrode for approximately 3 min. The ultrasonic treatment was
carried out at approximately 750 ◦C and the sonotrode was immersed in the melt at least
10 mm below the melt surface. Following this, the melt was poured at a temperature of
720 ◦C into the preheated tensile mold. The chemical composition was determined from
the cast samples using an Oxford Instruments Foundry-Master Pro (obtained from NDT
Products Ltd., St. Catharines, ON, Canada) optical emission spectrometer and is given in
Table 2.

Table 2. Average chemical composition of A319 alloy used in this study.

Element Si Cu Mg Ti Fe Mn Zn Ni Al
wt.% 6.21 2.87 0.04 0.11 0.58 0.34 0.61 0.18 Bal.

After casting, tensile testing was performed on samples using a Instron United Uni-
versal Testing Machine Model STM-50kN (Instron, Massachusetts, United States) according
to ASTM B 557M-15. Tensile tests on the dog bone shaped samples (12.95 mm diameter
and 50.8 mm gauge length) were carried out with a cross head speed of 12 mm/min at
ambient temperature. An extensometer was used to measure strain. After tensile testing,
the samples were sectioned for fractography and microstructural analysis. Prior to metallo-
graphic preparation, the density of each of the casting conditions was measured using the
Archimedes principle on the sectioned samples.

A Nikon Eclipse MA200 (obtained from Buehler, Lake Bluff, IL, United States) metal-
lurgical optical microscope was used to analyze the as-cast grain structure. The samples
were prepared for metallography by successive grinding steps using varying levels of SiC
papers and subsequently polished using 5 µm alumina, 3 µm diamond suspension, 1 µm
diamond suspension and 0.02 µm colloidal silica. The secondary dendrite arm spacing
(SDAS) was measured using image analysis with Clemex Vision Pro software (Version
Vision PE, Clemex Technologies Inc., Guimond, Longueuil, Quebec, Canada) and the
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linear intercept method. Furthermore, the GNP particles were examined using a JEOL
JSM-6380LV scanning electron microscope (SEM) at 20 keV. Phase microanalysis was car-
ried out using energy dispersive X-ray spectroscopy (EDX). The secondary phases and
interfacial reaction products were identified by X-ray diffraction (X’Pert Pro PANalytical
X-ray diffractometer). The samples were scanned at 0.05◦ for 2 s using monochromated Cu
Kα radiation at 40 mA and 45 kV.

3. Results
3.1. Microstructural Characterization
3.1.1. As-Cast Microstructure

Optical microscopy and scanning electron microscopy were used to examine the as-
cast grain structure and secondary phases present in the matrix. The grain structure of the
castings was found to be dendritic. Furthermore, the as-cast microstructure of the A319
Al alloy consists of α-Al, eutectic Si, θ-Al2Cu, and Al15(Fe,Mn)3Si2 phases which were
distributed within the interdendritic regions. The optical micrographs of the base A319
alloy can be seen in Figure 1. The phases were also confirmed with XRD as shown in Figure
5. In this study, it was found that the addition of GNPs demonstrated minor changes on
the grain structure or the morphology of any secondary phases. The eutectic Si particles
remained as coarse acicular flakes and the Al2Cu phases were observed in both blocky and
lamellar morphologies.
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Figure 1. Optical micrographs of the A319 alloy captured at (a) 200× and (b) 1000× magnification.

The SDAS decreased slightly with 0.05 wt.% GNP addition (A319 + 0.05 GNP + SS
+ UST) to 16.0 ± 0.8 µm compared to 19.8 ± 2.4 µm with the base A319 casting (Table 3).
This reduction in SDAS demonstrates successful incorporation of GNPs, since the addition
of these particles promote grain refinement. Compared to the other conditions, the SDAS
remained relatively the same with the highest SDAS reaching 22.2 ± 0.5 µm for the A319 +
0.05 GNP + SS composite. The experiments involving semi-solid stirring alone, resulted
in severe particle agglomeration, hence the GNPs were not effectively incorporated in the
melt. Similarly, the SDAS was not refined for the A319 + 0.05 GNP + SS and A319 + 0.1 GNP
+ SS composites demonstrating values of 22.2 ± 0.5 and 20.8 ± 0.6 µm, respectively.

Table 3. Summary of average SDAS measurements for casting conditions.

Sample SDAS (µm)
A319 19.8 ± 2.4

A319 + UST 21.8 ± 2.0
A319 + 0.05 GNP + SS + UST 16.0 ± 0.8

A319 + 0.05 GNP + SS 22.2 ± 0.5
A319 + 0.1 GNP + SS 20.8 ± 0.6
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3.1.2. Observation of Graphene Nano-Platelets

Casting experiments were performed to ensure that GNPs were embedded into A319
Al alloy for the production of A319 reinforced GNP composites. For this purpose, SEM
analysis was carried out on the samples containing GNPs. Figure 2 demonstrates the
general microstructure of the A319 + 0.05 GNP + SS + UST composite. The primary
secondary phases observed include Al2Cu and Fe-bearing phases. Eutectic Si was also
present, as previously shown in Figure 1. However, under the SEM, eutectic Si becomes
difficult to observe due to low atomic number. The results show that the Al2Cu phases
were homogeneously distributed, however they appear to be slightly fragmented as micro-
spherical forms of Al2Cu are present near the larger blocky phases. This is may be a result of
the sonication effect, which is known to refine secondary phases due to cavitation induced
by high frequency vibration.
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Additionally, GNP particles were observed in the matrix of the A319 Al alloy using
SEM as seen in Figure 3. The GNPs were embedded longitudinal to the matrix examined
under the SEM. Although, a number of particles appeared to be embedded at an angle to
the surface (Figure 3b), potentially indicating a different plane. Furthermore, the analysis
revealed that the GNP particles were typically observed near a eutectic Si phase as seen in
Figures 4 and 5. Since, A319 predominantly consists of eutectic Si this may be related to
the solidification mechanism whereby the GNPs are pushed into the interdendritic regions.
Energy dispersive X-ray spectroscopy (EDX) was also performed to confirm the presence of
GNP particles. This can be seen in Figure 4, where a different region showing the presence
of GNPs is presented with a corresponding EDX linescan of a GNP particle (Figure 4b). The
EDX linescan initially demonstrates an increase in energy corresponding to a eutectic Si
particle with increasing distance, which is then followed by a peak in C energy that follows
the contour of the GNP particle (platelet morphology).
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Figure 4. (a) Secondary electron image of GNP particle and (b) corresponding EDX linescan for A319
+ 0.05 GNP + SS + UST composite.

The addition of GNPs can also promote the formation of interfacial products such
as Al4C3. The high temperature processing, coupled with a relatively long processing
time promotes breaking down of C atoms from graphene. Hence, it is thermodynamically
favorable that a reaction can occur between C and available Al in the melt to produce Al4C3.
X-ray diffraction was implemented to confirm the presence of Al4C3 with the addition of
GNPs (Figure 5), since it is known that Al4C3 can deteriorate the mechanical properties
of aluminum matrix composites. This was observed in a sample from the A319 + 0.05G +
SS + UST condition, where a peak was identified at 43◦ (Figure 5b). Compared to the base
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A319 casting, this peak does not occur at the same angle as seen in Figure 5a. Previous
research has reported Al4C3 formation with diffraction angles of 31, 32, 33, 40 and 43◦ [21].
Similarly, this also correlates well to the findings by Alipour et al. [12] where the authors
observed a peak at 43◦ corresponding to GNP addition, although it was not explicitly
identified as Al4C3. However, identification of Al4C3 is often difficult even with the use of
XRD. In this case, Al4C3 was occasionally observed in limited quantity according to the
XRD results. This was likely due to the very low addition of GNP particles. Additionally,
localized inhomogeneity could be a potential cause of the observation of Al4C3 in very
limited quantity. Of note, it should be mentioned that the corresponding Al4C3 peak (43◦)
closely overlaps with the Al15(Fe,Mn)3Si2 secondary phase, while it is possible for the
Al4C3 interfacial product to reduce the mechanical properties, this was not observed in
this study.
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3.2. Mechanical Properties

In this study, tensile testing was carried out to determine the mechanical properties of
the composite castings. The mechanical properties of the casting conditions are shown in
Figure 6. The base A319 condition exhibited a UTS of approximately 190 MPa. A319 with
ultrasonic processing was also carried out to isolate the effects of ultrasonic processing on
the microstructure and mechanical properties. It was found that there was a minor increase
in UTS to 195 MPa for the A319 + UST samples. This can be attributed to the degassing
effect and inclusion removal of ultrasonic processing, thereby promoting a cleaner melt
through the removal of hydrogen gas and oxides. Experiments were also carried out to
demonstrate the effect of semi-solid processing on incorporating GNPs in the melt. This was
done for additions of 0.05 wt.% and 0.1 wt.% GNPs. The main purpose of using semi-solid
processing was to prevent GNP particles from floating to the melt surface. This was found
to be an effective method in preventing particle floating, however the results demonstrated
a reduction in UTS to 180 and 176 MPa for the A319 + 0.05 GNP + SS and A319 + 0.1 GNP +
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SS samples, respectively. Conversely, combining both ultrasonic processing and semi-solid
processing resulted in an increase in UTS for an addition of 0.05 wt.% GNPs. The A319 +
0.05 GNP + SS + UST samples resulted in a UTS of 209 MPa. This was attributed to the
combined effects of semi-solid processing in preventing particle floating and the ability of
ultrasonic processing to de-agglomerate and distribute GNPs in the melt.
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In addition to the findings on the UTS, the yield strength was also the highest for
the A319 + 0.05 GNP + SS + UST samples. The YS for these samples was measured at
approximately 119 MPa compared to the base A319 cast samples, which demonstrated a
YS of 107 MPa. As shown in Figure 6b, the other conditions resulted in similar YS values
to the base condition and did not show improvements. The ductility of the conditions
also followed a similar trend to the UTS results, displayed in Figure 6c. The ductility of
the base A319 condition was measured at 3.1%. Additionally, the A319 + UST samples
exhibited a slight increase in elongation at 3.3%, likely due to its degassing effect. While
degassing is likely taking place during melt treatment, ultrasonic processing was not
found to refine the grains as previously discussed. However, for the conditions involving
semi-solid processing individually produced samples with reduced ductility compared to
the base A319 casting. With semi-solid processing the A319-0.05 GNP + SS and A319-0.1
GNP + SS, the ductility reduced to approximately 2.4 and 1.9%, respectively, indicating
a brittle fracture behavior. In contrast, the results showed an increase in ductility to 4.1%
for the A319 + 0.05 GNP + SS + UST composite using the combination of semi-solid and
ultrasonic processing.

The results suggest that while semi-solid processing can prevent floating of GNP par-
ticles to the melt surface, the process is not effective in de-agglomerating the GNP particles.
Hence, ultrasonic processing is required de-agglomerate and distribute GNPs in the melt.
As demonstrated by the UTS and YS results, the combination of ultrasonic processing
and semi-solid processing demonstrates potential for producing AMCs reinforced with
graphene with improved mechanical properties. In summary, the tensile test results demon-
strated 10, 11 and 32% improvements in UTS, YS, and ductility of A319 reinforced with
0.05 wt.% addition of graphene through using hybrid semi-solid and ultrasonic processing.

3.3. Strengthening Models

In this study, theoretical models were used to determine the mechanisms for enhancing
YS of the A319 + 0.05 GNP + SS + UST composite. A modified shear-lag and enhanced
dislocation density model, developed by Fadavi Boostani et al. [18] was used to accurately
predict the YS and the subsequent strengthening contributions as seen in Equation (1). It
should be noted that due to the size of the particles used in the study, that the Orowan
strengthening component was neglected.

σGr
Y = σAl

Y (1 + ωL)(1 + ωT) + σHall−Petch
Y (1)

Equation (2) is composed of the strengthening effects in the form of load bearing (ωL),
thermally induced dislocations (ωT), and Hall-Petch mechanisms on the yield strength of
the A319 alloy used in this study to approximate the yield strength of A319 + 0.05 GNP +
SS + UST. The Hall-Petch strengthening was approximated using Equation (2).

σHall−Petch
Y = σi + kD− 1

2 (2)

where σi and k are the intrinsic stress (σi = 15.7 MPa) and material constant
(k = 0.068 MPa/M0.5) [22]. Using the measured SDAS in Table 3 for A319 + 0.05 GNP
+ SS + UST (D = 16 µm), the strengthening contribution from the Hall-Petch relationship
exhibits a 16.2 MPa enhancement in YS. Of note, SDAS was measured for the samples in
this study which has been found to accurately follow the Hall-Petch relationship in Al-Si
cast alloys according to Ghasemalli et al. [23].

The load transfer from the Al matrix to graphene particles is known to contribute to
the strengthening of the matrix material, this phenomenon can be expressed by Equation
(3). This model is modified to account for the platelet-like morphology of graphene sheets
or graphene nano-platelets. Hence, the load bearing parameter is defined as:

ωL =

√
2GmL2

E f λe f f t
(3)
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where Gm, E f , L, and t are the matrix shear modulus, Young’s modulus, particle length and
particle thickness, respectively. For the load bearing phenomenon, it is also important to
take into account the inter-particle spacing, which is defined here as λe f f :

λe f f = 0.931

√
0.306πdt

VGr
− πd

8
− 1.061t (4)

where d, t, and VGr are the particle length, thickness, and volume fraction, respectively.
Using the values d = 1 µm, t = 15 nm, and VGr = 0.00063 results in an inter-particle spacing
λe f f = 4.59 µm. Then, using the calculated theoretical inter-particle spacing (λe f f ) value
and inserting into Equation (3), ωL = 0.03.

There is a substantial difference in the coefficient of thermal expansion (CTE) of
graphene and aluminum. This leads to an increase in dislocation density as a result of a
plastic strain developed from the large ∆CTE. This can be expressed by Equation (5):

ωT =
1.25Gmb

σAl
Y

√
12(TFabrication − TTest)(αm − αGr)VGr

bd(1 − VGr)
(5)

where Gm, b, d and σAl
Y are the matrix shear-modulus, the burgers vector, the diameter

of graphene particles and the yield strength of the unreinforced A319 alloy, respectively.
TFabrication is the processing temperature (750 ◦C), while TTest is the test temperature (300
◦C). Using the values from Table 4, ωT = 0.045.

Table 4. Parameters used for calculating strengthening contributions [4,22,24].

Parameter Unit Al Graphene
Burgers vector (b) nm 0.25 -

Thermal expansion
coefficient (α) ×10−6/◦C 21.4 >−6

Shear modulus (G) MPa 25 250
Young’s modulus GPa 70 1000
Intrinsic stress (σi) MPa 15.7 -

Material constant (k) MPa/M0.5 0.068 -

Inserting the values ωL = 0.03, ωT = 0.045 and the YS enhancement from the Hall-
Petch relationship into Equation (1) results in a total theoretical YS of 130 MPa. This is
indeed close to the experimental YS value of 119 MPa for the A319 + 0.05 GNP + SS + UST
composite, as previously discussed. This is approximately an 8.5% deviation from the
theoretical YS determined from the model discussed. Hence, the mathematical models can
accurately predict YS of AMCs reinforced with graphene.

3.4. Fracture Behavior

Fractography using SEM was carried out after tensile testing the cast samples. Figure 7a,b
present the fractographic images of the A319-0.05 GNP + SS + UST and the A319-0.1 GNP +
SS samples, identified as the best and worst conditions in this study. The A319-0.05 GNP
+ SS + UST samples exhibited a UTS, YS, and ductility of 209 MPa, 119 MPa, and 4.1%,
respectively, as previously discussed. As a result, the fracture surface of these samples
exhibited a ductile behavior compared to the other conditions as demonstrated by the
dimples across surface (Figure 7a). This suggests that the GNPs displayed good interfacial
bonding at the Al interface. Hence, this also contributed to the ductile fracture behavior as
de-lamination of GNPs or micro-cracks were not observed. Fine cleavage planes can also
be observed across the sample fracture surface. The A319-0.1 GNP + SS samples displayed
UTS, YS, and ductility values of 176 MPa, 111 MPa, and 1.9%, respectively. The results
show that the fracture surface exhibits a brittle fracture, presented in Figure 7b. This was
due to agglomeration of GNP particles which resulted in a large void, which was a site for
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crack initiation and propagation. Additionally, tear ridges can be observed on the fracture
surface which also show the direction of the crack propagation, whereby the fracture prop-
agates away from the void region where the GNPs agglomerated. The results suggest that
semi-solid processing should be accompanied by subsequent ultrasonic processing when
adding the GNP particles. The semi-solid processing inhibits floating of particles to the
melt surface, however during this process the particles have a tendency to agglomerate.
Hence, following up this process with ultrasonic processing enables de-agglomeration of
the GNP particles as shown in Figure 7.
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4. Discussion

This study explores a processing route using a liquid metallurgy method to produce a
A319 graphene reinforced MMC. The purpose of this study is to determine a process to
effectively insert GNPs in automotive A319 Al alloy through liquid metallurgy, specifically
casting. The results demonstrate that ultrasonic processing and semi-solid processing
individually cannot effectively distribute GNPs in the liquid melt. Hence, a combination of
both ultrasonic processing and semi-solid processing was performed to achieve effective
addition of GNP particles. In order to demonstrate the effectiveness of combining both
methods, casting conditions that isolate each process and the base condition were carried
out. As a result, an A319-0.05 wt.% GNP composite (A319 + 0.05 GNP + SS + UST) was
successfully produced with improved mechanical properties. This was achieved via a
simple and innovative hybrid semi-solid and ultrasonic processing method. In order
to demonstrate the synergistic effect of the hybrid method, castings of base A319, A319
with UST, and A319 with SS processing were also produced. Hence, these conditions
demonstrate the isolated effects of UST and SS while also comparing to the A319 alloy
without additions.

4.1. Effect of Processing and GNP Addition on A319 As-Cast Microstructure

The SDAS measurements of A319, A319 + UST, A319 + 0.05 GNP + SS, and A319
+ 0.1 GNP + SS were measured as 19.8 ± 2.4, 21.8 ± 2.0, 22.2 ± 0.5, and 20.8 ± 0.6 µm,
respectively (Table 3). Between these conditions the SDAS remained relatively unchanged.
This indicated that UST processing alone did not refine the A319 alloy. Furthermore, the
castings involving SS processing and GNP additions also did not show refinement in SDAS.
While it is expected that GNP additions promote refinement of the alloy microstructure,
this may be inhibited by agglomeration of GNPs. Agglomeration was indeed present in
the A319 + 0.05 GNP + SS and A319 + 0.1 GNP + SS as demonstrated by the reduced
mechanical properties (Figure 6) and the fracture surface (Figure 7b). In contrast, hybrid SS
and UST processing enabled effective and homogeneous addition of GNPs into the melt.
The SDAS of A319 + 0.05 GNP + SS + UST was measured as 16.0 ± 0.8 µm, which exhibit
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a slight reduction compared to the base A319 alloy. It has been previously reported that
graphene, due to its high thermal conductivity, can change the solidification mechanism.
As a result, it is possible for the particles to affect the temperature gradient ahead of the
solidification front potentially leading to reduced grain size [18,25,26], while the SDAS
refinement is minor, it still demonstrates slight refinement compared to the other conditions
and it should be noted that only 0.05 wt.% of GNPs was added.

SEM analysis was carried out for observation of GNPs and analysis of the GNP
interface with the Al matrix. The results showed that GNP particles were embedded
in the Al matrix, typically observed near eutectic Si particles. This may indicate that
during solidification graphene particles were pushed towards the interdendritic regions,
as opposed to pinning at the boundaries of the dendrites. As previously discussed, this
suggests that it is related to solidification mechanisms which are affected by the high
thermal conductivity of graphene. Additionally, SEM and EDX confirmed the platelet
morphology of the observed particle as well as the chemistry, demonstrated in Figure 4b.
Figures 3b and 4a also demonstrates that the GNP particles have a strong and cohesive
interface with the Al matrix. As a result, there was no observation of delamination between
at the Al-GNP interface. This also correlates well to the fracture behavior of A319 +
0.05 GNP + SS + UST, which exhibited a relatively ductile fracture without the observation
of micro-cracks, shown in Figure 7a.

4.2. Analysis of Interfacial Reactions

With the addition of reinforcing particles such as GNPs, it is also important to consider
the interfacial interaction between the reinforcement particle and the matrix. The addition
of reinforcement particles at high processing temperatures may produce reaction products,
as the thermodynamic stability becomes weaker with elevated temperatures. Namely,
Al4C3 can form if the GNP particles break down during the processing. This also is more
likely to occur with increased processing times. Because preparation of the A319 + 0.05 GNP
+ SS + UST composite involves a multi-stage melt treatment, the processing time was longer
compared to a conventional casting process. Figure 5 shows the XRD results of the A319 +
0.05 GNP + SS + UST composite, showing the peaks and corresponding reaction products.
The peaks identified are standard for α-Al, Al2Cu, Si and Al15(Fe,Mn)3Si2. However, the
results demonstrated that at 43◦ there was a peak, likely corresponding to Al4C3. Despite
this, it was difficult to identify using XRD and the corresponding database likely due to the
low addition of GNPs. The results correlate well to a study by Lee et al. [21] on the formation
of Al4C3 in Al-Si alloys, where the authors determined that the transition temperature for
the formation of Al4C3 is approximately 620 ◦C. In this study, the processing temperature
reached a maximum of 750 ◦C, hence it is thermodynamically favorable for Al4C3 to form
during the high temperature processing. Of note, it is likely that the amount of Al4C3 is
minimal due to the low addition of 0.05 wt.% GNPs. Moreover, localized inhomogeneity
and variation in composition, likely resulted in the interesting observation of Al4C3 in
limited quantity. The direct observation of Al4C3 will be carried out using high-resolution
transmission electron microscopy (HR-TEM) as part of a separate on-going study by the
authors. Lastly, the limited presence of Al4C3 was not found to deteriorate the mechanical
properties of the A319 + 0.05 GNP + SS + UST composite.

4.3. Enhancement of Mechanical Properties

In this study, the mechanical properties were evaluated for each of the castings
(Figure 6). The results showed enhanced mechanical properties for the samples under-
going hybrid semi-solid and ultrasonic processing (A319 + 0.05 GNP + SS + UST). The
UTS and YS of A319 + 0.05 GNP + SS + UST displayed a 10 and 11% increase, respectively,
compared to the base A319 casting. A considerable increase in strength for a low addition
of GNPs. Additionally, the ductility also increased from 3.1% to 4.1% compared to base
A319, which is a 32% increase. The increase in mechanical properties demonstrate the
effectiveness of the GNP particles as a reinforcement material. The results suggest that the
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GNPs were effectively incorporated in A319 Al alloy using the hybrid method. This was
shown in the SEM results whereby the GNP particles were observed and embedded in the
Al matrix. The GNPs were typically oriented longitudinal to the analyzed surface; however,
GNPs were also observed oriented at an angle to the surface (Figure 3b). Additionally,
the GNPs displayed good interfacial bonding at the Al interface which correlates well
to the mechanical properties. The interface between the GNP particle and the Al matrix
was well observed in Figure 4. This also contributed to the ductile fracture behavior as
de-lamination of GNPs or micro-cracks were not observed in this study. Additionally,
clustering of GNPs was not observed under the SEM, which indicates that ultrasonic pro-
cessing was effective in de-agglomerating clusters of GNPs into individual particles. The
efficiency of the strengthening by GNP reinforcement likely depends on which planes the
GNPs will inhabit as the properties are more dominant when the load is applied in the
transverse direction. Modeling and prediction of the orientation of GNPs and solidification
mechanisms should be further explored as this helps to understand how to fully optimize
the mechanical properties.

As previously discussed, GNP particles were observed under the SEM embedded in
the Al matrix. While GNPs are a contributor to the strength enhancement of A319, it should
be noted that the sonication process also degasses the melt. Hence, there is an additional
benefit of ultrasonic processing when producing a composite through casting. Interestingly,
ultrasonic processing alone was found to exhibit slight improvements in the mechanical
properties of A319, where the UTS and YS slightly increased from 190 to 195 MPa and 107
to 109 MPa, respectively. As previously mentioned, the slight improvement in mechanical
properties is due to degassing of the melt. Although, it was found that UST processing
did not refine the A319 alloy, which has been reported to occur in other alloys such as
Mg [27,28].

In order to isolate the effects of semi-solid processing, castings involving the addition
of GNPs were carried out only using semi-solid processing as the melt treatment. For
both the A319 + 0.05 GNP + SS and A319 + 0.1 GNP + SS composites, the UTS decreased
by 5.3 and 7.4%, respectively. Similarly, the fracture behavior was brittle in both castings
with the worst condition (A319 + 0.1 GNP + SS) having a ductility of 1.9%. This was
a result of severe agglomeration of the GNP particles, which can be seen in Figure 7b.
In this study, semi-solid processing was used to prevent floating of GNP particles due
to their much lower density compared to Al. While this process was effective in doing
so, it is evident that mechanical mixing during semi-solid processing is not effective in
preventing agglomeration of GNP particles. Hence, it is important to follow this process
with ultrasonic processing to de-agglomerate and distribute the particles.

The strengthening contributions were also analyzed using theoretical mathematical
models. The main strengthening contributors to YS are Hall-Petch, load bearing mechanism,
and thermally induced dislocations as a result of CTE mismatch between graphene particles
and Al. The theoretical YS enhancement from each mechanism was calculated to be 16.2,
3.0 and 4.8 MPa, respectively. Hence, the highest contribution to strength was due to the
dendritic grain refinement through the Hall-Petch relationship. This is followed by CTE
mismatch between graphene and the Al matrix, then by load bearing mechanism. As a
result, the total contribution to YS enhancement is 24 MPa resulting in a theoretical YS of
approximately 130 MPa. Although, compared to the experimental result there is a deviation
by approximately 8.5%. Hence, it can be suggested that the model can be considered to
predict the YS of AMCs reinforced with GNPs.

The discrepancy in the YS between the theoretical calculation and the experimental
result can be attributed to some factors. The total calculated volume fraction does not
fully represent that of the experiment due to losses throughout the casting process. The
orientation of GNPs is not accounted for in the model, for example the strength properties
are more dominant in the transverse loading direction compared to parallel with the
corresponding plane. Furthermore, it is not fully known which planes the GNPs will
inhabit during solidification, although it is expected that to achieve optimal strengthening
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enhancement this should be the (111) aluminum slip plane. The formation of interfacial
products, such as Al4C3, is also not accounted for in the theoretical models. It can be
expected that such compounds can act as either a strengthening phase or deteriorate the YS.

The results of this study demonstrated the effectiveness of reinforcing A319 with GNPs
through a simple liquid metallurgy technique. To the authors’ knowledge, reinforcement
of automotive A319 Al alloy with graphene has not been comprehensively investigated. As
a result, the findings in this study further contributes to light weight and development of
high-strength materials for automotive powertrain components. The mechanical properties
of A319 were enhanced with cost effective and low additions of GNPs using a hybrid semi-
solid and ultrasonic melt treatment during the casting process. As a result, the formation
of Al4C3 was minimal with the addition of 0.05 wt.% GNPs. This was an important
finding due to the negative effect of Al4C3 on the mechanical properties. Lastly, it was
found that theoretical strengthening models resulted in values close to the experimental
results, although adjustments should be made to account for the orientation of GNPs in the
metal matrix.

This study is significant since it clearly demonstrated that high cost and time-consuming
preprocessing methods such as ball milling, spark plasma sintering and other methods are
not required for efficient production of GNP reinforced Al composites. This is especially
important for developing high strength materials for the automotive industry. Therefore,
cost effective and efficient cast Al-GNP composites prepared through liquid metallurgy
techniques, such as casting, can be used for next generation automotive vehicles leading to
light weight and increased performance.

5. Conclusions

This research investigated a processing route using a casting process to produce a
A319 graphene reinforced MMC. As a result, an A319-0.05 wt.% GNP composite (A319 +
0.05 GNP + SS + UST) was successfully cast with improved mechanical properties. This was
achieved via a hybrid semi-solid and ultrasonic treatment method. In order to demonstrate
the synergistic effect of the hybrid method, castings of base A319, A319 with UST, and A319
with SS processing were also produced. The alloy microstructure, analysis of graphene in
the Al matrix, and the mechanical properties of the castings were examined. Subsequently,
the strengthening contributions were also analyzed using theoretical mathematical models,
which were then validated with the experimental results. The results from this research
enable further understanding of a simple liquid metal processing route to produce alu-
minum matrix composites reinforced with graphene for high performance next generation
automotive vehicles. The following conclusions can be drawn from this study:

1. The combination of semi-solid processing and ultrasonic processing was an effective
and efficient method for the incorporation of GNPs in A319 Al alloy. This was
attributed to prevention of particle floating during semi-solid stirring and the ability
of ultrasonic processing to effectively de-agglomerate and distribute the GNPs in the
liquid melt.

2. Semi-solid processing of A319 Al enabled the prevention of floating of GNPs to the
melt surface, however it was ineffective in de-agglomerating GNP particles. This re-
sulted in excessive agglomeration of GNPs promoting a brittle fracture and a reduction
in mechanical properties.

3. Addition of 0.05 wt.% GNPs to A319 Al using the hybrid semi-solid and ultrasonic
processing method resulted in an enhancement in UTS, YS, and ductility by 10, 11
and 32%, respectively. The SEM results revealed good interfacial bonding between
GNP and Al-matrix. This was an important finding due to the very low addition of
GNPs, which suggests a cost-effective incorporation of particles accompanied by the
enhancement in mechanical properties.

4. X-ray diffraction results indicate the limited presence of Al4C3 with the addition of
GNPs, which did not lead to any reduction in mechanical properties in the A319 +
0.05 GNP + SS + UST composite. This was attributed to localized inhomogeneity and
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variation in composition, likely resulted in the interesting observation of Al4C3 in
limited quantity.

5. The strengthening contributions for the A319 alloy reinforced with 0.05 wt.% GNPs
(A319 + 0.05 GNP + SS + UST) were evaluated using mathematical models. The
strength enhancements were primarily attributed to the Hall-Petch effect, followed by
CTE mismatch and load bearing mechanism.

6. The mathematical models used to estimate the YS of the alloy corresponded well to
the experimental results. The theoretical YS was calculated as 130 MPa, whereas the
experimental YS was measured as 119 MPa. Thus, there is an 8.5% deviation and
it can be suggested that the model is accurate in predicting YS of aluminum matrix
composites reinforced with GNPs.
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Abstract: Hypoeutectic Al-Si-Mg alloys with a silicon content of around 10 wt % are widely used in
the aerospace and automotive fields due to their excellent casting properties. However, the occurrence
of “silicon poisoning” weakens the refinement effect of a conventional refiner system such as Al-5Ti-
1B. In this paper, we proposed the “pre-refinement” method to avoid the “Si poisoning” to recover
the refinement effect of Al-5Ti-1B. The core concept was to adjust the order of adding the Si element
to form the TiAl3 before forming the Ti-Si intermetallic compound. To prove the effectiveness of the
“pre-refinement” method, three alloys of “pre-refinement”, “post-refinement”, and “non-refinement”
of an Al-10Si-0.48Mg alloy were prepared and characterized in as-cast and heat-treatment states. The
results showed that the average grain diameter of the “pre-refinement” alloy was 60.19% smaller than
that of the “post-refinement” one and 81.34% smaller than that of the “non-refinement” one, which
demonstrated that the proposed method could effectively avoid the “silicon poisoning” effect. Based
on a refined grain size, the “pre-refinement” Al-10Si-0.48Mg alloy showed the best optimization
effect in mechanical properties after a solid-solution and subsequent aging heat treatments. The best
mechanical properties were found in the “pre-refinement” alloy with 2 h of solid solution treatment
and 10 h of aging treatment: a hardness of 92 HV, a tensile strength of 212 MPa, and an elongation
of 20%.

Keywords: Al-Si-Mg alloy; pre-refinement; grain refinement; microstructure; mechanical properties

1. Introduction

Al-Si-Mg casting alloys have been widely used in the aerospace, automotive, and 3C
industries due to their excellent casting properties and outstanding strength-to-weight
ratio. With the continuous development of the new-energy automotive industry, the use of
Al-Si-Mg casting alloys will be further increased. The excellent performance of Al-Si-Mg
casting alloys depend largely on the microstructure, which is characterized by the grain size
of the matrix phase α-Al and the shape and distribution of the eutectic phase comprising
silicon and Mg2Si [1,2]. Grain refinement can produce more equiaxed crystal structures and
reduce casting defects, and is an effective method to simultaneously improve the strength
and toughness of casting alloys [3].

As early as 1930, Rosenhain et al. [4] found that adding the Ti element during the
smelting process of Al alloys can refine the grain size, and related research on grain
refinement has been conducted since then. Jones and Pearson [5] believe that the best
grain-refining capacity needs a period of time to emerge; however, if the standing time
during the casting is set too long, the grain size become coarser again. The decline in the
refinement effect is attributed to the aggregation and precipitation of TiB2 and TiC particles
or the loss of their activity due to the change in the surface structure [6]. Grain refinement
by adding refiners such as Al-Ti-B and Al-Ti-C is the conventional method to obtain fine
grains for Al-Cu and Al-Mg alloys. Some alloying elements (such as Fe, Si, Mg) can improve
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the refining effect of grain refiners. However, when the alloying element content exceeds a
certain value, the refining effect of the refiner decreases with the increase in the alloying
element content [7,8]. However, for Al-Si alloys, it has been found that the refinement
effect of the commonly used refiners is weakened when the content of Si element exceeds
3.5 wt %, which is known as the “Si poisoning” effect [9,10]. In the past, it was widely
believed that the alloying elements with a toxic effect on the intermediate alloy would
concentrate around TiB2 or TiC particles and react with the Ti element, changing the surface
physical and chemical properties of TiB2 or TiC particles, reducing the surface activity
of TiB2 or TiC particles, and making the interfacial compatibility with melted aluminum
worse. Schumacher and McKay found that the formation of TiSi2 on basal faces of TiB2
reduced the nucleation area and number of active sites for Al [11]. The reduction inα-Al
growth restriction and the formation of silicide phases before solidification ofα-Al was
due to a strong exothermic interaction between titanium and silicon, which is the main
mechanism of Si poisoning [12]. In fact, the small degree of grain refinement by additions
of eutectic-forming elements (Cu, Mg and Si) is mainly attributed to their segregating
power; however, they cannot form nucleant particles [13].The nucleation work of α-Al on
its surface increases and the grain refinement effect decreases [14,15]. It should be noted
that poisoning occurs whether or not it is grain-refined with Al-Ti-B master alloys [16].
Therefore, we must find a way to circumvent the influence of Si on the nucleation and
growth of α-Al.

Upon the addition of Al-5Ti-B refiner, the bulk TiAl3 dissolves into the liquid, leaving
TiB2 as the nucleation particle for α-Al [17], then the Si segregates on the surface of TiB2
particles and dissolves into a TiAl3 two-dimensional compound (TiAl3 2DC). The TiAl3 2DC
plays a key role in nucleation, and then the strong interaction between the Si atoms and Ti
atoms can disturb the crystal structure of TiAl3 2DC to a certain extent, which as a result
weakens the nucleation efficiency, and the so-called “Si-poisoning” occurs. Alternatively,
an Al-Nb-Ti-B intermediate alloy rich in (Nb,Ti)B2 particles with a “sandwich” structure is
expected to be an effective refiner for high-silicon aluminum alloys [18]. Unfortunately, the
addition of Nb elements also has the disadvantages of increasing the cost and the difficulty
of accurate preparation.

The key of TiB2 as the nucleation core of α-Al is to promise the function of the Ti-
terminated (0001) surface as the nucleation template [19,20]. The “Si poisoning” lies in
that the preferential combining of Si atoms and Ti atoms, which forms Ti-Si intermetallic
compounds, destroys the Ti-terminated (0001) surface. Naturally, the “Si poisoning” can
probably be avoided by adjusting the order of the addition of alloying elements into the
Al alloy to ensure the Al atoms combine with Ti atoms before Si atoms. Studies have
found [21,22] that the liquid Al atoms can form an orderly layered structure in front of
the solid Ti atoms around the melting point of pure aluminum, which can benefit the
heterogeneous nucleation. In this paper, a concept of “pre-refinement” is proposed to
recover the refinement effect of the conventional Al-5Ti-B refiner for the hypoeutectic
Al-Si-Mg alloy. The core concept was to adjust the order of adding the Si element to form
the TiAl3 before forming the Ti-Si intermetallic compound. The mechanical properties of
the Al alloy were further improved through the subsequent heat-treatment process upon
the grain-refining strengthening.

2. The Concept of the “Pre-Refinement” Design

The basic principle of “pre-refinement” was to ensure that the liquid Al atoms near
the melting point of aluminum could form an orderly layered structure in front of solid
Ti atoms. To satisfy this principle, the Al-5Ti-B refiner was firstly added to the Al-Mg
alloy at a temperature close to the melting point of the alloy to ensure that Al atoms were
orderly arranged on the Ti-terminated (0001) surface of the TiB2 particles to form the TiAl3
precursor. Si was then added, and as schemed, the Si atoms would not combine with Ti
atoms to form a Ti-Si intermetallic compound due to the isolation of the Al atoms. During
the subsequent cooling process, TiAl3 formed around TiB2 particles and α-Al grew up
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continuously on the TiAl3 substrate, achieving heterogeneous nucleation to refine the
grains. The schematic of the “pre-refinement” is shown in Figure 1.
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Figure 1. Schematic diagram of “pre-refinement” design concept.

Based on ZL 104 (ZAlSi9Mg, Chinese grade of aluminum alloy, 8.0–10.5 wt % Si,
0.2–0.5 wt % Mn, 0.17–0.35 wt % Mg), we expected to develop a new Al-10Si-0.48Mg alloy
for automotive die casting integration. However, the Si content was more than 3.5 wt %, so
the conventional method of adding an Al-Ti-B refiner could not produce the refining effect.
Therefore, we attempted the “pre-refinement” method using the alloy Al-10Si-0.48Mg.

We used the results of thermodynamic calculation to help design the key parameters
during the pre-refinement and the following heat-treatment process. The equilibrium solid-
ification phase diagram of the Al-10Si-0.48Mg was calculated using the built-in database
in the trial version of Thermo_Calc (Figure 2a; the database was restored according to
reference [23]). The precipitation temperatures of the α-Al, Si, and Mg2Si phases were
593.63, 574.57, and 506.94 ◦C, respectively. The liquid phase vanishing temperature was
565.13 ◦C. The percentage of each equilibrium phase at room temperature was as follows:
89.829% α-Al, 9.373% Si, and 0.802% Mg2Si. The solidification paths of the Al-10Si-0.48Mg
using the equilibrium and Scheil schemes (non-equilibrium solidification) were calculated
using the trial version of Thermo_Calc (Figure 2b). The Mg2Si precipitated at 559 ◦C of the
non-equilibrium solidification. The final solidification temperature was 6.5 ◦C lower than
that of the equilibrium solidification.
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Figure 2. (a) Equilibrium solidification phase diagram for Al-10Si-0.48Mg; (b) calculated solidification
paths for Al-10Si-0.48Mg according to the equilibrium and Scheil schemes.

3. Experimental Materials and Methods

The Al-10Si-0.48Mg alloy was casted in the experiment by using materials including
high-purity Al strips (99.999 wt %), high-purity Mg particles (99.99 wt %), high-purity Al
foil (99.999 wt %), high-purity Si blocks (99.999 wt %), an Al-5Ti-1B refiner, and a covering
agent (50 wt % NaCl + 35 wt % KCl + 15 wt % NaF). The final smelted aluminum ingot
size was Φ40 × 50 mm. In the study, the macro and micro structure images were sampled
in the middle of the ingot. The average grain size value was the average value of a total
of 6 grain size values taken at the axial directions of 10, 25, and 40 mm and the radial
directions of 5, 10, and 15 mm. To prove the effectiveness of “pre-refinement” design, the
“pre-refinement”, “post-refinement”, and “non-refinement” Al-10Si-0.48Mg alloys were
prepared. The preparation paths of the three types of alloys are shown in Figure 3. In the
following, we will use the example of the pre-refinement preparation process to provide
more details on the preparation process. During the preparation, the Al strips were put
into the alumina ceramic crucible and melted at 700 ◦C, 33 ◦C higher than the melting
point, in a well furnace (Xiangtan Samsung Instrument Co., Ltd., Xiangtan, China). Then,
the furnace temperature was decreased to 675 ◦C and was held to add other materials.
To prevent accidents such as fire caused by direct contact between Mg particles and the
high-temperature liquid Al, the Mg particles were wrapped with aluminum foil and placed
in the liquid. Then, the Al-5Ti-1B refiner was added into the Al-Mg liquid; it was necessary
to gently stir with a graphite rod to ensure the refiner was evenly distributed in the alloy
liquid to increase the refinement effect. After about 10 min, silicon blocks were pressed into
the alloy liquid with a graphite rod so that the silicon blocks could be quickly and evenly
dissolved in the alloy liquid. Finally, the liquid was casted into a graphite crucible that was
quenched in air to room temperature.
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Figure 3. Schematic diagram of preparation paths of the three types of alloys: “post-refinement”,
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A solution heat treatment at 500–530 ◦C for 2–8 h after water quenching and artificial
aging at 170–210 ◦C for 2–20 h are the commonly used heat treatments to improve the
mechanical properties of alloys [24,25]. Likewise, the T6 heat-treatment process of a solid
solution treatment followed by an aging treatment was carried out for the three types of
as-cast alloys.

According to the calculation results shown in Figure 2, the temperatures of the solid
solution treatment and aging treatment were 500 ◦C and 175 ◦C, respectively. The time
of the solid solution treatment was 2 h or 8 h, and the time of the aging treatment was
10 h or 20 h. Thus, four groups of heat-treatment processes were used: 2 h solid solution
treatment + 10 h aging treatment (denoted as 2 + 10), 2 h solid solution treatment + 20 h
aging treatment (denoted as 2 + 20), 8 h solid solution treatment + 10 h aging treatment
(denoted as 8 + 10), and 8 h solid solution treatment + 20 h aging treatment (denoted as
8 + 20). The roadmap for heat treatment is show in Figure 4.

The microstructure and composition distribution were characterized using OM (ZEISS,
Zeiss, Jena, Germany), SEM with EDS (ZEISS EVO MA10, Zeiss, Jena, Germany), and XRD
(Ultima IV, Rigaku Co., Tokyo, Japan). The microstructure hardness and tensile tests were
carried out using a Vickers hardness tester (SHYCHVT-30, Laizhou Huayin hardness meter
factory, Laizhou, China) and an electronic multifunctional stretching machine (WDW-100C,
Jinan Fangyuan Instrument Co., Ltd., Jinan, China), respectively. The dimensions of the
tensile sample are shown in Figure 5 (in mm).
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4. Results and Discussion
4.1. Microstructures of the As-Cast and Heat-Treated Alloys

Figure 6a shows the SEM image of the as-cast “pre-refinement” hypoeutectic Al-10Si-
0.48Mg alloy. EDS data showed that Point A, Point B, and Point C were α-Al with the
Al:Mg:Si equal to 90.5:9.5:0, eutectic phase with Al:Mg:Si equal to 39.86:18.63:41.51, and
Si + (Al + Si) phase with Al:Mg:Si equal to 20.59:0:79.41. The phase constituents of the
“pre-refinement” hypoeutectic Al-10Si-0.48Mg alloy after 8 h solution treatment + 20 h
aging treatment remained α-Al, Mg2Si, and Si phases, as shown in Figure 6b.

The metallographic structure of the “post-refinement” hypoeutectic Al-10Si-0.48Mg
alloy is shown in Figure 6c, in which the phase in the gray region is the α-Al matrix, the
black particle phase is the Mg2Si intermetallic compound, and the needle block phase
in the Al matrix is Si. It can be seen that the corner of the needle block was rounded.
The α-Al phase was in the shape of large clusters with coarser grains compared with the
pre-refinement one, indicating that the refinement effect of the Al-5Ti-1B refiner did not
work well in the “post-refinement” preparation process. Due to the early addition of the
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Si element in the “post-refinement” method, the Ti and Si combined first, so the “silicon
poisoning” phenomena was thus obvious.
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The metallographic structure of the “non-refinement” hypoeutectic Al-10Si-0.48Mg
alloy is shown in Figure 6d, in which the grey region is the α-Al matrix, the black particle
phase in the shape of Chinese character is the Mg2Si intermetallic compound, and the black
line phase is the Al-Si eutectic. As can be seen in Figure 6d, the matrix had much coarser
dendrites than the above two types of alloys. The Chinese-character Mg2Si phase had
obvious angles appearing at the periphery, which can easily cause stress concentration
in the preparation process and in service, and can damage the matrix and cause a large
reduction in the mechanical properties of the alloy.

The macrostructures of the Al-10Si-0.48Mg alloy after different heat treatments are
shown in Figure 7. The grain size distribution was uniform and the grain size of the
pre-refinement sample was significantly smaller than that of the other two treatments. The
grains of the pre-refinement samples showed fine equiaxed grains, the grains of the post-
refinement samples showed coarse equiaxed grains, and the grains of the non-refinement
samples showed coarse columnar grains.
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The grain size of an Al alloy can be approximately measured as the dendrite size
of α-Al, which has polyhedral equiaxed grains. Under a polarizing microscope, differ-
ent orientation grains have different colors. Because the grain color distribution has a
certain randomness, it indicates that the grain orientation obtained by the casting pro-
cess is randomly arranged. Figure 8 shows the polarized microstructure and the av-
erage size of α-Al dendrites after different preparation methods and heat treatments.
As shown in Figure 8, the average α-Al dendrite sizes of the “pre-refinement”, “post-
refinement”, and “non-refinement” Al-10Si-0.48Mg alloys were 284.91 µm, 715.61 µm, and
1526.82 µm, respectively. The average grain size of samples after multiple casting can
reflect the refining ability of the three kinds of smelting processes. It can be seen the
“pre-refinement” process had an obvious refinement effect on the Al-10Si-0.48Mg alloy;
the grain size was only 18.66% of that of “non-refinement”. Although the grain size of
“post-refinement” was 46.87% of that of “non-refinement”, the grain-refining capacity of
the Al-5Ti-1B was obviously weakened by the “silicon poisoning”.

Compared with the effect of the casting preparation on the grain size, the solution and
aging treatments had little effect on the grain size. However, the morphology was affected
by the heat treatment. As shown in Figure 8, the morphology of α-Al changed significantly
in the “pre-refinement” Al-10Si-0.48Mg alloy during the heat treatments. As the solid
solution treatment proceeded, the size of eutectic silicon decreased and the morphology
changed from needle to spherical. With further solid solution treatment from 2 h to
8 h, the size of eutectic silicon increased. During the solid solution treatment, the eutectic
silicon underwent two processes with time, including fragmentation or dissolution and
the spherization of separated branches. If the dissolution time was too long, obvious
pores would occur, leading to excessive burning. The coarsening of the microstructural
composition and possible pores would have a negative impact on the mechanical properties.
The coarsening of spheroidal eutectic silicon α-Al could be observed in either the “pre-
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refinement” or the “post-refinement” alloys, while only the process of breaking of eutectic
silicon could be observed in the “non-refinement” alloys during the treatment.
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4.2. Mechanical Properties of the As-Cast and Heat-Treated Alloys

Al-Si-Mg cast alloys are usually heat treated to obtain the best combination of strength
and ductility. Solution treatment and the following aging treatment are the commonly
used heat treatment tools, and precipitation hardening is the main mechanism during
heat treatment of Al-Si-Mg alloys. For the Al-Mg2Si quasi-binary system, the Mg2Si phase
precipitates as follows: SSS → GP zone → β′′ → β′ → β (Mg2Si). These particles are
invisible under the optical microscope, but this change can be indirectly observed with the
change in alloy hardness and tensile strength due to the precipitates [26].

In this paper, the hardness of “pre-refinement”, “post-refinement”, and “non-refinement”
as-cast and as-heated alloys of Al-10Si-0.48Mg alloy were tested. In the hardness test,
six points on the surface of the sample were selected uniformly and randomly, and the
hardness of the material was obtained by obtaining the average value of the six points. The
measured hardness curve is shown in Figure 9. As can be seen in Figure 9, the effect of
heat treatments was the most obvious in the “pre-refinement” alloy and the least in the
“non-refinement” alloy. The highest hardness was achieved by the “pre-refinement” alloy
with the 2 solid solution + 20 aging treatment.

Some studies showed that increasing the aging temperature led to the higher solid
solubility of the Si element in α solid solution with almost no change in the Mg element.
Thus, the Si content at higher aging temperature exceeds the content needed to form the
reinforcing phase Mg2Si, and the amount of precipitated Mg2Si phase is dependent on the
Mg content but independent of aging temperature [27].

158



Materials 2022, 15, 6056

Materials 2022, 15, x FOR PEER REVIEW 10 of 13 
 

 

during the aging process due to the precipitation of the secondary phase. As can be seen 
in Figure 9, the hardness of “pre-refinement” reached a peak value of about 92 HV with 2 
h solid solution + 20 h aging. This was called the peak aged (PA) state and was related to 
the formation of a metastable intermetallic. With the aging time continually increasing, 
the hardness decreased, which corresponded to an over-aged state that coarsened the pre-
cipitates, lost compatibility with the matrix, and gradually reduced the hardness value 
[28]. Likewise, the hardness had a similar change with the varied heat-treatment condition 
for the “post-refinement” alloy and the “non-refinement”, as shown by the curve in red 
and blue lines in Figure 9. However, it can be seen that the aging effect was small for the 
non-refinement alloys and the heat-treatment hardness was less than the as-cast hardness, 
indicating that few precipitates were produced during the aging.  

 
Figure 9. Hardness curves of “pre-refinement”, “post-refinement”, and “non-refinement” hypoeu-
tectic Al-10Si-0.48Mg alloys with different heat-treatment methods. 

Figure 10 shows the tensile curves of the three cast alloys under different heat treat-
ment processes of “pre-refinement”, “post-refinement”, and “non-refinement”. As can be 
seen in Figure 10a, the tensile strength of the hypoeutectic Al-10Si-0.48Mg alloy samples 
of each kind of alloy increased significantly after heat treatment and then gradually de-
creased the extension of aging time, which was in accord with the change in hardness and 
with the normal hardness–aging time relation. The elongation of the original hypoeutectic 
Al-10Si-0.48Mg alloy was not high for each kind of as-cast alloy due to the large secondary 
phases in the matrix, as shown in Figure 8. During the heat treatment, the large secondary 
phase dissolved into the matrix and then precipitated in a fine shape during aging, which 
benefited the elongation of the materials. It can be seen in Figure 10b that the elongation 
of the hypoeutectic Al-10Si-0.48Mg was increased by up to about 30%. The tensile strength 
of the alloy prepared using the “pre-refinement” method could reach about 212 MPa with 
2 h solid solution + 10 h aging, which was a combination of a fine grain size and fine 
precipitates after the heat treatment.  
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tic Al-10Si-0.48Mg alloys with different heat-treatment methods.

The hardness decreased after the solid solution treatment because the dissolving of
the secondary phases occurred during the casting process and then gradually increased
during the aging process due to the precipitation of the secondary phase. As can be seen
in Figure 9, the hardness of “pre-refinement” reached a peak value of about 92 HV with
2 h solid solution + 20 h aging. This was called the peak aged (PA) state and was related
to the formation of a metastable intermetallic. With the aging time continually increas-
ing, the hardness decreased, which corresponded to an over-aged state that coarsened
the precipitates, lost compatibility with the matrix, and gradually reduced the hardness
value [28]. Likewise, the hardness had a similar change with the varied heat-treatment
condition for the “post-refinement” alloy and the “non-refinement”, as shown by the curve
in red and blue lines in Figure 9. However, it can be seen that the aging effect was small
for the non-refinement alloys and the heat-treatment hardness was less than the as-cast
hardness, indicating that few precipitates were produced during the aging.

Figure 10 shows the tensile curves of the three cast alloys under different heat treatment
processes of “pre-refinement”, “post-refinement”, and “non-refinement”. As can be seen in
Figure 10a, the tensile strength of the hypoeutectic Al-10Si-0.48Mg alloy samples of each
kind of alloy increased significantly after heat treatment and then gradually decreased
the extension of aging time, which was in accord with the change in hardness and with
the normal hardness–aging time relation. The elongation of the original hypoeutectic
Al-10Si-0.48Mg alloy was not high for each kind of as-cast alloy due to the large secondary
phases in the matrix, as shown in Figure 8. During the heat treatment, the large secondary
phase dissolved into the matrix and then precipitated in a fine shape during aging, which
benefited the elongation of the materials. It can be seen in Figure 10b that the elongation of
the hypoeutectic Al-10Si-0.48Mg was increased by up to about 30%. The tensile strength of
the alloy prepared using the “pre-refinement” method could reach about 212 MPa with
2 h solid solution + 10 h aging, which was a combination of a fine grain size and fine
precipitates after the heat treatment.
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Compared with the effect of heat treatment on the increase in mechanical properties
for the as-cast alloy, it can be seen the same heat treatment had a greater effect on the me-
chanical properties of the alloys with a finer grain. Therefore, obtaining a desirable as-cast
microstructure is the first step in obtaining more excellent mechanical properties of alloys
whether followed by the heat treatment or not. For example, the “pre-refinement” concept
used to refine the grain of as-cast alloy in this paper promises excellent comprehensive
mechanical properties for Al-Mg-Si alloys after heat treatment.

5. Conclusions

In the paper, we proposed a concept of “pre-refinement” to avoid the “silicon poi-
soning” problem to refine hypoeutectic Al-Si alloys using a conventional refiner system
such as Al-Ti-B. The core concept was to adjust the order of adding the Si element to form
the TiAl3 before forming the Ti-Si intermetallic compound. The feasibility of this method
was demonstrated by the contrast experiments on the “pre-refinement”, “post-refinement”,
and “non-refinement” Al-10Si-0.48Mg alloys. The grain size of the as-cast “pre-refinement”
alloy was much smaller than either the “post-refinement” one or the “non-refinement” one,
demonstrating that the “pre-refinement” method could effectively avoid the “silicon poi-
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soning” effect and recover the refinement effect of the conventional refiner system. Based
on a refined grain, the “pre-refinement” Al-10Si-0.48Mg alloy showed the best optimization
effect in mechanical properties upon a solid solution and subsequent aging heat treatment.
The tensile strength of the alloy prepared using the “pre-refinement” method could reach
about 212 MPa with 2 h solid solution + 10 h aging with a good elongation of 20% compared
with the “non-refinement” one with a tensile strength of 112 MPa and an elongation of
about 30%.
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Abstract: This article describes a technology for the thermomechanical treatment of stainless-steel
piston rings. This technology makes it possible to obtain rings with an optimal combination of plastic
and strength properties that is essential for piston rings. The following thermomechanical treatment
is suggested for piston rings manufacturing: quenching at 1050 ◦C, holding for 30 min and cooling in
water, then straining by the HPT method for eight cycles at cryogenic temperature and annealing at a
temperature up to 600 ◦C. The resulting microstructure consisted of fine austenite grains sized 0.3 µm
and evenly distributed carbide particles. Annealing above this temperature led to the formation
of ferrite in the structure; however, preserving the maximum fraction of austenitic component
is very important, since the reduction of austenite in the structure will cause a deterioration of
corrosion resistance. The strength properties of steel after such treatment increased by almost two
times compared with the initial ones: microhardness increased from 980 MPa to 2425 MPa, relative
elongation increased by 20%. The proposed technology will improve the strength and performance
characteristics of piston rings, as well as increase their service life, which will lead to significant
savings in the cost of repair, replacement and downtime.

Keywords: severe plastic deformation; stainless steel; thermomechanical treatment; microstructure;
mechanical properties

1. Introduction

The drive for the highest possible efficiency in manufacturing is reflected in the
growing development of complex production processes and specialized materials [1–10]. In
terms of manufacturing process development, this means a tendency to reduce the number
of different production steps while using materials as efficiently as possible [11–15]. In
terms of material performance, against an increasingly important, lightweight design, high
strength with good ductility is of great importance [16,17]. Most manufacturing processes
for processing metallic materials cause local or global changes in material properties.
These production properties, meanwhile, can be used purposefully to increase component
performance or reduce material usage in reverse order. Therefore, synergistic effects can be
used to improve overall part production efficiency by adapting the production process to
purposefully adjust certain local material properties [18,19].

The elastic properties of piston rings can be prolonged, and their failure reduced to a
minimum by selecting the correct alloy grade and method of thermo-mechanical treatment.
As a consequence, combustion engine manufacturers around the world are constantly
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searching for new technologies for piston rings production. Thus, improving the strength
and performance characteristics of piston rings is an important technical task.

Conventional ultrafine-grained materials with grain sizes in the scale of several mi-
crometers are usually manufactured using thermomechanical processes. An ultrafine-
grained structure cannot be obtained by classical methods because of dynamic reduction
and recrystallization processes, as well as limitations in formability [20–25]. Ultra-thin and
nanocrystalline materials have been the subject of extensive research for a long time because
their mechanical properties allow us to expect great potential as structural materials. Such
materials can be made using two opposing approaches [26–29]. The first approach, often
referred to as the “bottom-up process”, is based on the aggregation of individual atoms or
nanoscale particles to create a compact material. These include vapor deposition processes,
electrolytic deposition processes and powder metallurgy methods [30–32]. These methods
allow the production of nanocrystalline materials with very small grain sizes but with
limited workpiece dimensions. They are not commonly used to make superfine cloth. The
second approach, called the “top-down” process, is based on grinding the grains using
severe plastic deformation (SPD). The SPD processes create ultra-thin cloths by applying
extreme stretching at high hydrostatic pressures and low homologous temperatures [33–37].
The achievable minimum grain sizes depend on the material properties, but as a rule, grain
sizes up to the nanocrystalline state are not achieved. The most used and investigated meth-
ods of severe plastic deformation are equal -channel angular pressing, multiple isothermal
forging and high-pressure torsion.

Shear strain-based equal-channel angular pressing (ECAP) was first presented by
Segal et al. [38] and is one of the most frequently used SPD methods. Over the past two
decades, work related to ECAP of metallic materials has attracted considerable interest
among scientists in both fields of metal physics and materials science. This interest arose
because of the possibility to process large volumes [39–41]. One of the main purposes of
such works is to grind metal grains to an ultrafine grained or nanostructured state. This
ensures that such metals achieve a unique set of physical and mechanical properties [42–44].
The next objective of such studies is to investigate the mechanisms of formation of ultrafine
grained structures in the SPD process, since ECAP can achieve very high degrees of strain.
In this case, the shape and dimensions of the strained workpieces do not change. In
recent works [45–47], ECAP was combined with cryogenic temperature, producing even
better results.

In high-pressure torsion (HPT), shear strains are introduced into flat cylindrical spec-
imens by torsion at high hydrostatic pressure stresses [48,49]. A number of different
works [50,51] has found that SPD by the HPT method affects the structure of the material
and increases the density of crystal lattice defects. Many scientists have succeeded in
obtaining the smallest grain size microstructure in various materials using the HPT method
rather than other SPD methods. As a result, it was possible to study the peculiarities of
such a structure and evaluate its mechanical and physical properties. Material deformed
by the HPT method is processed non-uniformly along the grains’ radius. As a result,
grains far from the center are more deformed than those in the center of the disk, so the
microstructure becomes anisotropic. Since in our case the ring workpiece will be strained,
this disadvantage can be avoided.

It should also be noted that when a certain accumulated degree of deformation is
reached, the grinding process slows down and then stops altogether. This phenomenon still
does not have an accepted explanation. However, one of the possible reasons is that there
is some equilibrium between the strain grinding of the grains and their thermo-activated
growth [52,53]. Therefore, grinding the structure to a nanocrystalline level by SPD only is
not yet possible in most cases. As a result, new technologies are needed to continue the
process of grinding the microstructure down to the nanocrystalline state.

There are several papers [54–56] that demonstrate the activation of new strain mech-
anisms by low temperatures. Such mechanisms suggest the possibility of continuing the
process of grain refinement and reaching the nanoscale level. Lowering the temperature to
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cryogenic values provides improved mechanical properties and, as a result, increased wear
resistance and hardness. The surface quality is also improved for polishing or finishing,
which is necessary for piston rings (the presence of soft and ductile austenitic areas in the
surface layer structure prevents the creation of a homogeneous mirror surface).

The main purpose of this article was to develop a new combined processing technology
for piston rings used in internal combustion engines which will improve their performance
and mechanical properties. This new technology combines high-pressure torsion with
cryogenic temperature.

2. Materials and Methods

A special construction was developed to implement the HPT process on the existing
equipment of the laboratory through the rectilinear movement of the upper die relative to
the bed. The rectilinear motion of the upper die with the lower die attached to it transmits
a torque due to the contact friction forcing directed at an oblique angle to the response part
of the die. As a result, the rectilinear movement turns into a torsional movement.

Drawings were developed based on the analysis of scientific and technical literature
and modeling in the Deform program package. The construction consists of several parts:
an upper die which receives progressive motion from the press; a lower die which receives
torque from the progressive motion of the upper die and the matrix itself, which holds the
workpiece in the form of a ring (Figure 1).
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Figure 1. General view of the complete construction: 1—bottom carrier, 2—top carrier, 3—upper
striker, 4—lower striker, 5—matrix, 6—piston ring, 7—nozzle.

Four spiral notches are present on the lower edge of the upper die. There is a cylindrical
hole in the center of the upper die for the strain gauge rod and to ensure the alignment of
the two dies.

The lower die has three steps. This structural solution is required for the straining of a
ring workpiece (as in this case, rather than of a disk workpiece). The first pass (the second
intermediate step) provides a contact with the side edge of the die where the workpiece
is inserted. The second pass (the third lower step) provides contact with the workpiece
along its inner radius, completely closing its cross section. According to this principle, the
inner form of the matrix should also have a stepped form. The width of the step should
correspond to the width of the circular workpiece to be machined.

A technological hole was made in the lower die to implement the high-pressure torsion
process at cryogenic temperature. This hole was used to supply liquid nitrogen into the
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workpiece strain chamber. During the modeling, it was decided to use sprinkler-type
nozzles, as, contrary to conventional nozzles, they allowed a uniform supply of nitrogen to
the entire ring surface. These nozzles were made from polyurethane using a 3D printer.

The experiment itself and the assembly of the structure were carried out in the Uni-
versity laboratory on a single-curve hot-stamping press, model PB 6330-02, whose force
was 1000 kN (Figure 2). Since there a martensitic transformation occurs in austenitic steels,
the strain was applied out at cryogenic temperature and at room temperature for compar-
ison. Therefore, depending on the temperature at which the workpieces were strained,
the amount of martensite in the structure could vary greatly. The number of strain cycles
was 8.
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Figure 2. Construction fixed on the press.

The deformation blanks were ring-shaped, 76 mm in diameter, 3.5 mm wide and 3 mm
in thickness. Since the piston rings do not work in aggressive media, AISI-304 austenitic
stainless steel was chosen as the workpiece material. The initial structure before strain was
obtained by quenching at 1050 ◦C, holding at this temperature for 30 min, and cooling in
water. After such preheating, the γ-solid solution was fixed in chromium–nickel steel.

It is known that a significant disadvantage of strongly deformed materials is their
very low ductility which limits the possibility of their practical application. The plastic
properties of such material can be recovered by applying a final heat treatment. Therefore,
a laboratory experiment was conducted to increase the ductility of the deformed samples
obtained with the HPT method. The samples were cut into thin plates with a thickness
of 5 mm after HPT and subjected to holding at temperatures of 300–650 ◦C for 15 min,
followed by cooling in water.

The structure was studied using a JEM2100 transmission electron microscope (TEM)
(Akishima, Japan) with a magnification range of 1000 to 50,000 times. Thin foil for the
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microstructure study was prepared by thinning using electrolytic polishing in an electrolyte
consisting of 400 mL of H3PO4 and 60 g of CrO3 at room temperature and voltage of 20 V,
with current density of 2.5 A/cm2. For a more objective interpretation of the structure and
the analysis of transformations, an a EBSD analysis was carried out using Philips XL-30
SEM (Amsterdam, The Netherlands) with a field cathode at an accelerating voltage of 20 kV.
The results were processed using the Tex SEM Lab software 4.2. The scans were performed
on 50 µm × 50 µm sections at 0.2 µm increments. Given the experimental accuracy of the
EBSD method, all low-angle boundaries with a disorientation of less than 2◦ were excluded
from consideration.

The microhardness of the samples was measured by the Vickers method using a DM-8
automatic microhardness tester (Affri, Induno, Italy). The load was 1 N.

Mechanical uniaxial tension tests were performed at room temperature on an Instron
5882 machine at a deformation rate of 1.0 mm/min. The sample deformation was measured
with an Instron strain gauge. Tensile tests were carried out on flat samples cut from the
ring (working part dimensions: width of 3 mm, thickness of 3 mm and length of 6 mm) in
accordance with GOST 1497-84 recommendations. Tensile tests of mechanical properties
were carried out to determine strength and ductility characteristics: yield strength (σ0.2),
tensile strength (σB) and maximum elongation to failure (δ).

3. Results

The microstructure of AISI-304 stainless steel prior to HPT was coarse-grained with
polyhedral grains, with an average size of 32 µm and the presence of twins. The struc-
ture contained ≈100% austenite (after a preliminary heat treatment—quenching). The
microstructure obtained after applying the strain by the HPT method at room temperature
and using cryogenic temperature is shown in Figure 3.
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room temperature.

EBSD analysis was performed to obtain additional information on grain size, texture
and disorientation of the boundaries. Orientation maps of the microstructure of AISI-304
steel after eight cycles of high-pressure torsion deformation are shown in Figure 4.
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Tensile tests were carried out to determine the mechanical characteristics after met-
allographic studies. In addition, interrupted tensile tests were performed to record the
progress of the start zone and the crack growth zone as fully as possible. Tests on the
samples obtained after applying the strain by the HPT method at room temperature were
carried out at room and at cryogenic temperature. Photographs of the samples’ surface
fractography shown in Figures 5 and 6 were analyzed using SEM. Each photo shows the
average area of the fracture at 3000× magnification.
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Samples after deformation through the HPT method were annealed at temperatures of
300–650 ◦C with an exposure time of 15 min to observe changes in the microstructure. This
was done to check the possibility of preserving the mechanical properties and microstruc-
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ture during heating. The evolution of the microstructure of the deformed samples during
heating is shown in Figures 7 and 8.
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4. Discussion

Analysis of the microstructure of the samples after deformation by the HPT method
at room and cryogenic temperatures showed that eight strain cycles resulted in a homo-
geneous nanostructure in both cases (Figure 3). However, using cryogenic temperature
resulted in a finer-grained structure. The cryogenic temperature resulted in a martensitic
structure with a grain size of 0.2 µm (Figure 3a), whereas the room temperature resulted in
a 0.5 µm microstructure consisting of a mixture of austenite and α-martensite (Figure 3b).

The EBSD analysis showed that the misorientation of the strain sub-boundaries in-
creased during the deformation at both temperatures, i.e., the fraction of low-angle sub-
boundaries decreased with increasing true strain. Strain twinning, which is characteristic
at low strain rates, decreased after eight deformation cycles at room temperature, which
was confirmed by the elimination of the peak with a misorientation angle of ~60. Intensive
twinning was also observed at the eighth strain cycle when using cryogenic temperature.
As a result, after eight deformation cycles with intensive cooling, the structure contained a
large number of twins ~57%, while at room temperature, only 13% of twins were observed.

The distribution of boundaries on the angles of misorientation in both states was
close. With conventional HPT, the fraction of low-angle boundaries was 18%, while with
nitrogen treatment, it was 12%. The results showed that the total proportion of large-
angle boundaries was at least 80%. This indicates the formation of a nanostructure with a
predominance of large-angle boundaries in the workpieces.

The tensile tests showed that the obtained nanocrystalline structure had in both cases
increased strength properties (Figure 9). In the initial state, we determined a yield strength
of—275 MPa, a tensile strength of 515 MPa, and relative elongation of 40%. The formation
of a nanocrystalline structure after eight cycles of strain by the HPT method at cryogenic
temperature with a grain size of 45–50 nm led to an increase in the tensile strength to
1603 MPa compared to the initial state. The yield strength increased to 1282 MPa. The
value of ductility decreased sharply up to 18% compared to the initial state. The samples
deformed at room temperature showed the following mechanical properties: the tensile
strength increased to 1198 MPa, and the yield strength increased to 1005 MPa. The value of
ductility decreased up to 9% compared to the initial state.

The microhardness results correlated with the mechanical tensile test data and indi-
cated that high-pressure torsion in the new die allowed obtaining a fairly homogeneous
hardness across the entire cross section of the ring. After eight HPT cycles at cryogenic tem-
perature, the microhardness increased almost three times compared to the initial state: from
980 MPa to 2715 MPa. Strain at room temperature resulted in an increase in microhardness
to 2530 MPa. In this case, the main increase in hardness was in the first four passes—40%.

Low plastic properties were obtained based on the results of the study of mechanical
properties using both deformation methods. This is a significant disadvantage of almost all
samples obtained by severe plastic deformation methods [57–59]. Therefore, it is necessary
to carry out additional research on crack growth during fracture.

The fracture surface of AISI 304 steel strained at cryogenic temperature in the crack
start zone had a quasi-viscous nature. This was characterized by a ductile fracture mecha-
nism. This was confirmed, as shown in Figure 5a, by the presence of spalling that alternated
with dimpled fracture. The samples strained at room temperature had a brittle–ductile
fracture in the crack start zone (Figure 5b).

The crack in the growth zone in the steel deformed at cryogenic temperature formed
according to a microviscosity mechanism, and the pits were evenly spaced along the
fracture surface (Figure 6a). The fracture surface in samples strained at room tempera-
ture was covered with spalls and pits indicating that the crack was spreading in a quasi-
brittle way.

Based on the data obtained, cryogenic temperature allowed better plastic properties
due to the martensite structure obtained in the samples, but these properties were still
insufficient for further use. To increase the plastic properties, it is necessary to reduce
the internal stress; this could be achieved by annealing. Annealing to 500 ◦C did not
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change the microstructure of samples processed at both cryogenic and room temperatures,
and only a rearrangement of dislocations occurred (Figures 7a and 8a). Recrystallization
began at 600 ◦C in the samples obtained by deformation at room temperature. This was
shown by the separately occurring grains, while no annealing twins were observed yet
(Figure 8c). There were still no changes in the microstructure in samples processed at
cryogenic temperature (Figure 7c). When the samples obtained with room temperature
deformation reached 625 ◦C, a completely recrystallized structure with an average grain
size of 2 µm was observed, and annealing twins were observed (Figure 8c). The samples
processed at cryogenic temperature started recrystallization at 625 ◦C which caused a strong
growth of individual grains above 3 µm (Figure 7c). There were also annealing twins. Once
the structure reached 650 ◦C, it became completely recrystallized with a grain size of 3 µm
(Figure 7d). The effects of annealing at 650 ◦C on samples strained at room temperature
did not practically differ from those on samples obtained at cryogenic temperature. The
structure was fully recrystallized, with a grain size of 4 µm (Figure 8d).

The rate of grain growth in HPT-processed samples at cryogenic temperature after
heating was several times faster than in samples HPT strained at room temperature. This
can be explained by a more intense deformation occurring at cryogenic temperature and a
correspondingly higher degree of recrystallization.

Another feature of the structural change during steel heating was the development of
a reverse-phase transformation of strained martensite back to austenite or ferrite.

The thermal stability of steel after HPT was also studied by analyzing the dependence
of its microhardness change on the annealing temperature. We observed a slight decrease in
microhardness when heating specimens deformed at both cryogenic and room temperature.
The decrease was greater as the is the heating temperature increased, but it remained at a
level much higher than that of microhardness after hardening. Therefore, during annealing
up to 500 ◦C, the microhardness of samples which had been deformed at cryogenic temper-
ature decreased from 2715 to 2555 MPa, and that of samples deformed at room temperature
decreased from 2530 to 2205 MPa.

At 600 ◦C, the samples obtained by deformation at room temperature showed a sharp
decrease in microhardness, which reached 1365 MPa. This indicated the beginning of
recrystallization processes. After annealing at 650 ◦C, microhardness decreased to 985 MPa.

The same was observed in the samples deformed at cryogenic temperature: when
heating to 625 ◦C, we observed a sharp decrease in microhardness from 2555 to 1725 MPa;
when annealing at 650 ◦C, microhardness was 1260 MPa.

5. Conclusions

The results showed that during high-pressure torsion at cryogenic and room tem-
peratures during the first strain cycles, the difference in grain size and structure was not
large, since the adiabatic effects were comparable. Cryogenic temperature became effective
only after four cycles of deformation, when the defect density increased dramatically. The
structure of samples strained at both temperatures was refined to a nanostructure level.
Thus, straining AISI-316 steel with an initial grain size of 32 µm at room temperature
led to an equiaxed homogeneous microstructure of 0.5 µm. The structure consisted of a
mixture of austenite and α-martensite. Straining at cryogenic temperature resulted in an
equiaxial homogeneous microstructure sized 0.2 µm, consisting of 90% α-martensite with a
predominance of large-angle boundaries.

Austenitic steel after annealing at 600 ◦C showed an optimal combination of ductility
and strength, which is essential for piston rings. Therefore, the following thermomechanical
treatment is proposed for piston rings manufacturing: quenching at 1050 ◦C, holding for
30 min and cooling in water, then straining by the HPT method for eight cycles at cryogenic
temperature and annealing at a temperature up to 600 ◦C. As a result of this treatment,
the microstructure will consist of fine austenite grains sized 0.3 µm and evenly distributed
carbide particles.
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Abstract: HR3C (25Cr-20Ni-Nb-N) is a key material used in heat exchangers in supercritical power
plants. Its creep properties and microstructural evolution has been extensively studied at or below
650 ◦C. The precipitation evolution in HR3C steel after creep rupture at elevated temperatures of
700 ◦C and 750 ◦C with a stress range of 70~180 MPa is characterized in this paper. The threshold
strength at 700 ◦C and 750 ◦C were determined by extrapolation method to be σ700

105 = 57.1 MPa and
σ750

105 =37.5 MPa, respectively. A corresponding microstructure investigation indicated that the main
precipitates precipitated during creep exposure are Z-phase (NbCrN), M23C6, and σ phase. The dense
Z-phase precipitated dispersively in the austenite matrix along dislocation lines, and remained stable
(both size and fraction) during long-term creep exposure. M23C6 preferentially precipitated at grain
boundaries, and coarsening was observed in all creep specimens with some continuous precipitation
of granular M23C6 in the matrix. The brittle σ phase formed during a relatively long-term creep,
whose size and fraction increased significantly at high temperature. Moreover, the σ phases, grown
and connected to form a large “island” at triple junctions of grain boundaries, appear to serve as
nucleation sites for high stress concentration and creep cavities, weakening the grain boundary
strength and increasing the sensitivity to intergranular fracture.

Keywords: HR3C steel; microstructure; creep rupture; precipitates

1. Introduction

HR3C (25Cr-20Ni-Nb-N) is an advanced austenitic steel, used as a superheater and re-
heater in ultra-supercritical (USC) boilers for its high-temperature oxidation resistance and
outstanding creep strength [1,2]. Nevertheless, the microstructural degradation, especially
precipitation behavior, inevitably affects the mechanical properties during long-term creep
or exposure to temperatures of 600 ◦C and above.

In austenitic heat-resistant steel, a large number of research works reveal that the
types of precipitates during long-term service exposure or creep are mainly NbCrN
(Z-phase), M23C6, and σ phase at 600 ◦C or 650 ◦C. The precipitation and growth of
different precipitates are closely related to the microstructural stability and mechan-
ical properties [3–5]. Z-phase is a typical precipitate with a tetragonal structure with
a = 0.3073 nm and b = 0.7391 nm, which has a strong hardening effect on the performance
of the HR3C steel [6]. The fine dispersion of the Z-phase can pin dislocations and in-
crease the strength, as Golańsk et al. and Bin, W et al. reported [7,8]. M23C6 carbide,
as a metastable phase, is preferentially precipitated at the grain boundaries in the early
stage of service exposure [9]. Zhang et al. discovered the growth and coarsening of M23C6
at the grain boundary, increasing the tendency of intergranular cracking [10]. The FeCr-
type σ phase has a tetragonal structure with a = 0.88 nm and b = 0.45 nm, which is a
common precipitate in stainless steels such as AISI304, AISI321, AISI347, and other simi-
lar types [11–13]. The presence of the σ phase greatly decreases the plasticity, toughness
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strength, and corrosion resistance of heat-resistant steel after long-term service, as Cao et al.
reported [14].

However, since the temperature of the superheater and reheater in practical applica-
tions can be overheated to above 650 ◦C, additional research on the relationship between
microstructural evolution and mechanical properties at a more elevated temperature is
essential. In this study, microscopic observation and phase analysis were used to investigate
the effect of various precipitates on the creep behaviors at temperatures up to 700 ◦C and
750 ◦C under different stresses.

2. Materials and Methods

In this work, the as-received HR3C boiler tube steel was domestically manufactured
with the following specifications: outer diameter of 57 mm and wall thickness of 4.5 mm.
The chemical composition of HR3C steels in this study is listed in Table 1.

Table 1. Chemical composition of the HR3C steel (wt. %).

Element Cr Ni Nb C N Mn Si Fe

ASTM
A213

24.0~
26.0

19.0~
22.0

0.20~
0.60

0.04~
0.10

0.15~
0.35

2.00
max

1.50
max Balance

* EDS result 24.4 18.4 0.4 5.9 0.3 1.2 0.4 49.0
* EDS is carried out with a large area signal acquisition mode.

The samples for creep testing were manufactured with a diameter of 4 mm and gauge
length of 25 mm according to ASTM E8. In accordance with ASTM E 139-11, the creep tests
were carried out at 700 ◦C and 750 ◦C under different stresses of 70~180 MPa with the creep
tester (ATS arm ratio creep tester, Series 2320 Lever Arm). The temperature of the samples
was monitored by thermocouple and controlled by an induction heating system.

The microstructure was analyzed by JSM-6510 scanning electron microscope (SEM)
(JEOL Ltd., Tokyo, Japan, equipped with INCA EDS, operated at an accelerating voltage
of 20 kV), JSM-7900F high-resolution scanning electron microscope (HRSEM) (JEOL Ltd.,
Tokyo, Japan, equipped with EDS), and Philips CM200 transmission electron microscope
(TEM) (FEI Ltd., Hillsboro, OR, USA, operated at 200 kV). Specimens for SEM were pre-
pared by mechanical grinding, polishing, and final etching with Kalling’s #2 reagent. Speci-
mens for ECCI (Electron Channeling Contrast Imaging) and TEM observation were pre-
pared by mechanical grinding, polishing, and final electrolytic twin-jet polishing (Struers
TenuPol-5) with a solution of 10% perchloric acid in ethanol at 15 V for 40 s. The micro-
hardness was tested by a Vickers hardness tester (Future-Tech. JP/FM-7) under a load of
200 gf for more than 50 iterations for each specimen.

3. Results and Discussion
3.1. Creep Rupture Test

The specific conditions and results of the creep tests are displayed in Table 2.

Table 2. Creep test conditions and time till rupture.

State Stress (MPa) Time (h)

As-received - -

700 ◦C

180 398
150 1463
120 3945
90 9411

750 ◦C

140 222
110 925
90 2310
70 4680
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The relationship between the applied stress and microhardness as a function of time
till rupture is shown in Figure 1. The curve in Figure 1a shows that the long-term creep
rupture strengths of HR3C can be expressed by linear regression:

σ = A log t + B (1)

where t is the creep rupture time, σ is the applied stress, and A and B are constants which
are related to the material and test temperature. Therefore, the threshold strength of HR3C
steel at 700 ◦C and 750 ◦C after 105 h creep test can be determined by the extrapolation
method as follows: σ700

105 = 57.1 MPa, σ750
105 = 37.5 MPa. According to the safety requirement

of ASTM standard (KA-SUS310J1 TB) [15], the threshold strength for 105 h is 55 MPa at
700 ◦C and 25 MPa at 750 ◦C.
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Figure 1b shows the variation of Vickers microhardness with rupture time. The micro-
hardness increases rapidly at the early stages of the creep test and reaches the maximum
value of 231 HV at 700 ◦C/1463 h and 235 HV at 750 ◦C/2310 h. Then, the microhardness
decreases again with prolonged creep duration. The early increase in microhardness results
from the continuous precipitation of M23C6 in the early stage of the creep.

The average grain size of HR3C steel was measured with low-magnification optical mi-
croscope images by the average grain intercept (AGI) method according to ASTM E112-13.
The variation in grain size is shown in Figure 1c below. According to the ideal grain growth,

d2 − d0
2 = kt,

where d0 is the initial grain size, d is the final grain size and k is a temperature-dependent
constant given by an exponential law:

k = k0 exp (−Q/RT), (2)

where k0 is a constant, T is the absolute temperature and Q is the activation energy for
boundary mobility.

The calculated value of k with the fitting curves is 0.162 and 0.372 at 700 ◦C and
750 ◦C, respectively, which means the grain growth rate at 750 ◦C is much faster than
at 700 ◦C.

3.1.1. Fracture Morphology

SEM micrographs of the rupture surface at 700 ◦C and 750 ◦C are shown in
Figures 2 and 3, respectively. Figures 2a–c and 3a,b show a totally intergranular brittle
fracture feature with cleavage and a rock candy fracture surface. However, with de-
creasing applied stress and increasing time to rupture, a dimpled morphology appears
on the grain facets at 700 ◦C/90 MPa/9411 h in Figure 2d and 750 ◦C/90 MPa/2310 h,
750 ◦C/70 MPa/4680 h in Figure 3c,d. Creep is a time-dependent deformation under a con-
stant load or stress at elevated temperatures. Generally, the creep of a metal has three stages.
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When a high stress is applied, there is no steady stage (secondary creep stage) of continuous
microstructural changes under the service condition. The growth of M23C6 and σ phase
at the grain boundaries and the continuous precipitation of granular M23C6 in the matrix
occur at a low creep rate in the second creep stage. Coarse M23C6 and σ phase at the grain
boundaries serve as high stress concentration and creep cavity nucleation sites, leading to
the propagation of cracks on the grain boundaries and, eventually, intergranular fracture.
Some partial dimple morphology formed on the fracture facets due to the cavity developed
on the surface of M23C6 surrounded by the ductile matrix [16]. Figure 2e, the electropol-
ished fracture surface, shows large fractured σ phases on the grain boundary, indicating
the σ phases are insignificant to the strengthening.
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Figure 3. SEM micrographs of crept fractures: (a) 750 ◦C/150 MPa/222 h, (b) 750 ◦C/110 MPa/925 h,
(c) 750 ◦C/90 MPa/2310 h, and (d) 750 ◦C/70 MPa/4680 h.

3.1.2. Precipitation Behavior

Typical precipitates of HR3C steel after the creep rupture test and the corresponding
EDS results are shown in Figure 4. The EDS shows excessive precipitation at the grain
boundaries and inside the grains. The large undissolved particles inside the grains are
Cr- and Nb-rich nitrides at site 1 and site 2 (S1 and S2) in Figure 4a, and are the primary
Z-phase. The continuous chain-like precipitates in the grain boundary are identified as
Cr-rich M23C6 carbides at site 3 and site 4 (S3 and S4) in Figure 4a. In addition, the large
blocky particles (~2 µm) are Fe- and Cr-rich σ phases at site 5 and site 6 (S5 and S6).
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Figure 4. EDS analysis of precipitates in the 700 ◦C/90 MPa/9411 h crept specimen: (a) SEM
micrographs in the near-fracture region, (b) the corresponding spectrum of site 1 (S1) and (c) EDS
results of S1~S6 in (a) with red letters for major elements.

Figure 5 shows the Z-phase particles in the as-received and creep rupture specimens
of 700 ◦C/90 MPa/9411 h. In the as-received specimen, the Z-phase precipitated in the
austenite matrix uniformly, as shown in Figure 5. These coarse undissolved particles
are considered as primary Z-phase with a size of ~1 µm. This was also reported by
Zieliński, A [17]. In specimens with longer times to rupture, a fine Z-phase is observed,
as shown in Figure 5c,d, also called the secondary Z-phase, with a size of ~50 nm. By
interacting with the dislocations, present in high density, this fine dispersion of Z-phase
enhances the strength of the matrix, as reported by Hu et al. [18].
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The SEM micrographs of a triple junction of the grain boundaries of creep-ruptured
specimens at 700 ◦C and 750 ◦C are shown in Figures 6 and 7. The M23C6 precipitation
is a diffusion-type phase transformation controlled by the driving force for nucleation
and the diffusion of the C and Cr atoms in the austenite steel. Therefore, as shown
in Figures 6a and 7a, the rod-like M23C6 particles (~200 nm) preferentially precipitated
at the grain boundaries at the early stage of creep due to the higher interfacial energy
of grain boundaries and its higher atom diffusion rate compared to those of the grain
interiors [19,20]. With prolonged creep time, the M23C6 particles at the grain boundaries
coarsened (up to ~600 nm) and gradually grew into chains, thereby decreasing the pinning
efficiency. Meanwhile, the granular M23C6 particles (~200 nm) continuously precipitated in
the matrix with the extension of the creep rupture time.
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of the creep process, Figure 9a,c. At creep times of 3945 h at 700 °C and 2310 h at 750 °C, the 
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Figure 7. SEM micrographs from cross-sectional fractures of creep specimens: (a) 750 ◦C/150 MPa/222 h,
(b) 750 ◦C/110 MPa/925 h, (c) 750 ◦C/90 MPa/2310 h, and (d) 750 ◦C/70 MPa/4680 h.

Figure 8 shows the distribution of M23C6 in the 9411 h crept specimen. The chain-like
M23C6 carbides distributed along the grain boundaries and fine granular M23C6 carbides
precipitated in the grain interior are shown in Figures 8b and 8c, respectively. Consistent
with Figures 6a and 7a, the preferred precipitation of M23C6 carbides at the grain boundaries
occurred due to the grain boundary having a higher interfacial energy and a faster diffusion
rate for alloying atoms than in the grain interior [21]. The M23C6 carbides precipitated in
the grain boundaries could provide good creep resistance due to the pinning effects of grain
boundaries at the early stage of creep. However, M23C6 carbide is metastable, with low
thermodynamic stability [22]. The coarsening of M23C6 carbides noticeably weakened the
grain boundaries and increased the risk of embrittlement. In addition, the growth of Cr-rich
M23C6 consumed Cr from the matrix and contributed to the formation of a Cr-depleted
region near the grain boundaries, resulting in intergranular corrosion [23–25]. On the other
hand, the fine M23C6 precipitated in the grain interior increased the strength of the matrix
through precipitate hardening and preventing the motion of dislocations according to the
Orowan law, as shown in Figure 8c.
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Figure 8. Distribution of M23C6 in the 9411 h crept specimen: (a) SEM micrographs of two
kinds of M23C6, (b) TEM micrographs of coarsened M23C6 distributed along the grain boundary,
and (c) TEM micrographs of fine M23C6 in the grain interior. Precipitates in dotted circles indicate
chain-like M23C6 at the grain boundary and precipitates in solid rectangles indicate granular M23C6

in the grain interior.

The ECCI micrographs of precipitations in the grain boundaries are shown in Figure 9.
It can be seen that only M23C6 carbides are observed in the grain boundaries at the begin-
ning of the creep process, Figure 9a,c. At creep times of 3945 h at 700 ◦C and 2310 h at
750 ◦C, the blocky σ phase was observed at the grain boundaries. It can be seen that the
blocky σ phase grew and connected to a larger σ phase “island”, serving as nucleation sites
for high stress concentration and creep cavities and leading to the propagation of cracks on
the grain boundaries and an eventual intergranular fracture, as shown in Figure 9d.
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Figure 9. ECCI micrographs from cross-sectional fractures of creep specimens: (a) 700 ◦C/180 MPa/
398 h, (b) 700 ◦C/90 MPa/9411 h, (c) 750 ◦C/150 MPa/222 h, and (d) 750 ◦C/70 MPa/4680 h.

The EBSD micrographs of 398 h and 9411 h crept specimens at 700 ◦C are shown in
Figure 10. As shown in Figure 10a–c, there is no σ phase observed at 398 h. At 9411 h, the
blocky σ phase formed along the high-angle grain boundaries, as presented in Figure 10d–f.
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Figure 10. EBSD micrographs of 398 h crept specimen: (a) image quality, (b) inverse pole figure,
and (c) phase map with grain boundary; and 9411 h crept specimen with σ phase: (d) image quality,
(e) inverse pole figure, and (f) phase map with grain boundary.

Figure 11 shows the area fractions of Z-phase, M23C6, and σ phase at the two temper-
atures. Note that the fraction of Z-phase changes little with creep time and temperature
compared to the M23C6 and σ phase due to its slower nucleation and growth rate [10].
In addition, the size of the fine Z-phase remains s at ~50 nm. In contrast, the fraction of
M23C6 and σ phase grow linearly with creep time. The growth rate of M23C6 gradually
decreases at both temperatures. This has two main reasons: (1) though the preferred M23C6
precipitate at the grain boundaries is easily coarsened with increasing creep time, the fine
M23C6 carbides in the grain interior are stable; (2) the precipitation of σ phase consumes
the Fe and Cr, presumably suppressing the formation of M23C6 carbides [11]. The early
increase in microhardness results from the continuous precipitation of M23C6 in the early
stage of the creep as shown in Figure 2b. The growth of the σ phase is linear at the grain
boundaries (the first three data points are σ phase free). The growth rate of σ phase at
750 ◦C is almost twice that at 700 ◦C.
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In summary, the microstructural evolution of HR3C in this study can be characterized
as follows: (1) before the creep test, the HR3C specimen had a Z-phase distributed both
on the boundary and in the interior of the grains, whereas both the σ phase and M23C6
were not present; (2) the creep-ruptured specimens had high-density M23C6 precipitated
mostly at the grain boundary from the early stage of the creep test, and grain interior M23C6
appeared at the later stage of the creep test; σ phases (up to 10 µm) were found mostly at
the grain boundary, whereas the Z-phase appeared very stable and did not show much
difference compared to the before test. The coarse σ phases were observed as fractured at
the creep rupture surface.

4. Conclusions

Standard creep rupture strength tests were carried out for HR3C steel at 700 ◦C and
750 ◦C. The results show that the HR3C steel in this study has good creep performance. The
major precipitates in this alloy, i.e., Z-phase, M23C6, and σ phase, are densely distributed
on and along the grain boundaries, with some presence in the grain interior. The nucleation
and growth of these phases have significant effects on the creep rupture behavior:
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1. The dense Z-phase, including primary coarse Z-phase (~1 µm) and secondary fine
Z-phase (~50 nm), dispersively precipitated in the matrix along the dislocation lines.
Moreover, it showed high stability (both the size and the area fraction of ~0.8%)
against coarsening with the extension of creep time;

2. The M23C6 preferentially precipitated at the grain boundaries and coarsened distinctly
from ~200 nm to ~600 nm after a creep rupture of 9411 h. Meanwhile, granular M23C6
continuously precipitated in the matrix with the extension of creep rupture time and
kept a relatively stable size of ~200–300 nm under long-term creep exposure;

3. The σ phase did not observe in the early stage of creep exposure till 700 ◦C/120 MPa/
3945 h and 750 ◦C/120 MPa/2310 h. The fraction of the σ phase grew linearly with
increasing time to rupture and the growth rate of σ phase at 750 ◦C was higher than
at 700 ◦C;

4. All the crept HR3C specimens showed the intergranular brittle fracture under different
stresses. As the time to creep rupture increased (low creep stress), partial dimple
morphology formed on fracture facets by the void nucleation of M23C6. Coarse
M23C6 and σ phase at the grain boundaries served as nucleation sites for high stress
concentrations and creep cavities and led to the propagation of cracks on the grain
boundaries and an eventual intergranular fracture;

5. Creep rupture mechanism and corrosion: the creep rupture specimens showed a
typical intergranular fracture with small dimples caused by the decoupling of M23C6,
indicating that the grain boundary was weakened due to the dense precipitation of
this phase, even though the matrix was ductile enough to show dimples. The coarse
and brittle σ phases do not play any significant role in strengthening. The depletion
of Cr in the periphery of the grain boundary is expected to be a cause of corrosion.
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