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Preface

The 29th International Conference on Amorphous and Nanocrystalline Semiconductors (ICANS

29) served as a continuation of the biennial conference that has been held since 1965. ICANS 29

was held from 23 to 26 August at the campus of Nanjing University—a great venue for global

academic researchers, industrial partners, and policy makers to come together and share their latest

progress, breakthroughs, and new ideas on a wide range of topics in the fields of amorphous and

nanocrystalline thin films and other nanostructured materials, as well as device applications.

It was the first time that this prestigious event was held in China, and it provided the perfect

opportunity for young Chinese researchers and students to participate more actively in academic

exchange as a part of the conference and become familiarized with the latest developments in the

fields in which they work. And despite a one-year delay due to the COVID-19 pandemic, ICANS 29

still attracted more than 300 paper submissions from 11 countries, including both on-site and virtual

oral and poster presentations, which made it truly both a global and hybrid conference.

For this Special Issue, twenty-one papers presented at the ICANS 29 were selected by the

journal Nanomaterials for publication following a rigorous peer-review process. The scope of this

Special Issue is to include recent developments and research activities in the field of amorphous and

nanocrystalline semiconductors. This encompasses topics such as Si-based, oxide, perovskite, 2D

thin films and nanostructures; device applications for TFTs, solar cells, and LEDs; as well as memory

devices and emerging flexible electronics and neuromorphic applications. The papers collected here

only reflect a portion of the topics presented in this conference. We hope that this Special Issue will

stimulate fruitful discussions and cooperation between experts in academia and industry who work

in the field of amorphous and nanocrystalline semiconductors. It was also a wonderful gift to have

hosted the ICANS29 in Nanjing, China.

We would like to thank all of the authors and the Nanomaterials Editorial Office for their great

contributions and excellent work.
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Editorial

Editorial for the Special Issue “Amorphous and Nanocrystalline
Semiconductors: Selected Papers from ICANS 29”
Kunji Chen 1,* , Shunri Oda 2 and Linwei Yu 3

1 School of Electronic Science and Engineering, National Laboratory of Solid State Microstructures,
Nanjing University, Nanjing 210093, China

2 Quantum Nanoelectronics Research Center, Tokyo Institute of Technology, 2-12-1 Ookayama, Meguro-ku,
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3 National Laboratory of Solid State Microstructures, School of Electronics Science and Engineering,
Collaborative Innovation Center of Advanced Microstructures, Nanjing University, Nanjing 210093, China;
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* Correspondence: kjchen@nju.edu.cn

The 29th International Conference on Amorphous and Nanocrystalline Semiconduc-
tors served as a continuation of the biennial conference that has been held since 1965.
ICANS 29 was held from 23 to 26 August at the campus of Nanjing University—a great
venue for global academic researchers, industrial partners, and policy-makers to come
together and share their latest progress, breakthroughs, and new ideas on a wide range of
topics in the fields of amorphous and nanocrystalline thin films and other nanostructured
materials, as well as device applications.

It was the first time that this prestigious event was held in China, and it provided the
perfect opportunity for young Chinese researchers and students to more actively participate
in academic exchange as a part of the conference and get to know the latest developments
in the fields in which they work. And despite a one-year delay due to the COVID-19
pandemic, ICANS 29 still attracted more than 300 paper submissions from 11 countries,
including on-site or online oral and poster presentations, which made it truly both a global
and hybrid conference.

For this Special Issue on “ICANS29”, twenty-one papers presented at the 29th ICANS
have been selected by the Journal of Nanomaterials for publication, following a rigorous
peer-review process. The scope of this Special Issue is to provide recent developments
and research activities in the field of amorphous and nanocrystalline semiconductors. This
includes topics such as Si-based, oxide, perovskite, 2D thin films and nanostructures, device
applications for TFTs, solar cells, and LEDs, as well as memory devices and emerging flexi-
ble electronics and neuromorphic applications. For example, new fabrication technologies
of amorphous and nanocrystalline thin films, electronic and optical characteristics, and
device applications are presented and discussed in [1–21], including theoretical work in an
ab initio study [9], controllable growth and formation of Si nanowires [1], nanocrystals [2],
and quantum dots [3,4]. There are also several papers that cover emerging memory devices.
These include phase change memory [5–9] based on amorphous chalcogenide thin films
and memristors based on transition metal oxides acting as an artificial synapse [10–12]; the
improvement of electro-luminescence (EL) efficiency Er-doped oxide thin films [13–15]; 2D
semiconductor thin films and perovskite for solar cells and aqueous Zn-air battery [16–19];
and flexible electronic materials for integrated strain sensors [20,21]. We anticipate that this
Special Issue should interest a broad audience in these related fields.

In terms of the content of this Special Issue, the first paper, from Yu’s group [1], de-
tails the process of growing a uniform ordered ultrathin Si nanowire (SiNW) array by a
nano-stripe-confined approach to produce highly uniform indium catalyst droplets via
a relatively new in-plane solid–liquid–solid growth model. The diameters of the ultra-
thin SiNWs can be scaled down to only 28 ± 4 nm, which opens up a reliable route to
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batch-fabricate and integrate ultrathin SiNW channels for various high-performance field
effect transistors (FET), sensors, and display applications. Xu’s group [2] describes using Si
nanocrystals (NCs)/SiC multilayer structures to form uniform SiNCs by plasma-enhanced
chemical vapor deposition (PECVD) via the interface-confinement growth approach. The
results show that the main EL near 750 nm can be obtained from 4 nm sized NCs. More-
over, it was found that the external quantum efficiency (EQE) of SiNCs/SiC multilayer
light-emitting diode (LED) can be improved by phosphor doping. Pi’s group [3] used
nonthermal plasma to synthesize Si quantum dots (QDs) hyper-doped with Er at the con-
centration of ~1% to obtain near-infrared (NIR) light emission at a wavelength of ~830 and
~1540 nm. Furthermore, an ultrahigh ηET (~93%) was obtained owing to the effective energy
transfer from SiQDs to Er3+. The results suggest that Er-hyper-doped SiQDs have great
potential for the fabrication of high-performance near-infrared (NIR) light-emitting devices.
Additionally, Miyazaki’s group [4] demonstrated the high-density formation of SiQDs with
Ge-core on ultrathin SiO2 with the control of highly selective chemical vapor deposition
for NIRLED applications. The results show that light emission is attributed to radiative
recombination between quantized states in the Ge-core with a deep potential well for holes
caused by electron/hole simultaneous injection from the gate and substrate, respectively.

The study of amorphous chalcogenide phase change characteristics and phase change
random access memory (PCRAM) devices is one of the most active areas of research fea-
tured in this conference. Song’s group [5] investigated the microstructural characterization
and electrical properties of the Ta-doped Sb3Te1 films. The results show that Ta1.45Sb3Te1
has enhanced thermal stability, reduced grain size, and increased the switching speed of
PCRAM devices. Wu’s group [6] reported the effect of carbon doping on Sb2Te3. It was
found that the face-centered cubic (FCC) phase of C-doped Sb2Te3 appeared at 200 ◦C
and began to transform into the hexagonal (HEX) phase at 25 ◦C. Based on the first prin-
ciple density functional theory calculation, it was found that the formation energy of the
FCC–Sb2Te3 structure decreases gradually with an increase in C-doping concentration.
In addition, Zheng’s group [7] studied the relationship between electron transport and
microstructure in mature Ge2Sb2Te5 (GST) alloy. The results indicated that the first resis-
tance dropping in GST films is related to the increase in carrier concentration. However,
the second drop is related to the increase in carrier mobility. In order to suppress the
crosstalk and provide a high on-current to melt the incorporated phase change materials
in the PCRAM array and 3D stacking chips, the authors [8] investigated the influence of
Si concentration on the electrical properties of the Si-Te ovonic threshold selector. The
results showed that the threshold voltage and leakage current remain basically unchanged
with the electrode size scaling down. In addition, Kolobov’s group [9] studied the effect
of doping in typical chalcogenide glass As2S3 with transition metals (TM), such as Mo,
W, and V, by using first-principal scaling simulations. The results indicated a strong ef-
fect of TM deposits on electronic structures of the a-As2S3 as well as an appearance of a
magnetic response, which suggests that chalcogenide glasses doped with TMs may be-
come a technologically important material. Besides the PCRAM devices, the memristive
devices based on a metal–insolate–metal (MIM) structure with a transition metal oxide
dielectric layer are yet another kind of emerging memory device discussed in this Special
Issue. Ma’s group [10] reported that the controllable memory window of the HfO2/TiOx
memristive device could be obtained by tuning the thickness ratio of sublayers. As an
artificial synapse based on HfO2/TiOx memristor, stable, controllable biological functions
have been observed, which provides a hardware basis for their integration into the next
generation of brain-inspired chips. In addition, they [11] described the a-SiNx:H-film-based
resistive switching memory and used the transient current measurements to discover the Si
dangling bonds nanopathway in a-SiNx:H resistive switching memory. Moreover, they [12]
also employed the capacitance–voltage (C-V) measurements to investigate how to control
the carrier injection efficiency in 3D nanocrystalline Si floating gate memory.

Sun’s group [13,14] studied the luminescence characteristics of metal oxides doped by
rare-earth elements. Firstly, the amorphous Al2O3-Y2O3:Er nanolaminate films prepared by

2
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atomic layer deposition with 1530 nm EL were obtained. It was found that the introduction
of Y2O3 into Al2O3 reduced the electric field for Er excitation, and the EL performance
was significantly enhanced. Additionally, a YBO3 phosphor co-doped by Bi3+ and Gd3+

was prepared via high-temperature solid-state synthesis. The strong photon emissions
were found under both ultraviolet and visible radiation, which could serve as a potential
application for skin treatment. On the other hand, an intriguing phenomenon was discov-
ered by Huang’s group [15]. The PL properties and stability of CsPbBr3 QDs films can be
enhanced by an a-SiCxNy:H encapsulation layer prepared using a very-high-frequency
PECVD technique. This method not only reduced the impact of air, light, and water on
the QDs but also effectively passivated their surface defect states, leading to improved
PL efficiency.

There are also two papers on solar cells from Wang’s group [16], which focus on how
to employ TiO2/SnO2 bilayer electron transport layer (ETL) to construct high-performance
perovskite solar cells (PSCs). Such a bilayer structure ETL can not only produce a larger
grain size of PSCs but also provide a high current density and reduced hysteresis. Their
other paper [17] demonstrated high-performance Ag/ITO/CuO2/ZnSnN2/Au hetero-
junction solar cells. The crucial technique employed was a nanocrystallization process,
which can greatly reduce the electron density of the ZnSnN2 sublayer. Song’s group [18] de-
signed 2D van der Waal (vdW) heterostructures, such as BP/BP/MoS2, BlueP/BlueP/MoS2,
BP/graphene/Mos2 and BlueP/graphene/MoS2, etc., trilayer structures, and stimulated
using the first-principles calculation to discover new optoelectronic properties. It is sug-
gested that sophisticated 2D trilayer vdW heterostructures can provide further optimized
optoelectronic devices. For the study of 2D materials, Song’s group [19] reported a stable
rechargeable aqueous ZN-air battery by using a heterogeneous 2D MoS2 cathode catalyst,
which demonstrated a capacity of 330mAhg−1 and a durability of 500 cycles (~180 h) at
0.5 mAcm−2. The hydrophilic and heterogeneous MoS2 catalysts were prepared through a
simple hydrothermal synthesis method.

Finally, this Special Issue features a study of the flexible electronic materials for sensor
device applications. Shi and Pan’s group [20,21] presented a scalable porous piezoresis-
tive/capacitive dual-mode sensor with a porous structure in polydimethylsiloxane (PDMS)
and with multi-walled carbon nanotubes (MLCNTs) embedded on its internal surface to
form a 3D spherical-shell-structured conductive flexible network. This kind of polymer
flexible sensor can be assembled into a wearable sensor that has a good ability to detect
human motion and can be used for simple gesture and sign language recognition. More-
over, they also proposed a novel approach that combines self-assembled technology to
prepare a high-performance flexible capacitive pressure sensor with a microsphere-array
gold electrode and a nanofiber nonwoven dielectric material. The results of COMSOL sim-
ulations and the experiments showed that the flexible capacitive pressure sensor exhibits
excellent performance in pressure measurements and has significant potential for electronic
skin applications.

The papers collected here only reflect a portion of the topics presented in this confer-
ence. We hope that this Special Issue will stimulate fruitful discussions and cooperation
between experts in academia and industry who work in the field of amorphous and
nanocrystalline semiconductors. It has also been a wonderful gift to have hosted the
ICANS29 in Nanjing, China.

We would like to thank all of the authors and the Nanomaterials Editorial Office for
their great contributors and excellent work.
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Abstract: Uniform growth of ultrathin silicon nanowire (SiNW) channels is the key to accomplishing
reliable integration of various SiNW-based electronics, but remains a formidable challenge for catalytic
synthesis, largely due to the lack of uniform size control of the leading metallic droplets. In this work,
we explored a nanostripe-confined approach to produce highly uniform indium (In) catalyst droplets
that enabled the uniform growth of an orderly SiNW array via an in-plane solid–liquid–solid (IPSLS)
guided growth directed by simple step edges. It was found that the size dispersion of the In droplets
could be reduced substantially from Dpl

cat = 20 ± 96 nm on a planar surface to only Dns
cat = 88 ± 13 nm

when the width of the In nanostripe was narrowed to Wstr = 100 nm, which could be qualitatively
explained in a confined diffusion and nucleation model. The improved droplet uniformity was then
translated into a more uniform growth of ultrathin SiNWs, with diameter of only Dnw = 28 ± 4 nm,
which has not been reported for single-edge guided IPSLS growth. These results lay a solid basis for
the construction of advanced SiNW-derived field-effect transistors, sensors and display applications.

Keywords: silicon nanowires; confined catalyst formation; in-plane solid–liquid–solid growth

1. Introduction

Silicon nanowires (SiNWs) are one of the promising 1D channel materials for the
construction of high-performance field-effect transistors (FETs) [1–3], display logics [4–6]
and sensors [7–10], due to their large surface-to-volume ratio and excellent electrostatic
modulation capability in a fin or gate-all-around gating configuration. Compared to the
sophisticated top-down patterning and etching strategy, the bottom-up catalytic growth of
SiNWs, led by metal catalyst droplets, for example via the famous vapor–liquid–solid (VLS)
growth mechanism [11–15], offers a low-cost, high-yield and diverse fabrication strategy.
Many advanced nanoelectronics have been successfully demonstrated based on VLS-grown
SiNWs serving as semiconducting channels [16–19]. However, a major challenge for the
catalytic growth of SiNWs, in view of scalable electronic applications on planar substrate,
is how to integrate or grow them directly into pre-designed locations without the use of
post-growth transferring and alignment, while a uniform diameter control of the as-grown
SiNWs, determined usually by the leading catalyst droplets [20,21], is also highly desirable.

In order to gain better control of the catalytic growth of SiNWs, an in-plane solid–
liquid–solid (IPSLS) growth strategy has been developed in our previous works [22–24],
where a hydrogenated amorphous Si (a-Si) thin film is deposited upon a substrate surface
to serve as the precursor layer for the indium (In) catalyst droplets to absorb and produce
continuous polycrystalline SiNWs. In principle, the IPSLS growth of SiNWs is driven by the
higher Gibbs energy in the disordered a-Si precursor layer, with respect to the crystalline
phase of SiNWs, where the In droplets serve as a moving mediator to facilitate the phase
conversion [22,23,25,26]. More importantly, the In catalyst droplets can be guided by pre-
patterned edge lines to produce SiNW arrays along their moving courses [27–29], which
is a key aspect that enables the scalable and precise integration of an orderly SiNW array.
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Similarly to that in VLS growth, the diameter of the IPSLS SiNWs is basically determined
by the size of the leading catalyst droplets [22,30,31]. However, for the formation of the In
catalyst droplets by using an H2 plasma treatment on a free planar surface or in relatively
wide In stripes with a width >2 µm, as seen, for example, in Figure 1d(i,iii), the size
dispersion of the In droplets is usually quite large (see, for instance, the SEM image in
Figure 1d(iv)). Then, this random size variation in the catalyst droplets will be passed
on to the as-grown SiNWs (Figure 1a), with larger diameter Dnw variation, which will
pose a disadvantage to the device reliability [32], causing large fluctuations in the Ion/off
ratio [33], mobility [34] and subthreshold swing (SS) [35,36], as diagrammed in Figure 1b.
Therefore, it is of paramount importance to seek a new approach to greatly improve the
diameter uniformity of the IPSLS SiNWs, which is indispensable for achieving a reliable
electronic integration (Figure 1c). Actually, for the VLS growth of SiNWs, many catalyst
formation control technologies have been explored to control the initial size of the catalyst
metal droplets, such as via temperature control [37] and EBL pattern [38,39], which have
proven rather efficient to produce highly uniform vertical VLS-grown SiNWs. Following
these insights, the key to control the uniformity of IPSLS SiNWs is to accomplish, first
and foremost, a uniform size control of the leading catalyst droplets, which unfortunately
remains an unexplored topic for the IPSLS growth of SiNWs. In this work, a new nanostripe-
confined catalyst formation approach is proposed and tested to obtain (Figure 1e), first, a
uniform formation of In catalyst droplets, and then, use them to produce more uniform and
ultrathin SiNWs with diameter of Dnw = 28 ± 4 nm, as a key basis for the future scalable
and reliable integration of SiNW-based electronics.
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Figure 1. (a) Schematic illustration showing that the diameters of the SiNWs grown via IPSLS mode 
are determined by the size of the leading droplets. In view of serving as FET channels, in fin-gate or 
gate-all-around configurations, as depicted in (b), a uniform array of SiNW channels, for instance, 
those in (c), is highly desirable. (d) Panel (i, ii) diagram of the formation of random In catalyst drop-
lets within the wide In stripes or planar surface, as observed in SEM images of the In grains before 

Figure 1. (a) Schematic illustration showing that the diameters of the SiNWs grown via IPSLS mode
are determined by the size of the leading droplets. In view of serving as FET channels, in fin-gate or
gate-all-around configurations, as depicted in (b), a uniform array of SiNW channels, for instance,
those in (c), is highly desirable. (d) Panel (i,ii) diagram of the formation of random In catalyst droplets
within the wide In stripes or planar surface, as observed in SEM images of the In grains before (iii) and
after (iv) H2 plasma treatment. In comparison, (e) depicts the formation of rather uniform In droplets
by using a narrow In stripe with a width down to 100 nm, with the key fabrication steps depicted in
(i,ii) catalyst formation by H2 plasma treatment, (iii) amorphous silicon (a-Si) precursor coating, and
(iv) annealing to activate the SiNW to grow by consuming the a-Si layer. Scale bars in panels (iii,iv)
in (d) are all for 200 nm.
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2. Materials and Methods
2.1. Preparation of Catalyst Nanostripes

A silicon wafer coated with 500 nm thick SiO2 was first cleaned using acetone, alcohol
and deionized water. The guiding edges, single-sided step edges, with etching depth of
~150 nm were prepared on the SiO2 surface by using standard photolithography and RIE
etching procedures, as depicted in Figure 2a. Then, polymethyl methacrylate (PMMA)
photoresist with thickness of 200 nm was spin-coated on the substrate at 3000 r/min. After
that, a series of empty stripe regions with width (Wstr) ranging from 100 nm to 500 nm
were patterned by electron beam lithography (EBL) in scanning electron microscopy with a
dose value of 240. Finally, 16 nm In stripes were deposited via thermal evaporation, and
the In stripes were obtained via standard lift-off procedure.
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Figure 2. (a) Schematic illustration of the formation of uniform In droplets from narrow In stripes
prepared by using EBL. (b) The SEM image of the initial discrete In catalyst grains evaporated on the
nanostripe region with a width of 100 nm, while the inset shows the cross-sectional view of these
pancake-shaped catalyst grains. (c) The formation of a chain of uniform In droplets after H2 plasma
treatment. (d) Tilted and cross-sectional view diagrams of the In grains evaporated (i,ii) and after H2

plasma treatment (iii,iv) within the nanostripe regions. (e) Statistics of the droplet diameters formed
within a strong nanostripe confinement (light blue, for narrow Wstr = 100 nm) or on a much wider In
stripe (light red, with Wstr > 2 µm). Scale bars in (b,c) stand for 100 nm.
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2.2. Growth of Ultrathin SiNW Array

The samples were loaded into a PECVD system and treated by H2 plasma under
200 ◦C, with H2 flow of 14 SCCM and pressure of 140 Pa. An H2 plasma treatment was
performed to produce H+ radicals and reduce the thin In2O3 oxide layer formed on the
surface of the indium grains, so as to release them to deform and merge into discrete and
spherical droplets. Then, the 10 nm thick a-Si:H precursor layer was deposited at 100 ◦C,
with a gas flow rate and chamber pressure of 5 SCCM and 20 Pa, respectively. After that,
the substrate temperature was raised to ~350 ◦C and kept in vacuum for 1 h. The extra a-Si
supply on the vertical sidewall surfaces attracted the In droplets to move along the edge
lines to produce SiNW arrays by converting the a-Si layer into crystalline SiNWs. Finally,
the remnant a-Si layer was selectively etched off by using H2 plasma at ~120 ◦C for 5 min,
with typical gas flow rate and chamber pressure of 15 SCCM and 140 Pa, respectively.

3. Results and Discussion
3.1. Formation of Uniform In Droplets from Narrow In Stripes

After H2 plasma treatment, the surface oxide layers of the In catalysts were removed,
and the initial faceted and irregular In grains (see the SEM characterization in Figure 2b,
for example) were transformed into discrete spherical droplets (Figure 2c). Actually, for
the In stripe of Wstr = 100 nm, the initial In grains were of flat pancake shapes, as wit-
nessed in the cross-sectional SEM view provided in the inset of Figure 2b and illustrated
in Figure 2d(i,ii), with many random small grains resting among the larger ones. Af-
ter H2 plasma treatment at a temperature higher than the In melting point of 156 ◦C,
the In droplets were allowed to transform into energetically more favorable spherical
shapes, as observed in Figure 2c and depicted in Figure 2d(iii,iv), while the closely neigh-
bored In grains could also agglomerate into bigger ones. Interestingly, compared to
the size distribution of the In droplets formed on the planar surface (or within much
wider stripes Wstr > 2 µm, the red columns in Figure 2e), the size dispersion of the In
droplets within narrow stripes (blue, for Wstr = 100 nm) could be substantially reduced
from D2µm

In =20 ± 96 nm to D100nm
In = 88 ± 13 nm, which is highly beneficial for achieving

uniform size control of the In catalyst droplets and thus the as-grown SiNWs.

3.2. In Droplet Formation on Nanostripes of Different Widths

In order to understand how the nanostripe confinement helped to improve the unifor-
mity of the catalyst formation, a series of In stripes with different widths of 200 nm, 300 nm
and 500 nm were prepared by using EBL, with a constant In thickness of 16 nm. Indeed, as
seen in Figure 3a–c and the corresponding statistics in Figure 3d–f, there was a clear trend
where the size dispersion of the relatively large In droplets, highlighted by different colors,
could be gradually improved from D500nm

In = 218 ± 31 nm to D300nm
In = 151 ± 27 nm and

D200nm
In = 172 ± 16 nm, with the decrease in the In stripe width. Meanwhile, there was

also a high-density population of much smaller droplets, with typical diameter of ~50 nm,
among the larger ones, which all had a similar size distribution for different In stripe
widths. In addition, for the same stripe width of 300 nm (Figure 3b), if the In thickness was
increased from 16 nm to 32 nm, the In grains were found to merge with their neighbors, as
seen in Figure 3g, while the resulting In droplets after H2 plasma treatment became not
only larger in diameter but also far more uniform than those observed in Figure 3b, with
D300nm

In_32nm = 270 ± 15 nm (Figure 3h).
These catalyst droplet formation phenomena could be explained based on the follow-

ing considerations: at the very beginning of the evaporation, the In atoms, evaporated by
thermal evaporation, will land on the sample surface and diffuse on the empty surface
until they run into each other to form more stable nuclei (as depicted schematically by the
left panel of Figure 3i). In the next step, more adatoms continue to arrive and get trapped
by the nearest nuclei (the right panel of Figure 3i) if they fall within the corresponding
surface collection zone, which is roughly measured by the typical diffusion length of the
In atoms λIn. On a planar surface, the area of the collection zone can be approximated
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by Sad_planar ∼ d2
s ∼ 4λ2

In, where ds is the separation between the initial nucleation sites
or grains ds ∼ 2λIn. According to the average large grain-to-grain separations, extracted
from the droplets on the planar surface, as seen, for example, in Figure S1, the average
separation is estimated from the density by ds = n−1/2

In ∼ 244 nm, or a λIn ∼ 122 nm.
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or on a planar surface can be written as 𝐷𝐷𝐼𝐼𝑛𝑛_𝑛𝑛𝑠𝑠𝑝𝑝

3 ~𝑆𝑆𝑎𝑎𝑎𝑎  𝑡𝑡𝐼𝐼𝑛𝑛 = 𝑑𝑑𝑛𝑛 𝑊𝑊𝑛𝑛𝑠𝑠𝑝𝑝 𝑡𝑡𝐼𝐼𝑛𝑛  and 
𝐷𝐷𝐼𝐼𝑛𝑛_𝑝𝑝𝑝𝑝𝑎𝑎𝑛𝑛𝑎𝑎𝑝𝑝
3 ~𝑆𝑆𝑎𝑎𝑎𝑎  𝑡𝑡𝐼𝐼𝑛𝑛 = 𝑑𝑑𝑛𝑛2 𝑡𝑡𝐼𝐼𝑛𝑛, respectively. Considering the random variation of the grain-to-

grain separation δ𝑑𝑑𝑛𝑛, that is 𝑑𝑑𝑛𝑛 = 𝑑𝑑𝑛𝑛��� + δ𝑑𝑑𝑛𝑛, as the major source of size fluctuations, its 
influence on the final diameter dispersions/variations of the In droplets within a 
nanostripe or on a planar surface can be derived as,  

Figure 3. (a–c) SEM images of the In droplets formed on the nanostripes with the same In thickness
of 16 nm but different Wstr = 200 nm, 300 nm and 500 nm, with corresponding diameter statistics
displayed in (d–f). In comparison, the In catalyst formations within a stripe width of 300 nm, with a
thicker In thickness of 32 nm, are presented in (g,h) for the situations of initial grains and the droplets
formed after H2 plasma treatment. (i) depicts schematically the (left) initial In atom nucleation and
(right) subsequent merging stages during the thermal evaporation. (j,k) illustrate the formation
of discrete In nucleation sites and their collection zones, delineated by the dashed circles, within
nanostripe widths of Wstr ~ 3λIn and Wstr ~ 2λIn, respectively. (l) illustrates that the surface diffusion
of In adatoms over the PMMA pattern edges is very inefficient or inhibited. Scale bars in (a–c,g,h) are
all for 200 nm.

Moreover, for the nanostripe-confined catalyst formation, the surface diffusion of the
In adatoms on the PMMA resistor polymer surface is considered to be very inefficient, and
thus, there is likely little flux contribution coming from the PMMA surface to the stripe
regions, as schematically depicted in Figure 3l. So, for the initial nucleation formation
within a nanostripe region with Wstr < ds or 2λIn, the effective area of the adatom collection
zone is reduced and becomes Sad_str = ds Wstr < d2

s .
In this scenario, the volume of the final catalyst droplets formed within a nanos-

tripe or on a planar surface can be written as D3
In_str ∼ Sad tIn = ds Wstr tIn and

D3
In_planar ∼ Sad tIn = d2

s tIn, respectively. Considering the random variation of the grain-

9



Nanomaterials 2023, 13, 121

to-grain separation δds, that is ds = ds + δds, as the major source of size fluctuations, its
influence on the final diameter dispersions/variations of the In droplets within a nanostripe
or on a planar surface can be derived as,

δDIn_str ∼ δds
Wstr

3D2
In/tIn

(1)

δDIn_planar ∼ δds
2ds

3D2
In/tIn

(2)

Obviously, for a narrow In stripe confinement, Wstr � ds, the random diameter
fluctuation passed to the catalyst droplets can be greatly suppressed within the nanostripe,
as δDIn_str � δDIn_planar. Additionally, it can be seen from both Equations (1) and (2) that,
with a larger In catalyst droplet, the diameter fluctuation should also decrease, because of
the denominator term of 3D2

In/tIn.
Meanwhile, the formation of the tiny grains among the large ones should happen at

a later stage, that is, after the formation of the large grains. This can be clearly seen from
the cross-sectional SEM view in Figure S2, where the small grains only exist in the spare
regions among the large grains, with a much lower height than their larger neighbors. The
emergence of such small grains seems to indicate that, with the increase in more In coverage
on the sample surface, the irradiation heating (from the evaporation crucible below) on
the sample is gradually decreased, probably due to the enhanced reflection of In layer
coating deposited on the sample surface. This thus leads to a temperature decrease on the
sample surface that quickly reduces the diffusion distance of the adatoms on the surface,
as λIn ∼ λ0e−Ed/kT is highly temperature-dependent, where Ed is the diffusion barrier
height on the SiO2 substrate surface. So, confining the catalyst formation within a narrow
stripe region, with Wstr � 2 ds at least during the initial nucleation stage, provides indeed
a convenient and efficient way to suppress the random size fluctuation of the catalyst
droplets (seen in Figure 3j,k). It is also predicted that maintaining suitable heating on the
substrate holder, though not available for the current experimental setup in this work,
could help to further improve the uniformity of the In catalyst droplets.

3.3. Growth of Ultrathin SiNWs Led by the Uniform In Droplets

Since the SiNW diameter was basically determined by the leading In catalyst droplets
via IPSLS strategy, with Dnw ~ DIn [22,30,31] (for instance, that in Figure 4e), ultrathin
SiNW arrays, as seen in Figure 4a–c, could now be grown by using the pre-patterned
In nanostripes with Wstr = 70 nm; see Figure 4d for more information on the starting
growth location (and Figure S3 for the initial catalyst formation prior to annealing growth).
Remarkably, rather thin and uniform SiNWs with an average diameter of Dnw = 28 ± 4 nm,
according to the statistics in Figure 4f, could be grown directly by using only single-step
guided IPSLS growth, which is far more uniform and thinner, compared to the SiNWs
grown by using catalysts on much wider micro stripes (Wstr > 2 µm), as seen also with
the corresponding droplets in Figure S4 with an average diameter of Dnw = 83 ± 22 nm.
The diameter fluctuation along the SiNWs was caused mostly by the roughness of the
guiding edge. In addition, the catalyst droplets will remain at the end of SiNWs after
growth by using the IPSLS strategy (Figure 4e) and can be easily removed by using dilute
hydrochloric acid before the fabrication of high-performance devices. These results indicate
a new narrow-stripe-confined catalyst formation strategy to obtain uniform indium catalyst
droplets, as a key to substantially suppress the SiNW-to-SiNW diameter variation. As a
matter of fact, the construction of high-performance SiNW-based logics and sensors [31,40]
all demand rather thin, uniform and orderly SiNW arrays as 1D channels to achieve stronger
electrostatic modulation control [41] or higher field-effect sensitivity [42].
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(green). Scale bars in (a,c,e) are for 100 nm, (b,d) stand for 1 μm. 
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Figure 4. (a–c) SEM images of the IPSLS growth of uniform ultrathin SiNWs led by the uniform In
droplets formed within nanostripes of Wstr ~ 70 nm, with diameters of 27 nm and 25 nm in (a) and
(c), respectively. Close view of the (d) starting and (e) ending of a specific SiNW guided along the
step edge. (f) The diameter statistics of the SiNWs grown from narrow In stripe (red) and wide stripe
(green). Scale bars in (a,c,e) are for 100 nm, (b,d) stand for 1 µm.

4. Conclusions

In summary, we have established a nanostripe-confined approach for rather uniform
In catalyst formation and demonstrated an orderly growth of ultrathin SiNW arrays, with a
narrow size dispersion of only Dnw = 28 ± 4 nm, enabled by the largely improved catalyst
droplet diameter uniformity in pre-patterned nanostripe regions, which can help to largely
suppress the random diffusion and nucleation of the In catalyst adatoms particularly during
the early grain formation stage within the tightly confined nanostripe. This study opens
up a reliable route to batch fabricate and integrate ultrathin SiNW channels for various
high-performance electronics and sensor applications.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/nano13010121/s1, Figure S1: SEM image of the catalyst droplet
dispersion on planar surface after H2 plasma treatment. The average separation can be estimated
from the density by ds = n−1/2

In ∼ 244 nm; Figure S2: (a) SEM image of In grains deposited on planar
surface. (b) Cross-sectional view of the deposited In grains. The small grains only exist in the spare
regions among the large grains, with a much lower height than their larger neighbors; Figure S3: (a)
SEM image of In droplets formed on 70 nm stripe after H2 plasma treatment. (b) Diameter statistics
of the as-received In droplets, with Dcat of 55 nm ± 11 nm; Figure S4: Guided growth of SiNW arrays
via the IPSLS mode by using catalysts formed within wide stripe (>2 µm), which shows the large
diameter variation of formed catalysts (a) and the as-grown SiNW (b).
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Abstract: Developing high-performance Si-based light-emitting devices is the key step to realizing
all-Si-based optical telecommunication. Usually, silica (SiO2) as the host matrix is used to passivate
silicon nanocrystals, and a strong quantum confinement effect can be observed due to the large band
offset between Si and SiO2 (~8.9 eV). Here, for further development of device properties, we fabricate
Si nanocrystals (NCs)/SiC multilayers and study the changes in photoelectric properties of the LEDs
induced by P dopants. PL peaks centered at 500 nm, 650 nm and 800 nm can be detected, which
are attributed to surface states between SiC and Si NCs, amorphous SiC and Si NCs, respectively.
PL intensities are first enhanced and then decreased after introducing P dopants. It is believed that
the enhancement is due to passivation of the Si dangling bonds at the surface of Si NCs, while the
suppression is ascribed to enhanced Auger recombination and new defects induced by excessive
P dopants. Un-doped and P-doped LEDs based on Si NCs/SiC multilayers are fabricated and the
performance is enhanced greatly after doping. As fitted, emission peaks near 500 nm and 750 nm
can be detected. The current density-voltage properties indicate that the carrier transport process is
dominated by FN tunneling mechanisms, while the linear relationship between the integrated EL
intensity and injection current illustrates that the EL mechanism is attributed to recombination of
electron–hole pairs at Si NCs induced by bipolar injection. After doping, the integrated EL intensities
are enhanced by about an order of magnitude, indicating that EQE is greatly improved.

Keywords: Si nanocrystals; SiC; phosphorous; LED

1. Introduction

In order to meet the growing demand of data-carrying capacity, optical telecommu-
nication has attracted much attention [1–3]. In this regard, developing efficient Si-based
light-emitting devices (LED) is the key issue to be addressed. Silicon nanocrystals (Si NCs)
are believed to be the most promising option to realize this due to their novel physical
properties [4,5]. Photoluminescence (PL) spectral shift and enhanced quantum efficiency
were observed in Si NCs with various dot sizes, while the stable quantum yield of Si NCs
with polymer can reach 60–70% [5–8]. Recently, Si NCs-based LEDs with different emitting
wavelengths have been achieved [9–12]. Further research is still necessary to explore the
potential of Si NCs-based LEDs.

Doping intentionally in a semiconductor is a key method for enhancement of electrical
and optical properties. Aside from the great improvement in conductivity, phosphorous (P)
and boron (B) dopants can change the electronic structures of Si NCs, thus affecting
the optical properties [13–17]. More interestingly, P dopants will introduce a deep level
in 2 nm sized Si NCs and emit near-infrared light near 1200 nm [18–20]. In addition,
carrier tunneling between Si NCs is dependent on the barrier of the host matrix in stacked
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structures [21]. Silicon carbide (SiC) as a host matrix is a promising candidate due to a
narrower and modulative bandgap [22–24].

In our previous work, we investigated electron spin resonance of size-varied Si
NCs/SiC multilayers induced by P dopants and carrier transport behaviors of various
P-doped Si NCs/SiC multilayers, respectively [16,24]. Electroluminescence (EL) of Si
NCs/SiC multilayers and Si NCs embedded in a SiC matrix have also been discussed
in detail [25–27]. In the present work, 4 nm sized Si NCs/SiC multilayers with various
P-doping ratios are fabricated. PL intensities are enhanced first and then decreased after
gradually introducing P dopants. A similar tendency happens to Hall mobility. As fitted,
PL peaks at 500 nm, 650 nm and 800 nm are observed, which are ascribed to amorphous
SiC (650 nm), Si NCs (800 nm) and the surface states between SiC and Si NCs (500 nm),
respectively. The enhanced PL intensities are caused by passivation of Si dangling bonds at
the surface of Si NCs by P dopants. The quenched PL intensities are ascribed to enhanced
carriers-induced Auger recombination and the emerging defects caused by excessive P
dopants. We also fabricate un-doped and P-doped LEDs with the structure of aluminum
(Al)/4 nm sized Si NCs/SiC multilayers/indium-tin oxide (ITO). The EL intensities of
both the un-doped and P-doped LEDs are enhanced after gradually increasing the applied
current. The fitted EL spectra have emission peaks near 500 nm and 750 nm, which are
similar to the PL spectra. It is found that the radiative recombination in Si NCs accounts
for the majority (above 90%) of emissions, manifesting that it is easier for electrons and
holes being recombined radiatively in Si NCs. Only part of the radiative recombination
induced by quantum-confined Si NCs occurs in the surface states between Si NCs and
SiC during the tunneling process. After doping, not only are the electrical properties of
the devices greatly improved but the EL intensities at the same applied current are also
enhanced by about an order of magnitude, indicating an order of magnitude increase in
external quantum efficiency (EQE).

2. Experiment

a-Si/SiC multilayers are deposited on p-Si ((1 0 0), 0.01 Ω·cm) wafer and quartz
substrates in plasma-enhanced chemical vapor deposition (PECVD) system. The radio
frequency, RF power and chamber temperature are kept at 13.56 MHz, 5 W and 250 ◦C,
respectively. As for a-Si/SiC multilayers, the gas mixtures of phosphine (PH3) gas (5%, H2
dilution) and silane (SiH4) gas are introduced into the chamber to deposit the P-doped a-Si
sublayers. Various doping levels are achieved by changing nominal gas ratio between silane
and phosphine ([PH3]/[SiH4]). The gas flow of SiH4 during the Si sublayer deposition
process is fixed at 10 sccm, while the flow of PH3 is varied from 0, 2, 5 and 10 sccm. Gas
mixtures of CH4 (50 sccm) and SiH4 (5 sccm) are introduced to deposit SiC sublayers.
The as-deposited samples are annealed at 450 ◦C for 1 h under nitrogen (N2) ambient
for dehydrogenation and then thermally annealed at 1000 ◦C for 1 h under nitrogen (N2)
ambient to form Si NCs/SiC multilayers and annealed-SiC layers. Then, Al electrode
is deposited at the back of p-Si substrate through magnetron sputtering under room
temperature and the samples are annealed at 420 ◦C for 0.5 h under N2 ambient to reduce
the dangling bonds and heat defects in the films and also to promote ohmic contact between
the film and the electrodes. At last, ITO electrode is deposited also by magnetron sputtering
under a shadow mask and the active area was about 0.03 cm2. The temperature of the ITO
deposition process is kept at 200 ◦C.

Images of Si NCs/SiC multilayers are measured by transmission electron microscopy
(TEM, TECNAI G2F20 FEI, Hillsboro, TX, USA), while the TEM samples are fabricated
by focused ion beam scanning electron microscopy (FIB-SEM) system. Hall mobility of Si
NCs with various doping ratios is detected by van der Pauw (VDP) geometry (LakeShore
8400 series, Lorain, OH, USA) at room temperature. Steady-state PL spectra equipped with
325 nm continuous He-Cd laser by Edinburgh FLS 980 spectrophotometer at room tempera-
ture. Fourier transform infrared (FTIR, Thermo Scientific Nicolet iS20, Waltham, MA, USA)
spectra are measured to analyze chemical bond composition of samples. Absorption spectra
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are measured at room temperature by Shimadzu UV-3600 spectrophotometer (Shimadzu
Co., Kyoto, Japan). Finally, the EL measurements of the Si NCs/SiC multilayers were
carried out at room temperature with Edinburgh FLS 980 spectrophotometer by applying
positive bias to the Al back electrode, and ITO is used as the negative electrode. The PL and
EL spectra are all corrected by the fundamental correction file of the instrument because the
detected spectra are wide. The original PL of Si NCs/SiC multilayers with various doping
ratios, EL spectra of un-doped LED and EL spectra of 1% P-doped LED are shown in Figure
S1a–c, respectively. In addition, the photometer used in this work can only cover the visible
range well; the EL emissions in near-infrared (NIR) range require further research.

3. Results and Discussion

The cross-sectional TEM images of Si NCs/SiC multilayers are shown in Figure 1a,b.
Periodic structures and the abrupt interface between Si and SiC sublayers can be obviously
observed in Figure 1a. On top of the Si NCs/SiC multilayers is platinum (Pt), which is used
to protect the TEM samples from being etched by gallium (Ga) ions during the focused ion
beam process. As measured, the thicknesses of the Si and SiC sublayers are ~4.0 nm and
~2.0 nm, respectively. The high-resolution TEM image of a single Si NC in the Si sublayer is
also shown in the inset of Figure 1a, manifesting that the ~4 nm sized Si NCs are formed in
Si sublayers after a high-temperature annealing process (1000 ◦C, N2 ambient). The lattice
distance is ~0.314 nm, which is corresponding to the lattice distances of Si (1 1 1). Si NCs
with well constrained dot sizes are formed in Si sublayers. Meanwhile, Si NCs are close to
each other and separated by amorphous structure according to Figure 1b, indicating good
size-controllability of Si NCs in the stacked structures [25].
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Figure 1. Cross-sectional TEM images of Si NCs/SiC multilayers at 50 nm scale (a) and 10 nm
scale (b). Inset is the high-resolution TEM images of a single Si NC.

Figure 2a shows PL intensities tendency of Si NCs/SiC multilayers with various
P-doping ratios excited by the 325 nm laser. It is found that PL intensities are first enhanced
and then decreased after gradually introducing P dopants into our samples. The maximum
PL intensities are achieved when the P-doping ratio is 1%. Meanwhile, Hall mobility,
as measured, increases first and then decreases with increasing P-doping ratios, and a
maximum Hall mobility of 1.74 cm2/V·s is achieved at 2.5% P-doped samples according
to Figure 2b. As noted, there exist considerable defects, such as Si dangling bonds at the
surface of Si NCs, which will trap free carriers and suppress recombination of electrons
and holes. Interestingly, P dopants can passivate the dangling bonds at the surface of
Si NCs, leading to luminescence being improved. Excessive P dopants, however, will
introduce amounts of free carriers and do damage to the lattice, which will enhance
Auger recombination and introduce new defects, respectively [18,28,29]. Similar doping
properties are also found in Si NCs/SiC systems, and P dopants will introduce further
defects/Si vacancies in an ultra-small Si NCs/SiC system [16]. The enhanced PL intensity
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is, thus, attributed to passivation of Si dangling bonds by P dopants. Although the highest
mobility is achieved when the P-doping ratio is 2.5%, P dopants will provide considerable
free carriers, leading to stronger Auger recombinations, which will quench the PL of
samples [30,31]. When doping ratio continues to increase, Hall mobility is decreased,
manifesting that enhanced impurity scattering and lattice damage may occur, further
suppressing luminescence. After fitting the PL spectrum of the 1% P-doped samples, PL
peaks at ~500 nm (~2.5 eV), ~650 nm (~1.9 eV) and ~800 nm (1.6 eV) can fit the spectrum
well. Inspired by the effective mass approximation (EMA) model, the theoretical bandgap
of 4 nm sized Si NCs is ~1.7 eV(~750 nm) and similar EL spectra originated from 4 nm
sized Si NCs were also observed in our previous work [27,32–35]. We attribute the PL peak
near 800 nm to the 4 nm sized Si NCs in the Si NCs/SiC system.
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Figure 2. (a) PL spectra of Si NCs/SiC multilayers with various P-doping ratios; (b) Hall mobility
of Si NCs/SiC multilayers with various P-doping ratios; (c) fitted PL spectra of 1% P-doped Si
NCs/SiC multilayers.

Here, we also deposit SiC single layers. The annealing process of the amorphous SiC
single layers is in consistence with that of Si NCs/SiC multilayers. We first measure the PL
spectra of un-annealed SiC (R = 10). Pronounced PL peaks near 650 nm can be detected
according to Figure 3. As reported, 1200 ◦C or 1250 ◦C is believed to be the crystallization
temperature for SiC, and there is no crystallization after 100 h at 1000 ◦C in dry air [36,37].
Our previous work suggests that there is also no crystallization for SiC in Si NCs/SiC
multilayers through the same annealing process, as measured by X-ray diffraction [24].
Chen et al. have reported similar results in amorphous SiC films, and the emissions can be
enhanced via nitrogen doping [38]. Based on our existing knowledge, we attribute the PL
peak near 650 nm to amorphous SiC. Annealed SiC with various R ([CH4]/[SiH4]), where
the gas flow of SiH4 is fixed at 5 sccm, have also been fabricated. In Figure S2a, PL peaks
around 500 nm can be detected in all the annealed SiC single layers with various R. The
maximum PL intensities of SiC single layers are reached when R is 12. Figure S2b exhibits
the absorption spectra of annealed SiC single layers with various R. It is found that the
absorption spectra change slightly with R. Guided by Tauc’s plot, we use the relationship
of (αhυ)2 ∝

(
hυ − Eg

)
to simulate the absorption edge of the annealed SiC single layers.

As provided in the inset of Figure S2b, the estimated optical bandgap of SiC also changes
slightly with R and is ~2.5 eV (~500 nm) [39]. In order to study the chemical composition
of the annealed SiC with various R, the FTIR spectra of the un-annealed and annealed SiC
single layers with various R are measured in Figure S2c,d, respectively. Comparing such
spectra before and after annealing, we can find that the function group bond of Si–H near
2090 cm−1 disappears after thermally annealing regardless of R. It demonstrates that the
thermal annealing process excludes hydrogen atoms completely. Signals of the functional
group bond of Si–C near the wavenumber of 790 cm−1 can be detected in the samples with
R = 10, 12 and 14. The highest intensities of the functional group bond of Si–C are reached
when R is 12. Meanwhile, all the samples show the functional group bond of Si–O near

17



Nanomaterials 2023, 13, 1109

the wavenumber of 1110 cm−1 and have similar intensities of signals. As for samples with
R = 12 and 14, the functional group bond of C=O near the wavenumber of 2400 cm−1 can be
detected, indicating that such samples may be C-rich SiC layers [40–42]. The PL emissions
near 500 nm may be related to the functional group bond of Si–C. In addition, similar PL
peaks near 500 nm have been found in annealed amorphous SiC alloys in our previous
work [43]. It is also found that pronounced peaks near 500 nm can be observed in SiCx,
SiCxOy nanoclusters and silicon-rich silicon oxide enriched with C [44–46]. They attribute
such PL or EL peaks to the surface states of SiC nanoclusters. As for the annealed SiC single
layers, Si NCs may be formed in the SiC dielectric, although the annealing temperature
(1000 ◦C) is not enough to form SiC particles. Si NCs embedded in a SiC matrix have been
widely investigated in our previous work [25–27]. Consequently, we attribute the PL peaks
near 500 nm in the Si NCs/SiC multilayers to the surface states between amorphous SiC
and Si NCs.
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Figure 3. PL spectrum of the un-annealed SiC (R = 10).

Figure 4a shows the schematic representation of the Si NCs/SiC multilayer LED
prepared in this work, the structure of which is ITO/Si NCs/SiC multilayers/p-Si/Al. At
the back of the p-Si substrate is an Al electrode, which is connected to the positive terminal
of a power meter. On top of the p-Si substrate are Si NCs/SiC multilayers and then the
circle ITO electrode, which is connected to the negative terminal of the power meter. The
area of the active circular regions upon the samples is 0.03 cm2. Further, 1% P-doped Si
NCs/SiC multilayers-based LEDs are selected due to the tendency of PL intensities and
P doping behaviors. Figure 4b displays injection current density as a function of applied
voltage (J-V) curves of Si NCs/SiC multilayers before and after doping. The current density
increases slowly at first and then increases dramatically when the applied voltage is high
enough in both un-doped and doped LEDs. It is also found that the electrical properties
of the Si NCs/SiC multilayer LED are greatly improved by P dopants, i.e., on-set voltage
(improved to ~5.7 V) and conductivity. In order to better understand the vertical carrier
transport mechanisms of our devices, we estimate the quantity J/V2 as a function of 1/V
in Figure 4c. According to the inset of Figure 4c, we can see that a straight line can fit
the data at high applied voltage well, indicating that carrier transport is dominated by a
Fowler–Nordheim (FN) tunneling mechanism when applied voltage is high [27,47].
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Figure 4. (a) Schematic structure of the Si NCs/SiC multilayer LED fabricated in this work; (b) current
density of 0% and 1% P-doped LEDs as a function of applied voltage; (c) FN tunneling plot of 1%
P-doped data; inset is the zoom of the region fitting the FN mechanism.

Furthermore, EL spectra of 0% and 1% P-doped LEDs with various applied currents
are measured, as shown in Figure 5a,b, respectively. EL intensities are gradually enhanced
with increasing applied current both in un-doped and P-doped LED. To better understand
the EL emissions of the LEDs, we select the EL spectrum of 1% P-doped LED with 13 mA
applied current to fit. It is found that EL peaks near 500 nm and 750 nm can fit the
spectrum well according to Figure 5c. As for EL peaks near 500 nm, we attribute it to the
surface states between SiC and Si NCs, which has been discussed above. Interestingly,
such EL peaks near 500 nm cannot be observed in 8 nm sized Si NCs/SiC multilayer LED
devices regardless of doping. Figure S3 shows the EL spectrum of 1% P-doped 8 nm sized
Si NCs/SiC multilayers-based LED at the applied current of 10 mA. The EL emissions,
accordingly, from the surface states between SiC and Si NCs (500 nm) may be attributed
to quantum-confined ultra-small Si NCs [48,49]. Further, the main EL peaks near 750 nm
account for the majority of the EL spectrum. Similar results were observed in Si NCs/SiC
multilayers crystallized by a KrF pulsed excimer laser in our previous work [35]. In addition,
the peaks near 750 nm are consistent with the bandgap of 4 nm sized Si NCs, which has
been estimated before [27,50]. The peak near 750 nm, consequently, is ascribed to the
4 nm sized Si NCs. As shown in the inset of Figure 5c, the bright light, which can be
seen by naked eyes when our LED works, indicates that our P-doped LEDs have better
performance than in our previous work. Figure 5d shows the main luminescence center
(above 90%) emissions of Si NCs (750 nm). The proportion of the integrated EL peak near
750 nm is decreased slightly, while that of the integrated EL peak near 500 nm is increased
slightly. Electrons and holes can be injected by FN tunneling into 4 nm sized Si NCs and
then radiative recombination occurs, leading to EL peaks near 750 nm being emitted from
the LED. With applied voltage increasing, more electrons can tunnel through SiC, making
radiative recombination of the surface states between SiC and Si NCs easier to occur.

Figure 6 exhibits the energy diagram of the LED. The energy of ITO, Al, p-Si and the
bandgap of Si NCs are taken from the previous work [27,35,51,52]. The energy bands of
Al and ITO are −4.1 eV and −4.7 eV, respectively. The energy of conduction band and
valence band of p-Si substrate are −4.1 eV and −5.2 eV, respectively. As measured before
and extracted by PL and EL spectra, the bandgap of 4 nm sized Si NCs is 1.7 eV. According
to the following relation (1) and (2):

Eg = 3∆CB + 1.1eV (1)

∆VB = 2∆CB (2)

where Eg, ∆CB and ∆VB are the bandgap of Si NCs, the energy shift of conduction band
and the energy shift of valence band, respectively, the estimated energy shifts of conduction
band and valence band are 0.2 eV and 0.4 eV, respectively [10,53]. The energy of conduction
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band and valence band of Si NCs, thus, are −3.9 eV and −5.6 eV, respectively. The barrier
height between Si and SiC dielectric matrix has been estimated in our previous work: V0e
(0.4 eV) and V0h (0.8 eV) for electron and hole, respectively [27]. The energy of conduction
band and valence band of SiC are −3.5 eV and −6.4 eV, respectively. Figure 6 also displays
the schematic of EL recombination mechanisms in our samples. With applied voltage,
large amounts of electrons and holes are injected into Si NCs by FN tunneling. Most of the
electrons and holes are recombined radiatively and emit the EL peak near 750 nm (~1.7 eV).
During the tunneling process, some of the electrons are recombined radiatively in SiC
dielectric and emit an EL peak near 500 nm (~2.5 eV).
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Figure 5. EL spectra of 0% (a) and 1% (b) P-doped Si NCs/SiC multilayer LEDs with various applied
currents; (c) fitted spectra of 1% P-doped LED with 13 mA applied current. Inset is the photograph of
the EL emissions from the LED; (d) proportion of different EL peaks with various applied currents.

As noted, FN tunneling will occur with a voltage as low as 5.7 V (the on-set voltage
for 1% P-doped LED), which is consistent with the turn-on voltage when EL signals are
observed. It should be noted that injection current will increase with increasing applied
voltage accordingly. A linear relationship between integrated EL intensity and applied
current can be observed both in the un-doped and P-doped LEDs according to Figure 7a.
It indicates that bipolar injection of electrons and holes rather than impact ionization
occurs in our devices regardless of doping [27,54]. Thus, it is believed that the EL emissions
originated from recombination of bipolar injected electrons and holes through FN tunneling,
as shown in Figure 6. By comparing the integrated EL intensities under the same applied
current between 0% and 1% P-doped devices in Figure 7b, the EL intensities in 1% P-doped
devices are ~eight times those in 0% P-doped devices. Meanwhile, the EQE of the P-doped
devices is improved by ~eight times 0% P-doped devices. It is illustrated that P dopants
can not only greatly improve LED performance, including conductive properties and on-set
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voltage, but also EL emissions due to the doping effect of P dopants, namely providing
considerable free carriers and improving surface structures of Si NCs.

Nanomaterials 2023, 13, x FOR PEER REVIEW 8 of 11 
 

 

 

Figure 6. Schematic of EL recombination mechanisms and energy diagrams of the Si NCs/SiC mul-

tilayer LED. 

As noted, FN tunneling will occur with a voltage as low as 5.7 V (the on-set voltage 

for 1% P-doped LED), which is consistent with the turn-on voltage when EL signals are 

observed. It should be noted that injection current will increase with increasing applied 

voltage accordingly. A linear relationship between integrated EL intensity and applied 

current can be observed both in the un-doped and P-doped LEDs according to Figure 7a. 

It indicates that bipolar injection of electrons and holes rather than impact ionization oc-

curs in our devices regardless of doping [27,54]. Thus, it is believed that the EL emissions 

originated from recombination of bipolar injected electrons and holes through FN tunnel-

ing, as shown in Figure 6. By comparing the integrated EL intensities under the same ap-

plied current between 0% and 1% P-doped devices in Figure 7b, the EL intensities in 1% 

P-doped devices are ~eight times those in 0% P-doped devices. Meanwhile, the EQE of 

the P-doped devices is improved by ~eight times 0% P-doped devices. It is illustrated that 

P dopants can not only greatly improve LED performance, including conductive proper-

ties and on-set voltage, but also EL emissions due to the doping effect of P dopants, 

namely providing considerable free carriers and improving surface structures of Si NCs. 

 

Figure 7. (a) Integrated intensity of EL spectra of 0% and 1% P-doped LEDs with various applied 

currents; (b) enhanced EL ratio between 0% and 1% P-doped LEDs with various applied currents. 

  

Figure 6. Schematic of EL recombination mechanisms and energy diagrams of the Si NCs/SiC
multilayer LED.

Nanomaterials 2023, 13, x FOR PEER REVIEW 8 of 11 
 

 

 

Figure 6. Schematic of EL recombination mechanisms and energy diagrams of the Si NCs/SiC mul-

tilayer LED. 

As noted, FN tunneling will occur with a voltage as low as 5.7 V (the on-set voltage 

for 1% P-doped LED), which is consistent with the turn-on voltage when EL signals are 

observed. It should be noted that injection current will increase with increasing applied 

voltage accordingly. A linear relationship between integrated EL intensity and applied 

current can be observed both in the un-doped and P-doped LEDs according to Figure 7a. 

It indicates that bipolar injection of electrons and holes rather than impact ionization oc-

curs in our devices regardless of doping [27,54]. Thus, it is believed that the EL emissions 

originated from recombination of bipolar injected electrons and holes through FN tunnel-

ing, as shown in Figure 6. By comparing the integrated EL intensities under the same ap-

plied current between 0% and 1% P-doped devices in Figure 7b, the EL intensities in 1% 

P-doped devices are ~eight times those in 0% P-doped devices. Meanwhile, the EQE of 

the P-doped devices is improved by ~eight times 0% P-doped devices. It is illustrated that 

P dopants can not only greatly improve LED performance, including conductive proper-

ties and on-set voltage, but also EL emissions due to the doping effect of P dopants, 

namely providing considerable free carriers and improving surface structures of Si NCs. 

 

Figure 7. (a) Integrated intensity of EL spectra of 0% and 1% P-doped LEDs with various applied 

currents; (b) enhanced EL ratio between 0% and 1% P-doped LEDs with various applied currents. 

  

Figure 7. (a) Integrated intensity of EL spectra of 0% and 1% P-doped LEDs with various applied
currents; (b) enhanced EL ratio between 0% and 1% P-doped LEDs with various applied currents.

4. Conclusions

In conclusion, 4 nm sized Si NCs/SiC multilayers are fabricated in this work. PL
peaks originated from 4 nm sized Si NCs (800 nm), amorphous SiC (620 nm) and surface
states between Si NCs and SiC (500 nm) can be observed. PL intensities can be enhanced
after P doping due to passivation of Si dangling bonds by P dopants and quenched when
P dopants are excessive. Bright LEDs with the structure of ITO/4 nm sized Si NCs/SiC
multilayers/p-Si substrate/Al are finally fabricated. The EL band can be fitted by 500 nm
peak and 750 nm peak, which are attributed to surface states between Si NCs and SiC and
Si NCs, respectively. It is indicated that the carrier transport process is dominated by an
FN tunneling mechanism. EL mainly comes from recombination between electrons and
holes in Si NCs due to bipolar injection. After doping, performance of devices is greatly
improved. Aside from conductivity and on-set voltage, integrated EL intensities under
the same applied current are enhanced by about an order of magnitude, indicating the
EQE of Si NCs/SiC multilayer LED can be improved greatly by doping. It is demonstrated
that P-doped Si NCs/SiC multilayers is a promising method to realize more efficient
Si-NCs-based LED devices and Si-based optical telecommunication.
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Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/nano13061109/s1, Figure S1: Original detected spectra of (a) PL
spectra with various doping ratios, (b) EL spectra of un-doped Si NCs LED and (c) EL spectra of 1%
P-doped Si NCs LED; Figure S2: (a) PL spectrum of unanealed SiC (R=10) excited by 325 nm laser;
(b) Absorption spectra of anealed SiC with various R. Inset is the Tauc’s plot against photon energy;
FTIR spectra of un-anealed (c) and annealed (d) SiC with various R; Figure S3: EL spectrum of 1%
P-doped 8 nm sized Si NCs/SiC multilayers at 10 mA applied current.
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Abstract: Erbium-doped silicon (Er-doped Si) materials hold great potential for advancing Si photonic
devices. For Er-doped Si, the efficiency of energy transfer (ηET) from Si to Er3+ is crucial. In order
to achieve high ηET, we used nonthermal plasma to synthesize Si quantum dots (QDs) hyperdoped
with Er at the concentration of ~1% (i.e., ~5 × 1020 cm−3). The QD surface was subsequently
modified by hydrosilylation using 1-dodecene. The Er-hyperdoped Si QDs emitted near-infrared
(NIR) light at wavelengths of ~830 and ~1540 nm. An ultrahigh ηET (~93%) was obtained owing to
the effective energy transfer from Si QDs to Er3+, which led to the weakening of the NIR emission
at ~830 nm and the enhancement of the NIR emission at ~1540 nm. The coupling constant (γ)
between Si QDs and Er3+ was comparable to or greater than 1.8 × 10−12 cm3·s−1. The temperature-
dependent photoluminescence and excitation rate of Er-hyperdoped Si QDs indicate that strong
coupling between Si QDs and Er3+ allows Er3+ to be efficiently excited.

Keywords: nonthermal plasma; Er-hyperdoped Si QDs; efficiency of energy transfer; coupling
constant; strong coupling

1. Introduction

Silicon (Si) photonics has been intensively investigated due to its excellent compatibil-
ity with Si-based complementary metal oxide semiconductor (CMOS) technologies [1,2].
While monolithic Si-compatible solutions for various devices such as detectors, waveguides,
and modulators have been available for years, the development of Si photonics has been
impeded by the lack of monolithic energy-efficient and cost-effective light sources [3,4].
Owing to a spectroscopically sharp and environment-stable radiative transition at the
wavelength (λ) of 1.54 µm that is highly desired for Si photonics [5], Er-doped Si is an ideal
material for the fabrication of light sources in Si photonics. However, the significant thermal
quenching of Er-doped bulk Si restricts or even forbids its use in optoelectronic devices [6,7].
Because Er-doped Si QDs can effectively emit at a wavelength of 1.54 µm at room tem-
perature with mild thermal quenching, they have attracted enormous attention [8]. The
photoluminescence (PL) of 1.54 µm originates from the transfer from the exciton energy
of Si QDs to Er3+ and the following inter-4f transition of Er3+. Hence, the ηET plays a
significant role in the practical applications of Er-doped Si QDs. The ηET can be described
by [9]

ηET = 1− τEr−Si QDs

τSi QDs
(1)

where τEr−Si QDs and τSi QDs are the PL lifetime of Er-doped and undoped Si QDs, respec-
tively. H. Rinnert et al. reported Er-doped Si QDs embedded in SiO/SiO2 multilayers,
whose ηET was estimated as ~50% [10]. Timoshenko et al. also reported similar ηET (~50%)
for Er-doped Si QDs embedded in SiO/SiO2 multilayers [11]. Despite this, earlier studies
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demonstrated that Er3+ was only found in close proximity to Si QDs inside a dielectric
matrix, resulting in a system with a low degree of coupling [12]. The weakly coupled
system hindered exciton-to-Er3+ energy transfer in Er-doped Si QDs because of the variable
distance between Si QDs and Er3+. Notably, the exciton-to-Er3+ energy transfer should
be most effective if Er3+ is present in the Si QD in order to facilitate the overlap of elec-
tron wavefunctions [13]. This motivates the development of Si QDs into which Er3+ is
incorporated as a dopant.

Here, nonthermal plasma was used to fabricate Er-hyperdoped Si QDs at an atomic
concentration of 1% (5 × 1020 cm−3), surpassing its solubility. Er-hyperdoped Si QDs
were found to emit NIR light at 830 and 1540 nm, with the majority of the Er3+ located
in the subsurface area. As a result of the effective transfer of energy from Si QDs to
Er3+, the Er-hyperdoped Si QDs exhibited an ultrahigh ηET of ~93%, emitting at 1540 nm.
Meanwhile, the efficient energy transfer from Si QDs to Er3+ greatly reduced the 830 nm
NIR emission. Additionally, a high effective excitation cross section of Er3+ (σEr) was
obtained, with a value of 1.5 × 10−17 cm2. Furthermore, the coupling constant (γ) between
Si QD and Er3+ was greater than or equal to 1.8 × 10−12 cm3·s−1. The temperature-
dependent photoluminescence and excitation rate of Er-hyperdoped Si QDs indicate that
strong coupling between Si QDs and Er3+ allows Er3+ to be efficiently excited.

2. Materials and Methods
2.1. Materials

Er(tmhd)3 (tris(2,2,6,6-tetramethyl-3,5-heptanedionate)) (99.999%) was purchased from
Nanjing Aimouyuan Scientific equipment Co., Ltd. (Nanjing, China). SiH4/Ar (20%/80%
in volume) was obtained from Linde Electronic & Specialty Gases Co., Ltd. (Suzhou, China).
Mesitylene (97%) and 1-dodecene (97%) were purchased from Aladdin (Shanghai, China).
Methanol (≥98.5%), hydrofluoric (HF) acid (≥40%), and toluene (≥99.5%) were obtained
from J&K Scientific (Beijing, China). Reference solutions of Er (100 µg·mL−1 in nitric acid)
and Si (1000 µg·mL−1 in nitric acid) were purchased from Qingdao Qingyao Biological
Engineering Co., Ltd. (Qingdao, China) and Sigma-Aldrich Trading Co., Ltd. (Shanghai,
China), respectively.

2.2. Synthesis of Er-Hyperdoped Si QDs

A mechanical pump was used to pump the pressure within the plasma chamber to
8 × 10−2 mBar, and a heating strip was used to increase the temperature of the pipeline and
the erbium precursor Er(tmhd)3 to 200 ◦C. The plasma chamber was filled with 4.8 sccm of
a 20% SiH4/Ar mixture and 500 sccm of Ar-loaded Er(tmhd)3 (Figure 1a). The pressure of
the plasma chamber was adjusted to ~3 mBar. Making use of a matching network and a
power source operating at 13.56 MHz, the plasma was generated. The actual output power
was stabilized at 70 W. Methanol was used to disperse the powder of Er-hyperhoped Si QDs
for surface hydrosilylation (Figure 1b). After that, HF acid was used to strip the surface
oxide off. An amount of 15 mL of mesilytene and 5 mL of 1-dodecene were combined,
and then the precipitate was added into the mixture after centrifugation. The solution
was heated at 180 ◦C for 3 h in an Ar environment. In order to remove the hydrosilylated
Er-hyperdoped Si QDs from the solution, rotary evaporation was used. Finally, the toluene
was used to disperse the prepared hydrosilylated Er-hyperdoped Si QDs.

2.3. Characterization

An FEI Tecnai G2 F20 S-TWIN (FEI, Hillsboro, OR, USA) was used to capture the
TEM images, operating at an acceleration voltage of 200 kV. High-angle annular darkfield
scanning transmission electron microscopy (HAADF-STEM) was performed and element
map images were obtained using the FEI Titan G2 80-200 (FEI, Hillsboro, OR, USA) operated
at an acceleration voltage of 200 kV. X-ray photoelectron spectroscopy (XPS) was used to
examine the oxidation states in each sample (Kratos Shimadzu, AXIS Supra, Manchester,
UK). Er concentration was calculated using ICP-MS (iCAP6300, Thermo, Waltham, MA,
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USA). The Shimadzu-7000 (Shimadzu, Kyoto, Japan) was used for the X-ray diffraction
(XRD) tests. Raman spectra were obtained to analyze the strain (Alpha300R, WITec, Ulm,
Germany). Using FLS1000 PL equipment (Edinburgh Instruments Ltd., Edinburgh, UK),
we obtained the PL and PLE spectra. A 405 nm laser was used to excite the transient PL,
and an NIR photomultiplier (PMT928, Hamamatsu, Kyoto, Japan) was used to detect it.
The effect of temperature on PL was investigated using a cryostat (OptistatDN2, Oxford
Instruments, Abingdon, UK). Electron paramagnetic resonance (EPR) spectroscopy on a
Bruker ESRA-300 (Bruker, Berlin-Adlershof, Germany) was used to analyze the Si dangling
bond. Details of spectral analysis can be found in [14].
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3. Results and Discussion

Figure 1 shows the process for the fabrication of Er-hyperdoped Si QDs. Data in
prior publications have shown that 1% Er is a comparatively optimal concentration [15,16].
Nonthermal plasma, representative of far from thermal equilibrium, was used to produce
Er-hyperdoped Si QDs with a 1% Er concentration (5× 1020 cm−3) [17]. The QD surface was
subsequently modified by hydrosilylation using 1-dodecene (Figure 1b) [18]. To put this in
perspective, the Er solubility in crystalline Si is only ~1018 cm−3 [19], and therefore the Er
concentration in this work was increased by two orders of magnitude. In the following, we
discuss the 1% Er-hyperdoped Si QDs considered in this work.

The transmission electron microscopy (TEM) images of undoped and Er-hyperdoped
Si QD are presented in Figure 2a,d. All of them show a sphere-like morphology, demon-
strating that the morphological alteration induced by the hyperdoping of Er in Si QDs
was negligible. The inset of Figure 2d shows a high-resolution TEM (HR-TEM) image of
Er-hyperdoped Si QDs. The clear lattice fringe exhibits the excellent crystallinity in the
Er-hyperdoped Si QDs. Moreover, good crystallinity was also observed in undoped Si
QDs, as seen in the inset of Figure 2a. Figure 2a,d show that the Si (111) lattice spacing (d)
increased from 0.314 nm for undoped Si QDs to 0.328 nm for Er-hyperdoped Si QDs. This
may have resulted from the presence of sites of interstitial tetrahedral Er [20]. As shown
in Figure 2b,e, the average diameters of both undoped and Er-hyperdoped Si QDs were
4.1 ± 0.4 nm. In addition, Figure 2f shows an HAADF-STEM image of an Er-hyperdoped
Si QD, in which the brightest point is an Er atom. The Er atom was not present in undoped
Si QDs (Figure 2c). The element maps indicate that that Er was closely associated to the Si
element (Figure 2g–i), proving the Er atoms were incorporated into the Si QDs. Further-
more, the XRD patterns are presented in Figure S1. The pure diamond phases of Si QDs
were detected in all samples, proving their high crystallinity (Figure S1). We thus draw the
conclusion that hyperdoping did not alter the intrinsic diamond structure of Si QDs.
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Figure 2. TEM images, size distribution, and HAADF-STEM images of (a–c) undoped and
(d–f) Er-hyperdoped Si QDs. (g) HAADF-STEM image of Er-hyperdoped Si QDs and corresponding
element maps for (h) Si and (i) Er.

In undoped Si QDs, Si-Si bonds were related to the Raman signal at ~506 cm−1

(Figure 3a). The phonon confinement effect is responsible for the redshift of the Raman
signal for Si-Si bonds in bulk Si from its original position (~520 cm−1) [21]. The Si-Si bond
Raman peak was found to have blueshifted from ~506 to 515 cm−1 after Er hyperdoping.
This blueshift was brought on by the compressive strain caused by the presence of sites of
tetrahedral interstitial Er [21]. It is reasonable to make an approximation of the compressive
strain (ε) using [22]

ε =

(
∆ν

691.2

)
× 100% (2)

where ∆ν denotes the shift of the Raman peak. We observed a 9 cm−1 shift in the Raman
peak, which suggests ε = ~1.3%. On the other hand, Raman peak broadening of the Si-Si
bonds suggests that these bonds were deformed when Er3+ was doped [22]. This provides
more evidence that Er was present in the Si QDs. After 15 days of exposure in ambient air,
Si 2p XPS spectra were obtained and are presented in Figure 3b. An in-depth analysis of
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the XPS data was conducted using the method given in [9]. The XPS data are consistent
with the fact that Er hyperdoping generates a compressive strain in Si QDs [23], suggesting
that Er greatly reduced oxidation in the Si QDs, as shown in Figure 3b. The surface SiOx
thickness of Si QDs was reduced from 0.8 nm to 0.6 nm after Er hyperdoping, allowing for a
corresponding SiOx stoichiometric shift from SiO1.0 to SiO0.7 (Table S1). XPS measurements
of Er 4d are shown side by side in Figure 3c. Only the Er-hyperdoped Si QDs showed the
characteristic binding energy peak corresponding to Er 4d. There have also been attempts
to fit this Er 4d peak with mixed singlets. There is a 2 eV spin-orbit splitting in the Er
4d peak for Er-hyperdoped Si QDs [24], similar to that seen in Er2O3. As Er in Er2O3
is in the optically active valence of +3 [25], we may assume that the Er3+ was preserved
throughout the hyperdoping process. The radial distribution of Er was evaluated after
exposing Er-hyperdoped Si QDs to air at room temperature for varied durations of time.
Figure 3d shows the Er concentration after the surface oxide had been etched away. Er
concentrations clearly increased at the beginning of the oxidation process and decreased
over time. Figure 3d shows that the maximum Er concentration of ~2.22% was attained
after etching away the oxide produced over the period of 8 days. As a result, we can deduce
that subsurface regions of the Si QDs may have contained the majority of the Er.
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As can be seen in Figure 4a, there was only one PL peak at 830 nm for undoped Si QDs.
This peak was caused by the band gap transitions that occur in Si QDs [26,27]. Furthermore,
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Figure 2b,e show that undoped and Er-hyperdoped Si QDs had almost the same size
distribution, resulting in invariable emission at 830 nm for undoped and Er-hyperdoped Si
QDs. In addition, this result is commensurate with the quantum confinement effect [28,29].
On the other hand, following Er hyperdoping, a distinct PL peak appeared at 1540 nm. The
1540 nm emission is ascribable to the 4I13/2 → 4I15/2 transition of Er3+ [30]. In Figure 4a,
a significant reduction in the intensity of the 830 nm emission after hyperdoping can be
seen. Energy transfer to the Er3+ ions, previously seen in the literature, may account for this
decrease [10]. In terms of the PL excitation (PLE) spectra, the peak for the 830 nm emission
occurred at 405 nm, as shown in Figure 4b. This is because the exciton occupancy probability
at 1.49 eV (λ = 830 nm) drops precipitously after exceeding 3.06 eV (i.e., λ < 405 nm) [31].
The PLE spectrum shows a broad peak for the 1540 nm emission, superimposed over the
resonance peaks at 408 nm (2H9/2→ 4I15/2) and 460 nm (4F5/2→ 4I15/2). The synchronicity
of the PLE spectrum for the 830 and 1540 nm emissions suggests that Er3+ was excited
through an efficient energy transfer from Si QDs to Er3+, which is the critical attribute
responsible for the emission of Er3+. The PL lifetime was shown to drop from 275.1 s
to 19.5 s due to Er hyperdoping (Figure 4c and Note S1). Using the first-derivative EPR
spectra in Figure 4d, we estimated that the area density of dangling bonds at the surface
of undoped Si QDs was 1.3 × 1012 cm−2 (corresponding to 0.6 dangling bonds per QD)
whereas that at the surface of Er-hyperdoped Si QDs was 6.9 × 1011 cm−2 (corresponding
to 0.4 dangling bonds per QD) (details can be found in [14]). Hence, the decreased area
density of dangling bonds excluded the contribution of surface dangling bonds to the
decrease of the PL lifetime.
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Figure 4. (a) NIR PL emission of Si QDs, pristine and with Er hyperdoping. (b) PLE spectra of Si QDs
with Er hyperdoping. (c) The 830 nm PL decay curves of Si QDs, pristine and with Er hyperdoping.
λex = 405 nm. (d) First-derivative EPR spectra. (e) PL intensity detected at different excitation power,
measured at 830 or 1540 nm. λex = 405 nm. (f) PL decay monitored at 1540 nm (λex = 405 nm) and the
fitted curve. (g) The dependence of integrated PL intensity of the Er-related luminescence (1540 nm)
on the reciprocal of photon flux. A line fitting the data is also shown. (h) Transient PL intensity at
1540 nm, normalized to the maximum value. (i) Photon-flux-dependent reciprocal of τon.
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It was shown that the radiative recombination lifetime of Si QDs was not strongly
influenced by compression because the compression hardly changed the HOMO–LUMO
transition [32]. This means that the compressive strain hardly affected the PL lifetime. This
suggest that the decrease of the PL lifetime is mainly induced by the transfer of energy
from a Si QD to Er3+, assuming that no other factors play a role. Using Equation (1), we
obtain an ultrahigh ηET of ~93%, which is substantially larger than the previously reported
~50% for Si QDs with neighboring Er3+ [10,11,33].

As seen in Figure 4e, the intensity of the PL at 830 nm (I830 nm) increased linearly with
the increase of excitation power until the excitation power was so high that the PL tended
to be saturated. For Si QDs, Auger recombination is responsible for this saturation [34].
Like I830 nm, the PL intensity at 1540 nm (I1540 nm) was proportional to the power of the
405 nm laser. Since this indicates that the I1540 nm is constrained by the total amount of
excitons transferred from Si QDs, this observation provides more evidence for the existence
of excitonic energy transfer to Er3+ in Si QDs. We can calculate the effective excitation cross
section of Er3+ (σEr) using [35]

I1540 nm

I1540 nm−max
=

1
1 + 1

σErτEr
d

. 1
ϕ

(3)

where ϕ represents the photon flux and τEr
d is the total lifetime of Er3+ in level 4I13/2. By

fitting the data in Figure 4f,g, the value of σEr was obtained as 1.5 × 10−17 cm2, an increase
by four orders of magnitude compared with the value obtained for the direct excitation of
Er3+ (8 × 10−21 cm2) [35]. The following equation describes the rise time (τon) obtained for
the 1540 nm light emission [36]

1
τon

= σEr ϕ +
1

τEr
d

(4)

Hence, we can calculate σEr by fitting Equation (4). We monitored the excitation-
power-dependent rise for the 1540 nm light emission over time (Figure 4h). Figure 4i shows
the fitting results, leading to a value of 1.4 × 10−17 cm2 for σEr, which is quite similar to
the result obtained using the data in Figure 4g. By assuming a strong coupling between
a Si QD and Er3+, we were able to derive a consistent description on the ultrahigh ηET
and σEr. The coupling constant (γ) between a Si QD and Er3+ was calculated using the
formula in the literature [37] with the assumption of σSi QD = 10−16 cm2, ϕ = 1020 cm−2·S−1,
τSi QD

d = 10−5 s, τEr
d = 5.6 × 10−5 s and A0 < 1017 cm−3, where σSi QD is the absorption

cross section of Si QD, τSi QD
d is the Si QD PL lifetime, and A0 is the initial state of the

Si QD. Finally, we obtained that the γ was comparable to or greater than the value of
1.8 × 10−12 cm3·s−1, an increase by three orders of magnitude compared with the γ in Er-
doped silicon-rich silica (3 × 10−15 cm3·s−1) [36]. Therefore, the strong coupling between
Si QDs and Er3+ allows Er3+ to be efficiently excited, resulting in the ultrahigh ηET and σEr.

The dependence of the integrated PL intensity on temperature was studied to further
verify the strong coupling. Figure 5a shows that I830 nm decreased with the increase of
temperature from 77 to 237 K while it increased with the increase of temperature from
237 K to room temperature. However, there was only a monotonic decrease in I830 nm with
the increase of temperature in undoped Si QDs (Figure S2). Thermal quenching accounts
for the decrease of I830 nm between 77 K and 237 K [38]. In contrast, I830 nm increased as
the temperature increased from 237 K to room temperature due to the phonon-mediated
energy backtransfer from Er3+ [39]. Please note that the reverse trend was found for the
I1540 nm. In the weak excitation regime, we have [40]

I ∼ σEr ϕNEr
τEr

d
τEr

rad
(5)

where NEr is the excited Er3+ concentration and τEr
rad is the radiative lifetime of excited

Er3+. Furthermore, assuming that NEr and τEr
rad are temperature-independent, σEr can be
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obtained by Equation (5). Thus, σEr is proportional to I/τEr
d . As shown in Figure 5b, the

temperature dependence of σEr ∼ I/τEr
d has the same tendency as I1540 nm. Therefore, the

temperature-dependent σEr results in the trend of I1540 nm with the increase of temperature.
Moreover, the reverse temperature-dependent PL tendency between I830 nm and I1540 nm
demonstrates the effective energy transfer of excitons between Si QDs and Er3+, further
supporting the strong coupling mechanism.
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Figure 5. (a) Temperature dependence of the integrated PL intensity. (b) Temperature dependence of
σEr ∼ I1540 nm/τEr

d . PL rise time and decay time for (c) Si QDs (830 nm) and (d) Er3+ (1540 nm) at a
pump power of 2 mW.

Both the rise time (τon) and decay time (τd) of Si QDs (Figure 5c) and Er3+ (Figure 5d)
were monitored in order to calculate the excitation rate. The excitation rate, denoted by
R = (1/τon − 1/τd), was calculated, showing that RSi QD = 7962 s−1 for Si QDs and
REr = 7768 s−1 for Er3+. The observed REr is close to RSi QD, which is also in agreement with
the strong coupling mechanism [33].

4. Conclusions

The synthesis of Er-hyperdoped Si QDs was accomplished by employing nonthermal
plasma. Both 830 and 1540 nm NIR light were emitted from Er-hyperdoped Si QDs under
405 nm excitation. PLE and PL decay measurements showed that energy transfer occurred
between Si QDs and Er3+. For Er-hyperdoped Si QDs, an ultrahigh ηET and a high σEr
were obtained. Moreover, the quantitative study of the coupling constant demonstrates
the strong coupling between Si QDs and Er3+. The strong coupling was also manifested
by the temperature-dependent PL and excitation rate of Er-hyperdoped Si QDs. All these
findings suggest that Er-hyperdoped Si QDs have great potential for the fabrication of
high-performance NIR light-emitting devices.

Supplementary Materials: The following supporting information can be downloaded at: https://
www.mdpi.com/article/10.3390/nano13020277/s1, Figure S1: XRD patterns of Si QDs, pristine and
with Er hyperdoping; Figure S2: Temperature-dependent integrated emission intensities of undoped
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Abstract: We have demonstrated the high–density formation of super–atom–like Si quantum dots
with Ge–core on ultrathin SiO2 with control of high–selective chemical–vapor deposition and applied
them to an active layer of light–emitting diodes (LEDs). Through luminescence measurements,
we have reported characteristics carrier confinement and recombination properties in the Ge–core,
reflecting the type II energy band discontinuity between the Si–clad and Ge–core. Additionally, under
forward bias conditions over a threshold bias for LEDs, electroluminescence becomes observable at
room temperature in the near–infrared region and is attributed to radiative recombination between
quantized states in the Ge–core with a deep potential well for holes caused by electron/hole simulta-
neous injection from the gate and substrate, respectively. The results will lead to the development
of Si–based light–emitting devices that are highly compatible with Si–ultra–large–scale integration
processing, which has been believed to have extreme difficulty in realizing silicon photonics.

Keywords: Si quantum dots; core/shell structure; CVD

1. Introduction

Monolithic integration of Si/Ge–based optoelectronic devices into Si–ULSI circuits is of
great interest to further extend the functionality of complementary metal–oxide–semiconductor
(CMOS) technologies according to a “more than Moore” approach [1–16]. Thus, light
emission from Si/Ge–based quantum dots (QDs) has attracted much attention as an active
element of optical applications because it has the advantages of photonic signal processing
capabilities and combines them with electronic logic control and data storage. In recent
years, intensive research has been dedicated to the growth and optoelectronic charac-
terization of Si and/or Ge nanostructures using various fabrication techniques such as
molecular beam epitaxy, chemical vapor deposition (CVD), and magnetron sputtering
deposition [17–21]. However, the development of a growth technology for QDs with high
areal density, uniform shape, and narrow size distribution for large–scale production is a
crucial factor in realizing stable light emission from the QDs. In addition, to integrate opto-
electronic devices into the CMOS technology, remarkable improvements in light emission
efficiency and its stability for practical use are major technological challenges because of
the difficulty in achieving a good balance between charge injection and confinement in the
QDs. To satisfy both strong confinement and smooth injections of carriers, Ge–QDs and
their self–aligned stack structures embedded in Si have so far been fabricated by control-
ling strain–induced self–assembling in the early stages of Ge heteroepitaxy on Si. So, we
have focused on superatom–like Ge–core/Si–shell QDs (Si–QDs with Ge–core) formed on
ultrathin SiO2 because of their potential to realize a good balance between charge injection
and confinement in the QDs, which can improve light emission efficiency and stability.
Additionally, defect control at interfaces between Si and SiO2 is established. In our previous
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works, we have studied the highly selective growth of Ge on pre–grown Si–QDs and the
subsequent coverage with a Si–cap that enables us to superatom–like Ge–core/Si–shell
QDs and characterized their unique electron/hole storage properties, reflecting the type II
energy band discontinuity between Si–QDs and Ge core [22–26]. More recently, we also
demonstrated photoluminescence (PL) from the Si–QDs with Ge–core and discussed the
origin of their PL properties, with PL having less dependence on temperature change.
Therefore, we concluded that hole confinement in the Ge core plays an important role in
radiative recombination in Si/Ge QDs. In addition, we also reported electroluminescence
(EL) from the light–emitting diode structure with the 3–fold stacked Si–QDs with Ge core
by application of continuous square–wave pulsed bias under cold light illumination, where
EL signal was observed from the backside through the c–Si substrate caused by alternate
electron/hole injection from the p–Si(100). In this work, we developed fabrication processes
of the Si–QDs with Ge–core structure by means of a commercial reduced pressure (RP)
CVD system [27–30] using SiH4 and GeH4 gases with H2 carriers, which has been in practi-
cal use for the mass production of bipolar CMOS, for the fabrication of the Si–QDs with
Ge–core on ultrathin SiO2 layers, and evaluated their PL and EL characteristics without
light illumination at room temperature.

2. Materials and Methods

The fabrication of Si–QDs with Ge–core was carried out using an RPCVD system. After
a standard RCA cleaning step, ~7–nm–thick SiO2 was grown on a p–Si(100) wafer by H2/O2
oxidation at 650ºC. Furthermore, diluted HF dip is performed. At this point, residual SiO2
thickness is ~2.0 nm. After that, the SiO2/Si(100) wafer was loaded into the RPCVD reactor
and baked at 850ºC in RP–H2 to control OH bond the SiO2 surface. Subsequently, the
wafer was cooled down to 650ºC in RP–H2. After temperature stabilization, Si–QDs were
deposited using a H2–SiH4 mixture gas by controlling the early stages of Si nucleation.
Directly after that the wafer was cooled down to 550 ◦C in the RP–H2 environment and Ge
was selectively grown on the pre–grown Si–QDs by H2–GeH4. Afterwards, the wafer was
heated again up to 650 ◦C in a H2 environment and Si cap was selectively deposited on
the Ge on the Si–QDs by H2–SiH4 gas system. In order to maintain selectivity, lower SiH4
partial pressure is used for the Si cap growth.

Areal density and average height of the Si–QD with Ge–core were evaluated by atomic
force microscopy (AFM), where average dot heights were determined by
log–normal functions. The dot height of the Si and Ge in the Si–QDs with a Ge–core
was also characterized by cross–section transmission electron microscopy (TEM) and
energy–dispersive X–ray spectroscopy (EDX) mapping. PL measurements were carried out
by using a 976–nm light as an excitation source with an input power of 0.33 W/cm2.

For the fabrication of the LED structure, ~200–nm–thick amorphous Si was deposited
on the Si–QDs with Ge–core by electron beam evaporation at room temperature after the
chemical oxidation of the dots surface. Then, phosphorus atom implantation at 45 keV
was conducted. Subsequently, the sample was annealed at 300 ◦C. Then, the amorphous
Si layer was etched by Cl2 plasma to isolate each device. Finally, ring–patterned Al–top
electrodes with an aperture of ~78.5 mm2 and backside electrodes were fabricated by
thermal evaporation. For the PL and EL measurements, thermoelectrically cooled InGaAs
photodiodes were used as detectors in this work.

3. Results and Discussion

The formation of high–density Si–QDs with Ge–core on the ultrathin SiO2 surface was
confirmed by AFM and EDX mapping image measurements, as shown in Figures 1 and 2.
The AFM topographic image taken after the RPCVD using a H2–SiH4 mixture gas at 650 ◦C
confirms that hemispherical Si–QDs with an areal density as high as
~1.0 × 1011 cm−2 were self–assembled on the SiO2 surface. Additionally, the AFM images
taken after each deposition step confirm that the areal dot density remains unchanged
after the Ge deposition and subsequent Si deposition using the high selectivity process
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condition. These results indicate that the Ge deposition and the Si–cap formation occur very
selectively on each of the isolated dots, and no new dots nucleate on the SiO2 layer during
the Ge deposition and Si–cap formation. From dot height distributions evaluated from
cross–sectional topographic images, we also confirm that the dot height is increased by
~1.6 nm and by ~1.0 nm after the Ge deposition and subsequent Si–cap formation, re-
spectively. In our previous report on the formation of the Si–QDs with Ge–core using
LPCVD [26], the full–width at half–maximum value of the size distribution after Si–cap
formation is ~7 nm, whereas it is ~3 nm for RPCVD, indicating that dots of extremely
uniform size can be formed. Highly selective deposition of Ge and subsequent Si on the
dots was also verified from the cross–section TEM–EDX analysis, as indicated in Figure 2.
After the H2–GeH4–RPCVD, an EDX mapping image shows that Ge was deposited on
the pre–grown Si–QDs conformally, although there is no deposition on the SiO2 surface
in–between the pre–grown Si–QDs. After the subsequent H2–SiH4–RPCVD,
Ge–core/Si–shell structure was clearly detected. In addition, the heights of the pre–grown
Si–QD, Ge–core, and Si–cap are very consistent with the values estimated from the size
distribution shown in Figure 1d. It is interesting to note that the EDX mapping image of
the dots after the Si–cap deposition shows that Ge has a rather spherical shape in contrast
to the as–deposited Ge selectively on pre–grown hemispherical–shaped Si–QDs. To get an
insight into the change in the Ge–core shape, we also performed plane–view TEM–EDX
analysis, as shown in Figure 3. After the Ge deposition, the color contrast of the Ge in
the peripheral region of the dots is somewhat deeper than that in the center of the dots,
which indicates that Ge was deposited conformally on the pre–grown Si–QDs because color
contrast depends on the thickness. Contrary to this, after annealing at 650 ◦C and/or Si–cap
deposition at 650 ◦C, it turned out to have a dark color in the central part. This result can
be attributable to Ge reflow onto the pre–grown Si–QDs due to relaxation of surface energy
or high structural strain at the Ge/Si interface. Consequently, a spherical–shaped Ge–core
with an abrupt Ge/Si interface was formed. In fact, Raman scattering spectra for the dots
indicate that compositional mixing hardly occurs at Si/Ge interfaces during the sample
preparation, as verified by the relative intensity of the Si–Ge phonon mode with respect to
the Si–Si and Ge–Ge phonon modes (not shown).
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Under 976–nm light excitation at an input power of 0.33 W/cm2 of the Si–QDs with
Ge–core using a semiconductor laser, a stable PL signal consisting of four Gaussian com-
ponents in the energy region from 0.66 to 0.83 eV was detected at room temperature, as
shown in Figure 4. As verified from the dot size dependence of PL peak energy and
the temperature dependence of PL properties discussed in [25], these components are
attributable to radiative recombination through quantized states in QDs. Based on our
previous discussion, Comp. 2 is attributable to the radiative recombination between the
conduction and valence bands of the Ge–core through the first quantized states, as shown
in Figure 5a. Therefore, providing that the selection rule in quantum mechanics is valid,
the higher energy components, Comp. 3 and 4, can be explained by the radiative transition
between the higher order quantized states in the conduction and balance bands of Ge core.
Considering type II energy band diagram of the Ge–core/Si–shell structure, component 1
might be attributable to radiative recombination between the quantized state of electron in
the Si clad and the quantized state of hole in the Ge core because the Si clad acts as a shallow
potential well for electron in which electron wave function can penetrate the Ge core, as
indicated in Figure 5b. It should be noted that the full width at half maximum (FWHM)
values of these components are ~38 meV for all components, which can be explained by
a size variation of the Ge–core. However, compared with our previous report, where PL
signal in the range from 0.65 to 0.88eV was observed from the Si–QDs with Ge–core formed
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by a low–pressure CVD, the observed PL spectra in this work are narrower due to the
formation of extremely uniform–sized dots.

Nanomaterials 2023, 13, x FOR PEER REVIEW 6 of 8 
 

 

 
Figure 4. Room temperature PL spectra of the Si–QDs with Ge–core and their deconvoluted spectra 
evaluated from the spectral analysis using the Gaussian curve fitting method. 

 
Figure 5. Energy band diagram of Si–QDs with Ge–core, illustrating radiative transition correspond-
ing to (a) PL components 2–4, and (b) component 1 as shown in Figure 4. 

 
Figure 6. Room temperature EL spectra taken at different applied biases from LEDs having Si–QDs 
with Ge–core and their deconvoluted spectra evaluated from the spectral analysis using the Gauss-
ian curve fitting method. A schematic illustration of the LED is also shown in the inset. 

Figure 4. Room temperature PL spectra of the Si–QDs with Ge–core and their deconvoluted spectra
evaluated from the spectral analysis using the Gaussian curve fitting method.

Nanomaterials 2023, 13, x FOR PEER REVIEW 6 of 8 
 

 

 
Figure 4. Room temperature PL spectra of the Si–QDs with Ge–core and their deconvoluted spectra 
evaluated from the spectral analysis using the Gaussian curve fitting method. 

 
Figure 5. Energy band diagram of Si–QDs with Ge–core, illustrating radiative transition correspond-
ing to (a) PL components 2–4, and (b) component 1 as shown in Figure 4. 

 
Figure 6. Room temperature EL spectra taken at different applied biases from LEDs having Si–QDs 
with Ge–core and their deconvoluted spectra evaluated from the spectral analysis using the Gauss-
ian curve fitting method. A schematic illustration of the LED is also shown in the inset. 

Figure 5. Energy band diagram of Si–QDs with Ge–core, illustrating radiative transition correspond-
ing to (a) PL components 2–4, and (b) component 1 as shown in Figure 4.

The I–V characteristics of light–emitting diodes (LEDs) on p–Si(100), as schematically
illustrated in the inset of Figure 6, show a clear rectification property reflecting the work
function difference between the n–type amorphous Si electrode and p–Si(100) substrate
(not shown). With the application of continuous square–wave pulsed bias in the negative
half cycle with peak–to–peak amplitude over 1.0 V to the top electrodes, EL signals having
similar components to PL signals became observable from the topside of the LED structure
through the a–Si layer even at room temperature, as shown in Figure 5. Notice that the
observed EL spectra consist of four Gaussian components. It should be noted that their peak
energies and FWHM values are almost the same as those as the corresponding components
evaluated from the PL signal shown in Figure 4 were detected at room temperature. This
suggests that the recombination mechanism for the EL is the same as that of the PL. In
addition, a significant change in each of the peak positions was confirmed with an increase
in applied bias. No EL signals were detected in the positive half cycle bias condition.
Therefore, the EL can be explained by radiative recombination of electrons and holes
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caused by electron injection from the P–doped a–Si and hole injection from the p–Si(100).
With an increase in the bias amplitude, the EL intensity increased with almost no change in
the peak energy of each component, and then higher emission energy components became
dominant, as shown in Figure 7. It should be noted that, by applying a square–wave bias of
−4 to 0 V, the EL signal peaked at ~0.8 eV, which is the same energy as that of component
4 evaluated from the PL spectrum is dominant, implying that electrons and holes were
injected into higher–order quantized states. From the negative–bias amplitude dependence
of the EL intensity, we have found that radiative recombinations between higher–order
quantized states become a major factor for EL at −4 V as a result of which single–peak
emission can be realized. Results obtained in this research will lead to the realization of
Si–based optoelectronic devices by introducing a Ge–core into the Si–QDs (pseudo–super
atom structure), which has the advantage of stimulating radiation due to a narrow emission
wavelength spectrum in a low–voltage application.
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4. Conclusions

In summary, high–density Si–QDs with Ge–core show PL in the near–infrared region at
room temperature, which indicates that the hole confinement in Ge–core plays an important
role in radiative recombination into the Ge–core. We have also demonstrated stable EL
in the near–infrared region from light–emitting devices having Si–QDs with a Ge–core
caused by electron injection from the top electrodes simultaneously with hole injection
from the substrate under continuous square–wave pulsed bias in negative half–cycle
applications. From a technological point of view, it is quite important that such a stable EL
caused by electron/hole simultaneous injection from the gate and substrate, respectively,
at room temperature was realized by using Si–QDs with Ge core, which is compatible with
Si–ULSI processing.
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Abstract: Phase change memory (PCM), a typical representative of new storage technologies, offers
significant advantages in terms of capacity and endurance. However, among the research on phase
change materials, thermal stability and switching speed performance have always been the direction
where breakthroughs are needed. In this research, as a high-speed and good thermal stability material,
Ta was proposed to be doped in Sb3Te1 alloy to improve the phase transition performance and
electrical properties. The characterization shows that Ta-doped Sb3Te1 can crystallize at temperatures
up to 232 ◦C and devices can operate at speeds of 6 ns and 8 × 104 operation cycles. The reduction
of grain size and the density change rate (3.39%) show excellent performances, which are both
smaller than that of Ge2Sb2Te5 (GST) and Sb3Te1. These properties conclusively demonstrate that Ta
incorporation of Sb3Te1 alloy is a material with better thermal stability and faster crystallization rates
for PCM applications.

Keywords: high speed; thermal stability; crystallization; PCM

1. Introduction

Since the 1950s, the rapid development of non-volatile memories has greatly con-
tributed to faster data exchange in the age of the Internet. Phase change memory has
attracted attention for its fast programming speed, excellent re-writable characteristics,
good stability, and logical compatibility.

Breitwisch [1] showed that there is no clear physical limit to PCM so far, and that
device can still phase change when the thickness of the phase change material is reduced to
2 nm. Therefore, PCM is considered to be the most likely solution to the storage technol-
ogy problem and then to replace the current mainstream storage products as one of the
new generations of non-volatile semiconductor memory devices that will be common in
the future.

Raoux illustrates that phase change materials based on sulphur compounds have a
transition between high and low resistance values when excited by an electric field. More-
over, sulphur-based materials can achieve fast nanosecond transitions between amorphous
and crystalline states when thermally induced by a pulsed laser. The structural differences
between these two material forms lead to a significant difference in their macroscopic
optical reflectivity, and this difference enables the storage of two stable data states [2].

As a classical phase change material, Ge2Sb2Te5 (GST) has the potential to be im-
proved in terms of speed and stability when used in practical applications [3,4]. Since the
Sb-Te system is a growth-dominated phase change material [5], the growth-dominated
crystallization behaviour leads to a faster crystallization rate [6–8]. PCM devices based
on Sb3Te1 can achieve higher operation speed on the premise of improving data retention
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capability compared with GST. Based on Ghosh’s work [9], Stefan proposed a new version
of the Sb-Te phase diagram, in which only the γ phase is used to determine all phase
compositions between pure Sb and Sb2Te3, with the atomic percentage of Te in the phase
ranges from 11.4 at.% to 56.9 at.% [10]. According to the study, it can be proved that the Te
content in the Sb3Te1 is 25 at.%, which is a single phase.

In this study, the microstructural characterization and electrical properties of the Ta-
doped Sb3Te1 films and devices were investigated. Ta1.45Sb3Te1 has enhanced thermal
stability, reduced grain size, and increased the switching speed of PCM devices. The
improved performance of Ta-doped Sb3Te1 materials is analyzed in the paper through
changes in the microstructure of the films.

2. Experiment

By using a Ta target and a Sb3Te1 target during magnetron co-sputtering, Sb3Te1 and
TaxSb3Te1 (TaxST31) films were produced on SiO2 substrates. The sputtering power controls
the composition of the designed film. Production of pure Sb3Te1 films from Sb3Te1 targets
are sputtered onto SiO2 substrates using a 20 W RF magnetron. The RF magnetron power
of the Ta target was set to 6 W and 8 W while the Sb3Te1 target was co-sputtered at 20 W
to deposit two different ratios of TaxST31 films on the SiO2 substrate. The ratios of the
TaxST31 films were experimentally evaluated using energy dispersive spectroscopy (EDS)
and recorded as Ta1.08Sb3Te1 (TaST31-1), Ta1.45Sb3Te1 (TaST31-2).

The experiment was then carried out with prepared 60 nm films of pure Sb3Te1, TaST31-
1, and TaST31-2. The R-T measurements were performed at a 20 ◦C/min heating rate. The
films were heated at a rate of 20 ◦C/min while under vacuum, and the crystallization
temperature of the films was calculated for comparison and analysis.

Furthermore, the microstructure of 150 nm pure Sb3Te1, TaST31-1, and TaST31-2
films were explored using X-ray diffraction (XRD) for lattice information of the films.
Furthermore, 30 nm thick films of pure Sb3Te1 and TaST31-2 were deposited on the Cu
grid, and the transformation process was also studied by transmission electron microscopy
(TEM) to investigate the structural evolution. Additionally to this, the 40 nm TaST31-1 and
TaST31-2 films were characterized using X-ray reflectivity (XRR) to observe the density
variation of the films. The 150 nm pure Sb3Te1 and TaST31-2 films were selected for analysis
of their chemical bonding properties by applying X-ray photoelectron spectroscopy (XPS).

Finally, “T-shaped” PCM devices were fabricated to test their electrical properties.
Pre-industrial delivery was carried out using 0.13 µm complementary metal-oxide semi-
conductor technology. A sputtering method was used to deposit a 100 nm thick phase
change material and a 30 nm thick titanium nitride as an adhesion layer on a 190 nm
diameter tungsten heated electrode. Eventually, resistance–voltage (R–V) measurements
and endurance tests were carried out utilizing a Tektronix AWG5002B pulse generator and
a Keithley 2400 C source meter.

3. Results and discussion
3.1. Effect of Ta Doping on Crystalline Properties and Microstructure

In this research, resistance–temperature (R-T) test experiments were first carried out
on 60 nm films of pure Sb3Te1, TaST31-1, and TaST31-2.

Figure 1 shows the curve of resistance as a function of temperature for the three different
components of the films. The resistivity of the films first reduces gradually with rising
temperature. Before the crystallization temperature is attained, resistance rapidly decreases.
The minimum value of the first-order inverse of the R-T curve is used to compute the
crystallization temperature (Tc). The crystallization temperatures of pure Sb3Te1, TaST31-1,
and TaST31-2 are 152 ◦C, 203 ◦C, and 230 ◦C, respectively. The crystallization temperature
of the Sb3Te1 film can be increased by Ta doping. The substance GST crystallizes at a
temperature of about 150 ◦C, according to studies [11,12]. In comparison, it can be found
that the addition of the material Ta can increase the crystallization temperature by 50 ◦C to
80 ◦C, which greatly improves the thermal stability of the material.
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Figure 1. The R–T measurement results for Sb3Te1, TaST31-1, and TaST31-2.

The lattice information of the Sb3Te1 and TaST31-2 films were characterized by XRD
measurements, as shown in Figure 2a,b. The Sb3Te1 and TaST21-2 films with a thickness of
150 nm were annealed in N2 at 200 ◦C, 240 ◦C, and 280 ◦C for 5 min. The diffraction peaks
of Sb3Te1 film appeared at 200 ◦C, which is corresponding to the hexagonal Sb2Te phase.
As observed in Figure 2b, the crystallization of TaST31-2 film is delayed, and the diffraction
peak appeared at 240 ◦C. By comparing the crystal orientation indexes in Figure 2a,b, the
TaST31-2 film shows an increase in the intensity of the 103 peak and a decrease in the
intensity of the 004 and 005 peaks compared to the pure Sb3Te1 films, while the 114 and 023
peaks no longer appear. It can clearly be observed that the diffraction peaks of the Ta-doped
Sb3Te1 film broaden, but there are no diffraction peaks of the metal Ta or Ta-containing
metal compounds, and no isolated Sb [13]. The results of the XRD curves indicate that
the main crystal structure of the Ta-doped Sb3Te1 film has not changed. Moreover, the
half-peak width of the Ta-doped Sb3Te1 film has become larger, which means that the
grains have been refined.
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Transmission electron microscopy (TEM) enables a more visual observation of the
grain size and crystalline phase. The test samples for TEM are 30 nm thick films of Sb3Te1
and TaST31-2 deposited on copper grids, which can be directly used for TEM observation
and analysis. All samples were annealed in N2 at 280 ◦C for 5 min. BF TEM images of
Sb3Te1 and TaST31-2 films and their associated SAED patterns are shown in Figure 3a,b,
respectively. Figure 3c,d are HRTEM images of Sb3Te1 and TaST31-2 films, respectively. The
comparison of BF images shows that the grain size of TaST31-2 film is significantly smaller
than that of the Sb3Te1 film. It proves that after Ta doping, the crystallization behaviour
of Sb3Te1 switches from being growth-dominated to nucleation-dominated. Meanwhile,
the SAED pattern of the Sb3Te1 film shows single crystal diffraction spots, indicating that
it has grown into large grains. In contrast, the intensity of diffraction rings that belong to
110, 103, and 016 crystallographic planes of hexagonal structure of Sb2Te emerged in the
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corresponding SAED pattern of TaST31-2 film and showed a small degree of discontinuity,
further explaining the inhibition effect of Ta on grains [14]. It also can be found that the
grains become uniform on the HRTEM images of TaST31-2 films. Sb3Te1 films have a
grain size of at least 100 nm, which is reduced to 5–10 nm after Ta doping. Therefore, it
is concluded that the grain size decreases and no other phases in Ta doping Sb3Te1 film.
The small size of the grain contributes to reducing the thermal conductivity and resistance
drift as well as the formation of a homogeneous phase, which helps to improve the heating
efficiency and the reliability of the device [15].
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Bruker D8 Discover’s X-ray reflectivity (XRR) investigations can be used to look at
how the thickness and density of the films change both before and after crystallization.
Figure 4a,c show the XRR diffraction images of the TaST31-1 and TaST31-2 films, respec-
tively. The density change values for the amorphous and crystalline phases of the TaST31-1
and TaST31-2 films are shown in Figure 4b,d, respectively. The principle of operation of
XRR is to take advantage of the reflection and refraction phenomena that occur on the
surface of the sample when X-rays are reflected. The refracted light enters the interior of the
sample and is reflected and refracted again at the Si substrate interface. The two reflected
beams interfere to produce interference fringes [16]. Figure 4a,c show that the XRR curves
of the Ta-doped Sb3Te1 films are wavy, with multiple peaks and troughs. The numbers 1–8
in the figures are the number of wave peaks. Based on the displacement of the peaks, fitting
calculations are performed to show the thickness and density change corresponding to the
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amorphous to crystalline transition from Figure 4b,d. In the figures, the exact film thickness

d can be deduced from the slope of the curve [
(

λ
2d

)2
] and the critical angle calculated

from the intercept (α2
m) on the y-axis. The density change of the film is calculated from

Equation (1):

∇ρ =
ρmc − ρma

ρmc
=

α2
cc − α2

ca
α2

cc
, (1)

where ρmc, ρma are the density of the crystalline and amorphous TaST31, respectively, and
α2

ca, α2
cc are the critical angles of the XRR curve for the amorphous and crystalline TaST31. It

was calculated that the rate of change in thickness for the TaST31-1 film is 4.29%, compared
to 1.01% for the TaST31-2 film. Meanwhile, the rate of change in density was 6.17% for film
TaST31-1 and 3.39% for film TaST31-2. The density change of the film TaST31-2 (3.39%)
is lower than that of GST (6.8%). From this result, it can be concluded that the change in
density decreases as the Ta percentage increases. This value of density change improves
the durability of the material [17,18].
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The chemical bonding properties of Sb3Te1 and TaST31 films in the crystalline form
were examined by the XPS method in order to examine the influence of Ta doping.
Figure 5a,b show the XPS spectra of Te3d and Sb3d, respectively. In Figure 5a, it can
be seen that the bond energies of 572.4 eV and 582.7 eV in the Sb3Te1 film correspond to
Te 3d5/2 and 3d3/2, respectively, and the bond energies of 572.3 eV and 582.7 eV in the
TaST31-2 film correspond to Te 3d5/2 and 3d3/2, respectively. The result indicates that
by doping Sb3Te1 with Ta element, the binding energy of Te will shift towards a lower
binding energy. As shown in Figure 5b, it is also observed that the bond energy of Sb 3d5/2
is reduced from 528.2 eV to 528.1 eV and the bond energy of Sb 3d3/2 is reduced from
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537.6 eV to 537.5 eV with lower binding energy. The electronegativities are 1.4, 2.05, and
2.1 for Ta, Sb, and Te elements, respectively [19], making a stronger Ta-Te bond than an
Sb-Te bond. Ta tends to combine with Te to form more Ta-Te bonds and extra Sb-Sb bonds.
The bond energy of the Ta-Te bond is larger than that of the Sb-Te bond, indicating that
more energy is required to break the Ta-Te bond, resulting in better thermal stability [20,21].
Therefore, the thermal stability of Sb3Te1 films was improved after doping with Ta elements.
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3.2. Device Performance

The resistance–voltage (R-V) curve for a T-shaped device based on TaST31-2 material
is depicted in Figure 6a. The devices based on TaST31-2 material can even perform SET
and RESET at ultra-fast pulse widths of 6 ns, allowing for high-speed operation. Therefore,
the Ta-doped Sb3Te1 material’s electrical performance is more dominant than that of GST
(10 ns) [22]. It is also evident by seeing the R-V curves that the Ta-doped Sb3Te1 material
requires less voltage to operate in the SET/RESET state. The device performs best at
a SET voltage of 2.5 V and a RESET voltage of 4 V for a pulse width of 100 ns. The
highest and lowest resistances fall within a window of 1.7 orders of magnitude under
these circumstances, which is sufficient for logical differentiation. Figure 6b shows the
endurance performance of a T-shaped device based on TaST31-2 material. Set a 300 ns/1.8 V
SET pulse and a 200 ns/2.8 V RESET pulse as the device’s operating conditions. The
device can be tested to hold for 8 × 104 cycles before a failure occurs. Consequently, the
following conclusions are summarised from the above experiments, the switching speeds
and SET/RESET voltages always have a huge advantage over GST materials in TaST31-2
device tests.
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4. Conclusions

The properties of Ta-doped Sb3Te1 materials for PCM applications are examined in this
paper. The crystallization temperature increases with the amount of Ta doping, indicating
that the element Ta improves thermal stability. The XRD results can be analyzed to show
that Ta doping does not change the crystal structure of Sb3Te1 material and results in the
refinement of the grains. Transmission electron microscopy images show more visually that
the size of the crystal grains has become smaller in the TaST31 material, verifying the XRD
test results. This reduction in grain size contributes to lower thermal conductivity and lower
resistance drift, thus improving the heating efficiency and reliability of the device. X-ray
reflectivity (XRR) experiments showed a thickness change (1.01%) and the density change
(3.39%) for the TaST31-2 films, which is advantageous to the endurance of the material. XPS
experiments illustrate that more Ta-Te bonds with higher bonding energy, verifying the
conclusion that the doping of Ta enhances the thermal stability of the material. The PCM
device based on TaST31-2 achieves 6 ns operation speed and 8 × 104 cycles. In summary,
the TaSb3Te1 material holds great promise for phase change memory applications.
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Abstract: As a new generation of non-volatile memory, phase change random access memory
(PCRAM) has the potential to fill the hierarchical gap between DRAM and NAND FLASH in computer
storage. Sb2Te3, one of the candidate materials for high-speed PCRAM, has high crystallization speed
and poor thermal stability. In this work, we investigated the effect of carbon doping on Sb2Te3. It
was found that the FCC phase of C-doped Sb2Te3 appeared at 200 ◦C and began to transform into the
HEX phase at 25 ◦C, which is different from the previous reports where no FCC phase was observed
in C-Sb2Te3. Based on the experimental observation and first-principles density functional theory
calculation, it is found that the formation energy of FCC-Sb2Te3 structure decreases gradually with
the increase in C doping concentration. Moreover, doped C atoms tend to form C molecular clusters
in sp2 hybridization at the grain boundary of Sb2Te3, which is similar to the layered structure of
graphite. And after doping C atoms, the thermal stability of Sb2Te3 is improved. We have fabricated
the PCRAM device cell array of a C-Sb2Te3 alloy, which has an operating speed of 5 ns, a high thermal
stability (10-year data retention temperature 138.1 ◦C), a low device power consumption (0.57 pJ), a
continuously adjustable resistance value, and a very low resistance drift coefficient.

Keywords: phase change random access memory; C-doped Sb2Te3; density functional theory;
formation energy; continuously adjustable resistance value

1. Introduction

With the continuous development of an information society, people's demand for
information storage and calculation continues to grow. Phase change random access
memory (PCRAM) is greatly welcomed by researchers in industrial electronics, artificial
intelligence, and other fields because of its simple process, high integration, non-volatility,
multi-level storage, and other characteristics [1]. The non-volatile memory technology
3D-XPoint, developed by Intel and Micron and announced for the first time in August
2015, is a new type of non-volatile memory that can significantly reduce latency, so that
more data can be stored near the central processing unit [2], and its essence is PCRAM.
Intel claims that its speed and life span are 1000 times that of NAND Flash, its integration
density is 10 times that of traditional memory, and its cost is half that of Dynamic Random
Access Memory (DRAM) [3].

The key technology of PCRAM lies in phase change materials. PCRAM realizes
data storage by using the resistance difference of the phase change material between the
amorphous state and the crystalline state. The common Ge2Sb2Te5 (GST) phase change
material is the most widely used material at present, but it has the disadvantages of slow
speed (~50 ns) and poor thermal stability (~82 ◦C) [4,5], which cannot meet the requirements
of high-speed and high thermal stability PCRAM, thus limiting its application in electronic
devices. In order to improve the performance of PCRAM, it is key to find phase change
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materials with fast reversible phase change speed and high thermal stability. Zuliani
et al. explored the region rich in Ge element in the GST ternary diagram, which made the
thermal stability of Ge-rich GST meet the specifications of automobile application, but the
programming speed loss was about one-third of GST [6]. Diaz et al. improved the bottom
electrode contact and thermal stability (1h retention is 230 ◦C) by adding a GST buffer
layer under Ge-rich GST [7]. The high thermal stability of a Ge-rich GST alloy is due to the
formation of local tetrahedral Ge-Ge bonds, which leads to a more disordered structure;
that is, it is less prone to crystallization, which increases the resistivity of crystalline GST
and reduces the RESET power consumption of PCRAM [6]. However, the operation speed
of Ge-rich GST is still not satisfied.

In recent years, Sb2Te3 had great application potential in thermoelectrics [8], opto-
electronics [9], PCRAM, and neuromorphic applications [10]. Sb2Te3 has a fast reversible
phase transition, which is due to its rich Te and vacancies in the face-centered cubic (FCC)
phase [11]. Sb2Te3 is considered one of the most advantageous candidate materials for
PCRAM, but its thermal stability is poor [12–14]. In order to improve thermal stability while
maintaining the advantages of its high crystallization speed, doping is a feasible means
to improve the thermal stability of Sb2Te3 [15]. Although some dopants can improve the
thermal stability of amorphous Sb2Te3, they will cause undesirable phase separation during
the erasing and writing of PCRAM, which will seriously limit the crystallization speed
and deteriorate the device’s performance [16]. Dopant C is a relatively ideal dopant [17],
and doping Sb2Te3 with element C can not only achieve the purpose of fast phase change,
high thermal stability, and low power consumption of RESET [18], but also will not cause
serious phase separation. Experimental results show that there is an FCC phase in C-doped
Sb2Te3 (C-Sb2Te3). Combined with density functional theory, we found that the forma-
tion of an FCC-Sb2Te3 structure can gradually decrease with the increase in C doping
concentration. The doped C atoms tend to form C molecular clusters in sp2 hybridization
at the grain boundary of Sb2Te3. Furthermore, PCRAM device cells based on C-Sb2Te3
were fabricated, which had an operating speed of 5 ns, high thermal stability, a low device
power consumption, a continuously adjustable resistance, and an extremely low resistance
drift coefficient.

2. Calculations and Experimental Section
2.1. Density Functional Theory (DFT) Methods

In the calculation work, we constructed a 3 × 3 × 3 supercell model of an FCC-Sb2Te3,
which contains 180 atoms (72 Sb atoms and 108 Te atoms), and randomly generated 36 Sb
cation vacancies in the system. We also constructed an FCC-Sb2Te3 model with 160 atoms
of Σ3 twin grain boundary, including 64 Sb atoms, 96 Te atoms, and 32 random Sb cation
vacancies. The thickness of the vacuum layer between supercells is 10 Å.

We use the Vienna ab initio simulation package (VASP) for density functional theory
calculation. We adopted the projector augmented wave (PAW) potentials for describing the
ion–electron interaction, the generalized gradient approximation (GGA) of Perdew-Burke–
Ernzerhof (PBE) for exchange–correlation interactions between electrons [15,19–23]. The
calculated valence electrons include 2s22p2 of C, 5s25p3 of Sb, and 5s25p4 of Te, and the
plane wave cutoff energy is set to 550 eV. With Γ point as the origin, the Monkhorst–Pack
method is used to generate 1 × 1 × 1 and 3 × 3 × 1 k-point grids, respectively, and the
Gaussian smearing method is used to adjust each orbital occupation. The cutoff energy
and k-point grids have been tested, and the atomic structures of these two models are fully
optimized. The energy convergence criterion is 10−5 eV, while the atomic force is less than
0.05 eV/Å. We implemented the Crystal Orbital Hamiltonian Population (COHP) bonding
analyses using the LOBSTER setup [24].

2.2. Experimental Methods

By magnetron sputtering, the C and Sb2Te3 were co-sputtered onto a SiO2/Si (100)
substrate, and the thickness of the film can be controlled by adjusting the sputtering time
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and sputtering power. The magnetron sputtering power of Sb2Te3 is 20W RF and the
power of C is 40W DC. The deposition proceeds with Ar at a flow rate of 20 SCCM, with
a background pressure of 3 × 10−4 Pa. The film was heated in situ at a heating rate of
60 ◦C/min in a self-made vacuum heating station, and the changes of resistance with time
at various temperatures were recorded. Data retention for 10 years (and 100 years) was
estimated by the Arrhenius Equation. To explore the electrical behavior of C-Sb2Te3 in
memory cells, the PCRAM cells were fabricated with the traditional T-shaped (mushroom-
type) structure. The bottom W heat electrode with a diameter of 190 nm was fabricated
by 0.13 µm complementary metal oxide semiconductor technology. The bottom W heat
electrode is covered with a C-Sb2Te3 film with a thickness of about 135 nm, and 40 nm TiN
is deposited as the top electrode. The PCRAM cells were patterned using an etching process.
The prototype PCRAM cells were annealed at 300 ◦C for 10 min in a N2 atmosphere, and
then the electrical properties, such as current voltage (I-V), resistance voltage (R-V), and
resistance time (R-t), were tested by a self-made test system. The test system consists
of an arbitrary waveform generator (Tektronix AWG5002B, Beaverton, OR, USA) and a
digital source meter (Keithley-2400, Beaverton, OR, USA). The thin films were continuously
annealed at 200–300 ◦C for 5 min in a N2 atmosphere, and the lattice information of the
thin films was explored by X-ray diffraction (XRD, Rigaku, Tokyo, Japan).

3. Results and Discussion
3.1. Atomic Configuration for C-Doped Sb2Te3

In order to determine the position of the C atom in Sb2Te3, we first consider four pos-
sible doping ways of the C atom in an FCC-Sb2Te3: replacing the Sb atom (CSb), replacing
the Te atom (CTe), occupying Sb cation vacancy (CV), and interstitial doping (CI). On this
basis, the formation energy of C doping in an FCC-Sb2Te3 was calculated and compared.
The Equation for calculating the formation energy of C doping is as follows [15,20,21,25]:

Ef[X] = Etot[X]− Etot[bulk]− ∑i niµi (1)

where Etot[X] and Etot[bulk] are the total energies of a supercell with and without C doping,
respectively, and ni represents the number of doped atoms. ni > 0 means adding atoms to
the supercell, ni < 0 means removing atoms from the supercell, and µi means the chemical
potential of i substance. In this paper, the chemical potentials of C, Sb, and Te are calculated
according to the simple substance trigonal phase.

The FCC-Sb2Te3 supercell used in the calculation contains 36 cation vacancies, 72 Sb
atoms, and 108 Te atoms. The FCC-Sb2Te3 model is shown in Figure 1a. The calculation
results show that the formation energy of C atoms in every position of the FCC-Sb2Te3 is
very high, as shown in Figure 1b, which indicates that the doping system is not easy to
form or unstable; that is, the substitution/occupation position of C atoms is unreasonable.
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It is found from the article [18,25–28] that C atoms are not simply doped in these four
ways, but form C molecular clusters (such as C chain and/or C ring) on the crystal plane.
The Σ3 twin grain boundary in an annealed C-Ge2Sb2Te5 alloy accounts for 7.49% of the
total polycrystalline structure [28]. Figure 2a shows the FCC-Sb2Te3 with 160 atoms of Σ3
twin grain boundary, and the thickness of the vacuum layer in the c-axis direction is 10 Å.
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Figure 2. (a) The Σ3 twin grain boundary FCC-Sb2Te3 containing 160 atoms, and (b) the C atoms
gradually converge at the crystal plane to form C molecular clusters.

After the structural relaxation, we found that the C atoms have a tendency to gradually
converge together and form the C chain and/or C ring [29], as shown in Figure 2b. The
longer the C chain, the more C rings, and the lower its formation energy. On the contrary,
the more dispersed the C atom is, the higher its formation energy is. Figure 3 shows the
formation energies of different C doping contents and forms calculated by Equation (1). As
can be seen in Figure 3, comparing the formation energy of a single crystal structure (See
Figure 1a) and a twin structure (See Figure 2a), the latter is lower, indicating that C atoms
are more inclined to stay at the grain boundary than to replace Sb/Te atoms or occupy
intervals/Sb cation vacancies in a single crystal. It is further analyzed that with the increase
in C doping concentration, or with the increase in C chain and/or C ring, the formation
energy of Sb2Te3 can gradually decrease, indicating that C atoms tend to converge to each
other to form a C chain and/or C ring, which mainly exists in the form of a C chain and/or
C ring at the twin grain boundary, as shown in Figure S1.
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It can also be seen in Figure 3 that although the formation energy of C-Sb2Te3 gradually
decreases with the increase in C doping concentration, its value is still greater than 0 (the
formation energy of C64Sb64Te96 is 0.92 eV/f.u.), indicating that the structure is not easy
to form or unstable. Perhaps this is the reason why the FCC structure was not found in
the previous reports of Sb2Te3 doped with carbon, yet the hexagonal (HEX) structure was
found. Yin et al. reported that there was no FCC structure in the experiment of C-doped
Sb2Te3, but the FCC structure was observed in the experiment of N-doped Sb2Te3 [30]
and C-N co-doped Sb2Te3 [31]. The samples of pure Sb2Te3 and Sb2Te3 films doped with
different carbon contents were prepared, and their crystal structures were analyzed by
XRD, as shown in Figure 4. It can be seen in Figure 4 that when Sb2Te3 is at 225 ◦C, the
FCC phase and the HEX phase coexist, which indicates that Sb2Te3 starts to change from
the FCC phase to the HEX phase at this time. In C40WSb2Te3, there is no HEX phase at 200
and 225 ◦C, but the characteristic peak of the FCC phase appears, and the transition from
the FCC phase to the HEX phase begins at 250 ◦C. However, the characteristic peak of the
FCC phase was not observed at 225–250 ◦C in C20WSb2Te3, which indicated that with the
increase in C doping concentration, the formation energy of C-Sb2Te3 decreased, so that the
FCC phase can appear in C-doped Sb2Te3, and the FCC phase is likely to be stable in the
C-Sb2Te3 structure as the C concentration increases. The formation energy of the metastable
FCC-Sb2Te3 structure constructed by us is calculated to be 0.04eV/f.u., which is close to
kT = 0.026 eV at room temperature. However, the formation energy of the FCC-Sb2Te3
structure is greater than 0, which also indicates that its stability is poor. In order to further
understand the chemical stability of the Sb2Te3 structure, we performed the COHP analysis
for Sb2Te3, as shown in Figure 5. The upper and lower portions of the -COHP curve indicate
bonding (stable) and anti-bonding (unstable) interactions, respectively. From the -COHP
of Sb2Te3 in Figure 5, the existence of the anti-bonding state of Sb-Te atoms below Fermi
level (Ef) also indicates that the stability of the FCC-Sb2Te3 structure is poor [32], where the
cutoff distance of an Sb-Te bond is 3.1 Å [18,28,33,34]. Kolobov et al. theoretically predicted
and constructed the structure model of the FCC-Sb2Te3 in 2013 [35], but it was not until
2016 that Zheng et al. observed the structure of the FCC-Sb2Te3 in the experiment for the
first time using TEM analysis [34].
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3.2. Electronic Properties and Origin of Change of Crystalline C-doped Sb2Te3

To understand the mechanism of the thermal stability improvement of C-doped Sb2Te3,
contour plots of electron localization function (ELF) projected on the same planes for Sb2Te3
and 64C-Sb2Te3 are shown in Figure 6, and the ELF maxima of various bonds are shown in
Table 1. It is shown that the ELF maximum of the C-C bond is much higher than that of
other bonds, indicating that the strength of the C-C bond is very high, which also proves
that C atoms mainly exist in the form of C molecular clusters in Sb2Te3. The ELF maximum
values of C-Te and C-Sb bonds are obviously much higher than 0.5, which indicates that C-
Te and C-Sb bonds have high strength; that is, there are some molecular clusters containing
C-Te and C-Sb. In addition, it also shows that the doping of the C atoms changes the local
environment of each element in Sb2Te3 and increases the strength of the Sb-Te covalent
bond, thus obviously improving the stability of Sb2Te3 after C doping [36,37].
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Table 1. The maximum electronic local function value of each covalent bond in the FCC-Sb2Te3 with
Σ3 twin grain boundary of undoped/doped C atoms in the direction of bond length.

Bonds Sb2Te3 C-Sb2Te3

Sb-Te 0.78 0.80
C-C / 0.94
C-Sb / 0.91
C-Te / 0.89

In order to represent the effect of C element doping on the amorphous thermal stability
of Sb2Te3 materials, we tested the failure time of thin film materials at different temperatures.
The failure time is considered to be that the film resistance drops to half of the initial
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resistance at this set temperature T. As shown in Figure 7, the 10-year (and 100-year) data
retention is estimated according to the Arrhenius equation:

t = τ exp
(

Ea

kbT

)
, (2)

where t is the failure time of the film at a set temperature T, τ is the preexponential factor,
Ea is the activation energy, and Kb is the Boltzmann constant. It can be seen in Figure 7
that the addition of C atoms obviously improves the 10-year (or 100-year) data retention
of Sb2Te3.

Nanomaterials 2022, 12, x FOR PEER REVIEW 7 of 13 
 

 

 
Figure 7. The 10-year (or 100-year) data retention temperature and activation energy of crystalliza-
tion are deduced based on the Arrhenius equation, according to the failure time versus reciprocal 
temperature. 

Figure 8a shows the pair correlation function (PCF) of the C-C bond and the Sb-Te 
bond in crystal Sb2Te3 and C-Sb2Te3 after structural relaxation. For the first peak, we found 
that the peak value of the C-C bond is far greater than that of the Sb-Te bond, C-Sb bond, 
C-Te bond, etc., indicating that C atoms are more inclined to combine with C atoms in 
Sb2Te3 to form C molecular clusters. To our surprise, the position of the first peak of the 
C-C bond is 1.406 Å, which is very close to the inter-layer atomic spacing of 1.42 Å in 
graphite structure [38,39]. In addition, the maximum bond angle distribution of the C-C-
C configuration in C molecular clusters is about 105–125°, and the coordination number 
of C atoms is mainly 3-coordinate, as shown in Figure 8b,c. These indicate that the doped 
C atoms in Sb2Te3 are not randomly formed when forming C molecular clusters, but tend 
to form graphite-like layered structures by sp2 hybridization [18,28]. The low PCF peaks 
of the C-Sb and C-Te bonds in Figure S2 indicate that C atoms bond less with Sb and Te 
atoms. It is observed that after doping the C atom in Sb2Te3, the position of the first peak 
value of the Sb-Te bond decreases and the bond length becomes shorter, indicating that 
the binding between Sb and Te atoms is strengthened, thus making the structure more 
stable. Meanwhile, the extremely unstable Sb-Sb homobonds are reduced, which also con-
tributes to the enhancement of structural stability, as shown in Figure S2. 

   

(a) (b) (c) 

Figure 7. The 10-year (or 100-year) data retention temperature and activation energy of crys-
tallization are deduced based on the Arrhenius equation, according to the failure time versus
reciprocal temperature.

Figure 8a shows the pair correlation function (PCF) of the C-C bond and the Sb-Te
bond in crystal Sb2Te3 and C-Sb2Te3 after structural relaxation. For the first peak, we found
that the peak value of the C-C bond is far greater than that of the Sb-Te bond, C-Sb bond,
C-Te bond, etc., indicating that C atoms are more inclined to combine with C atoms in
Sb2Te3 to form C molecular clusters. To our surprise, the position of the first peak of the
C-C bond is 1.406 Å, which is very close to the inter-layer atomic spacing of 1.42 Å in
graphite structure [38,39]. In addition, the maximum bond angle distribution of the C-C-C
configuration in C molecular clusters is about 105–125◦, and the coordination number of
C atoms is mainly 3-coordinate, as shown in Figure 8b,c. These indicate that the doped C
atoms in Sb2Te3 are not randomly formed when forming C molecular clusters, but tend
to form graphite-like layered structures by sp2 hybridization [18,28]. The low PCF peaks
of the C-Sb and C-Te bonds in Figure S2 indicate that C atoms bond less with Sb and Te
atoms. It is observed that after doping the C atom in Sb2Te3, the position of the first peak
value of the Sb-Te bond decreases and the bond length becomes shorter, indicating that the
binding between Sb and Te atoms is strengthened, thus making the structure more stable.
Meanwhile, the extremely unstable Sb-Sb homobonds are reduced, which also contributes
to the enhancement of structural stability, as shown in Figure S2.
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3.3. Electrical Performance Test of a Prototype PCRAM Device Based on C-Sb2Te3 Material

The electrical programming characteristics of the C-Sb2Te3 prototype PCRAM device
are shown in Figure 9a. The illustration is the voltage pulse we applied to the PCRAM
cell and the pulse width is fixed and the voltage amplitude step is set to 0.1 V. Starting
from the first pulse amplitude of 0.1 V until the PCRAM cell stops after the SET and the
RESET, as illustrated in Figure 9a, a reading voltage of 0.1 V is applied between every two
pulses to record the resistance value of the PCRAM test cell. The initial state resistance
value and the final state resistance value are controlled to be equal as much as possible.
Obviously, the final state resistance value before adjusting the voltage pulse width is taken
as the initial state resistance value after adjusting the voltage pulse width, and the initial
state resistance value will affect the SET voltage value and even the RESET voltage value of
this electrical programming. It can be seen from Figure 9a that the resistance resolution
of the PCRAM cells exceeds two orders of magnitude, which meets the requirements of
PCRAM. Our PCRAM device cells can be programmed at a very low SET/RESET voltage
with a pulse width of 500 ns–5 ns, and the SET voltage and RESET voltage are as low as
1.5 V and 2.2 V when the voltage pulse width is 6 ns, which indicates that our PCRAM de-
vice has an operating speed of 5 ns and a low device power consumption (0.57 pJ), as shown
in Figure 9b. Further observation in Figure 9b shows that the RESET power consumption
of the PCRAM device cell decreases with the decrease in the width of the programming
pulse. At the same time, it was noted that the PCRAM device cell could not be completely
SET operated, as the width of the programming pulse decreased, resulting in the resistance
value of its low resistance state to increase. This explains the behavior of the RESET power
consumption change of the PCRAM device cell. However, the PCRAM device cell cannot be
completely SET, which may be caused by the FCC phase appearing before the amorphous
phase is transformed into the HEX phase due to the high C doping concentration. The
multistage storage function can be realized by setting different voltage pulse widths and
voltage pulse amplitudes, such as “0” at 107 Ω, “1” at 105 Ω, and “2” at 104 Ω [40]. We also
noticed that during the SET/RESET process of our PCRAM device, there was a continuous
resistance change. In this case, we used a voltage pulse with a pulse width of 500 ns to
RESET the PCRAM in a low resistance state, and the continuously adjustable resistance
value can be obtained as shown in Figure 10a. With this change, maybe we can realize
several basic synaptic functions at the cell level, including long-term plasticity (LTP) [41,42],
short-term plasticity (STP) [41,42], spike timing-dependent plasticity (STDP) [43,44], and
spike rate-dependent plasticity (SRDP) [44,45], and maybe can also realize more complex
or higher-order learning behaviors at the network level, such as supervised learning [46]
and associative learning [47], as well as non-von Neumann architecture of in-memory
computing [48,49]. In general, for this phenomenon of continuous resistance change, the
resistance drift caused by the widening of the band gap due to the structural relaxation
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(SR) of amorphous Sb2Te3 is a great obstacle to multilevel storage, neuromorphic learning
and in-memory computing. Li et al. greatly reduced this resistance drift phenomenon
by bipolar pulse operation on the PCRAM cell [50], which provides an effective means
to improve the stability of the phase-change neuromorphic applications. We adjusted the
resistance values of the PCRAM cell to high and low resistance states and each intermediate
resistance state by controlling the electrical signal applied to the PCRAM cell, and fitting
the resistance drift coefficient by Equation (3):

R(t) = R0

(
t
t0

)ν

, (3)

where R0 is the resistance value of the PCRAM cell at time t0; that is, the initial resistance. ν
is the resistance drift coefficient, indicating the change in the resistance value of the PCRAM
cell with time. The results measured at room temperature are shown in Figure 10b.

Nanomaterials 2022, 12, x FOR PEER REVIEW 9 of 13 
 

 

PCRAM cell with time. The results measured at room temperature are shown in Figure 
10b. 

  

(a) (b) 

Figure 9. (a) The R-V electrical test of the prototype PCRAM device based on C-Sb2Te3 material, and 
(b) the relationship between power consumption and pulse width. 

 
Figure 10. (a) The R-V curve is obtained by resetting the voltage pulse with a pulse width of 500 ns, 
and (b) the R-t curve and the resistance drift coefficient ν is obtained by fitting with Equation (2). 

  

Figure 9. (a) The R-V electrical test of the prototype PCRAM device based on C-Sb2Te3 material, and
(b) the relationship between power consumption and pulse width.

Nanomaterials 2022, 12, x FOR PEER REVIEW 9 of 13 
 

 

PCRAM cell with time. The results measured at room temperature are shown in Figure 
10b. 

  

(a) (b) 

Figure 9. (a) The R-V electrical test of the prototype PCRAM device based on C-Sb2Te3 material, and 
(b) the relationship between power consumption and pulse width. 

 
Figure 10. (a) The R-V curve is obtained by resetting the voltage pulse with a pulse width of 500 ns, 
and (b) the R-t curve and the resistance drift coefficient ν is obtained by fitting with Equation (2). 

  

Figure 10. (a) The R-V curve is obtained by resetting the voltage pulse with a pulse width of 500 ns,
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4. Conclusions

We have obtained an understanding of the doping position and existence form of
C atoms in the FCC-Sb2Te3 and the improved device performance after C doping by
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performing density functional theory calculations for different concentrations and forms of
C doping in single crystal FCC-Sb2Te3 and Σ3 twin boundary FCC-Sb2Te3. The results show
that the formation energy of C-Sb2Te3 decreases with the increase in C doping concentration,
which is consistent with the appearance of the FCC phase in high-concentration C-doped
Sb2Te3 in our experiment. In addition, C atoms prefer to form C molecule clusters by
sp2 hybridization at the grain boundary of Sb2Te3, similar to the layered structure of
graphite, which changes the local environment of each element in Sb2Te3, resulting in
the improvement of thermal stability of Sb2Te3. We fabricated the prototype device cells
of PCRAM, which had an operating speed of 5 ns, a high thermal stability (10-year data
retention temperature 138.1 ◦C), a low device power consumption of 0.57 pJ, and a resistance
drift coefficient as low as 0.025, showing a continuously adjustable resistance. These
performances all indicate that C-Sb2Te3-based PCRAM devices have great potential in
applications, such as multilevel storage and spiking neural networks.

Supplementary Materials: The following supporting information can be downloaded at https://
www.mdpi.com/article/10.3390/nano13040671/s1, Figure S1: After structural relaxation of different
C doping contents and C existing forms; Figure S2: The pair correlation function after structure
relaxation; Figure S3: XRD diagram of C40WSb2Te3 at 225 ◦C; Figure S4: The optical image of the
fabricated PCRAM cells; Figure S5: I-V curve of PCRAM unit set from high resistance state to low
resistance state by DC current; Figure S6: SET the PCRAM in a low resistance state with a large/small
set pulse, and then RESET it with a 500 ns pulse to obtain a continuously adjustable resistance value.
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Abstract: Phase-change random-access memory (PCRAM) holds great promise for next-generation
information storage applications. As a mature phase change material, Ge2Sb2Te5 alloy (GST) relies
on the distinct electrical properties of different states to achieve information storage, but there
are relatively few studies on the relationship between electron transport and microstructure. In
this work, we found that the first resistance dropping in GST film is related to the increase of
carrier concentration, in which the atomic bonding environment changes substantially during the
crystallization process. The second resistance dropping is related to the increase of carrier mobility.
Besides, during the cubic to the hexagonal phase transition, the nanograins grow significantly from
~50 nm to ~300 nm, which reduces the carrier scattering effect. Our study lays the foundation for
precisely controlling the storage states of GST-based PCRAM devices.

Keywords: phase change memory; Ge2Sb2Te5; phase transition; electron transport

1. Introduction

Phase-change random-access memory (PCRAM) is one of the most promising and
mature new memory technologies due to its high operating speed, cycle life comparable to
that of dynamic random-access memory, and large operation window [1–3]. As the core
of PCRAM, phase-change materials (PCMs) store information by the huge difference in
resistivity between amorphous (high resistance) and crystalline state (low resistance) [4,5].
Currently, the Ge2Sb2Te5 (GST) alloy is one of the most mature PCMs due to its excellent
electrical properties, and it is also the parent phase for constructing low-power superlattice
or the doped material [6,7]. There are two crystalline structures in GST materials: one is the
metastable face-centered cubic (f-), and the other is the stable hexagonal (h-) structure [8,9].
In the f-phase, Te atoms occupy the anion lattice, and the Ge/Sb/20% vacancies occupy
the cation lattice. With vacancy aggregation, the f-phase will transform into the h-phase at
high temperatures [10,11].

Although literature investigates the microscopic storage mechanism of GST from
experiments and theoretical methods, the relationship between the electronic transport
property and the microstructure is not fully elucidated currently [12–15]. In GeSb2Te4, a
similar alloy to GST, electronic measurement showed that it undergoes a metal–insulator
transition mechanism, accompanied by the disorder-to-order process [16,17], while the
corresponding structure variation is not well explained.

In this work, we investigated the relationship between the electric property and
microstructure through resistance–temperature (R-T) curves, in-situ transmission electron
microscope (TEM) heating, Hall test, and the electron backscattering diffraction (EBSD)
technique. With the increasing temperature, the amorphous GST film first transformed
into the f-phase, and then the h-phase, accompanied by the two sharp resistance drops. At
the first drop, the carrier concentration increased substantially due to the variation of the
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atomic bonding environment. At the second drop, the nanograins grew significantly with
an obvious [0001] texture, increasing the carrier mobility.

2. Materials and Methods
2.1. Sample Preparation

GST films (~200 nm thick) were deposited on a Si (100)/SiO2 substrate by a mag-
netron sputtering stoichiometric Ge2Sb2Te5 target in magnetron sputtering equipment
(ACS-4000-C4, ULVAC, Kanagawa, Japan), and the films for TEM observation were de-
posited on TEM grids with a thickness of 30 nm. The base pressure of the vacuum system is
about 1.5 × 10−4 Pa, the Ar flow rate is 50 sccm, the sputtering DC power is 50 W and the
corresponding sputtering pressure is about 0.2 Pa. With the aid of energy dispersive spec-
troscopy (EDS) accessory (EDAX, Oxford, UK), the average concentrations of Ge, Sb, and Te
atoms were estimated to be 20.7%, 29.4%, and 49.9%, respectively. Then an amorphous SiO2
film (~5 nm in thickness) was deposited on top of GST films as the anti-oxidation layer.

2.2. The Hall Test

The electrical property of the film was obtained by the Hall measurement system
(H-50, MMR, Baton Rouge, LA, USA) at room temperature. First of all, the sample film was
cut into small squares (1 × 1 cm2 to 1.3 × 1.3 cm2). Each sample was annealed in Ar gas at
different temperatures. The annealing temperature range was from 100 ◦C to 300 ◦C, and
the interval step was 25 ◦C. Each sample was tested 20 times for accuracy.

2.3. Microscopic Characterization

The microstructure of the film was studied using X-ray diffraction (XRD) in an X-ray
diffractometer (PANalytical X’Pert PRO, PANalytical B.V., Almelo, The Netherlands) with
Cu Kα radiation source. The in-situ crystallization process of the GST film was carried out
in a Gatan 628 heating holder (Gatan 628, Gatan, Pleasanton, CA, USA) with a heating rate
of 20 ◦C/min. The bright field (BF) images and selected area electron diffraction (SAED)
patterns were obtained in JEOL 2100F TEM (JEM-2100F, JEOL, Tokyo, Japan) under 200 kV.
The phase structure at 180 ◦C and 270 ◦C was obtained in the focused ion beam system
(Helios G4 UX, FEI, Hillsboro, OR, USA) using EBSD technology. The voltage was 30 kV
and the step size was 10 nm and 50 nm, respectively.

3. Results

Figure 1a shows the resistance–temperature (R-T) curves of GST films annealed for
different temperatures (100–300 ◦C). These samples went through a constant heating process
with a rate of 5 ◦C/min from room temperature by the two-probe method. Before 150 ◦C,
the resistance gradually decreased from 109 Ω to 106 Ω. Around 150 ◦C, a sharp resistance
decrease could be observed (from 106 Ω to 104 Ω), corresponding to the amorphous-to-f
phase transition. Further increasing the temperature to 250 ◦C, the resistance continued to
decrease to 103 Ω. Around 250 ◦C, the second resistance decrease could be observed (from
103 Ω to 104 Ω), corresponding to the f-to-h phase transition. The structure of GST films at
different temperatures was also investigated through XRD experiments. The results shown
in Figure 1b confirmed an amorphous state at room temperature, the f-phase at 200 ◦C, and
the h-phase at 300 ◦C.

The R-T curves during the cooling process are also investigated to explore the metal–
insulator transition in GST films. When the annealing temperature was lower than 150 ◦C,
the resistance of GST films backtracked to 109 Ω at room temperature. When the films
crystallized into the f-phase, the cooling R-T curves no longer coincided with the heating
R-T curve, and the temperature coefficient of resistance (TCR, yellow lines) was less than
zero, demonstrating a semiconductor behavior. The higher the annealing temperature, the
larger the TCR is. At 250 ◦C, the TCR is ~0.64, indicating that metal–insulator transition
(MIT) occurs.
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Figure 1. (a) The resistance–temperature curves of GST films annealed from 100 ◦C to 300 ◦C. (b) XRD
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To explore the electronic transport property in GST films, Hall experiments were
conducted. Figure 2a shows the schematic of the Hall test [18], when the current, magnetic
induction, and sample thickness are known, it is only necessary to measure the Hall voltage
to obtain the carrier concentration and mobility. Here, we did not use the in-situ heating
Hall test method because of a large experiment error. Instead, we carried out the Hall test
with squared samples directly. After annealing, the structure of the sample was stable, and
the obtained Hall effect parameters were relatively accurate, which reflects the relationship
between the electronic transport properties and the structure. Here, the films annealed
from 25 ◦C to 350 ◦C with an interval step of 25 ◦C were investigated. Figure 2b shows
that the resistivity was ~5 × 103 Ω·cm at low temperatures. When the temperature rose to
150 ◦C, the resistivity sharply decreased to 100 Ω·cm, corresponding to the amorphous-f
phase transition. As the annealing temperature increased to 225 ◦C, the resistivity dropped
to 10−3 Ω·cm, corresponding to the f-to-h phase transition. The mismatch of the f-to-h
phase transition temperature in Figures 1a and 2b should be ascribed to the two different
thermal treatments, while both of them maintained a low-level resistivity at higher tem-
peratures. Figure 2c,d shows the carrier concentration and carrier mobility of the film at
different temperatures. Before 150 ◦C, the carrier concentration was ~5 × 1015 Ω·cm−3.
At 150 ◦C, the carrier concentration sharply increased to ~1 × 1019 Ω·cm−3, which shows
the same variation orders of the magnitude observed in Figure 1a. Therefore, the decrease
in resistance during crystallization is mainly attributed to the rapid increase in carrier
concentration. When the temperature continued to increase, the carrier concentration was
maintained at a high level. Interestingly, the carrier mobility suddenly increased from
1 cm2/(V·s) to ~50 cm2/(V·s) at 225 ◦C; thus, the decrease in resistance during the f-to-h
phase transition is related to the increase of carrier mobility. At high temperatures, the
value maintained around ~10 cm2/(V·s) to ~100 cm2/(V·s).

To understand the electronic transport property from a microscopic point of view, an
in-situ heating experiment of GST film inside TEM was performed as shown in Figure 3.
At room temperature, the morphology of the film was uniform, and the corresponding
SAED pattern showed a diffused ring (Figure 3a), demonstrating a typical amorphous
state. At 140 ◦C, some nanograins appeared and (220) a lattice plane (a continued and
sharp ring) of the f-phase was detected, demonstrating the start of crystallization. As the
temperature rose to 240 ◦C, the nanograins and other f-phase lattice planes were more
and more obvious, but note that the sizes of the nanograins were still small. Therefore,
the increase of carrier concentration is mainly related to amorphous to f-phase transition.
During the crystallization process, the tetrahedral Ge atoms jumped to the octahedral
coordination, and the change in the constituent atom environment increased the carrier
concentration. With increasing temperature, the vacancies gradually aggregated, while the
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variation of carrier concentration or carrier mobility was small. At 278 ◦C, a large grain
suddenly occupied the entire top left area (bright contrast, Figure 3e). As the temperature
increased to 300 ◦C, the grain quickly merged the nanograins throughout the whole area as
shown in Figure 3f,g [19]. The corresponding SAED patterns (Figure 3) showed a typical
single crystal structure, which belongs to the [0001] orientation of the h-phase.
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Through an in-situ heating experiment inside TEM, we observed the phase transition
process in a small area. To study the crystal structure in a larger area, we used the EBSD
technique to analyze the GST film that was annealed at 180 ◦C and 270 ◦C, respectively.
Figure 4a,c show the inverse polar figure (IPF) of the film at 180 ◦C and 270 ◦C, respectively.
At 180 ◦C, the orientation difference of the IPF was very inconsistent, while the orientation
of the grains was very similar at 270 ◦C, demonstrating that the film had a preferred
orientation, which corresponds to the [0001] orientation in the h-phase as observed in
Figure 3h. Further, the statistical grain size distribution [20–22] at two temperatures are
also shown in Figure 4b,d. The calculated average grain size was 48.5 nm for 180 ◦C, and
292.3 nm for 270 ◦C, indicating that the nanograins grew significantly during the f-to-h
phase transition.
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Figure 4. (a,b) are the inverse polar figure (IPF) of the film and the statistical grain size distribution
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To explore the preferred orientation relationship between the f-phase and the h-phase,
we analyzed the EBSD pole figures (PF) for {100}, {110}, and {111} crystallographic planes
for the f-phase (180 ◦C). As can be seen from Figure 5a, the maximum density of orientation
difference was 2.97; thus, there was no consistent preferred orientation in the f-phase films
at 180 ◦C. As for the PF in the h-phase films (270 ◦C), there was no preferred orientation in
{1120}, and {1010} planes, while in the {0001} plane, the maximum orientation difference
density was 65.15 at the central position, which is along the [0001] orientation. Therefore,
the large h-phase grains in GST film indeed had a preferred orientation as observed in
Figure 3h. During the f-to-h phase transition, the carrier concentration did not increase
significantly. However, due to the growth of the nanograins, the scattering affected by
the crystal lattice was weakened, hence increasing carrier mobility. When the structural
transformation was completed, the grain size did not change, and thus the mobility reached
a stable value at this time.

67



Nanomaterials 2023, 13, 582Nanomaterials 2023, 13, x FOR PEER REVIEW 7 of 8 
 

 

 
Figure 5. (a) EBSD pole figures for {100}, {110}, and {111} crystallographic planes for the f-phases 
film (180 °C). (b) EBSD pole figures for {0001}, {1120}, and {1010} crystallographic planes for the 
h-phase films (270 °C). 

4. Conclusions 
In summary, the relationship between electronic transport property and micro-

structure in GST alloy was studied. Induced by thermal treatment, GST alloy first crys-
tallized into the f-phase, with a sharp resistance drop. At the same time, the carrier con-
centration increased substantially due to the variation of the atomic bonding environ-
ment during the crystallization process. At higher temperatures, the carrier concentration 
maintained a high level. When the temperature was high enough, a second resistance 
drop was observed, which is related to the increase in carrier mobility. This is because the 
f-phase grains transformed into the h-phase, and significantly grew up from ~50 nm to 
~300 nm, which could reduce the carrier scattering effect. Our study lays the foundation 
for establishing the relationship between electron transport and microstructure in GST 
materials, and also provides an optimization direction for precisely controlling the stor-
age states of GST-based PCRAM devices. 

Author Contributions: C.L., Y.Z. (Yonghui Zheng) and Y.C. carried out the experiments, analysis 
of the data and wrote the manuscript. T.X., Y.Z. (Yunzhe Zheng) and R.W. provided valuable 
suggestion for the analysis of the data. The project was initiated and conceptualized by Y.C. All 
authors have read and agreed to the published version of the manuscript. 

Funding: This work was financially supported by the National Natural Science Foundation of 
China (62104071, 62174054, 92064003, 12134003), Shanghai Sailing Program (21YF1410900), Natural 
Science Foundation of Chongqing (cstc2021jcyj-msxmX0750). 

Data Availability Statement: All data that support the findings of this study are available from the 
corresponding authors upon reasonable request. 

Conflicts of Interest: The authors declare no conflict of interest. 

Figure 5. (a) EBSD pole figures for {100}, {110}, and {111} crystallographic planes for the f-phases film
(180 ◦C). (b) EBSD pole figures for {0001}, {1120}, and {1010} crystallographic planes for the h-phase
films (270 ◦C).

4. Conclusions

In summary, the relationship between electronic transport property and microstructure
in GST alloy was studied. Induced by thermal treatment, GST alloy first crystallized into
the f-phase, with a sharp resistance drop. At the same time, the carrier concentration
increased substantially due to the variation of the atomic bonding environment during the
crystallization process. At higher temperatures, the carrier concentration maintained a high
level. When the temperature was high enough, a second resistance drop was observed,
which is related to the increase in carrier mobility. This is because the f-phase grains
transformed into the h-phase, and significantly grew up from ~50 nm to ~300 nm, which
could reduce the carrier scattering effect. Our study lays the foundation for establishing
the relationship between electron transport and microstructure in GST materials, and also
provides an optimization direction for precisely controlling the storage states of GST-based
PCRAM devices.
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Abstract: The selector is an indispensable section of the phase change memory (PCM) chip, where it
not only suppresses the crosstalk, but also provides high on-current to melt the incorporated phase
change material. In fact, the ovonic threshold switching (OTS) selector is utilized in 3D stacking
PCM chips by virtue of its high scalability and driving capability. In this paper, the influence of Si
concentration on the electrical properties of Si-Te OTS materials is studied; the threshold voltage and
leakage current remain basically unchanged with the decrease in electrode diameter. Meanwhile,
the on-current density (Jon) increases significantly as the device is scaling down, and 25 MA/cm2

on-current density is achieved in the 60-nm SiTe device. In addition, we also determine the state of
the Si-Te OTS layer and preliminarily obtain the approximate band structure, from which we infer
that the conduction mechanism conforms to the Poole-Frenkel (PF) model.

Keywords: OTS material; high scalability; high on-current density; PF model

1. Introduction

The fact that the digital data are exponentially increasing at every moment has put
forward a series of higher requirements for memory—more reliability with less cost, greater
memory capacity with smaller sizes, and faster read/write speed with lower power con-
sumption [1,2]. Compared to NAND Flash devices, PCM has been one of the most promis-
ing competitors of the next-generation memories on the strength of structural transition
of chalcogenides between crystalline and amorphous states [3,4] which has shown ex-
traordinary advantages in operating speed, storage density and endurance [5]. Moreover,
the successful commercialization of PCM [6] is also inseparable from the help of ovonic
threshold switching (OTS), which tends to suppress leakage current in case of operating
errors. Compared with traditional Si-based switches, OTS materials acting as just nm-scale
films dispense with the share of Si substrate and possess highly potential in scalability [7].

However, loads of materials with superior performance emerging from the OTS
research in full swing contain eco-unfriendly elements such as sulfur [8–10], arsenic [11,12]
etc.; additionally, most OTS materials are ternary, quaternary or even more [13,14], which
means they inevitably suffer from element segregation and inhomogeneous composition.
At the same time, OTS switches are required to maintain an amorphous state at the high
temperature of 400–450 ◦C, which is also called back-end-of-line (BEOL) process [1,15],
posing a serious challenge to binary Se- and Te-based materials [16,17]. In 2021, a major
breakthrough was made by Shen et al., in that tellurium was discovered to be the simplest
threshold switching material with an endurance of 108 cycles. The selectivity is higher
than 103 and the on current density is more than 11 MA/cm2, which is enough to drive the
incorporated PCM. Different from previous OTS materials, the Te layer stays in a crystalline
state before and after pulse operation; therefore, Shen et al. creatively raised a brand-new
principle called the ‘Crystalline-Liquid-Crystalline Mechanism’, which corresponds the
off state of the switch to the crystalline state of Te and then Te melts into liquid under the
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external voltage, which means the switch turns on. At the removal of applied voltage, Te
rapidly recrystallizes and the device turns off. In addition, the single element also avoids
the limitations from the high temperature of the BEOL process and the element/phase
segregation [1].

Unluckily, the leakage current at 1/2 Vth, i.e., Ioff, of 60 nm Te device is only 0.5 µA
according to Shen’s research, which indicates the subthreshold region of Te is composed
of two parts; one is dominated by the Schottky barrier between Te and TiN electrodes in
low electric field, and the other depends on the intrinsic excitation of Te in higher field.
Therefore, the ways to optimize the Ioff lie in two perspectives: one is to increase the
Schottky barrier by changing the electrode material, such as Pt; the other is to increase the
band gap of the material including Si [18–20] or B [21] doping.

In our work, we carry out electrical tests on SiTe-based devices to explore the influence
of different Si contents on device performance and their potential to scale down. Then we
study the conduction mechanism of SiTe devices through characterization.

2. Materials and Methods
2.1. Film Preparation and Testing

Four compositions are designed to be SiTe, SiTe2, SiTe4 and SiTe8. All the films were
deposited by co-sputtering of Si and Te targets, while the power values of Si target are
65 W, 40 W, 30 W and 20 W with 10 W of Te target. The exact components were determined
by energy-dispersive spectroscopy (EDS). 100 nm-thick films were deposited on SiO2
substrates for in situ resistance-temperature (R-T) tests with 20 ◦C/min heating rate and
X-ray diffraction (XRD) tests ranging from 10–67◦. The Fermi level of different films
were measured by X-ray photoelectron spectroscopy (XPS), and 400-nm Si-Te films were
deposited on quartz glass as the ultraviolet-visible Spectrophotometer (UV-Vis) samples.

2.2. Device Fabrication

The 10 nm Si-Te OTS layers were deposited on TiN bottom electrodes whose diameters
are 200, 150, 120 and 60 nm, respectively. Then, TiN was sputtered as the top electrode
with 40-nm thickness. Keithley 4200A-SCS parameter analyzer was used to measure the
electrical performance. Tektronix MSO54 mixed signal oscilloscope was used to capture
the input pulses and device responses.

3. Results
3.1. Variations of Electrical Performance with Different Si Concentrations

T-shaped device structure is shown in Figure 1a where cylindrical TiN serves as the
bottom electrode and Si3N4 acts as the isolation. Then current-voltage (I-V) curves of
200 nm-electrode devices with all four Si-Te compositions under 10 continuous triangular
pulses (Figure 1b) are shown in Figure 1c. The red lines represent the response of device
under the first pulse, which is called first fire (FF). During the process, SiTe device suddenly
turns to low resistance state at 2.83 V, while under the second pulse, the threshold voltage
(Vth) goes down to 1.71 V as described by the blue lines. With the decrease of Si content,
the fire voltage (Vfire) of SiTe2 drops to 2.09 V. After FF process, only 1.11–1.31 V Vth is
needed to operate the cell. The downward trend continues with SiTe4 and SiTe8, whose
Vfire were 1.79 V and 1.63 V, respectively. Moreover, Vth of SiTe4 is ~0.8 V lower than its
Vfire which fluctuates between 0.99 and 1.13 V, while the Vth of SiTe8 ranges from 0.89 V
to 1.05 V. The amplitude of the first pulse applied to the SiTe device is 4 V and the height
of the remaining nine pulses is 3 V. Meanwhile, the pulse amplitude of all ten triangular
pulses used for other Si-Te devices is 4 V. The rising edges, falling edges and pulse intervals
of these pulses are 1 µs. Clearly, both Vfire and Vth keep decreasing with the continuous
decrease of Si contents.

Afterwards, we carried out DC I-V tests and the circuit is shown in Figure 2a. From
Figure 2b, we can obviously find that the change trend of Vth is consistent with the results
of pulsed I-V, that is, the addition of silicon will lead to the rise of Vth. As can be seen
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in the figure, all Si-Te devices show >10 mV/dec nonlinear characteristics and more than
103 selective ratio. In addition, the leakage current of SiTe at ~1/2 Vth, namely Ioff, which
is about 0.12 µA, and the Ioff of SiTe2 is situated at ~93 nA. It continued to decrease to
53 nA by the concentration of Si declines to 20 at. %, but contrary to the down trend of Si
concentration, Ioff increases to 0.15 µA in SiTe8. However, after summarizing and comparing
the DC curves of the four components as shown in Figure 2c, we clearly observed that - the
leakage current decreases with the increase of Si content.
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Other electrical performances are shown in Figure 3. Instantaneous responses of
the device are observed through the oscilloscope, from which we are able to capture the
moment when the device is turned on and off, as shown in Figure 3a. The abrupt rise of
current signifies that the device is switched on, while the time span is considered to be
the on-speed. Similarly, a sudden drop in current refers to the off-speed. As shown in
Figure 3b, the content of silicon seems independent of the switching speeds. Moreover, the
lifetime of the devices was measured with the help of the oscilloscope. A fixed number of
continuous pulses is applied to the device, and whether the device still works normally is
judged from the screen. In case the device responds to each pulse, a DC test is conducted
next to measure its Ioff in order to verify whether the off-state is in a high-resistance state as
before. Only if both conditions are met, the endurance with that fixed number is proved.
Then the number of input pulses gradually increases until the device keeps silent to the
input or the Ioff of the device goes too large. In this way, we find the endurance of both
SiTe and SiTe8 are merely 105, but the reason for that low value is slightly different. SiTe is
unable to be switched on after 105 pulses. As for SiTe8, it could be turned on but its Ioff is
too large, which may be due to the low crystallization temperature. As shown in Figure 3c,
SiTe2 device enables to operate for 108 cycles which shows the longest lifetime among these
four contents.
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3.2. Effect of Device Size on Electrical Performance

From the perspective of market demand, device shrinkage has been focused, and
whether the device maintains the performance with scaling down has been a major problem.
First, we explored the relationships between Vfire, Vth, holding voltage (Vh) and electrode
sizes. In fact, Vfire significantly affects the device lifetime and power consumption, while
Vth and Vh are directly related to the read margin [22], that is, a slight shift of Vth or Vh
may cause serious operation errors. Luckily, Si-Te series devices show high potential in
scalability from Figure 4a. According to the statistics of more than 50 independent cells,
Vfire, Vth and Vh are almost irrelevant to the device size. Clearly shown in Figures 4a and 1c,
the read margin becomes narrow with the decrease of Si content, but the good news is that
Vfire also becomes smaller. Therefore, the key to application is how to balance these two
points. In addition, the reduction of device size brings the increase of on-current density as
well. Generally, >10 MA/cm2 is required to drive the PCM. From Figure 4b, the on-current
density of 60 nm-SiTe device reaches 25 MA/cm2 at most, and Jon of the other components
also exceed 10 MA/cm2. As for Ioff, it hardly changes with the electrode size according
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to Figure 4c. The discrepancy of SiTe8 results from the number of devices participating
in statistics. Under comprehensive consideration, SiTe2 is equipped with >15 mA/cm2

on-current density, 108 cycles of endurance, and moderate Ioff among these compositions,
which is the best choice of the four components.

Nanomaterials 2023, 13, x FOR PEER REVIEW 5 of 8 
 

 

mA/cm2 on-current density, 108 cycles of endurance, and moderate Ioff among these com-
positions, which is the best choice of the four components. 

 
Figure 4. Device performances along with the device size. (a) Vfire, Vth and Vh variations of SiTe, SiTe2, 
SiTe4 and SiTe8 with different electrode diameters. (b) Change trend of average on-current density 
with electrode sizes. (c) Tendency of average Ioff with different electrodes. 

3.3. Characterization of Si-Te Films 
We first carried out XRD tests on the as-deposited films of each component, as shown 

in Figure 5a. As seen from the figure, Si-Te films of the four components show no peak, 
but there are obvious crystallization peaks in the Te sample, indicating that the deposited 
Te is in crystalline state, while the state of film turns to amorphous after Si incorporation. 
At the same time, the state of the material has also been proved by R-T test in Figure 5b. 
Interestingly, the crystallization temperature of SiTe is only 78 °C, and the crystallization 
temperature reaches the peak of ~235 °C at SiTe2. However, with the further reduction of 
Si content, the crystallization temperature decreases, and that of SiTe8 decreases to 128 °C, 
the tendency which is very similar to Ge-Te system [23]. Moreover, the different states 
directly indicate that the conduction mechanism of Si-Te is different from that of Te, while 
the Si-Te device is more consistent with the traditional PF model [24], where the switching 
characteristic strongly depends on the amorphous state. Then the location of the valence 
band maximums (VBM, Ev) are determined by linear extrapolation of the linear part of the 
XPS valence band spectrum, they are situated at −0.48 eV, −0.45 eV, −0.41 eV and −0.39 eV 
for SiTe, SiTe2, SiTe4 and SiTe8, respectively, in Figure 5c. Meanwhile, the band gap is ob-
tained by linear fitting according to αhν = C (hν – Eg)2, where C is the constant, and α is 
the absorption coefficient, as shown in Figure 5d. The band gap value of SiTe is 1.02 eV. 
With the decrease of Si concentration, the band gap slightly increases to 1.07 eV, and fur-
ther drops to 0.88 eV and 0.87 eV for SiTe4 and SiTe8. The Fermi level is basically located 
in the center of the band gap, which is generally believed that the high concentration de-
fect states would pin the Fermi level in the middle of the band gap. Si-Te series materials 
basically conform to this rule, that is to say, their conduction mechanism may be closely 
related to the defect state, which requires further research. 

Figure 4. Device performances along with the device size. (a) Vfire, Vth and Vh variations of SiTe,
SiTe2, SiTe4 and SiTe8 with different electrode diameters. (b) Change trend of average on-current
density with electrode sizes. (c) Tendency of average Ioff with different electrodes.

3.3. Characterization of Si-Te Films

We first carried out XRD tests on the as-deposited films of each component, as shown
in Figure 5a. As seen from the figure, Si-Te films of the four components show no peak,
but there are obvious crystallization peaks in the Te sample, indicating that the deposited
Te is in crystalline state, while the state of film turns to amorphous after Si incorporation.
At the same time, the state of the material has also been proved by R-T test in Figure 5b.
Interestingly, the crystallization temperature of SiTe is only 78 ◦C, and the crystallization
temperature reaches the peak of ~235 ◦C at SiTe2. However, with the further reduction of
Si content, the crystallization temperature decreases, and that of SiTe8 decreases to 128 ◦C,
the tendency which is very similar to Ge-Te system [23]. Moreover, the different states
directly indicate that the conduction mechanism of Si-Te is different from that of Te, while
the Si-Te device is more consistent with the traditional PF model [24], where the switching
characteristic strongly depends on the amorphous state. Then the location of the valence
band maximums (VBM, Ev) are determined by linear extrapolation of the linear part of the
XPS valence band spectrum, they are situated at −0.48 eV, −0.45 eV, −0.41 eV and −0.39 eV
for SiTe, SiTe2, SiTe4 and SiTe8, respectively, in Figure 5c. Meanwhile, the band gap is
obtained by linear fitting according to αhν = C (hν − Eg)2, where C is the constant, and α

is the absorption coefficient, as shown in Figure 5d. The band gap value of SiTe is 1.02 eV.
With the decrease of Si concentration, the band gap slightly increases to 1.07 eV, and further
drops to 0.88 eV and 0.87 eV for SiTe4 and SiTe8. The Fermi level is basically located in the
center of the band gap, which is generally believed that the high concentration defect states
would pin the Fermi level in the middle of the band gap. Si-Te series materials basically
conform to this rule, that is to say, their conduction mechanism may be closely related to
the defect state, which requires further research.
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4. Conclusions

In this paper, we comprehensively studied the relationships between the electrical
properties of Si-Te devices and Si concentration. Although the operation speed of the
Si-Te device is maintained at ~10 ns, Vfire and Vth gradually rise and Ioff drops as the Si
concentration goes up. However, the steady increase of Si concentration also leads to the
lifetime degradation when the Si concentration exceeds 33 at. %, where the SiTe2 device
exhibits a superior endurance of 108 cycles to other contents. In addition, Vth, Ion and Ioff
of all components hardly change with the electrode size, and the Jon of 60-nm SiTe device
even increases to 25 MA/cm2, indicating the great potential of Si-Te devices in scaling
down. In terms of the conduction mechanism of Si-Te, we firstly find that Si-Te materials
are amorphous by XRD, and observe the change in trend whereby the crystallization
temperature increases and then decreases with the decrease of Si contents through in
situ RT experiment. Through UV-vis, we also find that the root of Ioff variation with Si
concentration originates from the band gap, that is, the larger the content of Si, the wider
the band gap, and the smaller the Ioff. Afterwards, the Fermi level is found to be pinned
at the center of the band gap through XPS, indicating that the conduction mechanism is
more consistent with the traditional PF model associated with trap state which is different
from Te switching. The specific relationship between the switching performance of Si-Te
materials and the defect state is also worthy of further study.
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Abstract: Crystalline transition-metal chalcogenides are the focus of solid state research. At the same
time, very little is known about amorphous chalcogenides doped with transition metals. To close this
gap, we have studied, using first principle simulations, the effect of doping the typical chalcogenide
glass As2S3 with transition metals (Mo, W and V). While the undoped glass is a semiconductor with
a density functional theory gap of about 1 eV, doping results in the formation of a finite density of
states (semiconductor-to-metal transformation) at the Fermi level accompanied by an appearance
of magnetic properties, the magnetic character depending on the nature of the dopant. Whilst
the magnetic response is mainly associated with d-orbitals of the transition metal dopants, partial
densities of spin-up and spin-down states associated with arsenic and sulphur also become slightly
asymmetric. Our results demonstrate that chalcogenide glasses doped with transition metals may
become a technologically important material.

Keywords: chalcogenides glasses; As2S3; transition metal doping; electronic structure and magnetism;
density functional theory simulations

1. Introduction

The discovery of semiconducting properties of chalcogenide glasses by Goryunova
and Kolomiets has laid the foundation of a new class of semiconductors, viz. amorphous
semiconductors [1]. Due to the presence of lone-pair electrons, i.e., paired p-electrons
that do not participate in the formation of covalent bonds but occupy the top of the
valence band [2], these materials exhibit a number of photo-induced phenomena, such as
reversible photostructural changes, photo-induced anisotropy, etc. (for reviews, see [3,4]).
In these processes, photo-induced bond modification is caused by bond switching that
involves excitation of lone-pair electrons and subsequent formation of a new bonding
configuration [5].

On the other hand, transition-metal chalcogenides contain Ch-TM (Ch = chalcogen,
TM = transition metal) bonds that are formed by sharing chalcogen lone-pair electrons
with empty d-orbitals of a transition metal, which can lead to the appearance of hybridized
states [6]. This process results in (i) a decrease in the ability of chalcogenide glasses to
undergo photostructural changes and should also result in (ii) an appearance of magnetism
in doped glasses. It would also be extremely interesting if one could change the local
bonding configuration of TM-doped chalcogenide glasses using electronic excitation in
a way that would affect its magnetic properties. This would allow one to design glasses
with optically switchable magnetic response. As the first step to addressing this issue, we
studied, using first principles simulations, the electronic structure and magnetic properties
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of a prototypical chalcogenide glass a-As2S3 (amorphous As2S3) doped with transition
metals such as molybdenum, tungsten and vanadium.

Transition metals have the following general electronic configuration: (n − 1)d1÷10ns2.
As one goes across a row from left to right in the Periodic Table, electrons are generally
added to the (n − 1)d shell that is filled according to the aufbau principle, which states that
electrons fill the lowest available energy levels before filling higher levels, and the Hund
rule. The aufbau principle correlates well with an empirical so called (n + l)-rule, which
is also known as the Madelung rule [7,8], according to which (i) electrons are assigned to
subshells in order of increasing value of n + l, (ii) for subshells with the same value of n + l,
electrons are assigned first to the subshell with lower n. Later, Klechkovskii proposed a
theoretical explanation of the Madelung rule based on the Thomas–Fermi model of the
atom [9,10]. Therefore, the (n + l)-rule is also cited as the Klechkovskii rule.

However, the Klechkovskii energy ordering rule applies only to neutral atoms in their
ground state and has twenty exceptions (eleven in the d-block and nine in the f -block),
for which this rule predicts an electron configuration that differs from that determined
experimentally, although the rule-predicted electron configurations are at least close to the
ground state even in those cases. For example, in molybdenum 42Mo, according to the
Klechkovskii rule, the 5s subshell (n + l = 5 + 0 = 5) is occupied before the 4d subshell
(n + l = 4 + 2 = 6). The rule then predicts the electron configuration [Kr] 4d45s2 where
[Kr] denotes the configuration of krypton, the preceding noble gas. However, the measured
electron configuration of the molybdenum atom is [Kr] 4d55s1, despite the fact that the
tungsten atom, which is isoelectronic to the molybdenum atom and is an atom of the same
group, does have the configuration [Xe] 4f145d46s2 predicted by the Klechkovskii rule.
By filling the 5d subshell, molybdenum can be in a lower energy state.

The choice of Mo, W and V as transition-metal dopants was determined by the
great interest in layered crystalline chalcogenides based on these elements. The interest
in transition metal (di)chalcogenides was triggered by the discovery of the fact that in
the monolayer limit MoS2, which is an indirect-gap semiconductor in the bulk form,
becomes a direct-gap semiconductor, which opens up a plethora of possible applications
of these materials. The most studied crystalline materials of this class are Mo- and W-
dichalcogenides, while vanadium is interesting because its crystalline dichalcogenides
possess so called charge-density waves [11–19]. At the same time, very little is known
about the structure and properties, magnetic in particular, of amorphous chalcogenides
containing TMs.

2. Simulation Details

The aim of this work was to study theoretically the amorphous magnetism [20–23]
of a prototypical chalcogenide glass a-As2S3 doped with transition metals (Mo, W and V)
by means of computer simulations of electronic and magnetic properties within density
functional theory (DFT).

The amorphous phase generation procedure used in this study is a “standard” pro-
cedure to obtain in silico a melt-quenched amorphous phase of chalcogenides, which has
been used in various publications [24,25]. The idea behind this approach is (i) to randomize
the structure at a high temperature, (ii) to equilibrate the structure above the melting point
of a material and (iii) to quench the melt in order to obtain the amorphous (glassy) phase.

The amorphous phase was generated with the help of ab initio molecular dynamics
(AIMD) simulations via the following procedure. As the initial structure we used, the
2 × 2 × 3 supercell of the orpiment [26] (a = 22.95 Å; b = 19.15 Å; c = 12.77 Å; α = γ = 90◦;
β = 90.35◦) consisting of 240 atoms (48 formula units As2S3) with a density of 3.49 g/cm3.
The initial structure was randomized using an NVT-ensemble with a Nosé thermostat by
heating the structure to 3000 K during 20 ps followed by cooling to 900 K (a temperature
just above the melting point) over a period of 15 ps. The amorphous phase was generated
by quenching from 900 K to 300 K over a duration of 15 ps. The times for each stage we
used are similar to the times used by others in the field [24,25,27]. A similar procedure
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was repeated for Mo doped a-As2S3. A total of 5 Mo atoms were included in the 240 atom
Mo-doped cell corresponding to the Mo concentration of 2%.

The generalized gradient approximation (GGA) for the exchange-correlation func-
tional by Perdew–Burke–Ernzerhof (PBE) [28] along with the Projected Augmented Wave
(PAW) [29,30] method to describe the electron–ion interaction as implemented in the plane
wave pseudopotential code VASP [31–33] were used. A value of 260 eV was chosen for
plane wave kinetic energy cutoff Ecutoff. Integration over Brillouin zone (BZ) was accom-
plished with only Γ-point taking into account the relatively large size of the simulation cell.

To address the issue of the effect of different transition metals on the structure and
properties of the glass, we used a simplified approach adopting the following strategy.
Since the glass formation process is stochastic and the obtained a-As2S3:Mo structure is just
one of the many possible structures, we replaced Mo species by W and V (assuming that
such local structures will statistically be formed), after which the structures were relaxed
at 0 K. Full geometry optimization (GOpt) at 0 K of all melt-quenched (mq) amorphous
structures, both pure and doped, was accomplished via the Broyden–Fletcher–Goldfarb-
Shanno (BFGS) [34–37] optimizer using spin-polarized DFT within the GGA with the
exchange-correlation functional PW91 by Perdew and Wang [38] and the van der Waals
(vdW) dispersion correction by Tkatchenko and Scheffler (TS) [39], as implemented in the
plane-wave pseudopotential code CASTEP [40,41]. The Vanderbilt ultrasoft pseudopoten-
tials (USPs) [42] were chosen to describe the electron–ion interactions. As: 4s24p3, S: 3s23p4;
Mo: 4s24p64d55s1; V: 3s23p63d34s2; and W: 5s25p65d46s2; these electrons were assigned
to the valence space. Geometry optimization (full relaxation) at 0 K was performed at the
Γ-point of BZ with Ecutoff = 330 eV. Optimization was carried out until the energy difference
per atom, the Hellman–Feynman forces on the atoms and all the stress components did not
exceed the values of 5 × 10−7 eV/atom, 1 × 10−2 eV/Å and 2 × 10−2 GPa, respectively.
The convergence of the SCF-energy was achieved with a tolerance of 5 × 10−8 eV/atom.

While amorphous structures under consideration are not layered and in this sense are
not van der Waals (vdW) solids, the presence of strongly polarizable lone-pair electrons
requires the use of vdW corrections in calculations. In the CASTEP code, various types of
vdW corrections are implemented for different chemical elements and different exchange-
correlation functionals, but not all of them are compatible with all types of GGA-functionals
and implemented for all Mo, W and V. The only combination of the GGA functional and
the vdW correction implemented in the CASTEP code, available for all three TMs (Mo, W
and V), is the combination PW91+TS (Perdew-Wang + Tkatchenko-Scheffler).

Finally, for pure a-As2S3 and doped a-As2S3:TM structures, both melt-quenched and
melt-quenched with subsequent geometry optimization (mq-GOpt) at 0 K, we calculated dif-
ferent electronic and magnetic properties, including band structure, density of states (DOS),
partial and local densities of states (PDOS and LDOS), interatomic distances, atomic, bond
and spin Mulliken populations [43,44], total and absolute magnetizations. The Monkhorst–
Pack [45] 3 × 3 × 5 k-mesh (23 k-points in the irreducible BZ) was used for calculating DOS
and PDOS.

The nature of magnetic ordering of a-As2S3:TM was determined by comparing the
calculated values of total and absolute magnetizations. The total magnetization, or in
other words the doubled integrated spin density (ISD), gives the doubled total spin of
the system. The magnitude of absolute magnetization, or in other words the doubled
integrated modulus spin density (IMSD), is a measure of the local unbalanced spin.

Of course, the rather small 240-atom model with just 5 TM atoms may miss some
details associated with certain atomic configurations formed in a real glass. Nevertheless,
we believe that our model is able to capture the general features of amorphous magnetism
in TM-doped chalcogenides glasses.

3. Results and Discussion

The mass densities of the simulated equilibrated amorphous structures were verified
against the experimental data (Table 1). The presented data demonstrate that they are
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all slightly lower (3.095–3.321 g/cm3) than that of the crystalline phase, which agrees
with the experimental value reported (3.193 g/cm3) [46]. The data presented in Table 1
demonstrate that the discrepancy between the theoretical and experimental a-As2S3 density
values is 3%, which is a very reasonable value. Indeed, its magnitude is comparable to the
experimental spread of density data reported by different groups for orpiment (crystalline
As2S3). Obviously for a glass this spread will be even larger.

When doped with TM impurities, the mass densities of amorphous structures increase
from 3.095 g/cm3 for undoped a-As2S3 to 3.159, 3.202 and 3.321 g/cm3 for a-As2S3 doped
with the V, Mo and W impurities, respectively. In this case, we see that the order of
increasing mass density upon doping the a-As2S3 with impurity TM-atoms correlates well
with an increase in the atomic number of the impurity TM-atom.

Table 1. Densities of As2S3 and As2S3:TM structures.

Type of Structure Density (g/cm3)

c-As2S3 (experiment) [26] 3.494

a-As2S3 (experiment) [46] 3.193

a-As2S3 mq-GOpt 3.095

a-As2S3:V mq-GOpt 3.159

a-As2S3:Mo mq-GOpt 3.202

a-As2S3:W mq-GOpt 3.321

We also note that undoped a-As2S3 is a semiconductor with a DFT gap of around 1.0 eV
as shown in Figure 1(left panel), which is in reasonable agreement with the experimental
value of 2.4 eV considering that DFT usually underestimates the gap value by about
50% due to incomplete exclusion of electron self-interaction when using LDA and GGA
approximations [47,48].

Figure 2(left) shows the a-As2S3:Mo melt-quenched structure. At the right of Figure 2,
we show fragments of the structure around the Mo atoms. The following observations can
be made. One can see that some of the S atoms are three-fold coordinated, i.e., their lone-
pair electrons are consumed to form covalent (donor-acceptor) bonds with Mo. Analysis
of the obtained structure shows that of the 25 S atoms that form covalent bonds with Mo
species 13 S are three-fold coordinated. In other words, doping with transition metals
results in a decreased concentration of lone-pair electrons.

Figure 1. DOS of mq-GOpt structures of a-As2S3 (left) and a-As2S3:Mo (right).

A detailed analysis of the short-range order around molybdenum atoms is difficult
as the structure used in the calculations is rather large. That is why to accomplish this
analysis fragments of the structure were taken, in which broken bonds were saturated
with hydrogen atoms. The differential electron density (charge density difference, CDD),
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allowing visualization of both covalent bonds (CBs) and lone-pair (LP) electrons, was
calculated. CDD is the difference in electron density in the structure under study and the
sum of isolated atoms. Consequently the CDD clouds, i.e., an increase in atomic density
between atoms, correspond to covalent bonds. Lone pairs are also associated with an
increased electron density. An example of electronic distribution visualization is shown in
Figure 3. It can be seen that molybdenum atoms are connected with surrounding atoms
with covalent bonds. Additionally, lone-pairs formed by s-electrons of arsenic atoms are
also visible. At the same time, it is interesting to note that CDD corresponding to p-lone-
pairs of sulfur atoms in some cases are not observed in agreement with the formation of
three-fold coordinated sulfur atoms mentioned above.

Figure 2. Melt-quenched a-As2S3:Mo obtained from AIMD simulations (left) and fragments of the
structure centered around the Mo atoms (right). Mo atoms in the a-As2S3 structure are numbered
from 1 to 5 (left panel). In the right panel, local structures around these atoms are shown. As atoms—
violet; S atoms—yellow; Mo atoms—green.

Figure 3. A fragment of Mo-doped a-As2S3. Dangling bonds are saturated with hydrogen atoms
(grey). As atoms—violet; S atoms—yellow; Mo atoms—green. Charge Density Difference is shown in
red for covalent bonds (CBs) and lone-pairs (LPs).

The effect of Mo-doping on the electronic structure can be seen from Figure 1, where
densities of states for the undoped and Mo-doped mq-GOpt structures are given. One can
see that spin-up and spin-down DOSs in pure a-As2S3 are mirror-symmetric in agreement
with the experiment (a-As2S3 is diamagnetic). Here it is important to note that spin-up
and spin-down DOSs become different in the doped glass, which is an indication that the
material became magnetic. Another apparent difference is the formation of a strong tail
at the bottom of the conduction band extending down to the valence band and effectively
closing the band gap in the Mo-doped glass.

Molybdenum doping also results in the formation of a finite density of states at the
Fermi level, i.e., the material becomes a metal. This is in line with the fact that amorphous
MoS2 is metallic [49] while the corresponding crystal in its stable 2H form is a semicon-
ductor. The metallic conductivity of amorphous MoS2 is due to the formation of a large
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concentration of metallic Mo-Mo bonds in the amorphous phase. It is remarkable that
despite a rather low concentration of Mo atoms in our model, a Mo-Mo dimer is formed,
which, again, correlates with the strong tendency of molybdenum to form Mo-Mo bonds in
the amorphous phase.

It is not unnatural to assume that isolated Mo atoms and a Mo-Mo dimer contribute
differently to the density of states. To address this issue, we removed one of the atoms in
the molybdenum dimer, after which the structure was additionally relaxed. In the structure
without a dimer, the tail states disappear, while some states in the gap remain. This result
allows us to draw a conclusion that the conduction band tail is associated with Mo dimers.

Since Mo atoms all possess different local structures, it is interesting to see which of
them (and how) contribute to the magnetic properties. This was done via DFT-method
calculating the contributions from individual molybdenum atoms, as well as vanadium
and tungsten atoms, to the total spin of the a-As2S3:TM structures using the well-known
Mulliken approximation for the analysis of atomic, bond and spin populations. The results
of the Mulliken analysis of spin populations of individual atoms, along with the atomic
and bond populations, are presented in Appendix A. The performed DFT calculations
showed that due to the different local structure of impurity TM-atoms, not all of them
contribute to the total spin of the system. In particular, as can be seen from Tables A1 and A2,
only Mo1 and Mo3 atoms contribute noticeably to the total spin of a-As2S3:Mo. Similar
conclusions can also be drawn for vanadium atoms, where four out of five V atoms make a
significant contribution to the total spin for mq a-As2S3:V (see Table A3) and only two out
of five—for mq-GOpt a-As2S3:V (see Table A4). As regards the antiferromagnetic structure
mq a-As2S3:W with zero total spin, the main noticeable contributions to the total spin
come from the projections of spins of opposite signs of atoms W1 and W3 (see Table A5).
For equilibrated paramagnetic mq-GOpt a-As2S3:W structure, all tungsten atoms have
zero spins (see Table A6). It should be noted that, in addition to the Mulliken atomic and
spin populations, Appendix A also lists the bond populations along with the bond lengths
between impurity TM atoms and ligand atoms (see Tables A7–A12). An analysis of these
data allows us to conclude that in the glassy (amorphous) structures a-As2S3:TM there are
mainly two types of hybridization of the orbitals of impurity TM atoms, namely, trigonal-
pyramidal (d1sp3) and octahedral (d2sp3). The first hybridization type involves s, px, py,
pz and dz2 orbitals in the combination (s+px+py)+(pz+dz2 ). The other one contains another
dx2−y2 in addition to the same orbitals in the combination (s+px+py+dx2−y2)+(pz+dz2).
Of course, in glass hybridization is distorted due to the spread in bond lengths and angles.

While the calculation of the contributions of individual atoms to the total spin of
the system using the Mulliken approach is very approximate, the total spin can also be
calculated more accurately by integrating the total spin density. Indeed, the CASTEP
code enables one to calculate two quantities, which qualitatively determine the type of
magnetic ordering, namely the integrated spin density (total spin of the system) and the
integrated modulus spin density (a measure of the local unbalanced spin), which allow one
to characterize magnetism in materials. Depending on the obtained values, a material can
be characterized as being paramagnetic, ferromagnetic, ferrimagnetic or antiferromagnetic.
Thus, if both quantities are equal to zero, the material is paramagnetic. Both non-zero
quantities and the same magnitude determine ferromagnetic ordering. In the case of
non-zero value for the first number and a bigger value for the second, the material is
ferrimagnetic. Finally, a zero value for the first number and non-zero for the second
characterizes antiferromagnetic ordering of material (the total spin is zero, but the local
spin density varies).

In order to verify the appearance of magnetism, we performed spin-up and spin-down
PDOS (alpha and beta) calculations. As can be seen from Figure 4, spin-up and spin-down
contributions from Mo d-electrons are clearly different. At the same time, PDOS of spin-up
and spin-down states associated with As and S atoms also become slightly asymmetric
which indicates the presence of some contribution to the magnetic properties of the a-
As2S3:TM from As and S atoms when doping with a TM impurity. It is interesting to note
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that a similar result, namely, an appearance of magnetism on normally diamagnetic S atoms
was also observed for edge states of WS2 nanosheets [50].

Of significant interest is the observation that the contribution of d-electrons substan-
tially changes upon relaxation of the structure. Since the relaxation is done at 0 K when
bond breaking is very unlikely to happen and only the existing bond lengths and bond
angles slightly change, the result suggests that magnetism in doped a-As2S3:TM is rather
“fragile”. In Figure 5, we compare spin-up and spin-down contributions to PDOS from
d-electrons of Mo, W and V atoms before and after relaxation. One can see that—as in the
case of Mo doping—PDOS shape changes after relaxation. Of special interest is the fact that
in the relaxed W-doped a-As2S3 spin-up and spin-down contributions become identical
(paramagnetic state). We believe that the observed fragility of magnetism in doped a-As2S3
is related to the absence of dark ESR in chalcogenide glasses, which is due to the absence of
dangling bonds with unpaired spins caused by the fact that a melt-quenched relaxed glassy
structure adjusts to have all bonds saturated [51]. It should be noted that magnetism is also
not observed in single crystal transition-metal chalcogenides but appears at sample edges
and grain boundaries [6]. Similarly, magnetism in the studied glasses may be associated
with the presence of soft modes [52], where some of the bonds may be electron deficient.
The latter may be easily affected by slight changes in the local environment.

Analysis of the integrated spin density and integrated modulus spin density shows
that the nature of magnetic ordering in a-As2S3:TM is different for different dopants, namely,
the melt-quenched a-As2S3:Mo and melt-quenched a-As2S3:V are ferrimagnetic, while the
melt-quenched a-As2S3:W structure is antiferromagnetic. After subsequent relaxation at
0 K of the melt-quenched structure geometry, the Mo- and V-doped structures remain ferri-
magnetic, while the W-doped structure becomes paramagnetic. A summary of the results
is given in Table 2, which shows the integrated spin densities (total spin of the system)
and integrated modulus spin densities (a measure of the local unbalanced spin) for the
materials studied. From Table 2, one can see that despite the observed differences in PDOS
of as-quenched and 0K-optimized structures the type of magnetism is preserved (ferri-
magnetic) in Mo- and V-doped a-As2S3, while in W-doped a-As2S3 structural optimization
(relaxation) changes the type of magnetic ordering from antiferromagnetic to paramagnetic.

We attribute this unusual behavior of the W-doped amorphous structure to the fact that
when the Mo atom is substituted by a bigger W atom, the lattice becomes locally stressed
and when this stress is removed during the subsequent optimization of the geometry
at 0 K, the nature of the magnetic ordering changes significantly, as a result of which
the optimized W-doped a-As2S3 structure loses magnetic properties. This opens up the
interesting possibility of controlling the magnetic properties of the TM-doped amorphous
structure by applying external pressure. The study of pressure effect on the magnetic
properties of a-As2S3 is currently underway.

Table 2. Type of magnetic ordering of a-As2S3:TM structure.

Melt-Quenched Melt-Quenched and Relaxed

Dopant ISD (h̄/2) IMSD (h̄/2) Magnetic Ordering ISD (h̄/2) IMSD (h̄/2) Magnetic Ordering

Mo (4s24p64d55s1) 2.00 2.58 ferrimagnetic 2.00 2.54 ferrimagnetic

V (3s23p63d34s2) 2.97 4.36 ferrimagnetic 1.00 1.88 ferrimagnetic

W (5s25p65d46s2) 0.00 1.45 antiferromagnetic 0.00 0.00 paramagnetic
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Figure 4. Partial densities of Mo d-states (left), As sp-states (center) and of S sp-states (right) for
mq-GOpt a-As2S3:Mo structure.

Figure 5. Partial densities of Mo d-states, V d-states and W d-states for mq structures (upper panel)
and for mq-GOpt structures (lower panel).

4. Conclusions

The electronic configuration of sulphur, s2p1
xp1

yp2
z , means that two of the four p-

electrons are used to form covalent bonds and two are left as a lone-pair. The accomplished
DFT simulations indeed showed that for both structures of a pure glass and a-As2S3:Mo
the majority of As and S atoms satisfy the 8-N rule, i.e., As atoms are three-fold coordinated
and S atoms are two-fold coordinated. In the doped glass, some lone-pair electrons are
consumed to form Ch-TM bonds.
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We demonstrate a strong effect of TM-dopants on the electronic structure of the a-
As2S3 as well as an appearance of a magnetic response. Of special interest is the fact that
doping with different transition metals results in the formation of materials with different
magnetic properties. Our results suggest that chalcogenide glasses doped with transition
metals may become a technologically important material.
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Appendix A. Atomic and Bond Populations

Table A1. Atomic populations (Mulliken) for mq As2S3:Mo.

Species Spin s p d Total Charge
(e)

Spin
(h̄/2)

Mo1 up 1.261 3.332 2.840 7.433 −0.150 0.715
down 1.240 3.304 2.174 6.717

Mo2 up 1.258 3.313 2.541 7.112 −0.206 0.017
down 1.257 3.313 2.524 7.095

Mo3 up 1.268 3.308 2.843 7.420 −0.004 0.836
down 1.235 3.256 2.093 6.584

Mo4 up 1.248 3.325 2.456 7.029 −0.056 0.001
down 1.248 3.325 2.454 7.027

Mo5 up 1.238 3.240 2.537 7.014 −0.019 0.010
down 1.240 3.245 2.519 7.004

Table A2. Atomic populations (Mulliken) for mq-GOpt As2S3:Mo.

Species Spin s p d Total Charge
(e)

Spin
(h̄/2)

Mo1 up 1.248 3.302 2.811 7.362 −0.084 0.640
down 1.230 3.275 2.216 6.722

Mo2 up 1.242 3.301 2.540 7.083 −0.158 0.009
down 1.242 3.301 2.532 7.074

Mo3 up 1.272 3.278 2.856 7.405 0.062 0.873
down 1.234 3.225 2.073 6.533

Mo4 up 1.237 3.297 2.459 6.993 0.014 0.001
down 1.237 3.297 2.458 6.993

Mo5 up 1.246 3.226 2.540 7.012 0.014 0.039
down 1.247 3.230 2.497 6.974

Table A3. Atomic populations (Mulliken) for mq As2S3:V.

Species Spin s p d Total Charge
(e)

Spin
(h̄/2)

V1 up 1.234 3.351 1.893 6.478 0.051 0.007
down 1.234 3.351 1.886 6.471

V2 up 1.242 3.358 2.223 6.824 0.007 0.654
down 1.224 3.332 1.614 6.170

V3 up 1.244 3.340 2.167 6.751 0.176 0.678
down 1.224 3.306 1.542 6.073

V4 up 1.229 3.345 1.927 6.501 0.136 0.139
down 1.226 3.341 1.796 6.363

V5 up 1.229 3.317 2.294 6.840 0.154 0.834
down 1.206 3.287 1.513 6.006
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Table A4. Atomic populations (Mulliken) for mq-GOpt As2S3:V.

Species Spin s p d Total Charge
(e)

Spin
(h̄/2)

V1 up 1.214 3.315 1.909 6.439 0.115 −0.008
down 1.214 3.316 1.917 6.447

V2 up 1.210 3.329 1.951 6.490 0.041 0.022
down 1.210 3.328 1.930 6.469

V3 up 1.231 3.305 2.164 6.700 0.214 0.614
down 1.214 3.282 1.590 6.086

V4 up 1.212 3.317 1.879 6.408 0.182 −0.001
down 1.212 3.317 1.880 6.410

V5 up 1.220 3.290 2.226 6.735 0.184 0.654
down 1.203 3.269 1.609 6.081

Table A5. Atomic populations (Mulliken) for mq As2S3:W.

Species Spin s p d Total Charge
(e)

Spin
(h̄/2)

W1 up 1.327 3.375 2.227 6.930 −0.160 −0.301
down 1.337 3.391 2.503 7.230

W2 up 1.340 3.385 2.372 7.097 −0.200 −0.007
down 1.340 3.385 2.378 7.104

W3 up 1.338 3.367 2.487 7.192 0.008 0.393
down 1.320 3.333 2.147 6.800

W4 up 1.333 3.383 2.291 7.007 −0.015 0.000
down 1.334 3.383 2.291 7.008

W5 up 1.315 3.310 2.393 7.018 −0.004 0.031
down 1.314 3.309 2.363 6.987

Table A6. Atomic populations (Mulliken) for mq-GOpt As2S3:W.

Species Spin s p d Total Charge
(e)

Spin
(h̄/2)

W1 up 1.321 3.362 2.366 7.049 −0.098 0.000
down 1.321 3.362 2.366 7.049

W2 up 1.329 3.377 2.373 7.079 −0.158 0.000
down 1.329 3.377 2.373 7.079

W3 up 1.330 3.327 2.312 6.969 0.062 0.000
down 1.330 3.327 2.313 6.969

W4 up 1.325 3.361 2.290 6.976 0.047 0.000
down 1.325 3.361 2.290 6.976

W5 up 1.321 3.305 2.361 6.987 0.026 0.000
down 1.321 3.305 2.361 6.987
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Table A7. Bond populations for mq As2S3:Mo.

Bond Population Length (Å)

S 62 – Mo 1 0.42 2.35153
S 97 – Mo 1 0.70 2.36834
S 43 – Mo 1 0.55 2.45819
S 96 – Mo 1 0.50 2.55119
As 2 – Mo 1 0.10 2.62421
S 117 – Mo 1 0.19 2.66196

S 37 – Mo 2 0.51 2.39509
S 71 – Mo 2 0.55 2.44170

S 104 – Mo 2 0.34 2.51202
S 51 – Mo 2 0.25 2.51837
S 48 – Mo 2 0.29 2.54396

S 50 – Mo 3 0.65 2.28939
S 136 – Mo 3 0.39 2.40071
S 18 – Mo 3 0.45 2.41271

S 103 – Mo 3 0.42 2.47104
S 66 – Mo 3 0.37 2.48602

S 100 – Mo 3 0.47 2.54992

S 21 – Mo 4 0.83 2.27300
S 5 – Mo 4 0.57 2.35213
S 65 – Mo 4 0.69 2.36482

S 132 – Mo 4 0.52 2.40702
S 138 – Mo 4 0.57 2.44573
S 102 – Mo 4 0.26 2.67791

S 61 – Mo 5 0.55 2.31356
S 98 – Mo 5 0.31 2.38004

S 103 – Mo 5 0.53 2.44358
S 136 – Mo 5 0.33 2.47183
S 139 – Mo 5 0.14 2.51564
S 66 – Mo 5 0.38 2.59185

Table A8. Bond populations for mq-GOpt As2S3:Mo.

Bond Population Length (Å)

S 97 – Mo 1 0.69 2.34497
S 62 – Mo 1 0.40 2.38299
S 43 – Mo 1 0.52 2.44055
S 96 – Mo 1 0.56 2.44842

S 117 – Mo 1 0.17 2.60819
As 2 – Mo 1 0.03 2.67550

S 37 – Mo 2 0.49 2.36059
S 71 – Mo 2 0.53 2.42611

S 104 – Mo 2 0.37 2.49311
S 51 – Mo 2 0.27 2.49964
S 48 – Mo 2 0.22 2.58459

As 69 – Mo 2 0.05 2.65684

S 50 – Mo 3 0.61 2.34939
S 136 – Mo 3 0.41 2.41678
S 18 – Mo 3 0.48 2.42998

S 103 – Mo 3 0.42 2.43346
S 66 – Mo 3 0.35 2.45545

S 100 – Mo 3 0.50 2.49639

89



Nanomaterials 2023, 13, 896

Table A8. Cont.

Bond Population Length (Å)

S 21 – Mo 4 0.81 2.24730
S 5 – Mo 4 0.55 2.34310
S 65 – Mo 4 0.64 2.36593

S 138 – Mo 4 0.57 2.41099
S 132 – Mo 4 0.46 2.50006
S 102 – Mo 4 0.27 2.60575

S 98 – Mo 5 0.31 2.36449
S 103 – Mo 5 0.45 2.43617
S 136 – Mo 5 0.33 2.44773
S 61 – Mo 5 0.50 2.47537

S 139 – Mo 5 0.20 2.49435
S 66 – Mo 5 0.38 2.55565

As 18 – Mo 5 0.14 2.62478

Table A9. Bond populations for mq As2S3:V.

Bond Population Length (Å)

S 62 – V 1 0.44 2.35153
S 97 – V 1 0.64 2.36834
S 43 – V 1 0.51 2.45819
S 96 – V 1 0.48 2.55119
V 1 – As 2 0.20 2.62421
S 117 – V 1 0.21 2.66196

S 37 – V 2 0.49 2.39509
S 71 – V 2 0.52 2.44170

S 104 – V 2 0.32 2.51202
S 51 – V 2 0.27 2.51837
S 48 – V 2 0.29 2.54396

V 2 – As 69 0.02 2.69034

S 50 – V 3 0.63 2.28939
S 136 – V 3 0.41 2.40071
S 18 – V 3 0.43 2.41271

S 103 – V 3 0.44 2.47104
S 66 – V 3 0.37 2.48602

S 100 – V 3 0.46 2.54992

S 21 – V 4 0.73 2.27300
S 5 – V 4 0.51 2.35213
S 65 – V 4 0.63 2.36482

S 132 – V 4 0.46 2.40702
S 138 – V 4 0.52 2.44573
S 102 – V 4 0.25 2.67791

S 61 – V 5 0.57 2.31356
S 98 – V 5 0.33 2.38004

S 103 – V 5 0.46 2.44358
S 136 – V 5 0.32 2.47183
S 139 – V 5 0.19 2.51564
S 66 – V 5 0.37 2.59185

90



Nanomaterials 2023, 13, 896

Table A10. Bond populations for mq-GOpt As2S3:V.

Bond Population Length (Å)

S 97 – V 1 0.65 2.29484
S 96 – V 1 0.57 2.32880
S 62 – V 1 0.38 2.35927
S 43 – V 1 0.49 2.37497

S 117 – V 1 0.18 2.60801
V 1 – As 2 0.10 2.65447

S 37 – V 2 0.51 2.28793
S 104 – V 2 0.49 2.32588
S 71 – V 2 0.44 2.42616
S 51 – V 2 0.27 2.48525
S 48 – V 2 0.25 2.55042

V 2 – As 69 0.05 2.87340

S 50 – V 3 0.63 2.25890
S 136 – V 3 0.41 2.34574
S 103 – V 3 0.43 2.35365
S 18 – V 3 0.46 2.36615
S 66 – V 3 0.35 2.42930

S 100 – V 3 0.42 2.51927

S 21 – V 4 0.73 2.19812
S 5 – V 4 0.49 2.30330
S 65 – V 4 0.60 2.32754

S 138 – V 4 0.53 2.37150
S 132 – V 4 0.41 2.49042
S 102 – V 4 0.23 2.64811

S 98 – V 5 0.34 2.29003
S 139 – V 5 0.23 2.38030
S 61 – V 5 0.54 2.38320

S 103 – V 5 0.39 2.42524
S 136 – V 5 0.29 2.48977
S 66 – V 5 0.39 2.52080

V 5 – As 18 0.08 2.66532

Table A11. Bond populations for mq As2S3:W.

Bond Population Length (Å)

S 97 – W 1 0.76 2.36834
S 43 – W 1 0.61 2.45819
S 96 – W 1 0.53 2.55119
As 2 – W 1 0.29 2.62421
S 117 – W 1 0.24 2.66196

S 37 – W 2 0.58 2.39509
S 71 – W 2 0.60 2.44170
S 104 – W 2 0.41 2.51202
S 51 – W 2 0.31 2.51837
S 48 – W 2 0.34 2.54396

As 69 – W 2 0.10 2.69034

S 50 – W 3 0.74 2.28939
S 136 – W 3 0.44 2.40071
S 18 – W 3 0.53 2.41271
S 103 – W 3 0.50 2.47104
S 66 – W 3 0.42 2.48602
S 100 – W 3 0.55 2.54992
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Table A11. Cont.

Bond Population Length (Å)

S 21 – W 4 0.92 2.27300
S 5 – W 4 0.65 2.35213

S 65 – W 4 0.75 2.36482
S 132 – W 4 0.58 2.40702
S 138 – W 4 0.63 2.44573
S 102 – W 4 0.31 2.67791

S 61 – W 5 0.65 2.31372
S 98 – W 5 0.38 2.37996
S 103 – W 5 0.55 2.44368
S 136 – W 5 0.37 2.47186
S 139 – W 5 0.21 2.51564
S 66 – W 5 0.39 2.59173

As 18 – W 5 0.14 2.65071

Table A12. Bond populations for mq-GOpt As2S3:W.

Bond Population Length (Å)

S 62 – W 1 0.55 2.34022
S 97 – W 1 0.74 2.34139
S 43 – W 1 0.62 2.41789
S 96 – W 1 0.58 2.46070
S 117 – W 1 0.24 2.58213
As 2 – W 1 0.17 2.68840

S 37 – W 2 0.58 2.35692
S 71 – W 2 0.58 2.43016
S 104 – W 2 0.46 2.47766
S 51 – W 2 0.35 2.48555
S 48 – W 2 0.28 2.56779

As 69 – W 2 0.20 2.67965

S 50 – W 3 0.69 2.35406
S 103 – W 3 0.53 2.40099
S 18 – W 3 0.57 2.41828
S 100 – W 3 0.60 2.43290
S 136 – W 3 0.43 2.43514
S 66 – W 3 0.39 2.46608

S 21 – W 4 0.93 2.24250
S 5 – W 4 0.61 2.35681

S 65 – W 4 0.71 2.36997
S 138 – W 4 0.63 2.40442
S 132 – W 4 0.54 2.47843
S 102 – W 4 0.32 2.60427

S 98 – W 5 0.40 2.38134
S 103 – W 5 0.50 2.43729
S 61 – W 5 0.59 2.45037
S 136 – W 5 0.37 2.46057
S 139 – W 5 0.26 2.49339
S 66 – W 5 0.41 2.54839

As 18 – W 5 0.31 2.60879
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Abstract: Artificial neural networks, as a game-changer to break up the bottleneck of classical von
Neumann architectures, have attracted great interest recently. As a unit of artificial neural networks,
memristive devices play a key role due to their similarity to biological synapses in structure, dynamics,
and electrical behaviors. To achieve highly accurate neuromorphic computing, memristive devices
with a controllable memory window and high uniformity are vitally important. Here, we first report
that the controllable memory window of an HfO2/TiOx memristive device can be obtained by tuning
the thickness ratio of the sublayer. It was found the memory window increased with decreases in the
thickness ratio of HfO2 and TiOx. Notably, the coefficients of variation of the high-resistance state
and the low-resistance state of the nanocrystalline HfO2/TiOx memristor were reduced by 74% and
86% compared with the as-deposited HfO2/TiOx memristor. The position of the conductive pathway
could be localized by the nanocrystalline HfO2 and TiO2 dot, leading to a substantial improvement
in the switching uniformity. The nanocrystalline HfO2/TiOx memristive device showed stable,
controllable biological functions, including long-term potentiation, long-term depression, and spike-
time-dependent plasticity, as well as the visual learning capability, displaying the great potential
application for neuromorphic computing in brain-inspired intelligent systems.

Keywords: artificial synapse; memristor; brain-inspired computing

1. Introduction

With the big data era coming, artificial neural networks, as a game-changer to break
up the bottleneck of classical von Neumann architectures, have attracted great interest due
to their high massive information processing speed [1–3]. As a unit of artificial neural net-
works, memristive devices play a key role in achieving a biological function because of their
similarity to biological synapses in structure, dynamics, and electrical behaviors [4–9]. To
ensure that artificial synapses can be used in neuromorphic computing, memristive devices
with a tunable memory window and high uniformity are vitally important. Among the
candidates for artificial synapses, HfO2/TiOx memristors are preferred for their compatibil-
ity with CMOS and remarkable characteristics of resistance switching [10–21]. Compared
with memristors based on the low-dimensional structure of TiOx from nanoparticles to
nanorods [22–24], the advantage of HfOy/TiOx bilayers lies in two main aspects. First, the
barrier of the HfO2 and TiOx sublayer can be modulated by tuning the dielectric permittiv-
ity of TiOx (~80) and HfO2 (~22) [25]. Second, the conductive pathway’s morphology can
be controlled by tuning the thicknesses of the HfO2 and TiOx sublayers due to the various
concentrations of oxygen vacancies in the two kinds of sublayers. To obtain an HfO2/TiOx
bilayer memristor with a tunable memory window and high uniformity, we fabricated
HfO2/TiOx bilayers with different thickness ratios by the atomic layer deposition (ALD)
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method. Compared with the as-deposited HfO2/TiOx bilayer, the coefficients of variation
in the high-resistance state and the low-resistance state of nanocrystalline HfO2/TiOx mem-
ristors could be reduced by 74% and 86%. It was found that the improved uniformity of
the HfO2/TiOx memristive device was related to the permanent nanocrystalline HfO2 and
TiOx dots, which could localize the position of the conductive pathway in the HfO2/TiOx
bilayer. The disconnection and formation of conductive pathways occurred mainly in
the thin TiOx layer, which led to a substantial improvement in the switching uniformity.
When the thickness ratio of the HfO2/TiOx sublayer increased from 1:4 to 4:1, the memory
window increased from 1.0 to 1.8 V. The nanocrystalline HfO2/TiOx bilayer memristor also
exhibited multiple conductance states similar to the weight of biological synapses updating
under pulses with different voltage widths and numbers. The stable, controllable operation
and multilevel characteristics enabled the successful implementation of biological func-
tions, including long-term potentiation, long-term depression, and spike-time-dependent
plasticity, as well as visual capability, demonstrating the great potential application for
neuromorphic systems in the AI period.

2. Experimental Details

Ahead of preparing the thin films, the Si substrate was cleaned following a standard
Radio Corporation of American cleaning method. Then, the Ti/Pt bilayers were deposited
on the P–Si substrate via electron beam evaporation as the bottom electrode. The thicknesses
of the Ti and Pt were 5 nm and 40 nm, respectively. Subsequently, the HfO2/TiOx bilayers
were grown on the surface of the Ti/Pt bilayer in an atomic layer deposition (ALD) system
with Hf[N(C2H5)CH3]4(TEMAH) and Ti[N(CH3)2]4 (TDMAT) as the main precursors. The
different thickness ratios of TiOx and HfO2 were achieved by tuning the deposition time.
Three kinds of HfO2/TiOx bilayers with different thickness ratios, including 4:1, 1:1, and
1:4, were obtained, which were named H12T3, H7.5T7.5, and H3T12. The thicknesses of
HfOx in H12T3, H7.5T7.5, and H3T12 were 12, 7.5, and 3 nm. The thicknesses of TiO2 in
H12T3, H7.5T7.5, and H3T12 were 3 nm, 7.5 nm, and 12 nm. The total thickness of the
HfO2/TiOx bilayers remained at 15 nm. To obtain nanocrystalline HfO2/TiOx, the H12T3
was annealed at 700 ◦C for 30 min under a pure N2 atmosphere. After thermal annealing, the
40 nm-thick Ti top electrodes were deposited by using electron beam evaporation through a
shadow mask. The atomic concentration ratios of the HfO2/TiOx bilayer were determined
through an XPS test using a PHI 5000 Versa Probe (Ulvac-Phi Inc., Chigasaki, Japan).
The microstructure of the annealed H12T3 was analyzed by high-resolution cross-section
transmission electron microscopy (HRXTEM) with a JEOL 2100F electron microscope
(JEOL Inc., Tokyo, Japan) operated at 200 kV. An Agilent B1500A semiconductor (Agilent
Inc., Santa Clara, CA, USA) analyzer was used to explore the electrical behaviors of the
HfO2/TiOx memristor under the atmosphere.

3. Results and Discussion

Figure 1a shows a schematic diagram and the measurement setup of the HfO2/TiOx-
bilayer memristor device. An HRXTEM micrograph (JEOL Inc., Tokyo, Japan) of an
annealed H12T3 bilayer is displayed in Figure 1b. The HfO2/TiOx bilayer with a clear
interface can be observed between the Ti bottom electrode (BE) and the Pt top electrode
(TE). The thicknesses of HfO2 and TiOx sublayers were 12 nm and 3 nm, respectively. It
is obvious that nanocrystalline HfO2 and TiOx dots were formed in both the HfO2 and
TiOx sublayers. The crystalline lattice parameters of the nanocrystalline TiOx and HfO2
were 0.35 nm and 0.32 nm, respectively. It is interesting that the nanocrystalline TiOx and
HfO2 dots were connected at the interface of TiOx and HfO2, which supplied a channel for
resistive switching.
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The atomic configuration of the annealed H12T3 bilayers was analyzed through the
XPS spectra in Figure 1. The XPS spectrum of the HfO2 sublayer can be fit by two binding
energy peaks located at 16.5 eV and 18.1 eV, as shown in Figure 1c, which correspond to
Hf4+ 4f7/2 and Hf4+ 4f5/2, respectively. There was only one peak located at 530.2 eV, as
presented in Figure 1d, which originated from O 1s. The existence of Hf4+ and O2− in
the XPS spectra indicates that the stoichiometry of the HfO2 sublayer met the standard
chemical ratio. Regarding the TiOx sublayer, the corresponding XPS spectra are displayed
in Figure 1e,f. Two peaks at 458.7 eV and 464.5 eV were detected, which were related to
Ti4+ 2p3/2 and Ti3+ 2p3/2, respectively [26–30]. The atomic percentages of Ti4+ and Ti3+

were 75.2% and 24.8%. As shown in Figure 1f, the peak corresponding to O 1s could be
fitted with two peaks, including lattice oxygen (at 530.1 eV) and non-lattice oxygen (at
531.7) [31,32]. The atomic percentages of lattice oxygen and non-lattice oxygen were 74.5%
and 25.5%. They correspond to the oxide component and defective oxides, respectively. The
defect-induced oxidation state of Ti3+ verified the existence of oxygen vacancies. It is worth
noting that the atomic percentage of Ti3+ in the Ti 2p spectra was 24.8% and the atomic
percentage of the oxygen vacancies in the O 1s spectra was 25.5%. The high concentrations
of Ti3+ and oxygen vacancies reveal that a large number of oxygen vacancies coexisted with
the nanocrystalline TiOx and HfO2 dots in the TiOx sublayer.

Figure 2a displays the electroforming characteristics of the as-deposited HfO2/TiOx
memristor with different thickness ratios of HfO2 and TiOx during the positive DC sweep-
ing with a compliance current (Icc) of 10 mA. It can be observed that the forming voltage
increased from 2.3 V to 4.4 V as the thickness of TiOx decreased from 12 nm to 3 nm. This
was because the number of oxygen vacancies in the TiOx sublayer was higher than that of
the HfO2 sublayer, which made the main contribution to the formation of the conductive
pathway. As the thickness of the TiOx sublayer decreased, the diameter of the oxygen
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conductive pathway became thinner. Thus, the total resistance of the HfO2/TiOx memristor
increased, which is the reason why a higher voltage was needed to complete the forming
process. The typical bipolar resistive switching characteristic was detected from the three
devices with different HfO2/TiOx thickness ratios, as shown in Figure 2b. The set process
was observed under a positive bias voltage, while the reset process occurred under a
negative bias voltage. The resistances of the low-resistance state (LRS) for all three devices
were basically consistent, while the resistances of the high-resistance state (HRS) increased
gradually as the thickness of the HfO2 sublayer increased from 3 to 12 nm. The cell-to-cell
distribution of the memory window for the three kinds of devices is shown in Figure 2c. It
is obvious that the memory window increased to 100 as the thickness of TiOx decreased
from 12 nm to 3 nm. The H12T3 device showed the largest memory window compared
with the other two devices, which was related to the largest resistance of the HRS.
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H7.5T7.5, and H3T12; (c) memory window distribution of the HfO2/TiOx memristors with different
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(d) I-V characteristics of the H12T3 memristor after annealing; (e,f) statistical distribution of the
set/reset voltage for the H12T3 memristor before and after annealing; (g,h) endurance and retention
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Considering that the H12T3 device had the largest memory window, it was chosen
to be annealed to form the nanocrystalline HfO2/TiOx device. The resistive switching
characteristics of the nanocrystalline HfO2/TiOx device are displayed in Figure 2d. Good
uniformity and repeatability were observed for the nanocrystalline HfO2/TiOx device
after 100 switching cycles compared with those of the as-deposited device. The statistical
distribution of the set and reset voltages is displayed in Figure 2e,f. It is worth noting that
the average set voltages were reduced from 1.53 V to 1.02 V after annealing. Meanwhile, the
average reset voltage decreased from −1.46 V to −0.8 V after annealing. The distribution
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consistency of the set voltage decreased from 0.25 to 0.08 after annealing. To analyze the
variability in the set voltage and reset voltage after 100 cycles, we calculated the coefficient
of variation, which was equal to the ratio of the standard deviation (σ) and the mean
value (u) of VSET or VRESET in absolute value. Compared with the as-deposited HfO2/TiOx
bilayer, the coefficient of variation in the high-resistance state and the low-resistance state
of the nanocrystalline HfO2/TiOx memristor were reduced 74% and 86%. The endurance
and retention characteristics of the nanocrystalline HfO2/TiOx device are presented in
Figure 2g,h. It is evident that the resistances of the HRS and LRS for the nanocrystalline
HfO2/TiOx device were retained well after 100 cycles, exhibiting good stability compared
with the as-deposited HfO2/TiOx device. The memory window of 100 could be retained
after 104 s, indicating good retention characteristics. As the set voltage increased from
−1.5 to −2.0 V, multiple resistance states were obtained, as shown in Figure 2i. The tunable
resistance state is beneficial for constructing artificial synapses for neuromorphic computing.

To investigate the resistive switching mechanism of the HfO2/TiOx RRAM device,
the resistive switching characteristics of the H12T3 device before and after annealing are
plotted in Figure 3a,b. The set process characteristics of the H12T3 device before and
after annealing are replotted in double logarithmic scales, as shown in Figure 3c,d. In the
low-voltage area of the HRS, the slopes of the H12T3 device before and after annealing
were 1.09 and 1.15, respectively. The carrier transportation was in agreement with the
ohmic conduction model. The thermal excitation in the conduction band was the origin of
the mobile electrons. As the voltage increased, the initial region of the HRS showed slopes
of 1.78 and 1.84, corresponding to the devices before and after annealing, respectively.
The carrier transportation obeyed the SCLC model. After switching to LRS, the slope of
the H12T3 device before and after annealing decreased from 1.78 and 1.84 to 1.15 and
1.04, respectively. This means that the ohmic conduction mode plays a dominant role in
carrier transportation.
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To reveal the relationship between the TiOx thickness and the diameter of the con-
ductive filament in more detail, we produced a schematic resistive pathway model related
to different thickness ratios of TiOx/HfOx in an RRAM device. As shown in Figure 4a,
there were many oxygen vacancies in the TiOx sublayer of the TiOx/HfOx memristor
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with a thickness ratio of 4/1 in its initial state. When positive bias was applied to the
Ti top electrode, more oxygen vacancies could be produced as the oxygen ions moved
toward the Pt bottom electrode. Thus, a thicker conductive pathway could be formed in
the TiOx sublayer, which combined with the oxygen vacancies in the HfOx sublayer to
form a gradual conductive pathway. In contrast, the number of oxygen vacancies in the
thinner TiOx sublayer decreased as the thickness ratio of the TiOx and HfOx decreased
from 4/1 to 1/4. Therefore, a thinner conductive pathway could be constructed in the
TiOx sublayer, which connected to the oxygen vacancies in the HfOx sublayer to form the
thinnest conductive pathway, as shown in Figure 4b. When negative bias was applied
on the Ti top electrode, the oxygen ions near the bottom electrode could migrate toward
the top electrode to neutralize the oxygen vacancies, causing the conductive pathway to
disconnect. Therefore, the TiOx/HfOx RRAM device could be switched from the LRS to
the HRS. The gradual change in conductance is similar to the synaptic weight update in a
biological synaptic device.
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Figure 4. (a,b) Schematic resistive switching model of as-grown HfO2/TiOx memristor with thickness
ratio of 1/4 and 1/1 corresponding to HfOx and TiOx sublayer, respectively.

Figure 5a,b show the resistive switching pathway model of the RS behaviors in the
H12T3 device before and after annealing. For the as-grown HfO2/TiOx memristor, oxygen
vacancies existed in the TiOx sublayer at the initial state. Under a positive voltage, the
electric field could drive the O2− to move to the Ti electrode and leave a great number
of oxygen vacancies in the top electrode; thus, Ti is an oxygen affinity electrode. Once
the oxygen vacancies in the thin film reached a high level, the thin, tapered conductive
filament composed of oxygen vacancies in the HfO2 film could connect to the thick con-
ductive filament in the TiOx film, switching the device to the LRS. Under the negative bias,
O2− could move back to the Pt electrode from the boundary of the Ti electrode and neutral-
ize the oxygen vacancies, which would break up the oxygen vacancy conductive filament.
As the distribution of oxygen vacancies was uneven in the TiOx sublayer, the position
of the conduction pathway varied as the cycles increased. In contrast to the TiOx/HfOx
device before annealing, nanocrystalline TiOx and HfOx were formed in the TiOx and HfOx
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sublayers after annealing, as revealed by the HRTEM in Figure 1. Nanocrystalline TiOx
and HfOx acted as a presetting conductive channel, which could be connected to oxygen
vacancies to form the whole conductive pathway under positive bias. The introduction
of nanocrystalline TiOx and HfO2 supplied a “fixed position” to confine the growth and
rupture of oxygen vacancies during the RS behaviors. In contrast to the device after anneal-
ing, the distribution of the oxygen vacancy conductive filament under a positive bias was
random in the as-deposited device without the confinement provided by nanocrystalline
TiOx and HfO2, as shown in Figure 3c. Under a negative bias, not all oxygen vacancies in
the nanopathway were accurately neutralized by O2−, which resulted in fluctuations in the
switching parameters during the successive cycles. It is evident that nanocrystalline TiOx
and HfO2 are beneficial for improving the uniformity of conductive nanopathways, while
the formation and neutralization of oxygen vacancies were responsible for the bridging
and rupture of conductive nanopathways. We also noticed that the set voltage of the device
after annealing was reduced as the conductivity of nanocrystalline TiOx and HfO2 was
higher than that of amorphous TiOx and HfO2. It was further revealed that nanocrystalline
TiOx and HfO2 were the main contributors to the conductive pathway.
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Figure 5. (a,b) Schematic description of the resistive switching pathway model of H12T3 before and
after annealing.

A schematic illustration of an artificial synapse based on the nc-HfO2/TiOx device
is shown in Figure 6a. The changeable conductance of the nc-HfO2/TiOx memristor was
analogous to the connection strength between biological synapses [33,34]. The long-term
potentiation (LTP) and long-term depression (LTD) characteristics of nc-HfO2/TiOx were
detected by adjusting the pulse amplitude and numbers, as shown in Figure 6b,c. Regarding
the potentiation process, the conductance continued to increase as the pulse amplitude
increased from 0.7 to 1.25 V under the same pulse width of 100 us. This indicates that
the strength of the synaptic connection between two neurons was strengthened. It is
noteworthy that the conductance tended to be saturated when the pulse number increased
to 20. Regarding the depression process, the conductance continued to decrease as the
negative pulse amplitude increased from −1 to −1.32 V under the same pulse width of
100 us. This meant that the strength of the synaptic connection between two neurons was
weakened. The rule of the depression process was consistent with the potentiation process
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in general. Figure 6d shows the spike-timing-dependent plasticity (STDP) of nc-HfO2/TiOx
synapses, which is an important rule for learning and memory. The synaptic weight
could be modulated by the relative timing of the pre-spike and the post-spike, which was
determined by the gradual change in the conductance. As revealed in Figure 6d, when
the pre-spike was ahead of/dropped behind the post-spike, the connection strength of the
synapse between the two neurons was strengthened/weakened. It can be seen that a larger
conductance change was caused by a closer spike timing, which was consistent with the
Hebbian learning rule. The total conductance change in nc-HfO2/TiOx synapses is defined
as ∆G, which can be expressed as the following equation [35]:

(|G_after-G_before |)/(Min(G_after,G_before))

∆G =
|Gafter −Gbefore|

Min(Gafter, Gbefore)
(1)

where Gbefore and Gafter are the conductance before and after the application of the spike.
∆G exhibited an increasing tendency when the pre-spike was ahead of the post-spike
(∆t > 0) during the potentiation process, while it displayed a decreasing tendency when
the post-spike was ahead of the pre-spike (∆t < 0) during the depression process. The
pulse response of nc-HfO2/TiOx synapses showed that the maximum value of ∆G could
reach 650% for potentiation and 1400% for depression. The successful implementation of
biosynaptic function ensured further application in neuromorphic computing. In order
to visualize the information transferred to the HfO2/TiOx neural network, 5 × 5 synaptic
arrays based on the Ti/TiOx/HfO2/Pt memristor were applied to image recognition, as
shown in Figure 6e. The conductance is represented by the color level. In the initial
state, the conductance of all synapses ranged randomly. A unit device distributed in the
shape of a “T” in the synapse array was selected to input 10 consecutive stimulus pulses
with a duration of 1 us and amplitude of 1.15 V. The conductance of the HfO2/TiOx unit
device increased obviously after the application of stimulus pulses. Then, the number
of consecutive stimulus pulses increased from 10 to 15, 20, and 25. After training by the
25 consecutive stimulus pulses with the same duration and amplitude, the image clearness
of “T” reached a high level, as shown in the lower panel of Figure 6e. The visualized
evolution of weight values showed that the HfO2/TiOx memristor crossbar arrays had the
potential to mimic real neurotransmission in a biological system.
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memristor, displaying the diffusion of neurotransmitters among synaptic neurons and an electrical
synapse based on the top electrode, switching matrix, and bottom electrode. (b,c) Long-term potenti-
ation and depression of HfO2/TiOx synapse by changing the pulse amplitude under the same pulse
duration; (d) spike-timing-dependent plasticity of HfO2/TiOx synapse as a function of interval time
between pre-spike and post-spike; (e) simulated image memorization of HfO2/TiOx synapse under
consecutive pulses on the selected synapse.

4. Conclusions

In summary, we successfully obtained an artificial synapse based on an HfO2/TiOx
memristive crossbar with a controllable memory window and high uniformity. The con-
trollable memory window could be obtained by tuning the thickness ratio of the sublayers.
The position of the conductive pathway could be localized by the nanocrystalline HfO2
and TiO2 dot, leading to a substantial improvement in the switching uniformity. No-
tably, the coefficient of variation in the high-resistance state and the low-resistance state of
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the nanocrystalline HfO2/TiOx memristor could be reduced by 74% and 86% compared
with those of the as-deposited HfO2/TiOx memristor. The nanocrystalline HfO2/TiOx
memristive device showed stable, controllable biological functions, including long-term
potentiation, long-term depression, and spike-time-dependent plasticity, as well as visual
learning capability, which provides a hardware base for their integration into the next
generation of brain-inspired chips.
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Abstract: With the big data and artificial intelligence era coming, SiNx-based resistive random-access
memories (RRAM) with controllable conductive nanopathways have a significant application in
neuromorphic computing, which is similar to the tunable weight of biological synapses. However,
an effective way to detect the components of conductive tunable nanopathways in a-SiNx:H RRAM
has been a challenge with the thickness down-scaling to nanoscale during resistive switching. For
the first time, we report the evolution of a Si dangling bond nanopathway in a-SiNx:H resistive
switching memory can be traced by the transient current at different resistance states. The number of
Si dangling bonds in the conducting nanopathway for all resistive switching states can be estimated
through the transient current based on the tunneling front model. Our discovery of transient current
induced by the Si dangling bonds in the a-SiNx:H resistive switching device provides a new way to
gain insight into the resistive switching mechanism of the a-SiNx:H RRAM in nanoscale.

Keywords: resistive switching memory; transient current; trap state

1. Introduction

As the key hardware unit of neuromorphic computing chips, resistive random access
memory (RRAM) is considered the most promising candidate because of its excellent
scalability, fast speed, and good endurance [1–6]. Among the next generation of RRAMs,
silicon nitride-based-RRAM devices have attracted great interest in recent years because of
their low operating current, stable switching behavior, and full compatibility with Si-based
CMOS integration technology [7–14]. In particular, a controllable conductive nanopathway
could be achieved by tuning the Si dangling bond conducting paths in hydrogenated silicon
nitride (a-SiNx:H) films with different N/Si ratios, which is similar to the tunable weight of
biological synapse [12]. The programming current has been successfully reduced to the
lowest record in Si-based RRAM. However, with the down-scaling of a-SiNx:H films to
the nanometer scale, an effective way to detect trap states related to the dangling bonds
in resistive switching is a challenge. Here we first report that the transient current is
more favorable for observing the trap states in ultra-thin a-SiNx:H RRAM with tunable
N/Si ratios. The dynamic evolution of the Si dangling bonds was revealed when the
device was switched to different resistance states. We analyze the internal formation
mechanism of the transient current. In contrast with other techniques [15], the transient
current provides a more effective way to analyze the different distributions of dangling
bonds at the programming and erasing state, which is crucial to illuminate the dynamic
evolution of the conducting paths in trap-dominated RRAM devices.
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2. Materials and Methods

To fabricate the RRAM device, a P+-Si substrate with a low resistivity of 0.004–0.0075 Ωcm
was prepared as the bottom electrode. The oxide on the back surface of the P+-Si substrate
was removed, and a thin Al layer was evaporated to the back side of the silicon substrate,
which can reduce the contact resistance. A 7-nm-thick a-SiNx:H film was deposited on the
substrate in a plasma-enhanced chemical deposition system at 250 ◦C using silane and
ammonia as the reaction gases. The N/Si ratio x was adjusted by varying the flow ratio
of silane and ammonia. Subsequently, 100 nm-thick Al was thermally evaporated on the
surface of a-SiNx:H as the top electrode using a shadow mask with a diameter of 200 µm to
form the final Al/a-SiNx:H/P+-Si device structure. The atomic concentration ratios of N/Si
were determined through XPS measurement at a depth of 5 nm from the film surface. The
ESR spectra were measured using the Bruker EMX-10/12 system. The microstructure of the
sample was revealed by high-resolution transmission electron microscopy (HRTEM) using
a Tecnai G2 F20 electron microscope operating at 200 kV. To detect the transient current
related to the traps in all the resistance states, an Agilent B1500A semiconductor analyzer
was used to generate the bias signal and record the current intensity. The signals were
applied to the top Al electrode with the substrate grounded.

3. Results

Figure 1a–e shows the schematic illustration of the transient current measurement of
an Al/a-SiNx:H/P+-Si device at different resistive switching states. Following each resistive
switching operation, as shown in Figure 1a-1c, the charging process and transient current
measurement were carried out, as displayed in Figure 1d–e. All the electrical measurements
were carried out in the original system without position and state changes, so the transient
current can be used to trace the resistance state evolution. During the charging process, a
constant voltage was imposed on the device for 100 s. Then, the bias voltage was removed,
and we measured the current flowing through the device immediately. The oscillogram of
the applied voltage for the transient current measurement is shown in Figure 1f. A cross-
sectional HRTEM photo of Al/a-SiN1.17:H/P+-Si device is presented in Figure 1g.

Figure 2a–c shows the time-dependent transient current of the Al/a-SiNx:H/p+-Si
devices at the initial state with tunable N/Si ratios from 1.17 to 0.62. The amplitude of the
charging voltage is smaller than that of the forming voltage, which ranges from 0.25 V to
1.75 V, to ensure that the devices remain in their initial states. All the charging currents
were measured after the charging time of 100 s. It is found that the transient current
intensity is enhanced with the charging voltage increasing when the N/Si ratio is fixed.
Under the same applied voltage, the transient current increases as the N/Si ratio decreases.
The time-dependent transient current is plotted as a log coordinate, and their slopes are
−1. According to the demonstration of Dumin [13], if there are a large number of traps
generated in oxides, the discharging current of traps will be the main contributor to the
transient current, which obeys 1/t time dependence, and the transient current intensity is
proportional to the trap density. Here a slope of −1 in the I–t curves for all devices means
the transient current exactly fits the 1/t time dependence. As shown in Figure 2d, the
transient current intensity increases as the N/Si ratio decreases from 1.17 to 0.62.

To reveal the role that H played in our devices, we analyzed the FTIR spectra of as-
deposited SiNx:H films and the one annealed at 600 ◦C in a vacuum, as seen in Figure 2e,f.
The intensity of the Si-H peak from the device with the SiNx:H films annealed at 600 ◦C
decreases obviously compared with that of the pristine a-SiNx:H films. This result means
the number of Si-H bonds is reduced after annealing at 600 ◦C. Because the Si-H bond
energy (318 kJ/mol) is lower than that of Si-N (355 kJ/mol), Si-H bonds are easier to be
broken and form the Si dangling bonds. The corresponding transient current intensity
of the device with pristine a-SiNx:H films and the one annealed at 600 ◦C is displayed in
Figure 2g. It is found that the transient current of the device with the SiNx:H annealed
at 600 ◦C is much larger than that of the pristine device. The above analysis confirms
that Si dangling bonds induced by broken Si-H bonds make the main contribution to the
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transient current. The relation of the transient current and the Si dangling bond distribution
in SiNx:H films can be analyzed by the corresponding ESR spectra, which are presented
in Figure 2h. A resonance peak with a g value of 2.0042 is detected from the SiNx:H
films, which is related to the paramagnetic center of the Si dangling bonds. The intensity
of the resonance peak increases as the N/Si ratio decreases from 1.17 to 0.62, which is
in agreement with the changing trend of the transient current intensity. As reported by
Robertson and Mo et al., as-deposited silicon nitride films contain many silicon dangling
bonds, and they are amphoteric deep trap centers located near the middle of the band
gap [16,17]. Here, after the charging voltage was removed, electrons released by Si dangling
bonds formed the transient current. The number of Si dangling bonds increases as the
N/Si ratio decreases [12], leading to the enhancement of the transient current under the
same charging voltage. In contrast to the other Si/N ratio, the device with x = 1.17 has
the smallest number of Si dangling bonds. The transient current can be detected from
the device with the smallest number of Si dangling bonds, which ensures that the same
changing trend of transient current can also be detected from the other ones with the larger
number of Si dangling bonds. Because the transient current intensity reflects the number of
Si dangling bonds in an a-SiN1.17:H device, we applied it to trace the trap state evolution
during the resistive switching process.
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Figure 2. (a–c) Time-dependent transient current of the devices at the initial state with N/Si ratios
of 1.17, 0.93, and 0.62. (d) Time-dependent transient current of the devices with N/Si ratios of 1.17,
0.93, and 0.62 at 1.25V. (e) The FTIR spectra of pristine a-SiN1.17:H films. (f) The evolution of Si–H
absorption peak of a-SiN1.17:H in the magnified scale before and after 600 °C annealing. (g) Time-
dependent transient current of a-SiN1.17:H before and after 600 °C annealing. (h) ESR spectra of the
devices at the initial state with N/Si ratios of 1.17, 0.93, and 0.62.

The DC sweep of the resistive switching process for an a-SiN1.17:H device by con-
tinuously applying different reset voltages is shown in Figure 3a. The device switches
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from the initial resistance state (IRS) to the low resistance state (LRS) when the magnitude
of forming voltage is increased to 4.1 V, with a compliance current of 10 µA. It is worth
noting that the current of the Al/a-SiNx:H/P+-Si device decreases gradually with the reset
voltage increasing, which is similar to the tunable weight of a biological synapse. Before the
forming process, the transient current was measured after a charging voltage of 0.5 V for
100 s. The low voltage of 0.5 V ensures that the Si dangling bonds can be charged without
damage to the Si-H bonds. Following the forming operation, the transient current of the
LRS was measured, as shown in Figure 3b. The transient current obviously increases from
1.1 to 10.5 pA after discharging for 0.3 s, which indicates that a large number of Si dangling
bonds are generated after the forming process. Subsequently, the reset1 operation made
the device switch from the LRS to the middle resistance state (MRS1) under a voltage of
−1.36 V. The transient current of the MRS1 is slightly reduced compared with that of the
LRS. It means that a part of the generated traps was annihilated during the reset1 operation.
After the reset1 operation, we carried out the reset2, reset3, and reset4 operations to switch
the device from MRS1 to MRS2, MRS3, and the high resistance state (HRS), respectively.
In this case, the transient current decreases gradually with the number of reset operations
increasing. It reveals that the generated traps were annihilated gradually during the reset
operation. Figure 3c shows the endurance characteristics of the Al/a-SiNx:H/P+-Si device.
It can be seen that a stable memory window and good reliability can be maintained after
200 consecutive cycles. As displayed in Figure 3d, the current of HRS and LRS is still
equal to that of the initial state after a retention time of 105 s, which shows good retention
characteristics. No noticeable degradation is observed in either state. Figure 3e presents
the statistical distributions of SET/RESET currents of 26 devices. It is obvious that the
operating voltages of these devices show good uniformity with small deviations.
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Figure 3. (a–b) Multilevel resistive switching I-V curves and the corresponding transient current
of a-SiN1.17:H-based RRAM device in different resistance states. (c) The endurance characteristics
of the Al/a-SiNx:H/P+-Si device after 200 consecutive cycles. (d) The retention properties of the
Al/a-SiNx:H/P+-Si device at room temperature. (e) The statistical distributions of SET/RESET
currents of 26 devices.

The discharging of Si dangling bond centers can be described by the tunneling front
model, in which at a given time t, the tunneling rate is sharply peaked spatially at a
depth x(t) from the Al/a-SiNx:H interface [13,18–22]. The traps located closer than x(t) are
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emptied, with those beyond x(t) still occupied. The tunneling front depth x(t) increases
logarithmically with time, as

x(t) =
1

2β
ln

t
t0

, (1)

where t0 is the characteristic tunneling time and β is a tunneling parameter that can be
calculated as

β =

√
2m∗

t
}2 Et, (2)

where m∗
t denotes the whole effective mass and Et denotes the trap energy level with respect

to the top of the a-SiNx:H valence band. Then the transient current can be determined by
calculating the velocity of the tunneling front as

I(t) = qnvA = qN(x(t))
dx(t)

dt
A =

qN(x(t))A
2βt

, (3)

where q is the electronic charge, n is the carrier density, v is the tunneling front velocity,
N(x(t)) is the spatial distribution of traps, and A is the area of conductive filamentary paths.
In this way, we can estimate the lower limit of dangling bond density. In this study, t0 is
estimated to be 10−13 s [18,22], m∗

t = 0.42m0 [23], and Et = 3.1 eV [17]. According to this
model, the trap distribution in the a-SiNx:H films can be obtained from Equation (3) as

N(x(t)) =
I(t)2βt

qA
, (4)

In Figure 2a, the slope of the log I versus log t plot is −1, so the original Si dangling
bond trap distribution is uniform in the IRS. Similarly shown in Figure 3b, the slopes of the
transient current of the LRS and HRS are also close to −1, indicating that the generated Si
dangling bond distribution is uniform. According to Equation (4) and the data in Figure 3b,
the discharged original Si dangling bond density in the a-SiN1.17:H device is calculated to
be larger than 1017 cm−3, while the Si dangling bond trap density generated in the LRS is
calculated to be larger than 1018 cm−3. Here the change in the transient current of the LRS
and HRS is related to the generation and re-passivation of Si dangling bonds during the
RS process [24,25]. The conducting filament evolution between the IRS, LRS, and HRS is
illustrated in Figure 4a–c. As for the forming operation, the conducting paths are composed
of Si dangling bonds because the weak Si-H bond can be broken by the forming voltage.
The abundant newly generated Si dangling bonds result in a significant increase in the
transient current following the set operation. After the reset process, the Si dangling bond
conducting paths are partially broken because some Si dangling bonds are passivated by
H. Thus, the transient current intensity decreases slightly. When the device switches back
to the LRS, some Si dangling bonds are produced due to the broken Si-H bond. Thus,
the transient current intensity increases slightly. As displayed in Figure 4d,e, electrons
were trapped in Si dangling bonds during the charging process. After the bias voltage
was removed, the electrons were released from the trap centers, which is the origin of the
transient current.

Figure 5 shows the energy band diagrams of the charging and discharging process,
respectively, for an a-SiN1.17:H device in different resistance states. In the IRS, thermally-
excited electrons are injected into the a-SiN1.17:H film from the P+ electrode and trapped
in these original Si dangling bond trap centers during the charging process. After the
removal of the bias, the electrons tunnel from the trap centers to the P+ electrode to form
the transient current. For the LRS, additional electrons can be captured by the newly
generated Si dangling bonds. When the bias voltage is removed, the transient current
from both the original and generated Si dangling bonds forms the transient current. As
a result, we observe a clear increase in transient current after the forming process. In the
HRS, a relatively small number of electrons are captured by the residual Si dangling bond
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traps due to the passivation of Si dangling bonds by H, and the transient current can be
reduced accordingly.
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HRS during the charging and discharging process.
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4. Conclusions

In summary, we successfully observed the evolution of Si dangling bond nanopathway
in a-SiNx:H RRAM devices at multiple resistance states by the transient current. The
relationship of the transient current with Si dangling bonds for all resistive switching states
is revealed in detail. Moreover, the density of the original and generated Si dangling bonds
after the forming process can be qualitatively described based on the tunneling front model.
The transient current is promising to trace the dynamic evolution of the conducting filament
for trap-dominated resistive switching memory, opening a new avenue to insight into the
resistive switching mechanism of the a-SiNx:H RRAM in nanoscale for neuromorphic
computing in the AI period.
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Abstract: Three-dimensional NAND flash memory with high carrier injection efficiency has been of
great interest to computing in memory for its stronger capability to deal with big data than that of
conventional von Neumann architecture. Here, we first report the carrier injection efficiency of 3D
NAND flash memory based on a nanocrystalline silicon floating gate, which can be controlled by a
novel design of the control layer. The carrier injection efficiency in nanocrystalline Si can be monitored
by the capacitance–voltage (C–V) hysteresis direction of an nc-Si floating-gate MOS structure. When
the control layer thickness of the nanocrystalline silicon floating gate is 25 nm, the C–V hysteresis
always maintains the counterclockwise direction under different step sizes of scanning bias. In
contrast, the direction of the C–V hysteresis can be changed from counterclockwise to clockwise when
the thickness of the control barrier is reduced to 22 nm. The clockwise direction of the C–V curve
is due to the carrier injection from the top electrode into the defect state of the SiNx control layer.
Our discovery illustrates that the thicker SiNx control layer can block the transfer of carriers from
the top electrode to the SiNx, thereby improving the carrier injection efficiency from the Si substrate
to the nc-Si layer. The relationship between the carrier injection and the C–V hysteresis direction
is further revealed by using the energy band model, thus explaining the transition mechanism of
the C–V hysteresis direction. Our report is conducive to optimizing the performance of 3D NAND
flash memory based on an nc-Si floating gate, which will be better used in the field of in-memory
computing.

Keywords: C–V memory window; nanocrystalline Si; floating gate memory

1. Introduction

With the development of the Internet in modern society, highly efficient processing
of big data is faced with the challenge of breaking up the storage walls and power con-
sumption walls induced by traditional von Neumann architecture. Recently, in-memory
computing has attracted great interest, due to its ability to effectively improve the pro-
cessing efficiency of big data. As a strong device candidate for in-memory computing,
silicon-based 3D NAND flash memory with perfect compatibility with CMOS technology
has attracted much attention [1–5]. However, the traditional 3D NAND flash, based on a
polysilicon floating gate, is confronted with the current leakage problem, which is induced
by random defects in the tunnel oxide layer after repeated erasing and writing [6–8]. As the
charges stored in the floating-gate layer can be free to move laterally, it results in data loss.
To solve the current leakage problems, the nanocrystal has been adapted to the floating-gate
memory [8–11]. In contrast to the polysilicon floating gate, using discrete nanocrystals as
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the charge storage layer can avoid the free movement of charges laterally in the floating-
gate layer, thus effectively preventing data loss caused by charge leakage [12–14]. In
addition, the ultra-thin tunnel oxide layer in the nanocrystal floating-gate memory has the
advantages of low power consumption and high erasing/programming speed [9–11]. The
research on nanocrystal floating-gate memory is extensive, from traditional silicon germa-
nium materials to third-generation semiconductor materials of SiC [15–17]. As reported by
Jin et al. [15], floating-gate memory based on antimony-doped tin oxide nanoparticles has
a maximum memory window of 85 V. However, there are 40 program/erase cycles, which
has not been tried in 3D NAND devices. Lepadatu et al. carried out research on a new
floating-gate MOS structure consisting of an HfO2/floating gate of a single layer of Ge QDs
in the HfO2/tunnel HfO2/p-Si wafers [16]. The memory window of 3.8 V shows a very
slow capacitance decease, which is not adopted in 3D NAND devices. According to the
research of Andrzej et al. [17], a nanocrystalline SiC floating-gate memory exhibits better
charge retention characteristics than the conventional floating-gate memory. However,
the program/erase speed is in the scale of S, which is not applied in 3D NAND memory.
Compared with the above nanocrystalline floating-gate memory, nc-Si-based floating-gate
memory not only has faster program and erase speeds, but also has high durability for
107 program/erase cycles. In particular, its high compatibility with modern microelec-
tronics technology is beneficial to be integrated with computing in-memory chips. Our
previous work focused on improving the density of 3D NAND flash memory by using
double-layered nanocrystalline Si dots [18]. Up to now, there are few studies on how
to improve the carrier injection efficiency of 3D NAND flash memory based on an nc-Si
floating gate by novel design of the control gate thickness of the nano-silicon floating-gate
memory.

In this paper, we first report that 3D NAND memories based on an nc-Si floating gate
with high carrier injection efficiency could be obtained by novel design of the control barrier
layer. The carrier injection efficiency can be monitored through the direction of capacitance–
voltage (C–V) hysteresis of the nc-Si floating-gate MOS structure [19–26]. According to
the principle of the floating-gate memory, the threshold voltage corresponding memory
window can be expressed by the following equation.

∆Vth =
qnnc

εox

(
tcntl +

1
2

εox

εSi
tnc

)
(1)

In the equation, ∆Vth is the threshold voltage shift, tcntl is the thickness of the control
nitride, tnc is the size of a single nanocrystal, εox and εSi are the dielectric constants of
the SiO2 tunneling layer and nc-Si, respectively, q is the magnitude of electronic charge,
and nnc is the density of the nanocrystals. According to the equation, the value of the
memory window is related to the parameters of the floating gate, such as the density of the
nc-Si, the thickness of the control layer, and the tunnel layer, etc. To improve the carrier
injection efficiency, a novel design of the parameters is vitally important. Compared with
the program/erase pulse cycle of an nc-Si floating-gate MOSFET, the C–V characteristic
of an nc-Si floating-gate MOS structure can directly reflect the carrier injection efficiency
without the influence of the source electrode and the drain electrode. Therefore, we focus
on the C–V investigation of an nc-Si floating-gate MOS structure to improve the carrier
injection in 3D nc-Si floating-gate memory. So far, the relationship between C–V hysteresis
direction and carrier injection efficiency has been less reported in an nc-Si floating-gate
memory [27,28]. Here, we first report that the C–V hysteresis direction of nc-Si floating-gate
MOS structures could be shifted from counterclockwise to clockwise when the control
layer thickness is reduced from 25 nm to 22 nm, which is influenced by the step size of
the bias and the gate voltage [29]. When the thickness of the control layer reaches 25 nm,
the direction of the C–V hysteresis can be maintained in the counterclockwise direction.
However, when the thickness of the silicon nitride layer is reduced to 22 nm, a clockwise
hysteresis curve will first appear in the low gate voltage scanning process. As the voltage
increases, the window of the curve will gradually become smaller and then turn into a
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normal counterclockwise hysteresis curve. This is due to the carrier injection from the top
electrode into the defect state of the SiNx layer [30,31]. A thicker SiNx control layer can block
the transfer of carriers between the top electrode and the nc-Si dots, thereby improving
the carrier injection efficiency from the Si substrate to the nc-Si dots. Combined with
HRTEM and energy band theory, the relationship between the carrier injection efficiency
and the C–V hysteresis direction is further revealed, which is beneficial to optimizing the
performance of 3D NAND memory based on an nc-Si floating gate for future application in
in-memory computing.

2. Materials and Methods

Figure 1 shows the schematic diagram of a 3D nc-Si floating-gate memory with three
layers of a-Si:H channels. The substrate is a p-type silicon wafer with a crystal orientation of
<100> and a resistivity of 6 to 9 Ω cm. To obtain the nc-Si floating-gate MOS structure, the Si
substrate was first cleaned by standard RCA procedures [32]. The natural oxide layer grown
on the surface was removed with dilute hydrofluoric acid. In order to fabricate the ultra-
thin tunneling SiO2 layer, the thermal dry oxidation method under a temperature of 850 ◦C
was employed [33,34]. The thickness of the tunnel SiO2 layer was 5 nm. Then, an a-Si layer
was deposited on the tunnel SiO2 layer by introducing SiH4 into the PECVD chamber with
an RF source frequency of 13.56 MHz [35,36]. The substrate temperature was 250 ◦C. Under
the same circumstances, NH3 and SiH4 were decomposed to fabricate the SiNx control
layer on the surface of the a-Si:H layer. The thickness of the SiNx control layer is 22 nm. To
check the role of the SiNx layer, a reference sample with an SiNx thickness of 25 nm was
fabricated by the same process. Finally, the samples were thermally post-treated at 1000 ◦C
under ambient N2 to form nc-Si dots in the a-Si:H layer. For the convenience of the electric
measurements, aluminum (Al) top electrodes were thermally evaporated on the surfaces of
the samples with a shadow mask to form a circular spot. Al was thermally evaporated at
the back side of the Si substrate as the bottom electrode. After the annealing process, the
nc-Si embedded floating-gate MOS cross-sectional structure can be directly revealed by
high-resolution cross-section transmission electron microscopy (HRTEM) with a JEM2010
electron microscope working at 200 kV. The C–V, transfer, and output characteristic were
measured by using an Agilent B1500A at room temperature.
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Figure 1. (a) Schematic diagram of 3D flash memory based on three-layered a-Si:H channels with a
single-layered nc-Si dots floating-gate structure. (b) The optical image of 3D NAND flash memory
based on the SiNx/nc-Si(a-Si)/SiO2 floating gate. (c,d) Ordinary and high resolution cross-section
TEM photograph of the SiNx/nc-Si(a-Si)/SiO2 floating-gate MOS structure. (e) The time dependence
of output voltage for double C–V measurement.

3. Results and Discussion

Figure 1a is a schematic diagram showing how the 3D nc-Si dots floating-gate flash
memory based on three-layered a-Si:H channels is fabricated, according to the following
steps. First, the surface of the Si substrate was covered by a thicker silicon oxide layer of
300 nm, which was grown by the wet oxidation method. Second, three layers of amorphous
Si:H and SiO2 were alternately deposited on the surface of the SiO2 layer in the PECVD
chamber at 300 ◦C. The thickness of the Si:H and SiO2 layers was 70 nm and 100 nm,
respectively. Then, the three layers of a-Si:H and SiO2 were patterned by electron beam
lithography and dry-etched to form the amorphous silicon channel. An nc-Si floating gate
was grown on the surface of the three-layer a-Si channels, according to the preparation
method of the MOS structure. In the following process, an a-Si:H terrace was obtained
by etching to prepare for the drain electrode and the source electrode. The hole position
of the drain electrode and the source electrode in each a-Si:H was different from each
other, which was formed by etching of each a-Si:H terrace according to the pattern of the
photolithography. Meanwhile, the holes of the source electrode and the drain electrode
were obtained by etching the a-Si:H from the first to the third a-Si:H layers to expose the
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three a-Si:H layers. At last, the construction of the source electrodes and drain electrodes
were completed by filling the holes of the source electrodes and drain electrodes with
aluminum. Meanwhile, the metal of the gate electrodes was also deposited by thermal
evaporation followed by lift-off technology to prepare for the electrical measurement. The
C–V, erasing, and programming, as well as output characteristics, were measured by using
an Agilent B1500A at room temperature. Under the bias of the gate, the nc-Si floating-gate
unit on the two side walls of the 3D a-Si:H channel can be chosen to complete the writing
and erasing functions separately. The site of the chosen nc-Si floating-gate cells decided
by the position of the source electrode and the drain electrode, which range from the first
layer to the third layer of the a-Si:H.

As revealed in Figure 1b, the nc-Si floating-gate MOS structure, including a tunnel
oxide layer of 5 nm, an nc-Si layer of 3 nm, and a control layer of 22 nm, is clearly observed.
It is evident that the nc-Si crystals of less than 3 nm are embedded in the a-Si sublayers, as
presented in Figure 1c. A clear lattice image of nanocrystalline silicon can be seen, which
corresponds to the crystal face index of (100). The C–V measurement diagram of the nc-Si
floating-gate MOS device is shown in Figure 1d. During the C–V measurement, the top
aluminum electrode is applied with the gate voltage, and the bottom aluminum electrode
is grounded. During the double C–V measurement, the step size can be changed from
20 mV/s to 2500 mV/s. As illustrated in Figure 1e, the definition of the step size can be
expressed by the Formula (2). It depends on the output voltage (Vstep) and the time of each
scanning step, which can be divided into delay time (Td) and integration time (TIN).

v =
Vstep

Td + TIN
(2)

We change the value of the TIN to tune the step size. During the C–V measurement for
the nc-Si floating-gate MOS structure device, we make the output voltage (Vstep) remain
the same.

Figure 2a shows the double C–V characteristic curves of the SiNx/nc-Si/SiO2 floating-
gate MOS structure under different step sizes, from 25 to 500 mv/s. The thickness of the
control layer is 22 nm. The frequency is 1 MHz. The inset of each figure shows the variation
of the flat band voltages (Vfbs) with the bias increasing. As indicated in Figure 2a, under
the step size of 20 mV/s, the direction of C–V hysteresis remains counterclockwise with
the scanning bias increase from (−2 V, 2 V) to (−8 V, 8 V), and the maximum window is
1.14 V. It is interesting to find that a clockwise C–V hysteresis window appears under the
bias from −2 V to 2 V when the step size increases to 250 mV/s, as shown in Figure 2b.
When the bias changes from −3 V to 3 V, the clockwise window expands to a maximum
of about 0.35 V. With the bias changing from −4 V to 4 V, the clockwise window begins to
reduce. It is worth noting that the direction of the hysteresis curve changes to counterclock-
wise under the bias voltage from −5 V to 5 V. The counterclockwise window is continuously
enhanced with the bias increasing from (−6 V, 6 V) to (−7 V, 7 V). The memory window
reaches a saturation value of 0.93 V with the bias increasing from −8 to 8 V. After the step
size is enhanced to 500 mV/s, the clockwise direction can be detected under the lower
bias range from (−2 V, 2 V) to (−5 V, 5 V). In contrast with the step size of 250 mV/s, the
critical bias corresponding to the direction transition from clockwise to counterclockwise is
increased from −6.3 V to 6.3 V, as shown in Figure 2c.
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Figure 3 shows the schematic diagram of the counterclockwise C–V hysteresis for-
mation from the SiNx/nc-Si(a-Si)/SiO2 floating-gate MOS structure. As displayed in
Figure 3a,b, the free electrons accumulated on the surface of the Si substrate under a
positive bias. With the positive bias reaching a critical value, the electrons can tunnel
through the SiO2 layer into the nc-Si layer, as shown in Figure 3c. The transfer of electrons
contributes to a positive movement of the flat band voltage. The control SiNx layer can
prevent electrons moving from the nc-Si to the upper electrode just like a blockade. As a
result, the electrons can be stored in the nc-Si quantum dots in the nc-Si layer. Similarly,
when the gate voltage changes from positive to negative, the free holes tunnel from the
substrate into the nc-Si layer, causing the flat band voltage to move negatively, as shown in
Figure 3d–f. Therefore, a counterclockwise C–V hysteresis window is formed.
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Figure 3. Formation mechanism of the counterclockwise C–V hysteresis of the SiNx/nc-Si(a-Si)/SiO2

floating-gate MOS structure. (a–c) Under the positive gate voltage, the electrons tunnel from the
substrate into the nc-Si layer, leading to the positive movement of the flat band voltage as shown by
the red lines. (d–f) Under the negative gate voltage, the holes tunnel from the substrate into the nc-Si
layer, leading to the negative movement of the flat band voltage as shown by the blue lines.And a
counterclockwise C–V window is formed. The hollow circles and the solid circles represent the holes
and electrons, respectively. The blue arrow represents the direction of electron tunneling and hole
tunneling.

In an attempt to provide insight into the formation mechanism of the clockwise C–V
hysteresis, the C–V characteristics of the SiNx/nc-Si(a-Si)/SiO2 floating-gate MOS structure
with a thicker SiNx control layer of 25 nm were tested, as shown in Figure 4. It is interesting
to find that the clockwise C–V window cannot be observed with the step size increasing
from 250 mV/s to 2500 mV/s, which proves that the clockwise C–V hysteresis is related
to the thickness of the SiNx control layer. When the SiNx control layer is thinner, the
corresponding barrier is lower, which is easier for holes moving from the top electrode
to the defects in the nitride SiNx control. In particular, the defects in the SiNx control
have lower energy levels than the Fermi level of the aluminum, and the number of the
holes injected into the defects is higher than that of the electrons tunneling from the Si
substrate to the nc-Si layer under the same gate bias. Thus, the holes from the top electrode
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become the main contributor to the charge movement, which determines that the movement
direction of the flat band voltage is reverse that induced by the electrons from the substrate.
Therefore, we can detect the formation of the clockwise C–V hysteresis.
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(a) 250 mV/s, (b) 500 mV/s, and (c) 2500 mV/s, respectively. The insets show the scanning bias range
is dependent on the Vfbs at different ramp rates.

To further reveal the relationship between the carrier injection efficiency and the
direction of the C–V memory window, we elaborate the energy band gap model of the
SiNx/nc-Si/SiO2 floating-gate MOS structure with thicker and thinner SiNx control layers
under different step sizes of bias [28,37]. As presented in Figure 5a–c, when the SiNx control
layer of the nc-Si floating-gate MOS structure is thicker, a larger quantity of electrons tunnel
from the Si substrate to the nc-Si layer under the positive bias. The higher barrier of the
thicker SiNx control layer can reduce the movement of holes from the top electrode to the
SiNx control layer. Therefore, the number of the electrons tunneling from the substrate
to the nc-Si layer is larger than that of the holes stored in the defects of the SiNx control
layer from the Al top electrode. The electrons tunnelling from the substrate to the nc-Si
layer results in the positive movement of the flat band voltage. Under the negative bias,
the number of holes tunneling from the substrate to the nc-Si layer is larger than that of the
electrons stored in the defects of the SiNx control layer from the Al top electrode. The holes
tunnelling from the substrate to the nc-Si layer result in the negative movement of the flat
band voltage. Therefore, a counterclockwise hysteresis is formed. Even with the step size
of the bias increasing from 250 to 2500 mV/s, the counterclockwise direction of the C–V
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memory window remains unchanged, as revealed in Figure 4a. When the SiNx control layer
is thinner, the lower barrier height of the SiNx control layer is easier for the carriers moving
from the top electrode to the SiNx control layer, as displayed in Fig5.d-f. When the step size
is 50 and 250 mV/s, the bias duration on the electrode is shorter. Under the lower bias, the
number of the carriers tunneling from the Si substrate to the nc-Si layer is smaller than that
of the carriers moving from the top electrode to the SiNx control layer, which results in the
reverse movement of the flat band. Thus, the clockwise memory window can be observed.
It is worth noting the number of carriers tunnelling from the substrate to the nc-Si can be
enhanced with the bias increasing. Under the lower bias, it is larger than the number of
the carriers moving from the top electrode to the SiNx control layer, so the direction of the
C–V memory window will change to counterclockwise, as shown in Figure 5i,j. This is the
reason why the clockwise memory window shows a changeable trend from the maximum
to the minimum, as proved by Figure 4b,c. When the step size is reduced to 20 mV/s, the
bias duration on the electrode gets longer. The number of the carriers tunneling from the
substrate to the nc-Si layer is larger than that of the carriers stored in the defects of the SiNx
control layer from the Al top electrode. The counterclockwise memory window can be
maintained from the low bias to the high bias, as shown by Figure 4a. The contribution
of the SiNx layer to the C–V hysteresis window can also be illustrated by comparing the
two devices with different thickness of the SiNx layer, which is shown in Figures 3b and 4a.
Under the same step size of 250 mV/s, the memory window of the device with a thickness
of 25 nm is 2.5 V, which is larger than the 1 V of the device with a thickness of 25 nm.
Because the barrier height of the SiNx layer can be enhanced with the thickness increasing,
it is more difficult for carriers to move from the top electrode to the defect in the SiNx. As a
result, the carrier injection efficiency from the Si substrate into the nc-Si dots is enhanced,
which leads to a larger memory window. Based on the above analysis, the thicker SiNx
control layer is beneficial to increasing the carrier injection efficiency.

The erasing and programming performance of the 3D NAND nc-Si floating-gate
memory unit, based on a three layered a-Si:H channel with a thicker control SiNx of
25 nm, is shown in Figure 6a,b. As displayed in Figure 6c, the corresponding output current
is increased with the positive gate voltage changing from 1 to 5 V, displaying the N-type
characteristic of the a-Si channel. A stable memory window of 1.21 V can be obtained under
the programming and erasing voltages of +7 V and −7 V. The programming and erasing
speed reaches 100 µs. It is worth noting that the stable memory window of 1.21 V can be
maintained after 107 P/E cycles, as shown in Figure 6d. The novel performance of the 3D
NAND nc-Si floating-gate memory unit is determined by the design of the nc-Si floating
gate with a novel SiNx control layer.
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Figure 5. The energy band gap model of the SiNx/nc-Si/SiO2 floating-gate MOS structure with
thicker SiNx control layer under (a) positive and (b) negative voltages. (c) The counterclockwise
hysteresis memory window of the SiNx/nc-Si/SiO2 floating-gate MOS structure with step size from
250 to 2500 mv/s. The energy band gap model of the SiNx/nc-Si(a-Si)/SiO2 floating-gate MOS
structure with the thinner control SiNx layer under (d) positive and (e) negative voltages. (f) The
clockwise C–V hysteresis memory window of the SiNx/nc-Si/SiO2 floating-gate MOS structure with
the step size from 50 to 500 mv/s. The energy band gap model of the SiNx/nc-Si(a-Si)/SiO2 floating-
gate MOS structure with the thinner SiNx control layer under (g) positive and (h) negative voltages.
(i) The counterclockwise C–V hysteresis memory window of the SiNx/nc-Si/SiO2 floating-gate MOS
structure with the step size of 20 mv/s. The hollow circles and solid circles represent the holes and
electrons, respectively.
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with a SiNx thickness of 25 nm. The programming and erasing speeds are +7 V/100 us and
−7 V/−100 us (c) The output characteristics of the 3D nc-Si floating-gate memory with a SiNx

thickness of 25 nm. (d) The endurance characteristics of the 3D nc-Si floating-gate memory with a
SiNx thickness of 25 nm after the 107 P/E cycle operations at +7 V/100 us and −7 V/100 µs.

4. Conclusions

In summary, carrier injection efficiency can be controlled in 3D NAND memory based
on a nanocrystalline silicon floating gate by novel design of the control barrier layer.
The C–V hysteresis direction of the nc-Si floating-gate MOS structure can change from
counterclockwise to clockwise when the thickness of the control layer decreases from
25 to 22 nm, which is easily effected by the step size of the bias and gate voltage. As the
thickness of the control layer reaches 25 nm, the direction of the C–V hysteresis remains
counterclockwise. The thicker SiNx control layer can block the transfer of carriers between
the top electrode and the nc-Si dots, leading to enhanced carrier injection efficiency from the
Si substrate to the nc-Si dots. HRTEM and the energy band theory model further reveal the
relationship between the carrier injection efficiency and the direction of the C-V hysteresis,
which is beneficial to optimizing the performance of 3D NAND memory based on an nc-Si
floating-gate memory for the application of in-memory computation.
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Abstract: Amorphous Al2O3-Y2O3:Er nanolaminate films are fabricated on silicon by atomic layer
deposition, and ~1530 nm electroluminescence (EL) is obtained from the metal-oxide-semiconductor
light-emitting devices based on these nanofilms. The introduction of Y2O3 into Al2O3 reduces the
electric field for Er excitation and the EL performance is significantly enhanced, while the electron
injection of devices and the radiative recombination of doped Er3+ ions are not impacted. The 0.2 nm
Y2O3 cladding layers for Er3+ ions increase the external quantum efficiency from ~3% to 8.7% and
the power efficiency is increased by nearly one order of magnitude to 0.12%. The EL is ascribed
to the impact excitation of Er3+ ions by hot electrons, which stem from Poole-Frenkel conduction
mechanism under sufficient voltage within the Al2O3-Y2O3 matrix.

Keywords: electroluminescence; erbium; Al2O3; Y2O3; atomic layer deposition

1. Introduction

Rare earth (RE) ions are generally efficient luminescence centers in various matrices.
Nowadays diverse RE-doped insulating materials have been developed for the applications
in solid state lasers and phosphors [1,2]. Erbium (Er) ions are one of the most researched lu-
minescence centers due to their near-infrared (NIR) 1.53 µm emission which coincides with
the window of optical telecommunication [3,4] Aiming for the realization of Si-integrated
optoelectronics, the 1.53 µm electroluminescence (EL) from Er3+ ion has been researched
extensively in many materials, including SiOx, SiNx, TiO2 and ZnO [5–8]. However, the ef-
ficiencies of the devices based on these aforementioned materials are still far from practical
application, due to the limitations in doping tolerance and excitation efficiency. Y2O3 is
one of the attractive doping hosts for RE ions as the substitution of other RE3+ ions in Y2O3
is quite easy without charge compensation and severe lattice distortion. In addition, Y3+

ions are not luminescent and Y2O3 has a large bandgap (5.8 eV) and high stability [9,10].
In our previous study, Al2O3 has been proved to be a suitable matrix for the excitation of
RE3+ ion to realize the EL emissions but the doping concentration is still limited [11–13].
Therefore, using Y2O3 as a cladding layer in Er-doped Al2O3 could utilize the merits of
both oxides, the Er-clustering and resultant concentration quenching could be reduced
while the optical-active Er3+ ions can be excited more effectively [14].

In this work, we fabricate the metal-oxide-semiconductor light-emitting devices
(MOSLEDs) based on the amorphous Al2O3-Y2O3:Er nanolaminate films, which are de-
posited using atomic layer deposition (ALD). Due to the unique growth mechanism based
on the successive self-limiting gas-surface reactions, ALD realizes the precise control of the
thickness of different compositions with excellent homogeneity [15,16]. By alternating de-
position sequence of Al2O3 and Y2O3, nanolaminate Al2O3-Y2O3:Er films with interlayers
of different thicknesses are fabricated. Under sufficient forward bias, such devices exhibit
~1530 nm emissions originating from the infra-4f transitions of Er3+ ions. Inserting of the
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Y2O3 cladding layers increases the external quantum efficiency (EQE) from 3% to 8.7% and
almost upgrades the power efficiency (PE) by one order of magnitude, while the excitation
and recombination of the Er3+ ions are not affected. We believe that this work contributes
to the development of silicon-based light sources for integrated optoelectronic applications.

2. Experimental

The luminescent Al2O3-Y2O3:Er nanolaminates were grown on <100>-oriented n-
type silicon (2–5 Ω·cm) using the thermal ALD system (NanoTech Savannah 100, Cam-
bridge, MA, USA). The growth chamber was first evacuated to a base pressure of 0.3 Torr.
Trimethylaluminum [TMA, Al(CH3)], Y(THD)3 and Er(THD)3 (THD = 2,2,6,6-tetramethyl-
3,5-heptanedionate) were used as the precursors for Al2O3, Y2O3 and Er2O3, respectively,
with ozone acting as the oxidant. During the ALD process, the Al precursor was main-
tained at room temperature (RT), while Y and Er precursors were maintained at 180 ◦C and
190 ◦C, respectively. The precursor delivery lines were heated at 190 ◦C. N2 was used as the
carrier and purge gas with a flow rate of 20 sccm. The pulse time for Al and RE precursors
are 0.015 s and 2 s, respectively. One growth cycle consists of one precursor pulse, the
5 s N2 purge, a 1.8 s ozone pulse, and the 9 s N2 purge. Based on the former research,
the Er dopant cycles are fixed at 2, which are preferable concerning both the efficient
doping and the absence of RE clustering [11,13,17,18]. The substrates were maintained at
350 ◦C, and the growth rates for the Al2O3, Y2O3 and Er2O3 films are calibrated to 0.79,
0.2 and 0.23 Å/cycle respectively, which agree well with the previous reports [19]. During
the deposition, the dopant Er2O3 atomic layers were sandwiched in two cladding Y2O3
layers of designed thickness, and then the Al2O3 interlayers with certain thickness and
these Y2O3-Er2O3-Y2O3 composite nanolaminates were deposited repeatedly to achieve
the nanolaminates with the deposition sequence of Al2O3-Y2O3-Er2O3-Y2O3. In order to
explore the Al2O3-Y2O3:Er nanofilms, firstly for the Al2O3-Y2O3:Er nanofilms of different
Y2O3 cladding layers, the thickness of Al2O3 interlayers was fixed at 3 nm and the two
Y2O3 cladding layers (x nm) in each supercycle were changed from 0 to 0.2, 0.5 and 1.0 nm
(with their growth cycles varied from 10 to 50), the same repeat numbers of 16 for the
supercycles resulted into the total thickness of 48.6, 55.0, 64.6, and 80.6 nm for the Al2O3-
Y2O3(x nm):Er nanolaminates. The calculated nominal doping concentrations of Er are
0.51–0.34 at%. Secondly, for the Al2O3-Y2O3:Er nanofilms of different Al2O3 interlayers,
the thickness of Y2O3 cladding layers were fixed at 0.2 nm and the Al2O3 interlayers (y nm)
in each supercycle were changed from 0.5 to 1, 2, 3 and 5 nm. To achieve the Al2O3-Y2O3:Er
nanofilms of the total thickness of ~65 nm, the repeat numbers of the supercycle were
changed from 69 to 45, 27, 19 and 12 for the Al2O3(y nm)-Y2O3:Er nanolaminates. The
calculated nominal doping concentrations of Er are 4.28–0.29 at%. Here the deposition
velocities and the growth cycles in recipes, and the densities of oxides (Al2O3, Y2O3, Er2O3)
are used to calculate the corresponding dopant amount of Er3+ ions. After the deposition,
the films were annealed at 800 ◦C in N2 atmosphere for 1 h to enable activation of the
dopants. Subsequent device procedures were as previously mentioned [12,13,17,18], result-
ing in the multilayer-structured MOSLEDs of ZnO:Al/TiO2-Al2O3/Al2O3-Y2O3:Er/Si/Al.
The top ZnO:Al electrodes were lithographically patterned into 0.5 mm circular dots, while
the TiO2-Al2O3 nanolaminates were used to enhance the operation stability of the devices.

The film thickness was measured by an ellipsometer with a 632.8 nm He-Ne laser at
an incident angle of 69.8◦. The phase and the crystal structure of the films were identified
by an X-ray diffractometer (XRD, D/max 2500/pc, Rigaku) using the Cu Kα radiation. To
activate EL from the MOSLEDs, appropriate forward bias was applied with the negative
voltage connecting to the n-Si substrates. EL and Current-Voltage (I–V) characteristics were
recorded by a Keithley 2410 SourceMeter. The EL signal was collected by a 0.5 m monochro-
mator and detected by an InGaAs detector connected to a Keithley 2010 multimeter. The
absolute EL power from the device surface was measured using a calibrated Newport
1830-C optical power-meter with an 818-IR Sensor. All measurements were performed
at RT.
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3. Results and Discussion

The XRD patterns of all the Al2O3-Y2O3:Er films annealed at 800 ◦C confirm that the
nanolaminates are amorphous, one representative XRD pattern from the nanolaminate
using 3 nm Al2O3 interlayers and 0.2 nm Y2O3 cladding layers is shown in Figure 1.
The Al2O3 layers are not crystalized at such a relatively low temperature of 800 ◦C that
beneficial for the EL performance from RE-doped Al2O3 films, while the crystallization of
the sub-nanometer Y2O3 layers is restricted [17,20]. The amorphous nanolaminate films are
quite smooth under the observation of scanning electron microscope, with a root-square
roughness of only 0.56–0.7 nm scanned by the atomic force microscopy (AFM, Dimension
Icon, Bruker) [21].
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Figure 1. The XRD pattern for the representative Al2O3-Y2O3:Er nanolaminate film after annealing
at 800 ◦C.

Figure 2a illustrates the schematic diagram for the MOSLEDs and the structure and
deposition sequence of the luminescent nanolaminates. Figure 2b shows the NIR EL spectra
of MOSLEDs based on the Al2O3-Y2O3:Er films of different Y2O3 cladding layers (with
the thickness of x nm). The EL peaks centered at ~1530 nm correspond to the infra-4f
4I13/2→4I15/2 transitions of the Er3+ ions. The presence of other shoulder peaks is ascribed
to the splitting levels associated with the Stark effect [22]. These EL peaks are similar in
positions and sharps in the Al2O3-Y2O3:Er nanofilms with different Y2O3 cladding layers,
thus the incorporation of Y2O3 cladding layers imposes no apparent effect on the Er3+ intra-
4f transitions. In comparison with the Er-emissions from different matrices, the spectra
also confirm that the Al2O3-Y2O3:Er films are amorphous due to the absence of companion
peaks [20,23].
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Figure 3a presents the dependence of the 1530 nm EL intensities and the injection
currents on the applied voltages for the Al2O3-Y2O3:Er MOSLEDs with different Y2O3
cladding layers (with the thickness of x nm). These EL–V and I–V curves are similar
with our previous reports on the MOSLEDs based on RE-doped oxides, with the typical
characteristic of MOS structures [13,18,24,25]. Beneath the threshold electric field, the
defect states contribute to the low background currents. In the working voltage region, the
currents increase exponentially until breakdown. The difference on the current injection
will be discussed afterwards concerning the conduction mechanism. All the EL intensities
also present an exponential relationship with the applied voltages until reaching saturation.
The MOSLED with 0.2 nm Y2O3 cladding layers presents the highest EL intensity, with the
lowest threshold voltage and the highest injection current. The devices with thicker Y2O3
layers underperform in EL intensities and the injection currents are restricted. Despite the
uncertainty brought about by the device preparation, Y2O3 cladding layers with suitable
thickness can effectively enhance the current injection and promote the EL emissions from
these Al2O3-Y2O3:Er MOSLEDs. As previously reported, the incorporation of Y3+ ion
makes the crystal field around Er3+ ions less symmetric and introduces distortion in the
crystal field, moreover the Er3+ ions are dispersed to suppress the concentration quenching,
resulting in the enhanced radiation probability [26]. Therefore, the 0.2 nm Y2O3 layers
act as cladding layers that inhibit the Er-clustering, while the thicker Y2O3 layers inhibit
the electron injection, which is ascribed to the higher dielectric index of Y2O3 and the
disruptive interfaces among Al2O3 and Y2O3 interlayers.
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Figure 3b shows the dependence of EL intensities on the injection currents for the
Al2O3-Y2O3:Er MOSLEDs with different Y2O3 cladding layers. The threshold currents
for all the devices are ~0.2 µA, the EL intensities and the injection currents present linear
relationship. In comparison, the devices with different Y2O3 cladding layers exhibit similar
EL, which increases more prominently than that based on the Al2O3:Er film. Y2O3 also
lessens the saturation of EL intensities at higher injection currents. Considering the thick
interlayers among RE layers (the Al2O3 interlayers with the thickness of at least 3 nm), the
acceleration distance for hot electrons is sufficient; therefore the enhanced EL should result
from more optical-active Er dopants as the Er3+ ions disperse into the Y2O3 layers and the
Er-clustering is suppressed.

In our previously reported MOSLEDs based on RE-doped Al2O3, the RE-related EL is
triggered by the direct impact excitation of the RE ions by the hot electrons accelerated under
sufficient bias voltages [12,25]. As the I–V characterization are accordingly comparable,
it is rational to ascribe the NIR EL from these Al2O3-Y2O3:Er MOSLEDs to the same
mechanism. Considering the high bandgap of the matrix materials and the barrier for
electrons to be injected from the Si substrates into the conduction band of the oxides,
the current conduction of these MOSLEDs has been ascribe to the Poole-Frenkel (P-F)
mechanism, in which the electrons hop via the defect-related trap states under sufficient
electrical field [11,26,27]. In simplicity, the plot of the ln(J/E) versus E1/2 presents linear
relationship in P-F conduction mechanism, where J and E are the current density and
the electric field, respectively [28,29]. Figure 3c shows the plots of the I–V characteristics
derived from Figure 3a, the electrical fields across the luminescent films are roughly
calculated in terms of electrostatics [30], and the well-defined linearity is established for
all the MOSLEDs in the EL-enabling region. Thus the electron transport through the
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Al2O3-Y2O3:Er nanofilms is governed by the P-F mechanism. These electrons tunnel
into the conduction band of oxides and transport by hopping among trap states in the
Al2O3-Y2O3 nanolaminates under sufficient electric field. Certain parts of the electrons are
accelerated therein and become hot electrons that excite the Er3+ ions by inelastic impact,
the subsequent recombination gives rise to the characteristic EL emissions. Apparently, the
Y2O3 cladding layers decrease the working electric field prominently. As mentioned in the
discussion on the I–V characteristics, the Y2O3 cladding layers increase both the injection
currents and EL intensities, we conclude that ultrathin Y2O3 layers introduce defect sites
within Al2O3, via which electrons transport by the P-F hopping mechanism; therefore the
injection currents are enhanced. Since the accelerated electrons collide with the doped
Er3+ ions and contribute to the NIR EL, adding the aforementioned crystal field distortion
and cluster dispersion effects of the Y2O3 on Er3+ ions, the EL performance are greatly
enhanced by the Y2O3 cladding layers in Al2O3 films. However, the Y2O3 cladding layers
should be thin enough to not impact the carrier transport which could be ascribed to the
formation of distinct Al2O3-Y2O3 interfaces when using thicker Y2O3 cladding layers.

In evaluation of the thickness of Al2O3 interlayers on the EL performance, the de-
pendence of the EL intensities from each dopant cycle on the injection currents for the
Al2O3-Y2O3:Er MOSLEDs with different Al2O3 interlayers (with the thickness of y nm) are
shown in Figure 4a, the thickness of Y2O3 cladding layers is the optimal 0.2 nm. Again,
the EL intensities increase almost linearly with the injection currents. The difference on the
EL–I–V characteristics among these MOSLEDs with different Al2O3 layers are small (not
shown herein), and the increase in EL intensity with the Al2O3 thickness could be ascribed
to the less concentration quenching of doped Er3+ ions together with the longer acceleration
distance. When the thickness of Al2O3 declines, the EL intensity decreases greatly due
to the cross-relaxation of Er3+ between adjacent dopant layers when the inter-distance
(the Al2O3 thickness) is smaller enough, and the limited acceleration length for the hot
electrons to gain energy to excite the Er3+ ions [18,21,31–33]. Cross-relaxation is a common
phenomenon that occurs among the same ions or different ions of similar energy intervals.
One ion in the excited state (4I13/2 in the case of Er3+ ion) transfer the energy to another
one (in the ground state of 4I15/2 in this case of Er3+ ions), excite the latter to higher energy
levels (4I13/2) while relaxing itself to lower energy levels (4I15/2) without radiation. The
interaction of energy transfer by cross-relaxation could finally disperse the excitation energy
through phonons instead of luminescent emissions.
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MOSLEDs with different Al2O3 interlayers (with the thickness of y nm), herein the EL intensities are
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In the RE-doped Al2O3 MOSLEDs, the Al2O3 sublayer thickness affects the cross
relaxation between excited RE ions, and the acceleration distance for injected electrons.
Figure 4b shows the dependence of the integrated 1530 nm EL intensity per Er cycle on the
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thickness of Al2O3 interlayers under different injection currents. Under all these injection
currents, with the increase in the thickness of Al2O3 interlayers, the contribution of single
Er cycle to the EL intensity firstly increases and then saturates as the Al2O3 interlayer
thickness reaches 3 nm. This is still in consistency with the common characteristic for the
luminescent RE3+ ions in Al2O3 matrix that the distance for the presence of non-radiative
interaction and adequate electron acceleration is around 3 nm [11,12,21,33].

Considering the total EL intensity from the MOSLEDs with Al2O3 interlayers of
different thicknesses (marked as y nm here) shown in Figure 5a, the device using 3 nm
Al2O3 interlayers presents the optimal emission intensity in the operation range, with the
highest power density of 4.6 mW/cm2. External efficiency is widely used to evaluate LED
performance. Figure 5b shows the EQE and PE of these MOSLEDs based on different Al2O3-
Y2O3:Er nanolaminate films. These EL efficiencies sustain a broad maximum, and fall down
at higher currents. Generally, the EQE of the devices with 2–3 nm Al2O3 interlayers are the
highest. As aforementioned, this phenomenon could be ascribed to the sufficient distance
for electron acceleration and suppression of the cross-relaxation among adjacent Er2O3
dopant layers. The Y2O3 cladding layers somewhat decrease this critical distance which is
beneficial for higher doping concentrations. The optimal device with 3/0.2 nm Al2O3/Y2O3
interlayers achieves the maximum EQE of 8.7% and a corresponding PE of 0.12%. These
values are comparable to our Yb2O3:Er MOSLEDs but with lowered working voltages.
In comparison, the control Al2O3:Er MOSLED presents only an EQE of 3% and a PE of
0.014%, much lower than the Al2O3-Y2O3:Er MOSLEDs. The Y2O3 cladding layers with
suitable thickness enhance the efficiencies from the MOSLEDs to a great extent. We have
found that by using a thicker luminescent layer, the efficiency of the Al2O3:RE MOSLED
might be further increased to higher than 10% [25,34]. These efficiencies are superior to
that from Si-based EL devises in literature, thus further optimization of the luminescent
Al2O3-Y2O3:Er nanolaminates would supply potential light source for the applications in
Si-based optoelectronics.
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4. Conclusions

In summary, significantly enhanced ~1530 nm NIR EL emissions are achieved from
the MOSLEDs based on the amorphous Al2O3:Er nanolaminate films by the insertion of
cladding Y2O3 sub-nanolayers, which are fabricated by ALD on Si substrates. The Y2O3
cladding layers reduce the threshold electric field for excitation and increase the radiative
possibility of doped Er3+ ions, resulting in improved EL performance. The Al2O3-Y2O3:Er
MOSLEDs with 0.2 nm Y2O3 and 3 nm Al2O3 interlayers present an EQE of 8.7% and a
corresponding PE of 0.12%, which are much higher than that of the counterpart without
Y2O3 cladding layers. The incorporation of Y2O3 does not change the electron injection
mode under sufficient electric field that conforms to P-F mechanism, the resultant energetic
electrons trigger the impact-excitation of Er3+ ions and subsequent EL emissions. The
strategy of Y2O3-cladding by ALD can be employed to improve the EL performance from
LEDs based on RE-doped oxides.
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Abstract: Y0.9(GdxBi1−x)0.1BO3 phosphors (x = 0, 0.2, 0.4, 0.6, 0.8, and 1.0, YGB) were obtained
via high-temperature solid-state synthesis. Differentiated phases and micro-morphologies were
determined by adjusting the synthesis temperature and the activator content of Gd3+ ions, verifying
the hexagonal phase with an average size of ~200 nm. Strong photon emissions were revealed
under both ultraviolet and visible radiation, and the effectiveness of energy transfer from Bi3+ to
Gd3+ ions was confirmed to improve the narrow-band ultraviolet-B (UVB) (6PJ→8S7/2) emission
of Gd3+ ions. The optimal emission was obtained from Y0.9Gd0.08Bi0.02BO3 phosphor annealed at
800 ◦C, for which maximum quantum yields (QYs) can reach 24.75% and 1.33% under 273 nm and
532 nm excitations, respectively. The optimal QY from the Gd3+-Bi3+ co-doped YGB phosphor is
75 times the single Gd3+-doped one, illustrating that these UVB luminescent phosphors based on
co-doped YBO3 orthoborates possess bright UVB emissions and good excitability under the excitation
of different wavelengths. Efficient photon conversion and intense UVB emissions indicate that the
multifunctional Gd3+-Bi3+ co-doped YBO3 orthoborate is a potential candidate for skin treatment.

Keywords: UVB emission; rare-earth orthoborate; gadolinium; phosphor; co-doping

1. Introduction

Skin treatment using artificial sources of ultraviolet (UV) radiation in controlled
conditions is well established, and narrow-band ultraviolet-B (UVB) therapy has been
demonstrated to be effective against skin diseases and disorders such as psoriasis, vitiligo
and hyperbilirubinemia (commonly known as infant jaundice) [1–4]. Phototherapy with
narrow-band UVB (310–313 nm) as photosensitizers is believed to result from the direct
interaction between the light of certain frequencies and tissues, causing a change in immune
response [5–7]. Furthermore, during phototherapy investigations, it was observed that
light belonging to longer wavelengths of the UVB region was more effective, while that
of the shorter wavelengths was much less effective or even harmful [8,9]. Rare-earth (RE)
orthoborates (RE-BO3, RE = lanthanide, yttrium, and scandium) have aroused considerable
interest due to their wide range of applications in plasma display panels and mercury-
free fluorescent lamps [10,11]. In particular, YBO3 is an excellent host for UV phosphors
due to its high-vacuum UV transparency, exceptional optical damage thresholds, strong
absorption in the UV range, and good chemical inertness [12–14]. Additionally, the YBO3
phosphors exhibit a wide bandgap and high host-to-activator energy transfer efficiency at
moderate RE3+ concentrations [15]. Therefore, it is of great interest to investigate RE-doped
YBO3 orthoborates for UVB treatments.

Among the RE ions, lanthanide gadolinium (Gd3+) is of particular interest because of
its ubiquitous nature (well known as U-spectrum) and the characteristic narrow-band UVB
emission from 6PJ→8S7/2 transitions [16,17]. The optical properties of Gd3+ ions have been
widely studied, and many Gd-doped compounds can be used as efficient phosphors in the
new generation of UV fluorescent lamps. Moreover, as a promising activator or sensitizer,
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the Bi3+ ion shows excellent emission and absorption ability in the UV region. Furthermore,
the transitions of 8S7/2→6IJ (emission at ~270 nm) and 8S7/2→6PJ (at ~311 nm) of the Gd3+

ion overlap with the 3P1→1S0 (at ~260 nm) transition of the Bi3+ ion in YBO3 [18,19],
which permits an efficient energy transfer from the Bi3+ to Gd3+ ions. Further research on
improving the UVB emission has also been reported [18]. From a practical point of view, UV-
emitting phosphors in well-defined regions are required for various applications. Keeping
this in mind, we prepared a UVB-emitting Gd3+-Bi3+ co-doped YBO3 phosphor in this work,
which can effectively achieve light conversion and UVB emissions. When UV fluorescence
is irradiated on the surface of a skin wound, the activity of the mitochondrial catalase can
increase in cells, which could promote the synthesis of proteins and the decomposition of
adenosine triphosphate (ATP), ultimately healing the wound. A schematic representation
of healing, which adopts phosphors as light conversion layers, is conceived in Figure 1.
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In this work, narrow-band UVB-emitting phosphors of Gd3+-Bi3+ co-doped
Y0.9(GdxBi1−x)0.1BO3 (YGB, x = 0, 0.2, 0.4, 0.6, 0.8 and 1.0) were fabricated by high-
temperature solid-state synthesis. The samples with the hexagonal phase and well-
dispersed particles were characterized by XRD and SEM techniques, manifesting a micro-
size of ~200 nm. The responses to UV and the visible (VIS) radiation of these YGB phosphors
were compared, and sharp UVB luminescence was recorded with the adjustment of Gd3+

content. The sintering temperature indicated that co-doped Bi3+ ions enhanced the char-
acteristic UVB luminescence from Gd3+ ions. The spectroscopic intensity parameters of
YGB phosphors were derived from relative spectral power distributions, and the maximum
quantum yields (QYs) at 313 nm were calculated at 24.75% and 1.33% under 273 nm and
532 nm excitations, respectively. YGB orthoborate phosphors with intense UVB emission
could provide a viable approach for developing multifunctional composite materials for
skin treatments.

2. Materials and Methods

The powders of Y0.9(GdxBi1−x)0.1BO3 (x = 0, 0.2, 0.4, 0.6, 0.8, and 1.0, marked as YGB-0,
YGB-0.2, YGB-0.4, YGB-0.6 YGB-0.8, and YGB-1.0, respectively) phosphors were prepared
using high-purity reagents Y2O3 (99.9%), Gd2O3 (99.9%), Bi2O3 (A.R.), and H3BO3 (A.R.) as
raw materials. The original chemicals for YGB with different Bi3+ contents as the designed
sensitizer were mixed by grinding them in an agate mortar according to the stoichiometric
ratio. The raw powders were transferred into alumina crucibles and pre-sintered at 500 ◦C
for 1 h and then sintered at 700 ◦C, 800 ◦C, 900 ◦C and 1000 ◦C for 5 h. Afterwards, the
samples were ground thoroughly after cooling.
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The phase and the crystal structure of powders were identified by an X-ray diffractome-
ter (XRD, MiniFlex 600, Rigaku, Tokyo, Japan) using Cu Kα radiation. Morphologies of the
powders were analyzed by a field emission scanning electron microscope (SEM, JSM-7800F,
JEOL, Tokyo, Japan) equipped with energy dispersive spectroscopy (EDS, X-MaxN 50,
Oxford, Oxford, UK) using an accelerating voltage of 15 kV. Particle size distributions were
measured in a Nanoparticle Analyzer (Zetasizer Nano-ZS, Malvern, UK). Photolumines-
cence (PL) spectra were recorded using a Keithley 2010 multimeter and the monochromator
(λ500, Zolix, Beijing, China) equipped with a Si detector (DSi200, Zolix, Beijing, China). A
commercial Xe lamp and two solid-state lasers emitting at 266 nm and 532 nm were used
as the excitation sources for different excitation wavelengths. A standard PTFE diffuse re-
flective white plate (reflectivity greater than 99.9%) was used as a reference. The schematic
diagram of the experimental setup is depicted in Figure 2. The relative spectral power
distribution was obtained and calibrated by the Optical Power Meter (1830-C, Newport,
Newport County, RI, USA). All measurements were performed at room temperature.
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Figure 2. The schematic diagram of the experimental setup for the PL measurement.

3. Results
3.1. Structure and Morphology

Figure 3a shows the XRD patterns of YGB phosphors with different compositions
annealed at 800 ◦C, the main peaks of which are in agreement with the JCPDS Card of
YBO3 (PDF#16-0277). The phosphors were confirmed as polycrystalline materials that
possess a hexagonal crystal structure with space group P63/m and the cell parameters
of a = b = 3.778 Å and c = 8.81 Å, similarly to what has been previously reported [20].
Moreover, the well-defined sharp diffraction peaks imply that these samples have high
crystallinity, illustrating that Gd3+ and Bi3+ ions are substituted within the host. Some
small impurity peaks are identified as Bi6B10O24 (PDF#29-0228), which are attributed
to the interaction of Bi2O3 and excess H3BO3 during the fabrication process [21]. The
corresponding reaction equation is as follows: 2Bi2O3 + B2O3→Bi4B2O9 and 3Bi4B2O9 +
7B2O3→2Bi6B10O24 [22]. Here, the XRD peaks (2θ = ~27.2◦) of YGB samples with slightly
smaller angles, in comparison with the standard YBO3, should be attributed to the larger
radius of Gd3+ (1.053 Å, 8-coordination) and Bi3+ (1.170 Å, 8-coordination) relative to that of
Y3+ (1.019 Å, 8-coordination), according to Bragg’s law [23–25], while the shift in diffraction
peaks resulted from the different Gd3+-Bi3+ contents in these phosphors. The slight change
is also attributed to the surface charge redistribution of the crystal nucleus, induced by an
inner-electron charge transfer between the doped ions and lattice cations [26,27]. Therefore,
these results show that doped Gd3+ and Bi3+ ions do not affect the main crystal structure of
YBO3 and should be completely dissolved into the host lattice.
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Figure 3. XRD patterns of (a) Y0.9(GdxBi1−x)0.1BO3 (x = 0, 0.2, 0.4, 0.6, 0.8 and 1.0) phosphors annealed
at 800 ◦C and (b) YGB-0.8 phosphors with different annealing temperatures ranging from 700 ◦C to
1000 ◦C. The * represents the diffraction peaks from Bi6B10O24 phase. (c) The crystal structure of YGB
systems, showing the coordination environment of YBO3 and Bi6B10O24.

As shown in Figure 3b, the impurities decrease, and the relative intensities of diffrac-
tion peaks initially increase and then decrease with the annealing temperature; this is
attributed to the melting point of Bi6B10O24 and the selectivity of the growth in the solid-
state synthesis process [25,28]. In addition, the YGB crystal is composed of 8-coordinated
Y3+ and 4- coordinated B3+ ions, which is illustrated in Figure 3c. Here, the Y3+ ions are
8- coordinated with two nonequivalent environments, while the B3+ ions and two inter-
connected BO4 tetrahedral coordination form (BO3)3− groups [29]. Moreover, due to the
similar ionic radii of the 8-coordinated Y3+, Bi3+, and Gd3+ ions, Gd3+ and Bi3+ ions can
easily substitute the Y3+ sites and form a solid solution of (Y,Gd,Bi)BO3 crystals.

Take the Y0.9Gd0.08Bi0.02BO3 (YGB-0.8) phosphor as an example. The SEM images
in Figure 4a–d show the typical morphologies of particles annealed at 700, 800, 900, and
1000 ◦C, revealing that the powders annealed at 800 ◦C and below possess an average
size of ~200 nm and the regular morphology. To show this, the particle size distributions
of the YGB-0.8 phosphor annealed at 800 ◦C are shown in Figure 4i. Here, the inset
shows the macroscopic appearance of the sample exhibited under natural light irradiation.
It can be observed that the particle size is mainly concentrated at ∼200 nm, which is
consistent with the SEM images. As shown in the SEM images, the powders with a narrow
particle size distribution have been synthesized at lower sintering temperatures, and they
possess a large effective surface area and weak atomic binding energy, resulting in the
lower local symmetry of the YO8 polyhedron and the surface defects of nanoparticles.
When the annealing temperature exceeds a certain value, the crystal phase is gradually
purified together with grain growth. Obviously, the morphology becomes more irregular
in angularity, heterogeneity and compactness with the increase in sintering temperature,
which is due to the changes in van der Waals attractions, while the small particle size may
be caused by the distortion of anionic groups on the particle’s surface [30–32]. The size
of spherical particles is significantly larger after sintering at 1000 ◦C, while compositional
particles lose their spherical shape and undergo significant aggregation, which is attributed
to the higher activity of atoms on the particle’s surface caused by the further decomposition
of precursors. Under higher temperature annealing, the atoms could diffuse and combine
with adjacent ones to form stable chemical bonds, leading to agglomeration [33,34]. No
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obvious changes in the morphology or particle size with various Gd3+ contents were
observed at the same sintering temperature (not shown here), indicating that the doped
Bi3+ and Gd3+ ions do not impact crystallization and grain growth. For the YGB-0.8 sample
annealed at 800 ◦C, the homogeneous distributions of Gd, Bi, O, and Y elements are
clearly observed by EDS, as shown in Figure 4e–h,j. The B element is undetected since
its corresponding energy in the X-ray spectrum falls outside the scope. Moreover, high-
packing densities, good slurry properties, and well-distributed particles in YGB systems
are conducive to photon release.
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Figure 4. (a–d) SEM images of YGB-0.8 samples with different annealing temperatures ranging from
700 ◦C to 1000 ◦C. (e–h) Elemental mapping; (i) particle size distributions and (j) EDS spectrum of the
YGB-0.8 sample annealed at 800 ◦C. Inset in (i): the macroscopic appearance of the sample exhibited
under natural light irradiation.

3.2. Fluorescence Behaviors of YGB Phosphor

Figure 5a,b show the typical emission spectra of YGB phosphors with different
Bi3+/Gd3+ contents (x = 0, 0.2, 0.4, 0.6, 0.8 and 1.0) under UV (273 nm) and VIS (532 nm)
excitations. Notably, strong UV emissions can also be obtained by up-conversion under the
excitation of a 532 nm laser, and all samples show a narrow-band emission at 313 nm, which
is attributed to the 6P7/2→8S7/2 transition of Gd3+ ions [6]. Emission intensity increases
until the Gd3+ content exceeds x = 0.8, which results from the energy transfer between
Bi3+ and Gd3+ ions; with the further increase in Gd3+ contents, concentration quenching
occurs with the attenuation of emission intensity. In order to identify the change in spectral
intensity more clearly, the dependence of the PL emission intensity at 313 nm on the Gd3+

content (x) in YGB phosphors under 273 nm and 532 nm excitations is illustrated in the
inset of Figure 5b. Compared with the sample without Bi3+, the weaker wide emission
located around 440 nm resulted from the 6s2→6s6p transitions of Bi3+ ions. According
to the photoluminescence excitation (PLE) spectra of these YGB phosphors in Figure 5c,
monitored at 313 nm, the strongest excitation band centered at 273 nm should be attributed
to the 8S7/2→6IJ transition of the Gd3+ ion, which well overlaps with the 253.7 nm line of
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mercury lamps [35], while the emission peak at 440 nm was derived from the 3P1→1S0
transition of Bi3+ ions [36]. In particular, Figure 5d shows the PLE spectra of YGB samples
with different Gd3+ contents in monitoring the 440 nm emission, the intensity of which
decreases with the Gd3+ content, illustrating the energy transfer (ET) from Bi3+ to Gd3+

ions that consumes the excitation energy of Bi3+ ions.
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Figure 5. PL spectra of YGB phosphors (x = 0, 0.2, 0.4, 0.6, 0.8, and 1.0) under the (a) 273 nm and
(b) 532 nm excitations, and their PLE spectra monitoring at (c) 313 nm and (d) 440 nm. Inset in
(b): The dependence of PL emission intensities at 313 nm on the Gd3+ content (x) in YGB phosphors
under 273 nm and 532 nm excitations. (e) Excitation spectra of YGB-0.8 phosphor with the spectral
overlap presented by the shade and (f) the fluorescence intensity ratio of the 800 ◦C annealed YGB-0.8
and YGB-0 phosphors monitored at 313 nm.

The energy transfer depends on the overlap between the excitation band of the acti-
vator and the emission band of the sensitizer in the phosphors. Bi3+ ions have a 6s2 outer
electronic configuration with a 1S0 ground state, and the excited state has the configuration
of 6s6p with 3P0, 3P1, 3P2, and 1P1 splitting levels. Due to the forbidden transitions of
1S0→3P0 and 1S0→3P2 by the electronic selection rules, the 1S0→3P1 and 1S0→1P1 tran-
sitions of Bi3+ ions are usually observed [37]. For the sample doped with only Bi3+ ions,
it would first relax and transit into the lowest 3P1 excited state and then return to the 1S0
ground state via radiation. However, when Bi3+ and Gd3+ ions were co-doped into the host,
energy transfer would occur, since the 3P1→1S0 emission of Bi3+ effectively overlapped
with the energy levels of Gd3+ (6P7/2, 6P5/2, and 6P3/2) [38]. For the Y0.9Gd0.08Bi0.02BO3
(YGB-0.8) sample annealed at 800 ◦C, the overlapped excitation spectra of Bi3+ and Gd3+

ions are shown in Figure 5e, confirming their efficient excitability in the short-wave UV
region, which is advantageous for the resonance energy transfer from Bi3+ to Gd3+ ions. In
order to further clarify the controversies over the ET from Bi3+ to Gd3+, Figure 5f presents
the Gd3+ fluorescence intensity ratio between 800 ◦C annealed YGB-0 and YGB-0.8 phos-
phors, monitored at 313 nm, which demonstrates the sensitizing effect of Bi3+ on Gd3+ ions.
Compared with the sample without Gd3+ ions, the excitation energy of Bi3+ in Bi3+-Gd3+

co-doped samples is transferred to the Gd3+ ion and leads to stronger fluorescence emis-
sions from the Gd3+ ion in short-wave UVB radiation, resulting in increased excitability.
In addition, the excitation peaks located at 258 nm are consistent with the characteristic
excitation peaks of Bi3+ (1S0→1P1) [25,37], which further confirms the effectiveness of ET
from Bi3+ to Gd3+ ions.

To further investigate the effect of sintering temperatures on luminous properties, the
PL and PLE spectra measured at room temperature from the YGB-0.8 phosphors annealed
at different temperatures are illustrated in Figure 6a–c. The intensity of the excitation peak
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at 313 nm increases with the annealing temperature until 800 ◦C. The grain size increases
while the porosity decreases significantly with the increase in temperature, enhancing the
luminous intensity. When the sintering temperature is higher than 800 ◦C, the decreased
intensity is attributed to the accelerated volatilization of Bi3+ and the crystalline defects.
Furthermore, the enhanced PL emission originates from the absorption of exciting UV light
by co-doped Bi3+ ions, which transfer the energy to the Gd3+ ions [18,39]. This mechanism
is schematically shown in Figure 6d. Firstly, phosphors absorb the UV light, which leads to
the 1S0→3P1 transition of Bi3+ ions. The Bi3+ ions then transfer the energy non-radiatively
to Gd3+ ions and ultimately realize UVB emissions from Gd3+ ions. Moreover, the smaller
electronegativity of Gd3+ (1.20), compared to that of Y3+ (1.22) and Bi3+ ion (~2.02), allows
an easier charge transfer, thus promoting PL emissions [19,40].
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Figure 6. PL spectra of YGB-0.8 phosphors annealed from 700 ◦C to 1000 ◦C under (a) 273 nm and
(b) 532 nm excitations. (c) Their PLE spectra monitored at 313 nm and (d) the schematic energy
transfer mechanism from Bi3+ to Gd3+ ions.

In order to evaluate the optical property of Gd3+-Bi3+ co-doped YGB phosphors
with different Gd3+ contents and annealing temperatures, the relative spectral power
distributions and relative photon distributions were determined and compared, as in
Figure 7a–d. Under the 273 nm excitation, the sharp narrow-band UVB emission at 313 nm
that originates from the 6PJ→8S7/2 transition increases significantly with the increase in
Gd3+ content and annealing temperature, which reaches the maximum value while the
Gd3+ content is x = 0.8 and is annealed at 800 ◦C. This should be attributed to the increased
energy transfer caused by the reduced distance among Gd3+-Gd3+ ion pairs [41]. The
relative photon distribution provides fundamental information with respect to optical
fields and relevant applications. Depending on the relative spectral power distribution
P(λ), photon distribution N(ν) can be deduced by N(ν) = λ3

hc P(λ), where ν, λ, h, c, and P(λ)
represent wavenumber, wavelength, Planck constant, vacuum light velocity, and spectral
power distribution, respectively [42]. Here, the abscissae of the distribution spectra were
converted to a wavenumber (cm−1) for accurate deconvolution. The net absorption and
emission photon distribution curves of Gd3+-Bi3+ co-doped YBO3 phosphors were derived,
as presented in Figure 7b,d, and their net emission and absorption intervals were selected
at 30,300–33,300 cm−1 (corresponding to 313 nm) and 36,300–39,200 cm−1 (corresponding
to 273 nm).
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Figure 7. (a,c) Relative spectral power distributions and (b,d) relative photon distributions of
Y0.9(GdxBi1−x)0.1BO3 (x = 0, 0.2, 0.4, 0.6, 0.8 and 1.0) and YGB-0.8 samples with different annealing
temperatures from 700 ◦C to 1000 ◦C under the 273 nm excitation.

In addition, upon the excitation under 532 nm VIS light, the samples still emit the
up-conversion UVB emission at 313 nm. The spectral power distribution and the photon
number distribution of all samples with different Gd3+ contents (x = 0, 0.2, 0.4, 0.6, 0.8, and
1.0) are displayed in Figure 8. With the increase in Gd3+ contents, the emission intensity
increases until Y0.9Gd0.08Bi0.02BO3, because the transfer probability is proportional to the
interaction between the sensitizer (Bi3+) and the activator (Gd3+) in both non-radiative and
radiative resonance energy transfers. When x > 0.8, the intensity significantly decreases due to
prominent concentration quenching caused by the reduced distance among Gd3+-Gd3+ ions.
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According to Blasse [43,44], the energy would transfer from one activator to another
until all energy is consumed. This phenomenon is regarded as concentration quenching in
fluorescence, which is due to the non-radiative energy transfer among identical ions. Thus,
the critical distance (RC) is a parameter that is essential to understanding this phenomenon,

which is calculated using the following equation: Rc = 2
[

3V
4πxc N

] 1
3 , where V is the volume

of the unit cell (in Å3), xc is critical concentration, and N is the number of Y3+/Bi3+/Gd3+

ions in the unit cell. Herein, the values are xc = 0.08, N= 6, and V = 108.90 Å3, and the
critical distance RC of the YGB phosphor is calculated to be about 7.57 Å. Meanwhile, the
corresponding spectral power distribution and photon number distribution of YGB-0.8
phosphors annealed from 700 ◦C to 1000 ◦C under the 532 nm excitation were also derived,
and they are shown in Figure 9 to demonstrate the up-conversion emission monitored
at 313 nm and the optimal annealing temperature of 800 ◦C. These results verify the
effectiveness of Gd3+-Bi3+ co-doped phosphors in photon conversion and provide the
theoretical basis for their application in skin treatments.
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The spectral parameters could also provide external quantum yields (QYs) to assess
luminescence and laser materials, which are used to calculate the utilization efficiency
of the absorbed photons for desired emissions, defined as the photon number ratio of
emission and absorption. Namely, QY = emitted photons/absorbed photons = Nem/Nabs.
Here, the maximum QY is derived to be 24.75% in a Y0.9Gd0.08Bi0.02BO3 sample annealed
at 800 ◦C under the 273 nm excitation, which is larger than that of other Gd3+ ions doped
phosphors [45,46], and it is 75 times the single Gd3+-doped sample in this work. On the
basis of these QYs, a higher photon release efficiency is achieved, which further exhibits the
potential of Gd3+-Bi3+ co-doped YBO3 phosphors for UVB skin treatment and reflects the
energy transfer effectiveness between Bi3+ and Gd3+ ions in these phosphors. Moreover,
this phosphor maintains a unique up-conversion excitability in the VIS region with a QY of
1.33% under the excitation of 532 nm. The QY values for the different contents and annealing
temperatures of these co-doped YGB phosphors, under the excitation of the 273 and 532 nm,
are listed in Table 1. These results reveal that the Gd3+-Bi3+ activated YBO3 phosphors with
up/down-conversion excitability exhibit excellent UVB emission performance.
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Table 1. Quantum yields in Gd3+-Bi3+ co-doped phosphors with different Gd3+ contents and sintering
temperatures under 273 and 532 nm excitation.

Excitation Wavelength (nm)

External Quantum Yield QY (%)

Gd3+ Content (x) 800 ◦C Annealing Sintering Temperature (◦C)

0 0.2 0.4 0.6 0.8 1.0 700 800 900 1000

273 0.33 7.53 14.80 21.81 24.75 3.91 13.70 24.75 14.02 12.83

532 0.01 0.51 0.91 1.25 1.33 0.23 0.81 1.33 0.77 0.76

4. Conclusions

UVB-emitting Y0.9(GdxBi1−x)0.1BO3 phosphors (x = 0, 0.2, 0.4, 0.6, 0.8, and 1.0) with
the hexagonal phase and an average ~200 nm grain size were fabricated via the solid-state
synthesis method. The enhanced PL emissions and the overlapped spectra verify the energy
transfer between the Bi3+ and Gd3+ ions and a well-defined sharp and intense peak cen-
tered at 313 nm due to the 6P7/2→8S7/2 transitions of Gd3+ ions. The Y0.9Gd0.08Bi0.02BO3
phosphor annealed at 800 ◦C exhibits the highest QY values of 24.75% and 1.33% under
the excitation of 273 nm and 532 nm, respectively, confirming that the system possesses
excellent excitability in both UV and VIS regions. The optimal QY from the Gd3+-Bi3+

co-doped YBO3 phosphor is 75 times the single Gd3+-doped sample. Bright and narrow
UVB emissions resulting from efficient photon conversion demonstrate the multifunc-
tional applications of Gd3+-Bi3+-activated YBO3 phosphors and provide a new route for
skin treatments.
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Abstract: The effect of a-SiCxNy:H encapsulation layers, which are prepared using the very-high-
frequency plasma-enhanced chemical vapor deposition (VHF-PECVD) technique with SiH4, CH4,
and NH3 as the precursors, on the stability and photoluminescence of CsPbBr3 quantum dots (QDs)
were investigated in this study. The results show that a-SiCxNy:H encapsulation layers containing
a high N content of approximately 50% cause severe PL degradation of CsPbBr3 QDs. However,
by reducing the N content in the a-SiCxNy:H layer, the PL degradation of CsPbBr3 QDs can be
significantly minimized. As the N content decreases from around 50% to 26%, the dominant phase
in the a-SiCxNy:H layer changes from SiNx to SiCxNy. This transition preserves the inherent PL
characteristics of CsPbBr3 QDs, while also providing them with long-term stability when exposed to
air, high temperatures (205 ◦C), and UV illumination for over 600 days. This method provided an
effective and practical approach to enhance the stability and PL characteristics of CsPbBr3 QD thin
films, thus holding potential for future developments in optoelectronic devices.

Keywords: a-SiCxNy:H encapsulation; CsPbBr3 QDs; stability; photoluminescence

1. Introduction

Recent studies have demonstrated that inorganic cesium lead halide perovskite (CsPbX3,
Cl, Br, and I) quantum dots (QDs) have the potential to be used in optoelectronic applications,
such as light-emitting diodes (LEDs) and high-definition displays, due to their high quantum
yields (QYs), ultralow-voltage operation, and ultra-narrow room-temperature emission [1–9].
However, for CsPbX3 quantum dots, their crystal structure is inherently unstable, making
them vulnerable to ion migration and decomposition in high-temperature, light, or humid
conditions [10–15]. It has been found that oxygen and light play significant roles in the
degradation of CsPbBr3 quantum dots. They facilitate the maturation and growth of these
quantum dots, which leads to a decrease in fluorescence quantum efficiency [14,15]. Under
oxygen and light conditions, water vapor also acts as an ion transport channel, thus acceler-
ating the degradation of CsPbBr3 quantum dots [15]. Obviously, their poor stability when
exposed to moist air, UV radiation, and high temperatures has been a barrier to their practical
applications [10–14]. To overcome this, various strategies, such as doping engineering, surface
engineering, and encapsulating engineering have been employed in an attempt to improve
their stability [10,16–23]. For example, Zou et al. [16] utilized the substitution of Mn2+ to
effectively stabilize perovskite lattices of CsPbX3 QDs even under ambient air conditions
with temperatures as high as 200 ◦C. Pan et al. [10] developed a postsynthesis passivation
process for CsPbI3 NCs by using a bidentate ligand, namely 2,2′-iminodibenzoic acid. This
approach greatly enhanced the stability of red CsPbI3 quantum dots, resulting in improved
LED device performance. Kim et al. [17] reported highly efficient and stable CsPbBr3 QDs,
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which retained more than 90% of the initial PLQY after 120 days of environmental storage by
in situ surface reconstruction of CsPbBr3-Cs4PbBr6 nanocrystals. In comparison to doping
engineering and surface engineering, CsPbX3 quantum dot composites produced through
encapsulating engineering display higher stability [19–23]. Encapsulating engineering in-
volves the use of an inert material layer to cover perovskite quantum dots, serving as a barrier
against gas and ion diffusion and limiting the structure of the quantum dots. This method
reduces the impact of air, light, water, and heat on the quantum dots, leading to improved
stability. Moreover, the composite structure not only enhances the stability of perovskite
quantum dots but also effectively passivates their surfaces, reducing surface defect states and
improving photoluminescence (PL) efficiency. Therefore, utilizing encapsulating engineering
for composite materials is a promising approach for enhancing the performance of CsPbX3
quantum dots [19–23]. For example, CsPbBr3/SiO2 Janus nanocrystal films displayed higher
photostability with only a slight drop (2%) in the PL intensity after nine hours of UV illumi-
nation [19]. Loiudice et al. [20] successfully prepared AlOx on CsPbX3 QD thin films using
a low-temperature atomic layer deposition process, which improved their stability at high
temperatures and under light exposure for hours. Despite the advances in encapsulation, the
development of CsPbX3 QDs with both high efficiency and excellent stability for practical
applications remains challenging due to their sensitivity to the environment and the chemicals
used in the encapsulation process, which may attack CsPbX3 QDs and produce more defects,
causing a marked deterioration of their PL intensity [14,22,23]. In our previous work [22],
we developed a glow discharge plasma process combined with in situ real-time monitoring
diagnosis to enhance the stability of CsPbBr3 QDs, and demonstrated that an a-SiNx:H encap-
sulating layer could significantly enhance the stability of CsPbBr3 QDs under air exposure,
UV illumination, and thermal treatment. However, the PL intensity was drastically reduced
by 60% after being encapsulated by the a-SiNx:H. Recently, to preserve the intrinsic photolu-
minescence (PL) characteristics of CsPbBr3 QDs, we developed a damage-free plasma based
encapsulation technique with real-time in situ diagnosis for CsPbBr3 QD films. Our research
revealed that the CH4/SiH4 plasma had negligible destructive effects on CsPbBr3 QDs. Using
low-temperature plasma-enhanced chemical vapor deposition, we fabricated a-SiCx:H films
that safeguarded the CsPbBr3 QDs from surface damage during encapsulation, sustaining the
PL efficiency. However, despite our efforts, the CsPbBr3 QDs encapsulated by a-SiCx:H still
degraded after two months [23].

In this work, the effect of a-SiCxNy:H encapsulation layers on the stability and photo-
luminescence (PL) of CsPbBr3 QDs was investigated. These layers were prepared using a
very-high-frequency plasma-enhanced chemical vapor deposition (VHF-PECVD) technique
with SiH4, CH4, and NH3 as precursors. It is found that a-SiCxNy:H encapsulation layers
with a high N content of ~50% cause a serious PL degradation of CsPbBr3 QDs. However,
by reducing the N content in the a-SiCxNy:H layer, the PL degradation of CsPbBr3 QDs
can be significantly minimized. As the N content decreases from around 50% to 26%, the
dominant phase in the a-SiCxNy:H layer changes from SiNx to SiCxNy, which not only
makes CsPbBr3 QDs retain their inherent PL characteristics but also endows CsPbBr3 QDs
with long-term stability when exposed to air, at a high temperature (205 ◦C), and under UV
illumination for more than 600 days.

2. Materials and Methods

A very-high-frequency plasma-enhanced chemical vapor deposition (VHF-PECVD)
technique was employed to prepare a-SiCxNy:H/CsPbBr3 QDs/a-SiCxNy:H nanocom-
posite films with a sandwiched structure. The a-SiCxNy:H sublayer had a thickness of
15 nm and was firstly fabricated on silicon and quartz substrates using a mixture of SiH4,
CH4, and NH3. The flow rates of SiH4 and CH4 were set at 2.5 SCCM (short for ‘standard
cubic centimeters per minute’) and 6 SCCM, respectively, while the NH3 flow rate was
different from 0 to 15 SCCM. The RF power, deposition pressure, and substrate temperature
were maintained at 20 W, 20 Pa, and 150 ◦C, respectively. The 0.25 mg/mL CsPbBr3 QDs
solution was spin-coated on the substrates at a speed of 6000 rpm for 30 s, followed by the
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deposition of a 15 nm thick a-SiCxNy:H film. The CsPbBr3 QDs were synthesized according
to the procedures described by Protesescu et al. [1] To synthesize the CsPbBr3 quantum dot,
5 mL of ODE and 0.188 mmol (0.069 g, ABCR, 98%) PbBr2 were loaded into a 25 mL 3-neck
flask and dried under vacuum at 120 ◦C for an hour. Then, 0.5 mL of dried oleylamine
(OLA, Acros 80–90%) and 0.5 mL of dried OA were injected at 120 ◦C under a nitrogen
atmosphere. Once the PbBr2 salt was completely solubilized, the temperature was raised
to 140–200 ◦C, and a Cs-oleate solution (0.4 mL, 0.125 M in ODE) was quickly injected.
Five seconds later, the reaction mixture was cooled using an ice-water bath. The structure
and composition of the CsPbBr3 QDs/a-SiCxNy:H nanocomposite films were character-
ized using a Philips XL30 scanning electron microscope (SEM) and QUANTAX energy-
dispersive X-ray spectroscope (EDS). The concentrations of Si, N, and C in the a-SiCxNy:H
film were further determined by X-ray photoelectron spectroscopy (XPS). Optical absorp-
tion spectra were obtained via a Shimadzu UV-3600 spectrophotometer on quartz samples
and used to estimate the optical bandgaps of a-SiCxNy:H films. For the acquisition of PL
spectra, the Jobin Yvon FluoroLog-3 spectrophotometer was utilized, which is equipped
with a 450 W continuous Xe lamp. Meanwhile, PL decay curves were recorded using an
Edinburgh FLS980 spectrometer at room temperature. The temperature-dependent PL
spectra were subsequently obtained by using a Raman Spectrometer that was equipped
with a Linkam THMS 600 (Horiba LabRAM HR Evolution) from 25 to 205 ◦C.

3. Results and Discussion

Figure 1a shows the SEM image obtained from the CsPbBr3 QDs/a-SiCxNy:H nanocom-
posite thin film, which indicates that the thin film was uniform. The EDS elemental maps
displayed in Figure 1b,c reveal that the Cs, Pb, Br, Si, N, and C elements were well dis-
tributed. This confirms that CsPbBr3 QDs are covered uniformly by an a-SiCxNy:H layer.
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mapping of the CsPbBr3/a-SiCxNy:H nanocomposite thin film recorded by EDS. (c) EDS elemental
mapping of Cs, Pb, Br, Si, N, and C in the thin film, respectively.
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Figure 2 presents the PL from the CsPbBr3 QDs before and after being encapsulated
by a-SiCxNy:H layers, which were prepared with various NH3 flow rates, respectively.
As shown in Figure 2a, the PL intensity dropped remarkably by more than 40% after the
CsPbBr3 QDs were covered by the a-SiCxNy:H encapsulating layer prepared at a high
NH3 flow rate of 15 SCCM. With the decrease in NH3 flow rate, the decline of PL from
the CsPbBr3 QDs was gradually reduced, as shown in Figure 2b–d. It was found that PL
intensity from the CsPbBr3 QDs remained nearly unchanged after being covered by the
a-SiCxNy:H layer prepared at a low NH3 flow rate of 5 SCCM. Obviously, PL intensity
from CsPbBr3 QDs is closely related to the NH3 flow rate. As is demonstrated in our
previous work [22], NH3 can produce N-related reactive species in the glow discharge
plasma through the collision of electrons and NH3 molecules. Due to the high sensitivity of
CsPbX3 QDs to the environment, N-related reactive species interact with the atoms on the
CsPbX3 QDs surface and facilitatively create surface defects, leading to the degradation
of the CsPbBr3 QDs in the encapsulation process. The effect becomes more severe with
increasing NH3 flow rate. Therefore, the significant degradation of the CsPbBr3 QDs
after encapsulation by a-SiCxNy:H mainly stemmed from the high NH3 flow rate used
in the fabrication process. Figure 2c shows that a low NH3 flow rate of 5 SCCM had
little detrimental effect on the CsPbBr3 QDs, suggesting that a low NH3 flow rate is more
suitable for forming a-SiCxNy:H encapsulating layers on the CsPbBr3 QDs than a high NH3
flow rate.
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From Figure 2d, it can be observed that without the addition of ammonia, the lumines-
cence intensity of the CsPbBr3 QDs encapsulated with a-SiCx:H was weaker than that of
the uncoated CsPbBr3 QDs. Additionally, the PL peak position of the SiCx-encapsulated
CsPbBr3 QDs exhibited a redshift, and the full width at half maxima (FWHM) of the
PL were narrower as compared to the uncoated CsPbBr3 QDs. This phenomenon could
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possibly be attributed to the self-absorption effect of the a-SiCx:H coating on the CsPbBr3
QDs. To further test this hypothesis, the transmission spectra of a-SiCxNy:H films prepared
using different NH3 flows were measured, as depicted in Figure 3. As the NH3 flow rate
decreased from 15 SCCM to 0 SCCM, the absorption edge of the transmission spectrum
progressively shifted towards the longer wavelength region. This suggests that the optical
band gap of the film gradually decreased with the decrease of NH3 flow rate. According
to the formula [24]: αd = −ln T, where T is the transmittance and d is the film thickness,
the absorption coefficient α of the film can be obtained. Thus, the Eopt can be calculated
according to the Tauc equation (αhν)1/2 = B (hν − Eopt) [25], where α is the absorption
coefficient and B is a constant. From the inset of Figure 3, it is evident that the Eopt of the
a-SiCxNy:H decreased from 5.20 to 2.55 eV when the NH3 flow rate was decreased from
15 to 0 SCCM. This variation indicates an evolution in the band structure of the a-SiCxNy:H
attributed to the reduced N concentration as shown in the following Figure 5a. It is worth
noting that the band gap value of the a-SiCx:H film (2.55 eV) coincides with the short
wave region of the luminescent peak of the CsPbBr3 QDs at an NH3 flow rate of 0, thereby
explaining the PL decay due to the self-absorption effect of the a-SiCx:H coating. It is
therefore clear that the incorporation of N in the a-SiCx:H coating plays a crucial role in
increasing the optical band gap and avoiding PL decay caused by the self-absorption effect
of the coating.
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nanocomposite thin films prepared with different NH3 flow rates were measured under an
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Figure 4a. The PL decay curves were well fitted with a biexponential decay function [26–28]:

I(t) = I0 + A1exp(
−t
τ1

) + A2exp(
−t
τ2

) (1)

where I0 is the background level; τ1, τ2 are the lifetime of each exponential decay compo-
nent, and A1, A2 are the corresponding amplitudes, respectively. Thus, the average lifetime
τ can be estimated as follows [27]:τ =

(
A1 ∗ τ2

1 + A2 ∗ τ2
2
)
/(A1 ∗ τ1 + A2 ∗ τ2).
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Figure 4. (a) PL decay traces and (b) lifetime of the pristine CsPbBr3 QDs thin film and CsPbBr3

QDs/a-SiCxNy:H nanocomposite thin films prepared with different NH3 flow rates.

Figure 4b shows that the average lifetime (τ) increased gradually from 3.5 ns to
8.5 ns with the NH3 flow rate decreasing from 15 SCCM to 5 SCCM. The increase in the
average lifetime usually means that nonradiative decay is somewhat suppressed and more
excitons tend to recombine along radiative paths [29], which is in good agreement with
the improved PL shown in Figure 2. Therefore, the a-SiCxNy:H layers prepared with a low
NH3 flow rate are believed to effectively reduce the surface defect states of CsPbBr3 QDs
and thus achieve efficient photoluminescence. It seems that the PL intensity from CsPbBr3
QDs is closely associated with the N content in the a-SiCxNy:H coatings.

The XPS spectra taken from the a-SiCxNy:H encapsulating layers were examined and
the Si, N, and C contents in the films were estimated, as shown in Figure 5a. One can
see that at the NH3 flow rate of 15 SCCM, the contents of Si, N, and C in the a-SiCxNy:H
encapsulating layer were around 48%, 43%, and 9%, respectively. By decreasing the
NH3 flow rate down to 5 SCCM, the N content sharply decreased to ~30%, while the
Si and C contents rose to ~55% and ~15%, respectively. Without the addition of NH3,
the Si and C contents of the encapsulating layer were around 60% and 40%, respectively.
To gain further insight into the a-SiCxNy:H encapsulating layers, we analyzed the Si
2p core level spectra, which is the symbol of the coexistence of different ionic states of Si
atoms [30–32], as shown in Figure 5b. It is noted that the binding energy peaks are typically
composed of various Si phases, namely SiNx, SiCxNy, and SiCx. At a high NH3 flow
rate of 15 SCCM, the a-SiCxNy:H encapsulating layer was dominated by the SiNx phase,
which was attributed to the high content of nitrogen as illustrated in Figure 2a. With the
decrease of nitrogen flow rate from 15 to 5 SCCM, the dominant phase in the encapsulating

154



Nanomaterials 2023, 13, 1228

layer changed from the SiNx phase into the SiCxNy phase. Without the addition of NH3,
encapsulating layers feature the SiCx phase. Nitrogen plays a key role in the chemical
bond reconstruction and the phase transformation in the a-SiCxNy:H encapsulating layer.
Combined with the analysis of PL characteristics, it was found that the encapsulation layer
with the SiCxNy phase was more beneficial to obtaining efficient PL than that with the
SiNx phase. As is illustrated in Figure 5b, the phase structure of nitride-rich a-SiCxNy:H
film was dominated by the amorphous SiNx phase, for which more N-active groups were
generated in the preparation process. Excessive N-active precursors enhance the corrosion
effect on the surface of CsPbBr3 QDs, creating more surface defects, which in turn weaken
the passivation effect of the encapsulation layer on CsPbBr3 QDs. Accordingly, the PL
intensity decreased significantly by more than 40% after the CsPbBr3 QDs were covered
by the encapsulating layer with the SiNx phase. For the encapsulating layer with SiCxNy
phase, fewer N active groups were produced in the preparation process, which weakened
the corrosion effect of active groups on the surface of CsPbBr3 QDs, helped to suppress
the generation of non-radiative centers on the surface of CsPbBr3 QDs, and thus enhanced
the passivation effect of the encapsulation layer on CsPbBr3 QDs. This is in line with
the experimental phenomenon of the PL lifetime increasing with the decrease of nitrogen
content. Therefore, the encapsulation layer with the SiCxNy phase is more favorable to
obtaining efficient PL than that with the SiNx phase.
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We assessed the stability of the CsPbBr3 QDs encapsulated by the layers with SiCxNy
phase under various unfavorable environments. Figure 6a shows the change of PL intensity
from CsPbBr3 QDs/a-SiCxNy: H nanocomposites with the storage time in the air and under
UV light illumination, respectively. After storing for more than 600 days in the air (humidity
and temperature ranging from 40% to 70% and 15 to 30 ◦C, respectively), no significant
PL intensity decline was observed from the CsPbBr3 QDs/a-SiCxNy:H nanocomposites.
They initially increased gradually and then stabilized after tripling. The enhanced PL was
ascribed from the light irradiation during the PL measurement, which is referred to as
photoactivation [22,33]. Similarly, the PL from CsPbBr3 QDs/a-SiCxNy:H nanocomposites
rapidly increased by more than 3 times after UV irradiation for 1 day. The enhanced PL
remained stable during subsequent continuous UV illumination for at least 600 days. It
is interesting that CsPbBr3 QDs/a-SiCxNy:H nanocomposites, which were illuminated by
continuous UV for at least 600 days, still showed strong green emissions even at the high
temperature of 205 ◦C, as shown in Figure 6b. On the other hand, it is worth noting that
the CsPbBr3 QDs encapsulated by the layers with SiCx phase showed an obvious decline
in PL after undergoing continuous UV light illumination for 2 months [23]. Evidently,
the encapsulation layer with the SiCxNy phase is more beneficial for obtaining stable and
efficient PL than that with the SiCx phase.
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To assess the thermal stability of CsPbBr3 QDs/a-SiCxNy:H nanocomposite thin films,
we monitored the integrated PL intensity as a function of temperature during thermal
cycling, as shown in Figure 7. With increasing temperature from 25 to 205 ◦C, the PL was
rapidly quenched. However, PL thermal quenching could be retrieved after the cooling
process. Furthermore, the PL peak showed reversible modulation during the heating and
cooling cycles. Compared to the irreversible PL deterioration of the original CsPbBr3 QDs
during thermal cycling [22], the thermal stability of CsPbBr3 QDs/a-SiCxNy:H nanocom-
posite thin films was significantly improved, which can be ascribed to the constraint
exerted by the CsPbBr3 QDs/a-SiCxNy:H interface as demonstrated by our previous
work [22]. These results indicate that the encapsulation layer with SiCxNy phase not only
provides nondestructive encapsulation for CsPbBr3 quantum dots to achieve efficient PL,
but also serves as a protective layer to realize the long-term stability of CsPbBr3 QDs under
harsh environment.
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Figure 7. Heating and cooling cycling measurements of the CsPbBr3 QDs encapsulated by the layers
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4. Conclusions

The effect of a-SiCxNy:H encapsulation on the stability and PL of CsPbBr3 quantum
dots were demonstrated. We found that a-SiCxNy:H encapsulation layer with a high N
content of ~50% resulted in a serious PL degradation of CsPbBr3 QDs. The PL degradation
of CsPbBr3 QDs can be significantly reduced by decreasing the N content in the a-SiCxNy:H
encapsulation layer. With the N content decreasing from ~50% to ~26%, the dominant
phase in the a-SiCxNy:H encapsulating layers transforms from the SiNx to the SiCxNy
states. The encapsulation layer with the SiCxNy phase not only makes CsPbBr3 QDs retain
their inherent PL properties, but also makes CsPbBr3 QDs have long-term stability when
exposed to air, at a high temperature (205 ◦C), and under UV illumination for more than
600 days. Our results demonstrate an effective and practical approach to enhance the
stability and PL characteristics of CsPbBr3 QD thin films, with implications for the future
development of optoelectronic devices.
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Abstract: The electron transport layer (ETL) has been extensively investigated as one of the important
components to construct high-performance perovskite solar cells (PSCs). Among them, inorganic
semiconducting metal oxides such as titanium dioxide (TiO2), and tin oxide (SnO2) present great
advantages in both fabrication and efficiency. However, the surface defects and uniformity are
still concerns for high performance devices. Here, we demonstrated a bilayer ETL architecture
PSC in which the ETL is composed of a chemical-bath-deposition-based TiO2 thin layer and a spin-
coating-based SnO2 thin layer. Such a bilayer-structure ETL can not only produce a larger grain
size of PSCs, but also provide a higher current density and a reduced hysteresis. Compared to the
mono-ETL PCSs with a low efficiency of 16.16%, the bilayer ETL device features a higher efficiency
of 17.64%, accomplished with an open-circuit voltage of 1.041 V, short-circuit current density of
22.58 mA/cm2, and a filling factor of 75.0%, respectively. These results highlight the unique potential
of TiO2/SnO2 combined bilayer ETL architecture, paving a new way to fabricate high-performance
and low-hysteresis PSCs.

Keywords: perovskite solar cells; electron transport layer; low hysteresis; SnO2; TiO2

1. Introduction

The high-efficiency, low-cost and facile fabrication process of halide perovskite solar
cells (PSCs) have attracted tremendous attention in the field of photovoltaics in the past
decade [1–5] and been regarded as the most promising substitute for traditional silicon (Si)
and copper indium gallium selenide (CIGS) solar cells [6–8]. The sandwich structure of
hybrid organic-inorganic based PSCs includes the electron transport layer (ETL), perovskite
absorber layer, hole transport layer (HTL) and electrodes. Among them, ETL and HTL
are used for the electron and hole extraction, respectively. However, the Spiro-OMeTAD
are widely used as HTL in PSCs because of the simple synthesis, high carrier mobility
and suitable valance band. The HTL are always fabricated by spin-coating on the top
of a perovskite absorber layer with a dense and uniform film. In contrast, the ETL in
PSCs is usually fabricated in a planar and/or mesoporous structure under the perovskite
absorber layer [9–11]. The surface quality of ETL can substantially influence the deposition
of perovskite film. Therefore, the electron transport layer and the corresponding interface of
ETL/perovskite are significantly important parts to fabricate high-quality PSCs. Titanium
dioxide (TiO2) and/or tin oxide (SnO2) thin films have been extensively investigated as an
effective ETL in the PSCs, which can be fabricated by several different methods such as
spin-coating, sputtering and chemical bath deposition (CBD) [12–16], to pursue a higher
performance device.

Due to the facile planar configuration of PSCs, fabricating uniform, and compact ETL
thin layer, it is imperative to pursue high performance. The conventional spin-coating
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method shows a facile and efficient way to fabricate the TiO2-ETL. However, the uneven
distribution of TiO2 nanoparticles result in the carrier accumulation between perovskite
(PVSK) and the ETL interface and an insufficient carrier extraction, leading to a low
efficiency of resultant device [17,18]. Moreover, the large hysteresis of TiO2-ETL also
impedes the further application of TiO2 in the PSCs [19]. Alternatively, SnO2 presents a
reduced hysteresis, high carrier mobility and good energy level towards perovskite, which
can greatly improve the performance of PSCs [20–22]. For example, You et al. proposed
SnO2 as a planar ETL in the PSCs, which not only reduces the energy barrier between
ETL/PVSK, but also reduces the hysteresis of devices, resulting in a high performance
PSC with a champion PCE of 20.5% [21]. However, uniformity of SnO2 nanoparticles is
still a concern for the device fabrication because of its uneven distribution by spin-coating
technique. Therefore, high-quality ETL plays a crucial role in the fabrication of devices,
which paves a promising way for high-efficiency PSCs. To address this issue, Xu et al.
introduced a bilayer ETL of TiO2/ZnO thin layers into PSCs, which produces a compact
interfacial layer to avoid direct contact between the FTO substrate and PVSK, leading to a
reduced carrier accumulation at ETL/PVSK interface [23].

In this work, we propose a bilayer of ETLs that is composed of a CBD TiO2 layer
and a spin-coated SnO2 layer. The presence of the SnO2 thin layer on the top surface of
CBD TiO2 film can provide a higher current density and reduce the hysteresis of PSCs
simultaneously. In addition, the diffusion of the K ion from SnO2 can significantly improve
the crystallinity of grains in the perovskite films. On the basis of this bilayer strategy, a
higher power conversion efficiency (PCE) of 17.64% was achieved in comparison with the
mono-TiO2 ETL based PSCs with a PCE of 16.16%.

2. Materials and Methods

Materials: All reagents were used as received without further purification. Methylam-
monium iodide (MAI), methylammonium bromide (MABr), methylammonium chloride
(MACl), formamidinium iodide (FAI), lead(II) iodide (PbI2) and 2,2′,7,7′-tetrakis(N,N-di-p-
methoxyphenylamine)9,9′-spirobifluorene (Spiro-OMeTAD) (99.5%) were purchased from
Xi’an Polymer Light Technology (Xi’an, China). Dimethylformamide (DMF), dimethyl sul-
foxide (DMSO), isopropanol (IPA), chlorobenzene (CB), and titanium tetrachloride (TiCl4)
were purchased from Sigma-Aldrich (Milwaukee, Germany).

Device Fabrication: The cleaned fluorine-doped tin oxide (FTO) substrates are treated
using UV-ozone for 60 min. Then, the TiO2 thin layer was prepared by using the CBD
method and the SnO2 thin layer was fabricated with spin-coating technologies, as shown
in Figure 1. First, 2 M aqueous TiCl4 mother solution was prepared by dropping TiCl4 into
distilled water. During the preparation, the mother solution was continuously stirred at a
low temperature of around 0 ◦C. The as-prepared TiCl4 mother solution was stored in the
refrigerator (<10 ◦C). Second, the as-prepared TiCl4 mother solution was diluted to a 0.2 M
TiCl4 solution. The cleaned FTO substrates were placed vertically in the glassware. Then,
300 mL of 0.2 M TiCl4 solution was poured into the glassware. The glassware was put
into an oven with a temperature of 75 ◦C. After 1 h heating, the glassware was taken out
followed by rinsing the FTO substrates several times using distilled water. Finally, the FTO
substrates were annealed at a high temperature of 450 ◦C for 30 min. The FTO substrates
were washed by the acetone, distilled water, and ethyl alcohol for 20 min, respectively.
Before the deposition of TiO2 thin films, the FTO substrates are treated by using UV-ozone
for 60 min. SnO2 films were prepared by spin-coating Alfa Aesar SnO2 (diluted by H2O
to 3%) at a speed of 3500 rpm for 30 s. The perovskite films were deposited by a two-step
spin-coating method. Specifically, 1.35 M PbI2 and 0.0675 M CsI were dissolved in organic
solvent (DMF/DMSO = 19:1). The PbI2 precursor solution was stirred at a temperature of
70 ◦C for 60 min. The mixed MAFA based organic cation precursor solution was prepared
by dissolving 200 mg FAI, 100 mg MAI, 25 mg MABr and 25 mg MACl dissolved in 5 mL
isopropanol. The PbI2 precursor solution was first spin-coated at a speed of 3000 rpm for
30 s. The MA/FA cation solution was spin-coated at 3000 rpm for 30s. After annealing at
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150 ◦C for 10 min, the perovskite film of Cs0.05FA0.54MA0.41Pb(I0.98Br0.02)3 was obtained.
The hole transport layer of the spiro-OMeTAD film was deposited by spin-coating the
spiro-OMeTAD solution at a speed of 3500 rpm for 25 s. Finally, 80 nm Au film was
deposited as a counter electrode by thermal evaporation.
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Figure 1. Schematic illustration of the bilayer of ETLs (TiO2 and SnO2 films) and perovskite films
fabricated by chemical bath deposition and spin-coating.

Device Characterization: The diffraction data of perovskites are collected by using
a Bruker D8 Discover diffractometer (Bruker AXS) from 10◦ to 60◦. Surface and cross-
section morphology images are recorded by a scanning electron microscope (SEM) (Helios
NanoLab G3). The TRPL results were collected by using the Hamamatsu equipment which
can provide an excitation wavelength of 450 nm. The photoluminescence (PL) spectra were
acquired by a JASCO FP-8500 spectrometer with an excitation wavelength of 450 nm. The
current-voltage (J-V) measurements were performed under one sun illumination (AM1.5G,
100 mW/cm2) by using a Keithley 2420. The devices were test by using a metal shadow
mask with a dimension of 0.3 × 0.3 cm2. The EQE spectra of the devices were characterized
by using Oriel IQE 200 equipment.

3. Results and Discussion

Figure 2a–d shows the top-view SEM images of the perovskite films fabricated on
the TiO2 and TiO2/SnO2 substrates, which clearly shows a larger grain size of perovskite
thin film based on the TiO2/SnO2 substrates, compared with that on the TiO2 substrates,
with an average value changing from ~380 nm to ~540 nm, which can be verified by the
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statistics of perovskite grain size based on the TiO2 and TiO2/SnO2 substrates, as presented
in Figure 2e,f. As is well-known, the commercial SnO2 colloid precursor is stabilized by
incorporating potassium hydroxide (KOH) [24]. The presence of K ion in the SnO2 will
diffuse into the perovskite thin film during the annealing process, which greatly enhances
the crystallinity of perovskite grains, and reduces the hysteresis of resultant devices [25–27].
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Furthermore, the phase structure of perovskite thin film deposited on the TiO2
and TiO2/SnO2 substrates was investigated by X-ray diffraction (XRD), as presented
in Figure 3a. The increase of XRD intensity (on the TiO2/SnO2 substrate) verifies that the
improved crystallinity of perovskites is accomplished with high absorption in a short-
wavelength region (as shown in Figure 3b).
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Figure 3. (a) XRD patterns, (b) absorption spectra, (c) PL spectra and (d) TRPL curves of the perovskite
films deposited on FTO/TiO2 and FTO/TiO2/SnO2 substrates.

In addition, the steady-state photoluminescence (PL) and time-resolved photolumi-
nescence (TRPL) experiments were carried out to investigate carrier transport behavior. As
seen in Figure 3c,d, the faster PL quenching of the perovskite thin film on the TiO2/SnO2
substrate indicates an enhanced electron extraction capability [28]. Moreover, the life-
times of the corresponding perovskite thin films were fitted by a biexponential decay
function [29,30]. The lifetime of the TiO2/SnO2-based sample is 15.4 ns, which is shorter
than that of the TiO2-based sample (22.2 ns), indicating a faster carrier extraction from the
perovskite thin film to TiO2/SnO2 electron transport layer [31].

Figure 4a,b shows the cross-section SEM images of devices fabricated on TiO2 and
TiO2/SnO2 substrates. The uniform and dense perovskite absorber layers not only ensure
the light harvest, but also effectively impede the carrier recombination in the devices. The
current density-voltage (J-V) curves of the devices were measured under standard AM
1.5 G illumination and are shown in Figure 5a and Table 1, while the key performance
parameters of open-circuit voltage (VOC), short-circuit current (JSC), fill factor (FF), power
conversion efficiency (PCE) and their statistical analyses are displayed in Figure 6a–d
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and Table 2, respectively. The PCE of 16.16% (VOC = 1.012 V, JSC = 22.06 mA/cm2 and
FF = 72.4%) and 10.37% (VOC = 0.905 V, JSC = 22.06 mA/cm2 and FF = 51.9%) under
reverse scan (RS) and forward scan (FS) indicate large hysteresis in the TiO2-based devices.
In contrast, the high PCE of 17.64% (VOC = 1.041 V, JSC = 22.58 mA/cm2 and FF = 75.0%)
and 15.29% (VOC = 1.001 V, JSC = 22.73 mA/cm2 and FF = 67.2%) under RS and FS were
obtained for TiO2/SnO2-based solar cells. The improved efficiency of TiO2/SnO2-based
solar cells can be attributed to a higher crystallinity of perovskite grains, which enhances
light capture and reduces the defects at grain boundaries [14,25]. The EQE spectra of
the corresponding devices were presented in Figure 5b. The improved EQE in the short
wavelength in terms of TiO2/SnO2-based device indicates faster carrier extraction and
reduced recombination at the TiO2/SnO2/PVSK interface [32]. Similarly, the enhanced EQE
at the long wavelength region also suggests that reduced defects and carrier recombination
in the perovskite bulk film, which can be explained by the enlarged grain size and improved
crystallinity of the perovskite grains [32]. As a result, the integrated JSC from EQE of
the TiO2/SnO2-based device is 21.59 mA/cm2, which is higher than that of the TiO2
based device (21.17 mA/cm2). Furthermore, the TiO2/SnO2-based device exhibited a
stable output (under initial maximum power point (MPP) voltage) with a PCE of 17.65%.
In contrast, the TiO2 based solar cell shows a poor output under MPP, yielding a low PCE of
15.74% (Figure 5c). More importantly, the hysteresis (hysteresis index (HI) = PCERS/PCEFS)
of the TiO2/SnO2-based devices is also reduced, compared to TiO2-based devices [32–34].
The HI of the TiO2-based PSC is 1.56, which is decreased to 1.15 by incorporating SnO2 into
devices to construct the TiO2/SnO2 bilayer ETL. Compared to TiO2 based devices with
a large hysteresis of 1.51, the improved efficiency and reduced HI of 1.18 for TiO2/SnO2-
based PSCs indicates the bilayer ETL can improve the reproducible fabrication and the
device performance.
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Table 1. Photovoltaics parameters of PSCs based on TiO2 and TiO2/SnO2 ETLs.

Sample Scan Direction Voc (V) Jsc (mA/cm2) FF PCE (%) HI

TiO2/SnO2 PSC
FS. 1.001 22.73 0.672 15.29

1.18RS. 1.041 22.58 0.750 17.64

TiO2-PSCs FS. 0.905 22.06 0.519 10.37
1.51RS. 1.012 22.06 0.724 16.16
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Table 2. Average photovoltaics parameters of PSCs based on TiO2 and TiO2/SnO2 ETLs.

Sample Scan Direction Voc (V) Jsc (mA/cm2) FF PCE (%)

TiO2/SnO2 PSC
FS. 0.985 ± 0.010 22.17 ± 0.34 0.626 ± 0.039 13.68 ± 1.04
RS. 1.029 ± 0.007 22.16 ± 0.27 0.709 ± 0.028 16.18 ± 0.78

TiO2-PSCs FS. 0.917 ± 0.018 22.11 ± 0.40 0.5090 ± 0.040 10.33 ± 0.88
RS. 1.003 ± 0.016 22.01 ± 0.43 0.707 ± 0.014 15.61 ± 0.40

4. Conclusions

In summary, we developed a bilayer electron transport layer by combining CBD-TiO2
and spin-coated SnO2 in the perovskite solar cells. The TiO2/SnO2 bilayer ETLs provide not
only a compact electron transport layer, but also accelerate the carrier transport in the solar
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cells. Furthermore, the presence of K ion from SnO2 can greatly improve the crystallinity of
perovskite thin film and significantly reduce the hysteresis of resultant devices. Compared
with the TiO2-based solar cells, the TiO2/SnO2-based solar cells demonstrate a higher PCE
of 17.64% and a lower hysteresis index. These results highlight the potential fabrication of
the TiO2/SnO2 bilayer electron transport layers and will be a beneficial strategy to fabricate
a high-quality perovskite thin film solar cell.
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Abstract: AbstractZnSnN2 has potential applications in photocatalysis and photovoltaics. However,
the difficulty in preparing nondegenerate ZnSnN2 hinders its device application. Here, the prepara-
tion of low-electron-density nanocrystalline ZnSnN2 and its device application are demonstrated.
Nanocrystalline ZnSnN2 was prepared with reactive sputtering. Nanocrystalline ZnSnN2 with an
electron density of approximately 1017 cm−3 can be obtained after annealing at 300 ◦C. Nanocrys-
talline ZnSnN2 is found to form Schottky contact with Ag. Both the current I vs. voltage V curves
and the capacitance C vs. voltage V curves of these samples follow the related theories of crystalline
semiconductors due to the limited long-range order provided by the crystallites with sizes of 2–10 nm.
The I−V curves together with the nonlinear C−2−V curves imply that there are interface states at the
Ag-nanocrystalline ZnSnN2 interface. The application of nanocrystalline ZnSnN2 to heterojunction
solar cells is also demonstrated.

Keywords: ZnSnN2; nanocrystalline; Schottky diode; heterojunction; solar cell

1. Introduction

The family of Zn-IV-N2 (IV = Si, Ge and Sn) is an analogue of the III nitrides [1].
As a member of this family, ZnSnN2 has many advantages, which include a direct band
gap, earth-abundance of constituent elements, no toxicity, a high absorption coefficient,
a low fabrication cost, etc. [1–6]. These make ZnSnN2 a highly competent candidate in
photocatalytic, photovoltaic and light-emitting applications. Recent theoretical work shows
that the photon-to-electron conversion efficiency of ZnSnN2/CuCrO2 heterojunction solar
cells is approximately 22% [2].

ZnSnN2 has been fabricated by various methods such as sputtering [3–14], molecular
beam epitaxy (MBE) [15], high pressure metathesis reaction [16] and vapor-liquid-solid
growth [17]. During the preparation of ZnSnN2, Sn atoms can easily occupy the positions
of Zn atoms, and this results in the formation of the intrinsic antisite defect SnZn which
is a divalent donor and which almost has the lowest formation energy in ZnSnN2 [18,19].
Therefore, the antisite defect SnZn is considered to be the major donor in most cases, and the
prepared ZnSnN2 usually has a very high density of approximately 1019 cm−3. Preparing
ZnSnN2 with an electron density of approximately or below 1017 cm−3 is still challenging
due to the facile formation of the donor defect SnZn.

Compared with its polycrystalline, crystalline or microcrystalline counterparts [3–17],
nanocrystalline ZnSnN2 whose crystalline grains or crystallites are smaller than 10 nm
has never been studied. In this paper, we approach the high electron density problem of
ZnSnN2 with nanocrystallization. We show that nanocrystalline ZnSnN2 with crystallites of
approximately 2 nm in the amorphous matrix can be deposited by sputtering an alloy target
of Zn and Sn (the Zn/Sn atomic ratio to be 3:1) in an atmosphere of N2 and Ar. Annealing
at 300 ◦C makes the reactively deposited ZnSnN2 turn n-type conductive with an electron
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density of approximately 1017 cm−3 and the annealed ZnSnN2 remains nanocrystalline
with a grain size of 2–10 nm. The device applications, such as Ag-ZnSnN2 Schottky diodes
and Cu2O-ZnSnN2 heterojunction solar cells, are studied.

2. Materials and Methods
2.1. Preparation and Characterization of ZnSnN2

Reactive radio frequency (RF) magnetron sputtering was used to deposit the samples.
The substrates were K9 glasses. The substrates were ultrasonically cleaned in acetone,
ethanol and deionized water, and the washing time in each liquid was 15 min. The target
was the alloy of Zn (99.99%) and Sn (99.99%), with the Zn/Sn atomic ratio to be 3:1, and
the gases were Ar (99.99%) and N2 (99.999%). The flow rate of Ar was 20 standard cubic
centimeters per min (sccm), and that of N2 was 6 sccm. The base pressure of the sputtering
chamber was 5.4 × 10−4 Pa. During sputtering, the chamber pressure was 5 Pa and the RF
sputtering power was 35 W. The substrates rotated with the substrate holder at 0.6π rad/s.
Before film deposition, the target was sputtered for 5 min to clean the surface. The time for
film deposition was 60 min. Some deposited samples were annealed for 1 h in a vacuum
chamber in the flow of Ar (20 sccm) and at a pressure of 5 Pa. The annealing temperatures
were 300 ◦C, 350 ◦C, 400 ◦C and 450 ◦C.

The films without annealing or annealed at different temperatures were characterized
with X-ray diffraction (XRD, D/max 2500 PC, 18 kW, Cu Kα radiation) and transmission
electron microscopy (TEM, FEI Titan Cubed Themis G2 300). The samples for TEM obser-
vation were prepared by using the mechanical stripping method. The film thickness was
measured with the surface profiler (Veeco Dektak 3ST), and the surface of the samples was
characterized with scanning electron microscopy (SEM, Supra55 Sapphire). The samples
were also characterized with atomic force microscopy (AFM, Oxford Instrument, MFP-3D
Infinity, noncontact mode), room temperature Hall effect (HL 5500 PC, Van der Pauw
electrode was used, and melted alloy of In and Sn was dropped at the four corners of a
square sample to act as the electrodes) as well as X-ray photoelectron spectroscopy (XPS,
Thermo Fisher, Thermo escalab 250Xi, Al Kα = 1486.6 eV; The C 1 s was calibrated to
be 284.8 eV; the calculation of the atomic ratio is elaborated elsewhere [14]).The Seebeck
coefficient Se of the samples was measured with ∆V/∆T where ∆V is the voltage difference
(∆V is obtained with a voltmeter (Keithley 2400)) and ∆T is the temperature difference
between the hot side and the cold side.

2.2. Preparation and Characterization of the Schottky Diodes and Heterojunctions

The steps to prepare the Schottky diodes with the structure of Ag\ITO\ZnSnN2\Ag
(ITO refers to indium tin oxide, and its resistivity is approximately 6.22× 10−4 Ω·cm) are as
follows (Supplementary Materials Figure S1): ZnSnN2 was first deposited on ITO (whose
substrate is glass) without annealing, and the thickness was 95 nm. During film deposition,
some surface area of the ITO was covered with a mask in order to produce electrodes later.
Secondly, a silver paste of 0.1 cm × 0.1 cm was dropped on ZnSnN2 and the surface of ITO
to act as electrodes. To compare the effect of annealing, ZnSnN2 deposited on ITO under
the same conditions was annealed for 1 h at 300 ◦C in the flow of Ar before making the
electrodes. During annealing, the vacuum pressure was also 5 Pa, and then the second step
of dropping silver paste was repeated to produce electrodes for another Schottky diode.

To prepare Cu2O-ZnSnN2 heterojunctions (Supplementary Materials Figure S1), Cu2O
was first deposited on ITO with reactive DC sputtering (part of the ITO was also masked for
making an electrical connection later). The sputtering voltage and current were 289 V and
35 mA. The target was copper (99.999%), and the gases were Ar (30 sccm) and O2 (1.8 sccm).
The work pressure was 0.6 Pa, and the substrate temperature was 400 ◦C. The sputtering
time was 10 h, and the thickness of Cu2O was 1672 nm (to obtain the electrical properties
of Cu2O, Cu2O was also deposited on K9 glass, and Hall measurements showed that Cu2O
is p-type conductive with a hole density of 1.02 × 1015 cm−3). After Cu2O cooled to room
temperature naturally, ZnSnN2 was deposited on Cu2O and the parameters were the same
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as those mentioned previously except that the sputtering time was 3 h here (the thickness
of ZnSnN2 was 236 nm here). Silver paste was dropped on the surface of ITO and ZnSnN2
to produce one solar cell with the structure of Ag\ITO\Cu2O\ZnSnN2\Ag. Additionally,
with silver paste dropped on the surface of ITO to produce an electrode, Au was evaporated
on ZnSnN2 to produce another solar cell with the structure of Ag\ITO\Cu2O\ZnSnN2\Au.
The base pressure for evaporating Au was 5 × 10−4 Pa. Au wire (99.999%) was heated first
with a current of 75 A for 10 min and then at a current of 90 A for 5 min. The solar cells had
an area of 0.04 cm2.

The current I-voltage V curves of the devices were measured at room temperature with
a source measurement unit instrument (Keithley Standard Series 2400). The capacitance
C-voltage V curves of the devices were measured at room temperature with a semiconductor
characterization system (Keithley 4200-SCS), and the frequency used was 10 kHz. For the
Schottky diodes, the forward-bias is defined as the state at which the Ag electrode, in
direct contact with the ZnSnN2 layer, is connected with the anode of the voltage. The solar
cells are forward-biased when the electrostatic potential of Cu2O is higher than that of
ZnSnN2. The current density-voltage V curves of the two Cu2O-ZnSnN2 heterojunction
solar cells were measured at room temperature with a multi-meter (Keithley, 2400 Series)
under AM1.5 light illumination (which is from an AAA solar simulator with the intensity
calibrated to 100 mW/cm2 through a Si reference cell).

3. Results and Discussion

The XRD patterns of the samples deposited at 35 W and room temperature (the sub-
strates were not intentionally heated) without annealing and those deposited at the same
conditions but annealed at 300–450 ◦C are presented in Figure 1a. No diffraction peaks
were observed in the XRD patterns of these samples. The samples deposited at 35 W and
room temperature without annealing were amorphous, and they were still amorphous
after annealing at 300–450 ◦C. In our equipment, when the sputtering power and other
parameters were kept unchanged, the samples deposited at the substrate temperature of
100–300 ◦C became polycrystalline, and the preferred orientation changed when the sub-
strate temperature was over 200 ◦C (Figure 1b, also Supplementary Materials Figure S2).
However, when the sputtering power is 50 W, even the samples deposited at room tempera-
ture are polycrystalline (Figure 1c; also Supplementary Materials Figure S3). This implies
that relatively higher sputtering power favors crystallization, and this agrees with F. Al-
njiman et al., who showed that polycrystalline ZnSnN2 can be deposited without heating
the substrate intentionally [7]. Though the samples deposited at the substrate temperature
of 100–300 ◦C were polycrystalline, the samples deposited at room temperature and then
annealed at 300 ◦C or above after deposition remained amorphous, and post-deposition
annealing failed to make the amorphous samples turn to polycrystalline. This is different
from amorphous ZnSnN2 prepared by direct current sputtering, which turns into poly-
crystalline after annealing [12]. Therefore, amorphous ZnSnN2 is relatively stable since it
remains amorphous even if the post-deposition annealing temperature is higher than 300 ◦C.
It is reported that reducing the Zn/Sn ratio to a certain degree leads to microcrystalline
and amorphous ZnSnN2 [13], while in our work, reducing the substrate temperature to
fabricate amorphous ZnSnN2 was used. Later, we will show that both the ZnSnN2 samples
without annealing and the ZnSnN2 samples annealed at 300 ◦C are actually nanocrystalline
with crystallites of 2–10 nm. The Raman scattering spectra of these samples show that the
obtained ZnSnN2 is phonon-glass-like (Supplementary Materials Figure S4).
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Figure 1. (a) XRD patterns of the samples without annealing or annealed at 300−450 ◦C; (b) XRD
patterns of the samples deposited at 35 W and under different substrate temperatures; (c) XRD
patterns of the samples deposited at 50 W and under different substrate temperatures.

The transmittance (Tr) and reflectance (R) spectra of the samples were measured with
an UV/VIS spectrophotometer. The absorption coefficient α is equal to t−1 ln[(1− R)Tr

−1],
where t is the thickness of the film (cm). The thickness of the films before and after annealing
is approximately 95 nm. For semiconductors with a direct band gap, the relation between
the absorption coefficient α and the optical band gap Eopt

g is as follows:

(αhν)2 = A(hν− Eopt
g ), (1)

where A is a constant, h is the Plank constant and ν is the photon frequency. The optical
bandgap Eopt

g can be obtained by extrapolating the linear region to intercept the hν axis
in the plot of (αhν)2 vs. hν. With the assumption that nanocrystalline ZnSnN2 has a
direct band gap, the optical bandgap Eopt

g of all the samples can be obtained, as shown
in Figure 2. The optical bandgap of nanocrystalline ZnSnN2 is approximately 2.75 eV,
which is larger than the experimental band gap of crystalline or polycrystalline ZnSnN2
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(0.94–2.38 eV [15,20]), and this is in agreement with the fact that the band gap of amorphous
Si is larger than its crystalline counterparts. The optical band gaps of the samples annealed
at 300 ◦C, 350 ◦C, 400 ◦C and 450 ◦C were 2.40 eV, 2.35 eV, 2.11 eV and 2.15 eV, respectively.
In amorphous and microcrystalline ZnSnN2 fabricated by reducing the Zn/Sn ratio, the
optical bandgap is also approximately 2.53–2.59 eV [13], and our work agrees with this. It
has been found that annealing reduces the band gap.
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Figure 2. Tauc plots of ZnSnN2 without annealing or annealed at 300−450 ◦C.

Hall effect measurements were conducted, and the results of the samples are listed in
Table 1. The samples without annealing are almost insulating, and the resistivity is beyond
the measurement scope of the Hall effect instrument. The samples without annealing are
still n-type conductive since their Seebeck coefficients Se were measured to be negative [21],
and no reversal in the conduction type is observed here. After being annealed at 300–450 ◦C,
the samples turn conductive. The electron density n of the samples annealed at 300 ◦C
is 5.54 × 1017 cm−3 and this is much lower than Nc, the room temperature density of the
states of the conduction band of ZnSnN2 (1.04 × 1018 cm−3) [4,14]. The gap between the
conduction band minimum Ec and the Fermi level EF was calculated to be 0.0165 eV with

n = Nc exp[−(Ec − EF)/(kT)], (2)

where k is the Boltzmann constant and T is the absolute temperature (300 K here). The
electron density increases to ~1018 cm−3 when the annealing temperature is 350, 400 or
450 ◦C. The mobility is similar to that of the amorphous and microcrystalline samples
deposited by reducing the Zn/Sn ratio [13].

Table 1. The mobility µ (cm2V−1s−1) and carrier concentration n (cm−3) of the samples annealed at
300–450 (◦C) (The resistivity of the samples without annealing is beyond the scope of the instrument).

◦C µ (cm2V−1s−1) n (cm−3)

300 0.988 5.34 × 1017

350 5.54 8.37 × 1018

400 2.96 6.48 × 1018

450 1.22 8.11 × 1018

To reveal the microscopic change of the structure, the samples without annealing and
the samples annealed at 300 ◦C were studied with TEM (Figure 3). Crystallites with a size
slightly larger than 2 nm can be observed, and no diffraction patterns are observed in the
samples without annealing (Figure 3a). The fact that no diffraction patterns are observed
possibly results from the fact that the density of the crystallites or the volume ratio of
the crystalline component to the amorphous component is small (Figure 3a). After being
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annealed at 300 ◦C, crystallites with bigger sizes, larger densities and diffraction spots
are observed in the high-resolution image and diffraction patterns, and the sizes of the
crystallites are 5–10 nm (Figure 3b). Annealing is found to increase the size of crystallites.
In amorphous Si with crystallites smaller than 20 Å, a reversal in the conduction type can be
observed in the Hall effect measurement [22,23]. The fact that no reversal in the conduction
type is observed in the Hall effect measurement of our samples very possibly results from
the nanocrystalline grains, which provide limited long-range order [22].
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Figure 3. TEM images and the diffraction patterns of ZnSnN2. (a) Without annealing; (b) annealed at 300 ◦C.

The AFM images of the samples fabricated at 50 ◦C, 100 ◦C, 250 ◦C and 300 ◦C and
at 35 W are presented in Figure 4. The root mean square (RMS) roughness of the samples
deposited at 50 ◦C, 100 ◦C, 250 ◦C and 300 ◦C is 0.77 nm, 1.27 nm, 0.92 nm and 2.35 nm,
respectively. The amorphous samples deposited at 50 ◦C are found to have the lowest
RMS roughness. The morphology of polycrystalline samples is similar to those obtained
by others [24].
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Figure 4. AFM images of the ZnSnN2 samples deposited at 35 W under different substrate temperatures.

The samples were measured with XPS. A survey in 0–1400 eV shows that the samples
contain Zn, Sn and N, together with adventitious O. The high-resolution binding energy
spectra of Zn, Sn, N and O of the samples without annealing and those annealed at 300 ◦C
are presented in Figure 5a,b.

For the ZnSnN2 samples without annealing, Zn 2p3/2 and Zn2p1/2 are at 1021.38 and
1044.45 eV, while for the ZnSnN2 samples annealed at 300 ◦C, these peaks shift to 1021.57
and 1044.64 eV. Therefore, Zn is at +2 [24]. The peak at approximately 498 eV present
in the Sn spectrum is due to the Zn L3M45M45 Auger peak [4,25]. Sn is at +4 since Sn
3d5/2 and 3d3/2 are at 486.11 and 494.52 before annealing, and these peaks shift to 486.18
and 494.58 after annealing [13,24]. In the high resolution XPS spectrum of N 1s, a peak
at approximately 403 eV is observed and it is from absorbed γ-type nitrogen molecules
labeled as γ-N2 (N ≡ N). The possible origin of γ-N2 is nitrogen molecules, which are not
decomposed but absorbed directly during sputtering [26,27]. The peak below 400 eV can be
deconvoluted into two peaks. In the samples without annealing, the two N 1 s peaks are at
396.31 and 397.80, and they shift to 396.90 and 398.35 eV after annealing. The lower energy
peak with a much stronger intensity at 396.31 and 396.90 eV implies nitrogen is at−3, while
the weaker higher energy peak at 397.80 and 398.35 eV is from organic nitrogen [7,13].

The O 1s peak can also be decomposed into two peaks. The peaks of the samples
without annealing are at 529.90 and 531.18 eV, and after annealing, the peaks shift to 529.99
and 530.58 eV. The exact origin of the oxygen present in ZnSnN2 is still under debate. Some
researchers think that the oxygen present in ZnSnN2 is completely from post-deposition
adsorption in air [7]. In our work, we think that the oxygen has two possible origins: the
low energy peak is possibly from residual oxygen in the sputtering chamber, which was
incorporated during sputtering and which substitutes nitrogen in the lattice [13]; the high
energy peak is due to post-deposition adsorption in air.

The atomic ratio of Zn to Zn + Sn is 0.80 before annealing and 0.78 after annealing.
In the literature, ZnSnN2 samples with Zn/(Zn + Sn) = 0.72 and an electron density of
2.7 × 1017 cm−3 were reported [5]. The decrease is mainly due to the loss of Zn, since
Zn has much higher vapour pressure than Sn at the annealing temperature of 300 ◦C.
Most possibly, Sn atoms, which substitute the positions of Zn atoms, are the major donors
in these nanocrystalline samples, and this is similar to its polycrystalline or crystalline
counterpart [18,19].
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Figure 5. High resolution binding energy peak of Zn, Sn, N and O in ZnSnN2. (a) Without annealing;
(b) annealed at 300 ◦C.

Figure 6 shows the current density J vs. voltage V curves of the Schottky diodes with
the structure of Ag\ITO\ZnSnN2\Ag. The diode is forward-biased when the silver metal
directly on the ZnSnN2 layer is connected with the anode of the voltage. Rectification is
observed, and obviously the rectification is from the Schottky contact formed between
ZnSnN2 and Ag since the structure of Ag\ITO\ZnSnN2\ITO\Ag shows linear JV curves
(Supplementary Materials Figure S5). The transport properties of our nanocrystalline
ZnSnN2 very possibly follow those of crystalline semiconductors since the transport be-
haviour of amorphous and microcrystalline Si with crystallites of or over 20 Å follows that
of crystalline Si [22,23], and the crystallite of our nanocrystalline ZnSnN2 meets this size
requirement. In the following, theories or models based on crystalline semiconductors
will be used. Under the thermal emission-diffusion model, the current through a Schottky
barrier diode at a voltage of V [28,29] is as follows:

J = Js exp[−ξq(V − IRs)/(kT)]{exp[q(V − IRs)/(kT)]− 1}, (3)

where Js = Is/S = A∗∗T2 exp[−qφb0/(kT)], Js is the current density, Is is the saturation
current at zero bias, S is the diode area (0.10× 0.10 cm2 here), A∗∗ is the effective Richardson
constant (A∗∗ = 14.40 A·cm−2·K−2 for ZnSnN2 since the Richardson constant A* for a free
electron is 120 A·cm−2·K−2, and the effective electron mass of ZnSnN2 is 0.12 times that
of a free electron [14]), q is the elementary charge, φb0 is the barrier height at zero bias
(the energy needed by an electron at the Fermi level in the metal to enter the conduction
band of the semiconductor at zero bias), Rs is the series resistance due to the neutral region
of the semiconductors, ξ is a factor without unit, ξ is equal to 1 − η−1, where η is the
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ideality factor, and other symbols have the same meaning as in previous formulas. From
the forward-biased experimental data, the three unknown parameters φb0, ξ and RS can
be fitted with the least square method, and the results, together with the calculated η, are
presented in Figure 6a.
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Figure 6. (a)The J−V curves of Ag\ITO\ZnSnN2\Ag Schottky contact (The Schottky contact is
forward−biased when the Ag electrode in direct contact with ZnSnN2 is connected with the anode
of the voltage. The inset shows the structure of the Schottky diodes). (b) log J−log V curves of the
samples without annealing; (c) log J−log V curves of the samples annealed at 300 ◦C.
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At lower forward biased voltages, the fitted current is slightly larger than the ex-
perimental data, while good fitting is observed when the forward bias is over ~0.3 V in
both samples. Since the mobility of both samples is low, diffusion is most likely the major
transport mechanism at lower forward biased voltages, and thermal emission becomes
obvious with an increase in the forward biased voltage. The fitted series resistance Rs of
ZnSnN2 without annealing is 277.8 Ω, which is larger than that of ZnSnN2 annealed at
300 ◦C (9.2 Ω) and this agrees with the fact that the former has poorer conductivity than
the latter.

The theoretical Schottky barrier height φb0 at zero bias for ideal or intimate Ag-ZnSnN2 is
calculated to be 0.36 eV (the ideal band diagram is shown in Supplementary Materials Figure S6a)
since theoretical φb0 is equal to Wm − χ, where Wm is the work function of Ag (Wm = 4.26 eV
for Ag) and χ is the electron affinity of ZnSnN2 (χ = 3.9 eV for ZnSnN2 [30,31]). The fitted
φb0 is larger than the theoretical value, and the Schottky barrier height is enhanced. Schottky
barrier height enhancement can result from surface Fermi-level pinning [32], a surface
inversion layer (which possibly results from the diffusion of Ag into ZnSnN2, and Ag
atoms substituting Zn or Sn are acceptors) [33,34] or interface oxide states [32]. Surface
Fermi-level pinning is less likely here since the forbidden band gap Eg calculated from the
fitted φb0 will be approximately 1.0 eV (under surface Fermi-level pinning, φb0 is equal to
Eg − φ0, where φ0 is the surface neutral energy level measured from the edge of the valence
band and is usually approximately Eg/3 [32]), which is less than half of those obtained
from the Tauc plot. The fact that the calculated ideality factor η is over two also suggests
the existence of interface oxide states since the ideality factor of a Schottky diode whose
barrier height is enhanced by a surface inversion layer is usually below two [33].

A. M. Cowley and S. M. Sze [32] proposed that when there is interfacial oxide (the band diagram
of the Schottky contact with interface states is shown in Supplementary Materials Figure S6b), the
Schottky barrier height is expressed as:

φb0 = γ(Wm − χ) + (1− γ)(Eg − φ0)/q− ∆ϕn (4)

and the interface states Ds = (1− γ)εi/(γq2δ), where γ is a weighting factor (without unit),
∆ϕn is the image force barrier lowering, εi is the dielectric constant of the interfacial layer,
δ is its thickness and other symbols have the same meaning as previously defined. If we
suppose ∆ϕn = 0, φ0 = Eg/3, where Eg is chosen to be 2.5 eV and φb0 = the fitted value, γ
will be 0.71 for the samples without annealing and 0.83 for the samples annealed at 300 ◦C.
With the assumption that εi = ε0 (free space dielectric constant) and δ = 5 Å [32], the inter-
face states Ds will be 4.42 × 1012 states·eV−1·cm−2 for the samples without annealing and
2.19 × 1012 states·eV−1·cm−2 for the samples annealed. The samples without anneal-
ing have larger interface states than the samples annealed. The interface states of our
samples are in the same magnitude with that of the Al/n-Si system (where Si is single-
crystalline) [35], but roughly one magnitude smaller than that (3 × 1013 states·eV−1·cm−2)
of metals and amorphous Si systems which have the same oxide thickness of 5 Å and whose
Fermi-level were pinned [36].

Figure 6b,c shows the logarithmic J-V curves of the samples without annealing or
annealed at 300 ◦C. For both samples, both the forward- and reverse-biased data obey the
power law (J ∝ Vm), but m varies in different voltage ranges. For the samples without
annealing, below 0.18 V, m is less than one, and this suggests that the current is controlled
by the diode. Between 0.18 V and 0.68 V, m is approximately 19.2. After 0.68 V, m is
approximately 230. This implies that after 0.18 V, the current is bulk-controlled, and there is
an exponential distribution of trap-levels within the forbidden gap of ZnSnN2. The reverse-
biased data of the samples without annealing is diode-controlled since m is below one in
the whole measurement range. For the samples annealed at 300 ◦C, m is well over two in
both the forward and backward bias, and this suggests that the current is bulk-controlled,
and annealing reduces the resistivity of ZnSnN2.

Figure 7a,b show the curves of the inverse of the square of the capacitance C (per
unit area) vs. voltage V for the samples without annealing or annealed at 300 ◦C. For
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both samples, nonlinear C−2-V curves are observed. The peak in Figure 7b is possibly
due to the series resistance [37,38]. Considering the nonlinearity of the C−2-V curves and
the fact that the ideality factor η obtained from the IV curves is over two, we think the
possibility that the barrier height enhancement results from a surface inversion layer can
be excluded [33]. The nonlinearity of the C−2-V curves suggests the existence of excess
capacitance. When there is an interfacial layer in the Schottky contact, the capacitance C of

a Schottky diode [39] is equal to [C−1
i + (CD + Cex)

−1]
−1

, where Ci is the capacitance due
to the interfacial layer, CD is the depletion capacitance of the junction and Cex is the excess
capacitance due to surface states or deep traps. For thin interfacial layers, Ci is very large
and can be ignored. Therefore, C is equal to CD + Cex. Though C−2 vs. V curves are not
linear, (C − Cex)−2 vs. V or C−2

D vs. V will be linear.
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For the Schottky barrier where there is an oxide between the metal and the semicon-
ductor, J. Szatkowski et al. [40] further proposed that

C = a(λ)(V0 −V)−0.5 + b(λ), (5)

where a(λ) is (1 − λ + λγ)(qε0εr NDγ/2)−0.5, ND is the doping concentration, b(λ) is
λγq2Ds, V0 and λ are constants, εr is the relative dielectric constant of ZnSnN2
(εr = 11 [20]) and other symbols have the same meaning as in previous formulas. From
the data about the capacitance C and reverse-biased voltage V, a(λ), b(λ) and V0 can be
fitted with the least square method. Both the experimental and fitted capacitance C vs.
(V0 −V)−0.5 curves (where only the reverse-biased data are used) of the samples without
annealing or with annealing are shown in Figure 7c,d. The fitted a(λ), b(λ) and V0 are
also presented in Figure 7c,d. As can been seen from Figure 7c,d, the relation between the
capacitance C and (V0 −V)−0.5 is indeed linear.

If ND is known, λ can be calculated from a(λ) and then Ds from b(λ), since γ has been
obtained from the JV curves, and a(λ) and b(λ) have been obtained from the CV curves.
For the samples annealed at 300 ◦C, λ and Ds are calculated to be 5.86 and 1.25 × 1011

states·eV−1·cm−2 if we suppose that ND = n = 5.34 × 1017 cm−3. The samples without
annealing are almost insulating, and we can suppose that ND = 1015 cm−3 [36]. λ and Ds are
then calculated to be 2.49 and 3.40 × 1011 states·eV−1·cm−2. The interface states extracted
from the capacitance-voltage of the samples without annealing are larger than those of the
samples annealed at 300 ◦C, and this is in agreement with that obtained from I-V curves.

In addition, the interface states extracted from the C-V curves are roughly one-
magnitude smaller than those from the J-V curves. The J-V and C-V curves of the Schottky
diodes formed between nanocrystalline ZnSnN2 and Ag are found to follow the theories
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based on crystalline semiconductors, in agreement with amorphous or microcrystalline Si
with crystallites between 20–130 Å [22,23].

Figure8ashowsthecurrentdensity J vs. thevoltageV curvesof theAg\ITO\Cu2O\ZnSnN2\Ag
and Ag\ITO\Cu2O\ZnSnN2\Au heterojunction solar cells under the illumination of AM1.5.
The only difference between the two solar cells is that the electrode in connection with
ZnSnN2 is Ag for one solar cell and Au for the other. The open-circuit voltage Voc (V),
short-circuit current density Jsc (mA/cm2), fill factor FF and power conversion efficiency
PCE (%) are listed in the inset. The statistical distribution of these solar cells is presented in
Figure S7 (the statistics are based on nine samples for the Ag\ITO\Cu2O\ZnSnN2\Au solar
cell, while the statistics are based on eight samples for the Ag\ITO\Cu2O\ZnSnN2\Ag
solar cell). The average Voc, Jsc, FF and PCE of the solar cell with Au as the electrode are
0.22 V, 1.75 mA/cm2, 42% and 0.15%, while those of the solar cell with Ag as the electrode
are 0.19 V, 0.34 mA/cm2, 22% and 0.02%, respectively. When the electrode in connection
with ZnSnN2 changes from Ag to Au, the four parameters increase greatly, implying bet-
ter device performance. The measured series resistance of the solar cell with Au as the
electrode is 0.83 kΩ, and that with Ag as the electrode is 4.19 kΩ. The improvement in
performance mainly results from the change in the electrode. Previous work shows that
Au can react with Sn to form AuSn even at room temperature, and the contact between
AuSn and n-type GaAs is ohmic [41]. Though the contact between Au and ZnSnN2 is
theoretically non-ohmic (the work function of Au is 5.1 eV and the Fermi level of Au is
much lower than that of ZnSnN2), the Au electrode was thermally evaporated, and it is
possible that there are interfacial alloys formed such as AuSn that reduce the Au-ZnSnN2
contact resistance greatly.
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Figure 8. (a) The current density J vs. the voltage V curves of the Ag\ITO\Cu2O\ZnSnN2\Ag and
Ag\ITO\Cu2O\ZnSnN2\Au solar cells (the inset shows the structure of these heterojunction solar
cells); (b) the CV curve of the Ag\ITO\Cu2O\ZnSnN2\Au solar cell; (c) the energy band diagram of
Cu2O−ZnSnN2 heterojunction at zero bias.

Figure 8b shows the capacitance C-Voltage V curve of the Ag\ITO\Cu2O\ZnSnN2\Au
heterojunction solar cell (measured under darkness), with the inset showing the C−2-V
curve under reverse bias. It can be found that C−2-V in the reverse bias is linear, and the
intercept between the C−2-V line and the voltage axis is approximately 0.24 V. This suggests
that Cu2O-ZnSnN2 heterojunction is abrupt, with a built-in potential of 0.24 V. The built-in
potential of 0.24 V is very near to the average open-circuit voltage (0.22 V) of the solar cell
with Au as the electrode. Figure 8c shows the energy band diagram of the Cu2O-ZnSnN2
heterojunction at zero bias. The diagram shows a staggered, type II heterojunction. The
built-in potential VD, conduction band and valence band discontinuities, ∆Ec and ∆Ev, are
estimated to be 0.76 V, 0.80 eV and 1.2 eV, respectively (Supplementary Materials Figure S8).
The obtained Voc needs great improvement as compared with VD. The presence of the
conduction band and valence band discontinuities, ∆Ec and ∆Ev, accounts partially for
the low PCE.

In addition, after being stored in air without encapsulation for 11 months, the JV
curves of the Ag\ITO\Cu2O\ZnSnN2\Au solar cells were measured under the AM1.5
illumination and the average Voc, Jsc, FF and PCE (%) were 0.06 V, 0.56 mA/cm2, 27% and
0.01%, respectively (the statistical data obtained after the storage for 11 months are also
presented in Figure S7). The performance degradation might be due to the storage in air
without encapsulation. Though all performance factors decrease as compared with those
obtained 11 months ago, the photovoltaic effect still exists.

Figure 9a shows the dark JV curve on a log-log scale for the Ag\ITO Cu2O\ZnSnN2\Au
heterojunction. The forward-biased JV curve obeys the power law (J ∝ Vm) with different
exponent values m at different voltage ranges (the junction is forward-biased when the
electrostatic potential of Cu2O is higher than that of ZnSnN2). In 0−0.19 V, m is smaller
than unity, implying that the current is controlled by the heterojunction diode. This also
suggests that the resistance of the heterojunction is not large, since large resistance usually
results in ohmic behaviour under relatively low voltage. In 0.19–0.98 V, m is approxi-
mately two while over 0.98 V m is over three. This implies that the regime in 0.19–0.98 V
is the trap-filled limited (TFL) region where only partial traps are filled and the current
is due to a space charge limited current (SCLC) [42]. In the region over 0.98 V, all the
traps are filled, strong injection happens and the current increases sharply with an in-
crease in the voltage. If we suppose that Vtr (0.19 V in Figure 9a) is the turn-on voltage
at which the space charge limited conduction takes place in ZnSnN2 and VTFL (0.98 V
in Figure 9a) is the voltage required to fill the traps of ZnSnN2, the trap density Nt and
the trap energy level Et are calculated to be 2.14 × 1016 cm−3 and 0.1 eV, since Vtr equals
16qnt2Nt/{9εrε0Nc exp[(Et − Ec)/(kT)]} and VTFL equals qNtt2/(2εrε0

)
, where n is the
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free carrier density (n = ND = 1015 cm−3), t is the film thickness (236 nm) and the other
symbols have the same meaning as previously defined.

The heterojunction parameters, including the diode current J0, the ideality factor η,
the series resistance Rs and the shunt conductance G can be extracted based on a single
diode model [43,44]:

J = J0 exp[
q

ηkT
(V − Rs J)] + GV − JL, (6)

where JL is the light-induced current (JL = JSC = 1.74 mA/cm2 here), while the other pa-
rameters have the same meaning as previously defined. Figure 9b shows the dJ/dV vs.
V curve, and the shunt conductance G is found to be 0.43 mS/cm2 from the nearly flat
area in the reverse bias. The dV/dJ vs. [J + JSC]−1 curve is presented in Figure 9c, and
the series resistance Rs is calculated to be 1.26 Ω·cm2. From the J + JSC − GV vs. V − RsJ
curve in Figure 9d, the diode current J0 and the ideality factor η are calculated to be
7.76 × 10−2 mA/cm2 and 2.90, respectively. The ideality factor η larger than two implies
that the current transport is recombination-limited [45]. To improve the conversion ef-
ficiency, the series resistance needs to be reduced and the shunt resistance needs to be
improved. The possible methods include better ohmic contact, optimum film thickness,
etc. The band gap needs to be reduced to improve the short-circuit current density Jsc.
The theoretical open-circuit voltage Voc of the solar cell is estimated to be 0.24 V since Voc
approximately equal (ηkT/q) ln[(Jsc/J0) + 1] if the series resistance and shunt resistance
are negligible and the photogenerated current equals the short-circuit current density Jsc.
The diode current J0 needs to be reduced to further improve the open-circuit voltage Voc.
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The major structure and power conversion efficiency of several heterojunction solar
cells, such as polycrystalline ZnSnN2, Si, GaAs, etc [12,30,46–49], are listed in Table 2. The
PCE (%) of Cu2O-ZnSnN2 needs great improvement compared with these heterojunction
solar cells. The low PCE of Cu2O-ZnSnN2 possibly mainly results from the band gap of
nanocrystalline ZnSnN2 and the energy band diagram of the heterojunction. The band
gap of nanocrystalline ZnSnN2 is approximately 2.5 eV and this is much wider than the
optimum band gap to yield the highest PCE (%). A recent report shows that polycrystalline
ZnSnN2 with a band gap of 1.43 eV can be prepared by sputtering under bias [50], and
this provides a clue about reducing the band gap of nanocrystalline ZnSnN2. One possible
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method to reduce the conduction and valence band discontinuities (Figure 8c) is to deposit
a buffer between Cu2O and ZnSnN2. Replacing Cu2O with other p-type semiconductors
such as CuCrO2 is another method since theoretical work shows that the PCE (%) of
CuCrO2-ZnSnN2 is approximately 22% [2]. ZnSnN2 belongs to the few solar cell absorption
materials that can meet tetra Watt power needs at very low cost, and this necessitates
further work in improving its material properties and device performance.

Table 2. The major structure and power conversion efficiency (PCE) of several heterojunction solar
cells (pc refers to polycrystalline).

Layer/Stack PCE (%)

pc-ZnSnN2/SnO and
pc-ZnSnN2/Al2O3/SnO

0.37 [12]
and 1.54 [30]

α-C/Si 1.5 [46]
ZnO/ZnGeO/Cu2O:Na 8.1 [47]

MXene/GaAs 9.69 [48]
α-Si:H/c-Si 25.6 [49]

4. Conclusions

The reactive preparation and properties of nanocrystalline ZnSnN2, together with
its Schottky diodes and heterojunction solar cells, were investigated. ZnSnN2 reactively
deposited at 35 W and room temperature is nanocrystalline with crystalline grains of
2 nm. Annealing increases the grain size and the volume ratio of the crystalline component
to the amorphous component. Annealing reduces the optical band gap and improves
the electrical conductivity of ZnSnN2. Nanocrystalline ZnSnN2 annealed at 300 ◦C in
Ar has an electron concentration of 5.54 × 1017 cm−3 and mobility of 0.998 cm2·V−1·s−1,
which is much better than that of polycrystalline or crystalline ZnSnN2, whose electron
density in most cases is usually approximately 1019 cm−3. The thermal emission-diffusion
model was used to analyze the I-V curves of the Ag-nanocrystalline ZnSnN2 Schottky
diode. At lower forward biased voltages, diffusion is the major transport mechanism, and
thermal emission becomes obvious at higher forward biased voltages. Both the I-V and C-V
curves suggest the existence of interface states, which are calculated to be approximately
1012 states·eV−1·cm−2 from the IV curves and approximately 1011 states·eV−1·cm−2 from
the CV curves. Nanocrystalline ZnSnN2-based heterojunctions were successfully fabricated.
The heterojunction interface is abrupt. The performance of the Ag\ITO\Cu2O\ZnSnN2\Au
heterojunction solar cell is much better than that of the Ag\ITO\Cu2O\ZnSnN2\Ag solar
cell. The current transport of the Ag\ITO\Cu2O\ZnSnN2\Au solar cell is recombination-
limited. The fact that nanocrystallization can greatly reduce the electron density of ZnSnN2,
the IV and CV curves of the Schottky contact formed between nanocrystalline ZnSnN2 and
Ag obey the theories based on crystalline semiconductors and nanocrystalline ZnSnN2-
based heterojunction solar cells are successfully prepared suggest that nanocrystallization
can pave a new way for the device application of ZnSnN2.
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//www.mdpi.com/article/10.3390/nano13010178/s1, Figure S1: the schematic diagram to show
the fabrication steps for the Schottky diodes and heterojunction solar cells; Figure S2: XRD patterns
of the samples deposited at 35 W and different substrate temperatures; Figure S3: XRD patterns of
the samples deposited at 50 W and different substrate temperatures; Figure S4: Raman scattering
spectra of the samples without annealing or with annealing; Figure S5: IV curve of the structure of
Ag\ITO\ZnSnN2\ITO\Ag; Figure S6: the ideal and nonideal band diagram of Ag-ZnSnN2 at zero
bias; Figure S7: the statistical distribution of the solar cell performance parameters; Figure S8: the
energy band diagram for the Cu2O-ZnSnN2 heterojunction [4,17,24,29,51–53].
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Abstract: Constructing two-dimensional (2D) van der Waals (vdW) heterostructures is an effective
strategy for tuning and improving the characters of 2D-material-based devices. Four trilayer vdW het-
erostructures, BP/BP/MoS2, BlueP/BlueP/MoS2, BP/graphene/MoS2 and BlueP/graphene/MoS2,
were designed and simulated using the first-principles calculation. Structural stabilities were con-
firmed for all these heterostructures, indicating their feasibility in fabrication. BP/BP/MoS2 and
BlueP/BlueP/MoS2 lowered the bandgaps further, making them suitable for a greater range of
applications, with respect to the bilayers BP/MoS2 and BlueP/MoS2, respectively. Their absorption
coefficients were remarkably improved in a wide spectrum, suggesting the better performance of
photodetectors working in a wide spectrum from mid-wave (short-wave) infrared to violet. In con-
trast, the bandgaps in BP/graphene/MoS2 and BlueP/graphene/MoS2 were mostly enlarged, with a
specific opening of the graphene bandgap in BP/graphene/MoS2, 0.051 eV, which is much larger
than usual and beneficial for optoelectronic applications. Accompanying these bandgap increases,
BP/graphene/MoS2 and BlueP/graphene/MoS2 exhibit absorption enhancement in the whole in-
frared, visible to deep ultraviolet or solar blind ultraviolet ranges, implying that these asymmetrically
graphene-sandwiched heterostructures are more suitable as graphene-based 2D optoelectronic de-
vices. The proposed 2D trilayer vdW heterostructures are prospective new optoelectronic devices,
possessing higher performance than currently available devices.

Keywords: two-dimensional material; van der Waals heterostructure; trilayer; the first-principles cal-
culation

1. Introduction

Van der Waals (vdW) heterostructures [1–3] containing different two-dimensional
(2D) material monolayers have recently attracted interest for fundamental physics in
low-dimensional systems [4–8] and for applications in microelectronic and optoelectronic
devices [9–12]. Several kinds of typical 2D materials such as graphene [13–15], transition
metal dichalcogenide (TMD) [16,17] and phosphorene [18–20] have been incorporated into
this construction. In graphene/MoS2, good thermal stability with high atom cohesive
energy was confirmed [21] and found to mainly be associated with vdW coupling [22],
and an electric field applied at the hetero-interface can control the Schottky barriers and
Ohmic contacts [23]. Bilayer graphene/black-phosphorous (BP) was proposed to protect
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BP from its structural and chemical degradation with a slightly opened graphene band
gap while still maintaining the electronic characteristics of graphene and BP monolay-
ers [24,25]. Graphene/hexagonal-boron-nitride (hBN) appears to have good electric-field-
driven switching, which is beneficial to the field-effect transistor [26]. MoS2/MX2 (M = Mo,
Cr, W; X = S, Se) bilayer heterostructures exhibit semiconductor properties with an indirect
band gap, except for MoS2/WSe2 [27], and all of them can undergo transiting from semi-
conductors to metals with the strain and band gap decreasing with the electric field [28],
showing prospects for construction of ultrathin flexible devices and for application in viable
optoelectronic fields. The TMD/BN heterostructures were explored for application in pho-
tocatalytic fields owing to the direct bandgap and powerful built-in electric field across the
interface [29]. The type-II band alignments of MoS2/ZnO and WS2/ZnO help to separate
the photo-generated charge effectively, and all TMD/graphene-like-ZnO structures show
optical absorption in the visible and infrared regions [30]. Blue-phosphorous (BlueP)/BP
possesses a tunable bandgap, band edges and electron-hole behavior by applying perpen-
dicular electric field, and it thus shows potential for use in novel optoelectronic devices [31].
BlueP/GaN vdW heterostructure was found active for facilitating charge injection and thus
promising for unipolar electronic device applications [32]. The photoelectric performances
of BP/TMD heterostructures can be improved by applying compressive stress [33] or an
electric field [34]. BP/MoS2 demonstrated an improved response and absorption charac-
teristics in photodetectors [35]. Many BP/XT2 (X = Mo, W; T = S, Se, Te) heterostructures
with type-II band alignments would be prospective as spin-filter devices [36]. BlueP/MoS2
has been considered the next generation of photovoltaic devices and water-splitting ma-
terials due to its wide optical response range and good light absorption ability [37]. In
addition to the theoretical research such as that mentioned above, there have been ex-
perimental studies on bilayer vdW heterostructures to explore their practical prospects.
The BP/MoS2 heterostructure photodetector was prepared and demonstrated with a wide
range of current-rectifying behavior, microsecond response speed and high detectivity [38].
Graphene/BP heterostructure phototransistors exhibited good photoconductive gain and
thus an ultrahigh photoresponse at near-infrared wavelength, implying the potential appli-
cations in remote sensing and environmental monitoring [39]. It is apparent that building
vdW heterostructures is an effective way to achieve higher performance from devices based
on graphene, phosphorenes and TMDs.

As an extension to the above idea, trilayer vdW heterostructures have recently been
attracting more and more attention, since one more layer might open more space for
tuning the properties further [40,41]. Simulation by Datta et al. demonstrated that the
electronic properties of MoS2/MX2/MoS2 exhibit a smaller electron effective mass and
a semiconductor-to-metal transition under tensile strain [42]. Device level performance
of MoS2/MX2/MoS2 were further calculated, showing that these trilayer heterostruc-
tures would be prospective to construct highly sensitive field effect transistors for nano-
biomolecules sensing as well as for pH sensing [43]. Bafekry et al. theoretically analyzed
trilayer vdW heterostructures in which MoS2 monolayer is encapsulated by two graphitic
carbon nitride monolayers, revealing their magnetic metallic characteristics [44] proba-
bly applicable in nano-spintronic devices. Liu et al. proposed trilayer heterostructures
MoS2/SiC/MoS2 and SiC/MoS2/SiC, and predicted their strain-induced tunable band
structure promising for future optoelectronic devices [45]. Calculation on BlueP/MoX2-
based trilayer heterostructures demonstrated the excellent ability to accelerate the separa-
tion of photo-generated electron-hole pairs and the controllable power conversion efficiency
indicating great potential for photocatalysis and photovoltaics [46]. BN/graphene/BN was
proposed and simulated to open the graphene bandgap and enhance the application po-
tential for radio-frequency devices and switching transistors [47,48]. Xu et al. theoretically
argued that MoS2-graphene-based trilayer heterostructures are of unique optoelectronic
properties tunable by external electric field and thus of great potential for solar energy har-
vesting and conversion [49]. External electric field modulation effects were also simulated
on PtSe2/graphene/graphene and graphene/PtSe2/graphene, revealing their usefulness to
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guide the design of high-performance field effect transistors [50]. In an experimental work,
Long et al. fabricated WSe2/graphene/MoS2 p-g-n heterostructure photodetector, which
achieved a wide detection wavelength range of 400–2400 nm and a short rise/fall time [51].
Li et al. fabricated photodetectors based on dielectric shielded MoTe2/graphene/SnS2
p–g–n junctions, and achieved extraordinary responsivity as high as 2600 A/W, detectivity
as good as 1013 Jones with fast photoresponse in the range of 405–1550 nm [52]. It is
thus clear that constructing trilayer vdW heterostructures can improve further the per-
formance of electronic and optoelectronic devices based on graphene, phosphorenes and
TMDs. However, the reported trilayer heterostructures used mainly symmetrical structures
and/or contained two types of materials. Further efforts should be made to construct new
vdW heterostructures.

In this work, we attempt to construct and study trilayer vdW heterostructures with
asymmetric structures and/or three different types of 2D materials. Four kinds of trilayer
heterostructures containing MoS2, phosphorene and/or graphene are simulated in terms
of structural, optical and optoelectronic properties. It is suggested that sophisticated
2D trilayer vdW heterostructures can provide further optimized characters for a new
generation of optoelectronic devices.

2. Calculation Methods

In this study, we designed four trilayer vdW heterostructures BP/BP/MoS2, BlueP/
BlueP/MoS2, BP/graphene/MoS2 and BlueP/graphene/MoS2, which are structurally
asymmetric and/or composed of more than two different types of 2D materials. The
first-principles calculation was performed using the tool of Vienna ab initio simulation
package (VASP) [53] within Density Functional Theory (DFT) and the projector-augmented
wave (PAW) method [54]. The generalized gradient approximation (GGA) with the Perdew–
Burke–Ernzerhof (PBE) method was applied for calculating electron exchange and corre-
lation potentials [54,55]. Due to the weak vdW interaction between the monolayers, the
opt-PBE vdW method [55,56] was adopted to modify the vdW dispersion. To avoid the
interaction between adjacent slab models, the thickness of the vacuum layer was set to
20 Å. The energy cutoff, convergence criteria of total energy and force were set to 450 eV,
10−5 eV and 0.01 eV/A, respectively. When optimizing the trilayer atomic structures,
1 × 7 × 1, 3 × 3 × 1, 2 × 2 × 1 and 3 × 3 × 1 k-point sets were adopted for BP/BP/MoS2,
BlueP/BlueP/MoS2, BP/graphene/MoS2 and BlueP/graphene/MoS2, respectively. When
calculating the electronic structures, 5× 21× 1, 16× 16× 1, 5× 5× 1 and 8 × 8 × 1 k-point
sets were adopted for the four structures, respectively. When calculating the optical proper-
ties, 8 × 21 × 1, 20 × 20 × 1, 10 × 10 × 1 and 13 × 13 × 1 k-point sets were adopted for the
four structures, respectively. The above-mentioned k-point sets were actually determined
by convergence tests: increasing the k-point set scale until a state in which the calculation
results do not change beyond the convergence standard any longer. It reflects that calcula-
tions for structural, electronic and optical properties need more and more computational
cost and accuracy.

To establish the stability of the proposed vdW heterostructures, we should in prin-
ciple evaluate their vibrational frequencies to seek real and positive phonon parameters.
Nevertheless, most of the first-principles simulations on vdW heterostructures took the
binding energy as the figure of merit to characterize the structure stability [21,27,30,36],
because the vibrations are so computationally expensive that a complex structure would be
technically hard to deal with. In our case, the proposed atomic structures are even larger
and complicated, so we judge the structure stability and thus the experimental feasibility
by calculating the binding energy, which would be negative for a stable system [23]. The
binding energy (Eb) is calculated using the following equation:

Eb = Ehts − EA − EB − EC (1)
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where Ehts represents the overall energy of the heterostructure and EA, EB, and EC represent
the energy of each monolayer in its free state. The work function, used as the key parameter
to deduce the band alignment, is described by

W = Evac − Ef (2)

where Evac is the energy of a stationary electron in the vacuum and Ef is the Fermi level.
The macroscopic optical response function is usually measured by the complex di-

electric function ε(ω) = ε1(ω) + iε2(ω), where ω represents the circular frequency of light.
The real part ε1(ω) can be processed via the Kramers–Kronig relation and the imaginary
part ε2(ω) is produced by Fermi’s golden rule [57]. Based on these parameters, we can
obtain the absorption coefficient by [58],

α(ω) =

√
2ω

c
{[ε1

2(ω) + ε2
2(ω)]1/2 − ε1(ω)}1/2 (3)

3. Results and Discussion
3.1. Structural Parameters

Due to the surface relaxation and interfacial mismatch, the trilayer vdW heterostruc-
ture supercells must be carefully set, for which we here extend monolayer cells indi-
vidually to satisfy the length matching between different layers. The BP/BP/MoS2
heterostructure is constructed from a 4

√
3 × 1 supercell MoS2 monolayer and a 5 × 1

supercell bilayer-BP, while the BlueP/BlueP/MoS2 heterostructure is formed by stack-
ing a 3 × 3 supercell bilayer-BlueP on a 3 × 3 supercell MoS2 monolayer. After struc-
ture optimization calculation, we obtain the rectangular lattice constants a = 22.227 and
b = 3.278 Å for BP/BP/MoS2, and the hexagonal lattice constants a = b = 9.642 Å for
BlueP/BlueP/MoS2. For BP/graphene/MoS2, bilayer BP/graphene cells are first con-
structed by matching 3 × 1 BP with 4

√
3 × 1 supercell graphene, and then the 1 × 2

supercell of the bilayer BP/graphene is set to match the 2
√

3 × 3 supercell MoS2. For
BlueP/graphene/MoS2, a 3 × 3 supercell monolayer BlueP, 4 × 4 supercell graphene,
and 3 × 3 supercell monolayer MoS2 are successively stacked. The optimized rectan-
gular lattice constants of BP/graphene/MoS2 are a = 10.256 Å and b = 8.907 Å, and the
hexagonal ones of BlueP/graphene/MoS2 are a = b = 9.776 Å. The simulated models of
BP/BP/MoS2, BlueP/BlueP/MoS2, BP/graphene/MoS2 and BlueP/graphene/MoS2 are
depicted in Figure 1.

The trilayer vdW heterostructures will have different energies with different layer
spacing. Figure 1 gives the layer spacing when the system reaches the final equilibrium. The
calculated binding energy of the four trilayer heterostructures is−21.12,−65.41,−21.92 and
−65.78 eV, respectively. The negative binding energies indicate that all the four proposed
vdW heterostructures are structurally highly stable like the reported bilayer heterostruc-
tures [21,36]. The structure stability may imply the fabrication feasibility to some degree. As
is known, BP/MoS2 [38], graphene/MoS2 [59], graphene/BP [39] bilayer heterostructures,
and TMD/graphene/MoS2 [51] trilayer heterostructures have been successfully fabricated
using physical and chemical methods including mechanical stripping, liquid-phase strip-
ping, hydrothermal and chemical vapor deposition. BlueP 2D monolayer has been well fab-
ricated by molecular beam epitaxy [60], and the possibility to form its heterostructure with
other 2D materials has been stated by a few studies [37,46]. Combining together the above
fabrication abilities and considering the confirmed structure stability, the preparation of our
proposed vdW heterostructures will be experimentally feasible. Noting the binding energy
differences among these heterostructures, BlueP/BlueP/MoS2 and BlueP/graphene/MoS2
might be easier to be fabricated than BP/BP/MoS2 and BP/graphene/MoS2, although
BlueP-related 2D materials seem currently farther away from practical manufacture than
BP-related ones.
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3.2. Electronic Properties
3.2.1. Band Structure

Figure 2a,b demonstrate the projected band structures of BP/BP/MoS2 and BlueP/
BlueP/MoS2 calculated using the PBE method. BP/BP/MoS2 exhibits the conduction band
minimum (CBM) located between the Y and G points and mostly contributed by MoS2
(red lines) as well as the valance band maximum (VBM) located at the high-symmetry G
point and mostly contributed by BP (blue lines). These are qualitatively consistent with
our calculation of the bilayer counterpart BP/MoS2 (in agreement with [34]), suggesting
that the high hole mobility of BP and high electron mobility of MoS2 are still preserved.
The indirect bandgap of the 4

√
3 × 1 supercell MoS2, 1.338 eV, and the direct bandgap

of the 5 × 1 supercell bilayer-BP, 0.706 eV, are reduced compared with those in bilayer
BP/MoS2 (MoS2 1.398 eV, BP 0.876 eV), which are already lower than the free monolayer
ones (MoS2 1.69 eV, BP 0.9 eV [36]). Significantly, the whole BP/BP/MoS2 heterostructure
possesses an indirect band gap of 0.167 eV, nearly half that of bilayer BP/MoS2, 0.326 eV.
It is seen that this trilayer heterostructure effectively tunes the bandgap further. For
BlueP/BlueP/MoS2, the CBM is located between the G and M points and is also mostly
contributed by MoS2 (red lines), whereas the VBM is located at the high-symmetry K
point and is mostly contributed by BlueP (blue lines), consistent with the calculated results
of the bilayer counterpart BlueP/MoS2 (in agreement with [37]). Similar to the above
BP/BP/MoS2, the direct bandgap of the 3 × 3 supercell MoS2 monolayer, 1.298 eV, and the
indirect bandgap of the 3 × 3 supercell BlueP monolayer, 1.624 eV, are smaller than those
in the bilayer BlueP/MoS2 (MoS2 1.328 eV, BlueP 1.698 eV), which are already decreased
compared with the corresponding free monolayer ones (MoS2 1.69 eV, BlueP 1.908 eV [2,37]).
The whole trilayer heterostructure possesses an indirect band gap of 1.2632 eV, smaller than
that of the bilayer BlueP/MoS2, 1.3746 eV. It falls in between the BlueP/MoS2/BlueP of
1.013 eV and MoS2/BlueP/MoS2 of 1.561 eV reported by Han et al. [46], again implying the
further effective tuning by such an asymmetric trilayer heterostructure. The BP(BlueP) and
MoS2 bandgap decrease as they compose bilayer or trilayer heterostructures, which can be
attributed to ~2.5% and ~2% lattice mismatch and a weak vdW force [35]. A whole-bandgap
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decrease with the addition of a BP(BlueP) monolayer was discovered by Dong et al. and
Qiao et al. in their studies on BP [57,61]; bandgap engineering by means of the simple
addition of monolayers appears thus to be effective. Moreover, it is interesting here that the
VBM of BlueP and MoS2 are becoming much closer, which supports application with the
function of carrier transferring or tunneling.
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Figure 2c,d show the projected band structure of BP/graphene/MoS2 and BlueP/
graphene/MoS2 trilayer vdW heterostructures calculated using the PBE method. What
is immediately significant is that the BP/graphene/MoS2 structure opens the bandgap
of graphene to 0.051 eV, which is over one order of magnitude larger than the open-
ing by the reported bilayer heterostructures such as graphene/BP (~0.0013 eV) [24],
graphene/ZnO (~0.0057 eV) [30], and graphene/MoS2 (~0.0007 eV) [49], and remark-
ably larger than those by other trilayer heterostructures such as graphene/ZnO/MoS2
(~0.0048 eV) [30], graphene/nitrogene/graphene (~0.04 eV) [40], and graphene/BN/graphene
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(~0.020 eV) [47]. BlueP/graphene/MoS2 opens the bandgap of graphene by 0.0093 eV, simi-
lar to many other heterostructures. The effectiveness of the graphene bandgap opening in
BP/graphene/MoS2 can hardly be attributed to strain, because the strains of graphene in
both structures are close to each other (3.2% and 2.8%) and close to those of the reported
structures such as graphene/BP (3%) [24]. We believe it originates from the united vdW
coupling forces among BP and MoS2 monolayers and possible built-in electric fields. The
remarkable graphene bandgap opening suggests potential applications in temperature-
sensitive devices [62]. On the basis of guaranteeing the excellent electronic properties of
graphene, it can also be applied to field effect transistors with a high switching ratio. It is
worth noting that these band gap values are grossly underestimated owing to adopting
PBE functional calculation, so the real bandgaps of graphene in such heterostructures
may be larger to match more extended application prospects. Furthermore, the band gap
values of BP (~1.018 eV) and BlueP (~1.998 eV) in these two trilayer heterostructures are,
qualitatively as graphene does, slightly larger than the free monolayers (BP of 0.9 eV [36]
and BlueP of 1.908 [37]), which is in contrast to the first two structures BP/BP/MoS2 and
BlueP/BlueP/MoS2. There seem to be two types of bandgap engineering mechanisms in
trilayer vdW heterostructures, providing wider space for novel device design.

We also calculated the local density of state (LDOS) and total density of states (TDOS)
of BP/BP/MoS2 and BlueP/BlueP/MoS2, as shown in Figure 3. The CBM state is mainly
contributed by the Mo element and the VBM state relies on the P element, but the small
difference between LDOS and TDOS may suggest that the interlayer vdW interaction also
has a role in tuning the energy bands. What is quite significant is that only one more
monolayer of BP(BlueP) increases the DOS to more than twice compared with the corre-
sponding bilayer heterostructures. A similar phenomenon occurs in BP/graphene/MoS2
and BlueP/graphene/MoS2, where the DOS also increases due to the insertion of a single
graphene monolayer with respect to BP/MoS2 and BlueP/MoS2 bilayer heterostructures.
It evidences the effectiveness of the proposed trilayer vdW heterostructures in optimizing
the performance of 2D material systems.
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3.2.2. Band Alignment

The band alignment of the vdW heterostructure is important in the design of new
2D-material structures. It is thus necessary to specifically pick up the band alignment
data from the proceeding band structures with the help of calculating the work func-
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tion. In Figure 4, for the BP/BP/MoS2 and BlueP/BlueP/MoS2 heterostructures, p-type
bilayer-BP(BlueP) (Efcloser to VBM) and n-type MoS2 (Ef closer to CBM) form type-II
band alignment, as is expected. This band alignment has carrier confinement effects [63],
favoring the electron-hole separation and then increasing the internal gain and responsivity
of photodetectors. In brief, BP/BP/MoS2 shows a more obvious type-II band alignment
with a larger offset on the valence band and will produce a stronger carrier confinement
effect compared with BP/MoS2 [37,40]. With graphene inserted, BP/graphene/MoS2 and
BlueP/graphene/MoS2 heterostructures naturally show a type-I quantum-well-like band
alignment, providing the potential to construct nano-scaled bipolar transistors, field-effect
transistors and photon transistors, which may need three different energy structures. In
contrast to the Schottky contact of graphene/MoS2 and graphene/BP(BlueP), here, semicon-
ductor heterojunctions are formed. By applying an electric field across this semiconductor
heterojunction, the graphene bandgap can be further flexibly tuned to exhibit different
band alignments, which is of significance for the construction of new types of field-effect
photodetectors [49].
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3.3. Optical Absorption Spectra

On the optical absorption properties of 2D materials, many studies have been devoted
to monolayer and bilayer vdW heterostructures, but little research has been carried out on
trilayer ones, let alone a comparison between the bilayer and trilayer heterostructures [48].
The absorption spectra of BP/BP/MoS2 and BlueP/BlueP/MoS2 trilayer heterostructures
are shown in Figure 5a,b. The absorption edge redshifts effectively expand the application
ranges from covering the short-wave infrared band to covering the mid-wave infrared band
for BP-based material, and from covering the visible band to covering the short-wave in-
frared band for BlueP-based material. This change is directly associated with the shrinkage
of the bandgaps observed in Figure 3, but there seems to be something more incorporated
as we see the following. Obviously, with only one more phosphorene monolayer, i.e.,
~1/3 increase in material quantity, the spectral absorption intensity increases to be more or
less twice with respect to monolayer and bilayer counterparts. This is more than expected,
meaning that these two trilayer heterostructures greatly improve the quantum efficiency
in optoelectronic devices [64] in wide spectral ranges. This sort of enhancement might
be the result of complex interlayer vdW interactions. In more detail, the absorption of
BP/BP/MoS2 is much stronger (reaching 105 cm−1) than that of BlueP/BlueP/MoS2 in the
near-infrared range, but the latter displays more significant absorption in the ultraviolet
range. They can thus be applied effectively in different scenes. As a whole, these results
make up for the shortage of monolayer 2D materials in optical characteristics and are
beneficial for optoelectronic devices with the need for light absorption enhancement and
absorption range broadening.
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Figure 6 displays the absorption coefficients of bilayer heterostructures graphene/BP,
graphene/BlueP and graphene/MoS2, and the trilayer heterostructures BP/graphene/MoS2
and BlueP/graphene/MoS2. The inset shows that the two kinds of trilayer heterostruc-
tures have stronger light absorption in the range below 0.8 eV than the related bilayer
heterostructures, so they are better choices for graphene-based 2D materials to realize pho-
todetectors widely responding to short-, mid- and long-wave infrared light. In the range of
2.2–6 eV, BP/graphene/MoS2 shows remarkably higher light absorption than the related
bilayer heterostructures, making it able to realize better graphene-based optoelectronic
devices working in a wide range from visible to deep ultraviolet. BlueP/graphene/MoS2
shows better light absorption characteristics than the related bilayer heterostructures in the
range of 4–6 eV, so it is more suitable for use as a graphene-based solar-blind ultraviolet
photodetector. These asymmetric graphene-sandwiched vdW heterostructrues are thus
proved to be effective in tuning and improving the performance of graphene-based 2D
materials on the basis of guaranteeing the excellent electronic properties of graphene.
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wave) infrared to violet. In contrast, for BP/graphene/MoS2 and BlueP/graphene/MoS2, 
most of the bandgaps were enlarged, implying different tuning mechanisms related to 
vdW interaction. Specifically in BP/graphene/MoS2, the graphene bandgap was well 
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ment in wide spectral ranges, suggesting that these trilayer vdW heterostructures show 
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4. Conclusions

Using the first-principles calculation based on DFT theory, we proposed and simulated
trilayer 2D vdW heterostructures: BP/BP/MoS2, BlueP/BlueP/MoS2, BP/graphene/MoS2
and BlueP/graphene/MoS2. The atomic structures of these heterostructures are all stable
and look feasible to prepare. For BP/BP/MoS2 and BlueP/BlueP/MoS2, all the bandgaps
were tuned to be smaller, to effectively compensate for the shortage of corresponding
monolayers and to satisfy a wider spectrum of applications with respect to the bilayer
structures BP/MoS2 and BlueP/MoS2, respectively. Their higher DOS, much stronger
light absorption and more obvious type-II band alignment will realize better performance
of optoelectronic devices working in a wide spectrum from mid-wave (short-wave) in-
frared to violet. In contrast, for BP/graphene/MoS2 and BlueP/graphene/MoS2, most
of the bandgaps were enlarged, implying different tuning mechanisms related to vdW
interaction. Specifically in BP/graphene/MoS2, the graphene bandgap was well opened to
0.051 eV, more than one order of magnitude larger than usual, indicating more space for
graphene tuning in trilayer vdW heterostructures. Accompanying the bandgap increase,
both BP/graphene/MoS2 and BlueP/graphene/MoS2 exhibit absorption enhancement
in wide spectral ranges, suggesting that these trilayer vdW heterostructures show better
prospects as graphene-based 2D material optoelectronic devices with broad responses in
the short- to long-wave infrared, visible to deep ultraviolet and solar-blind ultraviolet
bands. It is concluded that the proposed 2D trilayer vdW heterostructures are potentially
applicable as novel optoelectronic devices.
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Abstract: Aqueous rechargeable zinc (Zn)–air batteries have recently attracted extensive research
interest due to their low cost, environmental benignity, safety, and high energy density. However,
the sluggish kinetics of oxygen (O2) evolution reaction (OER) and the oxygen reduction reaction
(ORR) of cathode catalysts in the batteries result in the high over-potential that impedes the practical
application of Zn–air batteries. Here, we report a stable rechargeable aqueous Zn–air battery by use
of a heterogeneous two-dimensional molybdenum sulfide (2D MoS2) cathode catalyst that consists
of a heterogeneous interface and defects-embedded active edge sites. Compared to commercial
Pt/C-RuO2, the low cost MoS2 cathode catalyst shows decent oxygen evolution and acceptable
oxygen reduction catalytic activity. The assembled aqueous Zn–air battery using hybrid MoS2

catalysts demonstrates a specific capacity of 330 mAh g−1 and a durability of 500 cycles (~180 h) at
0.5 mA cm−2. In particular, the hybrid MoS2 catalysts outperform commercial Pt/C in the practically
meaningful high-current region (>5 mA cm−2). This work paves the way for research on improving
the performance of aqueous Zn–air batteries by constructing their own heterogeneous surfaces or
interfaces instead of constructing bifunctional catalysts by compounding other materials.

Keywords: Zn–air batteries; 2D MoS2; defects-embedded; OER; ORR

1. Introduction

Zinc–air (Zn–air) batteries using oxygen (O2) as the active medium have recently
attracted extensive research interest as a promising energy storage device for the next-
generation energy storage technology due to their high theoretical energy density of
1086 Wh kg−1, safety and environmental friendliness, cost-effectiveness, and readily avail-
able raw materials [1–6]. The reported Zn–air battery usually consists of a Zn metal anode
(Zn-anode), an alkaline aqueous electrolyte, and a porous carbonaceous cathode, where the
O2 can be absorbed and react with the electron and H2O to convert OH−1 via an oxygen
reduction reaction (ORR, see Equation (1)) on discharge, showing a theoretical specific
energy of ~1086 Wh kg−1, being at least four times higher than that of Li-ion batteries of
~265 Wh kg−1 [7–9].

ORR on discharge: O2 (g) + 2H2O (l) + 4e−1 → 4OH− (aq) (1)

OER on charge: 4OH (aq)→ O2 (g) + 2H2O (l) + 4e− (2)

On charge, the OH−1 can be converted into O2 gas and H2O to store electric energy
via the oxygen evolution reaction (OER, see Equation (2)) [8]. However, the OER and ORR
of the cathodes are slow in kinetics due to the proton-coupled multistep electron transfer
process for the reversible charge/discharge reactions [7–13]. In addition, the alkaline
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aqueous electrolyte can capture carbon dioxide in the air and generate insoluble and
insulating carbonate [14], such as the typical Li2CO3 byproduct that has a ~5.09 eV band
gap defined by the highest occupied molecular orbital (HOMO) and the lowest unoccupied
molecular orbital (LUMO) levels [15], which result in extremely sluggish kinetics for OER
and ORR processes [14]. Various advanced strategies have been used to improve the
kinetics of the OER/ORR on charge/discharge [16]. Among them, precious metal and
metal oxide catalysts, including platinum (Pt), ruthenium (Ru), iridium (Ir), ruthenium
dioxide (RuO2), iridium dioxide (IrO2), etc., usually show good catalytic activity for ORR
or OER. As the most representative cooperation, Pt is used as an ORR electrocatalyst in
alkaline media, and the ruthenium dioxide (RuO2)/iridium dioxide (IrO2) is used as the
OER catalyst [17–21]. However, these precious metals and metal oxides are difficult to use
in large-scale industrial applications due to their poor chemical stability, relative scarcity,
and high cost [21]. Therefore, the exploitation of cheap and efficient electrocatalysts to
boost the OER and ORR processes is highly necessary for developing high-performance
aqueous Zn–air batteries.

As one of the most classical 2D transition-metal chalcogenides (TMDs), molybde-
num disulfide (MoS2) has abundant active edge sites and good crystallinity [22,23], and
it recently has been considered to be an effective hydrogen evolution reaction (HER)
catalyst [24]. In addition, research suggests that crystal-amorphous interface and grain
boundaries of MoS2 can catalyze electrochemical reactions [22]. Nonetheless, Amiinu et al.
recently reported multifunctional Mo–N/C@MoS2 electrocatalysts for HER, OER, ORR,
and Zn–air batteries that show a high power density of ≈196.4 mW cm−2 and a voltaic
efficiency of ≈63% at 5 mA cm−2, as well as excellent cycling stability, even after 48 h at
25 mA cm−2 [10]. Bai et al. reported heterostructure Co9S8@MoS2 core–shell structures that
exhibited robust OER performance and a 20 h cycle lifespan for Zn−air batteries with low
high discharge voltages/low discharge voltages (~1.28 V/2.03 V) [25]. Plulia et al. reported
layered MoS2/graphene nanosheet catalysts that showed enhanced oxygen reduction ac-
tivity, nearly double that of graphene nanosheets or ∼25-fold that of MoS2 nanosheets,
and high open circuit voltages (1.4 V) and high specific energy of up to 130 W h kg−1

for assembled Zn−air batteries [26]. Although great efforts have thus been focused on
improving the electrocatalytic performance of MoS2, the OER activity of MoS2 is largely
limited, which makes it difficult to use for OER and Zn–air batteries [27]. Compared with
the reported bifunctional catalysts consisting of two typical catalytic function materials,
the development of a single and efficient non-precious metal catalyst with a good oxygen
evolution reaction and oxygen reduction reaction, by a simple preparation process, is of
great significance for the development and application of aqueous zinc–air batteries.

Here, we report an aqueous Zn–air battery that shows advantages in cycle performance
and economic cost. The Zn–air battery consists of a Zn-anode, an alkaline aqueous solution
electrolyte, and the air cathode (see Figure S1 in Supplementary Materials). The air cathode
materials, consisting of electron-conducting carbon nanotube (CNT) and MoS2 catalysts,
are prepared on the carbon paper gas diffusion layer (GDL) that can provide an efficient
gas transport for the assembled battery (see Figure 1a). A stable cycling Zn–air battery can
be obtained through several mechanisms: (a) An air cathode consisting of heterogeneous
MoS2 catalysts and CNT on the GDL can provide good conductivity for charge transport,
and an adequate three-phase interface for ORR and OER for the assembled aqueous
Zn–air battery on charge/discharge (see Figure 1b) [21]. (b) A heterogeneous interface
consisting of a super-hydrophobic carbon paper GDL and a hydrophilic MoS2 catalyst
enables efficient gas utilization, where the oxygen (O2) can be directly absorbed and reacted
at the interface without being dissolved in aqueous solution on the charge/discharge
process (see Figure 1c,d) [28]. (c) The MoS2 with heterogeneous and abundant active edge
sites can enable an efficient electrochemical reaction, especially for the hydrogen evolution
reaction (HER) and the oxygen evolution reaction [29]. Notably, the heterogeneous catalyst
is only composed of MoS2 that can form heterogeneous interfaces and defects-embedded
active edge sites only by using a relatively low synthesis temperature (see Section 2).
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The oxygen evolution activity of the heterogeneous MoS2 catalyst, by constructing its
own heterogeneous surface or interface instead of constructing bifunctional catalysts by
compounding another OER catalytically active material, exceeds commercial Pt/C-RuO2
catalytic activity for the assembled aqueous Zn–air battery.
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Figure 1. Configuration of the aqueous Zn–air battery with a heterogeneous design. (a) Configuration
of the aqueous Zn–air battery and the enlarged diagram of the heterogeneous interface consisting of
hydrophilic MoS2 catalysts, electron-conductive CNT, and a super-hydrophobic carbon paper gas
diffusion layer. (b) Diagram of charging and discharging of an assembled water-zinc-air battery with
a three-phase interface ORR and OER. (c) Optical photo of a drop of water on the cathode surface
coated on carbon paper GDL that shows a contact angle of ~24 degrees. (d) Optical photo of a drop
of water on carbon paper GDL that shows a contact angle of ~130 degrees.

2. Materials and Methods
2.1. Chemicals

(NH4)2MoS4, dimethylformamide (DMF), ethanol, carbon nanotubes, RuO2, and KOH
were purchased from Sigma Aldrich. Nafion D520 (5 wt%), and carbon paper (GDL340)
were received from SCI-Materials-Hub. A commercial Pt/C catalyst with 20 wt% Pt was
purchased from Shanghai Macklin Biochemical Technology Co., Ltd (Shanghai, China). All
the reagents were of analytical grade and used as received without further purification.
Deionized water was used throughout the experimental processes.

2.2. Material Preparation

MoS2 was prepared by hydrothermal synthesis. Briefly, 0.2 g (NH4)2MoS4 was dis-
solved in 15 mL DMF by ultrasonication for 15 min to form a homogeneous solution. Then,
the solution was transferred into a 25 mL Teflon-lined stainless steel autoclave maintained
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at 180 ◦C for 10 h and cooled to room temperature naturally. The final product was collected
by centrifugation, washed with water and ethanol three times each, and subsequently dried
in a vacuum oven at 60 ◦C overnight, resulting in black powder.

2.3. Material Characterization

The crystal structures of samples were identified on a BRUKER D8 ADVANCE X-ray
diffractometer with Cu-Kα radiation (λ = 1.54178 Å) over the 2θ range from 5 to 90◦. The
morphology and microstructure were characterized by a scanning electron microscope
(SEM, Hitachi SU8010) and a transmission electron microscope (TEM, TecnaiG2F20).

2.4. Electrode Preparation and Battery Assembly

Firstly, 0.5 mL Nafion D520 solution, 1 mg MOS2, 1 mg carbon nanotubes, and
10 mL ethanol were measured into a beaker and ultrasonicated for 30 min. After the
mixture was evenly mixed, 1 mL of the mixture was taken and sprayed evenly onto
2 × 2 cm carbon paper with a spray gun. While spraying, the surface of the carbon paper
was dried with a baking lamp. After drying at 60 ◦C, the loading capacity of MoS2 catalyst
was estimated to be 1 mg cm−2, which is the air electrode. When making the contrast
electrode, it was only necessary to change the MoS2 catalyst with the same amount of
Pt/C-RuO2 powder (m(Pt/C):m(RuO2) = 1:1), and the other steps were exactly the same as
above. A polished zinc foil (thickness: 0.25 mm) was used as the anode, and the electrolyte
was 6.0 M KOH for the primary Zn–air battery and 6.0 M KOH with 0.20 M Zn (CH3COO)2
for the rechargeable Zn–air battery. Measurements were carried out at 25 °C with an
electrochemical workstation (CHI 660E, CH Instrument, Austin, TX, USA).

2.5. Electrochemical Test

The discharge/charge cycling performance of the ASS Zn–air battery was obtained by
using an electrochemical test system (Hokuto Denko Corporation, HJ1001SD8, Meguro-
ku, Tokyo). Alternating-current impedance spectroscopy of the lithium–air batteries was
investigated using an electrochemical workstation (CHI 660E, CH Instrument, Austin,
TX, USA).

3. Results

Typically, heterogeneous MoS2 catalysts are prepared by a simple hydrothermal pro-
cess (see Figure S1 in Supplementary Materials). The structural and morphological prop-
erties of the prepared MoS2 catalysts were characterized by a transmission electron mi-
croscope (TEM), X-ray diffraction (XRD), and an aberration-corrected high-angle annular
dark-field scanning TEM (HAADF-STEM). As shown in Figure 2, the prepared MoS2 cata-
lysts were typical layered structures (see Figure 2a) [30] consisting of Mo and S elements,
where the S and Mo elements were evenly distributed on the prepared MoS2 catalyst
(see Figure 2a–d). XRD patterns further suggested the fact that the prepared catalysts were
MoS2, where XRD diffraction peaks located at 14.1◦, 33.2◦, 39.4◦ and 58.2◦ corresponded
to the (002), (100), (103), and (110) planes of the 2H-MoS2 nanosheet (Powder Diffrac-
tion File no. 37-1492, Joint Committee on Powder Diffraction Standards), respectively
(see Figure 2e) [31]. Other diffraction peaks located at 11.4◦, 22.5◦, and 29.6◦ could be at-
tributed to the 2m-1T phase transition of MoS2 driven by in situ intercalation of ammonium
or alkyl amine cations [32]. High-resolution HAADF-STEM images further indicated that
the prepared MoS2 were heterogeneous, where amorphous phases were distributed on the
crystalline MoS2 phases (see Figure 2f) [33]. Further, the STEM of the MoS2 catalyst showed
a heterogeneous surface consisting of active edge sites and abundant defects/disordered
phases (see Figure 2g) that could enhance the electrochemical reaction, where the interpla-
nar lattice spacings of 0.678 nm (see Figure 2g,h) were consistent with the crystal reflection
of MoS2 [34]. This result was also consistent with the XRD result of the prepared MoS2
catalyst. The high-resolution HAADF-STEM and TEM also indicated the formation of
heterogeneous crystalline-amorphous MoS2 (see Figure 2i,j). The above results suggest
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that the formation of heterogeneous MoS2 consists of crystalline-amorphous interfaces and
defects-embedded active edge sites [35].
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Figure 2. Characterization of the MoS2 catalyst for the Zn–air battery. (a) STEM of the prepared MoS2

catalyst. (b–d) EDS mappings of elementals (Mo and S) of the MoS2 catalyst. (e) XRD pattern of the
prepared MoS2 catalyst. (f) STEM image and (g) TEM image of the MoS2 catalyst. (h) Interplanar
spacings of the MoS2 catalyst, where the spacing of the nanosheets is found to be ∼6.78 Å. (i) High-
resolution STEM and (j) TEM image of the prepared MoS2 catalysts.

Befitting the electrochemical performance of the prepared MoS2, the aqueous Zn–air
battery using the MoS2 catalyst showed a lower discharge potential (~1.17 V) and a higher
charge potential (~2.39 V) than the Zn–air battery using commercial Pt/C-RuO2 catalysts
(~1.35 V and 1.89 V, see Figure 3a) at the first cycle. Notably, the Zn–air battery using the
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MoS2 catalyst showed a lower discharge potential (~1.3 V) and a slightly lower charge
potential (~1.88 V) than the Zn–air battery using commercial Pt/C-RuO2 catalysts (~1.26 V
and 1.94 V, see Figure 3a) after 500 cycles. This indicates that the heterogeneous MoS2
catalysts can enable a more stable and better electrochemical performance than the ex-
pensive Pt/C-RuO2 catalysts for the assembled aqueous Zn–air battery [36]. In addition,
the Zn–air batteries using the MoS2 catalysts could stably discharge a specific capacity
of ~330 mAh g−1, ~660 mAh g −1, ~3300 mAh g−1, and ~6600 mAh g−1 at 0.5 mA cm−2,
1 mA cm−2, 5 mA cm−2, and 10 mA cm−2, respectively (see Figure 3b). This suggests that
the Zn–air battery using MoS2 can be stably operated at high current density. Note that
by using heterogeneous MoS2 catalysts, the assembled aqueous Zn–air battery demon-
strated good cycle performance with lower potential than that of the Zn–air battery using
commercial Pt/C-RuO2 catalysts (see Figure 3c and Figure S2 in Supplementary Mate-
rials). The long-term electrochemical test of the Zn–air battery using the MoS2 catalyst
showed an increasingly enhanced electrochemistry performance where the discharge po-
tential decreased from ~2.38 V at the first cycle to ~1.98 V at the 500th cycle with a limited
specific capacity of ~330 mAh g−1 (see Figure 3d). The enhanced electrochemical perfor-
mance could also be observed by the reduction of charge potential during cycling (see
Figure 3e). This indicates the fact that the MoS2 catalysts with heterogeneous interfaces and
defects-embedded active edge sites can demonstrate better OER performance for assembled
Zn–air batteries than expensive Pt/C-RuO2 catalysts during long-term limited capacity
cycling [37]. Such good cycle performance can be attributed to the heterogeneous interface
and defects-embedded active edge sites of the prepared MoS2 catalyst, where the edge sites
of the MoS2 nanosheets can enable stronger adsorption toward oxygen (O2), and other
intermediates [38,39], defects [40], and amorphous phases can make the MoS2 catalyst
maintain high electrochemical activity [41], thus resulting in excellent cycle performance
for the assembled aqueous Zn–air batteries.

Further, the heterogeneous MoS2 were employed as cathode catalysts of a typical
aqueous Zn-O2 battery and a Zn-CO2 battery. As showed in Figure 4a, all the batteries using
the MoS2 catalysts could operate at 0.5 mA cm−2 with a limited capacity of ~330 mAh g−1.
Notably, the aqueous Zn–air battery showed the highest discharge potential (~1.17 V) and
the lowest charge potential (~2.39 V) at the first cycle compared to the Zn-O2 battery (with a
1.3 V discharge potential and 2.2 V charge potential, see Figure 4a) and the Zn-CO2 battery
(with a 1.18 V discharge potential and 2.16 V charge potential, see Figure 4a). Additionally,
the Zn–air battery using the heterogeneous MoS2 catalysts demonstrated a long cycle
lifespan (500 cycles, see Figure 4b), being at least four times more than the Zn-O2 battery
(~100 cycles, see Figure S2) and Zn-CO2 battery (~100 cycles, see Figure S2). Clearly, the
Zn–air battery using the heterogeneous MoS2 catalyst showed the best cycle performance
and the lowest potential gap of ~0.8 V compared to the Zn-O2 battery and the Zn-CO2
battery of more than 1.0 V (see Figure 4c and Figure S3 in Supplementary Materials). In
addition, the aqueous Zn–air battery showed a lower charge potential (~1.35 V) and a
higher discharge potential (~1.89 V) than the Zn–air battery using commercial Pt/C-RuO2
catalysts (~1.35 V and 1.89 V, see Figure 3a) at the first cycle. Notably, the Zn–air battery
using the MoS2 catalyst showed a lower discharge potential (~1.3 V) and a slightly lower
charge potential (~1.88 V) than the Zn–air battery using commercial Pt/C-RuO2 catalysts
(~1.26 V and 1.94 V, see Figure 3a) after 500 cycles. Furthermore, the assembled Zn–air
battery showed a long cycle lifespan of over 500 cycles, being at least five times higher than
that of the assembled Zn-O2 battery and the Zn-CO2 battery (~100 cycles, see Figure 4d).
Notably, the Zn–air battery showed enhanced electrochemical cycle performance during
long-term cycling that could be attributed to the activation of the cathode materials [42].
This indicates that the heterogeneous MoS2 can be successfully used as cathode catalysts
for both the Zn-O2 battery and the Zn-CO2 battery.
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Figure 3. Electrochemical performance of the Zn–air batteries. (a) The discharge and charge curves
of Zn–air batteries using the prepared MoS2 catalysts and commercial Pt/C-RuO2 catalysts at the 1st
and 500th cycles, with a limited capacity of 330 mAh g−1, respectively. (b) The discharge and charge
curves of the assembled Zn–air batteries using the MoS2 catalysts at various current densities of
0.5 A cm−2, 1 A cm−2, 5 A cm−2, and 10 A cm−2, respectively. (c) Electrochemical cycle performance
of the Zn–air batteries using the prepared MoS2 catalysts and commercial Pt/C-RuO2 catalysts
operating at 0.5 A cm−2, respectively. (d) The discharge and charge curves of Zn–air batteries using
the prepared MoS2 catalysts at the 1st, 100th and 500th, respectively, and (e) corresponding to the
voltage and capacity change of the Zn–air battery during the cycle.

206



Nanomaterials 2022, 12, 4069

Nanomaterials 2022, 12, x FOR PEER REVIEW 8 of 11 
 

 

the Zn-CO2 battery of more than 1.0 V (see Figure 4c and Figure S3 in Supplementary 

Materials). In addition, the aqueous Zn-air battery showed a lower charge potential (~1.35 

V) and a higher discharge potential (~1.89 V) than the Zn-air battery using commercial 

Pt/C-RuO2 catalysts (~1.35 V and 1.89 V, see Figure 3a) at the first cycle. Notably, the Zn-

air battery using the MoS2 catalyst showed a lower discharge potential (~1.3 V) and a 

slightly lower charge potential (~1.88 V) than the Zn-air battery using commercial Pt/C-

RuO2 catalysts (~1.26 V and 1.94 V, see Figure 3a) after 500 cycles. Furthermore, the as-

sembled Zn-air battery showed a long cycle lifespan of over 500 cycles, being at least five 

times higher than that of the assembled Zn-O2 battery and the Zn-CO2 battery (~100 cycles, 

see Figure 4d). Notably, the Zn-air battery showed enhanced electrochemical cycle per-

formance during long-term cycling that could be attributed to the activation of the cathode 

materials [42]. This indicates that the heterogeneous MoS2 can be successfully used as cath-

ode catalysts for both the Zn-O2 battery and the Zn-CO2 battery. 

 

Figure 4. Electrochemical performance of the Zn-air battery, Zn-O2 battery, and Zn-CO2 battery us-

ing a heterogeneous MoS2 catalyst. (a) The discharge and charge curves of the Zn-air battery, Zn-O2 

battery, and Zn-CO2 battery using a heterogeneous MoS2 catalyst at the 1st cycle with a limited 

capacity of 330 mAh g−1 and a current density of 0.5 mA cm−2. (b) The specific capacity and corre-

sponding capacity retention of the aqueous Zn-air battery, Zn-O2 battery, and Zn-CO2 battery dur-

ing cycling with a current density of 0.5 mA cm−2. (c) Voltage–time curves of the Zn–air battery, Zn-

O2 battery, and Zn-CO2 battery, respectively, for cycling over 30 h with a limited capacity of ~330 

mAh g−1 at 0.5 A cm−2. (d) The discharge and charge voltage change of the Zn-air battery, Zn-O2 

battery, and Zn-CO2 battery for long-term cycling with a limited capacity of ~330 mAh g−1. 

4. Conclusions 

In summary, by simple hydrothermal synthesis, we prepared hydrophilic and heter-

ogeneous MoS2 catalysts consisting of crystalline-amorphous interfaces and defects-em-

bedded active edge sites that enables a good three phase interface on carbon paper GDL, 

and efficient O2 and CO2 utilization by their hydrophilic characteristics (with a 24 degree 

water contact angle) and the superhydrophobic characteristics of carbon paper GDL (with 

a 130 degree water contact angle). Such MoS2 catalysts showed decent oxygen evolution 

and acceptable oxygen reduction catalytic activity compared to commercial Pt/C and 

Figure 4. Electrochemical performance of the Zn–air battery, Zn-O2 battery, and Zn-CO2 battery
using a heterogeneous MoS2 catalyst. (a) The discharge and charge curves of the Zn–air battery,
Zn-O2 battery, and Zn-CO2 battery using a heterogeneous MoS2 catalyst at the 1st cycle with a
limited capacity of 330 mAh g−1 and a current density of 0.5 mA cm−2. (b) The specific capacity
and corresponding capacity retention of the aqueous Zn–air battery, Zn-O2 battery, and Zn-CO2

battery during cycling with a current density of 0.5 mA cm−2. (c) Voltage–time curves of the Zn–air
battery, Zn-O2 battery, and Zn-CO2 battery, respectively, for cycling over 30 h with a limited capacity
of ~330 mAh g−1 at 0.5 A cm−2. (d) The discharge and charge voltage change of the Zn–air battery,
Zn-O2 battery, and Zn-CO2 battery for long-term cycling with a limited capacity of ~330 mAh g−1.

4. Conclusions

In summary, by simple hydrothermal synthesis, we prepared hydrophilic and heteroge-
neous MoS2 catalysts consisting of crystalline-amorphous interfaces and defects-embedded
active edge sites that enables a good three phase interface on carbon paper GDL, and
efficient O2 and CO2 utilization by their hydrophilic characteristics (with a 24 degree water
contact angle) and the superhydrophobic characteristics of carbon paper GDL (with a
130 degree water contact angle). Such MoS2 catalysts showed decent oxygen evolution
and acceptable oxygen reduction catalytic activity compared to commercial Pt/C and
RuO2, which enabled a cycling durability of 500 cycles (~180 h) for an assembled aqueous
Zn–air battery at 0.5 mA cm−2 with a limited capacity of 330 mAh g−1, and lower charge
potentials (~1.88 V after 500 cycles) than the Zn–air battery using expensive Pt/C and
RuO2 after cycles. Notably, the Zn–air battery using the prepared MoS2 catalysts could
operate stably even at a large current density of 10 mA cm−2. The Zn–Air battery using
single MoS2 catalyst also shows comparable performance among the Zn–Air batteries
using MoS2-based catalysts (see Table S1). In addition, the heterogeneous MoS2, as an
effective cathode catalyst, could catalyze the reversible circulation of the Zn-O2 battery and
the Zn-CO2 battery, demonstrating that the heterogeneous MoS2 catalyst can potentially
replace Pt/C and RuO2 catalysts in aqueous rechargeable Zn–air batteries, Zn-O2 batteries,
and Zn-CO2 batteries.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/nano12224069/s1, Figure S1. Auqeous Zn–Air battery system.
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(A) The photo of aquesous Zn–Air battery system that consists of aquesous electrolyte, pump and
Zn–Air battery. (B) Photo of aqueous Zn–Air battery that consists of air cathode, aqueous and
Zn-anode; Figure S2. Electrochemical cycle performance of aqueous Zn–Air batteries using the
heterogeneous MoS2 cathode catalyst and commercial Pt/C-RuO2 cathode catalyst where the Zn–Air
battery using the prepared MoS2 cathode catalysts shows an excellent cycle stability than the Zn–Air
battery using expensive Pt/C-RuO2 cathode catalyst at a large current density of 5 mA cm−2. It
indicates that the heterogeneous MoS2 catalyst has better oxygen evolution and oxygen reduction cat-
alytic activity, especailally at operating current desnsity, than commercial Pt/C-RuO2 catalyst; Figure
S3. Electrochemical cycle performance of aqueous Zn-O2 battery and Zn-CO2 battery. (a) Voltage-time
curves of the assembled aqueous Zn-O2 battery using the heterogeneous MoS2 catalyst that shows a
stable cycle and less than 1.0 V potential gap (with a ~1.3V discharge potential and less than 2.3 V
charge potential). (b) Voltage-time curves of the assembled aqueous Zn-O2 battery using the hetero-
geneous MoS2 catalyst that shows a stable cycle and ~1.35 V potential gap (with a ~1.25 V discharge
potential and ~2.6 V charge potential); Table S1. Comparison of electrochemical properties of Zn–Air
batteries using MoS2-based catalysts. References [10,25,43] are cited in Supplementary Materials.
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Abstract: It is still a challenge for flexible electronic materials to realize integrated strain sensors with
a large linear working range, high sensitivity, good response durability, good skin affinity and good
air permeability. In this paper, we present a simple and scalable porous piezoresistive/capacitive dual-
mode sensor with a porous structure in polydimethylsiloxane (PDMS) and with multi-walled carbon
nanotubes (MWCNTs) embedded on its internal surface to form a three-dimensional spherical-shell-
structured conductive network. Thanks to the unique spherical-shell conductive network of MWCNTs
and the uniform elastic deformation of the cross-linked PDMS porous structure under compression,
our sensor offers a dual piezoresistive/capacitive strain-sensing capability, a wide pressure response
range (1–520 kPa), a very large linear response region (95%), excellent response stability and durability
(98% of initial performance after 1000 compression cycles). Multi-walled carbon nanotubes were coated
on the surface of refined sugar particles by continuous agitation. Ultrasonic PDMS solidified with
crystals was attached to the multi-walled carbon nanotubes. After the crystals were dissolved, the
multi-walled carbon nanotubes were attached to the porous surface of the PDMS, forming a three-
dimensional spherical-shell-structure network. The porosity of the porous PDMS was 53.9%. The large
linear induction range was mainly related to the good conductive network of the MWCNTs in the
porous structure of the crosslinked PDMS and the elasticity of the material, which ensured the uniform
deformation of the porous structure under compression. The porous conductive polymer flexible sensor
prepared by us can be assembled into a wearable sensor with good human motion detection ability. For
example, human movement can be detected by responding to stress in the joints of the fingers, elbows,
knees, plantar, etc., during movement. Finally, our sensors can also be used for simple gesture and
sign language recognition, as well as speech recognition by monitoring facial muscle activity. This can
play a role in improving communication and the transfer of information between people, especially in
facilitating the lives of people with disabilities.

Keywords: porous conducting polymer; strain sensing; dual sensing mode; breathable

1. Introduction

With the progress of science and technology, various electronic products have been
invented to provide help for human life and work. In this process, portable computers,
smart watches, smart glasses and other wearable devices have been created and developed
rapidly [1–5]. In the research of wearable devices, we focused on the skin, one of the
largest and most important organs of the human body. Human skin is not only the
first barrier against the outside world but also has many tactile receptors for sensing
pressure, temperature, strain and other external stimuli [6,7]. By mimicking the sensory
capabilities and characteristics of natural skin, a great deal of research has been conducted to
develop bio-inspired electronic skin [3,8–11], which has important applications in wearable
healthcare devices [12,13], smart robots [14,15], implantable medical devices [16], motion
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monitoring [17,18] and environmental perception [19,20]. As an important part of electronic
skin, stress sensors based on different principles have been widely studied, including
transistor sensing [21], capacitive sensing [22], piezoresistive sensing [23], piezoelectric
sensing [24] and triboelectric sensing [25]. Piezoresistive and capacitive strain sensors
are widely studied by researchers because of their simple preparation process, low cost
and excellent flexibility [18,23,26–32]. On the other hand, compared with metal-based
and semiconductor-based stress sensors, conductive polymer composite stress sensors
based on percolation thresholds are one of the best choices for the next generation of
electronic skin stress sensors due to their superior strain-sensing capability and their
unique flexibility and light weight [8,33]. Breathability sensors provide comfortable contact
with the human body by balancing the temperature and humidity of the human skin
through the exchange of gases between the skin and the outside world [34]. However,
conventional polymeric strain sensors have a single sensing mode, and it is difficult to
provide a wide range of detection, high sensitivity and excellent response stability while
maintaining soft and breathable properties using these devices. This greatly limits their
application in various situations. In order to solve these problems, researchers have
designed a variety of different microstructures in recent years, such as pyramid array
structures [22,35], fiber structures [4,30,31,36], microcrack structures [33,37,38], sphere
structures [39] and porous structures [26,32,40,41]. Polymer foam with a porous structure
has been widely used in the sensor field due to its low density, large specific surface
area, good compression recovery performance, simple preparation process and other
advantages [23]. Meanwhile, due to their high electrical conductivity, large surface area
and chemical stability, MWCNTs have been investigated in a variety of frontier sensing
applications, such as optoelectronic sensors [42,43], medical sensors [44,45], chemical
sensors [46,47], mechanical sensors [48] and nano semiconductor devices [49]. Among
them, conducting polymer sensors doped with MWCNTs have received much attention in
the field of mechanical sensing due to their fast response and high sensitivity. In addition,
devices with multiple sensing mechanisms are important for artificial limbs and robots that
need to be able to sense fine motion and environmental information. A variety of single-
signal haptic sensors have been developed, piezoresistive and capacitive-based sensors
can independently enable the sensing of pressure or temperature information. There are
also e-skin systems that integrate multiple sensors to further improve the perception of
the environment and motion [20,50]. In addition, special functional properties such as
self-healing, self-powering, biodegradability, biocompatibility and breathability have been
gradually integrated into these devices to obtain e-skins with comprehensive performance
for practical applications [51–53]. In particular, breathability is an important way to improve
the comfort of wearable devices by balancing the thermal humidity between the human
body and the external environment. Therefore, haptic sensors with breathability are in high
demand and of great relevance in wearable health monitoring, biomedical monitoring and
implantable device applications [54].

In this paper, a novel strain sensor with a porous structure and a three-dimensional
spherical shell network composed of MWCNTs is proposed, in which a dissolvable crystal
was used as a sacrificial template. Firstly, the embedded three-dimensional spherical-shell
network of MWCNTs enabled the sensor to have both piezoresistive and pressure-capacity-
sensing capabilities, resulting in more accurate sensing data. In addition, the porous
structure prepared by the dissolvable crystal as a sacrificial template gave the sensor a
high sensitivity of −1.2/kPa (piezoresistive) and 0.38/kPa (pressure capacitive). With a
wide pressure sensing range (1–520 kPa), it fully met the requirements of human health
monitoring applications. In addition, the porous structure gave the sensor good comfort
and skin affinity for adapting to different human application scenarios. Finally, a porous-
structure sensor based on doped MWCNTs was applied to the human body to monitor
physiological signals and joint movements, including muscle movement, finger flexion,
elbow movement, knee movement and plantar pressure.
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2. Materials and Methods
2.1. Materials

Commercia PDMS (Sylgard 184, Dow Corning Co., Midland, MI, USA) and a curing
agent (Dow Corning Co., USA) were purchased from Dow Materials Sciences and were
used as the polymer matrix in this study. Hydroxylated multi-walled carbon nanotubes
(10–20 µm) were purchased from Jiangsu Xianfeng Nano Company (Nanjing, China) and
were used as conductive fillers. Refined sucrose crystals were purchased from Taikoo to
construct the cavity structure.

2.2. Fabrication of Sphere-Shell Three-Dimensional Structure of MWCNTs

A three-dimensional spherical-shell network of MWCNTs was prepared using refined
sucrose crystal as a removable skeleton. MWCNTs with a mass ratio of 1% were first mixed
with refined sucrose particles, which were stirred in a blender for 30 min to make the
MWCNTs evenly coated on the surface of the sucrose crystals. Finally, an MWCNT network
with a three-dimensional spherical-shell structure was formed by allowing the sample to
stand at room temperature for 60 min.

2.3. Fabrication of CNT–PDMS Sponges

Highly compressible CNT–PDMS sponges were prepared by a simple sacrificial tem-
plate method. First, 20 g of Dow Corning PDMS (Sylgard 184, Dow Corning Co. USA) was
mixed with a curing agent in a ratio of 10:1 and mixed with carbon nanotubes (200 mg,
Xianfeng, China). After removing the bubbles captured during agitation under mild
vacuum conditions, the refined sucrose particles, which were evenly wrapped in the three-
dimensional spherical-shell structure of the MWCNTs, were placed into a PDMS mixture
that could penetrate the porous structure through a vacuum suction process and capillary
forces. The pore size was determined by the grain size of the sugar. Then, the sample was
cured at 100 ◦C under atmospheric pressure for 1 h. After curing, the sugar was dissolved
in an ultrasonic bath in hot water for 1 h, and finally the sample was dried overnight.
Then, two conductive copper tapes were assembled on the upper and lower surfaces of
the prepared porous PDMS sponge with MWCNTs as electrodes, and the capacitance and
resistance responses under corresponding compression were recorded.

2.4. Characterization

The surface morphology of the sensor was observed using an on-site scanning electron
microscope (Nova Nano SEM 230, FEI. Hillsboro, Oregon, USA) at an operating voltage
of 5 kV. All specimen thicknesses were confirmed by measuring the cross-section of the
specimens. Considering the PDMS insulator, the samples were sputtered with a thin Au
layer on the cross-section of the samples before SEM observation. The internal shape of
the device was observed by an Ultra-Depth Three-Dimensional Microscope (KEYENCE
VHX-6000. Osaka, Japan) with a 40× magnification of the cross-section. A series of strain
and pressure tests were carried out on the microcomputer, a strain cycle was applied to the
sensor by a ZHIQU ZQ-990 (ZHIQU. Dongguan, Guangdong, China) pressure stress tester
and the capacitance and resistance signals of the sensor were detected by a KEYSIGHT
E4980AL LCR (KEYSIGHT. Santa Rosa, CA, USA) tester at an operating voltage of 20 V
and an operating frequency of 20 kHz. The information was collected and recorded by the
software developed by LABVIEW.

3. Results
3.1. Structural Design and Sensing Principle of Dual-Mechanism Pressure Sensor

As shown in Figure 1a, MWCNTs and polydimethylsiloxane (PDMS) were used as
pressure-sensitive materials to fabricate the pressure sensor. After the structural optimiza-
tion processing and design integration of the MWCNTs, a wearable flexible pressure sensor
with excellent breathability and flexibility was realized. The pressure sensor can be directly
attached to human skin for the continuous monitoring of various stress–strain signals
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without causing any damage to the skin, and its schematic diagram is shown in Figure 1b.
The entire pressure sensor does not require an encapsulation layer and substrate typical of
conventional pressure sensors.

Figure 1. Preparation of multifunctional flexible and breathable electronic skin system with porous
structure using PDMS and MWCNTs. (a) A diagram of the manufacturing process. (b) Schematic
diagram of how the stress sensor works. (c) Porous-structure strain sensor SEM photo. (d) Porous-
structure strain sensor 3D depth-of-field photo.

The porous structure of the pressure-sensitive layer was made of fine sugar wrapped
in MWCNTs, and finally the fine sugars contained in the pressure-sensitive layer were
treated with deionized water. The preparation methods and processes detail of the specific
materials and devices are shown in Figure S1 (Supporting Information). Figure 1c shows
the surface SEM images of the porous structure of the pressure-sensitive layer. The surface
morphology of the sensor was observed using an on-site scanning electron microscope
(Nova Nano SEM 230, FEI) at an operating voltage of 5 kV. The thicknesses of all the samples
were determined by measuring the cross-sections of the samples. Due to the insulating
properties of PDMS, a thin gold layer was sputtered onto cross-sections of the samples
prior to the SEM observation. As can be seen in Figure 1c, the pores formed by the fine
sugar were uniformly distributed throughout the PDMS layer. The internal morphology
was observed using an Ultra-Depth Three-Dimensional Microscope (KEYENCE VHX-6000)
at a 40× magnification, as shown in Figure 1d. The presence of the pores greatly increased
the specific surface area of the entire pressure-sensitive layer, increased the contact area of
the MWCNTs in the pressure-sensitive layer and provided the change in the conductive
path inside the piezoresistive sensor, which is an effective way to achieve a high sensitivity
over a wide sensing range.

3.2. Breathability and Comfort

The breathability and flexibility of wearable pressure sensors have remarkable effects
in health monitoring. As shown in Figure 2a, the MWCNT-based pressure sensors could
be directly attached to human skin. This was due to the overall porous structure of the
pressure-sensitive layer, and when attached to human skin, the epidermal temperature and
sweat from the human body could be quickly dissipated into the surrounding environment
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through the pressure sensor. In addition, as seen in Figure 1c, the sensor had a large
number of cracks and porous structures, which have the advantage of optimizing their
surface coverage while maintaining breathability. The properties of this structure could
provide great advantages in terms of the design and construction of medical devices for
physiological signal monitoring.
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Figure 2. The breathability and skin-friendly nature of the pressure sensor based on the porous struc-
ture of the three-dimensional spherical-shell conductive network. (a) Schematic diagram showing
that sensors based on porous structures could be directly connected to human skin and had skin
affinity and breathability. (b) Changes in skin surface after different materials were adhered to arm
skin for 6 h and (c) skin temperature changes. (d) Optical photos of the breathability test process at
room temperature. (e) Water loss in glass bottles covered with films of different materials every 24 h.

To demonstrate the permeability of the sensor, the permeability performance of the
pressure sensor was evaluated using the heat dissipation rate of the human epidermis,
and the optical photographs of the process are shown in Figure 2b. The skin epidermis
temperature of bare leaky skin, the skin temperature of the porous pressure sensor cov-
ered with MWCNTs, the skin epidermis temperature covered with a PDMS film and the
epidermis temperature covered with band-aids were tested separately. After 360 min,
the epidermal temperature of the skin covered with the MWCNT-based porous pressure
sensor was almost the same as that of the bare epidermal skin temperature. In contrast,
the skin surface covered by PDMS showed a significant increase in temperature and was
accompanied by redness of the skin surface. The skin epidermal temperature was recorded
by IR thermometer (Figure S2) and is shown in Figure 2c, and comparative photographs of
the skin are shown in Figure 2b. In addition, we used the rate of water vapor molecules
penetrating the film to evaluate the permeability of the porous pressure sensor, and an
optical photograph of the process is shown in Figure 2d. Glass bottles holding colored
water were sealed by various functional films including para film, PDMS film, PET film,
paper and porous MWCNT film. Afterwards, they were compared to open glass bottles
that also held the same mass of water at room temperature. After 15 days, the level of
water evaporation in the glass bottle sealed with the porous MWCNT film was second only
to that of the unsealed control group. In contrast, the mass of water in the glass bottles
encapsulated by the other films remained almost constant. The weight loss of water was
recorded every 24 h throughout the experiment (Figure 2e), and photographs of the water
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weight loss process are shown in Figure S3 (Supporting Information). Based on these
results, the device exhibited excellent permeability.

3.3. Electrical Output Performance

Stress sensors for monitoring physiological signals and movements of human joints
require their collected data to have a high accuracy and stability. In order to improve the
accuracy of the data, the sensitivity and linear sensing range of the pressure sensor were
tested using the dual sensing mode. The test instrument shown in Figure 3a was used to
test the change in the resistance and capacitance of the composite porous-structure strain
sensor under different strains at an operating voltage of 20 V and an operating frequency
of 20 kHz. In order to optimize the range and sensitivity of the sensor, different MWCNT-
doping concentrations were tested (Figure S4). It was found that when the mass ratio of the
MWCNTs inside the PDMS skeleton was 1% and the mass ratio of the MWCNTs attached
to the surface of the porous structure was 1%, the piezoresistive performance of the sensor
provided excellent uniformity under pressure application and release while providing an
optimal detection range and sensitivity (Figure S5). The capacitance and resistance values
of the sensor under a load pressure ranging from 1 kPa to 520kPa, are shown in Figure 3b.
The pressure-sensitive layer of the sensor had opposite resistance and pressure changes
throughout a pressure cycle (1–520 kPa), while its capacitance and pressure changed with
the same trend. As shown in Figure 3c, the sensor demonstrated a good consistency in
terms of boosting and lowering the pressure within the range of 1~520 kPa, and it had
good elasticity and stability. We introduced the sensitivity (S) and gauge factor (GF) in
order to characterize and discuss the sensitivity of the sensor. In detail, S is defined as
S = δ(∆R/R0)/δP, where ∆R/R0 is the relative capacitance change, and P is the applied
pressure, which corresponds to the slope of the pressure–response curve in Figure 3c. At
the first stage (1–20 kPa), the porous structure began to deform, the number of conductive
paths increased rapidly and the distance of the conductive paths shortened. At this time,
the maximum sensitivity was −1.2%/kPa. At the second stage (20 kPa–130 kPa), the
deformation rate of the porous structure decreased, and the sensitivity was −0.42%/kPa.
At the third stage (130 kPa–520 kPa), the sensitivity was −0.053%/kPa, and the porous
structure no longer generated deformation. At this time, the deformation of the sensor was
mainly caused by the deformation of the PDMS itself, the number of conductive paths was
basically unchanged and the conductive paths continued to shorten. For the capacitive
response, the sensor capacitance increased with the increase in the sensor strain degree.
When pressure was applied to the surface of the device, the device underwent vertical
deformation, and the spherical holes inside the device gradually closed, increasing the
conductive path and reducing the resistance. The capacitance of the device was provided
by both the PDMS skeleton structure and the air inside the spherical cavity, while the PDMS
doped with MWCNTs inside it had a higher dielectric constant than air. When the sensor
was compressed, the cavity was compressed, the air inside the cavity was reduced and the
PDMS ratio was increased, resulting in an increase in the sensor’s capacitance [32]. When
the applied pressure was removed, the vertical deformation of the device disappeared,
and the spherical cavity inside the device gradually recovered, leading to a reduction in
the conductive path and an increase in the resistance. At this point, the proportion of air
increases, resulting in a decrease in the capacitance. Due to the capacitance structure formed
by the microcavities inside the sensor and the MWCNT layer on its surface, the critical
points at the different stages of capacitance change were almost the same as the critical
points at the different stages of the strain of the sensor, resulting in a three-stage process
similar to the resistance response. As shown in Figure 3d, we explored the sensitivity of the
sensor to strain. ∆R/R0 was estimated by the formula ∆R/R0 = −3.43ε + 0.03ε2 − 0.08(%)
(Figure S5a), and ∆C/C0 was estimated by the formula ∆C/C0 = 1.97ε − 0.009ε2 + 0.08(%)
(Figure S5b), where ∆R/R0 is the change in the relative resistance, ∆C/C0 is the change in
the relative capacitance and ε is the strain applied, as shown in Figure 3d. Therefore, the
corresponding gauge factor (GF) showed a linear trend (GF (resistance)= 0.06ε − 3.43 (%),
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GF (capacitance) = 1.97 − 0.018ε (%)). It turned out that the strain sensor was sensitive
and comparable to some other piezoresistive sensors (Table S1). The strain of the sensor
under pressure is shown in Figure 3e. At 1–130 kPa, the strain was mainly generated
by the porous structure, and at 130kPa–520kPa, the strain was mainly generated by the
PDMS matrix.
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Figure 3. (a) A testing instrument used to study the piezoresistive and capacitive behavior. (b) The
sensor had a dual-response-sensing mode that produced resistance/capacitance changes under strain.
Normalized resistance and capacitance curves of the sensor in relation to (c) pressure and (d) strain.
(e) Three strain stages of the sensor. The corresponding resistance and capacitance behaviors of sensor
under (f) different strain frequencies, (g) different strains and (h) 1000−cycle stability test.

We compared the pressure-sensing performance of the prepared porous MWCNT-
based pressure sensors with that of some other devices mentioned in the literature, and
Table S1 (Supporting Information) lists more specific comparisons of the performance
between these pressure sensors mentioned in the literature. Some pressure sensors have a
large stress monitoring range but a low sensitivity. Some sensors have a high sensitivity
but a narrow and nonlinear detection range. Moreover, most conventional sensors are
single-physical-quantity sensing, whereas the dual-sensing-mode pressure sensor produced
in this work had a relatively high sensitivity in the high-stress detection range, which is
a great advantage compared to conventional wearable electronic devices. As shown in
Figure 3c, the highest sensitivity of this pressure sensor was 0.38/kPa (capacitance) and
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−1.2/kPa (resistance) over a wide detection range of 1–520 kPa. It is noteworthy that
the MWCNT-based pressure sensor with a porous structure had excellent linearity over
a wide detection range up to 520 kPa, which provides a good foundation for later planar
pressure mapping.

Finally, the durability and stability of pressure sensors are also important in terms
of practical applications. In order to study the stability of piezoresistive and capacitance
response of the sensor under different strain rates and different strain degrees, nine strain
cycles under different strain rates were studied and are shown in Figure 3f, and the
stable sensing behavior of the sensor under different strain rates was found. The sensing
performance was independent of the strain rate, which is conducive to the detection of
human motion in complex motion scenes. Figure 3g shows the resistance response under a
step strain. The strain ranged from 20% to 60% (increasing by 10% at each step). The initial
resistance and capacitance values fluctuated slightly with each applied strain release. It
was understood that when a strain removal was applied, the contact between the MWCNTs
was damaged due to the recovery of the porous structure deformation, and the conductive
network tended to return to its initial state. However, the applied strain could damage
the microstructure of the sensor, resulting in a slight change in the resistance during
compression. To demonstrate the excellent stability of the sensor, 1000 cycles of the sensor
were measured at 1–520 kPa (Figure 3h) and details of the sensor response signal during
the compression cycle test are shown in Figure S6. The resistance and capacitance values of
the sensor remained almost unchanged after 1000 cycles, indicating that the pressure sensor
had excellent durability and stability. The above data showed that the porous PDMS sensor
doped with MWCNTs had a good elasticity and compressibility. ∆R/R0 and ∆C/C0 also
had a good recovery rate. The results showed that the stress sensor had a high repeatability
and stability.

3.4. Behavior Monitoring and Pressure-Sensing Arrays

As technology continues to advance and develop, more and more convenience is
provided to people, but this also leaves more people in a sub-healthy state due to a lack
of exercise. Therefore, in today’s wearable medical monitoring devices, it is important to
monitor the human body’s behavioral signals and movement conditions at all times. Our
sensors show excellent performance in this regard. The motion and human behavior of
some major joints, including plantar pressure, knee motion, finger flexion, elbow motion,
etc., were monitored to demonstrate the real-time motion health detection capability of
these sensors as wearable electronic devices.

Due to the improvement of information technology worldwide, more and more people
are using computers in their work, and the risk of cervical spondylosis caused by poor
sitting posture for a long time is increasing. Posture and motion detection devices are
urgently needed in people’s daily life. They can be connected to the joints of the human
body and can record the movement of the flexion cycle. By detecting these signals, people’s
activity status at work or in life in real time can be analyzed, and occupational diseases
such as cervical spondylosis caused by sitting for too long can be prevented.

In addition, our pressure sensors could be used to track human movement. The device
can be fitted to the elbow, fingers, knees and ankles and can record the body’s movements.
We recorded the plantar pressure during elbow flexure (30◦, 45◦, 60◦, 90◦ and 135◦), finger
flexure (30◦, 60◦, 90◦ and 120◦) and knee joint bending (15◦, 45◦, 90◦ and 135◦), as shown in
Figure 4a–d. Similarly, the output signal had a good real-time response and repeatability
under the different bending angles, indicating that the sensor could provide a stable real-
time monitoring function in practical applications. With the increase in the bending angle
of the sensor, the change in the amplitude of the output signal was significantly enhanced,
and the output signal under the different bending angles could be clearly distinguished.
Videos of the body-worn sensor performing the motion tests are shown in Videos S1–S5.
These results showed that the porous sensor with a 3D spherical-shell-structure MWCNT
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network could monitor the human motion state in real time and has great application
potential in terms of medical and health monitoring and motion monitoring.
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Figure 4. Monitoring and detection of human physiological signals and joint movements. (a) Detecting
elbow movement. The tested motion angles of elbow joints were 30◦, 60◦, 90◦, 120◦ and 150◦, respectively.
(b) Detecting the bending movement of the index finger. The tested motion angles of fingers were 30◦,
60◦, 90◦ and 120◦, respectively. (c) Plantar pressure detection. The figure shows the significant change in
plantar pressure during exercise. (d) Detecting knee movement. The tested knee joint motion angles
were 10◦, 45◦, 90◦ and 135◦, respectively.

Finally, we constructed a sensor array consisting of five sensors and placed the five
sensors at each of the five finger joints to detect the movement of the finger joints in order
to recognize simple sign language. When different gestures were made, the sensor array
received different signals due to the different changes in the finger joints. The type of
sign language or gesture was detected by detecting the position and intensity of the signal
changes, as shown in Figure 5b. This showed the great potential of the devices in the field
of gesture recording and sign language translation. In addition, we applied the sensors
to speech recognition. The strain sensor placed in the interlayer of a mask monitored
the dynamics of facial muscles when people spoke and generated signal responses to the
changes in the mouth shape, thus realizing speech recognition, as shown in Figure 5d.
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Figure 5. The recognition of human sign language and gestures as well as pronunciation was
realized through the combination of multiple sensors. (a) Schematic diagram of different gestures and
(b) resistance response signals generated by corresponding finger joint movements. (c) The sensor
was placed on the face to recognize different articulation movements by monitoring the resistance
response signal (d) generated by the stress change in the sensor caused by the movement of the facial
muscles during articulation.

4. Conclusions

In summary, we reported a strain sensor with a wide response range based on MWC-
NTs. To further improve the sensitivity of the sensor, we transferred a three-dimensional
MWCNT structure to the internal pore surface of a porous PMDS flexible structure by
wrapping MWCNTs on the surface of refined sucrose. In addition, some MWCNTs were
dispersed within the PDMS structure using ultrasound. Through the above process, a
porous PDMS flexible sensor with piezoresistive/capacitance dual-sensing performance
was obtained, and stress changes were more accurately reflected through the changes in the
capacitance and resistance. The sensor had an excellent sensing performance with a high
sensitivity of 1.2/kPa and an ultra-wide response range (1–520 kPa). In addition, the sensor
had a durable stability of more than 1000 loading and unloading cycles. The high sensitivity
and wide detection range were explained by the sensor’s structure, which was observed
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by SEM and three-dimensional depth-of-field experiments. In addition, the flexibility and
air permeability of the porous PDMS flexible sensor made it suitable for attaching to the
surface of the human body in order to realize human posture detection, such as gesture
and sign language detection. Looking ahead, these porous flexible PDMS strain sensors
show potential for application in skin sensors, artificial intelligence and bionic robots.

Supplementary Materials: The following supporting information can be downloaded at: https://www.
mdpi.com/article/10.3390/nano13050843/s1, Figure S1: Sensor preparation process; Figure S2: Arm
skin temperature was 30.6 ◦C before the material was placed, 30.7 ◦C after the porous structure strain
sensor was placed for 3 h, 31.0 ◦C after the PDMS was placed for 3 h, and 30.8 ◦C after the Band-aid was
placed for 3 h; Figure S3: The air permeability test used six sets of materials sealed with water beakers
placed at room temperature to record water evaporation from (a) day 0 to (b) day 15; Figure S4: The
(a) resistance, (b) resistance sensitivity, (c) capacitance and (d) capacitance sensitivity of the sensor under
pressure cycling were tested when the mass ratio of MWCNTs in the PDMS matrix was different from
that on the surface of the porous structure; Figure S5: Equation fitting of (a) ∆R/R0 and (b) ∆C/C0
properties of sensors; Figure S6: The response curve of sensor (a) resistance and (b) capacitance under
1000 compression cycles and its local magnification diagram; Table S1: Summary of the performance of
the porous stress sensors; Video S1: Finger motion detection; Video S2: Speech detection; Video S3: Arm
motion detection; Video S4: Leg motion detection; Video S5: Foot motion detection. References [55–63]
are cited in the supplementary materials.

Author Contributions: S.Z., X.S. and X.G. contributed equally to this work. Methodology, experiment,
writing—original draft and writing—review and editing, S.Z.; methodology and writing—review and
editing, X.S.; writing—review and editing, X.G.; resources, J.Z.; validation, H.L.; formal analysis, L.C.;
investigation, J.W.; conceptualization and supervision, Y.S. and L.P. All authors have read and agreed to
the published version of the manuscript.

Funding: This work was supported by the National Key Research and Development program of
China under Grant No. 2021YFA1401103 and the National Natural Science Foundation of China
under Grants 61825403, 61921005 and 61674078.

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Informed consent was obtained from all subjects involved in the study.

Data Availability Statement: No new data were created or analyzed in this study. Data sharing is
not applicable to this article.

Conflicts of Interest: The authors declare no conflict of interest.

References
1. Kaltenbrunner, M.; Sekitani, T.; Reeder, J.; Yokota, T.; Kuribara, K.; Tokuhara, T.; Drack, M.; Schwödiauer, R.; Graz, I.; Bauer-

Gogonea, S.; et al. An ultra-lightweight design for imperceptible plastic electronics. Nature 2013, 499, 458–463. [CrossRef]
[PubMed]

2. Kim, J.; Gutruf, P.; Chiarelli, A.M.; Heo, S.Y.; Cho, K.; Xie, Z.; Banks, A.; Han, S.; Jang, K.I.; Lee, J.W.; et al. Miniaturized
Battery-Free Wireless Systems for Wearable Pulse Oximetry. Adv. Funct. Mater. 2017, 27, 1604373. [CrossRef]

3. Kim, J.; Campbell, A.S.; De Ávila, B.E.-F.; Wang, J. Wearable biosensors for healthcare monitoring. Nat. Biotechnol. 2019, 37,
389–406. [CrossRef] [PubMed]

4. Shi, J.; Liu, S.; Zhang, L.; Yang, B.; Shu, L.; Yang, Y.; Ren, M.; Wang, Y.; Chen, J.; Chen, W.; et al. Smart Textile-Integrated
Microelectronic Systems for Wearable Applications. Adv. Mater. 2020, 32, 1901958. [CrossRef] [PubMed]

5. Wu, W. Stretchable electronics: Functional materials, fabrication strategies and applications. Sci. Technol. Adv. Mater. 2019, 20,
187–224. [CrossRef]

6. Nguyen, A.V.; Soulika, A.M. The Dynamics of the Skin’s Immune System. Int. J. Mol. Sci. 2019, 20, 1811. [CrossRef]
7. Abraira, V.E.; Ginty, D.D. The Sensory Neurons of Touch. Neuron 2013, 79, 618–639. [CrossRef]
8. Yang, J.C.; Mun, J.; Kwon, S.Y.; Park, S.; Bao, Z.; Park, S. Electronic Skin: Recent Progress and Future Prospects for Skin-Attachable

Devices for Health Monitoring, Robotics, and Prosthetics. Adv. Mater. 2019, 31, 1904765. [CrossRef]
9. Hammock, M.L.; Chortos, A.; Tee, B.C.K.; Tok, J.B.H.; Bao, Z. 25th Anniversary Article: The Evolution of Electronic Skin (E-Skin):

A Brief History, Design Considerations, and Recent Progress. Adv. Mater. 2013, 25, 5997–6038. [CrossRef]
10. Fang, Z.; Zhang, H.; Qiu, S.; Kuang, Y.; Zhou, J.; Lan, Y.; Sun, C.; Li, G.; Gong, S.; Ma, Z. Versatile Wood Cellulose for Biodegradable

Electronics. Adv. Mater. Technol. 2021, 6, 2000928. [CrossRef]

221



Nanomaterials 2023, 13, 843

11. Ma, Y.; Zhang, Y.; Cai, S.; Han, Z.; Liu, X.; Wang, F.; Cao, Y.; Wang, Z.; Li, H.; Chen, Y.; et al. Flexible Hybrid Electronics for Digital
Healthcare. Adv. Mater. 2020, 32, 1902062. [CrossRef] [PubMed]

12. Arakawa, T.; Kuroki, Y.; Nitta, H.; Chouhan, P.; Toma, K.; Sawada, S.-I.; Takeuchi, S.; Sekita, T.; Akiyoshi, K.; Minakuchi, S.; et al.
Mouthguard biosensor with telemetry system for monitoring of saliva glucose: A novel cavitas sensor. Biosens. Bioelectron. 2016,
84, 106–111. [CrossRef] [PubMed]

13. Lee, Y.; Howe, C.; Mishra, S.; Lee, D.S.; Mahmood, M.; Piper, M.; Kim, Y.; Tieu, K.; Byun, H.-S.; Coffey, J.P.; et al. Wireless, intraoral
hybrid electronics for real-time quantification of sodium intake toward hypertension management. Proc. Natl. Acad. Sci. USA
2018, 115, 5377–5382. [CrossRef] [PubMed]

14. Sun, Z.; Zhu, M.; Zhang, Z.; Chen, Z.; Shi, Q.; Shan, X.; Yeow, R.C.H.; Lee, C. Artificial Intelligence of Things (AIoT) Enabled
Virtual Shop Applications Using Self-Powered Sensor Enhanced Soft Robotic Manipulator. Adv. Sci. 2021, 8, 2100230. [CrossRef]
[PubMed]

15. Larson, C.; Peele, B.; Li, S.; Robinson, S.; Totaro, M.; Beccai, L.; Mazzolai, B.; Shepherd, R. Highly stretchable electroluminescent
skin for optical signaling and tactile sensing. Science 2016, 351, 1071–1074. [CrossRef] [PubMed]

16. Liu, Y.; Li, J.; Song, S.; Kang, J.; Tsao, Y.; Chen, S.; Mottini, V.; McConnell, K.; Xu, W.; Zheng, Y.-Q.; et al. Morphing electronics
enable neuromodulation in growing tissue. Nat. Biotechnol. 2020, 38, 1031–1036. [CrossRef]

17. Moin, A.; Zhou, A.; Rahimi, A.; Menon, A.; Benatti, S.; Alexandrov, G.; Tamakloe, S.; Ting, J.; Yamamoto, N.; Khan, Y.; et al. A
wearable biosensing system with in-sensor adaptive machine learning for hand gesture recognition. Nat. Electron. 2020, 4, 54–63.
[CrossRef]

18. Wei, J.; Xie, J.; Zhang, P.; Zou, Z.; Ping, H.; Wang, W.; Xie, H.; Shen, J.Z.; Lei, L.; Fu, Z. Bioinspired 3D Printable, Self-Healable, and
Stretchable Hydrogels with Multiple Conductivities for Skin-like Wearable Strain Sensors. ACS Appl. Mater. Interfaces 2021, 13,
2952–2960. [CrossRef]

19. Wang, S.; Xu, J.; Wang, W.; Wang, G.-J.N.; Rastak, R.; Molina-Lopez, F.; Chung, J.W.; Niu, S.; Feig, V.R.; Lopez, J.; et al. Skin
electronics from scalable fabrication of an intrinsically stretchable transistor array. Nature 2018, 555, 83–88. [CrossRef]

20. Li, G.; Liu, S.; Wang, L.; Zhu, R. Skin-inspired quadruple tactile sensors integrated on a robot hand enable object recognition. Sci.
Robot. 2020, 5, eabc8134. [CrossRef]

21. Ruther, P.; Baumann, M.; Gieschke, P.; Herrmann, M.; Lemke, B.; Seidl, K.; Paul, O. CMOS-Integrated Stress Sensor Systems; IEEE:
Piscataway, NJ, USA, 2010.

22. Ruth, S.R.A.; Beker, L.; Tran, H.; Feig, V.R.; Matsuhisa, N.; Bao, Z. Rational Design of Capacitive Pressure Sensors Based on
Pyramidal Microstructures for Specialized Monitoring of Biosignals. Adv. Funct. Mater. 2019, 30, 1903100. [CrossRef]

23. Cao, M.; Su, J.; Fan, S.; Qiu, H.; Su, D.; Li, L. Wearable piezoresistive pressure sensors based on 3D graphene. Chem. Eng. J. 2021,
406, 126777. [CrossRef]

24. Cui, H.; Hensleigh, R.; Yao, D.; Maurya, D.; Kumar, P.; Kang, M.G.; Priya, S.; Zheng, X.R. Three-dimensional printing of
piezoelectric materials with designed anisotropy and directional response. Nat. Mater. 2019, 18, 234–241. [CrossRef] [PubMed]

25. Lin, L.; Xie, Y.; Wang, S.; Wu, W.; Niu, S.; Wen, X.; Wang, Z.L. Triboelectric Active Sensor Array for Self-Powered Static and
Dynamic Pressure Detection and Tactile Imaging. ACS Nano 2013, 7, 8266–8274. [CrossRef]

26. Zhai, W.; Xia, Q.; Zhou, K.; Yue, X.; Ren, M.; Zheng, G.; Dai, K.; Liu, C.; Shen, C. Multifunctional flexible carbon
black/polydimethylsiloxane piezoresistive sensor with ultrahigh linear range, excellent durability and oil/water separation
capability. Chem. Eng. J. 2019, 372, 373–382. [CrossRef]

27. Song, Y.; Chen, H.; Su, Z.; Chen, X.; Miao, L.; Zhang, J.; Cheng, X.; Zhang, H. Highly Compressible Integrated Supercapacitor-
Piezoresistance-Sensor System with CNT-PDMS Sponge for Health Monitoring. Small 2017, 13, 1702091. [CrossRef]

28. Ha, K.H.; Zhang, W.; Jang, H.; Kang, S.; Wang, L.; Tan, P.; Hwang, H.; Lu, N. Highly Sensitive Capacitive Pressure Sensors over
a Wide Pressure Range Enabled by the Hybrid Responses of a Highly Porous Nanocomposite. Adv. Mater. 2021, 33, 2103320.
[CrossRef]

29. Cho, M.-Y.; Lee, J.H.; Kim, S.-H.; Kim, J.S.; Timilsina, S. An Extremely Inexpensive, Simple, and Flexible Carbon Fiber Electrode
for Tunable Elastomeric Piezo-Resistive Sensors and Devices Realized by LSTM RNN. ACS Appl. Mater. Interfaces 2019, 11,
11910–11919. [CrossRef]

30. Wang, Y.; Niu, W.; Lo, C.Y.; Zhao, Y.; He, X.; Zhang, G.; Wu, S.; Ju, B.; Zhang, S. Interactively Full-Color Changeable Electronic
Fiber Sensor with High Stretchability and Rapid Response. Adv. Funct. Mater. 2020, 30, 2000356. [CrossRef]

31. Ge, J.; Sun, L.; Zhang, F.-R.; Zhang, Y.; Shi, L.-A.; Zhao, H.-Y.; Zhu, H.-W.; Jiang, H.-L.; Yu, S.-H. A Stretchable Electronic Fabric
Artificial Skin with Pressure-, Lateral Strain-, and Flexion-Sensitive Properties. Adv. Mater. 2016, 28, 722–728. [CrossRef]

32. Lo, L.-W.; Zhao, J.; Wan, H.; Wang, Y.; Chakrabartty, S.; Wang, C. A Soft Sponge Sensor for Multimodal Sensing and Distinguishing
of Pressure, Strain, and Temperature. ACS Appl. Mater. Interfaces 2022, 14, 9570–9578. [CrossRef] [PubMed]

33. Liu, H.; Chen, X.; Zheng, Y.; Zhang, D.; Zhao, Y.; Wang, C.; Pan, C.; Liu, C.; Shen, C. Lightweight, Superelastic, and Hydrophobic
Polyimide Nanofiber/MXene Composite Aerogel for Wearable Piezoresistive Sensor and Oil/Water Separation Applications.
Adv. Funct. Mater. 2021, 31, 2008006. [CrossRef]

34. Chao, M.; He, L.; Gong, M.; Li, N.; Li, X.; Peng, L.; Shi, F.; Zhang, L.; Wan, P. Breathable Ti3C2Tx MXene/Protein Nanocomposites
for Ultrasensitive Medical Pressure Sensor with Degradability in Solvents. ACS Nano 2021, 15, 9746–9758. [CrossRef] [PubMed]

222



Nanomaterials 2023, 13, 843

35. Qiu, Y.; Tian, Y.; Sun, S.; Hu, J.; Wang, Y.; Zhang, Z.; Liu, A.; Cheng, H.; Gao, W.; Zhang, W.; et al. Bioinspired, multifunctional
dual-mode pressure sensors as electronic skin for decoding complex loading processes and human motions. Nano Energy 2020,
78, 105337. [CrossRef]

36. Zhou, Z.; Chen, K.; Li, X.; Zhang, S.; Wu, Y.; Zhou, Y.; Meng, K.; Sun, C.; He, Q.; Fan, W.; et al. Sign-to-speech translation using
machine-learning-assisted stretchable sensor arrays. Nat. Electron. 2020, 3, 571–578. [CrossRef]

37. Liu, Y.; Xu, H.; Dong, M.; Han, R.; Tao, J.; Bao, R.; Pan, C. Highly Sensitive Wearable Pressure Sensor over a Wide Sensing Range
Enabled by the Skin Surface-like 3D Patterned Interwoven Structure. Adv. Mater. Technol. 2022, 7, 2200504. [CrossRef]

38. Zhou, K.; Xu, W.; Yu, Y.; Zhai, W.; Yuan, Z.; Dai, K.; Zheng, G.; Mi, L.; Pan, C.; Liu, C.; et al. Tunable and Nacre-Mimetic
Multifunctional Electronic Skins for Highly Stretchable Contact-Noncontact Sensing. Small 2021, 17, 2100542. [CrossRef]

39. Xiong, Y.; Shen, Y.; Tian, L.; Hu, Y.; Zhu, P.; Sun, R.; Wong, C.-P. A flexible, ultra-highly sensitive and stable capacitive pressure
sensor with convex microarrays for motion and health monitoring. Nano Energy 2020, 70, 104436. [CrossRef]

40. Wang, Z.; Guan, X.; Huang, H.; Wang, H.; Lin, W.; Peng, Z. Full 3D Printing of Stretchable Piezoresistive Sensor with Hierarchical
Porosity and Multimodulus Architecture. Adv. Funct. Mater. 2019, 29, 1807569. [CrossRef]

41. Yao, W.; Mao, R.; Gao, W.; Chen, W.; Xu, Z.; Gao, C. Piezoresistive effect of superelastic graphene aerogel spheres. Carbon 2020,
158, 418–425. [CrossRef]

42. Pelella, A.; Capista, D.; Passacantando, M.; Faella, E.; Grillo, A.; Giubileo, F.; Martucciello, N.; Di Bartolomeo, A. A Self-Powered
CNT–Si Photodetector with Tuneable Photocurrent. Adv. Electron. Mater. 2023, 9, 2200919. [CrossRef]

43. Li, J.; Dwivedi, P.; Kumar, K.S.; Roy, T.; Crawford, K.E.; Thomas, J. Growing Perovskite Quantum Dots on Carbon Nanotubes for
Neuromorphic Optoelectronic Computing. Adv. Electron. Mater. 2021, 7, 2000535. [CrossRef]

44. Zamzami, M.A.; Rabbani, G.; Ahmad, A.; Basalah, A.A.; Al-Sabban, W.H.; Nate Ahn, S.; Choudhry, H. Carbon nanotube
field-effect transistor (CNT-FET)-based biosensor for rapid detection of SARS-CoV-2 (COVID-19) surface spike protein S1.
Bioelectrochemistry 2022, 143, 107982. [CrossRef]

45. Guillaume, Y.C.; André, C. ACE2 and SARS-CoV-2-Main Protease Capillary Columns for Affinity Chromatography: Testimony of
the Binding of Dexamethasone and its Carbon Nanotube Nanovector. Chromatographia 2022, 85, 773–781. [CrossRef]

46. Kareem, M.H.; Hussein, H.T.; Abdul Hussein, A.M. Study of the effect of CNTs, and (CNTs-ZnO) on the porous silicon as sensor
for acetone gas detection. Optik 2022, 259, 168825. [CrossRef]

47. Bolotov, V.V.; Stenkin, Y.A.; Sokolov, D.V.; Roslikov, V.E.; Knyazev, E.V.; Ivlev, K.E. Gas Sensing Properties of MWCNT/ZnO and
MWCNT/ZnO/In2O3 Nanostructures; AIP Publishing: Woodbury, NY, USA, 2020.

48. Nag, A.; Alahi, M.E.E.; Mukhopadhyay, S.C.; Liu, Z. Multi-Walled Carbon Nanotubes-Based Sensors for Strain Sensing Applica-
tions. Sensors 2021, 21, 1261. [CrossRef]

49. Shulaker, M.M.; Hills, G.; Patil, N.; Wei, H.; Chen, H.-Y.; Wong, H.S.P.; Mitra, S. Carbon nanotube computer. Nature 2013, 501,
526–530. [CrossRef]

50. Li, C.; Liu, D.; Xu, C.; Wang, Z.; Shu, S.; Sun, Z.; Tang, W.; Wang, Z.L. Sensing of joint and spinal bending or stretching via a
retractable and wearable badge reel. Nat. Commun. 2021, 12, 2950. [CrossRef] [PubMed]

51. Kim, C.S.; Yang, H.M.; Lee, J.; Lee, G.S.; Choi, H.; Kim, Y.J.; Lim, S.H.; Cho, S.H.; Cho, B.J. Self-Powered Wearable Electrocardiog-
raphy Using a Wearable Thermoelectric Power Generator. ACS Energy Lett. 2018, 3, 501–507. [CrossRef]

52. Wen, Z.; Yeh, M.-H.; Guo, H.; Wang, J.; Zi, Y.; Xu, W.; Deng, J.; Zhu, L.; Wang, X.; Hu, C.; et al. Self-powered textile for wearable
electronics by hybridizing fiber-shaped nanogenerators, solar cells, and supercapacitors. Sci. Adv. 2016, 2, e1600097. [CrossRef]
[PubMed]

53. Gao, C.; Huang, J.; Xiao, Y.; Zhang, G.; Dai, C.; Li, Z.; Zhao, Y.; Jiang, L.; Qu, L. A seamlessly integrated device of micro-
supercapacitor and wireless charging with ultrahigh energy density and capacitance. Nat. Commun. 2021, 12, 2647. [CrossRef]
[PubMed]

54. Liu, Y.; Tao, J.; Yang, W.; Zhang, Y.; Li, J.; Xie, H.; Bao, R.; Gao, W.; Pan, C. Biodegradable, Breathable Leaf Vein-Based Tactile
Sensors with Tunable Sensitivity and Sensing Range. Small 2022, 18, 2106906. [CrossRef] [PubMed]

55. Yin, Y.M.; Li, H.Y.; Xu, J.; Zhang, C.; Liang, F.; Li, X.; Jiang, Y.; Cao, J.W.; Feng, H.F.; Mao, J.N.; et al. Facile Fabrication of Flexible
Pressure Sensor with Programmable Lattice Structure. ACS Appl. Mater. Interfaces 2021, 13, 10388–10396. [CrossRef] [PubMed]

56. Lee, J.; Kim, J.; Shin, Y.; Jung, I. Ultra-robust wide-range pressure sensor with fast response based on polyurethane foam doubly
coated with conformal silicone rubber and CNT/TPU nanocomposites islands. Compos. Part B Eng. 2019, 177, 107364. [CrossRef]

57. Tewari, A.; Gandla, S.; Bohm, S.; McNeill, C.R.; Gupta, D. Highly Exfoliated MWNT–rGO Ink-Wrapped Polyurethane Foam for
Piezoresistive Pressure Sensor Applications. ACS Appl. Mater. Interfaces 2018, 10, 5185–5195. [CrossRef] [PubMed]

58. Hwang, J.; Kim, Y.; Yang, H.; Oh, J.H. Fabrication of hierarchically porous structured PDMS composites and their application as a
flexible capacitive pressure sensor. Compos. Part B Eng. 2021, 211, 108607. [CrossRef]

59. Mu, C.; Guo, X.; Zhu, T.; Lou, S.; Tian, W.; Liu, Z.; Jiao, W.; Wu, B.; Liu, Y.; Yin, L.; et al. Flexible strain/pressure sensor with good
sensitivity and broad detection range by coupling PDMS and carbon nanocapsules. J. Alloy. Compd. 2022, 918, 165696. [CrossRef]

60. Hsieh, G.W.; Shih, L.C.; Chen, P.Y. Porous Polydimethylsiloxane Elastomer Hybrid with Zinc Oxide Nanowire for Wearable,
Wide-Range, and Low Detection Limit Capacitive Pressure Sensor. Nanomaterials 2022, 12, 256. [CrossRef]

61. Zhu, G.; Dai, H.; Yao, Y.; Tang, W.; Shi, J.; Yang, J.; Zhu, L. 3D Printed Skin-Inspired Flexible Pressure Sensor with Gradient Porous
Structure for Tunable High Sensitivity and Wide Linearity Range. Adv. Mater. Technol. 2022, 7, 2101239. [CrossRef]

223



Nanomaterials 2023, 13, 843

62. Iglio, R.; Mariani, S.; Robbiano, V.; Strambini, L.; Barillaro, G. Flexible Polydimethylsiloxane Foams Decorated with Multiwalled
Carbon Nanotubes Enable Unprecedented Detection of Ultralow Strain and Pressure Coupled with a Large Working Range. ACS
Appl. Mater. Interfaces 2018, 10, 13877–13885. [CrossRef]

63. Li, W.; Jin, X.; Han, X.; Li, Y.; Wang, W.; Lin, T.; Zhu, Z. Synergy of Porous Structure and Microstructure in Piezoresistive Material
for High-Performance and Flexible Pressure Sensors. ACS Appl. Mater. Interfaces 2021, 13, 19211–19220. [CrossRef] [PubMed]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

224



Citation: Ying, S.; Li, J.; Huang, J.;

Zhang, J.-H.; Zhang, J.; Jiang, Y.; Sun,

X.; Pan, L.; Shi, Y. A Flexible

Piezocapacitive Pressure Sensor with

Microsphere-Array Electrodes.

Nanomaterials 2023, 13, 1702. https://

doi.org/10.3390/nano13111702

Academic Editor: Carlos Miguel

Costa

Received: 13 April 2023

Revised: 10 May 2023

Accepted: 15 May 2023

Published: 23 May 2023

Copyright: © 2023 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

nanomaterials

Article

A Flexible Piezocapacitive Pressure Sensor with
Microsphere-Array Electrodes
Shu Ying † , Jiean Li †, Jinrong Huang *, Jia-Han Zhang , Jing Zhang, Yongchang Jiang, Xidi Sun * ,
Lijia Pan * and Yi Shi

Collaborative Innovation Center of Advanced Microstructures, School of Electronic Science and Engineering,
Nanjing University, Nanjing 210093, China; yingshu@smail.nju.edu.cn (S.Y.); jali@smail.nju.edu.cn (J.L.);
jhzhang@smail.nju.edu.cn (J.-H.Z.); zjing@smail.nju.edu.cn (J.Z.); ycjiang@nju.edu.cn (Y.J.); yshi@nju.edu.cn (Y.S.)
* Correspondence: jinronghuang@smail.nju.edu.cn (J.H.); xidisun@smail.nju.edu.cn (X.S.);

ljpan@nju.edu.cn (L.P.)
† These authors contributed equally to this work.

Abstract: Flexible pressure sensors that emulate the sensation and characteristics of natural skins
are of great importance in wearable medical devices, intelligent robots, and human–machine in-
terfaces. The microstructure of the pressure-sensitive layer plays a significant role in the sensor’s
overall performance. However, microstructures usually require complex and costly processes such
as photolithography or chemical etching for fabrication. This paper proposes a novel approach
that combines self-assembled technology to prepare a high-performance flexible capacitive pressure
sensor with a microsphere-array gold electrode and a nanofiber nonwoven dielectric material. When
subjected to pressure, the microsphere structures of the gold electrode deform via compressing the
medium layer, leading to a significant increase in the relative area between the electrodes and a
corresponding change in the thickness of the medium layer, as simulated in COMSOL simulations
and experiments, which presents high sensitivity (1.807 kPa−1). The developed sensor demon-
strates excellent performance in detecting signals such as slight object deformations and human
finger bending.

Keywords: microsphere arrays; nanofiber dielectric layers; piezocapacitive sensor; flexible pressure
sensors; electronic skins

1. Introduction

In contemporary society, the burgeoning Internet of Things (IoT) technology has
led to an upsurge in wearable devices, which continuously monitor the human body
while interacting with the terminal, and sensors play a crucial role in this regard [1–5].
Human skin, being the largest and most basic organ of the human body, serves as both the
primary barrier to the external environment and a source of sensory information regarding
external stimuli such as pressure, deformation, and touch [6,7]. Hence, electronic skin
has become essential in wearable medical devices, human–computer interaction, artificial
intelligence, and health monitoring [8–15]. An ideal e-skin must possess high flexibility,
sensitivity, affordability, and structural simplicity and should mimic the natural skin’s
ability to sense tactile pressure ranging from light contact to object haptic perception
(0–30 kPa) [16–19]. Piezoresistive, piezocapacitive, triboelectric, and piezoelectric sensing
mechanisms are commonly employed to convert the applied stress signal into an electrical
signal in electronic skin pressure sensors. In particular, piezocapacitive pressure sensors
are highly attractive owing to their ease of preparation, structural simplicity, low power
consumption, and compact circuit layout [20–30].

The sensing performance of piezocapacitive sensors primarily depends on the me-
chanical properties of the elastic dielectric layer used. In some respects, the greater the
compressibility under the same pressure of the dielectric material used, the higher the
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sensitivity of the sensor [15,20]. Capacitive pressure sensors usually consist of two par-
allel electrodes sandwiched on a polymer dielectric layer. Since the sensor’s capacitance
changes by altering the thickness of the dielectric layer when an external force is applied
to the sensor, its sensitivity is directly affected by the mechanical properties of the elastic
dielectric layer and the overall thickness of the sensor. Therefore, polydimethylsiloxane
(PDMS) with high compressibility is considered a suitable material for pressure-sensitive
dielectric films [31–33]. By modifying the microstructure of PDMS, the surface of the
pressure-sensitive layer can be elastically deformed, and it can quickly recover its original
shape upon the application/release of external pressure, in which the microstructure im-
proves the overall sensor performance and mitigates issues associated with viscoelastic
behavior. To further enhance the overall performance of piezocapacitive pressure sensors—
measured in terms of linearity, sensitivity, detection range, and stability—microstructures
such as pyramidal structures, micropores, and air gaps are often incorporated into the
dielectric layer to obtain an appropriate Young’s modulus or silver nanowire embedding
is introduced to increase the dielectric constant [14,34,35]. However, these preparation
methods typically employ porous structures to enhance the sensor’s sensitivity, making it
challenging to achieve high sensitivity, wide detection range, and good linearity simultane-
ously [12,33,36–38]. Moreover, these microstructures necessitate complex processes such
as photolithography, sacrificial templates, or chemical etching, which are unsuitable for
low-cost and large-scale production. Hence, there is an urgent need to develop a simple and
reliable preparation method that can customize the microstructures easily, thus enhancing
the sensor’s performance while reducing the preparation cost.

In this paper, we propose a low-cost, high-sensitivity, and large-area compatible
inverse-mold technique for preparing a flexible capacitive pressure sensor with a self-
assembled microsphere-type array. We simulate the designed sensor using COMSOL,
including the simulation of the nonwoven fabrics with electrostatic spinning and the calcu-
lation of the overall sensor performance, to provide a theoretical basis for the experiments.
With the help of COMSOL simulations, we prepared a highly sensitive piezocapacitive sen-
sor, which exhibited a relative rate of change ∆C/C0 maximum of about 2.13, a sensitivity
of 1.807 kPa−1 maximum, and a hysteresis of 7.69%. These performance improvements
were attributed to the interaction between the microsphere-shaped gold electrode array
and the rough surface of the dielectric layer, resulting in a significant change in the contact
area of the electrodes and the thickness of the dielectric layer. Moreover, the electrostatic
spinning method used to prepare the nanofibrous dielectric layer makes it more easily
compressible compared to a conventional dielectric layer. The exclusion of air from the
dielectric layer also increases its dielectric constant, making the change in capacitance more
pronounced. Consequently, this flexible pressure sensor exhibits excellent performance
in pressure measurement and has significant potential for electronic skin applications.
Overall, the results of our study suggest that the proposed low-cost and high-performance
capacitive pressure sensor could find wide applications in the fields of robotics, prosthetics,
and healthcare monitoring.

2. Materials and Methods
2.1. COMSOL Multiphysics Simulation

We performed simulations based on the focuses of two modules within COMSOL
Multiphysics: electrostatics and solid mechanics. To obtain the potential map of a capacitive
pressure sensor, we first used the electrostatics sub-module under the electromagnetics
module to calculate the electric field generated by electrostatics. Under free space, the
spatial electric field is irrotational, and the relationship between the potential and the spatial
charge density can be determined using Maxwell’s system of equations:

−∇ · ∇V =
ρ

ε0
(1)
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where ρ is the charge density, ε0 is the free dielectric constant in space, and V is the
electric potential. However, the internal electric field of a dielectric material is generated
by an electric dipole, which is not consistent with the free electric field. Therefore, this
phenomenon needs to be described from a macroscopic point of view:

ρP = −∇ · P (2)

D = ε0E + P (3)

where P is the polarization vector field and D is the electrical displacement density. The set
of electrostatic equations can be finally associated as a system of equations:

−∇ · (ε0∇V − P) = ρP (4)

When a material is compressed or stretched, the stress distribution within it is not
uniform. Therefore, our simulation needed to consider the physical properties of the
material, the stress distribution, and the deformation. In solid mechanics, the stress tensor
of a material is used to describe the stress distribution in three dimensions:

σ =




σxx σxy σxz
σyx σyy σyz
σzx σzy σzz


 (5)

where the first component represents the component of the force and the second represents
the direction of the normal to the force. Newton’s second law can be rewritten to be
expressed using the stress tensor:

∇ · σ + f = ρ
∂2u
∂t2 (6)

where f is the force per unit volume, ρ is the mass density, and u is the displacement vector.
When a material is subjected to stress, it deforms, and stresses are generated within it.
When deformation occurs, all parts of the material should be in harmony and reach a state
of equilibrium. In order to describe this strain, a stacking tensor element is introduced to
represent it:

ε =




εxx εxy εxz
εyx εyy εyz
εzx εzy εzz


 (7)

Each tensor element is defined as the derivative of the displacement:




εxx
εyy
εzz
εxy
εyz
εxz



=




∂u
∂x
∂v
∂y
∂w
∂z

1
2

(
∂u
∂y + ∂v

∂x

)

1
2

(
∂v
∂z +

∂w
∂y

)

1
2

(
∂u
∂z + ∂w

∂x

)




(8)

These tensors are not characterized by an arbitrary spatial distribution of displace-
ments, but rather by fundamental constants that can represent deformation processes and
provide coordination relations for the deformation of materials under the action of external
forces.
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2.2. Chemicals and Materials

PDMS (Dow Corning, Sylgard 184) and polystyrene microspheres (PS, dm 0.6–1.0 µm,
2.5% w/v) were purchased as received. Deionized water (water purifier), ethanol solution
(AR, Nanjing Reagent), gold target (ZhongNuo Advanced Material Technology Co., Ltd.,
Beijing, China), glass slides (10 cm diameter), and acetone solution (Shanghai Reagent)
were purchased from the reagent platform of Nanjing University.

To prepare the nanofiber PVDF nonwoven fabrics, 5 mL of DMF and 5 mL of acetone
solution were mixed in a beaker at a ratio of 1:1 and placed in a magnetic stirrer at 60 ◦C for
20 min. A certain amount of PVDF powder was added to the DMF and acetone solution to
form a mixture with a mass fraction of 20% wt. The stirred mixture was then placed in a
magnetic stirrer at 70 ◦C for 1 h. The stirred mixture was left at room temperature for 1 h to
remove any air bubbles. The mixed PVDF solution was electrostatically spun at 20 kV for
6 h to obtain the nanofiber PVDF nonwoven fabrics with electrostatic spinning.

2.3. Preparation of Microsphere Array Electrodes

The PDMS was obtained by mixing the crosslinker with the prepolymer in the ratio
of 1:10 and stirring well. It was then put into a constant-temperature desiccator for the
first evacuation operation to remove the air bubbles generated during the mixing process.
The PDMS was uniformly poured on the glass sheet with PS microspheres, and then the
second evacuation was performed to remove the air bubbles generated during the pouring
process. The glass sheet with PDMS was then placed in a constant-temperature drying oven
and baked at 100 ◦C for 2 h to cure and form a smooth PDMS film. The PDMS substrate
with inverted microsphere arrays can be obtained by tearing off the PDMS film. The
PDMS substrate was washed in acetone solution to remove the residual PS microspheres,
then cleaned with ethanol and deionized water, respectively, and placed on a hot table
for drying. The PDMS substrates with inverted microsphere arrays obtained from the
first inversion were placed in a UV-Ozone cleaning machine for 20 min for hydrophilic
treatment to produce a surface with good hydrophilicity. The second PDMS layer was
uniformly poured onto the PDMS surface of the first layer, placed in an oven and baked
at 80 ◦C for 2 h, and then removed. The PDMS substrate with microsphere arrays was
prepared by the “secondary inversion” method by carefully tearing off the PDMS film of
the second layer. Finally, the final PDMS substrate was sputtered with gold for 5 min using
a JS-1600 magnetron sputterer to obtain gold electrode arrays of 50 nm thickness.

2.4. Preparation of Pressure Sensors

Copper wires and gold electrodes with a microsphere array structure were bonded
together with conductive silver paste. Then, the lower electrode, nonwoven fabrics with
electrostatic spinning, and upper electrode were assembled together in a sandwich structure
to obtain a flexible capacitive pressure sensor.

3. Results and Discussion

Figure 1a depicts the fabrication process of microsphere array electrodes (content
A, Supporting Information) for flexible capacitive pressure sensors. The process begins
with the dispersion of PS microspheres in an ethanol solution, followed by the uniform
deposition of the solution on a glass sheet to form a monolayer film through self-assembly.
Once the ethanol evaporates completely, the PS microspheres are evenly distributed on
the monolayer glass sheet, as shown in Figure 1b. Next, the configured PDMS solution is
poured onto the PS microsphere film to form a concave microsphere structure after curing.
Subsequently, PDMS is poured onto the concave PDMS film formed for the first time by
the second inversion method and cured in the same way to form a PDMS substrate with a
microsphere array structure, as shown in Figure 1c. Finally, the microsphere gold electrode
arrays, with a gold layer of 50 nm in thickness, are obtained through magnetron sputtering.
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Figure 1. (a) Preparation process of microsphere array electrodes. (b) SEM image of monolayer PS
microsphere array. (c) Photograph of PDMS with surface microsphere structure. (d) SEM image of
nanofiber PVDF nonwoven fabrics; inset is SEM image at high magnification.

In the process of preparing flexible capacitive pressure sensors, electrostatic spinning
plays a crucial role. Due to the complex network structure of the nanofiber nonwoven
fabrics, the electrostatic spinning time needs to be controlled for more than six hours to
prevent any leakage current or a device short-circuit. The electrostatic spinning method
is used to prepare the PVDF film, as shown in Figure 1d. A dielectric layer with fibers
exhibits a higher displacement increase compared to a flat dielectric layer without fibers.
The nanofibers with voids constitute the inner part of the dielectric layer prepared by
the electrostatic spinning technique. The interlaced nanofibers can be easily deformed by
applying external forces, which is advantageous in detecting small force changes. From the
SEM photos in the inset of Figure 1d, it can be seen that the diameter of PVDF nanofibers
of the nonwoven fabrics is about 200 nm, the thickness is relatively uniform and smooth,
the boundary is clear and uniformly distributed, and there is practically no agglomeration
phenomenon.

The performance of capacitive pressure sensors can be improved through altering
the electrode contact area and dielectric layer parameters. We first simulated the pressure
sensor model with a microsphere-array-structure gold electrode on the surface and a
fibrous dielectric material layer with surface roughness produced via electrostatic spinning
technology through COMSOL, as shown in Figure 2a. Since the nanofibrous dielectric layer
itself has a very complex fiber structure on the surface and inside, it is not feasible to make
a complete fibrous dielectric layer. Thus, only rectangular voids can be added in the middle
of the model of the nanofibrous dielectric layer to simulate the complex fiber structure.
Figure 2b shows the deformation of the nonwoven fabrics with electrostatic spinning in the
pressure range of 0–20 kPa. As the thickness of the dielectric layer decreases, its contact
area with the motor increases gradually, resulting in an increase in capacitance value with
the increase of pressure.

Subsequently, the simulation model without the nanofibrous structured dielectric layer
is selected for comparison experiments. Figure 2c shows that the displacement increase
of the dielectric layer with the fibrous form is significantly higher than that without the
fibrous form. When P0 is 2 kPa, the displacement with the fibrous dielectric layer reaches
about 0.57 µm, while the displacement without the fibrous dielectric layer is only 0.40 µm.
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Figure 2. (a) Model drawing of flexible capacitive sensor. (b) The simulated deformation of the
dielectric layer under the pressure of 0, 5, 10, and 20 kPa, respectively. (c) The upper figure shows the
model of ordinary dielectric layer, and the lower figure shows the comparison of displacement of
nonwoven fabrics with electrostatic spinning and ordinary dielectric layer.

In a flexible capacitive pressure sensor utilizing a microsphere array, the electrode
portion is formed by sputtering a metal layer onto a PDMS surface with an array of
microspheres, and this electrode design can effectively improve the sensitivity of the device
(SC, Supporting Information). The application of pressure onto the substrate portion of
the sensor results in the deformation of the electrodes as they come into contact with
the dielectric layer, as illustrated in Figure 3a. The gold microspheres, with a thickness
of only 100 nm, cause the electrodes to be squeezed and their contact area to change,
ultimately leading to a change in the capacitance of the sensor. In contrast to the parallel
plate electrode, the electrode area of the capacitive pressure sensor undergoes a greater
degree of change, resulting in a greater amount of capacitance change. This paper presents
a flexible capacitive pressure sensor model designed to account for changes in both the
dielectric layer and electrode, as shown in Figure 3b. Based on this model, the theoretical
sensitivity achievable by the sensor is calculated. Due to the large calculation volume
of the three-dimensional model, a two-dimensional model calculation was utilized to
maintain consistent imposed conditions. While an ordinary dielectric layer is used in this
paper instead of a nanofibrous dielectric layer, parameters such as the elastic modulus and
Poisson’s ratio of the nanofibrous dielectric layer are introduced to prevent the experimental
results from being affected. Additionally, the microsphere-structure gold electrode is known
to deform under applied pressure, which is difficult to simulate; thus, this paper employs
a microsphere structure that does not deform instead. Figure 3c displays the potential
diagram of the electric field following pressure application. The thickness of the dielectric
layer decreases under the action of pressure P0, resulting in an increase in the contact area
of the electrode and, consequently, an increase in the capacitance of the entire capacitor.
The initial capacitance (C0) is 1.51 pF when no pressure is applied. As pressure P0 increases,
the capacitance also increases and ultimately reaches approximately 6.4 pF, as illustrated
in Figure 3d. The graph in Figure 3e illustrates the relative rate of change of capacitance
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∆C/C0 for the simulation model, with a maximum value of about 3.238 observed when the
pressure reaches a maximum of 20 kPa.
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Figure 3. (a) Initial model of gold electrode with microsphere structure (left) and deformation under
pressure (right). (b) Two−dimensional simulation model of flexible capacitive pressure sensor based
on nonwoven fabrics with electrostatic spinning and microsphere−array electrode. (c) Simulated
potential diagram of a flexible capacitive pressure sensor under external action. (d) Simulation
curve of capacitance pressure of flexible capacitive pressure sensor. (e) Simulation graph of flexible
capacitive pressure sensor ∆C/C0−pressure.

The performance variation curve plotted from the simulation data shows that the
nanofibrous dielectric layer has good deformation capability, while the sensor has excellent
sensing performance under small stress. We bonded copper wires and gold electrodes with
microsphere arrays together using a conductive silver paste/glue. Then, we assembled the
lower electrode, the nonwoven fabrics with electrostatic spinning, and the upper electrode
according to the “sandwich” structure to produce a flexible capacitive pressure sensor
based on the microsphere array. In order to obtain high sensitivity, the dielectric layer
thickness of the device needs to be controlled within 5 µm, so the test voltage needs to
be controlled at 1 V to prevent the device from breakdown during testing. Figure 4a
shows the capacitance pressure curve of the sensor, which shows that the capacitance
value of the sensor increases with increasing pressure, increasing to 27.90 pF when the
pressure reaches 80 kPa. The sensitivity of the sensor is very large at stresses less than
1 kPa. Similar results can be obtained for the variation curve of the relative rate of change of
capacitance’s relative intensity, as shown in Figure 4b, which can reach a value of 2.13 when
the pressure reaches 80 kPa. The sensitivity curve in Figure 4c shows that the decrease
in sensitivity is very sharp when the pressure is less than 1 kPa, and the sensitivity can
reach a maximum of 1.807 kPa−1 at 0.05 kPa. This is due to the fact that when the electrode
is subjected to a small pressure, the surface of the dielectric layer is squeezed against the
electrode, resulting in a change in contact area, which can lead to a dramatic change in the
capacitance value of the sensor, making the sensor excellent for small force measurements.
Moreover, when more pressure is applied to the sensor, the thickness of the dielectric layer
decreases further, causing an increase in its capacitance value. This property is related to the
internal structure of the dielectric layer prepared by electrostatic spinning, which comprises
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nanofibers filled with air. When pressure is applied to the sensor, the air within its internal
dielectric layer is compressed, causing the dielectric layer’s structure to become very dense
and the dielectric constant to change accordingly, leading to an increase in the capacitance
value of the sensor. This is one of the primary reasons for the change in the capacitance
value of flexible capacitive pressure sensors. The capacitance test curves of the sensor are
generally consistent with the simulated expectations but show significant deviations in
the low-stress range. This is primarily due to the intricate fibers in the nonwoven fabrics
with electrostatic spinning, where the nanofibers undergo a significant change in dielectric
constant under small stresses, resulting in a sharp increase in capacitance. Treating the
microscopic spheres as non-deformable objects in the simulation also leads to significant
deviations between the real and simulated results in the low-pressure section. Therefore,
we can observe that the performance of flexible capacitive pressure sensors can be improved
through changing the microstructure of the elastomer or the surface roughness and internal
structure of the dielectric layer. Figure 4d illustrates the hysteresis performance of the
sensor. The process of increasing and then decreasing the external pressure from 0–80 kPa
back to 0 kPa is represented by two curves. The red curve shows the response when the
pressure increases, while the black curve shows the response when the pressure decreases.
The hysteresis of the flexible capacitive pressure sensor is approximately 7.69%, which is
excellent and generally satisfies the hysteresis performance requirements of general flexible
sensors. However, due to viscoelastic deformation within the device, the contact area and
dielectric layer of the electrode do not quickly return to their original size and shape when
the pressure decreases, leading to a difference in capacitance value compared to when
the pressure increases. Furthermore, the air inside the nanofibers does not immediately
return, indirectly affecting the dielectric constant of the dielectric layer. Additionally, as the
substrate of the sensor is made of PDMS and the dielectric layer is prepared by electrostatic
spinning technology, there is some viscosity between the contact surfaces, leading to a small
adhesion phenomenon during the process of pressure increase and decrease and resulting
in the response lag of the sensor. Figure 4e shows the recovery and response time of the
device; the device has a fast response time of 0.048 s and a fast recovery time of 0.072 s. The
cycling stability of the device is shown in Figure 4f. We have carried out 1000 cycles of the
device under the same 15 N stress and can see that the device has high cycling stability.
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Figure 4. Capacitive pressure sensor based on PVDF nonwoven dielectric layer. (a) Capacitance
versus pressure curve. (b) Relative rate of change of capacitance’s relative intensity versus pressure
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(f) Cycle stability.

We designed several experiments to demonstrate the high sensitivity of our prepared
microsphere-array electrode capacitive pressure sensor over a wide pressure range. First,
we attached the device to a nitrile glove. As shown in Figure 5a, with the passage of
nitrogen into the glove, our sensor can recognize the different deformations of the glove.
The illustration in Figure 5a shows an example of the sensor on the re-glove, showing that
the measured capacitance changes with the magnitude of the glove expansion. Next, we
attached the sensor to the finger to distinguish the degree of finger flexion. As shown in
Figure 5b, the capacitance value of the device changes as the degree of finger bending
is changed, with the greater the bending, the greater the capacitance. The inset shows
the capacitance cycling curve of the sensor under repeated finger bending extension,
demonstrating the excellent durability and stability of the device (Figure S1, Supporting
Information).
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Figure 5. Monitoring of capacitance changes caused by various pressure sources: (a) different
expansion sizes of the inflated gloves; (b) finger bending.

4. Discussion

In this paper, gold electrodes with microsphere arrays on the surface were prepared
using the methods of “self-assembly” and “secondary inversion”, and the dielectric layer
materials with nanofiber nonwoven fabric structure were prepared using electrostatic
spinning technology. The sensor performance based on the microsphere-array electrode
prepared in this paper shows a high sensitivity under low stress, with a maximum relative
change rate ∆C/C0 of 2.13, a maximum sensitivity of 1.807 kPa−1, and a hysteresis of
7.69%. This is attributed to the microsphere-shaped gold electrode array and the rough-
surface dielectric layer as well as the nanofiber-like internal structure. We developed and
experimentally validated the COMSOL model, which successfully revealed the sensing
mechanism of the microsphere-array electrodes and nanofibrous dielectric. Finally, we
demonstrated the sensitivity of this capacitive sensor by detecting subtle pressure changes
under various experimental conditions. The excellent sensing range and ultra-high sensi-
tivity make the sensor promising for many other potential applications in human haptic
sensing, soft robotics, prosthetics, and surgical e-skin.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/nano13111702/s1, Contents A: Preparation of piezocapacitive
pressure sensor; B: Cyclic stability test; C: Mechanism for enhancing the performance of micro-
sphere electrode-based sensors; Figure S1: Finger bending cycle test. Reference [39] is cited in
Supplementary Materials.
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