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Preface

Hydrogen is destined to be a future global energy carrier for a clean, innovative, safe, and

competitive energy industry with great expectations in the time to come. Today, metal hydrides

are explored for a range of applications, including hydrogen export, remote area power systems,

solid-state batteries, thermochemical energy storage, and hydrogen diffusion. As such, there is

increasing interest from industries to integrate hydrogen technology into their energy portfolio

and supply chains. The aim of this Special Issue of Inorganics, entitled ‘State-of-the-Art and

Progress in Metal-Hydrogen Systems’, is to inspire continued research within this important class of

materials, particularly for energy-related applications. This Special Issue also serves as a collection of

contributions presented at the International Symposium on Metal-Hydrogen Systems, held in Perth,

Western Australia, 30 October – 4 November 2022. This meeting, MH2022, was the 17th meeting

in a distinguished series of conferences dating back to 1968. Our hope is to convey inspiration for

continued research to create a ‘greener’ future based on renewable energy. This reprint and the special

issue are edited by Terry D. Humphries, Craig E. Buckley, Mark Paskevicius and Torben R. Jensen.

Terry D. Humphries, Craig E. Buckley, Mark Paskevicius, and Torben R. Jensen

Editors
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2 Interdisciplinary Nanoscience Center and Department of Chemistry, Aarhus University,
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* Correspondence: terry_humphries81@hotmail.com

1. Introduction

Hydrogen is heralded as a future global energy carrier [1–9]. The development
of hydrogen as a clean energy solution is gaining unprecedented global attention, as
many countries are now recognising its potential in various applications and including
hydrogen in its energy portfolio. This includes stationary, portable, and transport use
today, including hydrogen fuel cell vehicles, trains, and ferries. However, hydrogen storage
remains a critical challenge in expanding infrastructure for hydrogen-based transportation
and industrial utilisation.

Metal hydrides have received much interest over the past several decades, which is
evident from a previous related Special Issue published in Inorganics: “Functional Mate-
rials Based on Metal Hydrides” [10]. Reversible solid-state hydrogen storage at ambient
conditions with moderate energy exchanges with the surroundings is the ultimate challenge
to realise a hydrogen-based society. Varieties of novel hydrogen-rich materials have been
investigated in the past decades, which has provided many novel compositions, fascinating
structures, and functionalities [8,11–14]. Today, metal hydrides are explored for a range of
applications, including hydrogen exports, remote area power systems, solid-state batteries,
thermochemical energy storage, and hydrogen diffusion [15–23]. Indeed, the International
Energy Agency (IEA) is involved in the development of hydrogen and hydrogen storage
materials, where Task 40 “Energy Storage and conversion based on hydrogen” has recently
released a number of review articles on the research being conducted in this area [24–30].

The aim of this Special Issue of Inorganics, entitled “State-of-the-Art and Progress in
Metal-Hydrogen Systems”, is to inspire continued research within this important class of
materials, in particular for energy-related applications. This Special Issue also serves as a
collection of contributions presented at the International Symposium on Metal-Hydrogen
Systems, held in Perth, Western Australia, 30 October–3 November 2022 [31]. This meeting,
MH2022, is the 17th meeting in a distinguished series of conferences dating back to 1968.
This conference was due to be held in 2020; however, COVID forced it to be postponed
to 2022. The conference Chair was Prof. Craig Buckley, and the Vice-Chair was Assoc.
Prof. Mark Paskevicius, both from Curtin University, Australia. MH2022 had a total of
159 participants from 22 countries. Five plenary talks were presented by Prof. Ping Chen
(Dalian Institute of Chemical Physics, Chinese Academy of Sciences), Prof. Petra E de Jongh
(Utrecht University, The Netherlands), Prof. Evan Gray (Griffith University, Australia),
Dr Patrick Hartley (CSIRO, Australia), and Dr Michael Hirscher (Max Planck Institute
for Intelligent Systems, Germany). There were 40 invited and 87 contributed talks and
30 posters on the topic of the fundamentals and applications of metal–hydrogen systems.
The contributions covered a wide range of materials topics, including complex hydrides,
metal hydrides, and chemical, organic, and nanoporous materials.

The Guest Editors would like to sincerely thank the Scientific Program Committee
members for MH2022, the Local Organizing Committee, and the MH series International

Inorganics 2023, 11, 476. https://doi.org/10.3390/inorganics11120476 https://www.mdpi.com/journal/inorganics
1



Inorganics 2023, 11, 476

Steering Committee for their help in planning and successfully organizing the sympo-
sium. We gratefully acknowledge the sponsors and supporting partners of MH2022:
Curtin University, The Australian Renewable Energy Agency (ARENA), Toyota, and the
exhibitors Anton Paar, Hidden Analytical, Hidden Isochema, John Morris Group, and
Suzuki Shokan. Furthermore, the Guest Editors would like to thank all the reviewers who
spent their valuable time thoroughly reviewing and improving the articles published in
this Special Edition.

2. An Overview of Published Articles

As expressed above, the field of metal hydrides is diverse, and this is exemplified by
the varied topics covered in the 14 articles published in this Special Edition. This section
provides a brief overview of the included manuscripts, of which they are divided into
discreet, albeit cross-cutting, subsections that include: Hydrogen Release and Uptake,
Electrolytes, Physical Properties, and Metallic Alloys.

2.1. Hydrogen Release and Uptake

Varieties of novel hydrogen containing compounds with fascinating compositions and
structures are continually discovered [1,13,32–37], well-illustrated by the
Na[BH3(CH3NH)BH2(CH3NH)BH3] material presented by Zhang et al. (in contribution 1).
This compound releases 4.6 wt.% of pure hydrogen below 150 ◦C contrary to the parent
counterpart Na[BH3NH2BH2NH2BH3]. This work illustrates a new route to suppress the
release of unwanted gaseous by-products by the introduction of organic methyl groups
bonded to nitrogen.

Lithium and sodium borohydride, LiBH4 and NaBH4, are known to possess high gravi-
metric and volumetric hydrogen densities of 18.5 and 10.6 wt.% and 121 and 113 kg·m−3,
respectively [37–43]. However, their high thermal stabilities hamper utilisation as hydrogen
storage materials for practical applications. Interestingly, F. Peru et al. investigated the
composite 0.71LiBH4–0.29NaBH4 with a eutectic melting point of 219 ◦C, which allows
convenient melt infiltration into a nanoporous carbon material (CMK-3) with a pore size
of ~5 nm (contribution 2) [44]. This material reveals an uptake of ~3.5 wt.% H2 after five
hydrogenation/dehydrogenation cycles facilitated by carbon–hydride surface interactions
and possibly enhanced heat transfer.

Magnesium hydride, MgH2, has attracted much attention during the last few decades
owing to a high hydrogen content of 7.6 wt.% and possesses good reversibility [23,24,45–48].
However, hydrogen release and uptake occur at temperatures higher than 300 ◦C and
with slow kinetics. The third and fourth paper contributed to this collection reveals new
strategies for improving both kinetic and thermodynamic properties of magnesium hydride.
Huang et al. (contribution 3) demonstrated that the operating temperature for pristine
MgH2 can be decreased from 322 to 214 ◦C through the employment of Ti3CN. Furthermore,
the hydrogen-release kinetics of MgH2 are also improved, as observed by a decrease in
activation energy from 121 to 80 kJmol−1 for the release of hydrogen. Another strategy,
developed by Qin et al. (contribution 4), is to use hydrogen-containing additives such as
lithium borohydride in magnesium hydride. A new composite of MgH2-LiBH4 (5 wt%)
released ~7.1 wt.% H2 within 40 min at 300 ◦C, where a reference sample of MgH2 only
released <0.7 wt.% H2. Importantly, the kinetics of hydrogen release are improved by a
factor of ten (×10) compared to that of the pure MgH2 material. This effect is suggested
to be due to the creation of ion transfer channels, which can inhibit the agglomeration of
MgH2 particles.

TiFe is a well-established hydrogen storage material due to its low cost, elemental abun-
dance, and near-ambient temperature and mild pressure for hydrogen absorption [15,49].
This makes it perfect for stationary applications [50]. The main hindrance is the difficulty to
activate the material for the absorption of hydrogen in the first cycle, where high pressures
of ~50 bar and high temperatures of ~400 ◦C are often required. Contribution five by
Sartori, Amati, and Gregoratti et al. studied the influence of adding 4 wt.% Zr to the

2



Inorganics 2023, 11, 476

material and found that the kinetics of the first hydrogenation are greatly improved. The
authors employed scanning photoemission microscopy to investigate the composition
and chemical state of the various phases present in this alloy and how they change upon
hydrogenation/dehydrogenation and found the presence of different oxide phases that
were not seen by conventional SEM investigation.

2.2. Electrolytes

Recently, a variety of new complex hydride-based electrolytes were discovered [51–56].
They deviate from classical ionic compounds by offering high cationic conductivity at mod-
erate temperatures, also with divalent cations. The high cationic conductivity is often
assigned to weak interactions, such as dihydrogen bonds, providing structural flexibil-
ity [26,57]. A new example is magnesium borohydride, templated by isopropylamine,
Mg(BH4)2·(CH3)2CHNH2, which also has hydrophobic domains, presented by Kristensen
et al. (contribution 6). Aluminium oxide nanoparticles and heat treatment produce a highly
conductive composite, σ(Mg2+) = 2.86 × 10−7 and 2.85 × 10−5 S cm−1 at −10 and 40 ◦C,
respectively, with a low activation energy, Ea = 0.65 eV. Nanoparticles stabilise the partially
eutectic molten state and prevent recrystallisation even at low temperatures and provide a
high mechanical stability of the composite.

Electrochemical reactions taking place in a solid-state battery cell can be considered
multi-phase reactions taking place at interfaces, involving cationic diffusion in the solid
state [26,58]. Hydrogen storage systems based on complex hydrides, such as metal borohy-
drides or metal alanates, reveal similarities. In both cases, multiple solid phases nucleate
and grow or are consumed as hydrogen is released or stored or electrochemical reactions
take place in a battery. These reactions are limited by the kinetics of atoms or ion diffusion
at grain boundaries in the solid state and also by solid state transformations. Thus, Vajo
and co-workers (contribution 7) proposed to explore these challenges by investigating
combined electrolytes and hydrogen storage systems. This includes the use of eutectic
molten composites. An increase in reaction rates was observed in several cases, but the
kinetics may become more complex. A reduction in reaction temperature may be observed,
but the results also suggest that electrolytes improve intraparticle transport phenomena.

2.3. Metallic Hydrides for Hydrogen Purification and Compression

If the world is to move towards a hydrogen economy, hydrogen must be produced
in high purity to avoid any poisoning of catalysts during consumption, e.g., in a fuel
cell [59]. Palladium has been determined to be extremely effective towards the application
of hydrogen-purification/separation membranes. In contribution 8, Endo et al. discusses
the preparation of high-purity palladium (Pd) films using the electroplating method, which
is considered a simple and cost-effective technique. However, electroplating can result in
stress accumulation in the film, making it challenging to obtain a dense single Pd film. This
study successfully addressed this issue by optimising the electroplating process, resulting in
a high-purity Pd film with unique surface characteristics. Notably, the plated film exhibited
superior mechanical properties compared to rolled Pd films, including twice the displace-
ment and four times the breaking point strength. As such, this research demonstrates the
practical feasibility of using electroplating to produce Pd-based membranes for hydrogen
purification applications.

For practical applications of hydrogen gas, convenient compression using low amounts
of energy is crucial. Metallic hydrides have proven useful for the development of metal
hydride–hydrogen compressors [15,30,60]. This is successfully demonstrated by X. Zhang
et al. (contribution 9) where the rare earth series AB5 and Ti/Zr-based AB2 hydrogen storage
materials are investigated. A four-stage compressor is developed with output pressures of
8.90, 25.04, 42.97, and 84.73 MPa operating at 363 K. The first pressure stage was achieved
by a CaCu5-type hexagonal structure, the others by TiCr2 and ZrFe2 type alloys.

There are many aspects to overcome to enable metal hydrides to be the ideal hydrogen
storage medium, but several researchers are utilising a variety of methods to overcome

3
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these problems. Large volume expansions within these powders are observed upon cycling
of hydrogen, and this can lead to the occurrence of stress on the walls of the container and
the possibility of catastrophic failure [15,30,49]. Zheng et al. (contribution 10) used silicone
oil as a glidant to promote stress-free conditions for V-based BCC metal hydrides and have
reported that the addition of 5 wt.% silicone oil slightly reduced the initial hydrogen storage
capacity of V40Ti26Cr26Fe8 (particle size ~325 μm) but improved the absorption reversibility,
regardless of the oil viscosity. The maximum strain on the surface of the hydrogen storage
container decreased by ≥22.5% after adding 5 wt.% silicone oil.

During absorption and desorption of hydrogen, metal hydrides interact with hy-
drogen via multiple bonding interactions, including covalent, ionic, and van der Waals
forces [61]. This inherently produces heat during absorption and absorbs heat during
desorption [22,27]. This heat must be dissipated if a steady reaction rate is to occur and
avoid physical degradation, including agglomeration or side reactions that are more
favourable at high temperatures. Liu et al. (contribution 11) submitted a review on
improving heat transfer and stability for hydrogen storage and compression applications.
Currently, several researchers have adopted the method of forming composites of alloy
powders with high thermal conductivity materials, such as exfoliated natural graphite
(ENG), but there are many options, including liquid-based methods, polymers, and metal
foams. This article highlights the state of the art in this field of research.

2.4. Physical Properties

Fundamental research into the physical properties of metal hydrides is required
if technological progress is to continue in the future [1,10,14,25,27]. Jacob, Babai, and
Bereznitsky et al. (contribution 12) have concentrated on determining the elastic moduli of
Zr(MoxFe1−x)2, x = 0, 0.5, 1, as well as hydrogen absorption in ZrMo2, in an attempt to shed
light on the unusual trend in hydride stabilities in this system. In general, the stabilities
of these hydrides exhibit a unique trend, with stability increasing from x = 0 to 0.5, but
destabilisation is observed for the end member ZrMo2 hydride. They found that the bulk
modulus (B) significantly increases from 148.2 GPa in ZrFe2 to 200.4 GPa in ZrMo2, which
is in contrast to the moderate variation in the shear modulus (G). The increase in B suggests
a bulk stiffening in ZrMo2.

Pan et al. (contribution 13) provided a study detailing how protons move within
yttrium-doped barium zirconate, which is known to be one of the fastest solid-state proton
conductors. This study used density functional theory with the Perdew–Burke–Ernzerhof
functional to calculate the total electronic energy for each proton pair in an effort to
catalogue and understand their motion, especially when the protons are in close proximity
to one another. Overall, it was determined that protons are in close proximity to each other
and the dopant in the lowest-energy configuration, significantly affecting the backbone
structure. This knowledge is important for developing superior materials for proton-
conduction applications.

The search for highly tuneable hydrogen storage materials is an ongoing field, espe-
cially as the addition of functional groups can produce novel materials with interesting
properties such as superconductivity, photoluminescence, etc. Alkali organometallic com-
plexes are known to have favourable thermodynamics and hydrogen capacities, but not
many transition metal–organic complexes have been reported. The contribution by Wang,
Pei, Yu, and Cui et al. (contribution 14) have demonstrated the formation of yttrium
phenoxide and lanthanum phenoxide via metathesis of sodium phenoxide with YCl3 and
LaCl3, respectively. Their properties were elucidated using theoretical calculations, quasi
in situ NMR, and UV-vis spectroscopies. Although the hydrogenation of these rare-earth
phenoxides was not successful, further research on these materials may lead to progress.

3. Conclusions

The necessity for reliable methods to store renewable energy is driving the develop-
ment of hydrogen production, utilisation, distribution, and storage. The most-efficient
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method of storing hydrogen is by using metal hydrides, whereas, simultaneously, many of
these metal hydrides are finding applications in a variety of functions, including solid-state
batteries, thermal energy storage, compression, etc.

The presentations, posters, and manuscripts that have arisen from MH2022 in Australia
are a testament to the world-class research being undertaken in this area. The Editors of
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you to read the contributed articles in the issue.
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Abstract: Over the last 10 years, hydrogen-rich compounds based on five-membered boron–nitrogen
chain anions have attracted attention as potential hydrogen storage candidates. In this work, we
synthesized Na[BH3(CH3NH)BH2(CH3NH)BH3] through a simple mechanochemical approach. The
structure of this compound, obtained through synchrotron powder X-ray diffraction, is presented
here for the first time. Its hydrogen release properties were studied by thermogravimetric analysis
and mass spectrometry. It is shown here that Na[BH3(CH3NH)BH2(CH3NH)BH3], on the contrary of
its parent counterpart, Na[BH3NH2BH2NH2BH3], is able to release up to 4.6 wt.% of pure hydrogen
below 150 ◦C. These results demonstrate that the introduction of a methyl group on nitrogen atom
may be a good strategy to efficiently suppress the release of commonly encountered undesired
gaseous by-products during the thermal dehydrogenation of B-N-H compounds.

Keywords: five-membered chain anions; B-N-H compounds; mechanochemical synthesis; thermal
dehydrogenation; hydrogen release

1. Introduction

In the field of chemical hydrogen storage [1–3], boron–nitrogen–hydrogen (B-N-H)
compounds have emerged as promising candidates owing to the light weight of boron and
nitrogen and to their ability of bearing multiple hydrogens. Additionally, B–H and N–H
bonds tend to be hydridic and protic, respectively, resulting in normally facile hydrogen
release [4–10]. A typical representative of B-N-H materials is ammonia borane (NH3BH3, or
AB), which contains three hydridic and protic hydrogens on the N and B atoms, respectively.
Ammonia borane has attracted consideration attention for hydrogen storage due to its high
gravimetric storage density (up to 19.6 wt.%), high stability under ambient conditions, low
toxicity, and high solubility in common solvents [11–15]. However, one of the drawbacks
of NH3BH3 for hydrogen storage is the decomposition temperature. It starts releasing
the first equivalent of hydrogen at about 120 ◦C, and a second hydrogen elimination step
occurs at approximately 145 ◦C; the remaining amount of hydrogen is not released until
more than 500 ◦C. Moreover, its decomposition is exothermic and thus irreversible, and it
releases multiple volatile byproducts such as NH3, N3B3H6, and B2H6, making the chemical
hydrogenation process more challenging. In addition, the thermal decomposition of AB is
furthermore paired with severe foaming and volume expansion [14,16,17]. To overcome
these disadvantages, several strategies have been employed, including nanoconfinement
using nanoscaffolds, catalytic effects, ionic liquid assistance, the hydrolysis reaction, and
chemical modification of NH3BH3 through replacing one of the H atoms in the –NH3
group of NH3BH3 by a metal, forming metal amidoboranes (MABs) [7,15,18–25]. Among
these strategies, the formation of metal amidoboranes as a popular option show a number
of advantages over neutral NH3BH3: (i) lower hydrogen release temperatures than that
of pristine NH3BH3 [26]; (ii) generally the released hydrogen is not contaminated with
undesirable borazine by-products [19,27,28]; (iii) the de-hydrogenation process is much less
exothermic, about 3 to 5 kJ/mol [26,29], vs. 22.5 kJ/mol for NH3BH3 [17,30]. Furthermore,
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the introduction of metals increases the diversity of hydrogen storage candidates based
on B-N-H compounds. Recently, five-membered chain anions having the general formula
[BH3NH2BH2NH2BH3]−, also known under the abbreviation [B3N2]−, have emerged
as a novel group of ammonia borane derivatives [31–38]. M[B3N2] compounds have a
higher hydrogen content than MABs, and the Li and Na [B3N2]− derivatives are stable at
room temperature, on the contrary of their respective MABs [33]. However, the interest in
M[B3N2] is much more recent than for MAB, and therefore there are only few reports about
their synthesis, structure, characterization, and hydrogen storage properties. In 2011, the
salt of Verkade’s base (2,8,9-triisobutyl-2,5,8,9-tetraaza-1-phosphabicyclo[3.3.3]undecane,
C18H39N4P, VB, chemical formula see Figure S1) with [B3N2] was synthesized, and its
structure was characterized, with the aim of studying the activating effect of VB on the rate
and extent of H2 release from NH3BH3 [31]. Two years later, the same authors reported
the synthesis of the sodium salt and two substituted Na[BH3N(R)HBH2N(R)HBH3] salts
(R = H, Me, and benzyl), to further study the growth of aminoborane oligomers through
the de-hydrocoupling reactions of NH3BH3 [32]. Interestingly, since 2014, the salts of the
[BH3NH2BH2NH2BH3]− anion with different cations have been synthesized with a focus
on the study of their hydrogen storage properties (see Table S1). Generally, these kinds of
complexes that are studied for their hydrogen storage properties can be classified into three
types, based on their cations: ionic liquids, ammonium, and alkali metal salts. A total of four
[B3N2]− ionic liquids have been described: [Bu4N][B3N2], [Et4N][B3N2], [C(N3H6)][B3N2],
and [C(N3H5CH3)][B3N2] [35]. Among them, [Bu4N][B3N2] and [Et4N][B3N2] release pure
hydrogen below 160 ◦C [35]. [NH4][B3N2] was reported this year, as the minor component
of a 1:3 mixture with NH3BH2NH2BH2NH2BH3. Despite its impressive hydrogen content,
this system releases H2 with substantial contamination by borazine and traces of ammonia
and diborane [38]. Among alkali metal (Li–Cs) salts of [B3N2]−, only Li[B3N2] was shown
to release pure hydrogen during thermal decomposition [33,34]. However, it is the sodium
salt, Na[B3N2], that was studied the most in the literature until now, with five synthesis
approaches (four wet chemical and one dry mechanochemical) reported between 2013
and 2021. In 2013, Sneddon and co-workers reported that Na[B3N2] could be obtained
from NaN(SiMe3)2–3 NH3BH3 in fluorobenzene at 50 ◦C for 24 h [32]. Grochala et al.
synthesized the same compound from NaH-3NH3BH3 in THF at room temperature for 24 h
and obtained Li[B3N2] by a similar approach [33]. The same authors later used a metathesis
method to obtain Na[B3N2] from VBH[B3N2] and M[Al{OC(CF3)3}4] (M = Na) in CH2Cl2
at room temperature for 1 h and were able to obtain the related K, Rb, and Cs salts by this
method as well [34]. Although the metathesis is fast, the two precursors involved in this
kind of reaction need to be synthesized first, adding a second step to the preparation of the
salt. In 2021, Chen et al. reported a facile synthetic method to obtain Na[B3N2], based on
the reaction of NaNH2BH3 with NiBr2 or CoCl2 as a catalyst [36]. Results showed that the
reaction with 0.05 equiv. of NiBr2 in THF at 0 ◦C could produce the final Na[B3N2] after
10 h, with a yield of 60%. The main advantages of the dry mechanochemical synthesis are
that it avoids the use of solvent and usually simplifies the drying process [39,40]. However,
the reported procedures for the synthesis of Li[B3N2] and Na[B3N2] require two stages
of milling at room temperature, followed by a removal of the by-products (NH3) upon
heating [33,34]. Moreover, long time reaction times and/or complicated operating processes
are usually needed for the synthesis of the alkali metal [B3N2] compounds.

With its 12.7 wt.% hydrogen content, Na[B3N2] has potential for hydrogen storage.
However, the hydrogen released when heating this compound is contaminated by un-
wanted by-products, including NH3, B2H6, and larger fragments detected by mass spec-
trometry [33,34]. In one of our previous studies, we found that, compared to NH3BH3,
the reaction of CH3NH2BH3 with NaAlH4 leads to a product with a completely differ-
ent thermal behavior. This is likely due to the space hindrance and the electronic effect
caused by the introduction of the methyl group [41]. Similar introduction of a methyl
group on the N atoms of [BH3NH2BH2NH2BH3]− in Na[B3N2] would affect the geome-
try of the B-N-B-N-B skeleton and change the inter-anion dihydrogen bonds, potentially
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positively affecting the hydrogen properties of the compound. With this in mind, we syn-
thesized Na[BH3(CH3NH)BH2(CH3NH)BH3] (abbreviated here as Na[B3(MeN)2]) through
a new convenient mechanochemical synthesis method from easily accessible NaH and
CH3NH2BH3. We also report that its structure, solved from synchrotron powder X-ray
diffraction (PXRD), enables a better understanding of the structure–properties relation-
ships. Its thermal dehydrogenation was also investigated, by thermogravimetric analysis
(TGA) and mass spectrometry, revealing a release of pure hydrogen and thus confirming
our hypothesis. The purity of hydrogen released from Na[BH3NH2BH2NH2BH3] was
enhanced by the introduction of methyl groups on N atoms. This achievement represents
the first successful suppression of the unwanted by-product release through the intro-
duction of -CH3 groups on the nitrogen atoms of [B3N2]−. Furthermore, the structure of
Na[BH3(CH3NH)BH2(CH3NH)BH3] was analyzed for the first time helping to understand
the potential reasons behind the improved hydrogen purity. This study provides valuable
insights into the relationship between the hydrogen release properties and the structure of
B-N-H compounds. The introduction of methyl groups on the nitrogen atoms of Na[B3N2]
to enhance hydrogen purity could potentially be extended to the other M[B3N2] or even
other M-B-N-H compound. It could even be expanded to include the use of other small
alkyl groups or small electron-donating groups instead of the methyl group.

2. Results and Discussion

The reaction between NaH and NH3BH3 in various molar ratios was reported to pro-
duce different hydrogen rich B-N compounds, i.e., NaNH2BH3 (1:1), NaBH3NH2BH3 (1:2),
NaBH3NH2BH2NH2BH3 (1:3), NaBH3NH2BH2NH2BH2NH2BH3, and NaBH3NH2BH
(NH2BH3)2 (1:4) [42]. All of those have potential for application in hydrogen storage
due to their high H content (see Table S2). Despite the potential of this system, there is
only one report of the reaction between the methyl-substituted CH3NH2BH3 and NaH,
in a 1:3 molar ratio [32]. We thus investigated the reaction of NaH and CH3NH2BH3 by
mechanochemistry (Figure 1A), to avoid an incorporation of or a reaction with solvents.
Upon milling NaH-CH3NH2BH3 systems in different molar ratios, new peaks appeared
on the PXRD pattern of all the tested ratios, along with some unreacted NaH for the 1:1
system (Figure 1B). The 11B NMR spectra of the resulting products furthermore showed the
appearance of a new quadruplet signal located between −14.45 and −16.07 ppm, which
likely belongs to the BH3 unit of Na[CH3NHBH3]. When the NaH:CH3NH2BH3 ratio was
increased to 1:2, the PXRD pattern of the obtained product shows peaks corresponding
to crystalline Na[BH3(CH3NH)BH2(CH3NH)BH3]. Although the 11B NMR spectrum of
the product displays a triplet signal of BH2 (−2.24 ppm) and quadruplet signal of BH3
(−16.39 ppm), expected for the [BH3(CH3NH)BH2(CH3NH)BH3]− anion, other signals
on the spectrum reveal the presence of unknown non-crystalline by-products (Figure 1C).
Further increasing the ratio to 1:3 leads to the appearance of only the signals of BH2 and
BH3 from the [BH3(CH3NH)BH2(CH3NH)BH3]− anion on the 11B NMR spectra. The
phase purity of the compound obtained upon 27 h of ball milling the 1:3 mixture was
confirmed by temperature programmed synchrotron powder X-ray diffraction (PXRD)
measurements. Indeed, the complete set of peaks of the pattern disappeared at once at
around 150 ◦C (Figure S2). Based on the 11B NMR spectrum and the temperature ramping
synchrotron PXRD experiment, we deduce that relatively pure Na[B3(MeN)2] with five
membered B-MeN-B-MeN-B chains was formed and that the reaction shown in Figure 1A
was complete.

The obtained Na[B3(MeN)2] was further characterized by infrared (IR) spectroscopy
(Figure 2). On the spectrum, it can be seen that the asymmetry of the N-H stretching band
(3162 cm−1) disappeared, compared with the CH3NH2BH3 precursor. This is because one
hydrogen on the nitrogen of CH3NH2BH3 is released, combined with a hydride atom
from NaH to form H2. In addition, the N-H bending of Na[B3(MeN)2] (1457–1491 cm−1) is
redshifted compared to CH3NH2BH3 (1596 cm−1). This can be attributed to the introduction
of weak electron donating methyl group on N atom, influencing the electron density of
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N and further having an effect on the N-H band. The broad band located in the region
of 2000–2500 cm−1 belongs to the B-H stretching band. There is no significant difference
compared to the CH3NH2BH3 precursor. However, the signal of the B-N stretching is
widened and split in Na[B3(MeN)2] (692–716 cm−1), due to the presence of two types of
B-N bands in Na[B3(MeN)2], whereas CH3NH2BH3 exhibits only one B-N band.

Figure 1. (A) Equation of the mechanochemical reaction; (B) PXRD patterns of NaH and CH3NH2BH3

ball-milled in different molar ratios, along with patterns of NaH and CH3NH2BH3 (λ = 0.71073 Å);
(C) 11B NMR spectra of ball-milled NaH and CH3NH2BH3 mixtures in different molar ratios, along
with the spectrum of CH3NH2BH3.

Figure 2. IR spectra of Na[B3(MeN)2] and CH3NH2BH3.
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All of the aforementioned differences between Na[B3(MeN)2] and CH3NH2BH3 align
with our previous analysis based on XRD and 11B NMR, further confirming the proposed
formula of the product as shown in Figure 1A.

The structure of Na[B3(MeN)2] was determined by direct space methods from syn-
chrotron powder X-ray diffraction (PXRD) data, indexed in the monoclinic space group
P21/n; the final Rietveld refinement profile is shown in Figure S3. The [BH3(CH3NH)BH2
(CH3NH)BH3]− anion is a five-membered B-N chain with an alternance of B and N atoms
connected in a similar way as in the reported [BH3NH2BH2NH2BH3]− [33]. Although
the N atoms in Na[B3(MeN)2] have four different substituents and are therefore chiral,
the crystal structure reveals that the anions are integrated in the solid as a meso com-
pound, as both N atoms possess opposite chirality. This is in agreement with reported
DFT calculations, which indicate that the meso isomer is the preferred stereoisomer for
this anion [32]. Due to the introduction of the methyl substituents, the skeleton of the
B-N-B-N-B chain shows a twisted geometry, which is in contrast with the linear geometry
adopted by the [B3N2]− anion in the Li, Na, and K salts but is similar to the reported Rb
and Cs [B3N2]− salts [34]. This type of geometry enables the formation of intramolecular
dihydrogen bonds, of 2.04 and 2.12 Å (Figure 3A). With this type of geometry of the chain
anion, an increase in the intramolecular interactions is expected, which should have a
positive influence on the hydrogen release properties of Na[B3(MeN)2]. Interanion di-
hydrogen bonds are also present between H atoms of the NH and terminal BH3 groups,
as well as between H atoms of the NH and the ones of the central BH2, as can be seen
in Figure 3B and in Table S3. Unlike in the reported K[B3N2] and Rb[B3N2], the N-BH2
distances are not shorter than the N-BH3 ones (Table S4) [34,43]. Na+ cations have a dis-
torted triangular bipyramidal coordination geometry with five B atoms from four distinct
[BH3(CH3NH)BH2(CH3NH)BH3]− anions (Figure 3B,C). The coordination is performed
through six hydridic H atoms of the BH3 (green balls in Figure 3C) groups from four
different chain anions. Two other hydridic H atoms from the BH2 (red balls in Figure 3C)
of one of above four chain anions complete the coordination around Na. This is different
from the unsubstituted Na[BH3NH2BH2NH2BH3], where Na atoms are coordinated only
to hydrogen atoms of the terminal [BH3] groups. This may be one reason of the release of
large undesirable gaseous species during the thermal dehydrogenation of Na[B3N2] [33].

The thermal stability of Na[B3(MeN)2] was investigated by thermogravimetric analysis
(TGA) under inert argon atmosphere, from room temperature to 150 ◦C. A single step
decomposition event occurs at about 80 ◦C, accompanied by a weight oscillation due to
the so-called “jet” effect [14,44] (Figure 4A). The solid decomposition products isolated
upon heating at 150 ◦C were identified as being crystalline NaBH4, along with some
unknown crystalline and possibly amorphous compounds, based on PXRD and IR analyses
(Figure 4B,C). Those by-products are expected to contain B, C, and N atoms, based on
4.6 wt.% the experimental weight loss as compared to 26.2 wt.% B, 19.4 wt.% C, and
22.7 wt.% N in the sample before decomposition. It is interesting to note that thermally
decomposing alkali metal salts of the unsubstituted anion (Li – Cs [B3N2]) also leads to
the formation of BH4

− compounds, similarly to the title compound. The observed mass
loss during the thermal decomposition of Na[B3(MeN)2], of 4.6 wt.%, is in accordance
with the possible release of pure H2, as the compound has a theoretical hydrogen content
of 8.09 wt.% (excluding H atoms from the methyl groups). This is interesting, as the
parent Na[B3N2] shows a larger mass loss (~20 wt.%) than its theoretical hydrogen content
(12.7 wt.%) when heating below 200 ◦C, resulting in the single-step release of undesirable
gaseous decomposition by-products like diborane and ammonia [34].
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Figure 3. Ball and stick plot of the [BH3(CH3NH)BH2(CH3NH)BH3]− anion with indication of the
intramolecular dihydrogen bond (A), crystal packing of Na coordination polyhedra with boron atoms
(hydrogen atoms are omitted for clarity) in Na[BH3(CH3NH)BH2(CH3NH)BH3] projected along
the c axis, indicating interanion dihydrogen bonds (B), and coordination of H atoms around the
Na+ cation (central B was highlighted by red color) (C). Color code: N = blue, B = green, C = grey,
H = white, and Na = pink. Dihydrogen bonds are displayed by red dotted lines.

Figure 4. TG analysis of Na[B3(MeN)2] (A); PXRD patterns (λ = 0.71073 Å) (B) and IR spectra (C) of
the product upon heating at 150 ◦C, compared to the starting Na[B3(MeN)2] and NaBH4.
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The purity of the gas released during the thermal de-hydrogenation of Na[B3(MeN)2]
was analyzed by means of temperature-programmed mass spectrometry between 40 ◦C
and 150 ◦C. Hydrogen was the only gas detected, and the experiment confirmed that NH3,
B2H6, CH4, and CH3NH2 were not released during the decomposition (Figure 5). This
confirms that the methyl-substituted Na[B3(MeN)2] indeed releases about 4.6 wt.% of pure
hydrogen upon heating to 150 ◦C. This confirmed that the introduction of a methyl group
on the nitrogen atoms efficiently suppresses the release of unwanted by-products during
thermal hydrogen desorption.

Figure 5. Mass spectrometry analysis of gases released during the thermal decomposition of
Na[B3(MeN)2] under argon, between 40 ◦C and 150 ◦C.

3. Materials and Methods

All samples were obtained from commercially available NaH (95%), NaBH4 (97%),
CH3NH2·HCl (98%), and anhydrous THF (≥99.9%) that were purchased from Sigma
Aldrich Co., Ltd. (St. Louis, MI, USA). All operations were performed in gloveboxes with a
high purity argon atmosphere.

3.1. Syntheses

Synthesis of CH3NH2BH3: CH3NH2BH3 was synthesized following a procedure
adapted from the literature [45]. Initially, powdered NaBH4 (3.79 g, 0.1 mol), CH3NH2·HCl
(13.50 g, 0.1 mol), and THF (300 mL) were added to a 500 mL three-neck round-bottom
flask. The resulting mixture was then vigorously stirred at ambient temperature under an
argon atmosphere for 48 h. Filtration was performed to remove the solid by-product (NaCl)
from the reaction mixture, and the collected filtrate was subjected to evaporation under
reduced pressure using a rotary evaporator. The resulting white solid of CH3NH2BH3
was then dried under vacuum overnight to eliminate any residual THF. The purity of the
product was confirmed through characterization using 1H, 11B, and 13C NMR and PXRD,
as depicted in Figures S4–S7.

Synthesis of Na[BH3(CH3NH)BH2(CH3NH)BH3]: Totals of 1 eq. of NaH (30.0 mg) and
3 eqs. of CH3NH2BH3 (168.4 mg) were placed into an 80 mL stainless steel vial with three
10 mm diameter stainless steel balls (ball-to-powder mass ratio of 60:1). The reactants were
then milled in a planetary ball mill (Fritsch Pulverisette 7 Premium line), with a rotation
speed of 500 rpm for 55 milling cycles of 30 min interrupted by 5 min cooling breaks. The
product was obtained as a white powder.
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3.2. Instrumental

Samples were carefully filled into 0.7 mm thin-walled glass capillaries (Hilgenberg
GmbH, Malsfeld, Germany) within an argon-filled glovebox. To prevent contact with air,
the capillaries were sealed with grease before being taken out of the glovebox. The sealed
capillaries were then cut and promptly placed into wax on a goniometer head, ensuring that
no air entered the capillary. Diffraction data were immediately collected using a MAR345
image-plate detector equipped with an Incoatec Mo (λ = 0.71073 Å) Microfocus (lμS 2.0)
X-ray source operating at 50 kV and 1000 μA. The resulting two-dimensional images were
azimuthally integrated using the Fit2D software, with LaB6 serving as a calibrant.

Synchrotron PXRD patterns were collected with a PILATUS@SNBL diffractometer
(SNBL, ESRF, Grenoble, France) equipped with a Dectris PILATUS 2M single-photon count-
ing pixel area detector (λ = 0.77509 Å). Powder patterns were obtained by using raw data
processed by the SNBL Toolbox software using data for LaB6 standard. The synchrotron
PXRD data for Na[BH3(CH3NH)BH2(CH3NH)BH3] were indexed in a monoclinic unit cell,
and its structure was solved by global optimization using the FOX software [46]. The anions
were modeled by conformationally free z-matrices with restrained bond distances and
angles. Since the N-atom of methylamidoborane is chiral, all combinations of these chiral
centres were examined. The final structure showed the best fit to the data but also satisfied
crystal-chemical expectations, such as the formation of dihydrogen bonds (N-H···H-B) and
the coordination of Na+ to H atoms of BH3 and BH2 groups. Rietveld refinements were
done in Fullprof [47], refining all non-hydrogen atoms of the anions individually using
restraints from DFT-refined geometry. Hydrogen atoms were refined using the rigiding
model, with Na as free atoms. The symmetry was confirmed with ADDSYM routine in
the PLATON software. RB = 7.9%, Rp = 14.2, Rwp = 12.5, χ2 = 424 (mind that the counting
statistics is very high).

Fourier transform infrared spectroscopy (FTIR): Attenuated total reflectance (ATR)-IR
spectra were recorded using a Bruker Alpha spectrometer. The spectrometer was equipped
with a Platinum ATR sample holder, which featured a diamond crystal for single bounce
measurements. The entire experimental setup was located within an argon-filled glovebox
to maintain an inert atmosphere during the measurements.

Thermogravimetric analysis (TGA): TGA measurements were conducted using a
Netzsch STA 449 F3 TGA/DSC. The TGA/DSC was equipped with a stainless-steel oven
and located within an argon-filled glovebox to ensure an inert atmosphere during the
measurements. The samples were loaded into Al2O3 crucibles and subjected to a heating
rate of 5 K/min under an argon flow of 100 mL/min.

Mass spectrometry: Mass spectrometry measurements were conducted using a Hiden
Catlab reactor coupled with a Quantitative Gas Analyser (QGA) Hiden quadrupole mass
spectrometer. Prior to the experiment, the samples were loaded into a quartz tube with two
layers of quartz wool, all within the protective atmosphere of an argon-filled glovebox. The
ends of the quartz tube were sealed with Parafilm before being removed from the glovebox.
Subsequently, the quartz tube was placed in the sample holder outside the glovebox after
quickly removing the Parafilm. The argon flow (40 mL/min) was immediately initiated
to prevent any contact of the sample with air. The samples were then heated to 40 ◦C and
held isothermally for approximately 2 h to stabilize the temperature. Heating was then
performed at a rate of 5 ◦C/min until reaching 150 ◦C, followed by a 1 h isotherm. Gas
evolution was monitored by recording the peak with the highest intensity for each gas,
specifically the m/z values of 2, 15, 17, 18, 26, 28, and 30, corresponding to H2, CH4, NH3,
H2O, B2H6, N2, and CH3NH2, respectively. The absence of H2O and N2 signals in the
collected data confirmed the absence of leaks, ensuring that the sample remained under a
protective argon atmosphere throughout the measurement.

4. Conclusions

We synthesized Na[BH3(CH3NH)BH2(CH3NH)BH3] (Na[B3(MeN)2], 130.5 g H2/kg,
126 g H2/L, Table S5), a methyl-substituted Na salt with five-membered B-N chain anions,
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by a novel mechanochemical approach from NaH and CH3NH2BH3. Its crystal structure
was determined for the first time based on synchrotron PXRD, showing that the introduction
of -CH3 groups on the N atoms leads to the introduction of the anion in a kinked geometry
into the solid, unlike its unsubstituted parent counterpart (Na[B3N2]), that possesses
straight B-N chains. Na[B3(MeN)2] releases up to 4.6 wt.% of pure hydrogen below to
150 ◦C, contrary to its unsubstituted analogue that releases undesirable gaseous by-products
during heating. This indicates that the introduction of methyl (or other) substituents on the
nitrogen atoms of similar compounds is a promising approach to suppress the release of
unwanted volatile by-products during thermal hydrogen release.
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M[B3N2] compounds; Table S2: H-content in NaNH2BH3, NaBH3NH2BH3, NaBH3NH2BH2NH2BH3,
NaBH3NH2BH2NH2BH2NH2BH3, and NaBH3NH2BH(NH2BH3)2; Table S3. Inter-anion dihy-
drogen bond lengths and angles in Na[B3(MeN)2]; Figure S2: temperature ramping synchrotron
PXRD patterns of Na[B3(MeN)2]; Figure S3: Rietveld refinement of the synchrotron PXRD pat-
tern of Na[B3(MeN)2]; Table S4: B-N bond lengths in CH3NH2BH3, M[B3N2] (M = Li – Cs), and
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Abstract: Both LiBH4 and NaBH4 are well known for having high hydrogen contents, but also
high decomposition temperatures and slow hydrogen absorption–desorption kinetics, preventing
their use for hydrogen storage applications. The low melting temperature (219 ◦C) of their eutectic
mixture 0.71 LiBH4–0.29 NaBH4 allowed the synthesis of a new composite material through the melt
infiltration of the hydrides into the ~5 nm diameter pores of a CMK-3 type carbon. A composite
of 0.71 LiBH4–0.29 NaBH4 and non-porous graphitic carbon discs was also prepared by similar
methods for comparison. Both composites showed improved kinetics and a partial reversibility of the
dehydrogenation/rehydrogenation reactions. However, the best results were observed for the CMK-3
nanoconfined hydrides; a consistent uptake of about 3.5 wt.% H2 was recorded after five hydrogena-
tion/dehydrogenation cycles for an otherwise non-reversible system. The improved hydrogen release
kinetics are attributed to carbon–hydride surface interactions rather than nanoconfinement, while
enhanced heat transfer due to the carbon support may also play a role. Likewise, the carbon–hydride
contact proved beneficial in terms of reversibility, without, however, ruling out the potential positive
effect of pore confinement.

Keywords: hydrogen storage; complex hydrides; nanoconfinement; borohydrides; porous carbons

1. Introduction

Climate change and its mitigation is one of the most important challenges that hu-
mankind will face in the 21st century. The reduction of greenhouse gas emissions is a
fundamental measure in order to reverse the global warming trend, and massive effort is
thus directed to moderate the anthropogenic CO2 production [1,2]. The compelling neces-
sity to divert the energy production and consumption from fossil fuel combustion towards
more sustainable renewable sources is clear. Nevertheless, the majority of such renewable
sources (such as wind, solar and tidal power) have the major drawback of variability, in
several cases in an unpredictable fashion, due to their fluctuating nature. In order to have a
reliable and sustainable energy supply, it is necessary to adopt an energy carrier able to
accumulate the energy produced through renewable energy sources and provide it when
and where it is required. ‘Green’ hydrogen could be such a sustainable energy carrier [3,4]
not only for having just water as the byproduct of its combustion reaction, but also due
to its high energy density, i.e., 120 MJ kg−1 (33.33 kWh kg−1), which is twice as high as
that of the common fuels [5]. This property is particularly interesting especially for mobile
applications, where energy must be stored onboard. However, the extremely low density
of hydrogen gas is a considerable obstacle for its practical use in common applications. For
instance, for storing 5 kg of H2 (equivalent to a car autonomy of about 500 km) at 200 bar
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(typical pressure of commercial hydrogen cylinders), a tank volume of about 340 L would
be required [6,7]. H2 liquefaction at very low temperatures, around 20 K (−253 ◦C) or
pressurization to 700 bar, can reduce the system volume, but then significant amounts of
energy are sacrificed (for cooling or pressurization but also due to boil-off), while more
advanced and expensive vessels are needed [8]. Cryo-compressed hydrogen storage [9,10]
has some significant advantages such as improved gravimetric and volumetric capacities
compared with compressed hydrogen, but also reduced boil-off compared with typical liq-
uid H2 storage systems. In all cases, the required pressure increase or temperature decrease
comes along with a significant energy penalty, while serious safety issues emerge [11,12].
A much safer approach, which may avoid the multiple disadvantages of compressed gas
storage and operation at very low temperatures, involves the use of solid-state materials
with high hydrogen content [13–19]. Among the materials considered as good candidates
for low-pressure solid-state hydrogen storage, borohydrides, which are able to release
hydrogen simply through their thermal decomposition, have particularly attractive char-
acteristics [16,20–25]. These materials generally have a high gravimetric and volumetric
hydrogen density, e.g., LiBH4 and NaBH4, whose gravimetric and volumetric capacities are
18.5 and 10.6 wt.% and 121 and 113 kg m−3, respectively [26–28]. However, these materials
are highly stable, a property that leads directly to high decomposition temperatures, slow
kinetics and in several cases lack of reversibility of the dehydrogenation/hydrogenation
reaction [28–34]. Ion substitution and liquefaction can help reduce the temperatures re-
quired for the hydrogen release from borohydrides. Both phenomena have been studied on
several combinations of such compounds and the most appreciable effects are observed
when using eutectic mixtures [35–40].

This work focuses on the study of a LiBH4–NaBH4 eutectic composite. The pure
LiBH4 and NaBH4 are known to melt at 280 ◦C and 505 ◦C, respectively, while their main
dehydrogenation reactions take place at temperatures higher than 400 ◦C [35,41,42]. On
the other hand, upon mixing LiBH4 (71 mol%) and NaBH4 (29 mol%), a eutectic mixture is
formed as reported by Dematteis et al. [43]. This mixture has a gravimetric hydrogen con-
tent of 15.25 wt.% and a melting temperature of 219 ◦C, allowing at the same time a drastic
destabilization of both compounds and the possibility to melt the hydrides in relatively
mild conditions with minimal risk of decomposition. Other approaches that can further
destabilize the material, reduce the decomposition temperature and enhance the pertinent
kinetics most commonly involve particle size reduction and contact with other materials’
surfaces [44,45]. Particle size reduction, in most cases, is achieved through mechanical
milling [46,47]. This approach aims to afford particle sizes in the order of nanometers.
For such small particles, the surface to volume ratio increases significantly, providing
shorter diffusion paths in the solid state and the hydrogen release kinetics are improved
significantly. However, the benefits of nanosizing by high-energy ball milling are rapidly
reverted by sintering reactions occurring during the hydrogenation/dehydrogenation
processes. One way to address this problem is to protect the hydride nanoparticles from
agglomeration by confining them in nanosized pores. This approach is particularly facile
for molten phases such as low temperature eutectic mixtures and has multiple advantages:
(i) solvent free nano-infiltration and (ii) prevention of particle growth and agglomeration
due to the encapsulation. In order to have the minimum mass penalty from the confining
material, it is necessary to adopt a porous solid with very high pore volume and low density.
Carbonaceous materials are ideal for this purpose, since they are in principle chemically
inert, they can be synthesized in a wide variety of forms and their pore size can be tuned in
order to obtain a good balance between easy infiltration in the host material and optimal
particle size of the active guest material. Upon confinement, the hydride nanoparticles
and the carbon matrix are bound to proximity, forcing the different components to interact.
Beyond nanosizing, the system may also benefit from the intimate contact of the hydride
phase with the carbon surface. For instance, the high thermal conductivity of the carbon
matrix may facilitate heat transfer and therefore promote de- and re- hydrogenation reac-
tions. Moreover, the carbon–hydride’s contact could also trigger surface-induced catalytic
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reactions due to the carbon electron affinity on the nanoscale, which can promote a decrease
in the hydrogen release energy [44,45,48].

A low melting mixture of LiBH4 and NaBH4 confined in porous carbon materials
for hydrogen storage purposes has been studied by Javadian et al. [49]. However, the
borohydride mixture investigated in that specific work consisted of 0.62 LiBH4–0.38 NaBH4
according to the phase diagram proposed by Adams [50], while the molten borohydrides
were infiltrated in a porous carbon aerogel with large mesopores (diameter of ca. 40 nm)
and tested with only four cycles of dehydrogenation/rehydrogenation. In the present work,
we adopted a more recently reported eutectic composition, 0.71 LiBH4–0.29 NaBH4, with a
higher gravimetric hydrogen content [43] of 15.25 wt.%. Moreover, we used for the first
time an ordered mesoporous CMK-3 type carbon as hosting material characterized by much
smaller pore sizes (5 nm) with a very narrow distribution, which is ideal for nanoconfine-
ment studies. CMK-3 is a mesoporous carbonaceous material made by nanorods organized
in a regular 2D hexagonal pattern and held together by thin carbon strands [51]. The high
porosity of the CMK-3 structure results in an overall very high pore volume, a characteristic
that allows the confinement of large quantities of hydrides. Here, we compare the proper-
ties of (a) LiBH4–NaBH4/CMK-3, (b) the non-confined (bulk) hydrides and (c) a composite
of LiBH4–NaBH4 with a non-porous carbon, namely graphitic carbon discs, in order to
analyze the effect of nanoconfinement to the destabilization, kinetics and cyclability of
hydrogen release and uptake of the LiBH4–NaBH4 eutectic system.

2. Results

The XRPD measurements of bulk, composite and cycled materials are presented in
Figure 1. CMK-3 carbon is amorphous, as revealed by the practically featureless powder
diffraction pattern. From the analysis of the XRPD pattern of the bulk 0.71 LiBH4–0.29
NaBH4 (denoted LiNa) obtained after the milling process, it was possible to identify the
peaks relative to the two pure borohydrides, LiBH4 and NaBH4, while no intermediate
compounds were detected; based on Scherrer analysis of the most intense peaks, an average
crystallite size of around 20 nm was calculated for both phases. On the other hand, the
XRPD pattern of the CMK-3 infiltrated sample (LiNa/CMK-3) showed only the diffraction
peaks of NaBH4 with low intensity. This pattern suggests that although a small amount of
bulk hydride remained outside the pores, the majority of the hydride phase was infiltrated
in the porous network, causing a significant overall decrease in the peak intensity in a way
that only the strongest peaks of the eutectic mixture were detected; these are the (111), (200)
and (220) reflections of NaBH4. Nevertheless, even these low intensity NaBH4 diffraction
peaks disappeared after the five dehydrogenation–rehydrogenation cycles (LiNa/CMK-3
five cycles pattern), implying that upon further thermal treatment all the borohydride
material is eventually infiltrated in the CMK-3 pores. The situation was somehow different
for the non-porous CD composite. CD revealed a graphitic structure, with a broad (002)
reflection at ~26◦ coupled with another visible feature at ~43◦; this pertained to the merged
(100) and (101) reflections. The LiNa structure was fully visible in the LiNa/CD composite,
while several diffraction peaks were still visible, even after the five dehydrogenation–
rehydrogenation cycles (LiNa/CD, five cycles).

The presence of a small amount of unconfined hydrides was confirmed by the scanning
electron microscope images (Figure 2), also showing that the CMK-3 carbon retained its
typical rod-like elongated structure, fully withstanding multiple heat treatments.

Nevertheless, the confirmation that the majority of the hydride phase was successfully
confined in the porous carbon scaffold was given by the comparison of the pore properties
before and after melt infiltration. N2 adsorption–desorption isotherms at 77 K (approx.
−196 ◦C) were measured for the pure CMK-3 type carbon (Figure 3). The isotherm was of
type IV(a) according to the IUPAC classification, with an H2(a) hysteresis loop; both are
characteristic for CMK-3 materials with mesopores larger than ~4 nm and a rather sharp
size distribution [52]. Based on this isotherm, a Brunauer–Emmett–Teller (BET) surface
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area (SBET) of 1250 m2 g−1, a total pore volume (TPV) of 1.2 cm3 g−1 and an average pore
size distribution centered at 4.6 nm were deduced for CMK-3 (Table 1).

Figure 1. XRPD patterns of pure carbons (CMK-3 and CD), bulk 0.71 LiBH4–0.29 NaBH4 eutectic
mixture (LiNa), the carbon/borohydride composites (LiNa/CMK-3 and LiNa/CD) as well as the
composites after 5 dehydrogenation and rehydrogenation cycles. The peak labels indicate the
following phases: orthorhombic o-LiBH4 (•), α-NaBH4 (�).

Figure 2. Scanning electron microscope (SEM) pictures showing the typical elongated structure
of pure CMK-3 (left) and LiNa/CMK-3 after melt infiltration, with traces of borohydrides on the
external surface of the carbon particles (right).

The general shape of the isotherm of LiNa/CMK-3 was the same; nevertheless, the
BET area dropped to 170 m2 g−1 and TPV to 0.21 cm3 g−1, while the pore size distribution
remained centered at 4.6 nm. This implies that after infiltration a large number of pores
were lost (i.e., becoming completely inaccessible to the adsorbate), which strongly suggests
that the borohydride molten phase indeed fills the pores and does not form a layer on the
pore walls (this would decrease the pore size of the sample). It should be noted that the
isotherm of the composite material presented in Figure 3 has been scaled to the mass of
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pure carbon (the same holds for the BET and TPV calculations), thus excluding the weight
penalty of the non-porous hydride phase. On the other hand, the pristine carbon discs
(CDs) showed a clear type-I isotherm, typical for non-porous materials; a BET area of ~30
m2 g−1 was calculated. Both the isotherm shape and the BET area (~25 m2 g−1) on a carbon
basis remained practically unchanged for LiNa/CD (Table 1).

 
(a) (b) 

Figure 3. N2 adsorption/desorption isotherms performed at 77 K (a): on the pure CMK-3 type carbon
(black) and on the composite material LiNa/CMK-3 (blue), and (b): on the pure CD (black) and the
LiNa/CD samples (green).

Table 1. Surface area (SBET), total pore volume (TPV) and average pore size (<d>) of pure CMK-3
and carbon discs (CD), as well as their composites with 0.71 LiBH4–0.29 NaBH4 (LiNa).

SBET (m2 g−1) TPV (cm3 g−1) <d> (nm)

CMK-3 1250 1.2 4.6

LiNa/CMK-3 170 0.21 4.6

CD ~30 - -

LiNa/CD ~25 - -

The temperature programmed desorption-mass spectrometry (TPD-MS) measurement
of hydrogen release from bulk LiNa showed that dehydrogenation of the eutectic mixture
occurred mostly at an intermediate temperature between that of the two pure components,
in accordance with previously reported results for the pure LiBH4 and NaBH4 compounds
and their mixtures with compositions close to the eutectic one [53]. In more detail, bulk
LiNa, after being pre-melted, dehydrogenated in four stages (Figure 4), with a first release
at 290 ◦C (2%), two desorption peaks at about 390 (26%) and 450 ◦C (39%) and a final
decomposition at 490 ◦C (33%). Based on the shape of the LiNa TPD-MS spectra as
compared with the thermal desorption from the pure compounds presented in [54–56],
and since the XRPD pattern of LiNa revealed only pure LiBH4 and NaBH4, the first three
dehydrogenation steps can be directly associated with the decomposition of LiBH4, while
the last one can be attributed to NaBH4. This observation is very similar to that of Liu
et al. [53], who studied a similar mixture of LiBH4 and NaBH4 and identified two main
decomposition routes: the first (up to ~520 ◦C) involved the release of H2 followed by the
formation of LiH, Li2B12H12 and B; the second, at higher temperatures, involved the release
of H2 together with the formation of Na and B.
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(a) (b)

Figure 4. (a): Temperature programmed desorption coupled with mass spectrometry (TPD/MS,
m/e = 2) results for LiNa (dark red), LiNa/CD (green), LiNa/CMK-3 (blue). (b): Deconvolution
of the bulk LiNa TPD signal highlighting the different H2 release reactions. The first three (green)
peaks are attributed to the LiBH4 decomposition, covering, respectively, the 2%, 26% and 39% of the
total H2 released, while the orange peak is related to the NaBH4 decomposition (33% of the total H2

released).

The LiNa/CMK-3 composite released hydrogen in a similar manner to the bulk LiNa
and with a similar ratio between the signal intensities. However, the different reaction
steps occurred at much lower temperatures and in a shorter temperature range and were
somehow merged together, with the main peaks located at 325 and 360 ◦C, highlighting
the contribution from the carbon surface. The substrate’s active role in lowering the
dehydrogenation temperatures of LiNa was also evident in the behavior of LiNa/CD,
which mostly decomposed at 340 and 440 ◦C. In the latter case, it can be noticed that
despite the absence of nanoconfinement, the carbon matrix still played a role in the material
destabilization, albeit with less intensity, probably due to the lower surface area of the
carbon discs. In all samples, only hydrogen was detected among the gases analyzed.

The hydrogen release and uptake were further investigated for the three samples
using a custom-made manometric device (Sieverts apparatus) and a series of dehydrogena-
tion/rehydrogenation cycles (Figure 5). Excessive heating (temperatures higher than 650 ◦C)
led to complete decomposition of NaBH4 with the precipitation of Na, B and the evolution
of H2 (NaBH4→Na + B + 2H2) [53,57]. Without the aid of catalysts/additives [58–60], this
process is highly irreversible and, for this reason, it was decided to limit the cycling ex-
periments to 450 ◦C and only actually study the decomposition of LiBH4 (in the presence
of NaBH4). The decomposition of LiBH4 went through a complex mechanism that can be
represented by two main reactions [53,61,62]:

LiBH4 → LiH + B + 3/2H2 (1)

LiBH4 → 5/6 LiH + 1/12Li2B12H12 + 13/12H2 (2)

This explains the drastic reduction of hydrogen released between the first and second
dehydrogenation cycle for all samples. Due to the stability of Li2B12H12 closo-borane, we
assumed that only the first reaction was reversible and, based on the amount of hydrogen
released during the manometric experiments, it can be deduced that it occurred in a
percentage of around 60–70% of the LiBH4 decomposition. It should be noted that attempts
to hydrogenate Li2B12H12–10 LiH composites, e.g., at, p(H2) = 970 bar and T = 400 ◦C for
48 h, did not reveal any formation of LiBH4 or other compounds [63].
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(a) (b) (c) 

Figure 5. Kinetics and quantitative measurement of hydrogen release and uptake was investigated
using a manometric method (Sieverts apparatus). From left to right: (a) LiNa, (b) LiNa/CD and
(c) LiNa/CMK-3.

In more detail, the bulk LiNa released about 6.2 wt.% of H2, an amount that dropped
to 3.6 wt.% already at the second dehydrogenation step and continued to decrease at each
cycle until it reached about 0.8 wt.% of H2 at the fifth hydrogenation–dehydrogenation
cycle, suggesting strong deactivation of the system (Figure 5a). It is also important to note
that the dehydrogenation kinetics were extremely slow, and during the first cycles the
system was far from equilibrium even after 800 min. Taking into account only the mass of
the active materials in the hydrogen sorption reaction, i.e., that of LiBH4 and NaBH4 and
excluding the carbon, the LiNa/CD composite had a similar behavior with the bulk during
the first three cycles, i.e., it released about 6 wt.% of H2 at the first, 4.2 wt.% of H2 at the
second and 1.7 wt.% during the third cycle. Nevertheless, the sample reached a stable value
of around 1.5 wt.% of H2 for the last three cycles (Figure 5b). In this case, the desorption
kinetics were significantly faster compared with the bulk, but still quite slow.

The LiNa/CMK-3 composite, on the other hand, released in a very fast manner
(equilibrium reached at around 300 min) about 7.3 wt.% of H2 in the first cycle, which
dropped to 4.2 wt.% in the second dehydrogenation step, but stabilized around 3.5 wt.%
for cycles three–five, revealing that at least a part of the infiltrated material retained its
reversibility (Figure 5c). The increased release during the first cycle can be attributed to
partial decomposition of NaBH4 below 450 ◦C. This kinetic enhancement was probably due
to nanoconfinement, and was also detected in our TPD measurements [64]. However, the
decomposed NaBH4, could not be re-hydrogenated and the second cycle finally showed a
similar release with the bulk and the LiNa/CD samples. On the other hand, contrary to
the CDs, the nanoconfinement in CMK-3 provided more protection, and therefore a higher
degree of reversibility, probably by minimizing the formation of closo-boranes.

The derivatives of the kinetic desorption curves of Figure 5 measured with a mano-
metric (Sieverts) approach also reveal some interesting details and are presented in Figure 6
for the first and third cycle. The ramp rates between TPD and cycling experiments were
quite different; however, the dehydrogenation curve of bulk LiNa also showed different
dehydrogenation events during the first decomposition. Probably due to the much lower
amount of hydrogen released, for the third dehydrogenation the signals merged in a broad
one in an average position. Additionally, again in accordance with the TPD-MS results,
the derivative curve of the first dehydrogenation curve of the composite LiNa/CMK-3 ap-
peared much earlier than the bulk, showing the contribution of the carbon. This, however,
seemed to disappear upon cycling and the derivative of the third cycle showed that the
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main hydrogen desorption occurred later, similarly to that of the bulk. As expected, the
LiNa/CD composite showed an intermediate behavior.

Figure 6. Derivative curves of the H2 release versus time measured with a manometric device (Sieverts
method, data shown in Figure 5) for LiNa (dark red), LiNa/CD (green) and LiNa/CMK-3 (blue).

3. Discussion

The XRPD pattern, as well as the SEM study of LiNa/CMK-3, suggest that although
most of the borohydride particles were successfully introduced into the porous scaffold,
a small part of the hydride material remained outside the pores. Nevertheless, the proof
of an overall successful infiltration was provided by the pore network properties pre- and
post infiltration as derived from the N2 adsorption/desorption isotherms at 77 K (approx.
−196 ◦C). The TPV of the CMK-3 was reduced from 1.2 cm3 g−1 to 0.21 cm3 g−1 with a loss
of about the 82.5% of the pore volume. It should be noted that the volume of the composite
borohydride (LiNa) used for the infiltration was 60% of the CMK-3 pore volume, and thus
in principle a corresponding reduction of the pore volume was expected. This difference
can be attributed to pore blocking caused by the molten phase in a way that some extra
closed porosity (empty yet inaccessible to N2 molecules) was created. A similar picture was
obtained by examining the dramatic decrease in the BET area of the carbon, from 1250 m2

to only 170 m2 g−1 after the melt infiltration. This reduction was even more pronounced
(86.5%) in accordance with the pore blocking mechanism. In brief, the blocking of smaller
pores reduced the BET area more than the pore volume as the surface to volume ratio
increased with decreasing pore size.

The TPD-MS experiments showed the H2 release during the thermal decomposition,
without detectable traces of undesired gases such as B2H6 (all the recorded m/z signals
analyzed are reported in Section 4). The experimental results allowed us to resolve the
multiple decomposition stages particularly evident in the bulk LiNa, from about 280 ◦C
until the last main dehydrogenation occurring at about 490 ◦C. Additionally, the role of
the carbons on the borohydrides’ decomposition is highlighted by the TPD-MS results.

27



Inorganics 2023, 11, 128

The presence of a high surface mesoporous carbon such as CMK-3 allowed the decompo-
sition to take place at temperatures even 130 ◦C lower than the bulk hydride mixture, in
accordance with previous observations for carbon aerogels [49]. The relative intensity of
the two main dehydrogenation signals was maintained, suggesting that all the reactive
components were affected by the carbon presence. On the other hand, the composite
with the non-porous carbon (LiNa/CD) also showed lower decomposition temperatures,
with the dehydrogenation events occurring in a range of temperatures between the bulk
and the LiNa/CMK composite, suggesting an intermediate behavior. Contrary to what
is generally believed, the decrease in the decomposition temperature suggests that even
without nanoconfinement the carbon provided a kinetic improvement to the decomposition
reaction. The inferior performance of LiNa/CD compared with LiNa/CMK may perhaps
be explained by the significantly lower surface area of the CD substrate. Similar results
were obtained by nanoconfinement of sodium aluminum hydride, NaAlH4, in carbons
with different pore sizes in the range 7 to 100 nm. A significant contribution to the observed
improvements of kinetics and reversibility was assigned to the catalytic effects of the carbon
scaffolds along with a minor contribution from the nanosizing, i.e., confinement in pores in
the range of 7 to 39 nm [65].

A similar behavior was observed by the manometric study of the dehydrogena-
tion/rehydrogenation of the samples. While the pure eutectic LiNa mixture decomposed at
high temperatures and showed a non-reversible behavior, the carbon composites allowed
lower decomposition temperatures and provided the system with some degree of reversibil-
ity. Especially for the case of LiNa/CMK-3, it can be seen that after the first two cycles the
amount of hydrogen exchanged was constant, with a H2 uptake of about 3.5 wt.%. The
carbon discs had a comparable effect on LiNa; however, as expected due to the smaller
surface area, the reversible hydrogen uptake was limited and did not exceed 1.5 wt.% of
H2. Unlike the kinetic enhancement that was attributed to the catalytic effect of the carbon
surface, the stability of the system under cycling may be attributed to confinement since the
pore network provided a space where extended aggregation was difficult. The reversible
part of the LiNa/CD can, in this respect, be associated with the part of the molten phase
that was directly “bound” to the surface of the CDs, thus hampering agglomeration.

From the study of the derivatives of the dehydrogenation curves it is possible to
conclude that the decomposition of the carbon composites starts at lower temperatures
than the bulk eutectic mixture. There is an obvious kinetic improvement for LiNa/CMK-3,
which is less pronounced for LiNa/CD. However, this behavior is somehow limited to the
first dehydrogenation cycles, and the kinetic enhancement is practically lost for the third
cycle. This behavior may be related to the loss of the destabilizing interaction between the
hydrides and the carbon surface after cycling. It is quite obvious from the integral curves
that in all cases there is a major loss of activity between the first and second cycle, implying
that at least a part of the material is dehydrogenated irreversibly in the bulk but also under
confinement.

4. Materials and Methods

Sample preparation. The CMK-3 carbon scaffold was synthesized through nanocasting
using SBA-15 porous silica (Claytec Inc., East Lansing, MI, USA) as hard template. In order
to achieve an adequately narrow pore size distribution and a smaller mean pore size,
a procedure slightly different from the one originally proposed by Ryoo et al. [51] was
adopted; this approach involved three impregnation steps with the carbon precursor instead
of just two [66], and allowed a very good control of the pore size of CMK-3, at the cost of a
small reduction of the surface area and pore volume. More specifically, 1 g of dried SBA-15
powder was impregnated with 5 mL of an aqueous solution containing 1.25 g of sucrose
(Merck, Darmstadt, Germany) as carbon precursor and 0.07 mL of sulfuric acid (Merck,
Darmstadt, Germany) in order to promote the polymerization-caramelization reactions that
were carried out in an oven. The sample was initially heated from room temperature to
100 ◦C with a heating rate of 10 ◦C min−1. After 6 h at a constant temperature, the sample
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was further heated up to 160 ◦C (10 ◦C min−1) and left overnight. The whole procedure of
impregnation with the sucrose solution and thermal treatment was then repeated two more
times, while gradually reducing (by 65% each time) the solution concentration. In order to
complete the carbonization process, the carbon–silica composite material was pyrolyzed in
a tubular furnace (GSL 1100 X, MTI, CA, USA) at 900 ◦C under nitrogen flow. During this
process, which lasted approx. 6 h, the residual hydrogen and oxygen were eliminated and
the carbon structure was consolidated. The silica template was then dissolved by washing
the composite material with a 40% solution of hydrofluoric acid. In order to completely
remove the acidic solution from the porous carbon structure, the material was subjected to
a series of centrifugations at 9000 RPM (Universal 320, Hettich, Tuttlingen, Germany) and
water additions. The resulting CMK-3 type carbon was then washed and filtered under
vacuum with water and ethanol and dried overnight in an oven at 100 ◦C. The mesoporous
carbon obtained with this procedure may still have residual oxygen functional groups on
the surface that may react and oxidize the borohydrides. For this reason, the as-produced
CMK-3 was further treated in a tubular furnace at 700 ◦C under a stream of argon. This
process removes the surface functional groups and may increase the amount of accessible
micropores, thus increasing the material’s total surface area [67]. The sample was stored at
ambient conditions; however, before using it as a host for infiltrating borohydrides it was
thoroughly outgassed overnight under high vacuum at 250 ◦C and consequently stored in
an argon-filled glove box (LABstar, MBraun, Garching, Germany).

The non-porous carbon used (n-TEC, Norway) consisted of carbon discs (CD) made by
multiple graphitic layers having an average thickness of 20–50 nm and diameter of about
0.8–3 μm. This type of carbon was synthesized through the pyrolysis of hydrocarbons
using a plasma torch process. Similarly to the CMK-3 material, the CDs were also heat
treated before use in a tubular furnace at 700 ◦C under inert atmosphere for about 3 h.

The eutectic mixture of the two borohydrides 0.71 LiBH4–0.29 NaBH4 (referred to
as LiNa) was prepared according to the previously described procedures [49] using the
eutectic molar ratio studied by Dematteis et al. [43]. The two pure salts, LiBH4 (95%,
Sigma-Aldrich, St. Louis, MO, USA) and NaBH4 (97%, Sigma-Aldrich, St. Louis, MO,
USA), were stored in an argon-filled glove box and mixed at a molar ratio 0.71:0.29, first
manually with a pestle and mortar, and then mechano-chemically using a planetary ball
mill (Pulverisette 4, Fritch GmbH, Idar-Oberstein, Germany). The powders were milled
in a gas-tight tungsten carbide jar with internal volume of 80 mL, using tungsten carbide
spheres with 10 mm diameter and a 1:30 powder to balls ratio. The total mixing time
necessary to obtain a homogeneous mixture was about 1 h at 350 RPM. However, due
to the low melting temperature of the LiNa mixture and in order to avoid unwanted
reactions during the high energy process, processing was divided into 30 cycles of 2 min of
milling followed by 2 min of pause, which was necessary to let the powders cool down
to room temperature. In addition, the sample treatment as well as the ball milling reactor
loading and unloading was performed under inert argon atmosphere, with H2O and O2
concentrations <0.5 ppm.

The low melting temperature of the obtained eutectic borohydride mixture allowed
the filling of the CMK-3 carbon pores via melt infiltration. A calculated amount of LiNa
with a volume equal to 60% of the total pore volume (TPV) of the carbon scaffold was
used for the melt infiltration. Taking into account the total pore volume of the carbon
(TPV = 1.2 cm3 g−1) and the density of the eutectic mixture (0.78 g cm−3), the carbon
and hydrides were mixed together with a mass ratio of CMK-3: LiNa equal to 1.76:1.
All the handling processes necessary to obtain a homogeneous mixture of carbon and
hydrides were performed in an argon-filled glove box. The manually mixed LiNa/CMK-3
composite was transferred to a high pressure stainless steel gas tight reactor under argon
(1 atm). The reactor was then sealed, removed from the glove box and attached to a
custom-made manometric apparatus, where the actual melt infiltration took place. After
being meticulously outgassed, the system was loaded with an overpressure of ~100 bar
of H2 in order to avoid any unwanted dehydrogenation reactions during melt infiltration.
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The sample in the reactor was heated up to 250 ◦C with a heating ramp of 3 ◦C min−1

and the final temperature was kept constant for 30 min, allowing the infiltration of the
molten hydride inside the carbon pores. The approach for CMK-3, LiNa and LiNa/CMK-3
preparation is schematically presented in Figure 7. The same procedure was also used for
the synthesis of an “equivalent” composite material combining the LiNa mixture with the
non-porous CDs (namely LiNa/CD), where nanoconfinement does not take place. In this
case, since the carbon disks are non-porous, the carbon material and the hydrides were
mixed with the same mass ratio used for the LiNa/CMK-3 composite, i.e., 1.76:1.

Figure 7. Schematic representation of the experimental procedure leading to the synthesis of the
LiNa/CMK-3 composite.

Finally, for reference, the bulk LiNa was also heat treated at 250 ◦C for 30 min under
100 bar of H2, simulating the infiltration process.

The efficiency of the infiltration of the eutectic mixture in the pores of the CMK-3
carbon was evaluated through a series of powder X-ray diffraction (XRPD) measurements,
using a Rigaku RAXIS IV Imaging Plate Detector mounted on a Rigaku RU-H3R Rotating
Copper Anode Xray Generator (λ = 1.54 Å) and N2 sorption measurements at 77 K, using a
volumetric gas adsorption analyzer (Autosorb-1-MP, Quantachrome Instruments, Boynton
Beach, FL, USA). High vacuum (10−6 mbar) was applied to the materials in order to
outgas the samples before analysis The specific surface area of the materials was calculated
according to the Brunauer–Emmett–Teller (BET) method, employing the BET consistency
criteria (ISO 9277:2010). The pore size distribution was calculated through the QSDFT
(quenched solid density functional theory) method assuming slit/cylindrical pore models.
The total pore volume was calculated at p/p0 = 0.98. The morphology of the infiltrated
scaffold was also examined on a JSM 7401F (JEOL Ltd., Akishima, Tokyo, Japan) field
emission scanning electron microscope (SEM) using the Gentle Beam mode.

The thermal decomposition of both the bulk LiNa as well as the carbon-based compos-
ites was studied with temperature programmed desorption coupled with mass spectrome-
try (TPD/MS). The sample was contained in a quartz cell, part of a custom-made set-up,
and was heated up using a furnace under a constant carrier gas stream (argon) regulated by
a mass flow controller (80 mL min−1). In a typical run, the sample was heated up to 700 ◦C
with a heating ramp of 5 ◦C min−1. The decomposition products were transferred with
the aid of the carrier gas to an OmniStar GSD 301 O1 (Pfeiffer Vacuum Technology AGm
Aßlar, Germany) quadrupole mass spectrometer and then vented. The temporal change of
intensity at m/z: 2, 4, 15–18, 23–28, 32, 44, 79 and 80 was continuously recorded.

The absorption–desorption capacity of the materials under five dehydrogenation/
hydrogenation cycles were investigated with a custom-made high pressure manometric
device (Sieverts apparatus). The respective experiments involved a dehydrogenation step
under an initial back-pressure of ~1.5 bar, during which the sample was heated up with a
heating rate of 2 ◦C min−1 from room temperature up to 450 ◦C, then the system was kept
at this temperature for 10 h and consequently cooled down freely back to room temperature.
The second part of the experiment involved the rehydrogenation of the sample, performed
under an initial pressure of about 100 bar of hydrogen. The sample was heated up with a
rate of 5 ◦C min−1 from room temperature up to 450 ◦C. The high temperature was kept
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constant for 12 h in order to allow the material to absorb as much hydrogen as possible
before cooling down to room temperature. The dehydrogenation and hydrogenation
procedure (Figure 8) were repeated 5 times for each sample.

 

Figure 8. Schematic representation of the LiNa dehydrogenation/rehydrogenation process carried
out with a custom-made Sievert apparatus. The amount of H2 released by LiNa and LiNa composites
was calculated after heating the material to 450 ◦C under 1.5 bar of H2 pressure. The products were
then re-hydrogenated at 450 ◦C under 100 bar of H2 pressure. The cycle was repeated five times.

5. Conclusions

The low melting temperature of the 0.71 LiBH4–0.29 NaBH4 (LiNa) eutectic mixture
allowed the nanoconfinement of the hydrides in the ~5 nm diameter pores of a CMK-3
type carbon, as well as the synthesis of a borohydride/non-porous carbon composite.
For both the porous and non-porous carbon hosts an improvement on the hydrogen
absorption-release properties over the bulk hydrides (LiNa) was observed. The carbon-LiNa
composites revealed faster decomposition kinetics compared with bulk LiNa, while the
effect is more obvious for the nanoconfined material. However, the kinetic improvements
decrease with cycling. Moreover, the presence of carbon increased the reaction reversibility
compared with the bulk material. The nanoconfined LiNa shows a consistent uptake of H2
of about 3.5 wt.% after five hydrogenation/dehydrogenation cycles. A similar behavior
but with minor intensity was revealed by the composite material with non-porous carbon,
which can exchange about 1.5 wt.% of H2 after five cycles. Both the kinetic improvement
observed for the carbon composite materials and the reversibility are probably associated
with surface catalytic interactions; confinement in porous materials with high surface area
seems to amplify such effects, leading to overall better performance.
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34. Černý, R.; Murgia, F.; Brighi, M. Metal Hydroborates: From Hydrogen Stores to Solid Electrolytes. J. Alloys Compd. 2022, 895, 162659.
[CrossRef]

35. Paskevicius, M.; Ley, M.B.; Sheppard, D.A.; Jensen, T.R.; Buckley, C.E. Eutectic Melting in Metal Borohydrides. Phys. Chem. Chem.
Phys. 2013, 15, 19774–19789. [CrossRef] [PubMed]

36. Nakamori, Y.; Orimo, S.I. Destabilization of Li-Based Complex Hydrides. J. Alloys Compd. 2004, 370, 271–275. [CrossRef]
37. Nickels, E.A.; Jones, M.O.; David, W.I.F.; Johnson, S.R.; Lowton, R.L.; Sommariva, M.; Edwards, P.P. Tuning the Decomposition

Temperature in Complex Hydrides: Synthesis of a Mixed Alkali Metal Borohydride. Angew. Chemie Int. Ed. 2008, 47, 2817–2819.
[CrossRef] [PubMed]

38. Shao, J.; Xiao, X.; Fan, X.; Huang, X.; Zhai, B.; Li, S.; Ge, H.; Wang, Q.; Chen, L. Enhanced Hydrogen Storage Capacity and
Reversibility of LiBH4 Nanoconfined in the Densified Zeolite-Templated Carbon with High Mechanical Stability. Nano Energy
2015, 15, 244–255. [CrossRef]

39. Zhang, L.; Zheng, J.; Xiao, X.; Fan, X.; Huang, X.; Yang, X.; Chen, L. Enhanced Hydrogen Storage Properties of a Dual-Cation (Li+,
Mg2+) Borohydride and Its Dehydrogenation Mechanism. RSC Adv. 2017, 7, 36852–36859. [CrossRef]

40. Zhang, L.; Zheng, J.; Chen, L.; Xiao, X.; Qin, T.; Jiang, Y.; Li, S.; Ge, H.; Wang, Q. Remarkable Enhancement in Dehydrogenation
Properties of Mg(BH4)2 Modified by the Synergetic Effect of Fluorographite and LiBH4. Int. J. Hydrogen Energy 2015, 40,
14163–14172. [CrossRef]

41. El Kharbachi, A.; Pinatel, E.; Nuta, I.; Baricco, M. A Thermodynamic Assessment of LiBH4. Calphad Comput. Coupling Phase
Diagrams Thermochem. 2012, 39, 80–90. [CrossRef]

42. Urgnani, J.; Torres, F.J.; Palumbo, M.; Baricco, M. Hydrogen Release from Solid State NaBH4. Int. J. Hydrogen Energy 2008, 33,
3111–3115. [CrossRef]

43. Dematteis, E.M.; Roedern, E.; Pinatel, E.R.; Corno, M.; Jensen, T.R.; Baricco, M. A Thermodynamic Investigation of the LiBH4-
NaBH4 System. RSC Adv. 2016, 6, 60101–60108. [CrossRef]

44. Plerdsranoy, P.; Kaewsuwan, D. Effects of Specific Surface Area and Pore Volume of Activated Carbon Nanofibers on Nanocon-
finement and Dehydrogenation of LiBH4. Int. J. Hydrogen Energy 2017, 42, 6189–6201. [CrossRef]

45. Sofianos, M.V.; Chaudhary, A.; Paskevicius, M.; Sheppard, D.A.; Humphries, T.D.; Dornheim, M.; Buckley, C.E. Hydrogen
Storage Properties of Eutectic Metal Borohydrides Melt- Infiltrated into Porous Al Scaffolds. J. Alloys Compd. 2019, 775, 474–480.
[CrossRef]

46. Suryanarayana, C. Mechanical Alloying and Milling. Prog. Mater. Sci. 2001, 46, 1–184. [CrossRef]
47. Le Caër, G.; Delcroix, P.; Bégin-Colin, S.; Ziller, T. High-Energy Ball-Milling of Alloys and Compounds. Hyperfine Interact. 2002,

141–142, 63–72. [CrossRef]
48. Wu, C.; Cheng, H.M. Effects of Carbon on Hydrogen Storage Performances of Hydrides. J. Mater. Chem. 2010, 20, 5390–5400.

[CrossRef]
49. Javadian, P.; Sheppard, D.A.; Buckley, C.E.; Jensen, T.R. Hydrogen Storage Properties of Nanoconfined LiBH4 -NaBH4. Int. J.

Hydrogen Energy 2015, 40, 14916–14924. [CrossRef]
50. Adams, R.M. Preparation of Diborane. Adv. Chem. 1961, 32, 60–68. [CrossRef]
51. Jun, S.; Joo, S.H.; Ryoo, R.; Kruk, M. Synthesis of New, Nanoporous Carbon with Hexagonally Ordered Mesostructure. J. Am.

Chem. Soc. 2000, 122, 10712–10713. [CrossRef]
52. Thommes, M.; Kaneko, K.; Neimark, A.V.; Olivier, J.P.; Rodriguez-Reinoso, F.; Rouquerol, J.; Sing, K.S.W. Physisorption of Gases,

with Special Reference to the Evaluation of Surface Area and Pore Size Distribution (IUPAC Technical Report). Pure Appl. Chem.
2015, 87, 1051–1069. [CrossRef]

33



Inorganics 2023, 11, 128

53. Liu, Y.; Reed, D.; Paterakis, C.; Contreras, L.; Baricco, M.; Book, D. Study of the Decomposition of a 0.62LiBH4–0.38NaBH4
Mixture. Int. J. Hydrogen Energy 2017, 42, 22480–22488. [CrossRef]

54. Orimo, S.; Nakamori, Y.; Eliseo, J.R.; Züttel, A.; Jensen, C.M. Complex Hydrides for Hydrogen Storage. Chem. Rev. 2007, 107,
4111–4132. [CrossRef] [PubMed]

55. Zuttel, A.; Wenger, P.; Rentsch, S.; Sudan, P.; Mauron, P.; Emmenegger, C. LiBH4 a New Hydrogen Storage Material. J. Power
Sources 2003, 118, 1–7. [CrossRef]

56. Zuttel, A.; Rentsch, S.; Fischer, P.; Wenger, P.; Sudan, P.; Mauron, P.; Emmenegger, C. Hydrogen Storage Properties of LiBH4.
J. Alloys Compd. 2003, 356-357, 515–520. [CrossRef]

57. Humphries, T.D.; Kalantzopoulos, G.N.; Llamas-Jansa, I.; Olsen, J.E.; Hauback, B.C. Reversible Hydrogenation Studies of NaBH4
Milled with Ni-Containing Additives. J. Phys. Chem. C 2013, 117, 6060–6065. [CrossRef]

58. Mao, J.; Gregory, D.H. Recent Advances in the Use of Sodium Borohydride as a Solid State Hydrogen Store. Energies 2015, 8,
430–453. [CrossRef]

59. Orłowski, P.A.; Grochala, W. Effect of Vanadium Catalysts on Hydrogen Evolution from NaBH4. Solids 2022, 3, 21. [CrossRef]
60. Mao, J.; Guo, Z.; Nevirkovets, I.P.; Liu, H.K.; Dou, S.X. Hydrogen De-/absorption Improvement of NaBH4 Catalyzed by

Titanium-Based Additives. J. Phys. Chem. C 2012, 116, 1596–1604. [CrossRef]
61. Orimo, S.I.; Nakamori, Y.; Ohba, N.; Miwa, K.; Aoki, M.; Towata, S.I.; Züttel, A. Experimental Studies on Intermediate Compound

of LiBH4. Appl. Phys. Lett. 2006, 89, 87–90. [CrossRef]
62. Reed, D.; Book, D. In-Situ Raman Study of the Thermal Decomposition of LiBH4. Mater. Res. Soc. Symp. Proc. 2010, 1216, 2–8.

[CrossRef]
63. Jensen, S.R.H.; Paskevicius, M.; Hansen, B.R.S.; Jakobsen, A.S.; Møller, K.T.; White, J.L.; Allendorf, M.D.; Stavila, V.; Skibsted, J.;

Jensen, T.R. Hydrogenation Properties of Lithium and Sodium Hydride - Closo-Borate, [B10H10]2- and [B12H12]2-, Composites.
Phys. Chem. Chem. Phys. 2018, 20, 16266–16275. [CrossRef]

64. Ampoumogli, A.; Steriotis, T.; Trikalitis, P.; Giasafaki, D.; Bardaji, E.G.; Fichtner, M.; Charalambopoulou, G. Nanostructured
Composites of Mesoporous Carbons and Boranates as Hydrogen Storage Materials. J. Alloys Compd. 2011, 509, S705–S708.
[CrossRef]

65. Nielsen, T.K.; Javadian, P.; Polanski, M.; Besenbacher, F.; Bystrzycki, J.; Jensen, T.R. Nanoconfined NaAlH4: Determination
of Distinct Prolific Effects from Pore Size, Crystallite Size, and Surface Interactions. J. Phys. Chem. C 2012, 116, 21046–21051.
[CrossRef]

66. Peru, F.; Payandeh, S.; Charalambopoulou, G.; Jensen, T.R.; Steriotis, T. Hydrogen Sorption and Reversibility of the LiBH4—KBH4
Eutectic System Confined in a CMK-3 Type Carbon via Melt Infiltration. J. Carbon Res. 2020, 2, 19. [CrossRef]

67. Ampoumogli, A.; Charalambopoulou, G.; Javadian, P.; Richter, B.; Jensen, T.R.; Steriotis, T. Hydrogen Desorption and Cycling
Properties of Composites Based on Mesoporous Carbons and a LiBH4–Ca(BH4)2 Eutectic Mixture. J. Alloys Compd. 2015, 645,
S480–S484. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

34



Citation: Huang, X.; Lu, C.; Li, Y.;

Tang, H.; Duan, X.; Wang, K.; Liu, H.

Hydrogen Release and Uptake of

MgH2 Modified by Ti3CN MXene.

Inorganics 2023, 11, 243.

https://doi.org/10.3390/

inorganics11060243

Academic Editors: Craig Buckley,

Mark Paskevicius, Torben R. Jensen

and Terry Humphries

Received: 29 April 2023

Revised: 27 May 2023

Accepted: 2 June 2023

Published: 5 June 2023

Copyright: © 2023 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

inorganics

Article

Hydrogen Release and Uptake of MgH2 Modified by
Ti3CN MXene

Xiantun Huang 1,†, Chenglin Lu 2,†, Yun Li 3,*, Haimei Tang 2, Xingqing Duan 2, Kuikui Wang 4

and Haizhen Liu 2,5,*

1 Department of Materials Science and Engineering, Baise University, Baise 533000, China
2 Guangxi Novel Battery Materials Research Center of Engineering Technology, Guangxi Colleges and

Universities Key Laboratory of Blue Energy and Systems Integration, School of Physical Science and
Technology, Guangxi University, Nanning 530004, China

3 School of Mechanical and Electrical Engineering, Quzhou College of Technology, Quzhou 324000, China
4 College of Materials Science and Engineering, Qingdao University, Qingdao 266071, China;

kkwang@qdu.edu.cn
5 Key Laboratory of Advanced Energy Materials Chemistry (Ministry of Education), Nankai University,

Tianjin 300071, China
* Correspondence: shanxiliyun2006@163.com (Y.L.); liuhz@gxu.edu.cn (H.L.)
† These authors contribute equally to this work.

Abstract: MgH2 has a high hydrogen content of 7.6 wt% and possesses good reversibility under
normal conditions. However, pristine MgH2 requires a high temperature above 300 ◦C to release
hydrogen, with very slow kinetics. In this work, we utilized Ti3CN MXene to reduce the operating
temperature and enhance the kinetics of MgH2. The initial temperature of MgH2 decomposition can
be lowered from 322 ◦C for pristine MgH2 to 214 ◦C through the employment of Ti3CN. The desorbed
MgH2 + 7.5 wt% Ti3CN can start absorption at room temperature, while the desorbed pristine MgH2

can only start absorption at 120 ◦C. The employment of Ti3CN can significantly improve the hydrogen
release kinetics of MgH2, with the desorption activation energy decreasing from 121 to 80 kJ mol−1.
Regarding thermodynamics, the desorption enthalpy changes of MgH2 and MgH2 + 7.5 wt% Ti3CN
were 79.3 and 78.8 kJ mol−1, respectively. This indicates that the employment of Ti3CN does not
alter the thermal stability of MgH2. Phase evolution studies through the use of X-ray diffraction
and electron diffraction both confirm that Ti3CN remains stable during the hydrogen release and
uptake process of the composite. This work will help understand the impact of a transition metal
carbonitride on the hydrogen storage of MgH2.

Keywords: hydrogen storage materials; magnesium hydride; transition metal carbonitride; 2D materials;
layered materials

1. Introduction

Hydrogen energy is acknowledged as an ideal strategy to solve energy shortages and
environmental pollution issues. However, hydrogen under ambient conditions is a gas of
low density (0.089 kg m−3) [1]. In addition, it is flammable and combustible with a wide
explosion limit of 4−75 vol%. Therefore, the safe and compact storage of hydrogen is an
important issue when utilizing hydrogen energy on a large scale [2–4].

Solid-state hydrogen storage, with the hydrogen bonded in a hydrogen storage ma-
terial, is a good method to store hydrogen since it has a very large capacity (>50 kg m−3).
In addition, the method is safe since it can be operated under low hydrogen pressure
(generally <5 MPa). Construction of high-performance materials for hydrogen storage is
the key issue in developing a solid-state hydrogen storage system [5–11].

MgH2 has attracted extensive attention as a material for hydrogen storage due to
its large capacity of 7.6 wt% and the ability to reversibly store hydrogen [12–14]. In
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addition, there is an abundant resource of Mg on Earth, which makes large-scale application
possible. However, MgH2 with high thermal stability requires a high temperature to desorb
hydrogen. Moreover, the hydrogen sorption process is very slow for MgH2 when the
temperature is not high enough. These two drawbacks have severely limited the practical
application of MgH2. Constructing nanoscale Mg-based materials [12,15–20], alloying Mg
with other metals [8,21–24], or introducing additives [25–38] are the commonly utilized
strategies to modify the hydrogen sorption properties of MgH2.

In the past decade, MXenes (transition metal carbides/nitrides with layered structures)
have received much attention in catalysis, energy storage, and conversion. MXene has also
been demonstrated to show the positive impact on MgH2 [35,39–47]. In 2016, Liu et al. [47]
first reported the enhancing impact of Ti3C2 MXene on MgH2. It was shown that the
employment of 7 wt% Ti3C2 can reduce the starting hydrogen desorption temperature of
MgH2 to 180 ◦C. Li et al. [44] used Ti2C MXene to reduce the temperature of MgH2 by
37 ◦C. It was suggested that the Ti elements with multivalences will enhance the electron
transfer during hydrogen sorption. Lu et al. [31] showed that V2C MXene can tailor both
the kinetics and thermodynamics of MgH2. Liu et al. [40] demonstrated that the hybrid of
Ti3C2 and V2C MXenes exhibits a synergistic impact on MgH2. The starting temperature of
the hydrogen release of MgH2−Ti3C2/V2C can be reduced by 140 ◦C. Bimetallic MXene
which contains two transition metals also has a good enhancing impact on MgH2. For
example, Shen et al. [46] reported that MgH2 + 10 wt% (Ti0.5V0.5)3C2 can start desorption
at 196 ◦C. Wang et al. [42] displayed that NbTiC MXene reduces the starting hydrogen
desorption temperature of MgH2 to 195 ◦C. It has been supposed by many researchers
that the unique layered structures and the active transition metals contained within both
contribute to the enhanced hydrogen storage properties of MgH2 [40,42–44,46,47].

Based on the above introduction, MXene materials have shown excellent enhancing
influence on MgH2. However, the studies mainly focus on carbides. The impact of transition
metal nitrides or carbonitrides on MgH2 is not clear currently. In this work, we first
synthesized a layered transition metal carbonitride (Ti3CN MXene) and then used it to
modify the hydrogen sorption properties of MgH2. The hydrogen release and uptake
kinetics and thermodynamics of MgH2 modified by Ti3CN MXene will be investigated.
Microstructures will be studied to reveal the role of Ti3CN MXene in modifying MgH2.

2. Results

Ti3CN MXene was synthesized by the exfoliation of Ti3AlCN MAX (hexagonal layered
transition metal carbides and nitrides). A hydrofluoric acid solution was used to remove
the Al layers from Ti3AlCN to synthesize the layered Ti3CN MXene. Figure 1a shows
the XRD spectrum of Ti3AlCN MAX and Ti3CN MXene. The diffraction peak of the (002)
crystalline plane shifting to a lower angle indicates the exfoliation of Ti3AlCN MAX to
form the layered Ti3CN MXene. The SEM picture in Figure 1b indicates that Ti3CN MXene
has a layered structure. In Figure 1c, the elemental mappings show that the Ti, C, and N
elements are all distributed uniformly in the material. Some traces of the Al element were
also observed in the material. The above characterizations indicate the successful synthesis
of the layered Ti3CN MXene.

The Ti3CN MXene was mixed with MgH2 by ball milling to obtain MgH2 + m wt% Ti3CN
(m = 0, 5, 7.5, 10) composites. Figure 2a shows the hydrogen release curves of the
MgH2 + m wt% Ti3CN (m = 0, 5, 7.5, 10) composites when the temperature was increased
from room temperature (RT) to about 400 ◦C at 2 ◦C min−1. The as-milled MgH2 without
additive starts desorbing hydrogen at 322 ◦C and could offer a capacity of 7.0 wt% when
the temperature reached 400 ◦C. Excitingly, the addition of Ti3CN can significantly lower
the starting temperature of MgH2 desorption to 214 ◦C. This means a reduction of 108 ◦C in
the starting temperature. The 7.5 wt% Ti3CN-doped MgH2 has a slightly lower hydrogen
desorption temperature than the 5 wt% Ti3CN-doped MgH2. However, further increasing
the Ti3CN content to 10 wt% does not further reduce the temperature of MgH2 but will
slightly reduce the capacity of the composite. Considering achieving both low temperature
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and high capacity, the MgH2 with the addition of 7.5 wt% of Ti3CN was selected for further
absorption studies. Figure 2b shows the hydrogen absorption curves of the desorbed
MgH2 + 7.5 wt% Ti3CN composite and the pristine MgH2 at 4 MPa H2. During absorption,
the temperature was increased from RT to 400 ◦C at 2 ◦C min−1. The desorbed MgH2 starts
to absorb hydrogen at about 120 ◦C and could absorb 7.4 wt% H2 after the temperature
was ramped to 400 ◦C. It is exciting that the desorbed MgH2 + 7.5 wt% Ti3CN sample
can start to absorb hydrogen at RT and absorb 7.0 wt% H2 at 400 ◦C. Therefore, Ti3CN
MXene can significantly improve the non-isothermal hydrogen desorption and absorption
performance of MgH2.

 
Figure 1. (a) XRD spectrum of Ti3AlCN and Ti3CN. (b) SEM image of Ti3CN. (c) EDS elemental
distributions of Ti3CN.

Figure 2. (a) Hydrogen release curves of MgH2 + m wt% Ti3CN (m = 0, 5, 7.5, 10) with the temperature ris-
ing from RT to 400 ◦C at 2 ◦C min−1. (b) Hydrogen uptake curves of MgH2 and MgH2 + 7.5 wt% Ti3CN
at 6 MPa H2 with the same temperature program as (a).

37



Inorganics 2023, 11, 243

The hydrogen release kinetics of MgH2 and MgH2 + 7.5 wt% Ti3CN were studied by
testing the isothermal hydrogen desorption curves, as shown in Figure 3a,d, respectively.
The MgH2 without an additive can achieve fast kinetics only at a temperature higher than
350 ◦C. However, the MgH2 + 7.5 wt% Ti3CN composite has fast hydrogen desorption
kinetics even at a lower temperature below 300 ◦C. At a constant temperature of 300 ◦C,
MgH2 + 7.5 wt% Ti3CN can desorb 6.6 wt% H2 within 10 min and 6.9 wt% within 60 min.
Therefore, the hydrogen release kinetics were greatly improved by Ti3CN addition. The
curves in Figure 3a,d were further studied by the Johnson–Mehl–Avrami (JMA) equation
and the Arrhenius equation. The JMA equation is:

ln[−ln(1 − α)] = nlnk + nlnt, (1)

where α refers to the extent of the reaction; n represents the Avrami index; t is the time;
k stands for the reaction rate constant. The isothermal hydrogen desorption curves were
converted to JMA plots (ln[−ln(1 − α)] vs. lnt) as shown in Figure 3b,e. Then, linear fitting
was performed to obtain the n and nlnk from the slopes and the intercepts. The lnk values
were then plotted vs. 1000/T based on the Arrhenius equation, which is:

lnk = −Ea/RT + lnA, (2)

where Ea refers to the activation energy; R represents the universal gas constant; and A
stands for a constant. The Arrhenius plots (lnk vs. 1000/T) are shown in Figure 3c,f. Then,
linear fitting was performed to obtain the values of Ea from the slope. The desorption
activation energy for MgH2 + 7.5 wt% Ti3CN was estimated to be 80 kJ mol−1, which is
much lower compared to MgH2 without an additive (121 kJ mol−1). This indicates that
Ti3CN improved the hydrogen release kinetics of MgH2.

Figure 3. Hydrogen release curves at various temperatures (a,d), JMA plots (b,e), and Arrhenius
plots (c,f) of MgH2 without addition (upper) and MgH2 + 7.5 wt% Ti3CN (down).
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The thermodynamics of MgH2 were further studied by testing the pressure–concentration
isotherms (PCT) and using the van’t Hoff equation written as:

ln(p/p0) = −ΔH/RT + ΔS/R, (3)

where p refers to the plateau hydrogen pressure; p0 stands for the standard atmosphere
pressure; ΔH represents the enthalpy change of the reaction; and ΔS represents the entropy
changes of the reaction. Figure 4a,c shows the hydrogen desorption PCT curves of the two
samples at various temperatures. From the PCT curves, the plateau hydrogen pressures (p)
can be obtained. Then, the van’t Hoff plots (ln(p/p0) vs. 1000/RT) can be made (Figure 4b,d).
The slopes of the linear fitting lines give the values of ΔH. The enthalpy change for the
hydrogen release reaction of MgH2 + 7.5 wt% Ti3CN was estimated to be 78.8 kJ mol−1,
which is very equal to that of MgH2 without an additive (79.3 kJ mol−1). Therefore, Ti3CN
addition does not alter the thermodynamics of MgH2.

Figure 4. Hydrogen desorption PCT curves (a,c) and van’t Hoff plots (b,d) of MgH2 without addition
(upper) and MgH2 + 7.5 wt% Ti3CN (down).

To reveal the role of Ti3CN MXene in tailoring the hydrogen storage of MgH2, the struc-
tures of MgH2 + 7.5 wt% Ti3CN in different states were studied by X-ray diffraction (XRD).
Figure 5b−d shows the XRD profiles of MgH2 + 7.5 wt% Ti3CN at different stages, with
the as-synthesized Ti3CN MXene for reference (Figure 5a). After ball milling (Figure 5b),
MgH2 and Ti3CN were observed in the sample, suggesting that it is a physical mixture of
the starting materials. After hydrogen desorption (Figure 5c), MgH2 decomposes and Mg
forms. Ti3CN is still observed in the desorbed sample, which indicates that Ti3CN does not
react with other components and stays stable in the sample. It should be noted that MgO is
observed in the sample, which may be due to the partial oxidation of MgH2/Mg during
sample transfer or testing. After hydrogen absorption (Figure 5d), MgH2 is fully recovered

39



Inorganics 2023, 11, 243

and Ti3CN is still observed in the sample. From the above structure evolution studies, it can
be seen that Ti3CN stays stable during the hydrogen release and uptake process. Therefore,
Ti3CN mainly plays the role of an efficient catalyst for the hydrogen release and uptake of
MgH2. This is consistent with the results in Figure 4 in that the thermodynamics of MgH2
is not altered by the addition of Ti3CN.

Figure 5. XRD profiles of Ti3CN MXene (a) and MgH2 + 7.5 wt% Ti3CN after ball milling (b), after
hydrogen desorption (c), and after hydrogen absorption (d).

The microstructures of the MgH2 + 7.5 wt% Ti3CN composite after rehydrogenation
were further studied by SEM, TEM, EDS, and SAED methods. Figure 6a shows the SEM
image of the composite, which displays that the particles of the composite are of several
microns. Figure 6b shows the EDS elemental mappings of the composite. The Mg, Ti, C, and
N elements are all distributed very uniformly in the composite. Figure 6c shows the TEM
image of the composite with its SAED pattern shown in Figure 6d. In the SAED pattern,
MgH2, Mg, and Ti3CN are observed. These three components are also observed in the
HRTEM images in Figure 6e−i. The presence of Ti3CN is consistent with the XRD results
in Figure 5d, which again suggests that Ti3CN mainly plays the role of an efficient catalyst
for MgH2. It is interesting that Mg is detected in the rehydrogenated composite, which is
different from Figure 5d. In Figure 5d, Mg is not observed in the XRD pattern. This indicates
that the high-energy electron beam may have stimulated the partial decomposition of the
Ti3CN-modified MgH2. It should be also noted that only those MgH2 particles that are
contacting with Ti3CN can be stimulated to decompose by the high-energy electron beam,
as shown in regions 1 and 3 of Figure 6e. In region 4 of Figure 6e, MgH2 without contacting
with Ti3CN is not decomposed. Therefore, Ti3CN indeed is an excellent catalyst for MgH2.
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Figure 6. SEM image (a), EDS elemental mappings (b), TEM image (c), SAED pattern (d), and HRTEM
image (e–i) of the MgH2 + 7.5 wt% Ti3CN composite after rehydrogenation.

3. Discussion

From the above results, it can be said that Ti3CN MXene can greatly enhance the hydrogen
sorption kinetics of MgH2. The addition of Ti3CN can lower the initial hydrogen release tem-
perature of MgH2 from 322 ◦C to 214 ◦C, with a reduction of 108 ◦C. Moreover, the desorbed
MgH2 starts to absorb hydrogen at about 120 ◦C, while the desorbed MgH2 + 7.5 wt% Ti3CN
sample can start to absorb hydrogen at RT. The MgH2 + 7.5 wt% Ti3CN has a desorption
activation energy of 80 kJ mol−1, which is significantly lower than that of pristine MgH2
(121 kJ mol−1).

However, it seems that Ti3CN does not alter the thermodynamics of MgH2. Many pub-
lished papers have demonstrated that MXene materials such as Ti3C2 [41,45,47], Ti2C [44],
NbTiC [42], (Ti0.5V0.5)3C2 [46], etc., can enhance the hydrogen sorption kinetics of MgH2.
However, there is barely any work that has reported that MXene materials can reduce the
thermal stability of MgH2 except for V2C MXene [31]. Therefore, it can be deduced that
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most MXene materials do not change the thermodynamics of MgH2 but mainly alter the
kinetics of MgH2.

4. Materials and Methods

Ti3AlCN MAX (500 mesh, 98% purity) was purchased from Laizhou Kaixi Ceramic Co.,
Ltd., Laizhou, China. MgH2 (98% purity) was purchased from Langfang Beide Commerce and
Trade Co., Ltd., Langfang, China. HF (analytical purity, 40%) was purchased from Aladdin,
Shanghai, China. These reagents were used as received without any further treatment.

HF-etching was used to synthesize the layered Ti3CN MXene. In the experiment, 3 g
of Ti3AlCN MAX was added into a 40 mL HF solution with a concentration of 40%. The
solution was then stirred at 30 ◦C for 18 h followed by centrifugation three times. The
rotation speed used for centrifugation was 3500 rpm. After that, the sediment was washed
until the pH value of the deionized water used was higher than 6. Then, the sediment was
dried in a freeze-dryer for 24 h. After that, Ti3CN MXene can finally be obtained.

Ti3CN was then mixed with MgH2 by ball milling under an argon atmosphere to prepare
MgH2 + m wt% Ti3CN (m = 0, 5, 7.5, 10) samples at a planetary ball mill (Pulverisette 7,
Fritsch, Germany). The as-received MgH2 and the as-synthesized Ti3CN were first weighted
based on the compositions in a glove box filled with high-purity argon and then placed in
a milling jar. Some milling balls were also placed in the milling jar with a ball-to-powder
ratio of 40:1. After sealing, the milling jar was transferred to the planetary ball mill. All
samples were milled at 400 rpm for 10 h.

An X-ray diffraction (XRD) instrument (Miniflex 600, Rigaku, Japan) was utilized to
determine the phase structures. The incident ray was Cu Kα radiation and the scanning
speed was 2 ◦C min−1. A working current of 200 mA and a working voltage of 40 kV were
used during the tests. The samples for the XRD test were sealed with transparent tape to
prevent the samples from oxidizing during the sample transfer and test. Scanning electron
microscopy (SEM, JSM-6510A, JEOL, Japan) was employed to analyze the morphologies.
The samples were adhered to conductive tape. The transfer of the samples was carried
out carefully to protect the samples from contacting the air. An attached X-ray energy
dispersive detector (EDS) was employed to collect the elemental distributions. A transition
electronic microscope (TEM, Tecnai G2 F20, FEI, The Netherlands) with a voltage of 200 kV
was used to study the microstructures of the samples. Anhydrous acetone was used to
disperse the sample on Cu grids.

A Sievert-type apparatus built by the Institute of Metallic Materials, Zhejiang Univer-
sity, Hangzhou, China, was utilized to study the hydrogen release and uptake behavior of
the samples. During the non-isothermal hydrogen release tests, the samples were heated
gradually from RT to 400 ◦C at 2 ◦C min−1 from an initial pressure of 10−4 MPa. During
the non-isothermal hydrogen uptake tests, the temperature program was the same as the
isothermal hydrogen release test. At the starting point of the heating program, hydrogen of
6 MPa was charged into the sample holder. During the isothermal hydrogen release tests,
the samples were first heated to the target temperature with a hydrogen back pressure of
6 MPa. When the temperature was stabilized, hydrogen gas was rapidly vented to start
hydrogen desorption. An automatic Sievert-type apparatus (IMI-Flow, Hiden, UK) was
used to collect the PCT curves of the samples.

5. Conclusions

Layered Ti3CN MXene was successfully synthesized by exfoliation of Ti3AlCN MAX
with HF as the etching solution. The layered Ti3CN can significantly improve the kinetics
of MgH2. In particular, MgH2 + 7.5 wt% Ti3CN shows good hydrogen desorption perfor-
mance, with an initial hydrogen release temperature of 214 ◦C and a low hydrogen release
reaction activation energy of 80 kJ mol−1. Moreover, the desorbed MgH2 + 7.5 wt% Ti3CN
can absorb hydrogen at RT, while the desorbed pristine MgH2 can only start absorption at
120 ◦C. The layered Ti3CN barely changes the thermodynamics of MgH2 since the enthalpy
changes of the hydrogen release reactions of MgH2 and MgH2 + 7.5 wt% Ti3CN are very

42



Inorganics 2023, 11, 243

close (79.3 and 78.8 kJ mol−1, respectively). Ti3CN stays stable during the hydrogen release
and uptake process of the MgH2−Ti3CN composite, which means that Ti3CN mainly plays
the role of an efficient catalyst for MgH2. This work confirms that transition metal carboni-
trides also have a good catalytic impact on the hydrogen release and uptake properties
of MgH2.
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Abstract: Realizing rapid and stable hydrogen sorption at low temperature is critical for magnesium-
based hydrogen storage materials. Herein, liquid channels are built in magnesium hydride by
introducing lithium borohydride ion conductors as an efficient route for improving its hydrogen
sorption. For instance, the 5 wt% LiBH4-doped MgH2 can release about 7.1 wt.% H2 within 40 min at
300 ◦C but pure MgH2 only desorbs less than 0.7 wt.% H2, and more importantly it delivers faster
desorption kinetics with more than 10 times enhancement to pure MgH2. The hydrogen absorption
capacity of LiBH4-doped MgH2 can still be well kept at approximately 7.2 wt.% without obvious
capacity degradation even after six absorption and desorption cycles. This approach is not only
through building ion transfer channels as a hydrogen carrier for kinetic enhancement but also by
inhibiting the agglomeration of MgH2 particles to obtain stable cyclic performance, which brings
further insights to promoting the hydrogen ab-/desorption of other metal hydrides.

Keywords: hydrogen storage materials; magnesium hydrides; borohydrides; liquid channels; kinetics

1. Introduction

Green and renewable energy development is the key to reducing carbon dioxide
emissions and fossil fuel overuse [1–5]. Of these, hydrogen energy has garnered the most
interest because of its abundant sources, high combustion heat value, and pollution-free
combustion products [6]. However, achieving safe and efficient hydrogen storage is a
key challenge. Solid-state hydrogen storage has relatively high storage volume density
and transport safety, which have become the focus of hydrogen storage research in recent
years [7–11]. Metal hydrides are widely used as solid hydrogen storage materials because
they can store large quantities of hydrogen under milder conditions in a reversible manner.
MgH2 is a candidate with sufficient reserves, a broad application, and high efficiency
and safety. The Department of Energy considers its high reversible hydrogen storage
capacity (7.6 wt.%) and volume hydrogen storage density (106 kg·m−3) to be among the
most promising of the solid-state materials for meeting the technical requirements for
onboard hydrogen storage [12–15]. However, high thermodynamic stability, high oxidation
reactivity, and slow hydrogen sorption kinetics have become the primary obstacles to the
practical application of hydrogen storage in vehicles. In the last two decades, numerous
techniques for modifying the kinetic and thermodynamic properties of MgH2 have been
developed to circumvent these issues: (i) alloying Mg with single transition metals and
other metallic elements such as Ni [16,17], V [18], and Ti [19]; and (ii) nanoscale adjust-
ment by confinement into single-walled carbon nanotubes [20] or graphene nanosheets
(GNS) [21]. Unfortunately, these solutions typically have several drawbacks, including
(i) low hydrogen storage capacity due to the addition of metals without hydrogen affinity,
and (ii) irrepressible nanostructure agglomeration and instability [22–25]. Consequently,
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further investigation of a novel strategy to improve the hydrogen sorption performance of
Mg-based materials at lower temperatures with faster kinetics is necessary.

In recent years, complex hydrides have been introduced into magnesium-based systems,
proving to be a promising strategy for enhancing the kinetics of hydrogen storage [26–30]. For
example, Liu et al. [31] reported a favorable desorption capacity of 4.5 wt.% at a relatively
low temperature of 250 ◦C for the MgH2+ Li3AlH6 mixture. Li et al. [32] further discovered
that the LiNH2−MgH2 system began desorbing hydrogen at 150 ◦C and exhibited improved
reversibility, but this combined system released quantities of undesirable ammonia (NH3) gas.
In light of these findings, introducing borohydrides into the MgH2 system will also improve
the kinetic properties, albeit at the expense of inflexible thermodynamic properties and the
formation of byproducts. Kato et al. [33] discovered that the altered hydrogen desorption in
the NaBH4 and MgH2 systems could be attributed to the migration of metallic Mg into the
surface of NaBH4. The intrinsic mechanisms of these combined systems are still unknown, but
these results suggest that the enhanced properties are primarily a result of the rapid migration
of ionic hydrogen in MgH2 [34].

In light of these findings, we present a novel method for improving the hydrogen
sorption of MgH2 by introducing lithium borohydrides, namely the construction of an ion
transfer channel in MgH2. Complex borohydrides such as LiBH4 and Li2B12H12 are known
to be fast ion conductors composed of Li+, [BH4]−, and [B12H12]2− [35], which can serve
as intermediates for high ionic conduction and activity in the diffusion of H- from MgH2.
This new method involves the construction of ion transfer channels as hydrogen carriers
for kinetic enhancement and inhibiting the aggregation of MgH2 particles from achieving
stable cyclic performance. The desorption process of the pseudo-eutectic LiBH4–MgH2
system involves liquid borohydride phases in particular. In addition, the science underlying
the remarkable kinetic enhancements of MgH2 brought about by the introduction of liquid
borohydride channels was elucidated.

2. Results and Discussion

2.1. Hydrogen Storage Properties of LiBH4-Doped MgH2

We first introduce LiBH4 as an ionic conductor to enhance the milling kinetic per-
formance of MgH2 and then compare it with pure and Li2B12H12-doped MgH2 systems.
Figure 1 compares the hydrogen absorption and desorption kinetics of pure, Li2B12H12-
doped, and LiBH4-doped MgH2 at 300 ◦C, which are detected by their sixth hydrogen
cycle. As depicted in Figure 1a, the desorption hydrogen kinetic properties of MgH2
are sluggish, and less than 0.7 wt.% hydrogen is desorbed within 40 min. In contrast,
the addition of complex borohydrides improves the desorption kinetics of MgH2. The
sixth dehydrogenation can be completed rapidly and releases ~7.1 wt.% hydrogen within
40 min, representing enhancement by ten-fold compared to pure MgH2. Similar desorption
enhancements were observed in the L2B12H12-doped MgH2 system. Figure 1b further
indicates that LiBH4-doped MgH2 has superior hydrogen absorption kinetic properties.
As compared to the capacity of ~1.6 wt.% for pure MgH2 within 10 min, the absorption
capacities of L2B12H12-doped MgH2 and LiBH4-doped MgH2 are significantly increased by
three and four times, respectively.

In order to explore and compare the initial desorption behaviors and cyclic perfor-
mances of the pure MgH2 and LiBH4-doped MgH2, they were tested for six cycles at 300 ◦C
and the curve of hydrogen ab-/desorption at a constant temperature was shown in Figure 2.
It can be seen that the desorbed capacity of pure MgH2 is low, with only ~1.5 wt.% H2,
and the absorbed capacity was ~1.8 wt.% H2 after the sixth cycle. More excitingly, that of
the LiBH4-doped MgH2 can directly increase by releasing ~7.1 wt.%, and the hydrogen
absorption capacity can still be kept at ∼7.2 wt.% even after six cycles. These results
indicate that the kinetics and cyclic performance of MgH2 can be significantly enhanced by
introducing ionic borohydrides.
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Figure 1. (a) Hydrogen desorption and (b) absorption kinetic curves of pure, Li2B12H12−doped and
LiBH4−doped MgH2 at 300 ◦C; all sample data are detected by the sixth cycle.

Figure 2. Kinetics and cycling performance of hydrogen desorption and absorption of (a,b) MgH2

and (c,d) LiBH4—doped MgH2 upon six cycles at 300 ◦C.
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2.2. Structural Features of LiBH4-Doped MgH2

The high-resolution transmission electron microscopy (HRTEM) technique is used to
reveal the microstructure characteristics of the as-prepared LiBH4-doped MgH2 to clarify
the reason for these improvements. As shown in Figure 3a, the light gray massive structures
are embedded homogeneously in the dark gray zonal distribution, forming a transmission
channel corresponding to the selected regions in Figure 3b,d. From the selected regions, we
obtain lattice stripes by transposing the selection using the Fourier transform, in which all
the d-spacings of approximately 0.3801, 0.322 and 0.252 nm can be easily indexed to the
(011), (111), and (112) planes of the LiBH4 phase, respectively. In addition, an amorphous
layer is visible at the edge of the associated structures for LiBH4-doped MgH2 (yellow
dotted line in Figure 3a); LiBH4 and MgH2 have a relatively well-balanced distribution
within this structure, as depicted in Figure 3f–i. This novel structure strongly indicated
that the LiBH4-doped MgH2 system had successfully constructed the zonal channel for
hydrogen transfer. We also found the presence of the element O from the EDS spectrum in
Figure 3g, indicating that the passivation layer on the surface of MgH2 is unavoidable even
for commercial MgH2. Moreover, the existence of associated structures of LiBH4-doped
MgH2 and the formation of an amorphous layer collectively inhibit the Mg grain particle
agglomeration during kinetic cycling, thereby facilitating the diffusion of hydrogen for
improved kinetic and cyclic properties.

 
Figure 3. Microstructural features of as-milled LiBH4-doped MgH2: (a) TEM images; (b,d) fast
Fourier transform (FFT) and (c,e) their lattice images; (f) STEM-HAADF image; (g) EDS spectrum
and its corresponding (h) Mg and (i) B elemental mapping.

In order to determine the current state and distribution of the LiBH4-doped MgH2
system upon desorption or absorption, we analyzed the morphological and structural
characteristics of the as-prepared LiBH4-doped MgH2 materials before and after six cycles.
Figure 4a shows that, except for the MgH2/Mg phases, no LiBH4 peaks were detected in
the XRD patterns. Intriguingly, Figure 4b of the FTIR results reveals that the characteristic
bands of B-H vibration and stretching bonding of LiBH4 at ~2359, 2293, 2225 and 1128 cm−1
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can always be detected before and after cycling, although their intensities diminish slightly.
Apparently, LiBH4 indeed exists in amorphous and/or nanocrystal states during both ball
milling and cycling, rather than decomposing or reacting to form a new phase, as further
demonstrated by the XPS analysis in Figure 4c, where the electronic binding energy of B1s

at approximately 188 eV demonstrates the stable existence of LiBH4 in the cyclic LiBH4-
doped MgH2. Moreover, Figure 4d–i shows the morphological evolution and elemental
distribution of LiBH4-doped MgH2 during cycling. Before and after cycling, a particle
morphology with an average size of 1~2 μm was observed, along with sintering-induced
connection phenomena upon heating for sorption. Furthermore, Mg and B elemental
distributions were well dispersed. These results indicate that the good dispersion of LiBH4
significantly inhibits the growth of Mg grains, which explains why superior kinetic and
cyclic properties were obtained in Figure 1.

 

Figure 4. (a) XRD patterns, (b) FTIR and (c) XPS spectra of the pure MgH2, as-milled and cyclic
LiBH4-doped MgH2 samples, as well as the FESEM images of LiBH4-doped MgH2 sample (d) before
and (g) after cycling and their corresponding (e,h) Mg and (f,i) B elemental mapping.

2.3. Electrochemical Analysis of LiBH4-Doped MgH2

Electrochemical impedance spectroscopy and in situ morphological analysis were
utilized to elucidate the intrinsic role of LiBH4 as an ionic conductor in enhancing hydrogen
sorption on MgH2. The semicircle Nyquist plots of LiBH4-doped MgH2 are significantly
smaller than those of pure MgH2 (see Figure 5a), indicating lower electrolyte resistance
and exceptionally fast electron conductivity in a simulation of an all-solid-state battery.
Figure 5b depicts the Nyquist plots of LiBH4-doped MgH2 at various temperatures, where
the characteristic impedance semicircle gradually decreases with increasing temperatures,
corresponding to the resistance value decreasing from approximately 4 × 106 Ω at 55 ◦C
to approximately 1.05 × 105 Ω at 125 ◦C. Figure 5c compares the Arrhenius curves of
pure MgH2, LiBH4, and LiBH4-doped MgH2. The enhanced ionic conductivity apparently
indicates that MgH2 shifts from an insulator to a conductor with ionic conductivity of
approximately 3.2 × 10−7 S cm−1 at 125 ◦C by introducing LiBH4. In addition, the in situ
optical images of the LiBH4-doped MgH2 sample during heating shown in Figure 5d reveal
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that above 275 ◦C (i.e., the melting point of LiBH4 [36]), liquid droplets form on the surface
of the matrix. Intriguingly, hydrogen desorption from MgH2 was captured by continuous
and rapid bubbling from the liquid LiBH4 phase (Figures S6 and S7, ESI).

Figure 5. (a) Nyquist plots of pure and LiBH4−doped MgH2 as well as their (b) Nyquist plots at dif-
ferent temperatures and (c) corresponding Arrhenius plots; (d) In situ optical images of LiBH4−doped
MgH2 sample detected by the high temperature laser confocal microscope and (e) its proposed model
for formation of fast ions migration channels in MgH2 induced by LiBH4 melting.

Figure 5e proposes a model of hydrogen desorption enhanced by liquid ion channels
incorporated into solid magnesium hydrides based on previous results. The liquid LiBH4
droplets uniformly embedded in the MgH2 matrix serve as channels for the rapid carrier
of hydrogen, which can be understood from three perspectives: (i) the H2 bubbles can
move more rapidly in the liquid phase compared to the solid phase due to lower migration
energy; (ii) as we know, the LiBH4 would transfer from a low-temperature phase into high-
temperature phase at ~120 ◦C, corresponding to the significant increase in ion conduction
as shown in Figure 5a–c, and its enhanced ion conduction of composites would also be kept
even at higher temperature. This further forces us to deduce that the enhanced desorption
of MgH2 is related to the faster ion conduction of LiBH4; and (iii) the introduction of fast
Li+ ions from LiBH4 can easily carry H− from ionic MgH2 via the ionic interactions and
can also alter the ionization degree and ionic density of the Mg-H bond to improve the
migration of H atoms, as further confirmed by in situ spectroscopy. Along with enhancing
the Li-ion migration, the H2 sorption is also significantly promoted above phase-transition
temperature. Thus, we deduce that introducing LiBH4 into MgH2 matrix would enhance
the migration of H− by interacting with fast Li+ transfer based on positive and negative
ionic attraction to each other. In this regard, more experiments with advanced technology
are needed to directly detect the important correlation that will provide insight into property
improvement.

3. Experimental Procedure

3.1. Material Preparation

MgH2 (purity > 95% from anabai Medicine Co., Ltd., Wuhan, China) and LiBH4
(purity > 95% from China Aladdin) were combined in a weight ratio of 19:1 and loaded
into a 300 mL stainless-steel ball milling tank (SUS304). The milling tank filled with 1 g of
mixed material, and different masses and diameters of stainless steel (DECO-304-B) balls
(5 mm—18.6 g; 6 mm—9.2 g; 8 mm—8 g; 10 mm—4.2 g), with a ball-to-sample mass ratio
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of 40:1 was mechanically milled for 10 h at 400 rpm with a planetary ball mill (QM-3SP2).
All prepared samples were milled for twenty periods of 30 min, with a 2 min interval
between each period. The same experimental procedures and parameters were used on the
control group of pure MgH2 and that with 5 wt% Li2B12H12 doping (purity > 95% from
Aladdin). All mechano-chemical treatments were performed in an Argon-filled glovebox
(ρ(O2) < 0.1 ppm, ρ (H2O) < 0.1 ppm).

3.2. Material Preparation

The XRD analysis was performed on a MiniFlex 600 XRD unit (Rigaku, Japan), Cu
Kα radiation (λ = 0.154056 nm) utilized at 40 kV and 15 mA. The 2θ angle ranged from
10◦ to 90◦ with increments of 0.02◦. The powder samples were placed in custom-made
molds and sealed with polyimide thin-film tape, ensuring that they were under an argon
atmosphere during the measurement process. The morphologies of the samples were
observed by scanning electron microscopy (SEM, Zeiss Sigma 300) and transmission elec-
tron microscopy coupled with an EDS (TEM, FEI Talos F200X). The FTIR analyses were
conducted on a TENSOR27 with a wavelength range from 400 to 3000 cm−1. A Thermo
Fisher Scientific Spectrometer K-Alpha was used to conduct XPS analyses. The powder
sample was contained in an argon-filled glove box before being mounted on a sample
holder and transferred to the XPS facility using a special container to prevent air exposure.

Electrochemical impedance spectroscopy (EIS) was used to measure the ionic conduc-
tivities of pure MgH2 and 5 wt.% LiBH4-doped MgH2 by using a Solartron impedance
analyzer. The material was weighed as 120 mg by electronic balance in a high-purity argon
glove box, and then poured into a metal sheet mold with a press at 7 MPa for 5 min. The
pressing tablet was the positive material, while the negative was a lithium tablet that was
wrapped in a plastic bag and then rolled with a metal rod into a uniform sheet. Before
electrochemical testing, all experimental and control groups were mixed with ~12 mg of
acetylene black to increase their electrical conductivity.

The de-/absorption kinetics of samples were measured by using an automated
Sieverts-type apparatus that allowed for accurate determination of the evolved hydro-
gen amount. Approximately 2 g of sample was loaded into an evacuated stainless-steel
autoclave that connected with automatic PCT measurements. After rapid heating of the
sample to the desired temperatures, the autoclave was immersed into the heating fur-
nace. After activation, the hydrogen de-/absorption curves at 300 ◦C were successively
performed by a back pressure of 0.01 and 4 MPa, respectively.

4. Conclusions

In conclusion, we successfully incorporated 5 wt.% LiBH4 into the MgH2 hydrogen
storage system to significantly improve the hydrogen kinetic and stable cyclic properties.
Our experimental findings support the design of a hydrogen-optimized ion transfer chan-
nel, which is facilitated by forming associated structures. For superior cyclic performance,
an amorphous layer and the uniform dispersion of LiBH4 are the two most important
factors inhibiting the growth of Mg grains. During the heating process, the LiBH4 droplets
uniformly embedded in the MgH2 matrix serve as ion migration channels for rapid trans-
port of hydrogen. These findings suggest a new strategy for enhancing the hydrogen
sorption of ionic hydrides and other hydride systems, as well as for accelerating the search
for candidate materials that are suitable for hydrogen storage.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/inorganics11050216/s1, Figure S1: Temperature-programmed
kinetics of desorption; Figure S2: Isothermal absorption of pure MgH2; Figure S3: Isothermal
absorption of LiBH4-doped MgH2; Figure S4: SEM images of LiBH4-doped MgH2 before kinetic
cycles; Figure S5: SEM images of LiBH4-doped MgH2 after six kinetic cycles; Figure S6: High
temperature laser confocal image for liquid phase transition during hydrogen desorption at 276 ◦C;
Figure S7: High temperature laser confocal image for liquid phase transition during hydrogen
desorption at 281 ◦C.
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Abstract: The alloy TiFe is widely used as hydrogen storage material. However, the first hydro-
genation is difficult. It was found that the addition of zirconium greatly improves the kinetic of
first hydrogenation, but the mechanism is not well understood. In this paper, we report the use of
scanning photoemission microscopy to investigate the composition and chemical state of the various
phases present in this alloy and how they change upon hydrogenation/dehydrogenation. We found
the presence of different oxide phases that were not seen by conventional SEM investigation. The
nature of these oxides phases seems to change upon hydrogenation/dehydrogenation cycle. This
indicates that oxide phases may play a more significant role in the hydrogen absorption as what was
previously believed.

Keywords: scanning photoemission microscope; metal hydride; phase composition; first
hydrogenation; TiFe alloy

1. Introduction

Intermetallic TiFe-compounds are attractive hydrogen storage materials due to their
low cost, elemental abundance, and near ambient temperature and mild hydrogen pressure
absorption. In recent years, their use has been demonstrated to be successful in a number
of large-scale stationary applications [1–4]. The main disadvantage is the slow activation
(first hydrogenation) properties of TiFe, requiring high temperatures (about 400 ◦C) and
pressure of ca. 50 bars [5]. Usually, the first hydrogenation has a long incubation period that
may vary with alloy composition and pressure/temperature conditions. This behaviour
is associated with an oxide surface passivation layer. Improvement of activation could be
achieved in many ways. One is mechanical activation through ball milling, high-pressure
torsion and other severe plastic deformation techniques [6–10]. Presently, the most common
solution for better first hydrogenation and cycle life is to partly substitute Fe by Mn. This
result in the formation of secondary phases reactive to hydrogen that enhances the first
hydrogenation properties [11].

Recently it was shown that TiFe with 4 wt.% Zr greatly improved the first hydrogena-
tion kinetics, after processing the sample via ball milling [12]. The faster hydrogenation
kinetics of the processed samples compared to the as-cast sample has been attributed to
the reduction of crystallite sizes and formation of new grain boundaries (increase of their
relative volume) with longer ball milling times. However, the ball milled samples also
showed a decreased hydrogen storage capacity compared to the as-cast sample, likely due
to the formation of grain boundaries that enhanced hydrogen diffusion but did not store
hydrogen in their structures. Analysis concluded that the improved kinetics was not related
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to the rate-limiting step of the first hydrogenation, since all samples fitted well with a 3D
growth, with the growth interface velocity of diffusion decreasing with time.

Another effective approach to improve the activation of TiFe is via element substitution
using transition metals (TMs), such as Mn, Cr, and Zr [13,14]. Doing this also affects kinetics,
thermodynamics and cyclability of the TiFe-based materials. Substituents can influence the
structural properties of the alloys, for instance via formation of secondary phases [15–17],
or altering hydride phase stability. Studies have shown that the first hydrogenation of TiFe
was achieved at room temperature by adding Zr [18–20].

Previous investigation has shown that the TiFe + 4 wt.% Zr alloy is composed of a TiFe
main phase with a Zr-rich secondary phase [12,18,20–22]. This mechanism is somewhat
similar to the one seen for the Ti (Fe, Mn) alloys [11]. In this paper, we investigate the role
of the composition of the phases in the hydrogenation behaviour. Our hypothesis is that
the improvement in kinetics is caused by the specific microstructure [21] and chemical
composition of the secondary phase. The zirconium-rich phase acts as a gateway for
hydrogen to reach the TiFe phase and thus makes the hydrogenation much faster than in
pure TiFe. Additionally, the variation of composition at the interface matrix/secondary
phase may play an important role in the transfer of hydrogen from the secondary phase to
the matrix.

2. Results and Discussion

2.1. As-Cast Sample

Figure 1 shows a survey spectrum of the cast TiFe + 4 wt.% Zr. Beside the constituent
elements oxygen indicates oxidation at the surface and there is a small amount of carbon
contamination coming from handling the sample. As the fine chemical state, e.g., oxide vs.
metallic, cannot be distinguished in such a survey, in the following, we will focus on the
detailed core level spectra.

Figure 1. Survey spectrum of as-cast TiFe + 4 wt.% Zr.

The elemental distribution of as-cast TiFe + 4 wt.% Zr is shown in Figure 2. From
previous investigations it is known that this alloy is made of two phases: a main TiFe
phase along with a Zr-rich secondary phase [20,22]. This is confirmed by the present
measurement. It should be pointed out that the region of interest was selected to mainly
investigate the secondary phase. Therefore, these mappings do not reflect the true relative
abundance of the main (TiFe) and secondary phase. The figure shows that iron is relatively
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uniformly distributed through the alloy while titanium abundance is slightly reduced in
the TiFe phase. The most interesting feature is the higher abundance of zirconium at the
edge of the secondary phase.

Figure 2. Element distribution in as-cast TiFe + 4 wt.% Zr. Zr (a,b), Ti (c,d), Fe (e,f). Raw data: (a,c,e),
Elemental distribution (b,d,f).

The abundance of zirconium at the edge of the secondary phase was quantified
in a previous investigation [19]. Figure 3 is a typical micrograph and table of element
concentration in the different regions. The matrix is TiFe phase (Space group Pm-3 m,
structure type CsCl) with small amount of Zr substituting for Fe. The grey secondary phase
is also close to the TiFe phase with more zirconium replacing iron. At the edge of the
secondary phase, the bright area contains zirconium and also more titanium. This is in
agreement with Figure 2.
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Figure 3. Element distribution in as-cast TiFe + 4 wt.% Zr. (adapted with permission from ref. [19],
2016, Elsevier).

This concentration of zirconium at the edge of the secondary phase is most likely
due to the metastable state of the alloy. As shown by Patel et al., after heat treatment
at 1173 K for 24 h, the secondary phase is more concentrated in zirconium while the
amount of zirconium in the TiFe phase is almost zero [23]. The secondary phase was
also found to be uniform with no sign of zirconium concentration at the edges. They
also show that the first hydrogenation was practically impossible for the heat-treated
alloy. Therefore, the metastable state and the variation of composition at the interface
matrix/secondary phase may play an important role in the transfer of hydrogen from the
secondary phase to the matrix. The exact crystal structure of the secondary phase is under
investigation. Preliminary results from neutron diffraction points toward a hexagonal
MgZn2-type structure.

As the bulk composition of the matrix and secondary phases are relatively close, it is
important to probe the electronic structure of each element in these phases to see if there is
a difference (for instance if the chemical state of iron is different when it is situated in the
matrix or in the secondary phase).

The ESCA (Electron Spectroscopy for Chemical Analysis) microscopy measurements
have been performed to accurately measure the element’s concentration at the boundary
between these two phases and also to probe the chemical state of each element. This will
possibly help us understand if zirconium-rich phase can act as a gateway for hydrogen to
reach the TiFe phase and thus making the hydrogenation much faster than in pure TiFe.

The measurements showed that a good spatial resolution was achieved and that the
chemical state of the elements could be verified, with the chemical state of iron being
different when situated in the matrix or in the zirconium-rich secondary phase. Zirconium
content changes within the zirconium-rich phase, with more zirconium at the edge between
the bright phase and TiFe phase.

2.2. As Cast Powder

Figure 4 shows the SPEM (scanning photoemission microscope) analysis of the as-cast
powder; images in the first column (panels (a), (e) and (i)) show the photoemission maps
recorded by collecting photoelectrons at the Zr 3d, Ti 2p and Fe 2p core levels, respectively.
The three maps appear very similar because the contrast is dominated by the topography
of the powder sample. In the second column (panels (b), (f) and (j)) the corresponding
background subtracted maps are shown (see experimental section). They represent the
elemental concentration of each atomic species in the probed area. The brighter the region,
the higher the concentration of elements. The areas at the left and right side appearing very
dark in the contrast are regions completely shadowed where the applied algorithm is not
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able to properly remove the topographic contribution. They should not be considered in
the analysis.

Figure 4. Element distribution and spectra of Ti, Fe and Zr in as-cast TiFe + 4 wt.% Zr. Zr (a–d),
Ti (e–h), Fe (i–l). Raw data: (a,e,i), Elemental distribution (b,f,j). Reduced/oxidized distribu-
tion (c,g,k). Spectra (d,h,l).

Point A shows the presence of all three elements. This could be associated with TiFe
alloy with a small amount of Zr as was seen in a previous investigation. In the case of point
B, only Zr and Ti were detected. This is a somewhat puzzling observation because a Zr-Ti
phase has not been detected in previous investigations of TiFe + x wt.% Zr. However, as Ti
and Zr are totally miscible, this is possible. As Fe could not enter in solid solution in Zr but
Ti is miscible, it is reasonable to consider that the Zr-rich region may have more Ti than Fe,
especially at the very edge of the secondary phase.

The map in panel (b) shows an uneven distribution of the Zr; the change of the
signal intensity between the darker and brighter areas is about 25%. The Zr 3d spectra

59



Inorganics 2023, 11, 26

acquired at positions A and B, labelled in panels (a) and (f), show two different surfaces
chemical compositions. The spectrum at position A appears as a single typical Zr 3d
spin-orbit doublet with the Zr 3d5/2 peak centered at 182.5 eV binding energy (BE) while
the spectrum at position B is the convolution of the same component at 182.5 eV BE with
a less intense one with its Zr 3d5/2 peak centered at 179 eV BE. Due to the presence of
well-separated convoluted components, the peaks of spectrum B are broader. The peak at
lower binding energy can be associated with reduced Zr in the 0/+1 valence state while the
main component corresponds to Zr in the +3/+4 valence state typical of chemically stable
zirconium oxide phases [24].

The Zr 3d spectra acquired at positions A and B, labelled in panels (a) and (f), show
two different surfaces chemical compositions. As the reduced and oxidized components
of Zr were well separated in energy, it was possible to select the energy windows of the
two chemical states and calculate the ratio of the corresponding images. The map in panel
(c) shows the ratio between reduced and oxidized Zr; despite the Zr is everywhere mostly
fully oxidized, brighter/darker areas indicate a lower/higher presence of a weak reduced
Zr, as shown by the Zr 3d core level spectra in panel (d).

The background subtracted map of Ti 2p shown in panel (f) evidences large changes
in the concentration of titanium; the intensity in the brightest areas is twice that in the
darker ones. To some extent, the Ti and Zr maps (panels (f) and (b), respectively) are
complementary, i.e., regions with a higher Zr content show less Ti (e.g., region B). The Ti 2p
core level spectra acquired at points A and B show two chemically different environments;
spectrum B has the typical line shape of the TiO2 with the Ti 2p3/2 centered at 458.6 eV in
good agreement with literature references [25]. The spectrum acquired at position A has
an additional shoulder at 455.8 eV binding energy compatible with a +2 valence state [26].
As done for the Zr in panel (c), the image corresponding to the ratio between reduced
and oxidized Ti is shown in panel (g). The changes in the contrast suggest an uneven
distribution of the ratio, with a higher local amount of Ti resulting in a higher contribution
of the +4 oxidation state.

Finally, the same analysis is proposed for Fe. Panel (j) shows the distribution of this
element on the surface of the probed area. As also evidenced by the two spectra acquired
in points A and B, reported in panel (l), regions with and without Fe are present. Spectrum
A is dominated by a peak centered at 710.8 eV binding energy corresponding to Fe2O3 [27].
The image with the ratio of the reduced and oxidized Fe is shown in panel (k) indicating a
rather uniform contrast except in the regions where there is no iron.

Taking into account that the beam penetration is only of the order of 1 or 2 nm for Zr
and Ti and even less for Fe the absence of Fe may be due to small migration of Fe upon
oxidation of the edge of the secondary phase.

2.3. Hydrided Sample

Figure 5 shows the elemental distribution and spectrum of Ti, Fe and Zr on a fully
hydrogenated sample. Before discussing these results, we should point out that the sample
was kept under hydrogen until close to the measurement in order to keep its hydrided
state. However, the time delay between hydrogenation and the measurement and also the
fact that the measurement is performed under high vacuum under intense beam means
that some phases of the sample may no longer be in a hydrided state. Therefore, caution
should be exercised in the analysis of these results.

Three different points have been probed. Point A consists only of Ti and Fe atoms.
This is in agreement with the main TiFe phase. The spectra of Ti and Fe do not show any
shift in energy. This is consistent with the fact that this phase is most probably dehydrided.
Point B only shows Zr and Fe signals. The Zr spectrum is fully oxidized but there is a
small bump in the Fe spectrum at 717 eV. This may be an indication of the formation of a
Zr-Fe-H phase. Raj et al. have shown that the high temperature phase Zr2Fe could form the
intermetallic hydride Zr2FeHx hydride at a temperature as low as 250 K under hydrogen
pressure less than 0.5 atm [28]. Oxygen-containing compounds could also be hydrided as
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demonstrated by Zavaliy et al. on the hydrogenation of for example Ti4-xZrxFe2Oy [29].
Regarding point C, the three elements are present, but their spectra show an oxidation state.

Figure 5. Element distribution and spectra of Ti, Fe and Zr in hydrogenated TiFe + 4 wt.% Zr.
Zr (a–d), Ti (e–h), Fe (i–l). Raw data: (a,e,i), Elemental distribution (b,f,j). Reduced/oxidized
distribution (c,g,k). Spectra (d,h,l).

2.4. Dehydrided Sample

The dehydrided elemental distribution and spectra are shown in Figure 6. Point A is
TiFe alloy with basically no Zr present. This is associated with the main TiFe phase. The
Ti and Fe spectra are mostly oxidized. Point B is Ti-Zr phase as seen in the as-cast alloy,
however there are main differences. In the as-cast alloy both Ti and Zr in this phase showed
some state of oxidation but here, oxidation is apparent only in the Zr spectrum. The Ti
spectrum of points A and B indicates a TiO2 phase. Finally, point C is only Zr precipitate
that is also oxidized.
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Figure 6. Element distribution and spectra of Ti, Fe and Zr in dehydrogenated TiFe + 4 wt.% Zr.
Zr (a–d), Ti (e–h), Fe (i–l). Raw data: (a,e,i), Elemental distribution (b,f,j). Reduced/oxidized
distribution (c,g,k). Spectra (d,h,l).

3. Materials and Methods

The as-cast sample of composition TiFeZr0.05 (TiFe + 4 wt.% Zr) was synthesized by
arc melting. Details are given in ref. [12]. After synthesis, a part of the alloy was cut and
polished for the as-cast investigations. The other part was crushed in an argon-filled glove
box. The crushed powder was then hydrogenated at room temperature under 20 bars of
hydrogen pressure using a home-made Seivert apparatus. After hydrogenation a part of
the sample was taken out of the reactor. This fully hydrided sample is thereafter identified
as hydrided hydrogenated TiFe + 4 wt.% Zr. The remaining part was desorbed at room
temperature under dynamic vacuum for a period of two hours. This sample is identified as
dehydrided TiFe + 4 wt.% Zr.

Photoemission measurements were performed by using the scanning photoemission
microscope (SPEM) hosted at the ESCA Microscopy beamline at Elettra synchrotron facility
(Trieste, Italy) [30]. A SPEM uses a direct approach to obtain spatial resolution consisting
in the focalization of the incoming X-ray beam with Fresnel Zone Plate (ZP) optics. The
X-ray microprobe can reach a dimension of 120 nm. The optical setup is completed by an
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Order Sorting Aperture (OSA) positioned between the sample and the ZP selecting the
first diffraction order and removing the undesired orders. Photoelectrons are collected
by a SPECS PHOIBOS 100 hemispherical electron analyzer provided with a 48-channels
electron detector.

The SPEM can operate in two modes: imaging and submicron-spectroscopy. In the first
mode, the distribution of an atomic element or chemical state is mapped by synchronized
scanning the sample with respect to the focused photon beam and collecting photoelectrons
within a selected electron kinetic energy window, corresponding to the electron energy
level of the element of interest. The multichannel electron detector, where each channel
measures electrons with a specific kinetic energy, defined by the selected energy window,
allows the simultaneous collection of 48 images. This adds a spectro-imaging option, i.e.,
the reconstruction of the spectrum corresponding to the covered energy window from a
selected area from subdomains of the main map [31]. The second mode is the microprobe
spectroscopy providing spectroscopic information from the selected spot onto the sample
with a higher spectral resolution.

Contrast in the photoemission maps reflect the intensity variations of the number
of photoelectrons detected at each specific position in the image and for an 8 eV binding
energy window centered around the given energy. Such number depends on the number
of atoms associated with the specific core level acquired in the illuminated spot, their
chemical state and the surface topography. The photoemission yield increases/decreases
if the probed surface is more normal/grazing to the electron analyzer axis. In order to
remove the topographical contribution from the maps, an algorithm was applied consisting
in dividing the map acquired at a specific core level by that collected at its higher kinetic
energy background. The resulting so-called “peak/background” map will show only the
chemical contribution [31]. Exceptions are the areas completely shadowed where the low
count rates generate fake values.

Measurements were carried out using 650 eV photon energy and an overall spectral
energy resolution of 220 meV in microspot spectroscopy and 490 meV in imaging mode.
More details on the multi-channel data acquisition and processing can be found in ref. [31].

4. Conclusions

In this paper the microstructure and microchemistry of TiFe + 4 wt.% Zr was investi-
gated in detail. The photoemission map of the as-cast alloy confirmed the higher abundance
of zirconium at the edge of the zirconium-rich secondary phase. The edge is also the site of
a Zr-Ti phase that was not detected using conventional SEM. The reduced/oxidized ratio
was determined for all elements. It was found that, for zirconium, this ratio is higher in
the zirconium-rich region while for titanium it is higher in the region with low content of
titanium. In the case of iron, the reduced/oxidized ratio is constant.

The hydrided sample showed the presence of a possible Zr-Fe hydride phase. There is
also a Zr-Fe-O phase that could be a hydride. In the dehydrided sample the TiFe phase was
not oxidized, and in the Ti-Zr phase, oxidation is only on Zr.

The general conclusion is that in the TiFe + 4 wt.%Zr alloy there is a wide range
of different oxides. As the nature of the various oxide phases change upon hydrogena-
tion/dehydrogenation, it may indicate that these oxides play a more important role in the
hydrogenation than what was previously believed.
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Abstract: The discovery of new inorganic magnesium electrolytes may act as a foundation for the
rational design of novel types of solid-state batteries. Here we investigated a new type of organic-
inorganic metal hydride, isopropylamine magnesium borohydride, Mg(BH4)2·(CH3)2CHNH2, with
hydrophobic domains in the solid state, which appear to promote fast Mg2+ ionic conductivity. A new
synthetic strategy was designed by combination of solvent-based methods and mechanochemistry.
The orthorhombic structure of Mg(BH4)2·(CH3)2CHNH2 was solved ab initio by the Rietveld refine-
ment of synchrotron X-ray powder diffraction data and density functional theory (DFT) structural
optimization in space group I212121 (unit cell, a = 9.8019(1) Å, b = 12.1799(2) Å and c = 17.3386(2) Å).
The DFT calculations reveal that the three-dimensional structure may be stabilized by weak dis-
persive interactions between apolar moieties and that these may be disordered. Nanoparticles
and heat treatment (at T > 56 ◦C) produce a highly conductive composite, σ(Mg2+) = 2.86 × 10−7,
and 2.85 × 10−5 S cm−1 at −10 and 40 ◦C, respectively, with a low activation energy, Ea = 0.65 eV.
Nanoparticles stabilize the partially eutectic molten state and prevent recrystallization even at low
temperatures and provide a high mechanical stability of the composite.

Keywords: structure; ionic conductivity; complex borohydride; mechanochemistry

1. Introduction

Due to the increased electrification of society, new ways of storing energy need to be
developed, e.g., with significant improvement of the gravimetric and volumetric capacity
as well as the safety of batteries, while simultaneously keeping the costs down. In recent
years, the increase in capacity in Li-ion batteries using carbon anodes has stagnated and
is approaching the theoretical limit [1]. The development of “post-Li-ion” batteries is
therefore of critical importance [2]. There are increasing efforts towards sustainability, and
the use of more abundant elements, such as sodium and magnesium, could cut the cost of
the raw materials both economically and environmentally [3]. The all-solid-state battery
is a new promising technology, which is expected to provide several advantages, such as
easier assembling and production, as well as an improved safety profile and lifetime. This
is partly related to the solid electrolyte, which is expected to be made thinner, provide faster
charging and discharging rates, help to avoid short-circuits in the battery, and increase
thermal stability during cooling, as the compounds are already solid when compared to
traditional liquid electrolytes [4]. The Achilles heel appears to be in creating fast ionic
conductivity in the solid state, in particular for divalent cations, such as Mg2+.

Magnesium appears to be less prone to forming dendrites when compared to lithium,
however, obtaining fast ionic conductivity in the solid state of divalent cations is very
challenging. This is particularly true at relevant ambient temperatures where very few
solid-state magnesium-based electrolyte materials have been reported, as compared to
monovalent cations such as Li+ and Na+. In recent years, novel magnesium borohydrides
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have provided high Mg2+ conductivities even at low temperatures (≈10−4 S cm−1 at 40 ◦C),
making this class of materials very interesting [5–9]. These new compounds are built using
ionic and covalent bonds and therefore have very low electronic conductivity. Furthermore,
metal borohydrides have the benefit of being compatible with metal anodes, which increase
both the gravimetric and volumetric densities in a final cell [10–12]. However, cationic
conductivity still needs to be further increased for battery applications and challenges, and
contact and electrochemical stability issues must be addressed [13]. Replacing lithium is
challenging, since lithium is light, mobile in the solid state and since compatible electrodes
often operate with a large electrochemical stability window [2].

Detailed knowledge of the phenomena that are responsible for fast cation conductivity
in the solid state may lead to rational design of novel materials. Recently, borohydrides have
shown greatly increased ionic conductivities when coordinated to a neutral ligand [7–9,14].
Furthermore, thermal and mechanical properties are also altered, allowing for malleable
compounds or even liquid-like electrolytes [8,15]. Here we present the synthesis, structure,
and ionic conductivity of a new type of monoisopropylamine magnesium borohydride,
Mg(BH4)2·(CH3)2CHNH2, and incorporation of this complex into a nanocomposite.

2. Results

Initial Characterization. A new synthesis method combining solvent-based techniques
to prepare the reactants, and mechanochemistry to form the product has been devel-
oped [16,17]. Magnesium borohydride, α-Mg(BH4)2 (denoted, s1), was synthesized by
a solvothermal method and then dissolved in isopropylamine (IPA), (CH3)2CHNH2. A
white solid was filtered off and dried in vacuum (25 ◦C, 40 min) to form diisopropylamine
magnesium borohydride, Mg(BH4)2·2(CH3)2CHNH2 (s4). A new crystalline compound
was formed by mechanochemical treatment of α-Mg(BH4)2 and Mg(BH4)2·2(CH3)2CHNH2
in the molar ratio 1:1 at 350 rpm with a total milling time of 120 min. Mechanochemical
treatment at a shorter time or with lower ball-to-powder ratio provides partly reacted
products (sample s2). This is illustrated in Figure 1, which provides diffraction patterns
of the reactants α-Mg(BH4)2 (s1) and Mg(BH4)2·2(CH3)2CHNH2 (s4) and the new com-
pound (s3). The diffraction pattern of the sample s3 is assigned to a single crystalline
phase and all observed Bragg reflections can be accounted for by an orthorhombic unit
cell, a = 9.8019(1) Å, b = 12.1799(2) Å and c = 17.3386(2) Å, which is similar to previously
proposed data for the suggested composition, Mg(BH4)2·(CH3)2CHNH2 [6].

Structural analysis. The successful synthesis of single-phase monoisopropylamine
magnesium borohydride, Mg(BH4)2·(CH3)2CHNH2, allowed for the measurement of high-
quality synchrotron radiation powder X-ray diffraction (SR-PXD) data (see Figure 1). The
structure was solved ab initio, in the orthorhombic space group I212121, using direct space
methods (implemented in the program FOX). Several other structural models were in-
vestigated but rejected due to an unsatisfactory fit to the experimental diffraction data,
unrealistic coordination and/or instability when optimised by density functional theory
(DFT), see supporting information. Several cycles of DFT structural optimization and
Rietveld refinement were conducted to develop the final structural model. The structure is
composed of magnesium in two different coordination environments. In the first environ-
ment, Mg2+ is coordinated to four BH4

−, similar to the structure of α-Mg(BH4)2, however
the coordination is planar, whereas it is tetrahedral in α-Mg(BH4)2. In the second envi-
ronment, magnesium is tetrahedrally coordinated to two BH4

− and two (CH3)2CHNH2
molecules. These structural units are bridged by BH4

− to form a zigzag 1D chain prop-
agating along the a-axis, forming a ‘flat helix’ as shown in Figure 2. From DFT it was
found that bridging tetrahydridoborohydride (BH4

−) complexes, Mg–BH4
−–Mg, have a

bidentate κ2 coordination to Mg in [Mg(BH4)4] and a tridentate κ3 coordination to Mg in
[Mg(BH4)2(NH2CH(CH3)2)2]. Terminal BH4

− was found to have a bidentate κ2 coordina-
tion to Mg. Mg–N (2.08 Å) and terminal Mg–B (2.20 Å) distances are similar to what have
been reported previously [6,7,18–20].
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Figure 1. Powder X-ray diffraction patterns of samples s1 to s4 measured at the I11 beamline at the
Diamond light source, Oxford (UK) (s3, λ = 0.826366(3) Å) and in-house (s1, s2, s4, λ = 1.5406 Å). The
pattern of sample s3 is distinct to that of the reactants, α-Mg(BH4)2 (s1) and Mg(BH4)2·2IPA (s4), and
is assigned to a new compound, Mg(BH4)2·(CH3)2CHNH2. Sample s2 was treated in a less intense
manner by mechanochemistry, which resulted in an incomplete reaction.

Figure 2. Experimental structure of Mg(BH4)2·(CH3)2CHNH2 viewed in the a-c plane (left) and b-c
plane (right). In the a-c plane the chain-like structure with alternating Mg2+ environments is visible.
The b-c plane shows how the chains arrange to form flat polar helixes, which are surrounded by
apolar regions. Atoms: magnesium (green), carbon (black), nitrogen (blue), BH4

− (red tetrahedron)
and hydrogen (white).

The bridging BH4
− group is not placed in the center between Mg(1) (Mg in [Mg(BH4)4])

and Mg(2) (Mg in [Mg(BH4)2(NH2CH(CH3)2)2]). The distances are Mg(1)–B = 3.14 Å and
Mg(2)–B = 2.57 Å for the experimental structure and Mg(1)–B = 2.60 Å and Mg(2)–B = 2.33 Å
for the DFT-optimized structure, respectively. This suggests that the bridging BH4

− group
is more tightly bound to Mg2, as compared to Mg1. The apolar regions in the structure
formed by CH3 groups in neighboring IPA molecules are close (C–C, 2.5–2.7 Å). As further
discussed below, weak dispersive interactions between the IPA molecules may play a role
in stabilizing the 3D structure in the b,c-plane, as seen in Figure 2 (right). Furthermore, the
DFT results suggest a certain degree of disorder of the (CH3)2CH– moiety, which could
explain the discrepancy between the observed and calculated diffraction patterns as seen
in Figure 3.
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Figure 3. Rietveld refinement of the structural model of Mg(BH4)2·(CH3)2CHNH2 in the space group
I212121, using the powder X-ray diffraction pattern of Mg(BH4)2·1.20IPA (s3). R-factors: Rp = 1.26,
Rwp = 2.47, conventional R-factors: Rp = 37.6 and Rwp = 23.2 and RBragg = 20.3.

The DFT structural optimization was done with two different exchange–correlation
functionals with and without accounting for van-der-Waals (vdW) interactions, beginning
from the experimental structure shown in Figure 2. Independently of the used functions, it
was found that the experimental structure is metastable and that it becomes increasingly
disordered upon further refinement. This indicates a ‘flat energy landscape’ between the
experimental structure and various disordered structural models (see Figures S1–S4 and
Table S1 in the supporting information). In all DFT optimizations (with and without vdW),
the distance between CH3 groups in neighboring IPA molecules increases to about 3.5–3.9 Å.
This indicates that the interactions between the CH3 groups are weak. Calculations for the
butane dimer reveal typical vdW C–C distances of around 4 Å [21]. However, the chemical
bonding scheme in all the different structural models, both experimental and theoretical,
is the same but with different degrees of structural distortion. The distortion primarily
occurs for the (CH3)2CH– moieties, which indicates that more than one conformation of
these could exist, resulting in static or dynamic disorder to the structure. The DFT results
also reveal that some H atoms in the neighboring borohydride and amine groups are close
(dH–H = 2.5–2.70 Å), which suggests that di-hydrogen bonds, B−Hδ−···+δH−N, bind the
1-D chains together.

Thermal analysis. Figure 4 shows in situ temperature-resolved synchrotron radiation
powder X-ray diffraction of Mg(BH4)2·1.20IPA (s3) in the temperature range from 20 to
75 ◦C. Initially, the sample contained one crystalline compound, Mg(BH4)2·(CH3)2CHNH2.
However, during heating, a new set of diffraction peaks appeared at 31 ◦C, which are
assigned to the crystallization of Mg(BH4)2·2(CH3)2CHNH2. Sample analysis using liquid-
state 1H NMR reveals that s3 contains 1.20 IPA per Mg(BH4)2 (see Table 1). Therefore
amorphous Mg(BH4)2·2(CH3)2CHNH2 may be recrystallized upon heating or surface-
adsorbed IPA may react with monoisopropylamine magnesium borohydride through a
gas–solid reaction. Notice that the boiling point of IPA is 32 ◦C. At 58 ◦C, the diffraction
from Mg(BH4)2·2(CH3)2CHNH2 disappears, which is at a significantly lower temper-
ature than previously reported (87 ◦C) [6]. This may indicate eutectic melting of the
composite Mg(BH4)2·(CH3)2CHNH2-Mg(BH4)2·2(CH3)2CHNH2 since the diffracted in-
tensity from both compounds decreases above 51 ◦C. After the disappearance of diffrac-
tion from Mg(BH4)2·2(CH3)2CHNH2 at 58 ◦C, the remaining diffracted intensity from
Mg(BH4)2·(CH3)2CHNH2 further decreases in intensity and disappears at 73 ◦C. After stor-
age for 4 months at RT, the diffraction data of s3 measured at RT revealed the crystallization
of minor amounts of Mg(BH4)2·2(CH3)2CHNH2.
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Figure 4. (a) Temperature-resolved in situ synchrotron radiation powder X-ray diffraction of
Mg(BH4)2·1.20IPA (s3) from 20 to 75 ◦C (heating rate of 2 ◦C/min). (b,c) Selected diffraction patterns
at 46 and 22 ◦C, respectively. The data were acquired at the I11 beamline of the Diamond light source
(λ = 0.826366 Å).

Table 1. Overview of the investigated samples including synthesis method, molar reactant ratios, crys-
talline compounds observed in the product using powder X-ray diffraction, and the (CH3)2CHNH2

content as measured by liquid-state 1H nuclear magnetic resonance.

Sample Synthesis Method Reactants
Reactant Ratio
(s3/(s1 + s3))

Crystalline Compounds
IPA Content
(1H NMR)

s1 Solvent-based - - α-Mg(BH4)2 -
s2 Mechanochem. s1 & s4 0.44 Mg(BH4)2·(CH3)2CHNH2 1.20
s3 Mechanochem. s1 & s4 0.44 Mg(BH4)2·(CH3)2CHNH2 1.20
s4 Solvent-based - - Mg(BH4)2·2(CH3)2CHNH2 2.20
s5 Mechanochem. s3 & Al2O3 - Mg(BH4)2·(CH3)2CHNH2 + Al2O3 (50 wt%) 1.20

Figure 5 displays the thermal analysis of Mg(BH4)2·1.20(CH3)2CHNH2 (s3), i.e., ther-
mogravimetric analysis (TGA), differential scanning calorimetry (DSC) and mass spectrom-
etry (MS) measured simultaneously for the same sample. A thermal DSC event was observed
at 56 ◦C, in accordance with the disappearance of diffraction from Mg(BH4)2·2(CH3)2CHNH2,
and assigned to eutectic melting of a fraction of the sample. This event is accompanied
by a weak indication of the release of hydrogen observed by MS. In the temperature
range of 108 to 138 ◦C, a mass loss of Δm/m = 6.59 wt% corresponding to the release of
0.14 molecules of IPA per formula unit was observed, and the remaining sample composi-
tion is ~1 IPA per formula unit. Release of IPA in this temperature range, 108 to 138 ◦C,
was also detected by MS, accompanied by a minor release of hydrogen. In the temperature
range of 138 to 225 ◦C a major mass loss of Δm/m = 42.61 wt% was observed, corresponding
to a loss of 0.9 IPA. Mass spectroscopy reveals an increasing release of IPA and H2 with a
maximum release rate around 200 ◦C. The release of hydrogen suggests a chemical reaction
between the organic moiety (IPA) and the borohydride complex. A total mass loss of
49.20 wt% was observed in the temperature range of RT to 225 ◦C.
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Figure 5. Simultaneous measurement of thermogravimetry (TGA), differential scanning calorimetry
(DSC) and mass spectroscopy (MS) of Mg(BH4)2·IPA (s3). (Top) TGA data and the gradient of the
differential scanning calorimetry data. (Bottom) MS analysis of hydrogen and isopropylamine release.

Magnesium ionic conductivity. The Mg2+ ionic conductivity of Mg(BH4)2·1.20(CH3)2-
CHNH2 (s3) was measured by electrochemical impedance spectroscopy (EIS) during heat-
ing from −7.9 to 40 ◦C, see Figure 6. The same sample (s3) was then heated to 40 ◦C
and cooled to 30 ◦C three times in order to convert amorphous material to Mg(BH4)2-
2(CH3)2CHNH2 and to further stabilize the tablet prior to the second EIS measurement.
Activation energies, EA, were extracted from a plot of log(σT) versus 1/T as described
in the experimental section. The electronic conductivity of this class of compounds is
negligible [5,8,9].

The Mg2+ ionic conductivity of Mg(BH4)2·1.20IPA (s3) is high and increases exponen-
tially in the temperature range of −10 to 40 ◦C, see Figure 6. The conductivity is slightly
higher after thermal treatment, i.e., of the composite (~0.8)Mg(BH4)2·(CH3)2CHNH2−
(~0.2)Mg(BH4)2·2(CH3)2CHNH2. Noteworthy, a low activation energy was observed for the
first measurement, EA = 0.93 eV of s3, which further decreased to EA = 0.86 eV after heat treat-
ment, i.e., of the composite (~0.8)Mg(BH4)2·(CH3)2CHNH2−(~0.2)Mg(BH4)2·2(CH3)2CHNH2.

Previous investigations reveal a significant increase in the Mg2+ conductivity of
composites containing different crystalline isopropylamine magnesium borohydride com-
pounds, which was also observed here. Furthermore, the compounds were able to strip
and plate magnesium with an oxidative stability of 1.2 V vs. Mg/Mg2+ [6]. Adding 50 wt%
Al2O3 (13 nm) to the sample (s3) resulted in sample s5. Initially, the conductivity was
similar to the original sample; however, as the sample was heated to above the melting
point of the Mg(BH4)2·2(CH3)2CHNH2 (at 56 ◦C) (see Figure 4), the conductivity signifi-
cantly increased (see Figure S4). The sample deformed during this transition and became
thinner and wider. This was accounted for during calculation of the conductivity. During
cooling, this highly conductive state with low activation energy (0.60 eV) was maintained
to 30 ◦C. The highly conductive state shows a similar (but lower) conductivity to that
of Mg(BH4)2·1.5(CH3)2CH–NH2 containing 50 nm MgO particles [6]. This difference is
due to the lower content of the eutectic molten state in Mg(BH4)2·1.20IPA-Al2O3 (s5) as
compared to Mg(BH4)2·1.5-MgO. As the sample deformed during heating, a new pellet was
made by applying a pressure of 2.5 Gpa for 30 s, releasing the pressure and then heating
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to 65 ◦C while in the press. Finally, a pressure of 2.5 Gpa was applied to the sample for
30 s at RT. This resulted in a highly viscous sample, likely due to the melt stabilization
effect mentioned in refs. [5,8]. Due to the soft nature of the sample, the sample was relaxed
onto the electrodes at RT for 16 h before measurements to ensure optimal contact. The
conductivity of Mg(BH4)2·1.20IPA−Al2O3 (50 wt%, s5) is shown in Figure 6.

E
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Figure 6. Magnesium (Mg2+) ionic conductivity as a function of temperature measured by elec-
trochemical impedance spectroscopy (EIS) of Mg(BH4)2·(CH3)2CHNH2 (s3) during heating from
−7.9 to 40 ◦C (data shown as circles). The same sample (s3) was then heated and cooled three times
between 30 and 40 ◦C before being cooled to −2.6 ◦C and measured by EIS during heating to 40 ◦C
(open spheres). Nyquist plots of Mg(BH4)2-1.20IPA-Al2O3 (s5) are provided in Figure S6. Magnesium
ionic conductivity data and activation energies of Mg(BH4)2·NH2(CH2)2NH2, Mg(BH4)2·NH3 and
Mg(BH4)2·2NH3BH3, and of Mg(BH4)2·1.5IPA−MgO are also included for comparison (data from
refs. [6,7,9,22]).

The “paste-like” nature of sample s5 was maintained even after storage at −18 ◦C for
24 h, indicating that recrystallization was inhibited by the presence of nanoparticles. The
thermal stability of Mg(BH4)2·1.20(CH3)2CHNH2 (s3) was limited by the presence of ~20%
Mg(BH4)2·2(CH3)2CHNH2, which represents eutectic melting with a fraction of the sample
at T = 56 ◦C. Thus, this sample (s3) has low thermal stability as compared to other similar
compounds, i.e., Mg(BH4)2·2NH3BH3 (47 ◦C) [9], Mg(BH4)2·NH2(CH2)2NH2 (75 ◦C) [22]
and Mg(BH4)2·NH3 (90 ◦C) [7]. However, the activation energy for Mg2+ cationic conduc-
tivity is significantly lower for Mg(BH4)2·(CH3)2CHNH2 (s3), EA = 0.86 eV, as compared
to similar compounds presented in Figure 6 This advantage is even more pronounced for
the nanocomposite Mg(BH4)2·(CH3)2CHNH2−Al2O3 (s5), with an activation energy of
0.65 eV. Thus, the advantage of this new material is a moderate temperature dependence
of the cationic conductivity, which has an exceptionally high value at low temperatures.
Furthermore, the soft nature of the sample may improve contact with the electrodes, which
is a major challenge in these all-solid-state systems.

3. Discussion

Recently, the Mg2+ conductivity mechanism of Mg(BH4)2·NH3 was investigated
using diffraction, structure refinements and DFT. The structure of Mg(BH4)2·NH3 was
found to be very flexible owing to a three-dimensional network of di-hydrogen bonds,
B−Hδ−···+δH−N, but also to the BH4

−−Mg2+ coordination, which varies from in edge to
corner coordination (κ1 to κ3). Furthermore, the migration of Mg2+ cations is also assisted
by a neutral molecule, NH3, which is exchanged between the framework and interstitial
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magnesium [7,23]. The IPA analogue, Mg(BH4)2·(CH3)2CHNH2, investigated here, resem-
bles the above-mentioned compound by having a one-dimensional chain-like structure and
that the organic and inorganic moieties are interconnected by weak interactions.

In the following section we discuss and compare the experimental and DFT-optimized
structural models, as well as the role of weak dispersive interactions. In the experimental
structure obtained from the Rietveld refinement, see Figure 2, the isopropyl groups point
towards each other: C−H···H−C (dH–H = 1.9–3.4 Å). From DFT we find that this ordered
structure is metastable compared to more disordered structures. The metastable DFT
structure and the experimental structure are very similar, except for the terminal BH4

−
which is closer to the isopropyl groups in the experimental structure, as seen in Figure S2.
This could hint at a B−Hδ−···H−C interaction, which is absent in the DFT structure. In the
more disordered (and more stable) DFT structures, we found a distortion of the helixes;
see Figures S1 and S3. While the helixes remain, terminal BH4

− moves from a planar
coordination to a tetrahedral coordination. Terminal Mg(1)–B distances increased from
2.2 Å to 2.4 Å and BH4

− has a bidentate (κ2) coordination compared to the tridentate (κ3)
coordination found from the Rietveld refinement. For bridging Mg(1)–B–Mg(2), the BH4

−

group is still not placed in the center between Mg(1) and Mg(2) (B–((IPA)2Mg(2))–B = 2.57 Å
and B–((BH4

−)2Mg(1))–B = 2.31 Å) with a bidentate (κ2) coordination to Mg(1) and a tri-
dentate (κ3) coordination to Mg(2). Both the experimental and theoretical models found
a coordination number of eight for Mg2+. However, experimental hydrogen positions
obtained by the Rietveld refinement are a result of anti-bump restraints in the ab initio
structural solution process and are not refined.

In the more disordered DFT models, the C−H···H−C distances significantly increased
(dH–H = 2.5–3.7 Å) compared to the experimental structure. However, in all structures, the
neighbouring IPA molecules are rather close and within distances that are typical for weak
dispersive interactions [21]. It therefore seems plausible that such interactions are important
for stabilizing the 3D structure. We did not observe any significant difference between
DFT structures optimized with and without account for van der-Waals interactions, but
this may be because the unit cell is kept fixed at the experimentally measured size during
the relaxation, which limits how far the different groups are able to move with respect to
each other. In Figure S3, several DFT structures that lie between the metastable and most
stable structure in energy can be seen. The existence of these shallow local minima on
the potential energy surface (and likely many more) supports the claim that the sample
is highly disordered due to the flat energy landscape. The disordered DFT-optimized
structural models often have a slightly poorer fit to the diffraction data, which relates
to the very different structural descriptions. DFT provides an atomic scale ‘momentary’
view of the unit cell, whereas diffraction provides an average structure over time and
space. Furthermore, DFT describes the 0 K potential energy surface, whereas the powder
pattern was measured at room temperature. Failure to converge to a refined model has
also been observed for ammine rare earth borohydrides RE(BH4)3·4NH3 (RE3+ = La, Ce, Pr,
Nd) [24,25].

Thus, both DFT and diffraction reveal a new composition and structure of the com-
pound investigated here, which has some degree of structural disorder and is held together
by weak interactions. The high Mg2+ ionic conductivity and moderate activation energy
for cation migration are assigned to these structural properties. Composites of crystalline
materials, Mg(BH4)2·x(CH3)2CHNH2, x = 1 or 2, have higher conductivity and eutectic
melting. The molten state can be stabilized by nanoparticles to form a mechanically and
thermally more stable nanocomposite. This nanocomposite has higher Mg2+ conductivity
and lower activation energy, which has previously been assigned to surface effects, e.g., the
wetting of nanoparticles by thin layers of eutectic molten liquid. These new phenomena for
the rational design of functional battery materials are demonstrated in this work.
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4. Materials and Methods

4.1. Synthesis

Magnesium borohydride, Mg(BH4)2, was synthesized as described in refs. [26,27]. An-
hydrous toluene (purity 99.8%, 40 mL) and anhydrous dimethylsulphide borane, (CH3)2SBH3
(90% in toluene, 10 mL) were added to a round-bottomed flask. While stirring, di-n-
butylmagnesium Mg(C4H9)2 (1.0 M in heptane with up to 1 wt% triethylaluminum, 28
mL) was slowly added within 2 min, ensuring an excess of (CH3)2SBH3 at all times [26].
A white precipitate immediately formed upon addition of Mg(C4H9)2 and the reaction
continued for 20 h with stirring at room temperature. The product, Mg(BH4)2· 1

2 S(CH3)2,
was washed with toluene and heated to 143 ◦C for 4.5 h in a evacuated Schlenk tube to
form α-Mg(BH4)2, denoted sample s1.

Diisopropylamine magnesium borohydride, Mg(BH4)2·2(CH3)2CHNH2 was synthe-
sized as described in ref. [6], by dissolving finely ground α-Mg(BH4)2 (300 mg) in 1.2 mL
isopropylamine, (CH3)2CHNH2, IPA) while stirring. The reaction was allowed to continue
for 30 min in an ice-bath, after which the product was dried for 40 min in vacuum at 25 ◦C
and denoted s4.

Monoisopropylamine magnesium borohydride, Mg(BH4)2·(CH3)2CHNH2 was
mechanochemically synthesized using Mg(BH4)2·2(CH3)2CHNH2 (s4, 277.9 mg, 1.5 mmol)
and α-Mg(BH4)2 (s1, 101.9 mg, 1.9 mmol). The reactants were ball-milled in a WC vial
using three 10 mm WC balls for 60 repetitions of 2 min, with the milling intervened by
2 min of pause, i.e., total milling time 120 min and a ball-to-sample ratio of ~54/1. This
sample is denoted s3.

A nanocomposite was prepared by adding nano particulate, 50 wt% Al2O3 (13 nm), to
sample s3 mechanochemically. Al2O3 (100.1 mg) and s3 (100.5 mg) were milled at 350 rpm
for 2 min intervened by 2 min of pause, i.e., total milling time 120 min and a ball-to-sample
ratio of ~68/1.

4.2. Characterization

Powder X-ray diffraction (PXD) data were obtained using a Rigaku Smartlab diffrac-
tometer equipped with a monochromatic rotating Cu source (λ = 1.54056 Å). Sample
preparation was done in an argon environment where samples were packed in 0.5 mm
(outer diameter) borosilicate capillaries and sealed with grease to avoid air exposure.

In situ synchrotron radiation powder X-ray diffraction (SR-PXD) data were acquired
at the I11 beamline at the Diamond light source, Oxford, UK (λ = 0.826366 Å) [28]. The
samples were measured in the temperature range from 20 to 75 ◦C at a heating rate of
2 ◦C per min.

The software FOX was used for indexing of the unit cell whereafter the structure was
solved by ab initio structure determination [29,30]. Subsequently, atomic positions were re-
fined by Rietveld refinements with the software Fullprof, treating BH4

− and (CH3)2CHNH2
as rigid bodies [30,31].

Density functional theory (DFT) structural optimization was carried out using the
GPAW code v. 21.1.0 with a plane wave basis set [32,33], the Atomic Simulation Envi-
ronment (ASE) software package [34] and the exchange–correlation functionals PBE [35]
and BEEF-vdW [36]. Several structure optimization runs were carried out using different
plane-wave cutoff energies between 340 eV and 550 eV and either (1·1·1) or (2·2·2) k point
sampling. The optimizations were initiated from the experimental structure as shown in
Figure 2 and terminated when the maximum force on any atom fell below 0.01 eV/Å. The
small changes to the numerical settings caused the optimization runs to find different local
minima on the potential energy surface, corresponding to a structure that resembled the
experimental one, as well as several more disordered structures. During the optimizations,
all atoms were allowed to relax, and the unit cell was kept fixed to the experimentally
determined size. The structures and energies presented in the supporting information
were obtained from a final structural optimization run of the obtained minimum energy
structures using a cutoff energy of 500 eV and (1·1·1) k point sampling.
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Nuclear magnetic resonance (NMR) measurements were performed on a Bruker
Ascend 400 MHz spectrometer equipped with a 1H–13C–15N 5 mm TXI liquid state probe.
Samples were dissolved in deuterated dimethylsulfoxide in NMR tubes before measuring.
The integrated intensities of 1H on BH4

− and isopropylamine were used to calculate the
sample composition. The integral of these peaks was normalized to their abundance in the
sample as described in ref. [6].

Thermogravimetric analysis (TGA) and differential scanning calorimetry (DSC) were
measured using a PerkinElmer STA 6000 coupled with a mass spectrometer (MS) (Hiden
Analytical HPR-20 QMS sampling system). Approximately 2 mg was placed in a closed
Al2O3 crucible and was heated from 30 to 300 ◦C (ΔT/Δt = 2 ◦C/min) with an argon purge
rate of 30 mL/min. The lid had a small hole for outlet gas, which was examined using mass
spectrometry for hydrogen (m/z = 2) and isopropylamine (m/z = 44).

Electrochemical impedance spectroscopy (EIS) measurements were performed from
7·107 Hz to 1 Hz using a Biologic MTZ-35 impedance analyzer with a symmetrical molyb-
denum sample holder equipped with a 4 probe setup. Samples were pressed in a hydraulic
press at 1 tonne at RT for 1 min. Samples were heated using a custom-made furnace at
2 ◦C/min and kept at a constant temperature for one minute when the set temperature was
reached. Data were fitted using an Q1/(R1+Q2) equivalent circuit, where R1 represents the
charge transfer resistance and Q1 and Q2 are constant phase elements. Q1 accounts for the
depressed semicircles of real systems and Q2 is used to represent the mass transfer, as the
observed mass transfer cannot be described by standard capacitors or Warburg elements.
When fitted, Q1 will act as a capacitor (α~0.97), essentially creating an RC circuit with R1
and Q2 acting as mass transfer elements (α~0.7). From the charge transfer resistance, ionic
conductivity is calculated as d/A/R1, where d is the thickness of the pellet and A is the
area. Activation energies (Ea) were extracted from linear fits to log(σi) versus 1/T, where σi
is the ionic conductivity. Because of the 4 probe setup, we assumed the resistance of the
setup to be negligible. First, the sample was cooled to −7.9 ◦C using an ethanol and dry
ice bath where it was held for 15 min to ensure the temperature had stabilized. Using a
heat blower, the mixture was brought up to 0 ◦C where dry ice was added to stabilize the
temperature. Above RT, the custom-made oven was used instead. The sample was subjected
to temperature increases between 30 and 40 ◦C three times before being cooled to −2.6 ◦C.
Due to sample s2 becoming soft, EIS measurements were only conducted up to 40 ◦C.

5. Conclusions

The compound Mg(BH4)2·(CH3)2CHNH2 was synthesized using a mechanochemi-
cal method. From SR-PXD it was found to have a polar helical 1D structure consisting
of alternating magnesium environments ([Mg(BH4)4] and [Mg(BH4)2(NH2CH(CH3)2)2]).
These are surrounded by weakly interacting apolar layers to form a 3D structure. The
structure was solved in I212121 with the unit cell parameters a = 9.8019(1) Å, b = 12.1799(2)
Å and c = 17.3386(2) Å. Discrepancies between the refined model and collected data were
attributed to disorder, especially from the weakly interacting isopropyl groups (CH3)2CH–.
From DFT optimization it was found that the structure is metastable and that more stable
distorted structures could exist. This could also explain the discrepancies between the
refined model and the data. From SR-PXD, the compound was found to have a melting
point of 73 ◦C while Mg(BH4)2·2(CH3)2CHNH2 formed during heating and melted at
56 ◦C, which is lower than reported previously. This is assigned to eutectic melting. From
TGA-DSC-MS investigations, IPA release first occurs at 108 ◦C however this might be due
to surface-coordinated IPA being released. The compound was found to have a very low
activation energy of 0.85 eV, which is likely caused by weak hydrophobic interactions in
interstitial sites. The composite (~0.8)Mg(BH4)2·(CH3)2CHNH2−(~0.2)Mg(BH4)2·2(CH3)2
CHNH2 was melted onto 13 nm Al2O3 nanoparticles at 60 ◦C while in a compressed state
after applying a pressure of 2.5 GPa. This formed a paste-like material which lowered the
activation energy to 0.65 eV and increased conductivity at 40 ◦C by a factor of three and
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at −10 ◦C by a factor of ten. This paste-like state remains stable for more than 24 h and at
temperatures lower than −10 ◦C.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/inorganics11010017/s1, Figure S1: Most stable structure of
Mg(BH4)2·(CH3)2CHNH2, Figure S2: Comparison between the metastable structures, Figure S3:
Structures gained from DFT, Figure S4: Rejected model found from ab inito structural solution, Figure
S5: Ionic conductivity of Mg(BH4)2·IPA@Al2O3 (s5) without preheating, Figure S6: Nyquist plot of
Mg(BH4)2·1.2IPA-Al2O3; Table S1: DFT relative potential energies.
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Abstract: Multiple-phase hydrogen storage materials such as metal alanates and borohydrides,
and destabilized systems offer the possibility of high hydrogen storage capacity with favorable
thermodynamics. However, the multiphase nature of these materials intrinsically limits the kinetics
due to the required transport of species between phases, which are typically in dry powder form. To
address this limitation, the influence of added electrolytes is explored. This approach is motivated
by analogy with similar multiphase battery reactions that show reduced kinetic limitations while
necessarily containing electrolytes. Previous experimental results showing improved kinetics for
MgH2/Sn (using a LiBH4/KBH4 eutectic electrolyte) and NaAlH4 (using a diglyme electrolyte)
are further analyzed in terms of this analogy. The results show that the analogy is useful and rate
constants are increased. Importantly, the inclusion of an electrolyte also appears to alleviate the
continuously decreasing rates with the extent of reaction, which is characteristic of many multiphase
hydrides. Instead, reaction rates are approximately constant until near completion. Together, these
effects can lead to >10× shorter overall reaction times. In addition, new results are presented for the
hydrogenation of MgB2 using Li/K/CsI and Li/K/CsCl eutectic electrolytes, where >60% conversion
to Mg(BH4)2 was demonstrated at 350 bar.

Keywords: hydrogen storage material; complex hydride; destabilized hydride; solid-state reaction;
electrolyte; eutectic

1. Introduction

Many candidate hydrogen storage materials with high capacities and thermodynamics
appropriate for proton exchange membrane (PEM) fuel cells used in transportation applica-
tions contain multiple solid phases that must nucleate, grow, and be consumed as hydrogen
is released and stored. The presence of multiple solid phases in these materials hinders the
kinetics of the solid phase transformations that occur as hydrogen is exchanged because
solid–solid reactions can only occur where particles of different phases are in physical
contact at the atomic scale. This contact is difficult given the typical mixed powder form of
these materials and the irregular shape of powder particles at the atomic scale. Overall, this
limits the rate at which hydrogen can be released and stored. As a result, most multiple
solid-phase hydrogen storage materials are not practical for commercial use.

In our previous work, an investigation of electrolyte-assisted hydrogen storage re-
actions in destabilized hydrides (MgH2/Sn) and complex hydrides (LiAlH4, NaAlH4,
Mg(BH4)2) revealed significantly reduced reaction times for hydrogen desorption and
uptake in the presence of an electrolyte [1,2]. In this work, we provide motivation and
background for the use of electrolytes by describing the kinetic limitations in terms of sub-
jective kinetic temperatures and excess free energies. Using these descriptors, we compare
multiphase hydrogen storage reactions with analogous multiphase battery reactions, in
which electrolytes are necessarily always present due to the electrochemical form of the
reactions [3]. Within this context, we summarize the influence of electrolytes on MgH2/Sn
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(using a LiBH4/KBH4 eutectic electrolyte), NaAlH4 (using a diglyme electrolyte) and also
give further results for the hydrogenation of MgB2 (using Li/K/CsI and Li/K/CsCl eu-
tectic electrolytes). We found that, in addition to the expected increase in reaction rates,
electrolytes enable reactions to proceed at a constant rate, independent of the extent of
the reaction.

2. Motivation and Background

To describe the kinetic limitations for thermochemical reactions (in dry powder form)
and compare them with those for electrochemical reactions (containing liquid electrolytes) we
first discuss the MgH2/Si destabilized hydride reaction and then the Mg/Sn battery reaction.

2.1. Kinetic Limitations and Excess Free Energy

The MgH2/Si system is based on MgH2, which has a high gravimetric hydrogen
capacity of 7.6 wt% but is thermodynamically too stable for practical use. Specifically, the
enthalpy (ΔH) for dehydrogenation is 74.5 kJ/mol-H2 and the entropy (ΔS) is 135 J/K-
mol-H2 [4] (thermodynamic values for the reactions discussed in this work are compiled
in Table 1). These values give a temperature for an equilibrium hydrogen pressure of
1 bar (T1bar) of 280 ◦C, using T1bar = ΔH/ΔS, which is too high for transportation ap-
plications. However, the thermodynamic properties of MgH2 can be tuned by using
silicon as a destabilizing additive [5,6]. MgH2 and Si react according to the reaction
2 MgH2 + Si → Mg2Si + 2 H2, which contains 5.0 wt% hydrogen and has a much lower
T1bar of ~15 ◦C (Table 1), due to the stability of Mg2Si relative to pure Mg. For this reaction
to proceed, MgH2 in a single-step reaction, or Mg metal in a two-step reaction, must react
with Si to form Mg2Si. This requires atomic scale contact between the MgH2 and Si solid
phases, which is difficult to achieve. As a result, effectively no reaction occurs between
MgH2 and Si at 15 ◦C. As shown in Figure 1a for a typical formulation of a mechanically
milled mixture of 2 MgH2 + Si undergoing a constant heating ramp (2 ◦C/min), the onset
of the desorption reaction occurs at ~270 ◦C. Following Ref. [7] (p. 4554), we define this
temperature as the kinetic temperature, TK = 270 ◦C. This temperature is a subjective
assessment of where a reaction begins to occur at a practical rate. For this system, the rate
at 270 ◦C is 0.28 wt%-H2/h. The difference between T1bar and TK illustrates the kinetic
limitation, i.e., TK = ~270 ◦C >> T1bar = ~15 ◦C.

Table 1. Thermodynamic values for various hydrogen storage and battery reactions.

Reaction
ΔG0

(kJ/mol-H2 or Mg)
ΔH

(kJ/mol-H2)
ΔS

(J/K-mol-H2)
T1bar
(◦C)

MgH2 37.0 74.5 135 280
MgH2/Si 0.7 36.8 128 15
MgH2/Sn 2.3 39.0 125 39

Mg/Si −37.5
Mg/Sn −34.7

LiBH4/MgH2 15.4 45.8 104 170
Mg(BH4)2 (1st step) 39.2 99.8 20
NaAlH4 (1st step) 39.1 127 33

Using TK, we can further define the kinetic limitation in terms of an excess kinetic
free energy (ΔGK) using the expression ΔGK = (TK − T1bar)•ΔS. We note that ΔGK is not
a true thermodynamic quantity; rather it is subjective based on TK chosen at a practical
rate of dehydrogenation. Although reactions are thermodynamically spontaneous for
ΔG < 0, we express ΔGK as a positive quantity to represent the free energy required to
drive a kinetically hindered reaction that is in excess of the thermodynamic driving force.
The values above give ΔGK = 34 kJ/mol-H2 for the MgH2/Si system (values for ΔGK are
tabulated in Table 2). Considerable effort has been devoted to improving (i.e., lowering) TK
and ΔGK. Using catalysts and nanoscale particles to increase interfacial area, TK = 200 ◦C
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with ΔGK = 24 kJ/mol-H2 has been achieved [8]. Although improved, these values are still
too high for practical use.

Other hydrogen storage materials display similar excess kinetic free energies. For
example, the hydrogen storage reaction 2 LiBH4 + MgH2 → 2 LiH + MgB2 + 2 H2 contains
11.4 wt% hydrogen with T1bar = 170 ◦C (Table 1), while experimentally, TK = 380 ◦C [7].
Thus, ΔGK = 22 kJ/mol-H2. Another example is Mg(BH4)2, which has 14.8 wt% hydrogen
and dehydrogenates according to the overall reaction Mg(BH4)2 → MgB2 + 4 H2. In detail,
this reaction actually occurs in 3 or 4 steps beginning with the formation of MgB12H12 at
TK = 250 ◦C [7,9,10]. The enthalpies and entropies for these reactions have not been deter-
mined experimentally, although density functional theory calculations give T1bar = 20 ◦C
(Table 1) for the 1st step [11]. This gives, ΔGK = 23 kJ/mol-H2. These examples are further
evidence that dehydrogenation reactions across solid/solid interfaces are kinetically limited
and typically require ≥20 kJ/mol-H2 of excess kinetic free energy to initiate the reaction.

2.2. Analogy with Multiphase Electrochemical Battery Reactions

In contrast to the extremely poor kinetics of the multiphase hydrogen storage reactions,
similar multiphase battery reactions (known as “alloy” and “conversion” reactions in the
battery research community) can operate at or near room temperature [12]. Examples in-
clude Li/SnO2 [13], which forms Li2O irreversibly and LinSn alloys reversibly, Li/FeF2 [14],
which forms LiF + Fe reversibly, and Mg/Sn [15], which forms Mg2Sn reversibly.

To illustrate quantitatively the difference between a battery reaction and an analogous
hydrogen storage reaction, we consider here the free energy driving forces (ΔG) for the
Mg/Sn alloying battery reaction and then relate these to the MgH2/Si hydrogen storage
reaction. Discharge of a Mg/Sn battery, given by the reaction Mg + 0.5 Sn → 0.5 Mg2Sn, is
exothermic with a calculated free energy ΔG = −34.7 kJ/mol-Mg, which for this electro-
chemical reaction corresponds to a reversible potential Erev = 0.18 V (using ΔG = −n•F•E
with n = 2 and F = 96,485 C/mol). As shown in Figure 1b, a complete reaction between
Mg and Sn has been observed at room temperature in a battery with an electrolyte ap-
propriate for Mg2+ [15]. The discharge reaction occurs at 0.16 V (ΔG = −30.9 kJ/mol-Mg),
which is lower than Erev indicating some kinetic limitation. This is typically called an
overpotential. However, to make a connection to hydrogen storage reactions, we use
free energy. From the differences in free energy with −34.7 kJ/mol-Mg possible but only
−30.9 kJ/mol-Mg obtained, the excess free energy is (as above, expressed as a positive
quantity) ΔGK = 3.8 kJ/mol-Mg. For an electrochemical reaction in general, the excess ki-
netic free energy can be given by ΔGK = |−n•F•(Edis/recharge − Erev)|, where Edis/recharge is the
actual measured potential for discharge or recharge and the absolute value is use to express
ΔGK as a positive quantity. More importantly, the reverse recharging reaction which is
endothermic (ΔG = +34.7 kJ/mol-Mg) was also observed at room temperature by applying
a voltage of 0.21 V (−40.5 kJ/mol-Mg), giving ΔGK = 5.8 kJ/mol-Mg. Thus, in the battery
environment, this multiphase alloying reaction was reversibly driven electrochemically at
room temperature at practical rates with an excess kinetic free energy ΔGK ~ 5 kJ/mol.

The chemistry of Mg reacting (alloying) with Sn and Si is similar. For example,
with Si the battery reaction Mg + 0.5 Si → 0.5 Mg2Si has ΔG = −37.5 kJ/mol-Mg (versus
−34.7 kJ/mol-Mg for Sn). However, the reaction rates are much different for the analogous
MgH2/Si hydrogen storage reaction where endothermic dehydrogenation is not observed
until ≥200 ◦C [8], at which temperature the excess free energy is 24 kJ/mol-H2. A com-
parison of these analogous reactions reveals that a ΔGK = 5 kJ is sufficient to drive the
battery reaction (electrochemically), while ΔGK = 24 kJ is needed to drive a similar hydrogen
storage reaction (thermochemically). Furthermore, despite being exothermic, the reverse
hydrogenation reaction of Mg2Si has not been observed even under 1850 bar H2 [16], which
is equivalent to an excess free energy of ~20 kJ at room temperature.
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Figure 1. The analogy between thermochemical hydrogen storage reactions and electrochemical
battery reactions. (a) MgH2/Si destabilized the hydride system. Following the convention used
for batteries, the extent of the hydrogen desorption reaction (during heating ramp of 2 ◦C/min) is
shown on the x-axis (given by the amount of desorbed hydrogen in wt%) with the driving force for
the reaction (given by the temperature) on the left y-axis. Although the equilibrium temperature
at 1 bar is calculated to be 15 ◦C, no significant hydrogen desorption occurs until the temperature
is increased to 270 ◦C. The corresponding excess kinetic free energy is given on the right y-axis.
(b) Mg/Sn battery reaction (based on data obtained from Ref. [15]). A conventional depiction is
shown with the extent of reaction (given by the specific capacity in mAh/g) on the x-axis and the
driving force (given for an electrochemical reaction by the potential in V) on the left y-axis. The
capacity is shown as increasing during the discharge reaction (forming Mg2Sn) and decreasing during
the recharge reaction (reforming Mg + Sn). The calculated reversible, i.e., equilibrium, potential is
0.18 V. Discharge is seen to occur at a lower potential of 0.16 V while the recharge occurs at a higher
potential of 0.21 V. The corresponding excess kinetic free energy is given on the right y-axis with
positive values below 0.18 V pertaining to the discharge reaction and positive values above 0.18 V
pertaining to the recharge reaction.

We contend that the lower excess free energy required to drive reactions electrochem-
ically (as opposed to thermochemically) is due to the presence of an electrolyte [17]. In
batteries, the ion transport species from one electrode is necessarily solubilized in a liquid
solvent as an ion (e.g., the cation Mg2+ for the Mg/Sn example) because the electrons travel
through an external circuit providing the electrical work of the battery [3]. Solubilization
in a liquid solvent facilitates transport between different electrodes and enables the direct,
atomic scale contact between reacting species over the full electrolyte-wetted surface area
of the Sn electrode. Once transported to the Sn electrode, the electrons and Mg2+ ions must
still react in a solid/solid reaction, with Mg and Sn inter-diffusing and alloying to form
Mg2Sn. However, now the reaction is occurring within a single particle. Given that the
relatively low ΔGK ~ 5 kJ in the battery reaction reflects the overall reaction, including
both transport through the electrolyte and interdiffusion within the Sn electrode, the much
higher ΔGK ~ >20 kJ in hydrogen storage reactions indicate additional limitations in the
transport between particles. This suggests that the excess free energy required to drive
multiphase hydrogen storage reactions may be significantly reduced (i.e., lowering the
reaction temperature) with appropriate electrolytes to improve the transport rates of the
various species involved in the reaction.

Even with an electrolyte, a hydrogen storage reaction would still be thermochemical,
with the term “electrolyte” here meaning a liquid phase containing or consisting of disso-
ciated mobile cations and anions. The addition of an electrolyte would be equivalent to
chemically short-circuiting a battery by mixing both electrode materials together. In this
case, as solubilized ions form (e.g., Mg2+) and enter the electrolyte, the electrons must still
travel through atomic scale contacts between different powder particle phases. However,
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due to its lighter mass and therefore more delocalized quantum mechanical nature, electron
transport is typically much faster than ion transport.

Table 2. Excess kinetic free energies for various hydrogen storage reactions and for the Mg/Sn
battery reaction.

Reaction Conditions
ΔGK

(kJ/mol-H2 or Mg)

MgH2/Si No electrolyte 34
MgH2/Si [8] Nanoscale/catalyzed/no electrolyte 24

MgH2/Sn No electrolyte 22
MgH2/Sn With LiBH4/KBH4 eutectic 20

Mg/Sn discharge [15] With battery electrolyte 3.8
Mg/Sn charge [15] With battery electrolyte 5.8

LiBH4/MgH2 Catalyzed/no electrolyte 22
Mg(BH4)2 (1st step) [7] No electrolyte 23

NaAlH4 (1st step) No electrolyte 19
NaAlH4 + TiCl3 (1st step) Catalyzed/no electrolyte 4.7
NaAlH4 + TiCl3 (1st step) Catalyzed/with glyme electrolyte 2.8

3. Results and Discussion

Based on a comparison of thermochemical and electrochemical multiphase reactions,
we have investigated the use of liquid electrolytes in the form of eutectics, ionic liquids, or
solvents containing dissolved salts, to facilitate the transport of atoms such as Li, Mg, B, and
Al, between phases and thereby increase reaction rates (or reduce desorption temperatures
and hydrogenation pressures) in complex and destabilized hydride materials. Here we
further analyze previous results for MgH2/Sn and NaAlH4 and then present new results
for the hydrogenation of MgB2.

3.1. Analysis of the Electrolyte-Assisted MgH2/Sn Hydrogen Storage Reaction Using ΔGK

The MgH2/Sn destabilized hydride system was studied using a eutectic electrolyte
with a composition of 0.725 LiBH4/0.275 KBH4 [1]. This composition was chosen to have
a melting point (~110 ◦C) [18] well below the melting point of Sn (232 ◦C). Straightfor-
ward measurement of TK during a heating ramp (as shown in Figure 1a for MgH2/Si)
was not observed due to the extremely slow reaction rates even with the eutectic. In-
stead, rates were measured over extended times at fixed temperatures of 150 ◦C, 175 ◦C,
and 200 ◦C. Although slow, the rate of dehydrogenation at 150 ◦C increased 12× from
0.0008 wt%-H2/h without eutectic to 0.01 wt%-H2/h with the eutectic. At 200 ◦C, the rate
with eutectic is 0.23 wt%-H2/h, which is similar to the rate described above for MgH2/Si
(without electrolyte). Thus, we chose TK = 200 ◦C, which gives ΔGK = 20 kJ/mol-H2
(based on data in Table 1). By using the measured rates and extrapolating, we estimate
that the same rate (0.23 wt%-H2/h) would occur without the eutectic at 215 ◦C. This gives
ΔGK = 22 kJ/mol-H2, so there is a modest reduction of 2 kJ/mol-H2 upon the addition of
the eutectic electrolyte.

In addition to improving dehydrogenation, the 0.725 LiBH4/0.275 KBH4 electrolyte
also enabled full (re)hydrogenation of Mg2Sn back to MgH2/Sn using 1000 bar H2 at
215 ◦C−175 ◦C [1]. Without the eutectic, essentially no hydrogenation was observed. This
was the first time that significant hydrogenation was observed in the Mg2Si or Mg2Sn
systems. A similar attempt using an eutectic electrolyte was made with Mg2Si but no
hydrogenation was seen. The thermodynamics of the two systems are similar. The dif-
ference may have been a more inert oxide layer on the Mg2Si and/or more mobility in
the Sn-based system due to the relatively low melting points for Sn (232 ◦C) and Mg2Sn
(778 ◦C) compared to Si (1400 ◦C) and Mg2Si (1100 ◦C).
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3.2. Analysis of Electrolyte-Assisted NaAlH4 Dehydrogenation Using the Avrami-Erofe’ev Model

The influence of electrolytes was also explored for the dehydrogenation of LiAlH4 and
NaAlH4 [2]. These hydrides dehydrogenate in two steps beginning from a single phase.
Thus, the multiphase reaction transport limitations between reacting phases described for
MgH2 + Si or Sn might be considered to not apply. However, there are three solid phase
products when MAlH4 dehydrogenates, M3AlH6 + Al for the 1st step and MH + Al for the
2nd step. These products must form at 3-phase boundaries that could present transport
limitations. Indeed, pure NaAlH4 does not decompose until it melts at ~180 ◦C, despite
a thermodynamic T1bar = 33 ◦C (Table 1) for the 1st step. This gives ΔGK = 19 kJ/mol-H2,
which is somewhat lower than other hydrogen storage reactions but still much higher than
the Mg/Sn battery reaction.

For NaAlH4 catalyzed with 3 mol% TiCl3, dehydrogenation was compared without
an electrolyte and with 50 wt% diglyme [2]. No additional electrolyte salt was included
with the diglyme. Rather, the solubility of NaAlH4 or NaCl (formed during milling with
TiCl3) was relied upon to possibly provide mobile [AlH4]− or Na+ ions. The results are
shown in Figure 2 following the format in Figure 1. The two dehydrogenation steps are
clearly seen. Without electrolyte, the TK for the 1st step is 70 ◦C, giving ΔGK = 4.7 kJ/mol-
H2. This is a significant decrease from pure NaAlH4 and similar to that for the Mg/Sn
battery reaction. Thus, as is well known, catalyzed NaAlH4 dehydrogenates with rates that
are, or are close to, practical. Including diglyme further decreases TK by 15 ◦C to 55 ◦C,
ΔGK = 2.8 kJ/mol-H2, a decrease of ~2 kJ/mol-H2. However, perhaps more significantly, is
how the electrolyte influences the rates as the reactions proceed. For the 1st step, the rates
at a given wt% with and without electrolytes are similar, except that the reaction occurs
~15 ◦C lower with electrolytes. A more distinct difference is seen in the 2nd step where the
dependence of the rate on the extent of reaction is very different. Specifically, with diglyme
the rate increased reaching ~3.5 wt%-H2/h at 4 wt% desorbed hydrogen while without
electrolyte the rate simply decreases starting from ~0.5 wt%-H2/h at 3 wt%.

 

1st step 2nd step

TK

TK

Temperature

Rate

Without electrolyte
With electrolyte

Figure 2. Dehydrogenation of NaAlH4 without and with an electrolyte. Following Figure 1, the
extent of the reaction is given on the x-axis with the driving force (temperature) on the left y-axis. The
dehydrogenation rate is given on the right y-axis. Without electrolyte (blue), TK = 70 ◦C. With 50 wt%
diglyme (red), TK = 55 ◦C. For both samples, 3 mol% TiCl3 was added as a catalyst by milling, and
the temperature was ramped to 150 ◦C at 0.5 ◦C/min. The wt% desorbed hydrogen is given with
respect to the NaAlH4 + 0.03 TiCl3 mass.

To understand this further, a full kinetic analysis was performed using the Avrami-
Erofe’ev (A-E) model:

α = 1 − exp(−(kt)n), (1)

which is typical for systems with rates driven by nucleation and growth, where α is
the extent of reaction, k is a temperature-dependent rate constant, and n is a growth
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parameter (with typical values between ~1 and 4) that is related to nucleation and growth
of the product phases [19]. A series of A-E calculations were performed at a fixed rate
constant to illustrate how the growth parameter (n) affects the shape of the desorption
curve (Figure 3). Simulated curves are shown in Figure 3a at various values of n (all other
parameters were fixed). Similarly, Figure 3b,c show the same data plotted as the rate vs.
time and rate vs. fractional decomposition, respectively. At n = 1, the A-E equation is
equivalent to a traditional first-order (homogeneous) rate equation where the reaction
starts at the highest rate and decays as the reaction proceeds. For systems with 2 ≤ n ≤ 4
the fractional decomposition curve takes on a sigmoidal shape with an initial induction
period (nucleation), followed by an acceleratory period (growth of nuclei), and finally, a
deceleration period (growth with overlap). For these systems, the n value determines the
growth geometry and the maximum rate (during the acceleratory period) increases with n.

Figure 3. Avrami-Erofe’ev kinetic analysis of hydride decomposition. Desorption curves were
generated using the A-E equation (α = 1 − exp(−(kt)n) using a constant rate (k) with n = 1−4 showing
(a) fractional decomposition (extent of reaction) vs. time (arbitrary units), (b) rate (derivative of
fractional decomposition) vs. time (arbitrary units) and (c) rate vs. fractional decomposition. (d) shows
the results from the 2nd desorption step of NaAlH4 (Na3AlH6 + Al → 3 NaH + Al + 3/2 H2) [2] with
(filled circles) and without (open circles) electrolyte along with the A-E fits (green traces).

Using data from Figure 2, the rate of dehydrogenation from the 2nd step (Na3AlH6
+ Al → 3 NaH + Al + 3/2 H2) with and without the electrolyte is shown in Figure 3d
where the fractional decomposition (extent of reaction) is plotted on the x-axis and the
temperature is constant (150 ◦C). As previously mentioned, the first step (not shown) is
first order (with n ~ 1) with and without electrolytes. The 2nd desorption step without
the electrolyte is clearly characteristic of a first-order reaction (n ~ 1) with a continuously
decreasing rate with the extent of the reaction (open circles in Figure 3d). A very different
shape is observed with the sample containing an electrolyte, where the rate increases
initially, plateaus (constant rate), and then decreases at the very end of the reaction (filled
circles). This behavior is consistent with A-E with n = 3.5. The increase in the growth
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parameter from n ~ 1 to n = 3.5 coupled with a ~5× increase in the rate constant leads to
the observed ~10× decrease in overall reaction time.

The unusual kinetic behavior observed in the 2nd desorption step of NaAlH4 was also
seen with an electrolyte in MgH2/Sn [1] and LiAlH4 2nd step [2]. In multiphase hydrogen
storage reactions (and more generally, solid-state reactions) without an electrolyte, the
majority of the reaction can be treated as the first order, where the rate continuously de-
creases or the temperature must be continuously increased to maintain a constant rate. The
difference with an electrolyte suggests that in addition to improving interparticle transport,
the electrolyte also enables intraparticle transport, presumably over the particle surface
(assuming the electrolyte does not penetrate or break up a multiphase particle). For a solid-
state reaction that generates two new solid phases (such as dehydrogenation of M3AlH6 to
MH + Al), a reaction occurs along a triple-phase boundary (assuming the product phases
are not continuously nucleated). These boundaries are spatially very confined; locally, they
are one-dimensional. This confinement will favor possible alternative transport pathways
such as surface transport linking the different phases. This transport could be facilitated by
an electrolyte, which effectively increases the velocity of the advancing reactant-product
interface, and decreases the activation energy. The concept of expanding the growth geom-
etry (in addition to the rate constants) is supported by the kinetic analysis which shows an
increase in the growth parameters from n = 1 with no electrolyte to n = 3 with electrolyte.

3.3. Influence of Electrolytes on MgB2 Hydrogenation

The hydrogenation of MgB2 was also studied [1]. Similar to the dehydrogenation
of LiAlH4 and NaAlH4, an influence of an electrolyte might not be expected for MgB2
because hydrogenation begins from a single phase (and for MgB2 also ends in a single
phase, Mg(BH4)2). However, it is thought that there are multiple intermediate phases
including MgH2, Mg, and MgB12H12 [7] that perhaps could be contained within a single
particle. As described above, the reaction at the confined multiphase boundaries could be
improved by providing surface transport through an electrolyte.

Significant hydrogenation of MgB2 was shown using a 0.33 LiI/0.33 KI/0.33 CsI
eutectic electrolyte at 53 wt% with hydrogen treatment at 1000 bar and 320 ◦C for 50 h. [1].
As shown in Table 3, from a starting boron-based composition of 96% B in MgB2 and
4% B in (impurity) boron oxides (Table 3, row 1) using 11B nuclear magnetic resonance
(NMR), the hydrogen treatment with eutectic resulted in a final composition with 72% of
the boron as [BH4]− (Table 3, row 3). In contrast, without the eutectic, only 3% of the B was
hydrogenated to [BH4]− (Table 3, row 2). The portion of the 11B NMR spectrum focused on
the borohydride region is shown in Figure 4. Comparison with literature spectra indicates
the formation of Mg(BH4)2 together with CsBH4 and LiBH4. Although the 11B chemical
shift can be influenced by the local environment and mixed cation solid solution phases are
possible, an approximate composition (based on areas between the minima between the
peaks) is 12%BH4 in CsBH4; 74%BH4 in Mg(BH4)2; 14%BH4 in LiBH4. The extremely high
pressure used (1000 bar) clearly resulted in some hydrogenation of the eutectic.

In this work, we present new results where lower pressures were explored. Reducing
the pressure to 700 bar and (unintentionally) the temperature to 300 ◦C (Table 3, row 4)
reduced the [BH4]− fraction drastically, from 72% to 13%. The inclusion of 3 at% TiF3
as a catalyst (by milling) increased the [BH4]− fraction to 26% but also increased the
fraction of non-[BH4]− boron hydride species (BHx) from 4% to 9% (Table 3, row 5). These
results indicate that well-known catalysts for complex hydrides (such as TiF3) can still
operate in an electrolyte environment. This is not surprising if we consider that the catalyst
facilitates reaction on the surface of and within individual powder particles, while the
eutectic facilitates transport between particles.
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Table 3. 11B NMR analysis of hydrogenated MgB2 formulations.

Composition Eutectic
Hydrogenation

Conditions (50 h)
MgB2 B-O BHx [BH4]−

1 MgB2
Li/K/CsI

53 wt% No treatment 0.96 0.04 0 0

2 MgB2 none 1000 bar
320 ◦C 0.93 0.04 0 0.03

3 MgB2
Li/K/CsI

53 wt%
1000 bar
320 ◦C 0.21 0.04 0.04 0.72

4 MgB2
Li/K/CsI

50 wt%
700 bar
300 ◦C 0.79 0.04 0.04 0.13

5 MgB2 +
3 at% TiF3

Li/K/CsI
50 wt%

700 bar
300 ◦C 0.61 0.04 0.09 0.26

6 MgB2
+ 3 at% TiF3

Li/K/CsI
50 wt%

350 bar
320 ◦C 0.68 0.05 0.11 0.16

7 MgB2
+ 3 at% TiCl3

Li/K/CsI
50 wt%

350 bar
310 ◦C 0.65 0.07 0.13 0.14

8 MgB2
+ 3 at% TiCl3

Li/K/CsCl
50 wt%

350 bar
310 ◦C 0.35 0.05 0.11 0.49

9 MgB2 + 0.2 LiH
+ 3 at% TiCl3

Li/K/CsCl
50 wt%

350 bar
310 ◦C 0.21 0.03 0.03 0.73

Figure 4. 11B NMR spectra following hydrogenation of MgB2/electrolyte formulations. (a) Full
spectrum showing the MgB2, boron oxides, BHx, and [BH4]− regions; * indicate spinning sidebands.
(b) [BH4]− region. Curve a (black): MgB2 with 53 wt% LiKCsI electrolyte at 1000 bar, 320 ◦C, 50 h.
Curve b (green): MgB2 + 3 at% TiCl3 with 50 wt% LiKCsI electrolyte at 350 bar, 310 ◦C, 50 h. Curve
c (red): MgB2 + 3 at% TiCl3 with 50 wt% LiKCsCl electrolyte at 350 bar, 310 ◦C, 50 h. Curve d
(blue): MgB2 + 0.2 LiH + 3 at% TiCl3 with 50 wt% LiKCsCl electrolyte at 350 bar, 310 ◦C, 50 h. Row
designations refer to Table 3.
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Further reducing the pressure to 350 bar (at 320 ◦C) reduced the [BH4]− fraction to 16%
but actually increased the BHx fraction to 11% (Table 3, row 6). Switching the catalyst from
TiF3 to TiCl3 (and using a different high-pressure hydrogenation apparatus, at 310 ◦C) gave
similar results with 14% [BH4]− and 13% BHx (Table 3, row 7). The increased BHx fraction
at lower pressure suggests that these species are intermediates on the way to formation
of the fully hydrogenated [BH4]− anions and that lower pressure favors these partially
hydrogenated species. While the yields are much greater than the yields possible without a
eutectic, the total yield of hydrogenated MgB2 was only ~30% with only ~50% of that yield
being [BH4]−. Although the yield is low, the hydrogenation appears to give predominately
Mg(BH4)2 as shown in Figure 4, curve b.

Next, to try and improve the yields, the electrolyte was switched from the Li/K/Cs
iodide-based eutectic to a Li/K/Cs chloride-based eutectic, with the specific composition of
0.575 LiCl/0.165 KCl/0.26 CsCl [20,21]. Significant improvement was seen with the [BH4]−
fraction increasing from 0.14 (with the iodide) to 0.49 (with the chloride), while the BHx
fraction actually decreased slightly (Table 3, row 8). The NMR spectrum (Figure 4, curve
c) suggests the formation of relatively pure Mg(BH4)2. Compared with the sample hydro-
genated at 1000 bar, the peaks associated with CsBH4 and LiBH4 are not clearly visible.

The chloride eutectic has a melting point of ~266 ◦C (higher than the iodide, ~210 ◦C)
but still below the temperature for these hydrogenations, >300 ◦C. During hydrogenation,
the higher melting point may lead to greater viscosity and therefore reduced transport
properties. However, counteracting the viscosity and perhaps more important, the molar
mass of the chloride eutectic is lower; 80.4 g/mol-Cl compared to 186.5 g/mol-I. This
difference means that at 50 wt%, the eutectic: MgB2 molar ratio increases from 0.25:1
for the iodide eutectic to 0.57:1 for the chloride eutectic, a factor of ~2.3×. Thus, during
hydrogenation, there are 2.3× more liquid-state anions (Cl−) and total cations (individually
4 × Li+, 1.15 × K+, and 1.8 × Cs+) to possibly (depending on solubility) facilitate the
transport of Mg2+ cations and [BH4]− or other intermediate anions within the reacting
mixture. Testing other eutectic compositions with suitable melting temperatures may
reveal the relative importance of the Cl− anions compared to the different cations in
facilitating hydrogenation.

A final variation involved the addition of 0.2 LiH per mole of MgB2. The 2 LiH +
MgB2 system is a well-known destabilized hydride system, which can be nearly completely
hydrogenated to 2 LiBH4 + MgH2 at ~100 bar [7]. Thus at 350 bar, the addition of 0.2 LiH
should result in the facile formation of 0.2 LiBH4, reacting 10% of the MgB2 and leaving
the remaining 90% for possible hydrogenation to Mg(BH4)2. As shown in Table 3 (row 9),
hydrogenation at 350 bar of a MgB2 + 0.2 LiH + 3 at% TiCl3 mixture with 50 wt% LiKCsCl
eutectic resulted in 73% of the boron as [BH4]− with only 3% as BHx. From the NMR
spectrum (Figure 4, curve d), the [BH4]− is a mixture of Mg(BH4)2 and LiBH4. Using the
area of the spectrum (divided using the minimum between the peaks) indicates that ~25% of
the [BH4]− is present as LiBH4. This is more than the expected amount of ~14%, assuming
10% of the [BH4]− boron was LiBH4 and the remaining 63% was in Mg(BH4)2. The origin
is this difference is not understood. One possibility is that the simple area estimate is
inaccurate. Another possibility is that some of the Li from the chloride eutectic is forming
LiBH4 although, there was no clear indication of LiBH4 in the sample without added LiH.
Despite clearly being a mixture, the utility of this formulation lies in the dehydrogenation
behavior, i.e., if it cycles hydrogen well with high capacity, it is not particularly important
whether pure Mg(BH4)2 or a mixture with LiBH4 is formed. Thus far, the dehydrogenation
has not been tested. Overall, the total amount of hydrogenation (73% [BH4]−) in the MgB2
+ 0.2 LiH sample hydrogenated at 350 bar is comparable to that originally achieved at
1000 bar. Including the complete formulation with the 50 wt% electrolytes, the uptake is
5.6 wt% hydrogen. If similar uptake could be achieved with an electrolyte at 28 wt% (or
10.5 wt%), the uptake would be 8 (or 10) wt% hydrogen.
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4. Materials and Methods

The materials and methods including the Sieverts apparatus, the 1000 bar hydrogena-
tion system, and the 11B NMR setup (Bruker, Billerica, MA, USA) used for the MgH2/Sn,
MgB2, LiAlH4, and NaAlH4 experiments have been described completely in Refs. [1,2]. For
the additional MgB2 hydrogenation experiments, a custom high-pressure manifold was
constructed using a 25 mL Series 4740 pressure vessel from Parr Instruments (Moline, IL,
USA) with valves and fittings from High-Pressure Equipment (Erie, PA, USA). The pressure
was limited to ~400 bar using burst disks. To reach 350 bar from a standard hydrogen tank
and regulator, the manifold contained a coiled 1

4 inch diameter tubing volume that could
be immersed in liquid nitrogen. Based on the manifold volume including the Parr vessel,
the volume of the coil was chosen so that when the system was pressurized to 50 bar with
the coil in liquid nitrogen, the pressure increased to 175 bar when the coil was warmed to
room temperature (with the H2 tank sealed off). Finally, heating the Parr vessel to 310 ◦C
further increased the pressure to 350 bar.

5. Conclusions

The use of electrolytes to improve the kinetics of thermochemical multiphase hydrogen
storage reactions has been explored based on an analogy with electrochemical multiphase
battery reactions. A subjective excess free energy, based on a subjective practical reaction
temperature, was used to relate the hydrogen storage and battery reactions. The difference
between electrolyte-based and solid-state diffusion-based interparticle atomic transport
between the reacting phases was discussed. Using this analogy, the hydrogen storage
reaction kinetics with and without added electrolytes for Mg2/Sn, NaAlH4, and MgB2 were
analyzed. While the hypothesized increases in reaction rates were observed, the kinetics
displayed more complex behavior. Perhaps more important than a simple reduction in
reaction temperature and contrary to most multiphase solid-state reactions, the kinetics
showed reaction rates that were often independent of the extent of the reaction. The
behavior suggests that electrolytes also improve intraparticle transport, likely over the
surface of a particle. This transport alleviates the spatial restrictions of multiple phase
boundaries inherent in solid-state reactions.

The practical aspects of using electrolytes for hydrogen storage reactions were not
discussed in detail here. For most of the reactions studied here, compositions containing
~50 wt% electrolytes were used. To be practical, likely <~25 wt% is needed. However, by a
final analogy with batteries, where electrolyte loadings are typical ~15 wt%, we feel that
optimized commercially viable compositions are feasible.

6. Patents

U.S. Patent with the number US-11050075-B1 resulted from this work.

Author Contributions: Conceptualization, J.J.V. and J.G.; methodology, J.J.V. and J.G.; validation,
J.J.V., J.G., J.U. and S.-J.H.; writing—original draft preparation, J.J.V. and J. G.; writing, reviewing and
editing, J.J.V., J.G., J.U. and S.-J.H.; funding acquisition, J.J.V.; Eutectic preparations and characteriza-
tion, and high temperature and pressure hydrogenation, J.U.; NMR data acquisition and analysis,
S.-J.H. All authors have read and agreed to the published version of the manuscript.

Funding: This research was funded by the U.S. Department of Energy, contract number DE-EE0007849.

Data Availability Statement: The data for this work is available from the corresponding author.

Acknowledgments: We thank Cullen Quine for design and construction of the high-pressure hydro-
genation system and Dan Addison for discussions throughout this work.

Conflicts of Interest: The authors declare no conflict of interest. The funders had no role in the design
of the study; in the collection, analyses, or interpretation of data; in the writing of the manuscript; or
in the decision to publish the results.

88



Inorganics 2023, 11, 267

References

1. Vajo, J.J.; Tan, H.; Ahn, C.C.; Addison, D.; Hwang, S.-J.; White, J.L.; Wang, T.C.; Stavila, V.; Graetz, J. Electrolyte-assisted hydrogen
storage reactions. J. Phys. Chem. C 2018, 122, 26845–26850. [CrossRef]

2. Graetz, J.; Vajo, J.J. Electrolyte-assisted hydrogen cycling in lithium and sodium alanates at low pressures and temperatures.
Energies 2020, 13, 5868. [CrossRef]

3. Huggins, R.A. Advanced Batteries Material Science Aspects; Springer: New York, NY, USA, 2009; pp. 1–6. [CrossRef]
4. Yang, X.; Li, W.; Zhang, J.; Hou, Q. Hydrogen storage performance of Mg/MgH2 and its improvement measures: Research

progress and trends. Materials 2023, 16, 1587. [CrossRef] [PubMed]
5. Shang, Y.; Pistidda, C.; Gizer, G.; Klassen, T.; Dornheim, M. Mg-based materials for hydrogen storage. J. Magnes. Alloy. 2021,

9, 1837–1860. [CrossRef]
6. Tan, X.F.; Kim, M.; Yasuda, K.; Nogita, K. Strategies to enhance hydrogen storage performances in bulk Mg-based hydrides.

J. Mater. Sci. Technol. 2023, 153, 139–158. [CrossRef]
7. Klebanoff, L.E.; Keller, J.O. 5 Years of hydrogen storage research in the U.S. DOE Metal Hydride Center of Excellence (MHCoE).

Int. J. Hydrog. Energy 2013, 38, 4533–4576. [CrossRef]
8. Polanski, M.; Bystrzycki, J. The influence of different additives on the solid-state reaction of magnesium hydride (MgH2) with Si.

Int. J. Hydrog. Energy 2009, 34, 7692–7699. [CrossRef]
9. Li, X.; Yan, Y.; Jensen, T.R.; Filinchuk, Y.; Dovgaliuk, I.; Chernyshov, D.; He, L.; Li, Y.; Li, H.-W. Magnesium borohydride Mg(BH4)2

for energy applications: A review. J. Mater. Sci. Technol. 2023, 161, 170–179. [CrossRef]
10. Li, H.-W.; Yan, Y.; Orimo, S.; Zuttel, A.; Jensen, C.M. Recent progress in metal borohydrides for hydrogen storage. Energies 2011,

4, 185–214. [CrossRef]
11. Ozolins, V.; Majzoub, E.H.; Wolverton, C. First-principles prediction of thermodynamically reversible hydrogen storage reactions

in the Li-Mg-Ca-B-H system. J. Am. Chem. Soc. 2009, 131, 230–237. [CrossRef] [PubMed]
12. Palacin, M.R. Recent advances in rechargeable battery materials: A chemist’s perspective. Chem. Soc. Rev. 2009, 38, 2565–2575.

[CrossRef] [PubMed]
13. Lan, X.; Xiong, X.; Liu, J.; Yuan, B.; Hu, R.; Zhu, M. Insight into reversible conversion reactions in SnO2-based anodes for lithium

storage: A review. Small 2022, 18, 2201110. [CrossRef] [PubMed]
14. Olbrich, L.F.; Xiao, A.W.; Pasta, M. Conversion-type fluoride cathodes: Current state of the art. Curr. Opin. Electrochem. 2021,

30, 100779. [CrossRef]
15. Singh, N.; Arthur, T.S.; Ling, C.; Matsui, M.; Mizuno, F. A high energy-density tin anode for rechargeable magnesium-ion batteries.

Chem Comm. 2013, 49, 149–151. [CrossRef] [PubMed]
16. Paskevicius, M.; Sheppard, D.A.; Chaudhary, A.-L.; Webb, C.J.; Gray, E.; Mac, A.; Tian, H.Y.; Peterson, V.K.; Buckley, C.E. Kinetic

limitations in the Mg–Si–H system. Int. J. Hydrog. Energy 2011, 36, 10779–10786. [CrossRef]
17. Comanescu, C. Paving the way to the fuel of the future–Nanostructured complex hydrides. Int. J. Mol. Sci. 2023, 24, 143.

[CrossRef] [PubMed]
18. Ley, M.B.; Roedern, E.; Jensen, T.R. Eutectic melting of LiBH4-KBH4. Phys. Chem. Chem Phys. 2014, 16, 24194–24199. [CrossRef]

[PubMed]
19. Brown, W.E.; Dollimore, D.; Galwey, A.K. Theory of solid state reaction kinetics. In Comprehensive Chemical Kinetics; Bamford,

C.H., Tipper, C.F.H., Eds.; Elsevier: New York, NY, USA, 1980; Volume 22, pp. 41–109. ISBN 0444418075.
20. Redkin, A.; Korzun, I.; Yaroslavtseva, T.; Reznitskikh, O.; Zaikov, Y. Isobaric heat capacity of molten halide eutectics. J. Therm.

Anal. Calorim. 2017, 128, 621–626. [CrossRef]
21. Murakami, T.; Nohira, T.; Ogata, Y.H.; Ito, Y. Electrochemical window of a LiCl–KCl–CsCl melt. Electrochem. Solid State Lett. 2005,

8, E1–E3. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

89



Citation: Endo, N.; Kaneko, Y.;

Dezawa, N.; Komo, Y.; Higuchi, M.

Collectable Single Pure-Pd Metal

Membrane with High Strength and

Flexibility Prepared through

Electroplating for Hydrogen

Purification. Inorganics 2023, 11, 111.

https://doi.org/10.3390/

inorganics11030111

Academic Editor: Maurizio

Peruzzini

Received: 6 February 2023

Revised: 22 February 2023

Accepted: 2 March 2023

Published: 9 March 2023

Copyright: © 2023 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

inorganics

Communication

Collectable Single Pure-Pd Metal Membrane with High
Strength and Flexibility Prepared through Electroplating for
Hydrogen Purification

Naruki Endo 1,*, Yumi Kaneko 2, Norikazu Dezawa 2, Yasuhiro Komo 2 and Masanobu Higuchi 2

1 Renewable Energy Research Center, National Institute of Advanced Industrial Science and Technology (AIST),
2-2-9 Machiikedai, Koriyama 963-0298, Japan

2 Sanno Co., Ltd., 5-8-8, Tsunashima-Higashi, Kouhoku-ku, Yokohama 223-0052, Japan
* Correspondence: naruki.endo@aist.go.jp

Abstract: Among the various film preparation methods, electroplating is one of the simplest and most
economical methods. However, it is challenging to collect a dense single Pd film through plating,
owing to the accumulation of stress in the film during the process. Therefore, the characteristics of
a single plated film have not been clearly identified, although pure Pd is widely used in metallic-
hydrogen-purification membranes. In this study, stress concentration in film during preparation was
reduced by optimizing the plating process, and a dense single flat film was successfully collected.
No impurities were detected. Thus, a high-purity Pd film was prepared. Its surface texture was
found to be significantly different from that of the rolled film, and several approximately 5 μm sized
aggregates were observed on the surface. The plated film is reported to have mechanical properties
superior to those of the rolled film, with twice the displacement and four times the breaking point
strength. The hydrogen permeabilities of the plated film (5.4 × 10−9–1.1 × 10−8 mol·m−1·s−1·Pa−1/2

at 250–450 ◦C) were comparable to those of the rolled and reported films, indicating that the surface
texture does not have a strong effect on hydrogen permeability. The results of this study promote the
practical use of Pd-based membranes through electroplating.

Keywords: palladium; Pd-based membrane; electroplating; hydrogen purification

1. Introduction

Hydrogen has been gaining increased significance in the global trend toward the real-
ization of a carbon-neutral society by 2050–2060. As most hydrogen is currently produced
via reforming reactions [1], purification processes are necessary to obtain pure hydrogen
with high added value. Hydrogen purification using metallic-hydrogen-separation mem-
branes yields 100% pure hydrogen in a one-step process [2]. Thus, the practical applications
of such membranes are being explored [1,2].

There are two major categories of metallic-hydrogen-purification/separation mem-
branes, namely Pd-based [3–16] and non-Pd-based [17–20]. The former has been the subject
of extensive research and development [6–16]; such membranes prepared using the rolling
method are now in practical use, albeit on a small scale. However, in addition to the high
price of Pd itself, the membrane preparation process becomes more expensive as the rolled
membrane becomes thinner, which is a major issue. Other dry-process methods include
vapor deposition, such as physical vapor deposition (PVD) [21,22] and chemical vapor
deposition (CVD) [23,24]. While PVD and CVD enable strict film thickness and composition
control, they are not suitable for mass production due to high equipment costs and strict
depositing conditions.

There are two wet-process methods, namely electroless plating (ELP) [25–28] and
electroplating [29,30]. ELP is one of the most promising methods because it can deposit on
various types of supports, although it has disadvantages of complicated pretreatment and
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difficult thickness control. Gade et al. prepared single pure Pd and PdCu films using ELP
to evaluate the permeabilities of Pd-based films and reported that it was comparable to
those of rolled films and previously reported values [31]. However, it is difficult to control
ELP thickness because ELP conducts film deposition through spontaneous reaction; thus,
single defect-free films of <7.2 μm could not be collected. The mechanical property of the
single film has not been investigated at all.

Recently, we reported the preparation of a Pd alloy through electroplating to reduce
expenses [32,33]. Electroplating offers advantages of low-cost equipment, mass-production
suitability, easy control of thickness, and preparation of high-purity membranes [4,5]. In our
previous studies, we plated a PdCu alloy in a one-step process and found that the plated
film had higher strength and was more flexible than a rolled PdCu film [32,33]. However,
the composition of PdCu alloys significantly impacted hydrogen permeability [31,34]. This
makes it particularly difficult to control alloy composition during plating. However, we
started our work with a PdCu alloy because the alloy has the advantage of containing more
than half Cu (at%), which prevents the accumulation of stress in the film and makes it as
easy to collect as a single film.

In general, a pure Pd film absorbs hydrogen during the plating process and becomes
hard and brittle [35,36]. This makes it difficult to obtain a single flat film (see Figure 1a).
Although pure Pd is the most typical metallic-hydrogen-purification membrane, there is no
report on the preparation and characterization of a dense single Pd film through electro-
plating (<10 μm thickness). Further, the mechanical and hydrogen-permeable properties of
a pure-Pd-plated film are not well understood. Moreover, for other metals, the mechanical
properties change significantly, owing to hydrogen absorption during electroplating [37].

 

Figure 1. (a) Photograph of the plated Pd films prepared under conventional plating conditions. The
film was neither a single flat one, due to the stress caused by hydrogen absorption during the plating
process, nor was it broken when peeled from an SUS (stainless steel) substrate. (b) Schematic of each
process involved in electroplating. No special processes were used; only general-purpose equipment
was used. (c) Collected single flat pure-Pd-plated film. The inset depicts the process of peeling the
plated film from a substrate.

In this short communication, we report the characterization of a single pure-Pd-
plated film itself. This was conducted by applying the know-how of single film collection,
cultivated during the PdCu one-step plating process to achieve pure Pd plating, and we
succeeded in recovering dense single flat films with a thickness of 3–15 μm. Mechanical
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properties of thin films, with a minimum thickness of 3 μm, and their hydrogen permeability
were evaluated. The main objective is to show that a single pure Pd film prepared by
electroplating has desirable properties for practical use.

2. Materials and Methods

As it is essential to prepare pure Pd films at a low cost, all the equipment used for elec-
troplating, including the plating solution and substrates, were general-purpose products.
The electroplating process is depicted in Figure 1b. An SUS304 (non-porous stainless steel)
plate (60 mm × 60 mm) was used as the substrate, which was electrolytically degreased
(6 V, 10–120 s) using an alkaline degreasing solution (pH 12–13). Next, the surfaces were
washed first with distilled water and then with hydrochloric acid (1–6 N; by immersion
for 10–120 s). Thereafter, the surfaces were washed with distilled water again and electro-
plated under the following conditions. PALLABRIGHT SST (Japan Pure Chemical Co., Ltd.,
Tokyo, Japan) was used as the Pd-plating solution. A potentiostat/galvanostat HA-151B
(Hokuto Denko Co., Ltd., Tokyo, Japan) was used as the power supply for plating. The
plating was performed for 20–110 min for a thickness of 3–15 μm at a current density of
0.5–2.0 A/dm2 and a temperature of 40–65 °C. These conditions were set to achieve a Pd
film with a thickness of 3–15 μm. The key here is to not clean the substrate too much so
that the plated film can be removed from the substrate, but rather to plate relatively slowly,
thereby preventing hydrogen absorption on the Pd film during electroplating. By doing so,
as depicted in Figure 1c, stress is not accumulated in the film, and the film becomes flexible
so that it can be removed as a single flat film.

Rolled Pd films (99.9% Pd, Tanaka Kikinzoku Kogyo Co., Ltd., Tokyo, Japan) were
prepared using the cold rolling process. Pd ingots were rolled to thicknesses of 15 and
50 μm. We obtained rolled films of diameters 12.1 and 20 mm. However, rolled films with
thicknesses of <15 μm were not available because such films are impossible to prepare.

The prepared films were characterized through scanning electron microscopy (SEM),
energy-dispersive X-ray (EDX) spectrometry, and X-ray diffraction (XRD). The surface
morphology of all films was observed through field-emission scanning electron microscopy
(FE-SEM; FEI QUANTA FEG250). The concentrations of Pd and other elements were
analyzed through an EDAX AMETEK OCTAN PRO EDX spectrometer. Its lower detection
limits were several wt% for light elements (Be, B, C, N, O and F) and 0.2–1 wt% for other
elements. FE-SEM and EDX spectrometry were performed under vacuum at room tempera-
ture (~20 ◦C). The thickness of each film sample was determined from cross-sectional SEM
observations. XRD was performed using a Rigaku Smartlab X-ray diffractometer with Cu
Kα radiation. The scanned 2θ angles ranged from 20◦ to 100◦.

The mechanical strength measurements were carried out using SHIMAZU EZ-TEST
series EZ-SX. The sample films with 20 mm diameters were cut from a 500 mm × 500 mm
Pd film. The plated and rolled films were 3.2–15.1 and 15 μm thick, respectively. The
sample was held in place using a holder and pressed using a spherical jig (φ7 mm). The
crosshead speed was 1 mm/min. The mechanical strength tests were measured three times
for each sample of the same film thickness and the displacement against load force was
measured within a measurement error of ±5%. These mechanical measurements were
carried out using our proposed method [32,38,39].

The hydrogen permeation tests were performed using a conventional gas-permeation
apparatus; the details of these tests are described in [32,40]. The samples used for compari-
son were plated Pd (3.2–10.2 μm thickness) and rolled Pd (50 μm thickness). Each sample
was cut to φ12.1 mm and sealed using Cu gaskets (with outer and inner diameters of
φ12.1 mm and φ5.2 mm, respectively). The diameter used to calculate hydrogen permeabil-
ity was φ7.1 mm, which was the diameter of the Cu gaskets tightened by Swagelok VCR
fittings. Hydrogen gas (99.9999%) was introduced on the upstream side (p1 = 400–200 kPa),
and the downstream side was kept under atmospheric pressure (p2 = 101 kPa). Thereafter,
the temperature was decreased incrementally by 50 ◦C from 450 ◦C and measured after
30 min. The hydrogen gas permeating the membranes was measured using a mass flow
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meter (HORIBA MODEL SEF-E40; 50 mL/min). A helium (He) leak test was performed
before/after each hydrogen permeation test, and no He flow rate was observed. This shows
that each plated film was defect-free and dense.

3. Results and Discussion

Electroplated Pd could be easily delaminated from the substrate by cutting it around
the edges (see Figure 1c), yielding a 60 mm × 60 mm film. The surface observation
results obtained through FE-SEM are presented in Figure 2a–c. The SEM images of the
surfaces of the pure-Pd-plated film before and after the hydrogen-permeation test are
presented in (a) and (b), respectively. The SEM image of the rolled film is depicted in
Figure 2c for comparison; the image is before performing the test because there was
almost no change in its microstructure before and after the hydrogen-permeation test. The
surface texture after plating, depicted in Figure 2a, indicates an aggregate structure with a
thickness of approximately 3–5 μm and a rough surface. This structure has a cauliflower-
like texture, which is similar to that reported in previously published papers [31,35]. After
the test (Figure 2b), the surface structure was altered due to the high temperature, and the
grain boundaries of the aggregates became more distinct; therefore, the surface roughness
increased. In contrast, the rolled film had rolled lines and no aggregates, which were seen
in the plated film, and its surface structure was smoother than that of the plated film (see
Figure 2a–c).

Figure 2. SEM images of the surfaces of the pure-Pd-plated film (a) before and (b) after the hydrogen-
permeation tests; (c) rolled film. (a,c) Depiction of the as-plated and as-rolled states. (d) XRD profiles
of the plated (red line) and rolled (blue line) Pd films before the hydrogen-permeation tests. Both
samples had different peak intensities due to grain orientation, but they had the same FCC structure.
The 111 peak of the plated film is very low but appears at the same angle as the rolled film.

Figure 2d presents the XRD results for the plated and rolled films. Both samples are
depicted after preparation. Although the peak intensities of both samples are different
due to the orientation of the crystal grains during each preparation process, the peak
positions for both are identical, indicating an FCC structure. No peaks indicating any
other structure were observed, and the lattice parameter obtained from this result was
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a = 3.8910 ± 0.0002 Å, which is a slightly larger value than previously reported for pure
Pd because of hydrogen absorption [41]. Compositional analysis through EDX was also
performed. The spectrum obtained for the plated film was the same as that obtained for
the rolled film, and no elements except Pd were detected. From these results, it can be
concluded that a single pure Pd film can be plated.

Further, the mechanical strength of the prepared pure Pd film was investigated. The
results of the measurement are presented in Figure 3a. The horizontal and vertical axes
represent the displacement (mm) and load force (N), respectively. The plated films were
3.2–15.1 μm thick, and the rolled film was 15 μm. The peaks in the curves indicate the
points of film breakage. The results for the plated films indicate that the thicker the film,
the larger the displacement and the higher the load at the points of film breakage. The
displacement of the 15 μm thick rolled film was smaller than that of the 5.5 μm thick plated
film, and the breaking point of the rolled film appeared between 9.5 and 5.5 μm. Figure 3b
presents the plots of the film thickness (μm) on the horizontal axis and breaking load force
(N) on the vertical axis. The plots indicate that the breaking load increases with an increase
in film thickness. The breaking load of the rolled film is equivalent to that of the 7.5 μm
thick plated film; this indicates that the plated film with half the thickness has the same
strength as that of the rolled film. Comparing both films with the same thickness of 15 μm,
it can be seen that the breaking load for the plated film is approximately four times higher
than that of the rolled film. These results indicate that the plated films are stronger and
more flexible than the rolled films.

Figure 3. (a) Plots of load force (N) vs. displacement (mm) for the as-plated Pd films (3.2–15.1 μm
thickness) and as-rolled one (15 μm thickness). (b) Plots of breaking load force (in N) vs. thickness
(μm) of the plated and rolled pure Pd films.

The plated film is more flexible than the rolled film because the latter unavoidably
undergoes work hardening, during which point defects and dislocations are introduced
into the film during the rolling process [32]. In the former case, it is considered that our
plating process restricts the absorption of hydrogen to the maximum extent possible, such
that stress does not accumulate easily in the film and film ductility is maintained. In
contrast, the plated films demonstrate a much higher breaking strength than the rolled film
because pure Pd prepared through plating is generally known to have higher hardness
than bulk Pd [35,36]. The high strength and flexibility of the plated film indicate that the
amount of used Pd can be reduced, and material handling can be simplified when rolled
film is replaced by plated film. These are significant advantages in practical applications.

The results of the hydrogen-permeation tests are presented in Figure 4a,b. The vertical
axes in both figures represent the permeated hydrogen flow rate, whereas the horizontal
axes in (a) and (b) represent the film thickness and reciprocal of the film thickness (1/thick-
ness), respectively. For each film thickness, the permeated hydrogen flow rate was higher at
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higher temperatures; the thinner the film, the larger the difference in flow rate. Compared
with the permeated hydrogen flow rate at the same temperature, the flow rate for the film
with 1/2 or 1/3 thickness increased by almost two or three times. Figure 4b indicates that
the plots for all temperatures are approximately on a straight line passing through the
origin. This indicates that hydrogen permeation through the plated films with thicknesses
of approximately 3–10 μm was mostly diffusion limitation. This also implies that the
quality of the films with different thicknesses was similar. It is generally understood that
hydrogen permeation changes from diffusion limitation to surface molecular dissociation
limitation at a thickness of ≤5 μm [4]; however, our pure Pd film indicated a diffusion
limitation even at a thickness of 3.2 μm. We are currently evaluating thinner films to
preliminarily observe that flow dependence tends to deviate from linearity at thicknesses
of approximately 1.5–2.0 μm.

 

Figure 4. (a) Dependence of the permeated hydrogen flow rate on film thickness at various tem-
peratures. (b) Dependence on the thickness (1/thickness) of permeated hydrogen flow rate at each
film thickness. (c) Temperature dependence of the hydrogen permeabilities of plated Pd (5 μm
thickness) and rolled Pd (50 μm thickness) at 250–450 ◦C. The experimental conditions are indicated
in the figure.

The temperature dependence of hydrogen permeability of the plated film (5 μm thick-
ness) is depicted in Figure 4c, along with the results for the rolled film (50 μm thickness) for
comparison. Hydrogen permeability gradually decreased with a decrease in temperature.
A similar result was obtained for the rolled film, although the plated film exhibited a
slightly higher value, suggesting the contribution of increased surface roughness. The
hydrogen permeability of the plated film was the same for a thickness of 10 μm (not
shown in Figure 4c). These permeability values were comparable to the values reported
in the literature [42]. The results obtained indicate that although the surface structures
of the plated and rolled films were significantly different (see Figure 2a–c), their effect
on hydrogen permeability was not so strong. This is significant knowledge pertaining to
the development of Pd-based hydrogen-permeable membranes through electroplating in
the future.

4. Conclusions

In this communication, pure Pd film was deposited through electroplating and suc-
cessfully recovered as a dense single flat film. The collected film exhibited an FCC crystal
structure, did not contain any impurities, and comprised highly pure Pd. Unlike conven-
tional Pd films, the plated film prepared in this study demonstrated low stress accumulation;
the displacement and breaking strength were twice and four times higher, respectively,
than those of the rolled films. Although the surface texture of the plated film was signifi-
cantly different from that of the rolled film, the hydrogen permeability of the former was
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comparable to that of the latter and previously reported films. Such plated films can be
prepared easily and at a low cost; they also demonstrate excellent mechanical properties.
Therefore, the Pd-plated film is favorable for practical applications. Detailed investigations
of the plating process and relationship between its microstructure and mechanical strength
are currently underway.
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Abstract: In order to meet the demand of metal hydride–hydrogen compressors (MHHC) and their
hydrogen compression materials for high-pressure hydrogen filling in a hydrogen energy field, four
kinds of hydrogen storage alloys with low-grade heat source (<373 K) heating outputs and different
hydrogen pressures (up to 80 MPa) were developed as hydrogen compression materials. The pre-
liminary compositions of the hydrogen storage alloys were determined by using a statistical model
and research experience. The rare earth series AB5 and Ti/Zr base AB2 hydrogen storage alloys were
prepared using a high-temperature melting method. The composition, structure, and hydrogena-
tion/dehydrogenation plateau characteristics of the alloys were tested by an inductively coupled
plasma mass spectrometer (ICP-MAS), X-ray diffractometer (XRD), and pressure–composition isother-
mal (PCT) tester. The median output pressures of the four-stage hydrogen storage alloys at 363 K
were 8.90 MPa, 25.04 MPa, 42.97 MPa, and 84.73 MPa, respectively, which met the requirements of
the 20 MPa, 35 MPa, and 70 MPa high-pressure hydrogen injections for the MHHCs. In fact, due to
the tilted pressure plateau of the PCT curve, the synergy between the adjacent two alloys still needed
to be adjusted.

Keywords: hydrogen compression materials; hydrogen storage alloy; metal hydride hydrogen
compressors; hydrogen storage and supply; kinetics; thermodynamics; crystal structures

1. Introduction

Hydrogen energy has the advantages of having abundant resources, convenient stor-
age, a wide application range, being clean and low-carbon, and a capacity for interconnec-
tion and collaboration [1–5]. H2-O2 fuel cells, as a model of hydrogen energy utilization,
have entered the market introduction stage in the fields of transportation, energy storage,
distributed power supply, and so on [6–9]. In particular, the power of fuel cell vehicle
engines has been greatly improved, and they can run more than 700 km with a 70 MPa
hydrogen storage tank [10]. Therefore, terminal hydrogenation stations will become a kind
of popular public facility, but the high construction cost of these hydrogenation stations
is the same dilemma faced by the global hydrogen energy industry. The use of a metal
hydride–hydrogen compressor (MHHC) could reduce the current high input of these
hydrogenation stations [1,5,11].

Advanced hydrogen storage and supply systems can use low-grade heat sources
(such as industrial waste heat at T < 573 K) or solar heat to heat MH to dehydrogenate
and convert H2 into high-pressure and high-purity H2. The main advantages of this are
that low-grade heat sources are used instead of electricity, and the operation is simple,
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with no moving parts, a compact structure, safety, and reliability. It is a better choice than
conventional (mechanical) and newly developed (electrochemical or ionic liquid piston)
hydrogen compression methods. Since the concept of MHHCs was proposed in the United
States Patent (US3516263) in 1970, the research and development work, from principle to
application, has become more and more in-depth. MHHCs have been used in aerospace,
hydrogen isotope processing, water pump/actuator power, and other specific applications.
Norway has built a 70 MPa demonstration hydrogenation station using MHHCs [1,12–14].

The main components of MHHCs are hydrogen storage alloy materials that can form
MH [1,5,14–17], such as rare earth AB5 intermetallic compounds [18–23], titanium/zirconium
base AB and AB2 intermetallic compounds [12,24–38], and vanadium base solid solutions [39].
The hydrogen storage alloy is accompanied by electron transfer and a change in hydrogen
pressure and heat while reversibly absorbing/releasing hydrogen. At the same time, its
equilibrium pressure changes exponentially with a change in temperature. A variety of
alloys derived from the above alloy systems offer the possibility of hydrogen pressure
outputs over a wide pressure range, using water as a heat transfer medium (T < 373 K).
Recently, hydrogen compression materials with a pressure range of 3.2–85 MPa have been
developed in China using low-grade heat sources, which can be used to fill high-pressure
hydrogen storage devices for hydrogen energy applications [5]. The advanced hydrogen
compression materials developed in low-pressure ranges (<25 MPa) are AB5 type rare earth
hydrogen storage alloys, and for a high-pressure (>25 MPa) hydrogen output, the preferred
hydrogen compression materials are AB2 type titanium base hydrogen storage alloys [5]. In
this paper, considering the hydrogenation requirements of a long tube trailer with 20 MPa
hydrogen and an on-board hydrogen tank with 35 MPa and 70 MPa hydrogen, hydrogen
storage alloy materials of a 1–4 stage hydrogen compression for MHHCs were designed and
prepared, with the highest output hydrogen pressure exceeding 80 MPa. Compared with
the existing advanced hydrogen compression materials, the AB2 titanium base hydrogen
storage alloy with a more adjustable pressure range was used in the low-pressure range,
and the plateau characteristics of all the stages of the hydrogen storage alloy were further
optimized to improve the application performance of the MHHCs.

During the development of MHHCs at home and abroad, the research work on
hydrogen storage alloys has mainly focused on the simulation, testing, and evaluation
of the main properties of the materials. In fact, the composition, preparation technology,
and technological conditions of these materials are very important for improving their
application efficiency. In this paper, the basic composition of the hydrogen storage alloy
used in the MHHCs was designed by the Moscow State University of Russia (MSU),
according to its theoretical research results. The China Baotou Rare Earth Research Institute
(BRIRE) further optimized the composition of the alloy through experimental verification
and studied the preparation technology and process conditions. The industrialization
technology and application products of 1–4 stage hydrogen storage alloy materials (ABn)
have been developed.

2. Results and Discussion

The preliminary compositions of the 1–4 stage hydrogen storage alloys were deter-
mined by using a statistical model developed in MSU, which is described in the litera-
ture [40]. Based on the existing research results and experimental work, BRIRE developed
the alloy product composition and an ICP analysis confirmed that it was basically consistent
with the design composition. The first alloy consisted of two rare earth series AB5 types,
the second and third alloys were Laves phase TiCr2 types, and the fourth alloy was a Laves
phase TiFe2 type. Table 1 lists the design compositions and ICP analysis results of the
first-stage rare earth hydrogen storage alloys. Due to the high vapor pressure of Ca ele-
ments, the content of the Ca elements in the composition of the First-2 alloy differs greatly
from the design value and causes the fluctuation of the other components. Fortunately, the
First-2 alloy products with the ICP results showed the expected properties, so no further
alloy products were prepared in accordance with the design composition. Table 2 lists
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the design compositions of the 2–4 stage hydrogen storage alloys and the ICP analysis
results of the products. Table 3 lists the alloy numbers, compositions, test temperatures
(T), maximum hydrogen storage capacities (Cmax), and their corresponding hydrogena-
tion/dehydrogenation pressures (Pa, Pd), hydrogenation/dehydrogenation plateau slope
factors (Sf), hysteresis coefficients (Hf), reaction enthalpies (ΔH), and entropies (ΔS).

Table 1. Design composition and ICP analysis results of rare earth hydrogen storage alloy.

Alloys Compositions La Ce Ca Y Ni

First-1
Design 19.84 5.00 / 5.29 69.86

ICP 19.20 5.04 / 5.02 70.74

First-2
Design 16.93 6.83 1.47 3.25 71.53

ICP 16.11 6.32 0.80 2.71 74.06

Table 2. Design composition and ICP analysis results of 2–4 stage hydrogen storage alloys.

Alloys Compositions Ti Zr Cr Mn Cu V Fe

Second
Design 30.89 / 36.91 24.82 4.10 3.29 /

ICP 29.90 / 37.44 25.72 4.22 2.72 /

Third
Design 31.09 / 47.27 7.14 / / 14.51

ICP 30.42 / 47.50 7.45 / / 14.63

Fourth
Design 22.96 10.94 / / / 9.16 56.93

ICP 23.03 10.45 / / / 9.96 56.56

Table 3. The main characteristics of 1–4 stage hydrogen storage alloys.

Alloys Compositions
T

(K)
Cmax

(H/f.u.)
Pa

(MPa)
Pd

(MPa)
Sf Hf

ΔH
(kJ·mol−1 H2)

ΔS
(J·mol−1·K−1 H2)

First-1
La0.6Ce0.15
Y0.25Ni5.0

303 6.25 2.52 1.72 0.40 0.38 −21.74 a

−25.02 d
−98.69 a

−106.25 d323 6.23 4.44 3.21 0.40 0.32
363 6.24 10.55 8.90 0.42 0.17

First-2 La0.5Ce0.2Y0.15Ca0.15Ni5.0

303 6.60 2.05 1.44 0.23 0.35 −22.59 a

−24.34 d
−99.81 a

−102.63 d323 6.51 3.73 2.71 0.21 0.32
363 6.09 9.08 7.15 0.25 0.24

Second
TiCr1.1Mn0.7

V0.1Cu0.1

298 2.55 5.90 4.72 1.46 0.22
−20.28 a

−22.19 d
−102.14 a

−106.78 d
323 2.49 11.93 11.52 1.05 0.03
353 2.40 21.13 19.06 1.22 0.10
363 / 26.13 c 25.04 c / /

Third
TiCr1.4Mn0.2

Fe0.4

293 2.65 16.07 15.86 0.74 0.01

−14.51 a

−12.337 d
−91.89 a

−84.37 d

323 2.58 29.64 27.06 0.94 0.09
353 2.59 44.05 37.38 1.59 0.16
298 / 17.85 17.60 / /
363 / 51.59 c 42.97 c / /

Fourth Ti0.8Zr0.2Fe1.7V0.3

293 2.90 35.0 31.50 1.24 0.10

−13.11 a

−12.75 d
−93.61 a

−91.18 d

323 2.63 61.50 48.00 1.38 0.24
353 2.58 87.13 77.36 1.33 0.12
298 / 39.05 33.70 / /
363 / 100.75 c 84.73 c / /

a: The value was calculated by absorption plateau. c: Linear extrapolation value from the Van’t Hoff diagram in
Section 2.3. d: The value was calculated by desorption plateau.

2.1. Material Composition Design and Preparation

The application of MHHCs requires the consideration of two important technical
indexes: the cycle yield and the compression ratio. The cycle yield is related to the reversible
hydrogen storage capacity of hydrogen compression materials. The compression ratio is
related to the hydrogenation enthalpy or plateau pressure and plateau hysteresis coefficient
of hydrogen compression materials [1,5,41]. In addition, the activation properties, kinetic
properties, plateau pressure coordination, flatness of the pressure plateau, and stability
of the hydrogen absorption/discharge cycle need to be considered. In order to meet
the MHHCs’ requirements for hydrogen compression materials, the composition and
preparation of these hydrogen compression materials are particularly important.

Reversible hydrogen storage capacity refers to the amount of hydrogen storage that can
be released by hydrogen compression materials at a certain temperature, which is mainly
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related to the type of materials and the type and content of the component elements [17,38].
In general, at the same temperature, the composition of a material with a higher proportion
of hydrogen-absorbing elements has a higher hydrogen storage capacity. Increasing this
reversible hydrogen storage capacity is beneficial to improving the MHHC cycle yield.

The enthalpy of a hydrogenation reaction is inversely related to the plateau pressure
of the material [5]. Generally speaking, the larger the cell volume of the constituent phase
of the hydrogen compression material, the lower the plateau pressure and the higher the
enthalpy of the hydrogenation reaction. An increase in the absolute enthalpy is beneficial for
improving the compression ratio of MHHCs, but a material with a high enthalpy value has
a low pressure plateau and cannot achieve the purpose of a high-pressure hydrogen output.

Plateau hysteresis reflects the difference in the degrees of hydrogenation and dehy-
drogenation of hydrogen compression materials, which is caused by the stress of hydride
formation [42]. The hysteresis factor (Hf), as shown in Equation (1) [32], is utilized in
describing this plateau hysteresis.

Hf = lnPa/Pd (1)

The larger the cell size of the hydrogen compression material, the smaller the hysteresis
of the plateau. Plateau hysteresis reduces the compression ratio of MHHCs, and at the same
time, damages the cyclic stability of the material’s hydrogenation/dehydrogenation [33,43].

The surface of the hydrogen compression materials needs to be in a good active state
before the normal hydrogenation/dehydrogenation reaction, that is, the oxide layer that
is formed on the surface by active elements such as La, Ce, Ti, and Zr in the material’s
composition must be removed. Doping some rare earth elements or rare earth mixtures
in the material’s composition can improve the activation properties of these hydrogen
storage materials [44].

The kinetic properties of hydrogen compression materials are very important for
improving the working efficiency of MHHCs. The contents of some of the metal elements
in the material’s composition, such as Ni, Cr, and Al, etc., and the state of its surface
elements are related to the intrinsic kinetic properties of the materials [45].

The synergy of the plateau pressure between the two adjacent stages, i.e., the dehy-
drogenation pressure of the former-stage material at a high temperature is higher than
the hydrogenation pressure of the latter-stage material at a low temperature, ensures the
complete hydrogenation/dehydrogenation of each stage material.

The flatness of the material’s pressure plateau is related to the interstitial site of the
different volumes caused by the fluctuation of the material’s composition [46,47], which
mainly affects the synergy of the above plateau pressure and the kinetic performance. The
slope of the pressure plateaus is usually characterized by slope factor Sf, which is described
by Equation (2) [32]:

Sf = d(lnP)/d(H wt%) (2)

where H is the mass hydrogen storage density of the alloys.
Resulting from the existence of Sf, the alloys absorb/desorb hydrogen incompletely at

the midpoint of the plateau pressure.
The hydrogenation/dehydrogenation cycle stability of hydrogen compression ma-

terials during their application is related to the service life of MHHCs. The main factors
leading to the cyclic stability of the materials are poisoning, disproportionation, and amor-
phous and lattice defects. Impurities such as CO, H2O, and O2 in hydrogen make the
material toxic and its performance deteriorate. Water and oxygen can significantly poison
Ti-based AB2/AB-type alloys [48], while AB5-type alloys are easily poisoned by CO at ppm
amounts [49]. In comparison to AB5-type alloys, the cycle life of AB2-type alloys tends
to be longer, which may be ascribed to the fewer defects they produce in the process of
hydrogen absorption and desorption [50].

The development of all the stages of hydrogen compression materials also needs to
consider the characteristics of an MHHC system operation. The hydrogen source used by
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MHHCs should first adopt hydrogen produced by the electrolysis of water using renewable
energy sources. At a normal temperature (293–303 K), the hydrogen output pressure is
usually greater than 2.5 MPa, and the maximum can reach 4 MPa. Hydrogen produced by
the electrolysis of water mainly contains impurities such as water vapor and oxygen. If
the hydrogen source used by an MHHC is 99.99% pure hydrogen from the coal chemical
industry, and the output hydrogen pressure is generally greater than 10 MPa, it is necessary
to consider that the content of carbon monoxide (≤5 ppm) can be harmful to hydrogen
compression materials. Therefore, the first-stage hydrogen compression material should
have a good tolerance to impurity gases such as water vapor and oxygen, and a certain
resistance to carbon monoxide. Due to the purifying effect that the first-stage hydrogen
compression material has on hydrogen, the poisoning degree of the second-stage, third-
stage, and fourth-stage hydrogen compression materials via impurity gases can be reduced.

MHHCs need to be used within a certain temperature range, and using water as a heat
exchange medium has many advantages. Compared to oil, water has a larger specific heat
capacity, which is conducive to the stable operation of the system. Water is environmentally
friendly and can use industrial wastewater and waste heat. Therefore, the best working
temperature for hydrogen compression materials is between room temperature (298 ± 10 K)
and 373 K.

All the stages of MHHCs’ output pressures should meet the high-pressure hydrogen
demand for most scenarios. The first-stage hydrogen compression material, with regard
to hydrogen storage and purification, should provide a hydrogen source for the second-
stage hydrogen compression material, and its output pressure is about 8 MPa at a high
temperature (363 K in this paper). The output pressure of the second-stage hydrogen
compression material is greater than 20 MPa at a high temperature, which can fill the long
tube trailer and low-pressure gas cylinder with hydrogen. The output pressure of the
third-stage hydrogen compression material is greater than 40 MPa at a high temperature,
which can fill the 35 MPa high-pressure hydrogen storage tank with hydrogen. The output
pressure of the fourth-stage hydrogen compression material at a high temperature is about
80 MPa, which can fill the 70 MPa high-pressure hydrogen storage tank with hydrogen.

Based on the above considerations, the LaNi5 hydrogen storage alloy was selected
as the first-stage hydrogen compression material, which has the advantages of a strong
toxicity resistance, excellent hydrogenation/dehydrogenation kinetics, and a good cyclic
stability [18]. The TiCr2 hydrogen storage alloy was selected as the second- and third-stage
hydrogen compression materials [30]. Its advantages include a higher intrinsic plateau
pressure, better kinetic performance, and higher hydrogen storage capacity than the LaNi5
alloy. The fourth-stage hydrogen compression material was the ZrFe2-type hydrogen
storage alloy, whose advantage is that its inherent plateau pressure can be as high as
1000 MPa [24,25], which makes it easy to develop hydrogen compression materials with a
high-pressure hydrogen output.

In order to obtain all the stages of the target hydrogen storage alloys between room
temperature and 363 K, the compositions of the alloys were adjusted by the multi-element
alloying method, and the desired effect was achieved by alloy preparation technology.
The plateau pressure of the binary LaNi5 alloy could be adjusted between 0 and 10 MPa.
The replacement of the La by Ce could improve the plateau pressure of the alloy, but
the hysteresis coefficient would increase and the hydrogen storage would decrease [22].
The Y element could also increase the alloy’s plateau pressure and improve the alloy’s
kinetic performance. The effect of the hysteresis coefficient was lower than that of the Ce
element, but it would increase the alloy’s plateau slope [23]. The Ca element could improve
the activation property of the alloy, and, as a light hydrogen-absorbing element, could
effectively improve the hydrogen absorption capacity and reduce the plateau pressure of the
alloy [19,21]. However, the alloy containing the Ca element had a high vapor pressure and
was volatile, so it was difficult to control the composition during preparation. Considering
the effect of the alloying elements and preparation technology, two LaNi5 hydrogen storage
alloys satisfying the MHHC primary hydrogen compression materials were developed:
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La0.6Ce0.15Y0.25Ni5 (First-1) and La0.5Ce0.2Y0.15Ca0.15Ni5 (First-2). Their compositions and
main performance indexes are listed in Tables 1 and 3, respectively. The influence of the
alloyed elements on the hydrogen storage properties of the LaNi5 alloys is summarized
in Table 4.

Table 4. Effect of alloying on hydrogen storage performance of LaNi5 alloys.

Elements Capacity
Plateau
Pressure

Hysteresis Slope
Activation

Performance

La ↑ ↓ ↓ ↓ ↑
Ce ↓ ↑ ↑ ↑ ↓
Y ↑ ↑ ↑ ↑ ↑

Ca ↑ ↓ - - ↑

The plateau pressure of the TiCr2 hydrogen storage alloy could be adjusted between
0 and 20 MPa at room temperature, which mainly solved the problem of a large slope
factor and hysteresis coefficient [28]. Mn, Fe, V, and Cu elements were used to adjust the
composition of the alloy. Cr and Mn are the two most important transition metal elements
on the B side of an AB2 hydrogen storage alloy, and the inter-substitution of Cr and Mn
is a common alloy design method. The Cr element is beneficial for reducing an alloy’s
plateau pressure and hysteresis coefficient, but it makes the hydrogen absorption plateau
of the alloy narrow and its hydrogen storage capacity decrease. The Mn element can
improve the kinetic properties of an alloy, but significantly increases the alloy’s hysteresis
coefficient [51]. Due to its small atomic radius, Fe is mainly used to improve the plateau
pressure of an alloy [31]. V is a kind of hydrogen absorption element and is an appropriate
replacement for the Cr element as it can improve the hydrogen absorption amount of
an alloy and reduce its slope, but its price is expensive. The Cu element can increase
the plateau pressure of an alloy through the gap size effect, reduce the alloy’s slope, and
improve the alloy’s properties. However, due to the large atomic weight of the Cu and Fe
elements, the hydrogen storage capacity of the alloy will be reduced in large quantities.
Based on a comprehensive consideration of these alloying elements, the TiCr2 hydrogen
storage alloys, TiCr1.1Mn0.7V0.1Cu0.1 and TiCr1.4Mn0.2Fe0.4, which met the requirements of
the second- and third-stage hydrogen compression materials of MHHCs, were developed,
respectively. Their compositions and main performance indexes are listed in Tables 2 and 3,
respectively. The influence of these alloyed elements on the hydrogen storage properties of
the Ti-Cr-based alloys is summarized in Table 5.

Table 5. Effect of alloying on hydrogen storage performance of Ti-Cr-based alloys.

Elements Capacity
Plateau
Pressure

Hysteresis Slope
Activation

Performance

Cr ↓ ↓ ↓ - -
Mn - - ↑ - ↑
V ↑ - - ↓ -

Cu ↓ ↑ - ↓ -
Fe ↓ ↑ - - -

The hydrogen absorption/desorption pressure of the ZrFe2-type hydrogen storage
alloy at room temperature was ~60 MPa, so it was necessary to further reduce the plateau
pressure to improve the characteristics of the plateau. The hydrogen-absorbing element
Ti was used to replace the partial Zr and the appropriate plateau pressure was achieved
by adjusting the Ti/Zr ratio [25]. Replacing part of the Fe element with the V element
could effectively reduce the plateau pressure and the hysteresis coefficient, improving the
hydrogen storage capacity of the alloy [33]. Comprehensively considering the effect of the
alloying elements, the hydrogen storage alloy Zr0.2Ti0.8Fe1.7V0.3, a fourth-stage hydrogen
compression material satisfying the MHHCs, was developed. Its compositions and main
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performance indexes are listed in Tables 2 and 3, respectively. The influence of the alloyed
elements on the hydrogen storage properties of the Zr-Fe-based alloys is summarized
in Table 6.

Table 6. Effect of alloying on hydrogen storage performance of Zr-Fe-based alloys.

Elements Capacity
Plateau
Pressure

Hysteresis Slope
Activation

Performance

Ti ↓ ↓ ↓ ↓ ↑
V ↑ ↓ ↓ ↑ -

The above 1–4 stage alloys could realize the goals of providing high-pressure pure
hydrogen with water as its heat exchange medium and promoting the rapid and good
development of a hydrogen energy field through the construction of MHHCs. However, the
difficulties in the performance testing of these hydrogen storage alloys with high-pressure
hydrogen output characteristics and application efficiency declines caused by non-ideal
plateau characteristics are still challenges to be faced (discussed in this paper in Section 2.5).
In the future, it is necessary to continue to optimize the comprehensive properties of
these alloys, such as their pressure plateaus and hydrogen storage capacities, and to try to
improve the accuracy and repeatability of the alloy performance testing.

2.2. X-ray Diffraction

Figure 1 shows the XRD finishing patterns of the two first-stage LaNi5 hydrogen
storage alloys, second-stage and third-stage TiCr2 hydrogen storage alloys, and fourth-
stage ZrFe2 hydrogen storage alloy. It can be seen that the LaNi5 alloy corresponds to a
hexagonal CaCu5-type structure (space group P6/mmm); the TiCr2 alloy mainly contains
hexagonal MgZn2 phase (C14) and a small amount of Ti3Cr3O heterophase. The ZrFe2
alloy is composed of hexagonal MgZn2 phase (C14). Table 7 lists the component phase
abundance and lattice constants of the five alloys.

Table 7. Lattice parameters and phase abundance of 1–4 stage hydrogen storage alloys.

Alloys Phase Abundance/wt.% a/Å c/Å V/Å3 Parameters of Fit

First-1 CaCu5 100% 4.9596(1) 3.9885(1) 84.96(1) Rw = 4.20
Rp = 2.53

First-2 CaCu5 100% 4.9610(1) 3.9862(1) 84.97(1) Rw = 4.08
Rp = 2.57

Second
C14 Laves 91.85 4.8700(1) 7.9880(2) 164.07(1) Rw = 5.23

Rp = 3.59Ti3Cr3O 8.15 11.3090(7) 11.3090(7) 1446.46(8)

Third
C14 Laves 93.35 4.8619(1) 7.97338(1) 163.22(1) Rw = 4.06

Rp = 2.87Ti3Cr3O 6.85 11.2823(2) 11.2823(2) 1436.14(8)

Fourth C14 Laves 100% 4.8816(1) 7.9482(2) 164.03(1) Rw = 3.57
Rp = 2.55
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Figure 1. Results of the Rietveld analysis for 1–4 stage hydrogen storage alloys.

The lattice constant of the binary LaNi5 hydrogen storage alloy is a = 5.0201 Å,
c = 3.9881 Å, and cell volume V = 87.03 Å3 [52]. The atomic radius of the La element
is 1.87 Å. The La element in the quaternary La0.6Ce0.15Y0.25Ni5 alloy (First-1) is partially
replaced by the Ce (1.82 Å), Y (1.81 Å) elements with smaller atomic radii, thus reducing the
lattice constant a and cell volume V. The La element in the quinary La0.5Ce0.2Y0.15Ca0.15Ni5
alloy (First-2) is partially replaced by the Ce and Y elements with smaller atomic radii,
as well as the Ca (1.96 Å) element with a larger atomic radius. Nonetheless, the lattice
constant a and cell volume V also decrease (slightly larger than First-1), which is related to
the abnormal decrease in the lattice constant of the cerium-containing alloy that is caused
by the change in the valence state of the Ce [53]. The lattice constant c of the LaNi5 alloy is
mainly related to the radius of the Ni atom on the B side. Since the Ni in First-1 and First-2
is not replaced by other elements, the c value is similar to that of the binary LaNi5 [52].
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The modified TiCr2 alloy is generally still a single-phase C14 structure, and the lattice
constant and cell volume vary with the atomic radii of the alloyed elements. The Cr element
is usually partially replaced by Mn and Fe. When Mn partially replaces Cr, the a value of the
alloy is slightly reduced, but the effects on the c value and V value may be different [31,54].
Fe partially replaces Cr and the a, c, and V values of the alloy decrease [31,54,55]. Therefore,
the cell volume of the second-stage alloy, TiCr1.1Mn0.7V0.1Cu0.1, and the third-stage alloy,
TiCr1.4Mn0.2Fe0.4, is similar in this paper. The Ti3Cr3O heterophase in the alloys may be
related to the high melting power (20~30 KW) and the short cooling time (8~10 min) during
the alloy preparation (see Section 3).

The binary ZrFe2 hydrogen storage alloy has a cubic C15 Laves phase structure [33].
In this paper, the fourth-stage Zr0.2Ti0.8Fe1.7V0.3 alloy transforms into a hexagonal C14
Laves phase structure because the Ti partially replaces the Zr and the V partially replaces
the Fe. The atomic radius of the Ti (1.45 Å) is smaller than that of the Zr (1.60 Å), and
the atomic radius of the V (1.31 Å) is larger than that of the Fe (1.24 Å). Compared to the
lattice constants (a = 5.023 Å; b = 8.205 Å; and V = 179.35 Å3) of the Zr1.05Fe1.8Mo0.2 (Mo
has an atomic radius of 1.36 Å) alloy with a C14 Laves phase structure [33], the a (4.8816 Å),
c (7.9482 Å), and V (164.03 Å3) values of the Zr0.2Ti0.8Fe1.7V0.3 alloy are significantly reduced.
The results show that the lattice constants of the Zr0.2Ti0.8Fe1.7V0.3 alloy are significantly
affected by the substitution of the Zr by Ti elements.

2.3. PCT Test Analysis

The reaction of the hydrogen storage alloy (M) with hydrogen (H2) to form metal
hydride (MHx) is a reversible heat (Q)-driven process:

M + x/2 H2 � MHx + Q (3)

The equilibrium characteristic of Reaction (3) is the relationship between the hydrogen
pressure (P), hydrogen concentration in the solid phase (C), and temperature (T) (PCT
diagram), and determines the thermodynamic properties of the hydrogenation of a par-
ticular hydrogen storage alloy. At a certain temperature, the hydrogen concentration C
absorbed in M exceeds the concentration of the saturated solid solution (α phase) to form a
hydride phase (β phase), which shows the characteristics of the first-order phase transition.
With the increase in the C, the hydrogen pressure PH2 remains unchanged, which is called
plateau pressure, and the plateau width corresponds to the reversible hydrogen storage
capacity of the alloy. The equilibrium of Reaction (3) in the plateau region can be described
by the Van’t Hoff equation:

ln PH2 = −ΔS0/R + ΔH0/RT (4)

ΔS0 and ΔH0 are the standard formation entropy and standard formation enthalpy of
the hydrides, respectively, and R is the gas constant [1].

Using a PCT tester to measure the PCT curves for at least three different temperatures,
the hydrogenation/dehydrogenation plateau pressure (Pa and Pd) and maximum hydrogen
storage capacity at a certain temperature can be obtained. Equation (2) was used to
calculate the plateau slope factor Sf and Equation (1) for the plateau hysteresis coefficient
Hf. According to Equation (4), Van’t Hoff graphs (ln PH2-1/T graphs) were drawn and the
ΔS0 and ΔH0 were calculated. For the high-pressure alloy, the hydrogen emission pressure
at a high temperature TH (TH is 363 K in this paper) can be obtained by an extrinsic method.

The multi-stage compression operation puts forward higher requirements for reg-
ulating the PCT characteristics of the hydrogen compression materials. Figure 2 shows
the PCT curves of the 1–4 stage alloys at different temperatures, among which, the PCT
curves of the first-stage alloys (First-1 and First-2) at a high temperature TH (363 K) can be
directly measured. The highest temperature of the second-, third-, and fourth-stage alloys
is 353 K due to the limitation of the testing capability of the instrument. As can be seen
from Figure 2, the pressure plateau of the first-stage alloy is relatively flat but has a large
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hysteresis, while the pressure plateau of the second-, third-, and fourth-stage alloys is steep
but has a small hysteresis. The PCT characteristic parameters of all the alloys are listed in
Table 3. Figure 3 shows the Van’t Hoff diagram of the 1–4 stage hydrogen storage alloys.
The inclination and hysteresis of the pressure plateau are non-idealized properties of the
hydrogen storage alloy, and it is difficult to reach the ideal state at the same time.

Figure 2. PCT curves of 1–4 stage hydrogen storage alloys at different temperatures.

107



Inorganics 2023, 11, 180

Figure 3. Van’t Hoff diagram of 1–4 stage hydrogen storage alloys.

The compression ratios RP [=Pd (TH)/Pa (TL)] of the 1–4 stage alloys are 3.53 (First-1)
or 3.49 (First-2), 4.24 (second), 2.67 (third), and 2.42 (fourth), respectively. The total com-
pression ratios of the constructed MHHC system are 96.71 or 95.61 (the product of the
compression ratios at all the stages) [5]. The compression ratio mainly reflects the compres-
sion capacity of the MHHCs. The output pressures of the alloys in this paper are relatively
large and, due to this and the plateau hysteresis, the compression ratio is at a moderate
level and needs to be further improved.

In the MHHC system, which is constructed of hydrogen compression material, each
stage of the hydrogen compression material absorbs hydrogen at a low temperature TL
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(usually room temperature) with a maximum hydrogen absorption capacity of CA (corre-
sponding to the right end of the pressure plateau in the PCT curve), and releases hydrogen
at a high temperature TH (363 K) with a maximum hydrogen emission of CB (corresponding
to the left end of the pressure plateau in the PCT curve). Then, the cycle yield of the MHHC
system can be expressed as the effective hydrogen compression capacity, ΔC:

ΔC = CA(TL) − CB(TH) (5)

Based on this calculation, the ΔCs of the First-1 and First-2 alloys are about 5.25 H/f.u.
(1.01 wt%) and 5.90 H/f.u. (1.42 wt%), respectively. The highest temperature measured by
the PCT curves of the second-, third-, and fourth stage alloys is 353 K. Calculated according
to the amount of hydrogen released at 353 K, the ΔCs of the second-, third-, and fourth
stage alloys are about 1.85 H/f.u. (1.18 wt%), 1.85 H/f.u. (1.19 wt%), and 1.90 H/f.u.
(1.13 wt%), respectively. The ΔC values of the second-, third-, and fourth stage alloys at 363
K should be slightly lower than those calculated above due to the temperature increasing,
the plateau pressure increasing, the plateau narrowing, and the CB point shifting to the
right and increasing. Considering the compression ratios and cycle yields of the hydrogen
compression materials, the First-2 alloy is superior to the First-1 alloy as a primary hydrogen
compression material. The cyclic yield reflects the hydrogen supply capacity of MHHCs.
The effective hydrogen storage capacity of an alloy can be increased by adjusting the alloy’s
composition and improving the characteristics of its plateau.

The plateau pressure of the hydrogen storage alloys is related to the types, phase
compositions, and cell parameters of the alloys. The two first-stage alloys in this paper are
both CaCu5-type single-phase structures, their lattice constants and cell volumes are very
similar, and their plateau pressures are also similar. The main phase of the second-, third-,
and fourth stage alloys is the C14 Laves phase, and their lattice constants and cell volumes
are also very similar, but their plateau pressures vary greatly, which may be related to the
composition elements of the alloys, and needs further study.

2.4. Cyclic Performance Test

MHHCs are a continuous cycle system of the hydrogen absorption and desorption
of hydrogen compression materials. The toxic effect of some of the impurities in the
hydrogen on hydrogen compression materials seriously affects the cyclic performance
of the materials. In order to investigate this effect, the cyclic performances of the first-
and second-stage alloys were tested using ordinary pure hydrogen. Table 8 lists the gas
composition test results, which meet Chinese standards. Due to the purification effect
of the first- and second-stage alloys on the hydrogen, the content of the impurity gases
in the hydrogen entering the third- and fourth-stage alloys will be significantly reduced.
Moreover, the third- and fourth-stage alloys are of the same type as the second-stage alloy,
so the cyclic performances of the third- and fourth-stage alloys in ordinary pure hydrogen
were not investigated.

Table 8. Composition of ordinary pure hydrogen.

Gas Composition Standard Indicators Measured Content

Hydrogen (H2) (%) ≥99.99 99.99
Oxygen (O2) (ppm) ≤5 3

Nitrogen (N2) (ppm) ≤60 50
Carbon monoxide (CO) (ppm) ≤5 3
Carbon dioxide (CO2) (ppm) ≤5 2

Methane (CH4) (ppm) ≤10 5
Water vapor (H2O) (ppm) ≤10 8

Figure 4 shows the change curves of the hydrogen storage capacities of the first-stage
alloys (First-1 and First-2) and second-stage alloy for 10 cycles, respectively. It can be seen
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that the hydrogen storage capacity retention rates are 99.0%, 97.7%, and 98.6%, respectively,
which have a good cycle stability. The cycle stability of the First-2 alloy is less than that of
the First-1 alloy due to the inclusion of the Ca element.

Figure 4. Hydrogenation/dehydrogenation cycle curves of 1–2 stage alloys in ordinary pure hydrogen.

2.5. Application Analysis

There are two problems to be considered in the practical application of hydrogen
storage alloys as hydrogen compression materials. First is the question of: is the plateau
pressure of the hydrogen storage alloy consistent with the pressure designed in the MHHC
system? The second question is: can the former and latter hydrogen storage alloys work
together efficiently?

The hydrogen compression materials used in MHHCs are related to the reaction
characteristics at a high temperature and high pressure. It is difficult to measure the high-
pressure characteristics of alloys with the current PCT test device, such as the second-,
third-, and fourth stage hydrogen storage alloys in this paper. In order to solve this problem,
we can use the Van’t Hoff equation to draw the linear relationship between the pressure
(lnP) and temperature reciprocal (1/T) (see Figure 3) and obtain the alloy pressure under a
certain high-temperature condition by linear extrapolation. However, due to factors such as
hydrogen fugacity and temperature fluctuation, the Van’t Hoff diagram deviates from the
linear relationship at a high temperature [17,31], and the corrected pressure value is lower
than the pressure value obtained by extrapolation [56]. Therefore, the high-temperature
output pressure of the hydrogen storage alloy obtained by the Van’t Hoff diagram should
be higher than the target output pressure, and its applicability should be further evaluated
through practical application.

During the actual operation of an MHHC system, in order to ensure the matching and
coupling between the alloys at all the stages, the hydrogenation pressure of the latter alloy at a
low temperature must be lower than that of the former alloy at a high temperature. In an ideal
state, the matching coupling between two adjacent alloys is considered by using the plateau
pressure mid-value of the PCT curve (as shown in Figure 5), that is, the plateau pressure
mid-value of the former alloy at a high temperature is greater than that of the latter alloy
at a low temperature. However, the pressure plateau of any alloy is inclined, for example,
the second-, third-, and fourth stage alloys in this paper have obvious plateau slopes. In
this case, the dehydrogenation process can be completed only when the former-stage alloy
dehydrogenates to the low point of the plateau pressure (left side of the plateau), and the
hydrogen absorption process can be completed only when the latter-stage alloy absorbs
hydrogen to the high point of the plateau pressure (right side of the plateau) (as shown in
Figure 6). Comparing Figures 5 and 6, it can be seen that the plateau pressures of the second-,
third-, and fourth stage alloys in this paper cannot fully meet the practical application. The
minimum pressure of the former-stage alloys for high-temperature dehydrogenation needs to
be increased, or the maximum hydrogen absorption pressure of the latter-stage alloys at a low
temperature needs to be reduced.
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Figure 5. Matching coupling relationship of 1–4 stage hydrogen storage alloys in ideal state.

Figure 6. Matching and coupling relationship of 1–4 stage hydrogen storage alloys in actual state.
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3. Materials and Methods

The metal raw materials required for the alloy preparation were calculated and
weighed according to the composition formula. The purity of the metal raw materials was
≥99 wt%. Considering the burning loss of each single metal in the melting process, the La,
Ce, and Y in the first-stage alloy were added by 1 wt%, and the Ca was added by 20 wt%.
The Ti, Zr, Mn, and V in the second-, third-, and fourth-stage alloys were added with 3 wt%,
2 wt%, 5 wt%, and 6 wt%, respectively.

The first-stage alloy was prepared in a vacuum induction melting furnace under the
protection of a 0.055 MPa argon atmosphere. The smelting process was: preheating a power
of 7 KW for 3–4 min, maintaining a power of 15 KW until the alloy was completely melted,
holding a power of 12 KW for 3–4 min, and then pouring into a water-cooled ingot mold
with a sample weight of 1.5 kg each time.

The second-, third-, and fourth-stage alloys were melted in a magnetic levitation
induction furnace under the protection of a 0.055 MPa argon atmosphere. The mass of
each sample was 80 g. The smelting process was: 10–12 KW for 1 min during preheating,
20 KW for melting, 25–30 KW for 1 min so that the alloy was completely alloyed, and
finally reducing the power to 0, then cooling for 8–10 min, after which, the sample was
taken out. In order to ensure a uniform alloy composition and structure, each alloy sample
was melted and turned over three times.

After the sample was taken out, the oxide layer on the surface was removed, and after
crushing, it was passed through a 200 mesh screen. The +200 mesh powder was used for
the composition test and PCT performance test. The −200 mesh powder was used for the
X-ray powder diffraction test.

The composition of the alloy sample was tested by a Thermo Electron-iCAP 6300
Inductively Coupled Plasma Emission Spectrometer (ICP), and the actual composition
contents of the various elements in the alloy sample were calculated according to the results.

The crystal structure of the alloy was determined by a Philips-PW 1700X powder
diffractometer (XRD). The test conditions were: a Cu target, a Kα radial, a tube voltage of
40 kV, a tube current of 40 mA, a scanning range of 10◦–80◦, and a scanning speed of 0 01◦/s.
The phase structure analysis software used was Jade 6.0 and the Rietveld full-spectrum
fitting and structure refinement used GSAS software [57] to obtain the phase abundance
and crystal cell parameters.

The PCT performances of the hydrogen storage alloys were tested with a Sievert-type
device (manufactured by the Beijing Research Institute of Engineering Technology). The
PCT performances of the alloys for the third and fourth stages were tested in MSU in
a high-pressure device, as described earlier in [58]. During the activation process, the
+200 mesh sample ~2 g was taken and put into the sample tank. The sample tank was
evacuated for 0.5 h at 423 K to ensure that the vacuum was less than 5 × 10−4 MPa. The
sample was cooled to 313 K in a water bath and charged with a certain hydrogen pressure,
according to the design characteristics of the alloy for the sample activation treatment. The
high-temperature vacuum low-temperature hydrogen charging process was repeated to
ensure that the sample was fully activated, and then the PCT curve test was carried out at
different temperatures. Before testing the PCT curve, the sample tank should be evacuated
at 423 K for 0.5 h to ensure the complete dehydrogenation of the sample. In order to ensure
the complete balance of each measuring point during the PCT performance test, the time
of each measuring point should be maintained for more than 30 min until the pressure
change of ≤0.001 MPa/min. The purity of the hydrogen used in the activation and PCT
curve tests was 99.999%, and the purity of the hydrogen used in the normal hydrogen cycle
performance test was 99.99%.

4. Conclusions

According to the demand of metal hydride–hydrogen compressors (MHHC) for hy-
drogen compression materials, the first-stage LaNi5, the second- and the third-stage TiCr2,
and the fourth-stage ZrFe2 hydrogen storage alloys were developed. The output pressures
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of the 1–4 stage hydrogen storage alloys at 363 K were 8.90 MPa, 25.04 MPa, 42.97 MPa,
and 84.73 MPa, respectively. The maximum output hydrogen pressure exceeded 80 MPa,
which could meet the requirements of the 20 MPa, 35 MPa, and 70 MPa high-pressure
hydrogen injections.

The LaNi5 type alloy was a single-phase CaCu5 type hexagonal structure, the TiCr2-
type alloy main phase was a hexagonal C14 Laves phase and Ti3Cr3O heterophase, and
the ZrFe2 type alloy was composed of a hexagonal C14 Laves single phase. The total
compression ratio of the MHHC system constructed with the 1–4 stage alloys exceeded
95, and the hydrogen yield of each stage was more than 1 wt%. The retention rate of
the hydrogen storage capacities of the first- and second-stage alloys in the 99.99 wt%
ordinary pure hydrogen containing H2O (8 ppm), O2 (3 ppm), and CO (3 ppm), for
10 cycles of hydrogenation/dehydrogenation, exceeded 98%. The deviation between
the plateau pressure and the system design output pressure, as well as the efficient and
cooperative coupling of the adjacent two stage alloys, should also be considered in the
practical application of the four-stage hydrogen storage alloys.
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Abstract: The large volume expansion and self-locking phenomenon of metal hydride particles
during hydrogen sorption often leads to a high stress concentration on the walls of a container, which
may cause the collapse of the container. In present study, silicone oil was investigated as a glidant
for a V-based BCC metal hydride bed to alleviate the stress concentration during hydrogen sorption.
The results indicated that the addition of 5 wt% silicone oil slightly reduced the initial hydrogen
storage capacity of V40Ti26Cr26Fe8 (particle size: ~325 μm) but improved the absorption reversibility,
regardless of the oil viscosity. It was observed that silicone oil formed a thin oil layer of 320~460 nm
in thickness on the surface of the V40Ti26Cr26Fe8 particles, which might improve the fluidity of the
powder, reduce the self-locking phenomenon and alleviate the stress concentration on the container
walls. Consequently, the maximum strain on the surface of the hydrogen storage container decreased
by ≥22.5% after adding 5 wt% silicone oil with a viscosity of 1000 cSt.

Keywords: hydrogen storage; metal hydride; volume expansion; stress concentration; silicone oil

1. Introduction

With the growing energy demand and the concerns of environmental pollution, the
development of emission-free energy carriers based on abundant resources such as hydro-
gen is arousing great interest [1,2]. Hydrogen can be used in internal combustion engines
to produce mechanical energy or in fuel cells to convert chemical energy to electrical en-
ergy [3]. However, before the large-scale utilization of hydrogen as an energy carrier, the
development of technologies to safely and efficiently store hydrogen, hydrogen storage
being the bridge between its production and consumption, is essential [4,5]. To date, three
main methods have been reported, i.e., hydrogen can be physically stored as a compressed
gas, a cryogenic liquid, or in metal hydrides [6]. Among them, metal hydrides, which could
potentially allow reversible hydrogen absorption and desorption at ambient conditions, are
considered an ideal mean for hydrogen storage [7,8].

However, a large volume expansion occurs during the hydrogen absorption process
due to the insertion of hydrogen atoms into the lattices [9–11]. For example, an expansion
of 20% was observed for LaNi5 during the absorption of hydrogen [12,13], of about 30% for
Mg-based alloys [14], and of 9–23% for a Ti–Cr–Mn-based alloy [11,15]. A body-centered
cubic (BCC) alloy showed a much higher expansion of more than 40% during the first
hydrogen absorption, with the lattice parameters growing from 3.0327 Å for the BCC lattice
to 4.2714 Å for the FCC lattice [16]. During the expansion of metal hydrides, the particles
are gradually reduced in size, e.g., from 150 μm to 5 μm for the Ti–Zr–Mn-based alloy after
180 cycles [17], and meanwhile, lattice expansion leads to the concentration of stress on the
walls of the hydrogen storage container, especially on the bottom of the container, due to the
flow of the alloy particles under gravity and the interlock of irregular particles [9,18,19]. It
is critical to ensure that the design of the hydrogen storage container allows it to withstand
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the expansion of metal hydrides. The stress concentration on the surface of a hydrogen
storage container depends on the type, particle shape, and loading fraction of the hydrogen
storage materials [12,13,20–22], as well as on how the hydrogen storage container is placed,
e.g., horizontally or vertically [12,18].

To alleviate the stress concentration on the container walls, approaches focusing on
the container or the metal hydride (MH) bed have been proposed. As regards the container,
leaving enough free expansion space for the hydrogen alloy is a common method [23].
C. K. Lin [20] reported a structural design of the hydrogen storage container, in which
the container is divided into three layers to release the stress concentration. For the MH
bed, hinders or glidants are generally applied to reduce the stress concentration [24–28].
The addition of hinders, such as expanded graphite, could limit the free moving of metal
hydride powders [28]. Glidants, such as silicone oil, MoS2 nanopowders, and carbon
black, can improve the fluidity of metal hydride powders and reduce the self-locking
phenomenon between powders [24–27].

Vanadium-based hydrogen storage alloys have a BCC crystal structure with a hydro-
gen storage capacity of ~3.8 wt % and a fast hydrogen sorption kinetics at room temperature.
By using a FeV80 master alloy to replace the pure vanadium metal, the cost of V-based BCC
alloys has been significantly reduced [29]. However, the large volume expansion, of ~40%,
during the first hydrogen absorption cycle, may cause a serious stress concentration on
the container walls. In the present study, silicone oil with low cost and high temperature
stability, which ranges from −50 to 200 ◦C during long-term use [30], was applied as a
glidant for a V-based BCC alloy powder bed. The influence of silicone oil on the hydrogen
storage properties of the V-based BCC alloy was systematically investigated. Furthermore,
the effect of silicone oil addition on stress concentration during the first hydrogen sorption
was evaluated using a swelling stress measurement system.

2. Results

2.1. Hydrogen Storage Properties

Initially, the contact angle between silicone oils with different viscosity and the
V40Ti26Cr26Fe8 alloy (s1) was determined, as shown in Figure 1. The contact angle in-
creased from 9.006◦ for a silicone oil of 50 cSt to 17.719◦ for a silicone oil of 10,000 cSt.
Smaller contact angles indicate a good infiltration of the investigated silicone oil in the
V40Ti26Cr26Fe8 alloy. Hence, 5 wt% silicones oil of 50 cSt (s2), 1000 cSt (s3) and 10,000 cSt
(s4), respectively, were mixed with the V40Ti26Cr26Fe8 powder, and hydrogen sorption
was measured.

 
Figure 1. Contact angles between silicone oils with different viscosity and the V40Ti26Cr26Fe8 alloy (s1).

Figure 2a compares the hydrogen absorption kinetics in the first cycle of sample s1

and samples containing 5 wt% silicone oils of 50 cSt (s2), 1000 cSt (s3) and 10,000 cSt
(s4). Sample s1, the pristine V40Ti26Cr26Fe8 alloy, started to absorb hydrogen immediately
without incubation at 298 K and 7 MPa H2, with a fast absorption >3 wt% H in the first
5 min and a full capacity of 3.43 wt% H. Samples s2, s3 and s4 showed incubation periods of
0.5, 0.3 and 0.1 min, respectively. The incubation period decreased for samples containing
silicone oil with higher viscosity. The hydrogen absorption rates also declined for samples
s2, s3 and s4, which showed hydrogen absorption amounts of 2.29, 2.42 and 2.62 wt% H,
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respectively, in the first 5 min. The full capacities of samples s2, s3 and s4 decreased to
3.231, 3.362 and 3.325 wt%, respectively. In the PCT curves of the first dehydrogenation
process (Figure 2b), the samples s1 to s4 showed a similar plateau pressure of ~0.4 MPa,
but the hydrogen desorption amount decreased from 2.20 wt% for s1 to 1.95 wt% for s2,
2.06 wt% for s3 and 2.04 wt% for s4, within the pressure range of 0.01–7 MPa.

 
Figure 2. (a) Initial hydrogen absorption kinetics and (b) PCT plots of samples s1 to s4 during the
dehydrogenation process at 298 K.

To further investigate the cycling stability, samples s1 to s4 were evacuated after
dehydrogenation at RT for 30 min and were then hydrogenated under 7 MPa H2 at RT.
Figure 3a,d show the hydrogen absorption kinetics of samples s1 to s4 up from the 2nd
to the 20th cycle. Starting from the second cycle, all samples could absorb hydrogen
immediately without incubation and absorbed the maximum hydrogen amount within
5 min. Moreover, hydrogen absorption sped up within the first minute as the number
of cycles increased for all samples (Figure 3e). For samples s2, s3 and s4, the amounts of
hydrogen absorbed within the first minute were almost the same at each cycle and reached
1.7 wt% at the 20th cycle (Figure 3e), which was slightly lower than the amount of 1.87 wt%
measured for sample s1.

Figure 3f compares the reversibly absorbed amounts of samples s1 to s4. The reversibly
absorbed hydrogen amounts of the four samples showed a fast decay in the first 10 cycles
and became relatively steady afterwards. Sample s1 showed a reversible hydrogen amount
of 2.42 wt%, which decreased to 2.12 at the 10th cycle, corresponding to a capacity retention
of 87.6%, and to 2.06 wt% at the 20th cycle, with a capacity retention of 85.1%. Interestingly,
samples s2–s4 showed a lower initial reversible hydrogen storage capacity but a higher ca-
pacity retention of 90%, 87.3% and 87%, respectively. That is, the initial reversibly absorbed
hydrogen amounts were 2.23, 2.36 and 2.32 wt% for samples s2–s4, which decreased to 2.0,
2.06 and 2.02 wt% at the 20th cycle, respectively.

Figure 4a shows the XRD pattern of the pristine V40Ti26Cr26Fe8 alloy (s1), which was
composed of a BCC phase as the major phase and CeO2 as the minor phase. After 20 ab/de-
sorption cycles, sample s1 contained mainly a BCT phase and minor FCC and CeO2 phases.
The formation of the BCT phase, a monohydride of the V-based BCC alloy, was due to the
dehydrogenation of the dihydride (FCC phase) at room temperature [31]. Note that after
20 ab/desorption cycles, the BCT phase of samples s1 to s4 showed very broad reflections
(Figure 4b–e), implying the presence of large microstrains. The initial microstrain of sample
s1 was around 0.36% and increased to 1.282% after 20 ab/desorption cycles. Compared to
sample s1, samples s2–s4 showed very similar microstrains of around 1.3% (Figure 5f) after
20 ab/desorption cycles.
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Figure 3. (a–d) Hydrogen absorption kinetics of sample s1 to s4, (e) hydrogen absorption amounts
within the first minute in different cycles, and (f) reversible hydrogen absorption amount from the
1st to the 20th cycle for samples s1 to s4.
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Figure 4. (a–e) Rietveld refinement of the XRD data of sample s1 and samples s1 to s4 after 20 hydro-
gen ab/desorption cycles and (f) microstrains of sample s1 and samples s1 to s4 after 20 hydrogen
ab/desorption cycles.
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Figure 5. (a,c) SEM images of sample s3 and (b,d) EDS mapping images of selected particles after the
1st and the 20th cycle. Insets of (a,c) display the particle size distribution.

Sample s3 was chosen to further investigate the morphology evolution during the
hydrogen ab/desorption cycles by SEM and EDS, as shown in Figure 5. The average
particle size after the first ab/desorption cycle was 76.14 μm (Figure 5a) and decreased
to 53.19 μm after 20 cycles (Figure 5c). With the decrease in the particle size of sample
s3, a larger fresh surface was generated, improving the hydrogen absorption dynamics
(Figure 3e). The presence of silicone oil on the surface of the alloy particles of sample s3

was confirmed by EDS elemental mapping, which allowed observing C, Si and O elements
on the surface of the alloy particles, as shown in Figure 5b,d. Furthermore, the thickness
of the silicone oil film was approximately 320–460 nm after the 1st cycle (Figure 5b) and
slightly decreased to 340–450 nm after the 20th cycle (Figure 5d).

2.2. Influence of the Silicone Oil on Strain Distribution

To investigate whether the addition of silicone oil could lower the strain on the
container walls during the hydrogen absorption process of the BCC alloy, three kinds of
samples were loaded into a home-made MH reactor (Scheme 1), including V40Ti26Cr26Fe8
powders with particle size of 2~3 mm (s5), pre-hydrogenated V40Ti26Cr26Fe8 powder with
particle size of 325 μm (s6) and a mixture of s6 and silicone oil of 1000 cSt (s7). Four strain
gauges at positions 3a to 3d were used to measure the distribution of the circumferential
strain on the container walls during the first hydrogen absorption by sample s5, s6 and s7.

 
Scheme 1. A schematic image of the strain test reactor. 1, hydrogen pipeline, 2, inner container, 3,
strain gauges, 4, metal hydride, 5, outer jacket, 6, lower flange, 7, upper flange, 8, wiring hole.
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For sample s5 (Figure 6a), the strains at positions 3a to 3d increased slowly in the
first 5 min, rose rapidly to the vertex after about 10 min and declined slowly afterwards.
The strain at position 3a near the bottom of the container, with the maximum of 1750 με,
was obviously higher that at other positions, indicating that stress was concentrated at the
bottom of the container. This was due to the small expansion space near the bottom of the
container, which allowed the fine powders to easily pass through the metal hydride bed,
reaching the bottom of the container and filling the empty space [7]. As for sample s6 with
a smaller particle size, the strain increased rapidly after hydrogen absorption started and
reached the maximum after around 3 min. Compared to the strain at positions 3a to 3d for
s5, shown in Figure 6b, the strain on the container walls for all samples were much smaller.
For example, the maximum strain at position 3a decreased by about 56.89 %, from 1750 με

for s5 to 750.84 με for s6. For s7 sample, the strain at the four positions was further reduced.
For instance, the maximum strain at position 3a decreased to 582.13 με for s7, which is a
drop by 22.5% compared to the value (750.84 με) measure for s6. Additionally, for s5 and
s6, the time required to reach the maximum strain at the four positions was almost the
same, i.e., 10 min for s5 and 3 min for s6. For sample s7, the time to reach the maximum
strain was 7, 7, 8, and 10 min for positions 3a to 3d, respectively; the delay in reaching the
maximum strain at positions 3c and 3d implied an alleviation of the stress concentration.

Figure 6. (a–c) Strain distribution at positions 3a to 3d on the container for sample s5, s6, and s7 and
(d) comparison of the maximum strain at position 3a to 3d for sample s5, s6 and s7.

Figure 6d further compares the maximum strain at the four positions on the container
walls for the three samples. For sample s7, which was composed of a fine V40Ti26Cr26Fe8
powder (325 μm) and silicone oil, the maximum strain was much lower, compared to
those measured for the other two samples. This can be explained by the presence of a
silicone oil film with a thickness of 320–460 nm on the surface of the metal hydride powder,
which might improve the fluidity of the V40Ti26Cr26Fe8 powder, reduce the self-locking
phenomenon and alleviate the stress concentration.
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3. Materials and Methods

3.1. Sample Preparation

The purity of Ti, Cr and Ce was 99.5 wt%, 99.9 wt%, 99.0 wt%, respectively. A FeV80
master alloy was used as the V source; it contained 78.14 wt% V, 19.16 wt% Fe and minor
amounts of Al, Si, C and O. We added 3 wt% Ce to the alloy to remove the oxygen
introduced by the FeV80 master alloy and improve the activation performance [29]. The
V40Ti26Cr26Fe8 alloy (denoted as s1) was prepared using a suspension melting furnace,
followed by annealing at 1673 K for 30 min under vacuum (5 × 10−3 Pa) in a ZM-16 vacuum
molybdenum wire furnace. The V40Ti26Cr26Fe8 alloy was crushed into a powder with
particle size of 325 μm in an Argon glove box.

The silicone oils with different viscosities of 50, 1000 and 10,000 cSt were purchased
from the Dow Corning company. We added 5 wt% silicone oil to the V40Ti26Cr26Fe8 powder
by hand grinding for 15 min in a mortar. The mixtures of V40Ti26Cr26Fe8 powder and
silicone oil of 50, 1000 and 10,000 cSt were denoted as samples s2, s3, and s4, respectively.

We placed ~2 g of the samples in a stainless-steel autoclave, which was then air-
evacuated by a rotary pump at 373 K for 1 h. After the autoclave was cooled down to room
temperature (RT), H2 (purity: 99.999 wt%) at 7 MPa was introduced. The hydrogenation
kinetics and pressure composition isotherm (PCT) curves during the dehydrogenation
process were measured using a Siverts-type apparatus. The hydrogen amounts of the
samples were calculated without considering the mass of silicone oil.

The morphologies of the samples were observed on a scanning electron microscope
(SEM, Hitachi REGULUS8230, Japan). The distribution of the particle size was analyzed by
a Malvern particle analyzer (Bettersize 1900, China). The contact angles between the alloy
and silicone oil were obtained by a contact angle meter (SL250, USA KINO Co., Ltd., USA).
X-ray diffraction data of the samples were collected on an X-ray diffractometer (Oxford
Xcalibur E diffractometer, UK) using Cu Kα radiation (λ = 1.5418 Å) at a scanning speed
of 0.01◦/s and 2θ of 25–80◦. The microstrain of the samples was evaluated by refining the
XRD patterns using the Rietveld method with the software Jade 6.0.

3.2. Strain Test

The home-made metal hydride (MH) reactor for the strain test is illustrated in Scheme 1.
The reactor consists of two parts, an outer jacket and an inner MH container, made of
stainless steel. The flanges were sealed by spiral wound gaskets (PTFE), and the upper
flange contained a pipeline for hydrogen supply. The inner MH container with an outer
diameter of 33 mm and a wall thickness of 3 mm was equipped with four strain gauges
(Zemic, China). To measure the strain in the tangential (q) directions on the inner container,
strain gauges were placed at positions 3a to 3d, which were 25, 45, 65 and 85 mm away from
the bottom of the container, respectively. Strain is the ratio of the amount of deformation
with respect to the original size and is denoted by ε. The measurement range of the strain
gauges was −11,000 ≤ με≤ 11,000. The outer jacket with an outer diameter of 45 mm and a
wall thickness of 3 mm had an eccentric circular structure, leaving a 3 mm gap for attaching
the strain gauges. On the top of the outer jacket, a wiring hole allowed the connection of
the strain gauges with the signal acquisition device.

For each measurement, approximately 400 g of the MH powder was loaded into the
MH reactor in an Ar glove box, which occupied roughly 40% of the space of the inner
container. Afterward, the reactor was heated by a heating jacket to 373 K and evacuated for
3 h. Subsequently, the MH reactor was placed in a water bath for the hydrogen absorption
and desorption test.

4. Conclusions

Silicone oils with viscosity from 50 to 10,000 cSt were investigated as a glidant for a
V-based BCC alloy, V40Ti26Cr26Fe8 (particle size: ~325 μm). We added 5 wt% silicone oil to
the V40Ti26Cr26Fe8 powder, which formed a 320~460 nm-thick layer covering the surface
of the V40Ti26Cr26Fe8 particles. Regardless of viscosity, the addition of 5 wt% silicone
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oil slightly reduced the initial hydrogen storage capacity of V40Ti26Cr26Fe8 but improved
the reversibility of hydrogen absorption. During the first 20 hydrogen sorption cycles,
the reversible capacity of V40Ti26Cr26Fe8 dropped from 2.42 to 2.06 wt%, with a capacity
retention of 85.1%, while the capacity retention improved to 90%, 87.3% and 87% after the
addition of silicone oil with viscosity of 50, 1000, 10,000 cSt, respectively. Furthermore,
for the V40Ti26Cr26Fe8 powder bed with 5 wt% silicone oil, the maximum strain on the
container walls decreased by ≥22.5%. These results indicate that silicone oil is an effective
glidant to alleviate the stress concentration in hydrogen storage containers with a V-based
BCC alloy.
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Abstract: Metal alloys and intermetallic compounds offer an attractive method for safely storing
hydrogen (H2). The metal alloys absorb H2 into their structure, often swelling and fracturing as
a result of phase transformation during hydride formation/decomposition cycles. The absorption
of H2 is an exothermic process, requiring the effective and efficient removal of heat. This can be
challenging as heat transfer to/from powdered beds is notoriously difficult, and often limited by
poor thermal conductivity. Hence, the observed reaction kinetics for absorption and desorption of H2

is dominated by heat flow. The most common method for improving the thermal conductivity of
the alloy powders is to prepare them into composite structures with other high thermal conductivity
materials, such as carbons and expanded natural graphite. Such composite structures, some also
combined with polymers/resins, can also mitigate safety issues related to swelling and improve
cyclic durability. This paper reviews the methods that have been used to prepare such composite
structures and evaluates the observed impact on thermal conductivity.

Keywords: metal hydride; composite; thermal conductivity; expanded natural graphite

1. Introduction

Metal hydrides (MH) are attractive for hydrogen (H2) storage and compression ap-
plications, particularly where waste heat is available. Metal hydride-based compressors
have the advantages of no moving parts, simplicity in design, compactness, and safety
and reliability [1]. Metal hydrides have higher volumetric hydrogen storage density (e.g.,
150 kgH2/m3 in Mg2FeH6) than compressed hydrogen gas (<40 kgH2/m3 at 800 bar) or
liquid hydrogen (70.8 kgH2/m3 at −252 ◦C and 1 bar) [2].

Metal hydrides are formed via the reversible reaction of a hydride-forming metal/alloy
or intermetallic compound with H2 gas:

M(s) +
x
2

H2(g) ↔ MHx(s) + Q (1)

where M is a metal/alloy, (s) and (g) relate to the solid and gas phases, respectively, and
Q is the energy released [1]. This leads to the potential for solid-state storage of H2 under
moderate temperatures and pressures. H2 absorption is an exothermic process, as outlined
in Equation (1). Heat released during hydride formation must be continuously removed
to prevent the hydride/alloy system from heating up. If the temperature is allowed to
increase, the corresponding equilibrium pressure will also increase, which will result in no
further H2 sorption taking place. Conversely, when H2 is recovered, heat must be added to
release hydrogen.
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To improve kinetics, metal alloys used for H2 storage/compression are often in pow-
dered form. These alloy powders swell as they absorb H2 as the crystalline cell volume
increases with H2 entering the interstitial positions in the crystalline structure of the metal
alloy. This, in turn, creates internal stresses which are sufficient to fracture the metal hy-
dride with continued cycling, resulting in the creation of submicron particles [3]. A smaller
particle size increases the surface area of the powders, promoting a faster diffusion of hydro-
gen into the alloy powders. For example, it has been demonstrated that Mg nanoparticles
with smaller size (i.e., 25 nm) had much faster H2 sorption kinetics [4]. Mg colloids with a
particle size of 5 nm began to dehydrogenate at 85 ◦C, which was much lower than that
of commercial micrometer-size MgH2 (400 ◦C) [5]. Moreover, morphologies can also play
a vital role in the materials’ performance [6–9]. Although nanostructured metal hydrides
show improved performance in sorption/desorption kinetics, they tend to aggregate, re-
sulting in decreased sorption capacity with multiple cycles. Other challenges faced when
using powdered metal hydride materials include effective removal of the surface oxide
layer of the powders (needed to allow the hydrogen absorption reaction to proceed), higher
heat flow (due to increased reaction kinetics), and limited heat transfer to/from powdered
beds. The heat transfer is limited as the thermal conductivity of MH powdered beds is poor,
owing to their porosity and inter-particle contact resistance. For example, thermal conduc-
tivities of packed LaNi5 powders are very low, in the range of 0.1–1 W/m·K, compared
with a bulk thermal conductivity at 12.5 W/m·K [10,11]. As a result of the poor thermal
conductivity, the observed charging/discharging rate for absorption and desorption of
hydrogen is dominated by heat flow [12].

For a commercial system, the practicalities of filling and long-term operation of MH-
filled vessels needs to be improved, particularly at the scale required for H2 fuel cell electric
vehicles (FCEV). In order to fill a MH vessel quickly, heat must be removed efficiently and
effectively from the system (and reversely quickly added for discharge of H2). The poor
heat transfer capability of a powdered metal hydride bed is a considerable restriction on
the design and construction of hydrogen storage and compression systems [13]. Various
modifications to MH vessels such as introducing metal fins, cooling tubes, and phase
change materials (PCMs) have been suggested to improve heat transfer characteristics [14].
These modifications, however, significantly increase the cost and complexity of MH storage
vessels. Potentially more economical alternatives involve mixing the MH with conductive
materials and forming composite structures. These thermally conductive additions could
be metals (e.g., Al powder) or carbon-based materials such as expanded natural graphite
(ENG) [15–18], activated carbon [19], carbon nanotube [20], and carbon fiber [21]. With the
addition of 20 wt% carbon fiber, the thermal conductivity of TiFe0.9Ni0.1 composite was
increased from about 0.5 to 2 W/m·K using aramid pulp as a binder [21]. A solid compact
combining LaNi5 powder with 20 wt% Al powder was found to dramatically increase the
thermal conductivity of the LaNi5 hydride from around 1 W/m·K to 32.5 W/m·K [13].

To improve the handling capability of the hydride, contain its expansion, and improve
durability, composites with polymers/resins have also been suggested [22,23]. Polymers
can also be used as a binder to bind fine MH powders onto surfaces of microporous carbon
scaffolds or substrates [24]. Tokiwa et al. [22] measured the distortion imparted on an MH
storage vessel as a result of H2 sorption. While the addition of the resin to the composite
was effective in reducing the distortion of the storage vessel, the performance varied
depending on the polymer used.

To solve the stability issue of the nanostructured metal hydrides, nanoconfinement
provides a feasible solution to prevent particle aggregation by limiting its mobility in a
nanoporous support [25]. Combining MH powders in structures with components of
high thermal conductivity can also help overcome the challenges associated with heat
transfer. As a result, MH composite materials have attracted great interest [26,27]. This
paper provides a review of methods that have been explored to generate MH composite
structures for improved heat transfer for H2 storage and compression applications. For
a practical reactor, it is desirable to maximize its gravimetric and volumetric sorption
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capacities. Therefore, it is best to minimize the amount of support material to achieve a
high hydrogen storage capacity and avoid the need for excessive heating/cooling of inert
material. The MH mass fraction in the composite is expected to be as high as possible. This
review focuses on MH composite materials with a relatively high MH mass fraction.

2. Composite Materials

The “ideal” composite material for hydrogen storage and compression should satisfy
several requirements:

• High hydrogen permeability.
• High thermal conductivity.
• Certain degree of elasticity to accommodate metal particles expansion/contraction

during hydride formation/decomposition.
• Certain degree of mechanical strength to be resistant to mechanical degradation though

charging cycles.
• Thermal stability to work within desired temperature interval.
• Absence of chemical interactions with metal/alloy.

To accommodate the expansion during hydrogenation, MH in pellet/granule form
could be compacted with other flexible materials. In earlier studies, several different
metal matrix materials and fabrication techniques were tested for practical fabrication
of the composites containing the hydrogenated metal alloy and aluminium, nickel, and
copper as matrix [3,28]. Using an aluminium matrix was abandoned due to the difficulty
of sintering aluminium [3]. The compacts with nickel powder had a very low green
strength, could not form stable pellets under cold compaction, and had to be vacuum
sintered at temperatures from 1200 ◦C to 1300 ◦C, while the compacts made with copper
powders demonstrated relatively high green strengths and the unsintered pellets could
survive 138 sorption/desorption cycles with minor degradation on the edges [3]. Moreover,
compacts with metal additions such as nickel and copper have a substantially increased
reactor bed parasitic thermal mass due to their relatively high densities (~8.9 g/cm3) and
require complex chemical processes (e.g., solution coating, sintering under 300 bar H2) [15].
More recently, porous graphite was suggested as a matrix material which provides a simple,
economic, and effective way to increase the thermal conductivity of MH compacts. For
example, it has been reported that compacts with 2.28 wt% ENG had a higher effective
thermal conductivity of about 19.45 W/m·K compared with 8 W/m·K for compacts with
6.14 wt% Al-foams [17].

Compacts with polymers as a binder between the metal alloy powders have also
been explored to accommodate metal hydride expansion and/or provide a support for the
powdered alloy material. Although a polymer has relatively low thermal conductivity, it can
prevent the metal alloy from forming more porous structures between the metal powders
during sorption/desorption cycles, which can limit the reduction in thermal conductivity.
When the amount of polymer addition is controlled at a low level, the polymer is only
present on limited areas of the powder surfaces. It acts as a binder to hold the powder
together, improving the quality of the direct contact between the powder particles, which
prevents excessive loss of thermal conductivity during thermal cycles. Additives such
as ENG can also be incorporated to further improve the thermal conductivity of MH
composites. The key factor that influences the thermal conductivity of the composite is the
quality of the direct contact between the metal hydride powders during the sorption and
desorption cycles.

Mixtures of polymer/resin with hydrides and conductivity enhancers have also been
suggested [22]. In polymer-bonded composites, hydrogen transport to or from the MH
particles occurs through pre-existing cracks and porosity and/or by molecular diffusion
through the polymer binders. Factors that can increase the diffusion coefficient of hydrogen
through the polymer binders include chemistries of polymers free of Cl, O, N, and S that
reduce polarization of the polymer, a larger free volume due to molecular-scale gaps or
pores between the chains of polymers, lower-density molecular structures, and complex-
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ities of the side-branch groups. For semi-crystalline polymers, there are crystalline and
amorphous regions in the polymer, and the crystalline region has less permeability due
to the lack of molecular-scale gaps or pores. Consequently, a higher fraction of crystalline
regions could hinder hydrogen transport [29–34].

Polyethylene (PE) is the most common and cost-effective nonpolar semicrystalline
polymer used including low-density PE (LDPE) and high-density PE (HDPE). These poly-
mers have different densities varying between 0.88–0.96 g/cm3 and melting temperatures
in the range of 115–135 ◦C [34]. LDPE has demonstrated a hydrogen permeability of
~2.0–3.0 × 10−15 mol·m/(m2·s·Pa), which is 2–3 times higher than HDPE (p < 5 bar and
50 ◦C, [35]), due to its lower crystallinity and greater free volume. Temperatures above
50 ◦C will increase the free volume in polymeric materials [36], leading to a greater hydro-
gen permeability in either LDPE or HDPE. Hydrogen diffusion through the PE polymers
at this permeability is considered faster than the reaction kinetics of MHs, and thus not
the factor limiting hydrogen transport in a polymer matrix MH composite [37]. Since
the melting point of PE is low, low-temperature metal hydrides (e.g., LaNi5 with a re-
action temperature < 100 ◦C) are commonly selected for manufacturing PE-based metal
hydride composites [38].

Polypropylene (PP) is another nonpolar semicrystalline polymer utilized as either
matrix or binder for low-temperature metal hydride composites. The melting point of
the PP is between 130 ◦C and 171 ◦C, with densities in the range of 0.855 (amorphous) to
0.946 (crystalline) g/cm3. Due to its similar characteristics to PE polymers, H2 permeability
is almost identical to the PE polymer [39]. The use of the PP in polymer MH composites,
therefore, is exchangeable with PE [40–44], in terms of permeability, working temperature,
and weight.

A higher working temperature polymer becomes essential when high-temperature
metal hydrides are involved, such as MgH2 (working temperature > 300 ◦C). One example
of a high-temperature polymer is high-temperature-vulcanized polysiloxanes, especially
polydimethylsiloxanes (PDMS). The glass transition temperature of PDMS is −149 ◦C [45]
and it can operate under extreme environments and temperature from −55 to 300 ◦C [46].
The hydrogen permeability of PDMS is measured as ~3 × 10−13 mol·m/(m2·s·Pa) at 35 ◦C
and up to 16 bar [47,48], which is significantly higher than ~3 × 10−15 mol·m/(m2·s·Pa)
determined for LDPE [49]. The PDMS polymer is often deployed to form a porous scaf-
fold system, rather than a continuous matrix, in the metal hydride composites that con-
tain either high-temperature non-Pd hydrides (e.g., MgH2) or volatile/liquid complex
metal hydrides [50].

Polymethylpentene (PMP) is a semicrystalline polymer with the chemical formula
(C6H12)n and is commonly called TPXTM. It has a side branch at the molecular level, which
makes it a promising candidate for gas transport. It has a melting temperature of around
230 ◦C, suitable for most of H2 and MH reactions. PMP is also used to form the scaffold
system for polymer metal hydride composites [37,40,51,52].

As high-temperature polymers typically have a poor hydrogen permeability, the role
of the polymers in the high-temperature metal hydride composites has been changed to
hold MH particles onto a scaffold or substrate that are based on carbon or ceramic materials
or bind the particles together [53,54]. The polymers are often coated onto the surfaces of
the powders, rather than as a continuous matrix. While the polymer coating on the MH
particles is thin, it is still desirable for the polymer to provide surface protection for the
MH powders from oxidation and other contaminates [44,55]. A wide range of other high-
temperature polymers has been explored as the scaffold system for MH composites. These
polymers include polyvinyl chloride (PVC, (C2H3Cl)n, melting point < 260 ◦C) [56], Phenol
formaldehyde resins (PF) that decompose at >220 ◦C [53,54], thermoplastic polyesters, e.g.,
Nylon™, melting point of heating 210–260 ◦C and of cooling 180–210 ◦C [57], and thermoplastic
fluoropolymers (e.g., polyvinylidene difluoride (PVDF), melting point of 177 ◦C) [41,44].
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2.1. Composites with Expanded Natural Graphite (ENG)

MH composite compacts with ENG as the binder were suggested as an alternative
and efficient solution for MH reaction beds instead of commercially available Al-foams [17].
The effective thermal conductivity is reduced by increasing the MH to ENG mass ratio. It
was concluded that the MH to ENG ratio should be higher than 20 and the effective thermal
conductivity should be >8 W/m·K in order to be competitive to Al-foams, which can be
achieved in composites with relatively low porosities [58].

Various materials compacted at different pressures with different proportions of ENG
(in range of 2.5–34 wt%) were prepared and tested [16–18,58–60]. Melt-spun magnesium
alloy flakes and ENG compacts prepared as cylindrical pellets have demonstrated good
effective thermal conductivity [18]. Later, this research group demonstrated that Hydralloy
C5 (AB2 type metal hydride)/ENG composite pellets can be used for hydrogen storage
applications [59]. Hydrogenation performance and the pellet evolution (composites with
5 wt% ENG compacted at 75 MPa were tested) during the observed hydrogenation cycles
was found to be promising for use in tubular storage tanks.

Another composite of a mixture of Mg(NH2)2, LiH, and KOH (molar ratio of 1:2:0.07)
with 9 wt% ENG addition were prepared at a compaction pressure of 156 MPa [60]. The
increase in the compaction pressure led to the reduction in the desorption kinetics for
the 1st sorption cycle but had a minor effect for the following cycles. The composite of
La1-xCexNi5 and ENG was fabricated by compaction at 30 MPa, and the thermo-physical
properties of the composite were measured [16]. The thermal conductivity was increased
from 2 to 8 W/m·K.

Figure 1 shows the influence of ENG content on the thermal conductivity of Mg90Ni10-
ENG compacts and their approximate hydrogenation states (i.e., MgH2-ENG compacts) [18].
The thermal conductivity of all composites showed a high degree of anisotropy. It was
much higher in the radial direction, which is perpendicular to the compaction direction.
The compaction pressure had a significant impact on the radial thermal conductivity for
Mg90Ni10-ENG compacts. On the other hand, it had little impact for MgH2-ENG compacts.
For lower ENG content compacts, there was a decrease in thermal conductivity when it
was in a hydrogenated state. It is suggested that the heat transfer characteristics can be
tuned in a wide range depending on ENG content and compaction pressure.

2.2. Composites with Polymers

The Japan Steel Works have developed composites of MmNi4.4Mn0.1Co0.5 powder
with two resins (i.e., LASTOSIL® M4648 and WACKER SilGel® 612). Pressure-composition-
temperature (PCT) isotherms of the raw alloy and resin composites were found to be similar,
however, the H2 reaction rate was noted to be slower for the composite compared to the
alloy powder [61]. Strain measurements performed on the MH containers confirmed lower
strain recorded for the containers containing the resin composites. This lower strain was
thought to be due to the immobilization and uniform distribution of the MH powder [61].
A 1000 Nm3-class hydrogen storage system was fabricated, filled with 7.2 tons of MH
composite materials. This system could work at maximum hydrogen charging/discharging
rates of 70 Nm3/h at a medium flow rate of 30 NL/min at temperatures in the range of
25–35 ◦C [61]. Resin composites prepared by Watanabe et al. [62] similarly showed no signs
of damage after five absorption/desorption cycles. Even though disintegration of the MH
powders took place, they were found to be firmly fixed in the resin matrix.
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(a) (b) 

Figure 1. (a) Radial (solid line) and axial (dashed line) thermal conductivities of the Mg90Ni10-ENG
compacts at different compaction pressures as a function of ENG content. (b) Radial (solid line)
and axial (dashed line) thermal conductivities of the MgH2-ENG compacts at different compaction
pressures as a function of ENG content (0 wt% black, 5 wt% orange, 10 wt% blue, 25.5 wt% green).
Note: MgH2 is treated as the approximate hydrogenated state of Mg90Ni10. Figure adapted from
Pohlmann et al., International Journal of Hydrogen Energy; published by Elsevier, 2010 [18].

Checcetto et al. [38] prepared composites of LaNi5 powders distributed in a H2 per-
meable elastomer (polysiloxane), with MH contents of 50 and 83 wt%. The composite
with 50 wt% alloy exhibited a low H2 storage capacity, thought to be due to the MH
particles being separated and the chemistry at the MH–polymer interface, limiting H2
absorption by the metal particles. When the MH content was increased to 83 wt%, H2
sorption was noted to increase; however, this was still lower than anticipated. It was
suggested that H2 disassociation needed to occur at a metal surface, which was hindered
in the polymer composites.

In further work, Checcetto et al. [43] showed that surface chemistries in metal–polymer
composites were important and can impede the activation of the metal alloy surface. It
was speculated that this is the underlying mechanism as to why some polymer–metal
composites showed reduced H2 storage capacity. LaNi5 particles (<30 μm) dispersed
in polysiloxane showed negligible H2 storage capacity while LaNi5 particles dispersed
in polyethylene were completely hydrogenated. Conversely, Pd powders (average size
1 μm) dispersed in polysiloxane were found to completely hydrogenate. For complete
hydrogenation of a metal–polymer composite, weak chemical interactions between the
polymeric chain and the metal surface are required (i.e., nonpolar polymers). H2 desorption
rates were noted to be slower for all composite materials, thought to be due to slow H2
diffusion into the polymeric part of the composite.

This work shows that combining polymers with metal alloys can be effective in
accommodating the expansion that occurs as the hydride phase is formed. However, care
needs to be taken in the selection of the polymer to ensure that it not only maintains suitable
properties at the operating temperatures of H2 charging and discharging, but also does
not impede the activation and subsequent sorption of H2 by the composite. There is also
potential to explore the possibility that permeative polymers could play a role in protecting
the metal powders during prolonged operation.
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3. Liquid-State Fabrication Methods to Produce Metal Hydride Composites

3.1. High-Temperature Melt Infiltration to Form Supported Composites

For some metallic-bonded metal hydrides, melt infiltration can load their metals into
certain supports by melting the metal alloys under appropriate conditions [63]. Loading
is determined by the wettability of the melt on the support [64]. If the contact angle is
smaller than 90◦, the pores of the support can be filled by capillary force. On the other
hand, if the contact angle is larger than 90◦ (non-wetting), external pressure is needed to
fill the pores of the support [65]. This method can achieve relatively high loadings in a
single step. However, this is only applicable to metal hydrides with melting temperatures
where the support materials are stable. Therefore, the maximum temperature that can be
applied is also limited by the nature of the support materials. Magnesium nanoparticles
were prepared by infiltration of nanoporous carbon with molten magnesium [66]. The size
of the Mg crystallites was affected by the pore size of the carbon and can be less than 2 nm.
The maximum loading without bulk magnesium aggregation was up to 13 wt%.

3.2. Low-Temperature Solution Impregnation to Form Supported Composites

For the ionic- or covalent-bond metal hydrides that can form complex metal hydrides
in a solution, the supported composites can be fabricated at low temperature using a
solution method. Solution impregnation is widely used for catalyst preparation. A solution
of the MH is allowed to infiltrate the porous support materials, and then the solvent can
be removed by a drying process. This method relies on the solubility of the hydride in an
organic solvent. The most common solvents are ethers, diethyl ether, and tetrahydrofuran
(THF). A main disadvantage is that high loadings can only be obtained by repeated pro-
cesses as the metal hydride solubility is often low. Cahen et al. [67] incorporated LiBH4
into a mesoporous carbon by room temperature impregnation using 0.029 wt% LiBH4 in
methyl tert-butyl ether (MTBE). The composite with a 33:67 weight ratio (LiBH4/carbon)
showed excellent desorption kinetics with a hydrogen release of 3.4 wt% in 90 min at 300 ◦C,
whereas the decomposition of neat LiBH4 was not significant at the same temperature.

3.3. Low-Temperature In-Situ Solution Synthesis to Form Supported Composites

In-situ solution synthesis uses MH precursors instead of as-prepared metal or MH.
The MH nanoparticles are formed in the pores of the support. It can achieve relatively
high loadings in a single step. However, it highly relies on the nature of the MH and the
properties of the support. For example, Mg(Bu)2 has been widely investigated as a precursor
to synthesis of MgH2 [68]. MgH2 nanoparticles with a size less than 3 nm were formed
inside the pores of a carbon scaffold and a significant reduction in reaction enthalpy and
entropy was found for the composite. A MgH2/graphene composite with MgH2 loading of
75 wt% (MHGH-75) was synthesized via the hydrogenation of Mg(Bu)2 in cyclohexane [69].
Nickel was further introduced as a catalyst to enhance hydrogen storage performance of
MgH2. The MHGH-75 composite showed H2 sorption capacity of 4.3 wt% in 60 min at
200 ◦C under 30 bar H2 pressure. Moreover, the sorption capacity of the composite with
nickel catalyst (Ni-MHGH-75) was 5.4 wt%. Conversely, there was no sorption observed
from ball-milled MgH2 and MgH2/graphene under the same conditions. Figure 2 shows
the cyclic performance and the thermal conductivity of the composites [69]. Overall,
the Ni-MHGH-75 composite demonstrated stable cycling performance up to 100 cycles.
Compared with MgH2 nanoparticles (NPs) and ball-milled MgH2/graphene composite,
the thermal conductivity of MHGH-75 composite was increased by ≈93.5-fold and 5.6-fold,
respectively, at both room temperature and 200 ◦C. It is suggested that graphene acts not
only as a structural support, but also as a space barrier to prevent the growth of MgH2
nanoparticles and as a thermally conductive pathway. Similar results have been reported
for a NaBH4/graphene composite [70].
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Figure 2. (a) Reversible H2 absorption (under 30 atm hydrogen pressure) and desorption (un-
der 0.01 atm hydrogen pressure) of Ni-MHGH-75 (circles) and MHGH-75 (triangles) at 200 ◦C.
(b) Thermal conductivity of MHGH-75 in comparison with MgH2 NPs and ball-milled MgH2 con-
taining 25 wt% graphene (BM MgH2/GR) at room temperature and 200 ◦C, respectively. Figure
adapted from Xia et al., Advanced Materials; published by Wiley, 2015 [69].

4. Powder-Based Fabrication Methods

Most literature reports investigated MH/composite in the powder form. For the
metallic metal hydrides, e.g., based on Mg, V, Ti, La, and Al metals, combing the powders
of these alloys with support materials without melting the metal is a popular method
as they are simple, low cost, and consume less energy in comparison with the liquid
fabrication route.

However, the powder composite has some disadvantages, especially for large-scale
systems. First, the breakdown of metal particles into fine powders after hydrogenation
cycles is well-known. This will limit the loading of the material in the reactor and can
introduce internal stress to the reactor wall [71]. Second, it will reduce the thermal con-
ductivity of the material, increasing heat transfer resistance, which may adversely impact
sorption/desorption kinetics. Fine MH powders are found to have a typical thermal con-
ductivity of ~0.1 W/m·K [15]. As a result, additional heat management measures such as
fins, Al-foams, and phase change materials must be considered [14], which will increase
the system cost and further reduce the packing density of the reactor. Although most pilot
and industrial hydride tanks are using MH/composite powder, it is important to explore
properties of composite materials in other forms such as pellet/disc and film/sheet. These
composites can be synthesized by applying additional molding steps. It is expected that
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they have a much higher thermal conductivity and better structural integrity, which is
beneficial to the overall performance of the reactor.

4.1. Powder Preparation by Ball Milling

Ball milling is one of the most-common techniques to reduce the particle size of
MH [72] as either standalone (unsupported) hydrogen storage materials or as the con-
stituents to be incorporated into a supported composite. It can readily reduce the particle
size of MH down to a few nanometers and introduce many defects that can enhance hy-
drogen diffusion processes. Carbon material in this case is used as an additive rather than
a support. Hydrogen or solvents can be introduced during the milling process [73,74]. It
is a convenient method for the activation and formation of MH. Moreover, it can prevent
or minimize the formation of a metal oxide layer when an inert atmosphere is applied.
It has been reported that the hydrogen sorption rate increased significantly as a result of
reactive ball milling of magnesium with different carbon allotropes (e.g., graphite, ultrafine
diamonds, carbon nanotubes, and amorphous carbon powder) [75]. Figure 3 shows the
impact of activated carbon (AC) on the hydrogen sorption capacity of ball-milled MgH2-AC
composites. Overall, the addition of AC can improve H2 sorption kinetics, particularly at
low temperature conditions, compared with ball-milled MgH2 nanoparticles. The MgH2-5
wt% AC composite shows H2 sorption capacities of 6.5, 6.7, and 6 wt% in 10, 120, and
600 min at 300, 200, and 150 ◦C, respectively.

 

Figure 3. Hydrogen sorption isotherms of the as-prepared MgH2-xAC composites (x represents
the weight percentage of AC) at (a) 300 ◦C, (b) 200 ◦C, and (c) 150 ◦C with an initial hydrogen
pressure of 2 MPa, and (d) the comparison of the capacities of hydrogenation within 2 h at 300 ◦C and
relevant activation energies for hydrogenation. Figure adapted from Jia et al., International Journal of
Hydrogen Energy; published by Elsevier, 2012 [76].
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The hydrogenation process can also be accelerated by the addition of catalysts [72,77].
Meng et al. [78] reported an improvement in the hydrogen storage properties of MgH2
by introducing electrospun carbon fiber-encapsulated nickel catalyst. For instance, the
MgH2-10 wt% Ni/Carbon fiber composite demonstrated dehydrogenation capacities of
5.79 wt% and 6.12 wt% at 280 ◦C and 300 ◦C, respectively, whereas the as-milled MgH2
hardly decomposed at the same temperature.

Ball milling has also been used to coat alloy particles, e.g., with polymer materials.
Rafatnejad et al. [55] used ball milling to coat MgH2 powders with poly(methyl methacry-
late) (PMMA). The aim here was to apply a protective coating to the alloy particles to
protect them from oxidation.

If the operating temperature is moderate but above the polymer melting point, the
solid-state metal powders can be utilized to form the composites without melting.

4.2. Polymer Solution Forming (Casting)

A composite of polyethylene (PE) and LaNi5 alloy was prepared by dissolving pel-
lets of low-density PE in boiling heptane [43]. A fine powder of LaNi5 was added to the
solution, and heptane was removed via evaporation. A final homogenous composite was
prepared by melting and then shaping the resulting material into disks by hot-pressing.
Checchetto et al. [43] also achieved a dispersion of Pd powder into poly(N-vinyl pyrroli-
done) by dissolving the polymer into a small amount of ethanol at room temperature.
The Pd powder was added to the resulting viscous mixture, and ultrasound was used to
increase homogeneity. The ethanol was then evaporated under vacuum over three days.

Japan Steel Works have applied this method to produce composites with
MmNi4.4Mn0.1Co0.5 powder and resins [61]. The powder and resins were mixed suffi-
ciently to uniformly distribute the alloy particles (1 mm), before being poured into a
low-strength aluminium container. Microstructural analysis confirmed the alloy powder
to be uniformly distributed in the composite. Watanabe et al. [62] developed cylindrical
composites by solidifying a mixture of polyvinyl alcohol, starch, and CaNi5 powder in a
cylindrical vessel at 120–180 ◦C. The composite was then washed to remove starch after
solidification. This resulted in a porous composite with the CaNi5 bound by the resin. A
thin film composite was also prepared by pouring the mixture onto a plate and solidifying
at 100 ◦C. They noted a slight decrease in the H2 absorption capacity of the composite
materials compared to the raw alloy, but little damage to the resin was observed.

To avoid settling and/or segregation of alloy particles as the polymer cures, the
polymer/alloy composite mixtures are often quite viscous. This can make filling tanks
difficult, particularly through narrow openings. Japan steel works have a patented process
using vibrations to assist filling MH storage tanks with a resin/alloy/carbon fiber composite
that has a pre-cured consistency similar to wet sand [23]. Vibrating the tank during filling
is noted to result in more even distribution of the composite within the MH tank.

4.3. Solid State Compacting

Compaction is commonly used to prepare MH composites in a pellet form. Cold
compaction was found as the most practical method of forming the composite. Acceptable
microstructures were fabricated using uniaxial pressing, while isostatic pressing could
be used if more uniform matrix density is required or if it is able to decrease residual
matrix stresses [3].

The properties of the composite such as density, porosity, and thermal conductivity [79]
can be affected by the applied compaction pressure [60]. In general, the porosity will
decrease when the compaction pressure increases, but it could limit the mass transfer of
hydrogen [80]. There are currently commercially available MHs developed for storage
applications that are supplied in the form of compacted pellets (e.g., GKN [81]).
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4.4. Solid-State Cold Rolling

Cold rolling is another method for MH composite preparation and molding [82–84].
Mg-Mg2Ni-carbon soot/graphite composites were prepared by cold rolling and their sorp-
tion/desorption kinetics are shown in Figure 4 [85]. The graphite composite delivered the fastest
absorption kinetics (4.5 wt% in 80 s), while it was only 0.7 wt% for the Mg-Mg2Ni alloy.

Figure 4. Hydrogenation (20 bar H2 pressure, filled markers) and dehydrogenation (0.1 bar vacuum,
empty markers) capacity as a function time for Mg–Mg2Ni and Mg–Mg2Ni–soot/graphite hybrids at
300 ◦C. Figure adapted from Gupta et al., International Journal of Alloys and Compounds; published
by Elsevier, 2015 [85].

4.5. Hot Pressing

Hot pressing uses high pressure and temperature to form powder compacts.
Pentimalli et al. [86] used a ball mill to develop a MH–polymer composite resulting in the
metal particles being coated in the polymer material. The composite was consolidated
by hot pressing into pellets (6 kN force for 30 min, 150–175 ◦C). The composite materials
showed no losses in loading capacity or kinetic properties compared to the raw alloy
powder. Micro cracks and channels were noted to form in the polymer matrix after cycling,
allowing the easy passage of H2 to the embedded alloy particles.

Selection of hot-pressing process parameters, such as temperature and pressure, is
influenced by the melting or glass transition temperatures of the polymer and the desired
porosity level in the formed composites. One hot-forming example conducted at 100 MPa
and 165 ◦C [41] aimed to fabricate composites consisting of LaNi5, polymer, and graphitic
flakes with about 25–30% porosity, 55–60% LaNi5, and 10–15% polymers and graphite.

4.6. Extrusion

Extrusion is a deformation-based manufacturing process and can produce MH com-
posites of various forms. Watanabe et al. [62] developed a CaNi5 composite with resin by
extrusion. A mixture of a fine granular phenol resin, a liquid-state phenol resin, and CaNi5
was extruded into a cylindrical form and solidified at 147–157 ◦C. It was confirmed that the
metal hydride powders were well fixed in the resin matrix although the breakdown of the
powders was observed after a few cycles.
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Pentimalli et al. [87] combined high-energy ball milling with extrusion as a low-cost
method to generate polymeric composites with LaNi5-type MH. Acrylonitrile butadiene
styrene (ABS) copolymer was selected due to its rheological and thermal properties that
make it suitable for extrusion, its wide availability, and low cost. It does not exhibit signifi-
cant gas barrier behavior and the presence of a rubber component is able to compensate
for the volumetric expansion/contraction resulting from hydrogen absorption/desorption
by the hydride particles. The polymer was supplied as spherical pellets and reduced to
powder by centrifugal milling after embrittlement in liquid nitrogen. Graphite powder was
also added to the final composite to increase thermal conductivity. The three components
were blended using high-energy ball milling. The blends obtained were then extruded
using a bench top compounder (110–220 ◦C) and cut to form pellets. This resulted in a
composite with a homogeneous porous microstructure. Thermal conductivity increased
from 0.2 W/m·K for the raw polymer to 2 W/m·K for the composite. PCT isotherms
showed little difference between the composite and raw alloy.

5. Cyclic Stability and Composite Evolution

Cyclic stability is an important parameter for composite materials. It is imperative that
the composite maintains its structural integrity during cycling. Otherwise, its properties
can change significantly, and the composite may eventually break down into fine powders.

It was reported that the unsintered composites of LaNi4.25Al0.75 with copper could be
handled and survived a 138-cycle absorption/desorption test with only minor degradation
on the edges [3]. Additional vacuum sintering treatment was suggested for strengthening
the copper matrix without affecting the ability of the composite to absorb hydrogen.

Figure 5 shows the hydrogen storage capacity and mass decrease in two MH sheets
(70 wt% MH, 10 wt% aramid pulp, 20 wt% carbon fiber) as a function of cycle number [21].
There were prepared by wet papermaking method. For the La0.6Y0.4Ni4.9Al0.1 (LYNA)
composite, the hydrogen uptake increased slowly in the first 20 cycles and a decreasing
trend was observed up to 100 cycles, while the TiFe0.9Ni0.1 (TFN) composite maintained its
sorption capacity. The mass losses were less than 1 wt% after 100 cycles for both samples,
indicating the composites had a good mechanical stability.

Figure 5. Hydrogen storage capacity and mass decrease in MH sheets (TFN: TiFe0.9Ni0.1; LYNA:
La0.6Y0.4Ni4.9Al0.1) during hydrogenation cycle test at 3.8 MPa of hydrogen and was vacuumed for
1 h. Figure adapted from Yasuda et al., International Journal of Hydrogen Energy; published by
Elsevier, 2013 [21].
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Regarding MH/ENG composites, it was observed that lower activation temperatures
require more cycles to reach full performance [58]. It was also found that the grain size of
Hydralloy C5 used in the composites decreased during cyclic hydrogenation (from 108 nm
to 15 nm), which is believed to be beneficial for the sorption kinetics [59].

Figure 6 shows the radial thermal conductivity of Hydralloy C5-10 wt% ENG compos-
ite throughout 1000 cycles [88]. The composite had a diameter of 13.5 mm and thickness of
6.7 mm and was compacted at 75 bar. The thermal conductivity of the composite decreased
from 40 W/m·K to 12.7 W/m·K after 250 cycles. Then, it was in the range of 10–15 W/m·K
up to 1000 cycles. This is much higher than that of loose powder beds [89]. The good
thermal conductivity of the composite was supported by the temperature profile during the
sorption process. The bed temperature increased from 50 ◦C to nearly 78 ◦C when sorption
occurred, before dropping down to 50 ◦C in 3 min.

 
Figure 6. The radial thermal conductivity of Hydralloy C5-10 wt% ENG composite throughout
1000 cycles. Cycling temperature: 50 ◦C; absorption pressure: 40 bar; desorption pressure: 1 bar.
Figure adapted from Dieterich et al., International Journal of Hydrogen Energy; published by Elsevier,
2015 [88].

The Japan Steel Works reported the cycling performance of MmNi4.4Mn0.1Co0.5 com-
posites with two resin materials [61]. No shape collapse of the composite materials was
observed after 100 absorption and desorption cycles. As the MH powder was immobilized
in high elasticity resin, cracks were also not observed in the composites after cycling.

6. Summary and Concluding Remarks

Metal alloys and intermetallic compounds are a promising option for the safe storage
of H2. Challenges relating to cyclic stability and heat transfer to/from particle beds can
be improved by forming composites of the alloy powders with high thermal conductivity
materials, such as ENG. Such composites can be prepared by a number of methods, often
dependent on the properties of the storage alloy. It is worth noting that high MH content is
favorable for the composite as additives can cause the loss of H2 storage capacity. In general,
liquid-based methods can achieve better dispersion of metal alloy, which is beneficial to
the reaction kinetics, while its loading can be limited. On the other hand, powder-based
methods are versatile and can be easily scaled up. However, the dispersion of metal alloy
may not be as good as those produced from liquid-based methods.
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Challenges related to the expansion of metal particles as they absorb H2 and form
a hydride phase can be mitigated by incorporating the metal particles into composite
structures with polymers. Care needs to be taken in the selection of the polymer, however,
to ensure polymer–metal surface chemistries do not impede performance. For example, if
the polymer can form strong bonds with the metal surface, this bonding will decrease the
contact of the hydrogen with the active metal surfaces, leading to a decrease in hydrogen
absorption. With ENG additive, the applied compaction pressure should be optimized. A
higher thermal conductivity can be achieved by applying a higher pressure (i.e., reduced
porosity). Conversely, a denser structure may hinder H2 Transport.

With suitable selection of conductivity enhancers and polymers, composite structures
can be prepared with improved heat transfer, cycling performance, and durability.
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Abstract: This study aims to shed light on the unusual trend in the stabilities of Zr(MoxFe1−x)2,
0 ≤ x ≤ 1, hydrides. Both the rule of reversed stability and the crystal volume criterion correlate
with the increased hydride stabilities from x = 0 to x = 0.5, but are in contrast with the destabilization
of the end member ZrMo2 hydride. The pressure-composition isotherms of ZrMo2-H2 exhibit very
wide solid solubility regions, which may be associated with diminished H–H elastic interaction,
uelas. In order to discern this possibility, we measured the elastic moduli of Zr(MoxFe1−x)2, x = 0,
0.5, 1. The shear modulus, G, shows a moderate variation in this composition range, while the bulk
modulus, B, increases significantly and monotonically from 148.2 GPa in ZrFe2 to 200.4 GPa in ZrMo2.
The H–H elastic interaction is proportional to B and therefore its increase cannot directly account
for a decrease in uelas. Therefore, we turn our attention to the volume of the hydrogen atom, vH,
which usually varies in a limited range. Two coexisting phases, a Laves cubic (a = 7.826 Å) and a
tetragonal (a = 5.603 Å, c = 8.081 Å) hydride phase are identified in ZrMo2H3.5, obtained by cooling
to liquid nitrogen temperature at about 50 atm. The volume of the hydrogen atom in these two
hydrides is estimated to be 2.2 Å3/(H atom). Some very low vH values, have been reported by other
investigators. The low vH values, as well as the one derived in this work, significantly reduce uelas

for ZrMo2-H2, and thus reduce the corresponding critical temperature for the metal-to-hydride phase
transition, and the heat of hydride formation. We suggest that the bulk stiffening in ZrMo2 confines
the corresponding hydride expansion and thus reduces the H-H elastic interaction.

Keywords: intermetallic hydrides; hydrogen atomic volume; Zr(MoxFe1−x)2 pseudobinary intermetallics;
critical temperature of metal to hydride phase transition: hydrogen–hydrogen elastic interaction;
elastic moduli

1. Introduction

The present study demonstrates a significant impact of the bulk modulus on the
hydride formation of the intermetallic compounds ZrMo2 and TaV2. It would be instructive
to consider at the outset some general factors determining the hydrogenation behavior
of metal alloys. It is a well-known empirical rule that hydrogen-absorbing alloys or
intermetallic compounds must contain at least one elementary metal forming a reversible
hydride at nearly ambient conditions, e.g., Ref. [1]. The ability of the compounds to
absorb hydrogen is thus determined by the metal–hydrogen interaction. In addition, the
properties of the parent intermetallics provide some guidelines regarding the stability of
the corresponding hydrides: (i) the rule of reversed stability—the more stable the original
intermetallic, the less stable the resulting hydride [2]; (ii) the crystal volume criterion—the
hydride stability increases with the increase in the original crystal volume [3]; (iii) the
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crystal structure—sometimes alloys of identical or nearly identical chemical compositions
crystallize in a completely different lattice structure. The one, presenting interstitial sites
more abundant in hydride-forming elements, forms more stable hydrides. For example,
the pseudobinary U(AlxNi1−x)2 system crystallizes in two different structures, a Laves
phase structure in the compositional ranges 0 ≤ x ≤ 0.2, 0.9 ≤ x ≤ 1, and a ZrNiAl-type
(Fe2P-type) structure at 0.4 ≤ x ≤ 0.5. The Laves phase compounds do not absorb hydrogen
up to pressures of 100 atm, while the hydrides UNiAlH2.5 and UNi1.2Al0.8H2.35 are formed
at that pressure range. This difference of hydrogen absorption is attributed to the presence
of uranium-richer tetrahedral sites (3U + 1(Ni,Al)) in U(AlxNi1−x)2, x = 0.4, 0.5, as compared
to the (2U + 1(Ni,Al)) sites in the Laves-phase compounds, where uranium is the hydride-
forming element [4,5]; and (iv) we will consider in some detail the influence of the bulk
elastic modulus on the critical temperature, Tc.

The metal to hydride phase transition in most hydrogen-absorbing intermetallic
compounds is characterized by a critical temperature, Tc. A discontinuous transformation
of the crystal lattice occurs below Tc, while above it the final hydride structure may be
reached in a gradual, continuous way. This behavior imposes identical or very similar
crystal structures of the original intermetallic compound and its corresponding hydride,
besides the usual increase in the lattice volume upon hydrogenation. The metal to hydride
phase transformation is driven by attractive hydrogen–hydrogen interaction, −u, which is
composed of elastic and electronic parts [6].

u = uelas + uelec

The critical temperature, Tc, is related to the attractive H–H interaction:

Tc = u × r/4k (1)

r is the number of interstitial sites per metal atom available for hydrogen absorption and k
is Boltzmann’s constant (1.38 × 10−23 J K−1). The corresponding units of u are J.

The form of the elastic part, uelas, has been derived by several investigators, e.g.,
Refs. [6–8]:

uelas =

(
1 − B

B + 4
3 G

)
B

v2
H

V
(2)

B and G are the bulk and shear moduli in Pa (N/m2), respectively, vH is the excess
volume occupied by one hydrogen atom in the metal matrix in m3, and V is the average
volume per metal atom in m3. uelas is then obtained in J. uelas is usually presented in eV by
multiplying the value in J by the conversion factor 1 J = 6.242 × 1018 eV. The volume,vH, of
the hydrogen atom in the metal matrix and the term in the brackets usually do not change
very much. Typical values of vH stay in the range of 2.5–3 Å3/H atom, e.g., Ref. [6]. The
bulk modulus, B, is then a leading term in uelas. The physical reasoning for the increase
in the long-range uelas interaction with B is that larger B induces larger strain fields in the
crystal lattice around a hydrogen atom and provides better linkage between the hydrogen
atoms. The attractive elastic interaction is considered to play a main role in the metal-
to-hydride phase transition. Fen Li et al. have proposed a repulsive screened Coulomb
interaction between the hydrogen atoms in TiCr2Hx [9]. It was recently demonstrated that
the electronic interaction may be repulsive, negligible, or attractive by considering the
corresponding critical temperatures of the ZrCr2-H2 (<300 K), ZrMn2-H2 (564 K), and Pd-H2
(565 K) systems in relation to their relevant elastic properties, Equations (1) and (2) [10].

This study aims at elucidating a puzzling behavior of the hydride stabilities in
the Zr(MoxFe1−x)2 system, as presented at MH2018 and subsequently published [11].
Figure 1 [11] exhibits pressure-composition isotherms, demonstrating increased monotonic
stability of the Zr(MoxFe1−x)2 hydrides for x = 0, 0.2, 0.5, but then this trend is reversed by
a stability decrease for x = 1. Investigating these stability trends of the Zr(MoxFe1−x)2 hy-
drides, in view of the guidelines listed above, requires a knowledge of relevant data, namely,
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the heats of formation of the original intermetallic compounds, their crystal structures, lat-
tice parameters, bulk and shear moduli, and the degree of expansion upon hydrogenation
which determines vH. Most of these data appear in the literature. In order to complete the
required set, elastic properties have been determined in this work. In addition, we hydro-
genated ZrMo2 to the greatest possible extent under the available experimental conditions
in our lab, attempting to settle some differing crystallographic results, associated with the
volume of the hydrogen atom in ZrMo2 hydride(s).

Figure 1. Pressure-composition isotherms of Zr(MoxFe1−x)2-H2 systems, x = 0, 0.1. 0.5, 1 at the indicated
temperatures. (Reprinted with permission from Ref. [11] under license 5531441401625 by Elsevier).

2. Experimental Details

Zr(MoxFe1−x)2, x = 0, 0.5, 1, samples were prepared by arc melting high-purity
(~99.9%) elements on a water-cooled copper hearth. The pellets were homogenized by
melting them at least three times, turning them over after each melting. The as-cast al-
loys were then sealed in argon-filled quartz ampules and annealed for 72 h at 1373 K.
The crystal structure of the prepared compounds was determined and verified by X-ray
diffraction (XRD) in a PW 1050/70 diffractometer from Philips, utilizing Cu Kα radiation
of 1.5418 Å. Parallel-faced intermetallic slices of about 2.5 mm thickness were cut using a
diamond sawing disk and subsequently polished to achieve a parallelism within the range
of 3 × 10−6 m. The resulting parallel-faced samples were then subjected to sound velocity
measurements using the pulse echo (PE) method. The frequency of the PE piezoelectric
transducers for both the longitudinal and transverse modes was 5 MHz. The sound wave
velocities were determined by measuring the time needed for the acoustic waves to travel
forth and back between the opposite parallel faces of the sample. The densities of the
samples were analyzed using the measured structural parameters. The obtained results
were then compared to the measured Archimedes densities (both wet and dry) in order to
determine the porosity ratio of the samples.

ZrMo2 compound was hydrogenated at about 60 atm hydrogen pressure and room
temperature in a home-built Sieverts system, equipped with 3.5, 60, and 100 atm pressure
transducers. The amount of absorbed hydrogen in ZrMo2 was calculated by considering
the non-ideality of the hydrogen gas. For example, the difference between the real and
the ideal hydrogen pressures at 100 atm and room temperature is about 6%. The reactor
chamber, with the hydrogenated sample in it, was then very slowly cooled from room to
liquid nitrogen temperature in order to enhance the hydrogen absorption. The equilibrium
hydrogenation pressure decreases in an exponential way vs. the decreased temperature.
Thus, decreasing the sample temperature at approximately constant pressure, as most
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of the system is kept at ambient conditions, corresponds to significantly increasing the
pressure at room temperature. Hydrogen absorption is expected to be practically none
at very low temperatures, e.g., 78 K, because of extremely reduced kinetics. The very
slow cooling is then intended to enable hydrogen absorption at intermediate temperatures,
between 295 K and 78 K. Finally, a poisoning procedure was applied. (The purpose of the
poisoning procedure is a contamination of the surface of the sample, for example by water
vapor, without changing its bulk content. This contamination keeps the hydride intact and
prevents its decomposition for long enough time in order to enable some experimental
measurements at ambient conditions, e.g., XRD.) The hydrogen was evacuated from the
reaction chamber, kept at liquid nitrogen temperature, and then the sample was exposed
to the ambient atmosphere. The X-ray diffraction pattern of the air-exposed sample was
immediately recorded without any additional precautions. The poisoning is considered
successful provided two conditions are fulfilled: (i) the XRD pattern of the hydrogenated
sample is significantly different from the pattern of the original compound; and (ii) the XRD
pattern of the hydrogenated sample does not change or changes very slowly with time.
These two conditions were satisfied in the present case of ZrMo2—see Section 3.1 below.

3. Results and Discussion

3.1. Structural and Elastic Properties of Zr(MoxFe1−x)2, x = 0, 0.5, 1

ZrFe2 and Zr(Mo0.5Fe0.5)2 exhibited single Laves phases in their XRD patterns, while
95% Laves phase was obtained for ZrMo2 (Figure 2). ZrFe2 and ZrMo2 crystallized in the
cubic C15 phase with lattice constants 7.074 Å and 7.589 Å, respectively. These values
are in fair agreement with the published data for ZrFe2 (e.g., 7.074 Å [12]) and ZrMo2
(e.g., 7.59 Å [13]). About 5% of Mo, with lattice constant a = 3.185 Å, was present along
the ZrMo2 pattern (Figure 2). The cubic crystal parameter of pure Mo is 3.147 Å [14].
The increased a value indicates the dissolution of some Zr into the molybdenum matrix.
Zr(Mo0.5Fe0.5)2 presents a C14 hexagonal phase with lattice constants a = 5.173 Å and
c = 8.461 Å, comparable to a = 5.172 Å and c = 8.463 Å [15] or a = 5.130 Å and c = 8.440 Å [16].
The longitudinal, vL, and transverse, vT, ultrasonic velocities, measured by the pulse-echo
method, are presented in Table 1. They were used to calculate two elastic constants
according to the relations C11 = vL

2ρ and C44 = vT
2ρ, assumed to hold for polycrystalline

isotropic samples (ρ is the sample density). Bulk, B, and shear, G, moduli were derived
from the relations B = C11−4 C44/3 and G = C44 (Table 1). Minor corrections of B and
G were made in view of the small porosities of the samples [17,18]. The shear modulus
changes moderately with the composition, x, along the Zr(MoxFe1−x)2 series, while the
bulk modulus increases significantly and monotonically as a function of x. The variations
of B and G are exhibited in Figure 3 and Table 1.

Figure 2. XRD patterns of Zr(MoxFe1−x)2, x = 0, 0.5, 1. Single-phased cubic C15 and hexagonal C14
Laves structures were found for ZrFe2 (blue pattern) and ZrMoFe (red pattern), respectively. For
ZrMo2, 95% C15 structure was found with 5% Mo (�) (green pattern).

146



Inorganics 2023, 11, 228

Table 1. Lattice constants, theoretical densities, porosities, longitudinal, vL, and transverse, vT,
ultrasonic velocities, shear, G, and bulk, B, elastic moduli in the Laves phase Zr(MoxFe1−x)2 system.
Experimental B and G values of Zr(Al0.04Fe0.96)2 and theoretical B and G values of ZrMo2 are also
presented. The numbers in the parentheses present the estimated errors of the last significant digits.

x a [Å] c [Å]
Theoretical Density
[kg/m3]

Porosity
[%]

vL [m/s] vT [m/s] G [GPa] B [GPa]

0 *
[19] 75.8 148

0 7.074 7614 0.9 5674 (9) 3142 (4) 75.6 (3) 148.2 (9)

0.5 5.173 8.461 8297 0.8 5337 (2) 2608 (1) 56.3 (2) 164.2 (4)

1 7.589 8605 0.7 5733 (16) 2762 (14) 66.1 (8) 200.4 (2)

1
[20] 7.594 57.3 196.5

* Zr(Al0.04Fe0.96)2.

Figure 3. Bulk, B, and shear, G, moduli in Zr(MoxFe1−x)2 intermetallic compounds.

ZrMo2 absorbed about 2.1 H atoms per formula unit at 60 atm and room temperature,
and about 3.5 H atoms per f.u. upon slow cooling to 78 K at 50 atm pressure. It should be
born in mind that the hydrogenations of ZrMo2 were carried out in order to estimate the
corresponding vH values. PCT (pressure-composition-temperature) isotherms of ZrMo2-
H2 may be found elsewhere, e.g., Ref. [11]. The XRD pattern, recorded immediately
after removing the sample from the reactor, revealed two hydride phases, cubic Laves
structure with lattice constant a = 7.826 Å (26%) and tetragonal structure, space group
88, with cell parameters a = 5.603 Å, c = 8.081 Å (68%) (Figure 4). These lattice constants
slowly decreased during one week of exposure to the ambient atmosphere. The crystal
parameter of Mo with dissolved Zr almost did not change (a = 3.187 Å) upon hydrogenation,
indicating no hydrogen absorption in it. By imposing somewhat arbitrarily identical vH for
the two existing phases in ZrMo2H3.5, we obtain for the composition of these two phases
ZrMo2H2.39 (MgCu2-type, a = 7.826 Å) and ZrMo2H3.98 (tetragonal, SG88, a = 5.603 Å,
c = 8.081 Å). Their common vH is 2.2 Å3/(H atom). Additional vH estimations, performed
in a similar way for ZrMo2H1.6 and ZrMo2H2.8, yielded values between 2.1 Å3/(H atom)
and 2.2 Å3/(H atom).

147



Inorganics 2023, 11, 228

Figure 4. XRD pattern of ZrMo2H3.5 (upper plot) reveals the existence of two hydride phases (see
also text). The pattern of ZrMo2 before hydrogenation is shown in the lower plot for comparison.

3.2. Resolving the Peculiarity in the Stability Trends of the Zr(MoxFe1−x)2,
x = 0, 0.1, 0.5, 1, Hydrides

As cited in the Introduction, the formation pressures of the Zr(MoxFe1−x)2 hydrides
decrease between x = 0 and x = 0.5, indicating increasing stability in this compositional
range. Then, this trend is unexpectedly reversed and ZrMo2 hydride is formed at higher
pressures than ZrMoFe and Zr(Mo0.1Fe0.9)2 hydrides. We consider next the possible factors
influencing the stability of these hydrides.

3.2.1. The Substitution of Fe by Mo

Both Fe and Mo form hydrides at very high hydrogen pressures. The equilibrium
formation pressure of MoH1.1 and FeH are about 4.3 GPa at 600 ◦C and 3.5 GPa at 300 ◦C
(decomposition pressure 2.2 GPa), respectively [21,22]. It is thus not expected that the
hydrogen affinity properties of Mo, as compared to Fe, play a dominant role in the variation
of the hydride stabilities in Zr(MoxFe1−x)2.

3.2.2. Trends of the Heats of Formation and the Crystal Volumes in the
Zr(MoxFe1−x)2 System

Table 2 presents the crystal volumes per formula unit (f.u.), V, and theoretically derived
heats of formation, ΔHf, of the original, non-hydrogenated Zr(MoxFe1−x)2 intermetallics,
x = 0, 0.1, 0.5, 1. The theoretically determined ΔHf of 0.281 eV/(metal atom) for ZrFe2
is in good agreement with a corresponding experimental value of 0.26 eV/(metal atom),
e.g., Ref. [23]. ΔHf values of Zr(MoxFe1−x)2, x = 0.1, 0.5 are obtained by interpolation.

Table 2. Unit cell volumes, V, heats of intermetallic formation, ΔHf, hydrogen contents, hydrogen atomic
volumes, vH, and elastic interactions, uelas, for Zr(MoxFe1−x)2 and the corresponding hydrides.

x V [Å3/f.u.] ΔHf [eV/Atom]
H Content
[H Atoms/f.u.]

vH

[Å3/H Atom]
uelas [eV]

0 [24,25] 44.058 0.281 [26] 3.54 3.02 0.23

0.1 [25] 44.805 0.267 3.54 2.99

0.5 48.089 [16] 0.21 2.5 2.90 0.17
49.013 [15] 2.6 2.74 0.15

1
54.677 [27]

0.139 [28]
4 1.41 0.042

54.829 [16] 1.4 1.57 0.052
54.634 this work 3.5 2.2 0.102
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The heats of formation of the intermetallic compounds decrease with x from 0.281 eV/
(metal atom) for ZrFe2 to 0.139 eV/(metal atom) for ZrMo2, while the corresponding crystal
volumes increase from 44.058 Å3/(f.u.) to 54.634 Å3/(f.u.) (see Table 2). Thus, according
to both the rule of reverse stability and the crystal volume criterion (see (i) and (ii) in the
Introduction), the hydride stabilities should increase with x. These trends comply with the
behavior for 0 ≤ x ≤ 0.5, but disagree with the decreased stability of ZrMo2 hydride.

3.2.3. Elastic Properties and H–H Elastic Interaction in Zr(MoxFe1−x)2-H2

As already noted, the H–H interaction influences the critical temperature, Tc, according to
Equation (1). It also contributes to the heat of hydrogen solution or hydride formation [6]. We
find two indications for the reduction in the attractive, elastically mediated H–H interaction.

(a) From inspection of Figure 1, the very wide solubility region of ZrMo2-H2 indicates
a decrease in Tc with respect to the rest of the hydrogenated Zr(MoxFe1−x)2 compounds,
x = 0, 0.1, 0.5. This occurs in spite of the monotonic increase in the bulk modulus, B, from
148.2 GPa for ZrFe2 to 200.4 GPa for ZrMo2, expected in turn to increase Tc.

(b) The increased hydrogenation pressures in ZrMo2-H2 with regard to Zr(MoxFe1−x)2-
H2, x = 0.1, 0.5, indicate a corresponding destabilization of ZrMo2Hx. Indeed, the absolute
enthalpy of ZrMo2 hydride formation, 22 kJ/(mole H2), is significantly lower than those of
Zr(MoxFe1−x)2 hydrides, 29.5 kJ/(mole H2) for x = 0.5, and 26 kJ/(mole H2) for x = 0.1. It
even approaches the 21.3 kJ/(mole H2) for ZrFe2 hydride [11]. This destabilization behavior
suggests that the attractive (negative) contribution of the H–H elastic interaction to the
enthalpy of hydride formation or to the enthalpy of hydrogen solubility in ZrMo2 weakens
with the increase in hydrogen content (see the similar case of TaV2-H2 below).

As the variation in B of the Zr(MoxFe1−x)2 compounds cannot directly account for
the observed trend in the critical temperatures of the metal-to-hydride phase transitions
and the heats of hydride formation at x > 0.5, we inspect another term that appears in a
squared form in Equation (2), namely, vH. A priori, vH is not supposed to significantly
affect uelas according to Equation (2), as vH usually acquires values in quite a narrow range,
e.g., Ref. [6]. We find hereafter surprising experimentally derived vH values. Lushnikov
et al. report that a Laves ZrMo2 compound with lattice constant a = 7.591 Å undergoes a
tetragonal distortion upon deuteration to ZrMo2D4 with lattice constants a = 5.496 Å and
c = 7.986 Å [27]. The authors note that such a tetragonal distortion is a known phenomenon
in hydrogenated Laves phase compounds [29]. It is also worth noting that the composition
of the interstitial sites does not change upon the tetragonal distortion. The deuterium atoms
occupy (2Zr + 2Mo) tetrahedral interstitial sites [27], which are the preferable (2A + 2B) sites
for hydrogen occupation in AB2 Laves phase compounds [30]. A straightforward evalua-
tion of the volume of the hydrogen atom in ZrMo2D4 (4 f.u./unit cell), using also the above
data for ZrMo2 (8 f.u./unit cell), yields vH = 1.4 Å3/(H atom). This is the lowest reported vH
value in intermetallic and even in binary hydrides [6] (pp. 105–109). Supporting evidence
for this hydrogen atomic volume may be found in the reported cell parameter a = 7.698 Å
of ZrMo2H1.4 [16]. Utilizing a = 7.598 Å for ZrMo2 by the same authors [31], vH = 1.6 Å3/
(H atom) is evaluated. It should be noted that a cell parameter a = 7.548 Å is reported for
ZrMo2 in [16], which is very different from other reported values [13,27], as well as from
the value, reported later, by the same authors [31]. Nonetheless, vH of 2.33 Å3/(H atom)
is obtained for ZrMo2H1.4 by employing a = 7.548 Å for ZrMo2, although the stated vH
in [16] is 2.6 Å3/(H atom). Additional vH values, reported for various hydrogen compo-
sitions in ZrMo2, span between 3.2 and 4.5 Å3/(H atom) [31]. We recommend adopting
vH = 2.2 Å3/(H atom) for the ZrMo2 hydrides following the experimental estimations of
this work. It is worthwhile noting that we found larger lattice constants of the tetragonal
hydride phase (see Section 3.1) than those cited above. The latter lattice constants were
obtained in the course of a seemingly very comprehensive neutron diffraction experiment,
under much more extreme conditions of 2500 atm hydrogen pressure and a temperature
of 78 K [27]. Table 2 presents the relevant information for the Zr(MoxFe1−x)2 compounds
and their hydrides. The small values of vH affect uelas very significantly. Table 2 lists

149



Inorganics 2023, 11, 228

the calculated values of uelas according to Equation (2), utilizing the measured bulk and
shear moduli (Table 1), and the V and vH volumes (Table 2). The ZrMo2-H2 system clearly
exhibits the smallest vH and uelas. This may explain the decreased Tc in this system ac-
cording to Equation (1). The hydride stability would also be decreased as uelas provides
a smaller negative contribution to the heat of hydride formation of ZrMo2 with regard to
ZrFe2 and ZrMoFe. A most probable reason for the decrease in vH, and hence in uelas, in
the Zr(MoxFe1−x)2 system is the large bulk modulus of ZrMo2. We suggest that the large
bulk modulus of ZrMo2 confines the expansion of the metal lattice upon hydrogenation by
restricting the H atoms in smaller interstitial volumes, vH. The variation of vH as a function
of B, plotted in Figure 5, supports this suggestion. The depressed expansion of the crystal
lattice mitigates the strain fields around a hydrogen atom and thus reduces the elastically
mediated interaction between the hydrogen atoms.

Figure 5. Variation of the hydrogen atomic volume, vH, in the hydrogenated Zr(MoxFe1−x)2, x = 0,
0.5, 1, compounds as a function of the bulk moduli, B, of the corresponding original intermetallics.

Elastic moduli rarely play such a significant role in the hydrogenation properties of
intermetallic compounds. We note that a very similar behavior to that of ZrMo2-H2 is
demonstrated by the C15 compound TaV2. The experimentally derived bulk modulus
of C15 TaV2 varies between 200 GPa at low temperatures and 194 GPa at room tempera-
ture [32]. These B values of TaV2 are very close to the 200.4 GPa bulk modulus of ZrMo2,
obtained in this work (see Table 1 and Figure 5). The volume of the hydrogen atom in
hydrogenated TaV2 is 2.09 Å3/(H atom) [33] in the low range of vH values, and in close
proximity to vH of 2.2 Å3/(H atom), estimated here for the hydrogenated ZrMo2 (see
Table 2 and Figure 5). Accordingly, TaV2-H2 exhibits a broad solid hydrogen solubility
region without a discontinuous metal-to-hydride phase transition even at temperatures
as low as 195 K and pressures of 1000 atm [33]. In addition, the heat of hydrogen solution
decreases with the increase in H content, i.e., becomes less exothermic. This may be re-
garded as surmounting the attractive elastic H–H interaction by some repulsive, probably
electronic H–H interaction. It is worthwhile noting that the heats of hydrogen solution in
metal–hydrogen systems usually become more exothermic with the increase in H content,
e.g., Refs. [6,34]. We suggest that, in resemblance to ZrMo2-H2, the large bulk modulus
of TaV2 confines the hydrogen atoms into small interstitial volumes and consequently
reduces the H–H elastic interaction, as indicated by the broad solubility region and the
lack of metal to hydride phase transition in TaV2-H2. Another example of a significant
role of elastic moduli is the shear stiffening in Zr(AlxM1−x)2, M=Fe, Co [19,35]. It prevents
hydrogen absorption in ZrAl2 even at extremely high H2 pressures of 40 GPa [36], although
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Al substitution drastically stabilizes the hydrogen absorption of ZrFe2 and ZrCo2 for small
x values [37,38].

4. Summary and Conclusions

The elastic moduli of Zr(MoxFe1−x)2, x = 0, 0.5, 1, as well as hydrogen absorption in
ZrMo2, were measured in an attempt to shed light on the unusual trend of hydride stabilities
in this system. It seems that the bulk modulus plays a dual role in that context. Initially,
B participates in generating attractive elastic interaction between the hydrogen atoms.
Then, the significant increase in B in ZrMo2 confines the expansion of the metal matrix and
restrains the hydrogen atoms in smaller interstitial volumes. Consequently, the attractive
H–H interaction is reduced, demonstrated by a sharp decrease in the critical temperature
for metal-to-hydride phase transition and the hydride stability in the ZrMo2-H2 system. We
also suggest a similar explanation for the lack of a discontinuous metal-to-hydride phase
transition in the Laves phase TaV2-H2 system. It would be of interest to find a criterion
that determines at which point B converts from a stabilizing to destabilizing agent during
hydrogen absorption in intermetallic systems.
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Abstract: Yttrium-doped barium zirconate is one of the fastest solid-state proton conductors. While
previous studies suggest that proton–tuples move as pairs in yttrium-doped barium zirconate, a systematic
catalog of possible close proton–tuple moves is missing. Such a catalog is essential to simulating dual
proton conduction effects. Density functional theory with the Perdew–Burke–Ernzerhof functional is
utilized to obtain the total electronic energy for each proton–tuple. The conjugate gradient and nudged
elastic band methods are used to find the minima and transition states for proton–tuple motion. In the
lowest-energy configuration, protons are in close proximity to each other and the dopant, significantly
affecting the backbone structure. The map of moves away from the global minimum proton–tuple
shows that the most critical move for long-range proton conduction is a rotation with a barrier range of
0.31–0.41 eV when the two protons are in close proximity.

Keywords: proton conduction; barium zirconate; proton pair; limiting barrier; proton–tuple

1. Introduction

Yttrium-doped barium zirconate shows great promise as one of the fastest solid-
state proton conductors [1,2]. High proton conduction benefits both from high proton
concentration and low long-range conduction limiting barriers. Increasing the dopant
concentration in barium zirconate increases the maximum proton load, while at the same
time introducing proton trap regions near the lower valency dopant which can increase the
limiting barrier [3–7]. The conduction mechanism has long been understood to occur by a
series of transfers and rotations away from one dopant trap to another [8–19]. While the
earliest studies focused on proton conduction in idealized barium zirconate systems, the
most recent studies considered the effect of multiple defects including additional protons,
dopant ions, and oxygen vacancies with varying distributions as well as a greater diversity
of sites [9,11,20–23]. For example, Hu et al. [8] find that the limiting barrier for a path
of a rotation and transfer immediately adjacent to the dopant is a transfer at low dopant
concentrations and a rotation at higher dopant concentrations. Draper et al. [9,11] find that
with increasing the dopant concentration and considering a wide variety of dopant relative
locations, nanoscale percolation paths along the dopant allow rapid proton conduction
increasing conductivity. Vera et al. [1] and Hossain et al. [2] provide excellent reviews of
both experiments and calculations of proton conduction in barium zirconate.

This contribution focuses on how two protonic defects influence each other. One
might expect that repulsion would lead two protonic defects to be very far from each other.
However, several studies challenge this notion. The proton–proton radial distribution
function found in our earlier work [23] suggests that the most probable proton–proton
distance is 4.0 Å with some protons as close as 2.0 Å from each other and the global energy
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tuple minimum shows two protons in the same face of a perovskite unit cell within a
larger system. More recently, Figure 2c in Draper et al. [11] shows a global ab initio
minimum for a structure with proton-proton distance slightly above 2.0 Å. Quasi-elastic
neutron scattering studies interpreted with a Holstein-type polaron model find that the
proton–polaron effective mass is twice the proton mass, suggesting that protons travel
in pairs [20,24]. Kinetic Monte Carlo (kMC) simulations [23] show an increase in long-
range proton conduction barriers with increasing the number of protons while maintaining
close proton–proton distances. Ab initio calculations [20] show that one proton facilitates
distortions, which benefits the other nearby proton. Assistance of the lattice in maintaining
high proton concentration by favoring nearby protons at the cost of slightly increased
long-range barriers may be key to high conductivity. Lattice dynamics has been shown to
be important to proton transport in both simulation and experiment [22,25,26]. However,
most studies have focused on single proton transfer and rotation calculations. A systematic
catalog of possible close proton–tuple moves is missing. Such a catalog would be helpful
to understand the full mechanism of long-range proton conduction in yttrium-doped
barium zirconate.

While a full catalog of ab initio energy barriers for all possible proton–tuple moves in
a large system is computationally prohibitive, a systematic catalog of moves away from
the global proton–tuple energy minimum is within the scope of current calculations. This
contribution builds on our earlier work, which found the global energy tuple minimum
in 12.5% yttrium-doped barium zirconate in 2 × 2 × 2 [23] and 2 × 2 × 4 [20] unit cell
systems and considers all motions away from that lowest energy proton–tuple. A larger
system of 4 × 4 × 4 unit cells is considered to avoid spurious long-range octahedral tilting
transformations when two defects are in close proximity. The climbing nudged elastic
band method (cNEB) [27] is used to calculate barriers away from the global energy tuple
minimum with the Vienna ab-initio simulation package (VASP) [28–32]. The resulting
proton pair motion is analyzed in the context of the typical limiting barrier moves for
long-range proton conduction.

2. Results

2.1. Lowest Energy Proton–Tuple and Single Proton Moves Away From It

Figure 1 shows the lowest energy proton-tuple superimposed on the minima in which
one proton has moved one step away from the global minimum structure. Zirconium
and yttrium ions are in green and teal, respectively. Oxygen ion types and proton site
types are labeled using the same notation as in our earlier work [10,21]. Proton site types
are labeled based on bonded oxygen ion type. Type I oxygen ions are the first nearest
neighbors to the closest yttrium dopant ions. Type II oxygen ions are the second nearest
neighbors to the closest yttrium ions. While earlier work [10,21] also highlights the third
nearest neighbor oxygen ions, this work focuses on small moves away from the global
proton–tuple minimum, not including moves to the third nearest neighbor oxygen ions.
The lowest energy proton–tuple has the protons in the two circled sites, namely HFar

I and
HFar

I I sites. The subscripts refer to the type of oxygen ion the site is on, specifically whether
the oxygen ion is a first nearest neighbor (I) or second nearest neighbor (II) to the closest
yttrium ion. The superscript Close or Far refers to whether the proton-bonded oxygen ion
and the opposite oxygen ion on the same face plane as the OH are the closer or the farther
two opposite oxygen ions on that unit face.

From the lowest-energy tuple structure (HFar
I , HFar

I I ), each proton can rotate to two
possible locations and transfer to two possible locations. As seen in Figure 1, the proton in
the HFar

I site can rotate forward to another HFar
I site through a 0.11 eV barrier or backward

to a HClose
I site through a 0.26 eV barrier. This proton can also transfer to the right to a

HClose
I site through a 0.24 eV barrier or to the left to a HClose

I I site through a 0.11 eV barrier.
The second proton in the global minimum tuple can also rotate and transfer. The proton
in the HFar

I I site can rotate forward to a HClose
I IND site through a 0.31 eV barrier or backward

to a HFar
I IND site through a 0.31 eV barrier. The addition of ND to the subscript is made to
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indicate that these two sites are on a plane without the dopant ions. The HFar
I I proton can

also transfer to the right to a HClose
I site through a 0.12 eV barrier or to the left to a HClose

I I site
through a 0.21 eV barrier. The highest barriers in this group are the bottom two rotational
barriers, which are critical to moving from near one yttrium dopant trap to another yttrium
dopant trap.

H
I

Far

H
I

Close

H
II

Close

H
IIND

Close

H
IIND

Far

H
II

Far

O
I

O
II

Y
Zr 0.11 eV

0.12 eV
0.21 eV

0.26 eV

0.31 eV

0.31 eV

0.24 eV
0.11 eV

Figure 1. The lowest-energy proton–tuple in yttrium-doped barium zirconate is shown superimposed
upon minima that are one proton move away from the lowest energy structure. The arrows highlight
the move. The barrier to the move is listed by the arrows. The two protons in the lowest energy
structure are each surrounded by an ellipse. Proton sites are labeled by color. The same notation as in
our earlier work [10,21] is used.

Table 1 summarizes these moves and gives the energy of the final tuple minimum
relative to the global minimum starting point. The minimum energies reveal forward
barriers of nearly the same energy as the final site showing that the backward move barriers
are much lower. In cases where the final tuple minimum has a populated site that is
perpendicular to the plane shown in Figure 1, the symbol ⊥ is added to more clearly specify
the site and motion. The table groups minima including HFar

I I at the top and those including
HFar

I at the bottom. Within the groups, the minima are organized by relative energy to the
global minimum (HFar

I , HFar
I I ).
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Table 1. The energies of the minima superimposed in Figure 1 relative to the global minimum
(HFar

I , HFar
I I ) are shown along with the single proton motion needed to get to the minimum from

the global minimum (HFar
I , HFar

I I ). The top set are minima resulting from a move from the HFar
I site,

while the lower set results from a proton move from the HFar
I I site. Within each region, the sites are

organized by energy. Proton sites perpendicular to the plane in Figure 1 have the ⊥ symbol added to
clarify their location.

Tuple Relative Energy (eV)
Move From Global

Minimum
Move Barrier (eV)

(HClose
I I , HFar

I I ) 0.11 T(HFar
I → HClose

I I ) 0.11
(HFar

I ⊥, HFar
I I ) 0.11 R(HFar

I → HFar
I ⊥) 0.11

(HClose
I ⊥, HFar

I I ) 0.16 R(HFar
I → HClose

I ⊥) 0.26
(HClose

I , HFar
I I ) 0.23 T(HFar

I → HClose
I ) 0.24

(HFar
I , HClose

I ) 0.11 T(HFar
I I → HClose

I ) 0.12
(HFar

I , HClose
I I ) 0.20 T(HFar

I I → HClose
I I ) 0.21

(HFar
I , HClose

I IND ⊥) 0.31 R(HFar
I I → HClose

I IND ⊥) 0.31
(HFar

I , HFar
I IND ⊥) 0.30 R(HFar

I I → HFar
I IND ⊥) 0.31

2.2. Two Proton Moves Away from Global Minimum

All moves of two protons away from the global minimum tuple were considered.
However, all but one nudge elastic band calculation showed sequential moves. The one
exception was the concerted proton transfer shown in Figure 2a. Arrows highlight the
proton moves as well as the moves of other ions. The concerted proton transfer has a
barrier of 0.21 eV. Figure 2b shows related sequential moves with the same initial and final
points. Solid arrows highlight the first steps while dashed arrows highlight the second
step. In both Figure 2a,b, earlier ion positions are lightened. The sequential transfer moves
have barriers of 0.12 eV for the first proton transfer from HFar

I I (brown) to HClose
I (blue)

and 0.09 eV for second proton transfer from HFar
I (orange) to HClose

I I (teal). The order
of sequential moves was determined by what was seen in a concerted attempted move
calculation. Solid arrows highlight all the ion moves included in the first proton transfer,
while dashed arrows highlight the corresponding moves for the second transfer. In both
cases, significant oxygen ion rearrangement partially accompanies the proton move to
stabilize the final proton tuple.

Concerted

Transfer

Barrier

0.21 eV

First Move

0.12 eV

Second Move

0.09 eV

(a) (b)

Figure 2. Two transfers from the original lowest-energy structure can happen in concert through
a 0.21 eV barrier as seen in (a) or sequentially through 0.12 and 0.09 eV barriers as seen in (b). In
(b), the motions in the first step are highlighted with solid arrows while the motions in the second
step are highlighted with dashed arrows. While the barrier is shown by the arrow with the most
significant movement in (b), many ion moves are part of each transfer. For each non-proton ion, the
lighter colors are the earlier positions and the darkest the final positions.

While all possible moves were considered, our report focuses on the most important
moves namely those barriers that limit long-range transport. Figure 1 suggests that the
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critical barrier for moving from close association with one yttrium ion trap to another is
the rotational barriers at the bottom of the figure. Figure 3 shows the sequential moves
that are most critical to escape a dopant trap. The moves involve a transfer of the HFar

I
proton (orange) followed by a rotation of the HFar

I I proton (brown). Solid and dashed
arrows highlight the motion for the first and second moves, respectively. Two second move
rotations are possible after the transfer. These are emphasized by short- and long-dashed
arrows. The barrier for each move is written by the arrow showing the dominant motion.
Comparing Figures 1 and 3 shows that the transfer move of the HFar

I proton raises the HFar
I I

proton rotational barrier.
Table 2 shows how barriers for the rotations and transfers in Figure 1 are affected by

having the second proton in the tuple in different locations. Most useful are the last two
sections, which show a range of barriers for the critical rotation to move a proton from
being near one yttrium trap to another. The long-range proton motion limiting barrier is
thus expected to be in the range of 0.31–0.41 eV. Single proton barriers for the same size
system [10,21] and a smaller system [15] further highlight the effect of having a second
proton in close proximity to the moving proton.

0.11 eV
0.24 eV

0.33 eV
0.37 eV0.35 eV

0.34 eV

(a) (b)

Figure 3. The sequential move most critical to escape one dopant trap is a transfer followed by a rota-
tion and can occur in two ways shown in (a,b). In each case, the first transfer move is highlighted with
a solid arrow, and the second two possible rotations are marked by short- and long-dashed arrows.
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Table 2. Barriers are affected by nearby protons. This table summarizes the barrier for the motions in
Figure 1 with different protons present. In addition, single proton movement barriers in the same
size system [10,21] and a smaller system [15] are shown for comparison.

Move Barrier (eV) Nearby Proton One Proton Barrier

T(HFar
I → HClose

I I )
0.11 HFar

I I 0.14 [10], 0.32 [15]
0.09 HClose

I

R(HFar
I → HFar

I ⊥)
0.11 HFar

I I 0.02 [10], 0.12 [15]
0.25 HClose

I I

T(HFar
I → HClose

I ) 0.24 HFar
I I 0.24 [10], 0.25 [15]

R(HFar
I → HClose

I ⊥) 0.26 HFar
I I 0.10 [10], 0.22 [15]

T(HFar
I I → HClose

I )
0.12 HFar

I 0.11 [10], 0.17 [15]
0.18 HFar

I ⊥
0.23 HClose

I ⊥

T(HFar
I I → HClose

I I )
0.21 HFar

I 0.15 [10], 0.43 [15]
0.26 HClose

I ⊥

R(HFar
I I → HFar

I IND ⊥)

0.31 HFar
I 0.24 [10,21], 0.24 [15]

0.34 HClose
I

0.34 HFar
I ⊥

0.35 HClose
I I

0.44 HClose
I ⊥

R(HFar
I I → HClose

I IND ⊥)

0.31 HFar
I 0.25 [10,21] 0.27 [15]

0.33 HClose
I I

0.37 HClose
I

0.41 HClose
I ⊥

3. Methods

Our earlier work on smaller systems [20,23] showed that the global energy minimum
for two protons in 12.5 % yttrium-doped barium zirconate places the two protons within
the same unit cell due to octahedral tilting bringing oxygen ions close to both protons.
However, long-range octahedral tilting changes due to the presence of multiple nearby
defects is assisted by periodic boundary conditions in small systems. In contrast, earlier
work [21] with an optimized larger structure of 4× 4× 4 unit cells showed that a proton and
an oxygen vacancy defect in the same unit cell did not disturb the long-range octahedral
tilting arrangement. This study uses this same initial structure and finds the same tuple
global minimum as our earlier studies in smaller systems [20,23]. All tuples with protons
between 1.6 and 2.7 Å were considered, as this is the range of the second peak in the
site–site radial distribution function. The closer proton sites characterizing the first peak
are on the same oxygen and hence cannot be simultaneously populated. Some tuples with
protons further than 2.7 Å were also optimized to confirm higher energy minima. From the
global energy tuple minimum, moves to all other tuple arrangements within two moves are
considered. The conjugate gradient method is used to find minima [33], while the nudged
elastic band (NEB) method [27] is used to find transition states. All NEB calculations start
with two images unless the path requires more. After NEB, the climbing NEB (cNEB)
method [27] is used to converge the highest energy image to the saddle point. Optimization
for minima and transition states is stopped when forces are less than 0.02 eV/Å.

The energy for all the above ionic relaxations is calculated using density functional
theory (DFT) with the Perdew–Burke–Ernzerhof (PBE) functional in the Vienna ab ini-
tio simulation package (VASP) [28–32] with the same projector augmented wave (PAW)
method as in our earlier work [21]. The valence states of Ba(5s,5p,6s,6d), Zr(4s,4p,5s,5d),
Y(4s,4p,5s,4d), and O(2s,2p) are considered explicitly while inner core electrons are treated
using PAW potentials. Projection operators are optimized automatically in real space.
The preconditioned residual minimization method with direct inversion in the iterative
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subspace is used. The partial occupancy of orbitals is initialized with Gaussian smearing.
An accurate level calculation is performed. The first ten steps are non-self consistent. Plane
waves are generated using a single gamma point and a 600 eV cut off.

4. Discussion

The global minimum for two protons in BaZr0.875Y0.125O3 has the pair in close prox-
imity within a single unit cell even in a 4 × 4 × 4 unit cell system. The result agrees
with prior computational work [20,23] on smaller systems as well as neutron scattering
work [20]. NMR and ab initio data on scandium-doped barium zirconate also show two
protons in close proximity to each other [34] and the dopant [6]. NMR experiments and ab
initio calculations with the yttrium dopant [35] reveal that the lowest two energy sites are
the two sites populated in the global minimum tuple in this study namely the HFar

I and
HFar

I I sites. As seen in Figure 1, these sites are in close proximity to the dopant suggesting
that the dopant stabilizes the proton tuple.

The 4 × 4 × 4 unit cell system in this study allows a more systematic look at moves
away from the global minimum without changing long-range octahedral tilting. Figure 1
and Table 1 show that the limiting barrier to long-range proton motion away from the global
minimum is 0.31 eV. Considering two sequential proton moves as suggested by earlier
work [20] shows an increase in this barrier as seen in Figure 3. Table 2 further suggests
that the critical barrier to long-range motion is in the 0.31 − 0.41 eV range depending
on the location of the second proton. KMC simulations on smaller systems with a 1:1
proton:dopant ratio [13,23] rather than the 2:8 ratio in this work have shown long-range
limiting barriers increasing from 0.39 to 0.45 eV with an increasing number of protons.
The earlier simulations including multiple protons [23] used the ab initio binding site and
transition state energies for single protons and included the effect of additional protons
only through additional Coulombic interactions. The limiting barrier ranges of this work
and our earlier work [23] are both in line with the experimental long-range barrier for 10%
yttrium-doped barium zirconate of 0.44 eV [36,37]. However, the current work presents
energies that allow backbone relaxation due to both protons in the tuple pair, which, as
shown in Figure 2, can be significant.

While there is agreement in the overall limiting barrier, the different approaches have
different individual barriers as seen by comparing the barrier and one proton barrier
columns in Table 2. Within the one proton barrier column are barriers for larger 1:8
proton:dopant ratio and for smaller 1:1 proton:dopant ratio systems, respectively. The one
proton smaller system tends to have larger barriers than the one proton larger system. This
could be the effect of repulsions between a proton and its periodic image in the smaller
simulation cell, but it may also be the effect of different methods. The larger systems
simulations use a single gamma point, while the smaller system calculations use k-point
meshes. The lattice size found in the larger simulations [10,21] was 4.29 Å, whereas the
smaller simulations used a lattice size of 4.26 Å. The differences in the individual barriers
led to a higher percentage of intraoctahedral transfer barriers in the small system kMC
simulations [13,23] and a higher percentage of rotational limiting barriers in large system
kMC simulations [10]. Hu et al. support a change in limiting barrier from intraoctahedral
transfer to rotation with increasing the dopant concentration with rotation as the limiting
barrier by 14.5% yttrium doping. The key result of the current work, however, is that the
presence of a nearby proton raises the conduction limiting barrier of another despite the
lattice motion of oxygen ions stabilizing close proton pair structures and the global tuple
minimum having close proton–proton proximity.

While most of the tuple motion explored in this paper was sequential rather than
concerted, sequential proton motion can be correlated, in that a move of one proton can
promote the move of a nearby proton by preparing the lattice or by proton–proton repul-
sion. Quasi-elastic neutron studies extracted a proton–polaron effective mass of twice the
proton mass suggesting the conductive species is a proton pair whose motion is correlated
with lattice motion [20,24]. While this study does not calculate normal modes, prior com-
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putational studies considering single proton transfer show that there is significant lattice
motion [22,38] at proton conduction temperatures in these systems. Through a simplified
model, Geneste [39] also suggests that single proton transfer is facilitated by lattice reorga-
nization and, in particular, octahedral tilting. Based on the proton tuple paths to escape
the dopant found in this paper, long-range proton transport is expected to include both
proton–proton correlation and proton–lattice correlation. The first proton can prepare the
lattice for the next, and, at the same time, the latter proton can push the first one.
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Abstract: A number of alkali organometallic complexes with suitable thermodynamic properties and
high capacity for hydrogen storage have been synthesized; however, few transition metal–organic
complexes have been reported for hydrogen storage. Moreover, the synthetic processes of these
transition metal–organic complexes via metathesis were not well characterized previously, leading
to a lack of understanding of the metathesis reaction. In the present study, yttrium phenoxide and
lanthanum phenoxide were synthesized via metathesis of sodium phenoxide with YCl3 and LaCl3,
respectively. Quasi in situ NMR, UV-vis, and theoretical calculations were employed to characterize
the synthetic processes and the final products. It is revealed that the electron densities of phenoxides
in rare-earth phenoxides are lower than in sodium phenoxide due to the stronger Lewis acidity of
Y3+ and La3+. The synthetic process may follow a pathway of stepwise formation of dichloride,
monochloride, and chloride-free species. Significant decreases in K-band and R-band absorption
were observed in UV-vis, which may be due to the weakened conjugation effect between O and the
aromatic ring after rare-earth metal substitution. Two molecular structures, i.e., planar and nonplanar,
are identified by theoretical calculations for each rare-earth phenoxide. Since these two structures
have very close single-point energies, they may coexist in the materials.

Keywords: rare-earth organometallic complexes; metathesis; yttrium phenoxide; lanthanum phenox-
ide; hydrogen storage

1. Introduction

Nowadays, oil and gas are used as the main sources of energy; however, the use of
fossil sources leads to significant air pollution and global warming, which has become
a huge challenge for the world [1]. To reduce energy consumption and CO2 emissions
from transportation and industries, the search for renewable energy sources is the foremost
task [2]. Recently, some renewable energy sources have been used instead of traditional
fossil sources; however, renewables such as solar and wind still have limitations, e.g., high
cost, low efficiency, less reliability, and poor stability, due to the undesired environmental
change. A suitable energy carrier is essential to solve these issues and controllably absorb
or release energy. A promising energy carrier is hydrogen [3]. Hydrogen is abundant,
combustible, and possesses high energy density compared to other energy sources. Hy-
drogen can be produced through several methods, including natural gas reforming [4],
electrolysis [5], solar-driven [6], and biological processes [7]. Additionally, the hydrogen
fuel cell not only transforms chemical energy to electricity with a high conversion (60%
against 20% for combustion engines) but also produces water vapor through the chemical
reaction between hydrogen and air in the present of a catalyst. Unfortunately, hydrogen
storage is challenging due to the high flammability and low density of the hydrogen gas.

Inorganics 2023, 11, 115. https://doi.org/10.3390/inorganics11030115 https://www.mdpi.com/journal/inorganics
163



Inorganics 2023, 11, 115

Lack of efficient hydrogen storage methods is one of the bottlenecks for the implementation
of hydrogen energy [8–10]. Hydrogen may be absorbed by using material in which hydro-
gen bonds chemically or by physical absorption on solids, such as metal hydrides, alloys,
carbon nanotubes, graphene, borohydrides, and ammonia borane [11]. It was widely
accepted that storage of hydrogen in chemical compounds provided a safer and more
efficient solution [12,13]. Diverse chemical materials have been developed, such as metal
hydrides, complex hydrides, chemical hydrides, liquid organic hydrogen carriers, and so
on. Very recently, organometallic complexes, a new family of hydrogen storage materials,
were developed [14,15]. The dehydrogenation thermodynamics of H-rich organometal-
lic complexes can be rationally tuned thanks to the electron-donating abilities of alkali
metals, allowing reversible hydrogen uptake and release at ambient conditions from a
thermodynamic point of view. A number of alkali organometallic complexes have been
synthesized, including phenoxides [16], anilinides [17], pyrrolides [18], imidazolides [19],
indolides [20], azaindolides [20], and carbazolides [19]. However, slow hydrogenation and
dehydrogenation kinetics were observed even in the presence of transition metal catalysts
at high temperatures, which may in part be due to the sluggish mass transfer in solid-state
catalysis. Essentially, excellent contact between catalysts and substrates plays a vital role,
where an ideal scenario is to fabricate a molecule that consists of transition metal and a hy-
drogen storage portion. Fortunately, organometallic complexes that have both metal cations
and organic groups in one molecule provide a suitable platform to build such molecules.
In this way, the hydrogenation and dehydrogenation of fabricated transition metal–organic
complexes may be realized for hydrogen storage in the absence of catalysts. However, few
transition metal–organic complexes for hydrogen storage have been reported.

Rare earth (RE) chemistry has gained increased attention in recent decades due to
its application in catalysis, metallurgy, glass, hydrogen storage, superconductor, and so
on [21,22]. Usually, RE elements are found in a variety of accessory minerals, such as
phosphate, carbonates, fluorides, and silicates [23]. RE elements have been studied in
the field of hydrogen storage in the last several decades. RE hydrides can reversibly
absorb and desorb hydrogen. Although the RE hydrides are not good hydrogen storage
materials due to their low hydrogen capacity and high dehydrogenation temperature, alloys
consisting of RE metals and other metals (i.e., alkali metals, alkali earth metals, transition
metals) are well known to exhibit high volumetric hydrogen capacity [24]. To enhance
the hydrogen storage properties, a number of studies exploring new RE-based alloys and
hydrides have been conducted using many methods, such as melting and ball milling.
Typically, LaNi5 can absorb hydrogen to form LaNi5H6 and release hydrogen upon heating
in ambient conditions [25]. Moreover, thanks to the advances in anaerobic manipulation
techniques and ligand designs, lanthanide metals (except radioactive promethium) and
yttrium can form numerous molecular species with organic ligands [26]. Among them,
the unique series of compounds of aliphatic alkoxides and aryloxides with the REs have
come to the forefront for their unique properties and applications in the preparation of
organometallics [22]. For instance, RE aryloxides can be employed as precursors to prepare
new complexes, i.e., protonolysis reaction of 1-phenyl-3-N-(p-methoxyphenylimino)-1-
butanone (HL) with RE aryloxides [RE(OAr)3(THF)n] (ArO = 2,6-But

2-4-MeC6H2O) in
THF can give mononuclear lanthanide aryloxides L2RE(OAr)(THF)n (RE = Y, Nd) [27].
Another application of RE(OAr)3(THF)n is to react with organolithium reagents to prepare
new RE metal–organic complexes [28]. Additionally, RE cations, such as Eu3+ and Tb3+,
in which luminescence results from the 4f → 4f and 4f → 5d transitions, give rise to
relatively broad absorption and high emission intensities, and RE aryloxides have become
a new type of tunable and energy-efficient luminophores [29]. Usually, RE aryloxides are
obtained from the metathesis of RE halides and aryloxides [30,31]. Through this method,
diverse RE aryloxides have been developed; however, the synthetic processes are not well
characterized, leading to a lack of understanding of the metathesis reaction.

Therefore, in the present study, two rare-earth organic complexes, i.e., yttrium phe-
noxide and lanthanum phenoxide, were synthesized via metathesis reaction. Quasi in
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situ nuclear magnetic resonance (NMR) and ultraviolet-visible (UV-vis) methods were
employed to characterize the formation processes and electronic states of these two phe-
noxides. The molecular structures were predicated by theoretical calculations. Meanwhile,
attempts at hydrogenation of yttrium and lanthanum phenoxides for hydrogen storage
were conducted.

2. Results

2.1. Syntheses of Rare-Earth Metal Phenoxides

In our previous investigations, alkali organometallic complexes were synthesized via
the reaction of alkali metal hydrides and organic compounds that have protic H, releasing
one equivalent H2 at the same time [14]. Accordingly, carbazole and indole were employed
to react with rare-earth metal hydrides (YH3 and LaH3) in the present study; however, no
reaction was observed. Even phenol, with more protic H than that of carbazole and indole,
did not react with YH3 and LaH3 upon intensive ball milling. Therefore, a metathesis
reaction was employed for the synthesis of yttrium phenoxide (Y(OPh)3) and lanthanum
phenoxide (La(OPh)3). A schematic diagram of the preparation method is shown in
Figure 1. First, sodium phenoxide (NaOPh) was prepared via the reaction of phenol and
sodium hydride via ball mill, releasing one equivalent hydrogen. Then, sodium phenoxide
reacted with corresponding chlorides (YCl3 and LaCl3) in ethanol, generating Y(OPh)3 and
La(OPh)3, respectively, as shown in R1 and R2. Since NaCl has low solubility in ethanol,
the products Y(OPh)3 and La(OPh)3 can be facilely separated through filtration. After
evaporation of ethanol at 200 ◦C, target products without organic ligand were obtained.

3NaOPh + YCl3 → Y(OPh)3 + 3NaCl R1

3NaOPh + LaCl3 → La(OPh)3 + 3NaCl R2

Figure 1. Schematic diagram of preparation method for rare-earth organic compounds.

The formation of NaCl from R1 and R2 in the precipitates was confirmed by X-
ray diffraction (XRD), as shown in Figure 2a. The weights of precipitates from both
reactions were consistent with the theoretical values of the NaCl produced, indicating
almost all the Na and Cl were removed from the solution. Furthermore, the Na species
could hardly be observed from 23Na NMR solutions, further confirming that most of
the NaCl was precipitated (Figure S1). However, both Y(OPh)3 and La(OPh)3 from the
distillations exhibited a few broad diffraction peaks after removing the solvent (Figure 2b),
demonstrating the amorphous state of the two samples, which is consistent with the
transmission electron microscopy (TEM) images (Figure 2c). The absence of NaOPh in the
XRD patterns also suggests its full conversion to La and Y phenoxides. Fourier-transform
infrared (FT-IR) characterizations on these two samples demonstrated similar spectra
as NaOPh, suggesting the retention of its phenol group (Figure S2). The appearance of
vibrations at 583 and 566 cm−1 in Y(OPh)3 and La(OPh)3 indicate the formation of Y−O
and La−O bonds and the replacement of Na by Y and La, respectively [32–34]. It was
shown that all the ethanol solvent had been removed under vacuum at 200 ◦C in the solid
products, as evidenced by 1H NMR in DMSO-d6 (Figure S3). Elemental analysis results
for the amorphous Y(OPh)3 showed that the ratio of Y:C was ca. 1:18, confirming the
composition of Y(OPh)3.
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Figure 2. (a) The XRD patterns of the precipitates from R1 and R2. (b) The XRD patterns of Y(OPh)3

and La(OPh)3 compared with NaOPh. (c) Morphologies of Y(OPh)3 observed by TEM. (d) 1H NMR
spectra of Y(OPh)3 and La(OPh)3 compared with NaOPh and phenol, respectively.

NMR was employed to characterize the two samples in comparison with phenol
and sodium phenoxide. It was shown that signals of both Y(OPh)3 and La(OPh)3 in
1H NMR shifted downfield compared with NaOPh, confirming the formation of new
compounds. Their chemical shifts were different from those of phenol, excluding the
hydrolysis/alcoholysis of sodium phenoxide to phenol. Compared with the signals of
phenol, all signals of NaOPh, Y(OPh)3, and La(OPh)3 moved upfield and followed the
order of NaOPh > La(OPh)3 > Y(OPh)3, which follows the Lewis acidity of the cations,
i.e., Na+ (0.159) < La3+ (0.343) < Y3+ (0.393) [35]. 13C NMR spectra also revealed the impact
of metathesis (Figure S4), i.e., the signals of C atoms at 1 and 2 sites in NaOPh moved to the
high field and other signals to the low field upon replacing Na with Y cation. These results
clearly demonstrated that rare-earth cations had successfully substituted the sodium cations
in NaOPh, yielding Y(OPh)3 and La(OPh)3. However, no single crystal was obtained,
leading to a lack of structural information about these two compounds. The crystal structure
of ligand-free RE phenoxide has seldom been reported in the literature [21,36].

2.2. Characterizations

Although the synthesis of Y and La phenoxides has been reported previously, the
synthetic processes are not well characterized, leading to a lack of understanding of the
metathesis reaction. To get an understanding of the transformation processes from NaOPh
to Y(OPh)3 and La(OPh)3, quasi in situ NMR was performed, where NaOPh was gradually
added to pristine YCl3 and LaCl3 solutions. For pristine NaOPh in Figure 3a, chemical
shifts at 6.81, 6.50, and 6.24 ppm were assigned to β-H, α-H, and γ-H in the phenoxide ring,
respectively. When one equivalent NaOPh was added into YCl3, chemical shifts at 6.95,
6.60, and 6.55 ppm were observed, which were different from those of pristine NaOPh,
indicating the occurrence of cation exchange. When the molar ratio of NaOPh to YCl3
increased from 1 to 1.2, 1.5, 2, and 3, all the signals shifted slightly downfield, suggesting the
gradual formation of dichloride, monochloride, and chloride-free YCln(OPh)3−n (0 ≤ n ≤ 3)
species. The elemental analysis results on the products of 1–1, 1–2 and 1–3 showed that the
ratios of Y:C were 1:6, 1:12, and 1:18, respectively, confirming the formation of dichloride,
monochloride, and chloride-free species. The slight downfield shift may be due to Yδ+

166



Inorganics 2023, 11, 115

cations accepting fewer electrons from each phenoxide when more sodium phenoxide was
added. The molar ratio of 1:3 yielded the target product Y(OPh)3. When the molar ratio of
NaOPh to YCl3 reached 1:6, an obvious shift upfield was obtained, located between that of
Y(OPh)3 and NaOPh, indicating that a mixture of these two compounds may be formed.

Figure 3. 1H NMR characterizations on the reactions of (a) YCl3-nNaOPh and (b) LaCl3-nNaOPh
(n = 1–6) with the increase in molar ratio of NaOPh, respectively.

For the LaCl3 case in Figure 3b, it is similar to that of YCl3, i.e., the chemical shifts
gradually moved downfield at the initial stage and then upfield when the molar ratio of
NaOPh was higher than 3. It is worth mentioning that the signal of α-H at ~6.67 ppm
became significantly broadened when the ratio of NaOPh was less than 3. This may be
due to (1) activation of ortho-H, (2) electrostatic cation–π interactions, or (3) fast transition
between monomeric species and oligomeric products.

Apart from the NMR characterizations, UV-vis absorption spectra were also collected
on the same samples. As shown in Figure 4, YCl3 and LaCl3 solutions showed negligible
absorption in the range of 200 to 400 nm, whereas the pristine sodium phenoxide exhibited
strong absorption peaks at 218, 238, 273, and 295 nm in ethanol solution. When one
equivalent sodium phenoxide was added to YCl3/LaCl3 solutions, the absorption peaks at
218 and 273 nm that were assigned to the E-band and B-band due to the π → π* transition
in aromatic compounds, respectively, were retained, while the absorption bands at 238 and
295 nm disappeared. The absorption band at 238 nm is usually referred to as the K-band
due to π → π* transition in aromatic compounds that have an unsaturated functional
group conjugated with the aromatic ring, while the absorption at 295 nm is the R-band
generated by n → π* transition of functional group that attaches to the aromatic ring and
contains a nonbonding pair of electrons [37,38]. It was reported that both the K-band and
R-band are particularly sensitive to the substituent group of the aromatic ring [39]. The
disappearance of bands at 238 and 295 nm on UV-vis examination showed the substitution
of sodium by rare-earth metals, agreeing well with the stronger Lewis acidity of La3+

and Y3+ compared with Na+ [35]. Meanwhile, it also indicated that the conjugation effect
between O and the aromatic ring may be weakened after Y/La substitution. When the
ratio of NaOPh to YCl3/LaCl3 was lower than 3, all the spectra exhibited similar profiles.
These two absorption bands at 238 nm and 295 nm grew gradually when the ratio of
sodium phenoxide to YCl3/LaCl3 was higher than 3, showing the coexistence of NaOPh in
the solutions.
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Figure 4. UV-vis characterizations of the reactions of (a) YCl3-nNaOPh and (b) LaCl3-nNaOPh
(n = 1–6) with the increase in molar ratio of NaOPh.

2.3. Molecular Structures

Due to the amorphous states, molecular structures of Y(OPh)3 and La(OPh)3 were
investigated at the B3LYP/def2TZVP level of theory [40,41]. Two initial geometries (parallel
and vertical) were proposed and optimized with C3 symmetry due to three identical
phenoxide rings that were proved by 1H and 13C NMR results (Figure 2d and Figure S4).
For Y(OPh)3, two optimized structures, i.e., planar and nonplanar configurations (Figure 5),
were obtained due to the different initial configurations (Figure S5). In the nonplanar
configuration, three phenoxide planes connect to the Y center via Y−O bonds and exhibit
a dihedral angle of 14.85◦ to each other, similar to ordered electric fans (Figure 5b and
side view in Figure S5). However, the three phenoxides were on the same plane in the
planar structure (Figure 5a and Figure S5). The single-point energy of the nonplanar
structure was 0.4634 kJ/mol lower than that of the planar one, indicating the nonplanar
configuration was more stable, which may be due to intramolecular steric repulsive forces
among phenoxide rings. Since these two structures have very close single-point energies,
they may coexist during the synthesis and randomly stack via the interactions of van der
Waals forces and cation–π and π–π conjugates. Therefore, it is not surprising to obtain
weak diffraction peaks in the XRD patterns. The highest occupied molecular orbitals
(HOMOs) and lowest unoccupied molecular orbitals (LUMOs) were also calculated based
on the two configurations (Figure 5 and Table S1). It can be seen that the LUMOs of the
two Y(OPh)3 structures are located on the metal, whereas the HOMOs are delocalized
over benzene rings and oxygens. The gaps between LUMO and HOMO of the planar and
nonplanar structures of Y(OPh)3 are about 3.5914 eV and 3.5734 eV, respectively, which
is consistent with the results of the UV-vis spectra, where no absorption in the visible
range was observed. The calculated molecular structures of La(OPh)3 were similar to those
of Y(OPh)3, and the results can be found in the Supporting Information (Figure S6 and
Table S2). Compared with Y(OPh)3, the positive charge of La cation in the La(OPh)3 was
higher than the Y cation in Y(OPh)3 and the oxygen element in the La(OPh)3 had higher
negative charge, which may have been caused by the stronger electron-donating ability of
La (Supplementary Tables S1 and S2).
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Figure 5. (a,b) Planar and nonplanar structures, LUMOs and HOMOs, and energy gaps between
LUMO and HOMO of Y(OPh)3, respectively. Black: C; red: O; white: H; greenish-blue: Y.

Given the successful syntheses of Y(OPh)3 and La(OPh)3 and their thermal stability
(Figure S7), we attempted to hydrogenate these two materials at 100 ◦C under 70 bar H2.
However, negligible conversion was observed for both samples, which may be constrained
by the difficulty in hydrogen activation due to the full coordination of rare-earth cations.
Although there were some reports about the synthesis of Y(III) and La (III) phenoxides pre-
viously, there are differences between the previous work and the present research. Table S3
summarizes the differences between previous work and the present study. First, organic
ligands (such as THF) are usually needed for the crystal structures of Y and La phenoxides.
However, all the organic solvents/ligands were removed in the present study for the
purpose of hydrogen storage. Second, the synthetic processes of Y and La phenoxides are
not well characterized, leading to a lack of understanding of the metathesis reaction. In
the present study, Y and La phenoxides were synthesized via metathesis reaction. Quasi in
situ NMR and UV-vis methods were employed to characterize the formation processes in
detail. Third, phenoxide without a substituted group was employed in the present study;
however, substituted phenoxides were used to synthesize the phenoxide derivatives of Y
and La salts previously.

3. Materials and Methods

3.1. Material and Characterization

Commercial phenol (99.5%, TCI, Tokyo, Japan), sodium hydride (90%, Aldrich, Saint
Louis, United States), carbazole (95%, Alfa Aesar, Ward Hill, United State), indole (99%,
Aldrich, Saint Louis, United States), yttrium metal (99.9%, ACMEC, Shanghai, China),
lanthanum metal (99.5%, Aladdin, Shanghai, China), yttrium chloride (99.9%, Alfa Aesar,
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Tewksbury, United State), and lanthanum chloride (99.99%, Alfa Aesar) were all stored in a
glove box and used without further purification. Anhydrous ethanol (Macklin, Shanghai,
China) was used after water removal with a molecular sieve. All the experiments were
conducted in a glove box filled with purified argon with <0.1 ppm H2O and O2 concen-
trations. To synthesize sodium phenoxide, a mixture of 0.01 mol sodium hydride and
0.01 mol phenol was put into a 180 mL stainless steel receptacle and ball-milled for 8 h at
200 r·min−1 accordingly [16]. Yttrium phenoxide and lanthanum phenoxide were synthe-
sized by metathesis reaction. Yttrium chloride (195.5 mg, 1.0 mmol) and sodium phenoxide
(355.5 mg, 3.0 mmol) were added into a 50 mL conical flask, then 25 mL anhydrous ethanol
was added and stirred at a rate of 300 r·min−1 at room temperature. After 24 h, the white
precipitation was filtered out. Then, the solution was transferred to a glass bottle in the
glovebox for evaporation to obtain a powder sample. The powder sample was heated at
200 ◦C in vacuum overnight to complete removal of ethanol, and yttrium phenoxide was
obtained. Similarly, the lanthanum phenoxide was prepared by the reaction of lanthanum
chloride with sodium phenoxide in anhydrous ethanol with the same method. YH3 was
prepared by direct hydrogenation of Y-metal basis at 350 ◦C under 4 MPa H2 pressure for
12 h [42,43]. LaH3 was prepared by a similar method. YH3 and LaH3 were ball-milled to
powder in 15 bar H2 atmosphere with a rotating speed of 200 r·min−1.

XRD patterns were collected on a PANalytical X’pert diffractometer equipped with
Cu Kα radiation (40 KV, 40 mA) for phase identification. The test samples were loaded in a
homemade sample cell covered with KAPTON film to avoid air and moisture contamina-
tion. Temperature-programmed desorption–mass spectrometry (TPD-MS) using purified
argon as a carrier gas was conducted in a custom-made reactor. The samples were heated at
a rate of 2 ◦C/min and the gaseous species H2, H2O, CO2, CH4, and C2H6 were monitored
using online MS (Hiden, Cheshire, UK).

Solution NMR spectroscopy was recorded on a Bruker AVANCE 700 MHz NMR
spectrometer (11.7 T) at ambient temperature. Liquid 1H and 13C NMR spectra were
characterized with DMSO as the deuterated solvent. For 1H NMR and UV-vis charac-
terizations, yttrium chloride was dissolved in 25 mL anhydrous ethanol solution, and
sodium phenoxide with molar ratios of 1, 1.2, 1.5, 2, 3, and 6 equivalent to YCl3 was added
under a stirring rate of 300 r·min−1 at room temperature. A small amount of solution
in each step was taken out for characterizations. UV-vis spectra were measured with a
JASCO V-750 spectrophotometer. All prepared solutions were diluted with anhydrous
ethanol before UV-vis tests. The pristine yttrium chloride and sodium phenoxide were
also dissolved in anhydrous ethanol and characterized for comparison. The formation of
lanthanum phenoxide was characterized by the same process. Liquid 23Na NMR spectra
were obtained on a Bruker AVANCE 400 MHz NMR spectrometer at room temperature
and DMSO-d6 was used as a deuterated reagent.

TEM images were obtained on a Tecnai G2 F30 S-Twin transmission electron micro-
scope (FEI Company, Hillsboro, United States). The sample was dispersed in cyclohexane
and dropped on a carbon-coated copper TEM grid. FT-IR spectra were recorded on a
TENSOR II infrared spectrometer.

3.2. Computational Methods

Density functional theory (DFT) calculations were carried out using the Gaussian09
suite of programs [44]. The theoretical geometry of each molecule was optimized at the
level of B3LYP/def2TZVP. Geometry optimizations were tested by frequency analysis to
ensure that each geometry corresponded to a true local minimum. Natural population
analysis was performed to obtain the NBO charges [45]. The GaussView 5 program was
used to draw contour plots of HOMOs and LUMOs.

4. Conclusions

In summary, both yttrium phenoxide and lanthanum phenoxide were successfully
prepared via metathesis of sodium phenoxide with YCl3 and LaCl3, respectively. NMR
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and UV-vis results were used to characterize the detailed process of the replacement of
Na cation by Y and La cations, which revealed less electron density in the phenoxide
ring and significant decrease in K-band and R-band absorption after metathesis due to
the stronger Lewis acidity of Y3+ and La3+ than Na+. The synthetic process may follow
a pathway of stepwise formation of dichloride, monochloride, and chloride-free species.
Although the crystal structure of Y(OPh)3 and La(OPh)3 are unknown due to the amorphous
state of the two samples, DFT calculations were attempted in order to understand the
molecular structure and the effect caused by cationic replacement on the organic rings.
Two molecular structures, i.e., planar and nonplanar, were identified for each rare-earth
phenoxide. The cationic replacement changes the energy gap between LUMO and HOMO
and the electron density located at phenoxide rings. Although the hydrogenation of
these rare-earth phenoxides was not successful, it is needed to carry out further research.
Candidates such as 1-naphthalenol, thiophenol, indole, and imidazole could be investigated
in the future, which would obviously broaden the current scope of hydrogen storage
systems. More importantly, apart from Y and La, other RE elements are well worthy
of attention due to the existence of electrons in their 4f orbitals. Therefore, these rare-
earth organic compounds may have potential applications in other areas, such as organic
chemistry, catalysis, optical devices, and so on.
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solvent; Figure S4: 13C NMR of Y(OPh)3 compared with NaOPh; Figure S5: Initial geometries and
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