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Preface

The design and manufacturing technology of advanced materials for non-ferrous metals

have become an important driving force behind the development of modern industry. This

reprint aims to provide readers with a comprehensive, systematic, and in-depth reference that

elaborates on the principles of design, manufacturing technology, and application areas of advanced

materials for non-ferrous metals in order to contribute to material science research and industrial

development. Non-ferrous metals play an irreplaceable role in various fields such as aerospace,

electronics information, new energy, and transportation due to their unique physical, chemical, and

mechanical properties. With continuous technological advancements, the design and manufacturing

technology of advanced materials for non-ferrous metals have made significant progress. A series of

high-performance and high-value-added new materials have emerged that provide strong support

for economic and social development.

This reprint collects a total of sixteen Special Issue papers, including one review article and

fifteen research papers. It covers the microstructure, performance characteristics, and preparation

processes of materials. Based on this foundation, it focuses on introducing the principles and methods

for designing advanced materials for non-ferrous metals. Additionally, the book also provides

detailed explanations about the manufacturing technologies involved in these advanced materials,

including smelting, casting, plastic processing, heat treatment, surface treatment, etc., along with their

technical principles and practical applications. In addition, this reprint also focuses on the application

areas and development trends of advanced materials in non-ferrous metals. Through case studies in

industries such as aerospace, electronics, and new energy, it demonstrates the enormous potential of

advanced materials in non-ferrous metals to promote industrial upgrading, improve product quality,

and reduce production costs.

Finally, we would like to express our gratitude to all the authors who have provided support and

assistance in writing this reprint. Their hard work and selfless dedication have enabled this reprint

to be published smoothly and meet the needs of a wide range of readers.

Yilong Dai, Youwen Yang, and Deqiao Xie

Editors
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Selective Laser Melted Magnesium Alloys: Fabrication,
Microstructure and Property
Yun Zhou 1,2, Kai Zhang 1, Yaru Liang 2, Jun Cheng 3 and Yilong Dai 2,*

1 Department of Automotive Engineering, Hunan Industry Polytechnic, Changsha 410208, China
2 School of Materials Science and Engineering, Xiangtan University, Xiangtan 411105, China
3 Key Laboratory of Biomedical Metal Materials, Northwest Institute for Nonferrous Metal Research,

Xi’an 710016, China
* Correspondence: daiyilong@xtu.edu.cn

Abstract: As the lightest metal structural material, magnesium and its alloys have the characteristics
of low density, high specific strength and good biocompatibility, which gives magnesium alloys
broad application prospects in fields of biomedicine, transportation, and aerospace. Laser selective
melting technology has the advantages of manufacturing complex structural parts, high precision
and high degree of freedom. However, due to some disadvantages of magnesium alloy, such as low
boiling point and high vapor pressure, the application of it in laser selective melting was relatively
undeveloped compared with other alloys. In this paper, the fabrication, microstructure, mechanical
performance and corrosion resistance property of magnesium alloys were summarized, and the
potential applications and the development direction of selective laser melting magnesium alloys in
the future are prospected.

Keywords: selective laser melting; magnesium alloys; microstructure; mechanical property; corrosion
behavior

1. Introduction

With the advantages of low density, high specific strength, good thermal conductivity
and good biocompatibility, magnesium and its alloys are the lightest metal structural mate-
rials in practical applications [1–3], which are applied in transportation, communication
electronics, aerospace, biomedicine and other fields. However, the Mg alloy workpieces
manufactured by traditional technology has some shortcomings, such as poor microstruc-
ture uniformity, long processing cycle, low material utilization and low efficiency [4]. Thus,
the development and application of high-performance magnesium alloys were restricted.
Selective laser melting (SLM) is a kind of additive manufacturing technology that uses
high-energy laser beam to selectively sinter and stack powder layer by layer. It has the
advantages of manufacturing complex structural parts, high precision, high degree of
freedom and refining alloy structure [5]. Owing to that, the selective laser melting pro-
cess has become an important method to prepare high-performance magnesium alloy
workpieces. The principle of SLM technology is shown in Figure 1 [6]. According to the
geometric data model in 3D software, the metal powder layer is selectively melted by a
high-energy laser beam, forming a large number of molten pools. After that, the produced
molten pool solidifies rapidly (103–106 k/s), and finally the parts with the required shape
are obtained [7–9]. SLM technology has the following characteristics: (1) Suitable for a
wide range of processing materials, including refractory metals, high reflectivity materials
and low melting boiling point metals. (2) The forming accuracy is high. After grinding,
sandblasting and other subsequent treatment, the surface of workpieces can meet the
accuracy requirements. (3) It can process structures with complex shapes, such as spatial
curved porous structure, light lattice sandwich structure, special-shaped complex cavity
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structure, etc., [10]. SLM technology is developed and widely used in iron [11], tita-
nium [12,13], nickel base superalloys [14,15], aluminum alloys [16], and so on [17]. How-
ever, due to its active chemical properties, high affinity with oxygen, low melting boiling
point and high vapor pressure, the application and development of magnesium alloys in
SLM technology are relatively behind. In this review, the characteristics of the forming
process of magnesium alloy by SLM technology were summarized, how parameters in the
forming process affected the microstructure and properties of magnesium alloys reported
in recent research were reviewed, and the possible applications of SLM forming magnesium
alloys in the future are prospected.
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2. Fabrication of Magnesium Alloy with Selective Laser Melting
2.1. Influence of Magnesium Alloy Powder

Since metal or alloy powders are used as raw materials in SLM process, the charac-
teristics and quality of powders have a great impact on the stability of SLM process and
the performance of final samples. The quality of powder is determined by its size, shape,
surface morphology, composition and internal porosity. In this paper, several factors related
to product performance will be reviewed.

2.1.1. Alloying Elements of Mg in SLM

Due to the low melting point of magnesium (923 K), it is easy to burn in the SLM
process. Thus, addition of alloy elements is beneficial to broaden the melting point and
boiling point range of magnesium alloys, and further limit the selective vaporization
of magnesium elements [18–21]. In addition, the research shows that the oxidation of
magnesium oxide alloy powder can be prevented [22,23]. For example, in Mg–Be and
Mg–Al alloys, active metal elements added to the alloy are required to react before Mg
elements, so as to prevent large-scale oxidation of Mg elements [24–27]. Therefore, Mg Al,
AZ (Mg–Al–Zn), ZK (Mg–Zn-Zr), AM (Mg–Al–Mn) and WE (Mg–Re) series are the most
commonly used alloy systems in SLM process [23,28,29].

2.1.2. Shape and Size of Alloy Powder

Spherical powder is usually used in SLM processing because it helps to improve the
fluidity of the powder and obtain high precision. The research shows that because the
irregular shaped powder is not easy to flow and has a strong tendency to aggregate, the
use of non-spherical powder particles in SLM processing will make a negative impact
on the uniform deposition of powder [30]. The shape of magnesium powder plays an
important role in fluidity and laser reflection behavior [31]. Irregular shaped powder will
significantly reduce the fluidity of the powder, cause uneven distribution of the powder
and affect the quality after forming. Instead, the spherical powder with a uniform and
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smooth surface can improve the fluidity of the powder and the formability of magnesium
alloy [32]. In particular, the powders should be without defects such as satellite powder
and caking, which will lead to insufficiency fusion between the particles, thereby affecting
the densification process [33].

The behavior of powders with different sizes is different in the laser processing
process. SLMed workpieces that used powders with large particle size always showed
poor adhesion between each layer and low density, due to the poor penetrating ability of it.
Although relatively fine particles and high laser energy density can be used to prepare high-
density components with better surface, fine powder particles are easy to be blown away
by the protective air flow, thus affecting the deposition process. Furthermore, powder with
small size will evaporate when comes to the situation of high laser power, the consequent
generation of smoke and dust in the print bin will affect the output of laser energy and make
the formed sample performed a poor surface [34]. In the recently work of Wang [35], the
influence of powder particle size on smoke and dust generation in the process of forming
AZ91D Magnesium Alloy by SLM was studied. The fine powders are easier to melt than
the coarse powders, and more likely to experience the overburning phenomenon under the
same laser energy density. Screening the fine powder below 20 µm can effectively reduce
the amount of smoke and dust, and better surface quality and higher tensile strength can
be obtained. Dong et al. [36] studied the size effect of Mg powder in SLM process. As
shown in Figure 2, the sample fabricated by 400 mesh powder showed a rough surface with
un-melted particles (Figure 2a,b), while the sample prepared with 250 mesh powder was
well consolidated (Figure 2c,d). The reason for this result can be expressed as: with higher
temperature and the bigger molten pool, some un-melted or melted powders were blown
away by the air flow when fine powder particles were used. These powders adhered to
the substrate and made 400 mesh powders exhibit more severe balling and agglomeration
than that of 250 mesh powder. Aside from the size effect of powder, due to the different
melt speed between larger size powders and smaller size powders, the uneven distribution
of powder particles on the construction platform should be avoided. When the powders
adopted show a wide size distribution mixed with both large-sized particles and small-
sized particles, more attention should be paid to the selection of process parameters to
avoid uneven melting of the powders. Spherical powders with a narrow range of particle
sizes can help to improve the thermal conductivity of the powders, resulting in an increase
in the density of SLM formed parts [37].

2.2. Influence of SLM Process Parameters

The main advantage of SLM technology is that it can produce metal parts with high
density. However, since the absence of mechanical pressure, fluid dynamics is mainly
driven by gravity, capillary action and thermal effect, so it is not easy to achieve this
goal. In addition, the lack of mechanical pressure during the SLM process may reduce the
solubility of some elements during solidification, resulting in discontinuous melting to
form pores and surface irregularities. Therefore, appropriate parameters (include power
density, scanning distance and speed, and layer thickness etc.) need to be carefully selected
to obtain parts with good quality. Taking WE43 as an example, Figure 3 shows the influence
of SLM process parameters on the formability of magnesium alloy. When specimens were
produced in the low energy input zone, they exhibited poor mechanical strength due
to the extensive presence of process-induced pores and lack of fusion. At high energy
inputs, a loss of the Mg content occurred due to its low boiling point. An appropriate
volume energy density (EV) can be obtained by adjusting process parameters [38]. Volume
energy density EV is defined as the laser energy per volume and can be calculated by the
following equation:

EV = P/vdh (1)

where P (W) is the laser power, V (mm/s) is the scanning speed, D (mm) is the scanning
distance, h (mm) is the layer thickness. Under proper laser parameters, the SLM prepared
can achieve a negligible fraction of metallurgical and process-induced defects. However,

3
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in the recent work of Deng [39], the depth and width of molten pool and the porosity
vary significantly despite using the same LED value but different combinations of p and V
values. When p or V is changed alone, it is reliable to use LED as a design parameter, but
when p and V are changed at the same time, LED has limitations.
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2.2.1. Laser Energy Density

In the SLM forming process, the densification process of the sample is as follows:
first, the metal powder is melted by a single laser beam, and then its melting trajectory is
overlapped with the adjacent melting trajectory. When the multilayer is formed, the laser
beam irradiates the powder layer to melt it and weld it with the previous powder layer to

4



Materials 2022, 15, 7049

form a solid interlayer bond. Olakanmi et al. [41] observed that under the appropriate laser
power and scanning speed, the metal powder can be completely melted, and there is good
solid–liquid interface wettability between the powder particles and the melt, so that the
formed sample can be nearly completely dense. The complete melting of metal powder can
not only enhance the adhesion between powders and form complex structural parts, but
also facilitate the discharge of gas, reduce the formation of pores in the sample, obtain more
dense formed parts and obtain excellent comprehensive properties. Shown in Figure 4, the
processing parameter influence on porosity was summarized in Oliveira’s work [17]. Low
EV is not enough to melt magnesium alloy powder completely, and it is difficult to obtain
dense formed parts. Too high EV will cause surface spheroidization and burning of alloy
elements [42]. For very high energy densities, Mg vapor will generate back pressure on
the molten pool, and the huge temperature gradient of the molten pool causes a strong
Marangoni convection effect in the molten pool, and the depth of the molten pool is much
greater than the width of the molten pool. However, the solidification rate of SLM process
is very fast, and more Mg vapor has no time to escape from the molten pool, so it exists in
the molten pool in the form of pores, which will make the workpiece more porous. Thus,
a depression filled by steam and external gas was formed, and its morphology is called
keyhole, which may degrade the fatigue life of the part by acting as a crack initiator [43,44].
Increasing the canning speed is a simple way to reduce the formation of keyholes, but at
high energy density, too large scanning speed will also bring about “balling”. In order to
address defects such as keyhole porosity, lack-of-fusion porosity, and “balling”, suitable
laser power and scanning speed need to be investigated.
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In the study of Wang with Mg–Y–Sm–Zn–Zr alloy [45], it was found that the size of
molten pool was positively correlated with laser power. As the laser power increased from
40 W to 80 W, the length and depth increased from 71.14 µm and 21.62 µm to 110.8 µm
and 31.9 µm, respectively. Zhang et al. [46] studied the effect of laser energy density on the
density of Mg–9%Al alloy samples by adjusting laser power and laser scanning speed. The
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results show that at a low laser energy density, the powder melts incompletely, resulting
in discontinuous scanning tracks and spheroidization, which leads to more pore defects
in the sample. With the increase of laser energy density, the powder melts better, so that
more liquid phase can flow and penetrate into the gap between particles. The relative
density of the sample is higher, and the surface is relatively smooth. However, with the
further increase of laser energy density, the powder will melt completely, and defects such
as spheroidization and scum will appear in the molten pool, resulting in reduced density
and poor surface finish. Wei et al. [47] observed the formability of AZ91D alloy under
different bulk energy densities. When the bulk energy density is 83–167 J/mm3, the sample
has no obvious macroscopic defects and has a high density. When the bulk energy density
is higher than 214 J/mm3, the alloy elements volatilize and burn seriously, and the sample
cannot be deposited and formed. In Yang‘s research [48], the SLM printing process shows
that with a low laser energy density, the powders were in a discrete state, and there was
no fusion between the powders (Figure 5a). By increasing the laser energy density, the
powders can be partially melted and sintered together forming sintering neck as a weak
bonding (Figure 5d). It is only when the laser density is large enough to melt the powder
completely that smooth and continuous trajectory can be obtained, as shown in Figure 5f.
With the further increase of laser energy density, the powder evaporates. In Ng’s study of
magnesium [49], the laser energy density also shown an effect on the average grain size of
α-Mg grown. It changed from 2.30 µm to 4.87 µm with the laser energy density increasing
from 1.27 × 109 J/mm2 to 7.84 × 109 J/mm2. It is attributed to the high energy density
which keeps the Mg-melt at a relative high temperature state, affected the cooling process
of the melt and resulted in grain growth.
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Although the SLM process is usually based on the complete melting, partial melting
of powder caused by low energy density is not necessarily bad. The molten metal on
the surface of partially melted particles can make the powders adhere to each other and
leave pores between the powders, which can be effectively used to produce porous struc-
tures with complex shapes [50], whereas a loose structure formed at energy inputs below
77 J/mm3 due to “balling effect” and incomplete melt of powders. It is worth noting that
the specific value of energy density is meaningful only in specific cases, because different
overlapping distance and powder layer thickness will affect the energy density, and the
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same energy density does not necessarily ensure the stability of the quality of the formed
sample [51], so the best EV value depends on the specific powder material composition and
laser beam scanning forming strategy [52].
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2.2.2. Scanning Speed and Spacing

At a constant laser power, the scanning speed is related to the residence time of the
laser beam on the surface of the molten pool. Thereby, by reducing the scanning speed,
the energy density will be increased, and higher workpiece density will be obtained. The
scanning distance (also known as the spacing distance) is another important parameter
that affects the relative density of the alloy. It determines the degree of overlap of laser
points when a new laser line sweeps through the previously scanned line. Ng et al. [53]
studied the single pass experiment of magnesium alloy at different scanning speeds, and
proved the feasibility of magnesium alloy powder in SLM manufacturing. With too fast
scanning speed, powder splashing can be observed, which will cause instability of molten
pool and increase thermal stress of the production. On the contrary, when the scanning
speed is too low, it will lead to the recrystallization of magnesium alloy samples during
solidification, which will affect the microstructure and morphology of the alloy. In Wei’s
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work [47], the effects of scanning speed and scanning distance on the relative density
of AZ91D alloy prepared by SLM were summarized. The relative density of the sample
decreases with the increase of scanning speed and hatch spacings. Similar results were also
obtained for ZK60 alloy [54]. As the scanning speed increased, the relative density of the
sample reached a peak of 94.05% at 300 mm/s. When the scanning speed was 100 mm/s,
serious vaporization and metal powder burning were observed, leaving ablative pits on
the surface of the substrate, resulting in the termination of the molding process. When
the scanning speed is higher than 500 mm/s, the powder particles cannot be completely
melted, and pores will be formed between unmelted powders, resulting in a sharp decline
in the relative density of the sample. The influence of scanning spacing on the overlap area
between adjacent scanning passes was studied by Deng [43]. It can be seen from Figure 6
that suitable hatch spacing will make the height of the overlap region and the height of the
unlapped region tend to be uniform, which will result in even powder distribution in the
next layer. With a width of the molten pool approximately 140 to 200 µm, the corresponding
overlap ratio is about 30–50% when the hatch spacing is 100 µm.
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2.2.3. Thickness of Powder Layer

The thickness of powder layer is another important parameter which has an important
impact on porosity and interlayer adhesion, and also affects the tensile strength, hardness
and dimensional accuracy in the construction direction. A thicker powder layer will reduce
the thermal penetration depth of the laser beam, so the bottom powder cannot be effectively
melted, and the adhesion of each layer is reduced, resulting in local stress concentration,
uneven chemical composition, pores, microcracks and incomplete fusion areas. These
defects greatly reduce the fracture toughness and tensile ductility of the alloy. A thicker
powder layer will lead to non-fusion between particles, and the same amount of laser
energy will radiate more powder than a thin powder layer. The laser energy density
penetrating the powder bed will not be enough to completely melt the powder particles,
which will cause more pores and reduce the density of the sample. Therefore, it is necessary
to establish the best layer thickness parameters, so that there is a good adhesion between
layers, and reduce the defects that may occur in the SLM process, so as to obtain a higher
density. Savalani et al. [55] studied the influence of powder layer thickness on single
channel pure magnesium prepared by SLM. In their experiment. The layer thickness of
preheated samples was adjusted from 150 to 300 µm. The results show that there is a critical
value (250 µm) for the thickness of the powder layer. When the powder thickness was
relatively thin, a flat surface without any surface defects could be obtained. Because the
amount of material to be melted is significantly less, the heat transmitted in the molten pool
has enough energy to completely melt the adjacent particles, rather than partially melt.

3. Microstructure of SLMed Samples

When the incident laser beam irradiates the metal powder layer, most of the laser
energy is absorbed by the metal powder particles, resulting in rapid heating and local
melting of the powder. Therefore, laser selective melting process is a process of rapid
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melting and solidification [56]. Thus, by adjusting the process parameters and changing
the thermodynamics and dynamics of the molten pool, so as to control the size and shape
of grains, as well as the content and composition of phases in the solidification process,
so as to obtain the required microstructure [57]. The characteristics of SLM with high
cooling rate can obtain fine microstructure, while the cooling rate of Mg alloy can reach
106 K/s during SLM. Compared with the traditional process, SLMed magnesium alloy is
also affected by recrystallization, but it is easier to control the evolution of microstructure.
In the research of Zumdick, as shown in Figure 7, due to the characteristics of powder
sintering and rapid cooling in the SLM process, the magnesium alloy presents a uniform
and fine microstructure (Figure 7a–c); Although the microstructure of magnesium alloy
prepared by extrusion is relatively uniform and fine, it has serious anisotropy (Figure 7d,e);
The microstructure grain of as cast state is relatively rough (Figure 7f) [58].
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Figure 7. Electron backscatter diffraction of (a–c) selective laser melting, (d,e) of powder extruded,
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The multiple remelting in the SLM process makes the microstructure change in dif-
ferent height directions, which is attributed to the different heat treatment, conduction,
convection and radiation conditions between different layers. After repeated remelting,
the cooling rate decreases relatively, which coarsens the grains in the remelted part. The
microstructure is different due to the difference of heat affected zone between the edge and
center of molten pool. In the preparation of AZ91D alloy by SLM, the grains in the scanning
track area are smaller than those in the overlapping area, which is caused by the repeated
remelting of the grains at the edge of the molten pool, the reduction of the cooling rate,
and the existence of temperature gradient difference. Figure 8 shows the distribution of
molten pool under the optical microscope of AZ91D sample under the bulk energy density
of 166.7 J/mm3, which obeys the Gaussian distribution of laser energy. The molten pool
with elliptical bottom is arranged layer by layer, which is the inherent layered feature of
SLM technology. The molten pool is closely stacked, forming a good metallurgical bond
between two adjacent layers. [47] In addition, due to the temperature gradient difference
between the edge and center of the molten pool, the transformation from columnar crystal
to equiaxed crystal may occur from the edge of the molten pool to the center. Columnar
α-Mg grains occupy the edge area of the molten pool, while the α-Mg grains in the center
area of the molten pool show equiaxed crystal state.
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The microstructure of SLM samples is closely related to the preparation parameters.
In the study of Mg–Zn–Zr (ZK60) alloy (Figure 9). It is found that, with the increase of laser
energy density, the crystal structure changes into: columnar crystal, equiaxed crystal, and
coarsened equiaxed crystal, which is caused by the increase of laser energy density and the
decrease of its cooling rate [59]. In addition to the adjustment of preparation parameters,
appropriate component selection and subsequent processing can effectively control the
microstructure of samples. SLM will lead to changes in composition and microstructure,
which is due to the high vapor pressure of Mg, Zn and other elements. During the printing
process, Mg, Zn and other elements will be selectively evaporated, and Al, Zr and other
elements will be enriched on the surface through solute capture effect. In the process of
rapid laser melting, due to the great temperature gradient difference, it is conducive to the
formation of Marangoni convection and promotes the uniform dispersion of alloy elements
in the molten pool. The expansion of the solid–liquid interface contributes to the solute
capture phenomenon in the α-Mg matrix, and more solute atoms are concentrated in the α-
Mg matrix, which improves the solid solution limit of alloy elements in the α-Mg matrix and
inhibits the nucleation of β- phase [47,59]. Therefore, the change of composition will affect
the microstructure during laser selective melting. In order to obtain finer microstructure,
severe plastic deformation is a very effective processing method. After extrusion and heat
treatment, the mechanical properties of JDBM alloy are improved at room temperature
compared with those as cast [60]. The main reason is that after extrusion, the process will
undergo dynamic recrystallization, resulting in grain refinement.
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4. Properties
4.1. Mechanical Property
4.1.1. Hardness

The rapid solidification effect on the parts in the SLM process leads to the grain
refinement of its microstructure, which is one of the main reasons for the increase of the
hardness of SLM manufactured parts. Thus, the hardness performance of samples can
effectively be controlled by adjusting the processing parameters in SLM process. High
cooling rate stimulated by low laser energy density can refine the grain size, consequently,
increase the hardness values in the melted zone. In addition, according to the solid
solution strengthening theory, high solid solubility can also improve the hardness of
products [61]. Therefore, the solid solution of different elements also affects the hardness
value of magnesium alloy. For example, the microhardness of Mg–Al alloy is different from
that of α-Mg. In the study of Cáceres, the hardness was increasing with the aluminum
content between 1%~8% in Mg–Al alloys [62]. In Table 1, the relationship between hardness
values of various magnesium alloys was summarized. It can be seen from the table, beside
the grain size, the hardness value of SMLed magnesium alloy is closely related to the
microstructure, element composition and content. Moreover, according to Mercelis and
Kruth [63], the residual stress maintained at a reasonable level in the parts manufactured
by SLM can improve its hardness, provided that sufficient densification can be achieved
without cracks or pores.
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Table 1. Summary of the hardness and microstructural properties of different Mg alloy.

Materials System Laser Energy
Density

Grain Size
(µm)

Relative Density
(Maximum) Hardness

Pure Mg [49] 2.30–4.87 0.95–0.59 (GPa)
Pure Mg [36] 300 J/mm3 1.656–1.671 95.28–96.13 44.75–52.43 Hv
Mg–Ca [64] 600–1200 J/mm3 5–30 81.52% 60–68 Hv

Mg–9%Al [46] 7.5–20 J/mm2 10–20 82% ~65–85 Hv25
AZ61 [65] 5–14 98% 69–93 Hv

AZ91D [47] 83–167 J/mm3 99.52% 85–100 Hv

AZ31 [66] 123.81–242.86
J/mm3 67–71 Hv

AZ61D [67] 1–3 99.2% 125 Hv
AZ61 + HIP [68] 23.9 ± 6 close to 100% 98.9 ± 5.9 Hv

ZK30 [69] ∼20 80 Hv
WE43 [58] 1.0–1.1
ZK60 [54] 138.8–416.6 J/mm3 94.05%. ~78 Hv
ZK60 [59] 600 J/mm3 97.3% 89.2 Hv

Mg–3.4Y–3.6Sm-2.6Zn–0.8Zr [70] 1–3 µm 105 Hv (cross section)
95 Hv (vertical section)

ZK60-Cu [71] 4.5–13.6 80.5 ± 1.9–105.2 ± 2.9
AZ61 [72] 600 J/mm3 93.2 ± 2% 90.5 ± 0.9 Hv

AZ61–0.4Mn [72] 600 J/mm3 11.4 ± 0.55 91.5 ± 1.8% 95.8 ± 1.2 Hv
AZ61–0.8Sn [72] 600 J/mm3 90.3 ± 2.1% 97.2 ± 1.2 Hv

AZ61–0.4Mn-0.8Sn [72] 600 J/mm3 4.2 ± 0.42 91.1 ± 1.5% 105 ± 1.4 Hv

4.1.2. Tensile Properties

Previous studies have shown that the elastic modulus of SLMed magnesium is related
to powder thickness and energy density. In Ng’s study [73], pure Mg prepared with energy
density of 7.84 × 103 J/mm2 can reach an elastic modulus of 32.83–34.97 GPa. which
are higher than the conventional cast magnesium (∼28 GPa). Wei et al. [47] studied the
tensile properties under different volume energy densities. The results showed that, at a
relatively low energy density, the ultimate tensile strength of the specimen with an energy
density of 83.3 J/mm3 was 274 MPa. The solid solubility of Mg in the sample was restricted,
and the precipitation of the second phase was also relatively reduced, which further
affects the tensile properties of SLM formed samples. With an increased energy density of
166.7 J/mm3, the ultimate tensile strength of the specimen reached 296 MPa, which is
superior to the die-cast AZ91D (~230 MPa). In the study of Savalani [55], the powder
layer thickness also affected the SLM of magnesium. When the thicknesses of the powder
layers were set to 0.15–0.20 mm and 0.25–0.30 mm, the elastic moduli of the samples were
31.88–34.28 GPA and 28.43–31.47 GPA, respectively. In the work of Peng [74], the room
temperature tensile properties of typical magnesium alloys in as cast, SLM and extruded
states were compared. As shown as Figure 10, the yield strength of SLM magnesium alloy
is significantly higher than that of as cast alloy, close to or even higher than that of extruded
alloy, which is mainly due to the fine grains in SLM state. The tensile strength of SLM
magnesium alloy is mostly significantly higher than that of as cast alloy and lower than
that of extruded alloy. The elongation of SLM magnesium alloy is generally low, and it does
not show the trend of improvement of the plasticity which may be caused by fine grains.
For example, the elongation of AZ91D alloy in SLM state is 1.24–1.83% with the laser
energy density of 83.3–167.7 J/mm3, which is lower than the elongation of die-cast AZ91D
(3%) [47]. Similarly, due to the β-Mg17Al12 phase precipitated along the grain boundaries,
the elongation of SLMed AZ61 alloy with the laser energy density of 138.89–208.33 J/mm3

is 2.14–3.28%, which is lower than the elongation of 5.2% of AZ61 as cast [75].
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4.1.3. Fracture Behavior

The fracture behavior analysis of SLM parts shows the characteristics of ductile brittle
hybrid fracture. Wei et al. [47] analyzed the fracture morphology of SLMed AZ91D alloy
(Figure 11). All tensile specimens showed ductile brittle fracture characteristics. This frac-
ture mode is mainly related to the mixing of soft α-Mg and brittle hard eutectic multiphase
structure. It can be seen from Figure 11 that the dimple of the alloy is shallow, and there
are defects such as pores and microcracks on the micro fracture diagram, resulting in poor
plasticity of SLMed alloy. In addition, due to the layer-by-layer manufacturing method, it is
observed that the construction direction of the part during SLM will affect the final tensile
properties of the part. Samples deposited along the length direction of the tensile sample
usually show higher tensile strength than samples deposited perpendicular to its length.
Performing hot isostatic pressing (HIP) procedures after SLM can significantly reduce the
anisotropic mechanical behavior of the parts by reducing manufacturing-induced pores [76].
However, the elongation at break of SLM parts is usually low, which may be attributed to
micropores and oxide inclusions in the parts, which is the result of non-optimized SLM
process. It is worth noting that, even at room temperature, magnesium can be oxidized
under extremely low oxygen partial pressure [77,78], and local oxidation caused by residual
air in the powder gap can often be observed in SLMed magnesium alloys [79,80]. Oxide
films are believed to inhibit the densification mechanism and induce spheroidization, and
then destroy the intergranular coalescence/wetting between the molten layers. Oxide
inclusions, which usually lead to crack initiation and reduce the mechanical properties of
SLM manufactured parts [81,82], need to be avoided in research.

4.1.4. Effect of Heat Treatments on the Mechanical Properties

Although the cooling rate of SLM process is very high, most of the SLM magnesium
alloys still have hard brittle eutectic phase on the grain boundary and cannot form single-
phase supersaturated solid solution. Therefore, it is necessary to carry out subsequent heat
treatment to adjust the microstructure and improve the mechanical properties especially
for the tensile properties. Room temperature tensile properties of some magnesium alloys
under the state of SLMed and post-treatmented were summarized in Table 2.
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Table 2. The tensile properties of the as-built and post-processed Mg alloys fabricated by SLM under
optimized process parameters.

Alloys State YS/MPa UTS/MPa EL/% Ref

ZK60
As-built 137 246 15.5

[83]T4 107 224 16.7
T6 191 287 14.1

WE43
As-built 215 251 2.6

[84]T6 219 251 4.3

G10K
As-built 203 271 10.3

[39]T5 285 360 2.9

GZ112K
As-built 332 351 8.6

[85]T4 281 311 14.4
T6 343 371 4.0

GZ151K
As-built 345 368 3.0

[86]T5 410 428 3.4

GWZ1031K

As-built 310 347 4.1

[87]
T5 365 381 0.8
T4 255 328 10.3
T6 316 400 2.2
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Hyer et al. [84] conducted a heat treatment of solutionizing at 536 ◦C for 24 h and
subsequent ageing at 205 ◦C for 48 h on SLM state WE43 alloy. High temperature and
long-time solid solution treatment led to significant coarsening of grain. Meanwhile, the
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β1-Mg3Nd phase was found to dissolve, and developed into plate-like precipitates. The
combined action of the two causes made the tensile strength remain unchanged at 251 MPa,
and the yield strength slightly increase from 215 MPa to 219 MPa, and the elongation to
increase from 2.6% to 4.3%. The above T6 heat treatment has not significantly improved
the mechanical properties, so it is necessary to develop a special follow-up heat treatment
system for the unique rapid solidification non-equilibrium structure in SLM state. In Fu’s
study of GZ151K [86], after subsequent aging at 200 ◦C for 64 h (T5 treatment), both the
strength and elongation of the SLMed-T5 GZ151K increased. The YS, UTS and elongation of
the SLMed-T5 GZ151K alloy are 410 MPa, 428 MPa and 3.4%, respectively, which are higher
than those of the as-fabricated (SLMed) GZ151K alloy (YS of 345 MPa, UTS of 368 MPa and
elongation of 3.0%) and conventional cast-T6 alloy (YS of 288 MPa, UTS of 405 MPa and
elongation of 2.9% [88]). The performance improvement brought by the subsequent aging
was attributed to the YS improved by precipitation hardening and the improvement of
ductility due to the probably released part of the residual stress. Recently, Liang et al. [83]
studied the evolution of microstructure and mechanical properties of SLM ZK60 alloy
under different heat treatment systems. As shown in Figure 12, the crystal boundary of
SLM ZK60 magnesium alloy is composed of reticulated Mg7Zn3 phase, and there are three
precipitates (Zn rich phase with Zr rich core, Zn rich phase without Zr and Zr rich particles)
in the crystal. After the solution heat treatment (410 ◦C for 24 h), the Mg7Zn3 phase at
the grain boundary is dissolved into the matrix, and the precipitated phase in the crystal
mainly evolves into the Zn rich phase with Zn2Zr core. The T4 heat treatment reduces the
strength and slightly increases the elongation from 15.5% (SLM state) to 16.7%; Rod-like
precipitates after aging heat treatment β1’- MgZn precipitates can significantly improve
the mechanical properties. The length and quantity of the rod-shaped precipitates of the
two-stage aging (90 ◦C for 24 h + 180 ◦C for20 h) are more than that of the single-stage
aging (180 ◦C for 20 h). Compared with the single-stage aging, the strength of the two-stage
aging can be improved while maintaining a considerable plasticity. T6 heat treatment can
significantly improve the yield strength and slightly reduce the elongation to 14.1%.
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4.1.5. Abrasion Resistance

Chang et al. [89] used additive manufacturing equipment to prepare Mg–Zn–Ca alloy,
and explored the Mg–Zn–Ca alloy at wear behavior in 3.5 wt.% NaCl solution. The dry
friction and wear mechanism of the alloy is adhesive wear and oxidation wear, while the
main wear mechanism of wet friction is corrosion and adhesive wear. When the sliding
distance is 28 m, the wet friction process first enters the stable wear stage compared with
the dry friction process. The average wear width of wet friction is larger than that of dry
friction, and the average wear rate of wet friction is more serious than that of dry friction.
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4.2. Corrosion Resistance Properties

Generally, poor corrosion resistance of magnesium alloys caused by high chemical
activity of magnesium alloys and the lack of protective passivation oxide film was consid-
ered as a major obstacle to its further application [90,91]. In addition, with a high negative
standard electrode potential, magnesium and its alloys always showed a rapid corrosion
feature under similar body fluid conditions [92]. The hydrogen produced by corrosion
cannot be treated by the host tissue, which have prevented magnesium-based materials
from being applied in practice so far. Therefore, the corrosion rate of magnesium and its
alloys should be carefully controlled. The corrosion properties of magnesium alloys are
closely related to their phase and alloy elements. Biodegradable Mg alloys, such as Mg–Ca
AZ31, AZ91, and WE43 have been reported with improved corrosion resistance [72]. The
corrosion rates of different Mg alloy fabricated by SLM technology are summarized in
Table 3.

Table 3. Summary of corrosion rate of different Mg alloys.

Materials System Tests Solution Corrosion Rate
(mm Year−1)

Hydrogen Evolution Rate
(ml cm−2 h−1)

AZ31 [66]
0.9% NaCl solution 0.312
3.0% NaCl solution 1.071

AZ61(80 W) [65] Simulated body fluid 2.4 (after immersion for 24 h)
1.2 (after immersion for 144 h)

WE43 Hanks’ Balanced Salt Solution
7.04 (as-build)

2.11 (grinded batches-SiC4000)
WE43 [40] 0.1 M NaCl solution 5–7.2
ZK30 [69] Simulated body fluid 3.7 0± 0.10

ZK30–0.6GO [69] 3.38 ± 0.07
ZK60 [71] Simulated body fluid 1.01
ZK60 [59] Hank’s solution 0.006

Mg–2Mn [93] Simulated body fluid 0.017
Mg1Zn [94] C-simulated body fluid 0.17

Shuai et al. [71] found that the adding of zinc can alleviate the degradation rate of
Mg–Sn alloy and improve the corrosion resistance by formation of Zn(OH)2 protective
layer during the degradation process. However, with the further increase of Zn content, the
content of Mg7Zn3 in the second phase increases, and galvanic corrosion occurs between
the second phase and the matrix, which will accelerate the degradation of magnesium
alloy. The research of Zhou et al. [95] shows that the addition of a certain amount of Sn can
alleviate the corrosion of magnesium alloys. With the increase of Sn element, the second
phase Mg2Sn will also increase and accelerate the degradation rate due to its galvanic
corrosion. Therefore, adding a certain amount of Sn element will reduce the degradation
rate of magnesium alloy. Similarly, ZK60–0.4Cu [71] alloy showed certain anti-degradation
ability and strong antibacterial ability caused by alkaline environment and copper ions.
He et al. [65] formed AZ61 alloy by SLM technology. The reduced the formation of β-
Mg17Al12 phase can reduced the galvanic corrosion between α-Mg and β-Mg17Al12 phase
and alleviated the corrosion of magnesium alloy to a certain extent. In Yin’s study of
ZK30 [96], the corrosion degradation rate of the composites decreased by adding bioactive
amorphous bioactive glass. Furthermore, the evenly distributed Mg7Zn3 phase was refined
and acts as a barrier to slow down the corrosion rate. By adding 2 wt% Mn during the
SLM processing of Mg–Mn alloy, Yang et al. [93] observed that the corrosion resistance of
pure magnesium can be improved. It is attributed to the increase of corrosion potential and
grain refinement caused by manganese solid solution.

Besides the factors mentioned above, grain refinement and uniform structure can also
improve the corrosion resistance of the material [59]. In the study of AZ61 alloy [65], the
formation of uniform and fine equiaxed grains improves its corrosion resistance. Due to the
existence of more grain boundary areas in fine grains, the corroded α-Mg grain boundary
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can act as a certain corrosion barrier. In addition, fine grains can form a denser surface
oxide film to prevent the reaction between Cl− and Mg2+ ions in body fluid. In the study of
the corrosion resistance of Mg–Nb–Zn–Zr (JDBM) alloy, Zhang et al. [97] used reciprocating
extrusion technology to process JDBM alloy and found that its grain size was reduced to 1
µm, and its corrosion resistance has also been improved.

5. Potential Applications

Magnesium alloys have elastic modulus similar to human bones (2–30 GPA) [98], and
Mg (Mg2+) is an essential element and regulatory ion in human body. Therefore, magnesium
alloys have great application potential in biomedical materials [99,100]. Selective laser
melting has a significant advantage in manufacturing medical porous metal structures,
which can produce fine and porous structures while adapting to various shapes. This
makes it the preferred technology for the production of metal stents and implants [101,102].
Many engineering materials have been used to produce complex porous/cellular structures
through SLM technology. So, it is possible to produce porous structures with magnesium
alloys. Li et al. [103] produced biodegradable porous magnesium, which is likely to
meet all the functional requirements of an ideal bone substitute material. First of all, its
mechanical performance is high enough to be used as a mechanical support. Secondly, the
manufactured parts showed a fully interconnected porous structure, which can accurately
control the topology. Finally, the biodegradation rate of it was slow, and the volume loss
is about 20% after 4 weeks. However, the corrosion rate of magnesium alloy is relatively
fast, accompanied by the concentrated release of a large amount of hydrogen, which makes
the human body unable to diffuse and absorb it in time, which will form bubbles on the
surface of human skin, affecting the physiological function of tissues around the implant
and the restoration treatment of the implant site. Yuan’ s team developed a patented
biomedical JDBM material, which has good biocompatibility, good strength and toughness,
and low corrosion rate. The process parameters for manufacturing magnesium alloy
biomaterials by SLM are currently being developed and are hoped to be applied in the near
future [60,104–107].

In addition to the medical field, magnesium alloys are also widely used in automotive
industries. By replacing vehicle components with magnesium-based materials, the vehicle
weight can be reduced by 20–70%. Volkswagen began to formally apply magnesium alloy
to the automotive industry in 1970. Nowadays, benefitting from the reduced fuel use and
carbon dioxide emissions by weight reduction, automobile companies are going to use more
magnesium alloys and composites in their products [108]. In the past two decades, the use
of magnesium and its alloys in the automotive industry has generally shown an upward
trend. Although the cost of parts made by Mg in cars is higher than that of aluminum, it
is worthwhile to compensate Mg for its contribution to reducing fuel consumption and
carbon dioxide emissions [109]. However, due to its poor ductility and easy corrosion
property, magnesium and its alloys cannot fully replace aluminum and its alloys in the
application of automotive parts. However, magnesium also has the characteristics of
various automotive applications, such as better damping performance than aluminum.
Additive manufacturing processes such as SLM are widely used in the lightweight process
of automotive parts and the integral molding of complex parts such as support brackets
for clutch and brakes, housing for transmission [110]. When the preparation process and
other problems are solved, SLM magnesium alloy will also make a difference in the field of
automotive weight reduction.

6. Opportunities and Challenges

Additive manufacturing technology shows promising potential for development of the
future, and it will change the production mode and production site of the manufacturing
industry. Selective Laser Melting (SLM) is one of the most attractive metal additive manufac-
turing (MAM) technologies that allows high precision metal products to be manufactured
directly without the need for any molds. Thanks to its high energy input (10–103 J/mm3)
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and ultra-high cooling rate (104–106 K/s), tailored microstructures and tunable complex
structures can be obtained from microscale to macroscopic scale combined. In addition,
the advantages of reusable recyclable powders, high manufacturing accuracy, and little
or no post-processing also expand the possibilities for SLM to manufacture magnesium
alloy products.

However, due to the low boiling point (~1091 ◦C) and the good oxygen affinity of
magnesium, there are still many challenges to achieve large-scale applications of SLM in
magnesium alloys.

The first is the high manufacturing cost. SLM technology makes magnesium alloy raw
materials from spherical metal powders with high purity, narrow particle size distribution
and low oxygen content. Due to its easy oxidation and spontaneous combustion problems,
magnesium alloy powders are difficult to prepare which leads to additional processing and
costs, so the raw material cost of SLM process to manufacture magnesium alloy is much
higher than that of traditional technology. At the same time, the current production speed
of the SLM process is too slow, resulting in a high depreciation rate of equipment, which
further increases the manufacturing cost of SLM. At present, magnesium alloys prepared
by SLM are only suitable for high value-added industries such as aerospace, high-end
automobiles and biomedicine.

Second, the size of magnesium alloy products manufactured by the SLM process is
limited. Due to the limitations of equipment and interlayer resolution, the size of the
products manufactured by the current SLM process is usually less than 1 metre, so it is not
suitable for SLM technology to prepare large parts.

The third is the structural defects of the magnesium alloy manufactured by SLM.
One is that due to the large coefficient of thermal expansion of magnesium alloys and
the high cooling rate of the SLM manufacturing process, the manufactured products are
prone to defects such as thermal cracks. The other one is that the products produced by
additive manufacturing usually leads to anisotropy of the products due to the defect of
inter-layer bonding.

7. Summary

This paper summarizes the research progress in the field of laser selective melting
of magnesium alloys, mainly introduces the influence of magnesium alloy powder and
process parameters on laser selective melting (SLM), then discusses the influence on the
microstructure, mechanical properties and corrosion resistance of magnesium alloys, and
finally prospects the potential application fields of SLM magnesium alloys. Summarized
as follows:

(1) High quality powder is the key to improve the manufacturing of magnesium alloy
additive. Raw materials are one of the other factors that affect the synthetic properties
of SLMed magnesium. Reducing the distribution range of powder particle size, im-
proving the quality of powder, and combining magnesium with other alloy elements
can improve product performance. At present, there is no validated commercial
magnesium alloy powder material for SLM, the development of new generation high
performance magnesium alloy powder for SLM is the key to realize application of the
SLMed Magnesium Alloys.

(2) SLM process parameters involve laser power, scanning speed, overlapping distance,
layer thickness, scanning angle and others. Adjusting printing parameters can im-
prove tensile strength, hardness and finer microstructure. Due to the low boiling
point and the good oxygen affinity of magnesium, violent evaporation splash, large
amounts of smoke and dust and recoil pressure on the molten pool will affect the
stable melting of the molten pool. During the forming process, appropriate laser
energy input and effective gas circulation system can suppress the negative impact of
evaporation splashing, thus achieving stable forming quality. It is of great significance
to control the defects and increase the window of high-density forming process by
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adjusting the process parameters. Therefore, more research needs to be done to obtain
the optimal printing parameters of various magnesium alloys.

(3) Compared with other materials, Mg has some advantages such as weight, which
makes it a potential material to reduce the weight of components in aerospace and
automotive industries. In addition, the superior performance of magnesium as a
biocompatible and biodegradable material, especially through solid-state laser pro-
cessing, has attracted more attention to the use of solid-state laser processing of
magnesium in the pharmaceutical industry. However, due to the poor corrosion
resistance of magnesium alloys, their applications are limited. How to improve the
degradation rate of magnesium and its magnesium alloys is the key problem in the
application of magnesium alloys.
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Abstract: The article presents the research results for the synthesis of inorganic sorbents based on
manganese oxide compounds. It shows the results of the lithium sorption from brines with the
use of synthesized sorbents. The effect of temperature, the molar ratio of Li/Mn, and the duration
for obtaining a lithium-manganese precursor and its acid treatment was studied. The sorption
characteristics of the synthesized sorbents were studied. The effect of the ratio of the sorbent mass
to the brine volume and the duration of the process on the sorption of lithium from brine were
studied. In this case, the sorbent recovery of lithium was ~86%. A kinetic model of the lithium
sorption from brine on a synthesized sorbent was determined. The kinetics of the lithium sorption
was described by a pseudo-second-order model, which implies limiting the speed of the process due
to a chemical reaction.

Keywords: brines; lithium; synthesis; calcination; precursor; sorbents

1. Introduction

Lithium is one of the most important energy materials and strategic resources of the
21st century. It is represented in high technologies covering many areas of human activity.
Lithium has become extremely important in the production of rechargeable lithium-ion
batteries (LIBs), which have revolutionized the market supply and demand of renewable en-
ergy due to their unique technical characteristics (specific energy density 100–265 Wh/kg,
specific power 250–340 Wh/kg, service life 400–1200 cycles) [1,2]. LIBs are used in smart-
phones, computers, hybrid cars, and electric vehicles. Besides batteries, lithium has large
areas of application in the production of glass and ceramics (30%), lubricants (11%), metal-
lurgy (4%), as well as in the production of chemicals, pharmaceuticals, and rubbers [3].

The created high global demand for this metal contributes to research and the search
for technological solutions involving the processing of lithium-containing hydromineral
raw materials, including associated reservoir brines.

Currently, the use of natural mineral raw materials is proposed to recover valuable
metals from various hydromineral sources and industrial solutions [4,5]. In [6], methods
intended to modify natural aluminosilicate and carbon-mineral sorbents were used to
increase their sorption capacity.

According to the literature, such methods as natural evaporation, deposition, elec-
trolysis, and others are used to process lithium raw materials [7–11]. In [12], a method of
evaporation and crystallization was proposed to process solutions. In [13], precipitation
methods were used to recover lithium from brines. In [14–17], ion exchange and extraction
methods along with a combination of these methods with precipitation [18] were used
for brines containing high concentrations of calcium and magnesium. There are known
methods for the sorption extraction of lithium from sea water and brines with the use of
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spinel-type manganese oxide; aluminum compounds have an extremely high selectivity for
the extraction of lithium from sea water [19–22]. These materials have a high adsorption
capacity; lithium was concentrated more than 400 times in alkaline media (pH ~8).

Sorbents obtained based on double compounds of aluminum and lithium LiCl·
2Al(OH)3·mH2O (DHAL-Cl) have high performance and are stable in brines with low
pH [23–26]. The interaction occurs during the crystallization of DGAL-Cl via an interca-
lation mechanism with the introduction of Li+ cations and Cl¯ anions into the interlayer
space. In this case, an intermediate phase of aluminum hydroxide with a deformed struc-
ture is formed. It is preserved during complete or partial deintercalation of lithium chloride
from DGAL-Cl and is characterized by increased reactivity. Defective DGAL-Cl with a
lithium deficiency in its composition is a sorbent selective for lithium. However, the depo-
sition of impurities and mechanical inclusions on it can result in a narrowing of transport
channels and to undersaturation of the sorbent with lithium during repeated long-term
operation of the sorbent in sorption–desorption cycles under dynamic conditions, and
as a result, the lithium deficiency in the sorbent may increase above the required limits
after desorption [27]. The lithium deficiency should not exceed 35% of its total content in
it to avoid destruction of the sorbent. It determines, and thereby limits, the value of the
total exchange capacity of 7 mg/g. Effective use of the sorbent requires strict adherence to
technological regimes.

Recently, technology with the use of lithium-ion sieves (LIS) has become one of the
most promising for the extraction of lithium from brines and seawater. LIS make it possible
to recover lithium with high selectivity from complex solutions with a high content of
accompanying components.

In general, LIS are divided into two types according to the chemical composition: type
of oxide lithium and manganese (LMO) and type of oxide lithium and titanium (LTO).

Lithium-ion sieves based on titanium oxides are currently produced in two categories:
H2TiO3 with a layered structure and H4Ti5O12 with spinel structure. When sorbents based
on titanium H2TiO3 synthesized with the sol–gel method by the interaction of CH3COOLi
and Ti(OC4H9)4, are used, 31.2 mg/g of lithium can be adsorbed [28]. During sorption
by a sorbent from a TiO2 nanotube with a diameter of 50–70 nm and a length of 1–2 µm,
synthesized with a soft hydrothermal method at 150 ◦C for 48 h, 39.4 mg/g of lithium
can be adsorbed from a solution with a concentration of 120 mg/L at alkaline pH [29].
Studies [30] on the adsorption of lithium on various titanium oxides showed that the
Li2TiO3 structure obtained from anatase was more suitable for lithium recovery than that
obtained from rutile. However, titanium oxide-based LISs have limited application in
recovery of lithium from aqueous solution by applying electrical potential that may hinder
future industrial applications.

Lithium-ion oxides based on spinel-type manganese oxide are currently the most
popular selective sorbents. The formation of a three-dimensional structure with lithium as
the LiMn2O4 compound favors the sorption mechanism instead of the two-dimensional
layered crystal structure of LiMnO2. The smaller size of lithium ions compared to any
other alkali metals contributes to the formation of a stable structure of LiMn2O4, while
lithium in LiMnO2 occupies the interlayer octahedral region [20,31]. Chitrakar et al. [32]
synthesized low-crystalline orthorhombic LiMnO2 by the interaction of γ-MnOOH or
Mn2O3 with LiOH·H2O in the solid phase in a steam atmosphere at 120 ◦C with subsequent
heating of samples at 400 ◦C in an air atmosphere for 4 h to form the cubic structure pf
Li1.6Mn1.6O4. After acid treatment of the precursor, the lithium capacity of the resulting
sorbent was 33 mg/g. In another study [33], manganese oxide adsorbent H1.6Mn1.6O4
was obtained from Li1.6Mn1.6O4 precursor prepared by calcination of LiMnO2 at 400 ◦C.
In this case, two different methods were used for the synthesis of LiMnO2, hydrothermal
and reflux; the lithium capacity of the resulting sorbents was 40.9 mg/g and 34.1 mg/g,
respectively. In [34], Li0.15H0.76Mg0.40–MnIII

0.08MnIV
1.59O4 adsorbent was studied. The

adsorbent showed a maximum lithium adsorption capacity of 23 mg/g at pH 6.5. After
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adsorption, lithium can be desorbed by dilute HCl solution, and the adsorption efficiency
of the sample does not decrease even after 10 cycles.

As the literature data show, the synthesis of LIS based on manganese oxide consists
of several stages: preparation of the precursor, its calcination, and acid treatment of the
precursor to obtain a sorbent. The decisive role may be played by the first stage of obtaining
lithium-manganese oxide, which ensures good contact of the reacting substances with the
use of the lithium reagent in the quantities required for the reaction. At the same time, the
remaining stages of sorbent synthesis are also important. Therefore, to study all stages of
sorbent preparation under various conditions, temperature, duration, etc. are of interest.

2. Materials and Methods

Materials: Lithium hydroxide single-mode LiOH·H2O brand “puriss.”; salt acid HCl
qualification “puriss.”; Mn2O3 “puriss. spec.”; MnO “puriss.”.

The object of this study is the formation brines of oil and gas fields of JSC “Mangys-
taumunaigas” (Kazakhstan) of the following composition, mg/L: 5.9–7.8 Li; 25,000–3,0000
Na; 4000–6000 Ca; 20–670 K; 1200–2000 Mg; 10–700 Fe; 160–320 Sr; 13–14 B; 42,000–60,000
Cl−; 670–780 SO2−

4 .
Analysis methods: the quantitative content of basic elements in precursors and sor-

bents was determined on an atomic emission spectrometer with inductively coupled plasma
Optima 8300DV (Perkin Elmer Inc., Waltham, MA, USA). X-ray phase analysis (XRD) was
carried out on a diffractometer D8 ADVANCE “BRUKER AXS GmbH”, (Karsruhe, Ger-
many) radiation Cu-Kα, database PDF-2 International Center for Diffraction Data ICDD
(Swarthmore, PA, USA).

Thermal analysis of the lithium-manganese oxide sample was performed using an STA
449 F3 Jupiter simultaneous (NETZSCH, Selb, Germany) thermal analysis device. Before
heating, the furnace space was evacuated (the percentage of the evacuated volume was
~92%) and then purged with inert gas for 5 min. Heating was carried out at a speed of
10 ◦C/min. in an atmosphere of highly purified argon. The total volume of incoming gas
was maintained within 120 mL/min. The results obtained with the STA 449 F3 Jupiter
(NETZSCH, Selb, Germany) were processed with the use of the NETZSCH Proteus software,
version 5.1.

Experimental procedure: Reagents were taken only in the required quantities, accord-
ing to the given molar ratio; lithium hydroxide LiOH·H2O was dissolved in 100–150 mL
of hot distilled water, and then mixed in a porcelain cup with samples of manganese
oxides Mn2O3 and MnO, taken in accordance with the stoichiometry of the reaction of
the formation of lithium-manganese oxides and the specified molar ratios Li/Mn. The
resulting mixture was kept in a drying cabinet with heating to a set temperature and kept
for a set time while stirring and keeping wet, and then the sample was dried until moisture
was completely removed. In this way, uniform mixing and contact of all components of
the reaction mixture were achieved during interaction with a liquid solution of the lithium
hydroxide reagent. After evaporation and drying, this mixture was calcined. After drying,
the resulting lithium-manganese oxides (LMOs) were calcined in a muffle furnace with
heating to a given temperature and held for a given time. The resulting LMO and calcined
precursors were analyzed for lithium and manganese content, and the phase composition
was determined.

Precursors were poured with the required amount of dilute hydrochloric acid solution
according to the experimental procedure for acid treatment. The process was performed at
a given temperature and contact time under stirring in a 3 dm3 sealed thermostated cell
equipped with a VELP Scientifica LS F201A0151 mechanical stirrer (Usmate Velate, Italy),
providing a fixed speed. Constant temperature was maintained using an Aizkraukles TW
2.02 water bath thermostat (ELMI, Riga, Latvia).

The resulting sorbents were washed with distilled water to pH = 6–7 and dried
in air at room temperature. The resulting sorbents were analyzed for lithium content,
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and the phase composition was determined. The filtrates were analyzed for lithium and
manganese content.

Sorption was performed under static conditions on an orbital shaker with a rotation of
200 rpm. A given amount of sorbent was placed in 300 cm3 dry flasks filled with a given vol-
ume of brine, set to a given temperature, and stirred for a certain time to perform sorption.
The solution was separated from the sorbent by filtration after sorption. Sorption filtrates
were analyzed for lithium, sodium, potassium, iron, calcium, and magnesium content.

The study of sorption kinetics was performed under static conditions on an orbital
shaker at a rotation of 200 rpm. To carry out sorption, 0.2 g of the sorbent was placed in dry
flasks with a volume of 300 cm3, filled with a brine volume of 130 cm3, a set temperature
was established, and stirred for a certain time. After sorption, the solution was separated
from the sorbent by filtration. Sorption filtrates were analyzed for lithium content.

Static exchange capacity, distribution coefficients Kd, and partition coefficients Ks were
determined by the Formulas (1)–(3).

Static exchange capacity is calculated by the formula:

SEC =
(C0 −Ce)·V

m
, (1)

where C0 is metal concentration in initial solution, mg/dm3; Ce is residual equilibrium
concentration of metal in solution, mg/dm3; V—volume of solution, dm3; m—mass of dry
sorbent, g.

The distribution coefficients Kd and partition coefficients Ks were determined by the
following formulas:

Kd =
(C0 −Ce)·V

′

Ce·m
, (2)

where C0 is concentration of metal in initial brine, mg/dm3; Ce is residual equilibrium
concentration of metal in solution, mg/dm3; V′ is volume of solution, cm3; m is mass of
dry sorbent, g.

Ks =
KLi

d

KMe
d

(3)

where Me is Ca, Mg, Na, K, Fe.

3. Results and Discussion
3.1. Study of Conditions for Production of Lithium-Manganese Precursors
3.1.1. Preparation of Lithium-Manganese Oxides

The main purpose of the research is to obtain lithium-manganese oxide with the main
phase consisting more preferably of LiMnO2, LiMn2O4 compounds.

The interaction of reacting substances can presumably take place in accordance with
the following reactions:

Mn2O3 + MnO + 3 LiOH·H2O + 0.25 O2 = 3 LiMnO2 + 4.5 H2O↑ (4)

2 Mn2O3 + 2 MnO + 3 LiOH·H2O + 1.25 O2 = 3 LiMn2O4 + 4.5 H2O↑ (5)

Study of the temperature effect. The experiments were carried out under the following
conditions: temperature—125, 150, 175, and 200 ◦C, duration—13 h, the mass ratio of
manganese oxides to lithium hydroxide monohydrate was taken from the calculation of
Li/Mn molar ratio maintenance = 1.

The obtained LMOs were studied using the XRD analysis. The results of the XRD
analysis are presented in Figure 1.
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As the results of studies show, at temperatures of 125 and 200 ◦C, the reaction of the
interaction of manganese oxide with lithium hydroxide fully proceeded with the formation
of lithium-manganese oxide LiMnO2 with the orthorhombic structure of the crystal lattice
(Figure 1). It should be noted that the XRD analysis of samples obtained at 150 and 175 ◦C
showed the presence of the Mn2O3 phase in the samples; however, this phase was absent
in the sample processed at 125 ◦C. Presumably, the manganese oxide phase was present in
the sample obtained at 125 ◦C in an X-ray amorphous or amorphous state, and the XRD
analysis could not identify it. In the sample at 150 ◦C, there was a Li0.4Mn0.6O phase with
a spinel structure similar in composition to the LiMnO2 phase, which presumably may
indicate an intermediate stage of LMO formation. At a temperature of 200 ◦C, only the
phase of orthorhombic LiMnO2 was identified, as at a temperature of 125 ◦C. Research
results show that a temperature of 125 ◦C was sufficient to form the lithium-manganese
oxide phase LiMnO2.

Study of the effect of Li/Mn molar ratio. The experiments were performed under
the following conditions: the ratio of the mass of manganese oxides to lithium hydroxide
monohydrate was taken based on the calculation to maintain the molar ratios Li/Mn = 0.5,
0.9, 1, and 1.5; temperature 125 ◦C, duration—13 h. The phase composition of the obtained
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LMOs was studied using X-ray phase analysis. The XRD patterns of lithium-manganese
oxides are presented in Figure 2.
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The diffractogram of the sample with a molar ratio of Li/Mn = 0.5 showed that the
while the process of LiMnO2 formation was at an initial stage, the initial manganese oxides
were largely present in the sample. With a molar ratio of Li/Mn = 0.9, the process of LMO
formation was more active, as indicated by the presence of peaks on the diffractogram
corresponding to the LiMnO2 phase with a higher intensity. However, the sample also
contained phases of the initial manganese oxides that did not react with lithium hydroxide.
The XRD diffractogram of the sample substance with a molar ratio Li/Mn = 1 showed
that it was represented by the orthorhombic LiMnO2 phase, indicating the most complete
passage of the process. With a molar ratio of Li/Mn equal to 1.5, lithium-manganese
oxide was also actively formed. However, despite the increase in the intensity of LMO
peaks, the diffractogram indicateed the presence of a small amount of initial manganese
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oxides (II), (III). At the same time, in [35], when calcining a mixture of the initial lithium
carbonate or hydroxide with manganese dioxide or carbonate at molar ratios Li/Mn 0.75
and 1, the presence of the initial tetragonal MnO2 was observed, and when increased to
1.5, the intensity of the spinel peak gradually decreased to an amorphous phase with low
crystallinity. In [36], a sorbent prepared from a Li2MnO3 precursor with a monoclinic
structure at a molar ratio of Li/Mn = 2 showed an inability to sorb lithium from a solution
(−21.1 mg/g), while a sorbent prepared at a molar ratio of Li/Mn = 1 showed the highest
capacity, which was 6.6 mg/g of lithium.

According to the research results, the optimal molar ratio of Li/Mn in the reaction mix-
ture was equal to 1, which was characterized by a more complete interaction of manganese
oxides with lithium hydroxide and the formation of LiMnO2.

Study of the effect of the process duration. The experiments were performed under
the following conditions: the ratio of the mass of manganese oxides to lithium hydroxide
monohydrate was taken based on the calculation to maintain the molar ratio Li/Mn = 1;
temperature 125 ◦C, duration 8, 13, 16, and 20 h. The XRD results of the obtained LMOs is
presented in Figure 3.
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As the XRD results show (Figure 3), the reactions of the interaction of manganese
oxide with lithium hydroxide took place at all durations. The XRD diffractogram of the
sample obtained after exposure for 8 h showed the formation of the orthorhombic LiMnO2
phase, as well as the presence of a small amount of Li0.4MnO2, most likely reflecting the
intermediate process of the formation of the main LiMnO2 phase. However, there was a
phase of manganese oxide Mn3O4 that did not completely react with lithium hydroxide
with a duration of 16 h. In addition, the spinel phase Li0.78Mn1.88O4 appeared, indicating
the beginning of the manganese oxidation process. The diffractogram of the product
of the process with a duration of 20 h also showed, along with the LiMnO2 phase, a
lithium-manganese precursor with the spinel phase LiMn2O4, which can be represented as
Li[Mn(III)Mn(IV)]O4.

All samples contain the LMO phases of various compositions, except for the sample
obtained with a 13 h process. It was characterized by a monophase LiMnO2 that is most
preferable for further synthesis of the sorbent. Therefore, the duration of 13 h was sufficient
to pass the reactions of LMO formation.

Thus, the following conditions may be acceptable for the preparation of lithium-
manganese oxides: temperature 125 ◦C, duration 13 h, the mass ratio of manganese oxides
to lithium hydroxide monohydrate being based on the calculation to maintain the molar
ratio Li/Mn = 1.

3.1.2. Obtaining Precursors

The diffractograms of Figures 1–3 are characterized by a very high background, in-
dicating the presence of an amorphous component or insufficiently crystallized phase in
the sample.

Various types of lithium-manganese spinels are promising precursors for obtaining
sorbents for lithium extraction. Currently, there are only a few precursors for the production
of sorbents or lithium-ion sieves (LIS) characterized by high lithium capacity, such as
LiMn2O4, Li4Mn5O12, and Li1.6Mn1.6O4 [37]. LIS with one of the highest capacities was
obtained from the Li1.6Mn1.6O4 precursor with a cubic structure by calcination from LMO
with an orthorhombic structure of the LiMnO2 composition. In this case, the oxidation
process for manganese from trivalent in the composition of LiMnO2 to tetravalent was
required to obtain a precursor with the composition Li1.6Mn1.6O4.

Therefore, in order to obtain a lithium-manganese precursor with a sufficiently sta-
ble crystal structure, the next stage was calcination of the first-stage LMO. A batch of
lithium-manganese oxide of the first stage was previously developed under the above
selected conditions.

Before studying the calcination temperature, a sample of the produced batch of lithium-
manganese oxide of the first stage was researched with the use of a thermal analysis method.
The thermal analysis results for the sample are presented in Figure 4.

As it can be seen from Figure 4, the DTA curve showed endothermic effects of varying
intensity with maximum development at 161.4, 199.9, and 726.1 ◦C. Additional effects were
recorded on the dDTA curve. Their extremes were at 111.8, 130.1, 394, 680, and 731 ◦C.
Additionally, exothermic peaks at 221.1 and 416.9 ◦C can be noted on the dDTA curve. All
endothermic effects were developed against the background of a permanent decrease in
the mass of the sample demonstrated by the TG curve course. The DTG curve formed a
not very obvious maximum at 422.1 ◦C in the area of development of the exothermic effect
(416.9 ◦C), and then a slight rise was observed. It indicated the occurrence of an oxidative
process, i.e., on the oxidation of manganese (III) to manganese (IV), which was part of
the lithium-manganese oxide LiMnO2. Effects in the temperature range of 100–200 ◦C
were associated with the dehydration process. Adsorbed moisture was removed. The
endothermic effect with an extremum at 726.1 ◦C on the DTA curve presumably reflected
the decomposition of MnO2 with the release of oxygen. According to standards, the reaction
occurred in the range of 600–700 ◦C. Perhaps the presence of lithium in the oxide effected
the shift of the extremum toward higher temperatures. The combination of an endothermic
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effect with an extremum at 189.3 ◦C and an exothermic peak at 221.1 ◦C on the dDTA curve
can be interpreted as a manifestation of an admixture of manganese dioxide gel.
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A repeat measurement was performed to obtain additional information. The sample
was increased to 0.4 g, and the heating interval was extended. The results of the study are
presented in Figure 5.
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As it can be seen from the thermogram in Figure 5, an additional endothermic effect
appeared on the DTA curve in this measurement with the maximum development at 998 ◦C.
This effect was not accompanied by a change in mass, and on the DTA curve obtained
during sample cooling (Figure 6) it corresponded to an exothermic peak at 927.1 ◦C.
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In general, presumably, it is an enantiotropic polymorphic transformation of hausmanite—
α-Mn3O4 (Mn4+Mn2

2+O4)→ β-Mn3O4. The dDTA curve showed a more clearly exothermic
peak at 334.7 ◦C, accompanied by an increase in the mass of the sample, as indicated by the
maximum at 417.7 ◦C in the DTG curve. For example, oxidative processes also occurred in
the area of development of these effects. The combination of an endothermic effect with an
extremum at 394 ◦C on the dDTA curve and an endothermic effect with maximum development
at 998 ◦C on the DTA curve can presumably be interpreted as a manifestation of manganite—
MnOOH.

It is possible that the effect of lithium affected the shift in effect temperatures toward
lower values. Thus, it can be assumed that the endothermic effect with extremum at
658.4 ◦C or 681.3 ◦C on the dDTA curve reflected the decomposition of lithium-manganese
oxide—LiMnO2. Probably β-LiMn2O3 was formed.

According to the standards, the decomposition of β-kurnakite occurred in the temper-
ature range 900–1050 ◦C. In our case, this decomposition may reflect an endothermic effect
with maximum development at 726.6 ◦C. As a result, β-Mn3O4 (hausmanite) was formed.

The last endothermic effect with maximum development at 998 ◦C reflected the
enantiotropic polymorphic transformation of hausmanite—β-Mn3O4 (Mn4+Mn2

2+O4)→
γ-Mn3O4. It was also impossible to exclude the possibility of transformation in the area of
development of this effect α-Mn3O4 (Mn4+Mn2

2+O4)→ β-Mn3O4.
As the results of thermal analysis show, for the calcination process of lithium-manganese

oxide LiMnO2 with an orthorhombic crystal lattice structure to form the cubic form Li1.6Mn1.6O4,
it was necessary to study the calcination process of lithium-manganese oxide obtained at stage
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1 in the temperature range from 350 to 600 ◦C, within which the oxidation processes of man-
ganese present in the LMO should take place, from degree +3 to degree +4.

The effect of temperature and duration of calcination of lithium-manganese oxide
was studied.

Effect of calcination temperature. The experiments were conducted under the follow-
ing conditions: temperature 350, 400, 450, 500, 550, 600 ◦C; duration 5 h. Samples of the
obtained precursors were investigated using X-ray phase analysis. The results of XRD
are presented in Figure 7. The diffractogram of the sample obtained at a temperature of
350 ◦C indicated that the process was at the initial stage, since there was mainly a com-
pletely unformed phase of the composition Li0.27Mn2O4; there was also a residual phase
of orthorhombic LiMnO2. At a temperature of 400 ◦C, the diffractogram was character-
ized by the formation of a phase of a lithium-manganese precursor of the composition
Li1.27Mn1.73O4. It is clear from Figure 7 that the Li1.6Mn1.6O4 precursor phase was formed
when LMO was calcined at temperatures from 450 to 600 ◦C. The authors of [38] came to
the conclusion that, as the temperature decreased from 550 to 450 ◦C, the adsorption of
lithium increased and the higher the temperature of precursor calcination, the worse the
extractability of lithium from the precursor during sorbent preparation.
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The most preferable calcination temperature is 450 ◦C based on the obtained research
results.

The effect of the duration of calcination was carried out under the following conditions:
temperature 450 ◦C; duration 4, 5, 6, 7, and 8 h. The XRD patterns of the obtained precursor
samples are presented in Figure 8.

Materials 2023, 16, x FOR PEER REVIEW 12 of 24 
 

 

The most preferable calcination temperature is 450 °C based on the obtained research 
results. 

The effect of the duration of calcination was carried out under the following 
conditions: temperature 450 °C; duration 4, 5, 6, 7, and 8 h. The XRD patterns of the 
obtained precursor samples are presented in Figure 8. 

 
Figure 8. Diffractograms of lithium-manganese precursors obtained at different dwell times.

35



Materials 2023, 16, 7548

The XRD data of the precursors presented in Figure 8 showed that lithium-manganese
oxides Li1.4Mn1.7O4 were already formed at 4 h. However, the presence of phase Li0.15(Mn2O4)
indicated that the process was not completed and additional time was required for the
formation of precursor. The formation of the Li1.6Mn1.6O4 phase occurred upon exposure for
5 h. X-ray phase analysis of the precursor obtained after calcination at 450 ◦C for 6 h identified
the Li1.6Mn1.6O4 monophase with a cubic structure in the sample; it can also be noted that the
background of the diffractogram was significantly lower. It indicated good crystallization of
the sample substance and a decrease in the amorphous component.

The most preferable calcination conditions are a temperature of 450 ◦C and a duration
of 6 h, according to the results of the studies.

3.2. Study of Acid Treatment Conditions for Lithium-Manganese Precursors
Acid Treatment of Lithium-Manganese Precursors

Acid treatment was performed to remove lithium from the lithium-manganese precur-
sor and obtain a sorbent. Free vacant cells must remain during the removal of lithium from
the precursor and, at the same time, in the structure of the resulting sorbent. They are very
small in size and can only be occupied by lithium during sorption, or the replacement of
lithium with a hydrogen atom that can be exchanged for a lithium atom during sorption.

The effect of temperature, the ratio of precursor mass to acid volume, and duration on
the acid treatment was studied.

The effect of the process temperature was studied under the following conditions:
temperature 30, 40, 50, 60 ◦C; HCl concentration 0.5 M; duration 12 h; the ratio of the
sorbent mass to the acid solution volume of acid solution (S:L) = 1:800. The research results
are shown in Table 1.

Table 1. The effect of temperature on the acid treatment of the precursor.

Temperature, ◦C Lithium Content
in the Sorbent, %

Lithium Extraction
into Solution, %

Loss of Manganese
in Solution, %

30 1.698 83.77 12.51
40 1.041 91.02 12.95
50 1.003 97.49 13.38
60 0.692 98.00 13.94

The research results obtained show that the extraction of lithium into the solution
increased with an increase in the process temperature; and the extraction of lithium reached
above 91% at 40 ◦C. Manganese losses over the entire temperature range studied were
~12.5–14%. The most preferable temperature is 40 ◦C, at which lithium extraction is 91%,
manganese losses are 12.95%.

Study of the effect of the ratio of the precursor mass to the volume of the acid. The
studies were conducted under the following conditions: temperature 40 ◦C; HCl concentra-
tion 0.5 M; duration 12 h; ratio of sorbent mass to acid solution volume (S:L) = 1:600; 1:700;
1:800; 1:900. The research results are shown in Table 2.

Table 2. The effect of the S:L ratio on the acid treatment of the precursor.

Ratio S:L Lithium Content
in the Sorbent, %

Lithium Extraction
into Solution, %

Loss of Manganese
in Solution, %

1:600 1.117 88.90 11.34
1:700 1.033 90.38 12.28
1:800 1.041 91.02 12.95
1:900 1.150 88.33 12.72

The experimental results show that lithium extraction was the maximum and amounted
to ~90–91% while manganese losses were in the range from 12.28 to 12.95% at S:L ratios of
S:L 1:700 and 1:800.
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The effect of acid treatment duration was studied under the following conditions:
temperature 40 ◦C; HCl concentration 0.5 M; S:L ratio = 1:800; duration 2, 6, 12, 18, and
24 h. The obtained results are shown in Table 3.

Table 3. Effect of process duration on acid treatment of precursor.

Duration, h Lithium Content
in the Sorbent, %

Lithium Extraction
into Solution, %

Loss of Manganese
in Solution, %

2 2.095 75.58 12.35
6 1.693 81.55 12.31
12 1.041 91.02 12.95
18 0.332 89.13 12.51
24 0.277 93.26 12.91

An increase in the acid treatment duration resulted in an increase in the transition
degree of lithium into solution. The extraction reached ~90% or more at 12 h or more, while
the loss of manganese remained practically unchanged throughout the studied duration
of the process. The most preferable duration is 24 h, which makes it possible to achieve
lithium recovery above 93%, under the data obtained.

X-ray phase analysis of the obtained sorbent presented in Figure 9 shows that it
consisted of manganese dioxide monophase with cubic crystal lattice structure.
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A thermal analysis of the sample was conducted to clarify the composition of the
resulting sorbent (Figure 10). The DTA curve showed endothermic effects of varying
intensity with maximum development at 155.9, 554.2 and 620 ◦C. The most intense en-
dothermic effect at 155.9 ◦C reflected the removal of chemically bound water, the protons
of which can participate in the sorption process. The following two endothermic effects at
554.2 and 620 ◦C were possibly a manifestation of the decomposition of ß-MnO2 with the
formation of ß-Mn2O3. The water content in the samples was determined by the weight
loss during heating the sorbent sample at 450 ◦C. The H2O/Mn molar ratio was close
to 0.5. The composition of the resulting sorbent apparently corresponded to the formula
MnO2·0.5H2O.
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Figure 10. Thermogram of a sample of the obtained sorbent manganese dioxide.

Thus, the study results of acid treatment showed that the most acceptable conditions
for the process are temperature 40 ◦C, HCl concentration 0.5 M; S:L ratio = 1:700 and 1:800
and duration 24 h. In this case, the lithium extraction into the solution from the precursor
can reach ~93%, and the lithium content in the sorbent is 0.277%.

3.3. Study of the Sorption Characteristics of the Obtained Sorbents
Study of the Process Conditions on the Lithium Sorption Recovery Characteristics

The sorption capacity of the sorbent increased with the increase in the pH value of the
initial brine under the literature data [10]. Therefore, it was of interest to study the sorption
capacity of the obtained sorbent at different pH of the initial brine.

Effect of the initial brine pH. The studies were at the following sorption conditions:
temperature 35 ◦C, duration 24 h, ratio of sorbent mass to brine volume—1:6000; brine pH—
7.32; 8.08; 9.08; 10.04; 11.08, and 12.06. The brine with the appropriate pH was prepared by
adding a concentrated NaOH solution to the original brine with a pH of 7.32. Precipitates
formed from the brine were filtered off. The initial brines and solutions after sorption were
analyzed for the content of the studied components. The research results are presented in
Tables 4 and 5.

Table 4. Compositions of initial brines and sorbent capacity for lithium.

pH of Initial Brine Concentration in Initial Brine, g/L SEC, mg/g
Li, mg/L Ca Mg Na K

7.32 6.389 2.329 0.759 19.74 0.376 10.00
8.08 8.094 2.204 0.721 17.88 0.348 9.39
9.08 8.392 2.317 0.756 18.83 0.449 12.39

10.04 8.129 2.298 0.690 18.59 0.408 18.948
11.08 7.838 2.185 0.032 21.45 0.387 12.408
12.06 7.661 2.047 0.001 21.86 0.373 21.204
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Table 5. Distribution and partition coefficients for the lithium sorption from brine depending on the
pH.

pH of Initial Brine Distribution Coefficient, Kd Partition Coefficient, Ks
Li Ca Mg Na K Li/Ca Li/Mg Li/Na Li/K

7.32 2116 224 221 0 0 9.4 9.6 - -
8.08 1438 71 67 0 0 20 21 - -
9.08 1958 73 0 0 207 27 - - 9.4

10.04 3811 0 0 0 0 - - - -
11.08 2150 72 0 318 0 30 - 6.8 -
12.06 5138 110 0 398 0 46 - 13 -

As can be seen from Table 4, the capacity of the sorbent for lithium increased, reaching
a maximum capacity of 21.204 mg of lithium per 1 g of sorbent, at pH 12.06 with an
increase in the pH of the medium and with the exception of pH 11.08. The capacity
indicators of the synthesized sorbents based on manganese oxide obtained by various
researchers have different values. In [36], a synthesized sorbent based on manganese oxide
during the lithium sorption from geothermal fluid of Lumpur Sidoarjo (Lusi) showed a
maximum capacity of 6.6 mg/g. In another work [10], the capacity of the synthesized
sorbent H1.6Mn1.6O4 at the lithium sorption from brine was 22–27 mg/g, and a higher
capacity of 34–40 mg/g was shown by the sorbent H1.6Mn1.6O4 at the lithium sorption
from seawater [33].

Along with the capacity, the values of the distribution and separation coefficients
during the sorption of lithium from brines by the synthesized sorbents are of great interest.
As the calculated values of the distribution and partition coefficients presented in Table 5
show, lithium has the highest sorbent distribution values, and calcium—to a much lesser
extent. In most cases, magnesium, sodium, and potassium are practically not sorbed on the
manganese dioxide sorbent; and accordingly, the degree of separation of these metals from
lithium is the maximum in all these cases.

For the initial brine with pH 7.32, the distribution coefficient for lithium was quite
good, the separation of lithium from impurity macrocomponents also occurred at a fairly
acceptable level.

Study of the effect of the ratio of sorbent mass to brine volume. The studies were
performed at the following sorption conditions: temperature 35 ◦C, duration 24 h, pH of
the initial brine 7.32. Varying the sorbent mass to the volume of the brine was performed at
the following ratios—1:650, 1:1000, 1:2000 and 1:3000.

The sorption equilibrium characteristics during the extraction of lithium from brines
with the use of a manganese dioxide sorbent were studied. The research results are
presented in Table 6.

Table 6. Effect of the ratio of sorbent mass to brine volume on the characteristics of sorption extraction
of lithium from brine.

Ratio
msorbent to Vsolvent

Lithium Recovery
onto Sorbent, % SEC, mg/g Distribution

Coefficient, Kd

1:650 85.9 3.66 3952
1:1000 66.7 4.15 2003
1:2000 53.2 6.62 2273
1:3000 39.2 7.33 1937

As can be seen from Table 6, the highest lithium extraction rates onto the sorbent
occurred at a ratio of sorbent mass to brine volume of 1:650 and amounted to 85.9%.

The process duration effect was studied at the following conditions: temperature
35 ◦C, duration 6, 12, 24, 48 h, ratio of sorbent mass to brine volume—1:650. The research
results are presented in Table 7.
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Table 7. Effect of process duration on the characteristics of sorption extraction of lithium from brine.

Duration, h Extraction of Lithium
onto Sorbent, % SEC, mg/g Distribution

Coefficient, Kd

8 78.3 3.33 2340
16 83.7 3.57 3348
24 85.9 3.66 3952
48 86.1 3.67 4038

The research results show that the sorbent recovery of lithium increased from 78.3
to 86.1% with an increase in the sorption duration from 8 to 48 h. As it can be seen from
Table 7, the sorption process reached ~86% of lithium extraction onto the sorbent at the
studied process conditions and a duration of 24 h.

3.4. Determination of the Kinetic Model of the Lithium Sorption Process
Study of the Lithium Sorption Kinetics on a Synthesized Manganese Oxide
Inorganic Sorbent

The study of the duration effect on the characteristics of the lithium sorption on
synthesized manganese dioxide showed that the process takes a sufficiently long time to
ensure acceptable extraction of the target metal from the brine onto the sorbent.

It is required to study the kinetics of the process in order to more thoroughly complete
the sorption extraction of lithium from brines and optimize the process. Kinetic parameters
can be useful to predict sorption rates and can also provide important information for
the design and modeling of the sorption processes. Sorption is a complex and multistage
process, and it is necessary to evaluate the adequacy of several kinetic models to identify
the limiting stage.

Four kinetic models were used in the studies to analyze the kinetics of lithium sorption:
pseudo-first and pseudo-second order models, the Elovich model, and the intraparticle
diffusion model.

Brine with a Li concentration of 6.32 mg/dm3 with pH 7.32 at temperatures of 25 and
35 ◦C were used during kinetic studies for lithium sorption.

The linear form of the pseudo-first order model (Lagergren model) can be represented
by the following equation [39]:

log
(
qe − qt

)
= logqe −

(
k1

2.303

)
t (6)

where qt and qe (mg/g) are the number of lithium ions sorbed at time t (min) and at
equilibrium with one g of sorbent, respectively, and k1 is the adsorption rate constant
(1/min).

The Lagergren equation describes the patterns of sorption at the initial stages of the
sorption process when the phenomenon of film diffusion has a significant effect on the
process [40].

The linear dependence presented in the log(qe − qt) coordinates on t is shown in
Figure 11, which describes the lithium sorption process from brine by a synthesized in-
organic sorbent of manganese dioxide in accordance with Lagergren’s pseudo-first order
model at temperatures of 25 and 35 ◦C.
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The rate constant k1 can be determined experimentally by plotting log(qe − qt) versus t.
Table 8 presents the kinetic parameters of the sorption process calculated from the

data of the linear dependence log(qe − qt) − t and Equation (6).

Table 8. Kinetic parameters of the lithium sorption by manganese dioxide sorbent.

Kinetic Model Parameters
Temperature of the Sorption Process, ◦C

35 25

Pseudo-first order
qe, mg/g 0.28 1.73
k1, 1/min 3.454 × 10−3 4.145 × 10−3

R2 0.6175 0.8123

Pseudo-second order

qe, mg/g 1.31 3.44
k2, g/(mg min) 0.170 0.019
h, g/(mg min) 0.292 0.224

R2 0.9997 0.9995

Elovich model
α, mg/(g min) 203.626 1.162

βt, g/mg 10.111 1.982
R2 0.7604 0.9818

Intraparticle diffusion
model

kid, mg/(g min1/2) 0.0194 0.1068
C, mg/g 0.9625 1.4125

R2 0.5516 0.8290

Experimental sorbent
capacity qexp., mg/g 1.37 3.67

The values of sorption capacities qe found from the graphical plots in Figure 11 for
the process temperatures of 25 and 35 ◦C were 0.28 and 1.73 mg/g, and the correlation
coefficients (R2) were 0.617 and 0.812, respectively. The data obtained on the lithium sorbent
sorption, both at temperatures of 25 and 35 ◦C, did not fit into the pseudo-first order model.
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As it can be seen from the calculated data (Table 8), the sorbent sorption capacity and
the extraction, respectively, increased significantly with an increase in temperature. The
dependence of the process on the temperature may indicate the chemical nature of the
process rate limitations.

The integral form of the classical pseudo-second-order velocity equation of Ho and
Mackay has the following form [41,42]:

qt =
t

1
k2· q2

e
+ t

qe

(7)

where k2—sorption rate constant of the pseudo-second order model, g/(mg·min); t—time,
min.

The equation was used in the following transformed form to process the experimental
data:

t
qt

=
1

k2q2
e
+

(
1
qe

)
t (8)

The straight lines of the t plots t
qt

shown in Figure 12 give the slope 1
qe

and intercept
1

k2q2
e
.
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The results of graphical constructions and calculations presented in Table 8 show good
comparability with the experimental data and suggest the applicability of the pseudo-
second order kinetic model.

The calculated values of qe were found to be 1.31 and 3.44 mg/g with the correlation
coefficients (R2) of 0.9997 and 0.9995 at the process temperatures of 25 and 35 ◦C, respec-
tively. The obtained data were approximated by a pseudo-second order model and were
ideally close to the experimental results.

In accordance with the results obtained, the pseudo-second-order model is the most
suitable for the description of the kinetic process of the lithium sorption on the synthesized
manganese sorbent. It suggested that the kinetic process is mainly controlled by chemical
sorption or chemisorption with the participation of valence forces due to the exchange of
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electrons between the sorbent and the sorbate [43]. Data from physical research methods of
the sorbent indicate that it has a composition of MnO2·0.5H2O.

Apparently, the sorption process occurred due to ion exchange between the lithium
ion from the brine and the hydrogen proton that is part of the sorbent water molecule. A
sorbent of a similar composition was obtained from its predecessor in accordance with
studies [44], i.e., from the lithium-manganese precursor Li1.6Mn1.6O4. During the synthesis
of manganese oxide sorbent under selected optimal conditions, its lithium-manganese
precursor had a similar formula (Figure 8).

The Elovich kinetic model describes cases of heteroganic chemisorption on solid
surfaces [45], i.e., applicable to the process of chemisorption between lithium ions and
active proton-containing sites of the sorbent. The Elovich equation takes the contribution
to the kinetics of adsorption and desorption processes into account. The linear form of the
Elovich model can be represented by the following equation:

qt =
1
β

ln(αβ) +
1
β

ln(t) (9)

where α is the initial sorption rate (mg/(g·min)), and β is the desorption constant (g/mg).
The values of the Elovich parameters are calculated from the slope and intersection of

linear graphs of qt versus ln(t) (Figure 13 and Table 8).
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The α values for the sorption of lithium ions on the manganese sorbent decreased from
203.625 to 1.163 mg/(g·min), and the β values also decreased from 10.111 to 1.982 g/mg
at 25 and 35 ◦C of the sorption process, and respectively, the values of the correlation
coefficient (R2) were 0.7604 and 0.9818, respectively. The data obtained confirmed that the
Elovich model does not agree with the experimental data, which primarily concerns the
process at 25 ◦C. According to the calculated values, the process with a lower temperature
of 25 ◦C was characterized by a very high initial rate of sorption and desorption, while
with an increase by 10 ◦C the initial rate of sorption and desorption decreased significantly.

On the other hand, the sorption of lithium ions from brines on a manganese dioxide
sorbent can be represented as a multi-stage process. The first stage includes the transport
of lithium ions from the bulk of the brine to the solid surface of inorganic sorbent particles,
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characterized by volumetric diffusion. Then, the second stage occurs by the diffusion
of lithium ions into the boundary layer of solid manganese dioxide sorbent particles,
considered as film diffusion. This is followed by a third stage where lithium ions are
transported from the surface to the internal pores (pore diffusion or intraparticle diffusion).
The last stage will likely be a slow process. The intraparticle diffusion model can be applied
using the Weber and Morris equation [46]:

qt = Kidt0.5 + C (10)

where qt (mg/g) is the amount of lithium sorbed at time t, Kid (mg/(g min 0.5)) is the rate
constant of intraparticle diffusion, C is the thickness of the boundary layer.

The linear dependence, presented in the qt coordinates from t0.5, describing the lithium
sorption process from brine by a synthesized inorganic sorbent of manganese dioxide
under the Weber and Morris model of intraparticle diffusion at temperatures of 25 and
35 ◦C, is shown in Figure 14. Intraparticle diffusion parameters were calculated from
the slope and intercept of line graphs, as shown in Figure 14. Graphs of qt versus t0.5

show that the resulting straight lines did not pass through the origin (C > 0). It was
found according to the data obtained as shown in Table 8 that the values of the correlation
coefficient R2 were 0.5516 and 0.8290, the intraparticle diffusion rate constants Kid were
0.0194 and 0.1068 mg/(g·min0.5), and the thickness of the boundary layer C was 0.9625
and 1.4125 mg/g at sorption process temperatures of 25 and 35 ◦C, respectively. The data
obtained confirmed the unsuitability of this model for description of the sorption kinetics.
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Based on the kinetic parameters of the four kinetic models, as seen in Table 8, the
sorption kinetics were estimated and are in good agreement with the pseudo-second order
kinetic model.

Thus, the data obtained show that the process of the lithium sorption from brines on
a synthesized inorganic sorbent of manganese dioxide could be described by the Ho and
Mackay pseudo-second order equation, and that chemical kinetics occurred. The kinetic
parameters were significantly affected by the sorption conditions, in particular temperature
and duration.
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4. Conclusions

The obtained research results show that, at the first stage of sorbent preparation at
the exposure of the mixture of lithium hydroxide and manganese oxides taken from the
calculation of Li/Mn molar ratio maintenance = 1, at temperature 125 ◦C, duration of
13 h, the lithium-manganese oxide of LiMnO2 composition with orthorhombic structure
is formed.

Thermal analysis showed that, in order to undergo the calcination process of lithium-
manganese oxide LiMnO2 with an orthorhombic crystal lattice structure until the formation
of a cubic form Li1.6Mn1.6O4, calcination should preferably be carried out at least at a
temperature of 450 ◦C, but not higher than 600 ◦C, within which the processes of oxidation
of manganese present in the composition of LMO should take place, from degree +3 to
degree +4. At temperatures above 600 ◦ C, the decomposition reaction of manganese
dioxide can begin with the formation of oxides of lower valencies.

Acid treatment of the precursor 0.5 M HCl is preferably carried out under the following
conditions: temperature 40–50 ◦C, HCl concentration 0.5 M; ratio S:L = 1:700 and 1:800, and
duration 24 h. At the same time, the extraction of lithium into solution from the precursor
can reach ~93–97%.

It is possible to recover lithium by ~86% from brine with a low content of the target
component—5.9–7.8 mg/L lithium with the use of resulting sorbent.

A kinetic model of the lithium sorption process was determined. The adequacy of
several kinetic models was assessed to identify the rate-limiting stage.

Four kinetic models were used in the studies to analyze the kinetics of lithium
sorption—pseudo-first and pseudo-second order models, the Elovich model, and the
intraparticle diffusion model. According to the research results, the pseudo-second-order
model is the most suitable for description of the lithium sorption process kinetics on a
synthesized manganese sorbent and assumes that the chemical exchange reaction limits
the process.
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Abstract: This paper presents the influence of the Hot Isostatic Pressing (HIP) process on the structure,
mechanical properties and corrosion resistance of padding welds made using the TIG method from
aluminium bronzes—CuAl7 and CuAl2 (a composite bundled wire). The tested CuAl7 material was
a commercial welding wire, while the CuAl2 composite was an experimental one (a prototype of the
material produced in multiwire technology). The wire contains a bundle of component materials—in
this case, copper in the form of a tube and aluminium in the form of rods. The padding welds
were manufactured for both the CuAl7 wire and the CuAl2 multiwire. The prepared samples were
subjected to the Hot Isostatic Pressing (HIP) process, chemical composition tests were performed,
and then the samples were subjected to observations using light microscopy, Vickers hardness
testing, electrical conductivity tests, and apparent density determination using Archimedes’ Principle.
Tribological tests (the ‘pin on disc’ method) and neutral salt spray corrosion tests were conducted.
The padding weld made of CuAl2 multifiber material subjected to the HIP process is characterized by
an improvement in density of 0.01 g/cm3; a homogenization of the hardness results across the sample
was also observed. The average hardness of the sample after the HIP process decreased by about
15HV, however, the standard deviation also decreased by about 8HV. The electrical conductivity of
the CuAl2 welded sample increased from 16.35 MS/m to 17.49 MS/m for the CuAl2 sample after the
HIP process. As a result of this process, a visible increase in electrical conductivity was observed in
the case of the wall made of the CuAl2 multiwire—an increase of 1.14 MS/m.

Keywords: welding wires; CuAl7; multiwire; CuAl2; HIP; corrosion

1. Introduction

Copper and aluminum alloys are the materials most commonly used in the marine
industry for components operating in the corrosive seawater environment. CuAl alloys,
due to their good mechanical properties, high corrosion resistance and wide availability,
are most often used for the production of ship propellers, steering systems, machine parts
and shafts, and in the aviation industry for engine parts. New technologies enable the
production of modified construction materials, which facilitates the longer use of machines
and significantly increases their reliability. The multifiber material suggested in the work
is an innovative approach to the production of new welding materials, which allows
for omitting the expensive melting and continuous casting processes. It is possible to
make multifiber materials with a modified chemical composition based on plastic working.
Such solutions are not known. After welding, the produced multi-filament material was
subjected to a series of mechanical and structural tests, and pressing was performed using
the HIP press. Hot isostatic pressing is a technological process used to remove the porosity
of cast materials and objects produced, for example, using 3D printing techniques [1].
Additionally, the author of reference [1] notes the positive aspect of the HIP process
application, which is revealed by the increase in mechanical properties and the elimination
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of gas porosities, e.g., in copper alloys manufactured in an unconventional way. Tungsten
Inert Gas (TIG) is a welding method that is used very often due to the stability of the
arc, good padding welds formation and the use of various welding materials [2,3]. This
method uses a welding wire in the form of sections of about 1 m in length, which makes it
easier to test new welding materials that can be manufactured in smaller series. The TIG
method uses a shielding gas, which is usually compressed argon 5.0. Its role is to isolate
the welded surface from the access of atmospheric air during the process. This protection
guarantees the cleanliness of the padding weld, especially when welding with active metals
such as copper, aluminum, and their alloys. Corrosion-resistant materials are desirable
construction materials for use in many branches of industry. The group of bronzes with the
addition of aluminum, which improves mechanical properties and corrosion resistance,
is developing strongly, hence new applications for these types of materials are possible.
So far, research on modified CuAl alloys has focused largely on improving the strength of
the material by optimizing the crystal structure with the use of microalloying additives
such as Ni, Zr, Cr and Ag [4,5]. The author of reference [6] describes the properties of a
clad wire consisting of an aluminum core with a copper coating; this material has not been
subjected to welding tests. The authors of references [7,8] study aluminum bundled in
a copper pipe and describe the effect of heat treatment on the properties of copper and
aluminum. The authors describe the positive aspects of heat treatment on the change
in the yield strength and the influence of intermetallic compounds on the bonding of
metals. Studies on new composite materials bundled in various configurations have been
published; for example, the authors of references [8–10] describe their research on materials
characterized by exceptional mechanical or electrical properties. The metals described
in these publications are Cu-Nb, Cu-Ag, Cu-Fe and Cu-Al material configurations. The
latter was tested by Chen et al. [11] as an alloy with low Al content in terms of tribological
properties. The author describes the influence of aluminum content on the abrasion
resistance of aluminum bronzes. These metals are successfully used in welding processes,
and the author of reference [12] describes aluminum bronzes with additives welded, using
the TIG method, onto steel. In reference [13], the author examines construction materials
welded using the TIG method. The advantage of this welding method is the possibility
of welding in positions convenient for the welder. Welded materials are characterized by
high mechanical properties, which is demonstrated in the publication [12]. The described
welding methods do not cause changes in the composition of the welded layer in relation to
the electrode material (no effect of burning elements). The author of reference [14] describes
the mechanisms occurring between the steel substrate and tin bronze welded using the
TIG method. Bronzes are one of the most commonly used materials for welding using this
method. There is a manual welding method using fluxes (A-TIG), a method described by
Rana et al. in reference [15]. This method is characterized by the increased penetration of
the weld material into the base material. In references [16–22], the authors discuss the use of
welding methods in 3D printing. The presented WAAM (Wire Arc Additive Manufacturing)
method is characterized by the high accuracy of the manufactured elements [17] compared
to classic castings; moreover, it significantly affects the modification of the macro and
microstructure [20].

2. Novelty of Idea

In this paper, the new concept of manufacturing materials for TIG applications was
presented. There are many works which consider the conventional CuAl materials in the
form of solid wires, but there is a lack of information in broadly accessible works that
could be strictly connected to research on this kind of multiwire. The manufacturing of the
CuAl2 multiwires is the first stage of the research on the manufacturing of the new groups
of materials for TIG from the CuAl bronze group. The next step will be the production
of CuAl multiwires with an increased content of aluminium, above the content currently
available in the commercial welding wires—the manufacturing of multiwires provides this
possibility. The idea of the work is to produce a welding wire from the broadly available
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semi-products in the form of pipes and rods/wires omitting the expensive casting process.
It is assumed that the proposed manufacturing method of high-aluminium bronzes will
be characterized by a low price, and the obtained materials will be characterized by high
functional properties.

3. Experiment

The aim of the work was to determine the impact of the HIP process on the properties
of padding welds manufactured using the TIG method using wires: Cu with the addition
of Al 7% by weight (CuAl7) and 2% by weight (multiwire bundled three times). The CuAl7
welding wire is a material available on the welding consumables market. The multiwire
with 2% aluminum is a new type of wire produced during plastic processing by drawing a
bundle of materials: the matrix, which is a copper tube, and the core, which is a composite-
clad wire with an aluminum core and a copper matrix. Figure 1 presents the input material
for the drawing process (the copper pipe and aluminum wire), the SKET (Magdeburg,
Germany) drum drawing machine (for the first stage of plastic processing) and the wet
drawing machine (for drawing wires below 3 mm).

Figure 1. Photos of the input materials (a) and facilities for drawing process: SKET drum drawing
machine (b) and wet drawing machine for drawing wires of small diameters (c).

The multiwire concept is shown in Figure 2. Figure 2a presents the first bundle of
wires (71—7 aluminum fibers) which is used for the next stage, Figure 2b—the second stage
of bundling (72—49 aluminum fibers) and Figure 2c—the third and last stage of bundling
(73—343 aluminum fibers). The exponent means the number of bundling processes to
which the multiwire was subjected.
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The trials included the manufacturing of the CuAl multifiber wires using aluminum
(Al) wires by preparing composite clad wires and their double and triple bundling into
copper (Cu) pipes. The final form of the multiwires was obtained by drawing the prepared
bundles to a diameter of �2.15 mm. Stage I of the work on the production of multi-
metal wires was the production of clad wires. A section of an aluminum wire with a
diameter of �3.15 mm was inserted into a copper pipe; its diameter was �6.90 mm. Next,
the drawing operation was performed using a chain drawbench to obtain a diameter of
�2.15 mm. Stage II involved cutting the obtained the CuAl clad wire into seven equal
sections and bundling them into a copper tube with a diameter of �9.00 mm. The bundles
prepared this way were drawn to obtain a diameter of �2.15 mm. The cutting and bundling
operations were performed once more. The effect of the subsequent stages of bundling
is shown in Figure 1. After the third stage of bundling, the multiwire was tested for
fiber content, applying an automatic grain measurement method using a digital optical
microscope (Keyence VHX7000, Birmingham, AL, USA) and the ratio of the surface area
of aluminum fibers to the surface area of the multiwire was determined. The resulting
diameter of �2.15 mm is convenient for use in the TIG method. Compared to the automatic
MIG/MAG method, the larger diameter of the multiwire facilitates the manual feeding
of the material into the weld pool. The CuAl2 multiwires were subjected to TIG welding
tests in an argon 5.0 shield. The TIG welding tests allowed for checking the quality of
the produced multiwire and its functional properties. The multiwire was cut into approx.
400 mm sections. The padding welds were made on a 4 mm thick, X12Cr13 stainless steel
baseplate, which enabled the controlling of the temperature of the process, so as not to
allow the baseplate to bend after the welding process. As part of the work, welding tests
were performed using two types of materials: the CuAl2 multiwire and the commercially
available CuAl7 wire. The welding tests were conducted using a Fronius TransTig 2200
(Pettenbach, Austria) welding machine. The welding parameters are presented in Table 1.
The differences in used welding parameters result from the susceptibility to welding of each
particular wire and the observation of welding process stability; the multi-fiber material
smoked significantly when increasing the current parameters.

Table 1. TIG welding process parameters.

Welding Process Parameters CuAl2 CuAl7

Welding machine operating mode 2-cycle 2-cycle

Power type AC AC

Welding current, [A] 88 132

Arc voltage (observed range), [V] 13.0–16.5 15.8–18.0

Shielding gas, purity Argon, 5.0 Argon, 5.0

Gas flow rate [L/min] 10 10

Two samples of each material were cut out of the manufactured padding welds
and one of them was subjected to the HIP process (AIP8-30H, Columbus, OH, USA)
at a temperature of 850 ◦C and a pressure of 150 MPa. The content of elements in the
produced padding welds was tested using a spark spectrometer (spectromaxx LMA09,
Kleve, Germany). Macroscopic and microscopic observations were made using light
microscopy (Olympus GX71F, Tokyo, Japan) to determine the grain size and the quality
of the padding weld (cavities, microshrinkage, gasification). Vickers HV1 hardness
measurements (FutureTech FM700, Kawasaki, Japan) and electrical conductivity mea-
surements were conducted (contact device Sigmatest Foerster 2.069, Baden-Württemberg,
Germany). The samples were tested for changes in density. The Archimedes Principle
test was carried out using a density measuring balance by immersing the samples in ethyl
alcohol. Tribological tests (Anton Paar THT, Graz, Austria) were also performed using
the ‘pin on disc’ method. The tribological tests were carried out on the side wall of the
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padding weld after milling it. Corrosion tests were conducted in salt spray in accordance
with ISO 9227 (NSS—neutral salt spray test) [23].

4. Results and Discussion

The percentage share of aluminum fibers in the total surface area of the sample was
determined for the manufactured CuAl2 multiwire (bundled three times). The result of
the analysis is shown in Figure 3. In Table 2, the results of the image analysis of the
percentage content of the measurement area (aluminum fibers) in the total area (area of the
cross-section of the sample) are presented.
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Table 2. Results of digital analysis of the percentage share of aluminum fibers in the multiwire.

Total area (Al), cm2 0.00178824

Number of fibers calculated, pieces 343

Graphical content Al, % 5.89

Total area (CuAl), cm2 0.0303675

The prepared walls were created by the multiple padding welding of successive layers
of the material (CuAl2 and CuAl7), creating several rows of padding welds with a total
height of about 55 mm (Figure 4). Welding tests were conducted using the parameters
listed in Table 1.
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The first stage of the research was to test the chemical composition of the manufactured
wall; the measurement results using a spark spectrometer are presented in Table 3.

Table 3. The content [%] of elements in the manufactured padding welds.

Element [%] CuAl2 CuAl7

Cu 97.4 91.3

Al 2.01 7.72

Si 0.36 0.10

Ni 0.001 0.2

Then, metallographic samples (with polished and etched surfaces) were prepared
for light microscope analysis. Microscopic images of the walls produced using the CuAl2
multiwire are shown in Figure 5, while those produced using the CuAl7 wire can be
seen in Figure 6. In both tested materials, the surface development is characterized by a
coarse-grained structure which is typical for copper alloys with the addition of aluminium
(Figures 5 and 6). The area at the padding weld face shows the presence of polygonal grains
for both tested materials. In the case of the padding weld made with the CuAl2 multiwire,
as it is closer to the area of the fusion of the alloy with the steel baseplate, a polygonal, fine-
grained structure was observed (Figure 5a). Differences in the crystal structure, depending
on the spot of observation, result from the way that heat dissipates during the welding of
subsequent layers of the padding weld. It is important that no significant internal defects
were observed inside the manufactured walls, especially for the wall made with the CuAl2
multiwire.

Figure 5. Structure of the wall manufactured using the CuAl2 multiwire: (a) macrostructure,
(b) padding weld face, (c) padding weld middle area, (d) fusion area of CuAl2 with steel.
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Figure 6. Structure of the wall made with CuAl7 wire: (a) macrostructure, (b) padding weld face,
(c) padding weld middle area, (d) fusion area of CuAl7 with steel.

Then, the samples were subjected to the Hot Isostatic Pressing process. At a temperature
of 850 ◦C and a pressure of 150 MPa, the process of material densification applying compressed
Argon 5.0 was performed. The results of the observations of the CuAl2 sample subjected to
the HIP process are shown in Figure 7, and Figure 8 shows the results of the observations of
the CuAl7 sample subjected to the HIP process. The microstructure of the manufactured walls
in the padding weld face area after the HIP process (Figures 7 and 8) is characterized by the
presence of grains with clear boundaries. Nevertheless, there are visible longitudinal grains
in the direction from the weld face to the area of fusion with the steel baseplate. The areas of
large grains at the padding weld face were refined (Figures 7b and 8b). Observations of the
microstructure after the HIP process indicate the absence of defects, discontinuities or voids in
the middle area of the sample.

Figure 7. The structure of the wall produced using CuAl2 multiwire subjected to the HIP process:
(a) macrostructure, (b) padding weld face, (c) middle area, (d) fusion area of CuAl2 with steel.
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Figure 8. The structure of the wall made of CuAl7 wire subjected to the HIP process: (a) macrostruc-
ture, (b) padding weld face, (c) middle area, (d) fusion area of CuAl7 with steel.

In Table 4, the results of Vickers hardness measurements at a load of 1 kgf are presented.
The measurements were made in accordance with the diagram shown in Figure 9 (Points
from +1 to +6 representing the locations where the measurement was taken).
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Table 4. HV1 hardness test results of the walls produced using the CuAl2 multiwire and the CuAl7
wire.

No of Dents CuAl2 CuAl2 after HIP CuAl7 CuAl7 after HIP

face
1 85.5 56.4 115.5 83.8

2 86.5 56.6 117.2 82.6

middle
3 75.8 59.7 102.1 84.4

4 76.1 60.8 105.7 70.1

bottom—fusion with the baseplate 5 64.2 61.2 95.5 65.1

6 62.0 63.2 102.7 69.0

MEAN VALUE 75.0 59.7 106.5 75.8

STANDARD DEV. 10.29 2.69 8.37 8.68

The mean hardness value of the CuAl2 wall is 75.0HV1 with a standard deviation of
10.29HV1, while the average hardness of the CuAl2 sample after HIP processing is 59.7HV1
with a standard deviation of 2.69HV1. The hardness after the HIP process decreased, and
the standard deviation also decreased significantly. The average hardness of the CuAl7
sample was 106.7HV1 with a standard deviation of 8.37HV1, while the average hardness of
the CuAl7 sample after the HIP process was 75.8HV1 with a standard deviation of 8.68HV1.
The HIP process contributed to the unification of the grain structure. The conductivity of
the walls made using the CuAl2 multiwire is 16.35 MS/m, while after HIP it is 17.49 MS/m.
Electrical conductivity tests for the walls made with the CuAl7 wire before the HIP process
showed a conductivity of 7.52 MS/m, while after HIP it was 7.55 MS/m. The obtaining of
clearly higher values of electrical conductivity, in the case of the wall made with the CuAl2
multiwire compared to that made with the CuAl7 wire, is due to the presence of a higher
copper content in the material. As a result of the HIP process, a visible increase in electrical
conductivity was observed in the case of the wall made using the CuAl2 multiwire—an
increase of 1.14 MS/m.

The results of the density measurement, using Archimedes’ Principle, of both materials,
before and after the Hot Isostatic Pressing process, are presented in Table 5.

Table 5. Results of density measurements using the Archimedes method.

Sample Density [g/cm3]

CuAl2 8.67

CuAl2 after HIP 8.68

CuAl7 7.80

CuAl7 after HIP 7.82

The increase in density caused by the HIP application is small and, in the case of
the CuAl7 sample, it was 0.02 g/cm3 while, for the CuAl2 sample after the HIP process,
an increase of 0.01 g/cm3 was noted. Table 5 presents the parameters of the ‘pin-on-disc’
tribological test. In addition, before and after the process, the weights of the samples and
counter-samples involved in the study were measured. The list of mass values is presented
in Table 6.

Tribological tests were conducted to determine the mean value of the coefficient of
friction for the friction pair: a sample made of the tested materials and a counter-sample
made of 100Cr6 steel.

Figure 10 shows the change in the weight of the samples subjected to the HIP process
and, before and after the pin-on-disc process, a reduced weight loss in the CuAl2 sample
after HIP can be seen while the mass of the counter-samples in the tested variants of
materials does not change; therefore, these values are not included at Figure 10.
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Table 6. Tribological tests parameters.

Sampling rate, Hz 60

Load, N 10

Radius, mm 8

Distance, m 2000

Linear speed, cm/s 50

Counter-sample material 100Cr6

Temperature, ◦C 23.6

Humidity, % 23.1
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The mean value of the coefficient of friction for the tested friction pairs was, for the
samples from the CuAl2 multiwire, µ = 0.57, while for the samples from the CuAl7 wire
the coefficient was µ = 0.41. Figure 11 shows the graph of the coefficient of friction as a
function of the distance for the CuAl2 material, and Figure 12 for the CuAl7 material.
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The analysis of the course of changes in the coefficient of friction as a function of
the sliding distance for both samples after tribological tests at room temperature showed
that, at the initial distance of the sliding distance, the value of the coefficient of friction
increases (the so-called material grinding-in), and then, after reaching approx. 50 m for the
CuAl2 sample and about 100 m for the CuAl7 sample, this value reaches a maximum, then
decreases and stabilizes. Further testing in the case of the CuAl7 sample proceeded in a
stable manner, with a mean value of the coefficient of friction of approx. 0.41. In the case of
the CuAl2 sample, the test after the grinding-in stage was less stable and, after covering a
distance of approx. 700 m, the value of the coefficient of friction fluctuates with increasing
amplitude. Tribological tests on the samples after the HIP process were also performed.
The aim of the study was to check the effect of the process on the value of the coefficient of
dry friction. The test was conducted in accordance with the parameters in Table 6.

The mean value of the coefficient of friction for the tested friction pairs was, for the
samples from the CuAl2 multiwire after HIP, µ = 0.64, while for the samples from the
CuAl7 wire after HIP the mean value of the coefficient µ = 0.50. In Figure 13, a graph
of the coefficient of friction as a function of distance for the CuAl2 material after HIP is
shown, while in Figure 14 the same graph for the CuAl7 material after HIP is presented.
The analysis of the course of changes in the coefficient of friction as a function of sliding
distance, for both samples after HIP after tribological tests at room temperature, showed
that the overall trend of changes is similar to the test conducted for samples before HIP. At
the initial distance of the sliding distance, the value of the coefficient of friction, and then,
after reaching approx. 300 m for the CuAl2 sample after HIP and about 100 m for the CuAl7
sample after HIP, this value reaches a maximum, then decreases and stabilizes. Further
testing in the case of the CuAl7 sample after HIP proceeded in a stable manner with a mean
value of the coefficient of friction of about 0.50. In the case of the CuAl2 sample, after the
grinding-in stage, the test was less stable and, after covering a distance of approx. 500 m,
the value of the coefficient of friction fluctuates with increasing amplitude.
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The neutral salt spray corrosion test (NSS) of samples made of the CuAl2 multiwire
and the CuAl7 wire was conducted in accordance with the PN-EN ISO 9227:2017-06
standard [23]. The test parameters are listed in Table 7.

Table 7. NSS test parameters.

Test time, h 48.0

Time interval between checks, h 24

Chamber temperature, ◦C 35.0

Humidifier temperature, ◦C 48.0

NaCl solution, g/L 50.0

Mass loss of steel reference samples, g/m2 72.95

The results of the corrosion test describing the state of the solution and the process
parameters for the conducted test are shown in Table 8.

Table 8. Corrosion tests results of CuAl2 and CuAl7 samples.

pH of the solution 6.41

pH of the condensate 6.96

Pluviometric constant, mL/h 1.38

Condensate density, g/cm3 1.034

Volume of the collected solution, mL 130

Ionic conductivity of the water used to prepare the
solution, µS/cm 3.68

After completion of the corrosion tests, macroscopic photos of the samples were
taken showing the effect of neutral salt fog on the surface of the tested materials. In
Figure 15, samples made from the CuAl2 multiwire subjected to the corrosion test are
shown, including (a and b) samples directly after welding and (c and d) additionally
subjected to the HIP process. The sample before the HIP process (Figure 15a,b) is covered
with a visible layer of corrosion products, most likely copper oxide (a typical green tint).
The oxide occurs both on the surface perpendicular to the direction of welding and on
the side surface of the padding weld. In the case of the samples after the HIP process
(Figure 15c,d), copper oxide is present in a smaller amount on the surface perpendicular to
the direction of welding, and it is concentrated in the area close to the padding weld face.
In Figure 15d, the characteristic greenish tint is not visible on the side surface, which may
suggest the absence of corrosion. In Figure 16, samples made from the CuAl7 multiwire
subjected to the corrosion test are shown, including (a and b) samples directly after welding
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and (c and d) additionally subjected to the HIP process. Corrosion products were observed
on the entire surface of the samples. The sample not subjected to the HIP process has
less visible traces of corrosion on both tested surfaces (Figure 16a,b). The sample after the
HIP process has a clear trace of green tarnish on the surface perpendicular to the direction
of welding, and a green layer of corrosion products can also be seen on the side surface
(Figure 16c,d).
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Figure 15. Surface of samples made with CuAl2 multiwire before the HIP process: (a) surface
perpendicular to the direction of welding, (b) side surface of the wall; and after the HIP process:
(c) surface perpendicular to the direction of welding, (d) side surface of the wall.
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Figure 16. Surface of samples made using CuAl7 multiwire before the HIP process: (a) surface
perpendicular to the direction of welding, (b) side surface of the wall; and after the HIP process:
(c) surface perpendicular to the direction of welding, (d) side surface of the wall.

Samples before and after the HIP process, made using the CuAl2 multiwire and
the CuAl7 wire, were subjected to metallographic observations after exposure to salt
fog (Figures 17 and 18). The area at the padding weld face and the middle area of the
manufactured wall were analysed. Figure 17 shows Na2Cr2O7-etched CuAl2 samples,
while, in Figure 18, CuAl7 samples are presented. The wall made with the CuAl2 multiwire
in the area of the padding weld face (Figure 17a) is characterized by a structure in which
the effect of salt fog is clearly visible. Despite the polishing and etching necessary to make
the structure visible, there are areas on the micro-section where the metal has been removed
by the salt spray. The surface reveals existing pits in the area perpendicular to the direction
of welding. In the middle area (Figure 17c), clear large grains of regular shape are visible;
no negative effects of salt fog were observed. The wall made using CuAl2 multiwire in
the area of the padding weld face after HIP (Figure 17b) is characterized by a fine-grained
structure with no traces of salt fog influence on the structure. The micro-section of the

60



Materials 2023, 16, 6199

CuAl2 padding weld after HIP in the middle zone also shows no traces of salt fog on the
sample.

Figure 17. The microstructure of the wall made using CuAl2 multiwire after the NSS corrosion test
before HIP: (a) padding weld face, (c) middle area of the wall; and after HIP: (b) padding weld face,
(d) middle area of the wall.

Figure 18. The microstructure of the wall made with CuAl7 wire after the NSS corrosion test before
HIP: (a) padding weld face, (c) middle area of the wall; and after HIP: (b) padding weld face,
(d) middle area of the wall.

The wall made using the CuAl7 wire in the area of the padding weld face (Figure 18a)
is characterized by the presence of irregularly shaped grains; there are no visible areas
where the effect of salt fog was observed. In the central area of the sample not subjected to
the HIP process (Figure 18c), slight losses were observed due to the action of salt fog on
the surface of the sample. In the middle area of the sample subjected to the HIP process
(Figure 18d), no traces of salt fog influence were observed.
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5. Conclusions

As a result of this work, objects in the form of walls were manufactured using both
the commercially available CuAl7 wire and the CuAl2 multiwire, in laboratory conditions.
Based on the conducted research, the following conclusions were drawn:

1. The HIP process had a significant impact on the structure of the tested padding welds.
The structure has been homogenized, and the effect of the heat-affected area in the
welding process has been eliminated (homogenization of the hardness).

2. The mass loss during the tribological tests was slightly smaller for the samples sub-
jected to the HIP process in the case of both materials.

3. The density tests using Archimedes’ Principle revealed that the CuAl2 sample showed
an increase in density of 0.01g/cm3, while the density of the CuAl7 sample changed
by 0.02g/cm3 after the HIP process.

4. It was found that the corrosion products were observed only on the walls’ surfaces
after the test in salt fog. The samples subjected to the HIP process were less affected
by the corrosion process. The microscopic images of the samples subjected to the HIP
process do not show the effects of the salt fog; there are no clear traces of corrosion.
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Abstract: The influence of grain structure and quenching rates on the exfoliation corrosion (EXCO)
susceptibility of 7085 alloy was studied using immersion tests, optical microscopy (OM), scanning
electron microscopy (SEM), electron backscatter diffraction (EBSD), and scanning transmission
electron microscopy (STEM). The results show that as the cooling rate decreases from 1048 ◦C/min
to 129 ◦C/min; the size of grain boundary precipitates (GBPs); the width of precipitate-free zones
(PFZ); and the content of Zn, Mg, and Cu in GBPs rise, leading to an increase in EXCO depth and
consequently higher EXCO susceptibility. Meanwhile, there is a linear relationship between the
average corrosion depth and the logarithm of the cooling rate. Corrosion cracks initiate at the grain
boundaries (GBs) and primarily propagate along the HAGBs. In the bar grain (BG) sample at lower
cooling rates, crack propagation along the sub-grain boundaries (SGBs) was observed. Compared
to equiaxed grain (EG) samples, the elongated grain samples exhibit larger GBPs, a wider PFZ, and
minor compositional differences in the GBPs, resulting in higher EXCO susceptibility.

Keywords: 7085 alloy; grain structure; cooling rate; quenching-induced phase; exfoliation corrosion

1. Introduction

7XXX-series aluminum alloys are characterized by high strength and low density, mak-
ing them widely utilized in industries such as automotive manufacturing and aerospace.
However, this series of alloys exhibit a tendency for localized corrosion in corrosive envi-
ronments, which encompasses phenomena such as pitting, intergranular corrosion (IGC),
EXCO, and stress corrosion cracking (SCC) [1–4]. Corrosion issues lead to a decline in
material performance [5], shortened service life, and restrict the wide application of this
alloy series, making it a pressing problem to be addressed. Extensive research has been
conducted by researchers to enhance the corrosion resistance of this alloy series.

The EXCO susceptibility of Al-Zn-Mg-Cu alloys is significantly affected by grain size
and shape. Masoud et al. [6] demonstrated that high-angle grain boundaries (HAGBs)
in Al-Zn-Mg-Cu alloys serve as relatively strong hydrogen trapping sites, possessing
higher hydrogen desorption energies. This propensity results in the easy aggregation and
retention of hydrogen atoms within HAGBs. Simultaneously, statistically stored disloca-
tions exhibit moderate hydrogen desorption energies, continuously supplying hydrogen
atoms to HAGBs, consequently leading to a sustained increase in hydrogen content within
HAGBs. As a consequence, HAGBs tend to become the initiation points for corrosion and
the propagation paths for crack propagation, thereby facilitating intergranular fracture.
Wloka et al. [7] investigated the influence of recrystallized coarse grains on the EXCO
susceptibility of AA7010 and AA7349 alloys. The findings indicated that the coarse grain
layer increased resistance to EXCO. Huang et al. [8] discovered that in AA7075 and AA7178
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alloys, the grain size and aspect ratio of grains are crucial factors in the kinetics of localized
corrosion growth. For Al-Zn-Mg-Cu alloys, high aspect ratio grains generally exhibit higher
EXCO susceptibility [9], as the accumulation of corrosion products during immersion in
corrosive solutions leads to wedging stresses at GBs, resulting in elongated grain bubbling
and a layered morphology. Equiaxed grains show intergranular corrosion but have low
EXCO susceptibility [10–12]. For thick plates of Al-Zn-Mg-Cu alloys, during the solution
and quenching processes, the grain structure often exhibits non-uniformity [13,14], with
the cooling rate in the central layer being slower compared to that in the surface layer. As a
result, quenching precipitates occur in the central layer and tend to reduce the mechani-
cal and localized corrosion resistance properties [15,16]. For 7XXX alloys, the location of
quenching precipitates varies with different grain structures, leading to varying losses in
corrosion resistance and mechanical properties after subsequent aging [16,17].

Numerous studies indicate that the quenching rate has a significant influence on
the EXCO resistance of 7XXX alloys. Sánchez-Amaya [18] found that slow quenching
significantly enhanced the IGC susceptibility of the AA7075 alloy. Marlaud et al. [19]
found that the resistance to EXCO of the 7449-T7651 alloy decreased with a decline in
quenching rate. Li et al. [20] found that the EXCO grade of an Al-5Zn-3Mg-Cu alloy
sheet gradually changed from P grade to ED grade as the quenching rate reduced from
2160 °C/min to 100 °C/min. Liu et al. [21] conducted exfoliation corrosion tests on
7055 alloy using end-quenching and found that the maximum corrosion depth of EXCO
increased as the quenching rate decreased. Chen et al. [22] performed natural aging and
artificial aging (T6) on a 7XXX-series aluminum alloy after end-quenching and compared
their IGC results. They observed that the maximum corrosion depth of both aging samples
increased with a decline in quenching rate, with the naturally aged sample exhibiting
greater corrosion depth than the artificially aged sample. For 7XXX alloys, the characteris-
tics of the quenched precipitates and the width of the PFZ are determining factors for the
corrosion resistance of 7XXX alloys. The quenching rate affects the EXCO resistance of the
7XXX alloy by influencing the quantity, size, composition, and distribution of quenched
precipitates, as well as the width of the PFZ [23–26].

The 7085 alloy holds a crucial position in the aerospace and defense industries, and
its resistance to EXCO is a decisive factor in ensuring the long-term and safe utilization
of the alloy. However, there has been limited research on the corrosion resistance of the
7085 alloy, and the influence of quenching-induced precipitation on the sensitivity to EXCO
in the 7085 alloy with different grain structures is not yet clear; thus, its mechanism requires
further investigation. This study simultaneously investigates the effects and mechanisms
of grain structure and quenching rates on the EXCO sensitivity of the 7085 alloy, as well as
the mechanisms of corrosion crack propagation.

2. Experimental
2.1. Materials

The experimental materials were homogenized ingots and hot-rolled thick plates of
7085 alloy. The hot-rolled deformation of the plates was 85%. The chemical composition
is shown in Table 1. The end-quenching samples with dimensions of 25 × 25 mm and a
length of 125 mm were cut from the homogenized ingots and hot-rolled plates. At one end
of the samples, a circular groove with dimensions of 22 mm in diameter and 10 mm in
depth was processed to serve as the water spray end. At the other end, a threaded hole with
dimensions of 5 mm in diameter and 15 mm in depth was created to secure the samples
on the sample holder for end-quenching. The specimens underwent solution treatment
by heating in an SX-4-10 resistance furnace to 470 ◦C, followed by a holding time of 1 h,
and then were rapidly removed for water quenching at the groove end (transfer time less
than 15 s). The water temperature was approximately 20 ◦C. Following complete cooling
to room temperature, the samples underwent artificial aging by being immersed in an oil
bath set at 121 ◦C for a period of 24 h. Additionally, samples of the same dimensions were
drilled and embedded with thermocouples at different distances of 3 mm, 13 mm, 23 mm,
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53 mm, 78 mm, and 98 mm from the water spray end. The cooling curves at these positions
during the end-quenching process were recorded, and the following average cooling rates
were obtained (in the 420–230 ◦C range) [2]: 1048 ◦C/min, 782 ◦C/min, 526 ◦C/min,
152 ◦C/min, 132 ◦C/min, and 129 ◦C/min, as shown in Figure 1.

Table 1. Chemical compositions of the studied 7085 alloy (mass fraction, wt%).

Element Zn Mg Cu Zr Fe Si Al

Content 7.5 1.6 1.7 0.11 <0.08 <0.06 Bal.
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Figure 1. Schematic of end-quenching of the samples after solution heat treatment.

2.2. Immersion Tests

Cut end-quenched and aged specimens (2 mm thick) were used for peel corrosion
experiments following the GB/T 22639-2008 standard [27]. The solution had an area to
volume ratio of 25 cm2/L, and the experimental temperature was maintained at 25 ± 1 ◦C.
After 48 h of corrosion, the specimens were rated according to the standard. The solution
system used was an EXCO solution (0.5 mol/L KNO3 + 0.1 mol/L HNO3 + 4 mol/L NaCl).

2.3. Microstructure Examination

Samples were taken from the corresponding positions of the specimens for microstruc-
tural analyses. The metallographic samples were subjected to coarse grinding, fine grinding,
and polishing, followed by etching with the corrosion reagent (Graff Sargent). The com-
position of the reagent was 1% HF, 16% HNO3, 83% H2O (by volume), and 3 g of CrO3,
which effectively distinguished between the unrecrystallized and recrystallized regions in
the alloy. The microstructure was observed using an XJP-6A (T-Bota, Nanjing, China) met-
allographic microscope, and further microstructural observations and energy-dispersive
spectroscopy (EDS) analysis were conducted using the Quanta-200 SEM (FEI, San Jose, CA,
America). The grain structure analyses were performed using a EVOMA10 SEM (Carl Zeiss,
Jena, Germany) equipped with an OXFORD EBSD detector. Tecnai G2 F20 transmission
electron microscopy (TEM) was employed for observing quenching precipitation phases.
Both the EBSD and TEM specimens were prepared using the dual-jet electropolishing
method, with electrolytic thinning carried out in a mixture of 20% nitric acid solution and
80% methanol. The electrolyte temperature was controlled at approximately −25 ◦C using
liquid nitrogen.
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3. Results
3.1. Grain Structure

Figure 2 displays the EBSD images of the homogenized cast ingot and hot-rolled
samples of the 7085 alloy. In Figure 2a, it can be observed that almost all the grains exhibit
an equiaxed shape with non-uniform grain sizes, and the GBs are predominantly HAGBs.
The as-cast samples with this grain structure are subsequently referred to as equiaxed grain
(EG). Figure 2b reveals that the grains after hot rolling exhibit a distinct elongated shape
aligned along the rolling direction. In Figure 2c,f, the recrystallized structure is depicted by
the blue region, the sub-grain structure is depicted by the yellow region, and the deformed
structure is depicted by the red region. The deformed sample contains both recrystallized
grains and sub-grains. The black lines indicate HAGBs, while the white lines represent
low-angle grain boundaries (LAGBs). Along the deformation direction, there are numerous
LAGBs in the sub-grain and deformed regions, which are typical grain structures of 7XXX
aluminum alloys after hot deformation and solid solution treatment. Hot-rolled samples
with this grain structure are subsequently labeled bar grain (BG). Furthermore, compared
to the EG sample, the BG sample obtained through rolling exhibits a significant reduction
in grain size. The average size has decreased from the original 148 µm to 70 µm, resulting
in BG samples having a greater abundance of GBs, as shown in Figure 2d,e.
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3.2. Grain Boundary Quenching Precipitated Phase

The SEM images of EG and BG specimens at different cooling rates are shown in
Figure 3. In EG and BG samples, coarse white second-phase particles were observed. EDS
analysis revealed that the chemical composition of these particles (wt%) was as follows:
Al: 55.24~71.26, Fe: 8.58~14.20, and Cu: 18.44~28.32, with traces of Zn. These particles
are likely to be Al7Cu2Fe phases [28]. The formation of this iron-containing phase occurs
during the solidification process and exhibits good thermal stability. Subsequent processes
such as solution treatment and quenching have a small influence on the distribution and
size of this phase. In Figure 3a, it can be observed that in the EG sample at a cooling rate of
1048 ◦C/min, only the presence of white primary phases is observed, and no quenching
precipitates are observed. Figure 3b reveals that at a cooling rate of 129 ◦C/min, fine
quenching precipitates are observed at HAGBs, and some precipitates can also be seen
within the grains. Based on the EDX analysis results, the main constituents of this phase
are Zn and Mg, along with a small amount of Cu, and it corresponds to the η phase [23].
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From Figure 3c, it is evident that in the BG sample at a cooling rate of 1048 ◦C/min, only
white primary phases are observed, and no η phases are observed. Figure 3d shows that at
a cooling rate of 129 ◦C/min, there are evident η phases at the HAGBs, and η phases can
also be observed at the LAGBs, although the size of the precipitates is smaller. During the
slow quenching process, due to the higher interfacial energy of both HAGBs and SGBs,
favorable conditions are created for the nucleation and growth of the η phase. As a result,
the η phase primarily forms at HAGBs and SGBs [29,30]. Additionally, SGBs have lower
energy compared to HAGBs, resulting in slower solute atom diffusion along SGBs. As a
result, the subgrain boundary phases (SGBPs) exhibit smaller sizes.
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Figure 4 represents the TEM images of EG and BG samples at different cooling rates.
From Figure 4a, it can be seen that in the EG sample at a cooling rate of 1048 ◦C/min, the
size of the η precipitates at HAGBs is small and uniform, approximately 24 nm, and the
PFZ is narrow, approximately 26 nm. As the cooling rate declines to 129 ◦C/min, the GBPs’
size becomes larger, the distribution becomes discontinuous, and the PFZ becomes more
pronounced. The η phase size and the PFZ width increase to approximately 64 nm and
86 nm, respectively, as shown in Figure 4b. This is because during the slow quenching
process, vacancies diffuse and solute atoms to HAGBs, resulting in the formation of larger
GBPs and a wider PFZ [31,32]. In Figure 4c, it can be observed that in the BG sample at a
cooling rate of 1048 ◦C/min, which corresponds to a higher cooling rate, the precipitates
are age precipitates that exhibit a continuous distribution with a size of approximately
14 nm, and the PFZ width is approximately 28 nm. However, the precipitation at the SGBs
is not significant, as shown in Figure 4d. When the cooling rate reduces to 129 ◦C/min, the
size of the GBPs increases, and the distance between the precipitates becomes wider. The
PFZ also becomes very pronounced. The GBPs’ size and the PFZ width are approximately
114 nm and 110 nm, respectively, as shown in Figure 4e. Additionally, quench precipitates
can also be observed at the SGB (Figure 4f), with smaller sizes compared to the precipitates
at the HAGB.
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Figure 5 shows the size of the η phase at GBs and the width of the PFZ at different
cooling rates. As shown in Figure 5a, the GBPs’ size significantly augments as the cool-
ing rate reduces, and this increase is more pronounced in the BG samples. At a cooling
rate of 1048 ◦C/min, the GBPs’ (η phase) average size in the BG samples is approximately
10 nm smaller than in the EG samples. However, when the cooling rate drops to
129 ◦C/min, the GBPs in the BG samples are 50 nm larger than in the EG samples. This
indicates that the hot deformation grain structure promotes an increase in the size of the
GBPs at lower cooling rates. In Figure 5b, it is evident that the width of the PFZ at GBs
increases as the cooling rate declines, and this rise is more apparent in the BG samples.
At a cooling rate of 1048 ◦C/min, the PFZ width at GBs in the BG samples is 2 nm larger
than in the EG samples. However, when the cooling rate drops to 129 ◦C/min, the PFZ
width at GBs in the BG samples is 24 nm larger than in the EG samples. The hot-deformed
grain structure promotes an increase in the PFZ width at GBs at lower cooling rates. This
indicates that hot deformation facilitates the nucleation and growth of the η phase at GBs
and widens the PFZ.
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The composition of GBPs at different cooling rates can be seen in Figure 6. The
observation reveals a considerably higher content of Zn and Mg elements in the GBPs
compared to Cu. As the cooling rate decreases, the Zn, Mg, and Cu content in the GBPs
rise, with a much larger increase in Zn and Mg content compared to Cu content. At the
same cooling rate, the GBPs in the BG sample have a slightly higher content of Zn and
Mg compared to the EG sample, while the Cu content is similar. When the cooling rate
descends from 1048 ◦C/min to 129 ◦C/min, the content of Zn, Mg, and Cu in the GBPs
of the EG sample rises from 3.2%, 2.3%, and 0.9% to 12.3%, 11.2%, and 2.1%, respectively.
Similarly, the content of Zn, Mg, and Cu in the GBPs of the BG sample increases from 3.4%,
2.5%, and 1.1% to 14.4%, 12.9%, and 2.3%, respectively. This indicates that there is not a
significant difference in the composition of GBPs between the two grain structures.

Materials 2023, 16, x FOR PEER REVIEW 7 of 14 
 

 

The composition of GBPs at different cooling rates can be seen in Figure 6. The ob-
servation reveals a considerably higher content of Zn and Mg elements in the GBPs com-
pared to Cu. As the cooling rate decreases, the Zn, Mg, and Cu content in the GBPs rise, 
with a much larger increase in Zn and Mg content compared to Cu content. At the same 
cooling rate, the GBPs in the BG sample have a slightly higher content of Zn and Mg com-
pared to the EG sample, while the Cu content is similar. When the cooling rate descends 
from 1048 °C/min to 129 °C/min, the content of Zn, Mg, and Cu in the GBPs of the EG 
sample rises from 3.2%, 2.3%, and 0.9% to 12.3%, 11.2%, and 2.1%, respectively. Similarly, 
the content of Zn, Mg, and Cu in the GBPs of the BG sample increases from 3.4%, 2.5%, 
and 1.1% to 14.4%, 12.9%, and 2.3%, respectively. This indicates that there is not a signifi-
cant difference in the composition of GBPs between the two grain structures. 

 
Figure 6. Compositions of GBPs at different cooling rates: (a) EG sample, (b) BG sample. 

3.3. Exfoliation Corrosion Immersion Test Results 
The SEM images of the sample with a cooling rate of 129 °C/min soaked in EXCO 

solution for 1 h are shown in Figure 7. The surface of the EG samples exhibits noticeable 
corrosion products, primarily distributed at GBs, as shown in Figure 7a. According to EDX 
analysis, the predominant corrosion product is Al2O3, as shown in Figure 7c. This is mainly 
due to the susceptibility of grain boundary quenching precipitates to corrosion. Since the 
grains are predominantly equiaxed, the corrosion follows the GBs, although the extent of 
exfoliation is not significant. The surface of the BG sample exhibits more severe corrosion, 
with abundant and larger-sized corrosion products. The presence of recrystallized grains 
with high aspect ratios and a large number of HAGBs in the BG sample leads to the gen-
eration of a substantial amount of corrosion products. This further exacerbates the occur-
rence of EXCO, indicating a higher sensitivity to EXCO, as shown in Figure 7b. 

 
Figure 7. SEM image of the sample with a cooling rate of 129 °C/min soaked in EXCO solution for 1 
h: (a) EG sample, (b) BG sample, (c) EDX. 

The TEM images of the sample with a cooling rate of 129 °C/min soaked in EXCO 
solution for 1 h can be seen in Figure 8. It can be observed from the figure that the precip-
itates at the GBs of both the EG and BG samples have been completely corroded. Previous 
studies have shown that the potential of the grain boundary η phase is −1.05 V, the 

Figure 6. Compositions of GBPs at different cooling rates: (a) EG sample, (b) BG sample.

3.3. Exfoliation Corrosion Immersion Test Results

The SEM images of the sample with a cooling rate of 129 ◦C/min soaked in EXCO
solution for 1 h are shown in Figure 7. The surface of the EG samples exhibits noticeable
corrosion products, primarily distributed at GBs, as shown in Figure 7a. According to
EDX analysis, the predominant corrosion product is Al2O3, as shown in Figure 7c. This
is mainly due to the susceptibility of grain boundary quenching precipitates to corrosion.
Since the grains are predominantly equiaxed, the corrosion follows the GBs, although
the extent of exfoliation is not significant. The surface of the BG sample exhibits more
severe corrosion, with abundant and larger-sized corrosion products. The presence of
recrystallized grains with high aspect ratios and a large number of HAGBs in the BG
sample leads to the generation of a substantial amount of corrosion products. This further
exacerbates the occurrence of EXCO, indicating a higher sensitivity to EXCO, as shown in
Figure 7b.
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Figure 7. SEM image of the sample with a cooling rate of 129 ◦C/min soaked in EXCO solution for
1 h: (a) EG sample, (b) BG sample, (c) EDX.

The TEM images of the sample with a cooling rate of 129 ◦C/min soaked in EXCO
solution for 1 h can be seen in Figure 8. It can be observed from the figure that the
precipitates at the GBs of both the EG and BG samples have been completely corroded. Pre-
vious studies have shown that the potential of the grain boundary η phase is
−1.05 V, the potential of the PFZ is −0.85 V, and the potential of the matrix inside the grain is
−0.75 V [26]. Therefore, in the microgalvanic cells formed within the corrosive medium,
GBPs and PFZs act as the anodes and are preferentially corroded, leading to GBs becoming
the initiation points and propagation paths for corrosion.
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1 h: (a) EG sample, (b) BG sample.

Figure 9 shows the corrosion morphology of the end-quenched samples at different
soaking times in the EXCO solution. For the end-quenched samples of the EG alloy, uniform
pitting corrosion is observed along the water spray direction. With increasing soaking
time, slight “blistering” and “peeling” occur, but there is minimal corrosion product in
the solution, and no significant evidence of EXCO is observed. According to the grading
standard GB/T 22639-2008 for alloy EXCO, the corrosion rating at the low cooling rate after
48 h is classified as PC grade (Figure 10a). However, for the end-quenched samples of the
BG alloy, as the cooling rate decreases, a larger number of bubbles are generated during
the immersion process, indicating a more intense reaction with the corrosive solution. At
the initial stage of immersion, a slight pitting corrosion appears on the alloy’s surface,
which intensifies over time. After 8 h, blistering becomes evident, and after 24 h, with
further reduction in cooling rate, the alloy exhibits more pronounced blistering, peeling,
and severe delamination on the surface, penetrating deep into the metal. The areas with
smaller cooling rates exhibit more corrosion products and more severe EXCO (Figure 9h).
After 48 h of immersion (Figure 9j), larger areas of corrosion are observed at locations
with lower cooling rates. The surface blistering has completely ruptured and delaminated,
penetrating deep into the interior of the metal. The solution contains a significant amount of
detached corrosion products, and the corrosion rating has reached the EB grade (Figure 10b).
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The corrosion ratings for the EG and BG samples are shown in Figure 10, indicating that
corrosion becomes more severe with increasing immersion time, particularly at lower
cooling rates (152–129 ◦C/min), but the difference in their ratings is not significant.
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The cross-sectional corrosion morphologies of EG and BG specimens at different
cooling rates are shown in Figure 11. The extent of corrosion in the EG samples increases
slightly as the cooling rate decreases. Corrosion occurs along the GBs, and in some areas,
entire grains are corroded, resulting in the formation of corrosion pits. At a cooling rate
of 1048 ◦C/min, corrosion is observed along the GBs, and significant corrosion is also
present within the grains, as shown in Figure 11a. At 129 ◦C/min, almost the entire
grain is corroded, and the maximum depth of corrosion is approximately the size of a
single grain, as shown in Figure 11b. Similarly, the degree of EXCO in the BG samples
increases significantly as the cooling rate decreases. At a cooling rate of 1048 ◦C/min,
the EXCO is observed, and the maximum depth of corrosion is similar to that in the EG
samples (Figure 11c). As shown in Figure 11e,f, at 129 ◦C/min, pronounced EXCO occurred.
Simultaneously, significant corrosion cracks were observed and propagated along specific
paths. Figure 11h is the inverse pole figure of corrosion cracks, where the black regions
represent corroded areas, the red lines represent HAGBs, and the white lines represent
LAGBs. It was observed that there were evident corrosion cracks along the HAGBs, and
some of the SGBs were also corroded. Therefore, it can be inferred that the corrosion cracks
primarily propagate along the HAGBs.

72



Materials 2023, 16, 5934Materials 2023, 16, x FOR PEER REVIEW 10 of 14 
 

 

 
Figure 11. Cross-sectional corrosion morphologies of EG (a,b) and BG (c–h) samples at different 
cooling rates: (a,c) 1048 °C/min, (b,d,e,f,g,h) 129 °C/min. 

Figure 12 illustrates the relationship between the corrosion depth and the cooling rate 
at different cooling rates. It can be observed that the corrosion depth of both samples in-
creases with decreasing cooling rates. However, the variation in corrosion depth for the 
EG sample is relatively small. At a cooling rate of 1048 °C/min, the maximum and average 
corrosion depths of the BG sample are 30 µm and 28 µm greater than those of the EG 
sample, respectively. At a cooling rate of 526 °C/min, the maximum and average corrosion 
depths of the BG sample are 50 µm greater than those of the EG sample. At 129 °C/min, 
the maximum and average corrosion depths of the BG sample (315 µm and 267.5 µm, 
respectively) are 125 µm and 120 µm greater than those of the EG sample. This indicates 
that the peel corrosion of the BG sample becomes more severe at very low cooling rates. 
Additionally, the corrosion depth of the samples continuously increases with decreasing 
cooling rates. By performing linear regression analysis on the data, it is found that the 
average corrosion depth (H) has the following logarithmic relationship with the cooling 
rate (CR): 

HEG = 313.7 − 78.8 lg(CR) (1)

HBG = 587.8 − 160.7 lg(CR) (2)

The linear correlation coefficients are 0.996 and 0.994, respectively, indicating a 
strong linear relationship between the logarithm of the average corrosion depth and the 
cooling rate within the studied range. 

Figure 11. Cross-sectional corrosion morphologies of EG (a,b) and BG (c–h) samples at different
cooling rates: (a,c) 1048 ◦C/min, (b,d,e–h) 129 ◦C/min.

Figure 12 illustrates the relationship between the corrosion depth and the cooling
rate at different cooling rates. It can be observed that the corrosion depth of both samples
increases with decreasing cooling rates. However, the variation in corrosion depth for the
EG sample is relatively small. At a cooling rate of 1048 ◦C/min, the maximum and average
corrosion depths of the BG sample are 30 µm and 28 µm greater than those of the EG
sample, respectively. At a cooling rate of 526 ◦C/min, the maximum and average corrosion
depths of the BG sample are 50 µm greater than those of the EG sample. At 129 ◦C/min,
the maximum and average corrosion depths of the BG sample (315 µm and 267.5 µm,
respectively) are 125 µm and 120 µm greater than those of the EG sample. This indicates
that the peel corrosion of the BG sample becomes more severe at very low cooling rates.
Additionally, the corrosion depth of the samples continuously increases with decreasing
cooling rates. By performing linear regression analysis on the data, it is found that the
average corrosion depth (H) has the following logarithmic relationship with the cooling
rate (CR):

HEG = 313.7 − 78.8 lg(CR) (1)

HBG = 587.8 − 160.7 lg(CR) (2)
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The linear correlation coefficients are 0.996 and 0.994, respectively, indicating a strong
linear relationship between the logarithm of the average corrosion depth and the cooling
rate within the studied range.

It is generally believed that the occurrence of EXCO in high-strength aluminum alloys
is related to the characteristics of grain boundaries and the precipitation of phases at grain
boundaries and PFZs [26,33]. On the one hand, the corrosion products formed on the
aluminum alloy in the corrosive medium create an outward driving force. This outward
driving force is related to the shape of the grains, and the more the grains are elongated,
the greater the outward force that is generated. EXCO follows the stress corrosion cracking
mechanism, where the corrosion product wedges generate tensile stress concentration at
the crack tip, leading to the propagation of corrosion through the stress corrosion cracking
(SCC) mechanism. As long as the tensile stress exists at the corrosion front, the EXCO
will continue to propagate. After immersing different grain structure samples in an EXCO
solution for 48 h, different types of localized corrosion occurred, as shown in Figure 9.
In the corrosive solution, extensive corrosion products are generated after the sample
undergoes corrosion, creating wedging forces that result in the delamination of the upper
layer of the metal. Meanwhile, high aspect ratio grains lead to the gradual accumulation of
surface strain, eventually resulting in the formation of larger blistering, delamination, and
exfoliation morphologies [11]. Compared to EG samples, BG samples possess a significant
amount of high-aspect ratio grain structure, which is more conducive to the propagation of
corrosion cracks, thus exhibiting a higher sensitivity to EXCO.

On the other hand, in 7XXX-series aluminum alloys, EXCO typically initiates at GBs
and propagates along them into the material’s interior. This is attributed to the significant
potential difference between GBPs and PFZs at GBs and the matrix. In the corrosive
medium, GBPs and PFZs with lower potentials are preferentially dissolved as the anode,
forming preferential pathways for anodic dissolution along GBs [34], resulting in corrosion
cracks propagating along GBs, as illustrated in Figure 11. Based on the experimental results,
the schematic diagrams of EXCO propagation for EG and BG samples under different
cooling rates are shown in Figure 13. In EG samples, due to their smaller grain aspect
ratio, corrosion propagates slower along HAGBs, resulting in lower EXCO sensitivity, as
depicted in Figure 13a,b. In comparison to EG samples, BG samples exhibit reduced grain
size after hot rolling, leading to a significant increase in the number of GBs, as shown in
Figure 2. Additionally, hot rolling promotes the nucleation and growth of GBPs, forming
wider PFZs. This provides more favorable conditions for the expansion of corrosion cracks,
contributing to the higher EXCO sensitivity in BG samples.

Materials 2023, 16, x FOR PEER REVIEW 12 of 14 
 

 

 
Figure 13. Schematic diagram of spalling corrosion expansion in EG (a,b) and BG (c,d) specimens at 
different cooling rates: (a,c) 1048 °C/min, (b,d) 129 °C/min. 

Furthermore, the size, spacing, and chemical composition of GBPs and the width of 
PFZs significantly influence the alloy’s sensitivity to EXCO [35]. At lower cooling rates, 
GBPs continue to absorb surrounding atoms and grow, leading to larger PFZ widths. Mi-
crostructural observations reveal that as cooling rates decrease, both EG and BG samples 
exhibit increased GBPs and PFZ widths. As shown in Figure 13b,d, this makes grain 
boundaries more susceptible to corrosion and accelerates the propagation of corrosion 
cracks. Simultaneously, the content of Zn and Mg elements in GBPs is notably higher than 
that of Cu, and with decreasing cooling rates, the increase in Zn and Mg content far ex-
ceeds that of Cu (Figure 5). This results in a greater potential difference between GBPs and 
the matrix, further accelerating the corrosion crack propagation rate along grain bounda-
ries [36]. The results demonstrate that as cooling rates decrease, the EXCO sensitivity of 
both EG and BG samples gradually increases. 

Existing research has indicated that for 7XXX-series aluminum alloys, EXCO primar-
ily extends along HAGBs, while propagation along SGBs is challenging [11,31]. This is 
attributed to the higher interfacial energy of HAGBs, which serve as the primary diffusion 
pathways for atoms, facilitating the nucleation and growth of GBPs through continuous 
atom absorption [36,37]. Consequently, there are more and larger GBPs at HAGBs, accom-
panied by wider PFZs. In contrast, SGBs possess lower interfacial energy, hindering the 
nucleation and growth of GBPs and resulting in narrower PFZs that are less conducive to 
forming independent anodic regions, making it difficult to establish corrosion pathways. 
However, as cooling rates decrease, GBPs at SGBs also grow larger, and PFZs widen, 
providing favorable conditions for the expansion of corrosion cracks. As depicted in Fig-
ure 13d, when the cooling rate decreases to 129 °C/min, corrosion preferentially extends 
along both HAGBs and SGBs, resulting in increased corrosion depth and a wavy distribu-
tion of macroscopic corrosion morphology. This further elucidates that decreasing cooling 
rates reduce the resistance of the alloy to EXCO. 

4. Conclusions 
1. For the 7085 alloy, BG samples exhibit higher sensitivity to EXCO compared to EG 

samples, regardless of the cooling rate. This is because BG samples have larger aspect 
ratio grains, which lead to the accumulation of surface stress during the corrosion 
process, resulting in faster crack propagation along the GBs. Additionally, BG sam-
ples have a higher number of GBs, which results in a greater amount of GBPs and a 
higher sensitivity to EXCO. 

Figure 13. Schematic diagram of spalling corrosion expansion in EG (a,b) and BG (c,d) specimens at
different cooling rates: (a,c) 1048 ◦C/min, (b,d) 129 ◦C/min.

74



Materials 2023, 16, 5934

Furthermore, the size, spacing, and chemical composition of GBPs and the width of
PFZs significantly influence the alloy’s sensitivity to EXCO [35]. At lower cooling rates,
GBPs continue to absorb surrounding atoms and grow, leading to larger PFZ widths.
Microstructural observations reveal that as cooling rates decrease, both EG and BG samples
exhibit increased GBPs and PFZ widths. As shown in Figure 13b,d, this makes grain
boundaries more susceptible to corrosion and accelerates the propagation of corrosion
cracks. Simultaneously, the content of Zn and Mg elements in GBPs is notably higher
than that of Cu, and with decreasing cooling rates, the increase in Zn and Mg content
far exceeds that of Cu (Figure 5). This results in a greater potential difference between
GBPs and the matrix, further accelerating the corrosion crack propagation rate along
grain boundaries [36]. The results demonstrate that as cooling rates decrease, the EXCO
sensitivity of both EG and BG samples gradually increases.

Existing research has indicated that for 7XXX-series aluminum alloys, EXCO primar-
ily extends along HAGBs, while propagation along SGBs is challenging [11,31]. This is
attributed to the higher interfacial energy of HAGBs, which serve as the primary diffusion
pathways for atoms, facilitating the nucleation and growth of GBPs through continuous
atom absorption [36,37]. Consequently, there are more and larger GBPs at HAGBs, accom-
panied by wider PFZs. In contrast, SGBs possess lower interfacial energy, hindering the
nucleation and growth of GBPs and resulting in narrower PFZs that are less conducive to
forming independent anodic regions, making it difficult to establish corrosion pathways.
However, as cooling rates decrease, GBPs at SGBs also grow larger, and PFZs widen, provid-
ing favorable conditions for the expansion of corrosion cracks. As depicted in Figure 13d,
when the cooling rate decreases to 129 ◦C/min, corrosion preferentially extends along
both HAGBs and SGBs, resulting in increased corrosion depth and a wavy distribution of
macroscopic corrosion morphology. This further elucidates that decreasing cooling rates
reduce the resistance of the alloy to EXCO.

4. Conclusions

1. For the 7085 alloy, BG samples exhibit higher sensitivity to EXCO compared to EG
samples, regardless of the cooling rate. This is because BG samples have larger aspect
ratio grains, which lead to the accumulation of surface stress during the corrosion
process, resulting in faster crack propagation along the GBs. Additionally, BG samples
have a higher number of GBs, which results in a greater amount of GBPs and a higher
sensitivity to EXCO.

2. With a decrease in cooling rate, both EG and BG samples show an increasing trend
in EXCO sensitivity. This is attributed to the slower cooling rate, which leads to an
increase in the size of GBPs and the width of the PFZ. Both the maximum corrosion
depth and average corrosion depth significantly increase with decreasing cooling
rates, with a higher rise observed in BG samples. In the meantime, a linear correlation
can be established between the average depth of corrosion and the logarithm of the
cooling rate.

3. GBPs and their PFZ have a lower potential compared to the matrix, causing them to act
as anodes and preferentially dissolve during corrosion. Consequently, corrosion cracks
propagate along the GBs. Corrosion cracks in both EG and BG samples primarily
propagate along HAGBs. At lower cooling rates, crack propagation along SGBs is
observed in BG samples.
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Abstract: The current study investigates the influence of hot rolling on the microstructure evolution
of the near-surface region on AA7050 aluminum alloy and the corrosion performance of the alloy. It
is revealed that hot rolling resulted in grain refinement in the near-surface region, caused by dynamic
recrystallization, and equiaxed grains less than 500 nm can be clearly observed. Fibrous grains
were evident in the hot rolled AA7050 aluminum alloy with relatively lower rolling temperature
or larger rolling reduction, caused by the more severe elemental segregation at grain boundaries,
which inhibited the progression of dynamic recrystallization. The density of the precipitates in the
fibrous grain layer was higher, compared with those in the equiaxed grain layer, due to the increased
dislocation density, combined with more severe elemental segregation, which significantly promoted
the nucleation of precipitates. With the co-influence exerted by low density of precipitates and
dislocations on the improvement of the corrosion performance of the alloy, the rolled AA7050 alloy
with decreased density of precipitates and dislocations exhibited better corrosion resistance.

Keywords: AA7050 aluminum alloy; hot rolling; near-surface deformed layer; microstructure
evlution; corrosion behavior

1. Introduction

Aluminum alloy is one of the most widely used nonferrous metal structural materials
in industry. Due to its high power-to-weight ratio, low cost, high wear resistance and
other good properties, aluminum alloy has been widely used in many structural parts
of aviation, aerospace, automobile, machinery manufacturing, and shipbuilding [1–5].
Rolling is often employed during manufacture of such alloys. Thus, the microstructural
evolution caused by rolling should be considered, as it will influence the properties and
finally limit the better applications of such alloys. Guo et al., [6] found that the fraction
of the low-angle grain boundaries (LAGBs) increased and S phase precipitates located at
the grain boundaries were discontinuous when Al-Cu-Mg-Ag alloy were rolled at a lower
temperature. Kumar et al., [7] proposed that dislocation cells, un-recrystallized grains
and nano-sized precipitates were evident on cold rolled AA6082 aluminum alloy. Wang
et al., [8] reported the presence of shear bands on cold rolled AA7050 aluminum alloy, and
such shear bands became wide with the increase of the rolling reduction. Liu et al., [9]
reported that the textures obviously changed in Al-Cu alloy due to the increase of the cold
rolling reduction. Based on the previous study, extensive work has been done regarding the
effect of rolling on the microstructure of aluminum alloys [6–12]. However, the near-surface
region has rarely been discussed, which is directly in contact with the service environment
and will determine the properties of rolled aluminum alloys to a large extent.

In recent years, it has been found that severe plastic deformation, including ma-
chining [13], orthogonal cutting [14], laser shock processing [15] and other processes
significantly influence the near-surface microstructure of aluminum alloy, leading to the
heavily deformed layers characterized by ultra-fine grains. Within such deformed layers,
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obvious residual stresses, high density of dislocations and element redistribution have
also been observed which, in combination, affect the corrosion performance of aluminum
alloys [16–21]. The near-surface deformed layer on the weld joint of Al-Cu-Li alloy is more
active than the bulk alloy, and anodic dissolution usually occurs preferentially in such
regions of the weld joint subjected to corrosive environment [22]. Liu et al., [23] found that
element segregation in the near-surface deformed layer of AA7075-T6 aluminum alloy pro-
moted the localized corrosion along the grain boundaries. Saklakoglu et al., [15] reported
that high level of work-hardening and compressive residual stress were observed in the
near-surface deformed layer on AA6061-T6 aluminum alloy treated by laser shock peening,
which improved the resistance against pitting corrosion. Based on the previous study, the
near-surface deformed layers have both advantages and disadvantages on the corrosion
performance of aluminum alloys, depending on the microstructure formed during the
severe deformation. Since hot rolling is normally employed during fabrication of aluminum
alloys and corrosion which starts the surface of the alloy is always one of the main concerns
of such alloys during service, it is necessary to investigate the corrosion behavior of hot
rolled 7xxx series aluminum alloys, considering the impact of near-surface deformed layer.

The main purpose of the current work is to investigate the microstructure evolution of
the near-surface deformed layer and the corrosion performance of the hot rolled AA7050
aluminum alloy, and to establish the correlation between them, which contributes to
improving the performance and service life of hot rolled AA7050 aluminum alloy as a
structural material.

2. Materials and Methods
2.1. Materials

AA7050 aluminum alloy ingot was cut into alloy samples with dimensions of
200 × 110 × 60 mm. The chemical composition of the alloy is shown in Table 1. Af-
ter homogenization annealing at 465 ◦C for 24 h, the alloy ingots were hot rolled at the
temperature of 380 ◦C (1#), 420 ◦C (3#), 450 ◦C (5#) with rolling reduction of 66.7%, and
at the temperature of 420 ◦C with the rolling reductions of 83.3% (2#), 66.7% (3#), 50%
(4#), respectively. Hot rolling of the alloy was carried out using the L6500 two rolling
mill, of which the roll diameter and speed were 420 mm and 0.36 m/s, respectively. The
reduction of each rolling pass was less than 5 mm. The rolling parameters of each sample
are summarized in Table 2.

Table 1. Chemical composition of AA7050 aluminum alloy.

Mg Zn Cu Zr Cr Mn Si Ti Fe Al

Mass fraction/% 2.08 6.07 2.21 0.11 0.02 0.10 0.12 0.04 0.12 Bal.

Table 2. Hot rolling parameters.

Sample Number Rolling Temperature/◦C Original Thickness/mm Thickness After
Rolling/mm Rolling Reduction/%

1# 380 60 20 66.7
2# 420 60 10 83.3
3# 420 60 20 66.7
4# 420 60 30 50.0
5# 450 60 20 66.7

2.2. Mircrostructure Characterization

Transmission electron microscopy (TEM) samples were prepared by focused ion beam
(FIB), using a FEI Helios NanoLab G3 UC dual-beam focused ion beam and a scanning
electron microscope. The voltage and current during sample preparation were 5~30 kV
and 41 pA~10 nA, respectively. A Tecnai G2 20 transmission electron microscope and
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a Talos F200X field emission transmission electron microscope equipped with the EDS
detector were employed to observe the microstructure of the near-surface deformed layers
on the alloy samples subjected to hot rolling under different conditions. The morphology
of the corroded surface was observed by a SIRION200 field emission scanning electron
microscope equipped with the EDS detector.

2.3. Corrosion Test

Potentiodynamic polarization, open circuit potential (OCP) and electrochemical
impedance spectroscopy (EIS) measurements were conducted in 3.5 wt.% NaCl solution
on a Multi Autolab M204 electrochemical workstation. The alloy samples served as the
working electrode, while the reference electrode (RE) and counter electrode (CE) were
saturated calomel electrode (SCE) and platinum wire, respectively, in the three-electrode
system. The testing area involved in the electrochemical measurements was 10 × 10 mm2.
The duration of the immersion tests were 6 h, 12 h, 18 h, and 24 h, respectively. The OCP test
was carried out for 3600 s. The scan range selected for potentiodynamic polarization test
was from−1.1 V (SCE) to−0.3 V (SCE), with a scan speed of 1 mV/s. The EIS measurement
was carried out from 105 Hz to 0.01 Hz and the sinusoidal voltage amplitude was 10 mV.

3. Results
3.1. Microstructure of Near-Surface Deformed Layer on Hot Rolled AA7050 Aluminum Alloy

Figure 1 displays the High Angle Annular Dark Field (HAADF) micrographs of the
near-surface region on AA7050 aluminum alloy subjected to hot rolling under different
conditions. Figure 1a,b are the near-surface regions of 1# and 2# samples, respectively,
indicating that the near-surface deformed layers on the two alloy samples were mainly
composed of an equiaxed grain layer, which was near the rolled surface, and a fibrous
grain layer beneath the equiaxed grain layer. The thickness of the equiaxed grain layer
was approx. 3.5 µm and 2.5 µm, and the dimension of the equiaxed grains was approx.
400 nm and 500 nm, respectively, on 1# and 2# samples. The boundaries between the
equiaxed grain layers and the fibrous grain layers are indicated by curved lines in
Figure 1a,b. The density of precipitates in the fibrous grain layer was significantly higher
than that in the equiaxed grain layer. Figure 1c–e are the near-surface deformed layers of
3#, 4# and 5# samples, respectively. It is revealed that the near-surface deformed layers
were mainly characterized by equiaxed grains, with the dimensions of approx. 400 nm,
500 nm, and 500 nm, respectively. The thickness of the near-surface deformed layers
was more than 5.5 µm, and the precipitates can be observed uniformly distributed in the
near-surface deformed layers on such samples.

Figure 2 shows the HAADF micrographs, showing distribution of precipitates in the
top regions of the near-surface deformed layers on the rolled AA7050 aluminum alloy
under different conditions. It can be observed that such precipitates vary from 20–200 nm
distributed at the equiaxed grain boundaries. It is also evident that the equiaxed grain
boundaries were bright in the HAADF micrographs. Due to the high dependence of the
brightness of the HAADF micrographs on atomic number, its brightness is the relative
abundance of heavy alloy elements, suggesting the segregation of heavier elements such as
Cu and Zn compared with aluminum.

Figure 3 exhibits the HAADF micrographs, showing distribution of precipitates in
the bottom regions of the near-surface deformed layers on the rolled AA7050 aluminum
alloy under different conditions. The precipitates can clearly be observed in the fibrous
grain layers, indicated in Figure 3a,b. In addition, the bright bands also appeared at the
fibrous grain boundaries, suggesting the presence of segregation of alloy elements at such
locations. In the bottom regions of the near-surface deformed layers on the 3#, 4# and 5#
samples (Figure 3c–e), the precipitates can be observed in the equiaxed grain boundaries.
The brightest bands at the grain boundaries disappeared, indicating that the alloy elements
segregation was not obvious at the grain boundaries on the rolled alloy samples under such
conditions. From Figures 2 and 3, it can be observed that when the hot rolling parameters
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change, element segregation also changes, forming the near-surface deformed layer near
the rolling surface to the entire near-surface deformed layer.
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Figure 2. The HAADF micrographs showing the top regions of the near-surface deformed layers
on hot rolled AA7050 aluminum alloy under different hot rolling conditions: (a) 1# (380 ◦C, 66.7%);
(b) 2# (420 ◦C, 83.3%); (c) 3# (420 ◦C, 66.7%); (d) 4# (420 ◦C, 50%); (e) 5# (450 ◦C, 66.7%).
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Figure 3. The STEM-HAADF micrographs showing the bottom regions of the near-surface deformed
layers on hot rolled AA7050 aluminum alloy under different hot rolling conditions: (a) 1# (380 ◦C,
66.7%); (b) 2# (420 ◦C, 83.3%); (c) 3# (420 ◦C, 66.7%); (d) 4# (420 ◦C, 50%); (e) 5# (450 ◦C, 66.7%).

In order to further determine the composition of the elemental segregation, the 1#
sample (380 ◦C, 66.7%) was selected for EDS mapping analysis, as shown in Figure 4.
It is evident that the grain boundaries were rich in Cu, Zn and Mg in the near-surface
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deformed layer on the 1# sample, which also suggests that the bright bands were caused
by the accumulation of Mg, Zn and Cu atoms. In addition, the precipitates observed in
the near-surface deformed layer on 1# sample mainly contained Cu, Mg and Zn elements,
as indicated in Figure 4, which might be the η (MgZn2) phase enriched with Cu. The O
element was mainly concentrated on the rolling surface, which was caused by the formation
of oxides and promoted by the high temperature during hot rolling [24].
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Figure 4. EDS mapping analysis of the near-surface deformed layer of 1# sample (380 ◦C, 66.7).

In order to further determine whether the precipitated phase was a η phase, we con-
ducted a more in-depth study on it. Figure 5a displays the lattice image of the precipitates

observed in the near-surface deformed layers along the [1
–
12]Al axis. The lattice parameters

of the precipitate phase were measured as follows: a = 0.472 nm, c = 0.893 nm, respec-
tively. Meanwhile, the lattice parameters of the η phase are as follows: a = 0.504 nm,
c = 0.828 nm [25]. Figure 5b shows the enlarged image in Figure 5a. It can be found from
the HAADF micrograph that the stacking structure was mainly R/R−1, with occasional
presence of an R−1R−1 stacking layer-structure. Previous studies pointed out that the
R/R−1 stacking layer-structure often existed in η phase [26–29], and even an R/R−1 stack-
ing layer-structure is presumed to exist in all types of the η phase [26]. Chung et al., [29]
believed that the formation of the R−1R−1 stacking structure was typical in the η phase.
Therefore, based on the experimental results, it can be determined that the precipitated
phase is the η phase.
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Figure 5. (a) The lattice image of the rounded plate precipitate along [1
–
12] Al axis; (b) the enlarged

image in (a).

In addition to precipitation of larger precipitates at grain boundaries (Figures 1–3),
the fine precipitates are also precipitated inside the grains. Figure 6 displays the TEM
micrographs showing the top regions of the near-surface layers, which are near the rolling
surfaces on AA7050 aluminum alloy subjected to hot rolling under different conditions. It
can be revealed that precipitate-free zone was not obviously adjacent to the grain bound-
aries in the near-surface deformed layers on the hot rolled AA7050 aluminum alloy under
various conditions. At the same rolling temperature of 420 ◦C (2#, 3#, and 4# samples),
the density of precipitates did not vary obviously with the increase of rolling reduction
(Figure 6b–d). Meanwhile, the grain boundary precipitates of the three samples were
discontinuous, and fine precipitates with dimensions of approx. 5–10 nm can be clearly
observed. With the same rolling reduction of 66.7% (1#, 3#, and 5# samples), with the
increase of rolling temperature, the density of such fine precipitates decreased in the or-
der of 5# (450 ◦C) > 1# (380 ◦C) > 3# (420 ◦C), and the size of such fine precipitates also
decreased, as indicated in Figure 6a,c,e. The grain boundary precipitates were distributed
continuously at the lower rolling temperature (380 ◦C) and discontinuously at the higher
rolling temperature (450 ◦C).

Figure 7 displays the TEM micrographs showing the top regions of the near-surface
layers near the rolling surfaces on AA7050 aluminum alloy subjected to hot rolling under
different conditions. It can be observed that dynamic recrystallization occurred, and the
dislocations were annihilated and reordered by slipping and climbing in all samples,
resulting in the disappearance of dislocations and the formation of dislocation cells in the
structure. Compared with 3# sample (66.7%), the density of dislocations was reserved after
dynamic recrystallization was higher in 2# (83.3%) and 4# samples (50%), as indicated by
the arrows in Figure 7b,d. However, there was no significant difference in the dislocation
density of sample 1#, 3# and 5# (Figure 7a,c,e).
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Figure 6. TEM micrographs showing the top regions of the near-surface deformed layers on
hot rolled AA7050 aluminum alloy under different hot rolling conditions: (a) 1# (380 ◦C, 66.7%);
(b) 2# (420 ◦C, 83.3%); (c) 3# (420 ◦C, 66.7%); (d) 4# (420 ◦C, 50%); (e) 5# (450 ◦C, 66.7%).
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Figure 7. TEM micrographs showing the top regions of the near-surface deformed layers on hot
rolled AA7050 aluminum alloy under different hot rolling conditions: (a) 1# (380 ◦C, 66.7%); (b) 2#
(420 ◦C, 83.3%); (c) 3# (420 ◦C, 66.7%); (d) 4# (420 ◦C, 50%); (e) 5# (450 ◦C, 66.7%).

3.2. Electrochemical Corrosion Behavior of Hot Rolled AA7050 Aluminum Alloy

The OCP curve of hot rolled AA7050 aluminum alloy in 3.5 wt.% NaCl solution are
displayed in Figure 8. According to Figure 8a, with the same rolling reduction of 66.7%, the
OCP of 1# (380 ◦C), 3# (420 ◦C) and 5# (450 ◦C) samples varied obviously, with the values
of −815.140 mV (SCE), −802.343 mV (SCE) and −844.650 mV (SCE), respectively, among
which the OCP of 3# sample was the most positive, and the OCP of 5# sample was the
most negative. The OCP values of such samples are listed in Table 3. It is clearly revealed
that, with the same rolling reduction, the corrosion resistance of the aluminum alloy, rolled
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at different temperatures, was in the sequence: 3# > 1# > 5#. With the same hot rolling
temperature of 420 ◦C, the OCP values of 2# (88.3%), 3# (66.7%) and 4# (50%) samples
were −815.081 mV (SCE), −802.343 mV (SCE) and −804.718 mV (SCE), respectively, as
evidenced in Figure 8b, indicating that the corrosion resistance of the hot rolled aluminum
alloy was in the order of 3# > 4# > 2#.
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Figure 8. OCP of hot rolled AA7050 aluminum alloy in 3.5 wt.% NaCl solution: (a) alloy samples
rolled with the same rolling reduction, at different rolling temperature; (b) alloy samples rolled at the
same hot rolling temperature, with different rolling reduction.

Table 3. OCP, Ecorr and Icorr of the rolled alloy samples.

Sample 1# 2# 3# 4# 5#

OCP/mV(SCE) −815.140 −815.081 −802.343 −804.718 −844.650
Ecorr/mV (SCE) −803.528 −799.255 −778.503 −789.642 −826.569

Icorr/uA×cm−2 (SCE) 1.77 1.58 0.891 1.26 3.16

Figure 9 shows potentiodynamic polarization curves of hot rolled AA7050 aluminum
alloy immersed in 3.5 wt.% NaCl solution. The corrosion potential and corrosion current
density were calculated based on the results of the measurements, which are shown in
Table 3. Figure 9a exhibits that with the same rolling reduction of 66.7%, the corrosion
current density (Icorr) of the rolled alloy samples gradually decreased in the order of 5#
(450 ◦C) > 1# (380 ◦C) > 3# (420 ◦C), and the corrosion potential gradually decreased in the
order of 3# > 1# > 5#, suggesting that the corrosion resistance of the hot rolled aluminum
alloy was in the order of 3# > 1# > 5#. Additionally, at the same hot rolling temperature of
420 ◦C, corrosion current density gradually decreased in the order of 2# (83.3%) > 4# (50%)
> 3# (66.7%), and the corrosion potential gradually decreased in the order of 3# > 4# > 2#,
as shown in Figure 9b, indicating that the corrosion resistance of the hot rolled aluminum
alloy was in the order of 3# > 4# > 2#.
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Figure 9. Potentiodynamic polarization curves of hot rolled AA7050 aluminum alloy in 3.5 wt.%
NaCl solution: (a) the alloy samples rolled with the same rolling reduction, at different hot rolling
temperature; (b) the alloy samples rolled at the same hot rolling temperature, with different
rolling reduction.

Figure 10 shows the Nyquist diagrams of AA7050 aluminum alloy immersed in
3.5 wt.% NaCl solution. It is clearly revealed that the capacitive arc was evident at
high frequency in the Nyquist diagram of the 1# sample, the inductive arc can be ob-
served at the low frequency, and only the capacitive arc was obvious at high frequency
in the Nyquist diagrams of the other four samples. The radius of the capacitive arc
of the alloy samples rolled with the same reduction of 66.7% followed the order of 3#
(420 ◦C) > 1# (380 ◦C) > 5# (450 ◦C), and that of the alloy samples rolled at the same tem-
perature of 420 ◦C followed the order of 3# (66.7%) > 4# (50%) > 2# (83.3%), as evidenced in
Figure 10a,b, respectively. Generally, the larger the radius of the capacitive arc is related to
the better corrosion resistance of the alloy. Therefore, according to the experimental results,
it is clearly evident that the 3# sample (420 ◦C, 66.7%) was the most corrosion resistant
among the five samples.
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samples rolled at the same hot rolling temperature, with different rolling reduction.
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Figures 11 and 12 show the corrosion morphology of rolled AA7050 aluminum alloy
immersed in 3.5 wt.% NaCl solution for 6, 12, 18, and 24 h under different rolling conditions.
It can be observed in Figures 11 and 12 that in the early stage of the immersion test (6 h),
corrosion was not obvious on the rolled alloy surface of all samples. However, when the
immersion time was extended to 12–24 h, compared with the 3# sample, the density of
corrosion pits and corrosion products of the other samples significantly increased while
corrosion was extended to increased areas on such samples. Based on the results, the 3#
samples exhibited the best corrosion resistance, which was also consistent with the results
of the potentiodynamic polarization and the EIS experiment.
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4. Discussion
4.1. Effect of Hot Rolling Parameters on the Near-Surface Deformed Layer

In summary, after hot rolling, the size of equiaxed grains in the near-surface regions
on all the rolled samples did not exceed 500 nm, and the precipitates were uniformly
distributed in the equiaxed grain layers. However, the density of precipitates in the fibrous
grain layers was significantly higher than that in the equiaxed grain layers (1# and 2#).
Additionally, variation in hot rolling conditions led to varying degrees of grain boundary
segregation. The segregation in the near-surface regions on 3#, 4#, and 5# samples was
mainly concentrated at the top of the near surface deformed layers, while in 1# and 2#
samples, element segregation was distributed throughout the near-surface deformed layers.

The grain size of Al-Zn-Mg-Cu alloys treated by conventional thermo-mechanical
processing is normally in the micron-scale [30]. Obviously, in the current study, under the
co-influence of elevated temperature and high level of strain caused by severe deformation
during hot rolling, dynamic recrystallization occurred in the alloy. Consequently, the
deformation introduced dislocations with increased density which moved to form the sub-
grain structures with relatively low-angle grain boundaries. Such sub-grains continuously
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rotated, and the large fibrous grains were eventually divided into fine equiaxed grains
with dimensions less than 500 nm which were evident in the near-surface layers on the hot
rolled AA7050 aluminum alloy under different conditions (Figures 1–3).

During the hot rolling process, grains in AA7050 aluminum alloy were elongated
along the rolling direction, leading to the formation of fibrous grains. Such fibrous grains
in the near-surface deformed layers were mostly subdivided into equiaxed grains caused
by dynamic recrystallization during hot deformation, as evidenced in samples 3#, 4#, and
5#. However, fibrous grains were still evident at the bottom regions of the near-surface
deformed layers in samples 1# and 2#. Such phenomena can be explained by the elemental
segregation at grain boundaries in the near-surface deformed layers on samples 1# and 2#
(Figures 2 and 3), and comparing that with the other samples. The solute atoms at grain
boundaries significantly facilitated the occurrence of dynamic recovery and accelerated
the annihilation and reordering of dislocations, thus reducing the deformation energy
storage of aluminum alloys [30] which is the driving force of dynamic recrystallization.
Consequently, dynamic recrystallization was not obvious in such regions, and fine equiaxed
grains can hardly be observed.

Dynamic recrystallization introduced in equiaxed grain layers can also been observed
adjacent to the fibrous grain layer in the 1# and 2# samples at the top of the near-surface
regions near the rolling surfaces. Since the temperature and strain gradually decreased
from the rolling surface to the bulk alloy, and the top region of the near-surface deformed
layers experienced the highest level of temperatures and strains, the high density of dislo-
cations led to the formation of sub-grains and finally the fibrous grains were divided into
fine grains.

As evidenced in Figures 1–3, the density of the precipitates was higher in the fibrous
grain layers in the near-surface regions with the presence of both the equiaxed grain layer
and the fibrous grain layer (1# and 2# samples). Such phenomena can be explained by the
higher density of defects, such as vacancies and dislocations, promoting the diffusion of
the solute atoms, providing ideal locations for the nucleation of the precipitates and the
segregation of elements at the grain boundaries in the fibrous grain layer. Such dislocations
largely promoted the nucleation of precipitates, and the segregation of elements also
contributed to the formation of the precipitates rich in alloy elements. While in the equiaxed
grain layer, most dislocations were consumed by dynamic recrystallization, resulting in
fewer locations for nucleation of precipitates. Additionally, during the hot rolling process,
extensive heat was generated as a result of the elevation of the temperature near the rolling
surface, leading to the further dissolution of the precipitates. Consequently, this was
relatively far from the rolling surface compared with the equiaxed grain layer, as evidenced
in 1# and 2# samples.

4.2. Effect of Microstructure of Near-Surface Deformed Layer on Corrosion

It is well known that the corrosion of aluminum alloys starts from the surface region
and is closely related to the surface condition. Microstructure evolution of the near-surface
region, including the feature of the grains, the density, dimension and distribution of
precipitates, as well as the density and distribution of dislocations directly influence the
corrosion behavior of the alloy. Generally, corrosion preferentially occurs in the locations
with high energy [31–34], such as the locations with high density of dislocations.

At the same rolling temperature of 420 ◦C, with the increase of rolling reduction, the
density, dimension and distribution of precipitates in the near-surface region of the rolled
samples showed no obvious variation (Figure 6), but the presence of dislocations retained
after dynamic recrystallization led to increased stored energy, as shown in Figure 7. This
significantly promoted the corrosion susceptibility of the rolled alloy. Thus, the corrosion
resistance of 2# (83.3%) and 4# (50%) samples with higher dislocation density decreased
compared with 3# (66.7%).

With the same rolling reduction of 66.7%, the density of such fine precipitates decreased
in the order of 5# (450 ◦C) > 1# (380 ◦C) > 3# (420 ◦C). The density of dislocations was similar
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among the samples, as evidenced in Figures 6 and 7. It is found that the corrosion potential
of the Al matrix is −0.68 V (SCE), while that of the MgZn2 phase is approx. −1~−1.07 V
(SCE) [30,35–38]. Consequently, the increase of the density of the precipitates results in
the promotion of electrochemical inhomogeneity within the alloy, and the alloy was less
corrosion resistant in the corrosion environment. At the same time, with the increase of
the temperature, the distribution of grain boundary precipitates varied from continuous to
discontinuous, indicating that the density of precipitates was an important factor affecting
the corrosion behavior, compared with the distribution of precipitates.

5. Conclusions

In the current work, the hot rolling introduced near-surface deformed layer and its
influence on corrosion behavior of the hot rolled AA7050 aluminum alloy was investigated.
The main conclusions can be summarized as follows:

1. Under the action of elevated temperature and strain introduced during hot rolling, dy-
namic recrystallization occurred in the near-surface region, resulting in the generation
of equiaxed grains and refinement of grains.

2. With the same rolling reduction of 66.7%, and with the reduction of rolling temper-
ature or at the same rolling temperature of 420 ◦C, the increase of rolling reduction
caused the segregation of Cu, Zn and Mg elements to become more serious. This
occurred from the near-surface deformed layer near the rolling surface to the entire
near-surface deformed layer.

3. The density of precipitates in the fibrous grain layer was much higher than that
in the equiaxed grain layer due to the elemental segregation and higher density of
dislocations in such layers, which provided increased locations as well as higher
concentration of solute atoms for nucleation of precipitates.

4. The density of the precipitates and dislocations are the key factors affecting the
corrosion properties of rolled alloys. With the same rolling reduction, the corrosion re-
sistance mainly depends on the density of precipitates, since it significantly promotes
the electrochemical inhomogeneity within the alloy. At the same rolling temperature,
the corrosion resistance of the rolled AA7050 aluminum alloy is closely related to the
density of dislocations, which also contributes to the initiation of corrosion.
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Abstract: The Portevin–Le Chatelier effect of Cu–2.0Be alloy was investigated using hot isothermal
compression at varying strain rates (0.01–10 s−1) and temperature (903–1063 K). An Arrhenius-type
constitutive equation was developed, and the average activation was determined. Both strain-rate-
sensitive and temperature-sensitive serrations were identified. The stress–strain curve exhibited three
types of serrations: type A at high strain rates, type B (mixed A + B) at medium strain rates, and
type C at low strain rates. The serration mechanism is mainly affected by the interaction between
the velocity of solute atom diffusion and movable dislocations. As the strain rate increases, the
dislocations outpace the diffusion speed of the solute atoms, limiting their ability to effectively
pin the dislocations, resulting in lower dislocation density and serration amplitude. Moreover, the
dynamic phase transformation triggers the formation of nanoscale dispersive β phases, which impede
dislocation and cause a rapid increase in the effective stress required for unpinning, leading to the
formation of mixed A + B serrations at 1 s−1.

Keywords: Cu–Be alloy; Portevin–Le Chaterlier effect; serrations; dynamic phase transformation

1. Introduction

The Portevin–Le Chatelier (PLC) effect, a well-known phenomenon first observed
by Portevin and Le Chatelier [1,2], occurs in a large number of industrial alloys such as
aluminum alloys, steel, and copper alloys [3–5]. During the plastic deformation process,
the flow stress, work hardening, and ductility can be influenced by the PLC effect, which
manifests as serrations on the stress–strain curve [5,6]. The extrinsic factors of the PLC
effect are mainly the deformation temperature and strain rate, whereas the intrinsic causes
include the size and concentration of atoms, solute diffusivity, precipitation characteristics,
and dislocation patterns. Dynamic strain aging (DSA), which is defined as the interplay
between movable dislocations and the diffusion of solute atoms, is the primary mecha-
nism underlying the PLC effect [7–9]. DSA produces a variety of types of heterogeneous
deformation, which are divided into three main stress–strain curve serration-types [6,10]:

• The type A serration is usually found at high strain rates and low deformation tem-
peratures, exhibiting relatively small fluctuations in flow stress, and the fluctuations
appear at a random frequency in the stress–strain curve. The main reason for this
behavior is the locking of movable dislocations by the solute atoms.
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• The type B serration, which usually occurs at medium to high strain rates, is charac-
terized by rapid continuous oscillations above and below the average stress value,
obtaining higher amplitudes than those of type A serrations. Under certain conditions,
the type B serration could exhibit a minor drop in stress within a certain interval.

• The type C serration is commonly found at relatively low strain rates and exhibits high
amplitude and frequency stress oscillations. Type C serration oscillations are above
and below the mean value, with larger amplitudes than those of type B serrations.

The PLC effect in copper alloys has been studied in Cu–Al [11], Cu–Cr–Nb [12],
Cu–Ga [13], Cu–Sn [14], Cu–Si [15], Cu–Ti [15], Cu–P [15], Cu–Zn [16], and Cu–Ni–Zn [17]
copper alloy systems. For Cu–Be alloys [18,19], researchers have focused on the serrations
under various aging temperatures (593 K—733 K) and strain rates, due to the precipitation
process, which is well-known as G.P. zones—γ′ ′ ordered phase—γ′ phase—equilibrium
γ phase [20–22]. Previous work on the PLC effects is beneficial for the shape forming of
Cu–Be sheets. However, the wide application of Cu–Be alloys in industrial applications
is not limited to manufacturing various geometric and near-net shapes, It, also includes
the production of sheet/foil/bar/wire materials [23,24], the processing temperature of
which is higher than 893 K. At the deformation temperatures above 893 K, the β phases are
precipitated through dynamic phase transformation, the diffusion rate of which is higher
than that of the traditional aging precipitations, and the effect of β phases on serrations of
the Cu–Be alloy is not clear at present. Hence, comprehensively understanding the serrated
flow behavior and serration mechanism of Cu–Be alloys at high deformation temperatures
is of great significance. To investigate the PLC effect and serration types of Cu–2.0Be alloy at
various deformation conditions, hot isothermal compression deformation was employed in
this work. The Arrhenius model was chosen to calculate the thermal activation energy and
decouple the constitutive relationship under various deformation conditions. In addition,
the serration mechanism under various deformation conditions was illustrated.

2. Experimental Process

Table 1 lists the component (in wt.%) of the Cu–Be alloy used in this study. A homoge-
nization heat treatment at 1073 K for 24 h was used to prepare all the samples, and then
cooled with the furnace for 36 h. For hot compression testing, cylindrical samples with
a diameter of 8 mm and height of 12 mm were selected using a Gleeble-3500 thermome-
chanical simulator with a heating rate of 5 K/s. To achieve consistent heat deformation,
all samples were maintained at the necessary temperature for 5 min. In order to reduce
the effect of friction between the sample and the processing platform, graphite lubricant
with a thickness of approximately 1 mm was applied to coat on the flat end of the sample.
The experimental parameters were as follows: for a true strain of 0.7, the deformation
temperatures ranged from 903 to 1063 K with a 40 K interval, whereas the strain rates were
0.01 s−1, 0.1 s−1, 1 s−1, and 10 s−1. All compression tests were carried out in a vacuum,
and all samples were promptly water-quenched to maintain the deformed microstructure
following the hot compression tests. The samples for microstructural analysis were cut
along the longitudinal plane following the hot compression tests. Figure 1 depicts the hot
compression experimentation process.

Table 1. Components of Cu–2.0Be alloy.

Component Be Fe Al Si Pb Others Cu

Content (wt.%) 2.02 0.045 0.009 0.02 0.0018 0.23 Bal.
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Samples for electron backscatter diffraction pattern (EBSD) analysis were mechanically
and vibratory polished for 0.5 h by a Buehler VibroMet2 Vibratory Polisher. A field
emission gun-equipped FEl scanning electron microscope was used to characterize the
grain structure. The HKL Channel 5 software (VMware Workstation 15.5.5 Pro) was chosen
to analyze the EBSD data using a step size of 0.6 um. Low-angle grain boundaries (LAGBs)
with orientations between 2◦ and 10◦ in the EBSD maps are depicted by red lines, whereas
the high-angle grain boundaries (HAGBs) with orientations >10◦ are depicted by blue
lines. Transmission electron microscopy (TEM) images were collected using a JEM-2100F
transmission electron microscope at 200 kV. The TEM sample was formed into a disc with a
50 µm thickness and 3 mm diameter, and twin-jet thinning was applied in a mixed solution
of HNO3:CH3OH = 1:3. The experimental voltage and temperature were 30 V and –30 ◦C
respectively.

3. Result and Discussion
3.1. The Influence of the Temperature and Strain Rate on the Serrated Flow

The true flow stress curves of hot isothermal deformation are shown in Figure 2
for strain rates of 0.01 s−1 (Figure 2a), 0.1 s−1 (Figure 2c), 1 s−1 (Figure 2e), and 10 s−1

(Figure 2g), with magnified views of the red dashed box given in Figure 2b,d,f,h, respec-
tively. According to the results, the compression temperature and strain rate were closely
related to the flow stress change. At a certain strain rate, the flow stress decreased with
rising temperature. Additionally, the flow stress rose with an increasing strain rate at a
certain deformation temperature. The development of the flow stress curves can be sum-
marized as occurring in three stages. In the first stage, the flow stress increased practically
linearly with increasing strain (the occurrence of work hardening), which was caused
by the development and propagation of dislocations. In the second stage, the increasing
rate of flow stress slowed down and reached its peak value, indicating the emergence
of dynamic restoration (flow softening) processes, such as dynamic recovery (DRV) and
dynamic recrystallization (DRX). In the third stage, DRX appeared, and the flow stress
decreased and eventually began to level off.
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Based on the magnified views of flow stress in Figure 2, with increasing strain rate,
the serration changed from type C (Figure 2a) to type B (Figure 2c,e) and eventually to type
A (Figure 2g). Table 2 displays the distribution of serration types in accordance with the
temperature and strain rate. The decisive factor affecting the serration was obviously the
strain rate. Furthermore, the temperature also affected the serration type under a certain
strain rate (1 s−1 in Figure 2e). When the compression temperature was above than 943 K,
the type of serration changed from type B to type A + B. The serration transformation rules
of the Cu–2.0Be alloy are not affected by the deformation temperature in the same manner
as other copper alloy works with regard to hot compression [4,25–29].

Table 2. Summary of serrations types observed on stress–strain data.

.
ε (s−1)

Temperature (K)

903 943 983 1023 1063

0.01 C C C C C
0.1 B B B B B
1 B B A + B A + B A + B
10 A A A A A

The amplitudes of the serrations represent the degree to which the stress deviates
away from the average level. The average serration amplitudes of the various serration
types at the corresponding temperatures are shown in Figure 3. The type C serration had
the greatest amplitude (7.75 MPa), and the ordinary serration amplitudes of type A and
type B (type A + B) serrations were approximately 2.38 MPa and 1.52 MPa, respectively.
Low strain rate causes high concentration of clustered solutes at dislocations during the
effective waiting time, resulting in type C serrations. Therefore, a high average strength
will be needed for unpinning, and larger amplitudes could be obtained compared with
those of type A or B serrations [30].
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3.2. Constitutive Equation and Activation Energy

In order to obtain the activation energy under different strain rates, the Arrhenius
equation was employed. The plastic flow behavior during the deformation processes was
described using constitutive equations connected to different deformation situations. Under
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both low- and high-stress circumstances, the hyperbolic sine function of the Arrhenius
equation may typically be reduced to an exponential and power function. Equations (1)
and (2) illustrate how the deformation circumstances affect the thermal working behavior
of the Cu–2.0Be alloy using the Arrhenius-type constitutive model [31].

Z = A[sinh(aσ)]S =
.
ε exp(Q/RT) (1)

.
ε =





A[sinh(aσ)]n exp
(
− Q

RT

)
, f or all values o f aσ

A1σn1 exp
(
− Q

RT

)
, i f aσ < 0.8

A2 exp(βσ) exp
(
− Q

RT

)
, i f aσ > 1.2

(2)

where A, A1, A2, n, n1, a and β are material constants,
.
ε is the strain rate (s−l), R is the gas

constant, σ is the flow stress (MPa), T is the absolute temperature (K), and Q is the thermal
activation energy needed during plastic deformation. The α can be defined as a = β/n1.

The logarithm of the above equation results in [32,33]:

ln
.
ε =





lnA− Q
RT + nln[sinh(σ)]

ln A1 − Q
RT + n1 ln(σ)

ln A2 − Q
RT + βσ

(3)

Thus, through analyzing the slope of the curve in the Figure 4a–c, the value of
1/n = 0.19455, 1/n1 = 0.148258, and 1/β = 15.00435 can be obtained, respectively. The value
of lnA = 34.76345 can be calculated by taking the logarithm of Equation (1) and fitting it to
the intercept of the line in Figure 4d.

ln Z = lnA + s ln[sin h(aσ)] (4)
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The value of Q can be obtained by linear fitting in Figure 5, which can be expressed by
deducing Equation (3):

Q = Rs
d{ ln[sinh(ασ)]}

d(1/T)
(5)Materials 2023, 16, x FOR PEER REVIEW 7 of 15 
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The activation energy decreases with strain rate enhancement, and the activation
energy (Q) is 303.68 kJ/mol on average. According to the above values, the constitutive
equation of hot compression can be expressed as follows:

.
ε = e34.76[sin h(0.0071σ)]5.14 exp

(
−303.68

RT

)
(6)

3.3. Microstructure Evolution

The EBSD diagrams of the deformed Cu–2.0Be alloy samples are shown in Figure 6.
When the deformation conditions were 903 K/1 s−1, large grains dominated, as shown
in Figure 6a. A small amount of recrystallization occurred at the grain boundaries of the
large grains, and the original grains of the alloy elongated. When the temperature was
increased from 903 to 1063 K, dynamic recrystallization occurred, the region became larger,
and the grain growth direction changed from an “item chain” distribution to a spherical
distribution, as shown in Figure 6c.
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The LAGBs and HAGBs distribution maps and misorientation angle distributions
of the Cu–2.0Be alloy samples are shown in Figure 7. Due to the accumulation of dislo-
cations in the deformed grains, many LAGBs formed at 903 K, as seen in Figure 7a. The
development of recrystallized grains caused LAGBs to become HAGBs as the deformation
temperature rose. Additionally, in Figure 7d,f, the average misorientation angle value
rose from 12.02 to 17.35. Based on the statistical data in Figure 8a, the volume percentage
of HAGBs increased from 16.4 to 35.4% with increasing temperature, indicating that the
degree of recrystallization was further enhanced with increasing HAGBs [34]. Particularly,
the fraction of HAGBs close to 60◦ has increased can be seen in Figure 7d–f, which indicates
the presence of annealing twin boundaries (TBs). Further, the distribution of the percentage
of TBs is shown in Figure 8b. It can be found that the percentage of TBs increased from
1.5% to 11% with the temperature increase. The recrystallized grain distribution of the hot
compressed samples is shown in Figure 9. At 903 K (Figure 9a), the DRX is suppressed due
to the low deformation temperature, and there are more red inhomogeneous deformed
tissues. With the temperature enhancement, the deformed grains gradually transform to
the recrystallized grains through the nucleation and growth of new grains, which results
in the increase the proportion of the blue DRXed grains and yellow Sub-structured grains.
The kernel average misorientation (KAM) maps in Figure 10 can be used to determine the
dislocation density variations and distributions. The average dislocation density value
fell as the deformation temperature rose, indicating the presence and coarsening of DRX
sacrifice dislocations [35]. Furthermore, the region of high dislocation density is primarily
localized close to the grain boundaries shown in Figure 10. The dislocation density was
substantially higher in the grain boundary area than within the grains, indicating the
preferential occurrence of DRX in the grain boundary area.
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Figure 8. Diagram of grain boundary characteristics: (a) misorientation angle scope variations;
(b) the distribution of TBs.
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Figure 10. The kernel average misorientation (KAM) of the Cu–2.0Be alloy deformed at: (a) 903 K,
1 s−1; (b) 983 K, 1 s−1; (c) 1063 K, 1 s−1.

To clarify the effect of the compression rate and temperature on the serration types,
compressed samples under different conditions were analyzed by TEM/HRTEM. The
results are shown in Figures 11 and 12.
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Figure 12. TEM images along with the compressive strain rate of 1 s−1 at different temperature:
(a) 943 K; (b) 983 K; (c) 1063 K, (d) represents the selected area electron diffraction (SAED) patterns of (c),
(e) is a magnified view of (c), and (f) is the HRTEM of (e).

Figure 11 is images of samples with different strain rates at 903 K. The dislocations
were gradually unlocked as the strain rate increased, leading to the emergence of the
different serration mechanisms shown in Figure 2. When the strain rate was relatively low
in Figure 11a, the dislocation movement velocity was lower than the diffusion velocity of
solute atoms. Hence, the dislocations were effectively pinned, resulting in a higher ampli-
tude and frequency of serrations in the flow stress curves (type C serrations) [36]. As strain
rates rose, the dislocation movement velocity gradually outpaced the rate at which solute
atoms diffused, leading to the unlocking of dislocations. At medium strain rates, type B
serrated flow was achieved [37]. When the strain rate was 10 s−1, the dislocation movement
speed was faster than the rate of solute atom diffusion, and a lower dislocation density was
obtained Figure 11d, generating the minor, random undulation of type A serrations in the
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stress–strain curves [30]. Moreover, with the gradual unlocking of dislocations, the typical
dislocation-induced recrystallization can be seen in Figure 11b–d.

TEM images of hot compressed samples at a strain rate of 1 s−1 and temperatures
of 943 K, 983 K, and 1063 K are shown in Figure 12. At 943 K, the precipitated phases
had a small size and a large number of dislocation tangles (Figure 12a). The size of the
precipitated phases steadily grew from 5–15 nm (Figure 12b) to 80–160 nm (Figure 12c) as
the temperature rose, while the density of dislocations gradually decreased. Furthermore,
Figure 12d shows the SAED of the precipitate in Figure 12c, demonstrating a body center
cubic (BCC) structure. Figure 12e displays the block-shaped precipitate’s high-resolution
TEM (HRETEM) micrograph and accompanying Fast Fourier Transform (FFT) pattern in
Figure 12f. The distance between the layered precipitates, called d-spacing, is around 1.99 Å,
which is close to that of the (hkl) = (110) plane of the BCC structure found in the diffraction
pattern database of the β phase [38–40].

The mechanism of serration (Figure 13) is essentially the interaction between the
dislocation motion (grain boundary motion) and the diffusion of solute atoms [41]. As
illustrated in Figure 13a, when the strain rate is large enough, such as 10 s−1, the amounts
of solute atoms caught by excessive dislocation movement speed to form entanglement is
greatly reduced under the influence of external force. As a result, the dislocation density is
relatively low in Figure 11d, only a small amount of serration occurs randomly, and the
serration frequency is greatly reduced in Figure 2g,h. Furthermore, insufficient time passes
to generate the β phase, which results in an extremely small serration amplitude (type A).
The same phenomenon is also well verified in the articles on copper alloys [42], nickel-
based superalloys [36], magnesium alloys [30] and steels [43]. However, as illustrated in
Figure 13b–d, when the strain rate is lower than 10 s−1, the reduced strain rate allows
enough time for the mobile dislocation to be effectively pinned and generate the β phase,
which can pin the mobile dislocation ulteriorly. The effective stress needed for unpinning is
enhanced, increasing the amplitude of the serration and dislocation density. The lower the
strain rate, the higher the required effective stress and the larger the serration amplitude.
As a result, the frequency and amplitude of type C serrations are the largest among all the
stress–strain curves in Figure 2a.
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Normally, despite the fact that the speed of solute atom diffusion increases as the
temperature rises, the development of grains by DRX significantly reduces the number
of dislocations in the grain border and matrix (Figures 6–10), which results in a serration
amplitude that is not sensitive to temperature at certain strain rate. Meanwhile, at a
particular strain rate, such as 1 s−1, when the temperature is higher than 903 K, a mixed
type of serration between types B and A emerges, which is characterized by an abruptly
large serration in a small serration. This mixed A + B type of serration combines the
characteristics of type A, the serration amplitude of which is large, unstable, and random,
and type B, the serration amplitude of which moves up and down steadily with a specific
number continuously. As shown in Figure 12, nanoscale dispersive β phases will be readily
formed at high temperatures (983 K and 1063 K) at 1 s−1, which can hinder the movement of
the dislocations and lead to the rapid increase in the effective stress required for unpinning.
As a result, mixed A + B type serrations are generated, as illustrated in Figure 13c.
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4. Conclusions

To investigate the PLC effect of Cu–2.0Be alloy, the hot compression method was
employed at temperatures ranging from 903 to 1063 K with strain rates of 0.01 to 10 s−1, and
the characteristics of serrated flow were studied. In addition, EBSD and TEM microscopic
analyses were performed to explore the mechanisms of different serration types. The main
conclusions are as follows:

(1) The PLC effect of Cu–2.0Be alloy is sensitive to the strain rate. Types A, B and C
serrations occur at high, medium and low strain rates, respectively. In particular, at a
strain rate of 1 s−1, temperature-sensitive serrations were discovered, and mixed type
A + B serrations were produced when the temperature exceeded 983 K.

(2) The Arrhenius-type constitutive equation was created using the stress–strain data in
the following manner:

.
ε = e34.76[sin h(0.0071σ)]5.14 exp

(
− 303.68

RT
)
. The activation

energy increased with increasing strain rate and the ordinary activation energy
Q = 303.68 kJ/mol.

(3) The serrations type is determined by the interaction between the dislocation motion
(grain boundary motion) and the diffusion of solute atoms. The flow stress serration
is very sensitive to the pinning and unpinning of the mobile dislocations, which can
be mainly affected by the solute atom diffusion velocity.

(4) Under appropriate deformation conditions, the formation of fine β phases can hinder
dislocation movement, resulting in temperature-sensitive serrations and the formation
of the mixed type A + B serrations.

Author Contributions: Conceptualization, D.Z.; Methodology, Y.L. and G.X.; Software, N.W. and C.J.;
Formal analysis, H.Z. and S.C.; Investigation, D.Z. and G.X.; Data curation, X.L.; Writing—original
draft, N.W.; Writing—review & editing, D.Z.; Supervision, Y.J., Y.L. and G.X.; Project administration,
Y.L. and Y.J.; Funding acquisition, D.Z. All authors have read and agreed to the published version of
the manuscript.

Funding: This work was finally supported by the science and technology innovation Program of
Hunan Province, China (Grant No. 2021RC2087, and 2021JJ30673), and the Project of the Education
Department of Hunan Province, China (Grant No. 20B569).

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: The data are available from the corresponding author upon reasonable
request.

Conflicts of Interest: The authors declare no conflict of interest.

References
1. Zhang, P.; Liu, G.; Sun, J. A critical review on the Portevin-Le Chatelier effect in aluminum alloys. J. Cent. South Univ. 2022, 29,

744–766. [CrossRef]
2. Yilmaz, A. The Portevin-Le Chatelier effect: A review of experimental findings. Sci. Technol. Adv. Mater. 2011, 12, 063001.

[CrossRef] [PubMed]
3. Chandravathi, K.S.; Laha, K.; Parameswaran, P.; Mathew, M.D. Effect of microstructure on the critical strain to onset of serrated

flow in modified 9Cr–1Mo steel. Int. J. Press. Vessel. Pip. 2012, 89, 162–169. [CrossRef]
4. Shukla, A.K.; Murty, S.N.; Sharma, S.C.; Mondal, K. The serrated flow and recrystallization in dispersion hardened Cu–Cr–Nb

alloy during hot deformation. Mater. Sci. Eng. A 2016, 673, 135–140. [CrossRef]
5. Halim, H.; Wilkinson, D.S.; Niewczas, M. The Portevin–Le Chatelier (PLC) effect and shear band formation in an AA5754 alloy.

Acta Mater. 2007, 55, 4151–4160. [CrossRef]
6. Estrin, Y.; Kubin, L.P. Plastic instabilities: Phenomenology and theory. Mater. Sci. Eng. A 1991, 137, 125–134. [CrossRef]
7. Mulford, R.A.; Kocks, U.F. New observations on the mechanisms of dynamic strain aging and of jerky flow. Acta Metall. 1979, 27,

1125–1134. [CrossRef]
8. Beukel, A.V.D. On the mechanism of serrated yielding and dynamic strain ageing. Acta Metall. 1980, 28, 965–969. [CrossRef]
9. Kubin, L.P.; Chihab, K.; Estrin, Y. The rate dependence of the portevin-Le chatelier effect. Acta Metall. 1988, 36, 2707–2718.

[CrossRef]

108



Materials 2023, 16, 4455

10. Jiang, H.F.; Zhang, Q.C.; Chen, X.D.; Chen, Z.Z.; Jiang, Z.Y.; Wu, X.P.; Fan, J.H. Three types of Portevin–Le Chatelier effects:
Experiment and modelling. Acta Mater. 2007, 55, 2219–2228. [CrossRef]

11. Onodera, R.; Ishibashi, T.; Koga, M.; Shimizu, M. The relation between the Portevin-Le chatelier effect and the solid solubility in
some binary alloys. Acta Metall. 1983, 31, 535–540. [CrossRef]

12. Jovanovic, M.; Djuric, B.; Drobnjak, D. Serrated yielding in commercial Cu-Be-Co alloy. Scr. Metall. 1981, 15, 469–473. [CrossRef]
13. Era, H.; Ohura, N.; Onodera, R.; Shimizu, M. Precipitation and the Portevin-Le Chatelier effect in Cu-5.5, 11.6 and 14.2 at.% Ga

alloy. Scr. Metall. 1984, 18, 1041–1044. [CrossRef]
14. Qian, K.W.; Reed-Hill, R.E. A model for the flow stress and strain rate sensitivity of a substitutional alloy–Cu-3.1 at.% Sn. Acta

Metall. 1983, 31, 87–94. [CrossRef]
15. Onodera, R.; Ishibashi, T.; Era, H.; Shimizu, M. The portevin-le chatelier effects in Cu-Ti, Cu-P and Cu-Si alloys. Acta Metall. 1984,

32, 817–822. [CrossRef]
16. Adams, S.M. Serrated flow in alpha-beta brass. Scr. Metall. 1973, 7, 173–177. [CrossRef]
17. Mayer, M.; Vohringer, O.; Macherauch, E. Portevin-Le chatelier effect during tensile deformation in Cu-Zn and Cu-Ni-Zn alloys.

Scr. Metall. 1975, 9, 1333–1339. [CrossRef]
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Abstract: Through isothermal hot compression experiments at various strain rates and temperatures,
the thermal deformation behavior of Zn-2.0Cu-0.15Ti alloy is investigated. The Arrhenius-type model
is utilized to forecast flow stress behavior. Results show that the Arrhenius-type model accurately
reflects the flow behavior in the entire processing region. The dynamic material model (DMM) reveals
that the optimal processing region for the hot processing of Zn-2.0Cu-0.15Ti alloy has a maximum
efficiency of about 35%, in the temperatures range (493–543 K) and a strain rate range (0.01–0.1 s−1).
Microstructure analysis demonstrates that the primary dynamic softening mechanism of Zn-2.0Cu-
0.15Ti alloy after hot compression is significantly influenced by temperature and strain rate. At
low temperature (423 K) and low strain rate (0.1 s−1), the interaction of dislocations is the primary
mechanism for the softening Zn-2.0Cu-0.15Ti alloys. At a strain rate of 1 s−1, the primary mechanism
changes to continuous dynamic recrystallization (CDRX). Discontinuous dynamic recrystallization
(DDRX) occurs when Zn-2.0Cu-0.15Ti alloy is deformed under the conditions of 523 K/0.1 s−1, while
twinning dynamic recrystallization (TDRX) and CDRX are observed when the strain rate is 10 s−1.

Keywords: Zn-Cu-Ti alloy; hot compression; dynamic material model (DMM); flow stress behavior;
softening mechanism

1. Introduction

Zinc-based alloys are highly sought after due to their exceptional mix of qualities,
such as excellent ductility, weldability, outstanding corrosion resistance [1], and surface
aspect, making them suitable for various applications in the medical implantation, building
industry, and anti-corrosive fields [2–4]. Moreover, these alloys possess strong creep
resistance [5], which further increases their demand. The favorable hot workability of
these high-strength alloys also contributes to their popularity. Hot extrusion/rolling is the
main processing technique used for zinc-based alloys. However, the thermal deformation
behavior of the alloys can be affected by several factors [6,7], including temperature, strain
rates, and strain [8]. Thus, it is difficult to achieve the parameter specification of zinc-based
alloys [9–11]. Up to now, the thermal deformation behavior of Zn-Cu-Ti has not been
studied in depth. Little consideration has been given to the flow stress evolution and
constitutive relationship of the Zn-Cu-Ti alloy during hot deformation.

The constitutive equations and the processing maps are important methods to study the
hot workability characteristics and the deformation mechanisms of zinc-based alloys [12,13].
Unfortunately, the traditional Arrhenius equations and 2D processing maps cannot reflect
the influence of strain, which has an obvious impact on flow stress [14]. In order to
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take the strain effect into account, modified Arrhenius equations are used to improve
the accuracy of the numerical simulation, overcoming the disadvantages of being time-
consuming and labor-intensive [15]. Meanwhile, it can also provide theoretical guidance
for the optimization and the predictions of numerical simulations. The 3D processing map
established by the dynamic material model (DMM) can reveal the reasonable processing
region to optimize the thermal working process [16,17] from which stable and unstable
regions can be found. Stable regions are accompanied by dynamic recrystallization [18]
(DRX) and dynamic recovery (DRV), which can uniform microstructures and improve
processability [19]. However, few systematic studies have revealed the evolution of the
microstructure of Zn-Cu-Ti alloys and optimized its forming parameters by 3D processing
maps. Therefore, it is of great significance to study flow stress behavior, constitutive
equation, processing maps (3D), and dynamic recrystallization (DRX) behavior of Zn-Cu-Ti
alloys during hot compression deformation.

The aim of this work is to investigate the thermal deformation behavior of Zn-2.0Cu-
0.15Ti alloy under various strains, strain rates, and deformation temperatures. The 3D
processing maps of Zn-2.0Cu-0.15Ti alloy are created to optimize the hot deformation pa-
rameters and find out the unstable deformation factors. The effects of thermal deformation
parameters on the DRX mechanism are analyzed by the electron backscatter diffraction
pattern (EBSD) and transmission electron microscopy (TEM), which provides scientific
guidance for the thermal deformation behavior and dynamic softening mechanism of
Zn-Cu-Ti alloy.

2. Experimental Procedure

Table 1 lists the component (in wt.%) of Zn-Cu-Ti alloys. In our experiments, using
pure Zn (purity 99.995%), high-purity copper foil (99.99%), and high-purity titanium tablet
as starting materials for casting samples with a composition of Zn-2.0Cu-0.15Ti (wt.%
hereafter). The raw ingredients were melted at 973 K with the protection of argon (Ar) gas
in a graphite crucible. The alloy was poured (pouring temperature: 823 K) into the steel
mold preheated to 493 K. After natural cooling and solidification, an ingot was obtained.
The ingot underwent homogenization at 653 K for 10 h and was used to prepare all the
samples. The shape of each specimen for the compression testing is a cylinder (diameter:
8 mm, height: 12 mm). The samples were heated to the specified temperature (423, 473,
523, and 573 K) by using a Gleeble-3500 thermomechanical simulator (Dynamic Systems
Inc. America) with a heating rate of 10 K/s. The other experimental parameters were as
follows: the strain rates were 0.01 s−1, 0.1 s−1, 1 s−1, and 10 s−1, and the height of each
sample was compressed by 60%. All compression tests were carried out in a vacuum, and
in order to achieve a homogeneous temperature ahead of deformation, all samples were
maintained at the necessary temperature for 200 s. Additionally, after the compression test,
each sample was promptly water-quenched so that the microstructures could be preserved.
Figure 1 depicts the hot compression experimentation process.

Table 1. Chemical composition of Zn-2.0Cu-0.15Ti alloy.

Component Cu Ti Impurity Zn

Content (wt.%) 2.03 0.152 0.045 Bal.
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Figure 1. Schematic diagram of hot compression experiment process.

Samples for electron backscatter diffraction pattern (EBSD) analysis were prepared
into round pieces with a thickness of 100 µm and a diameter of 3 mm. The round pieces
were mechanically and vibrationally polished for 0.5 h using a Buehler VibroMet2 Vibratory
Polisher (ITW, America), and then the Angle was reduced using a plasma thinning instru-
ment. SEM with a 200 Sirion field emission gun was used for the EBSD studies. OIM7.3
software was used to analyze the EBSD data. Transmission electron microscope (TEM)
images were collected using a Tecnai G220 transmission (FEI, America) electron microscope
at 200 kV. The shape of TEM samples was similar to EBSD samples, and twin-jet thinning
was applied in a mixed solution of HNO3:CH3OH = 1:3. The experimental parameters
were 30 V and −243 K, respectively.

3. Results and Discussion
3.1. Analysis of Flow Stress Curves

Figure 2 displays the true stress–strain curves of the Zn-2.0Cu-0.15Ti alloy obtained
from the compression test conducted at strain rates 0.01, 0.1, 1, and 10 s−1 and deformation
temperatures 423, 473, 523, and 573 K. The evolution of flow stress curves is roughly
divided into three stages. In the first stage, flow stress increases with increasing strain
resulting from an increase in dislocation density (work hardening). In the second stage,
the increasing rate of flow stress slows down and reaches its peak value, indicating the
occurrence of dynamic recovery (DRV) and DRX. In the third stage, flow stress gradually
drops until reaching the final steady value. This phenomenon in hot working is usually
caused by dynamic recrystallization (DRX) [20,21].

As shown in Figure 2, on the one hand, it can be seen that flow stress decreases with
the increase in deformation temperature at a given strain rate. This is because higher
temperatures can promote the occurrence of DRX, which causes a decrease in dislocation
density. On the other hand, flow stress increases with the increase in strain rates at a given
temperature. This is due to the fact that with the limited time for dislocation annihilation
to manifest, the dislocation density gradually rises.
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Figure 2. The true stress–strain curves in the hot compression tests of Zn-2.0Cu-0.15Ti alloy at
0.01–10 s−1 with a deformation temperature of (a) 423 K, (b) 473 K, (c) 523 K, (d) 573 K.

3.2. Development of Constitutive Equation

The flow stress caused by deformation conditions can be evaluated using the Arrhenius
equations, which are presented in Equations (1) and (2) and are commonly utilized for
describing thermal deformation behavior [22,23].

.
ε = AF(σ) exp

(−Q
RT

)
(1)

F(σ) =





σn1 , ασ < 0.8
exp(βσ), ασ > 1.2
sinh(ασ)n for all σ

(2)

For a certain strain, the true stress (MPa) represented by σ, where the strain rate (s−1)
is represented by

.
ε, is calculated by some material constants, including A, n1, n, α, and

β, where α = β/n1, as well as gas constant R (8.314 J mol−1K−1), the activation energy Q
(kJ mol−1), and absolute temperature T (K).

Meanwhile, combining Equations (1) and (2) leads to the Zener–Hollomon (Z) param-
eter [17,24]:

.
ε = A[sinh(ασ)]n exp

(
− Q

RT

)
(3)

Z =
.
ε exp

(
Q
RT

)
= A[sinh(ασ)]n (4)

By substituting Equation (2) into Equation (1) and taking the natural logarithm of both
sides, the following equation was obtained:

ln σ =
1
n1

ln
.
ε − 1

n1
ln A1 +

Q
n1RT

(5)
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σ =
1
β

ln
.
ε − 1

β
ln A2 +

Q
βRT

(6)

Assuming the material’s activation energy for the deformation is a fixed value un-
affected by temperature, according to the true stress–strain curve, the peak stress corre-
sponding to the alloy under various deformation circumstances is determined, and then the
lnσ-ln

.
ε and σ-ln

.
ε curves (Figure 3) can be plotted by linear regression processing according

to Equations (5) and (6). Here, the average slopes of the lnσ-ln
.
ε and σ-ln

.
ε curves are

shown by n1 and β, respectively, n1 = 10.601 and β = 0.086 MPa−1 can be obtained, so that
α = β/n1 = 0.007 MPa−1.
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Equations (7) and (8) are presented using the partial derivative method applied to the
logarithm of Equation (3) provided:

n =
∂ ln

.
ε

∂[sinh(ασ)]
(7)

Q
Rn

=
∂ ln[sinh(ασ)]

∂(1/T)
(8)

The value of both parameters (σ,
.
ε) is used for the plots of ln [sinh(ασ)]-ln

.
ε and

ln [sinh(ασ)]-1000/T (Figure 4) by linear regression processing according to Equations (7) and (8).
By using the linear fitting method, the average values of n and b are calculated to be 7.70001
and 2.534, respectively. Q is calculated to be 130.69 kJ mol−1. A is calculated to be
3.33 × 1012 s−1 by substituting the corresponding data into Equation (5).
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Table 2. Coefficients of the polynomial equations. 

a   n   Q   lnA 
0 0.0025h    0 9.0261i    0 25.071j    0 14.882k   

1 0.1749h    1 85.08i    1 3023j    1 454.91k   

2 1.6323h     2 1147.2i     2 27214j     2 4230.1k    

3 6.8839h    3 5542.6i    3 113308j    3 17877k   

4 14.666h     4 12569i     4 238415j     4 37778k    

5 15.409h    5 13604i    5 246903j    5 39081k   

6 6.3395h     6 5665i     6 99939j     6 15752k    

Figure 4. (a) Relationships between ln [sinh(ασ)] and ln
.
ε at different temperatures; (b) Relationships

between ln [sinh(ασ)] and 1000/T at different strain rates.
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Then, the relationship of σ-Z can be defined by Equation (9), and the formula can be
written as:

σ =
1
α

ln





(
Z
A

) 1
n
+

[(
Z
A

) 2
n
+ 1

] 1
2





(9)

The effect of strain on thermal deformation behavior is disregarded based on the
aforementioned constitutive equations. Nevertheless, it can be found from Figure 2 that
the strain played a considerable role in the true stress. This means that taking the impact of
strain into account on the constitutive equations is essential.

The material constants (A, n, Q, and a) are known to be functions of the strain and can
be described using polynomial functions [25,26]. To obtain the values of these constants,
the strain is varied from 0.05 to 0.7 in increments of 0.05, and the material constants are
computed at each strain. The relationship between the material constants and strain is
then established through polynomial fitting techniques, as shown in Figure 5. It was found
that a six-order polynomial function can accurately depict the impact of strain on material
constants, as shown in Equation (10). Figure 5 summarizes the relationship between the
material constants and strain. The validity of the seventh-order polynomial model is
confirmed by the results of polynomial fitting, which are presented in Table 2.

a = h0 + h1ε + h2ε2 + h3ε3 + h4ε4 + h5ε5 + h6ε6

n = i0 + i1ε + i2ε2 + i3ε3 + i4ε4 + i5ε5 + i6ε6

Q = j0 + j1ε + j2ε2 + j3ε3 + j4ε4 + j5ε5 + j6ε6

ln A = k0 + k1ε + k2ε2 + k3ε3 + k4ε4 + k5ε5 + k6ε6
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Figure 5. Relationship between the fitted parameters and the strain: (a) a; (b) n; (c) Q; (d) lnA.
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Table 2. Coefficients of the polynomial equations.

a n Q lnA

h0 = 0.0025 i0 = 9.0261 j0 = 25.071 k0 = 14.882
h1 = 0.1749 i1 = 85.08 j1 = 3023 k1 = 454.91

h2 = −1.6323 i2 = −1147.2 j2 = −27, 214 k2 = −4230.1
h3 = 6.8839 i3 = 5542.6 j3 = 113, 308 k3 = 17, 877

h4 = −14.666 i4 = −12, 569 j4 = −238, 415 k4 = −37, 778
h5 = 15.409 i5 = 13, 604 j5 = 246, 903 k5 = 39, 081

h6 = −6.3395 i6 = −5665 j6 = −99, 939 k6 = −15, 752

3.3. Performance Evaluations

Figure 6 displays that the Arrhenius-type model has good predictability of the flow
behavior of Zn-2.0Cu-0.15Ti alloy under various deformation conditions. However, to
ensure the reliability of the predictions of the Arrhenius-type model in our work, the mean
absolute percentage error (MAPE), correlation coefficient (R), and relative error parameters
are used to evaluate the reliability. The formula can be written as:

R =
∑n

i=1
(

Ai − A
)(

Bi − B
)

√
∑n

i=1
(

Ai − A
)2

∑n
i=1
(

Bi − B
)2

(11)

MAPE(%) =
1
n

n

∑
i=1

∣∣∣∣
Ai − Bi

Ai

∣∣∣∣× 100 (12)

where n is all the data; Ai and Bi indicate the measured data and the predicted data,
respectively. A and B represent the average values of Ai and Bi, respectively.
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Generally, R is used to reflect the closeness of the correlation between variables [27].
In our study, the closer the R is to one, the more accurate the prediction of the model.
Furthermore, the MAPE is typically used to reflect the practical prediction errors. The
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smaller the value of MAPE, the better performance for the predicted model. It can be
observed from Figure 7a that R was calculated at 0.986. Moreover, the MAPE was 6.48%,
and the relative error percentage was used to investigate the predictability performance of
the model. One can therefore obtain the following:

Relative error =
(

Ai − Bi
Ai

)
× 100% (13)
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Figure 7. (a) Correlation between the experimental and predicted flow stress values obtained from
Arrhenius-Type constitutive model; (b) Statistical analysis of the relative error by Arrhenius-Type
constitutive model.

From Figure 7b, the value of the relative error parameter ranges from 30.04 to 30.15%.
Combining the above calculation parameters, the result shows that predicted and measured
values of the Arrhenius-type model have good agreement in our study.

3.4. Processing Maps

At present, Prased proposed hot processing maps by studying the theory of DMM [28,29]
and continuum mechanics. In general, the hot processing maps can be obtained by combin-
ing the power dissipation map and the instability map. Additionally, in accordance with
the theory of DMM, the total power (P) of the input system is made up of two components:
dissipated co-content J and dissipated content G [20], which are produced by, respectively,
structural change and plastic deformation. The equation appears to be the following:

P = σ
.
ε = G + J =

∫ .
ε
0

σd
.
ε+
∫ .

ε
0

.
εdσ (14)

where σ and
.
ε represent the flow stress and the strain rate, the sensitivity of strain rate (m)

can be expressed using the following equation:

m =
dJ
dG

=
∂ lnσ
∂ ln

.
ε

(15)

Typically, the power dissipation efficiency (η) is used to assess an alloy’s capacity for
power dissipation, which is as follows [30]:

η =
J

Jmax
=

2m
m + 1

(16)

When m ≤ 0, there is no power dissipation in the entire system. When 0 < m < 1, it
is considered to be in a steady-state flow regime. When m = 1, the value of J is equal to
its peak value (Jmax). A 3D contour map of power dissipation can express the changes in
η under various deformation temperatures, strain, and strain rates. Generally, the higher
the power consumption efficiency is, the better the performance of alloy processing can
be [31], which demonstrates that DRX may occur. However, processes such as adiabatic
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shear banding and crack growth usually result in structural instability. According to the
extreme principle of irreversible thermodynamics proposed by Ziegler [32], the following
is an expression for the unstable criterion:

ξ(
.
ε) =

∂ ln( m
m+1 )

∂ ln
.
ε

+ m < 0 (17)

The flow behavior of the material can become unstable when the values of the param-
eters (ξ) mentioned above fall below zero. Figures 8 and 9 illustrate, respectively, the 3D
maps of power dissipation and flow instability for the strain range (0.1–0.7), temperature
range (423–573 K), and strain rate range (0.01–10 s−1). The colored grids of the power dissi-
pation map represent η, and the shaded regions of the flow instability map can be used to
identify the unstable area. The results suggest that the power dissipation efficiency (η) and
the flow instability zone change significantly under different deformation conditions. With
the increase in strain (from 0.1 to 0.7), the value of η declines (Figure 8). Moreover, it can be
found that the peak values of the efficiency region are the strain rate range (0.01–0.1 s−1)
and the temperature range (493–543 K) (Figure 8b,c).

From Figure 9a, the shaded regions increase rapidly at lower strain levels (0.1–0.3).
Meanwhile, it can be seen that the shaded regions are mostly presented at low temperatures
(423–473 K) and strain rates (0.1–10 s−1) (Figure 9b,c). To ensure excellent processability,
the shaded regions should be avoided. According to the analysis based on the power
dissipation map and the unstable map, the optimal processing region for the hot processing
of Zn-2.0Cu-0.15Ti alloy is the temperature range (493–543 K) and the strain rate range
(0.01–0.1 s−1).
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3.5. Microstructure Evolution

Figure 10(a1,a4) displays the EBSD maps of the specimens deformed at 1 s−1 and the
deformation temperature of 423–573 K. In Figure 10(a1,a4), the low-angle grain boundaries
(LAGBs, 2–15◦) are described as fine black lines, while the high-angle grain boundaries
(HAGBs, ≥15◦) are described as thick black lines. It is dominated by elongated grains when
the specimen deformed at 423 k (Figure 10(a1)). With increasing deformation temperature
(from 423 to 473 K), elongated grains gradually disappear and are replaced by smaller
rounded grains or equiaxed grains (Figure 10(a2)). As the deformation temperature rises, it
shows that the DRX begins to occur. When T = 523 K, an increase in the amount of recrys-
tallization fraction was observed, and some sub-grain boundaries from the original grains
can be observed (Figure 10(a3)). Meanwhile, some fine grains develop along the original
grain boundaries. The phenomenon is in line with the typical feature of discontinuous-type
DRX (DDRX) induced by strain-induced boundary migration [33]. During deformation,
the increase in HAGBs will hinder the continuity of dislocation slip [34] and cause stress
concentration. In order to reduce stress concentration, the grain boundary bulges and
migrates locally to form a distortion-free recrystallized nucleation. When T = 573 K, the
recrystallized grains further grow, tending to equiaxed grain formation. The complete
processing of the DRX is depicted in Figure 10(a4).

In Figure 10(b1,b4), blue denotes the fully recrystallized grains, yellow symbolizes the
subgrains, and red represents the deformed microstructures. Figure 10(b1) shows that the
microstructure underwent deformation with only a few subgrains and recrystallized grains.
Low deformation temperatures cause inadequate recrystallization time. When T = 523 K
(Figure 10(b3)), the deformed structure is replaced by the sub-grains and disappears. When
the temperature exceeds 523 K (Figure 10(b4)), full recrystallized grains formed along the
original grain boundaries can be detected. Therefore, the DRX volume percent is enhanced
with increasing deformation temperature [34,35].

From Figure 10(c1,c4), it can be found that the proportion of LAGBs declines, and the
proportion of HAGBs increases gradually as the deformation temperature increases [36,37].
The proportion of HAGBs increases from 48.5% to 68.1% when the deformation temperature
rises from 423 to 573 K. This is because higher deformation temperature favors DRX, which
causes subgrain boundaries to absorb dislocations and merge into large subgrains [38]. In
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addition, when T = 423 K, the maximum pole intensity of the basal texture in Figure 10(c1)
is 27.068. However, when T = 573 K, the maximum pole intensity suddenly decreases to
5.947. The result indicates that the deformation temperature plays a significant role in the
dynamic softening of the alloy [39].
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(a3–c3) 523 K, and (a4–c4) 573 K.

Figure 11 displays the TEM micrographs of Zn-2.0Cu-0.15Ti alloy under various
deformation conditions. According to the results, the deformation temperature and strain
rate are closely related to DRX [40,41]. Dislocation tangling and walls can be observed
in the sample, along with original subgrains forming inside without obvious dynamic
recrystallization grains in Figure 11a in the case of 423 K and 0.1 s−1. The softening of the
alloy was mainly achieved through dislocation slip, cross-slip, climb, and recombination
inside the grain [42]. When T = 423 K and

.
ε = 1 s−1, a polygonal structure appeared clearly

inside the grain due to the segmentation effect of dislocation grids or walls (Figure 11b),
indicating the occurrence of continuous dynamic recrystallization (CDRX) inside the alloy.
Within the strain rate range of 0.01–10 s−1, the elevated strain rate can enhance the effect of
CDRX, due to the decline in the CRSSnon-basal/CRSSbasal ratio [12,43], which leads to
CDRX occurring easily, weakening DDRX. At 523 K/0.1 s−1 (Figure 11c), an obvious curved
grain boundary was observed on the original grain boundary. These bow-outs were the
nucleation sites of discontinuous dynamic recrystallization (DDRX) [34,36]. Additionally,
the elevated temperature increases dislocation mobility, which makes more dislocations
tend to accumulate near grain boundaries (GBs). The sliding and moving rates of the GB
are correspondingly increased due to higher driving forces at high temperatures. As a
result, flow stress decreases (Figure 2c). However, as the strain rate increases to 10 s−1,
twinning dynamic recrystallization (TDRX) and CDRX are observed (Figure 11d). This
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indicates that twinning is generated during the thermal deformation process, and twins
can form much easier than slip at a high strain rate (10 s−1), due to the highly effective
interface velocity [13] of the twin. A twin boundary (TB) will hinder the dislocation motion,
thus increasing the strain energy around the twinning and providing the driving force
for the nucleation of TDRX on TB. Meanwhile, the high strain rate increases deformation
inhomogeneity, making dislocation slip more difficult, which leads to a significant increase
in flow stress (Figure 2c) and the weakening of DDRX [13,44].
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Figure 11. TEM micrographs of Zn-2.0Cu-0.15Ti alloy deformed at (a) 423 K/0.1 s−1; (b) 423 K/1 s−1;
(c) 523 K/0.1s−1; (d) 523 K/10 s−1.

4. Conclusions

The hot deformation behavior of Zn-2.0Cu-0.15Ti alloy was investigated at strain rates
0.01, 0.1, 1, and 10 s−1 and deformation temperatures 423, 473, 523, and 573 K, using the
Arrhenius model and 3D processing maps. The following are the primary conclusions:

1. The Arrhenius-type model is utilized to forecast flow stress behavior. The results
show the Arrhenius model can accurately predict the flow stress behavior of Zn-2.0Cu-
0.15Ti alloy.

2. Three-dimensional processing maps are generated at different strains based on DDM
theory. The ideal processing domain for Zn-2.0Cu-0.15Ti alloy is the temperature
range from 493 to 543 K and strain rate range from 0.01 to 0.1 s−1.

3. The softening mechanism of Zn-2.0Cu-0.15Ti alloy has diversification, including
CDRX, DDRX, and TDRX, and is activated at T = 423–573 K and

.
ε = 0.01–10 s−1.

CDRX is activated at low deformation temperature (423 K) and high strain rate (1 s−1)
and is inhibited with increasing deformation temperature and decreasing strain rate.
However, when the deformation temperature increases (523 K) and the strain rate
declines (0.1 s−1), DDRX becomes the primary softening mechanism, and is weakened
with increasing strain rate. CDRX and TDRX become the main softening mechanisms
when the strain rate is 10 s−1.
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Abstract: The CoCrFeNiMn high-entropy alloys were treated by powder-pack boriding to improve
their surface hardness and wear resistance. The variation of boriding layer thickness with time
and temperature was studied. Then, the frequency factor D0 and diffusion activation energy Q
of element B in HEA are calculated to be 9.15 × 10−5 m2/s and 206.93 kJ/mol, respectively. The
diffusion behavior of elements in the boronizing process was investigated and shows that the boride
layer forms with the metal atoms diffusing outward and the diffusion layer forms with the B atoms
diffusing inward by the Pt-labeling method. In addition, the surface microhardness of CoCrFeNiMn
HEA was significantly improved to 23.8 ± 1.4 Gpa, and the friction coefficient was reduced from
0.86 to 0.48~0.61.

Keywords: high entropy alloy; boronizing; growth kinetics; boronizing mechanism; wear resistance

1. Introduction

The equiatomic CoCrFeNiMn alloy with an fcc structure shows high ductility and
high fracture toughness even at significantly lower temperatures [1–3]. However, more
slip systems in fcc solid solution [4–6] caused lower hardness of CoCrFeNiMn [7,8] and
worse wear resistance [9]. Alloying is a crucial method to improve strength and wear
resistance. Some expensive and refractory alloying elements such as W, Ta, Nb, and Mo are
added to CoCrFeNiMn HEA. This method, however, reduces its plasticity [10–13]. Thus,
preparing a reinforced layer on the surface of CoCrFeNiMn HEA is a vital method to solve
this problem. In many applications, the service life of materials depends highly on their
surface properties, which can be extended by improving the wear resistance of the surface.
Thus, preparing a reinforced layer on the surface of CoCrFeNiMn HEA is a vital method to
solve this problem.

Boronizing is a thermo-chemical surface treatment method used to enhance the surface
hardness and wear resistance of ferrous materials [14–17]. This method is used to enhance
the surface properties of ferrous materials, while the boriding behavior of various steels
has been extensively studied. The boride layer (BL) formed on the steel surface by boriding
treatment can significantly improve its surface properties [18–20]. The principal elements
in CoCrFeNiMn HEA, such as Fe, Co, and Cr, have a strong tendency to form stable
borides [18,21]. It is reported that the wear resistance of boronized samples exceeds
two times the wear resistance value of carburized, carbo-nitrided, or chromium-plated
samples [22,23]. Hou et al. [24] obtained the boronized layer on the Al0.25CoCrFeNi HEA
by the solid-boronizing method. A boronized layer with the phases (Ni, Co, Fe)2B and CrB
has been prepared for holding for 9 h at 900 ◦C. The microhardness of the boronized sample
surface approximately approaches 1136 HV5, which is six times that of the untreated HEA.
Hiroaki Nakajo et al. [25] obtained ceramic layers on the surface of CoCrFeMnNi HEA
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using the SPS method, and a powdered mixture of B4C and KBF4 was used as the boron
source. M2B, MB, and Mn3B4 type borides were formed on the surface of HEA, and the
surface hardness reached 2000~2500 Hv0.1. Most studies are focused on the microstructure
and mechanical properties of borided bulk HEAs after boriding, but there are few reports
on the boronizing mechanism of HEA [26,27].

In this study, a reinforced layer was prepared on the surface of HEA by powder-pack
boriding and focused on the effect of temperature and duration on the boronizing of
CoCrFeNiMn HEA. The boronized samples were characterized using various methods.
Furthermore, the properties of boronized CoCrFeNiMn alloys and diffusion behavior
were investigated. This study could provide a reference for high hardness and high wear
resistance HEA that could be used in a variety of industrial applications, such as the mold
and crucible used in the cast aluminum industry [28,29], because the borides formed on
the surface have high hardness, excellent corrosion resistance, and wear resistance [30,31],
which allow HEA to be applied in special environments to increase service life.

2. Materials and Methods
2.1. Alloys Preparation

Alloy ingots with a nominal composition of Co20Cr20Fe20Ni20Mn20 (in at.%) were
fabricated by the vacuum arc-melting method using a non-consumable tungsten elec-
trode. High-purity metals were used and melted at least three times to promote chemical
homogeneity. The as-cast alloy was homogenized at 1200 ◦C for 24 h under a vacuum
environment and then cut into 6 × 6 × 3 mm and polished with 200#, 400#, 600#, and 800#
sandpaper and diamond solution. Additionally, a Pt-labeled layer was deposited on the
surface of the annealed sample using an auto-fine coater (JEOL JFC-1600) with a sputtering
time of 300 s to determine the evolution of the diffusion of the elements during boriding.

2.2. Boronizing Process

Boronizing treatment was performed at 850, 900, and 950 ◦C for 3 h, 6 h, 9 h, 12 h, 15 h,
and 18 h, respectively. The annealed CoCrFeNiMn samples were placed in the alumina
crucible, then packed with high-purity boron powder. The alumina crucibles were tightly
closed by a high-temperature sodium silicate and kaolin binder to make them airtight.
After boriding was completed, the sealed crucible was extracted and air-cooled to room
temperature, and the samples were ultrasonically cleaned using anhydrous ethanol to
remove the boron powder from the surface.

2.3. Characterization

The cross-sectional microstructures were observed using a scanning electron micro-
scope (SEM, EVO MA10) equipped with energy dispersive spectrometry (EDS). However,
it was difficult to quantify the B atom by EDS, so the element composition of BL was
tested on the electron probe microanalysis (EPMA, Shimadzu 1720, beam spot diame-
ter 1 µm, acquisition time 10 s) equipped with a wavelength dispersive spectrometer
(WDS). The phase structure was characterized by X-ray diffraction (XRD, Rigaku Ultimate
IV) with Cu-Ka radiation. The friction and wear measurements were performed using
a ball-on-plate tribometer (CFT-I Tribometer) under dry sliding conditions at 25 ◦C in an
open-air atmosphere. The hardness and Young’s modulus of the BL were measured using
a nano-indenter.

3. Results
3.1. Microstructure Analyses

Figure 1 shows the surface and cross-sectional morphological images of the CoCr-
FeNiMn high-entropy alloy after boron penetration at 950 ◦C for 9 h. The results show
that the surface of the high-entropy alloy after boriding is formed by many round rod-like
boride assemblies, and there are discontinuous islands of borides, as shown in Figure 1a.
According to the different contrast and phase numbers, the surface layer of boronized HEA
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can be divided into a single-phase layer (SGL), a transition layer (TL), a diffusion layer
(DL), and a HEA substrate [32].
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Figure 1. SEM images of boronized CoCrFeNiMn HEA at 950 ◦C for 9 h: (a) surface, (b) cross-section.

Figure 2 shows the cross-sectional SEM images of the CoCrFeNiMn HEA boronized
at 950 ◦C at different times. As can be seen, the surface layer of the samples at different
times is composed of the BL, the diffusion layer, and the substrate. The interface between
the BL and the DL was smooth, which differs from the saw-tooth shape for the boronized
pure iron and iron alloys. While the BL consists of an SGL and a two-phase TL, some
discontinuous pores were also observed on the interface and the SGL; the interface between
them is a saw-tooth shape. The thickness of the BL and total layer were measured, and
the average thickness of the BL was 31.58, 41.7, 47.51, 51.09, 53.73, and 64.35 µm for the
boronized alloys for 3 h, 6 h, 9 h, 12 h, 15 h, and 18 h, respectively.
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Figure 2. Cross-sectional SEM images of the CoCrFeNiMn HEA substrate with the boronizing times
of (a) 3 h, (b) 6 h, (c) 9 h, (d) 12 h, (e) 15 h, and (f) 18 h.

3.2. Growth Kinetics Analyses

Previous studies have mainly investigated the growth kinetics of steel and its alloys.
Andrijana Milinović et al. [33] investigated the growth kinetics of different steels, and the
results showed that the frequency factor D0 and diffusion activation energy Q of elemental
boron in C15 steel are 3.17 × 10−4 m2/s and 194.80 kJ/mol, respectively. Figure 3 shows the
BL and the whole layer thickness as a function of time. It can be noticed that the thickness of
the BL and the whole layer increases with the increase in boronizing time. With high-purity
B powder as a boronizing agent, the influence of Si, C, and F in conventional boriding
agents on the properties of BL can be excluded, which also simplifies the analysis of the
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diffusion behavior of different elements during the boronizing process. The growth rate
was reduced significantly as the boronizing time increased.
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The diffusion rate is commonly expressed by the formula shown in Equation (1) [34]:

d = Atn (1)

where d is the thickness of the BL, A is a time constant, t is the time, and n is the diffusion
rate exponent. It is shown that the diffusion rate exponent n was calculated to be 0.370 by
the BL thickness exponential fitting curve expression d = 20.937t0.370 and the fitting curve
is closer to parabolic. According to Wagner’s hypotheses [35], this parabolic growth can
imply that a diffusion process controls the boronizing rate.

The function between the thickness of the BL and time is in accordance with the
parabolic law, and the expression is shown in Equation (2):

d2 = Dt (2)

where d is the thickness of the diffusion layer (m), D is the growth rate constant (m2/s),
and t is the diffusion time (s). Since it is a quadratic equation, the solution is obtained by
finding its roots, combined with the Arrhenius formula:

D = D0·e−Q/(RT) (3)

where D0 is the frequency factor (m2/s), Q is the diffusion activation energy (kJ/mol),
T is the diffusion temperature (K), and R is the universal gas constant (kJ/(mol·K)). The
frequency factor indicates the rate of molecular collisions in the reaction.

lnD = lnD0 −
Q
R
· 1
T

(4)

Figure 4a, plotted according to Equation (3), shows the linear relationship between
the thickness of the diffusion layer and the square root of time at different temperatures.
According to Equation (4), the relationship between the growth rate constant’s natural
logarithm and the diffusion temperature’s reciprocal can be represented by a line with
slope Q/R, and lnD0 is the intersection of the line with the vertical coordinate. The value
of the growth rate constant was obtained from the slope of the line; the fitted curve of the
natural logarithm of the growth rate constant and the inverse of the temperature showed
a linear relationship, as shown in Figure 4. The value of the diffusion activation energy
of B in the CoCrFeNiMn HEA is determined by the slope of the line, while the natural
logarithm of the frequency factor is determined by the intersection of the extrapolated line
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with the vertical coordinate. These values are given in Table 1, while the D0 of HEA is
lower than the D0 of C15 due to the sluggish diffusion effect of HEA.
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Figure 4. Growth kinetics of boride layers on HEA: (a) Boride layer thickness as a function of the
square root of the boronizing duration; (b) natural logarithm of the growth rate constant as a function
of the reciprocal boronizing temperature.

Table 1. Values of the frequency factor and the activation energy.

Frequency Factor D0, m2/s Activation Energy Q, kJ/mol

Boronized HEA 9.15 × 10−5 206.93

3.3. Phase Structure and Chemical Composition

An XRD analysis was performed on the surface of the boronized HEA, as shown in
Figure 5. The main diffraction peaks appear in the same position for boronized samples,
and the BL consists of MB (M = Co, Cr, Fe, Ni, and Mn) and M2B phases. While MB and
M2B are formed due to the replacement of Fe atoms in FeB and Fe2B by Co, Cr, Ni, and Mn.
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Figure 5. XRD patterns of boronized samples at 950 ◦C for different times.

The composition of each phase in boronized HEA from surface to substrate was tested
by WDS, as shown in Figure 6a. The composition of the seven phases is listed in Table 2.
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The BL has three different phases: the dark gray phase (spot 1), the gray phase (spot 3),
and the white phase (spot 2). The element composition of BL was tested on the EPMA
equipped with a WDS. The concentrations of B and M (M = Co, Cr, Fe, Ni, and Mn) at the
outer layer are 45.49 at.% and 54.51 at.%, respectively. The atomic ratio B:M is close to 1:1.
In addition, the XRD patterns of the boride surface show the existence of the MB, which
has a similar microstructure to the CrB. Therefore, the single phase is identified as MB-type
boride. According to the results of points 2–7, the phases from the surface to the substrate
can be determined to be single-phase MB, Cr-rich MB + Ni-rich MB, Cr-rich M2B + Ni-rich
M2B, Cr-poor FCC + Cr-rich M2B, and FCC substrate. The EPMA elemental mapping and
line analysis of the boronized CoCrFeNiMn HEA for 9 h are shown in Figure 6b–h. The
concentration of B increases from surface to substrate, as shown in Figure 6b. B atoms
mainly exist in the boride, and their solubility in an fcc solid solution is minimal. Based on
the distribution of the Cr element, as shown in Figure 6c, Cr atoms have obvious segregation
and are mainly concentrated in the DL and grain boundaries in the substrate close to the
DL. The Cr element preferentially combines with the B element to form a Cr-rich boride.
The distribution of Co, Fe, Ni, and Mn elements shows obvious delamination in the BL,
and the (Co, Fe, Ni, Mn)-poor layer and the (Co, Fe, Ni, Mn)-rich layer are alternately
arranged as shown in Figure 6d–g. Moreover, the content of these elements at the grain
boundary was significantly lower than that in the grain. Figure 6h shows the line analysis
from surface to substrate marked with arrows in Figure 6a, which further indicates the
existence of the element segregation phenomenon.
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Table 2. EPMA elemental analysis of the boronized samples for 9h.

Position
Compositions

Phase
B Cr Mn Fe Co Ni

1 45.5 13.5 11.4 13.6 11.2 4.8 Ni-poor
2 30.8 5.0 13.7 10.7 13.8 26.0 Ni-rich and Cr-poor M2B-type boride
3 31.9 18.2 11.9 17.0 14.9 6.1 Ni-poor M2B-type boride
4 29.8 28.8 12.2 12.5 10.2 6.5 Cr-rich and Ni-poor M2B-type boride
5 1.9 9.4 21.4 24.0 23.5 19.8 Cr-poor FCC
6 27.9 32.3 11.9 9.8 9.4 8.7 Cr-rich and Ni-poor M2B-type boride
7 1.6 20.5 20.5 21.9 19.4 17.1 Substrate

3.4. Boronizing Mechanism

Previously, Cengiz et al. [36] investigated the boronizing mechanisms of CoCrFeNi
alloy and CoCrFeNiTi alloy. The diffusion of B and Si elements mainly occurred in the
boronizing process, and the diffusion behavior of metal elements was not considered
in their work. To investigate the diffusion behavior of elements during boronizing, the
boronizing experiments were carried out using the Pt element labeling method. This
method has been used in the past to study the oxidation behavior of steel [34,37]. The
Pt layer shown in Figure 7a was sprayed on the surface of the annealed CoCrFeNiMn
alloy before boronizing. Boronizing was performed at 950 ◦C for 9 h. The cross-sectional
morphology of the boronized samples was obtained, as shown in Figure 7b,c. Comparing
the interface morphology between the Pt-sprayed and unsprayed samples, it was observed
that there was almost no difference between the samples except for the quantity and size of
pores at the interface between the BL and the diffusion layer, indicating that the effect of
the markers on boronizing was minimal. The Pt element is distributed between the boride
and diffusion layers, and no Pt element is found in other locations, as shown in Figure 7d.
It indicates that Pt did not diffuse during boronizing and that the interface moves outward
from the position of the Pt mark after boronizing. The Pt-labeled experiment confirms the
proposed mechanism, such as the “available space model” [38–44] in oxidation, which
is the outward migration of metal atoms forming the BL and the inward migration of B
forming the diffusion layer.
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Figure 7. Cross-sectional SEM image of the Pt-marked CoCrFeNiMn HEA: (a) before boronizing, (b) after
boronizing at 950 ◦C for 9 h, (c) the photograph of the original interface, (d) elemental mapping of Pt.
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The schematic model of the boronizing mechanism is suggested based on the results
above, as shown in Figure 8. The B atoms can be diffused easily into the surface of alloys due
to their relatively small size (0.087 nm), and their diffusion is very fast at high temperatures.
In the early stage, B atoms preferentially diffuse to the substrate along the grain boundary
and then react easily with alloying elements, forming Cr-rich boride, while metal atoms
diffuse outward and form M2B-type boride. Meanwhile, due to the mutual diffusion of the
metal atoms and B atoms, vacancies accumulate at the metal/boride interface, and metal
creep cannot compensate for the volume of metal consumed by diffusion to the outer layers,
resulting in the formation of pores at the metal/boride interface. The EPMA point analysis
and WDS mapping results showed the existence of the element segregation phenomenon,
and the content of Cr and Ni elements in boride changed most obviously. With increasing
boronizing time, the thickness of the BL and DL increases, forming the microstructure as
shown in Figure 8b. In addition, the metal atoms that diffuse to the surface are relatively
smaller than those on the inner side and are unable to fully combine with the boriding
agent to form borides. The retained B powder is removed from the SGL after grinding and
polishing the samples, leaving the pores on the SGL, as shown in Figure 8c.
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Figure 8. Schematic views of the boronizing mechanism of the CoCrFeNiMn HEA. (a) before
boronizing, (b) after boronizing, (c) local magnification of (b).

3.5. Hardness and Wear Behavior

The effect of boronizing on the mechanical properties of CoCrFeNiMn alloys was
investigated. The cross-sectional morphology of the boronized CoCrFeNiMn alloys after
the nanoindentation test is shown in Figure 9a. 80 locations were tested according to
the S-shaped path, and a series of load-displacement curves were obtained, as shown in
Figure 9b. For the same indentation depth (400 nm), the 68th indentation band requires the
lowest load, the 1st indentation point requires the highest load, and the 26th indentation
point load is in between. The indentation morphology on the single-phase BL is shown in c.
The microhardness and Young’s modulus results at different locations were obtained, as
shown in Table 3. It is indicated that the hardness of the BL is significantly higher than the
DL and substrate, while the surface hardness of the HEA was markedly improved after
boronizing. The variation curve of indentation hardness with depth was obtained from
Table 3, as shown in Figure 9d. The average hardness of the substrate is 3.9 ± 0.1 GPa,
and the average hardness of the BL is 23.8 ± 1.4 GPa, while the trend of modulus and
hardness is similar. After the boriding treatment, a multilayer reinforced layer consisting of
numerous high-hardness borides is formed on the surface of HEA, resulting in a significant
improvement in the surface hardness and modulus of HEA.

The tribological behavior of the strengthening layer in dry conditions was investigated
using reciprocating ball-on-plate tests. The wear tracks of unboronized and boronized
alloys at 950 ◦C for 9 h under dry conditions were investigated using SEM, as shown in
Figure 10. The width of friction tracks on the surface of the boronized CoCrFeNiMn HEA
was significantly reduced, and the interior of the wear tracks was smoother compared
with the unboronized samples, as shown in Figure 10a,b. The periodically localized
fracture of the surface layer and the periodic accumulation and elimination of debris on
the worn surface of CoCrFeNiMn HEA were observed, as shown in Figure 10c. The plastic
deformation along the groove, some lamellar delamination, and pits could be seen. In
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addition, it is also found that the surface is attached to some wear debris, indicating that
it is adhesive wear. The boronized HEA has no peeling pits, and more parallel grooves
emerge. However, the small abrasive dust is significantly reduced, and a large number
of parallel grooves are observed. The occurrence of parallel furrows is a representative
characteristic of abrasive wear, as shown in Figure 10d.
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Table 3. Average modulus and hardness of the boronized sample for 18 h.

Group Distance from the
Surface (µm) Serial Number Group Avg

Modulus (GPa)
Group Avg

Hardness (GPa)

1 31.82 1–4 377.0 ± 16.6 23.8 ± 1.4
2 41.82 5–8 337.1 ± 20.0 24.1 ± 1.5
3 51.82 9–12 311.2 ± 13.7 18.0 ± 2.8
4 61.82 13–16 293.4 ± 14.9 10.6 ± 2.2
5 71.82 17–20 282.3 ± 24.5 9.5 ± 1.1
6 81.82 21–24 273.8 ± 19.5 8.8 ± 1.5
7 91.82 25–28 265.0 ± 16.4 7.2 ± 2.1
8 101.82 29–32 256.2 ± 16.6 6.6 ± 1.3
9 111.82 33–36 253.5 ± 15.2 6.4 ± 0.8
10 121.82 37–40 246.5 ± 19.3 6.2 ± 2.7
11 131.82 41–44 239.8 ± 14.8 5.9 ± 1.9
12 141.82 45–48 237.3 ± 14.0 5.1 ± 2.0
13 151.82 49–80 211.5 ± 5.2 3.9 ± 0.1
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Figure 10. SEM images of the worn surface of the CoCrFeNiMn HEA: (a,c) as-cast CoCrFeNiMn
HEA; (b,d) CoCrFeNiMn HEA boronized at 950 ◦C for 9 h.

Figure 11 shows the friction coefficient curves of the unboronized and boronized
HEA. The friction coefficient of the boronized alloy (0.48~0.61) is lower than that of the
unboronized alloy (0.86), and the friction coefficient shows a decreasing trend. Among these
boronized samples, the friction coefficient of the 18h sample was the lowest at 0.48, while
some broad waves with relatively large fluctuations are observed in the friction coefficient
curve of the untreated alloy. Boronizing can effectively improve the wear resistance of HEA
surfaces due to their higher surface hardness and larger thickness of the strengthened layer.
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4. Conclusions

In this work, a reinforced layer on the surface of HEA was successfully synthesized by
powder-pack boriding. The microstructure, microhardness, wear resistance, and boriding
mechanism were investigated. The following conclusions can be summarized:

(1) The microstructure of the surface layer is mainly composed of MB-type boride and
M2B-type boride. The original interface of the surface layer is located at the interface
between the BL and the diffusion layer, where element B diffuses inward and metal
elements diffuse outward.

(2) The activation energy and frequency factor of the B element in CoCrFeMnNi HEA are
206.93 kJ/mol and 9.15 × 10−5 m2/s, respectively. Increasing the boronizing duration
and temperature resulted in an increase in the BL and diffusion layer thickness.

(3) The surface strengthening of CoCrFeMnNi HEA was achieved by the boriding treat-
ment. Its surface microhardness has significantly increased from 3.9 ± 0.1 Gpa to
23.8 ± 1.4 Gpa. The surface layer shows a lower friction coefficient of 0.48 than that
of the substrate (0.86). Depending on the wear mechanism, adhesive wear mainly
occurs in unboronized samples, and abrasive wear is the main wear mechanism in
boronized samples.

The findings of this study could provide insights into designing and developing high-
hardness and high-wear resistance alloys through surface treatment, which can be used
in the cast aluminum industry and allow HEA to be applied in special environments and
increase service life.
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Abstract: The effects of Al addition on the microstructure and mechanical properties of Mg-Zn-Sn-Mn-
Ca alloys are studied in this paper. It was found that the Mg-6Sn-4Zn-1Mn-0.2Ca-xAl (ZTM641-0.2Ca-
xAl, x = 0, 0.5, 1, 2 wt.%; hereafter, all compositions are in weight percent unless stated otherwise)
alloys have α-Mg, Mg2Sn, Mg7Zn3, MgZn, α-Mn, CaMgSn, AlMn, Mg32(Al,Zn)49 phases. The grain
is also refined when the Al element is added, and the angular-block AlMn phases are formed in the
alloys. For the ZTM641-0.2Ca-xAl alloy, the higher Al content is beneficial to elongation, and the
double-aged ZTM641-0.2Ca-2Al alloy has the highest elongation, which is 13.2%. The higher Al
content enhances the high-temperature strength for the as-extruded ZTM641-0.2Ca alloy; overall,
the as-extruded ZTM641-0.2Ca-2Al alloy has the best performance; that is, the tensile strength and
yield strength of the ZTM641-0.2Ca-2Al alloy are 159 MPa and 132 MPa at 150 ◦C, and 103 MPa and
90 MPa at 200 ◦C, respectively.

Keywords: Mg-Zn-Sn-Mn-Ca alloy; Al; microstructure; mechanical properties

1. Introduction

In this century, the rapid development of automobile, aerospace and other fields has
brought a series of problems such as serious environmental pollution and excessive energy
consumption. For reducing pollution, reducing energy consumption and improving the
living environment, environmentally friendly alloy materials have gradually attracted
attention [1]. As a light alloy, the Mg alloy has certain reproducibility and excellent
properties such as good casting performance and formability, good shock absorption, good
cutting machinability, and good electromagnetic shielding [2,3]. For the past few years,
Mg alloys have gradually become the focus of the development and application of new
materials [4–6]. However, the Mg alloy also has many deficiencies. Firstly, the Mg alloy is
easily oxidized at room temperature, and the oxide layer is loose and porous, which greatly
limits its application in industrial production. Secondly, the Mg alloy is more active and
easy to burn, which makes it necessary to pay attention to the safe production in practical
applications. Finally, although the specific strength of the Mg alloy is high, its absolute
strength is low, and the high temperature strength is especially poor, which also limits
its application. In recent years, many scholars have improved the properties by alloying,
that is, by adding a trace or small amount of other elements to the Mg alloy during the
cast process.

Due to the addition of different alloying elements, many kinds of alloy systems with
different compositions and properties are formed. Among them, the Mg-Zn alloy is a
good aging strengthening alloy due to the precipitation of the MgZn2 phase [7,8]. The
Mg-Sn alloys have a smaller composition span during the smelting process, so that the
alloys have fewer defects and better performance [9]. However, it is often not enough
to rely on the strengthening effect of a single strengthening phase. In addition, because
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the strengthening phase is single, the aging strengthening effect is not obvious in the
subsequent heat treatment. Therefore, the Mg-Zn and Mg-Sn binary alloy are rarely applied
to industrial production. Generally speaking, the alloy’s properties are increased by adding
other elements to the binary alloy. The Mg-Zn-Sn alloys are formed by combining the Mg-
Zn alloy and the Mg-Sn alloy, and it has the advantages of both alloys. The development
of Mg-Zn-Sn alloys have two major advantages: on the one hand is the phenomenon
whereby the Mg alloy has poor strength and creep properties at high temperatures because
the low melting point phase can be changed. On the other hand, these Mg-Zn-Sn alloys
have a wider range of applications, because the price of Zn and Sn elements is lower,
and the content on the earth is more, which is convenient for research and development.
Therefore, the Mg-Zn-Sn alloys are promising high property deformed magnesium alloys.
Based on the existing cognition of the strengthening mechanism of Mg-Zn-Sn alloys, these
mechanical properties of Mg-Zn-Sn deformed alloys are further enhanced via adding
some other elements or changing some heating treatments. The Mn element can remove
harmful elements (such as Fe) in alloy melting, improve the corrosion resistance and casting
performance of the alloy, and the Mn element also has a certain ability to refine grain [10].

The Ca element is a common alloying element. The Ca element will nucleate and
precipitate on grain boundaries, which inhibit the growth of grains and play the role of
grain refinement. At the same time, the Mg2Ca phase with good thermal stability is formed
when an appropriate amount of Ca is added to the Mg alloy, which can hinder the grain
boundaries slip at higher temperature and improve the creep resistance of the alloy [11,12].
It was found that the Mg-Ca alloy has excellent corrosion resistance, high temperature
creep performance, and high temperature mechanical properties [13]. Baghani et al. [14]
found that when Ca > 2wt.% is added into the alloy, the CaMgSn and Mg2Ca phases
are generated, which correspondingly reduces the content of the Mg2Sn phase. Through
this transformation, the properties of the Mg-4Sn alloy are obviously improved. At the
same time, many studies have shown that the Ca element should not be too high in the
Mg alloy. If the Ca element is too high, the hot cracking tendency will be increased, and
the performance will be worse. Therefore, 0.2% Ca element was selected to be added
to the alloy in this paper. Al is also a common alloying element. It was found that the
appropriate amount of Al will refine the grain and enhance the alloys’ casting properties,
and the Mg-Al alloy has good solution strengthening and ageing strengthening effects [15].
Jayaraj et al. [16] found that the Al element will effectively enhance the aging strengthening
effect for the Mg-Ca alloy, and then effectively enhance the properties of the Mg-Ca alloy.
Wang et al. [17] studied the microstructure and mechanical properties of an as-extruded
and aged Mg-Zn-Al-Sn alloy, and found that the comprehensive properties of the Mg-4Zn-
2Al-2Sn alloy reached the optimal level after aged treatment at 150 ◦C for 40 h. Wei et al. [18]
researched the effect of different contents of Ca on the microstructure and properties of the
Mg-4.5Zn-4.5Sn-2Al alloy, and found that the addition of an appropriate amount of Ca can
refine the microstructure of the alloy; among them, the Mg-4.5Zn-4.5Sn-2Al-0.2Ca alloy has
the best mechanical properties. Our research group has studied the Mg-Sn-Zn-Mn alloy,
and found that the Mg-6Sn-4Zn-1Mn alloy has the best performance, and thus the Mg-6Sn-
4Zn-1Mn-Al alloy and the Mg-6Sn-4Zn-1Mn-Ca alloy were chosen for study. However,
the effect of the Al element on the Mg-6Sn-4Zn-1Mn-Ca alloy is still not fully understood.
In order to study the effect of the Al element on the Mg-Zn-Sn-Mn-Ca alloy, and explore
the potential properties of the Mg-Zn-Sn-Mn-Ca-xAl alloy, the different contents of Al
are added to the Mg-6Zn-4Sn-1Mn-0.2Ca alloy, and the microstructure and properties of
Mg-6Zn-4Sn-1Mn-0.2Ca-xAl alloy are investigated. It is expected that these studied alloys
can be applied to the field of high-strength heat resistant deformation materials.

2. Experiment

The furnace temperature was set at 720 ◦C, and the mixed gas of CO2 and SF6 acted as
the protective gas. Pure Mg (≥99.9 wt.%), Mg-4.10 wt.% Mn, pure Al (≥99.9 wt.%), pure
Sn (≥99.9 wt.%), pure Zn (≥99.9 wt.%) and Mg-30 wt.% Ca were added successively. After
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the melting was completed, the ingot was poured into the mold to form. After that, the
as-cast alloys were homogenized, that is, the as-cast alloy was placed in a heating furnace
at 330 ◦C and keep at a constant temperature for 24 h. The homogenization treatment
can eliminate the ingot’s ingot composition and microstructure inhomogeneity, and can
preheat the ingot for plastic deformation. The plastic deformation process adopted in
this paper was extrusion treatment, because compared with deformation processes such
as forging and rolling, the extrusion treatment process is subjected to compressive stress
in three directions at the same time, which can make the plasticity of the alloy play out
to the maximum. In this experiment, the extrusion equipment was a 500 t horizontal
extrusion press, the extrusion process was forward extrusion, and the diameter × length
of the extrusion cylinder was ϕ 80 mm×450 mm. The detailed extrusion parameters are
shown in Table 1. After extrusion, solution treatment and aging treatment will further
enhance the alloys’ mechanical properties. This solution treatment is adopted in this paper
on 440 ◦C/2 h, and the aging treatment includes single-stage aging and two-stage aging,
respectively. The detailed process is shown in Table 2.

Table 1. Extrusion parameters for the studied alloys.

Test Materials Billet
Temperature (◦C)

Extrusion
Chamber

Temperature (◦C)

Mold Hole
Diameter (mm)

Extrusion Speed
(m/min)

Extrusion
Ratio

Mg-6Zn-4Sn-1Mn-
0.2Ca-xAl 360 350 16 2 25

Table 2. Heat treatment parameters for the studied alloys.

Type Solution Treatment Aging Treatment

T4 —
T4+single aging 440 ◦C/2 h 180 ◦C/12 h
T4+double aging 90 ◦C/24 h + 180 ◦C/8 h

In this paper, an U1tima IV X-ray diffractometer was chosen to identify the experi-
mental alloys’ phases. The specific test parameters are as follows: the scanning angle was
10~90◦, and the scanning speed was 4◦/min. The microstructure of the alloy was observed
by optical microscopy, scanning electron microscopy and transmission electron microscopy.
The optical microscope used was an Olympus BX53M. The model of the scanning electron
microscope was a JSM-6360, and the scanning electron microscope was combined with an
Energy Dispersive Spectrometer (EDS) for point measurement, line scanning, and surface
scanning at the same time. The EDS used was an Oxford INCA Energy 350. Secondary
electron scanning electron microscope (SE-SEM) and back scattered electron scanning elec-
tron microscope (BSE-SEM) were also used. A FEI Tecnai G2 F20 Transmission Electron
Microscope (TEM) was used, and the alloy sample was prepared according to the needs
of the Bright field image (Bright field, BF) and the high-angle annular dark-field scanning
transmission electron microscope (HAADF-STEM).

In order to evaluate the comprehensive properties of the alloy, the extrusion state
and the aging state of the alloy are selected to carry out a unidirectional tensile test at
room temperature. The room temperature performance test followed the ASTM B557M-02
standard. The experimental instrument used was a Xin think CMT-5105 microcomputer
controlled electronic universal testing machine. The unidirectional tensile test was carried
out at uniform speed, and the tensile rate was 3 mm/s. Before stretching, according to the
GB228-2002 standard, the stretching sample was made into the stretching key in Figure 1a.
On the basis of the room temperature tensile test of the developed alloy, the extruding alloy
was further selected. According to the GB228-2002 standard, the tensile bond was made,
as shown in Figure 1b. After that, the high temperature performance tests were carried
out at 150 ◦C and 200 ◦C, respectively, using an Instron 3369 electronic universal material
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testing machine. The high temperature performance test followed the ASTM E21→92(1998)
el standard. We adopted uniform unidirectional drawing, held the heat for 10min before
drawing, and the drawing speed was 2 mm/min.
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in the ZTM641-0.2Ca-2Al alloy, but the diffraction peak intensity of the AlMn phases is 
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Figure 1. The schematic of the tensile sample at room and high temperature, (a) room temperature,
(b) high temperature.

3. Results and Discussion
3.1. As-Cast Microstructure

One characteristic of the Mg alloy is its low density. In order to confirm whether the
density of the studied alloy still meets the requirements of the light alloy, the density test
was conducted on the as-cast ZTM641-0.2Ca-xAl (x = 0, 0.5, 1, 2) alloy, and the test results
are shown in Table 3. It can be seen from the table that the density of the as-cast ZTM641-
0.2Ca is 1.7666 g/cm3, the density of ZTM641-0.2Ca-0.5Al is 1.8240 g/cm3, and the density
of ZTM641-0.2Ca-1Al is 1.8284 g/cm3. The density of ZTM641-0.2Ca-2Al is 1.8359 g/cm3.
Generally speaking, the alloy density increases with the increase in Al content.

Table 3. The density of as-cast ZTM641-0.2Ca-xAl alloys.

Alloys ZTM641-0.2Ca ZTM641-0.2Ca-0.5Al ZTM641-0.2Ca-1Al ZTM641-0.2Ca-2Al

Density (g/cm3) 1.7666 1.8240 1.8284 1.8359

Figure 2 is the XRD graph of the as-cast ZTM641-0.2Ca-xAl (x = 0, 0.5, 1, 2) alloy. From
the figure, we can see that the ZTM641-0.2Ca alloy mainly has α-Mg, Mg2Sn, Mg7Zn3,
MgZn, α-Mn and CaMgSn phases. As 0.5%Al is added to the alloy, the new diffraction
peak of the AlMn phase appears. As the Al element continues to increase to 1%, the
diffraction peak of the AlMn phase is significantly enhanced, which indicates that the
number of AlMn phases in the ZTM641-0.2Ca-1Al alloy increases significantly. When the
Al element continues to increase, a new diffraction peak of Mg32(Al,Zn)49 phases is found
in the ZTM641-0.2Ca-2Al alloy, but the diffraction peak intensity of the AlMn phases is
slightly weakened.

Figure 3 is the Optical graphs of as-cast ZTM641-0.2Ca-xAl (x = 0, 0.5, 1, 2) alloys.
From the figure, we can see that the as-cast microstructure mainly consists of an Mg matrix,
dendrites, and a dispersed-distributed second phase. Compared with Figure 3a–d, the
secondary growth of the dendrite is more sufficient, and the dendrite distribution is more
dense with the addition of Al from 0 to 2%. This is due to the formation of the component
supercooling of the Al element at the liquid-solid interface. When the amount of the Al
element increases, the composition undercooling is obvious, which accelerates the growth
rate of the dendrite tip, and then leads to the spacing decrease in the secondary dendrite.
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Figure 3. Optical micrographs of as-cast ZTM641-0.2Ca-xAl alloys: (a) x = 0; (b) x = 0.5; (c) x = 1;
(d) x = 2.

Figure 4 shows the SEM graphs of the dendrites of the as-cast ZTM641-0.2Ca-xAl
(x = 0.5, 1, 2) alloy. It can be seen that the dendrite of the ZTM641-0.2Ca-0.5Al alloy mainly
has two phases, one being the Mg2Sn phase and the other the Mg7Zn3 phase, in which the
Mg7Zn3 phase shows a network structure. As the Al element increases to 1%, the type for
the dendrite phases does not change, but the morphology of the Mg7Zn3 phase changes
significantly, and its network structure is obviously refined, as depicted in Figure 4b. When
the Al content continues to increase, the morphology and type of dendrite phase are
changed for the ZTM641-0.2Ca-2Al alloy. It mainly has an Mg2Sn phase, an Mg7Zn3 phase,
and an Mg32(Al,Zn)49 phase. Meanwhile, the network structure of the Mg7Zn3 phase is
further refined, as shown in Figure 4c. The gradual refinement of the network structure of
the Mg7Zn3 phase may result from the aliquation of the Al element on the Mg-Zn eutectic
compound. According to the EDS data for point A, B and C, The Mg7Zn3 phase contains
different Al content, and the greater the Al element, the finer the network structure.
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Figure 4. BSE-SEM micrographs of as-cast ZTM641-0.2Ca-xAl alloys: (a) x = 0.5; (b) x = 1; (c) x = 2.

3.2. As-Homogenized Microstructure

Figure 5 shows the SEM graphs for the as-homogenized ZTM641-0.2Ca-xAl (x = 0.5,
1, 2) alloys. It shows that the microstructure is made up of the Mg matrix, the dendritic
phase, and the dispersed second phase. Compared to an as-cast microstructure, the as-
homogenized dendritic phases are of discontinuous distribution. This indicates that a part
of the dendrites has been dissolved in the matrix. Figure 5d is an enlargement of the green
box in Figure 5c. As we can see in this graph that a large number of white fine points are
distributed around the dendrite, showing a gray transition shape, this indicates that a part
of the dendrite structure is melted by the heat treatment, while the white fine points are
residual eutectic compounds.
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In order to determine the composition of the dendrite structure, an EDS analysis was
conducted, and the results are shown in Figure 5e,f. We can see that the composition
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of point A is mainly Mg, Zn, Sn, Ca and Al, while point B mainly contains Mg and Zn
elements, mixed with a small amount of the Al element. Combined with the XRD results, it
can be determined that point A and B are of the Mg7Zn3 phase.

3.3. As-Extruded Microstructure

Table 4 shows the density of the as-extruded ZTM641-0.2Ca-xAl (x = 0, 0.5, 1, 2)
alloy. It can be seen from the table that the density of as-extruded ZTM641-0.2Ca-0.5Al
is 1.8318 g/cm3. The density of as-extruded ZTM641-0.2Ca-1Al and ZTM641-0.2Ca-2Al is
1.8469 g/cm3 and 1.8641 g/cm3, respectively. The density increases with the increase of
the Al content, which is the same as that of the as-cast alloy. However, the density of the
as-extruded alloy is slightly higher. This is because after the homogenization and extrusion
treatment, the as-extruded composition is more uniform and the microstructure is more
closely distributed, which can be confirmed in the subsequent microstructure analysis.

Table 4. The density of as-extruded ZTM641-0.2Ca-xAl alloys.

Alloys ZTM641-0.2Ca ZTM641-0.2Ca-0.5Al ZTM641-0.2Ca-1Al ZTM641-0.2Ca-2Al

Density (g/cm3) 1.7889 1.8318 1.8469 1.8641

Figure 6 shows the XRD patterns for the as-extruded ZTM641-0.2Ca-xAl (x = 0, 0.5, 1,
2) alloy. According to the results, the as-extruded ZTM641-0.2Ca-xAl alloys mainly consist
of the α-Mg, Mg2Sn, Mg7Zn3, MgZn, α-Mn, CaMgSn, MgZn2, AlMn, and Mg32(Al,Zn)49
phases. Unlike the as-cast alloys, these fine diffraction impurity peaks in the as-extruded
alloys are significantly reduced after homogenization treatment and extrusion plastic
deformation. At the same time, a new diffraction peak of the MgZn2 phase appears in the
as-extruded alloy, and the diffraction peak intensity of the MgZn2 phases is significantly
weakened after the addition of the Al element, which may be due to the combination of Al
with the Mg and Zn elements to generate the Mg32(Al,Zn)49 phase, which consumes part
of Zn element. The variation of diffraction peak intensity of the other phases is similar to
that of an as-cast alloy.
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Figure 7a–d are the longitudinal metallographic for the as-extruded ZTM641-0.2Ca-
xAl (x = 0, 0.5, 1, 2) alloys. It shows that dynamic recrystallization occurs after the hot
extrusion treatment, and these bulk second phases are broken into small particles; these
small particles are streamlined distribution. Compared with figure (a), (b), (c) and (d), it
was determined that the recrystallized grain size of the ZTM641-0.2Ca-1Al alloy was the
smallest. According to the research of Humphreys F J [19], the large second phase will
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cause lattice distortion, produce large-angle grain boundaries, promote the crystal grains
nucleation, increase the number of crystal grains, and significantly reduce the crystal grain
diameter. For studying these second phases of the as-extruded alloys, the as-extruded
ZTM641-0.2Ca-2Al alloy was chosen for SEM observation. The observation results are
shown in Figure 7e. It can be seen that the white second phase particles are distributed into
the matrix with a streamlined distribution, and some large second phases are also observed.
Through the EDS results in Figure 7f, as we can see that point A mainly contains three
elements: Mg, Zn and Al. According to the XRD pattern in Figure 6, the second phase can
be determined as the Mg32(Al,Zn)49 phase. Point B mainly contains the three elements of
Mg, Al and Mn, and Al:Mn = 1:1. Combined with the XRD pattern, the second phase can
be determined as the AlMn phase.
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Figure 7. Optical micrographs of as-extruded ZTM641-0.2Ca-xAl alloys: (a) x = 0; (b) x = 0.5; (c) x = 1;
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Figure 8 shows the TEM micrographs of the as-extruded ZTM641-0.2Ca-2Al alloy.
As shown in Figure 8a, the microstructure of the as-extruded ZTM641-0.2Ca-2Al alloy
contains some rod-like phases of about 1 µm in diameter, and the distribution is relatively
concentrated. The aggregation of rod-like phases may be due to the large number of
boundary surfaces of the rod-like phases, and the aggregation growth can reduce part of
the interface. According to the minimum energy criterion, the decrease of interface energy
can make the system tend to a more stable state. The EDS results and XRD patterns confirm
that these rod-like phases are MgZn phases. The rod-like MgZn phase is also observed
in Figure 8b. Through the EDS results, the CaMgSn phase is observed in the dislocation
pile-up. This indicates that the Ca element and Sn element are enriched here. This is due to
the lower energy required for the movement of atoms in dislocations, which makes it easier
for Ca to combine with the Sn and Mg atoms. Therefore, the CaMgSn phase is nucleated
and precipitated with dislocation and dislocation entanglement.
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3.4. Solution-Treated and Aged Microstructures

The phases of the solid solution ZTM641-0.2Ca-xAl (x = 0, 0.5, 1, 2) alloy are analyzed
by XRD patterns. The results are shown in Figure 9. Among them, the solid solution
ZTM641-0.2Ca alloy mainly consists of α-Mg, Mg2Sn, MgZn2, α-Mn and CaMgSn phases.
As 0.5%Al is added to the alloy, the ZTM641-0.2Ca-0.5Al alloy is α-Mg, Mg2Sn, MgZn2,
α-Mn, CaMgSn and AlMn phases, and the Al element is mainly used to form the AlMn
phase. As the Al content increases to 1%, the phase type does not change. As the Al element
continues to increase to 2%, the phase of ZTM641-0.2Ca-2Al changes into the α-Mg, Mg2Sn,
MgZn2, α-Mn, CaMgSn, AlMn and Mg32(Al,Zn)49 phases. Due to the further increase of the
Al content, the Al element is mainly used to form the AlMn phase and the Mg32(Al,Zn)49
ternary phase. Compared with the as-extruded alloys, the diffraction peaks of the Mg7Zn3
and MgZn phases are not detected. This indicates that these two phases all melt into the
matrix, and the Zn element is mainly combined with Mg and Al to form the MgZn2 phase
and the Mg32(Al,Zn)49 phase. Comparing the several curves, it is found that when the Al
element increases, the diffraction peak intensity of the AlMn phase increases significantly.
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Figure 10 shows the optical micrographs of the solid solution ZTM641-0.2Ca-xAl
(x = 0, 0.5, 1, 2) alloy. According to the figure, the microstructure for the solid solution
alloy includes the Mg matrix, grain, and second phases. After this solution treatment, the
recrystallized grain grows further, and the average grain size decline with the Al element
rises, although the change is not very obvious, which indicates that the Al element plays
a certain role in grain refinement for the alloys. The grain refinement may be due to the
combination of the Al element and the Mn element to form the AlMn phase. The AlMn
phase preferably precipitates and concentrates at the front-end α-Mg phase, which pins the
grain boundary and hinders the grain growth. For the ZTM641-0.2Ca alloy, the majority of
second phases have been dissolved into the matrix, as shown in Figure 10a. When 0.5%Al
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is being added, some black second phase with a diameter of about 5 µm is observed in
the microstructure, a large number of them are distributed on the grain boundary, and a
few are distributed in the grain. As the Al element increases to 1%, the number of second
phase particles rise, and the diameters of these particles rise to about 10 µm. All of them are
distributed on the grain boundaries, and some of them are of an aggregated distribution.
When the Al content continues to increase to 2%, the second phase particle continues
to grow.
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To observe the microstructure and morphology for solid solution alloys from a clearer
perspective, the solid solution ZTM641-0.2Ca-0.5Al alloy is selected for scanning electron
microscope observation. The observation results are shown in Figure 11a. We can see that
the solid solution structure has substrate and second phase particles, and the particle sizes
are not unique, among which the particles with a small diameter are point-like. They are
mainly located in the grain boundary, although a small portion of them are located in the
grain interior. The second phase, which is larger in size, is angular and massive, mainly
distributed on the grain boundary. Figure 10b is the red box’s magnification in Figure 10a.
We can clearly observe that these second phases of the bright white angular block are
located at the intersection of several grain boundaries. The grain diameter is about 5 µm. In
order to determine the specific composition of the second phase particles in the figure, the
region shown in Figure 10b was scanned by the energy spectrum, as shown in Figure 11. It
can be observed that Mg mainly exists in the matrix. Zn appears in the matrix and second
phases. Sn elements are also segregated in the matrix and second phases. The Mn element
appears to be segregated in the second phase and disperses in the matrix. The Ca elements
are uniformly distributed in the matrix and second phases. This distribution of Al elements
in the matrix is uniform, and there is segregation in the second phase particles. In general,
these second phases of the angular block are AlMn phases.

After solid solution treatment, the ZTM641-0.2Ca-xAl (x = 0, 0.5, 1, 2) alloy is subjected
to artificial aging treatment. Because there is no obvious difference in the microstructure
between one-stage and two-stage aged alloys, we selected the two-stage aged alloy as that
representing the microstructure analysis in this paper. Figure 12 is the optical micrograph
of the two-stage aged ZTM641-0.2Ca-xAl (x = 0, 0.5, 1, 2) alloy. We can see that these second
phase particles at the microstructure are less for the ZTM641-0.2Ca-0.5Al alloy. The second
phase particles increased significantly for the ZTM641-0.2Ca-1Al alloy, most of which are
located on the grain boundary, as shown in Figure 12c. When the Al element increases to
2%, the more second phases particles that appear in the microstructure, the more diffuse is
the distribution, the majority of them are located in grain boundaries, and a few of them
are distributed in grains. Compared with Figure 12a–d, it was found that the grain size
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declines when the Al element increases, and the grain size of the ZTM641-0.2Ca-2Al alloy
is the smallest.
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Figure 13 shows the XRD patterns of the two-stage aged ZTM641-0.2Ca-xAl (x = 0,
0.5, 1, 2) alloy. From this figure, we can see that the phase composition of the two-stage
aged alloy are mainly the α-Mg, Mg2Sn, MgZn2, α-Mn, CaMgSn, AlMn and Mg32(Al,Zn)49
phases. The addition of Al mainly forms the AlMn phase and the Mg32(Al,Zn)49 phase
with the other elements in the alloy. The variation of other precipitated phases is similar to
that of the solid solution alloy, but these diffraction peaks of Mg2Sn and MgZn2 phases for
the two-stage aged alloy are obviously wide, which indicates that the particle size for these
two precipitated phases is small.
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Figure 13. XRD patterns of two-stage aged ZTM641-0.2Ca-xAl (x = 0, 0.5, 1, 2) alloy.

To clearly observe the microstructure of the aged alloy, the two-stage aged ZTM641-
0.2Ca-xAl (x = 0.5, 1, 2) alloy is observed in these SEM images. As shown in Figure 14, the
microstructure of the alloys mainly consists of the Mg matrix and second phases. Among
them, the ZTM641-0.2Ca-0.5Al alloy has a large second phase with a diameter of about
10 µm and a blocky morphology. In addition, most of these second phases are located on
grain boundaries, while a few are located at the grain. For the ZTM641-0.2Ca-1Al alloy,
the number of large second phase particles of these alloys increases, while the particles’
morphology and distribution are similar to the ZTM641-0.2Ca-0.5Al alloy. For the ZTM641-
0.2Ca-2Al alloy, the number of second phase particles of these alloys increases further, and
the morphology is still angular and blocky. It can be seen in Figure (c) that these second
phase particles are mainly located on the grain boundary.
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In order to determine the composition of these second phases, EDS testing was chosen,
and these results are shown at Figure 14d. As shown in the graph, the elemental compo-
sition of the second phase in point A is mainly Mg, Al and Mn. Due to the second phase
being located on the matrix, the Mg element will inevitably exist in the EDS results. There-
fore, this second phase is the Al-Mn phase. Compared with Figures 10 and 12, the aged
alloy has more second phase particles. This is due to most of the Al and Mn atoms being
dissolved into the matrix during the solid solution process. When the alloy is subjected
to an aging treatment, the Al and Mn atoms will continue to precipitate with the form of
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Al-Mn phase. It is worthy of note that in the EDS result in Figure 14d, the atomic ratio of
the precipitated phase is Al:Mn = 1:2, but the XRD graph in Figure 13 shows that the Al-Mn
phase is the AlMn phase. These results conflict with each other. According to the previous
literature [20], some researchers think that the Al-Mn phase is the Al8Mn5 phase. In this
paper, this phase was tentatively named the Al-Mn phase after thorough consideration.

3.5. Mechanical Properties

Figure 15 shows the mechanical properties of the as-extruded ZTM641-0.2Ca-xAl
(x = 0, 0.5, 1, 2) alloy at room temperature. As can be seen, the as-extruded ZTM641-
0.2Ca alloy has the highest comprehensive mechanical property; that is, the UTS, YS and
elongation are 336 MPa, 230 MPa and 14.5%. According to our previous research, the UTS,
YS and the elongation of the Mg-6Sn-4Zn-1Mn alloy are 328 MPa, 255 MPa and 10.76%,
respectively. When 0.5% Al was added, the properties of the alloy decreased slightly,
with the UTS, YS and elongation at 329 MPa, 224 MPa and 11.9%, respectively. When
the Al content increases to 1%, the UTS and YS decrease to 327 MPa and 221 MPa, but
the elongation increases to 13%. When the Al content is 2%, the UTS is 324 MPa, the
YS is 218 MPa, and the elongation is 14%. In general, the properties of the as-extruded
ZTM641-0.2Ca-xAl (x = 0, 0.5, 1, 2) alloy decreased slightly with the increase of Al content,
but the overall difference was not significant. The reason for this variation trend is that the
Al element was added to the alloy and combined with the Mn element in the alloy to form
the AlMn phase. According to the previous microstructure analysis, the higher Al content,
the larger the second phase, and the worse binding force with the matrix. When the alloy is
deformed, the coordinating deformation ability of the alloy is poor, resulting in a decrease
in the strength of the alloy.
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Figure 16 shows the strength and plasticity of the aged ZTM641-0.2Ca-xAl (x = 0, 0.5,
1, 2) alloy at room temperature, and Figure (a) and Figure (b) correspond to the one-stage
aging and two-stage aging, respectively. From Figure (a), we can see that the one-stage
aged ZTM641-0.2Ca alloy has the highest strength, with the UTS and YS being 392 MPa and
365 MPa, respectively. According to our previous research [21], the UTS and YS of the one-
stage aged ZTM641-0.2Al alloy are 382 MPa and 352 MPa, and the UTS and YS of one-stage
aged ZTM641-0.5Al alloy are 350 MPa and 299 MPa. When 0.5% Al is added to the alloy,
the strength and plasticity show a decreasing trend, while the UTS and YS are 365 MPa and
325 MPa, respectively. When the Al content increases to 1%, the UTS and YS continually
decrease to 350 MPa and 304 MPa, respectively. In addition, the UTS and YS of the ZTM641-
0.2Ca-2Al alloy are further reduced to 333 MPa and 269 MPa, respectively. On the other
hand, with the gradual increase of the Al content, the elongation of the alloy gradually
increases. When the Al content increases to 2%, the elongation increases significantly, to
13.2%. For the two-stage aged alloy, the variation of properties is consistent with that of the
one-stage aged alloy. As shown in Figure 16b, the two-stage aged ZTM641-0.2Ca alloy also
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has the highest strength, with UTS and YS at 407 MPa and 392 MPa, respectively. According
to our previous research, the UTS and YS of the two-stage aged ZTM641-0.2Al alloy are
384 MPa and 360 MPa. When 0.5%Al is added to the alloy, the alloy strength decreases
slightly, and the UTS and YS are 369 MPa and 328 MPa, respectively. When the Al content
continues to increase, the strength of the alloy also continues to decrease. When the Al
content is 2%, the UTS and YS of the alloy decreases to 350 MPa and 305 MPa. When the Al
atom content is 2%, the elongation of the alloy is the best, at 12%. The gradual improvement
of the plasticity may be due to the more Al atoms that are dissolved into the matrix with
the increase of Al content, which effectively reduces the stacking fault energy of the alloy.
Due to the low stacking fault energy of the alloy, dislocation cells do not form easily, which
effectively prevents the nucleation and growth of cracks, and improves the plasticity of
the alloy [22]. As for the alloy strength gradually decreasing, this may be due to the large
size of the Al-Mn phase in the alloy. On the one hand, the large size of the second phase
reduces the coordinated deformation ability of the matrix. On the other hand, it can be
clearly observed from Figure 14 that the large size of the Al-Mn phase is mainly distributed
on the grain boundary. With the increase of Al content, the amount of the Al-Mn phase
on the grain boundary also increased. Due to the size of the second phase particles on
the grain boundary affecting the plastic deformation ability, when the size and number of
the second phase particles on the grain boundary are larger, the cracks are more likely to
appear in the alloy, and the corresponding strength is lower. Therefore, the strength of the
ZTM641-0.2Ca-2Al alloy is the lowest.
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Figure 16. Mechanical properties of aged ZTM641-0.2Ca-xAl alloys tested at room temperature:
(a) one-stage aging; (b) two-stage aging.

Figure 17a,b show the strength and plasticity of the as-extruded ZTM641-0.2Ca-xAl
(x = 0, 0.5, 1, 2) alloy at 150 ◦C and 200 ◦C, respectively. It can be seen from Figure (a) that
the UTS and YS of the ZTM641-0.2Ca-xAl alloy gradually increases with the addition of
the Al element. Among them, the strength of the ZTM641-0.2Ca-2Al alloy i the highest,
and the UTS and YS are 159 MPa and 132 MPa, respectively. However, the elongation of
the ZTM641-0.2Ca-xAl alloy decreases gradually with the addition of Al; the elongation
of ZTM641-0.2Ca-2Al alloy is only 5%. According to Figure (b), the variation trend of the
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mechanical properties at 200 ◦C is consistent with that at 150 ◦C. The UTS and YS of the
ZTM641-0.2Ca-2Al alloy are the highest, at 103 MPa and 90 MPa. However, the elongation
is lower, at 59.8%.
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Figure 17. Mechanical properties of as-extruded ZTM641-0.2Ca-xAl alloys tested at high temperature:
(a) 150 ◦C; (b) 200 ◦C.

According to the previous as-extruded microstructure, it can be seen that the Al
element is added to the alloy and combines with the Mn element to generate the AlMn
phase. The AlMn phase is a high-melting phase with a melting point of 670 ◦C. When the
alloy is deformed under high temperature, the AlMn phase can pin the grain boundaries,
hindering dislocation slip. According to metal theory [23], when the alloy is subjected
to stress and deformation at high temperatures, if the size of second phase is large, the
dislocation cannot cut through the second phase, but can only bypass the second phase. In
this process, the dislocation must overcome the resistance caused by the bending dislocation
tension. Specifically, the shear stress required by the dislocation bypass phase is shown in
the following formula:

τ = G
b
λ

where G is the tangent modulus of elasticity, b is the Berkovian vector of dislocations,
and λ is the distance between the dislocation and the precipitate. Based on the previous
microstructure analysis, when the Al content increases from 0.5% to 1% and 2%, the number
and size of the second phase also increases correspondingly, and the required shear stress
also increases, which improves the strength. However, due to the AlMn phase being a
brittle phase, the higher content of the AlMn phase will inevitably lead to the deterioration
of the plasticity.

4. Conclusions

In this paper, the Al element was added to the ZTM641-0.2Ca alloy, and the mi-
crostructure and mechanical properties of the ZTM641-0.2Ca-xAl (x = 0, 0.5, 1, 2) alloy were
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explored by means of XRD, OM, SEM, TEM, EDS and a unidirectional tensile experiment.
The conclusions obtained are summarized as follows:

(1) The ZTM641-0.2Ca-xAl (x = 0.5, 1, 2) alloy is mainly composed of the α-Mg, Mg2Sn,
Mg7Zn3, MgZn, MgZn2, α-Mn, CaMgSn, AlMn and Mg32(Al,Zn)49 phases. When the
Al element is added to the alloy, the AlMn and Mg32(Al,Zn)49 phases are formed.

(2) When the Al element is added to the ZTM641-0.2Ca alloy, the alloy grains are refined,
and the angular bulk AlMn phase is formed, which is mainly distributed at the grain
boundaries. With the increase in Al element content, the amount of the AlMn phase
increases, but the morphology does not change.

(3) At room temperature, the higher content of Al can improve the elongation of the aged
alloy, and the two-stage aged ZTM641-0.2Ca-2Al alloy has the highest elongation,
at13.2%. At high temperatures, the Al element can improve the strength, and the
strength of the as-extruded ZTM641-0.2Ca-2Al alloy at 150 ◦C is the highest, with a
UTS and YS of 159 MPa and 132 MPa, respectively.
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Abstract: This paper investigates the effect of retrogression time on the fatigue crack growth of a
modified AA7475 aluminum alloy. Tests including tensile strength, fracture toughness, and fatigue
limits were performed to understand the changes in properties with different retrogression procedures
at 180 ◦C. The microstructure was characterized using scanning electron microscopy (SEM) and
transmission electron microscopy (TEM). The findings indicated that as the retrogression time
increased, the yield strength decreased from 508 MPa to 461 MPa, whereas the fracture toughness
increased from 48 MPa

√
m to 63.5 MPa

√
m. The highest fracture toughness of 63.5 MPa

√
m was seen

after 5 h of retrogression. The measured diameter of η’ precipitates increased from 6.13 nm at the
retrogression 1 h condition to 6.50 nm at the retrogression 5 h condition. Prolonged retrogression
also increased the chance of crack initiation, with slower crack growth rate in the long transverse
direction compared to the longitudinal direction. An empirical relationship was established between
fracture toughness and the volume fraction of age-hardening precipitates, with increasing number
density of precipitates seen with increasing retrogression time.

Keywords: retrogression and re-ageing; Al-Zn-Mg alloys; fatigue crack growth; η’ precipitates;
AA7475 aluminum alloy

1. Introduction

Aluminum alloys made of high-strength Al-Zn-Mg-Cu have been a popular choice for
use in aerospace and other civilian applications since the 1940s [1]. These alloys achieve
their highest strength through peak aging conditions; however, they are also susceptible
to stress corrosion cracking (SCC). Moreover, the safe life design approach necessitates a
high level of fracture toughness and a low fracture cracking growth rate. Therefore, the
fatigue crack growth behavior under spectrum loading is increasingly being considered
when choosing alloys for aircraft structures that are critical to fatigue.

The AA7475 aluminum alloy is a good combination of high strength and superior
fatigue crack growth resistance when compared with AA7050 and AA7075 in comparable
tempers [2–4]. The AA7475 alloy originates from AA7075 and AA7175 aluminum alloys. It
has a higher zinc to magnesium ratio, meaning a greater zinc content and less magnesium
content. The copper content range is comparable between the two alloys, with AA7075
having 1.2–2.0% weight compared to 1.2–1.9% weight in AA7475. AA7475 and AA7075
alloys are both categorized as Al-Zn-Mg-Cu alloys with added Mn and Cr; however,
AA7475 alloy only has a restricted amount of Mn added (0.06 wt% maximum) [5]. Y
Zhou et al. conducted a study on the distribution of Mg and Cr in the dendrite arms of
direct-chilled AA7475 ingots. Their findings indicate that the effective partition coefficients
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of Mg and Cr are 0.650 and 1.392, respectively, and illustrate the heterogeneous distribution
of Mg and Cr along the radial direction of the dendrite arms’ cross-section [6]. Ahmed et al.
have studied the homogenization treatment of Zr-containing AA7475 alloys. They give an
optimum homogenization treatment so that dense and uniformly distributed Zr-bearing
dispersoids can be obtained [7]. It is believed that the dispersoids particles are able to
stabilize the grain structure and increase the recrystallization resistance by pinning grains
and sub-grain boundaries [6,8]. The crack propagation resistance of Al-Zn-Mg-Cu alloys
can be influenced by controlling grain structures. For instance, elongated pancake grains
can effectively slow down crack growth when the crack is spreading at a right angle to the
main axis of the grain. This results in transgranular propagation being preferred, which
increases the energy dissipated during the damage process [9]. Tsai and Chuang studied the
impact of grain size on the susceptibility to stress corrosion cracking (SCC) of the AA7475
alloy. Their findings indicated that homogeneous slip mode is a key factor in reducing
the susceptivity of SCC. A finer grain size leads to a more homogeneous slip mode and
smaller grain boundary precipitates, which makes the material more resistant to SCC [10].
The mechanism of hydrogen embrittlement in high-strength aluminum alloys containing
various dispersoids was explored by M. Safyari et al. Their research demonstrates that the
hydrogen level at the GBs/vacancies is considerably smaller in the Zr-added alloy than
it is in the Cr-added alloy. They explained this as being caused by the elastic interaction
between hydrogen and coherency stain [11].

The typical fracture toughness values for AA7475 alloy plate are around 40% higher
when compared to those of AA7075 alloy in the same tempers [2]. According to a recent
publication, it is possible to attain a fracture toughness (KIC) value of 65.2 MPa

√
m and a

critical stress intensity factor (KISCC) of 37.9 MPa
√

m for 7X75 alloy in the T73 temper [3].
It suggests that the crack propagation behavior can be controlled through the deliberate
selection of alloy composition and thermal mechanical processing. AA7475 aluminum
alloys are often available in T7351 and T7451 conditions. Its resistance to corrosion and
ability to withstand fatigue are comparable to, and in some instances surpass, other high-
strength aerospace alloys, such as AA7075, AA7050, and AA2024. This is also attributed to
its lower Fe and Si content, as noted in various publications [4,12,13]. The Fe-containing
phase in the Al-Zn-Mg-Cu series, such as Al7Cu2Fe or FeAlm, are brittle intermetallic
particles that can nucleate cavities and cracks during the services period [14,15]. Verma et al.
studied fatigue crack propagation (FCP) of AA7475 alloy. It was noted that the fatigue
crack initiated from a surface grain, and the crack extension was dominated by ductile
striations [16]. K. Wen and colleagues investigated the FCP behavior of an Al-Zn-Mg-Cu
alloy with high zinc content under various aging conditions. They discovered that the FCP
resistance improved during the aging process, which they attributed largely to changes in
matrix precipitates [17].

Islam and Wallace have studied the retrogression and re-aging response of alloy
AA7475. The results indicate that stress-corrosion-crack growth rates can vary indepen-
dently of yield strength, and that T6 strength levels can be achieved in materials with
stress-corrosion resistance comparable to that of the T73 condition for alloy AA7475 [18].
Their studies have also shown that stress-corrosion crack growth rates in retrogressed and
re-aged materials are comparable to those in T73 temper [19]. Poole et al. claimed that the
peak stress occurred after a short aging time. The acceleration of the kinetics of over-aging
could be due to the deformation during aging [20]. Ohnishi et al. studied the retrogression
and re-aging (RRA) process for the AA7475 alloy with the aim of enhancing its fracture
toughness and SCC properties while preserving its high T6 level strength. Their findings
indicated that the preservation of high strength was due to the forming of fine dispersions
of age-hardening precipitates. The improvement in SCC resistance was attributed to the
coarsening of grain boundary precipitates [4].

It should be noted that Cina and Ranis developed RRA in 1974 to improve corrosion
resistance to that of the T73 temper while maintaining the peak aged strength [21]. The
original study involved briefly heating 7075-T6 samples (from a few seconds to a few
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minutes) in the temperature range of 200–280 ◦C (reversion process). Today, the reversion
temperatures have decreased to 160–180 ◦C, with the reversion time remaining in the
range of tens of seconds or hundreds of seconds. For instance, T. Marlaud suggests
a 20-min reversion process at 185 ◦C for their Al-Zn-Mg-Cu alloy study [22]. Nicolas
discovered that the dissolution occurs rapidly and should be completed within 100 s if
the retrogression process is carried out within a temperature range of 240–300 ◦C [23,24].
Neither scenario would be suitable for industrial production since the large plates require a
significant amount of time to heat up or cool down evenly throughout their entire thickness.
Additionally, the retrogression temperature must not be too low to avoid insufficient
dissolution of precipitates.

We designed industrial-suited RRA experiment procedures to explore the impact of
retrogression time on other mechanical properties, such as fracture toughness and fatigue
limits. Comprehensive testing was conducted to examine the effect of RRA on these
properties, with particular focus on the fatigue crack growth behavior of the alloy AA7475.

2. Experimental

The material is a modified AA7475 (namely 7X75) 80 mm hot-rolled plate produced by
Guangxi Alnan Aluminium Inc. in China. The measured composition is Al-1.5Cu-2.6Mg-
6.0Zn-0.2Cr-0.03Mn (wt%). The heat treatment procedures for the studied alloys are shown
in Table 1.

Table 1. Heat treatment procedures for studied materials.

Temper Condition Aging Process

T6 Peak-aged 24 h/121 ◦C
T73 Over-aged 6 h/121 ◦C + 30 h/163 ◦C

RRA – 24 h/121 ◦C + (0.5–5) h/180 ◦C + 12 h/121 ◦C

The received plate was solution treated at a temperature of 473 ◦C for 4 h, then cooled
rapidly in a Roller Hearth Furnace to minimize the transfer time. The plate was stretched
immediately after quenching to minimize residual stress, then cut into 1000 mm× 1000 mm
pieces for further aging processes. The T6 and T73 temper procedures are standard, without
any modifications, and their results will serve as reference. However, the RRA process
altered the retrogression time (which was changed from 0.5 to 5 h) while being performed
at a temperature of 180 ◦C. The RRA process was conducted in a customer-designed aging
furnace that has three isolated temperature zones, each set to designed temperatures. The
furnace’s roller transports the aluminum plates from one temperature zone to another at a
controlled speed, allowing for controlled soaking time. The temperature deviation in each
zone is ±1 ◦C.

To fully understand the changes in properties, mechanical properties (ultimate tensile
strength (UTS) and yield strength (YS)) tests were carried out along with the longitudinal
direction. Dog-bone-shaped tensile specimens with a gauge length of 50 mm and diameter
of 10 mm were used. Tensile tests were performed at a strain rate of 10−3 s−1 at room
temperature. Five parallel tests were conducted.

A 60 mm thick compact tension (CT) (L-T direction) was used to measure the frac-
ture toughness. The thickness (B > 2.5(KIC/σYS)

2) was selected to ensure that a valid
plane-strain fracture toughness (KIC) was obtained. High-cycle fatigue (HCF) and Fatigue
crack growth (FCG) tests were performed using a 110 kN MTS landmark hydraulic fatigue
machine. Both L-T direction and T-L direction samples were tested. Hourglass-shaped
specimens were utilized for high-cycle fatigue (HCF) testing, conforming to the size spec-
ified in ASTM standard E466-15. A 12.5-mm thick CT sample based on ASTM standard
E647-15e1 was used for the FCG test with a load ratio of R = 0.06 at a maximum load of
7.0 kN and a frequency of 4.0 Hz. The crack length was measured using a Crack Opening
Displacement (COD) gauge.
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Microstructures were characterized using a ZEISS EVOMA10 scanning electron mi-
croscope (SEM) with an OXFORD Energy Dispersive Spectroscopy (EDS) and an Electron
Backscattered Diffraction (EBSD) detector. The related EBSD data analysis was carried out
using CHANNEL 5 software.

The FEI Tecnai G2 F20 Transmission electron microscope (TEM) equipped with an
OXFORD INCA EDS detector was used to characterize the precipitation under different
conditions. The TEM samples were circular discs 3 mm in diameter, cut from an 80 µm
thick foil obtained through manual thinning. They were further polished using twin-jet
electropolishing in a solution of 80% methanol and 20% nitric acid at a temperature below
−25 ◦C. The particle sizes were measured through TEM image analysis using Image J
software 1.53t. More than one hundred particles were analyzed for each condition.

3. Results and Discussions
3.1. Mechanical Properties, Fracture Toughness and Other Properties of Studied Alloy

The impact of retrogression time on strength, fatigue limits, and fracture toughness
is depicted in Figure 1, with reference lines for T6 and T73 temper results. As seen in
Figure 1a,b, both the UTS and YS decrease with increasing retrogression times, but remain
within the range of T6 (565 MPa) and T73 (507 MPa) temper. It is also evident that the
changes in YS are more pronounced than those in UTS at 2 h, 3 h, and 5 h, with a continuous
decrease in YS and little change in UTS. The YS values for T6 and T73 temper are indicated
by dashed lines in Figure 1b as 510 MPa and 410 MPa, respectively. Figure 1c displays a
linear decrease in the fatigue limits with increasing retrogression time. It is evident that the
fatigue limit (FL) exceeds the T6 temper (180 MPa) when retrogression occurs for 0.5 and
1 h. However, after 2 h of retrogression at 180 ◦C, the fatigue limit (FL) is equal to that of
the T6 temper. While the fatigue limit decreases with retrogression time, it still exceeds the
value for the T73 condition (170 MPa).

As depicted in Figure 1d, the fracture toughness shows a sharp rise with increasing
retrogression time, particularly for retrogression times of 0.5 h, 1 h, and 2 h. Beyond a
retrogression time of 2 h, the change in fracture toughness is more modest. The fracture
toughness values fall within the range of T73 (64.7 MPa

√
m) and T6 temper (47.3 MPa

√
m)

and the highest KIC value is 63.5 MPa
√

m; this surpasses the traditional AA7475 report’s
L-T value of 52 MPa

√
m and T-L value of 42 MPa

√
m [25]. Figure 1e displays exceptional

KISCC values for samples subjected to RRA treatment; these are within the published range
of 19–22 MPa

√
m s [26,27]. The KISCC value also increases with longer retrogression times,

with a significant increase observed between 1 h and 2 h. Beyond that, the KISCC value
stabilizes irrespective of retrogression time changes.
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3.2. Fatigue Crack Growth Study

Figure 2 illustrates the FCGR curves (da/dN vs. ∆K) for alloys experiencing different
retrogression times in the L-T direction (Figure 2a) and T-L direction (Figure 2b). It is shown
that the crack growth rate along the long transverse direction (L-T) is less than the longitu-
dinal direction (T-L). This can be seen by the crack growth value of ~0.08 × 10−3 mm/cycle
(Figure 2a) in the L-T direction when compared to ~1 × 10−3 mm/cycle (Figure 2b) in
the T-L direction at ∆K = 20 MPa

√
m. The result agrees with the data shown in other

publications [16]. The decreased ∆Kth by about 2–3 units in the 2-h retrogression sample is
also displayed in both figures. The da/dN value is more scattered when close to the ∆Kth
value. This is because constant force amplitude test procedures are usually well suited for
fatigue crack growth rates above 10−6 mm/cycle. The crack growth rate is, on average,
smaller than on atomic spacing per cycle, and such a crack can be considered dormant. The
COD method can barely record the crack change in this ∆K region. When a precise ∆Kth
value is wanted, a K-decreasing test procedure is recommended in the standard [28]. We
calculated the crack growth threshold by using the interpolation method. This involves
taking the average of the five smallest da/dN values, as shown by the filled circles in
Figure 2. The resulting mean ∆K value is estimated as ∆Kth, which represents the fatigue
threshold. The figures demonstrate that the ∆Kth value for RRA1h is higher than that
for RRA2h in both directions, indicating that the alloy is more prone to cracking when
subjected to longer retrogression treatment.

In the crack propagation state, which is characterized by higher ∆K values, the crack
growth rate follows the Paris–Erdogan law [29].

da
dN

= C · ∆Km (1)

In this law, C and m are considered material constants that depend on factors such as
frequency, temperature, and stress ratio. The fitted constants are displayed in the figures.
The results show that the parameter C has a magnitude of approximately 1 × 10−6 for
both L-T and T-L directions, except for the RRA2h sample in the T-L direction, where C
has a value of 1 × 10−7. The coefficient m, which falls between 2.1–2.4, does not show
significant variation. This m value is consistent with Verma’s findings for the same series
of aluminum alloys [5]. It is interesting to compare the fatigue crack propagation (FCP)
behavior with other alloys. Figure 2a includes the FCGR for alloy AA7050-T7451 from
MMPDS for comparison [30]. The MMPDS data were obtained at a higher stress ratio
(R = 0.1) and, therefore, the FCGR is expected to be higher than at R = 0.06 for the same
∆K values. However, as shown in the figure, the FCGR for both alloys is very similar
in the low ∆K value range. In the high ∆K value range, the studied 7X75 alloy exhibits
significantly lower values, indicating that it is highly resistant to fatigue crack growth in
the L-T direction after retrogression treatment.

Figure 2b displays the fracture surface of the samples tested in T-L directions, roughly
divided into three stages of crack behavior. However, the boundaries of each stage require
clarification; these are the initial crack stage (I), the steady crack propagation stage (II), and
the catastrophic failure stage (III). The initial crack stage and steady crack propagation
stage appear brighter as their fracture surface is relatively smooth, while the catastrophic
failure stage appears darker due to its unstable crack propagation. Further fractographic
analysis is presented in the following section.
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3.3. Fractographic Characterizations

Figure 3 shows a detailed SEM characterization of the fractography of T-L samples at
different retrogression times. The first column displays the fractography of RRA1h samples,
and the second column shows the fractography of RRA2h samples.
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Figure 3. SEM characterization of fractography of T-L direction samples after retrogression at 180 ◦C
for 1 h (first column) and 2 h (second column). Images (a,b) are taken from stage I-crack initial,
(c,d) are taken from stage II-crack steadily propagation, and (e,f) are taken from stage III- catastrophic
failure. The enclosed image in the top-right corner shows higher magnifications of the fatigue
striations produced from amplitude loading.

The initial crack stage (Figure 3a,b) and steady crack propagation stage (Figure 3c,d)
exhibit a typical cleavage fracture pattern, with straight cleavage cracks along the RD direction
and some separations at certain angles. There is no evidence that the separations are linked to
the crystallographic planes. Some prominent cracks exhibit the fiber grain structure, while
the separations appear denser than in other conditions. RRA2h samples (Figure 3a) contain
more micro-voids than RRA1h samples (Figure 3b); these result from plastic flow and will
eventually enlarge during fracture. In stage II, the steady propagation of the main crack is less
noticeable, and separated cracks at certain angles are the dominant behavior. Fracture voids
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are frequently observed in RRA2h conditions. The dimpled texture indicates better fracture
toughness; this is consistent with the fracture toughness values in Figure 1.

Fatigue striations can be seen in both the crack initiation and propagation stages, with
their morphology depicted in the top-right corner of images from Figure 3a–d. Striation
spacings of approximately 430 nm were observed in the RRA1h condition, and approxi-
mately 315 nm in the RRA2h condition. Striations are traces left behind by the progressive
expansion of a fatigue crack on the fracture surface. The location of the crack tip at the
moment it was created is indicated by a striation. According to the observed striation
spacings, FCGR is likely quicker in the RRA1h condition than the RRA2h condition. Thus,
RRA1h samples should have lower fatigue limits than RRA2h samples. The fatigue limit,
according to Figure 1c, is 180 MPa for the RRA2h condition and roughly 185 MPa for the
RRA1h condition. In Figure 2b, the measured FCGR for the RRA1h condition is marginally
lower than for the RRA2h condition. Hence, the striation spacing may thus necessitate a
more thorough statistical analysis over the full fracture length. According to W.C. Connors,
estimating the total number of striations would be more accurate if striation spacings were
measured at a few different spots; though hundreds of striations are often present on
fracture surfaces [31].

The formation of slip bands indicates a concentrated unidirectional slip on certain
planes, causing a stress concentration. Typically, slip bands induce surface steps (e.g.,
roughness due persistent slip bands during fatigue) and a stress concentration which can be
a crack nucleation site. Slip bands extend until impinged by a boundary, and the generated
stress from dislocations pile-up against that boundary will either stop or transmit the
operating slip depending on its (mis)orientation [32,33].

Figure 3e,f depict a catastrophic failure after the crack propagation stage. During this
stage, fractography becomes more complicated. The stress intensity increases to the point
where the crack grows rapidly, resulting in a complex fractography featuring both plastic
and brittle fracture morphologies. Additionally, the fracture cavities are noticeably larger
when compared to earlier stages.

3.4. Microstructure Characterizations and Discussions

The initial microstructure of a 1/4 thickness sample is displayed in Figure 4. It shows
typical deformed grain structures with two planes that exhibit distinct grain structures.
Figure 4a shows that the grains in the L-T plane have been squeezed due to rolling, with an
aspect ratio (grain length in LTD/grain length in STD) of around 4.2. The T-L plane exhibits
a pancake-like grain structure with a much higher aspect ratio of around 20.5. The EBSD
image analysis reveals a low recrystallization fraction (less than 10%) due to the specific
thermomechanical processing. This results in unrecrystallized grains that can dissipate
crack growth energy and arrest crack paths [34]. The results in Figure 2 demonstrate
that the FCGR is lower in the L-T direction compared to the T-L direction, leading to the
conclusion that crack propagation is more favorable in pancake grains with high aspect
ratio than in those with low aspect ratio. Many publications claim that the transgranular
propagation along the pancake grains increases the energy dissipated during the damage
process [9]. According to A. Garner, the high aspect ratio and large grain size produce little
deflection or branching chances, which might lessen the local fracture tip stress intensity
driving the crack propagation [35]. These findings have important ramifications for our
knowledge of fracture propagation in Al-Zn-Mg-Cu alloys since the pancake grains were
substantially larger and more complicated in shape and deformation structure in 3D when
compared to what was previously believed from 2D.
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Figure 4. Inverse Pole Figures (IPF) show the grain structure of 7X75 aluminum alloy at 1/4 thick-
nesses of L-T direction (a) and T-L direction (b).

The RRA process does not alter the grain structures of the alloys being examined.
Many studies have demonstrated that retrogression leads to a decrease in strength initially,
followed by a subsequent increase up to a secondary peak. This initial drop is typically
the result of the dissolving of age-hardening precipitates [22,36,37]. However, the decrease
is usually only temporary during the short duration of retrogression and does not impact
industrial manufacturing processes.

The evolution of age-hardening precipitates during retrogression has been analyzed
using TEM and is depicted in Figure 5. The first column shows the precipitates within the
grains. The size of the precipitates does not vary significantly with increasing retrogression
time, but the number density or volume fraction has significantly increased. The statistics
of precipitates within grains are presented at the top of the figures. More than a hundred
particles were analyzed for each condition. The average diameter increased from 6.13 nm
at the RRA1h condition to 6.50 nm at the RRA5h condition. They are slightly larger than
those at the T6 condition (approximately 4.8 nm) and smaller than those at the T7 condition
(around 7.6 nm) [24]. The statistics also show that the number density of the precipitates
increased with increasing retrogression time.

The second column in Figure 5 shows the precipitates along the grain/subgrain
boundaries. It can be seen in Figure 5b,d,f that the width of the PFZs ranges from 30 to
50 nm and remains relatively unchanged with increasing retrogression time. The size of
grain boundary precipitates (GBPs) is also within a similar range of 20 to 60 nm, similar to
PFZs. The GBPs are widely dispersed rather than continuous along the grain/subgrain
boundaries. This is considered beneficial for both SCC properties and fatigue propagation
as dislocations can move to the surface, initiating cracks. Alternatively, dislocations can
move to the PFZs, causing strain localization and stress concentrations during cyclic
loading [25,38].
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grains, the second column represents the precipitates on the grain/subgrain boundaries, and the
third column shows the statistical analysis of the precipitates within grains.

The crack propagation behavior is thought to be influenced by multiple factors, in-
cluding the grain structure size, the size or number density of precipitates within grains,
precipitates along grain boundaries, and the width of PFZs. Different crack propagation
mechanisms may apply during different stages, and other strengthening mechanisms must
also be taken into account. As a result, creating a sophisticated function that describes
the relationship between microstructure parameters and fracture toughness or fatigue
endurance limits is challenging. However, some models can help explain the fatigue crack
growth behavior of aluminum alloys. For instance, K. Wen’s research primarily focused on
the interaction between dislocations and age-hardening precipitates [6]. The study demon-
strates that the rate of fatigue crack propagation (FCP) is proportional to the precipitate
radius (r) and the reciprocal of the volume fraction (fv):

da
dN

∝ r · f−1/2
v (2)

The volume fraction of age-hardening precipitates is a crucial factor that affects the
FCP and fracture toughness of the conditions studied. In this research, we propose an
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empirical relationship between fracture toughness and the volume fraction (fv) of age-
hardening precipitates.

fv ≈
C · KIC√
σy · E · dp

(3)

where:
C is fitting constants; KIC is the fracture toughness in MPa

√
m; σy is Yield strength; E

is Young’s modulus; dp is the mean size of the particles; and fv is the volume fraction of the
given type of precipitate. The calculated volume fraction of age-hardening precipitates is
shown in Table 2. The equation provides good results, and the increasing trend agrees with
the microstructure characterizations.

Table 2. The calculated volume fraction of η’ precipitates.

Retrogression
Time

(Hours)

Young’s
Modulus

(MPa)

Yield
Strength

(MPa)

KIC
(MPa

√
m)

Particle Size
(nm)

Calculated
Volume

Fraction (%)

0.5 72,000 508 48 5.90 3.08
1 72,000 497.4 55 6.13 3.51
2 72,000 475.7 62 6.31 3.98
3 72,000 471.8 62.5 6.42 4.00
5 72,000 461 63.5 6.50 4.08

4. Conclusions

In the retrogression treatment process, the dissolution of fine and coherent precipitates
that were previously formed during the initial aging treatment or natural aging occurs to
some extent. The degree of dissolution is contingent on the temperature and duration of
the retrogression treatment. This partial dissolution of precipitates leads to a more homoge-
neous distribution of solute atoms and vacancies, thereby increasing the driving force for
the formation of new and smaller precipitates during subsequent aging. Consequently, the
number density and volume fraction of η’ precipitates increase with increasing retrogres-
sion time, as supported by the findings presented in Table 2. As the size of age-hardening
precipitates grows, their susceptibility to dislocation cutting decreases. This phenomenon,
commonly known as the bypass mechanism, is well documented in literature [22,39,40]. It
can result in the easy accumulation of dislocations in localized regions, and the FCGR for
the RRA2h sample is correspondingly faster than that observed under other conditions.

In comparison to longer retrogression times, the size distribution of η’ precipitates is
more varied when exposed to shorter retrogression times. As demonstrated by Figure 5a,c,
both large and small precipitates can be observed. This dispersion of particles can result
in a reduction of fatigue deformation, making it desirable to have a duplex precipitate
structure in these types of alloys. Such a structure should consist of fine particles to provide
high tensile properties and coarse particles to enhance fatigue strength.

Many other microstructures can influence FCGR. The presence of PFZs is well-known
to be a soft region during cyclic stressing. While the η’ phase precipitates within the grains,
the PFZs remain constant even with increasing retrogression time, as confirmed by the
statistical analysis presented in Figure 5. The strength at grain boundaries and within
individual grains therefore progressively balances, resulting in superior formability. These
observations are consistent with the microstructural characterizations shown in Figure 3,
where fracture voids are frequently observed in RRA2h conditions. Furthermore, the
fracture toughness values presented in Figure 1 indicate that better fracture toughness can
be achieved with prolonged retrogression treatments.

This paper studies the impact of retrogression time on the fatigue crack growth of
a modified AA7475 aluminum alloy. To thoroughly examine the changes in properties
with different RRA techniques, various tests, including tensile strength, fracture toughness,
fatigue limits, etc., have been conducted. Results reveal that mechanical strength and
fatigue limits decrease with increased retrogression time, while fracture toughness sharply
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increases, reaching its highest value of 63.5 MPa
√

m after a 5-h retrogression treatment.
Prolonged retrogression increases the likelihood of crack initiation, and the crack growth
rate is slower in the long transverse direction compared to the longitudinal direction due
to the high aspect ratio of pancake-like grain structure in the T-L plane. An empirical
relationship between fracture toughness and the volume fraction of age-hardening precipi-
tates is proposed, and the number density of these precipitates increases with increased
retrogression time as revealed by both the equation and microstructural characterization.
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Abstract: Cu–9Ni–6Sn alloys have received widespread attention due to their good mechanical prop-
erties and resistance to stress relaxation in the electronic and electrical industries. The hot compression
deformation behaviors of the Cu–9Ni–6Sn–0.3Mn–0.2Zn alloy were investigated using the Gleeble-
3500 thermal simulator at a temperature range of 700–900 ◦C and a strain rate range of 0.001–1 s−1.
The microstructural evolution of the Cu–9Ni–6Sn alloy during hot compression was studied by means
of an optical microscope and a scanning electron microscope. The constitutive equation of hot com-
pression of the alloy was constructed by peak flow stress, and the corresponding 3D hot processing
maps were plotted. The results showed that the peak flow stress decreased with the increase in the
compression temperature and the decrease in the strain rate. The hot deformation activation energy
was calculated as 243.67 kJ/mol by the Arrhenius equation, and the optimum deformation parameters
for the alloy were 740–760 ◦C and 840–900 ◦C with a strain rate of 0.001~0.01 s−1. According to
Deform-3D finite element simulation results, the distribution of the equivalent strain field in the hot
deformation samples was inhomogeneous. The alloy was more sensitive to the deformation rate
than to the temperature. The simulation results can provide a guideline for the optimization of the
microstructure and hot deformation parameters of the Cu–9Ni–6Sn–0.3Mn–0.2Zn alloy.

Keywords: Cu–9Ni–6Sn; hot deformation; processing map; microstucture; finite element analysis

1. Introduction

Ultra-high-strength elastic copper alloys have been widely used in the electronic
and electrical industries [1]. Beryllium copper is the most widely used elastic copper al-
loy [2]; however, it has a poor stress relaxation resistance performance at high temperatures.
Cu–Ni–Sn alloys have received widespread attention due to their excellent overall me-
chanical properties and excellent resistance to stress relaxation [3]. The typical Cu–Ni–Sn
alloys, including Cu–15Ni–8Sn [4], Cu–9Ni–6Sn [5], Cu–20Ni–5Sn [6], etc., have excellent
overall mechanical properties, with hardnesse of 300~380 HV, electrical conductivities of
5~15% IACS, tensile strengths of 800~1100 MPa, and elongations of 3.8~5%. Among them,
the Cu–9Ni–6Sn alloy (wt.%, designed as C72700 in an ASTM B740-84 standard) has a
good balance of conductivity (of >12% IACS) and comprehensive mechanical properties (a
hardness of >300 HV, a tensile strength of >800 MPa, and an elongation of >5%) [7].

Due to differences in the melting points and surface tensions of the alloying elements
in the Cu–Ni–Sn alloy, segregation of the alloying elements is easy to occur during casting,
which directly affects the subsequent processing performance of the materials. The micro-
segregation and some of the structural defects of the alloy ingot could be improved by the
hot deformation process, and a suitable hot working process should be necessary for the
Cu–9Ni–6Sn alloys to obtain good comprehensive performance [8]. The physical simulation
test equipment for hot compression (the “Gleeble” series physical simulation test machine)
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is used to study the hot deformation behavior of the tested samples, and the hot working
conditions of the alloy can be predicted according to the constitutive equation and the hot
working diagram established in the dynamic material model (DDM) of hot compression
simulations [9]. The deformation behavior and structural evolution of the alloys in the hot
compression experiments provide a theoretical basis for the hot deformation process, thus,
shortening the development period of the alloys [10]. This method has been successfully
applied to various alloys, such as Ni [11], Ti [12], Al [13], Mg [14,15], and Cu [16]. In recent
years, studies on the hot deformation behavior of Cu–Ni–Sn alloys have also been reported.
Jiang et al. designed a Cu–20Ni–5Sn–0.25Zn–0.22Mn alloy, and a typical thermal process-
ing map of the alloy was obtained. The hot deformation activation energy of the alloy was
calculated to be 295.1 KJ/mol, and the optimum processing parameters were determined
to be 760~880 ◦C/0.1~0.001 s−1 [17]. Zhao et al. performed hot deformation experiments
on Cu–15Ni–8Sn alloys at deformation temperatures between 825 ◦C and 925 ◦C and strain
rates of 0.0001–0.6 s−1. It was found that Si and Ti promoted the dynamic recrystallization
nucleation of the Cu–15Ni–8Sn alloys, and Ni16Si7Ti6 particles precipitated, inhibiting the
growth of recrystallized grains [18]. Niu compared three models of deformation (the Arrhe-
nius model, the Johnson–Cook model, and the Zerilli–Armstrong model) and found that
the Arrhenius model had the highest accuracy with a calculated hot deformation activation
energy of 310 kJ/mol for the Cu–15Ni–8Sn alloy [19]. According to the current study, the
hot deformation activation energy of copper alloys with different contents of alloying ele-
ments varies greatly, with a few obvious rules to follow. Therefore, it is necessary to study
the hot deformation behavior of Cu–9Ni–6Sn alloys. Numerical simulation technology is
an effective method to optimize the conditions during hot deformation [20]. At the same
time, it can help researchers comprehensively understand the microstructure evolution
of an alloy during deformation processing [21]. In numerical simulation methods, finite
element (FE) is considered an important method to predict thermal mechanical processing.
The Deform-2D software, which was used by Jia et al., simulated the hot compression and
recrystallization behavior of a Ni alloy, and the comparison of the simulation results with
the actual manufacturing results verified the accuracy of the model.

So far, there have been a few reports on the microstructure control and optimization of
heat deformation conditions for Cu–9Ni–6Sn alloys by the combination of finite element
simulations and hot compression simulation experiments. In this paper, hot compression
experiments were performed on the Cu–9Ni–6Sn–0.3Mn–0.2Zn alloy at a strain rate range
of 0.001~1 s−1 and a temperature range of 700~900 ◦C. Constitutive equations and thermal
processing diagrams of the Cu–9Ni–6Sn alloy were established to fill the gap in the field of
high temperature hot deformation of this system alloy. The microstructure evolution of
typical regions during the compression process was studied by means of optical microscopy
(OM) and scanning electron microscopy (EBSD). The thermal compression process of the
alloy was simulated using the Deform-3D finite element software, and the accuracy of the
model was verified by comparing the simulation and experimental results.

2. Materials and Methods
2.1. Materials

The raw materials used in this experiment were obtained by heating them to pure
copper, pure nickel, pure tin, pure manganese, and pure zinc in an atmospheric smelting
furnace. The composition of the alloy was measured by an inductively coupled plasma
optical emission spectrometer (ICP-OES), as shown in Table 1. Figure 1a shows the dendritic
microstructure of the casted ingot (as shown in Figure 1a). After being homogenized at
920 ◦C for 2 h, the dendritic microstructure disappeared and equiaxed grains with an
average diameter of about 264.1 µm formed (Figure 1b). Figure 1c shows the XRD results of
the homogenized alloy, where the phase composition can be determined [22]. According to
the comparison with the Cu PDF card (#99-034), the sample mainly has a diffraction peak
of pure copper, where the (200) peak has the largest strength.
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Table 1. Composition of Cu–9Ni–6Sn–0.2Mn–0.1Zn (wt.%).

Ni Sn Mn Zn Si P Cu

Composition 9.06 5.47 0.30 0.18 0.019 0.0016 Bal.
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Figure 1. Microstructure of the Cu–9Ni–6Sn alloy before the test: (a) optical microstructure of the
casted alloy; (b) IPF map of the homogenized alloy from an ND direction; (c) XRD results of the
homogenized alloy.

2.2. Hot Compression

The homogenized alloys were machined into cylindrical specimens with a size of
ϕ6 × 9 mm (a sample size ratio of 1:1.5) according to [23]. The cylindrical specimens were
then subjected to isothermal thermal compression experiments on a Gleeble-3500 thermal
simulator. According to the common experimental conditions of typical elastic copper
alloys for hot deformation experiments [17,19], the testing temperatures were selected as
700 ◦C, 750 ◦C, 800 ◦C, 850 ◦C, and 900 ◦C, and the strain rates were selected as 0.001 s−1,
0.01 s−1, 0.1 s−1, and 1 s−1, respectively. The alloys were heated to the target temperatures
at a heating rate of 5 ◦C/s before the compression and then held for 3 min to ensure a
uniform temperature distribution. Figure 2 shows a schematic diagram of the technological
process of the whole experiment. The hot compressed specimens were sliced along the
central axis and mechanically or electrolytically polished. Subsequent processing of the
sample in the central deformation region is generally performed; thus, samples from this
part were selected for microstructure characterization. The microstructure and texture
of the hot compressed samples were observed by metallographic microscopy (OM) and
the JEOL 7200F field-emission scanning electron microscope (SEM) equipped with the
dedicated software. The results were processed and analyzed using the HKL Channel
5 software.
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2.3. Finite Element Simulation and Verification
2.3.1. Related Condition Settings

The 3D geometric model of the experiment was drawn by the SolidWorks software. As
shown in Figure 2, the upper and lower indenters had a size of 110 mm × 10 mm × 1 mm,
and the compressed specimens had a size of ϕ6 × 9 mm. The finite element simulation of
the thermal compression process of the cylindrical specimens under different deformation
conditions was carried out by the Deform-3D software. The mesh division method was
chosen in the form of a tetrahedral cell mesh, and the compressed workpiece was divided
into 32,000 mesh cells. The hot compression of the Cu–Ni–Sn alloy is a typical metal plastic
forming process; thus, the effect of the elastic deformation on the deformation process
was ignored. The simulation type was set to a rigid plastic finite element model with
the LaGrange incremental simulation mode. The convergence conditions were as follows:
108 steps, and each step was set to move down by 0.05 mm· s−1 step. The speed of each
step was 0.0054 mm·s−1, 0.054 mm·s−1, 0.54 mm·s−1, and 5.4 mm·s−1 (corresponding to
the strain rates of 0.001 s−1, 0.01 s−1, 0.1 s−1, and 1 s−1, respectively).

2.3.2. Theoretical Basis of Finite Element Numerical Simulation

The rigid visco-plastic finite element method was used in this paper to simulate and
analyze the Cu–9Ni–6Sn alloy in the hot compression process, which is applicable to the
plastic deformation process of thermally processed and strain rate sensitive materials [24].
The rigid visco-plastic finite element method was based on the following assumptions [24]:

(1) Ignore the effect of elastic deformation and bulk force of the material;
(2) Material deformation obeys the Levy–Mises flow theory;
(3) The material is homogeneous and incompressible, and its volume remains constant

throughout the deformation process;
(4) The loading condition gives the boundary between the rigid and plastic regions;
When plastic deformation of the rigid visco-plastic materials occurs, the plastic me-

chanics can be expressed by the following basic equations:
(1) Balanced equations:

σij,j = 0 (1)

where σij is the Cauchy stress component in the workpiece;
(2) Velocity–strain rate relationship equation:

.
εij =

1
2
(
ui,j + uj,i

)
(2)

(3) Levy–Mises stress–strain rate relationship equation:

.
εij =

.
λσij

′ (3)

.
λ =

3
2

.
ε

σ
(4)

where
.
ε =

√
2
3

.
εij

.
εij is the rate of equivalent effect strain, and σ =

√
3
2 σij
′σij
′ is the equivalent

effect stress;
(4) Mises yield guidelines:

1
2

σij
′σij
′ = k2 (5)

where k = σ√
3

is for ideal rigid plastic materials, and k is the constant.
(5) Volumetric incompressible conditions:

.
εv =

.
εijδij = 0 (6)

(6) Boundary conditions:
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The boundary conditions were divided into force surface boundary conditions and
velocity boundary conditions, respectively:

on the stress SF, σijnij = Fi (7)

on the speed SU,
.
ui = ui (8)

(7) Constitutive relationship (the Arrhenius model) [25]:

.
ε = A[sinh(ασ)]n exp(Q/RT) (9)

where
.
ε is the strain rate, σ is the ture stress, Q is the heat of the deformation activation

energy, R is the ideal gas constant 8.314 J/(mol·K), T is the hot deformation temperature,
and A, α, and n are the constants, respectively.

2.4. Hot Deformation Intrinsic Model

In recent years, scholars have built on empirical observations and proposed to describe
the dependence of alloy rheological stress on the strain rate, strain, and temperature with
respect to stress by building an intrinsic model, e.g., the Johnson–Cook model [26,27], the
Khan–Liang–Farrokh model [28], the Molinari–Ravichandran model [29], the Voce–Kocks
model [30], and the Arrhenius model. Among them, the Arrhenius model and its improved
model are relatively widely used. Sellars and McTegart first proposed the Arrhenius model
in 1966 [31]. The Arrhenius model is expressed as follows:

.
ε = A(sin ασ)n exp(−Q/RT) (10)

In order to broaden the temperature range for the application of the Arrhenius model,
the Zener–Hollomon parameter was used to further modify the model [25,32], which is
as follows:

Z = A[sin(ασ)]n =
.
ε exp(Q/RT) (11)

3. Results & Discussion
3.1. Effect of Deformation Conditions on the True Stress–Strain Curve

Figure 3 shows the true stress–strain curves of the Cu–9Ni–6Sn alloy, which is hot
compressed at different temperatures and strain rates. In the initial stage of strain, the flow
stress increased significantly with the increasing strain. The value of stress fluctuated in
a small range after reaching the peak stress. It was found that the flow stress curves of
0.001 s−1 and 1 s−1 at 700 ◦C continued to increase with the increasing strain. The typical
dynamic recovery (DRV) behavior was observed at 750 ◦C and 0.1 s−1 (Figure 3c), while
the typical dynamic recrystallization (DRX) behavior was observed at 900 ◦C and 1 s−1

(Figure 3d). It showed a sawtooth shape in the middle part of the true stress–strain curve
under the condition of 800 ◦C/0.001 s−1, which could be associated with the incidence of
dynamic recrystallization [33,34].

Figure 4 indicates the peak stresses of the samples at different conditions. The peak
stress increased with the increasing strain rate and decreased with the increasing deforma-
tion temperature. When the strain rate was 1 s−1, the peak stress decreased from 263 MPa
at 700 ◦C to 115 MPa (at 900 ◦C). As the strain rate increased from 0.001 s−1 to 1 s−1, the
peak stress of the samples deformed at 700 ◦C increased from 82 MPa to 263 MPa.
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In the initial stage of deformation, a large number of dislocations appeared in the ma-
trix. The entanglement between the dislocations or the interaction between the dislocations
and grain boundaries lead to a rapid increase in the strength of the alloy; thus, the flow
stress of the alloy increased sharply. After reaching the peak of flow stress, the deformation
of the alloy was completed in a short time at the high strain rate. Therefore, the dislocation
density and flow stress values in the matrix were also quite high. At the low strain rate, the
alloy underwent significant reduction and recrystallization because the hot deformation
temperature was higher than the recrystallization temperature [35].

3.2. Flow Stress Constitutive Equation

The Arrhenius kinetic equation, which is summarized by Sellars et al., describes the
thermal processing properties of a material through the characteristic parameters in the
true stress–strain curve. The relationship between these characteristic parameters, such as
the peak flow stress, strain rate, and temperature of processing, could be described as a
unified constitutive equation [26] as follows:

.
ε = A[sinh

(
ασp
)
]
n exp

(
− Q

RT

)
=
[
sinh

(
ασp
)]n exp

(
InA− Q

RT

)
(12)

where σp is the peak stress.
Under low stress conditions (or ασ < 0.8) and high stress conditions (or ασ > 1.2),

the constitutive equation can be written using Equations (13) and (14), respectively, which
are as follows:

.
ε = A1σn1

p exp
(
− Q

RT

)
(13)

.
ε = A2 exp

(
bσp
)

exp
(
− Q

RT

)
(14)

where A1, A2, n1, and b are the constants, and α = b/n1.
Taking logarithms for each side of Equations (1)–(3):

ln
.
ε = ln A + n ln

[
sinh

(
ασp
)]
− Q

RT
(15)

ln
.
ε = ln A1 + n ln σp −

Q
RT

(16)

ln
.
ε = ln A1 + bσp −

Q
RT

(17)

The linear relationship of ln
.
ε ∼ ln

[
sinh

(
ασp
)]

, ln
.
ε ∼ ln σp, ln

.
ε ∼ σp was obtained.

The three relationships were plotted separately, as shown in Figure 5. As the thermal
compression temperature increased, the slopes of the fitted curves all showed an increasing
trend, except for the slope of ln

.
ε ∼ ln σp the fitted curve at 800 ◦C, which showed a

sudden decrease. By linear fitting, it can be calculated that b and n1 are equal to 0.0534 and
3.36, respectively.

Under the same temperature during the thermal processing, the hot deformation
energy reflects the sensitivity of the deformation resistance to the strain rate, and it also
directly represents the ease of deformation. For a given temperature and strain rate, the
thermal activation energy Q, defined in [32] is as follows:

Q = R

{
(∂ ln ε◦)

∂ ln
[
sinh

(
ασp
)]
}


∂ ln
[
sinh

(
ασp
)]

∂
(

1
T

)



 = RNS (18)

where R is the ideal gas constant, N is the average value of the slope obtained by fitting
ln

.
ε ∼ ln

[
sinh

(
ασp
)]

at a given temperature, and S is the average value of the slope
obtained by fitting ln

[
sinh

(
ασp
)]
∼ 1000/T at a given strain rate (as shown in Figure 6a).
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Figure 5. Relationship between peak stress and strain rate: (a) ln
.
ε ∼ σp curve; (b) ln

.
ε ∼ ln σp

curve; (c) ln
.
ε ∼ ln[sinh(ασp)] curve.
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Figure 6. The linear relationship of (a) ln
[
sinh

(
ασp
)]
∼ ln 1000

T and (b) ln Z ∼ ln
[
sinh

(
ασp
)]

.

The obtained hot deformation energy of the alloy (Q) was 243.67 kJmol−1. The rela-
tionship between the strain rate and the processing temperature during thermal processing
can be determined by temperature-compensated strain rate parameters, which Zener–
Hollomon described as follows:

Z = ε exp
(

Q
RT

)
= A

[
sinh

(
ασp
)]n2 (19)

Taking the logarithm of both sides:

ln Z = ln A + n2 ln
[
sinh

(
ασp
)]

(20)

Figure 6b shows the linear relationship obtained by fitting the line of
ln Z ∼ ln

[
sinh

(
ασp
)]

, where the intercept on the y-axis is InA, from which the value
of the parameter A can be obtained. The value of the slope n2 (3.36) is averaged with the
slope of the linear relationship between ln

.
ε ∼ ln

[
sinh

(
ασp
)]

to obtain the final value of n.
The calculated results for each parameter of the constitutive equation are shown in Table 2.
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Table 2. Calculation results of each parameter of the constitutive equation.

Parameter

b 0.0534
α 0.0113
n 3.35

Q/kJ·mol−1 243.67
InA 22.93

Substituting the averaged parameter values into Equation (14), the constitutive equa-
tions of the alloy during hot deformation can be obtained as follows:

.
ε = [sinh(0.0113σ)]3.35 exp

(
22.93− 243670

RT

)
(21)

As the parameters of the flow stress curve are calculated by several linear fittings, the
flow stress curve obtained from the parameters often has some errors compared with the
actual measured curve. In order to evaluate the accuracy of the flow stress instantonal
equation, the peak stresses under various test conditions were calculated according to
the equation and compared with the experimental values. The relative error between the
measured and calculated values was calculated using Equation (22), and the results are
shown in Figure 7.

(σc − σm)/σm × 100% (22)

where σc is the peak stress calculated from Equation (21), and σm is the actual measured
peak stress. According to the calculation results, the minimum and maximum relative
errors were 0.04% and −10.8%, respectively, and the average relative error was 4.4%. It
was demonstrated that the calculated Arrhenius equation has a small error range and can
accurately predict the variation of peak stress in the Cu–9Ni–6Sn alloy.
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3.3. Hot Deformation Processing Map

According to the dynamic material modeling (DMM) theory, the hot deformation
constitutive equation of the Cu–9Ni–6Sn alloy can be expressed [36] as follows:

σ = K
.
ε

m (23)

The strain rate sensitivity coefficient of the alloy was obtained by taking the partial
derivative of Equation (23) as follows:

m =
∂ ln σ

∂ ln
.
ε

(24)

where
.
ε is the strain rate, σ is the flow stress, m is the strain rate sensitivity factor, and K is

the constant. According to the dissipative structure theory, the power consumed by the
alloy can be expressed [37] as follows:

P = σ
.
ε = G + J =

∫ i

0
σd

.
ε +

∫ σ

0

.
εdσ (25)

where G is the dissipation quantity, and J is the dissipation coefficient. The strain rate
sensitivity factor m is defined as follows:

m =
dJ
dG

=

.
εdσ

σd
.
ε
=

[
∂(log σ)

∂
(
log

.
ε
)
]

τ, T

≈ ∆ log σ

∆ log
.
ε

(26)

When the strain rate and the hot deformation temperature are constant, the dissipation
coefficients of the alloy can be expressed as follows:

J =
∫ σ

0

.
εdσ =

m
m + 1

σ
.
ε (27)

At this time, the system has a steady-state flow stress, and the value of m is between
0 and 1, indicating that the dissipation state of the system is nonlinear dissipation. In
addition, when the value of m is 0, the system does not dissipate energy. When the value of
m is 1, the system dissipation state is ideal dissipation, and the dissipation coefficient of the
alloy is at its maximum value (Jmax) at this time, which is as follows:

Jmax =
σ

.
ε

2
(28)

The energy dissipation efficiency factor of the alloy (η) at a certain strain rate and hot
deformation temperature can be obtained as follows:

η =
J

Jmax
=

2m
m + 1

(29)

Ziegler’s continuous instability condition can be expressed as follows:

∂D
∂

.
ε
<

D
.
ε

(30)

where D is the dissipation function. Under the conditions of the dynamic material model,
D is equal to the dissipation coefficient J.

Therefore, the flow instability criterion of the alloy can be expressed [38] as follows:

ξ
( .
ε
)
=

∂ ln
( m

m+1
)

∂ ln
.
ε

+ m < 0 (31)
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Based on the true stress–strain curves obtained from the hot compression deformation
experiments of the Cu–9Ni–6Sn alloy, the steady-state flow stress values of the true strain of
the alloy can be obtained from 0 to 1 at different strain rates and deformation temperature
conditions. The flow values and strain rates at each temperature can be fitted with a cubic
polynomial, and the strain rate sensitivity and energy dissipation efficiency coefficients of
the alloy can be derived from Equations (26) and (29). The flow instability intervals were
obtained from the hot deformation temperature and strain rate, and the flow instability
intervals of the alloy were superimposed with an energy dissipation diagram to obtain
a thermal processing diagram of the sample under the steady-state flow conditions [39],
as shown in Figure 8. The alloy instability region was located in the upper left corner of
the thermal processing diagram at 700~820 ◦C/0.01~1 s−1. The optimum deformation
parameters of the Cu–9Ni–6Sn alloy should be between 740~760 ◦C with a strain rate of
0.01~0.001 s−1 and 840~900 ◦C with a strain rate of 0.001 s−1.

Materials 2023, 16, x FOR PEER REVIEW 12 of 20 
 

 

Based on the true stress–strain curves obtained from the hot compression 
deformation experiments of the Cu–9Ni–6Sn alloy, the steady-state flow stress values of 
the true strain of the alloy can be obtained from 0 to 1 at different strain rates and 
deformation temperature conditions. The flow values and strain rates at each temperature 
can be fitted with a cubic polynomial, and the strain rate sensitivity and energy dissipation 
efficiency coefficients of the alloy can be derived from Equations (26) and (29). The flow 
instability intervals were obtained from the hot deformation temperature and strain rate, 
and the flow instability intervals of the alloy were superimposed with an energy 
dissipation diagram to obtain a thermal processing diagram of the sample under the 
steady-state flow conditions [39], as shown in Figure 8. The alloy instability region was 
located in the upper left corner of the thermal processing diagram at 700~820 °C/0.01~1 
s−1. The optimum deformation parameters of the Cu–9Ni–6Sn alloy should be between 
740~760 °C with a strain rate of 0.01~0.001 s−1 and 840~900 °C with a strain rate of 0.001 s−1. 

 
Figure 8. Hot process maps of the Cu−9Ni−6Sn alloy at different true strains. 

3.4. Microstructure Evolution 
The microstructure of the hot compression alloy in the central region of the sample 

under different compression conditions is shown in Figure 9. The 0.9 strain thermal 
processing map can be divided into the following three regions: unsafe deformation re-
gion “A”, safe deformation region “B”, and suitable processing region “C”. The OM 
observations of the samples were performed in the three typical regions. The samples in 
the destabilization region were characterized by obvious microcracks on the grain 
boundaries. Very few dynamically recrystallized grains developed near the large angular 
grain boundaries of the original grains under the low temperatures or the high strain rates. 
Increasing the deformation temperature or decreasing the strain rate (region “B” or “C”) 
resulted in a significant increase in the number of dynamically recrystallized grains. 
Increasing the temperature or decreasing the strain rate provided more favorable 
conditions for atomic diffusion, dislocation sliding, and grain boundary migration in the 
alloy [36]. 

Figure 8. Hot process maps of the Cu−9Ni−6Sn alloy at different true strains.

3.4. Microstructure Evolution

The microstructure of the hot compression alloy in the central region of the sample
under different compression conditions is shown in Figure 9. The 0.9 strain thermal
processing map can be divided into the following three regions: unsafe deformation
region “A”, safe deformation region “B”, and suitable processing region “C”. The OM
observations of the samples were performed in the three typical regions. The samples
in the destabilization region were characterized by obvious microcracks on the grain
boundaries. Very few dynamically recrystallized grains developed near the large angular
grain boundaries of the original grains under the low temperatures or the high strain
rates. Increasing the deformation temperature or decreasing the strain rate (region “B” or
“C”) resulted in a significant increase in the number of dynamically recrystallized grains.
Increasing the temperature or decreasing the strain rate provided more favorable conditions
for atomic diffusion, dislocation sliding, and grain boundary migration in the alloy [36].

179



Materials 2023, 16, 1445Materials 2023, 16, x FOR PEER REVIEW 13 of 20 
 

 

 
Figure 9. Hot processing map and OM of the Cu−9Ni−6Sn alloy after hot compression with a true 
strain of 0.9. 

3.5. EBSD Analysis 
In order to further investigate the hot processing structure of the Cu–9Ni–6Sn alloy, the 

samples treated at 700 °C/1 s−1, 800 °C/0.001 s−1, and 900 °C/0.001 s−1 were selected as the 
typical unsafe deformation region, the safe deformation region, and the suitable processing 
region for EBSD analyses, respectively. Figure 10 shows the IPF results of the samples de-
formed under different conditions. The symbols 1, 2, 3, and 4 represent the IPF image, the 
grain boundary distribution, the recrystallized grain distribution, and the fraction of the re-
crystallized grain. The corresponding results of the sample deformed at 700 °C/1 s−1 (the 
unsafe deformation region) are shown in Figure 10a. There were many fine recrystallization 
grains at the original grain boundaries and inside the grains of the alloy. The distribution of 
the grain boundary angle shows that the sample was dominated by the small angle grain 
boundary, and the proportion of the large angle grain boundary was only 11.01%, as shown 
in Figure 10(a-2). It can be seen that the grains of the sample under this condition were 
mainly deformed ones, accounting for 87.32%, as shown in Figure 10(a-4). The boundary of 
the original grain with a large number of recrystallized grains, as shown in Figure 10(a-1), 
was magnified, with the results shown in Figure 10(b-1). The recrystallization grain size was 
about 1.7 μm. Figure 10(c-1) shows the IPF of 800 °C/0.001s (the safe deformation region). 
The grain size of the sample was about 31.84 μm. Figure 10(c-2) shows that the fraction of 
large angle grain boundaries in the sample is about 5.11%, suggesting that its corresponding 
small angle grain boundary increases compared with the sample deformed at 700 °C/1 s−1. 
Figure 10(c-3, c-4) shows that the sample is still dominated by the deformed grains, but the 
proportion of recrystallized grains decreases and the proportion of substructure grains in-
creases. Figure 10(d-1) shows the IPF map at 900 °C/0.001 s−1 (the suitable processing region). 
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3.5. EBSD Analysis

In order to further investigate the hot processing structure of the Cu–9Ni–6Sn alloy,
the samples treated at 700 ◦C/1 s−1, 800 ◦C/0.001 s−1, and 900 ◦C/0.001 s−1 were selected
as the typical unsafe deformation region, the safe deformation region, and the suitable
processing region for EBSD analyses, respectively. Figure 10 shows the IPF results of the
samples deformed under different conditions. The symbols 1, 2, 3, and 4 represent the
IPF image, the grain boundary distribution, the recrystallized grain distribution, and the
fraction of the recrystallized grain. The corresponding results of the sample deformed
at 700 ◦C/1 s−1 (the unsafe deformation region) are shown in Figure 10a. There were
many fine recrystallization grains at the original grain boundaries and inside the grains
of the alloy. The distribution of the grain boundary angle shows that the sample was
dominated by the small angle grain boundary, and the proportion of the large angle grain
boundary was only 11.01%, as shown in Figure 10(a2). It can be seen that the grains
of the sample under this condition were mainly deformed ones, accounting for 87.32%,
as shown in Figure 10(a4). The boundary of the original grain with a large number of
recrystallized grains, as shown in Figure 10(a1), was magnified, with the results shown
in Figure 10(b1). The recrystallization grain size was about 1.7 µm. Figure 10(c1) shows
the IPF of 800 ◦C/0.001s (the safe deformation region). The grain size of the sample was
about 31.84 µm. Figure 10(c2) shows that the fraction of large angle grain boundaries in
the sample is about 5.11%, suggesting that its corresponding small angle grain boundary
increases compared with the sample deformed at 700 ◦C/1 s−1. Figure 10(c3,4) shows that
the sample is still dominated by the deformed grains, but the proportion of recrystallized
grains decreases and the proportion of substructure grains increases. Figure 10(d1) shows
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the IPF map at 900 ◦C/0.001 s−1 (the suitable processing region). The grain size of the
sample was about 84.41 µm. At a high temperature and low strain rate deformation, the
recrystallized grains grew. Figure 10(c2) shows that the proportion of the large angle
grain boundary of the sample is about 13.14%. Figure 10(c3,4) shows that the sample is
dominated by substructure grains.
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Figure 10. 1/2/3/4 are the IPF map/the percentage of grain boundary fraction/recrystallized
distribution maps/frequency of recrystallized grain at the center of the sample deformed
at: (a) 700 ◦C/1 s−1; (b) black frame selection from 700 ◦C/0.001 s−1; (c) 800 ◦C/0.001s−1;
(d) 900 ◦C/0.001s−1, respectively.

Figure 11 shows several typical recrystallization textures in the central region of
the samples deformed under different compression conditions. The sample deformed at
700 ◦C/1 s−1, as shown in Figure 11(a1), had more than 65% of Copper texture, while the
sample deformed at 800 ◦C/0.001 s had the highest Goss texture content of nearly 45%, fol-
lowed by Cube, as shown in Figure 11(b1). Table 3 shows several typical FCC metal recrys-
tallization textures and their Miller Indices [40]. The sample deforrmed at 900 ◦C/0.001 s−1

had 32% of Q type, 26% of rotated Cube, and 17% of rotated Copper textures, respec-
tively. Figure 11(a2–c2) shows the local average gradient (LAM) in the central region of
the samples deformed under different hot-pressing conditions. Figure 11(a3–c3) shows
the distribution of LAM. The highest average local gradient was 1.8 for the 700 ◦C/1 s−1

deformed sample (the unsafe deformation region), while the average local gradient was 0.5
for the 900 ◦C/0.001 s−1 deformed sample (the suitable processing region). The lowest local
gradient was found in the optimum processing region, and the average local gradient was
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proportional to the geometric dislocation density, suggesting that the geometric dislocation
density and the stored energy were low in the optimum processing region.
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Table 3. Several typical FCC metal recrystallization textures [40].

Designation Miller Indices {hkl} <uvw>

Cube {001} <100>
Rotated Cube {001} <110>

CubeND {001} <110>
CubeRD {013} <110>

Goss {011} <100>/{110} <001>
Rotated Goss {110} <110>

C(Copper) {112} <111>
Bass {011} <211>/{110} <112>

Rotated Bass {110} <111>
P {011} <122>
Q {013} <122>
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3.6. Finite Model Simulation Results and Validation
3.6.1. Simulation of Effective Strain Distribution under Different Deformation

Figure 12 shows the simulated distribution of the effective strain field of the 1/2
cylindrical Cu–Ni–Sn alloy specimen in the hot compression tests under different deforma-
tion conditions, where the x-axis indicates the effective strain and the y-axis indicates the
percentage of different equivalent strains in the cross section. It shows the inhomogeneity
of the effective strain distribution under different deformation conditions. The effective
strains were symmetrically distributed along the radial centerline and axis of the speci-
mens, showing a distribution phenomenon of dispersion from the center to the periphery.
In contrast to Figure 12a–d, the maximum effective strain in the center of the specimen
profile increased with the increasing strain rate at any given deformation temperature. In
comparison to Figure 12e,f, the maximum effective strain also increased with the increasing
deformation temperature at any given strain rate. The effective strain field distributions
in Figure 12c (Figure 8, region “A”) and Figure 11f (Figure 8, region “C”) in the suitable
processing region are very uniform.
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Figure 12. Simulation and prediction of the effective strain (100% of the true strain) distribution on
half of the Cu−9Ni−6Sn under different deformation conditions: (a) 700−0.001 s−1, (b) 800−0.001s−1,
(c) 900−0.001s−1, (d) 700−0.01s−1, (e) 700−0.1s−1, (f) 700−1s−1, respectively.

3.6.2. Simulation of Effective Strain Distribution under Different True Strain

During the hot compression deformation, the internal structure and stress distribution
of the alloy can change at any time. In order to explore the internal distribution rule of
the samples in the three typical areas and analyze the equivalent strain changes of the
alloy in the process of hot compression deformation, the simulation results at 700 ◦C/1 s−1,
800 ◦C/0.001 s−1, and 900 ◦C/0.001 s−1 deformation conditions were used to analyze the
equivalent strain change rule of the Cu–9Ni–6Sn alloy during hot compression deforma-
tion. According to Figure 13, the drum shape of the sample is quite obvious, especially at
700 ◦C/1 s−1. The distribution of the equivalent strain in the sample was extremely uneven.
The maximum value of the equivalent strain was mainly concentrated at the edges of the
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upper and lower end surfaces and the core of the sample, while the value of the equivalent
strain at the center of the end face of the sample was small. The equivalent strain at the waist
of the sample varied greatly, and this area was less constrained; it is known as the free defor-
mation area [40]. During the compression process, the equivalent strain value of the sample
gradually increased, with the true strain increasing from 30% to 100% and the maximum
equivalent strain increasing from 0.347 to 4.03 for the sample deformed at 700 ◦C/1 s−1

(Figure 11a), from 0.287 to 1.85 for the sample deformed at 800 ◦C/0.001 s−1 (Figure 11b),
and from 0.285 to 2.11 for the sample deformed at 900 ◦C/0.001 s−1 (Figure 11c), respec-
tively. The difference in the effect of the equivalent force values between the central region
and the edge part of the sample in the unsafe deformation zone “A” (700 ◦C/1 s−1) was
the largest throughout the compression.
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Figure 13. Simulation and prediction of the effective strain distribution of the Cu−9Ni−6Sn al-
loy under 30%, 60%, and 90% of the true strain at (a) 700 ◦C/1 s−1, (b) 800 ◦C/0.001 s−1, and
(c) 900 ◦C/0.001 s−1.

3.6.3. The Change Pattern of Strain Value in Different Regions

In order to further investigate the trend of the equivalent variation with time in the
different locations of the two typical regions, the core large deformation region (P1) and
the edge free deformation region (P2) [41] were selected for point tracking analysis (as
shown in Figure 14a), and the results are shown in Figure 14b,c. All of the equivalent
effect variation values of the different deformation regions increased with time, and the
growth rate of the free variation region was lower than that of the core. The difference
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between P1 and P2 under the condition of 900 ◦C/0.001 s−1 was smaller, indicating that
the deformation was more uniform. In contrast, the final equivalent variation of the core
(deformed at 700 ◦C/1 s−1) was about 1.2, and the free deformation was about 0.6.
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Figure 14. (a) Equivalent variation distribution at the end of compression; 700 ◦C/1 s−1 and
(b) 900 ◦C/0.001 s−1; (c) Changes in the strain values at P1 and P2 during compression, respectively.

4. Conclusions

In this work, the hot compression deformation behaviors of the Cu–9Ni–6Sn–0.3Mn–
0.2Zn alloy were investigated, and the microstructure evolution and finite element simula-
tion results during hot deformation were discussed. The main conclusions were as follows:

(1) The flow stress of the Cu–9Ni–6Sn–0.5Mn–0.2Zn alloy during hot compression
experiments is sensitive to the process parameters, with the peak stress decreasing with the
increasing deformation temperature and the decreasing strain rate.

(2) The thermal activation energy of the Cu–9Ni–6Sn–0.5Mn–0.2Zn alloy was
243.67 kJ mol−1, and the hot deformation constitutive equation was determined
as follows:

.
ε = [sinh(0.0113σ)]3.35 exp

(
22.93− 243670

RT

)

(3) Thermal processing diagrams were plotted for the alloys with the rheological
instability zone temperatures ranging from 700 ◦C to 820 ◦C and the strain rates ranging
from 1 s−1 to 0.01 s−1. The optimum hot deformation parameters for the alloys were
740~760 ◦C with strain rates of 0.01~0.001 s−1 and 840~900 ◦C with strain rates of 0.001 s−1.

(4) According to the Deform-3D finite element simulation results, the distribution
of the equivalent strain field in the hot-pressed specimens were inhomogeneous. The
alloy was more sensitive to the processing rate compared to the processing temperature.
The simulation results can provide a guideline for optimizing the microstructure and hot
deformation parameters of Cu–9Ni–6Sn alloys.
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Abstract: Metal laminated composites are widely used in industrial and commercial applications due
to their excellent overall performance. In this study, the copper/graphene-aluminum-copper/graphene
(Cu/Gr-Al-Cu/Gr) laminated composites were prepared by ingenious hot pressing design. Raman,
optical microscope (OM), scanning electron microscope (SEM), van der Pauw (vdP), and X-Ray Diffrac-
tometer (XRD) were used to investigate the graphene status, interface bonding, diffusion layer thickness,
electrical conductivity, Miller indices and secondary phases, respectively. The results demonstrate that
the Cu-Al interfaces in the Cu/Gr-Al-Cu/Gr composites were free of pores, cracks and other defects
and bonded well. The number of graphene layers was varied by regulating the thickness of the Cu/Gr
layer, with the Cu/Gr foils fabricated by chemical vapor deposition (CVD). The electrical conductivity
of the composite was significantly improved by the induced high-quality interfaces Cu/Gr structure.
The increased number of graphene layers is beneficial for enhancing the electrical conductivity of the
Cu/Gr-Al-Cu/Gr composite, and the highest conductivity improved by 20.5% compared to that of
raw Al.

Keywords: electrical conductivity; graphene; copper and aluminum composites; hot pressing;
interface

1. Introduction

Metal laminated composites are comprised of at least two physical or chemical compo-
nents. Their superior performance is given by the achievement of enhanced combinations
of properties, which could hardly be achieved for single-phase materials. The composite
materials have excellent properties due to the composite matrix, which is difficult to achieve
for single-phase materials [1]. Different application scenarios have given rise to different
metal composites, for example, Al/Mg [2], Cu/Ni [3], TiO2/Cu [4], Al/Ni [5], Al/Sn [6],
Cu/Zr [7], Al/Ti/Mg [8], Cu/Al [9–12], Cu/Al/Cu [13], etc. As a typical metal laminated
composite, Cu/Al composite has been widely used in electric power, heat transmission, rail
transit, and other fields due to the characteristics of high electrical conductivity and high
thermal conductivity of Cu and the light weight and low cost of Al, which have attracted
extensive attention [14]. Rimma et al. [15] achieved the combination of Cu powder and Al
powder by four reciprocal extrusion passes at 400 ◦C. The electrical conductivity of Cu/Al
composite increases with the increase of Cu content. Kocich et al. [16] used rotary swaging
technology to produce Cu/Al clad composite wires with a diameter of 5 mm at 250 ◦C,
ensuring a high strength while possessing good electrical conductivity. Han et al. [17]
investigated the effect of Al/Cu diffusion bonding on the evolution of the interface at
an isothermal temperature of 550 ◦C. The results showed that under the protection of
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vacuum and argon, the bonding time was increased from 15 to 25 min, and the intermetal-
lic interactions such as Cu9Al4, CuAl, and CuAl2 were generated in the interface region.
Hu et al. [18] found that the thickness of the secondary phases in the Cu/Al composite
increased from 25 µm to 300 µm, and the electrical conductivity decreased from an initial
5.29 × 105 S/cm to 3.83 × 105 S/cm. In recent years, with the development of the electronic
information industry, automobile lightweight technology, the national defense industry and
the transformation of consumer demand to high-end, high-performance and lightweight,
higher requirements have been put forward for the performance of Cu/Al composites.

With the rapid development of nanotechnology, nanomaterials, as a new type of
admixture, have a high specific surface area and high activity, providing new opportuni-
ties for the development of metal laminated composites. Indeed, numerous studies have
demonstrated that introducing some emerging carbon nanomaterials, such as carbon nan-
otubes [19], graphene-oxide [20] and graphene [21], etc., into the metal composites endows
metal composites with properties that cannot be obtained in their various components.
Taking graphene as an example, it is reported that graphene is a hexagonal two-dimensional
lattice nanomaterial (GNPs) composed of carbon atoms, and the thickness of a single layer
is only 0.34 nm. Graphene has good functional properties with thermal conductivity up
to 5000 W·m−1·K−1, and experimental carrier mobility up to 350,000 cm2/(V·s), making
it the thinnest, strongest, toughest, and best heat and conductive nanomaterial ever dis-
covered [22,23]. Graphene has been known as an excellent reinforcement of metal matrix
composites due to its excellent comprehensive properties. At present, a series of advance-
ments have been achieved in the research of graphene-reinforced Cu matrix composites.
Yu et al. [24] prepared copper graphene composites by electrodeposition; the graphene
concentration in the electrolyte increased from 0 to 0.1 g/L, leading to the sample conduc-
tivity increasing from 88.3% IACS to 91.3% IACS. Dong et al. [25] found that graphene
doping in W70Cu30 from 0 to 0.5 wt % increased the electrical conductivity from 42% IACS
to 46% IACS. Cao et al. [26] prepared a laminar structure of Gr/Cu composites with an
electrical conductivity of 93.8 to 97.1% IACS, which showed that the introduction of layered
graphene can obtain excellent electrical conductivity due to the layered structure through
the 2D catalytic growth of GR maintaining the electrical conductivity and thus the desired
carrier transport conditions to maximize its performance. Chen et al. [27] prepared bulk
Cu/Gr nanocomposites by an accumulative roll-compositing process in which graphite foil
was sandwiched in a copper strip and subjected to high-cycle accumulative roll-bonding
treatment, followed by hot rolling. The composites had superior strength, ductility and
electrical conductivity. The electrical conductivity was above 70% IACS.

Previous research has suggested that adding graphene as reinforcement phase to Cu
substrates can significantly improve the electrical conductivity of composites. However,
the existing studies on graphene-reinforced Cu matrix composites mostly focus on the
single Cu metal. There are insufficient studies on graphene-reinforced Cu/Al composites,
and the related interface and electrical coupling response still need to be further elucidated.
In addition, in order to obtain new materials with lightweight and high conductivity,
graphene reinforced Cu/Al/Cu composites are worthy of attention. To address this issue, a
lightweight, inexpensive, and highly conductive laminated composite material is developed
in this paper. The innovative proposal is graphene-reinforced Cu in composites with Al.
The graphene states, interface bonding, diffusion layer thickness, electrical conductivity,
Miller indices and phase analysis of the novel graphene-reinforced Cu/Al/Cu laminated
composites are investigated by using Raman, optical microscope (OM), scanning electron
microscope (SEM), van der Pauw (vdP), and X-Ray Diffractometer (XRD). The contribution
of graphene to the electrical conductivity of Cu/Al/Cu laminated composite in this process
is demonstrated.
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2. Materials and Methods
2.1. Materials

The experimental samples of commercial Cu foil (25 µm thick, 99.8%) were purchased
from the Sichuan Oriental Stars Trading Co., Ltd. (Chengdu, China). The Al sheets (3 mm
thick, 99.9%, 40 mm diameter) were purchased from Kierui Metal Materials Co. (Xingtai,
China)

2.2. Methods
2.2.1. Methods of Sample Preparation

The experimental samples were prepared as shown in Figure 1. The commercial Cu foil
was placed on a quartz substrate, loaded into a chemical vapor deposition (CVD) furnace,
and annealed at 1030 ◦C in an atmosphere of 500 sccm argon and 10 sccm hydrogens to
obtain single crystal Cu(111). Methane (1–5 sccm) was then passed through. The growth
was continued with argon and hydrogen until the end of cooling [21]. Using a tool, the
Cu(111)/Gr foil was cut into round foils of 40 mm in diameter. The corresponding amount
of Cu(111)/Gr foils were sintered in a vacuum hot pressing furnace at 10 ◦C/min, 900 ◦C
and 50 MPa for 1 h to obtain a round Cu(111)/Gr block of 0.5 mm and 0.6 mm thickness.
The oxide film was removed from the surface of the industrial Al sheet with sandpaper,
and the surface stains of the Cu and Al sheets were removed by ultrasound. The samples
were placed into the mold in the order of Cu(111)/Gr, Al, and Cu(111)/Gr for vacuum hot
pressing sintering with a heating rate of 10 ◦C/min, a hot pressing temperature of 530 ◦C, a
pressure of 10 MPa, and a hot pressing sintering time of 1 h. The final Cu/Gr-Al-Cu/Gr
laminated composite specimens were obtained.
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Figure 1. Schematic diagram of the Cu/Gr-Al-Cu/Gr preparation method.

2.2.2. Characterization

The sample was thrown longitudinally and polished by grinding. The X-Ray Diffrac-
tometer (XRD, Miniflex 600, Tokyo, Japan) with JADE 5 software was used to analyze the
Cu foil Miller indices and diffusion layer phase species. The integrity of the graphene
grown on the copper foil was characterized by Raman (Alpha300R, Ulm, Germany). The
state of the interface and the diffusion layer were investigated, using an optical microscope
(OM, BX53M, Tokyo, Japan) and a scanning electron microscope (SEM, Regulus 8100, Tokyo,
Japan) equipped with energy dispersive spectroscopy (EDS).

The experimental specimens are shown in Figure 2a. The hot pressing samples were
cleaned and smoothed by 1200 grit sandpaper and tested for conductivity by the van der
Pauw method (vdP, Keithley 2182A, Cleveland, OH, USA). The principle is illustrated
in Figure 2b. This measurement method was used on a small, flat-shaped sample with
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four terminals and a uniform thickness. A current is applied to the sample through two
terminals and the voltage drop is measured through the opposite two terminals.
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3. Results and Discussion
3.1. Cu Miller Indices and Graphene State

Figure 3 shows the XRD result of the Miller indices of copper foil after annealing
and copper block after hot pressing. The main peak appears at 2θ approximately 42◦. It
can be clearly seen that the Cu block remained in the single crystal state after being twice
hot pressed. Cu(111) has the lowest surface energy of 1.387 J/m2 calculated by the first
natural principle [21], which results in the lowest Cu(111) formation energy and the easiest
nucleation to Cu(111) when the crystal reaches the recrystallization temperature. A sample
is obtained of Cu(111) foil and Al after two hot pressings. Due to the lowest Cu(111) Miller
indices formation energy and the low temperature of the sample after two hot pressings,
there was not enough energy to nucleate Cu(111) to other surfaces, resulting in the Cu
sample remaining in a single crystal state. The presence of grain boundaries in polycrystals
can lead to electron scattering, which affects the electrical conductivity of Cu, whereas
single crystal Cu has only one grain without electron scattering at the grain boundaries,
which helps the electrical properties of the sample. It can be seen from the figure that the
Miller indices of the Cu foil do not change before or after hot pressing, ensuring a single
crystal on the Cu(111) surface.
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Figure 4 shows the Raman characterization of graphene mapping with a G peak at
approximately 1580 cm−1 and a 2D peak at approximately 2700 cm−1 [28]. The Raman
spectrum of graphene consists of several peaks, mainly G peak and 2D peak. The G peak
is caused by the in-plane vibration of sp2 carbon atoms and reflects the number of layers
of graphene. The 2D peak is a double phonon resonance second-order Raman peak; it is
used to characterize the interlayer stacking of carbon atoms in the graphene sample, and
the intensity of the peak is also related to the laser power. This Raman graph reflects the
growth of an intact layer of graphene on the surface of the Cu foil, which will bring out the
high carrier mobility property of graphene.

Materials 2023, 16, x FOR PEER REVIEW 5 of 12 
 

 

Figure 4 shows the Raman characterization of graphene mapping with a G peak at 
approximately 1580 cm−1 and a 2D peak at approximately 2700 cm−1 [28]. The Raman spec-
trum of graphene consists of several peaks, mainly G peak and 2D peak. The G peak is 
caused by the in-plane vibration of sp2 carbon atoms and reflects the number of layers of 
graphene. The 2D peak is a double phonon resonance second-order Raman peak; it is used 
to characterize the interlayer stacking of carbon atoms in the graphene sample, and the 
intensity of the peak is also related to the laser power. This Raman graph reflects the 
growth of an intact layer of graphene on the surface of the Cu foil, which will bring out 
the high carrier mobility property of graphene. 

 
Figure 4. Raman characterization of graphene mapping and (inset) constructional view of 
Cu(111)/Gr foil grown by CVD. 

3.2. Microstructure of the Composite Interface 
The bonding interface and diffusion layer condition of the graphene reinforced 

Cu/Al/Cu (1 mm thickness Cu(111)/Gr) composites were observed, as shown in Figure 5. 
Figure 5a shows that the Cu/Al bond is free of pores and cracks, and Cu/Al forms a good 
metallurgical bond. Figure 5b shows the morphology of the Cu/Gr-Al-Cu/Gr diffusion 
layer. It can be seen that four different colors appeared between the Cu/Al diffusion layers. 
Figure 5c,d depict the microscopic views of the interface of Cu/Al top and bottom bond-
ing. Figure 5 clearly confirmed that the interface bonding was tight and could form a met-
allurgical bond. 

Figure 4. Raman characterization of graphene mapping and (inset) constructional view of Cu(111)/Gr
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3.2. Microstructure of the Composite Interface

The bonding interface and diffusion layer condition of the graphene reinforced
Cu/Al/Cu (1 mm thickness Cu(111)/Gr) composites were observed, as shown in Figure 5.
Figure 5a shows that the Cu/Al bond is free of pores and cracks, and Cu/Al forms a good
metallurgical bond. Figure 5b shows the morphology of the Cu/Gr-Al-Cu/Gr diffusion
layer. It can be seen that four different colors appeared between the Cu/Al diffusion
layers. Figure 5c,d depict the microscopic views of the interface of Cu/Al top and bottom
bonding. Figure 5 clearly confirmed that the interface bonding was tight and could form a
metallurgical bond.

Figure 6 shows the XRD analysis results of the Cu/Gr-Al-Cu/Gr laminated composites
sample cross section. It can be found that four different intermetallic phases, i.e., CuAl2
(2θ ≈ 25◦, 36◦, etc.), CuAl (2θ ≈ 15◦, 29◦, etc.), Cu3Al2 (2θ ≈ 37◦, 63◦), and Cu9Al4 (2θ ≈ 23◦,
66◦) are obtained. Combined with the XRD analysis it can be seen that the four different
color diffusion layers in Figure 5b are four different phases.
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Figure 7a shows the secondary electron images of the diffusion layer under the SEM of
the Cu/Gr-Al-Cu/Gr laminated composites, and the obvious delamination at the diffusion
layer is also found by SEM. Figure 7b shows the surface scanning area of the sample. The
distribution mapping of Cu and Al elements can be found in Figure 7c,d, and the area with
a large overlap of Cu and Al elements is the diffusion layer. This area was quantified by line
scan for a total Cu/Al diffusion layer thickness of 27.19 µm. Figure 7e shows the results for
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the line scan area in Figure 7b. The line scan results also easily reveal the diffusion reaction
between Cu and Al. The diffusion coefficient of Cu and Al can be expressed by Arrhenius,
which can be calculated from Equation (1) [29].

D = D0e(−Q/RT) (1)

where D is the diffusion coefficient, D0 is the diffusion constants, Q is the diffusion activa-
tion energy, R is the gas constant, and T is the thermodynamic temperature. The diffusion
coefficient of Cu in Al is 4.9 × 10−16 m2·s−1, while that of Al in Cu is 3.76 × 10−19 m2·s−1,
at 530 ◦C. The diffusion coefficient of Cu atoms in Al is much larger than that of Al atoms
in Cu. Cu is regarded as the first limiting element. Therefore, the formation of the Cu/Al
interface reaction layer is mainly through the diffusion of Cu atoms to the Al side. More-
over, the formation energies of CuAl2 and Cu9Al4 are 0.78 eV and 0.83 eV. It is inferred
that CuAl2 forms first and then forms Cu9Al4. CuAl and Cu3Al2 are exhibited to form
after the formation of the previous two phases [30]. The Cu/Al intermediate phase has the
characteristics of high strength, low ductility and high resistance, but the generation of the
Cu/Al intermetallics can bind the samples tightly and form a good interface to improve
the force and deformation of the composite. Figure 7f shows a schematic diagram of the
Cu/Al diffusion reaction.
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Figure 8 shows the EDS of points A–D in Figure 7b. Point A is close to the aluminum
side, which can be identified as the CuAl2 phase by combining the XRD and EDS results
of point A. Point B is closer to the copper side than point A, and the CuAl phase can be
determined from the XRD and EDS results. The EDS results and XRD analysis at point C
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confirm that this is the Cu3Al2 phase. Point D is close to the copper side, and the EDS results
and XRD analysis determine that this is the Cu9Al4 phase. Therefore, the intermediate
phases from the Al side to the Cu side are CuAl2, CuAl, Cu3Al2, and Cu9Al4 in that order.
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3.3. Electrical Conductivity

The vdP method of resistance measurement is repeated eight times around the edge
of the sample, and the eight sets of voltages (U) and test currents (I) obtained are used to
calculate the resistivity ρ, which can be calculated from Equations (2)–(4).
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where d is the sample thickness, f is the vdP factor [31], UCD and UDA are the measured
voltages, IAB and IBC are the measured currents, and RAB,CD and RBC,DA are the resistance
of the sample.

The electrical conductivity of the sample with different Cu(111) and Cu(111)/Gr
thicknesses are shown in Figure 9. This work considered three different Cu(111) and
Cu(111)/Gr thicknesses, i.e., 0 mm (Al), 1 mm (Cu/Al/Cu and Cu/Gr-Al-Cu/Gr), and
1.2 mm (Cu/Al/Cu and Cu/Gr-Al-Cu/Gr). It should be noted that as the thickness of
Cu changes, the number of graphene layers changes. It can be seen that for the sample
with a layer thickness of 1 mm, the electrical conductivity reached 68.8% IACS, which is
2.5% higher than the 67.2% IACS of the same sized sample without graphene. Meanwhile,
for the sample with a layer thickness of 1.2 mm, the electrical conductivity is 71.9% IACS,
which is 3.3% higher than that of Cu/Al/Cu without graphene (69.6% IACS). In addition, it
is known that the number of graphene layers introduced by increasing the thickness of the
Cu(111)/Gr layer also increased, and it was found that the sample’s electrical conductivity
improved considerably after graphene was added. For example, by comparing the sample
of Cu/Gr-Al-Cu/Gr with the thickness 1mm and 1.2mm, the electrical conductivity is in-
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creased by approximately 4.5% from 68.8% IACS to 71.9% IACS, whereas for the Cu/Al/Cu
samples without Gr, the electrical conductivity is increased by approximately 3.6% with
thicknesses increased from 1 mm to 1.2 mm. Furthermore, it can also be seen from Figure 9
that the graphene-embedded Cu/Al composite exhibited high carrier mobility from con-
trolled experiments, and the resulting samples showed a maximum enhancement of 20.5%
over the raw material Al.
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The high quality graphene is grown on Cu foil by CVD [32]. Moreover, the weak
adhesion energy of graphene to Cu can be improved by the hot pressing process so that
graphene and Cu can form a strong mechanical bond and Cu(111)/Gr blocks without
inclusions and voids can be obtained [33,34]. Moreover, graphene and Cu(111) have the
same triple symmetry and very similar lattice constants, which allows graphene to be
grown more completely on Cu(111), thus exploiting the high carrier migration properties of
graphene [21]. In many studies on the electrical properties of graphene, there is a trade-off
between electron mobility and electron density when suspended graphene or graphene
interacts with a well-designed substrate; the result is a less than high conductivity of
graphene-reinforced metals. In contrast, graphene materials embedded with Cu metal
achieve high electron density and maintain high electron mobility. In addition, the thickness
of the diffusion layer of Cu and Al is opposite to the conductivity; the electrical conductivity
decreases with the increase of the thickness of the diffusion layer. The thickness of the
diffusion layer of the Cu/Al composite prepared by the hot pressing method is generally
smaller than that of the casting method, which also improves the electrical properties of
the Cu/Al composite [18]. Therefore, by hot pressing composites Cu(111)/Gr with Al, the
resulting samples will have the combined properties of lightweight and high electrical
conductivity.
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4. Conclusions

In this study, an innovative Cu/Gr-Al-Cu/Gr laminated composite was prepared
by the hot pressing method, and the graphene states, interface bonding, diffusion layer
thickness, electrical conductivity, Miller indices and phase analysis of the composites were
studied. The main conclusions are as follows:

1. The Cu(111)/Gr sample obtained by CVD was vacuum pressed twice at 900 ◦C and
530 ◦C. The Miller indices of the sample remained at the (111) crystal face, and the Cu
block was still in the single crystal state;

2. The Cu/Gr-Al-Cu/Gr laminated composites were successfully prepared by hot press-
ing for 1 h at a temperature of 530 ◦C and a pressure of 10 MPa at a heating rate of
10 ◦C/min. It was found that the laminated composites were well bonded without
pores or cracks, there was an obvious diffusion layer at the interface bond, and the
transition layer generated by the diffusion reaction of Cu and Al connected the com-
posites. The total thickness of the diffusion layer was found to be 27.19 µm by EDS
spotting, line scan, surface scan, and the intermediate phases from the Al side to the
Cu side are CuAl2, CuAl, Cu3Al2, and Cu9Al4, in that order;

3. The Cu/Gr-Al-Cu/Gr laminated composites prepared by the hot pressing method
were able to exploit the high carrier mobility of graphene to improve the electrical
conductivity of the composites and the thickness of the Cu(111)/Gr layer from 1 mm
to 1.2 mm; the electrical conductivity of the Cu/Gr-Al-Cu/Gr increased by 4.5%,
while the increase in the thickness of the Cu(111) layer was from 1 mm to 1.2 mm, and
the Cu/Al/Cu conductivity increased by only 3.6%.
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Abstract: The service performance of single crystal blades depends on the crystal orientation. A grain
selection method assisted by directional columnar grains is studied to control the crystal orientation
of Ni-based single crystal superalloys. The samples were produced by the Bridgman technique at
withdrawal rates of 100 µm/s. During directional solidification, the directional columnar grains
are partially melted, and a number of stray grains are formed in the transition zone just above the
melt-back interface. The grain selected by this method was one that grew epitaxially along the
un-melted directional columnar grains. Finally, the mechanism of selection grain and application
prospect of this grain selection method assisted by directional columnar grains is discussed.

Keywords: Ni-based single crystal superalloy; directional solidification; selection grain; columnar
grains; crystal orientation

1. Introduction

Nickel-based single crystal superalloys have excellent high-temperature mechanical
properties and are the preferred materials for aero-engine and gas turbine blades [1]. Due
to the anisotropy of mechanical properties, the single crystal blade has the best service
performance when the <001> direction of the crystal is consistent with the maximum stress
direction [2]. Directional solidification investment casting, combined with grain selection
or seeding technology, is the main method for preparing single crystal blades [3,4]. The
grain selection method is the earliest used to prepare single crystal blades, and it is also the
most common method for the preparation of single crystal blades in industrial production.
In this method, a spiral selector is usually set at the bottom of the casting. A large number
of grains is nucleated firstly at the bottom of the spiral selector, and then the competitive
grain growth occurs during the directional solidification process, and finally, only one grain
survives at the outlet of the spiral selector [5].

The spiral selector can generally be divided into two parts: the starter block and the
spiral part [6–8]. The functions of these two parts have received extensive attention and
a consensus has been reached [5,7,9]. The main function of the starter block is obtaining
well-oriented grains with the <001> texture [10]. Furthermore, the main function of the
spiral part is to accelerate the competition grain’s grain and ensure only one grain is close
to the inner side of the spiral channel growing into the casting cavity [11]; therefore, the
orientation of the final surviving grain is mainly controlled by the competitive grains
growth process in the starter block [12]. Only the primary orientation of the surviving grain
can be limited within a certain range, which is the degree of <001> direction deviating from
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the directional solidification, whereas the second orientation is randomly distributed due
to the selection mechanism.

In order to improve the control level of the crystal orientation of the surviving grain
obtained by the grain selection method, researchers have carried out related research from
multiple perspectives, such as the competitive grain growth [13,14], the optimization of
the starter block structure and size [10,12], and the effect of process parameters on grain
selection [3,15]. Zhang and Zhou et al. found that a high withdrawal rate is beneficial for
obtaining a sharper <001> texture and smaller grain size attributing to the competitive
growth of a large amount of randomly oriented grains [16]. Wang et al. reported that
the misorientation of the final grain can be decreased with the increase in the ratio of
length to diameter of the starter block [10]. Rezaei et al. reported that the withdrawal rate,
height of the starter block, and temperature gradient during directional solidification were
inter-dependent and careful optimization of these process parameters was indeed needed
to achieve a minimum misorientation of the final grain [17]. Some studies have also shown
that by adjusting the structure and size of the spiral part carefully, the orientation of the
final grain can also be optimized within a small scale [5,9,12]. At present, the misorientation
of the final grain obtained by the grain selection method can be controlled within 15◦ for
turbine blade applications in industrial production.

With the complexity and thinning tendency of turbine blades, the service performance
of the single crystal blade is increasingly sensitive to the crystal orientation [18,19]; therefore,
the misorientation of the final grain obtained by the grain selection method is required to
be narrower. To address this, an adjusted grain selection method assisted by directional
columnar grains for single crystal blades is proposed [20]. A directional columnar grain
is set in the starter block during directional solidification, which can significantly reduce
the misorientation of the final grain. Using Optical microscope and EBSD technology, the
preparation process of the adjusted grain selection method assisted by directional columnar
grains for a single crystal sample was investigated. It provides a new insight for optimizing
the orientation control level of the grain selection method.

2. Experiment

The materials used in this paper were DZ125 and DD6, and their nominal composition
are listed in Table 1. The cylinder-shaped directional columnar grains used in this work had
a diameter of 10 mm and a length of 40 mm. The spiral part used in this study was a spiral
part for the industrial production of single crystal blades. The directional columnar grains
were plugged into a mold and the clearance between the columnar grains and the mold
was less than 0.05 mm. Then, the mold with the directional columnar grains (as shown in
Figure 1) was mounted on a water-cooled copper chill plate in a Bridgman furnace. The
furnace chamber was evacuated to a partial pressure above 10−2 Pa, and then the mold
was heated to 1520 ◦C for 5 min by a graphite heating element. Melton alloy was poured
into the preheated mold cavity at 1500 ◦C and stabilized for 5 min. Finally, the mold was
withdrawn to a cold element at a rate of 100 µm/s. During directional solidification, the
main heat flow direction is consistent with the withdrawal direction, whereas it is the
opposite for the directional solidification; they are all parallel to the columnar axis.

Table 1. The nominal compositions of the DZ125 and DD6 (wt.%).

Element Cr Co W Mo Re Al Ti Ta Nb C Hf B Ni

DZ125 8.9 10.0 7.0 2.0 - 5.2 0.9 3.8 - 0.1 1.5 0.015 Bal.
DD6 4.3 9.0 8.0 2.0 2.0 5.6 - 7.5 0.5 - 0.1 - Bal.
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The microstructure of the directional columnar grains used in this study is shown
in Figure 2. From Figure 2a, it can be seen that the typical dendrite morphology at the
cross-section of the directional columnar grains and the arrangement of the dendrites
were not completely consistent due to the difference in the orientation of these dendrites.
According to the statistical results, the size of the grains in the directional columnar grains
in the cross-section was between 0.8 mm and 5.1 mm, and the average primary dendrite
spacing was about 304 µm. The maximum deviation angle of the <001> direction of the
grains in the directional columnar grains from the columnar axis was not more than 8◦.
Figure 2b showed the typical microstructure in the longitudinal section; it can be seen that
the <001> direction of the grain deviated from the columnar axial within a small angle.
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Figure 2. The cross-sectional (a) and longitudinal sectional (b) microstructure of the directional
columnar grains.

Following directional solidification, the casting was cleared and macro-etched by a
solution of 50% HCl and 50% H2O2 for the macroscopically inspecting grains evolution pro-
cess. Casting was subsequently machined using wire electro-discharge machining (EDM),
and then the samples were polished and etched with a mixture of 14% HNO3, 28% HF and
58% H3O8 to display the microstructure. An optical microscope (Leica DM-4000, Wetzlar,
Germany) and SEM (ZEIS SUPRA 55, Germany) equipped with EBSD were employed to
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obtain the microstructures and crystal orientation information of the samples. In order to
accurately display the information of crystal orientation during directional solidification, an
orthogonal coordinate system was established. The 0Z direction is parallel to the directional
solidification direction, and the X0Y plane is perpendicular to the directional solidification
direction. In particular, the 0X direction coincides with the projection of the secondary
dendrite of the grain selected by this method on the X0Y plane.

3. Results

The macrostructure of the adjusted grain selection process assisted by directional
columnar grains is shown in Figure 3a. It can be seen that well-oriented columnar grains
were formed in the starter block, as the growth direction of the grains was basically parallel
to the directional solidification. The columnar grains in the starter block were divided
into two parts by the melt-back interface, namely the un-melted zone, which was located
in the lower part, and the re-solidified zone in the upper part. Figure 3b shows a partial
magnified view near the melt-back interface. A number of stray grains can be found to
form exclusively at the surface of the directional columnar grains. The nucleation of stray
grains was a transient phenomenon; it occurred only near the melt-back interface. Since
the orientation of stray grains was random, which is attributed to nucleation behavior, only
a few stray grains with an orientation advantage can grow up in the competitive growth
process with the columnar grains. This phenomenon was consistent with the formation
and growth of stray grains at the melt-back region of seeding for preparing single crystal
casting. Subsequently, the number of grains in the starter block did not change significantly,
whereas the number of grains decreased rapidly in the spiral part. A single crystal can be
rapidly selected as the solidification front climbing to the spiral part; its cross-sectional and
longitudinal microstructures are shown in Figure 3c,d, respectively. The <001> direction of
the grain prepared by this method was closed to the direction of solidification, as shown
in Figure 3d. It indicated that the grain selection method assisted by directional columnar
grains could effectively prepare a single crystal with a small misorientation.
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In order to further clarify the orientation control level of the single crystal castings
prepared by the grain selection assisted by directional columnar grains, there were 16 single
crystal castings fabricated using this method, and their orientation information is displayed
in Figure 4. The <001> direction of the single crystal castings deviated from the directional
solidification was all less than 8 degrees. Especially, the proportion of the single crystal
casting whose <001> direction deviated from the directional solidification within 5 degrees
was more than 50%. It showed that the grain selection assisted by directional columnar
grains could more effectively control the orientation of the single crystal component than
the traditional grain selection method.
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In order to further clarify the mechanism for obtaining a single crystal casting with
a small misorientation using this adjusting grain selection method, the microstructure in
the starter block was characterized, and the results are shown in Figure 5. From Figure 5a,
it could be found that the starter block could be divided into four parts after directional
solidification, namely the heat-affected zone, the mushy zone, the transition zone, and the
directional growth zone. The heat-affected zone marked as I in Figure 5a was located at
the lowest region of the starter block. From Figure 5b, it could be found that there was
no obvious re-melting phenomenon in this zone, whereas the (γ + γ’) eutectic was almost
completely eliminated, indicating that the microsegregation was significantly reduced.
Mushy zone II was immediately adjacent to the heat-affected zone and there was no clear
boundary between the two zones. Due to microsegregation, the (γ + γ’) eutectic reformed
in the interdendritic region after directional solidification, as shown in Figure 5c. Transition
zone III was clearly separated from the mushy zone by the melt-back interface, as shown
in Figure 5a. Figure 5d shows atypical dendrites formed and some stray grains nucleated
at the initial directional solidification stage. Finally, the directional growth zone IV could
be found at the top part of the starter block, and a typical columnar microstructure was
reformed, as shown in Figure 5a,e. It should be noted that Figure 5a displayed that the
grain with a larger misorientation was overgrown by one with a small misorientation.
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The crystal orientations at different regions of the longitudinal section were measured
by EBSD—the results are shown in Figure 6. From Figure 6(b1,b2), it can be seen that
the formation of stray grains began to occur at the transition zone just above the melt-
back interface. At the same time, no stray grain was found below the melt-back interface.
A number of equiaxed grains formed in the middle region of the transition zone, as
shown in Figure 6(c1,c2); however, the grains aligned with the matrix (located un-melted
region) orientation still dominated the transition zone. After the solidification interface was
advanced to the directional growth zone, the nucleation of stray grains was not found by
EBSD detection. Comparing Figure 6(b1,b2) and (d1,d2), it could be found that the crystal
orientation of gains in this zone was basically the same as that of the matrix, which was
consistent with the metallographic observation in Fig. 5. It indicated that the grains in
the directional growth zone were mainly exitaxially grown along the un-melted columnar
grains. This could explain why the maximum deviation angle of the single crystal obtained
by the final selection method was consistent with the maximum orientation deviation of
the columnar grains.
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tudinal microstructure and EBSD maps and corresponding polar diagram tested in (b1,b2) zone 1,
(c1,c2) zone 2, and (d1,d2) zone 3 in (a).

4. Discussion

As mentioned in the introduction, the grain selection and seeding methods are the
main technique for preparing single crystal components [4,5]. The grain selection technique
mainly relies on the competitive grain growth in the grain selector to obtain single crystal
casting. In order to reduce the misorientation range of single crystal casting, a lot of
effort is required to determine the grain selection mechanism [3,7,12], optimization of
the selector structure [8,10], and directional solidification perimeter [16,17]; however, the
random nature of the grain selection process has not changed, leading to the orientation
range of the selected grain in industrial production still being quite large for advanced
turbine blades. The nature of the seeding technique is epitaxial growth along an un-melted
seed; therefore, high single crystal integrity is required for seeding to avoid solidification
defects growing up from the un-melted seeding. At the same time, the process parameters,
such as the gap between the seed and mold, the inner surface roughness of the mold, etc.,
should be strictly limited to avoid the formation of stray grains at the initial withdrawal
stage during directional solidification [21,22]. Some studies have also shown that the seed
oxidation occurred prior to melt pouring, which gives us a chance to form solidification
defects at the withdrawal stage [23]; therefore, the seeding method is often combined with
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a selector partner between the seed and component to improve the success rate of the single
crystal preparation [24].

The grain selection method for Ni-based single crystal blades relies on the competitive
grain growth to obtain only one grain at the top of the spiral selector. Walton and Chalmers
first proposed a competitive growth model based on the relationship between dendrite
growth rate and undercooling [25]. After revealing this model with a schematic diagram
by Rappaz [13], it is widely accepted and can explain a large number of experimental
phenomena. Since then, great effort has been devoted to the optimization of the model
to better predict the competitive growth process [14,26–28]. The grain selection process
has been successfully predicted as the grain competitive growth model is applied to the
temperature field evolution obtained by numerical simulation [6,7,12]. It has been found
that in order to stably obtain single crystals with a small misorientation by the grain
selection method, the length of the starter block should be very large, which is basically
beyond the acceptable range of industrial production [10]. This is due to the fact that the
overgrowth rate among the grains becomes very slow as the primary orientation between
the grains is close [13]. Recently, we have proposed a grain selection method assisted by
short seeding to obtain only one grain with the desired orientation through the competitive
growth between the grain epitaxially grown along the seed crystals with other grains
nucleated in the starter block [29]. The seeding will inevitably undergo a certain degree
of oxidation, and the oxide layer is not easily broken by pouring melt during directional
solidification, which causes the melt to be unable to epixially grow along the un-melted
seeding; therefore, this method runs the risk of crystal orientation control failure.

As the roles of the starter block and the spiral part in the grain selection process
have been clarified [5,7,11], we provide a grain selection method assisted by directional
columnar grains to control the crystal orientation within a small misorientation. Using
this novel grain selection method, the misorientation of single crystal casting is limited to
a small angle. Similar to the seeding method, the upper part of the directional columnar
grains was re-melted, whereas the lower part remained un-melted due to the temperature
field characteristics during the heating and holding stage [30]. During the directional
solidification process, the melt epitaxially grows on the un-melted directional columnar
grains so that the <001> direction of the grains at the top of the starter block deviates from
the directional solidification within a small range. Similar to the process of the seeding
method, a certain number of randomly oriented stray grains are formed just above the
melt-back interface, as shown in Figures 5 and 6. These stray grains are overgrown by the
grains grown epitaxially along the directional columnar grains in the subsequent directional
solidification process. The <001> direction of the grain selected by this method deviates
from the directional solidification direction within 8 degrees, such as that shown in Figure 4,
which is not greater than the maximum <001> direction deviation angle of the directional
columnar grains used in this method. It showed that the final grain selected by this novel
method was one that grew epitaxially along the un-melted directional columnar grains.

The grain selection assisted by the directional columnar grains method not only
uses the competitive growth characteristics of the grain selection method to obtain single
crystal casting but also takes advantage of the epitaxial growth of the seeding method;
therefore, this method has unique characteristics compared to the grain selection and
seeding methods, which are as follows: (1) Compared to the grain selection method, as
shown in Figure 3, this method can control the orientation deviation within a little range
of the single crystal casting by selecting an appropriate directional columnar grain used
in this method because of the characteristic of the epitaxial growth. (2) Compared to the
seeding method, the microstructure of the directional columnar grains used in this method
is easier to obtain than that of the seeding. The nucleation and growth of stray grains can
be tolerated due to the competitive growth characteristic, as shown in Figures 5 and 6.
The grain selection assisted by the directional columnar grains method can be used as the
main method in the transition stage of the grain selection method to the seeding method in
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actual industrial production for advanced single crystal turbine blades, taking into account
product requirements, technical difficulty, and cost issues.

5. Conclusions

A grain selection assisted by directional columnar grains for single crystal casting was
studied using the Bridgman technique at a withdrawal rate of 100 µm/s. The directional
columnar grains partially melt-back during directional solidification, and it was divided
into four parts after directional solidification, namely the heat-affected zone, the mushy
zone, the transition zone, and the directional growth zone. A lot of stray grain appeared in
the transition zone just above the melt-back interface, and almost all of them did not grow
up during the directional solidification process due to competitive growth with grains
growing epitaxially along the un-melted directional columnar grains. The grain selected by
this novel method was one that grew epitaxially along the un-melted directional columnar
grains; therefore, the <001> direction of the single crystal casting prepared by this method
deviated from directional solidification within a small misorientation. This method can
be used for advanced single crystal turbine blades in actual industrial production in the
transition stage of the grain selection method to the seeding method.
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Abstract: This paper focuses on the effect of gear steel on distortion due to phase transformation in
carburizing and quenching. The carburizing and quenching process of C-rings under suspension
was studied by using the finite element method based on the thermo-mechanical theory, considering
phase transformation. The phase transformation kinetics parameters, depending on different carbon
contents, were measured by Gleeble-3500. The distortion behavior of the carburized C-ring during
the cooling stage was analyzed, as well as the carbon concentration distribution and martensite
volume fractions. The accuracy of the simulation was also verified by comparing the experimental
data with the simulated result of the distortion and microstructure. A reliable basis is provided for
predicting the distortion mechanism of gear steels in carburizing and quenching.

Keywords: martensite transformation; carburizing and quenching process; simulation; distortion

1. Introduction

Carburizing and quenching are often used to improve the mechanical properties
and the service life of a gear [1,2]. However, the deformation caused by carburizing and
quenching leads to dimensional deviation and structural instability of the gear, increasing
the machining workload and reducing the production efficiency. Controlling deforma-
tion has always been a difficult problem in the manufacturing of gear parts, especially
for thin-walled parts. There are many factors that affect distortion during carburizing
and quenching, such as the carburizing and quenching temperature, quenching medium,
material composition, size of the gear, etc. [3,4]. Ingredient differences between the surface
and core after carburizing make the stress–strain derivation law during the quenching
process become very complicated. With the development of computer simulation tech-
nology, theoretical models and finite element analysis methods have gradually improved,
providing new ways to control heat treatment distortion. Some scholars have used nu-
merical simulation to conduct in-depth analysis of carburizing and quenching [5–10].
Silva et al. simulated the quenching process of an AISI 4140 steel C-ring in oil, covering the
analysis of the distortion caused by both thermal contraction and phase transformation [6].
Farivar et al. [9] investigated the effects of a modified hardening temperature and different
soaking times on the core microstructure, the final dimensional stability, and the mechanical
properties of 20MoCr4 steel.

Only with correct and reliable material parameters can reliable numerical simulation
results be obtained. However, there are many problems in the simulation of material
parameters at present, such as inconsistent data grades, imperfect material data, or even no
data. Among them, the K-M formula is often used for the calculation model of martensite
transformation [11,12], and the parameter α in the formula is generally selected as 0.011,
which is obviously not rigorous enough. The error of martensite transition temperature
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calculated by the empirical formula is large. Different materials should be calculated
by corresponding experimental measurements. The method was developed to obtain
the phase transformation expansion and transformation plasticity of steel during phase
transformation and heat treatment, and the coefficients of phase transformation expansion
and transformation plasticity can be calculated based on the kinetics theory of phase
transformation [13–15]. The kinetics of the martensitic transformation in three carbon
steels (C60, C70 and C80) have been studied using the acoustic emission (AE) technique
during continuous cooling in the Gleeble 1500 by van Bohemen [16]. Therefore, in order
to improve the accuracy of the simulation of the carburizing and quenching process, this
study firstly conducted thermal expansion experiments on smelted materials with different
carbon contents to obtain the martensitic transformation parameters. Then, the finite
element method was used to predict the properties and distortion of the C-ring, suggesting
optimization of the carburizing and quenching process.

2. Numerical Simulation Theory of Carburizing and Quenching

The carburizing and quenching process involves a complex continuous medium
thermodynamic theory and requires consideration of the coupling between the carbon
concentration diffusion field, temperature field, phase transformation kinetics, and tissue
distribution, as well as the inelastic stress–strain field [10]. A concrete structure of the heat
treatment simulation system is shown in Figure 1. Firstly, the diffusion of carbon atoms
causes changes in material composition, material properties, and phase transformation
kinetics. Secondly, temperature changes affect the nucleation and growth of phase and the
temperature field, due to the generation of latent heat from the phase transformation. The
stress–strain field changes due to the phase transition, which, in turn, induces expansion
or contraction of the material. Conversely, the stress–strain can also inhibit or induce
the formation of the phase transformation. Thirdly, due to the inevitable changes in the
temperature field, expansion or contraction of the material, i.e., thermal strain, would
occur. When large distortions occur within the material, as a result of processing and
heat treatment, heat generation also occurs, leading to a change in the temperature field.
It can be seen that the phenomenon of multi-field coupling should be considered in the
carburizing and quenching simulation.

Figure 1. Structure of the heat treatment simulation system and flow of data.

2.1. Theoretical Model of Non-Diffusion-Type Transformation (Martensite)

The martensitic transformation rate is related to the carbon concentration and the
cooling rate, and the degree of transformation is higher when the degree of undercooling
is greater. The K-M equation used for martensitic transformation can be described by
Equation (1).

ξM = 1 − exp[−α(Ms − T)] (1)
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In the formula, ξM is the volume fraction of the martensite, Ms is the initiation temper-
ature of the martensite transformation, and α is a constant, usually taken as 0.011 in many
calculations for most steels.

2.2. Theoretical Model of the Stress–Strain Field

The Thermal Prophet module based on the finite element method was utilized in the
present simulations. The part distortion was predicted, taking into account the deformation
based on the following strain components:

dεij = dεe
ij + dε

p
ij + dεth

ij + dεtr
ij + dε

tp
ij (2)

where e, p, th, tr, and tp represent the contributions from elastic, plastic, thermal, phase
transformation, and transformation plasticity, respectively. The strain due to transformation
plasticity dεtr

ij was considered in this calculation and can be described as Equation (3) [17,18].

dε
tp
ij = 3Kσij(1 − V) · dV (3)

where K is the transformation plasticity coefficient related to the microstructure, carbon
content, and temperature of the steel; V is the volume fraction of the new phase structure;
and dV is the volume formation rate of the new phase.

In order to obtain adequate simulation results, the material data should be accu-
rate. The following information on materials properties have to be known for distortion
prediction caused by quenching through numerical simulations [19]:

• Phase transformation kinetics, i.e., TTT and CCT diagrams.
• Temperature-dependent thermophysical properties for each phase formed, such as

density, Young’s modulus, thermal expansion coefficient, and thermal conductivity.
• Temperature-dependent mechanical properties of each phase formed, including tensile

strength, yield strength, and hardness.

The kinetics parameters of martensite transformation were identified by a thermal
expansion experiment in the present work. The partial mechanical and thermophysical
properties of the various materials and constituents (austenite, martensite, bainite, ferrite
and pearlite) are taken into consideration and provided by JMatPro (Sente Sofeware Ltd.,
Surrey, UK) [20].

3. Methodology
3.1. Experimental Procedure of Heat Treatment

The material employed for the C-ring was a 20Cr2Ni4A steel, with a nominal com-
position of 0.17 wt.% C, 0.32 wt.% Si, 0.39 wt.% Mn, 1.35 wt.% Cr, and 3.57 wt.% Ni. The
geometry and dimensions of the C-rings are given in Figure 2.

Figure 2. C-ring geometry (all dimensions in mm).
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The C-rings were prepared via the process shown in Figure 3. The continuous gas
carburizing temperature was 930 ◦C and the total time was 10 h in an Ipsen atmosphere
furnace, followed by high-temperature tempering at 620 ◦C for 4 h. The samples were held
at 800 ◦C for 1 h, then quenched through fast vertical movement of the ring (thickest part
of the ring at the bottom and ring gap at the top) into the quenching oil (HQK) at 25 ◦C,
where it was held for at least 300 s. After quenching, low-temperature tempering at 150 ◦C
for 4 h was carried out. The carburizing and quenching process was simulated according
to the actual process.

Figure 3. Preparation process of the C-Nary rings.

3.2. Phase Transformation Behavior Depending on Carbon Content

The carbon content of the 20Cr2Ni4A steel after carburizing changes significantly,
which leads to changes in material parameters, such as the phase transformation kinetic
parameters, elastic modulus, thermal expansion coefficient, and other parameters. The
accuracy of these parameters plays a key role in the accuracy of the numerical simulation
of the quenching heat treatment of the magic detective. Therefore, the thermal expansion
experiment was carried out to obtain the transformation kinetics and thermal expansion
coefficients of martensite and austenite under different carbon contents.

Five samples that differed only in carbon content were smelted by an electromag-
netic induction furnace, and their chemical compositions, which were tested by an Induc-
tively Coupled Plasma Emission Spectrometer iCAP 6300 Radial (Thermo Fisher Scientific,
Walthamm, MA, USA), are shown in Table 1. The samples were processed for thermal
expansion experiments with different cooling rates of 17.2, 8.6, 4.3, 1.72, 0.86, 0.28, 0.14, and
0.06 ◦C/s by using a thermal simulation testing machine Gleeble-3500 (Dynamic Systems
Inc Corporation, New York, NY, USA).

Table 1. The composition of the XXCr2Ni4Asteel (wt.%).

C Si Mn Cr Ni

20Cr 0.18 0.31 0.52 1.46 3.31
40Cr 0.38 0.33 0.51 1.38 3.44
60Cr 0.57 0.35 0.52 1.37 3.43
80Cr 0.77 0.36 0.51 1.35 3.42
100Cr 1.02 0.36 0.52 1.34 3.40
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3.3. Experimental Results of Martensitic Transformation Kinetics

The thermal expansion curves and CCT curves were obtained as shown in Figures 4 and 5.
According to the expansion curves, the phase transition point, phase expansion coefficient
of the martensite and austenitic, and thermal expansion coefficient were obtained by the
tangent method. The parameters of the phase transformation of the XXCr2Ni4A samples
were obtained and are listed in Table 2. It can be seen that the austenitizing temperature Ac3,
Ms point, and thermal expansion coefficient of the martensite αM decreased, while the phase
expansion coefficient of the martensite β0

M increased with the increase in carbon content.
The constant α in the K-M equation used for martensitic transformation is calculated based
on Equation (1), and the results are greater than 0.011. The K-M equations for five kinds of
carbon content are shown as Equations (4)–(8), which were used for the simulation.

Figure 4. The thermal expansion curves with different samples at different cooling rates: (a) 20Cr;
(b) 40Cr; (c) 60Cr; (d) 80Cr; (e) 100Cr.
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Figure 5. The CCT curves of samples with different carbon contents: (a) 20Cr; (b) 40Cr; (c) 60Cr;
(d) 80Cr; (e) 100Cr (cooling rates: 1–17.2 ◦C/s, 2–8.6 ◦C/s, 3–4.3 ◦C/s, 4–1.72 ◦C/s, 5–0.86 ◦C/s,
6–0.28 ◦C/s, 7–0.14 ◦C/s and 8–0.06 ◦C/s; Abbreviation for Microstructure: A—Austenite, B—Bainite,
F—Ferrite, P—Pearlite, M—Martensite).

Table 2. The parameters obtained from the expansion experiment.

20Cr 40Cr 60Cr 80Cr 100Cr

Ac3/◦C 780 765 745 736 725
Ms/◦C 370 280 205 140 110

αA 2.402 × 105 2.456 × 105 2.320 × 105 2.494 × 105 2.319 × 105

αM 1.242 × 105 1.143 × 105 1.044 × 105 0.945 × 105 0.846 × 105

β0
M 0.008631 0.009824 0.01107 0.012210 0.013403
α 0.0288 0.0271 0.0295 0.0281 0.0249

In the formula, α is the linear expansion coefficient, L is the length after heat treatment,
and L0 is the size before heat treatment.

ξM0.2% = 1 − exp [−0.0288(Ms − T)] (4)

ξM0.4% = 1 − exp [−0.0271(Ms − T)] (5)

ξM0.6% = 1 − exp [−0.0295(Ms − T)] (6)

ξM0.8% = 1 − exp [−0.0281(Ms − T)] (7)

ξM1.0% = 1 − exp [−0.0249(Ms − T)] (8)
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where ξM x% is the volume fraction of the martensite (x = 0.2, 0.4, 0.6, 0.8, 1.0), Ms is the
initiation temperature of the martensite transformation, and T is the temperature.

3.4. Experimental Results of Heat Transfer Coefficient

The quenching medium is the key factor affecting the degree of distortion and mechan-
ical properties of the components during the quenching process. HQG rapid quenching oil
was used for quenching. Its operating temperature is 60 ◦C and the maximum cooling rate
reaches up to 90 ◦C/s. In order to improve the authenticity and accuracy of the quench-
ing simulation results, the actual heat transfer coefficient is obtained by an inverse heat
transfer calculation [21]. Figure 6 shows the variation in the heat transfer coefficient with
temperature between 20Cr2Ni4A steel and HQG oil.

Figure 6. Heat transfer coefficient between 20Cr2Ni4A steel and HQG oil.

4. Results of Simulation
4.1. Time-Dependent Temperature and Phase Transformation

In Figure 7, we can see the variation in and distribution of temperature clouds from
1, 5, 10, 15, 20, and 126 s with time during cooling of the C-ring specimen. As shown
in Figure 7, the temperature at the notch of the C-ring cools the fastest, and the center
part of the C-ring cools the slowest, due to the different thinness of the specimen and the
different distance to the surface. From Figure 7b, it can be seen that after cooling for 5 s, the
temperature of the notch position has been cooled to near 252 ◦C, but the center temperature
of the specimen still reached 496 °C. The temperature difference between the notch position
and the center position of the specimen is large at this time, resulting in relatively large
deformation. The temperature difference between the surface and core decreases with the
increase in quenching time. When cooling to 126 s, the overall temperature of the C-ring is
60 ◦C, which is the same as the oil.
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Figure 7. Temperature distribution of simulated predicted 20Cr2Ni4A steel C-type specimens with
time: (a) 1 s, (b) 5 s, (c) 10 s, (d) 15 s, (e) 20 s and (f) 126 s.

Figure 8a shows the cross-sectional distribution of carbon concentration of the C-ring
of 20Cr2Ni4A steel after gas carburizing at 930 ◦C and quenching at 800 ◦C. It can be seen
that the carbon concentration on the surface of the specimen can reach up to 0.93%, and from
the local enlargement of the cross-section, it can be seen that the carbon concentration was
0.42~0.34%, showing a slow gradient trend; finally, the carbon concentration in the core was
0.20%. The carbon concentration profiles of the actual samples were also measured using
a glow discharge photoemission spectrometer-LECO GDS850A. As shown in Figure 8b,
the actual measured carbon concentration profile has good agreement with the simulated
values. Figure 8c shows the simulated evolution of the martensite volume fraction of the
C-ring after heat treatment, from which it can be seen that less martensite was formed on
the surface after quenching due to the increase in surface carbon content after carburizing,
leading to a decrease in the surface martensite Ms point from 370 to 140 ◦C. The simulated
residual austenite content of the surface was 16.32%. The XRD diffraction method was used
to determine the retained austenite content, and its XRD diffraction pattern of the surface is
shown in Figure 8d. Based on Equation (9), the retained austenite content was calculated to
be 18.75%, which is a little higher than 14% in ref [22] with a slightly lower carbon content
on the surface. The experimental results in the present work fit well with the simulation.

Vγ =
1.4Iγ

Iα + 1.4Iγ
(9)

where Vγ is the volume fraction of retained austenite; Iγ is the mean integrated intensities
of the austenite peaks, including γ(111), γ(200) and γ(220); and Iα is the mean integrated
intensities of the martensite peaks, including M/α(110), M/α(200) and M/α(211).

As shown in Figure 9a, five different typical locations from the notched end to the
core of the C-ring were selected in turn, marked as Node 1, Node 2, Node 3, Node 4 and
Node 5, where Node 1 is the outer surface. The variation in martensite content with time
at each point during quenching was simulated, as shown in Figure 9b. It can be seen that
the martensitic transformation at point 1 occurred at the beginning of 12.53 s, which was
more consistent with the temperature field shown in Figure 7c,d. At this time, the carbon
concentration ranged from 0.788 to 0.935 wt.%, and the corresponding Ms temperature was
140–110 ◦C. This indicates that the simulation accuracy of the relationship between carbon
concentration, temperature field, and martensite content made by 20Cr2Ni4A steel is better
for C-rings.
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Figure 8. (a) Carbon concentration distribution; (b) the calculated and experimental carbon concer-
tation distribution of the carburized layer; (c) martensite content distribution at different positions;
(d) XRD diffraction pattern measured by the experiment on the surface layer of the specimen.

Figure 9. (a) Schematic diagram of simulated sites; (b) martensite volume versus time graph.

The microstructure of the C-ring at different points is shown in Figure 10. As can be
seen from Figure 10a, the surface layer has typical carburized layer organization, consisting
of black high-carbon needle-like martensite, white-bright residual austenite blocks, and
carbides. The matrix is all low-carbon slate-like martensite, with slight differences in the
size of the martensite slat bundles depending on the temperature field, but no changes in
the tissue composition were found. This indicates that the actual tissue composition was
consistent with the simulated martensite content.
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Figure 10. OM microstructure of 20Cr2Ni4A steel C-ring specimens at different locations: (a) Node 1,
(b) Node 2, (c) Node 3, (d) Node 4 and (e) Node 5.

4.2. Distortion and Displacement Distribution

The distortion after carburizing and quenching is an important component of a quality
check. If the amount of transformation is too large, it will lead to gear transmission unstable
and produce a large noise level, which can affect the assembly of the transmission [12].
Figure 11a is a 20-fold magnification of the final state deformation of the C-ring after
carburizing and quenching. Figure 11b displays the simulated quenching deformation with
time at a typical position of the carburized C-ring for a period of 100 s after quenching. The
measurements of the ring dimensions before and after quenching were performed in an
ATOS Core 135 with an accuracy of 0.01 mm. Two dimensional changes were analyzed:
gap opening (G) and outside diameter (OD). Based on Figure 12, the dimensional changes
may be expressed as follows [6]:

G = n’ − n (10)

OD = m’ − m (11)

Figure 11. Simulated quenching deformation (a) in the x direction of the points in the longitudinal
cross-section of the C-ring (displacement magnified 20×); (b) with time at typical position of C-Nary
rings; (c) enlarged view of the position marked with dotted line in the (b).
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Figure 12. C-ring specimen before heat treatment (m and n dimensions) and after heat treatment (m’
and n’ dimensions).

The ring gap closed 0.129 mm and the outer diameter expanded about 0.032 mm.
As shown in Table 3, the relative differences between gap opening and outside diameter
increase were smaller than 8%. The calculated distortions of the gap and the outer diameter
were in good agreement with the measured value. The amount of expansion was also
different at the start of quenching for the five positions, while the deformation of each
position showed different changing laws as the quenching time increased.

Table 3. Comparison of the experimental and simulated results for the geometric distortions of
the C-ring.

Position Experimental Result Simulation Result Prediction
Difference

Gap opening (mm) −0.14 −0.129 7.8%
Outside diameter (mm) 0.03 0.032 6.25%

A large number of studies have shown that deformation from carburizing and quench-
ing is mainly caused by the unsynchronized and uneven martensitic transformation stress
between the carburized layer and the core matrix. The martensitic transformation stress is
closely related to the transformation process. Figure 13 shows the schematic diagram of the
phase transformation process of the carburized layer (surface) and the center (Center) of the
carburized sample, from which we can understand the deformation law of carburizing and
quenching. Due to the big difference in carbon content between the core (only about 0.20%)
and the carburized layer (the maximum value), the martensitic transformation temperature
Ms changed from 370 to 140 ◦C, and the end temperature of the martensitic transformation
Mf decreased from 165 to −20 ◦C, as shown in Figure 13. As we can see, the Mf of the
0.8 wt.% carbon content sample was lower than room temperature, leading to an increase
in the retained austenite content. In addition, there was a temperature difference between
the core and the surface. The core underwent martensitic transformation and expanded at
the initial stage of quenching, while the carburized layer was still in the austenite state. In
addition, the volume expansion due to the phase transformation of the surface with high
carbon content was larger than that of the core, which eventually led to the formation of
stress. The surface of the C-ring was under compressive stress, and exhibited shrinkage
deformation along the diameter direction after quenching.
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Figure 13. Schematic diagram of the cooling phase transformation process of the surface and core of
the carburized sample.

In summary, the model simulated the gear steel after carburizing and quenching,
considering the multi-field coupling effect of temperature field, stress–strain field, and
phase transformation field. The distributions of carbon concentration, microstructure,
and deformation were predicted, which were in good agreement with the experimental
results. This indicates that the thermophysical parameters used were accurate and the
model could be used as a guide for practical application. These provide a prerequisite for
the subsequent realization of the microstructure, as well as performance optimization and
micro deformation control of gear steel.

5. Conclusions

The carburizing and quenching process of the 20Cr2Ni4A steel was simulated by
using a finite element simulation. Based on the simulation and experimental results, we
obtained the following conclusions:

(1) The phase transformation parameters, depending on the carbon content and heat
transfer coefficient between the steel and HQG oil, were obtained to improve the
accuracy of the carburizing and quenching simulation.

(2) The distortion and microstructure of the C-ring after carburizing and quenching were
predicted by considering the effect of phase transformation strain. The measured
results concerning distortion and microstructure were in good agreement with the
simulated values.

(3) The methodology used to predict the distortion during carburizing and quenching
may be applied to parts of various shapes and materials. Therefore, the heat treatment
process may be included in the process design to obtain the final product dimension.

Author Contributions: Conceptualization, Y.Y.; data curation, Y.X.; funding acquisition, Y.Y. and
W.Y.; investigation, Y.Y., X.W., M.W. and W.Y.; methodology, W.Y. and K.L.; project administration,
M.W. and Y.Y.; validation, X.W.; writing—original draft, Y.X. and L.N.; writing—review and editing,
Y.Y. and L.N. All authors have read and agreed to the published version of the manuscript.

Funding: This work was supported financially by the National Key Research and Development
Program under the subject no. 20T60860B.

221



Materials 2022, 15, 4345

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: The raw/processed data required to reproduce these findings cannot
be shared at this time as the data also forms part of an ongoing study.

Conflicts of Interest: The authors declare no conflict of interest.

References
1. Freborg, Z.; Hansen, M.A.; Srivatsan, D.B.; Srivatsan, S.T. Modeling the Effect of Carburization and Quenching on the Develop-

ment of Residual Stresses and Bending Fatigue Resistance of Steel Gears. J. Mater. Eng. Perform. 2013, 22, 664–672.
2. Wei, L.; Liu, B. Experimental investigation on the effect of shot peening on contact fatigue strength for carburized and quenched

gears. Int. J. Fatigue 2017, 106, 103–113.
3. Lopez-Garcia, R.D.; Garcia-Pastor, F.A.; Castro-Roman, M.J.; Alfaro-Lopez, E.; Acosta-Gonzalez, F.A. Effect of Immersion Routes

on the Quenching Distortion of a Long Steel Component Using a Finite Element Model. Trans. Indian Inst. Met. 2016, 69, 1–12.
[CrossRef]

4. Li, Z.; Grandhi, R.V.; Srinivasan, R. Distortion minimization during gas quenching process. J. Mater. Processing Technol. 2006, 172,
249–257. [CrossRef]

5. Song, G.-S.; Liu, X.-H.; Wang, G.-D.; Xu, X.-Q. Materials, Numerical Simulation on Carburizing and Quenching of Gear Ring. J.
Iron Steel Res. Int. 2007, 14, 6. [CrossRef]

6. Silva, A.; Pedrosa, T.A.; Gonzalez-Mendez, J.L.; Jiang, X.; Cetlin, P.R.; Altan, T. Distortion in quenching an AISI 4140 C-ring—
Predictions and experiments. Mater. Des. 2012, 42, 55–61. [CrossRef]

7. Miao, S.; Ju, D.Y.; Chen, Y.; Liu, Y.Q. Optimization Based on Orthogonal Experiment Design and Numerical Simulation for
Carburizing Quenching Process of Helical Gear. Mater. Perform. Charact. 2018, 7, 20180019. [CrossRef]

8. Arimoto, K. A Brief Review on Validation for Heat Treatment Simulation. HT2021 2021, 71–80. [CrossRef]
9. Farivar, H.; Prahl, U.; Hans, M.; Bleck, W. Microstructural adjustment of carburized steel components towards reducing the

quenching-induced distortion. J. Mater. Processing Technol. 2018, 264, S0924013618303820. [CrossRef]
10. Rohde, J.; Jeppsson, A. Literature review of heat treatment simulations with respect to phase transformation, residual stresses

and distortion. Scand. J. Metall. 2000, 29, 47–62. [CrossRef]
11. Inoue, T.; Nagaki, S.; Kishino, T.; Monkawa, M. Description of transformation kinetics, heat conduction and elastic-plastic stress

in the course of quenching and tempering of some steels. Arch. Appl. Mech. 1981, 50, 315–327. [CrossRef]
12. Wang, J.; Yang, S.; Li, J.; Ju, D.; Li, X.; He, F.; Li, H.; Chen, Y. Mathematical Simulation and Experimental Verification of Carburizing

Quenching Process Based on Multi-Field Coupling. Coatings 2021, 11, 1132. [CrossRef]
13. Inoue, T.; Wakamatsu, H. Unified theory of transformation plasticity and the effect on quenching simulation. Strojarstvo Časopis za
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Abstract: 4.5 wt% Si steel sheets with four different yttrium (Y) contents (0, 0.006, 0.012 and 0.016 wt%)
were fabricated by hot rolling, normalizing, warm rolling and a final annealing process. Y addition
greatly weakened the γ -fiber (〈111〉//ND) texture and enhanced the {001} 〈130〉 and {114} 〈481〉
texture components, and the magnetic properties were improved related to the effects of Y on the
recrystallized grain nucleation. Y segregation at the grain boundaries inhibited the nucleation of
{111} oriented grains at grain boundaries, which was beneficial to the nucleation and growth of
other oriented grains elsewhere. At the same rolling reduction, Y2O2S inclusion caused more stress
concentration than Al2O3 inclusion. Y2O2S in deformed grains with low energy storage provided
more preferential nucleation sites for {001} 〈130〉 and {114} 〈481〉 grains. Strong {001} 〈130〉 and
{114} 〈481〉 recrystallization textures due to the high mobility were obtained in samples containing
0.012 wt% Y.

Keywords: 4.5 wt% Si steel; yttrium; recrystallization textures; segregation; inclusion

1. Introduction

Steel sheets with 4.5 wt% Si have excellent magnetic properties and good ductility
compared with 6.5 wt% silicon steel, and they are suitable for manufacturing iron cores
of motors at high frequency [1,2]. The motor operation urges the magnetic properties of
electrical steels to be more stringent, and thus the steel purification, grain-size control and
texture optimization for magnetic property improvement become more important. As is
well known, the amount and size of inclusions directly affect the grain size and magnetic
properties of non-oriented electrical steels [3].

It is demonstrated in a number of studies that rare earth (RE) can control the amount
and distribution of inclusions by deoxygenation and desulfurization and can influence
the grain size as well as optimize the recrystallization textures and finally improve the
magnetic properties of silicon steel [4,5]. It has been reported that the inclusions density in
the size range of 0–1 µm of the Fe-1.15%Si electrical steels with 0.011 wt% Ce was much
lower than that of samples without Ce, and the average grain size of samples containing
0.011 wt% Ce was the largest. Therefore, Ce plays the role of reducing the number of fine
inclusions and coarsening the size of inclusions [4].

The magnetic induction of silicon steel increased after adding 0.0066 wt% La, which
was attributed to the enhancement of {001} 〈110〉 and {110} 〈110〉 textures [6]. La addition
changed the micro-orientation relationship between the recrystallized grain and the matrix,
and the nucleation sites of {001}〈100〉 (Cube) grains existed at the {112}〈132〉 and {110}〈110〉
matrix [7].

The intensity of the η-fiber (〈100〉//RD) texture increased, and the magnetic properties
improved after adding 0.012 wt% Y in Fe-6.5%Si electrical steels as Y provided more nucle-
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ation sites for η-fiber texture by promoting the occurrence of shear bands [8]. Moreover,
the tendency of RE segregation at the grain boundaries also affects the recrystallized grain
nucleation. The moderate additions of La and Ce enhanced the favorable {113} 〈361〉 and
λ -fiber (〈100〉//ND) textures and reduced the γ -fiber texture due to their segregation at
grain boundaries inhibiting the nucleation of γ grains [9].

Much work thus far has focused on the effects of RE on the recrystallization behavior of
silicon steel. However, the mechanism of texture optimization with RE addition remained
unclear, and the effect of RE modification on recrystallization texture was rarely studied.
In the present work, the recrystallization behavior of 4.5 wt% Si steels are studied by
adding different Y content, and the influence mechanism of Y segregation and inclusion
modification on recrystallization texture of 4.5 wt% Si steel is analyzed.

2. Experimental

To improve the magnetic properties of 4.5 wt% Si electrical steels, an appropriate
amount of solid-state 99.99 wt% pure Y was added after refining to ensure the yield of rare
earth by protective casting. Four kinds of 4.5 wt% Si steel ingots with 0, 0.006, 0.012 and
0.016 wt% Y were produced by a vacuum induction melting furnace, and the chemical
composition was detected by inductively coupled plasma-atomic emission spectrometry
(ICP-AES) as shown in Table 1.

Table 1. The chemical composition of the ingots (wt%).

Sample Y Si C S O N Fe

0 Y 0 4.5 0.0025 0.0023 0.020 0.0014 Bal.
0.006 Y 0.006 4.5 0.0029 0.0024 0.0017 0.0017 Bal.
0.012 Y 0.012 4.5 0.0028 0.0018 0.0017 0.0017 Bal.
0.016 Y 0.016 4.5 0.0025 0.0019 0.0016 0.0016 Bal.

The ingots were forged into 21 mm thick and 65 mm wide slabs at 1050–900 ◦C, hot-
rolled at 1100–800 ◦C to 2 mm-thick bands (80 mm width and 280 mm length), and then
normalized at 950 ◦C and pickled. Afterwards, the normalized bands were cut and warm-
rolled at 200 ◦C to 0.3 mm-thick sheets (80 mm width and 620 mm length). Finally, the
sheets were annealed at 900 ◦C for 2 min under a mixed H2 and N2 atmosphere. The final
sheets were tailored to rectangular samples (30 mm width and 300 mm length) for magnetic
testing. The short-time annealing was to obtain fine grains to improve the strength of silicon
steel sheets, which meets the requirements of high-frequency drive motor on mechanical
properties. In order to study the stress concentration around different inclusions, the
normalized sheets without Y and containing 0.012 wt% Y were cold-rolled to the same
thickness of 1.6 mm.

The textures and local stress concentration around inclusions were measured by
an Oxford Instruments HKL-Channel 5 electron backscattered diffraction (EBSD). The
inclusions were analyzed by Zeiss ΣIGMA scanning electron microscope (SEM) and energy-
dispersive spectroscopy (EDS). The transgranular fractures obtained at room temperature
and intergranular fractures obtained at liquid nitrogen temperature were analyzed by X-ray
photoelectron spectroscopy (XPS). The magnetic induction B50 (at 5000 A/m), and the core
loss P10/400 (at a magnetic flux density of 1.0 T and 400 Hz) of samples were measured by
an electrical steel tester (MPG200D).

3. Results and Discussion
3.1. Effect of Y Content on the Magnetic Properties and Textures of Final Sheets

Figure 1 shows the magnetic properties of the final sheets with different Y contents. It
can be seen that, with the increase of Y content, the magnetic induction increased, and the
core loss decreased to a certain extent. When the Y content was 0.012 wt%, the magnetic
induction B50 reached the highest value (1.6785 T), and the core loss P10/400 reached the
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lowest value (16.905 W/kg). The magnetic properties of the 0.012 Y sample had the best
magnetic properties among these samples.
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Figure 1. Magnetic properties of final sheets with different Y contents: (a) B50 and (b) P10/400.

The IPF maps and ODF maps of the final sheets are shown in Figure 2. It can be seen
that all the samples have been completely recrystallized. The average grain sizes of four
samples with different Y contents were 34, 39, 57 and 50 µm, respectively. Adding an
appropriate amount of Y can promote the grain growth in 4.5 wt% Si steel sheets; however,
the grain growth was inhibited once the Y content was 0.016 wt%. The recrystallization
texture of the 0Y sample was mainly composed of a strong {111} 〈112〉 texture and a weak
{001} 〈130〉 texture.
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(c,g) 0.012 Y; and (d,h) 0.016 Y.

With adding 0.006 wt% Y, the {111} 〈112〉 texture was greatly weakened and the α*
({h,1,1} 〈1/h,1,2〉) texture closing to λ texture was enhanced to a degree. With adding
0.012 wt% Y, the γ texture intensity continued to weaken, and the {001} 〈130〉 texture and
{114} 〈481〉 texture components increased significantly. When the content of Y reached
0.016 wt%, the γ texture components increased to a certain extent, and the {001} 〈130〉
texture was weakened; however, the {114}〈481〉 texture was further enhanced.
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3.2. Effect of Y Content on Texture Evolution

In order to investigate the role of Y on recrystallization texture development, the
origin of the nucleation of {111} grains and other competitive oriented grains in a partially
recrystallized specimen was analyzed, and the textures were compared between 0 Y and
0.012 Y samples in Figure 3. As shown in Figure 3a,b, a large number of {111} 〈112〉
recrystallized grains nucleated at the grain boundaries and interior of the {111} 〈110〉
deformed grains, while the amount of {001} 〈130〉 and {114} 〈481〉 recrystallized grains was
small, and the nucleation sites were scattered.
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However, in the 0.012 Y sample as shown in Figure 3c,d, {111} 〈112〉 grains were no
longer the main recrystallized grains. Clearly, the number of the {100} 〈130〉 and {114} 〈481〉
recrystallized grains increased, and their nucleation sites were more diverse, nucleating
at grain boundaries and within shear bands of {223} 〈110〉 deformed grains (indicated by
yellow arrows in Figure 3d). Generally, γ grains nucleate at {111} deformed grains and at
the grain boundaries between {111} and {hkl} 〈110〉 deformed grains [10,11].

The {111} recrystallized grains with nucleation advantage at the early recrystallization
stage can consume α (〈110〉//RD) and λ deformed grains with low energy storage after
consuming {111} deformed grains. As shown in Figure 3b, a large number of {111} recrys-
tallized grains nucleated at the grain boundaries between {111} and {100} 〈110〉 deformed
grains, and even some {111} recrystallized grains penetrated into the {100} matrix. In the
0.012 Y sample, there were only a few other oriented grains nucleating at the boundary
between {111} and {100} 〈110〉 deformed grains, which was related to the segregation of Y
at grain boundaries.

Due to the fact that the atomic diameter of Y (1.81 Å) is much larger than that of
Fe (1.24 Å), and the solid solubility of Y in steel is low, it is more likely to segregate at
grain boundaries with defects [8,12]. Figure 4a,b presents the intergranular fracture under
impact at liquid nitrogen temperature and the transgranular fracture at room temperature
of the final sheets containing 0.012 wt% Y. The XPS result of Y is shown in Figure 4c.
According to the peak area, the Y content in the intergranular fracture was higher than
that in the transgranular fracture. By comparison, it can be speculated that the Y atoms
were enriched at the grain boundaries. Therefore, we considered that Y segregation at the
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grain boundaries restrained the preferential nucleation of γ grains and then reduced the
γ texture.
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3.3. Effect of Y Inclusion on Recrystallization Behavior

An appropriate amount of Y can reduce the number of fine inclusions and increase
the number of large-size inclusions, which significantly changes the grain size of the
final sheets; however, effects on texture development were rarely found [8]. The static
recrystallization process will be affected by the size, morphology and dispersion degree
of the second phase particles in the matrix. We considered that large non-deformable
particles promote recrystallization by particle-stimulated nucleation (PSN) and then affect
the texture evolution [13].

Therefore, it is necessary to further study the effects of Y inclusion and modification
on the texture development. Figure 5a,b shows the micrograph and EDS results around
the inclusion in 2 µm in the 0.012 Y sample. Figure 5c–e shows the IPF map, the {200}
pole figure and the recrystallization map, respectively. We found that the inclusion was
Y2O2S, and the recrystallized grains mainly nucleated at the grain boundary and around
the inclusion. The new grains at the grain boundary and inside the {100} deformed matrix
were {001} 〈130〉 grains (indicated by a black frame in Figure 5c).
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Similarly, as shown in Figure 6, {001} 〈130〉 grain nucleation was found in the interior
of {113} 〈110〉 deformed matrix near Y2O2S inclusion at the early recrystallization stage in
the 0.012 Y sample. It is generally believed that the energy storage of different deformed
grains decreases with the sequence of E{110}, E{111}, E{112} and E{100}; thus, the deformed
grains with low energy storage cannot be the main nucleation sites, and they are always
consumed by γ grains at the later recrystallization stage [14].
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map; and (d) main texture components.

However, the nucleation of {001} 〈130〉 recrystallized grains in the {100} and {113}
deformed matrix interior was observed in the 0.012Y sample. The sub-structured grains
around the inclusions at the region of the high dislocation density can grow without the
energy from the deformed matrix. Once sub-structured grains are formed around the large
inclusions, they can grow by grain boundary migration and form a crystal nucleus [15]. It
has been claimed that the preferred nucleation of grain has a particular crystallographic
orientation relationship with the deformed matrix.

At present, a large number of studies show that the {001} grain originates from λ

oriented grains [16,17]. The large-size RE inclusions in {001} deformed grains with low
energy storage are conducive to the recrystallization of favorable oriented grains.

The driving force of recrystallization is mainly related to the disappearance of dislo-
cations in the sub-boundary, and the inhomogeneous deformation zone is more likely to
appear around the large-size particles, which can effectively promote recrystallization [18].
In order to quantitatively further explain the distribution of dislocation density around dif-
ferent inclusions during plastic deformation, the RD-ND (roll direction–normal direction)
planes of 0 Y and 0.012 Y samples after 20% reduction were scanned by SEM and EBSD.

Figure 7a–d shows the micrographs and EDS results of different inclusions with
the same size. IPF maps and the kernel average misorientation (KAM) are shown in
Figure 7e–h. The stress concentration around Y2O2S was clearly higher than that of Al2O3
in the same {100} matrix. KAM can qualitatively reflect the degree of homogenization of
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plastic deformation. The relationship between geometrically necessary dislocation density
(GND) and KAM is as follows [19]:

ρGND =
2KAMave

µb
(1)

where µ is the EBSD step size (0.1 µm), b is the Burgers vector (0.248 nm) and KAMave is
the average local misorientation. All KAM values used for dislocation density calculation
exclude KAM values greater than 3◦, which are caused by grain boundaries rather than
dislocation accumulation. By calculating the GND of the identical areas around the inclu-
sion, we found that the dislocation density of 0Y sample was 3.215× 104 cm−2, which was
less than the dislocation density of 8.596× 104 cm−2 of the 0.012Y sample. The dislocation
density around the Y inclusion was much higher than for Al2O3.
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The inclusion size distribution of the final sheets is shown in Figure 8. The addition
of Y reduced the number of fine inclusions, which promoted the grain growth. With the
increase of the Y content, the number of inclusions larger than 1 µm continued to increase,
which generated orientation gradients that provided sites for PSN. The addition of rare
earth Y significantly coarsened and increased the number of large inclusions in the final
sheets. RE can adsorb other harmful elements to form composite inclusions, and the
hardness of RE oxysulfides is higher than that of Al2O3 and MnS [20].

Therefore, it is more likely to see rapid sub-boundary migration around coarse RE
inclusions and the accumulation of more misorientation during the rolling process as well
as high angle grain boundary (HAGB) formation during recrystallization [21]. Similarly,
{114} 〈481〉 had widespread nucleation sites and was often found at the grain boundaries of
α-fiber deformed grains [22], and the coarse Y inclusions provided additional nucleation
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sites for {114} 〈481〉. The increasing number of {114} 〈481〉 nucleation at the early stage of
recrystallization impelled {114} 〈481〉, thereby, becoming one of the main textures in the
0.012 Y sample.

3.4. Nucleation and Growth of {001} 〈130〉 and {114} 〈481〉 Grains

Figure 9 shows the partial recrystallization maps of the 0.012 Y sample and the misori-
entation relationship between recrystallized grains and adjacent deformed grains. A large
number of {114} 〈481〉 grains and a small amount of {001} 〈130〉 grains nucleated in the
interior of {223} 〈110〉 deformed grains, and almost no {111} 〈112〉 grains appeared in {223}
〈110〉 deformed grains. Considering the strong {001} 〈130〉 and {114} 〈481〉 recrystallization
textures obtained in the 0.012 Y sample, it is necessary to investigate the misorientation
relationship between the newly nucleated grains and the deformed matrix.

Materials 2022, 15, x FOR PEER REVIEW  8  of  11 
 

 

increase of the Y content, the number of inclusions larger than 1 μm continued to increase, 

which generated orientation gradients that provided sites for PSN. The addition of rare 

earth Y significantly coarsened and increased the number of large inclusions in the final 

sheets. RE can adsorb other harmful elements to form composite inclusions, and the hard‐

ness of RE oxysulfides is higher than that of Al2O3 and MnS [20].   

Therefore, it is more likely to see rapid sub‐boundary migration around coarse RE 

inclusions and the accumulation of more misorientation during the rolling process as well 

as high angle grain boundary (HAGB) formation during recrystallization [21]. Similarly, 

{114} 481 had widespread nucleation sites and was often found at the grain boundaries 

of α‐fiber deformed grains [22], and the coarse Y inclusions provided additional nuclea‐

tion sites for {114} 481. The increasing number of {114} 481 nucleation at the early stage 
of recrystallization impelled {114} 481, thereby, becoming one of the main textures in the 

0.012 Y sample. 

 

Figure 8. The inclusion size distribution of final sheets with different Y contents. 

3.4. Nucleation and Growth of {001} 130 and {114} 481 Grains 
Figure 9 shows the partial recrystallization maps of the 0.012 Y sample and the mis‐

orientation relationship between recrystallized grains and adjacent deformed grains. A 

large number of {114} 481 grains and a small amount of {001} 130 grains nucleated in 
the interior of {223} 110 deformed grains, and almost no {111} 112 grains appeared in 
{223} 110 deformed grains. Considering the strong {001} 130 and {114} 481 recrystalli‐
zation textures obtained in the 0.012 Y sample, it is necessary to investigate the misorien‐

tation relationship between the newly nucleated grains and the deformed matrix.   

G1, G2  and G3  represented  {111}  112,  {114}  481  and  {001}  130  recrystallized 
grains, respectively. D1 and D2 represented {223} 110 and {100} 011 deformed grains, 

respectively. We found that the misorientation relationships of G1, G2, G3 and D1 were 

35.1°  413, 25.0°  616 and 47.4°  322,  respectively. The misorientation  relationship of 

{114} 481 recrystallized grains was close to the high mobility of Σ 19 grain boundary [23]. 

The {114} 481 grains had the advantage of nucleation site and quantity in the interior of 
the {223} 110 deformed grains, which were easier to grow.   

The misorientation relationships of G1, G2, G3 and D2 were 57.0° 110, 28.2° 323 
and 26.0° 001, respectively. Since the 20–45° grain boundaries in BCC metal have high 

mobilities [24,25], {001} 130 and {114}481 recrystallized grains can grow rapidly in the 
{100} 011 deformed matrix. The oriented growth became the main mechanism for the 

formation of {001} 130 and {114} 481 recrystallization textures in the 0.012 Y sample.   
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G1, G2 and G3 represented {111} 〈112〉, {114} 〈481〉 and {001} 〈130〉 recrystallized
grains, respectively. D1 and D2 represented {223} 〈110〉 and {100} 〈011〉 deformed grains,
respectively. We found that the misorientation relationships of G1, G2, G3 and D1 were
35.1◦ 〈413〉, 25.0◦ 〈616〉 and 47.4◦ 〈322〉, respectively. The misorientation relationship of
{114} 〈481〉 recrystallized grains was close to the high mobility of Σ 19 grain boundary [23].
The {114} 〈481〉 grains had the advantage of nucleation site and quantity in the interior of
the {223} 〈110〉 deformed grains, which were easier to grow.

The misorientation relationships of G1, G2, G3 and D2 were 57.0◦ 〈110〉, 28.2◦ 〈323〉
and 26.0◦ 〈001〉, respectively. Since the 20–45◦ grain boundaries in BCC metal have high
mobilities [24,25], {001} 〈130〉 and {114}〈481〉 recrystallized grains can grow rapidly in the
{100} 〈011〉 deformed matrix. The oriented growth became the main mechanism for the
formation of {001} 〈130〉 and {114} 〈481〉 recrystallization textures in the 0.012 Y sample.

230



Materials 2022, 15, 4227

Figure 9. EBSD orientation maps in the partially recrystallized 0.012 Y sample. (a) IPF map; (b) texture
component figure; (c) map of relationship between G1, G2 and G3 recrystallized grains and D1
deformed grains; and (d) map of relationship between G1, G2 and G3 recrystallized grains and D2
deformed grains.

4. Conclusions

The addition of Y decreased the {111} 〈112〉 and enhanced the {001} 〈130〉 and {114}
〈481〉 texture components in annealed 4.5 wt% Si steel sheets. The segregation of Y re-
strained the advantage of {111} nucleation at grain boundaries, which was beneficial to the
nucleation of other oriented grains elsewhere. Compared with Al2O3 inclusion, Y2O2S in-
clusion with the same size produced more distortion in the matrix under the same strain and
accumulated larger misorientation, making the deformed grains with low energy storage
nucleate faster at early recrystallization stage, which provided more preferential nucleation
sites of {223} 〈110〉 and {001} deformed grains for {001} 〈130〉 and {114} 〈481〉 grains. Strong
{001} 〈130〉 and {114} 〈481〉 recrystallization textures formed in the samples containing 0.012
wt% Y due to more nucleation sites and the high mobility of grain boundaries.
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Abstract: Magnesium alloys show broad application prospects as biodegradable implanting materials
due to their good biocompatibility, mechanical compatibility, and degradability. However, the
influence mechanism of microstructure evolution during forming on the mechanical properties
and corrosion resistance of the magnesium alloy process is not clear. Here, the effects of rolling
deformation, such as cold rolling, warm rolling, and hot rolling, on the microstructure, mechanical
properties, and corrosion resistance of the WE43 magnesium alloy were systematically studied. After
rolling treatment, the grains of the alloy were significantly refined. Moreover, the crystal plane
texture strength and basal plane density decreased first and then increased with the increase in
rolling temperature. Compared with the as-cast alloy, the strength of the alloy after rolling was
significantly improved. Among them, the warm-rolled alloy exhibited the best mechanical properties,
with a tensile strength of 346.7 MPa and an elongation of 8.9%. The electrochemical experiments and
immersion test showed that the hot working process can greatly improve the corrosion resistance of
the WE43 alloy. The hot-rolled alloy had the best corrosion resistance, and its corrosion resistance
rate was 0.1556 ± 0.18 mm/year.

Keywords: WE43 magnesium alloy; rolling; grain size; mechanical properties; corrosion properties

1. Introduction

Magnesium alloys show broad application prospects as biodegradable implanting ma-
terials due to their good biocompatibility, mechanical compatibility, and degradability [1–5].
It has been reported that the MgYREZr devices, such as the bioabsorbable interference
screws (MAG-NEZIX®, and Magmaris by BIOTRONIK), have already been successfully
commercialized [6]. However, too rapid a corrosion speed of magnesium alloys in the body
fluid will cause the severe degradation of their strength early in their service, leading to
the failure of the magnesium alloy before the bones are healed. Moreover, the corrosion
of magnesium alloys in the human body is often accompanied by the production of H2 to
produce airbags around the implant, which may increase the chance of an inflammatory
reaction [7,8]. Therefore, the improvement of the corrosion resistance of magnesium alloys
in body fluid is the key to promote its clinical application [9–11]. In the past decade, exten-
sive efforts have been made to improve the corrosion resistance of magnesium alloys, and
many techniques have been employed to improve the corrosion resistance and mechan-
ical properties of the magnesium alloys, including the development of a new alloy with
the required properties by alloying [12], surface coating process, and surface physical or
chemical modification [13].

Normally, magnesium alloys need a series of plastic deformation processing before
their application, and the different processes can lead to differences in the microstruc-
ture of magnesium alloys. It has been well documented that the mechanical properties
and corrosion resistance of magnesium alloys can be significantly improved through
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thermomechanical treatment to optimize the microstructure and refine the grain size.
Argade et al. [14] investigated the effects of different grain sizes on the corrosion resistance
of the Mg-Y-Re alloy, and the results showed that reducing the grain size could greatly
promote the corrosion resistance of the Mg-Y-Re alloy. Li et al. [15] also indicated that hot
rolling could improve the mechanical properties and the corrosion resistance of the MgCa
alloy. Furthermore, Wang et al. [16] found that the rolling temperature had a significant
impact on the microstructure of the Mg-2Zn-0.4Y alloy, and fully dynamic recrystalliza-
tion occurred at the relatively high rolling temperature to produce a more uniform and
finer microstructure in the Mg-2Zn-0.4Y, which was facilitated by the improvement of
the mechanical properties and the corrosion resistance of the alloy. Subsequently, some
new thermomechanical processes were applied to the processing of magnesium alloys.
For example, Sabat et al. [17] applied one-way rolling and multi-step cross-rolling to the
process of the as-cast WE43 magnesium alloy, and they found that, after one-way rolling or
multi-step cross-rolling at 400 ◦C, the average grain size of the as-cast alloy (150 µm) was
significantly reduced to 7 µm and 18 µm due to the continuous dynamic recrystallization,
respectively. Zhu et al. [18] prepared the ZK60 magnesium alloy plate with ultra-fine grains
by a high-strain-rate rolling technique, and the plate exhibited a high strength and ductility
due to its ultra-fine grains and low density of dislocations and twins.

It is reported that some magnesium alloys have been studied in clinical applications,
and the WE43 alloy is considered to be a promising biodegradable scaffold material. The
WE43 alloy contains about 4 wt % of Y and 3 wt % of REEs, which includes Nd, Gd, Dy,
and Zr. Such materials are usually prepared by casting and subsequent thermomechanical
processing [19]. However, there is still little literature on the microstructure evolution,
mechanical properties, and corrosion resistance of the WE43 alloy during rolling. In
this paper, the plastic deformation of the WE43 alloy was carried out by cold rolling,
warm rolling, and hot rolling, and the influence mechanism of rolling on the microstructure,
mechanical properties, and corrosion resistance was studied to provide reference for further
clinical medicine of the WE43 alloy.

2. Materials and Methods
2.1. Material Preparation

Nominal compositions of the WE43 magnesium alloy (Suzhou Rare Metal Company,
Suzhou, China) in the present work are listed in Table 1. The alloy was solution-treated
at 520 ◦C for 8 h, and then the samples were cut with the size of 60 × 20 × 10 mm3 by
the electric spark cutting method. A schematic diagram of the rolling routes is shown
in Figure 1. The samples were rolled on a twin-roll mill at different temperatures. Cold-
rolled (CR) samples were obtained at room temperature. Warm-rolled (WR) samples were
obtained at 200 ◦C. Hot-rolled (HR) samples were obtained at 400 ◦C.
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Table 1. The chemical composition of WE43.

Element Y Nd Gd Zr Mg

Proportion (%) 4.1 3.2 1.2 0.53 Balance

2.2. Microstructure Characterization

The phase constituents of all the samples were identified by X-ray diffraction analysis
(XRD, U1tima IV, Tokyo, Japan) with Cu-kα radiation (λ = 1.5406 nm) and a scanning
rate of 4 min−1. The microstructures and the compositions of the samples were examined
by a scanning electron microscope (SEM, MIRA3, LMH, Oxford, UK) equipped with an
energy-dispersive spectrometer (EDS, X-Max20, Oxford, UK) at 15 kV. The grain orientation
of the WE43 alloy sample was analyzed by using electron backscatter diffraction (EBSD).

2.3. Mechanical Test

The Vickers hardness measurements were carried out on a ZHVST-30F microhardness
tester with an applied load of 1 kg and holding time of 10 s. A total of 10 points on the
sample surface were selected for indentation testing, and the results were averaged from
these 10 points.

The sample for the tensile tests was prepared according to ASTM E8/E 8M–16 [20].
The samples in a dog-bone shape were cut from rolled sheets along the rolling direction by
using an electric spark cutting machine, and the dimension of the samples was 8 mm in
the gauge length of 2.5 mm in width. Tensile tests were carried out on a universal material
testing machine (Instron 3369, Boston, MA, USA) with a strain rate of 8 × 10−4 s−1 at room
temperature. Three samples were used for each test and the results were the average of the
three samples. The fractographs of the samples after the tensile test were observed by SEM.

2.4. Electrochemical Test

The rectangular samples with the dimensions of 8 mm × 8 mm × 5 mm were cut
from the as-cast and rolled sample, which were molded into epoxy resin with a surface
area of 0.64 cm2 for electrochemical tests. The tests were conducted in Hank’s solution at
37 ± 1 ◦C by using a Gamry Reference 600+ electrochemical workstation. A three-electrode
cell was used for potentiodynamic polarization tests, where a saturated calomel electrode
(SCE) was used as the reference electrode, a Pt plate was used as the counter electrode,
and the sample was the working electrode. All tests were carried out at a constant scan
rate of 1 mV/s starting from −0.3 V to 0.8 V. The corrosion current density was measured
by linear Tafel extrapolation and the corrosion rate was then estimated assuming that the
number of valence electrons for Mg is 2. Electrochemical impedance tests were performed
over a range of frequencies from 10−2 Hz to 105 Hz with an amplitude voltage of 10 mV,
and the experimental results were fitted by using the ZSimpWin software.

2.5. Immersion Test

The immersion tests were carried out at 37 ◦C and three parallel samples were used in
each test. The test period was 1 week. The samples were immersed in Hank’s solution with
the ratio of solution volume to the sample surface area of 40 mL/cm2 [21]. The samples
were taken out every 24 h, ultrasonically cleaned in a chromate-mixed solution (200 g/L
CrO3 + 10 g/L AgNO3) to remove the corrosion products on their surfaces [22], and dried
in air for 2 h. Then, an electronic balance was used to measure the weight of the sample
before and after immersion, and calculate the corrosion rate of the sample according to
the weight loss corrosion rate formula. The pH of the solution was measured and samples
were taken every 24 h during the experiment. In order to analyze the surface of the sample,
the sample was embedded in epoxy resin, the corrosion morphology after immersion was
observed by a scanning electron microscope, and the chemical composition and weight
percentage of the corrosion product were determined by an energy-dispersive spectrometer
and XRD.
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3. Results
3.1. Microstructure Characterization

Figure 2 shows the XRD patterns of the as-cast, cold-rolled, warm-rolled, and hot-
rolled WE43. It can be observed from the XRD pattern of the as-cast alloy that the as-cast
alloy was mainly composed of α-Mg and Mg24Y5 phases with a small amount of Mg41Nd5.
After rolling treatment, the diffraction peaks of the Mg24Y5 phase disappeared, but the
diffraction peaks of the Mg41Nd5 phase can be observed on the XRD pattern of the cold-
rolled sample, implying that the eutectic Mg24Y5 phases were dissolved in the α-Mg matrix
during the rolling process.
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Figure 2. XRD patterns of WE43 in as-cast, cold-rolled, warm-rolled, and hot-rolled condition.

Figure 3 shows the SEM images of the microstructures of as-cast, cold-rolled, warm-
rolled, and hot-rolled WE43. It can be seen that the as-cast alloy was mainly composed of
equiaxed α-Mg phases with the eutectic Mg24Y5 phases at the grain boundaries, and the
average grain size was about 70 µm. After cold rolling, the grains of the alloy were slightly
elongated along the rolling direction and apparently refined. Close observation revealed
that the eutectic phases at the grain boundaries disappeared, and a small amount of regular
fine Gd-rich phases still remained at the grain boundaries. For the warm-rolled sample,
large amounts of the fine Mg41Nd5 phase precipitated inside grains. It can be seen from
the morphology of hot-rolled samples that the Mg41Nd5 phase was basically broken and
dissolved in the matrix, and a small amount was precipitated on the grain boundary.

To clearly illustrate the effects of the rolling temperature on the microstructure of the
alloy, EBSD analysis was conducted on the samples after rolling at different temperatures.
Figure 4 shows the EBSD maps showing the grain structures of as-cast, cold-rolled, warm-
rolled, and hot-rolled WE43. It can be seen that the grain size of the as-cast sample was
greatly reduced after rolling treatment. The average grain size of the cold-rolled sample
was 7.75 µm. With the rolling temperature increasing, the grain size of the alloy was slightly
increased. The average grain sizes of the warm-rolled and hot-rolled samples were 8.88 µm
and 9.64 µm, respectively.
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Figure 4e shows the (0001) pole diagrams of samples after rolling at different tempera-
tures. The rolling samples exhibited a (0001) plane texture with a moderate intensity, and
the texture intensities of the texture of the cold-rolled, the warm-rolled, and the hot-rolled
samples were 6.95, 5.34, and 8.42, respectively. Moreover, the pole density distribution
of the basal plane also changed with rolling temperature. The (0001) base plane pole
density of the cold-rolled and hot-rolled samples exhibited the strengthening points in
both the rolling and the transverse directions, while the basal plane pole density of the
warm-rolled sample expanded to the transverse direction with a symmetrical distribution.
The effect of rolling temperature on the resolved shear stress for which the slip systems are
responsible is the difference in the texture intensity and distribution of the samples rolled
at different temperatures.

3.2. Mechanical Properties

Figure 5 and Table 2 show the tensile properties and hardness of as-cast, cold-rolled,
warm-rolled, and hot-rolled WE43. The yield strength (σYS), ultimate strength (σUTS),
elongation (η), and hardness (HV) are listed as histograms. It can be seen that the yield
strength, ultimate strength, and elongation of the as-cast alloy were 99.8 MPa, 130.7 MPa,
9.1%, and 67 HV. respectively. After rolling at different temperatures, the strengths of
the alloy were significantly promoted. For the cold-rolled sample, its yield strength was
279.8 MPa, more than twice as large as that of the as-cast alloy, but its elongation was
reduced to 6.1%. In contrast, the warm-rolled sample exhibited a more increased strength
and slightly decreased ductility, whose yield strength and elongation reached 327.5 MPa
and 8.9%, respectively. Meanwhile, the hot-rolled sample exhibited a relatively low strength
and high ductility in comparison with the cold-rolled and the warm-rolled samples. Its
yield stress and elongation were 178.4 MPa and 11.3%, respectively, which were much
higher than those of the as-cast alloy. Therefore, the warm-rolled sample exhibited excellent
comprehensive mechanical properties.
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Figure 5. Mechanical properties of as-cast, CR, WR, and HR samples of WE43 alloy: (a) tensile
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Table 2. Mechanical properties and hardness of WE43 alloy as-cast, CR, WR, and HR samples.

Processing Methods σYS (MPa) σUTS (MPa) δk (%) Hardness (HV)

as-cast 99.8 ± 1.1 130.7 ± 1.5 9.1 67 ± 1.9

CR 279.8 ± 1.9 284.1 ± 2.1 6.3 95.3 ± 2

WR 327.5 ± 2.3 346.7 ± 3.9 8.9 97 ± 1.7

HR 178.4 ± 3.1 251.2 ± 3.3 11.3 85.5 ± 3

Figure 6 shows the fracture morphology of as-cast, cold-rolled, warm-rolled, and
hot-rolled WE43. The fracture of the as-cast alloy showed obvious shear lips, few pits, and
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a river pattern. The cleavage planes of cold-rolled samples were mostly thick, and those
of warm-rolled and hot-rolled samples were obviously refined. This was consistent with
the changing trend in the tensile results, indicating the enhanced ultimate tensile strength
of all the rolled samples. Therefore, the fracture mode of the four states was obviously
cleavage fracture.
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3.3. Corrosion Behavior
3.3.1. Electrochemical Properties

The open-circuit potential was measured for the first 10 min of immersion in the
Hank’s solution, as shown in Figure 7a. The OCP curves increased rapidly at the initial
immersion period and then increased slowly with the further extension in immersion time.
The fast increase in the OCP in the first 10 min suggests the formation of the passivation
film on the surface of all the samples. Figure 7b shows the potentiodynamic polarization
curves of the as-cast alloy and the samples rolled at different temperatures. The corrosion
potentials, corrosion current densities measured by linear Tafel extrapolation, and the
estimated corrosion rates are shown in Table 3. The as-cast alloy exhibited a corrosion
rate of 0.42 ± 0.29 mm/y. After cold rolling, the corrosion rate was greatly increased
and reached 0.55 ± 0.33 mm/y. Meanwhile, the corrosion rates of the warm-rolled and
hot-rolled alloy samples were estimated to be 0.28 ± 0.16 mm/y and 0.16 ±0.18 mm/y,
respectively, which were much lower than those of the as-cast and cold-rolled samples. As
a result, warm rolling and hot rolling can effectively promote the corrosion resistance of
the WE43 alloy In Hank’s solution.

The Nyquist, bode, and bode phase plots of all the samples are shown in Figure 7c,d.
The Nyquist plots of all the samples exhibited two capacitor loops in both the high-
frequency and low-frequency regions. One of them is related to the passive layer generated
near the sample surface and indicates its corrosion resistance. The other one is related to
charge transfer at the Mg-SBF electrolyte interface (double layer). As previously mentioned,
the experimental EIS data were fitted by using the zSimWin 3.21 software. The simulated
equivalent circuit diagram is shown in Figure 7c. Among them, Rs is the solution resistance,
Rt is the charge transfer resistance at the electrolyte solution interface, Rf is the corrosion
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product resistance, and CPEd and CPEf, respectively, represent the corrosion product film
capacity and galvanic double-layer capacity at the interface between the Mg matrix and the
electrolyte solution, and are generally used to characterize the high-frequency capacitor
loop [23]. According to the equivalent circuit, the Nyquist diagrams of the WE43 samples
before and after rolling were obtained by using ZsimpWin 3.50 software to obtain the
fitted values. The fitted values are shown in Table 4. Rt and Rf are two important param-
eters for evaluating corrosion resistance. Larger Rt and Rf usually correspond to smaller
CPEd and CPEf to indicate better corrosion resistance. By comparing the electrochemi-
cal impedance diagram and the equivalent circuit fitting data, the hot-rolled corrosion
performance was best.
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Figure 7. Electrochemical performance of WE43 magnesium alloy in Hanks’ solution. (a) Open
circuit potential„ (b) potentiodynamic polarization curves, (c) bode plots, and (d) Nyquist plots and
equivalent circuits.

Table 3. Electrochemical performance parameters of the Mg alloys in Hank’s solution.

Samples Corrosion Potential
(Ecorr), V vs. SCE

Corrosion Current Density
(Icorr), µA/cm2

Corrosion Rate
(Vcorr), mm/y

as-cast −1.54 ± 0.04 15.2 ± 8.1 0.42 ± 0.29

CR −1.45 ± 0.03 23.1 ± 5.8 0.55 ± 0.33

WR −1.51 ± 0.02 9.1 ± 5.2 0.28 ± 0.16

HR −1.49 ± 0.03 6.1 ± 4.5 0.16 ± 0.18
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Table 4. The fitted electrochemical parameters for WE43 alloys in Hank’s solution.

as-Cast CR WR HR

Rs (Ωcm2) 14.09 30.42 31.39 28.18

CPEd (Ω−2cm−2s−2) 4.293 × 10−5 2.171 × 10−5 2.007 × 10−5 2.032 × 10−5

n1 0.8272 0.8727 0.8262 0.8362

Rt (Ωcm2) 1214 863.1 2074 2275

CPEf (Ω−2cm−2s−2) 1.693 × 10−3 1.066 × 10−3 8.248 × 10−4 8.029 × 10−4

n2 0.9836 0.975 0.9412 0.994

Rf (Ωcm2) 406.9 310.8 820.4 771.4

3.3.2. Degradation Properties

It has been documented that the evaluation of the corrosion rates from polarization
curves is unreliable for Mg alloys owing to the complexity of the corrosion reactions
and usually disagree with the results from the hydrogen evolution rate and weight loss.
Therefore, the immersion tests of all the samples were conducted in the present work, and
the change in pH value of the solution and weight loss of the samples as a function of
the immersion time was measured to assess the corrosion rates. The results are shown in
Figure 8. It can be seen that the pH values of the immersion solution increased rapidly in
the initial stage of the immersion due to the magnesium dissolution reactions to produce
the hydrogen and OH− for the samples, indicating a rapid increase in the corrosion rates
of all the samples. With the further extension in the immersion time, the pH values of
the immersion solutions increased slowly due to the passive films on the alloy surfaces
thickening and the concentration of OH− ions reaching a stable value. Moreover, the
weight loss of the samples after immersing in Hank’s solution for 1 day and 7 days was
measured, from which the corrosion rate of all the samples was also estimated, and the
results are also illustrated in the inset of Figure 8. It can be seen that the corrosion rates of all
the samples were arranged in increasing order: HR < WR < as-cast < CR. The result was in
good agreement with that obtained by electrochemical tests. Li et al. [24] and Yue et al. [25]
also reported that the corrosion rate obtained from the electrochemical polarization method
was approximately twice as high as that obtained from an immersion corrosion method
due to the electrochemical polarization method being able to shorten the corrosion cycle,
promote electron transferring, and accelerate the mass transferring process.

The phase structures and the compositions of the corrosion products on the surface of
WE43 alloy samples after being immersed in Hank’s solution for 7 days were determined by
XRD and EDS analysis, and the results are shown in Figure 9. From the results obtained by
EDS analysis (Table 5), the corrosion products on the surfaces of all the samples contained
Mg, O, C, Cl, Nd, and Y elements. The XRD analysis revealed that the corrosion products
were mainly composed of Mg(OH)2. When the alloy was in a simulated body fluid, water
penetrated through the magnesium oxide film to penetrate the surface of the magnesium
alloy and corrode, forming porous Mg(OH)2 and landing on the surface.

Table 5. Chemical composition of the surface corrosion products on WE43 Mg alloys.

Chemical Composition (at.%)

Mg O C Cl Y Nd

as-cast 39.83 46.7 7.59 5.52 0.64 0
CR 41.10 47.67 8.97 2.59 0.08 0.6
WR 39.2 49.77 6.47 1.55 1.34 1.67
HR 33.54 45.47 7.8 6.01 3.3 3.88
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The corrosion product morphology of the cast and rolled WE43 after being immersed
in the Hank’s solution at 37 ◦C for 7 days is shown in Figure 10. The corrosion rate results
obtained by weight loss were further verified from the corrosion topography map. The
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cold-rolled state had a higher corrosion rate in the simulated body fluid, and a large number
of filiform corrosion and corrosion pits appeared on the surface. The hot-worked WE43
alloy had small surface corrosion pits and no large corrosion pits. The corrosion pits were
relatively uniform, so its corrosion rate was lower than that of the cold-worked alloy.
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Figure 10. The SEM morphologies of the surface corrosion products on WE43 alloy after immersion
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4. Discussion

According to the experimental results, the grains are remarkably refined in different
rolling temperatures. After cold rolling, the eutectic phase at the grain boundary disappears,
resulting in a large number of dislocation defects and twins. Dynamic recovery during
warm rolling can accelerate the precipitation of the second phase. A large amount of
fine Mg41Nd5 second phase is precipitated and dispersed in the grain boundary, which
also plays a role in the strengthening effect of the alloy. From being hot-rolled at 400 ◦C,
dynamic recrystallization occurs, and most of the rare-earth second phase is dissolved in
the matrix. The atomic thermal motion, dislocation motion, and grain boundary migration
in the alloy become easier under high-temperature rolling deformation, and finally the
dynamic recrystallization is accelerated [26].

The (0001) base density of cold-rolled and hot-rolled samples shows a strengthening
effect in the rolling direction and transverse direction. The base density of the hot-rolled
sample gradually expands horizontally and distributes symmetrically. It can be seen that
the change in basal polar density is consistent with the change in basal texture intensity,
and both decrease and then increase with the increase in temperature. This is mainly due
to the effect of temperature on the critical shear stress of different slip systems [13].

Due to work hardening, the strength of cold-rolled samples is significantly improved.
However, due to some dislocation defects and twins in the cold rolling process, the elon-
gation decreases. For the warm-rolled sample, the alloy undergoes dynamic recovery,
grain refinement, and subgrain formation. At the same time, the size of the second phase
decreases and the distribution is uniform, and the strengthening effect on the alloy is more
obvious. Dynamic recrystallization occurs during hot rolling, and defects such as disloca-
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tions in the alloy are eliminated. The microstructure is more uniform, and the plasticity of
the alloy is greatly improved.

The current density of the anode branch of the WE43 magnesium alloy increases faster
than that of the cathode branch, indicating that the magnesium alloy matrix is dissolved [27].
Both warm rolling and hot rolling alloys show large capacitance rings, indicating that warm
rolling and hot rolling can improve the corrosion resistance of the WE43 magnesium alloy.
The capacitance loop of cold rolling is smaller than that of the as-cast state, indicating that
cold rolling reduces the corrosion resistance of the magnesium alloy. Two time constants in
Figure 7b are caused by the double-layer capacitor and the corresponding charge transfer
resistance of the oxide film and the corrosion product produced in the corrosion process [28].
Normally, a Mg(OH)2 protective film is formed during the immersion in corrosive solution.
The Rt and Rf of the cast and cold-rolled WE43 are relatively small, which is related to the
poor protection ability of the Mg(OH)2 layer.

The corrosion rate of the magnesium alloy after hot processing is low. After hot rolling,
the segregation degree in the micro-region of the sample decreases, the grains are refined,
and the second phase is dissolved in the matrix, resulting in a uniform microstructure
and lower corrosion rate. For warm-rolled samples, there are many fine second phases on
the magnesium alloy matrix, and the corrosion rate is higher than that of the hot-rolled
magnesium alloy. For cold-rolled samples, the second phase of the magnesium alloy is
coarser than those of other rolling samples, resulting in a large number of dislocation
defects, and then forming a large number of galvanic double layers, prone to pitting
corrosion, and corrosion performance is greatly reduced.

Overall, all those mentioned above can contribute to the improvement of ultimate
tensile strength by rolling, and the hot working can greatly enhance the corrosion resis-
tance. The warm-rolled WE43 alloy exhibits good mechanical properties and degradation
properties for implant application.

5. Conclusions

In this paper, the influence of cold rolling, warm rolling, and hot rolling on the
microstructure, mechanical properties, and corrosion properties of the WE43 magnesium
alloy is comprehensively evaluated. The main conclusions are as follows:

(1) After rolling, the alloy grains are significantly refined, and the rare-earth phase is
distributed in the grain along the deformation direction. The basal surface texture
strength and basal pole density distribution in the alloy gradually weaken and then
increase with the increase in the rolling temperature.

(2) The strength and hardness of the rolled WE43 alloy are significantly improved, and
the yield strength of the warm rolling can reach up to 327.5 Mpa. The fracture mode
of the as-cast and rolled alloy is the cleavage fracture mechanism.

(3) The corrosion resistance of the WE43 magnesium alloy can be greatly improved
through hot working. The corrosion rate of the warm-rolled and hot-rolled samples is
reduced by 3 times, compared with that of the as-cast state.
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