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Preface

The mechanical behavior of metals has been the subject of extensive research work ever

since metals were applied in structural applications. However, the need for a comprehensive

understanding of process history – (micro)structure – property correlations has not become less

important throughout the years. On the contrary, with an increasing demand for a sustainable

utilization of materials, their strength potentials under static as well as cyclic loading and the more

so in combination with harsh environment conditions have to be fully rationalized. The aim of

this Special Issue is to address recent new results and findings on the deformation behavior of

single- and multi-phase (particle strengthened) metallic materials, including metal matrix composites,

particularly research addressing underlying microstructural mechanisms and consequences on

material design and application. The Special Issue contains 17 articles written by well-known experts

in the field of fatigue and fracture and related topics. Within the range of contributions latest results

also refer to creep and thermomechanical behavior of metallic materials. This Special Issue highlights

the present and future significance of an experimental assessment of the mechanical behavior of

metallic materials and its consequences for material design and application and will therefore be

useful for researchers and engineers alike.

Martin Heilmaier and Martina Zimmermann

Editors
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Abstract: Laser cutting is a suitable manufacturing method for generating complex geometries for
sheet metal components. However, their cyclic load capacity is reduced compared to, for example,
milled components. This is due to the influence of the laser-cut edge, whose characteristic features
act as crack initiation sites, especially resolidified material in the form of burr and melt droplets.
Since sheet metal components are often formed into their final geometry after cutting, another
important factor influencing fatigue behavior is the effect of the forming process on the laser-cut
edge. In particular, the effect of high degrees of deformation has not yet been researched in detail.
Accordingly, sheets of AISI 304 were processed by laser cutting and pre-deformed. In the process,
α’-martensite content was set to be comparable despite different degrees of deformation. It was
found that deformation to high elongations caused a large part of the melt adhesions to fall off, but
those still attaching were partially detached and thus formed an initial notch for crack initiation. This
significantly lowered the fatigue strength.

Keywords: laser cutting; fatigue behavior; melt adhesion; resolidified material; detachment; notch;
micro-computed tomography analysis

1. Introduction

Laser beam cutting is a highly flexible and precise process capable of cutting a wide
range of industrially relevant materials. The cut is realized by the energy of the laser beam,
whereby molten material is expelled by process gas. This manufacturing process offers
a number of advantages. Since there is no tool-to-workpiece contact, tool wear is avoided.
In addition, no special tools are required for different component geometries or materials,
which saves retooling time and reduces the required storage capacity. Laser cutting is,
in particular, beneficial for the processing of materials that are difficult to mechanically
process, such as titanium alloys or stainless steel. Despite the exceptional mechanical
properties of these materials they are easily cut by laser beam cutting due to contactless
processing [1,2].

The metastable austenitic stainless steel AISI 304 is a very commonly used sheet metal
to which the scenario described above applies. AISI 304 is used in different industries such
as chemistry, construction, energy, food, medicine, mechanical engineering, or mobility.
For the last two fields of application, cyclic loading is common, for example, in the case
of the exhaust gas system of automobiles. The wide field of application results from the
advantageous properties of high strength, high ductility, and good corrosion resistance of
AISI 304. The latter can be attributed to high chromium content and the face-centered cubic
crystal lattice [3–5].

The mechanical behavior of AISI 304 is linked to a complex microstructural evolu-
tion which is called martensitic transformation. The martensitic transformation can be

Metals 2023, 13, 201. https://doi.org/10.3390/met13020201 https://www.mdpi.com/journal/metals1
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thermal, stress, or deformation induced, whereby deformation-induced martensitic trans-
formation has the highest significance for industrial application. This is the transformation
of face-centered cubic γ-austenite into body-centered cubic α’-martensite under plastic
deformation. It may incorporate the intermediate step of forming hexagonal close-packed
-martensite [6–11]. For the mechanical properties, α’-martensite is particularly important

because it has higher strength and hardness than γ-austenite [12–14].
Martensitic transformation is one factor why machining AISI 304 is challenging, which

is a factor why machining by laser can be economically attractive [15]. However, studies
on laser-cut materials showed that the fatigue limit is significantly reduced compared
to milled or polished material; punched material achieves similar fatigue limits [16–18].
The reason for this is the notch effect of the re-solidified material, which is formed by the
solidification of molten material on the melt ejection side of the sheet metal during laser
cutting. Removing melt droplets slightly increases fatigue strength. However, pores in the
re-solidified material adhering to the cutting edge act as crack initiation sites. Therefore,
fatigue strength is still inferior compared to a classical mechanical subtractive machining
process [19].

In a previous study, the influence of laser-cutting parameters and a subsequent pre-
deformation on the fatigue behavior of laser-cut AISI 304 was investigated [20]. It was
shown that depending on laser-cutting parameters, a pre-deformation can cause the de-
tachment of melt droplets. This had a direct influence on the fatigue strength achieved.
Laser-cutting parameters that realized melt droplets with a high tendency to detach during
subsequent deformation resulted in higher fatigue strength. This is an important factor
for the application of laser-cut sheet metal components, which subsequently have to be
formed to the final component geometry. However, this detachment effect was only inves-
tigated in fatigue tests for amounts of pre-deformation below 30% strain. A comparison
of different amounts of deformation showed that a large proportion of the melt droplets
had already detached at up to 20% strain, while no significant additional detachment
effect was achieved for deformation of up to 50% during tensile testing. The result of this
investigation is depicted in Figure 1 for two batches. At this point, the question arises as to
how the melt adhesions behave under further plastic deformation significantly above the
investigated deformations of less than 30%. After all, significantly higher forming degrees
can be achieved in industrial forming steps.

 

Figure 1. Detachment behavior of melt droplets caused by pre-deformation [20].

In summary, the pre-deformation of a laser-cut AISI 304 has several effects on fatigue
behavior. On the one hand, work hardening as well as deformation-induced α’-martensite
transformation leads to a strengthening of the material, which leads to an increase in cyclic
load-bearing capacity. On the other hand, melt droplets can detach from the workpiece due
to weak attachment. This reduces the notch effect and also increases fatigue strength. How-
ever, a second mentioned was only investigated in fatigue tests for pre-strains below 30%.

Since degrees of deformation significantly above 30% strain can be achieved in many
applications of formed sheet metal components, the objective of this study was to inves-
tigate the effect of high grades of pre-deformation on laser-cut AISI 304 material and its
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influence on fatigue behavior. As the attachment of melt droplets has been found to be
an important factor for deformation-induced detachment as well as fatigue behavior, it was
particularly important to investigate whether and to what extent the attachment to the base
material changes in the case of high degrees of deformation.

2. Material and Methods

2.1. Specimen Preparation

The fatigue behavior of laser-cut AISI 304 is sensitive to a number of influencing
variables, some of which have already been described in the first section. Accordingly, it was
important that all specimens were manufactured from the same sheet metal, received the
same pre-treatment, and were cut on the same laser-cutting machine with the same cutting
parameters. The chemical composition and mechanical properties of the investigated 2 mm
thick AISI 304 steel sheet are shown in Tables 1 and 2, respectively.

Table 1. Chemical composition of AISI 304 provided by the manufacturer.

Element C S P Mn Si Cr Ni N Fe

wt-% 0.016 0.001 0.036 1.90 0.36 18.2 8.1 0.01 Bal.

Table 2. Mechanical properties of AISI 304 provided by the manufacturer.

Yield Strength/MPa Tensile Strength/MPa Elongation at Break/%

275 620 54

Another measure was the heat treatment of the sheet material before laser cutting to
ensure homogeneous phase distributions and properties. Therefore, the material was heat
treated at 1363 K for 1 h and cooled fast in moving air for complete austenitization and
recrystallization, which eliminates the rolling texture. Thus, influences from the rolling
process could be excluded in the following investigations. Subsequently, a laser-cutting
machine with a TruDisk 5001 disk laser of the company Trumpf (Ditzingen, Germany)
was used. All specimens were produced with the same processing parameters, which are
summarized in Table 3. Here, fcoll stands for collimation length, ffoc for focal length, dnozzle
for nozzle diameter, PL for laser power, vf for feed rate, dz for focal position, ds for stand-off
distance, pgas for gas pressure, λL for laser wavelength, M2 for beam quality factor, and df
for focus diameter. Nitrogen was used as a process gas.

Table 3. Laser-cutting parameters.

fcoll/mm ffoc/mm dnozzle/mm PL/kW vf/m·min−1 dz/mm dns/mm pgas/bar λL/μm M2 df/μm

100 150 2.3 3 16.5 0 0.8 11 1.03 13.0 192

2.2. Examination of Melt Droplets by Micro-Computed Tomography

The central question of how the bonding of melt droplets to the base material changes
at high degrees of deformation was investigated in detail. For this reason, high-resolution
micro-computed tomography (μCT) was chosen as the method of investigation so that
3D information could be generated. Due to the high density of the material investigated,
the material volume must be small for this type of investigation. Accordingly, Figure 2
shows the used specimen geometry with a bridge volume of 2 mm3, which was deformed
to a local strain of 44% in the bridge close to the ultimate tensile strength of the specimens.
The deformed bridge was cut out of the specimens and examined by μCT. Non-deformed
specimens were examined for comparison.

3
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Figure 2. Specimen geometry for pre-deformation and μCT examinations made of 2 mm thick AISI
304 steel sheet with given dimensions in mm. Test region is shown magnified.

Micro-computed tomography was performed with a custom-built X-ray system at
Fraunhofer IZFP, Saarbrücken, equipped with a micro-focus tube and a 4 k pixel detector.
For the μCT measurement, 1600 projections over 360◦ were acquired with a tube voltage of
220 kV and a tube power of 100 Watt. A voxel size of approximately 2 μm could be reached.
Volume reconstruction was carried out simultaneously with a custom reconstruction algo-
rithm. Sectional planes showing the connection to the base material were then examined
from this.

2.3. Fatigue Testing

The effect of large degrees of deformation of laser-cut sheets examined by the μCT
studies on fatigue behavior was another focus of the investigations presented. For fatigue
testing, the specimen geometry in Figure 3 was used. For this purpose, a series of specimens
with a deformation of 28% strain was investigated, as was done in a previous study [20].
A second series of specimens underwent a deformation of 44% strain, as did the specimens
in the μCT study.

Figure 3. Specimen geometry used for tensile and fatigue testing made of 2 mm thick AISI 304 steel
sheet with given dimensions in mm.

However, in order for these two series of specimens with different amounts of strain
to be comparable, it was necessary to ensure that similar α’-martensite content was present
in both series of specimens after pre-deformation. Otherwise, the specimen series with the
higher α’-martensite content would already exhibit a higher cyclic load capacity due to the
strengthening effect of α’-martensite. Accordingly, tensile tests to examine the influence of
the deformation parameters strain, strain rate, and temperature on the deformation-induced
martensitic transformation behavior were carried out for the given chemical composition
and specimen geometry first. Therefore, a tensile testing machine from the company
ZwickRoell (Ulm, Germany) and a climate chamber from the company mytron (Heilbad
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Heiligenstadt, Germany) were used. In addition, a Feritscope from the company Fischer
was used to measure the transformed α’-martensite content during the test. The calibration
was carried out according to [21]. Using this test setup, tensile tests were performed at
laboratory conditions (298 K), 273 K, 258 K, and 243 K. At each temperature, tests were
performed at strain rates of 10 mm/min, 1 mm/min, and 0.1 mm/min achieved in the
bridge of the specimens, respectively. Three samples were tested for each deformation state
of temperature and strain rate. The results of this preliminary investigation are shown
in Figure 4. Here the α’-martensite volume fraction MV is plotted against temperature
and stress.

Figure 4. Relationship among ambient temperature, strain, strain rate, and α’-martensite volume
fraction (Mv) for the chemical composition of AISI 304.

Based on tensile test results, two deformation regimes were selected that resulted in
comparable α’-martensite contents, see Table 4. At both conditions, 15 specimens each were
manufactured to investigate fatigue behavior. The first series of specimens were deformed
at 298 K up to 44% and the second series of specimens were deformed at 273 K up to
28%, and they are accordingly referred to as 298K-44% and 273K-28%, respectively, in the
remainder of this paper.

Table 4. Designation of specimen series, ambient temperature during pre-deformation, strain, strain
rate, and number of specimens used to characterize fatigue strength.

Series Name Temperature/K Strain/% Strain Rate/mm/min α’-Content/% No. of Samples

298K-44% 298 44 1 10 ± 2 15

273K-28% 273 28 1 10 ± 2 15

To investigate fatigue behavior, a Gigaforte testing machine from the company Russen-
berger Prüfmaschinen (Neuhausen am Rheinfall, Switzerland) was used. This machine
realizes test frequencies of about 1 kHz. AISI 304 heats adiabatically under cyclic loading
and therefore has to be cooled sufficiently [22,23]. Pre-deformed specimens already showed
significantly reduced adiabatic heating compared to non-deformed AISI 304. Additionally,
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cooling by means of a vortex tube was used and a stress ratio R of 0.5 was selected. The
lower stress amplitudes compared to R of −1 or 0.1 resulted in a further significant reduc-
tion in adiabatic heating at high test frequencies. The combination of these actions ensured
that the specimens did not exceed a temperature of 303 K during fatigue testing, which was
monitored with a pyrometer. The tests were carried out to at least 108 load cycles in order
to be counted as a run-out. The procedure was in accordance with DIN 50100 (2016) [24],
which describes a method to statistically determine fatigue strength by selecting the stress
amplitude depending on the result of the previously tested sample (break or run out). This
method allows an evaluation of the stress amplitude with a 50% failure probability, which is
used as a characteristic value for the discussion of fatigue strength. A change in resonance
frequency Δf of 2 Hz was applied as a criterion to stop fatigue testing, indicating technical
crack initiation. Subsequently, fracture surface analyses were performed using a scanning
electron microscope (SEM) JSM-6610LV of the company JEOL (Tokyo, Japan) to determine
the location of crack initiation.

3. Results and Discussion

3.1. Effect of High Pre-Strains on the Bonding of Melt Droplets to the Base Material

Since the pre-deformation was performed after cutting, the laser-cut edge was also
deformed. The deformed laser-cut edges were examined by light microscopy and are
shown exemplarily in Figure 5 for the conditions as cut (a) and pre-deformed to 28% strain
(b). Comparing the two figures, the detachment phenomenon, which has been described in
past work [20], due to plastic pre-deformation was again evident at the lower sheet edge.

 

Figure 5. Top view of the laser-cut edge. (a) As cut, (b) Pre-deformed (ε = 28%).

Figures 6 and 7 show the results of the μCT examination. Here, slices of exemplary
reconstructed melt droplets are shown for the two conditions as-cut and pre-strained to
44% highlighting the bonding condition on different observation planes, respectively. The
images are to be understood in such a way that the labels above the images represent the
depth of observation. In this case, surface means that the surface of the laser-cut edge—to
the underside of which the melt droplet is attached—was observed. In the case of the label
36 μm, the observation plane was shifted 36 μm from the surface of the laser-cut edge
into the sheet material. The melt droplet of the non-deformed sample in Figure 6 showed
strong adherence to the base material, i.e., complete attachment to the base material was
observed for the entire melt droplet volume. Opposite to the non-deformed sample, weak
adherence of the melt droplet of the pre-deformed specimen can be clearly seen in Figure 7.
Only at the surface was the droplet bonded to the base material. At a depth of 36 μm, the
reconstructed slice already showed a large gap. This gap increased with greater observation
depth to the surface of the laser-cut edge. At 88 μm, the melt droplet did not show a bond
to the base material at all. This means that the melt droplet adhered only to the outer edge
of the sheet and otherwise no longer had any bond to the base material. These results
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indicate that the partial detachment created a notch between the melt droplet and the base
material, which could be detrimental to the fatigue strength of the material at high levels
of pre-deformation.

 

Figure 6. Selection of observation planes of the same re-solidified material droplet in the as-cut
condition at different observation depths starting from the surface of the laser-cut edge.

 

Figure 7. Selection of observation planes of the same re-solidified material droplet in the pre-deformed
condition (44%) at different observation depths starting from the surface of the laser-cut edge.

3.2. Effect of High Pre-Strains on Fatigue Behavior

The results of fatigue testing are shown in Figure 8, where stress is plotted over the
number of load cycles in a S-N-diagram. It can be seen that the fatigue behavior of the
tested specimen series differed significantly from each other. The highest stress levels were
reached by the sample series 273K-28% (i.e., pre-deformed at 273 K and a strain of 28%).
The fatigue strength for 50% failure probability at 108 load cycles was 170 MPa according
to DIN 50100.

On the contrary, sample series 298K-44% only showed a fatigue strength for a 50%
failure probability of 145 MPa. Additionally, the measured values for load cycles until
failure scattered considerably more. The failure of a specimen was even observed shortly
before reaching 108 load cycles.

7
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Figure 8. S-N diagram of fatigue tests on laser-cut AISI 304.

Following the fatigue tests, the fracture surfaces of all specimens were examined by
SEM. It was observed consistently for all specimens that the location of crack initiation was
at the melt ejection site of the laser-cut edge where molten material had re-solidified. In the
case of the 298K-44% sample series, it was observed that the crack initiation site showed
a characteristic feature with a smooth surface. This characteristic feature is shown in
Figure 9, where in the case of (a), the fracture surface is shown from the top view. Figure 9b
shows the specimen rotated by 45◦. In this view, the sharp interface is visible between the
smooth surface and the fatigue crack that propagated from this interface into the specimen
volume. In the case of the specimen series 273K-28%, this observation was not made. For
this sample series, the location of crack initiation is shown representatively in Figure 9c,d
in the same way as for the 298K-44% sample series. It can be observed that the fatigue crack
started in the outermost corner of the re-solidified material. A specific feature that served
as crack initiation as was the case for 298K-44% is not identifiable here.

Through the previous investigations, it was hypothesized that the resolidified material
was strongly deformed at the laser-cut edge, melt adhesions (partially) detached, and this
led to a severe, crack-like notch for introducing premature fatigue crack growth. To support
this argument, 44% of pre-deformed but non-fatigued specimens were re-examined by
SEM. It was observed that the melt adhesions have a melt inflow, which remained at the
laser-cut edge. This can be seen in Figure 10. This melt inflow showed a smooth surface
similar to the crack-initiating feature in Figure 9a,b. Hence, it can be assumed that fatigue
crack propagation indeed started at a notch-like partial detachment of a melt adhesion.
Contrary to Figure 10, the melt adhesion itself is not visible in Figure 9, as it fell off either
due to pre-deformation or during fatigue loading.
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Figure 9. Selection of fracture surfaces captured by SEM. (a) 298K-44%, top view, (b) 298K-44%,
45◦-perspective view, (c) 273K-28%, top view, (d) 273K-28%, 45◦-perspective view.

 

Figure 10. SEM detail image of a melt adhesion showing a melt inflow with a smooth surface, similar
to the crack initiation site of the fracture surface for a sample pre-deformed to 44% elongation and
subsequently fatigued.

In summary, both series 298K-44% and 273K-28% were manufactured from the same
sheet, laser cut with the same parameters, and ultimately pre-deformed in a way that they
had comparable α’-martensite content in the base material. Their main difference can be
found in the amount of pre-strain introduced. In the end, they showed clear differences in
their fatigue behavior. When pre-forming, a significantly large number of melt droplets
fell off the laser-cut material within the first 20% elongation, as was shown in previous
work [20]. After that, the number of melt droplets decreased marginally. As soon as
high elongations in a range close to the tensile strength were reached, it was observed
by means of μCT, that the remaining melt droplets no longer detached completely, but
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partially. Due to only partial bonding to the base material, a crack-like notch formed, see
Figure 7, which served as a crack initiation site during the cyclic loading in the fatigue
test. This assumption is supported by the smooth features of the fracture surfaces in
Figure 9a,b as well as Figure 10, which could not be found in Figure 9c,d. For a better
understanding of the significance of the partial detachment of the melt adhesion, the
particular mesoscopic features of the pre-damage introduced through the combination of
laser cutting and subsequent pre-deformation are schematically drawn in Figure 11.

 

Figure 11. Schematic drawing for partial detachment of melt adhesions on strongly deformed
laser-cut edges.

The fatigue test results in Figure 8 showed that this pre-damage due to laser cutting
and pre-forming to high degrees of deformation can lead to significantly reduced fatigue
strength and very late failures close to 108 load cycles. However, both series have in com-
mon that the crack initiation took place in the lower outermost corner of the laser-cut edge
at the re-solidified material, i.e., melt droplets. The significant difference in pre-strain in
the base material did not change this situation. This underlines the central importance of
the re-solidified material for the fatigue behavior of laser-cut materials. In this case, it was
discovered that the partial detachment of melt droplets and the associated notch formation
leads to crack initiation under cyclic loading and hence, has a significant influence on the
cyclic strength. Through a careful selection of the laser-cutting parameters alone, the cyclic
strength of AISI 304 can already be influenced, as could be shown in [20]. A subsequent
pre-deformation—as would be typical for a car body application—will have an additional
effect on the fatigue strength. For laser-cut sheet metals, this pre-deformation effect can-
not solely be explained by the two strengthening mechanisms, namely strain-hardening
and deformation-induced α’ martensite formation. These purely microstructure-related
mechanisms have already been investigated comprehensively in the past, see e.g., [25–28].
In the study presented, the higher pre-deformation should have resulted in a beneficial
effect due to an increased strain-hardening since the α’ martensite volume fraction was
kept constant. However, the higher pre-deformation, in fact, caused a pronounced decrease
in the cyclic strength. Fractographic analyses and μCT examinations showed that the
effect of dross formation and its partial detachment excel the microstructural strengthening
effects on fatigue behavior. From this, it can be deduced that in the case of laser cutting
and subsequent forming of AISI 304, a reliable prediction of the fatigue strength strongly
depends on a comprehensive understanding of the process–history interactions and their
effect both on microstructural changes as well as mesoscopic notch effects.

In previously typical applications for laser cutting, a “clean and accurate” cutting
edge is considered as one of the decisive evaluation criteria. Interdependencies between
remaining re-solidified material after processing and the thermal impact on the materials’
microstructure are of minor importance. However, in the case of laser-cut parts subjected
to cyclic mechanical loading, this no longer holds. As is well known from former very
high-cycle fatigue research, the influence of isolated micro-notches plays a decisive role
in fatigue behavior with an increasing number of cycles. Transferring this observation to
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the particularly rugged surface relief at the laser-cutting edge, crack initiation will most
likely occur at a single, most detrimental, and therefore, failure-relevant micro-notch. The
stochastic distribution of the mesoscopic geometrical characteristics of the rugged surface
relief of the laser-cut surface is practically not determinable. Nonetheless, the results
presented allow for an evaluation of the interaction between the material’s microstructural
and laser-cut surface characteristics in dependence on the process–history. It could be
shown that the effect of dross formation and its partial detachment excel the microstructural
strengthening effects.

4. Conclusions

By means of μCT investigations on laser-cut and highly pre-formed specimens, it
could be shown that this process–history leads to the partial detachment of melt droplets,
which causes notch formation on a mesoscopic scale. Fatigue tests up to 108 loading cycles
were conducted, since in this particular regime localized discontinuities define the fatigue
behavior. Two deformation states (28 and 44% pre-strain) were prepared under different
deformation conditions but in a way that similar α’-martensite volume fractions were
obtained. The fatigue tests were paired with fracture surface analysis. The following
conclusions can be drawn from the investigations:

- Re-solidified material (most often in the form of melt droplets) at the melt ejection site
of the laser-cut edge is the dominating fatigue crack initiation site independent of the
degree of pre-deformation introduced.

- Melt droplets with good bonding to the base material can show partial detachment at
high degrees of deformation.

- Partial detachment of melt droplets leads to mesoscopic notch formation, which causes
a significant decrease in fatigue strength and can lead to late failures even at load
cycles well beyond the classical “durability limit” (formerly defined at 2 mio. cycles).
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Abstract: Direct Energy Deposition (DED), as one common type of additive manufacturing, is capable
of fabricating metallic components close to net-shape with complex geometry. Surface mechanical
attrition treatment (SMAT) is an advanced surface treatment technology which is able to yield a
nanostructured surface layer characterized by compressive residual stresses and work hardening,
thereby improving the fatigue performances of metallic specimens. In the present study, stainless
steel 316L specimens were fabricated by DED and subsequently surface treated by SMAT. Both
uniaxial tensile tests and uniaxial tension-compression low-cycle fatigue tests were conducted for
as-built and SMAT processed specimens. The microstructure of both conditions was characterized
by roughness and hardness measurements, scanning electron microscopy and transmission electron
microscopy. After SMAT, nanocrystallites and microtwins were found in the top surface layer. These
microstructural features contribute to superior properties of the treated surfaces. Finally, it can be
concluded that the mechanical performance of additively manufactured steel under static and fatigue
loading can be improved by the SMAT process.

Keywords: additive manufacturing; direct energy deposition; surface treatment; stainless steel;
microstructure; low-cycle fatigue

1. Introduction

Additive manufacturing (AM), also referred to as 3D printing, is a novel manufacturing
process that is capable of fabricating near-net-shape parts with complex geometries in a
layer-by-layer manner, directly from the 3D model data, without any molds or tools [1–3].
In a laser-based AM metal process, e.g., laser-based powder bed fusion (PBF-LB) and direct
energy deposition (DED), a rasterized laser beam melts the metal powder in a pattern that
progressively fills the volume of the designed CAD model and eventually fabricates the
metallic part. Selective laser melting (SLM), as one common PBF-LB technique, utilizes the
laser to layer-by-layer melt the deposited power bed on the initial substrate plate [4].

DED, also referred to as laser metal deposition (LMD) and laser engineered net shaping
(LENS), has been applied for various applications in medical, aerospace, automotive, oil,
gas and space industries [5–7]. The DED process can be characterized by the adopted laser
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powder, laser type, powder delivery method and feedback control. In the DED process,
parts and components are fabricated by focusing a laser beam with high volume energy
on the deposition substrate, where the metallic powders are simultaneously delivered and
injected by inert gas [6]. The laser and inert gas melt the surface of the previously deposited
layer and deliver powder, respectively, to create metallurgical bonding layer by layer in the
Z-direction. DED can be used to customize the repair of pre-existing parts, generate compo-
nents with geometries beyond the capabilities of conventional manufacturing techniques
and reduce material wastage significantly by directly depositing the materials with fine
precision [8,9]. Furthermore, functionally graded material can be fabricated by adjusting
the multi-channel powder feeder or combining powder and wire deposition [10].

The austenitic stainless steel 316L (SS 316L), also known as 1.4404 or X2CrNiMo17-12-2,
is used in a wide variety of applications, ranging from nuclear to chemical, petrochemical,
marine and offshore oil-related fields, due to its outstanding toughness, ductility and
resistance to corrosion [7]. In recent years, there has been an apparently increasing interest
in the fabrication of SS 316L by using DED due to its intrinsic advantages mentioned
above. Moreover, decreasing prices for metal powder allows DED to substitute other
fabrication processes, such as diffusion bonding [11]. A large number of studies have been
published investigating the influences of several factors, including process parameters
(laser type, laser power, scanning strategy, time interval, preheating temperature), build-
ing direction, thickness of the components and powder recycling. Furthermore, surface
roughness, residual stress, microstructure and mechanical performance of the additively
manufactured SS 316L specimen under quasi-static and cyclic loadings were in focus of
those studies [5,7,12–17].

The microstructures of metallic materials determine their macroscopic mechanical
properties. The DED process is characterized by a fast heating and cooling rate, which
results in a high solidification rate. Thus, often highly directional columnar structures
are established, these being characterized by internal substructures, i.e., microstructure
refinement [18]. A solidification map showing the effects of temperature gradient and
growth rate on the morphology and size of the resulting microstructure can be found
in [19,20]. Regarding the whole volume of a deposited component, as a consequence of the
complex heat transfer during the DED process, it was reported that the columnar structures
are strongly affected by the maximum thermal gradient, where in the last deposited layers,
microstructures can be slightly different from the remaining bulk [14].

It is widely agreed that SS 316L fabricated by AM processes is characterized by excel-
lent mechanical properties under monotonic loading, i.e., good ductility and a high yield
strength (YS), which is significantly higher compared to specimens that are fabricated by
conventional manufacturing techniques, such as hot forging and casting [5,21]. It is be-
lieved that the high YS is partly because of the high dislocation density in the AM processed
steel. The factors that contribute to the final mechanical properties are the reduced grain
and dendrite sizes, the presence of residual δ ferrite and the already mentioned presence of
a dense dislocation network (eventually forming substructures of submicron size). These
factors can also be used to rationalize the relatively low ductility values sometimes reported
for deposited parts. The strengthening effect of the refined microstructure can be correlated
with the well-known Hall–Petch equation that associates the material grain size (taking into
account the substructures, i.e., dislocation cells) and the yield stress. Detailed comparisons
of the microstructure and the mechanical performance among additively manufactured
specimens, including DED and SLM, and the ones fabricated by traditional manufacturing
methods, such as forging and casting, can be found in [14,17,18].

After manufacturing, additively manufactured metallic components are commonly
subjected to post-process heat treatments in order to allow for the elimination of residual
stresses and the homogenization of the microstructure. It was found that after heat treat-
ment, the YS and ultimate strength of DED SS 316L were reduced due to the decrease in the
ferrite content and the decrease in dislocation density [21,22]. Shot peening has been ap-
plied for improving the surface hardness, introducing compressive surface residual stresses
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and refining grain size close to the surface, such that the fatigue response of additively
manufactured SS 316L specimens could be improved [23].

Surface mechanical attrition treatment (SMAT) is an emerging post-treatment technol-
ogy among various peening processes, such as ultrasonic peening, laser shot peening and
grit blasting, which is capable of inducing a nanostructured layer on the surface of a metallic
component and is commonly used in order to improve the fatigue resistance [24–26]. SMAT
has been recognized as a technique for upgrading the microstructures and properties of ma-
terials by generating a gradient-structured layer on the material surface without tampering
with the local chemical compositions and near-surface compressive residual stresses.

In the past few years, numerous studies experimentally revealed that SMAT has a very
positive effect on the fatigue behavior of different materials such as steel [27], titanium [28]
and magnesium [29] alloys. The AM groups have drawn attention to this surface treatment
technique and also applied it to additively manufactured components. Yan et al. [30] have
applied SMAT for the modification of the surface layer of Ti6Al4V fabricated by PBF-LB to
improve the fatigue performance. It was found that the specimen after SMAT exhibited
significantly higher fatigue strength as compared to the non-treated counterparts in both
low- and high-cycle fatigue regimes. Sun et al. [31] applied SMAT to PBF-LB-processed
stainless steel specimens. The authors showed that the process-induced surface roughness
was reduced by up to 96%, such that a surface finish similar to that produced by surface
grinding could be achieved. In [32], SMAT was performed on SS 316L parts produced
by PBF-LB. It was found that the SMAT treatment can reduce the surface roughness by
a factor of 10 and increase the microhardness in the layer beneath the treated surface by
up to 45%. The authors further showed that SMAT could also transform the initial near-
surface tensile residual stresses present in AM parts into compressive ones and eventually
enhance the mechanical properties of the PBF-LB-processed parts [32]. Such studies already
demonstrated the potential of SMAT as a post-treatment to improve surface quality and
increase the strength while retaining good ductility of PBF-LB manufactured parts.

As the introduction clearly outlines, DED has become an attractive AM technique
in numerous fields. However, since many components manufactured by DED are used
under very complex loading regimes, often including cyclic loads, the performance under
fatigue loading needs to be studied. In this context, mechanical surface treatment processes
are often used to improve the fatigue properties of metallic materials. In order to close
prevalent research gaps, the present study focused on a unique combination of DED
and SMAT. Promising results with respect to the behavior under cyclic loading were
expected. To substantiate this expectation, SS 316L components were manufactured using
DED. After fabrication, miniature specimens being cut from the components by electro
discharge machining (EDM) were surface treated by SMAT. The mechanical performances
of as-built and SMAT processed specimens were characterized by monotonic tensile and
strain-controlled low-cycle fatigue (LCF) tests. A comparison of the resulting cyclic stress
amplitude, half-life hysteresis loops and cyclic hardening/softening was performed for
the untreated and SMAT processed specimens. Surface hardness was measured and
microstructural features were characterized using electron backscatter diffraction (EBSD)
and transmission electron microscopy (TEM) analysis, respectively. The effect of SMAT
on microstructural features and the mechanical performance of the DED 316L specimens
under static and cyclic loading was comprehensively studied. The macroscopic properties
were rationalized in detail based on the microstructure information.

2. Material and Characterization Methods

2.1. Specimen Manufacturing

The SS 316L parts were fabricated using the DED technology at the Dalian University
of Technology, China. The system consisted of a Kuka six-axes robot (ZH 30/60III, KUKA,
Augsburg, Germany), a Laser Line diode laser generator (LMD 4000-100, Laserline GmbH,
Mülheim-Kärlich, Germany) with 4000 W maximum power, a Precitec laser cladding
head (YC52, Precitec KG, Gaggenau, Germany) with four coaxial nozzles and a Raychem
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metal powder feeder (RC-PGF-D, Raychem RPG Pvt Ltd., Mumbai, India). The powder
of SS 316L with a size range of 45-150 μm and a spherical shape, produced by Höganäs
(Höganäs, Sweden), was laser deposited on a SS 316L substrate with the dimensions of
130 mm × 40 mm × 15 mm. The nominal chemical composition (in wt.%) of the powder
used is given in Table 1. Ar with 99.99% purity was used as a carrier and shielding gas in
all processes at flow rates of 400 and 600 L/h. The process parameters adopted are given
as follows: laser peak power of 1000 W, scanning speed of 6 mm/s, powder feed rate of
6 mm/s, T-pulse of 25 ms and z-increment of 0.2 mm between two layers for all deposited
parts. The dimensions of the components were 60 mm × 10 mm × 40 mm. A bi-directional
scanning strategy without rotation between consecutive layers was used. For microstruc-
tural and mechanical characterization and SMAT surface treatment, flat dog-bone shaped
specimens with nominal gauge section dimensions of 8 mm × 3 mm × 2.0 mm were cut
from the initial DED parts by electro-discharge machining (EDM). Further information on
the dimensions of the specimen and the actual scanning strategy can be found in Figure 1.

Table 1. Chemical composition of the SS 316L powder used in the present work (wt.%).

Fe Ni Cr Mn Mo Nb Ti Al Cu C Si

Bal. 12.5 17.1 1.6 2.5 – – – – 0.02 0.7

Figure 1. Schematic giving detailed information on the building direction and scanning strategy in
the DED process and the dimensions of the specimens (dimensions in mm) cut for SMAT processing.

2.2. SMAT

Upon EDM, some of the DED manufactured SS 316L specimens were subjected to
SMAT. No grinding or polishing was conducted between these process steps. The surface
treatment was applied to two surfaces of the dog-bone shaped specimens cut from the
initial DED cuboids (cf. Figure 1). Figure 2 shows a schematic diagram of the SMAT system.
As can be deduced from the schematic, the major part of the specimen’s surface, except for
1 mm of the clamping section on each side, was processed by SMAT. In the SMAT process,
a chamber was attached to the vibrator, and spherical balls (304 stainless steel + ZrO2) with
a diameter of 3 mm were placed inside the sealed chamber. During the SMAT process, the
specimen secured to the top of the chamber was impacted by the spherical balls driven by
the vibrations of the chamber attached to the vibrator. The same procedure was separately
performed on the two large surfaces of each specimen. During SMAT processing of one side
of the surface, the opposite side was completely fixed (cf. Figure 2). Due to the size of the
spherical balls used, partial SMAT co-processing of the side surfaces of the specimen can
be excluded. The vibration frequency and amplitude were electromagnetically controlled
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by a signal generator and an amplifier. The repeated impacts of spherical balls at a high
speed and a high frequency can cause indentation and plastic deformation on the treated
surface of a specimen. In the present work, the AM processed specimens were treated
for 1 h at a vibration frequency of 20 Hz. After SMAT processing, no further grinding or
polishing was conducted prior to mechanical testing. This also held true for the as-built
counterpart condition.

Figure 2. Schematic highlighting the most important features of the SMAT system.

2.3. Mechanical and Microstructure Characterization

Surface roughness measurements were conducted using a Mitutoyo SJ-210 (Mitutoyo,
Kawasaki, Japan). Five readings within a specimen length of 0.8 mm were recorded on
the large surfaces of the specimen directly in the gauge length. The roughness values Ra
reported represent average values calculated from all readings. Characterization of mechan-
ical properties comprised hardness investigations as well as tensile and fatigue tests. Vickers
hardness testing was carried out using a Struers DuraScan-70 system (Struers, Copenhagen,
Denmark) employing a load of 4.9 N. A screw-driven MTS criterion load frame with a
maximum load capacity of 20 kN was used to perform uniaxial tensile tests under dis-
placement control with a constant crosshead speed of 2 mm/min. Strain measurement was
conducted using an MTS miniature extensometer with a gauge length of 5 mm directly
attached to the surface of the specimen. The same extensometer was used for strain control
during the LCF tests, performed in fully reversed push–pull loading (Rε = −1). A constant
strain rate of 6 × 10−3 s−1 and total strain amplitudes of Δεt/2 = ±0.2%, Δεt/2 = ±0.35%
and Δεt/2 = ±0.5% were used. The fatigue investigations were performed on a digitally
controlled servo-hydraulic load frame with a maximum force capacity of 16 kN. In total,
three tensile tests and two fatigue tests were performed for each condition.

Microstructure analysis of as-built DED specimens—i.e., investigation of grain size
and grain morphology—was conducted using a Zeiss ULTRA GEMINI high-resolution
SEM (Carl Zeiss AG, Oberkochen, Germany) operating at an acceleration voltage of 20 kV.
The SEM was equipped with an electron back-scatter diffraction (EBSD) unit and a back-
scattered electron detector. For EBSD measurements, all specimens were mechanical ground
down to 5 μm grit size using silicon carbide (SiC) paper, and vibration polished for 16 h
using a conventional oxide polishing suspension (OPS) with a grain size of 0.04 μm. The
measurements were performed using two different magnifications (100× and 500×) and
step sizes (1 and 0.2 μm). The EBSD data analysis was performed with the Bruker Esprit
2.3 software (Bruker, Billerica, MA, USA).

Detailed microstructure analysis of as-built and SMAT processed specimen was ad-
ditionally conducted by TEM using a JEM 2100PLUS system (JEOL, Freising, Germany)
operated at 200 kV. TEM foils were selected from different local regions, i.e., close to the
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surface and in the center of the specimen. The TEM foils were prepared by focused ion
beam (FIB) using a FEI Helios NanoLab 600i DualBeam SEM/FIB system (FEI, Hillsboro,
OR, USA) operated at 30 kV.

3. Results and Discussion

3.1. Microstructural Analysis of As-Built Specimen by SEM

In the DED process, the thermal history during processing plays a crucial role in
establishing specific microstructural features, e.g., morphology and grain size. In gen-
eral, the microstructure is determined by the solid–liquid interface velocity R, the thermal
gradient G and the alloy composition. In particular, the solidification morphology param-
eter (G/R) and the cooling rate level G×R define the solidification mode, and therefore,
the microstructure morphology and its inherent dimensions. In general, as-built DED
specimens were characterized by an obvious solidification pattern on the macroscopic
scale and cellular substructures on the microscopic scale [12]. In conventionally processed
but rapidly cooled austenitic stainless steel, depending on its chemical composition, two
different microstructural constituents can be found: austenite γ and the so-called ferrite
δ [18].

Figure 3a shows a representative EBSD inverse pole figure (IPF) map. The measure-
ment depicted was performed in the clamping section of a SS 316L specimen (cf. Figure 1).
The grain orientations of the EBSD micrograph are plotted with respect to the build di-
rection (BD). The microstructure exhibits large columnar grains with a length of up to
300 μm and width of about 100 μm, respectively. No obvious melt pool boundaries are
noticeable. DED can be considered as a directional solidification process characterized by a
high temperature gradient and rapid cooling rate. Thus, the grains are mainly orientated in
the building direction; however, they are characterized by a slight shift towards the laser
travel direction (LTD). This observation was similarly made in previous investigations
on DED SS 316L [33] and can be explained by the local conductive heat transfer, i.e., the
direction of heat flux. It can further be seen that the SS 316L specimen in the as-built
condition was characterized by slightly increased texture intensity in BD. The IPF map
is characterized by a comparatively increased fraction of {101}-oriented grains. In these
cases, the grains grow parallel to the thermal gradient and direction of heat flux, with a
growth rate, which is strictly related to the scan speed used during the building process.
The slightly increased texture intensity is additionally highlighted by the IPF displayed in
Figure 3e, extracted from the EBSD data of the micrograph shown in Figure 3a. A similar
texture evolution was also reported by Andreau et al. [34] for PBF-LB-processed 316L
parts. Most importantly, it has to be noted that the process parameters, including laser
powder, scan speed, and scanning strategy, significantly influence the size and shape of the
melt pool, which in turn affects the resulting texture and grain morphology [3]. However,
further in-depth texture investigations, including X-ray diffraction analysis, across the
entire part built, have to be conducted in order to analyze the texture’s evolution in more
detail. In literature, solidification maps have been successfully used for assessing the effects
of temperature gradient and growth rate on the morphologies and sizes of microstructural
features [19,20]. Figure 3b shows a magnified view of the marked white dashed rectangle
in the IPF map in Figure 3a. From the variations in the color within the grains, the presence
of subgrains and lattice distortions can be deduced. This is in line with the observations
made by Belsvik et al. [33] with respect to the microstructure evolution in DED-processed
SS 316L-Si. In addition, some non-indexed areas can be noticed in the magnified IPF map
in Figure 3b. From the corresponding image quality map in Figure 3c, these areas can
be identified as distinct boundaries inside the grains. Figure 3d shows a phase map of a
magnified area of the image quality map in Figure 3c. From this map, the boundaries can be
identified as phase-boundaries. In the study of Belsvik et al. [33], a volume fraction of about
2.5% δ-ferrite on the interdendritic and subgrain boundaries was determined by EBSD
analysis. In another study [35] investigating the stress corrosion cracking susceptibility of
304L substrate and 308L weld metal exposed to a salt spray, the authors showed that in a
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conventional fusion weld δ-ferrite can be formed intra- and inter-granularly. The presence
of δ-ferrite in DED-processed SS 316L was additionally reported by Saboori et al. [14]
based on X-ray diffraction data. From the phase map shown, minor amounts of ferrite
can be observed. Generally, the presence and amount of δ-ferrite formed in SS 316L were
discussed by Bedmar et al. [18]. In their study reporting on a comparison of different AM
methods for 316L stainless steel, a Schaeffler diagram was used to predict the phases based
on the chromium and nickel equivalent when the cooling was not in full equilibrium, as is
the case in AM and conventional welding. For SS 316L, austenite with a fraction of 5–10%
of δ-ferrite was predicted. According to the findings of the EBSD measurement shown in
Figure 3d, a volume fraction of about 2% was observed for the DED SS 316L condition of
the present study. This in line with the results from Belsvik et at. [33] reporting on a volume
fraction of about 2.5% δ-ferrite determined by EBSD. According to [33], differences com-
pared to the theoretical value may be related to poor statistics of the quantitative analysis.
As stated in [18], in welding, the presence of a 5–10% δ-ferrite phase improves the behavior
of austenitic steels. Moreover, values above 10% lead to reductions in ductility, toughness
and corrosion resistance whereas values below 5% can cause solidification cracking. As
a result, the presence of 2% δ-ferrite could degrade the properties of the DED SS 316L
specimens. However, traces of solidification cracking were not found in the present work.

3.2. Microstructural Features on the Nano-Scale

Figure 4 shows the microstructural evolution within specific regions close to the top
surface layer for a specimen which was subject to SMAT processing. Figure 4a shows a
gradient structure (in terms of the grain size) in the probed region close to the top surface
(marked as layer 1 in the schematic depicted in Figure 6). Figure 4b shows the specific
microstructure of the area marked by a red rectangle in Figure 4a, whereas Figure 4c
shows the corresponding SAED pattern revealing the presence of a polycrystalline struc-
ture (single spots are labelled for clarity). It can be clearly seen that nanograins formed
in the region close to the top surface layer (≈0.025–0.05 mm), consistently with the TEM
bright field image in Figure 4b. This observation is in line with the literature reporting on
SMAT processed SS 316L. According to Tao et al. [36], strain-induced grain refinement and
martensite transformation can take place in the top surface layer during SMAT. The grain
sizes of the nanocrytallites formed were reported to be in the range of 8 to 60 nm with a
mean value of about 30 nm, which correspond well with the results shown in Figure 4b.
The authors further reported that the grain refinement in SS 316L after SMAT processing
can be attributed to the formation of planar dislocation arrays and mechanical twins; a
grain subdivision by mechanical twins and martensite transformation; or the formation
of nanocrystallites [36]. Generally, as a result of mechanical surface treatment processes,
the elastic-plastic deformation leads to severe local shearing of the surface layer, including
activation of dynamic recrystallisation, and thus to grain refinement down to the nanometer
range [37,38]. With increasing distance from the specimen surface (≈ 0.1–0.15 mm), e.g.,
within layer 2 in the schematic in Figure 6, differences in the microstructure became obvious
by TEM nano-scale analysis. Figure 4d,e shows bright-field and dark-field TEM images of a
nanotwinned microstructure, respectively. Figure 4f shows the corresponding selected area
electron diffraction (SAED) pattern, clearly revealing the presence of deformation-induced
twins. The austenite matrix and the nano-scaled deformation twins are indexed in the
diffraction pattern. In accordance with these observations, Tao et al. [36] reported that
at a distance from the treated surface of 30–40 μm, lamellar structures with a width of
approximately less than 100 nm were formed, which can be attributed to the evolution
of nano-sized mechanical twins. Twinning in SS 316L as a result of surface treatment
processes was also shown for other processes. Agrawal et al. [39] reported multiple twin
systems resulting in the formation of a dense crisscrossed twin structure by using the novel
vaporizing foil actuator (VFA) technique. Wang et al. [40] studied the microstructural
evolution and the mechanical behavior of 316L parts after surface treatments by ultrasonic
impact peening (UIP) and laser shock peening (LSP). The authors reported that mechan-
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ical twinning was almost completely absent in the specimen processed by UIP, whereas
twinning was frequently observed in specimens treated by LSP. It was concluded that
the magnitude of peak pressure determined the transition from a dislocation-dominated
mechanism (≈680 MPa for UIP) to a twinning-dominated mechanism (≈2200 MPa for LSP).
Thus, it can be assumed that the peak pressure induced by the SMAT treatment in the
current study was high enough to induce twinning in the surface treated region.

Figure 3. (a) EBSD inverse pole figure (IPF) map of an as-built DED SS 316L specimen. (b) A
magnified view of the marked white dashed rectangle in (a). (c) Image quality map highlighting
the grain structures in addition to the IPF map in (b). (d) EBSD phase map of the marked white
dashed rectangle in (c). The grain orientations in (a,b) are plotted with respect to the build direction
(BD). (e) Inverse pole figure calculated from EBSD data of the micrograph shown in (a) revealing the
micro-texture of the DED SS 316L. Data are plotted with respect to the BD.
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Figure 4. TEM micrographs of regions adjacent to the top surface layer of the SMAT processed
condition of the SS 316L specimen and magnified view of a selected locations: (a) bright-field image
of a nano-grained layer; (b) higher magnification micrograph of nanograins in the region marked by
the red rectangle in (a); (c) SAED of nanograins; (d) bright-field image showing nanotwins and slip
bands, (e) dark-field image highlighting the nanotwins; (f) SAED of the nanotwins.

In addition to the formation of nanocrystallites and deformation-induced twins,
deformation-induced martensite was found in the surface treated layer in some stud-
ies reporting on mechanically surface-treated SS 316L. Jayalakshmi et al. [41] reported on a
gradient nanostructured layer after severe shot peening. The initial hot-rolled austenitic
microstructure, being characterized by grain sizes in the range of 40–80 μm, was refined to
a dislocation cell-type structure with deformation-induced martensitic structures having
cell sizes in the range of 100–140 nm. The authors showed that the martensite, assessed by
TEM investigations, was nucleated at multiple locations in the austenite matrix. However,
with the measurement methods used in the present study, no martensitic transformation
could be observed. The diffraction spots of the SAED pattern shown in Figure 4f, associated
with Figure 4d,e, clearly correspond to the austenite phase, additionally revealing twin
reflections. The lath-like microstructure appearance in Figure 4d might thus be attributed
to the formation of shear bands. In a study reporting on the microstructural evolution of
SS 316L subjected to SMAT treatment, Bahl et al. [42] showed that microbands and shear
bands were formed as a result of SMAT processing. The authors further concluded that
deformation twinning and dynamic recrystallization within the shear bands are responsible
for nanocrystallization.

With a further increase in the specimen depth analyzed, i.e., at a larger distance to
the treated surface, Figure 5a,b shows TEM bright-field images of the local microstructure
(in a distance from the surface of approximately 1.0–1.2 mm corresponding to layer 3
in Figure 6). From both micrographs, it can be deduced that within the investigated
region, dislocation cell walls (marked by the yellow arrows) were formed during the SMAT
processing. As will be pointed out by the results of hardness investigations in Section 3.3
(cf. Figure 7), the area under investigation in Figure 5 corresponded to the non-affected
as-built DED microstructure. This specific microstructure was in good agreement with data
available in literature. In their study investigating the origin of dislocation structures in
an additively manufactured austenitic SS 316L, Bertsch et al. [43] reported that the highest
dislocation densities were found in DED 3D and PBF-LB parts, manifested in the formation
of dislocation cells approximately 300–450 nm in diameter. The authors further showed
that dislocation structures in AM originated as a consequence of thermal distortions during
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processing, which were primarily dictated by constraints surrounding the melt pool and
thermal cycling, respectively.

 

Figure 5. (a,b) Representative bright-field TEM micrographs of the center part of a SMAT processed
SS 316L specimen.

Figure 6. Schematic of the cross-sectional microstructure of the SMAT processed SS 316L specimen
consisting of a nanograin layer adjacent to the top surface, a nanotwin layer below the nanograin
layer and a layer characterized by dislocation cells in the central region.

The results obtained by TEM nano-scale analysis are summarized in the schematic
of the cross-sectional microstructure of a SMAT processed SS 316L specimen displayed in
Figure 6. As is obvious, the specimen was characterized by various types of microstructures
after surface treatment, being explicitly characterized by the gradually increasing grain size
with an increasing distance to the surface. In the immediate vicinity of the surface, i.e., a
depth of ≈0.025–0.05 mm, nanocrystallites were found, whereas with increasing distance
to the surface (≈0.1–0.15 mm), mechanically induced nanotwins with a mean thickness of
approximately 100 nm were observed within the deformed grains. As reported in [34], such
a gradient microstructure including randomly-oriented equiaxed nanocrystallites in the top
surface layer and mechanical nano-sized twins below this layer were also found for Inconel
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600 specimens following SMAT surface treatment. In the central region (≈1.0–1.2 mm),
i.e., in the non-surface treated bulk material, the microstructure was characterized by high
density of dislocation cells formed within the coarse grains directly stemming from the
DED process.

Figure 7. Hardness map showing the hardness distribution in the cross-section of a SMAT processed
SS 316L specimen. Each black dot represents the position of a single measurement. The different
microstructural layers characterized by TEM measurements (cf. Figure 6) are also marked.

3.3. Roughness, Hardness and Mechanical Response under Tensile Loading

Depending on the initial surface appearance before the SMAT treatment, the roughness
profile can either be improved or deteriorated [32,44]. In order to analyze the effect of SMAT,
surface roughness measurements were carried out on the large surfaces of specimens from
both conditions considered. While the as-built condition after EDM was characterized by
an average roughness Ra of 3.84 μm, smoothing of the surface can be observed after the
SMAT treatment, revealing an average roughness value of 1.40 μm. This is in line with the
investigations of Portella et al. [32] reporting that the surface roughness of as-built SLM
parts was considerably reduced by a SMAT post-treatment.

In order to analyze the effective depth of a specimen being influenced by the SMAT
surface treatment, Vickers hardness measurements were carried out on a cross-section of a
specimen cut from the clamping area. In total, 264 individual measurements were carried
out. The results obtained are illustrated in the hardness map in Figure 7. The position of
each measurement point is represented by a black dot. Additionally, 10 measurements were
carried out in the clamping section of a non-surface treated specimen in order to determine
the mean value of the hardness after the DED process. As a result of these measurements
(results not shown in Figure 7), the medium hardness of a specimen without SMAT was
found to be approximately 237.7 HV0.5, whereas the maximum and minimum values were
determined to be 227 and 247 HV0.5, respectively. A similar hardness can also be derived
for the central area of the cross-section of a SMAT processed specimen from the hardness
map in Figure 7. In contrast, an increase in hardness can be seen for the near-surface
layer of each SMAT processed surface. In fact, in the direct vicinity of the treated surface
the hardness was increased by a factor of about two, reaching maximum values of up
to 450 HV0.5. Taking the results of the nano-scaled microstructural investigations into
account, the increased hardness in direct vicinity of the surface can be attributed to the
formation of the nanocrystallites, and thus to the intense level of grain refinement in this
area. This observation can be explained based on the well-known Hall–Petch relation,
according to which the increase in hardness or strength is inversely proportional to the
square-root of the mean grain diameter [45]. Although an increase in grain sizes was
observed with a concomitant increase in the distance to the surface, this area was still
characterized by a higher mean hardness of approximately 375 HV0.5 as compared to the
central region. This observation can be attributed to the formation of the mechanically
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induced nano-sized twins in this area. The formation of these twins by the SMAT treatment
led to the so-called dynamic Hall–Petch effect, i.e., an increasing density of interfaces
within the grains eventually, promoting the increase in hardness [46,47]. The hardness map
further demonstrates that the SMAT treatment is characterized by an effective depth of
approximately 0.5 mm (on both sides of the specimen), as this is the range, the hardness
converges to the values obtained for a non-surface treated specimen before. Taking the
nominal specimen thickness of 2.0 mm into account, it can be concluded that almost 50% of
the cross-sections of the specimens considered in present work were strengthened by the
SMAT process.

Figure 8 highlights the behavior under quasi-static tensile loading by depicting repre-
sentative stress–strain curves of the as-built and SMAT processed SS 316L specimens. The
mechanical response of the as-built specimen was characterized by well-defined elastic–
plastic behavior, a YS of approximately 300 MPa, an ultimate tensile strength (UTS) of 715
MPa and an elongation at fracture of 19%. With respect to the SMAT processed specimen,
the mechanical performance and quasi-static tensile strength were characterized by the
following values: YS of 375 MPa, UTS of 800 MPa and elongation at fracture of approxi-
mately 6.5%. It can be derived that the value of the YS of the SMAT processed specimen
is 25% higher than that of the as-built counterpart. Compared to SS 316L counterparts
produced by conventional methods (casting and forging) [48], the as-built DED-processed
specimen considered in the present study was characterized by increased YS and UTS
values. This fact can be attributed to the unique microstructure of the alloy generated by
the AM process. As a consequence of the process’s inherent rapid cooling rates, a finer mi-
crostructure compared to conventional counterparts with subgrain structures evolves. The
formation of δ-ferrite in the DED SS 316L (in the intergranular regions) further strengthens
the soft austenitic matrix. Concomitantly, a reduction in the ductility could be observed in
comparison with the cast and forged counterparts [48]. In addition, dislocation cells were
detected in the non-surface treated microstructure by nano-scale microstructure analysis.
The improved mechanical strength of additively manufactured metals has been attributed
to the formation of these dislocation cell structures with solute micro-segregation [49,50]. In
contrast, the increase in the strength after SMAT processing can be attributed to the volume
of material affected by the surface treatment. As evidenced by the hardness map, almost
50% of the cross-section was strengthened by SMAT, explaining the increased strength and
more pronounced brittleness. An increase in the strength under monotonic tensile loading
and a simultaneous reduction in ductility, have often been reported for other austenitic
steels after mechanical surface treatment [46,51].

3.4. Low-Cycle Fatigue Analysis

In this section, the LCF properties of the DED SS 316L are presented and analyzed
for the as-built and SMAT processed (applied to the two large surfaces of each specimen)
conditions. Figure 9 shows the cyclic deformation responses (CDRs) for the conditions
considered, i.e., as-built and SMAT. The LCF tests were conducted at various total strain
amplitudes—i.e., Figure 9a, Δεt/2 = ±0.2%, Figure 9b; Δεt/2 = ±0.35%; and Figure 9c,
Δεt/2 = ±0.5%. As mentioned in Section 2, two tests were conducted for each condition
in order to analyze the reproducibility and scatter behavior of the LCF response. As, with
respect to resulting stress amplitudes and number of cycles to failure, no pronounced
scatter was detected, only one curve for each condition and loading condition is shown
for the sake of clarity. In order to avoid buckling of the miniature specimen, the load was
increased stepwise during the first cycles. As a result, the prescribed strain amplitude was
reached after approximately 10–50 cycles, depending on the actual strain amplitude. Thus,
these initial cycles were not taken into account for evaluation. From the CDRs depicted,
it can be deduced that, irrespective of the condition, a higher imposed strain amplitude
resulted in higher cyclic stress amplitudes and decreased fatigue life. Furthermore, for a
given total strain amplitude, the resulting cyclic stress amplitudes of the SMAT processed
specimens were slightly increased compared to those of their untreated counterparts. The
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hardening/softening behavior, which is characterized by an increase or decrease in the
corresponding stress response throughout the fatigue tests, can also be derived from the
graphs shown in Figure 9. The CDRs of both conditions are characterized by similar courses
for all total strain amplitudes considered. After reaching the prescribed strain amplitude,
a slight initial saturation stage is followed by cyclic softening being more pronounced at
higher total strain amplitudes and for the SMAT processed specimens in direct comparison
to their as-built counterparts. The cyclic softening behavior presumably results from the
rearrangement of dislocations and a decrease in the overall dislocation density, as similarly
shown in previous studies [52–54]. As revealed by the TEM measurements, fast-cooling and
the repeated cyclic heating during the DED processing promoted the formation of disloca-
tion cell walls (cf. Figure 5) in the as-built microstructure. Obviously, the more pronounced
softening during cyclic loading, as deduced from the CDRs of the SMAT condition, caused
an even higher (local) dislocation density after surface treatment (cf. layer structure shown
in Figure 6). Regarding number of cycles to failure for the two conditions considered, a
change in the properties can be deduced from the CDRs depicted in Figure 8. While fatigue
life at the lowest total strain amplitude of Δεt/2 = ±0.2%, i.e., about 110,000 cycles for the
SMAT condition, is more than 25% higher than for the as-built counterpart (≈80,000 cycles),
this trend changes with increasing strain amplitude. For the medium total strain amplitude,
i.e., Δεt/2 = ±0.35%, the as-built condition is already characterized by an increased number
of cycles to failure of approximately 40%, whereas for the highest total strain amplitude
of Δεt/2 = ±0.6%, the fatigue life is, with ≈3.400 cycles, more than two times higher
than that of the SMAT counterpart (≈1.400 cycles). These observations can be explained
based on the characteristics of the surface treated conditions. In line with several other
surface treatment processes, such as shot peening and deep rolling, SMAT is well known
for establishing nanocrystalline near-surface layers characterized by high compressive
residual stresses and increased hardness due to work hardening. Depending on the initial
surface appearance before SMAT treatment, the roughness profile can either be improved
or deteriorated. In addition, deformation-induced twinning or phase transformation can
be triggered as a result of the high plastic deformation [32,44,55]. According to [56], the
cyclic deformation responses of surface-strengthened specimens are characterized by lower
plastic strain amplitudes over the number of cycles due to the residual stresses present
and the effective strengthening of the near-surface layer. In order to achieve a permanent
improvement in the general performance imposed by these characteristics, the stability
of the near-surface layer properties is of decisive importance. However, stability can be
detrimentally influenced by thermal and mechanical (quasi-static and/or cyclic) stresses
and strains [57]. Figure 10 depicts half-life hysteresis loops for both conditions and all
total strain amplitudes considered. The area of a hysteresis loop represents the energy
dissipation per cycle and is directly related to the plastic strain amplitude, i.e., half of the
maximum width of the hysteresis curve. An increased energy dissipation per cycle can be
linked to a more intense dislocation activity, eventually promoting premature failure [53,58].
As can be deduced from Figure 10a for the lowest total strain amplitude of Δεt/2 = ±0.2%,
the SMAT condition’s outcomes are characterized by a narrower half-life hysteresis loop,
i.e., a lower plastic strain amplitude due to characteristics of the near-surface layer, as
described above, resulting in a higher number of cycles to failure as compared to the
as-built counterpart. As the hysteresis loop of the SMAT samples is almost fully closed,
revealing only a very low contribution of plastic strain, relatively high stability of the near-
surface layer properties could be expected. After increasing the total strain amplitude, the
appearance of the half-life hysteresis loops changes. For the medium total strain amplitude,
the differences in the plastic strain amplitudes of both conditions start to decrease, reveal-
ing only a slightly wider opened hysteresis for the as-built condition, but the hysteresis
loops become almost equal for the highest total strain amplitude of Δεt/2 = ±0.5% (cf.
Figure 10b,c). As a common feature of both total strain amplitudes, all half-life hysteresis
loops are characterized by a pronounced contribution of plastic strain irrespective of the
condition considered. From these results it can be concluded that with increasing total
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strain amplitude, and thus increasing plastic deformation, the near-surface layer properties
become instable and lose their effect. In general, at high plastic strain ranges, i.e., in the
LCF regime, materials of higher ductility have a higher crack-initiation resistance, and thus,
superior fatigue life. On the contrary, at low plastic strain ranges, i.e., in the high-cycle
fatigue (HCF) regime, materials of higher tensile strength are characterized by higher
crack-initiation and growth resistance. In conclusion, the fatigue resistance in different
regimes comprises a tradeoff among strength and ductility in dependence of the plastic
strain evolution [59]. Thus, the improved fatigue life of the as-built DED SS 316L condition
at medium and high total strain amplitudes, deduced from the CDRs in Figure 9, can
be rationalized by higher ductility compared to the SMAT counterparts (cf. Figure 8) in
combination with the degrading near-surface layer properties of the surface treated SMAT
condition. In contrast, the stability of the properties induced by SMAT and the generally
improved strength lead to improved cyclic properties at low total strain amplitudes. Thus,
the results of the present study already indicate that a significant improvement in the cyclic
properties in the HCF regime, known to be characterized by crack initiation and failure
mainly due to elastic deformation [60,61], can be expected for the SMAT DED SS 316L.

Figure 8. Representative tensile stress–strain curves of as-built and SMAT processed SS 316L specimens.

3.5. Fracture Surface Analysis

After fatigue testing, fracture surface analysis was carried out for all specimens tested.
The SEM micrographs obtained for the highest total strain amplitude, i.e., Δεt/2 = ±0.5%,
are shown in Figure 11. As, irrespective of the condition, similar characteristics were
revealed for specimens fatigued at all strain levels, the depicted fracture surfaces can be
considered as representative. Thus, for sake of brevity, micrographs for only one total
strain amplitude are shown. From the fracture surfaces presented, well-known features
for fatigue tested specimen can be deduced. Besides areas of fatigue crack initiation (cf.
Figure 11b,d) and propagation characterized by submicron fatigue striations, the fracture
surfaces of both conditions are characterized by an overload final fracture region with a
ductile, dimple-like structure (cf. Figure 11c,f). In line with the number of cycles to failure
being increased by more than a factor of two for the as-built condition compared to the
SMAT counterpart, an increase in the share of the area characterized by stable fatigue crack
propagation can be observed. In addition, the fracture surface of the as-built condition
locally seemed to be plastically deformed to a higher extent. This fact can be explained by
the higher ductility, as already deduced from the results of the tensile tests (cf. Figure 8).
As common feature of both conditions, fatigue crack initiation was always located on the
side surface of the specimen, marked by the white arrows in Figure 11a,d. In general, a
typical characteristic known from the literature related to mechanical surface treatment
processes such as shot peening and deep rolling, is a shift of the crack initiation points away
from surface areas towards internal defects. This is a result of the near-surface compressive
residual stresses [27,51,62,63]. This has previously been shown in other fatigue studies on
SMAT processed materials as well [30,64]. However, as detailed in Section 2.2, SMAT was
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only performed on the two large surfaces of each specimen in order to gain initial insights
into the impacts of this emerging surface treatment process with respect to microstructural
evolution and effective depth. Since fatigue cracks for the SMAT condition in the present
work always initiated from the surface of the specimen, even for the lowest total strain
amplitude of Δεt/2 = ±0.2% (not shown for sake of brevity), it can be assumed that the
non-treated side surfaces represented the weakest link under fatigue loading. As a result,
the conditions in focus in the current study, i.e., as-built and SMAT processing, result in
similar crack initiation behavior. Due to the increased brittleness of the SMAT processed
samples (cf. Figure 8), a higher crack growth rate can be assumed, eventually leading to
premature failure of the specimen compared to the as-built counterpart, at least at medium
and high total stain amplitudes characterized by high plastic strains. The positive influence
of SMAT treatment at the low strain amplitude can be rationalized based on a surface-core
model (in accordance with the well-known Masing model [65,66]). Due to the significant
volume fraction of the deformed surface layers, the composite body of surface and core
only suffered decreased plastic strain amplitudes (cf. Figure 10). After exceeding the YS of
the unaffected core to a much higher degree in the case of the higher strain amplitudes, the
local plastic strain for the surface layer was also increased. From the results presented, it can
therefore be concluded that for an effective impact of a SMAT treatment, either rotationally
symmetrical components should be used or a flat specimen should be processed on all
surfaces. Otherwise, non-treated sides can be considered as weak points under cyclic
loading, especially at high plastic strains.

Figure 9. Cyclic stress response at room temperature at total strain amplitudes of (a) Δεt/2 = ±0.2%,
(b) Δεt/2 = ±0.35% and (c) Δεt/2 = ±0.5% for the DED SS 316L in as-built and SMAT processed
condition.

 

Figure 10. Half-life hysteresis loops for the DED SS 316L in as-built and SMAT processed conditions
for total strain amplitudes of (a) Δεt/2 = ±0.2%, (b) Δεt/2 = ±0.35% and (c) Δεt/2 = ±0.5%.
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Figure 11. SEM micrographs of fracture surfaces after fatigue testing at a total strain amplitude of
Δεt/2 = ±0.5% for the DED SS 316L in (a–c) as-built and (d–f) SMAT processed conditions. The
subimages (b,c) and (e,f) show magnified views of the areas marked in (a,d) with a white arrow and
white dashed rectangle, respectively.
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4. Conclusions

In the present work, SS 316L was processed by DED and subsequently subjected to
SMAT. Besides characterization of hardness and tensile tests, LCF tests with different strain
amplitudes were performed focusing on both the as-built and SMAT processed conditions.
Fracture surfaces and microstructure were thoroughly characterized by SEM and TEM.
The effects of the SMAT processing on the microstructural and mechanical properties
of 316L parts were finally evaluated. The following conclusions can be drawn from the
results presented:

• The as-built DED microstructure consisted of large columnar grains nearly orientated
along the building direction featuring a slight 〈101〉 texture. EBSD analysis revealed
a small volume fraction of δ-ferrite at interdendritic and subgrain boundaries. TEM
studies revealed the formation of dislocation cells promoted by rapid cooling rates
and intrinsic heat treatment.

• As a result of the SMAT treatment, the formation of nanograins and nanotwins in
the near-surface area was revealed by TEM. Moreover, results obtained by hardness
mappings revealed that almost 50% of the cross-sections of surface treated specimens
were strengthened by the SMAT process.

• Monotonic tensile loading revealed ductile material behavior of the DED SS 316L as-
built condition, being characterized by YS, UTS and elongation at fracture of 300 MPa,
715 MPa and 19%, respectively. After SMAT treatment, the strength of the material
was increased (YS and UTS of 375 and 800 MPa) due to the surface strengthening,
alongside a concomitant loss of ductility (elongation at fracture of 6.5%).

• The cyclic deformation response of both as-built and SMAT conditions is characterized
by slight cyclic softening. For the lowest total strain amplitude considered, fatigue
properties of the DED SS 316L were improved as a result of the SMAT treatment.
At higher strain amplitudes, the as-built condition was characterized by superior
fatigue properties.

• Irrespective of the condition considered, post fatigue fractography revealed crack
initiation solely in the direct vicinity of the side surfaces. Sub-surface crack initiation
known from mechanical surface treatment processes could not be observed for the
SMAT condition at the strain levels considered. Due to the surface treatment only
being carried out on two large sides of the surface, the side surfaces represented the
weakest link under cyclic loading. As a result, the conditions are characterized by
similar crack initiation behavior. The increased brittleness of the SMAT condition
therefore leads to an increased crack growth, eventually leading to inferior fatigue
properties at high plastic strains.
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understanding of fatigue and fracture of metals and alloys.

Abstract: Metastable austenitic stainless steel was investigated during fatigue tests under strain con-
trol with either constant total or constant plastic strain amplitude. Two different material conditions
with coarse-grained and ultrafine-grained microstructure were in focus. The influence of plastic
strain control of the fatigue test on both the martensitic phase transformation as well as on the fatigue
lives is discussed. In addition, an approach for calculating the Coffin–Manson–Basquin parameters to
estimate fatigue lives based on strain-controlled tests at constant total strain amplitudes is proposed
for materials undergoing a strong secondary hardening due to martensitic phase transformation.

Keywords: fatigue; cyclic plastic strain; martensite

1. Introduction

The first investigations on the fatigue failure during cyclic loading of metallic materials
carried out by Wöhler in the 19th century revealed that the fatigue life is a function of
the applied cyclic stress. However, since that time, a great increase in knowledge on
different factors influencing the fatigue life was gained. Thus, the influence of cyclic plastic
strain on the crack initiation was intensively studied, resulting in the well-known Coffin–
Manson approach [1–3], which showed that the fatigue life, particularly in the low-cycle
fatigue (LCF) regime, is governed by the cyclic plastic strain. Later on, it was shown
by Lukas et al. [4] that this relationship can be extended also to the high-cycle fatigue
(HCF) regime.

Nevertheless, the majority of fatigue life investigations are still performed under stress
control, or at least under strain control at constant total strain amplitude. However, the
performance of stress-controlled or total strain-controlled fatigue tests disregards changes
in the cyclic plastic strain caused by cyclic hardening or softening of materials. In particular,
for ductile metallic materials in single (copper, e.g., [5,6], nickel [7]) and polycrystalline
(AISI 316L [8], nickel [9], copper [6], aluminum [10]) conditions, a broad variety of in-
vestigations were performed, demonstrating the influence of cyclic plastic strain on the
dislocation arrangement in the microstructure and, therefore, also on the crack initiation
and propagation. However, in the case of materials undergoing a strong cyclic hardening,
such as metastable austenitic stainless steels, the majority of fatigue life investigations are
performed under stress control or under strain control at constant total strain amplitude [11].
This is caused mainly by the fact that these materials yield a significant secondary cyclic
hardening caused by the martensitic phase transformation (e.g., [12,13]). This hardening
behavior impedes the performance of fatigue tests under strain control at constant plastic
strain amplitude since the cyclic stress vs. plastic strain hysteresis loop is changing from
cycle to cycle due to the influence of hardening. Moreover, the specimen stiffness as well as
the Young’s modulus is changing during cyclic deformation due to the phase change from
austenite to α’-martensite, making fatigue tests even more complex.
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Furthermore, it is well known that the grain size has a significant influence on fa-
tigue lives, as well. Thus, investigations on the fatigue lives of coarse-grained (CG) and
ultrafine-grained (UFG) metallic materials have been the focus of scientific interest for
long time [14,15]. It is well known and commonly accepted from total strain vs. fatigue
life diagrams, particularly for pure materials such as copper [16–18], aluminum [19] or
nickel [20], that CG microstructures yield superior fatigue lives in the LCF regime, whereas
in the HCF regime, the fatigue lives of UFG microstructures are superior compared to CG
material conditions [15]. This behavior is explained by the increased strength and the loss
of ductility of UFG microstructures compared to their CG counterparts.

To date, however, only few papers are known [21–30] to focus on the influence of
grain refinement on the fatigue lives of metastable austenitic stainless steels. The results of
these investigations can be summarized by the following main findings: (i) the initial stress
amplitude during strain-controlled cycling is a function of the grain size leading to signifi-
cantly higher values for grain-refined material conditions; (ii) the cyclic deformation curves
of grain-refined states are characterized by an initial softening, followed subsequently
by a cyclic hardening, which is related to the cyclic-strain induced α’-martensitic phase
transformation; (iii) the stress amplitude reached at the end of fatigue life is directly related
to the volume fraction of α’-martensite. Related to the mechanism of martensitic phase
transformation in grain-refined material states, it was suggested by Droste et al. [30] that
in UFG materials, the transformation does not occur inside deformation bands as in CG
reference states. Instead, the transformation starts at grain boundaries and covers larger
areas of the grains with dimensions less than 1 μm.

The aim of the present investigation was to demonstrate the influence of both the grain
size as well as the mode of strain control during testing on the fatigue lives of metastable
austenitic stainless steel.

2. Materials and Methods

A X2CrMnNi16-7-6 steel with two different grain sizes (62 μm and 0.8 μm) was inves-
tigated during cyclic loading under constant total and constant plastic strain at different
amplitudes. The evolution of the ferromagnetic phase fraction (i.e., α’-martensite) was
recorded in situ during the fatigue experiments. The fatigue lives of the total strain and
plastic strain-controlled tests were compared. In addition, Coffin–Manson plots were
calculated from strain-controlled tests at constant total strain amplitudes using stress am-
plitudes at different fractions of fatigue life Nf and compared to fatigue lives obtained from
plastic strain-controlled fatigue tests. The investigations were corroborated by microstruc-
tural investigations using scanning electron microscopy (SEM) showing the grain size and
orientation as well as the morphology and distribution of α’-martensite.

2.1. Material Conditions

The material under investigation was a metastable austenitic stainless steel based
on low interstitial contents of carbon and nitrogen and high concentrations of alloying
elements such as chromium (16 wt %), manganese (6 wt %) and nickel (6 wt %). The
material was studied in two different microstructural conditions: (i) coarse-grained (CG)
microstructure and (ii) ultrafine-grained (UFG) microstructure.

The CG material was achieved via the powder metallurgical production route. The
steel with the chemical composition given in Table 1 was atomized under nitrogen atmo-
sphere, resulting in a steel powder with a particle size d50 = 26 μm. Subsequently, the steel
powder was pressed into a green body with an applied stress of 60 MPa under laboratory at-
mosphere at room temperature. This was followed by a hot-pressing process under vacuum
at 1250 ◦C and 30 MPa for 30 min. The heating and cooling rates during the process were
10 K/min and 5 K/min, respectively. The hot-pressed material was manufactured at the
Fraunhofer Institute for Ceramic Technologies and Systems (IKTS, Dresden, Germany). The
microstructure is characterized by an average grain size of D = 62 μm ± 39 μm containing
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high volume fraction of annealing twins (see Figure 1a) characterized by a misorientation
angle of 60◦ around 〈111〉 axis (see Figure 1e).

Table 1. Chemical composition and mechanical properties of CG and UFG material conditions (Fe
balance). In addition, Ms, SFE, area-weighted average grain size D and martensite content after
tensile testing are provided.

Steel C N Cr Mn Ni Si
SFE

(mJ/m2)
Ms

(◦C)
D

(μm)
Rp0.5

(MPa)
UTS

(MPa)
A

(%)
Vol % α’

(%)

CG 0.02 0.06 16.4 7.1 6.3 0.1 17.9 −28 62 267 697 69 18
UFG 0.03 0.02 15.6 7.1 6.1 0.9 11.9 −21 0.78 923 1063 35 20

Figure 1. Initial microstructures of CG and UFG materials conditions obtained from EBSD investi-
gations. (a–c) Crystallographic orientation maps of CG (a) and UFG (b,c) conditions. (d) Grain size
distributions. (e) Misorientation distributions. (f) Texture of UFG material. ND—normal direction,
TD transverse direction, LA—loading axis.

The UFG material was obtained by thermomechanically controlled processing (TMCP) [31].
The initial material was an as-cast steel with the chemical composition given in Table 1. A
steel rod with a diameter of 50 mm was cold-formed in a 4-jaw rotary swaging machine
at Leibniz-Institut für Festkörper- und Werkstoffforschung Dresden (IFW, Dresden, Ger-
many). Cold forming was performed in 11 passes with cross-sectional changes of 19% each.
Between the passes, the bars were cooled down to room temperature to enable the forma-
tion of a high fraction of deformation-induced α’-martensite (86 vol %) during swaging.
Subsequently, a conventional reversion annealing process was performed in a preheated
tube furnace under argon atmosphere at 700 ◦C for 5 min, followed by water quenching.
The microstructure of this material is fully austenitic (Figure 1b,c) and is characterized by
an area-weighted average grain size of D = 0.8 μm ± 0.4 μm (see Figure 1d, Table 1). The

35



Metals 2022, 12, 1222

EBSD measurements showed a pronounced 〈001〉 and 〈111〉 texture in load axis (Figure 1f).
More details on the process are given elsewhere [30].

Based on the chemical composition, the martensite start temperature Ms as well as the
stacking fault energy (SFE) were calculated for both UFG and CG material conditions ac-
cording to [31] and [32], respectively. In both cases, the Ms is well below room temperature,
indicating that no thermal martensite has been formed. However, both material condi-
tions exhibit a high ability to show strain-induced martensitic phase transformation under
mechanical loading and also a higher dissociation width of Shockley partial dislocations
forming stacking faults due to stacking fault energy (SFE) value below 18 mJ/m2. Due
to the different heat treatments, further influences might impact the mechanical behavior.
Thus, the UFG structure was obtained by ageing at 700 ◦C, whereas the CG state was set at
1250 ◦C. Therefore, it cannot be excluded that precipitates may have developed at 700 ◦C.
However, we assume that these should have only minor relevance for the cyclic behavior
compared to the grain size difference.

The mechanical properties such as yield strength (Rp0.5), ultimate tensile strength
(UTS) and elongation at fracture (A) under tensile loading at RT of both material states are
included in Table 1, together with the achieved martensite content in the gauge length of
specimens after tensile testing.

2.2. Mechanical Testing

Cylindrical specimens were manufactured for both CG and UFG material conditions
with a gauge length of 14 mm and a diameter of 6 mm and 5 mm, respectively. The
specimen geometries are shown in Figure 2. Different sample geometries were necessary
because after completion of the tests on the CG material (specimen in Figure 2a), it was
realized that the UFG material was only available in smaller dimensions and the geometry
in Figure 2b had to be chosen. The fatigue tests were carried out using two servo-hydraulic
testing machines: MTS Landmark 250 with max. load capacity of 250 kN for CG specimens
and MTS Landmark 100 for UFG specimens (both MTS Systems Corporation, Eden Prairie,
MN, USA). The tests were performed using a clip-on extensometer with a gauge length
of 12 mm and a measuring range of ±9%. The fatigue tests were performed for CG and
UFG material conditions, both under total strain control in a range of 0.3% ≤ Δεt/2 ≤ 1.2%,
as well as under plastic strain control in a range of 0.14% ≤ Δεpl/2 ≤ 1.0%. In all tests,
a triangular waveform command signal was applied and the total strain rate was set
to

.
ε = 4 × 10−3 s−1. Plastic strain was evaluated according to procedure described by

Sommer et al. [33] regarding the stress dependence of Young’s modulus in high strength
materials. Sommer et al. suggested an approach for the relationship between stress and
elastic strain that accounts for this stress dependence using a quadratic complement to
Hooke’s law according to Equation (1):

σ = E0 · εel + z · ε2
el (1)

where z is constant with z < 0, which should be evaluated using partial unloading during
the first loading cycle under total strain control.

Figure 2. Specimen geometry for fatigue tests of CG (a) and UFG (b) material conditions. All
dimensions are in mm.
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The fatigue experiments were corroborated by ferromagnetic phase fraction measure-
ments. Thus, Fischerscope® MMS® PC or Feritscope® FMP30 (both Helmut Fischer GmbH,
Sindelfingen, Germany) were used to measure the ferromagnetic phase fraction in situ
during the fatigue tests at a frequency of 5 Hz using a ferrite probe of type FGAB1.3-Fe. The
detection depth decreases with increasing ferromagnetic phase content and is 3–3.5 mm
at 7% ferrite. The ferrite probes were calibrated with the same calibration set based
on four ferrite standards. Since this calibration refers to the δ-ferrite content of a sam-
ple, the measured values must be multiplied by a correction factor of 1.7 according to
Talonen et al. [34] to obtain the content of α’-martensite. This correction factor is valid
up to measured values of maximum 55 Fe-%. Since this value is exceeded in some cases
of the present work, the uncorrected ferrite probe signal is given in Fe-% throughout
the paper. More-over, a roundness correction due to the cylindrical samples or an edge
distance correction in the case of the flat samples is omitted. Instead, the measured
lengths of the samples were scanned with the ferrite probe after the end of the test
in order to calculate a mean α’-martensite content. Subsequently, the test data were
corrected to this mean value.

Microstructural investigations were performed using scanning electron microscopy
(SEM) on the initial material conditions as well as for selected fatigue experiments under
total strain control. Thus, electron-backscattered diffraction (EBSD) measurements were
conducted using a field-emission SEM (Mira3, Tescan, Brno, Czech Republic) operated
between 20 kV and 25 kV acceleration voltage equipped with an EBSD detector and OIM
acquisition/analysis software (both EDAX, TSL, Mahwah, NJ, USA).

3. Results

3.1. Cyclic Deformation Curves

The results of the fatigue tests under total and plastic strain control in terms of cyclic
deformation curves are summarized in Figure 3 for CG (Figure 3a) and UFG material
(Figure 3b). The plastic strain amplitudes were set according to the initial plastic strain
amplitudes obtained in the respective total strain-controlled tests. Thus, pairs of tests
resulted, which had initially the same plastic strain amplitudes. It must be noted that the
plastic strain amplitudes of the total strain-controlled tests decreased during the tests in
the case of pronounced cyclic hardening and increased for cyclic softening, respectively.
Furthermore, the results of two further tests at lower (0.235%) and higher (1.0%) plastic
strain amplitudes were included. First, significant differences between CG and UFG
material become apparent, as expected already from the quasi-static mechanical properties
(Table 1). The initial stress amplitudes for the UFG material state are significantly higher
due to the small grain size (<1 μm). Moreover, the fatigue life of the UFG state is identical or
slightly enhanced compared to the CG condition for tests at high or small strain amplitudes,
respectively. No significant differences were observed in the cyclic stress–strain responses
obtained under plastic strain control or total strain control. The small discontinuities
in cyclic hardening/softening curves obtained under plastic strain control are related
to adjustments of the stress vs. plastic strain hysteresis loops caused by the hardening
behavior of the material under cyclic loading. Overall, a pronounced secondary hardening
is observed in both material conditions at higher strain amplitudes, which is related to
the formation of α’-martensite. For further analysis of the cyclic deformation behavior
of the investigated steel under total strain control, the reader is referred to our recent
papers [27,30,35].
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Figure 3. Cyclic hardening/softening curves for (a) CG and (b) UFG material states. Comparison
of total strain-controlled (Δεt/2) (black curves) and plastic strain-controlled (Δεpl/2) (gray curves)
fatigue tests.

3.2. Evolution of α’-Martensite Volume Fraction

The evolution of ferromagnetic phase fractions during fatigue tests under total and
plastic strain control is shown for both CG and UFG material states in Figure 4. It can be
seen that for both materials and at all strain amplitudes, an incubation period is needed for
the onset of the formation of cyclic deformation-induced α’-martensite. Furthermore, it
is visible that the incubation period is always significantly shorter for the UFG material
compared to CG condition, in particular at high total strain amplitudes (Figure 4a,b). The
α’-martensite fractions at the end of fatigue life are more or less comparable at high total
strain amplitudes, whereas at small total strain amplitudes, the CG condition exhibits
higher martensitic phase fractions. The plastic strain-controlled tests in Figure 4c,d clearly
support the statement of significantly shorter incubation periods for the UFG material.
Thus, at the highest strain amplitude of Δεt/2 = 1.2%, the incubation period is in the range
of a few cycles for the UFG material, whereas for the CG material, it is around 100 cycles
(compare Figure 4a,b). The phase fractions at the end of fatigue life, on the other hand,
do not differ that much between the conditions, with a trend for the UFG material to
exhibit a slightly higher volume fraction of α’-martensite. In addition, at small strain
amplitudes Δεt/2 < 0.4%, the formation of α’-martensite is negligible in both CG and UFG
material. However, it must be mentioned that some problems occurred regarding the ferrite
probe measurements in the case of the CG material cyclically deformed under total strain
control (Figure 4a). For Δεt/2 ≤ 0.3%, the measurement was not sensitive enough at small
α’-martensite fractions. There was some α’-martensite detected along the gauge lengths
after the tests. This is why some α’-martensite fractions are only indicated by a cross in the
diagram representing the values at the end of fatigue life.

Furthermore, it turned out that the formation of cyclic deformation-inducedα’-martensite
is more intense and the incubation period is even shortened under plastic strain control
(Figure 4c,d). This can be explained in terms of the control mode and the threshold value
of the cumulative plastic strain λp,th [35], which is calculated by Equation (2):

λp,th = 4 ·
Nf

∑
i=1

Δεpl/2. (2)
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Figure 4. Evolution of ferromagnetic phase fraction in CG (a,c) and UFG material (b,d) conditions during
cyclic loading under (a,b) total strain control and (c,d) plastic strain control with different amplitudes.

The evolution of the ferromagnetic phase fraction as a function of λp,th is shown in
Figure 5 for two selected strain amplitudes of both total strain (Figure 5a) and plastic strain-
controlled (Figure 5b) fatigue tests. In general, the cumulated plastic strain needed for the
onset of martensitic phase transformation is significantly lower for the UFG condition as
well as for the plastic strain-controlled tests. Thus, the formation of α’-martensite starts
earlier. Moreover, it is noticeable that at the end of the fatigue life, the α’-martensite content
of the UFG material is always higher than for the CG material for the corresponding plastic
strain amplitude. Only for small total strain amplitudes was the martensitic transformation
of the UFG material significantly lower compared to CG material (compare Figure 5a,b).

Figure 5. Evolution of ferromagnetic phase fraction as a function of cumulative plastic strain for UFG
and CG material conditions during total strain (a) and plastic strain (b) controlled fatigue tests.
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These results allow the conclusion that the UFG condition, despite its small grain size,
has a higher tendency to form α’-martensite than the CG counterpart. This contradicts
experimental findings on the destabilization of metastable austenitic steels during mono-
tonic loading, in which decreasing grain size typically inhibits and retards α’-martensite
formation [36–40]. Dissenting observations have mostly been attributed to the reduction
of austenite stability due to the binding of carbon and nitrogen in precipitates [24,25] or
to deformed microstructure components left over from fabrication [41]. In contrast, the
UFG condition of the present study exhibits a completely recrystallized, homogeneous
microstructure and a low proportion of interstitial elements due to the alloy design. In addi-
tion to the high stress amplitudes as a result of the small grain size, the strong texture with
〈001〉 and 〈111〉 lattice directions parallel to the loading axis (compare Figure 1f) contributes
decisively to a pronounced phase transformation. These crystallographic orientations are
preferred for large dissociation width of Shockley partial dislocations—grains with 〈111〉
orientation under tensile load and grains with 〈001〉 orientation under compressive loads
facilitate the formation of α’-martensite [42,43]. Moreover, the chemical driving force for
martensitic phase transformation expressed by martensite start temperature Ms (compare
Table 1) is slightly increased for the UFG condition compared to coarse-grained counterpart.
Finally, the SFE of UFG condition is lower compared to the CG material (see Table 1) due to
the lower N content resulting in a higher tendency of the formation of extended stacking
faults, which are a pre-cursor for α’-martensite formation.

3.3. Microstructure

In addition to the in situ ferromagnetic measurements, microstructural investigations
were conducted for a selected total strain amplitude on CG and UFG material conditions.
Figure 6 shows the results of EBSD measurements unraveling the martensitic phase trans-
formation in CG und UFG material states at different total strain amplitudes. Figure 6a
shows the phase map of CG material cyclically deformed at Δεt/2 = 0.3%. Figure 6b,c are
related to UFG material cycled at Δεt/2 = 0.4% and Δεt/2 = 0.5%, respectively.

Figure 6. Results of EBSD measurements on CG (a,d) and UFG (b,c,e,f) material conditions at different
total strain amplitudes of Δεt/2 = 0.3% (a,d), Δεt/2 = 0.4% (b,e) and Δεt/2 = 0.5% (c,f). Color code of phase
maps (a–c): gray—austenite, yellow—ε-martensite, blue—α’-martensite. Crystallographic orientation
maps of α’-martensite (d–f) are shown by inverse pole figure color code of the normal direction.
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As expected for CG material condition, the formation of deformation bands along
different activated slip systems is clearly visible. Some of these bands are transferred to
ε-martensite (yellow) due to the high density of stacking faults and, in addition, α’-martensite
grains (blue in Figure 6a) with different crystallographic orientations (compare Figure 6d)
are formed in some bands. Figure 6b,c,e,f shows the microstructure of the UFG condition
after fatigue tests at Δεt/2 = 0.4% (b,e) and Δεt/2 = 0.5% (c,f). The different martensitic
phase transformation of metastable UFG steel becomes apparent. Due to the small grain
size (<1 μm), the formation of deformation bands is impeded. Instead of formation of
α’-martensite within deformation bands, the small grains transform successively either to
ε-martensite or to α’-martensite (see [30]). The volume fraction of α’-martensite increases
significantly with the increase in strain amplitude (compare Figure 6b,c), which is in
agreement with measurements of ferromagnetic phase fraction.

4. Discussion

The fatigue life with respect to the applied total strain amplitude was analyzed for
both CG and UFG material conditions according to the relationship of Basquin and Coffin–
Manson in Equation (3):

Δεt/2 =
σ′

f

E
·
(

2Nf

)b
+ ε′f ·

(
2Nf

)c
, (3)

where σ′
f represents the fatigue strength coefficient, E is the Young’s modulus, b is the

fatigue strength exponent, ε′f is the fatigue ductility coefficient and c is the fatigue ductility
exponent. The resulting fatigue life curves for the CG and UFG material states are shown
in Figure 7a. The plots unravel two main aspects: (i) identical fatigue lives of UFG and CG
material states in the LCF regime, and (ii) superior fatigue lives of UFG state compared to
CG counterpart in the HCF regime. In principle, the latter fact of higher durability in the
HCF range is typical for UFG materials tested under total strain control [14,15]. The higher
fatigue lives at lower total strain amplitudes are caused by the superior strength due to
the small grain size compared to the CG condition, which is accompanied by significantly
lower plastic strain amplitudes (compare Figure 7b).

In addition, the UFG state has good ductility (compare Table 1) due to its fully re-
crystallized microstructure and can tolerate a correspondingly high degree of plasticity.
In contrast, lower lifetimes of UFG material states compared to their CG counterparts are
expected at high strain amplitudes, i.e., in the LCF regime [14,15]. However, in the present
case, the fatigue lives of UFG and CG conditions are identical in the LCF regime under
total strain-controlled tests, as seen from Figure 7a.

The fatigue lives of the plastic strain-controlled tests on for UFG and CG material
conditions are plotted in Figure 7c. The diagram reveals that the fatigue lives at the
highest plastic strain amplitude of 1% are nearly identical for both material conditions.
However, the fatigue lives of the CG condition are significantly higher at small plastic
strain amplitudes compared to the UFG material. At Δεpl/2 = 0.15%, the difference is
approximately one decade. This illustrates the influence of the control mode of the fatigue
tests on the lifetime.

During the total strain-controlled tests, the opposite was observed: a higher fatigue
life of the UFG condition at low strain amplitudes (compare Figure 7a). The strength of the
material was life-determining [2,3]. For the stronger UFG material, the elastic portion of
the strain amplitude was larger and the plastic proportion was smaller.
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Figure 7. Fatigue life curves of total strain amplitude vs. reversals to failure of UFG and CG
conditions (a) and evolution of plastic strain amplitude vs. number of cycles (b) obtained during
total strain-controlled fatigue tests. (c) Fatigue lives obtained under plastic strain control for UFG
and CG conditions. (d) Coffin–Manson plots calculated from total strain-controlled tests using stress
amplitudes at different fractions of fatigue life Nf compared to fatigue lives obtained from plastic
strain-controlled fatigue tests. (e) Coffin–Manson plots calculated from total strain-controlled tests
using linear damage accumulation fit compared to fatigue lives obtained from plastic strain-controlled
fatigue tests and the normally used comparison point at Nf/2.

The fatigue life curves of total strain-controlled tests are calculated according to
Equation (1), which is based on the sum of the elastic (Basquin) and plastic (Coffin–Manson)
strain contributions. In general, the saturated stress amplitude usually taken at half fatigue
life is used to determine the elastic and plastic components and the Basquin/Coffin–
Manson parameters (see Equation (1)). However, it is obvious from the cyclic stress–strain
response shown in Figure 3 that no saturation plateau is reached for the investigated
metastable austenitic steels due to their pronounced secondary cyclic hardening caused by
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the martensitic phase transformation. Thus, there is no universal rule on which stage of
fatigue life should be used for parameter calculation. To prove different approaches, various
stress amplitudes such as σa at Nf /10, Nf /5 or Nf /3 were used. The results in terms of
the Coffin–Manson plots calculated based on the total strain-controlled tests are shown in
Figure 7d (thin lines) together with the results from plastic strain-controlled tests, which
represent the experimentally revealed Coffin–Manson plots (bold lines). Depending on the
calculation approach, different progressions for the Coffin–Manson plots arise. Since both
total and plastic strain-controlled tests were performed in this work, different approaches
can be compared and their accuracy evaluated. It turned out that for the CG condition,
the calculation of parameters ε′f and c strongly depend on the chosen approach. Thus,
markedly different courses for the Coffin–Manson plots arise for different approaches. For
example, calculations based on the maximum stress amplitude result in a particularly high
elastic fraction of the total strain (Basquin), which in turn causes a particularly low plastic
fraction. Consequently, the latter is underestimated and the Coffin–Manson plot predicts
a too low fatigue life. The opposite is provided by calculating ε′f and c using the stress
amplitude at Nf /10. This is still within the incubation period. Thus, the martensitic phase
transformation has not yet set in and the stress amplitudes are comparatively low. Therefore,
this approach results in too low elastic and too high plastic fraction. If stress amplitudes
from later phases of the cyclic deformation are used, the plastic fraction is reduced as a
consequence of the cyclic hardening, and the Coffin–Manson plots are shifted downward.
The best agreement of the Coffin–Manson curve with that of the plastic strain-controlled
tests was obtained using the stress amplitude at Nf /3 in our case. The most common
approach to determine the Coffin–Manson parameters based on the stress amplitude at
half-fatigue life results in an underestimation of the plastic part due to the strong cyclic
hardening of the CG state (compare Figure 7d).

As in the total strain-controlled tests, the plastic strain amplitude changes during
the test in each cycle with the cyclic hardening or softening. We suggest in this work an
additional approach with a regression calculation based on the linear damage accumulation
hypothesis similar to Palmgreen and Miner. In this approach, the damage sum S over all
cycles is determined for each test (t) based on a Coffin–Manson approach:

S(t) =
Nf

∑
N=1

2

(
Δεpl(N)

ε′f

)− 1
c

(4)

A sum U of the error squares of the deviations of the damage sums of all cycles from 1
each is formed:

U =
tmax

∑
t=1

(S(t)− 1)2 (5)

The coefficients of this Coffin–Manson equation are then determined with a linear
regression calculation in which the sum U is minimized.

Figure 7e shows that the Coffin–Manson curves obtained from the total strain-controlled
tests agree better with the measurements at plastic strain control than those determined
from plastic strains at half-life. The authors consider this method useful when predicting
Coffin–Manson parameters under plastic strain control from total strain-controlled tests, in
particular for materials with severe cyclic hardening or softening.

In the case of the UFG condition, the scatter of the Coffin–Manson curves calculated
according to different approaches is much smaller than for the CG condition, as seen from
Figure 7d. This is caused by the less pronounced cyclic hardening/softening (compare
Figure 3b). The comparatively small differences in the stress amplitudes lead to similar
Coffin–Manson plots, which agree well with the reference curve from the plastic strain-
controlled tests shown in Figure 7d.
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5. Summary

The influence of cyclic plastic strain control on the evolution of α’martensite and,
hence, on the fatigue life was studied for a metastable austenitic stainless steel with two
different grain sizes: (i) coarse-grained (62 μm) and ultrafine-grained (0.8 μm) material.
The main results can be summarized as follows:

• The initial stress amplitude is significantly higher for the ultrafine-grained material
condition during both total and plastic strain-controlled fatigue tests.

• In both material conditions, a pronounced secondary hardening is observed, which is
attributed to the martensitic phase transformation.

• During plastic strain-controlled tests, the cumulated plastic strain needed for the
onset of martensitic phase transformation is significantly lower compared to total
strain control.

• The UFG condition shows the higher ability for martensitic phase transformation,
which is caused by the pronounced texture.

• Based on strain-controlled tests at constant total strain, an approach for the calculation
of Coffin–Manson parameters was proposed for materials undergoing a strong sec-
ondary hardening due to martensitic phase transformation. The best agreement of the
Coffin–Manson curve with that of the plastic strain-controlled test was obtained when
calculations were based on the stress amplitude at Nf⁄3.

• A linear damage accumulation approach can be used to estimate Coffin–Manson
parameters close to those obtained from plastic strain-controlled tests without an
arbitrary comparison point.
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Abstract: The fatigue behavior of the two austenitic stainless steels AISI 904L and AISI 347 with
different surface morphologies, (i) conventionally turned and finally polished, (ii) cryogenic turned
using CO2 snow, as well as (iii) cryogenic turned and finally polished, was investigated using an
ultrasonic fatigue testing system up to the very high cycle fatigue regime using an ultrasonic fatigue
testing system. The AISI 904L is stable against deformation-induced phase formation while the
AISI 347 is in the metastable state and shows martensite formation induced by cryogenic turning as
well as mechanical loading. For the detailed characterization of the surface morphology, confocal
microscopy, scanning electron microscopy, and X-ray diffraction methods were used. The specimens
from stable austenite failed in the high cycle fatigue and very high cycle fatigue regime. Opposed to
this, the metastable austenite achieved true fatigue limits up to load cycle N = 1 × 109 and failed only
in the high cycle fatigue regime. Furthermore, due to surface modification, an increase of fatigue
strength of metastable AISI 347 was observed.

Keywords: austenitic stainless steels; metastability; surface morphology; VHCF

1. Introduction

It is well known that austenitic stainless steels (ASSs) can exist in stable or metastable
state dependent on their chemical composition [1,2]. Hence, the paramagnetic austenite
can transform due to plastic deformation to a more stable microstructure, i.e., paramagnetic
ε-martenisite and/or ferromagnetic α’-martensite [3]. Because during the discovery of
ASSs the passivity (and hence “stainlessness”) was the main scope of material develop-
ment and not the metastability as well as its influence on the mechanical and physical
behavior, still extensive experimental work is done at this class of materials. Investigations
of ASSs up to the very high cycle fatigue (VHCF) regime show different fatigue behavior
depending on their level of metastability. Carstensen et al. [4] performed fatigue tests with
tubes of stable AISI 904L and determined specimen failure in the VHCF regime with crack
initiation at the surface. Therefore, in stable austenitic stainless steels, no classical fatigue
limits up to load cycles N = 107 exist. Comparable results for AISI 316L were found by
Lago et al. [5]. A continuous decrease of fatigue strength was detected up to
N = 1 × 109. Crack initiation occurred at the surface at all specimens. Subsurface fish-eye
fracture without inclusion in austenitic stainless steel SUS 316NG was observed in pre-
strained specimen by Takahashi et al. [6] as well as surface crack initiation in the VHCF
regime. Grigorescu et al. [7,8] investigated additionally to “quasi-stable” AISI 316L the
metastable austenitic AISI 304L. For AISI 304L, a true fatigue limit was detected associ-
ated with α’-martensite formation, i.e., specimen failure of AISI 304L only occurs below
N = 1 × 106 load cycles. For AISI 904L, a clear decrease of fatigue strength in VHCF regime
occurs with crack initiation at twin boundaries [7].

Since specimen failure in VHCF regime of ASSs occurred only in the case of the
stable austenite and crack initiation occurs mostly on the surface [4,5], surface modification
seems to be one possibility to increase the fatigue strength, even in the VHCF regime. The
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modification of surface morphology improves for stable and metastable ASSs the fatigue
strength in the low cycle (LCF) and in the high cycle regime (HCF). Consequently, numbers
of cycle higher than N > 107 can be applied at relatively high stress amplitudes without
specimen failure. Hence, the crack initiation and fatigue process of ASSs with modified
surface morphologies must be characterized. In the literature, different methods were used
for surface modification of austenite, e.g., ultrasonic surface modification [9], cryogenic
deep rolling [10], or cryogenic turning [11,12]. All these methods lead to an increase of
fatigue strength in LCF and/or HCF regime due to the resulting nanostructured layers
and, in the case of the metastable ASSs, ε and/or α´-martensite formation [13,14]. Up to
now, only few results of fatigue life in VHCF regime for specimens with modified surface
from ASSs exist [15]. Therefore, the research presented in this paper focused on the VHCF
behavior of austenitic stainless steels with different surface morphologies. Both type ASS,
stable AISI 904L and metastable AISI 347, were investigated. The surface modification was
produced by cryogenic turning [11,12]. The fatigue tests were performed with an ultrasonic
testing system, developed at the authors’ institute [16].

2. Materials and Methods

2.1. Austenitic Stainless Steels

The investigated materials were the stable austenitic steel AISI 904L in solution an-
nealed state (T = 1100 ◦C, t = 30 min, quenched in H2O) and the metastable austenitic
stainless steel AISI 347, also solution annealed (T = 1050 ◦C, t = 35 min, quenched in
He). Both materials consist of a purely austenitic microstructure in the initial state, have
no preferred crystallographic orientation, and contain twins from solution annealing
(Figure 1). The grain size including twins is 38 μm for the AISI 904L and 17 μm for
the AISI 347. Optical micrographs (Figure 1b,d) show, aside from the grain structure, a
band-like structure in the axial direction of the specimen, which indicates a heterogene-
ity in the chemical distribution [17]. To characterize the metastability of both materials,
the Ms,Eichelmann temperature [18], Md30,Angel temperature [19], and stacking fault energy
(SFE) [20] were calculated according to the chemical composition of the investigated materi-
als (Table 1). The values indicate the stability of AISI 904L and the metastability of AISI 347.
Consequently, the metastable AISI 347 is prone to deformation-induced transformation
from paramagnetic γ-austenite to paramagnetic ε-martensite as well as to ferromagnetic
α´-martensite. Mechanical properties determined in tensile tests at ambient temperature
estimated according to the DIN 50125 standard as well as ferromagnetic α´-martensite
fractions after specimen failure measured by magnetic Feritscope™ signal (ξ) in FE-% [2]
are given in Table 2.

 
(a) (b) 

Figure 1. Initial microstructure of (a) stable AISI 904L and (b) metastable AISI 347. EBSD maps with
grain orientation and optical micrographs after V2A etching.
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Table 1. Chemical composition of the investigated austenitic stainless steel in wt%.

C N Cr Ni Nb Mo Cu Mn

AISI 904L (stable) 0.03 0.06 19.92 24.34 0.03 4.22 1.42 0.95
AISI 347 (metastable) 0.02 0.02 17.19 9.44 0.39 0.23 0.11 1.55

Table 2. Mechanical properties, austenite stability parameters, and α’-martensite fraction (ξ) after
specimen failure in tensile tests.

Young’s modulus
in GPa

Rp0.2

in MPa
UTS in

MPa
Md30,Angel

in ◦C
Ms,Eichelmann

in ◦C
SFE

in mJ/m2 ξ in FE-%

AISI 904L (stable) 187 307 631 −220 −1156 54 0
AISI 347 (metastable) 179 225 603 46 -87 26 15

2.2. Experimental Methods

An ultrasonic fatigue testing (USFT) system built at the authors’ institute was used
for the fatigue tests. The working frequency was ~20 kHz, which was generated by an
ultrasonic generator and transformed in a mechanical oscillation by a converter. The
specimen was fixed on one hand at a booster which was attached at the converter that
amplified the oscillation about factor 2.5. The displacement amplitude at the bottom end of
the specimen was measured by a laser vibrometer CLV-2534 from Polytec. The oscillation
signal was recorded with a sample rate of 500 kHz. With this experimental setup, the fatigue
tests were continuously monitored, and the exact number of cycles could be determined.
To perform reliable fatigue tests with the USFT system, an exact pulse shape with short
onset and decay times as well as a stable stationary phase must be achieved, a constant
displacement stress amplitude must be ensured throughout the complete test, and as the
pulse-pause ratio needs to be selected in such a way that excessive specimen heating due
to the high-frequency loading is avoided [21]. The temperature in the specimen gauge
length was measured by an IR-pyrometer. The temperature change ΔTPulse is defined as
the difference of the measured absolute temperature at the beginning and the end of the
pulse. The maximum temperature of the specimen during the tests was limited to 50 ◦C.
The specimens were additionally cooled with compressed air (Figure 2a).

 

AISI 904L 
(stabel) 

AISI 347 
(metastable) 

 
 

(a) (b) 

Figure 2. Schematic view of the operating principle of the ultrasonic fatigue testing system with the
development of displacement and stress, as well as in situ measurements during the tests (a) and
specimen geometry (b).

The geometry of the specimens is given in Figure 2b. The maximum stress amplitude
was calculated based on steady state FEM simulations in ABAQUS assuming a linear
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relationship between the stress amplitude (σa) and the displacement amplitude (sa) at the
lower end of the specimen measured by a 1-axis laser vibrometer. A linear correlation
factor k between stress amplitude and displacement amplitude of k904L = 23.6 MPa/μm
for AISI 904L and k347 = 22.7 MPa/μm for AISI 347 was determined. Accordingly, only
the stress amplitude is used to describe the fatigue results. Due to the highly transient
material behavior of metastable ASSs, the ultrasonic fatigue testing is very challenging.
Already a small increase of the α’-martensitic phase leads to a pronounced change of the
displacement amplitude as well as the pulse shape. Consequently, to perform VHCF tests
on metastable austenite from N = 0 up to the limiting number of cycles, e.g., Nl = 1 × 109 at
the USFT stystem, a continuous adjustment of the control parameters must be performed,
as described in [22].

To characterize the microstructure, metallographic preparation of the sections was
performed by grinding up to 1200 grit and electronical polishing. For optical micrographs
metallographic sections were etched using V2A solution. The optical micrographs were
obtained using a Leica DM 6000 M. Detailed analyses of the crystallographic microstructure
were carried out using an SEM/FIB GAIA3 (Tescan s.r.o., Brno, Czech Republic) equipped
with an EBSD module “Hikari Plus”. The inverse pole figure maps were generated in the
normal direction using OIMA software. X-ray diffraction phase analysis was performed
using a Bragg Brentano configuration on a PANalytical X’Pert PRO MRD X-ray diffrac-
tometer using CuKα1 radiation. The diffractograms were acquired over a range of 2θ = 40◦
to 100◦ using a step-size of 0.04◦. Phase analyses were performed by using the Rietveld
method. To minimize the influence of texture, the diffraction profiles were measured at
five different tilt angles in the range 0–40◦ with relative errors in the quantification of the
phase contents of about 1–3% for each phase. The same setup was used to perform residual
stress measurements on the surface at all considered ablation depths. In this context, all
measurements focusing on the (022) γ-austenite plane were measured from χ = −45◦ to
+45◦ tilt angle at a step size of 8.2◦. The type I residual stresses determined with the sin2ψ

method were measured in axial direction. The maximum measurement spot size on the
specimen surface used for the phase analyses and the residual stress measurements were,
with approx. 1.5 mm × 1.5 mm, significantly smaller than the material areas removed for
depth-resolved investigation of the specimen surface layer. These areas were removed by
electrolytic ablation using a Struers LectroPol-5 from the specimen surface to a depth of
400 μm between the XRD measurements. The temperature of the cooled electrolyte re-
mained permanently below 20 ◦C during the ablation process to avoid microstructural
changes. Furthermore, an ablation strategy with local removal was applied which, in
contrast to a full-surface removal of material layers, has a way smaller influence on the
overall residual stresses [23]. The magnetic Feritscope™ measurements were used for de-
tailed characterization of deformation-induced α’-martensite formation. The Feritscope™
magnetic fraction (ξ) is given in volume percent ferrite (FE-%), without converting into
α’-martensite content. In literature, a linear correlation between FE-% and α’-martensite
content is reported [24].

3. Results

3.1. Surface Morphology

As mentioned above, specimens with different surface morphologies were investigated.
Two different manufacturing processes were used for surface modification: conventional
turning and cryogenic turning. Specimens from both materials were polished after conven-
tional turning, such that the fatigue behavior could be analyzed in a reference state. These
specimens consisting of purely austenitic microstructure in the volume as well as in the
near surface area have a smooth surface in the gauge length. The surface morphologies pro-
duced by conventional turning and subsequently polishing are called SSLp (Stable Surface
Layer polished) for AISI 904L and ASLp (Austenitic Surface Layer polished) for AISI 347.
The second production process was a cryogenic turning at the Institute for Manufacturing
Technology and Production Systems, TU Kaiserslautern, Germany. The specimens were
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cooled with CO2 snow using two attached nozzles at the CNC lathe. The chosen cutting
speed was vc = 30 m/min, the depth of cut ap = 0.2 mm and the two feeds f1 = 0.15 and
f2 = 0.35 mm/rev (Table 3). More details about the cryogenic turning process were pub-
lished elsewhere, see e.g., [11,12].

Table 3. Investigated surface morphologies.

AISI 904L
Stable Surface Layer polished SSLp

Stable Surface Layer turned with f = 0.15 mm/rev SSLt015
Stable Surface Layer turned with f = 0.35 mm/rev SSLt035

AISI 347

Austenitic Surface Layer polished ASLp
Martensitic Surface Layer polished MSLp

Martensitic Surface Layer turned with f = 0.15 mm/rev MSLt015
Martensitic Surface Layer turned with f = 0.35 mm/rev MSLt035
Martensitic Surface Layer of pre-deformed and finial

turned with f = 0.35 mm/rev MSLdt035

To eliminate the relatively high roughness formed by the turning process and to
investigate only the influence of the martensitic surface layer on the fatigue behavior, the
specimens of the metastable AISI 347 were manufactured by cryogenic turning with lower
feed f1 = 0.15 mm/rev and subsequently polished. This morphology is named MSLp
for Martensitic Surface Layer polished. The mean roughness (Rz) of the surfaces of all
investigated morphologies determined with confocal microscopy is given in Figure 3. In
general, three levels of the roughness in dependency of the feed rate can be seen (Figure 3a).
The polished specimens have a smooth surface with an average roughness value below
Rz = 1 μm. The roughness values of the turned specimen is dominated by the grooves
resulting from the chosen feed in turning process. Hence, the low feed rate f1 = 0.15 mm/rev
leads to smaller Rz of ~4 μm and higher f2 = 0.35 mm/rev to higher Rz up to ~11 μm,
while the polished surface is standard for fatigue tests, which focus on the determination
of fatigue limits of the materials, the turned variants represent typical technical surfaces.
Generally, the surface roughness has a large influence of the fatigue properties and typically
reduces fatigue life. However, previous results for metastable austenitic steles show that
the negative influences of the high surface roughness of fatigue life in the LCF/HCF regime
can be compensated by near surface martensite formation during cryogenic turning [11,12],
which opens a new perspective to increase the fatigue life of components.

Figure 3. Confocal microscopy images of three representative surface topographies after cryogenic
turning with f = 0.35 mm/rev, 0.15 mm/rev, and electrolytical polishing (a) as well as the mean
surface roughness Rz for all morphologies (b).

Scanning-ion microscopy (SIM) investigations were performed at FIB cross sections,
which were positioned in the gauge length of the VHCF specimens in axial direction in the
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middle of a turning groove (Figure 4). ASLp and SSLp show the microstructure as the initial
state (comp. Figure 1), i.e., purely austenitic grains with different grain size. No influence of
the production process can be observed. In contrast to that, the cryogenic turned specimens
show a nanocrystalline layer (NL) under the surface, with a maximum layer thickness of
about 5 μm caused by cryogenic turning. A dependency of the NL thickness on the feed
rate cannot be seen. SIM micrographs of the MSLdt035 sample indicated aside from the NL
a fine microstructure, which is a result of pre-deformation before final cryogenic turning.

 

Figure 4. Scanning-ion microscopy images of the near surface microstructure of the investigated morphologies.

Aside from the surface roughness (Figure 3) and near surface microstructure (Figure 4),
residual stresses and phase distribution below the specimens’ surface influence the fatigue
performance. Figure 5 shows the residual stresses (σRS) and phase distributions of all
investigated morphologies. The information for polished specimens (SSLp, ASLp, MSLp)
correspond to the state at a distance of about 20–30 μm from the surface. All morphologies
show relatively high tensile σRS at the specimen surface. The maximum σRS = 750 MPa
was measured at MSLdt035 and the smallest one on MSLt015 with σRS = 400 MPa. The σRS
reduced to nearly zero at ~50 μm distance from the surface for MSLt015 specimens. The
residual stresses for MSLd035 decreased from σRS = 750 MPa to 200 MPa at ~100 μm distance
from the surface and remained constant. A typical change from tensile to compressive
residual stress as described in literature [25] was only observed for MSLt035. Note that, since
the specimens with the morphologies ASLp, SSLp, SSLt015, and SSLt035 consist of a purely
austenitic microstructure, the respective phase distributions are not shown in Figure 5.
Γ-austenite, α’- and ε-martensite content was measured in the other morphologies of AISI
347 (MSLt015, MSLt035, and MSLdt035). All three morphologies have a maximum content of
α’-martensite not directly at the surface but in some distance from the surface: MSLt015 at
15 μm with α’ = 18 vol.%, MSLt035 at 80 μm with α’ = 23 vol.% and MSLdt035 at 12 μm with
45 vol.%, which corresponds to the fraction caused by pre-deformation. The penetration
depth of the X-ray is a few micrometers, so in the first X-ray step, the nanocrystalline struc-
ture strongly influences the measurement. However, the strong decrease of α’-martensite in
the MSLdt035 from 45 vol.% to 23 vol.% indicates a possible back transformation to austenite
during the manufacturing process. Only minimal amounts of ε-martensite were found.
The MSLt015 shows a slightly lower α’-martensite content, which at 98 μm drops to almost
0 vol.%. This coincides with findings in the literature, which show higher α’-martensite
proportions with increasing feed in the cryogenic turning [12]. With the disappearance of
α’-martensite, small proportions ε-martensite appear of maximum 7 vol.%.
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Figure 5. Distribution of residual stresses and phases content until the specimen surface.

3.2. Fatigue Behavior of Stable AISI 904L with Different Surface Morphologies

To study the fatigue behavior of the stable ASS, single step fatigue tests at a load ratio
R = −1 were realized at room temperature up to the VHCF range with a maximum number
of load cycles of 1 × 109 with the ultrasonic fatigue system with the load frequency of
~20 kHz (see Section 2.2). The S-N diagram of the samples with the three different surface
morphologies is shown in Figure 6; run out is marked with an arrow. The specimens
with the morphology SSLp failed in the HCF and the VHCF regime. With decreasing
stress amplitude, the number of cycles to failure increased until the ultimate number of
cycles is reached. Hence, no classical fatigue limit exits. A similar fatigue behavior was
also observed by Carstensen et al. in fatigue tests at thin tubular specimens from AISI
904L [4]. At a stress amplitude of σa = 306 MPa, the tested sample with SSLp reaches
the limiting number of cycles without failure. All cryogenically turned specimens exhibit
earlier failures than the specimens with SSLp at the same stress amplitude, where the
sample with the morphology SSLt015 had the lowest lifetime. Specimen failure occurred
only at the specimens’ surface due to the high roughness of Rz = 4 μm (SSLt015) and
Rz = 11 μm (SSLt035) in HCF regime. The influence of the surface roughness and the high
tensile residual stresses seem to be predominant compared to the positive influence of
the nanocrystalline structure (Figure 4), which in general reduces the plastic deformation
in the specimen [13]. Therefore, no increase of fatigue life was achieved by cryogenic
turning of stable ASS. Feritescope™ measurements confirm that no phase transformation
occurred during the fatigue tests. Fractographic investigations on the failed specimens
with SSLp show that for Nf > 1 × 108, the crack initiation changes from the surface to the
volume (Figure 6). Volume defects, such as inclusions, could not be detected. Note that
internal cracks can also occur in metallic materials without the presence of inclusions and,
e.g., stress concentrations at the grain boundaries can have a crack-initiating effect, espe-
cially in the VHCF regime [26,27]. Takahashi and Ogawa also detected on a prestressed
sample in compression an internal crack with a fish-eye structure without any internal
defect [6]. However, in most cases when examining ASSs up to the VHCF range, surface
cracks or cracks originating in the immediate vicinity of the surface are observed [4,5,28].
Bright areas are visible around the start of the crack at a distance of a few 100 μm on which
there are extrusions (Figure 6). Probably during micro-crack growth, two halves of the
sample do not have contact with each other and in this area, the extrusions developed at
the surface fracture.
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Figure 6. S-N diagram of AISI 904L with different surface morphologies and investigation of the
fracture surface, run outs are marked with an arrow.

3.3. Fatigue Behavior of Metastable AISI 347 with Different Surface Morphologies

The influence of metastability on the VHCF behavior is very clearly seen by compari-
son of the S-N curves of both ASSs (Figures 6 and 7); run outs are marked with an arrow.
The specimens from metastable AISI 347 with purely austenitic microstructure in the initial
state and with different surface morphology only failed in the HCF regime at N < 107. In
the VHCF regime, no specimen failure occurred, which shows that a true fatigue limit
exists for this metastable austenite. Only the pre-deformed specimens failed in the VHCF
regime, which is consistent with literature for different metastable austenitic steels [8,29,30].
During cyclic loading, the metastable AISI 347 transforms from paramagnetic γ-austenite
to ferromagnetic α’-martensite, which is confirmed by Feritscope™ measurements. Hence,
the surface morphology influences the fatigue behavior of metastable AISI 347 completely
differently in comparison to the stable AISI 904L. The specimens with morphology MSLt035,
which exhibit nanocrystalline and martensitic layers show higher fatigue strength despite
of the higher roughness values (Rz = 11 μm) and tensile residual stresses (504 MPa) than the
conventionally turned and polished specimens with the ASLp morphology and resulting
small roughness of Rz = 1 μm and compressive residual stresses (−20 MPa). The fatigue
strength of specimens increased after cryogenic turning about 50 MPa. The scatter of
MSLt035 specimens failed in the HCF-regime was higher than that of the variant ASLp,
which is caused by the turning process resulting in irregularities by chip formation and
chip breaking. The results show that the martensitic surface layer in combination with the
nanocrystalline structure had a very positive effect on the fatigue behavior in VHCF regime,
whereas only a nanocrystalline structure did not lead to higher fatigue life as shown for
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stable AISI 904L (comp. fatigue life SSlp with SSLt035 in Figure 6). This results from the
low roughness, the martensitic surface layer, and the compressive residual stresses at the
specimens’ surface. The fatigue tests with MSLdt035 specimens were demanding the maxi-
mum displacement amplitude of the ultrasonic using testing system. It was not possible to
perform higher stress amplitudes than σa = 381 MPa due to the high internal friction of
the austenite in the specimens’ volume. Nevertheless, an increase of fatigue strength for
the morphology MSLdp was determined. In contrast to the results from specimens without
pre-deformation, failure in the VHCF regime occurred in specimens with the morphology
MSLdt035 and the data points show a drop in the S-N diagram. Such behavior could also be
observed in a metastable austenite with a α’-martensite content of 54 vol.% achieved by
pre-deformation [30]. Using scanning electron micrographs, the fracture surfaces of speci-
mens with the morphology MSLdt035 were examined. Figure 7 shows SEM micrographs
of the MSLdp specimen failed at N = 2.8 × 108 cycles. The fracture surface contains an
AlCaO inclusion, and a niobium carbide a few microns below the surface. The fracture
topography around the NbC indicates that crack initiation originated from the carbide.
Hence, the deeper located subsurface AlCaO inclusion was fractured by crack growth. In
general, the pre-deformation with deformation-induced martensite formation increases the
HCF fatigue strength. However, in the VHCF regime, a drop of fatigue strength occurred.
Taking into account the fatigue life of the specimen with the morphology MSLp, it becomes
clear that, even compared to the cryogenically turned samples with partially converted
volume (morphology MSLdt035), the MSLp samples have a higher fatigue strength in the
whole fatigue regime.

 

Figure 7. S-N curves of metastable AISI 347 with different surface morphologies and investigation of
the surface fracture, run outs are marked with an arrow.

4. Conclusions

The stable austenitic steel AISI 904 and the metastable austenitic steel AISI 347 were
investigated with different surface morphologies up to the VHCF regime using an ultrasonic
testing system. Microstructural investigations of initial surface morphologies and fracture
surface were performed. The study provides the following results:
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1. Cryogenic turning of stable AISI 904L (SSLt035) and metastable AISI 347 (MSLt035)
results in higher roughness (Rz~11 μm) and tensile residual stresses at the specimen’s
surface. Moreover, a nanocrystalline layer of a few micrometers under the surface
was formed in both materials. In the metastable AISI 347, phase transformation from
austenite to martensite was observed additionally. Polishing of the cryogenically
turned metastable austenitic specimens (MSLp) leads to very low average roughness
(Rz < 1 μm) values and compressive residual stresses at the surface.

2. Fatigue tests of conventionally turned and polished specimens with purely austenitic
microstructure in the initial state leads to decreasing S-N curve of stable AISI 904L
(SSLp) in the VHCF regime. With increasing number of cycles to failure, a change
from surface to subsurface crack initiation was observed. Opposed to AISI 904L, the
AISI 347 (ASLp) specimens only failed in the HCF regime.

3. Fatigue tests at cryogenic turned specimens show shorter lifetime for specimens
of stable AISI 904L (SSLt015 and SSLt035) and a lifetime extension for specimen of
metastable AISI 347 (MSLt035) even in case of significantly higher surface roughness
in comparison to conventionally turned and finally polished samples. The increase in
fatigue strength of the cryogenic turned AISI 347 is mainly caused by the machining
induced martensitic surface layers.

4. In spite of its smaller monotonic strength, the metastable AISI 347 (MSLt035) reaches a
higher HCF and VHCF strength after surface modification by cryogenic turning.

5. The increase of material strength due to pre-deformation and martensitic formation
in specimen volume of metastable AISI 347 (MSLdt035) was successful; however, in
the VHCF regime a drop in S-N curve was observed.

6. The best fatigue properties are achieved with specimens with surfaces polished after
cryogenic turning of metastable AISI 347 (MSLp).
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Abstract: By means of comparing the VHCF response of heat-treated alloy steel, several factors governing
the transition from surface (type I) to internal (type II) VHCF failure, and, in the case of internal inclusion
and non-inclusion type II VHCF failure, are discussed: differences in strength, differences in grain size
and strength gradients. Therefore, the steel grades (i) 50CrMo4 (0.5 wt%C–1.0 wt%Cr–0.2 wt%Mo) in
two different tempering conditions (37HRC and 57HRC) but of the same prior austenite grain
size, and (ii) 16MnCrV7 7 (0.16 wt%C–1.25 wt%Mn–1.7 wt%Cr) in the bainitic and martensitic
thermomechanical treatment state, were studied. It is concluded that steels of moderate strength
(37HRC) exhibit a real endurance limit (109 cycles), while the fatigue strength of high strength
(43–57HRC) or coarse-grained steels (37HRC) decreases with increasing number of load cycles.

Keywords: VHCF; ultrasonic testing; tempered martensitic steel; bainitic steel; frequency effect;
self-tempered martensite

1. Introduction

Heat-treated alloy steels, i.e., tempered martensitic or bainitic steels are used in vir-
tually all kinds of engineering applications that involve cyclic deformation under high
or very high cycle fatigue conditions (HCF, VHCF), e.g., power trains in transportation,
and gearboxes or crankshafts in power generation. In most cases, the VHCF life of heat-
treated alloy steels is limited by internal crack initiation manifesting as a characteristic
fisheye-like fracture surface. As a typical feature, the crack initiation site is surrounded
by a fine-granular area (FGA), also known as an optically dark area (ODA) [1–3], from
which the fatigue crack propagates within the fisheye until the residual cross-section fails
by final fracture. This is called type II VHCF behavior [4]. Contrary to this, LCF, HCF, and
sometimes VHCF conditions lead to surface crack initiation, which can be attributed to
(i) plane stress, and (ii) environmentally-induced slip irreversibility, both promoting pro-
nounced stress concentration (type I VHCF behavior [4]). At the very low stress amplitudes
in the macroscopically elastic regime prevailing during VHCF, any dislocation plasticity at
the surface vanishes due to work hardening (shakedown). In this case, the material may
exhibit a real infinite life since any initial fatigue damage is permanently stopped. In the
case of internal microstructure inhomogeneities, such as non-metallic inclusions, selected
grain-boundary triple points, or favorably oriented slip planes [5,6], strong stress concentra-
tions in the bulk become dominant. Under plane-strain conditions, these high stress levels
initiate local plastic slip, which accumulates during millions of cycles, eventually leading
to fracture at the inhomogeneity, appearing as a so-called “fisheye”, where the fatigue
crack propagates within a circular shape around the crack initiation site until rupture of
the residual cross-section. Since the local stress concentration is associated with the size of
the microstructure inhomogeneity, i.e., expressed by the projected area of a non-metallic
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inclusion normal to the applied load direction, and the strength of the material (that is
expressed by means of the Vickers hardness HV), Murakami [7] suggested a simple, but
widely-applied equation to estimate the fatigue limit σFL:

σFL =
C(HV + 120)(√

area
)1/6

(
1 − R

2

)α

(1)

with R referring to the stress ratio, and α and C being material constants. When having
a closer look at the crack initiation site, it has been found many times that the origin is
surrounded by an FGA/ODA. Its granular appearance has been attributed to a cyclic
rearrangement of dislocations, polygonization, and, eventually, the formation of nano-
sized grains [8–10]. VHCF crack propagation at a stress intensity range ΔK lower than
the threshold ΔKth may be attributed (i) to the particularly low resistance of the nano-
grained FGA structure to fatigue cracking, (ii) accumulation of hydrogen [1,11], or (iii) to
the repeated pressing of the crack faces on top of each other leading to crack closure within
the FGA [12,13]. Only if the stress intensity range exceeds the threshold value ΔKth for
long fatigue cracks, does the FGA turn into a conventional fatigue fracture pattern [9,14],
showing, e.g., striations, being characteristic of long fatigue cracks [15].

To date, the correlation of the material microstructure with the VHCF strength re-
mains challenging and often impossible. Data from different research institutes show a
pronounced scatter of service life data often in the range of three orders of magnitude. This
can be attributed to two major aspects:

• The significance of microstructure inhomogeneity becomes prevailing in VHCF, since
the lower the applied stress amplitude, the smaller the number of stress concentration
sites that lead to accumulated cyclic plasticity.

• The frequency effect: testing at higher frequencies often leads to an apparent increase
in the VHCF strength.

According to Jeddi and Palin-Luc [16], one can distinguish between (i) intrinsic ef-
fects, such as strain rate sensitivity of dislocation plasticity, adiabatic local heating and
recrystallization, or dynamic strain ageing; and (ii) extrinsic effects, such as oxide-induced
crack closure or atmospheric slip irreversibility. In addition, sample size effects have to
be considered, i.e., the larger the stressed volume, the lower the fatigue strength. As an
example, Figure 1 shows the pronounced frequency effect of plain 0.15% carbon steel [17].

Figure 1. Wöhler S-N Diagram showing the fatigue life for C15 (0.15% carbon) steel at various testing
frequencies [17].

In addition, Geilen et al. [18] suggested an influence of the control mode. Although
resonance and servohydraulic HCF/VHCF testing is usually stress-controlled, ultrasonic
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testing is displacement-controlled, i.e., the displacement is adjusted according to linear
elastic behavior. However, when cyclic plasticity needs to be taken into account, the
adjusted displacement is below the actual value, hence leading to longer fatigue lives and
apparently higher VHCF strength values, which can be interpreted as a frequency effect.
However, in the case of the steel grades and strength values that are the subject of the
present study, the macroscopic stress level should be completely within the elastic regime.

The present paper highlights microstructure effects on the existence or non-existence
of a fatigue limit and the occurrence or non-occurrence of an FGA. The frequency effect
is attributed to the strain rate dependency of dislocation plasticity that varies with the
tempering state and the respective strength of the steel.

2. Materials Processing and VHCF Testing Approach

Two different grades of low-alloy steels 50CrMo4 (1.7228, German designation) and
16MnCrV7 7 (1.8195, German designation), respectively, were used for this study. The
chemical composition of the alloys is given in Table 1.

Table 1. Chemical composition of the two steels A and B used in this study (in wt%).

Material C Cr Mo Mn Ni V + Nb + Ti Fe

50CrMo4 0.48 1.00 0.18 0.71 - - bal.
16MnCrV7 7 0.16 1.7 - 1.7 0.16 0.17 bal.

A martensitic microstructure was adjusted for 50CrMo4. For this purpose, round bar
sections of 50CrMo4 were austenitized at a temperature of 860 ◦C and then quenched in oil.
By suitably modifying the tempering temperature, two hardness conditions of 37HRC at
a tempering temperature of 550 ◦C and 57HRC at 200 ◦C were achieved. The tempering
duration did not alter the prior austenite grain size of 12 μm and was kept for 90 min each.
Figure 2 shows the microstructures of the two 50CrMo4 tempering conditions, 37HRC and
57HRC, respectively.

Figure 2. SEM micrographs of the tempered microstructure of 50CrMo4 austenitized at 860 ◦C,
quenched in oil, and tempered at (a) 200 ◦C leading to 57HRC, and (b) 550 ◦C leading to 37HRC.

In the case of 16MnCrV7 7, cylindrical samples were forward hot-extruded at 1250 ◦C
and 950 ◦C, respectively, within a 1000 kN screw press (Weingarten) and subsequently
quenched according to defined conditions: (i) pressurized-air quenching to 260 ◦C followed
by slow cooling within the furnace throughout the lower-bainite transformation regime
(dashed line in the TTT diagram, Figure 3), and (ii) water-quenching below martensite
start (Ms) followed by ambient air cooling (self-tempered martensite, dotted line in the
TTT diagram, Figure 3). Due to the different forging temperatures, the prior austenite
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grain size and the non-equilibrium ferrite lath size are larger in the lower bainite structure
as compared to the self-tempered martensite structure, as shown in the EBSD inserts in
Figure 3.

Figure 3. Thermomechanical processing by means of two different cooling routes in a schematic
TTT diagram for the steel 16MnCrV7 7 applied to forward hot-extruded cylindrical bars (diameter
50 mm).

The thermomechanical heat treatment outlined above led to a lath-type microstructure
with cementite platelets of about 200 nm length, tilted by 60◦ towards the laths axes in the
case of the lower bainitic structure (prior austenite grain size 53 μm, cf. Figure 4a), and with
nano-sized cementite precipitates of about 50–100 nm size in the case of the self-tempered
martensite (prior austenite grain size 8 μm, cf. Figure 4b). It is worth mentioning that the
self-tempered martensite shows not only high static stress values but also a surprisingly
high toughness of Av = 104 J at room temperature (Charpy test data, Table 2).

Figure 4. SEM micrographs of thermomechanically-processed steel 16 CrMnV7 7: (a) lower bainite
with cementite platelets, and (b) self-tempered martensitic microstructure with homogeneously
distributed small cementite precipitates.
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Table 2. Mechanical properties of the steel grades used in the present study.

Material Rp0.2 [MPa] UTS [MPa] A [%] Av [J]

50CrMo4—37HRC 992 1095 - -
50CrMo4—57HRC 1561 2128 - -

16MnCrV7 7 lower Bain.—37HRC 885 ± 57 1197 ± 34 57 ± 3.0 17 ± 2
16MnCrV7 7 selftemp.—43HRC 1000 ± 31 1370 ± 34 63 ± 0.7 104 ± 11

Fatigue specimens were machined from the heat-treated sections according to the
geometries provided in Figure 5. The gauge lengths of the specimens were electrolytically
polished for 3 min using Struers A2 electrolyte at a voltage of 23 V and a temperature of
−15 ◦C. For in situ damage monitoring by light optical microscopy (Hirox long-distance
digital microscope, Limonest, France, Figure 5a), high-resolution thermography, and SEM,
the specimens were given a shallow notch with a notch factor of 1.1 (details and results are
reported in [18,19]). The shallow notch allows the restriction of surface fatigue damage to a
limited area without changing the microstructure-related crack initiation process. Fatigue
testing was carried out in a resonance testing machine (Rumul Testronic, Neuhausen,
Switzerland, 95 Hz, Figure 5a) and an ultrasonic fatigue testing system (Boku Vienna,
20 kHz, Figure 5b) at fully reversed loading conditions (R = −1). The temperature increase
in the specimens during high-frequency testing was limited to 40 ◦C by pressurized air-
cooling and applying the pulse–pause operation mode of the ultrasonic fatigue testing
system, i.e., 50 ms pulse and 950 ms pause in the moderate strength conditions (37HRC)
and 200 ms pulse and 800 ms pause in the higher strength conditions (43HRC–57HRC).

Figure 5. Specimen geometries (all dimensions in millimeters) for (a) the resonance fatigue testing
system RUMUL Testronic (95 Hz), and (b) the ultrasonic fatigue testing equipment of the type BOKU
Vienna (20 kHz).

In addition to the quasi-static tensile tests, high strain rate tests were carried out using
a 15 kN RoellAmsler servohydraulic high-rate testing system with a specimen geometry, as
shown in Figure 6.
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Figure 6. (a) Servohydraulic high-speed testing system (15 m/s) and (b) respective sample geometry
(all dimensions in millimeters). The larger diameter is used for optoelectronic strain measurement
type Zimmer 200XH.

3. Results

The different microstructure states and strength levels of the steels resulted in a variety
of different damage mechanisms, which are briefly introduced in the following. The
50CrMo4 steel in the moderate strength condition (50CrMo4—37HRC) shows type I fatigue
behavior, i.e., during cycling, persistent slip markings (PSM) are formed at the surface
within Cr-depleted segregation bands, leading to crack initiation. Crack propagation was
found only at stress amplitudes higher than 680 MPa. In these cases, failure occurred
generally in the HCF regime (Nf < 107 cycles). At lower stress amplitudes, PSMs and
cracks were identified (Figure 7), but the propagation of these was eventually blocked
by microstructural barriers, i.e., martensite packet boundaries and prior austenite grain
boundaries, respectively. Therefore, it was concluded that in a moderate strength condition,
tempered martensitic steels may exhibit a true fatigue limit.

Figure 7. (a) Localized fatigue damage in Cr depleted zones, (b) persistent slip markings (PSM) at
the surface of the 50CrMo4—37HRC steel, tested at 95 Hz, σa = 480 MPa.

In the high-strength condition steel, 50CrMo4—57HRC, the fatigue damage behavior
is completely different. Internal VHCF crack initiation at 10–20 μm-sized nonmetallic
Al2O3·CaO-type inclusions forming the center of the fisheye (red circle) prevails (Figure 8a).
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As outlined in the introduction, the crack initiation site is surrounded by a fine granular
area (FGA), as shown in Figure 8b.

Figure 8. Fracture surface of the 50CrMo4—57HRC steel with a fisheye ((a), red circle) and crack
initiation at a non-metallic inclusion (type Al2O3-CaO) surrounded by FGA ((b), white circle), tested
at 95 Hz, σa = 480 MPa.

The Wöhler S/N data were determined using both 95 Hz and 20 kHz fatigue testing
at R = −1 for the four different steel grades, as shown in Figures 9 and 10. Two major
observations should be highlighted:

Figure 9. Wöhler S-N Diagram showing the fatigue life for the steel 50CrMo4 at two testing fre-
quencies of f = 95 Hz and f = 20 kHz for (a) the 37HRC hardness condition, and (b) the 57HRC
hardness condition.
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Figure 10. Wöhler S-N Diagram showing the fatigue life for the 16 MnCrV7 7 steel at two testing
frequencies of f = 95 Hz and f = 20 kHz for (a) the bainitic, and (b) the self-tempered martensitic condition.

The moderate-strength 50CrMo4—37HRC grade seems to reveal a true fatigue limit.
No fractures were observed beyond 107 cycles. SEM studies supported by FIB (focused
ion beam sections) through PSMs at the surface proved the occurrence of fatigue cracks (cf.
Figure 7b and [20]) as a result of the classical extrusion–intrusion scheme (cf. [15,21]). In
the case of the high-strength 50CrMo4—57HRC grade, a continuous decrease in the fatigue
strength with increasing numbers of cycles to fracture was observed. Fracture was found
even at 109 cycles, and in all cases, the fatigue damage mechanism was internal crack initia-
tion along with FGA formation. The size of the FGA was found to increase with decreasing
stress amplitude, supporting the hypothesis of a crack propagation mechanism that is
driven by accumulated dislocation plasticity and nanograin formation at stress intensity
ranges lower than the threshold value ΔKth from linear elastic fracture mechanics (LEFM).

As a second observation, a pronounced frequency shift of the fatigue stress data only
in the case of the moderate-strength 50CrMo4—37HRC grade was observed. The high
strength 50CrMo4—57HRC grade reveals only slightly higher fatigue strength values for
20 kHz testing as compared with the 95 Hz testing. Although the strong effect is attributed
to a strain rate dependency of dislocation plasticity (see discussion), the smaller effect is
probably due to a size effect, since the stressed volume of the specimens tested at 20 kHz
(V20kHz = 125 mm3,) is substantially smaller than the ones for the 95 Hz resonance testing
(V95Hz = 402 mm3).

The fatigue strength data for the thermomechanically-processed 16MnCrV7 7 speci-
mens are shown in Figure 10. Analogous to the tensile test data, the fatigue strength of the
tempered martensite processing state is higher than that of the lower bainite processing
state. It is worth mentioning that the self-tempered martensite outperforms the lower
bainite. The fatigue limit is estimated as σFL = 600 MPa, which is surprisingly high and
corresponds to 44% of the quasi-static UTS.

In the lower bainite state, a continuous decrease in the fatigue strength was ob-
served with fractures occurring even at 109 cycles at the rather low stress amplitude
of σa = 400 MPa (34% UTS). A pronounced frequency effect was not observed, but the
amount of 95 Hz data is not sufficient to draw a sound conclusion on that aspect. In
thermomechanically-processed 16MnCrV7 7 samples, VHCF crack initiation was found
to occur exclusively internally at Nf > 107 (Figure 11). Although in the self-tempered
martensite microstructure 10–20 μm-sized non-metallic inclusions act as relevant stress
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concentrators (Figure 11a), internal crack initiation in the lower bainite microstructure does
not come with any inclusions (Figure 11b). This was attributed to the rather large prior
austenite grain size of 53 μm, which may cause high stress concentrations at grain boundary
triple points, being higher than those at the non-metallic inclusions, which should, instead,
be identical to the tempered martensite condition.

Figure 11. Fatigue crack initiation sites in 16MnCrV7 7: (a) internal crack initiation at non-metallic
inclusion (tempered martensite, 43HRC, σa = 625 MPa, N = 0.9 × 108), and (b) internal crack initiation
at a grain boundary triple point (presumed) (37HRC, σa = 400 MPa, N = 8.7 × 108).

4. Discussion

The two steel grades 50CrMo4 and 16MnCrV7 7 in two different heat treatment condi-
tions each showed a strong relationship between the microstructure, static strength and the
VHCF behavior. The moderate strength condition of 50CrMo4—37HRC revealed only sur-
face fatigue damage manifesting itself in persistent slip markings—typically parallel to the
martensite block boundaries. Generally, crack initiation was identified at those slip mark-
ings, but at sufficiently low stress amplitudes (see Figure 12) these cracks were considered
as non-propagating., i.e., the conditions of a true fatigue limit seemed to be fulfilled.

Figure 12. FIB section through a persistent slip marking (PSM) at the surface of the 50CrMo4—37HRC steel,
tested at 95 Hz, σa = 480 MPa, run out after 2 × 108 cycles, showing crack initiation and void formation.

In the case of the high-strength 50CrMo4—57HRC grade and the two 16MnCrV7
7 microstructure variants, internal crack initiation at inhomogeneities was observed. In
many cases, initiation was attributed to Al2O3-CaO-type non-metallic inclusions of a size
of approximately 10–20 μm that cause stress concentrations due to elastic mismatch. The
inclusions themselves were found to be surrounded by fine granular areas (FGA). The size
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of the FGA (measured as the projected area normal to the loading axis) was observed to
increase with decreasing applied stress amplitude.

Evaluating the different sizes of the FGAs of many VHCF samples revealed that the
stress intensity range associated with the FGA ΔKFGA, as calculated according to Murakami
(internal circular crack):

ΔKFGA,incl. = 0.5Δσ

√
π
√

area, (2)

is of a constant value, i.e., ΔKFGA ≈ 8.5 MPa m0.5 which is close to the value mea-
sured by a fracture mechanics threshold analysis, where a threshold stress intensity of
ΔKth = 9.5 MPa m0.5 was obtained (cf. [19,20]). Accordingly, it was concluded that the stress
intensity calculated for the inclusion is too small for technical crack initiation, ΔKincl. < ΔKth.
Due to accumulated microplasticity, dislocation patterning and polygonization, a nanograin
structure is formed around the inclusion. As the stress intensity threshold for fine-grained
microstructures is smaller than for coarse-grained microstructures, a fatigue crack is ini-
tiated at the inclusion, since now ΔKincl. > ΔKth,nanograin. This kind of crack propagation
within the nanograin microstructure forms the FGA and prevails until, at the crack tip,
ΔK = ΔKFGA > ΔKth is valid. Then, the crack propagation mechanism changes towards the
long fatigue crack regime within the fish-eye until at KIc the transition to unstable crack
propagation (final rupture) is reached.

Figure 13 shows FIB sections through FGAs emanating from an inclusion and a
microstructure inhomogeneity (probably a grain-boundary triple point). In particular,
Figure 13a shows the rim of nanograins that form the FGA at an Al2O3-type inclusion.

Figure 13. FIB sections through the internal crack initiation sites in (a) 50CrMo4—57HRC: nanograins
within the FGA (yellow arrows) at an Al2O3-type inclusion (57HRC, σa = 750MPa, N = 3.5 × 108),
and (b) 16MnCrV7 7 lower bainite: an FGA without any non-metallic inclusion (σa = 400 MPa,
N = 8.7 × 108).

The results revealed that VHCF strength data are not independent of the testing
frequency, which has been observed by others (cf. [22,23]). Although it is well-known that
effects of the environment, e.g., corrosion fatigue or oxide-induced crack closure, lead to
a time-dependent fatigue behavior [24], the use of ultrasonic testing frequency implies
substantially high strain rates:

.
ε = 2π f ·σa

E
· cos(2π f ·t). (3)

This, in turn, is necessary to determine the VHCF material properties in a reason-
able time. Accordingly, at 20 kHz, a maximum strain rate of

.
ε = 500 s−1, and at 95 Hz,

a maximum strain rate of
.
ε = 2 s−1 is reached. For bcc materials such as carbon steel,

a temperature/strain rate dependence of dislocation plasticity is known. According to
Seeger [25], the critical shear stress of a bcc material can be subdivided into an athermal
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contribution τ0 (dislocation shearing/passing) and a thermally-activated contribution τ*
(Peierls stress):

τc = τ0 + τ∗( .
ε, T
)

(4)

Figure 14a,b shows the two contributions. In the case of moderate strength (Figure 14a),
τ0 is rather low and at high strain rates, the increase in τ* leads to an apparent increase
in the yield stress. In the high-strength condition (Figure 14b), the high-strain rate effect
vanishes due to the high τ0 contribution. This hypothesis (cf. [26]) is supported by dynamic
tensile testing at strain rates between

.
ε = 1 s−1 and

.
ε = 500 s−1. The results (Figure 14c)

show for the 50CrMo4—57HRC high-strength condition a negligible strain rate dependence,
while for the 50CrMo4—37HRC moderate-strength condition, the strain rate dependence
leads to an approximately 30% increase in yield stress.

Figure 14. Schematic sketch of the temperature dependence of the critical shear/yield stress: red
lines: the thermally-activated contribution (increases with increasing strain rate), blue lines: the
athermal contribution in (a) moderate-strength alloys, and (b) high-strength alloys; and (c) yield
stress vs. strain rate for the two 50CrMo4 steel grades.

The given fatigue life data and high-strain static stress values show a positive corre-
lation between fatigue test frequency and static strain rate and provide evidence that the
slip behavior of the dislocations is generally influenced. The reason for this is assumed to
be a restriction of movement of the dislocations. Due to the lattice structure, bcc materials
have a very high Peierls potential. This results in a significant expenditure of energy to
overcome a maximum of the Peierls potential in order to slide into the next minimum.
This leads to an essential property at low temperatures or high strain rates: the mobility
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of edge dislocations is much higher than the mobility of screw dislocations. Because of
this restriction of motion, only segments of long screw dislocations are usually found
under high-strain cyclic plastic deformation and no cell or ladder structures, as is other-
wise common under fatigue loading [27–29]. A key aspect in identifying the influence of
the test frequency is the consideration of the material condition, e.g., heat treatment. A
higher dislocation density leads to an increase in τ0 according to Figure 14b. However,
this also includes a consideration of the distribution of the alloying elements, e.g., carbon,
which, in turn, has a significant influence on the strain rate effect itself [30]. Therefore, it
becomes clear that knowledge about the relationship between the material structure and
the movement of dislocations is essential for a clear explanation of the phenomenon of the
frequency influence.

5. Conclusions

The VHCF damage of tempered martensitic and bainitic steels depends strongly on
the microstructure and the strength level that are adjusted by heat treatment:

• At moderate strength level (martensitic 50CrMo4, 37HRC), irreversible surface plastic-
ity prevails and leads to the formation of persistent slip markings (PSM). Depending
on the local combination of stress concentration and microstructural barrier strength,
the steel may exhibit a true fatigue limit, below which the fatigue life can be considered
as infinite.

• At high strength levels (martensitic 50CrMo4, 57HRC, martensitic 16MnCrV 7 7), the
stress concentration at internal non-metallic inclusions leads to an accumulation of
dislocation plasticity, patterning, grain refinement, and crack initiation in combina-
tion with the formation of a fine granular area (FGA). The lower the remote stress
amplitude, the larger the FGA, the size of which correlates with the stress intensity
threshold ΔKth for long fatigue cracks.

• In the case of large inhomogeneities, such as the coarse prior austenite grains in the
bainitic 16MnCrV 7 7, pronounced stress concentrations at triple points lead to internal
crack initiation, even at lower strength levels. Here, FGAs without non-metallic
inclusion were observed.

When applying ultrasonic frequencies for VHCF testing, strain rate effects need to be
taken into consideration, which can be evaluated by dynamic tensile testing. In the case of
low- and moderate-strength steels, high strain rates (

.
ε = 500 s−1 in ultrasonic testing) cause

an apparently higher VHCF strength (Δσ = 50–200MPa) as compared to low strain rates
(

.
ε < 5 s−1 in resonance/servohydraulic testing).
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Abstract: Isothermal and thermomechanical fatigue behavior of duplex stainless steel (DSS)
X2CrNiMoN22-5-3 was investigated. The aim of this work was to understand the fatigue behavior
by correlation of the isothermal and thermomechanical fatigue behavior with microstructural ob-
servations. Fatigue tests at plastic-strain-amplitude of 0.2% were carried out at 20, 300 and 600 ◦C,
while in-phase (IP) and out-of-phase (OP) thermomechanical fatigue (TMF) experiments were per-
formed between 300 and 600 ◦C. During the 20 ◦C fatigue test, a continuous softening was observed.
Transmission electron microscopy examinations reveal pronounced planar slip behavior in austenite.
At 300 ◦C, deformation concentrates in the ferrite, where strong interactions between CrxN and
dislocations were observed that explain the pronounced cyclic hardening. DSS studied exhibits
softening throughout the whole isothermal fatigue test at 600 ◦C. In ferrite, during the 600 ◦C fatigue
test, the G phase, γ′ austenite precipitated, and an unordered dislocation arrangement was observed.
The stress responses of the TMF tests can be correlated to those of the isothermal fatigue tests. In
IP mode, a positive mean stress resulted in premature failure. No γ′ austenite but the formation of
subgrains in the ferrite phase was observed after TMF tests. The plastic deformation of the austenite
at high temperatures results in an unordered dislocation arrangement.

Keywords: duplex steel; isothermal fatigue; thermomechanical fatigue; ferrite; austenite; G phase;
plastic-strain control

1. Introduction

The duplex stainless steel (DSS) X2CrNiMoN22-5-3 (SAF 2205, German designa-
tion 1.4662) represents a two-phase material primarily consisting of a ferritic (α) and an
austenitic (γ) phase. Generally, the ferrite phase ensures remarkably high mechanical
strength, while the austenite phase provides sufficient ductility. DSS possesses high chem-
ical resistance owing to the high chromium content in both phases. Due to its attractive
properties, DSS offers a broad range of applications. DSS is widely used in, e.g., shipbuild-
ing, the food industry and the chemical industry. Furthermore, DSS is also used in high
temperature applications such as heat exchangers in power plants. If DSS is exposed to
high temperatures, the material properties deteriorate dramatically. In particular, it was
found that the load-bearing capacity of the ferrite phase is continually reduced with increas-
ing temperature [1]. Other phenomena such as dynamic strain ageing (DSA) have been
investigated for both ferritic steels (temperature range: 200–400 ◦C) [2–4] and austenitic
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steels (temperature range: 400–600 ◦C) [4,5] but also for DSS in the temperature range
between 250 and 500 ◦C [4,6]. Further, detrimental microstructural changes take place
at elevated temperatures. Especially in the temperature range 350–550 ◦C, duplex steels
suffer a spinodal decomposition of the ferrite into a chromium-rich α’ and an iron-rich α

phase [7–11]. This spinodal decomposition results in embrittlement, which is most pro-
nounced at 475 ◦C. The 475 ◦C embrittlement leads to a deterioration of the mechanical
properties, such as an increase in tensile strength, an increase in hardness and a decrease
in fracture toughness and fracture strain [12–14]. The effect of the so-called 475 ◦C embrit-
tlement has already been studied in detail [7–11]. Above this temperature, precipitation
of intermetallic phases is reported in the literature [15]. As a consequence of the spinodal
decomposition of the ferrite, in the temperature range of 350 to 500 ◦C, an intermetallic Mo-
and Si-rich G phase with a crystal structure F 4/m 3 2/m and with a lattice parameter four
times larger than that of the ferrite matrix becomes stable [16,17]. Moreover, the Cr- and
Mo-rich intermetallic tetragonal sigma phase can occur between 550 and 1050 ◦C [18,19].
Other precipitation processes, such as the formation of carbides (M23C6), nitrides (Cr2N)
or γ′ secondary austenite, are reported to occur at higher temperatures [15,16]. Mateo
et al. [16] concluded that spinodal decomposition, formation of Cr2N as well as dislocations
act as further lattice disturbing elements accelerating the nucleation of new phases due to
preferential diffusion paths.

When DDS is utilized, e.g., in heat exchangers as pipes or boilers, high temperatures of
up to 600 ◦C can occur in combination with mechanical loads due to start-up and shut-down
processes. The so-called thermomechanical fatigue (TMF) can lead to premature component
failure. The behavior of DSS 1.4662 under low cycle fatigue (LCF) and TMF has been studied
at temperatures between room temperature and 600 ◦C [4,7]. In the ferrite steel AISI 430F [3],
which resembles the ferrite phase of DSS with respect to the chemical composition, and
also in other steels [20], DSA was found to be significantly dependent on the strain rate [4].
The effect of the 475 ◦C embrittlement and the corresponding spinodal decomposition on
the isothermal fatigue properties was extensively studied [7,8,21]. Several investigations
deal with the thermomechanical fatigue behavior of DSS 1.4662 in the temperature range
between 350 and 600 ◦C with a mechanical strain amplitude of 0.4% or 0.8% and a test
frequency of 0.008 Hz [1,22]. It is reported that cyclic heating above 550 ◦C during the
TMF test counteracts the negative effects of spinodal decomposition; hence, no negative
influence on the fatigue behavior is observed [1]. In addition, it was demonstrated that
the austenite phase possesses sufficient strength even at high temperatures to compensate
for the low strength of the ferrite phase [1,22]. However, there is no link between TMF
and the corresponding isothermal fatigue tests under the same conditions. Further, the
relevant microstructural aspects/evolution and the phase formations such as plasticity
(i.e., dislocation formation, evolution, arrangement, interaction) under isothermal and TMF
conditions were not discussed.

The aim of the present work is to characterize TMF behavior of a DSS 1.4662 in
the temperature range between 300 and 600 ◦C in plastic-strain control and to link the
mechanical behavior to the microstructural properties. In order to understand the damage
behavior as a result of TMF, isothermal fatigue tests at 20, 300 and 600 ◦C were additionally
performed and serve as basis for a sound interpretation of TMF particularities.

2. Materials and Methods

The duplex stainless steel X2CrNiMoN22-5-3 (1.4662) was produced by Santo Tomas
de las Ollas (León, Spain). The material was delivered in rods with a diameter of 20 mm in
hot-rolled condition. The chemical composition of the material in the as-delivered condition
was verified by spark spectroscopy analysis (Table 1). The measured chemical composition
corresponds well to the SAF 2205® AISI 318 LN specifications.
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Table 1. Chemical composition of the DSS X2CrNiMoN22-5-3 determined by spark spectroscopy
analyses (wt.%) and the nominal composition according to SAF 2205® AISI 318 LN.

Composition
Chemical Composition (wt.%)

C Si Mn P S Cr Ni Mo N Fe

nominal ≤0.03 ≤1.0 ≤2.0 ≤0.035 ≤0.015 21–23 4.5–6.5 2.5–3.5 0.1–0.22 Bal.
measured 0.029 ± 0.01 0.403 ± 0.08 1.68 ± 0.03 0.013 ± 0.001 0.0035 ± 0.0002 21.88 ± 0.31 4.65 ± 0.06 3.34 ± 0.02 0.163 ± 0.08 Bal.

For direct comparison with the literature, the material was annealed at 1250 ◦C in
a muffle furnace for 4 h prior to testing as proposed in References [7,8,21,23]. This heat
treatment was followed by continuous furnace cooling for 3 h down to 1050 ◦C and final
water quenching. The cylindrical fatigue specimens with a gauge length of 15 mm and
a diameter of 5 mm were machined from the rod material. Before fatigue testing, all
specimens were mechanically polished to P4000 and finally electrochemically polished
(90 vol.% perchloric acid, 10 vol.% acetic acid, at 20 V/res. current 0.1 A). A servo-hydraulic
testing machine of type MTS 810 (MTS Systems Corporation, Eden Prairie, MN, USA)
(maximum load 100 kN) equipped with hydraulic clamping jaws and a controller of
type MTS TestStar IIs (MTS Systems Corporation, Eden Prairie, MN, USA) was used.
A high frequency induction heating system Huettinger TIG 5/300 (TRUMPF Hüttinger
GmbH + Co. KG, Baden-Württemberg, Freiburg im Breisgau, Germany) with an Eurotherm
temperature controller of type 2704 (EURO-THERM GmbH, Worthing, UK) and a self-made
induction coil was applied for heating. The strain was measured with a vacuum-resistant
high-temperature rod extensometer of type MTS 632.51F-74 (MTS Systems Corporation,
Eden Prairie, MN, USA). All experiments were performed at a test frequency of 0.0059 Hz,
which results from the attainable cooling rate of the sample from 600 to 300 ◦C during air
cooling. Thermal and mechanical cycles had a triangular wave shape. Prior to isothermal
fatigue testing, the specimens were heated up to the testing temperature at zero load
under load control and the strain setpoint was adjusted to a value of zero. To establish
true plastic-strain control, the elastic strain was subtracted from the mechanical strain
signal by adjusting the stiffness 1/EA (E means the Young’s modulus, and A denotes
the cross-sectional area of the sample) during a preliminary load-controlled test in the
pure elastic region. All subsequent tests were performed at a plastic-strain amplitude
of 0.2%. For the isothermal and thermomechanical fatigue tests, one sample was tested
under respective conditions. In TMF tests, the thermal expansion and the temperature
dependence of the Young’s modulus were additionally considered in the plastic-strain
calculation using results of preliminary tests and a 3rd degree polynomial function. Details
on the method of controlling thermomechanical fatigue tests in plastic-strain control can be
found elsewhere [24]. In-phase (IP) TMF is defined as temperature and mechanical cycling
being in phase, where out-of-phase (OP) TMF is characterized by a phase difference of 180◦.
The fatigue tests were stopped at a maximum number of 2555 cycles (in the saturation
regime), which corresponds to a test duration of five days.

A Lext OLS4000 optical microscope (Olympus Corporation, Tokyo, Shinjuku, Japan)
(OM) as well as a focused ion beam-scanning electron microscope (FIB-SEM) DualBeam
system of type FEI Helios Nanolab 600 (FEI Company, Hillsboro, OR, USA), equipped
with backscatter electron (BSE) imaging and electron backscatter diffraction (EBSD), were
utilized to investigate the coarse ferrite/austenite microstructure. The average grain sizes
were automatically evaluated based on the EBSD measurements using the TEAMTM V4.5.1
software (Version 4.5.1, Ametek, Berwyn, PA, USA). Thin foils for transmission electron
microscopy (TEM) were prepared from the fatigue specimens parallel to the stress direction,
i.e., the normal foil is perpendicular to the stress direction. The platelets were extracted by
diamond wire sawing and mechanically ground to a thickness of about 100 μm using SiC
paper. For the final thinning down to electron transparency, the foils were jet-polished with
a Struers TenuPol-5 (Struers GmbH, Nordrhein-Westfalen, Willlich, Germany) at 287 K at
a voltage of 20 V until perforation. For this purpose, the same electrolyte was applied as
used for the electrochemical surface polishing of the fatigue specimens. TEM investigation
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was conducted with a Thermo Fisher FEI Talos F200X (FEI Company, Hillsboro, OR, USA)
operated at 200 kV acceleration voltage. For scanning TEM (STEM) the high-angle annular
dark-field (HAADF) detector (FEI Company, Hillsboro, OR, USA) was applied. To enhance
chemical contrast, a small camera length of 77 mm was chosen (called HAADF-STEM). In
order to clearly depict dislocations, an intermediate camera length of 205 mm was selected
(ADF-STEM) to allow Bragg reflection to hit the detector. To identify the crystal structure of
the individual phases, selected area diffraction (SAD) patterns were recorded. The chemical
composition of the phases was measured using energy dispersive X-ray spectroscopy
(STEM-EDX). The quantification was performed with the standard analysis procedure of
the Velox software V3.1.0 (Version 3.1.0, FEI Company, Hillsboro, OR, USA).

3. Results and Discussion

3.1. Initial Microstructure

Figure 1 displays the microstructure of the DSS after initial heat treatment. In the
optical micrograph in Figure 1a the austenitic grains appear dark gray, whereas the ferrite
phase is brighter. The rolling direction of the hot-rolled material is reflected in the vertical
chain-like arrangement of the austenitic grains. Figure 1b depicts a EBSD mapping of the
DSS. The red color represents the ferrite, while the green color represents the austenite
phases. Based on the EBSD analysis, a phase fraction ratio of about 50% austenite and 50%
ferrite was determined. The average grain sizes of the ferrite and the austenitic grains yield
were 60 and 20 μm, respectively (see Figure A1). Figure 1c provides a BSE-SEM micrograph
with the corresponding EDX mapping of the elements Ni, Cr and Mo. It reveals that the
ferritic phase is rich in the elements Cr and Mo, while the austenitic phase is enriched
in the austenitic stabilizing elements Ni. The EDX analysis of the other elements (Mn,
Fe, Si) yielded no visible differences between the phases in the EDX mapping; thus, the
visualization was omitted.

   
(a) (b) (c) 

Figure 1. Microstructure of the hot-rolled DSS X2CrNiMoN22-5-3 after heat treatment. (a) Optical
microscope image (bright gray: ferrite, dark gray: austenite), (b) EBSD phase map (red: ferrite
austenite, green: austenite), (c) BSE-SEM image and the corresponding EDX mapping of the elements
Ni, Cr and Mo. (bright gray: austenite; dark gray: ferrite).

A detailed image of the precipitates within a ferritic grain is depicted in Figure 2a
Precipitates of CrN appearing as fine needles in cloud-like clusters and Cr2N as larger
needle-shaped precipitates were identified by chemical composition using STEM-EDX
mappings. The results are in good agreement with nitrides reported in References [25–27].
A closer look at the ferritic grains reveals the beginning decomposition into Fe-rich α

ferrite and Cr-rich α′ ferrite (Figure 2b). By tilting from the zone axis, even dots splitting
can be recognized in the diffraction pattern. This is clearly illustrated by the inset in
Figure 2c. The decomposed structure in the ferrite phase (Figure 2b) has been proven both
experimentally and by phase-field simulation as a key factor of phase separation kinetics in
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Fe-Cr-based alloys [28]. Obviously, the spinodal decomposition of the ferrite phase could
not be prevented by the applied heat treatment. In contrast to ferrite, the austenitic grains
exhibit no peculiarities and are single phase (results not shown here).

  
(a) (b) 

 
(c) 

Figure 2. TEM analyses of the ferrite phase of the DSS after heat treatment. (a) HAADF-STEM image
of a ferritic grain showing Cr2N and CrN phases that appear as bright contrast. (b) HAADF-STEM
image of ferrite and the corresponding EDX mapping of the elements Fe and Cr, (c) SAD pattern
taken close to the [001] zone axis. The inset indicates the splitting of the diffraction spot [440] due to
spinodal decomposition.

3.2. Isothermal Fatigue

In Figure 3a, the cyclic stress response of the DSS during the isothermal fatigue tests at
20, 300 and 600 ◦C at a plastic-strain amplitude of 0.2% is depicted. The ordinate displays
the maximum and minimum stress response of a hysteresis. The abscissa represents the
respective number of the cycle. The resulting stress response during the room temperature
test (black curve) yields a slight initial hardening at the beginning (within the first 10 cycles
by approximately ±20 MPa). During the remaining test period, the DSS reveals only a
slight softening, which is visible by the decreasing stress amplitude (from approximately
±570 to ±520 MPa). In contrast, the orange curve, which represents the isothermal fatigue
behavior at 300 ◦C, exhibits a pronounced primary hardening up to about 100 cycles
(from approximately ±400 to ±600 MPa) followed by a plateau (±600 MPa). Significant
deviations in the stress response at 300 ◦C are explained by serrated flow of the stress signal
as depicted in the exemplarily stress–total strain hysteresis loop in Figure 3b. Those rapid
stress drops followed by reloading can be attributed to DSA. The occurrence of DSA is
additionally indicated by the higher saturation stress amplitude at 300 ◦C as compared to
room temperature. The cyclic deformation curve of the isothermal fatigue test at 600 ◦C (red
curve) exhibits slight softening until failure (from approximately ±290 to ±200 MPa). The
results of the fatigue test at 600 ◦C reveal lower values of the stress amplitude compared to
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the stress response at the other test temperatures. The drop of the stress response at the end
(approximately 2000th cycle) of the test period is most likely caused by crack initiation. In
addition, Table A1 gives the yield strength R0.2, max. tensile strength Rm and the elongation
at fracture A recorded from Kolmorgen during isothermal monotonic tensile tests at 20,
300 and 600 ◦C for the interested reader [29].

  
(a) (b) 

Figure 3. (a) Cyclic stress response curves of isothermal fatigue tests (20, 300 and 600 ◦C) carried out
under plastic-strain control at a plastic-strain amplitude of 0.2% (f = 0.0059 Hz); (b) exemplary single
stress–total strain hysteresis loop of the 800th cycle of the isothermal test at 300 ◦C.

To understand the material behavior and the role of constituting phases, TEM analysis
was carried out on the samples after isothermal fatigue testing. After the fatigue test at room
temperature, dislocations (white lines, e.g., in Figure 4a) occur in preferred orientations
(two directions) in the selected austenitic grain, documenting planar slip in two active slip
systems. Furthermore, a higher dislocation density can be observed at the boundaries be-
tween neighboring austenite and ferritic grains, indicating the pileup of defects. Obviously,
phase boundaries act as barriers to dislocation glide [30,31]. Only individual dislocation
loops are visible in the ferritic grain. Detailed micrographs of the dislocation arrangements
are given Figure A2. The results of the TEM investigations (Figure 4a) reveal that the plastic
deformation is concentrated in the softer austenitic grains. These stress responses are in
accordance with the findings of Wackermann et al. [13] who tested the same material at
RT with a plastic-strain amplitude of 0.25%. Because of the slightly higher plastic-strain
amplitude as compared to the value of 0.20% used in the study presented, the resulting
stress response was slightly increased to a stress amplitude of about 610 MPa. The authors
also observed softening behavior after initial hardening in the cyclic deformation curves.
Initial hardening was attributed to dislocation formation in both phases. Wackermann
et al. correlated the extent of softening to the deformation-induced dissolution of spinodal
decomposition domains. Moreover, based on the yield strength distribution function, they
attributed the global deformation behavior of the DSS at higher plastic strain to the ferrite
phase [13]. Whether austenite also contributes to the softening behavior but could not be
determined by the yield strength distribution function analysis beyond doubt, as planar
sliding in austenitic grain was detected after all stress controlled tests (Δσ/2 = 375 MPa or
400 MPa at 475 ◦C) independent of the embrittlement state and the stress level [13].

In contrast to the sample tested at room temperature, the microstructure after isother-
mal fatigue testing at 300 ◦C reveals a high dislocation density nearby the CrxN precipitates
in the ferritic grains (Figures 4b and A3a). Detailed micrographs of the microstructure
indicate that the cluster-like structure in the ferrite remains unchanged in size (Figure A3b).
Apparently, planar gliding is also the predominant glide behavior in austenitic grains dur-
ing isothermal fatigue at 300 ◦C (Figure 4b). It can be concluded that in contrast to the room
temperature experiment, the plastic response is now governed by the dislocation arrange-
ment in the ferritic grain in accordance with previous studies by Kolmorgens et al. [1,30].

78



Metals 2022, 12, 1161

The CrxN precipitates act as obstacles for the dislocation movement (Figure A3) explain-
ing the massive hardening in the stress response curves (Figure 3a orange curve). The
sawtooth-like stress response in the stress–strain hysteresis loops (Figure 3b) is conse-
quently material-related and can be rationalized by the dislocation motion and pinning at
CrxN precipitates within the ferritic grains (Figure A3a). The DSA in ferrite at intermediate
temperatures is a well-known phenomenon [6,32].

   
(a) (b) (c) 

Figure 4. ADF-STEM images of the DSS after isothermal fatigue at (a) 20, (b) 300 and (c) 600 ◦C (PB
marks the phase boundaries).

Interestingly, new precipitates were identified in ferrite (Figure 4c).
Figure 5a depicts the details of the changed microstructure in the ferrite matrix, after

isothermal fatigue testing at 600 ◦C. Two new phases with bright and dark contrast and
with irregular shape preferably form nearby Cr2N precipitates. Furthermore, it can be
observed that the spinodal α/α’ microstructure of the ferrite dissolves in the vicinity of the
new phases, and these areas become iron-rich, which is indicative of the Fe-rich α ferrite.
In combination with STEM-EDX (Figure 5a and Table 2) and SAD analysis (Figure 5a,b),
the γ′ austenite (Ni-type, dark contrast) and the G phase (Ni16Si7Mn6-type, bright contrast)
were identified. The STEM-EDX measurements of the individual phases reveal that the
G phase is rich in the elements Si, Ni and Mo as compared to the ferritic grain. Figure 5b
displays the diffraction spots of the G phase as well as the ferrite matrix (red circles) which
are visible due to their crystallographic <111>α/<111>G relation. This observation is in
agreement with results of Mateo et al. who observed that the G phase exhibits a cube-on-
cube orientation relationship with the ferrite matrix [16]. Further, the transformation of
ferrite to γ′ austenite takes place during isothermal fatigue at 600 ◦C. This is evidenced by
the presence of the fcc structure in the diffraction pattern in Figure 5c and the enrichment
of Ni and Mn, similar to primary austenite (Table 2). Weidner et al. also observed the
formation of the γ′ austenite in addition to the G phase even during a TMF experiment in
the temperature range of 350 to 600 ◦C [22]. Only a slight depletion in Cr and Mo in the γ′
austenite was identified after aging at 850 ◦C for few hours, which was also reported by
Villanueva et al. in DSS X2CrNiMoN22-5-3 [33].

Clearly, several microstructural transformations occur simultaneously during the
isothermal fatigue test at 600 ◦C. It is stated by Weidner et al. [22] and Meteo et al. [10,16]
that CrxN precipitates as well as dislocations act as nucleation sites for the formation
of the G phase, while the precipitation of the γ′ austenite (Figure 5a) occurs due to the
lattice distortion in the vicinity of CrxN precipitates. Alternatively, the gradient in the
chemical composition, in particular the Cr gradient between the matrix and the CrxN, acts
as the driving force for precipitation [10,16]. In the vicinity of the new phases, no spinodal
decomposition of the ferrite phase was observed, most likely because the elements Si,
Mo and Ni, which facilitate the process of spinodal decomposition, segregate to the new
phases [16,22]. Mateo et al. discussed that the spinodal decomposition of ferrite is often
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accompanied by CrxN precipitation. This assumption is confirmed by the experimental
findings in this work (Figure 2) [16]. Tavares et al. also observed the formation of γ′
austenite in the decomposed interdomains of the ferrite during ageing treatment of the DSS
UNS S31803 at 800 ◦C [11]. Thus, it can be concluded that the precipitation of CrxN and the
spinodal decomposition, along with lattice distortion and the establishment of gradients in
the chemical composition of corresponding phases, give rise to the formation of secondary
phases, namely G phase and γ′ austenite.

 
(a) 

  
(b) (c) 

Figure 5. Detailed STEM images of the ferritic grain after isothermal fatigue at 600 ◦C. (a) HAADF-
STEM image of the G phase, Cr2N and γ′ austenite in a ferritic grain and the corresponding EDX
mapping of the elements N, Cr, Ni, Si, Mo, Fe and Mn. Point EDX analysis data of the phases are
given in Table 2. (b) SAD image of the G phase and the ferrite matrix along

[
111
]

G/
[
111
]
α zone axis.

(c) SAD image of γ′ austenite at [011] zone axis.
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Table 2. Chemical composition of the phases after isothermal fatigue at 600 ◦C determined by
STEM-EDX analyses (wt.%).

Element Si Cr Mn Fe Ni Mo

γ austenite 0.22 ± 0.02 20.08 ± 3.41 1.8 ± 0.3 68.4 ± 11.2 6.26 ± 1.03 2.51 ± 0.4
γ′ austenite 0.18 ± 0.02 17.94 ± 2.96 2.03 ± 0.17 70.66 ± 11.66 9.11 ± 1.51 1.09 ± 0.18
α/α′ ferrite 0.28 ± 0.03 23.79 ± 3.88 1.55 ± 0.25 66.41 ± 10.82 4.05 ± 0.66 3.92 ± 0.62

G phase 1.10 ± 0.08 20.08 ± 3.16 1.66 ± 0.25 40.36 ± 6.13 4.85 ± 0.51 31.24 ± 4.8

Less dislocations were found in the ferrite as compared to the austenite phase after
600 ◦C fatigue testing (Figure 4c). It is well-known that diffusion determines the dislocation
movement at high temperatures [34]. Further, the diffusion processes are generally faster in
bcc than in fcc materials [35]. Therefore, the faster dislocation climbing in the ferrite phase
and, in turn, the more pronounced dislocation annihilation may explain the low dislocation
density within the ferritic grains at high temperature [36]. The hard intermetallic G phase
acts as an obstacle to dislocation motion, but due to the high temperature (thermal energy)
the dislocations can climb and eventually overcome the G phase. Such a behavior is typical
for bcc materials at elevated temperatures [34]. In addition to planar glide behavior in
austenitic grains at room temperature and 300 ◦C testing, further dislocation arrangements
with an irregular appearance were found in the austenitic grains after fatigue at 600 ◦C
(Figures 4c and A4a). In the austenitic grain (Figures 4c and A4b) the more irregular
dislocation arrangement can be explained by cross slip or climbing, as these processes
are favored at high temperatures, making the overall dislocation structure more complex
compared to lower temperature fatigue tests (Figure 4a,b). Kolmorgen et al. reported that
due to the higher temperature, the ferritic grains take up more of the plastic deformation
relative to the austenite. In addition, it was demonstrated that the austenite phase possesses
sufficient strength even at high temperatures to compensate for the low strength of the
ferrite phase [1]. Both the higher temperature and the high plastic deformation in the ferrite
facilitate precipitation of secondary phases. As reported elsewhere, the ferritic phases can
only take over part of the load due to the formation of new phases and the consequent
strengthening, thus providing a relatively constant level in the stress response [16,22].

3.3. Thermomechanical Fatigue

Figure 6 displays the stress responses during TMF tests under IP and OP conditions in
the temperature range of 300 to 600 ◦C. The purple curve represents the stress response of
the DSS during TMF IP fatigue testing, while the dark red curve corresponds to the stress
amplitude during TMF OP testing. The stress at the upper load reversal point (εpl = +0.2%,
T = 600 ◦C) in the tensile stress regime during the IP TMF test loading exhibits a gradual
softening. In contrast, the cyclic deformation curve at the lower load reversal point in the
compressive stress regime (εpl = −0.2%, T = 300 ◦C) reveals initial hardening followed by a
plateau. Under OP TMF conditions, the behavior is inverse. Considering the minimum and
maximum stress response curves for IP TMF, compressive mean stress evolves. Comparing
the results of mean stresses of the two thermomechanical fatigue tests shown in Figure 6,
it is visible that the stress response during the OP loading shifts towards a higher tensile
stress level. At the end of the TMF OP curve for maximum stress, a rapid drop of the stress
amplitude appears. As a result of the high tensile mean stress, the fatigue life during OP
testing yields a value of only 1743 cycles, whereas the test in the IP mode was stopped after
2555 cycles without any visible signs of damage.
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Figure 6. Cyclic stress response curves during thermomechanical fatigue tests (IP TMF and OP TMF)
under plastic-strain control at Δεpl/2 = 0.2% (f = 0.059 Hz) in the temperature range of 300 to 600 ◦C.

The results of the TEM analysis after TMF tests in IP and OP mode are presented in
Figure 7a,b, respectively. A phase boundary can be seen diagonally in both micrographs.
In the upper left half of the figures, ferritic grains in dark contrast can be recognized. The
G phase precipitates and the formation of subgrains (visible in Figures A5 and A6) in the
ferrite phase were found for both the IP (Figure 7a) and OP (Figure 7b) TMF tests. It should
be noted that larger and less frequent G phase precipitates are observable after the TMF
test in the IP mode (IP TMF: G phase size 107 ± 24), while in the OP experiment the G
phase is slightly smaller but the density is higher (OP TMF: G phase size 67 ± 27 nm).
Few dislocations can be identified in the ferritic grain next to the precipitates (Figure A5b).
In contrast, a high dislocation density is found in the austenitic grains (Figure 7a,b). In
addition to the planar sliding behavior of dislocations, irregular dislocation structures
appear in the austenitic grain. Detailed micrographs of the dislocation arrangement and
the precipitates are given in Figure A4 (IP condition) and Figure A5 (OP condition).

  
(a) (b) 

Figure 7. ADF-STEM images of the microstructure and the dislocation arrangement after thermome-
chanical fatigue in the temperature range from 300 to 600 ◦C in (a) IP condition and (b) OP condition.
G phase appears in small white particles.
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Considering these findings, a correlation between the mechanical behavior during
isothermal and thermomechanical fatigue is drawn. In TMF tests, a hardening at 300 ◦C
and a softening at 600 ◦C is observed. This correlates well to the isothermal fatigue tests
at these temperatures leading to cyclic deformation curves that possess a similar shape.
This suggests that the stress response of the thermomechanical IP fatigue test at the upper
load reversal point (εpl = +0.2%, T = 600 ◦C) is governed by the softening typical of the
isothermal fatigue at 600 ◦C, whereas the hardening of the stress response at the lower
load reversal point (εpl = −0.2%, T = 300 ◦C) corresponds to the 300 ◦C isothermal fatigue
test. The initial strain hardening can be attributed to the interaction between nitrides
and dislocations (see isothermal fatigue at 300 ◦C). For the TMF test in the OP mode, the
opposite behavior occurs, as the high temperature regime coincides with the compressive
stresses and the low temperature regime with the tensile stresses. The different fatigue life
of the IP and OP TMF tests can be explained by the different sign of the mean stress (i.e., IP:
negative, and OP: positive) as discussed above. Obviously, the mean compressive stress in
the IP mode has a positive influence on the fatigue life of the material studied, while the
reduced material strength at higher temperature (compression) results in a tensile mean
stress in the OP TMF test and therefore decreases the life due to earlier crack initiation.

Taking into account the results from isothermal 300 and 600 ◦C fatigue tests, it can
be concluded that in the low temperature regime of TMF tests, dislocations are created
that pile up at precipitates or phase boundaries (Figure 4b), while at higher temperatures
recovery processes take place (dislocation reactions and annihilation) (Figure 4c) resulting
in a reduction in the dislocation density in ferrite. Due to the high cyclic plastic deformation
of the ferrite phase at alternating temperatures of TMF cycling (300–600 ◦C), a dislocation
rearrangement to subgrain forms (cf. Figures A5 and A6). Kolmorgen et al. reported a
similar experimental finding and concluded that the fragmentation of ferrite grains into
subgrains during TMF experiments results from the superposition of cyclic mechanical
and thermal loading [1]. Furthermore, Mateo et al. found that the subgrain formation
during thermal cycles is accompanied by spinodal decomposition, which further promotes
the formation of the G phase at the subgrains [16]. The formation of the G phase at the
subgrain boundaries was also identified in this study (Figure A6b). Similar to the 600 ◦C
isothermal tests, G phase precipitation was also observed in TMF testing, indicating that
the temperature range applied lay sufficiently high to allow G phase formation. These
observations are in agreement with those in other works [1,16]. It should be noted that
the G phase precipitates found after TMF testing were significantly finer as compared to
those formed during the isothermal fatigue test at 600 ◦C (G phase size 434 nm ± 178 nm)
(compare Figures 4c and 7) as the average temperature of TMF is lower. A direct comparison
of the G phase size formed during TMF in IP and OP TMF modes demonstrates that the
larger G phase precipitates were observed after the IP TMF test (compare Figure 7a,b). The
G phase precipitates have a longer time to grow due to the longer test duration of the IP
TMF experiment in comparison to the corresponding OP test. The time period at high
temperatures during TMF testing seems to be not sufficient to form the γ′ austenite that
occurs only in the isothermal 600 ◦C fatigue test (Figure 4c). Finally, the phenomenon of
the 475 ◦C embrittlement was not detected during the TMF tests (in stress responses) in
the temperature range between 300 and 600 ◦C. However, the decomposed structure in the
ferrite phase was still present after the TMF experiments (Figure A6). It should be noted
that results demonstrated in this work represent post-mortem studies, and the cluster-like
ferrite segregation probably occurs during cooling down to room temperature. It should
further be stressed that even quenching after the standard heat treatment cannot prevent
the spinodal decomposition. These results are consistent with those of Weidner et al. [22]
who also did not observe the 475 ◦C embrittlement during TMF tests of the DSS in the
temperature range between 350 and 600 ◦C as the temporary heating to temperatures above
550 ◦C counteracts 475 ◦C embrittlement.
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4. Summary

Isothermal (20, 300 and 600 ◦C) and thermomechanical fatigue tests using the tem-
perature range 300–600 ◦C were performed on the duplex steel X2CrNiMoN22-5-3 with
a plastic-strain amplitude Δεpl/2 = 0.2% and a testing frequency f = 0.0059 Hz. The main
results can be summarized as follows:

Isothermal Fatigue tests at 20 ◦C: A continuous softening of the duplex steel was observed
during room temperature fatigue test. The austenite phase exhibits a pronounced planar
slip behavior.
Isothermal Fatigue tests at 300 ◦C: A pronounced primary hardening was observed, which
is caused by the interaction between dislocations and nitrides. Planer slip prevails in the
austenitic grains.
Isothermal Fatigue tests at 600 ◦C: The cyclic stress amplitude during the isothermal fa-
tigue test is at a low level. The material studied exhibits softening throughout the whole
fatigue test. A further precipitation of chromium nitrides as well as the formation of the
G phase and secondary γ′ austenite leads to a significant change in the microstructure of
the ferritic grains. The low dislocation density observed in the ferrite phase is attributed
to pronounced recovery processes. In the austenitic grains, a more irregular and wavy
dislocation arrangement prevails.
IP TMF: During TMF loading in the IP mode a negative mean stress results, which has
a positive effect on fatigue life. The cyclic behavior in the stress response of the TMF
test can be correlated with the corresponding stress responses of the isothermal fatigue
tests at 300 and 600 ◦C. Furthermore, initial cyclic hardening (300 ◦C) can be attributed
to interaction between nitrides and dislocations (DSA). While a significant amount of the
G phase was found in ferrite, no secondary γ′ austenite was observed. Additionally, the
formation of subgrains in the ferrite was observed. The plastic deformation of the austenitic
grains results in an unordered dislocation arrangement.
OP TMF: TMF in the OP mode results in a tensile mean stress, which leads to premature
failure. A comparison of the stress response of OP and IP TMF clearly shows a very similar
behavior. Analogously to the corresponding TMF test in IP mode, secondary γ′ austenite
does also not form under OP conditions. The main microstructural difference caused by
the T-εpl-phasing seem to be the finer morphology of the G phase precipitates.
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Appendix A

  
(a) (b) 

Figure A1. EBSD Crystallographic orientation—inverse pole figure coloring map for austenite (a) and
ferrite (b) of the hot-rolled DSS X2CrNIMoN22-5-3 after heat treatment.

  
(a) (b) 

Figure A2. Detailed STEM images of the dislocation arrangement in an austenitic (a) and a ferritic
grain (b) after isothermal fatigue at 20 ◦C.
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(a) (b) 

Figure A3. (a,b) detailed STEM images of the dislocation arrangement and precipitates in the ferrite
after isothermal fatigue at 300 ◦C.

  
(a) (b) 

Figure A4. Detailed STEM images of the dislocation arrangement in a ferritic (a) and an austenitic
grain (b) after isothermal fatigue at 600 ◦C.
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(a) (b) 

 
(c) 

  
(d) (e) 

Figure A5. Detailed STEM images of the dislocation arrangement in austenite (a) and ferrite (b) and
STEM-ADF image of precipitates in ferrite and (c) the corresponding EDX mapping of the highlighted
area in (b) of the elements N, Cr, Ni, Si, Mo, Fe and Mn after thermomechanical fatigue in IP
condition. (d,e): Diffraction pattern on the CETA camera in STEM mode of the marked locations in
(c) (1. corresponds to (d), 2. corresponds to (e)). Serval degrees of tilt difference between (d) in ferrite
<111> ZA and (e).
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(a) (b) 

 
(c) 

Figure A6. Detailed STEM images of the dislocation arrangement in austenite (a), and precipitates in
ferritic grain (b,c) STEM-ADF image of precipitates in ferrite and the corresponding EDX mapping of
the elements N, Cr, Ni, Si, Mo, Fe and Mn after thermomechanical fatigue in OP condition.

Table A1. Yield strength R0.2, max. tensile strength Rm and the elongation at fracture A of isothermal
monotonic tensile tests at a strain rate of 1 × 10−4 s−1 of DSS 1.4462 at 20, 300 and 600 ◦C [29].

Temperature (◦C) 20 300 600

R0.2 (MPa) 490 330 250
Rm (MPa) 730 680 350

A (%) 42 28 27

References

1. Kolmorgen, R.; Biermann, H. Thermo mechanical fatigue behaviour of a duplex stainless steel in the range of 350–600 ◦C. Int.
J. Fatigue 2014, 65, 2–8. [CrossRef]

2. Nani Babu, M.; Sasikala, G.; Shashank Dutt, B.; Venugopal, S.; Albert, S.K.; Bhaduri, A.K.; Jayakumar, T. Investigation on
influence of dynamic strain ageing on fatigue crack growth behaviour of modified 9Cr–1Mo steel. Int. J. Fatigue 2012, 43, 242–245.
[CrossRef]

88



Metals 2022, 12, 1161

3. Avalos, M.; Alvarez-Armas, I.; Armas, A.F. Dynamic strain aging effects on low-cycle fatigue of AISI 430F. Mater. Sci. Eng. A 2009,
513–514, 1–7. [CrossRef]

4. Kolmorgen, R.; Biermann, H. Thermo-mechanical fatigue behaviour of a duplex stainless steel. Int. J. Fatigue 2012, 37, 86–91.
[CrossRef]

5. Tsuzaki, K.; Hori, T.; Maki, T.; Tamura, I. Dynamic strain aging during fatigue deformation in type 304 austenitic stainless steel.
Mater. Sci. Eng. 1983, 61, 247–260. [CrossRef]

6. Gironès, A.; Llanes, L.; Anglada, M.; Mateo, A. Dynamic strain ageing effects on superduplex stainless steels at intermediate
temperatures. Mater. Sci. Eng. A 2004, 367, 322–328. [CrossRef]

7. Wackermann, K.; Christ, H.-J. Identifying the effect of 475 ◦C embrittlement on the cyclic stress-strain response of duplex stainless
steel by means of the change in the yield stress distribution. Adv. Mater. Res. 2014, 891–892, 458–463. [CrossRef]

8. Sahu, J.K.; Krupp, U.; Ghosh, R.N.; Christ, H.-J. Effect of 475 ◦C embrittlement on the mechanical properties of duplex stainless
steel. Mater. Sci. Eng. A 2009, 508, 1–14. [CrossRef]

9. Cortie, M.B.; Pollak, H. Embrittlement and aging at 475 ◦C in an experimental ferritic stainless steel containing 38 wt.% chromium.
Mater. Sci. Eng. A 1995, 199, 153–163. [CrossRef]

10. Llanes, L.; Mateo, A.; Violan, P.; Méndez, J.; Anglada, M. On the high cycle fatigue behavior of duplex stainless steels: Influence
of thermal aging. Mater. Sci. Eng. A 1997, 234–236, 850–852. [CrossRef]

11. Tavares, S.S.M.; de Noronha, R.F.; da Silva, M.R.; Neto, J.M.; Pairis, S. 475 ◦C Embrittlement in a duplex stainless steel UNS
S31803. Materials Res. 2001, 4, 237–240. [CrossRef]

12. Weng, K.L.; Chen, H.R.; Yang, J.R. The low-temperature aging embrittlement in a 2205 duplex stainless steel. Mater. Sci. Eng. A
2004, 379, 119–132. [CrossRef]

13. Wackermann, K. Einfluss einer zyklischen Belastung auf die Versprödungskinetik von Legierungen am Beispiel der 475 ◦C-
Versprödung von Duplexstahl und der Dynamischen Versprödung einer Nickelbasislegierung. Ph.D. Thesis, University of Siegen,
Siegener Werkstoffkundliche Berichte, Siegen, Germany, July 2015. Available online: https://nbn-resolving.org/urn:nbn:de:hbz:
467-9717 (accessed on 19 May 2022).

14. Sahu, J.K. Effect of 475 ◦C Embrittlement on the Fatigue Behaviour of a Duplex Stainless Steel. Ph.D. Thesis, University of Siegen,
Siegener Werkstoffkundliche Berichte, Siegen, Germany, October 2008. Available online: Https://nbn-resolving.org/urn:nbn:de:
hbz:467-3774 (accessed on 19 May 2022).

15. Gunn, R. Duplex Stainless Steels: Microstructure, Properties and Applications, 1st ed.; Woodhead Publishing Series in Metals and
Surface Engineering: Cambridge, UK, 1997; pp. 94–104.

16. Mateo, A.; Llanes, L.; Anglada, M.; Redjaimia, A.; Metauer, G. Characterization of the intermetallic G-phase in an AISI 329 duplex
stainless steel. J. Mater. Sci. 1997, 32, 4533–4540. [CrossRef]

17. Matsukawa, Y.; Takeuchi, T.; Kakubo, Y.; Suzudo, T.; Watanabe, H.; Abe, H.; Toyama, T.; Nagai, Y. The two-step nucleation of
G-phase in ferrite. Acta Mater. 2016, 116, 104–113. [CrossRef]

18. Tang, X. Sigma Phase Characterization in AISI 316 Stainless Steel. Microsc. Microanal. 2005, 11, 78–79. [CrossRef]
19. Magnabosco, R. Kinetics of sigma phase formation in a Duplex Stainless Steel. Mater. Res. 2009, 12, 321–327. [CrossRef]
20. Armas, A.F.; Petersen, C.; Schmitt, R.; Avalos, M.; Alvarez-Armas, I. Mechanical and microstructural behaviour of isothermally

and thermally fatigued ferritic/martensitic steels. J. Nucl. Mater. 2002, 307–311, 509–513. [CrossRef]
21. Krupp, U.; Söker, M.; Giertler, A.; Dönges, B.; Christ, H.-J.; Wackermann, K.; Boll, T.; Thuvander, M.; Marinelli, M.C. The potential

of spinodal ferrite decomposition for increasing the very high cycle fatigue strength of duplex stainless steel. Int. J. Fatigue 2016,
93, 363–371. [CrossRef]

22. Weidner, A.; Kolmorgen, R.; Kubena, I.; Kulawinski, D.; Kruml, T.; Biermann, H. Decomposition and precipitation process during
thermo-mechanical fatigue of duplex stainless steel. Metall. Mater. Trans. A 2016, 47, 2112–2124. [CrossRef]

23. Dönges, B.; Fritzen, C.P.; Christ, H.J. Experimental Investigation and Simulation of the Fatigue Mechanisms of a Duplex Stainless
Steel under HCF and VHCF Loading Conditions. Key Eng. Mater. 2015, 664, 267–274. [CrossRef]

24. Bauer, V. Verhalten Metallischer Konstruktionswerkstoffe unter Thermomechanischer Belastung—Experimentelle Charakter-
isierung und Modellmäßige Beschreibung. Ph.D. Thesis, University of Siegen, Berichte aus der Werkstofftechnik, Shaker Verlag,
Aachen, Germany, July 2007.

25. Chan, K.W.; Tjong, S.C. Effect of secondary phase precipitation on the corrosion behavior of duplex stainless steels. Materials
2014, 7, 5268–5304. [CrossRef] [PubMed]

26. Sicupira, D.C.; Cardoso Junior, R.; Bracarense, A.Q.; Frankel, G.S.; Lins, V.d.F.C. Cyclic polarization study of thick welded joints
of lean duplex stainless steel for application in biodiesel industry. Mater. Res. 2017, 20, 161–167. [CrossRef]

27. Holländer Pettersson, N.; Lindell, D.; Lindberg, F.; Borgenstam, A. Formation of chromium nitride and intragranular austenite in
a super duplex stainless steel. Metall. Mater. Trans. A 2019, 50, 5594–5601. [CrossRef]

28. Zhou, J.; Odqvist, J.; Höglund, L.; Thuvander, M.; Barkar, T.; Hedström, P. Initial clustering—A key factor for phase separation
kinetics in Fe–Cr-based alloys. Scr. Mater. 2014, 75, 62–65. [CrossRef]

29. Kolmorgen, R. Das Thermomechanische Ermüdungsverhalten eines Ferritisch-Austenitischen Duplexstahls im Temperaturbereich
100 ◦C bis 600 ◦C. Ph.D. Thesis, Technische Universität Bergakademie Freiberg Papierflieger Verlag GmbH, Clausthal-Zellerfeld,
Germany, November 2020.

89



Metals 2022, 12, 1161

30. Kolmorgen, R.; Weidner, A.; Biermann, H. Deformation and microstructure evolution of a duplex stainless steel under out-of-phase
thermo-mechanical fatigue. Mater. High Temp. 2013, 30, 77–82. [CrossRef]

31. Duber, O.; Kunkler, B.; Krupp, U.; Christ, H.-J.; Fritzen, C. Experimental characterization and two-dimensional simulation of
short-crack propagation in an austenitic–ferritic duplex steel. Int. J. Fatigue 2006, 28, 983–992. [CrossRef]

32. Hereñú, S.; Alvarez-Armas, I.; Armas, A.F. The influence of dynamic strain aging on the low cycle fatigue of duplex stainless
steel. Scr. Mater. 2001, 45, 739–745. [CrossRef]

33. Villanueva, D.M.E.; Junior, F.C.P.; Plaut, R.L.; Padilha, A.F. Comparative study on sigma phase precipitation of three types of
stainless steels: Austenitic, superferritic and duplex. Mater. Sci. Technol. 2006, 22, 1098–1104. [CrossRef]

34. Zhang, J.-S. High Temperature Deformation and Fracture of Materials, 1st ed.; Elsevier: Sawston, Cambridge, UK, 2010; pp. 359–365.
35. Heumann, T. Diffusion in Metallen: Grundlagen, Theorie, Vorgänge in Reinmetallen und Legierungen, 1st ed.; Springer: Berlin/Heidelberg,

Germany, 1992; pp. 128–135.
36. Miller, M.K.; Bentley, J. APFIM and AEM investigation of CF8 and CF8M primary coolant pipe steels. Mater. Sci. Technol. 1990, 6,

285–292. [CrossRef]

90



Citation: Khayatzadeh, A.; Guth, S.;

Heilmaier, M. Comparison of the

Internal Fatigue Crack Initiation and

Propagation Behavior of a Quenched

and Tempered Steel with and without

a Thermomechanical Treatment.

Metals 2022, 12, 995. https://doi.org/

10.3390/met12060995

Academic Editor: Francesco

Iacoviello

Received: 12 May 2022

Accepted: 8 June 2022

Published: 10 June 2022

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2022 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

metals

Article

Comparison of the Internal Fatigue Crack Initiation and
Propagation Behavior of a Quenched and Tempered Steel with
and without a Thermomechanical Treatment

Amin Khayatzadeh *, Stefan Guth and Martin Heilmaier

Institute for Applied Materials (IAM-WK), Department of Mechanical Engineering,
Karlsruhe Institute of Technology, Engelbert-Arnold-Str. 4, 76131 Karlsruhe, Germany;
stefan.guth@kit.edu (S.G.); martin.heilmaier@kit.edu (M.H.)
* Correspondence: amin.khayatzadeh@kit.edu; Tel.: +49-721-608-44159

Abstract: Previous studies have shown that a thermomechanical treatment (TMT) consisting of
cyclic plastic deformation in the temperature range of dynamic strain aging can increase the fatigue
limit of quenched and tempered steels by strengthening the microstructure around non-metallic
inclusions. This study considers the influence of a TMT on the shape, size and position of crack-
initiating inclusions as well as on the internal crack propagation behavior. For this, high cycle fatigue
tests on specimens with and without TMT were performed at room temperature at a constant stress
amplitude. The TMT increased the average lifetime by about 40%, while there was no effect of the
TMT on the form or size of critical inclusions. Surprisingly, no correlation between inclusion size
and lifetime could be found for both specimen types. There is also no correlation between inclusion
depth and lifetime, which means that the crack propagation stage covers only a small portion of the
overall lifetime. The average depth of critical inclusions is considerably higher for TMT specimens
indicating that the strengthening effect of the TMT is more pronounced for near-surface inclusions.
Fisheye fracture surfaces around the critical inclusions could be found on all tested specimens. With
increasing fisheye size, a transition from a smooth to a rather rough and wavy fracture surface could
be observed for both specimen types.

Keywords: non-metallic inclusion; thermomechanical treatment (TMT); inclusion area; inclusion
shape; inclusion depth; fisheye formation; crack initiation

1. Introduction

Since fatigue crack initiation and growth is one of the significant causes of structural
failure in engineering applications, there is a considerable demand for steels with high
fatigue strength in the industry [1,2]. SAE4140 quenched and tempered steel is one of
the most favorable steels for applications involving cyclic loading due to its high fatigue
strength [3]. It is well-known that the lifetime of quenched and tempered steels in the
high cycle fatigue (HCF) and very high cycle fatigue (VHCF) regimes are limited by crack
initiation at internal inhomogeneities and non-metallic inclusions [4–7]. Normally, frac-
ture surfaces of HCF and VHCF failures exhibit not only crack initiation at non-metallic
inclusions but also fisheye formation around these critical inclusions [7,8]. Fisheye-forming
cracks propagate in a vacuum until the free surface of the component or the specimen is
reached and then surface crack propagation under the influence of the ambient atmosphere
takes place [9]. The fisheye formation may take place in two stages forming a fine granular
area (FGA) around the crack initiating inclusion and a neighboring smooth area (SA).
Results of Stanzl-Tschegg et al. show that the smooth area of a fisheye may be followed by
a rougher fracture surface indicating a more ductile fracture mode [10,11]. The crack propa-
gation stage forming the rougher fracture surface was identified as the Paris regime [10].
However, it is noticeable that FGA formation may not necessarily be detectable for internal
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crack initiation [12]. There are several studies about steel cleanliness and control of non-
metallic inclusions to minimize the negative influence of critical inclusions and improve
the fatigue strength [13,14]. In addition, the study of non-metallic inclusions, in particular
with respect to their type, area, shape and position, is of high interest in order to predict
the fatigue strengths of engineering steels and allow for safe design [1,15–19]. Besides
approaches to enhance the purity of steels and minimizing critical inclusion formation
during steel production, a thermomechanical treatment (TMT) in the temperature range of
maximum dynamic strain aging (DSA) is another approach to increase the fatigue strength
of steels by strengthening the microstructure around the inclusions after the steel produc-
tion [20,21]. Increasing the fatigue limits of SAE4140 in the HCF and VHCF regimes by a
TMT was recently shown in [22]. It is assumed that during the TMT, plastic deformation in
the temperature range of DSA introduces a more stable dislocation structure around the
non-metallic inclusions, which delays or prevents crack initiation thus resulting in higher
HCF lifetimes and increased fatigue strengths [20]. However, the detailed mechanisms
occurring in the vicinity of inclusions during a TMT are still unknown. Further, it is unclear
whether the shape, area and position relative to the surface (e.g., depth) of an inclusion
influence the effectiveness of a TMT or whether a TMT may affect the shape, area and
position of critical crack-initiating inclusions. The shape, size and inclusion depth of crack-
initiating non-metallic inclusions were investigated and analyzed by other researchers.
However, these investigations are mostly simulation-based [15,23]. There are experimental
investigations reporting no correlation between the areas of critical non-metallic inclusions
or inclusion depth and lifetime (Nf ) [9,24,25]. However, other studies showed that the
area and inclusion depth of critical inclusions decreases with increasing lifetime [18,26]. In
order to analyze the influence of non-metallic inclusions on the fatigue behavior, various
parameters such as type, shape, area, distribution and applied stress should be taken
into account and this makes the fatigue behavior analysis rather complex [17,27]. In this
study, we systematically investigate the influence of shape, area and position of critical
non-metallic inclusions on the high cycle fatigue lifetime of the steel SAE4140 in a quenched
and tempered state. In a second step, we study whether a TMT, which increases the fatigue
limit and the fatigue lifetime in the HCF regime [22], affects the shape, area and position
of critical inclusions and whether the effectiveness of the TMT is influenced by these pa-
rameters. The goal of the study is to gain a better understanding of how the TMT and the
inclusion parameters interact. For this, stress-controlled high cycle fatigue tests at room
temperature were conducted on round specimens of quenched and tempered specimens
and on additionally thermomechanically treated specimens of SAE4140. In order to rule
out the influence of load amplitude, all fatigue tests were conducted with a constant stress
amplitude. Fracture surfaces, fisheyes and inclusions were investigated using scanning
electron microscopy (SEM) and energy dispersive X-ray spectroscopy (EDX).

2. Materials and Experimental Procedure

The investigated material is the steel SAE4140 (according to EN ISO 683-2, German
designation: 42CrMo4) in quenched and tempered state. The chemical composition is given
in Table 1. The material was delivered in soft-annealed state in the form of round bars from
which a near-net-shape geometry of the specimens was machined by turning.

Table 1. Chemical composition of the test material in wt.%.

C Si Mn P S Cr Mo Fe

0.430 0.259 0.743 0.012 0.039 1.060 0.207 Balance

After the quenching and tempering, the specimen geometries were again machined to
avoid dimensional changes after heat treatment. The final specimen geometry for fatigue
testing can be seen in Figure 1.
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Figure 1. Specimen geometry used for experiments [28].

The initial heat treatment was conducted in a vacuum furnace and included austeniti-
zation at 840 ◦C for about 20 min, quenching in oil to reach room temperature and finally
tempering at 180 ◦C for 2 h. After the heat treatment, a fully martensitic microstructure was
obtained. In this state, the material exhibits a 0.2% yield strength of about 1500 MPa and
ultimate tensile strength of 1900 MPa [29], which correlates to a hardness of 594 ± 5 HV 0.5.
The hardness reduction due to the TMT, which takes place at 265 ◦C, is not significant [22].
The fatigue tests as well as the TMT were conducted on a servohydraulic push–pull testing
machine with a capacity of 100 kN. The force was measured with a 100 kN force transducer.
The TMT was conducted at a temperature of 265 ◦C, which was identified as temperature
where the DSA effects are most pronounced [22]. The specimens were heated inductively
to this temperature at zero stress and were kept in this state for 15 s soaking time. Then
the cyclic mechanical treatment of the TMT was applied with a sinusoidal waveform at a
frequency of 1 Hz and a gradually increasing stress amplitude according to the procedure
described in [20]. The starting stress amplitude was 600 MPa and the maximum stress
amplitude was 1600 MPa with a step of 100 MPa between individual stress amplitudes.
At each stress amplitude, 5 cycles were applied. The total time of a specimen at 265 ◦C
during the TMT was 70 s. A more detailed description of the TMT can be found in [22].
Specimens with thermomechanical treatment are designated as TMT specimens, while
the specimens after the initial heat treatment served as a reference in the fatigue tests and
are designated as heat treated (HT) specimens. Figure 2 shows micrographs of polished
and etched longitudinal sections of an HT and a TMT specimen in the initial state. Both
specimens exhibit a fully martensitic microstructure. There are no significant differences
between HT and TMT specimens, which was expected since the annealing time of 70 s
during the TMT at 265 ◦C is too short to cause changes that can be observed by light
microscopy.

Figure 2. Representative light microscopic images of polished and etched longitudinal sections. The
etchant was Nital. (a) HT specimen; (b) TMT specimen.
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Both, TMT specimens and HT specimens were cycled in stress-controlled tests at room
temperature until fracture. For cycling, a sinusoidal waveform with a frequency of 50 Hz
was applied. The stress amplitude for all tests was 775 MPa with a load ratio of R = −1
(fully reversed loading). The stress amplitude of 775 MPa was chosen because it typically
produces internal crack initiation at non-metallic inclusions as well as fisheye formation for
both HT and TMT specimens [22]. The obtained lifetimes were between 1 and 10 million
cycles. An SEM (Carl ZeissAG, Oberkochen, Germany) was used in secondary electron
(SE) mode to analyze the fracture surfaces of specimens. The sizes and depths of inclusions
and the sizes of fisheyes were measured using SEM images and the software KLONK
image measurement (15.1.2.1, Image Measurement Corporation, Cheyenne, WY, USA). The
inclusion depth was defined as minimum distance between the inclusion center and the
surface. EDX (Thermo Fisher Scientific Inc., Waltham, MA, USA) was applied to determine
the chemical composition of the non-metallic inclusions on fracture surfaces.

3. Results and Discussion

3.1. Lifetime Results

Figure 3 presents the fatigue lifetimes of all tested specimens (eight HT specimens
and eight TMT specimens) at the constant stress amplitude of 775 MPa. In the considered
lifetime regime, the TMT improved the average lifetime by about 40%, which is assumed to
be a result of stabilization of the dislocation structure around inclusions and is consistent
with the results of previous studies [21,22].

Figure 3. Fatigue lifetime analysis of HT and TMT specimens at given stress amplitude of 775 MPa.
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3.2. Type and Form of Critical Non-Metallic Inclusions on the Fracture Surface

All tested specimens fractured due to cracks that initiated at inclusions in the volume.
Chemical composition analysis using EDX showed that for both TMT and HT specimens
the critical crack initiating inclusions were always oxides of type AlCaO. Figure 4 shows a
representative SEM image of a crack-initiating inclusion along with the appropriate EDX
mapping.

 

Figure 4. EDX mapping analysis of a crack-initiating inclusion. (a) SEM image; (b) O content; (c) Al
content; (d) Ca content; (e) Fe content.

It was reported elsewhere that AlCaO oxides are typically the most harmful ones for
internal fatigue crack initiation in SAE4140 [30]. Figure 5 shows typical critical inclusions
on fracture surfaces. There are eye-shaped inclusions including sharp edges on one axis,
which are produced during the rolling process [17], and round inclusions without sharp
edges. Both forms of critical inclusions were found on the fracture surfaces of both the HT
and TMT specimens.

 

Figure 5. SEM images from two typical non-metallic inclusion shapes. (a) Eye-shaped inclusion with
two sharp edges—HT specimen; (b) Round inclusion—TMT specimen.
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Figure 6 shows two critical inclusions of TMT specimen fracture surfaces, which
cannot be categorized into round or eye-shaped. Instead, these inclusions exhibit rather
angular shapes, but without sharp edges. Nevertheless, also these inclusions were oxides
of type AlCaO.

Figure 6. Critical inclusions. (a,b) with angular shape of TMT specimens.

3.3. Area, Shape and Maximum Stress Intensity Factor (Kmax,Inc) of Non-Metallic Inclusion

Figure 7 shows the area of critical inclusions of TMT and HT specimens versus the
fatigue lifetime for the constant stress amplitude of 775 MPa. The markers indicate the
form of critical inclusion. For both HT and TMT specimens, the area of critical non-metallic
inclusions scatters considerably. However, for both specimen types, no significant influence
of the inclusion area on the lifetime can be observed. This is somewhat surprising since
one might expect that for the given constant stress amplitude, larger inclusions lead to
earlier crack initiation and thus shorter lifetimes. However, other studies have also shown
that the HCF lifetime of steels after crack initiation at internal inclusions is independent of
the inclusion area [9,24]. The average area of critical inclusions is slightly larger for TMT
specimens than for HT specimens. Since the TMT has no influence on the inclusion size
distribution, this slight effect is presumably due to the scatter of the inclusion sizes in the
specimens. It can be seen that all round and angular-shaped critical inclusions for both
HT and TMT specimens exhibit a square root area greater than about 35 μm. All critical
inclusions with square root areas smaller than about 35 μm are eye-shaped with sharp
edges. Hence, smaller inclusions with sharp edges can be as detrimental as larger ones
without sharp edges, which can be explained by the stress concentration near the sharp
edges [15,16]. Therefore, the area of inclusion is not the only significant parameter, which
determines whether it can become a critical crack initiating inclusion.

With the measured area of the crack-initiating inclusions, the maximum stress intensity
factor for subsurface inclusions can be derived with the following Equation (1):

Kmax,Inc= 0.5 × σmax ×
√

π×√
areainc (1)

For a square root of the inclusion area of 35 μm, Kmax, Inc is about 4.05 MPa.m1/2,
which is apparently the required minimum to induce a fatigue crack from inclusions
without sharp edges. For eye-shaped inclusions featuring sharp edges, the required value
of Kmax, Inc is accordingly lower.
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Figure 7. Area of critical inclusions for specimens with TMT and HT versus lifetime at σa = 775 MPa.

3.4. Influence of Inclusion Depth on the Fatigue Lifetime

Figure 8 compares the lifetimes of three HT specimens, which initiated cracks at
inclusions of a similar size and form, but at various distances from the surface (inclusion
depth). Apparently, the inclusion depth does not correlate with the lifetime. It can be
assumed that due to the detrimental effect of air moisture, the crack propagation rate is
much higher for an internal crack that has reached the surface than for a crack that is still in
the fisheye stadium [11]. Consequently, the lifetime period spent in the crack propagation
stage should be longer when the critical inclusion is located at a larger distance from the
surface. Since the results indicate no obvious influence of inclusion depth which is in
good agreement with other investigations in the HCF regime [24,25], we can infer that the
lifetime is mostly governed by the period before crack initiation and the crack propagation
stage occupies only a small percentage of the total lifetime. We assume that this is true for
both HT and TMT specimens. Hence, the observed longer lifetimes for TMT specimens
(see Figure 3) result presumably from longer periods until crack initiation, which is in
accordance with the assumed TMT strengthening mechanism of a more stable dislocation
structure around the inclusions. The parameter, which causes a lifetime scatter of about
factor three for critical inclusions with almost the same size and form under constant stress
amplitude and the same specimen state (Figure 8), remains unclear.

3.5. Fisheye Formation and Inclusion Depth

Fracture surface analyses of both TMT and HT specimens show the formation of
fisheyes around all the critical inclusions. Figure 9 shows typical fracture surfaces of three
specimens. As it can be seen from Figure 9a,b, cracks initiate at the inclusion inside the
volume and the inclusion is surrounded by the fisheye. Both fisheyes exhibit a smooth area
(SA) until reaching the surface and no obvious changes in the fisheye surface structure
can be observed. As soon as the fisheye reaches the surface, oxidation-assisted fatigue
crack growth begins. In this stage, the cracks grow predominantly away from the touching
surface, as can be seen in Figure 9c. Hence, the formation of the nearly round fisheye ends
as soon as the internal crack reaches the surface. The fisheye presented in Figure 9c shows a
transition from smooth (SA) to rougher (RA) fracture surface with a wavy structure of radi-
ally extended peaks and troughs. A similar transition of the fisheye surface characteristics

97



Metals 2022, 12, 995

was reported by Stanzl-Tschegg et al. [10,11] who found that the transition from smooth to
rough fisheye surface goes along with a significant increase in crack propagation rate [11].

Figure 8. Evaluating the effect of inclusion depth on the lifetime for HT specimens at σa = 775 MPa.

Figure 10a,b show the fisheye radius and the inclusion depth over the fatigue lifetime,
respectively. The data points in both diagrams correlate strongly, which confirms that
fisheyes grow in circular form starting from the critical inclusion until they reach the
surface. For both TMT and HT specimens there is no clear relation between inclusion
depth or fisheye radius and lifetime. As already discussed in Section 3.4, this means
that the lifetime portion in the crack propagation stage is relatively small. The fisheye
sizes and the corresponding inclusion depths of TMT specimens are significantly larger
than for HT specimens. This indicates that the TMT has a better strengthening effect on
inclusions near the surface compared to the inclusions located deeper in the volume, thus
shifting the crack initiation site further into the volume. Possibly, the plastic deformation
during the TMT is more pronounced in near-surface regions because the respective grains
have no neighboring grains in the direction to the surface. It could also be that a radial
temperature gradient in the specimen’s gauge length occurred during the TMT. The TMT
temperature of 265 ◦C was reached by inductive heating and was measured and controlled
at the specimen surface. The soaking time at 265 ◦C before the mechanical loading starts
is only 15 s in order to minimize purely thermal effects. Hence, it is possible that the
specimens were not completely heated through when the mechanical loading began. If the
temperature in the specimen center would be significantly lower, the strengthening DSA
effects might be less effective. If that were the case, an even better increase in the fatigue
lifetime and fatigue strength might be possible with a more homogeneous temperature
distribution in the treated volume. This may be reached with a longer soaking time at
the TMT temperature before the mechanical loading begins. Figure 10 also indicates the
fisheye surface structure showing that, for fisheye radii below 300 μm, the fisheye surface
has only a smooth structure, while for radii above 300 μm, a smooth and a rougher, wavy
structure as in Figure 9c could be observed. This is true for both TMT and HT specimens.
With increasing fisheye radius, the roughness and waviness of the fracture surface becomes
more pronounced. The transition from smooth to the rough fisheye structure occurred
always at a radius of about 300 μm. The corresponding stress intensity factor according
to Equation (1) is about 15.8 MPa.m1/2, which may be identified as the transition stress
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intensity factor to the Paris regime [10]. Obviously, if the fisheye reaches the surface before
this value is reached, only a smooth fisheye structure is formed. Hence, it depends mainly
on the inclusion depth whether a fisheye grows in one or two stages. The results indicate
that the TMT has no influence on the fisheye formation and thus on the crack propagation.
This was expected since the TMT is supposed to strengthen the microstructure very close
to the inclusions and not in the bulk.

Figure 9. Fisheye formation analysis of fracture surfaces at a stress amplitude of 775 MPa. (a) TMT
specimen, inclusion is surrounded by a smooth fisheye (fisheye formation in a single stage,
Nf = 4,932,070 cycles, inclusion depth = 125 μm); (b) HT specimen, inclusion is surrounded by a
smooth fisheye (fisheye formation in a single stage, Nf = 6,722,705 cycles, inclusion depth = 180.8 μm);
(c) TMT specimen, inclusion is surrounded by a small smooth fisheye around the inclusion and a
bigger rough fisheye around the smooth one (fisheye formation in two stages, Nf = 9,706,545 cycles,
inclusion depth = 1.3 mm).
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Figure 10. (a) Fisheye radius versus lifetime at σa = 775 MPa. (b) Inclusion depth versus lifetime at
σa = 775 MPa.

4. Conclusions

In this study the influence of thermo-mechanical treatment (TMT) on the lifetime,
internal crack initiation and crack propagation behavior under high cycle fatigue loading
at a constant stress amplitude of 775 MPa was investigated. The results can be summarized
as follows:

(1) For the tested stress amplitude, all specimens fractured from cracks that initiated at
oxide inclusions of type AlCaO within the volume. Fisheye fracture surfaces could be
observed in all cases. As expected, the TMT increased the average fatigue lifetime by
about 40% due to plastic deformation in the temperature regime of dynamic strain
aging, which leads to a strengthened dislocation structure around inclusions and
delays crack initiation.

(2) The area of the critical inclusion and the inclusion depth has only an insignificant
influence on the overall fatigue lifetime for both the TMT and HT specimens. Depend-
ing on the shape of critical inclusion, the minimum required inclusion area for the
crack initiation and its corresponding stress intensity factor could change.

(3) The inclusion depth correlates strongly with the fisheye radius. This means internal
cracks grow in fisheye mode until they reach the surface. When the fisheye reaches
a radius of about 300 μm, which corresponds to a stress intensity factor of about
15.8 MPa.m1/2, the fracture surface appearance changes from smooth to a rougher
wavy form, which is presumably the transition to crack propagation in the Paris
regime. TMT had no influence on this behavior.

(4) The TMT increases the average depth of critical inclusions considerably indicating that
the strengthening of the microstructure is more effective in the near-surface regions.
The reason for this might be that there is a radial temperature gradient in the specimen
during the TMT resulting in varying effectiveness of dynamic strain aging effects.
With a more homogeneous temperature distribution, an even better effect of the TMT
might be possible.
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Abstract: Inclusion-initiated fracture in high-strength spring steel is studied for axial and torsion
very high cycle fatigue (VHCF) loading at load ratios of R = −1, 0.1 and 0.35. Ultrasonic S-N tests are
performed with SWOSC-V steel featuring intentionally increased numbers and sizes of non-metallic
inclusions. The fatigue limit for axial and torsion loading is considered the threshold for mode I
cracks starting at internal inclusions. The influence of inclusion size and Vickers hardness on cyclic
strength is well predicted with Murakami and Endo’s

√
area parameter model. In the presence of

similarly sized inclusions, stress biaxiality is considered by a ratio of torsion to axial fatigue strength
of 0.86. Load ratio sensitivity is accounted for by the factor ((1 − R)/2)α, with α being 0.41 for
axial and 0.55 for torsion loading. VHCF properties under torsion loading cannot appropriately
be deduced from axial data. In contrast to axial loading, the defect sensitivity for torsion loading
increases significantly with superimposed static mean load, and no inclusion-initiated fracture is
found at R = −1. Size effects and the stress gradient effective under torsion loading are considered to
explain smaller crack initiating inclusions found in torsion ultrasonic fatigue tests.

Keywords: cyclic torsion; non-metallic inclusions; fatigue limit; mean stress sensitivity; defect
tolerance; ultrasonic fatigue

1. Introduction

Change of crack initiation mechanism from strain localization at surface grains in
the high cycle fatigue (HFC) regime to internal inclusion-initiated fracture in the very
high cycle fatigue (VHCF) regime is a primary reason for the absence of a fatigue limit
in high strength steels [1–5]. Fatigue cracks initiate at inclusions at stress amplitudes
below the conventional fatigue limit and grow in a vacuum-like environment at extremely
low initial growth rates [6,7]. Intermitted growth and mean growth rates below 10−13

m/cycle can add up to lifetimes of 500 million cycles [8]. With the increasing size of an
inclusion, its detrimental influence on cyclic strength becomes stronger [9–11]. For similarly
sized inclusions, interface fracture (e.g., at aluminates) is less detrimental than through-
particle fracture of inclusions that are tightly bonded to the matrix (e.g., TiN) [12–14].
Cycling at different mean stresses not only shifts the courses of the S-N curves but also
affects the probability of internal inclusion-initiated fracture [15–20]. However, internal
inclusions are not the only crack initiating locations for VHCF failure. Cracks can also
start in the metal matrix without an inclusion [12,19,21–24], at grain boundaries [19,22] or
at stress raisers (scratches, surface inclusions) at the surface [25–28]. However, for high-
strength steels with compressive surface residual stresses introduced, e.g., by grinding,
shot peening, carburizing or nitriding, inclusion-initiated fracture is the most important
VHCF failure mechanism.
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In the literature, the influence of inclusions on fatigue lifetimes is mainly described
for cyclic axial loading conditions. However, coil springs or roller bearings are technical
components that are subjected to very high numbers of shear load cycles in service with
mean shear stress superimposed. Valve springs, for example, are loaded with cyclic shear
stresses superimposed on a static torque resulting in load ratios between R = 0.3 and
0.5. Crack initiation at internal inclusions was found as an important failure mode in
spring steels used for valves in engines that failed above 107 cycles [29–31]. Understanding
inclusion-initiated fracture under cyclic torsion loading, in particular with superimposed
mean shear stresses, is therefore of great scientific as well as technical importance.

With conventional (e.g., servo-hydraulic, rotating bending) testing techniques, fatigue
tests in the VHCF regime are very time-consuming, and it is, therefore, favorable to increase
the testing frequency. Ultrasonic fatigue testing has been found most appropriate for the
rapid collection of VHCF data [32,33]. The high cycling frequency not only shortens testing
times but also allows for testing up to extremely high numbers of cycles of 1011 [34], a
regime that is not accessible with conventional equipment. Ultrasonic fatigue test set-ups
for fully reversed torsion loading [35] and torsion loading with superimposed static shear
stresses [36] have been invented in the authors’ laboratory.

Ultrasonic torsion fatigue tests of SWOSC-V spring steel delivered VHCF failures,
however, not starting at inclusions but at the surface [37]. Solely one failure from a TiN
inclusion was found in high-frequency torsion tests with VDSiCr spring steel [38]. Failures
from MnS inclusions under fully reversed cyclic torsion are reported in the literature,
however, not for spring steel but for high carbon chromium-bearing steel [39,40]. Further,
soft phases at the surface, such as ferrite grains, may act as crack initiation sites under
reversed torsion loading [41]. To better simulate actual loading conditions of coil springs,
ultrasonic torsion fatigue tests with VDSiCr spring steel were performed at load ratios
R = 0.1, 0.35 and 0.5 [36]. These investigations showed that ultrasonic torsion fatigue testing
is a powerful method for rapid measurement of the torsion fatigue strength and developed
a Haigh diagram for limiting lifetimes of 109 cycles. However, due to the high cleanness of
commercial spring steels and the relatively small material volume subjected to high-stress
amplitudes of ultrasonic torsion fatigue specimens, it is unlikely to encounter inclusions
large enough to initiate a fatal crack. Similar conclusions may be drawn from cyclic torsion
ultrasonic tests of super clean SWOSC-V spring steel, where excellent cyclic strength was
demonstrated even for high load ratios due to the absence of inclusion-initiated failure [42].
Failure from inclusions were found in a commercial spring steel in axial but hardly in
torsion ultrasonic fatigue specimens [43].

Testing spring steel SWOSC-V with intentionally increased numbers and sizes of
inclusions has been a successful way to study the effect of inclusions on torsion VHCF
properties. With this material, the influence of inclusions on cyclic shear strength at load
ratios of R = −1, 0.1 and 0.35 could be investigated in ultrasonic fatigue tests [44]. Cyclic
tension-compression and cyclic tension tests of the same material were used to compare
the deleterious effects of inclusions under axial and torsion loading [45]. The

√
area

parameter model proposed by Murakami and Endo [9] was used to compare experimentally
determined and predicted torsion fatigue strengths for inclusion-initiated fracture [8].

The present paper aims to evaluate and compare the influence of inclusions on axial
and torsion VHCF strengths. Specimens with artificial surface defects are cycled in a
vacuum, and near-threshold fatigue crack growth is compared for fully reversed tension-
compression and torsion loading, respectively. Inclusions are considered as initial cracks
and hence, fracture mechanics principles are applied to interpret the VHCF strengths as
thresholds for crack propagation. The

√
area parameter model [9] is used to quantify the

effect of inclusions on cyclic strengths. Loading conditions (axial vs. torsion loading) [46],
as well as load ratio effects [47], are considered. Several peculiarities must be taken into
account when comparing axial and torsion loading: Types of crack initiating inclusions are
different [45]; due to the stress gradient, local stress amplitudes at interior inclusions are
lower for torsion but not for axial loading; different specimen geometries (in addition to the
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aforementioned stress gradient) lead to a size effect which influences the size distribution
of crack-initiating inclusions [48–51].

2. Material and Method

2.1. Testing Material

The material used in the present investigation is laboratory-made high-strength spring
steel based on the chemical composition of SWOSC-V, as shown in Table 1.

Table 1. Chemical composition of SWOSC-V.

C Si Mn Cr Al Fe

0.55 1.50 0.70 0.70 0.003 balance

The material was vacuum-induction furnace melted and cast with a high amount of
dissolved oxygen, which was realized by adding iron oxide powder. In this way, the size
and density of oxide inclusions, such as aluminate inclusions, were intentionally increased.
The material also contains MnS inclusions with an elongated shape aligned approximately
in the rolling direction (i.e., specimen’s length direction) as a result of forging [44]. Manu-
facturing of the material included soaking, forging, heating, oil quenching and tempering.
The resulting martensite structure with occasionally retained austenite features a mean
prior austenite grain size of 18.7 μm.

Specimen shapes used in ultrasonic axial and torsion fatigue tests at different R-ratios
can be seen in Figure 1a. The stress distribution along the specimens’ length axes as a result
of resonance vibrations is shown as well as the stress gradient across the cross-section
resulting from torsion loading. The volume subjected to more than 95% of the nominal
stress is 174 mm3 and 1.79 mm3 under axial and torsion loading, respectively.

Figure 1. Specimen shapes: for ultrasonic torsion (a) and axial (b) fatigue tests at different R-ratios
(dimensions are in mm); (c) for ultrasonic fatigue crack growth rate measurements under fully
reversed axial and torsion loading, featuring an artificial defect introduced by Ar+-milling.

For fatigue lifetime measurements in ambient air, the specimens’ surface was prepared
in order to correspond to in-service conditions: Prior to testing, the specimens were polished
to a mirror-like finish and subsequently shot-peened, resulting in compressive residual
stresses of 580 ± 130 MPa in the longitudinal and circumferential direction at the surface.
Additionally, the specimens were blued. Mechanical properties determined by using fatigue
specimens featuring the above-described surface condition are shown in Table 2.

105



Metals 2022, 12, 1113

Table 2. Mechanical properties of the investigated material.

Yield Strength
(MPa)

Tensile Strength
(MPa)

Elongation (%)
Shear Yield

Strength (MPa)
Shear Strength

(MPa)
Vickers Hardness

(HV)

1720 1910 10 1400 1550 530

For fatigue crack growth rate measurements in a high vacuum, the same specimen
shapes as in S-N tests were used. The specimens were ground and electro-polished in order
to remove residual stresses of the machining process. Small artificial surface defects were
then introduced as starter notches by Ar+-milling (Figure 1b). Prior to the tests, the depth
and diameter of each artificial defect were analyzed by SEM.

2.2. S-N Tests under Axial and Torsion Loading

Ultrasonic axial and torsion S-N tests in ambient air were performed at load ratios of
R = −1, 0.1 and 0.35 up to limiting lifetimes of 5 × 109 load cycles. The hereby employed
testing equipment was developed by BOKU and is described extensively in [33,36]. In order
to detect nonmetallic inclusions in runout specimens, those surviving 5 × 109 load cycles
were further tested as follows: In the case of axial loading, the specimens were reloaded at
the same R-ratio at a higher load level. In the case of torsion loading, runouts of all R-ratios
were exclusively reloaded at R = 0.1, which had proved to be most favorable for internal
inclusion-initiated fracture.

In addition to pressurized air cooling, ultrasonic fatigue loading was applied in-
termittently, i.e., pulses in the range of 100 to 300 ms were followed by pauses of load
level-dependent lengths. During the tests, the specimens’ temperature was monitored by
pyrometry and hereby confirmed to be below 30 ◦C.

In order to analyze crack initiation sites, fracture surfaces were investigated by scan-
ning electron microscopy (SEM) and energy-dispersive X-ray spectroscopy (EDS). For
SEM-imaging, the fracture surfaces were oriented perpendicular to the electron beam, thus
corresponding to the projection plane perpendicular to the major principal stress direction.
In the case of torsion specimens, this required tilting of the specimens by approximately
45◦ towards their length axes and takes account of the fact that the major part of crack
propagation is under mode I. The SEM images were then used to determine the sizes of
crack initiating non-metallic inclusions found at crack initiation sites.

Fracture modes effective during crack initiation under torsion loading were deter-
mined. Fracture surfaces generated by an MnS and an aluminate inclusion, respectively,
were cut parallel to the specimens’ length axes by Ar+-milling, subsequently polished and
analyzed by SEM [8].

2.3. Fatigue Crack Growth Tests Using Specimens with Artificial Defects

Fatigue crack growth rate measurements using ultrasonic fatigue testing equipment
were performed in a high vacuum of about 2 × 10−6 mbar in order to eliminate environ-
mental effects and to simulate conditions of very slowly propagating cracks emanating
from the interior inclusions. Axial and torsion specimens featuring artificial surface defects
were loaded at R = −1 at a constant stress amplitude.

In order to choose appropriate stress amplitudes, depths and diameters of the artificial
defects were analyzed by SEM prior to testing, and defect sizes represented by

√
areaAD

were calculated assuming a semi-elliptical shape according to:

√
areaAD =

√(
2a
2
·t·π

)
/2 (1)

with 2a being the diameter at the surface (i.e., 2a = d = 30 μm) and t being the depth of the
artificial defect.

√
areaAD is the square root of the projection area of the artificial defect (AD)

perpendicular to the major principal stress direction according to Murakami and Endo [9].
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Throughout the tests, the specimens were monitored by means of optical lenses
and a charge-coupled device (CCD) camera enabling a maximum magnification of 975-
fold. A time interval for saving images was chosen according to crack propagation rates
with a maximum of 30 min (corresponding to approximately 5 × 106 load cycles) during
crack initiation and early crack propagation. The images were then used to determine
surface crack lengths, 2a, and crack growth, Δa, during the applied number of cycles, ΔN,
respectively. Fatigue cracks initiated and propagated in mode I for axial as well as torsion
loading, and the stress intensity factor amplitudes, Ka, were calculated as follows [47]:

Ka= 0.65·σ1·
√

π·√area (2)

σ1 is the amplitude of the major principal stress which is the nominal stress amplitude
in the specimen’s length direction for cyclic axial loading, σ1 = σa, and the shear stress
amplitude for torsion loading, σ1 = τa.

√
area is the square root of the assumed projection

area of the crack perpendicular to the major principal stress direction, including the size of
the artificial defect,

√
areaAD. Based on fractographic investigations in a previous study [28],

it is assumed that fatigue cracks initiate at the mouth of the hole (i.e., at the specimen’s
surface), that the shape of the crack, including the artificial defect, is semi-elliptical and that
the crack grows solely in length at the surface, 2a, (and not in depth) as long as the ratio of
half the surface crack length, a, and the depth of the artificial defect, t, is larger than 0.8. If
t/a is equal to or less than 0.8, t = 0.8a is used to calculate the crack size

√
area according to

Equation (1).
During fatigue loading in vacuum, a specimen temperature of up to 45 ◦C was toler-

ated and estimated by the observed decrease in resonance frequency. Prior to testing, the
correlation between specimen temperature and resonance frequency was determined. The
specimen temperature was then controlled by adjusting pause times accordingly.

3. Results

3.1. S-N Data

Figure 2 show fatigue data measured at load ratios R = −1, 0.1 and 0.35 for cyclic
axial loading (2a) and cyclic torsion loading (2b). Fatigue lifetimes between 2 × 105 and
5 × 109 cycles were investigated. Different symbols were used to indicate crack initiation
at the surface (without inclusions) or in the interior (at aluminate-, TiN-and MnS inclusions,
respectively, or in the metal matrix without an inclusion). Data of specimens that survived
5 × 109 cycles without failure (runout specimens) were marked as open circles with arrows.

Crack initiation at interior inclusions is the most prominent VHCF failure mechanism
for axial loading at all load ratios and torsion loading at positive load ratios (Figure 2). At
R = −1, where crack initiation was at the surface even in the VHCF regime, no inclusion-
initiated fracture was found under torsion loading. This shows that the mechanism of
crack initiation is not only influenced by the number of cycles to failure but also by the
loading condition.

S-N data shown in Figure 2 correlate nominal stress amplitudes with fatigue lifetimes.
For axial loading, the stress amplitude was constant over the specimen’s cross-section and
consequently equal to the nominal stress amplitude in the case of surface as well as interior
crack initiation. For cyclic torsion loading, the local stress amplitude, τa,loc, decreased
linearly from the nominal stress amplitude, τa,nom, at the surface to zero in the center,
i.e., the local stress amplitude at the crack initiation site was equal to the nominal stress
amplitude in case of surface crack initiation (τa,loc = τa,nom) but lower in the case of interior
crack initiation (τa,loc < τa, nom). The location of interior crack initiation was randomly
distributed under axial loading. Interior crack initiation in 65% of torsion specimens was
between 200 μm and 300 μm below the surface, with a minimum of 160 μm and a maximum
of 480 μm corresponding to local stress amplitudes of 92% to 77% of the nominal stress
amplitudes. By mean, shear stress amplitudes at crack initiating inclusions, τa,loc, were
87 ± 4% of the nominal shear stress amplitudes at the specimens’ surfaces, τa,nom.
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Figure 2. Fatigue data for cyclic axial loading (a) and cyclic torsion loading (b) at a load ratio of
R = −1 (black symbols), R = 0.1 (blue symbols) and R = 0.35 (red symbols); surface crack initiation and
internal crack initiation at aluminate, TiN or MnS inclusions or in the metal matrix are distinguished
using different symbols; circles with arrows mark runout specimens.

3.2. Crack Initiating Inclusions

Crack initiating inclusions leading to VHCF failure under axial and torsion loading
are shown in Figure 3. Under axial loading, aluminate inclusions (Figure 3a) emanating
fatigue cracks accounted for all failures but one which was caused by a TiN inclusion
(Figure 3b). Under torsion loading, where inclusion-initiated fracture was observed solely
at R = 0.1 and 0.35, aluminate (Figure 3c) and MnS (Figure 3d) inclusions were found at
the crack initiation sites. SEM analyses of crack initiation sites revealed a difference in
fracture mode dependent on inclusion type. In the case of aluminate inclusions, the fatigue
crack initiates by interface failure between matrix and particle and propagates in mode I,
i.e., perpendicular to the major principal stress direction. In contrast, in the case of MnS
inclusions, a shear crack initiates within and fractures the particle itself. After initially
propagating in mode II/III, the crack branches and continues to grow into the matrix in
mode I.

The deleterious effect of an inclusion on the cyclic strength is mainly determined by its
size, which is, according to Murakami and Endo’s

√
area parameter model [9], represented

by the square root of its projection area perpendicular to the major principal stress direction.
Furthermore, in [52,53], it was demonstrated that, similar to axial loading, the threshold
condition for mode I crack propagation determines the fatigue limit under cyclic torsion,
even if crack initiation occurs in mode II/III. Fracture surfaces formed under both loading
conditions were therefore oriented accordingly to correspond to the plane perpendicular
to the major principal stress direction in order to evaluate the

√
area parameter. Thus

determined, minimum and maximum values for
√

area with respect to inclusion type and
R-ratio are shown in Table 3. The size ranges shown for aluminate and MnS inclusions
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refer to specimens that fractured within 5 × 109 load cycles, whereas MnS (runouts) refer
to specimens that have been reloaded at R = 0.1, after having survived limiting lifetimes, in
order to identify the most detrimental inclusion in the respective specimen.

Figure 3. Crack initiation at inclusions under axial VHCF loading: (a) aluminate
inclusion, σa = 450 MPa, R = 0.1, Nf = 2.8 × 109 cycles; (b) TiN inclusion, σa = 375 MPa, R = 0.35,
Nf = 2.2 × 108 cycles; Crack initiation at inclusions under torsion VHCF loading: (c) aluminate
inclusion, τa,nom = 479 MPa, R = 0.1, Nf = 3.7 × 109 cycles; (d) MnS inclusion, τa,nom = 600 MPa,
R = −1, N = 5.1 × 109 cycles (runout), retested at τa,nom = 450 MPa, R = 0.1, Nf = 2.3 × 108 cycles.

Table 3. Minimum and maximum sizes,
√

area, of crack initiating inclusions under axial and torsion
loading with respect to inclusion type and R-ratio. All values are given in μm.

R = −1 R = 0.1 R = 0.35

Min Max Min Max Min Max

Axial:
Aluminate 17.0 61.6 12.4 54.6 15.5 27.6

Torsion:
Aluminate 10.2 28.2 13.8 24.0

MnS 9.5 24.5 13.5 21.2
MnS (runouts) 8.8 15.4 7.4 14.4 9.7 20.0

3.3. Near Threshold Fatigue Crack Growth

Results of fatigue crack growth rate measurements in vacuum at R = −1 under axial
and torsion loading are shown in Figure 4. Artificially initiated holes on the specimens’
surfaces featured diameters of approximately 30 μm and depths between 73 and 97 μm re-
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sulting in values of
√

area between 44 μm and 61 μm, according to Equation (1). With these,
stress amplitudes near the fatigue limit, according to Murakami and Endo’s

√
area parame-

ter model (see details in Section 4) were estimated prior to the tests. Two specimens were
cycled under axial and torsion loading each at nominal stress amplitudes of σa = 550 MPa
and 575 MPa and τa = 480 MPa and 575 MPa, respectively. In three specimens, a single
crack was observable that initiated at the artificial defect and grew to fracture propagating
in mode I, i.e., perpendicular to the specimen’s length axis under axial loading and inclined
45◦ towards the specimen’s length axis under torsion loading, respectively. In the second
specimen subjected to cyclic torsion loading, a first crack initiated at the hole but stopped
growing after 3.3 × 107 cycles at a length of 11 μm. Subsequently, a second crack originated
and grew to fracture.

Figure 4. Crack growth rates in vacuum for axial and torsion ultrasonic fatigue loading at R = −1;
specimens were cycled at constant axial or torsion stress amplitudes until fracture; cracks start at
artificial surface defects featuring the indicated size; crack growth rates are presented vs. mode I
stress intensity factor amplitudes, Ka; data measured in air [37] are shown for comparison.

Crack propagation rates are plotted vs. stress intensity factor amplitudes, Ka. Data
obtained under axial (triangles) and torsion (diamonds) loading fall within the same band
of scattering, and no influence of loading condition is visible. The most striking result
is that very slow growth rates in the regime between 10−14 m/cycle to 10−13 m/cycle
corresponding to values of Ka between 3.8 MPa

√
m and 4.0 MPa

√
m could be experimen-

tally verified. Such slow growth rates correspond to several thousand load cycles that are,
by mean, necessary to propagate the crack by one atomic distance. The fracture surface
morphology produced by crack growth in vacuum at growth rates below 10−12 m/cycle is a
so-called optical dark area (ODA) [54] or fine granular area (FGA) [55] and appears similar
to those found around interior inclusions as shown in Figure 3. It was demonstrated that
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the formation of this area consumed 98% of the VHCF lifetime of the torsion specimen [8].
For comparison, the solid line shows crack growth data measured in ambient air at 30
Hz [37].

4. Discussion

Interior inclusions are the main reason for VHCF failures in the investigated spring
steel under axial and torsion loading. The testing material is, therefore, most appropriate to
compare the deleterious influence of small inherent defects on the cyclic strength under
both loading conditions. Inclusions can be considered as initial cracks, and hence the
fatigue limit is determined by the stress intensity factor necessary to propagate the crack
to fracture. Fracture mechanics principles will be used in the following to interpret the
findings described above.

The growth of fatigue cracks in vacuum for axial and torsion loading at R = −1
was measured, and similar growth rates were observed if presented versus the mode
I stress intensity factor amplitude (Figure 4). Biaxiality under torsion loading did not
have a significant influence on crack propagation rates. For cracks starting at artificial
surface defects with sizes in

√
area of approximately 44 μm, the threshold stress intensity

factor amplitude, Ka,th, in vacuum for limiting growth rates of 10−13 m/cycle is 3.7 MPa
√

m.
Growth rates of 10−11 m/cycle were observed for stress intensity factor amplitudes between
4.5 MPa

√
m and 5.5 MPa

√
m. This is comparable to literature data for SWOSC-V, where

a threshold stress intensity factor amplitude of 4.5 MPa
√

m is found when tested in air
at R = −1 [37]. The higher growth rates measured in air compared with vacuum can be
explained by corrosive influences.

The threshold stress intensity factor amplitude of 3.7 MPa
√

m determined in a vac-
uum, however, cannot be used to predict the cyclic strength in the presence of small
internal defects. Stress intensity factor amplitudes calculated for five specimens that failed
from internal aluminate inclusions after tension-compression loading was lower than this
value [45].

The threshold stress intensity factor amplitude decreases with decreasing crack length
in the short crack regime. Murakami and Endo [9] suggested the threshold stress intensity
factor of short cracks to be proportional to

(√
area

)1/3. VHCF lifetimes and cyclic strengths

for inclusion-initiated fracture can be well correlated to the parameter σa·
(√

area
)1/6 [25]

rather than the stress amplitude or the stress intensity factor amplitude, since this parameter
considers the crack length-dependent threshold stress intensity [45].

In addition to the crack length-dependent threshold, Murakami and Endo’s
√

area
parameter model [9] considers the Vickers hardness of a material, HV, to predict the fatigue
limit, σw, in the presence of small cracks and defects according to Equation (3).

σw =
b·(HV + 120)(√

area
)1/6 (3)

where b is 1.56 for internal defects, which will be used in the following since all crack
initiating inclusions were in the interior in the investigated steel. For surface defects, b
would be 1.43. With HV in kgf/mm2 and

√
area in μm, Equation (3) predicts the fatigue

limit, σw, for tension-compression loading at R = −1 in MPa.
The influence of load ratio on the fatigue limit can be considered with the factor(

1−R
2

)αa
[47], which leads to Equation (4):

σw =
1.56·(HV + 120)(√

area
)1/6 ·

(
1 − R

2

)αa

. (4)

The exponent αa accounts for the mean stress sensitivity under axial loading. It is an
empirical parameter between 0 and 1.
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Murakami and Takahashi [52] extended the
√

area parameter model to cyclic torsion
loading. Endo [46] proposed a criterion for the fatigue limit under biaxial loading according
to Equation (5):

σ1 + κσ2 = σw (5)

where σw is the uniaxial fatigue limit, σ1 and σ2 are the major and minor principal stress
amplitudes at the fatigue limit and κ quantifies the effect of compressive stresses acting
parallel to the direction of mode I crack propagation. For pure cyclic torsion τw = σ1 = −σ2,
which leads to Equation (6) for the predicted fatigue limit at R = −1:

τw =
1

(1 − κ)

b·(HV + 120)(√
area

)1/6 . (6)

The effect of load ratio on the cyclic torsion strength can be considered similarly
as above, using the exponent αt to account for the mean stress sensitivity under torsion
loading. With b = 1.56 for interior inclusions, this leads to Equation (7):

τw =
1

(1 − κ)

1.56·(HV + 120)(√
area

)1/6 ·
(

1 − R
2

)αt

. (7)

Considering the same location and size of the crack initiating defects, the factor 1/(1
− κ) equals the ratio of torsion to axial cyclic strength, τw/σw. Studying thresholds for
cracks at artificial defects subjected to axial and torsion loading, ratios in the range of
0.83 to 0.88 were found [56]. An average value of τa/σa = 0.85 has been experimentally
confirmed on artificial as well as natural surface defects in carbon steels, ductile cast iron,
Cr-Mo steel and 17-4PH stainless steel [41,46,57]. In a previous study on the presently
investigated spring steel SWOSC-V, a value for 1/(1 − κ) = 0.86 ± 0.05 was determined by
comparing the influence of similar size aluminate inclusions on torsion and axial fatigue
strength [45]. With this information, Equation (8) predicts the cyclic torsion strength for
internal inclusion-initiated fracture:

τw =
0.86·1.56·(HV + 120)(√

area
)1/6 ·

(
1 − R

2

)αt

. (8)

In the following, it will be investigated if Equation (4) for axial loading and Equation (8)
for torsion loading with appropriate exponents αa and αt, respectively, can be used to
accurately predict the fatigue limit in the presence of interior inclusions.

Figure 5 show failures and runouts at different load ratios with respect to relative
stress amplitudes. For axial loading at R = −1, runouts were found for σa/σw between
0.86 and 0.92 and failures between 0.95 and 1.27. This means that Equation (3) can predict
the endurance limit for fully reversed axial loading accurately within ±10%, which is the
prediction error reported by Murakami [47].

Furthermore, runouts and failures—independent of inclusion type—serve to evaluate
the exponents αa and αt that consider the R-ratio influence on the fatigue limit. Data for
fitting in Figure 5 were chosen as explained in the following: If failure occurred (i.e., at
all R-ratios under axial and at R = 0.1 and 0.35 under torsion loading, respectively), the

one maximum value of σa· (
√

area)
1/6

1.56·(HV+120) and τa,loc· (
√

area)
1/6

0.86·1.56·(HV+120) obtained by a runout
was used that was below the lowest respective value obtained by a failed specimen. If no
failure occurred, which is the case at R = −1 under torsion loading, the maximum value

of τa,loc· (
√

area)
1/6

0.86·1.56·(HV+120) of a runout was chosen. Through these data points, straight lines
were drawn, and the slopes corresponding to the exponents αa and αt were determined.
The exponent for axial loading αa was found to be 0.41, and the exponent for torsion loading
αt was 0.55. Values for the exponent α measured for different steels are available in the
literature, however, solely for axial and not for torsion loading. The reported exponents are
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in the range between 0.368 and 0.546 [17,20,28,54]. Hence, the presently determined value
fits well with the literature data.

Figure 5. Evaluation of the exponents αa and αt that consider the R-ratio dependency of internal
inclusion-initiated fracture under axial loading (a) and torsion loading (b); failures (closed symbols)
and runouts (open symbols) are shown vs. the ratio of stress amplitudes, σa and σw = 1.56·(HV+120)

(
√

area)
1/6

(a) and the ratio of shear stress amplitudes at crack initiation, τa,loc and τw = 0.86·1.56·(HV+120)

(
√

area)
1/6 (b);

data points for aluminate and MnS inclusion-initiated fracture under cyclic torsion at R = 0.1 and 0.35
have been intentionally set apart for better visibility.

Figure 6 show the ratio of stress amplitudes at crack initiation, σa and τa,loc, and
predicted fatigue limits against fatigue lifetimes. The predicted fatigue limit, σw for axial
loading, is determined by Equation (9):

σw =
1.56·(HV + 120)(√

area
)1/6 ·

(
1 − R

2

)0.41
. (9)

The predicted fatigue limit for torsion loading, τw is determined by Equation (10):

τw =
0.86·1.56·(HV + 120)(√

area
)1/6 ·

(
1 − R

2

)0.55
. (10)

For the sake of conservatism, all displayed data points in Figure 6 representing failures
should be larger than 1. Five data points for axial loading and one for torsion loading fall
below this line; however, all these data represent failures above 109 cycles. Equations (9)
and (10) therefore well predict the fatigue limit for limiting lifetimes of 109 cycles and only
slightly overestimate the fatigue limit at 5 × 109 cycles. Again, the prediction lies within
the prediction error of ±10%.
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Figure 7 show the Kitagawa–Takahashi diagrams for axial and torsion loading. The

stress amplitudes are multiplied with
(

1−R
2

)−αa
and

(
1−R

2

)−αt
, respectively, to eliminate

the influence of load ratio.

• Solid lines with a slope of −1/6 in Figure 7 predict the fatigue limit in the short crack
regime using Equations (9) and (10).

• Solid lines with a slope of −1/2 in Figure 7 predict the fatigue limit in the long
crack regime using the long crack threshold stress intensity factor amplitude, Ka,th,lc,
according to Equation (11):

σw =
Ka,th,lc

0.5·(π·√area·)1/2 (11)

Figure 6. Normalized S-N data for internal inclusion-initiated fracture obtained under cyclic
axial and torsion loading; ratios of stress amplitudes, σa and predicted cyclic strengths,

σw = 1.56·(HV+120)

(
√

area)
1/6 ·

(
1−R

2

)0.41
(a) and ratios of shear stress amplitudes at crack initiation, τa,loc,

and predicted shear strengths, τw = 0.86·1.56·(HV+120)

(
√

area)
1/6 ·

(
1−R

2

)0.55
(b) are plotted against fatigue life-

times; symbols are distinguished by crack initiation site and load ratio; data of runout specimens are
shown with open symbols.

The unit for
√

area using Equation (11) to predict the cyclic strength in the long crack
regime is m. In contrast,

√
area in μm is used to calculate the cyclic strength for short

cracks using Equations (9) and (10). The long crack threshold of Ka,th,lc = 4.5 MPa
√

m
determined in air at R = −1 [37] is used to construct the straight line in the long crack
regime in Figure 7. It can be seen that interior inclusions are smaller than

√
area = 125 μm

for axial loading and
√

area = 196 μm for torsion loading can be considered as small cracks.
Similar transition sizes between small and large defects (short and long cracks) are found
for other high-strength steels [28,58].
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Figure 7. Kitagawa–Takahashi diagrams for axial loading (a) and torsion loading (b) and limiting life-

times of 5 × 109 cycles; stress amplitudes are multiplied with
(

1−R
2

)−0.41
and

(
1−R

2

)−0.55
to eliminate

the influence of load ratio. Solid and open symbols mark failed and runout specimens, respectively.

Table 3 show that all crack initiating inclusions are in the short crack regime. However,
crack initiating inclusions in torsion fatigue specimens are smaller than those found in
axially loaded specimens. This is a consequence of the smaller volume subjected to high
stresses in torsion compared with axial fatigue specimens. The material volumes where
crack initiating inclusions were observed are 108 mm3 in axial specimens and 9 mm3 in
torsion specimens. Assuming that the origin of failure for each test specimen is the largest
inclusion in the highly stressed volume, the size distribution of inclusions can be plotted
in an extreme value distribution diagram [47]. This is shown for aluminate inclusions in
Figure 8. The median inclusion size for axial specimens is 26 μm which is significantly
larger than 18 μm for torsion specimens. This can be explained by the much smaller volume
of V = 9 mm3 where crack initiation sites under torsion loading were found. Considering
that the highly stressed volume in axial specimens is the reference volume V0 = 108 mm3,
the median size of an inclusion expected in a volume of interest, V, can be calculated with
the return period, T = (V + V0)/V0 [57]. With this, the predicted median size of aluminate
inclusions in a volume V = 9 mm3 is 13 μm, which is within the standard deviation of crack
initiating inclusions observed in torsion specimens (18 ± 5 μm).

The considerations above suggest that the influence of inclusions can be treated
similarly for axial and torsion loading using the

√
area parameter model. However, this

does not mean that the cyclic torsion strength can be deduced from axial loading results
since mechanisms causing VHCF failures can be different. The first and most striking
difference is that MnS inclusions are solely deleterious for cyclic torsion loading. As
schematically shown in Figure 9, this can be explained easily with the slender and elongated
form of these inclusions parallel to the specimen’s length axis [44].

√
area projected in

the direction of maximum tensile stress is very small for axial loading but not for torsion
loading, and consequently, MnS inclusions are deleterious for torsion but not for axial
loading. Axial loading tests therefore underestimate the deleterious influence of inclusions
aligned in the length direction.
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Figure 8. Extreme value distributions of aluminate inclusion size for axial and torsion loading. Dotted
lines mark the median inclusion sizes of 26 μm and 18 μm observed in axial (black) and torsion
(red) specimens, respectively. The expected median inclusion size for torsion specimens (V = 9 mm3,
T = 1.09) of 13 μm predicted from axial specimens (V0 = 108 mm3) is marked with a red dashed line.

Figure 9. Fracture modes effective under axial ((a,c)) and torsion ((b,d)) loading dependent on
inclusion type; (a,b): aluminate inclusion; (c,d): MnS inclusion.

A second important difference between axial and torsion loading is the insensitivity of
cyclic torsion at R = −1 against inclusion-initiated fracture. The existence of inclusions in
runout specimens could be verified, but they were non-detrimental for fully reversed cyclic
torsion. Inclusion-initiated fracture observed at positive load ratios, on the other hand,
clearly indicates an increasing defect-sensitivity for cyclic torsion loading with increasing
R. In contrast, axial loading tests at R = −1 delivered solely inclusion-initiated failures,
even in the high cycle fatigue regime, indicating a strong defect sensitivity. This shows
that failure mechanisms for axial and torsion loading may be different and influenced
differently by mean stresses. Therefore, it is necessary to perform fatigue tests on a material
under comparable conditions as in service in order to deduce meaningful data for the
cyclic strength.

5. Conclusions

The influence of non-metallic inclusions on very high cycle fatigue (VHCF) strength
under axial and torsion loading was investigated with spring steel SWOSC-V featuring
an intentionally increased number and size of non-metallic inclusions. S-N tests were
performed at ultrasonic cycling frequency up to limiting lifetimes of 5 × 109 load cycles
at load ratios R = −1, 0.1 and 0.35 in ambient air. Fatigue crack growth was studied in a
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vacuum with specimens containing small artificial surface defects subjected to cyclic axial
and torsion loading. The following conclusions can be drawn:

1. Inclusions can be considered as initial cracks.
√

area measured on the plane perpen-
dicular to the maximum principal stress determines the deleterious influence of an
inclusion. Therefore, aluminates are deleterious for axial and torsion loading, whereas
elongated MnS inclusions aligned in a rolling direction solely initiate cracks under
torsion loading.

2. Crack initiation and propagation at aluminates are in mode I under axial and torsion
loading. Crack initiation at MnS inclusions under torsion loading is in mode II/III,
followed by further crack growth in mode I. For both types of inclusions and both
loading conditions, the threshold for mode I crack growth determines the fatigue limit.

3. The long crack threshold stress intensity amplitude in vacuum at R = −1 for limiting
growth rates of 10−13 m/cycle is 3.7 MPa

√
m.

√
area of inclusions is in the short crack

regime where the threshold stress intensity decreases with decreasing crack length
and failures can occur at lower stress intensities.

4. Murakami and Endo’s
√

area parameter model predicts the axial loading fatigue limit
at R = −1 within the reported prediction error of ±10%. The influence of biaxiality
on torsion loading of a material defect is considered with a factor of 0.86. The factor(

1−R
2

)α
accounts for the mean stress sensitivity. With this, the following equation

was successfully used to predict the fatigue limit for cyclic axial loading at different
R-ratios:

σw =
1.56·(HV + 120)(√

area
)1/6 ·

(
1 − R

2

)0.41

The following equation was successfully used to predict the fatigue limit for cyclic
torsion loading at different R-ratios:

τw =
0.86·1.56·(HV + 120)(√

area
)1/6 ·

(
1 − R

2

)0.55

5. Cyclic torsion properties in the presence of inclusions can hardly be deduced from
cyclic axial properties: Shape and orientation of inclusions influence their harmfulness,
size effects cause different distributions of inclusion sizes, and R-ratio sensitivity was
found to be different for axial and torsion loading. Ultrasonic cyclic torsion tests with
different mean loads are most appropriate for rapidly collecting torsion fatigue data
of material.

Author Contributions: U.K.: investigation, conceptualization, methodology, formal analysis, valida-
tion, visualization, writing—review and editing; B.M.S.: formal analysis, methodology, visualization,
writing—review and editing; Y.S.: resources, conceptualization; H.M.: conceptualization, method-
ology, formal analysis, validation, writing—original draft, supervision, project administration. All
authors have read and agreed to the published version of the manuscript.

Funding: This research received no external funding.

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: The data that support the finding of this study are included in
the paper.

Conflicts of Interest: The authors declare no conflict of interest.

117



Metals 2022, 12, 1113

Nomenclature

√
area

square root of the projection area of a small, arbitrary-shaped defect perpendicular
to the major principal stress direction

HV Vickers hardness
Ka stress intensity factor amplitude
R load ratio
αa exponent accounting for the load ratio sensitivity of the fatigue limit for axial loading
αt exponent accounting for the load ratio sensitivity of the fatigue limit for torsion loading
κ parameter accounting for the influence of a biaxial stress state on the fatigue limit
σw fatigue limit under axial loading
σa normal stress amplitude
σ1, σ2 major and minor principal stress
τw fatigue limit under torsion loading
τa shear stress amplitude
τa,nom nominal stress amplitude under torsion loading effective at the specimen surface
τa,loc local stress amplitude under torsion loading effective at the crack initiation site
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Abstract: The crack initiation and short crack propagation in a martensitic spring steel were investi-
gated by means of in-situ fatigue testing. Shot peened samples as well as untreated samples were
exposed to uniaxial alternating stress to analyze the impact of compressive residual stresses. The
early fatigue damage started in both sample conditions with the formation of slip bands, which
subsequently served as crack initiation sites. Most of the slip bands and, correspondingly, most
of the short fatigue cracks initiated at or close to prior austenite grain boundaries. The observed
crack density of the emerging network of short cracks increased with the number of cycles and
with increasing applied stress amplitudes. Furthermore, the prior austenite grain boundaries acted
as obstacles to short crack propagation in both sample conditions. Compressive residual stresses
enhanced the fatigue strength, and it is assumed that this beneficial effect was due to a delayed
transition from short crack propagation to long crack propagation and a shift of the crack initiation
site from the sample surface to the sample interior.

Keywords: martensitic spring steel; fatigue crack initiation; short fatigue crack propagation; residual
stress; shot peening; miniaturized testing device

1. Introduction

Fatigue fracture is one of the main causes of failure for many technical components. It
is commonly subdivided into five stages, i.e., crack nucleation, crack initiation, short crack
propagation, long crack propagation, and eventually failure. Especially, the stages of crack
nucleation, crack initiation, and short crack propagation can account for up to 90% of the
fatigue life in the high cycle fatigue regime, leading to a particular interest in investigating
these stages of fatigue damage evolution [1]. To increase component fatigue lives, various
surface strengthening methods, such as shot peening [2,3], deep rolling, and laser shock
peening [2], are utilized. Thereby, shot peening is widely used due to its operating comfort,
production speed, and good automation capacity. The impact of compressive residual
stresses on long crack propagation has been reported extensively in the literature (see,
for example, [2,4,5]). However, the impact of compressive residual stresses on short crack
propagation requires further research. Thereby, the definition of a short crack in this work
is equivalent to the definition of a microstructurally short crack in the work of Miller [6]

Previous studies have shown that crack initiation often occurs at slip bands (see,
for example, [1,7–9]) and that short crack propagation is strongly influenced by the local mi-
crostructure, leading to an oscillating crack propagation rate (see, for example, [1,7,10,11]).
Despite this comprehensive literature base, until now, only a few studies have investi-
gated the fatigue damage evolution in martensitic steel and the corresponding impact of
the complex martensitic microstructure [12] on the crack initiation and the short crack
propagation, especially, when residual stresses are concerned. The early phase of fatigue
damage evolution in martensitic steels seems to be characterized by the formation of slip
bands, which, in turn, often serve as crack initiation sites [13–17]. Those slip bands are
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oriented parallel to martensitic laths and mainly arise at microstructural interfaces such as
prior austenite grain boundaries (PAGBs), packet boundaries, or block boundaries [17–19]
without crossing them [16,19,20]. Consequently, the crack initiation and early short crack
propagation seem to occur often intergranularly at PAGBs [17,18,20,21] or block bound-
aries [13,17,22]. Generally, intergranular crack initiation can be attributed to grain boundary
weakening due to precipitates or segregations and to the mutual superimposing mech-
anisms of elastic anisotropy and plastic incompatibility. Elastic anisotropy can lead to
local stress concentrations at grain boundaries that may exceed the interfacial cohesion. In
that case, no pronounced plastic deformation within the adjacent grains occurs. Thereby,
the grain boundary itself exhibits a high dislocation density and can be considered as
a slip plane [23]. Ohmura et al. showed this experimentally for a martensitic steel by
in-situ indentation in a transmission electron microscope [24]. Plastic incompatibility can
lead to a dislocation pairing along the active slip band and/or dislocation pileup at the
grain boundary, which provokes a slip step and subsequent crack initiation [17,18,21,23].
However, in some studies, transgranular crack initiation and early short crack propagation
along martensitic laths were also observed [15,19]. A frequently used explanation for
intergranular crack initiation and early short crack propagation at PAGBs is the prefer-
ential formation of carbides [25–32] or segregations [25,26,28–31] along microstructural
interfaces. Further reasons are the impingement of slip bands at PAGBs [20,33,34] or the
anisotropic elastic and plastic properties of the grains [17,18,21,35–37]. The numbers of slip
bands and short cracks rise with an increasing number of cycles and with increasing stress
amplitude [10,14,15,18,38,39]. The phenomenon of multi-crack initiation is also observed
for other loading cases, not only for a uniaxial load [40,41].

Compressive residual stresses seem to shift the initiation site of the fatal crack from
the sample surface to the interior of the sample [33,42–48]. Despite existing compressive
residual stresses, crack initiation of the fatal crack also happens at the sample surface,
particularly at surfaces of unpolished samples with an increased surface roughness due
to shot peening [39,49–51]. Regarding the impact of compressive residual stresses on the
number of cycles required for crack initiation, contrary observations have been made. De
los Rios et al., Bag et al., and Berns and Weber observed a retarded crack initiation due
to compressive residual stresses [49,52,53], whereas Misumi and Ohkubo as well as Gao
and Wu could not identify an influence of compressive residual stresses on the number of
cycles required for crack initiation [54,55]. Mutoh et al. noticed an even accelerated crack
initiation due a higher surface roughness because of shot-peening [50].

Furthermore, the martensitic microstructure has a strong impact on the short crack
propagation. Short cracks propagate along martensitic laths [14,38,56]. Furthermore,
PAGBs [11,14,20,38,57] and block boundaries [11,13,57] act as obstacles leading to an oscil-
lating short crack propagation rate. The magnitude of this barrier effect seems to depend
on the amount of the misorientation between the two main slip systems of the adjacent
grains [10,11,13,35,58].

Compressive residual stresses do not affect the short crack propagation rate [50,55],
but rather, they cause a retarded transition from short crack propagation to long crack
propagation [49,52,53,59,60]. However, Hu et al. observed a retardation in both stages, in
the short crack propagation and the long crack propagation [61].

The aim of this study was the characterization of the crack initiation and short crack
propagation in martensitic spring steel by means of uniaxial in-situ fatigue testing in the
high cycles fatigue (HCF) regime, applying a confocal laser microscope (CLM). Further-
more, the impact of compressive residual stresses on the crack initiation and short crack
propagation were analyzed by additional testing of shot-peened samples. Thereby, this
study particularly focused on the fatigue damage evolution by the formation of short crack
networks. To link the local crystallographic orientations of the hierarchical martensitic mi-
crostructure with the characteristics of short crack propagation behaviour, complementary
electron back-scattered diffraction (EBSD) analyses were conducted.
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2. Material and Methods

2.1. Material and Sample Geometry

The test specimens were made of the high-strength martensitic spring steel SAE 9254
(German material number: 1.7102, DIN/EN: 54SiCr6). Its chemical composition, according
to the inspection certificate of the supplier, and mechanical properties are shown in Table 1.
The mechanical properties were evaluated by means of a tensile test, according to DIN EN
ISO 6892-1.

Table 1. Chemical composition and mechanical properties of SAE 9254 (mass fraction in percent).

C Si Mn Cr P S
UTS

[MPa]
YS

[MPa]
E

[GPa]

0.53 1.43 0.66 0.63 0.008 0.007 1750 1550 210

Austenization of wire rods with a diameter of d = 12 mm was done under a vacuum
condition at 1080 ◦C for 100 min, with subsequent gas quenching using compressed
nitrogen followed by tempering at 400 ◦C for 1 h in an inert argon atmosphere. The
fatigue samples (Figure 1) were manufactured from these wire rods by means of electric
discharge machining.

Figure 1. Sample geometry in mm.

2.2. Shot Peening and Residual Stress Measurement

The shot peening of fatigue samples was done by means of a pneumatic machine with
two opposing jet nozzles at Sentenso GmbH in Datteln, Germany. Steel wire pieces of a
hardness of 700 HV with a diameter of 0.4 mm (G3 according to VDFI 8001) were shot with
1.5 bar jet pressure onto the surface. The resulting Almen intensity was 0.16 A at a surface
coverage of 100%.

The residual stresses were determined by means of the energy dispersive measurement
method. The measurements were conducted by the Institute for Material Science of the
University of Kassel. The used x-ray diffractometer was of type Huber 4 equipped with a
W-anode as an x-ray source using an energy of 60 kV and a beam size of 0.5 mm. Thereby,
a 2Θ-angle of 25◦ was adjusted. The analysis of the measured data was performed by
means of the multi-wavelength method. Further information regarding the residual stress
determination by means of the energy dispersive measurement method and the used
equipment is reported in [62–65].

2.3. Testing Strategy

For the sample surface preparation, successive grinding with a stepwise finer SiC
paper up to grit 4000 and a final polishing step with colloidal silicon suspension at a grain
size of 0.25 μm was performed. The fatigue tests were carried out in the HCF regime with
a piezo-driven miniaturized fatigue testing device, shown in Figure 2a. Each sample was
clamped between the load frame and the sample slide. A piezo-actuator (PSt 1000/35/125
vs. 45 Thermostable, Co. Piezomechanik GmbH, Munich, Germany) was used for the
cyclic loading and was installed in a traverse, which again was connected to the load
frame. Additionally, installed disk springs interacted with the piezo-actuator, leading to
an uniaxial alternating loading with a maximum force amplitude of F = 1280 N and a
maximum test frequency of 30 Hz. A quartz crystal force sensor (type 9134B29, Co. Kistler,
Winterthur, Switzerland) was used to determine the force value with an accuracy of better
than 0.01 N. This force signal was used as an input signal for the peak power control
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designed by LabVIEW. For further information regarding the design and the functional
principles of the miniaturized testing device, see [66].

Figure 2. (a) Design and functional principle of the miniaturized testing device; (b) Installation of the
miniaturized testing device into the confocal laser microscope.

The in-situ fatigue tests were conducted by installing the miniaturized fatigue testing
device into a confocal laser microscope (CLM) of type Olympus LEXT OLS4000 (see
Figure 2b). The miniaturized fatigue testing device operated in a stress-controlled manner
at a stress ratio of R = −1 with a sinusoidal command signal at a test frequency of 10 Hz.

2.4. Short Crack Growth Monitoring and Microstructural Characterization

To monitor and assess the fatigue damage evolution and to reconstruct the averaged
short crack propagation, micrographs of the sample surface were taken after intervals
of continuous cyclic loading. The number of cycles in such an interval depended on the
applied stress amplitude and the already-endured number of cycles. To measure the crack
lengths, a measurement tool provided by the software of the Olympus LEXT OLS4000
microscope was used. The crystallographic orientation analyses were carried out by means
of EBSD. The data obtained were used to link the short crack propagation behavior with the
local microstructure. Furthermore, to analyze the effect of the PAGBs as well, the software
ARPGE [67] was applied to the EBSD data.

3. Results

3.1. Microstrucuture and Residual Stress Profile

The martensitic microstructure of the investigated material is shown in Figure 3a. Its
average prior austenite grain size is 125 μm and was determined by means of the linear
intercept method according to ISO 643:2012. This was done with a picric acid etching, but
the resulting microstructure is not shown here. To identify the orientation relationships
(ORs) between the prior austenite grains and the martensitic microstructure, a comparison
of the ideal {111} pole figure of the martensite variants inside an austenite grain assuming a
Kurdjumov–Sachs (K–S) OR and a Nishiyama–Wassermann (N–W) OR with the measured
{111} pole figure was conducted [68]. The results confirmed an austenite to martensite
transformation in the material studied according to the K–S OR (Figure 3b–e), which can
be described as follows:

(111)γ||(011)ά

[
101
]

γ
||[111

]
ά
. (1)

The residual stress measurements were made at the surfaces of two samples, and the
average value was taken as the value of the residual stress for each measured depth (see
Figure 4). The near surface compressive residual stress was 911 MPa, and it stayed close to
900 MPa within a depth of 40 μm.
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Figure 3. (a) Martensite microstructure after heat treatment; ideal {111} pole figure determined
according to (b) Kurdjumov–Sachs (K–S) orientation relationship and (c) Nishiyama–Wassermann
(N–W) orientation relationship; measured {111} pole figure superimposed with the (d) ideal K–S
orientation relationship and (e) the ideal N–W orientation relationship.

Figure 4. Residual stress profile with corresponding error indicators.

3.2. Crack Initiation

The in-situ observations of the shot-peened (SP) samples and the non-shot-peened
(NSP) samples clearly documented that fatigue damage evolution in both conditions started
with an early formation of numerous slip bands locally oriented in parallel on the sample
surface (see Figure 5). Slip bands indicate a localization of cyclic plastic deformation and,
therefore, can give rise to crack initiation. Since the early fatigue damage evolution is
characterized by the formation of numerous slip bands, not just one crack was initiated
on the sample surface, but a network of short cracks formed. To assess the influence of
residual stresses and the applied stress amplitude on the fatigue damage evolution, the
crack density ρCD was determined as a function of the loading cycles. ρCD was calculated
as the total accumulated crack length at the surface divided by the considered surface area.
In this context, it is important to note that from the surface observation, it was difficult to
distinguish between a slip band and a short crack, as both were depicted as black lines in
the CLM images. The same issue was also reported in other studies [14,16,21]. Figure 6a
shows the crack density ρCD of the NSP samples and the SP samples as a function of the
number of cycles for different stress amplitudes. The crack densities ρCD increased with the
increasing number of cycles, indicating an accelerating fatigue damage evolution. Thereby,
the final data point of each curve represents the number of cycles right before failure. A
comparison of those data points near failure between NSP samples and SP samples loaded
with similar stress amplitudes revealed that SP samples had a higher fatigue life. The crack
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density ρCD in both sample conditions increased with increasing applied stress amplitudes
(Figure 6a). The CLM image of the NSP sample loaded with a stress amplitude of 630 MPa
revealed a higher extent of fatigue damage evolution as compared to the NSP sample
loaded with a lower stress amplitude of 550 MPa (see Figure 6b). The comparison of the
crack densities ρCD of the NSP samples and the SP samples loaded with a similar value
of the stress amplitude indicated a lower crack density ρCD in the case of the SP-samples,
especially when a higher number of cycles was concerned. In Figure 6c, this relation is
shown based on two CLM images of an NSP sample and an SP sample loaded with a
similar stress amplitude.

 

Figure 5. SEM images of slip bands locally oriented in parallel in an (a) NSP sample, loaded
at Δσ/2 = 680 MPa, recorded after 90,000 loading cycles and (b) an SP sample, loaded at
Δσ/2 = 700 MPa, recorded after 642,030 loading cycles.

 

Figure 6. (a) Crack density ρCD of the NSP samples and the SP samples as a function of the number
of cycles for different stress amplitudes; (b) CLM images of two NSP samples of different stress
amplitudes; (c) CLM images of an NSP sample and an SP sample of similar stress amplitude.
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The majority of the detected slip bands initiated near PAGBs for both types of samples.
All short cracks monitored initiated intergranularly at PAGBs with or without compressive
residual stresses. Thereby, two types of intergranular crack initiation and early short crack
propagation were observed. The first type was characterized by the impingement of slip
bands upon a PAGB, leading to an intergranular crack initiation along the PAGB (see
Figure 7). The second type exhibited just one isolated and pronounced slip line at the PAGB.
An example for this crack initiation type in both sample conditions is shown in Figure 8.

Fracture area analysis revealed the origin of the fracture at the sample surface for NSP
samples and at a depth of 130–160 μm for SP samples. Fracture surfaces of an NSP sample
and a SP sample, respectively, are shown in Figure 9.

Figure 7. SEM images of intergranular crack initiation caused by the impingement of slip bands on
a PAGB in an (a) NSP sample, loaded at Δσ/2 = 600 MPa after 90,000 loading cycles, and an (b) SP
sample, loaded at Δσ/2 = 630 MPa after 300,000 loading cycles.

 
Figure 8. SEM images of intergranular crack initiation with just one isolated and pronounced slip
line at a PAGB in an (a) NSP sample, loaded at Δσ/2 = 680 MPa after 155,000 loading cycles, and an
(b) SP sample, loaded at Δσ/2 = 730 MPa after 286,120 loading cycles.

 

Figure 9. SEM images of the fracture surfaces of an (a) NSP sample, loaded at Δσ/2 = 590 MPa for
271,000 loading cycles, and an (b) SP sample, loaded at Δσ/2 = 730 MPa for 286,120 loading cycles.
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3.3. Short Crack Propagation

To analyze the short crack propagation mechanisms in the investigated martensitic
spring steel, short crack propagation rates were related to features of the local microstruc-
ture. Figure 10a,b show EBSD orientation mappings of two NSP samples loaded at
Δσ/2 = 680 MPa and Δσ/2 = 550 MPa, respectively. Furthermore, reconstructions of the
PAGB by means of ARPGE are depicted in the subframes. Accordingly, an intergranular
crack path along a PAGB is marked by a white line and a transgranular crack path by a
black line. Figure 10c shows the corresponding short crack propagation rates, da/dN, as a
function of the stress intensity factor range, ΔK, of these two NSP samples. The oscillations
can be attributed to the interaction of the cracks with microstructural obstacles. After
intergranular crack initiation along the PAGB, the initial high crack propagation rates
decreased as the cracks approached the PAGB of the adjacent grains ( 1© and 1©), leading to
the assumption that PAGBs act as barriers to short crack propagation. After overcoming
these obstacles, the crack propagation rates increased again. The propagating crack of the
NSP sample cyclically loaded at Δσ/2 = 680 MPa became partially transgranular, whereas
that of the NSP-sample at Δσ/2 = 550 MPa stayed intergranular until the cracks approached
another PAGB ( 2© and 2©).

Figure 10. EBSD analysis and reconstructed prior austenite grain boundaries of (a) an NSP sample,
after 155,000 cycles at Δσ/2 = 680 MPa, and (b) an NSP sample, loaded after 1,000,000 cycles at
Δσ/2 = 550 MPa; (c) crack propagation rate as a function of the stress intensity factor. The numbers
in the EBSD analysis and the crack propagation curve mark the breakpoints of the cracks.

For the analysis of the transgranular crack paths, circular inserts indicating glide plane
traces were added to the orientation mappings (Figure 11) of the NSP sample fatigued
at Δσ/2 = 680 MPa. The active {110} glide planes were highlighted in a red color. Crack
propagation to the left ( 2©) happened along a {110} glide plane and stopped again at a
PAGB. At the right side ( 3©), crack propagation occurred transgranularly along a {110} glide
plane. Thereby, the transgranular crack propagation could be facilitated by previously
formed slip bands, which were also parallel to a {110} glide plane (s. SEM image). The
almost 20-μm-long transgranular crack then became an intergranular crack that propagated
along a PAGB.

Although the origin of fracture was in the sample interior for the SP samples, still,
many cracks initiated at the surface. Figure 12 shows the orientation map of an SP sample
which has been loaded at Δσ/2 = 630 MPa for 1,000,000 cycles. Furthermore, reconstructions
of the PAGB are depicted in the subframes. The main crack ( 1©) propagated along a
PAGB and arrested at the PAGB of the adjacent grain. A crack branch ( 2©) propagated
transgranularly along a {110} glide plane. The investigation of this short crack suggests
that compressive residual stresses do not change the short crack propagation mechanisms
fundamentally. Just like the NSP samples, the SP sample showed an intergranular crack
initiation and a subsequent short crack propagation along the PAGBs, whereby the PAGBs
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of the adjacent grains also acted as obstacles to short crack propagation. A transgranular
short crack propagated along a {110} glide plane.

 
Figure 11. EBSD analysis with calculated {110} glide plane traces (active glide traces marked in red)
and SEM image of an NSP sample after 155,000 cycles at Δσ/2 = 680 MPa. The numbers in the EBSD
analysis mark the breakpoints of the crack.

 
Figure 12. EBSD analysis with calculated {110} glide plane traces (active glide traces marked in red)
and reconstructed prior austenite grain boundaries of an SP sample loaded at Δσ/2 = 630 MPa for
1,000,000 cycles. The numbers in the EBSD analysis mark the breakpoints of the crack.

The total length of the fatal crack is plotted for different stress amplitudes as a function
of the number of cycles in Figure 13. Crack branches were not considered. Since the
origin of fracture of the SP samples was always found to lie in the sample interior, SP
samples could not be considered here. During the fatigue tests, the length of the fatal
cracks remained under a crack length of 200 μm in all monitored NSP samples during the
major fraction of fatigue life, and the crack growth happened by means of the previously
discussed short crack propagation mechanisms. After this short crack propagation period,
which accounted almost for the entire fatigue life in all examined NSP-samples, a transition
to long crack propagation occurred. This transition could be identified by an appreciable
increase of crack length taking place within a small number of cycles. This transition
happened sooner, the higher the applied stress amplitudes were. CLM images of an NSP
sample cyclically loaded at Δσ/2 = 680 MPa are shown in Figure 13 and illustrate the
tremendous increase in crack propagation of the fatal crack at around 110,000 cycles. In
the case of the NSP sample cycled at Δσ/2 = 550 MPa, no transition could be observed
within 106 cycles, which represents the ultimate number of loading cycles according to the
experimental restrictions.
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Figure 13. Crack length of NSP samples as a function of the number of cycles for different stress
amplitudes and CLM images of the fatal crack development (marked in blue) divided into short crack
propagation and long crack propagation, at Δσ/2 = 680 MPa, for selected cycle numbers.

4. Discussion

In previous studies, the early fatigue damage in martensitic steels was characterized by
the formation of a crack network of short cracks. Thereby, the resulting crack density seems
to strongly depend on the applied stress amplitude [9,14,15,19,38,39]. In this study, the
early fatigue damage was also characterized by the formation of a network of short cracks
in both sample conditions. The resulting crack density also increased with an increasing
number of cycles and increasing applied stress amplitudes. However, a direct comparison
of the crack densities of the NSP samples and the SP samples showed a comparatively
lower crack density in the case of SP samples, especially when a higher number of cycles
was concerned. This leads to the assumption that compressive residual stresses seem to
impede the crack initiation on the sample surface. Some earlier studies have reported the
same observation [49,52,53]. Misumi and Ohkubo, as well as Gao and Wu, on the contrary,
could not identify an impact of compressive residual stresses on the number of cycles
required for crack initiation [54,55]. However, in these previous studies, no reference to an
emerging fatigue damage evolution in the form of a crack network was made. The findings
from our investigation also showed a similar number of cycles required for initiation of the
first emerging cracks on the sample surface in both sample conditions. Only the number of
initiated surface cracks increased slower in the case of SP samples, resulting in a smaller
increase of the crack density. Conversely, Mutho et al. observed an even shorter number of
cycles required for crack initiation in the case of peened samples [50]. However, it must be
noted that their samples were not polished after shot peening, resulting in a much rougher
sample surface compared to the samples investigated in this study. A rough sample surface
can lead to stress concentration, which, again, can facilitate crack initiation.

In the material considered here, the crack initiation and early short crack propagation
on the sample surface occurred intergranularly along the PAGBs in both sample conditions.
In this process, two types of intergranular crack initiation and early short crack propagation
along the PAGBs were observed. The first type was characterized by the impingement of
slip bands on a PAGB, causing intergranular crack formation, as also described in Batista
et al. and Krupp et al. [17,20]. In the second type, the intergranular crack initiation site
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was characterized as an isolated and pronounced slip step at the PAGB, which is in good
agreement with previous studies [17,18,21,69].

A further often-cited explanation for intergranular crack initiation and early short
crack propagation, especially in martensitic spring steels, is the preferential alignment
of carbides and segregations along microstructural interfaces, as reported in previous
studies [25–32]. In this process, the temperature of the tempering process seems to be crucial
for the extent of intergranular crack initiation along PABGs. A tempering temperature in
the range of 350–450 ◦C can lead to an enhanced formation of carbides and segregations
along the PAGBs, leading to a facilitated intergranular crack initiation due to weakened
PAGBs [27–29]. Apart from the carbides along the PAGBs, there was also an additional
formation of carbides along the martensitic laths, but the extent seemed to be much smaller
and, therefore, negligible [27,69]. Carbides can block the dislocation movement and lead
to dislocation pile-ups at the already-weakened PAGBs due to segregations, whereat in
martensitic spring steels phosphorous segregations are often considered as particularly
detrimental [25,29,31]. This effect again provokes an intergranular crack initiation along
the PAGBs. The investigated material was tempered at 400 ◦C, suggesting that the above-
mentioned effects of PAGB weakening are also applicable in our case. In this process, the
bigger the average prior austenite grain size is, the more pronounced the detrimental effect
of carbides and segregations along PAGBs can be [28,31]. In contrast to Koschella et al.,
Batista et al., and Ueki et al., an intergranular crack initiation at block boundaries was not
observed [13,17,22] in the present study.

Transgranular crack initiation also occurred along martensitic laths in the investigated
material, but, unlike in some other studies [13,15,19], this was rarely the case. A possible
key factor for those different observations is the influence of the average prior austenite
grain size. Morrison and Moosbrugger [34] studied the fatigue behaviour of fine-grained
and coarse-grained nickel-270, and, in the case of coarse-grained nickel, cracks initiated
almost exclusively at grain boundaries due to slip band impingement. They assumed that
there is a critical grain size above which intergranular cracks are formed. In the studied
material, the average prior austenite grain size was 125 μm. By comparison, in the work
of Koschella et al. [13], who also investigated the fatigue behaviour of a martensitic steel
in the HCF regime, the average prior austenite grain size was only 12 μm. In contrast to
our results, they observed a frequent transgranular crack initiation within the martensitic
blocks. In the work of Bertsch et al. [15] and Seidametova et al. [19] also, a material with a
smaller average prior austenite grain size of 75 μm as well of 10–60 μm was investigated.

Many studies have revealed a strong influence of the local microstructure on the short
crack propagation (see, for example, [23]), whereat, in the case, of martensitic microstruc-
tures, the PAGBs, as well as the boundaries of the different martensitic substructures, can
act as barriers to short crack propagation. In this study, the PAGBs were identified to act as
obstacles to short crack propagation due to a strong change in the crystallographic orienta-
tion. This result is in good agreement with the results in previous studies [11,14,20,38,57]. In
some studies, however, block boundaries were considered as the most pronounced barriers
for short crack propagation [11,13,57]. According to Morris [70], the decoration of block
boundaries with carbides can lead to a barrier effect of those microstructural interfaces.
Furthermore, his work also stated that, in the case of tempered martensite, clean block
boundaries are often observed, leading to a minor effect of those microstructural interfaces.
The material investigated here was a tempered martensite, and no barrier effect of block
boundaries could be observed. Rather, the crack growth rate decelerated as soon as a short
crack approached the neighboring PAGBs, indicating a pronounced barrier effect of the
PAGBs instead. After overcoming this obstacle, the further short crack propagation occured
primary intergranularly along the PAGBs and, in some cases, transgranularly. As regards
the latter, the short crack propagation seemed to be oriented along a {110} glide plane trace,
which is in good agreement with previous studies [13,18,20]. The primary intergranular
short crack propagation along the PAGBs could again be a consequence of a relatively high
prior austenite grain size and the weaking effect of segregations, leading to a facilitated
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short crack propagation along the PAGBs as compared to a transgranular short crack prop-
agation. In studies with a primary transgranular short crack propagation, often smaller
average prior austenite grain sizes were existent, and higher tempering temperatures had
been applied [13,18].

Regarding the influence of residual stresses on the short crack propagation, no differ-
ence between the NSP samples and SP samples could be detected. The investigation of the
SP samples also led to the assumption that the short crack propagation occurs primarily
intergranularly along the PAGBs, with occasional appearing transgranular cracks or crack
branches. Furthermore, like in the case of the NSP-samples, PAGBs seem to act as obstacles
to short crack propagation. However, in the SP samples, none of the short cracks at the
sample surface became a long crack, and the fatal crack always initiated in the sample
interior in a depth where no compressive residual stresses were assumed to exist any-
more. This leads to the hypothesis that compressive residual stresses impede the transition
from short crack propagation to long crack propagation, which is in good agreement with
previous studies [49,50,52,53,55,59,60]. In the work of Hu et al., a later transition from
short crack propagation to long crack propagation occurred due to an impeded short crack
propagation [61]. For the material studied in the presented investigation, no impediment of
short crack propagation because of compressive residual stresses could be overserved. An
explanation for the different findings could be the primary intergranular crack initiation
in the investigated material. It seems that the complete prior austenite grain boundary
ruptured after crack initiation, and the short crack propagation stopped at the adjacent
neighboring grains. In the work of Hu et al., however, no information was given whether
the cracks propagated intergranularly or transgranularly [61].

The SP samples exhibited a higher fatigue life compared to the NSP samples. It is
assumed that this beneficial effect of compressive residual stresses can be described by
two essential mechanisms. On the one hand, the inhibited transition from short crack
propagation to long crack propagation results in a higher fatigue life. On the other hand,
compressive residual stresses lead to a shift of the crack initiation site into the interior of the
material, as also observed in many other studies [33,42–48]. This is presumably promoted
by tensional residual stresses, which occur in sample interior due to the equilibrium of
forces [2]. Since crack propagation in the sample interior occurs without environmental
effects (i.e., in vacuum), the crack propagation rate is small, resulting in a higher fatigue
life [23]. Furthermore, many studies observed a retardation of the long crack propagation
due to residual stresses (see for example [2,4,5]).

The transition from short crack propagation to long crack propagation, identifiable
by an appreciable increase in the crack length, starts the earlier and the higher the stress
amplitude is. Consequently, an incubation phase for long crack propagation could be
observed. In Figure 14, the number of cycles of the final data point for different stress
amplitudes of NSP samples is plotted, and additionally, the observed values are subdivided
into the corresponding number of cycles for crack initiation and for short crack propagation,
as well as the number of cycles for long crack propagation. As can be seen in Figure 14,
the most significant fatigue life fraction was spent in the stages of crack initiation and
short crack propagation, especially at low stress amplitudes. Since for the analyzed SP
samples, the crack initiation always occurred in the sample interior and on the sample
surface, no transition from short crack propagation to long crack propagation was observed,
an identification of the fatigue life fraction of short crack propagation for the SP-samples
could not be conducted.
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Figure 14. Number of cycles of the final measuring point as a function of the stress amplitude and
additional Subdivision into the stages of crack initiation and short crack propagation, as well as long
crack propagation for NSP-samples.

5. Conclusions

The crack initiation and short crack propagation was investigated experimentally in a
martensitic spring steel with additional consideration of compressive residual stresses. For
this purpose, in situ fatigue tests in a CLM and supplementary EBSD analyses have been
conducted. The investigated martensitic spring steel SAE 9254 was austenized in a vacuum
at 1080 ◦C for 100 min and gas quenched using compressed nitrogen. Subsequently, a
tempering process at 400 ◦C for 1 h in an argon atmosphere was conducted. Furthermore,
some samples were shot peened to assess the influence of compressive residual stresses.

The main results of the study presented are as follows:

• In the first stage of the fatigue tests, which were carried out in the HCF regime, the
early fatigue damage in both sample conditions was characterized by the formation
of numerous slip bands on the sample surface. These slip plane traces followed the
local crystallographic orientations of the martensitic laths. In the slip bands, the cyclic
plastic deformation occurred localized, leading to crack initiation. Hence, a network
of short cracks formed all over the sample surface.

• The crack density was applied as a parameter for fatigue damage. It was shown that
the value of this parameter increased in both sample conditions continuously with
increasing number of cycles and that this increase was more pronounced the higher
the stress amplitude applied. Regarding the effect of residual stresses on the evolution
of crack density, a comparatively lower crack density in the case of the SP samples
was observed, especially when a higher number of cycles was concerned.

• In both sample conditions, most of the slip bands and, correspondingly, most of the
short fatigue cracks initiated at or close to prior austenite grain boundaries. The
subsequent early short crack propagation occurred primarily in an intergranular
manner along the prior austenite grain boundaries.

• A detailed analysis of the local short crack propagation rate in correlation with the
local microstructure revealed an oscillating crack propagation rate, resulting from a
strong interaction of the short fatigue cracks with microstructural features. In this
process, the PAGBs were identified to act as obstacles to short crack propagation due
to a change in the crystallographic orientation. This relation arose irrespectively of
whether the sample surface contained compressive residual stresses or not.

• The SP samples exhibited a higher fatigue life as compared to the NSP samples. It
is assumed that this beneficial effect of compressive residual stresses is due to the
impediment of the transition from short crack propagation into long crack propagation
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on the sample surface and a shift of the fatal crack initiation from the sample surface
to the interior of the material.
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Abstract: For a reliable design of structural components, valid information about the fatigue strength
of the material used is a prerequisite. As the determination of the fatigue properties, and especially
the fatigue limit σw, requires a high experimental effort, efficient approaches to estimate the fatigue
strength are of great interest. Available estimation approaches using monotonic properties, e.g.,
Vickers hardness (HV), and in some cases the cyclic yield strength, only allow a rough estimation
of σw. The approaches solely based on monotonic properties lead to substantial deviations of the
estimated σw in relation to the experimentally determined fatigue limit as they do not consider the
cyclic deformation behavior. In this work, an estimation approach was developed, which is based
on a correlation analysis of the fatigue limit σw, HV, and the cyclic hardening potential obtained in
instrumented cyclic indentation tests (CIT). For this, eleven conditions from five different low-alloy
steels were investigated. The CIT enable an efficient and quantitative determination of the cyclic
hardening potential, i.e., the cyclic hardening exponentCHT eII, and thus, the consideration of the
cyclic deformation behavior in an estimation approach. In this work, a strong correlation of σw with
the product of HV and |eII| was observed. In relation to an existing estimation approach based
solely on HV, considering the combination of HV and |eII| enables the estimation of σw with an
enormously increased precision.

Keywords: fatigue limit estimation; cyclic indentation testing; cyclic hardening potential; hardness;
low-alloy steels

1. Introduction

Materials used in engineering applications are oftentimes subjected to cyclic load-
ings. Therefore, the knowledge of cyclic properties, and especially the fatigue limit, is
indispensable for a safe and reliable design. To determine the fatigue properties, a high
experimental effort is required, i.e., a relatively large number of fatigue tests and specimens.
Consequently, methods to reduce this effort are of great industrial and scientific interest.
For this purpose, short-time procedures [1–5] and correlations between the fatigue limit
and mechanical parameters that can be determined with a low experimental effort (e.g.,
hardness and ultimate tensile stress (UTS)) [6–8] were elaborated.

Hardness tests are one of the simplest methods to characterize the monotonic strength
of a material. By investigating six different steels, Garwood et al. [6] showed that Rockwell
hardness (HRC) roughly correlates with the fatigue limit σw. Note that the fatigue limit
σw discussed in the presented work is defined as the stress amplitude σa that leads to
an ultimate number of cycles of 106–107, depending on the material investigated and
the test frequency used. According to Murakami [9,10], the linear relationship found by
Garwood et al. [6] can be expressed based on the Vickers hardness (HV) using Equation (1)
(compare Figure 1), with σw in MPa. This relationship is valid up to a material-specific
hardness value, ranging between 400 and 500 HV [6,9,10]. Note that the fatigue limits
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given in Figure 1 were determined in rotation bending tests and the deviation observed for
materials with a higher hardness is partially caused by residual stresses at the surface [11].
As this loading condition results in a stress gradient from the surface to the inner material,
an increased influence of residual stresses in relation to uniaxial fatigue testing occurs. In
addition to the residual stresses and the loading condition, it must be considered that a
higher surface roughness significantly decreases the fatigue limit [9,12].

σw = 1.6 HV ± 0.1 HV (1)

Figure 1. Fatigue limit as a function of hardness [6], based on [9,10].

In addition to Equation (1), the ASTM Handbook [13] provides a linear correlation of
the fatigue limit and Brinell hardness (HB) for some steels, which is valid for a hardness up
to 500 HB. The resulting correlation factor is 1.72, which is relatively close to Equation (1).
However, this is only a rough estimation, as it is based on the assumption that the fatigue
limit is half of the UTS [13]. Furthermore, the hardness can also be used to estimate the fa-
tigue limit in case of defect-based failure, as shown by the investigations of Murakami [9,10]
and Casagrande et al. [14].

In addition to hardness, the tensile properties, i.e., the yield strength σy or the UTS,
were also used in different scientific works to assess the fatigue limit [7,8,15–17].

Although the abovementioned models provide sufficient estimations for some steels,
a reliable prediction of the fatigue limit exclusively based on hardness or tensile properties
is not achieved [15,18,19]. This is illustrated by the big scatter band shown in Figure 1,
while the deviation between the estimated and experimentally determined fatigue limit
increases with increasing hardness [10]. Furthermore, Fleck et al. [15] and Rennert et al. [17]
show that the relation between the fatigue limit and yield strength, i.e., the ratio σw/σy,
depends on the type and the strength of the respective steel. In general, in these works, an
increase in σy leads to a less pronounced growth of σw, and thus, with an increase in σy,
the ratio σw/σy decreases. This is explained by Fleck et al. [15] with the cyclic deformation
behavior: While steels with a lower strength in the initial state show cyclic hardening,
most high-strength steels exhibit cyclic softening. This is also underlined by the work of
Lopez and Fatemi [19], who observed for two steels with the same hardness a different
fatigue limit caused by a different cyclic deformation behavior. Consequently, for a reliable
estimation of the fatigue limit σw, the cyclic deformation behavior must be considered.

Beyond the possibilities of conventional hardness measurement, instrumented in-
dentation testing enables the analysis of the deformation behavior. Thus, other material
properties, e.g., the Young’s modulus E [20,21], can be determined, too. Moreover, the cyclic
deformation behavior of a material can be characterized using instrumented cyclic indenta-
tion tests (CIT) [22,23]. The short-time procedure PhyBaLCHT, which is based on CIT and
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enables determining the cyclic hardening potential, was used in [23] to describe the cyclic
deformation behavior of differently heat-treated conditions of the low-alloy steel 42CrMo4.
The cyclic hardening potential refers to the capacity of a metallic material to increase its
strength during cyclic loading, especially via dislocation activities, which counteracts local
stress concentrations, e.g., at microstructural inhomogeneities. As demonstrated in [23],
the cyclic deformation behavior obtained with this testing approach corresponds to the
cyclic deformation curves determined in uniaxial compressive fatigue tests. Furthermore,
Kramer et al. [24] showed for the steel 18CrNiMo7-6 that the cyclic hardening potential
determined in CIT correlates with the amount of cyclic hardening obtained in uniaxial
push-pull fatigue tests.

In our various investigations, it was demonstrated that the cyclic hardening observed
in CIT highly depends on different microstructural phenomena, e.g., the size and distribu-
tion of precipitates [25–27], the dislocation density [28], and the grain size [24]. Moreover,
in [26,27], the results obtained in CIT showed a higher sensitivity to microstructural changes
than conventional hardness measurements. Accordingly, in another of our own studies [29]
on two differently heat-treated Cu-alloyed steels, X0.5CuNi2-2 and X21CuNi2-2, the rank-
ing of the fatigue strength could only be explained by a combined consideration of the
hardness and cyclic hardening potential, as conditions with nearly identical hardness
showed a significant difference in σw, depending on their cyclic hardening potential.

Based on the results outlined above, PhyBaLCHT is a promising method to improve the
estimation of the fatigue limit of steels as it enables consideration of the cyclic deformation
behavior, i.e., the cyclic hardening potential. The high potential of this method is especially
underlined by the results reported in [29]. Based on that, in the present work, the relation-
ship between the hardness, the cyclic hardening potential obtained in CIT, and the fatigue
limit σw was analyzed. For this purpose, different types of low-alloy steels with a bcc lattice
structure were investigated. In addition to existing data from [29] for Cu-alloyed steels
and [30,31] for different batches of C50E, hardness measurements, CIT, and fatigue tests
were performed on differently heat-treated 42CrMo4 and a batch of bainitic 100CrMnSi6-4.

2. Materials and Methods

2.1. Materials

For the correlation analysis presented in this work, which is the basis for an improved
estimation of the fatigue limit σw, three differently heat-treated batches of 42CrMo4, one
batch of 100CrMnSi6-4, five batches of differently heat-treated Cu-alloyed steels with two
different Cu contents, and two batches of C50E (railway steel R7) were used. In summary,
the presented analyses are based on eleven conditions of five different low-alloy steels.

As a condition with a relatively high hardness, a bainitic 100CrMnSi6-4 with the chem-
ical composition given in Table 1 was investigated. To generate a bainitic microstructure,
the material was austenitized at 880 ◦C for 30 min and subsequently bainitized at 220 ◦C
for 8 h, resulting in a retained austenite fraction of 20 vol.-%.

Table 1. Chemical compositions of 42CrMo4 [23] and 100CrMnSi6-4.

Element in wt.-% C Si Mn P S Cr Mo Ni Cu Al

100CrMnSi6-4 0.93 0.59 1.09 0.01 0.01 1.46 - 0.03 0.01 <0.001
42CrMo4 0.37 0.20 0.76 0.002 0.027 1.02 0.16 0.20 0.19 0.02

The 42CrMo4 conditions investigated comprise one normalized as well as two
quenched and differently tempered conditions. As these variants are from the identical
batch investigated in [23], a more detailed description of the microstructure and heat
treatment parameters can be found in this preliminary publication. However, the chemical
composition is given in Table 1 while the annealing temperatures Ta and times ta are listed
in Table 3.
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For the Cu-alloyed steels, a detailed description of the chemical compositions, heat
treatment parameters, and the resulting microstructure is given in [29,32]. The variants con-
sidered in this work differ in their C contents, i.e., 0.005 wt.-% (X0.5CuNi2-2) and 0.21 wt.-%
(X21CuNi2-2), and in their annealing times ta, respectively. Moreover, a quenched condition
of X0.5CuNi2-2 was analyzed. Please note that these laboratory melts were named with
our own labeling based on DIN EN 10027-1 [33] and constitute two low-alloy steels.

Moreover, two batches of C50E, which were extracted from a railway wheel and
differ in extraction positions and thus, cooling conditions, were used. As these batches
were extracted from a component, no defined heat treatment parameters can be provided.
However, the resulting microstructures are characterized in detail in [27,28].

2.2. Mechanical Characterization

To analyze the correlation of the fatigue limit σw and the cyclic deformation behavior
obtained in CIT, the respective data is required. Thus, for all material conditions, the cyclic
hardening potential was determined using the short-time procedure PhyBaLCHT, which
is described in detail in [23,24]. For this, instrumented cyclic indentation tests (CIT) were
performed using a Fischerscope H100C device and a Fischerscope HM2000 device (both
from Helmut Fischer GmbH, Sindelfingen, Germany), which are both equipped with a
Vickers indenter and enable a continuous measurement of the indentation force F and
the indentation depth h. For the specimens of the high-strength steel 100CrMnSi6-4, a
maximum indentation force of Fmax = 2000 mN was used while the other steels were tested
with Fmax = 1000 mN. In CIT, a sinusoidal load function with a frequency of 1/12 Hz and,
in total, 10 cycles were used. For each variant, 20 indentations were performed at 2 different
polished sections, respectively. Thus, the results of each variant were determined based on
40 CIT, resulting in a high statistical reliability. To exclude any interference between the
indentation points, they were placed at a distance of at least five times the indent diagonal,
which is in accordance with [34].

From the second cycle on, the continuously measured signals result in an F-h hysteresis
(compare Figure 2a). In analogy to the plastic strain amplitude obtained from a stress–strain
hysteresis, the half width of the F-h hysteresis at mean loading is defined as the plastic
indentation depth amplitude ha,p. Similar to the cyclic deformation curve, the development
of ha,p versus the number of cycles N is used to describe the cyclic deformation behavior
(compare Figure 2b). The resulting ha,p–N curve shows a stabilized slope from the fifth
cycle on, which indicates saturation of the macro plastic deformation and a domination
of microplasticity. This regime of the ha,p–N curve can further be expressed by the power
function ha,p II given in Equation (2) [24]:

5 ≤ N ≤ 10: ha,p II = aII·NeII (2)

The exponent eII describes the slope of ha,p II and, thus, of the ha,p–N curve in the stabi-
lized regime. As a steeper slope of the ha,p–N curve indicates a more pronounced cyclic
hardening, eII is used to quantify the cyclic hardening potential of the investigated material
and, thus, is called the cyclic hardening exponentCHT. A steeper slope of the curve, which
is described by a higher absolute value of the exponent |eII|, indicates a higher cyclic hard-
ening potential, i.e., a higher capacity to counteract local stress concentrations [23,24,26,29].
As already discussed in the introduction, the fatigue strength relates to the cyclic hardening
potential and, thus, |eII| is considered for the correlation analyses. Note that the cyclic
hardening exponentCHT is not equivalent to the cyclic strain hardening exponent n’ in the
Ramberg–Osgood curve as eII is, in contrast to n’, determined in a multi-axial compressive
stress state.
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Figure 2. Schematic of the PhyBaLCHT procedure: (a) F–h hysteresis and (b) ha,p–N curve [26].

In addition to eII, the Vickers hardness was measured for all material variants, as
Equation (1) is the starting point of the correlation analyses presented in this work. The
Vickers hardness (HV) was measured with a ZwickRoell ZHU 250top universal hardness
testing device (ZwickRoell GmbH & Co. KG, Ulm, Germany). In the case of the conditions
of the steels X0.5CuNi2-2, X21CuNi2-2, and C50E, a test force of 98.07 N was used (HV 10)
while the variants of steel 42CrMo4 and 100CrMnSi6-4 were tested with 294.12 N (HV 30).
However, as the Vickers hardness is considered to be independent of the test force, the
hardness values can be used adequately. Each HV value was determined by calculating
the arithmetic mean of eight measurements. Please note that the values of HV of the steels
X0.5CuNi2-2 and X21CuNi2-2 previously published in [32] differ slightly from the ones
used in this work because additional hardness measurements were taken into account.

To correlate the values of hardness and cyclic hardening exponentCHT with the fatigue
limits, valid data of σw is required for each condition. The fatigue limits of the different
variants of X0.5CuNi2-2 and X21CuNi2-2 were obtained by extrapolating the power func-
tions of the Woehler curves given in [29] to the ultimate number of cycles NL = 2 × 106,
which is commonly used to determine the fatigue limit of these types of steels. Because
of the small lifetime scatter observed for this material, this approach provides a sufficient
reliability. For the steel C50E, σw was determined by VHCF experiments with NL = 2 × 108,
as presented in [30]. However, because no failure occurred beyond ~106 cycles, the fatigue
limit can be defined at NL = 2 × 106.

As for the 100CrMnSi6-4 variant investigated in this work, no fatigue data were
available, a Woehler curve was determined for this condition. To this end, fatigue specimens
with a polished gauge length and the geometry given in Figure 3a were used. Before
polishing, the specimens were hard-turned, which could lead to pronounced residual
stresses in the surface. Thus, the process-induced residual stresses were measured at a
40 kV tube voltage, 40 mA tube current and a scanning speed of 0.004◦/s using an X-ray
diffractometer of the type PANalytical Empyrean (Malvern Panalytical B.V., Almelo, the
Netherlands) equipped with a Cu Kα1 tube. The fatigue tests were stress-controlled with a
stress ratio R = −1 and a frequency of 10 Hz. For this, a servo-hydraulic testing system of
the type Schenck PSA 40 was utilized. The tests were performed at ambient temperature
up to NL = 2 × 106.
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Figure 3. Fatigue specimen geometry of (a) 100CrMnSi6-4 and (b) 42CrMo4.

Similarly, for the variants of 42CrMo4, fatigue experiments were required, as in [23]
only single fatigue tests were performed, which did not enable the estimation of σw.
The fatigue specimens of 42CrMo4 had a geometry as illustrated in Figure 3b with a
polished gauge length. For the quenched and tempered conditions, the fatigue tests
were conducted in stress control with the resonant testing device RUMUL TESTRONIC
200 kN (RUSSENBERGER PRÜFMASCHINEN AG, Neuhausen am Rheinfall, Switzerland)
and a frequency of approximately 86 Hz while for the normalized variant, the resonant
testing device RUMUL TESTRONIC 100 kN (RUSSENBERGER PRÜFMASCHINEN AG,
Neuhausen am Rheinfall, Switzerland) and a frequency of approximately 72 Hz were used.
All tests were conducted at ambient temperature up to NL = 107 cycles.

To determine the fatigue limits σw of the 42CrMo4 variants, the staircase method,
which is described in detail in [35], was used. For each condition, the first experiment
of this approach was performed at a stress amplitude σa,start, being in the range of σw.
To roughly estimate σa,start, preliminary fatigue tests were performed for each condition.
Each following step depended on the results of the prior experiment. If the specimen
had reached the maximum number of cycles NL (run-out), the following experiment was
conducted at a higher stress amplitude, which was obtained by multiplying the former
stress amplitude with the staircase factor dlog. If an experiment led to failure, the stress
amplitude was reduced by dividing the previous stress amplitude by dlog. Therefore, all
stress amplitudes σn were calculated as described in Equation (3) [35].

The staircase factor dlog depends on the scatter of the tested material and is calcu-
lated using the expected or known standard deviation of the whole data set (compare
Equation (4)). For the tested conditions, the exponent slog was estimated based on the
preliminary fatigue experiments. For the normalized condition and the variant annealed
at Ta = 650 ◦C, slog was set to 0.01 while for the variant annealed at Ta = 550 ◦C, an slog of
0.03 was chosen. After finishing the test series, a fictitious data point can be set, depending
on the result of the last experiment. The fictitious point was set to the next smaller stress
amplitude in case of failure or at the next higher stress amplitude if the experiment resulted
in a run-out [35]. An exemplary fictitious test series of the staircase method is illustrated in
Figure 4.

σn = σa,start × (dlog)n (3)

dlog = 10slog (4)

The fatigue limit σw was calculated based on the number of stress levels i and the
number of events f i on each stress level. The lowest stress level was assigned to i = 0 and
each higher stress level had the next larger number i + 1. Using Equations (5) and (6), the
factors F and A were calculated, which were used to determine σw with Equation (7). Based
on this, the fatigue limit σw was determined with a failure probability of 50% [35]:

F = Σf i (5)

A = Σ(i × f i) (6)

142



Metals 2022, 12, 1066

σw = σ0 × dlog
(A/F) (7)

Figure 4. Schematic of the staircase method according to [35].

3. Results

3.1. Determination of the Fatigue Limit of Differently Heat-Treated 42CrMo4 and 100CrMnSi6-4

To obtain statically reliable fatigue limits σw of the different conditions of 42CrMo4,
the staircase method was used, leading to the results summarized in Table 2 and Figure 5a.
As expected, the normalized condition showed the lowest σw while the condition annealed
at Ta = 550 ◦C yielded the highest fatigue limit.

Table 2. Parameters of the staircase method F, A, and fatigue limit σw of the 42CrMo4 conditions.

Material Condition F A σw in MPa

normalized 10 11 261
Ta = 650 ◦C, ta = 2 h 8 10 402
Ta = 550 ◦C, ta = 2 h 10 19 479

Figure 5. (a) Results obtained with the staircase method for different variants of 42CrMo4 and (b) the
Woehler curve of 100CrMnSi6-4.

Considering the failure mechanisms that led to these σw, differences can be observed
between the conditions. While for the normalized condition, crack initiation was only
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observed at surface slip bands, the quenched and tempered conditions also exhibited crack
initiation at nonmetallic inclusions. In addition to crack initiation at defects, the condition
annealed at Ta = 650 ◦C also showed crack initiation at slip bands at the surface. Note
that for this condition, only one defect with

√
area = 40 μm was observed, which did not

lead to a decrease in the number of cycles to failure Nf. Thus, no relevant influence of
microstructural defects on the σw determined is expected for this condition. In contrast
to the other conditions, the variant annealed at Ta = 550 ◦C only showed fatigue crack
initiation at nonmetallic inclusions. However, apart from one specimen fractured at a stress
amplitude of σa = 450 MPa, which was caused by a defect with

√
area = 190 μm, only

small defect sizes (
√

area < 90 μm) were observed. As for the small defects, no correlation
between the defect size and Nf was obtained, and as the one specimen with a bigger
defect has only an insignificant influence on the value σw for Ta = 550 ◦C, the influence of
microstructural defects on σw could also be neglected.

Since for the 100CrMnSi6-4 a smaller number of specimens was available, for this
condition, a conventional Woehler curve was determined, which is shown in Figure 5b.
The results obtained show a, in comparison with typical high-strength steels, relatively
low scatter, which is caused by the small crack-initiating defect sizes, i.e.,

√
area < 25 μm.

Consequently, it is expected that also for this variant, the influence of crack-initiating defects
on the fatigue limit is weak. Because of the small lifetime scatter, the Woehler curve shown
in Figure 5b enables a valid determination of the fatigue limit of this material. For this
purpose, the regression line was extended to Nf = 2 × 106 and based on this, the fatigue
limit σw is assessed to be approximately 930 MPa (compare Figure 5b).

The fatigue limits of the material conditions of Cu-alloyed steels and the C50E were
determined in analogy to 100CrMnSi6-4. For these conditions, only fatigue crack initiation
at the surface and no crack-initiating defects were observed and thus, for these variants,
the influence of microstructural defects can be neglected, too.

3.2. Relationship between the Fatigue Limit, Hardness, and Cyclic Hardening Potential

To elaborate an improved approach for an estimation of the fatigue limit based on
cyclic indentation testing, for all material conditions considered, the fatigue limit σw, the
macro hardness (HV), and the cyclic hardening exponentCHT eII were required. Thus, all
conditions were characterized by hardness measurements and CIT. The results obtained in
indentation testing and the experimentally determined fatigue limits are listed in Table 3,
which is the data basis for the correlation analyses shown in the following. Table 3 also
contains the standard deviation of HV and the 90% confidence interval of eII, illustrating
that the scatter of HV and |eII| is low for all materials.

Table 3. Fatigue limit σw, Vickers hardness (HV), and cyclic hardening exponentCHT |eII| of the
investigated steels.

Material Condition σw in MPa HV |eII| References

X0.5CuNi2-2

quenched 400 182 ± 3 0.453 ± 0.027

[29,32]Ta = 550 ◦C, ta = 120 s 460 205 ± 2 0.463 ± 0.022

Ta = 550 ◦C, ta = 2400 s 510 207 ± 3 0.537 ± 0.023

X21CuNi2-2
Ta = 550 ◦C, ta = 120 s 480 257 ± 3 0.383 ± 0.024

[29,32]
Ta = 550 ◦C, ta = 2400 s 530 263 ± 3 0.429 ± 0.023

C50E
position 1 370 275 ± 3 0.290 ± 0.007

[30]
position 3 340 260 ± 4 0.289 ± 0.008

42CrMo4

normalized 261 192 ± 6 0.292 ± 0.010

[23]Ta = 650 ◦C, ta = 2 h 402 286 ± 2 0.292 ± 0.009

Ta = 550 ◦C, ta = 2 h 479 364 ± 5 0.270 ± 0.007

100CrMnSi6-4 - 930 709 ± 5 0.274 ± 0.007
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The σw values shown in Table 3 were determined using fatigue specimens with
polished surfaces, leading to an elimination of the influence of the surface roughness. As
the specimens were manufactured from bars with diameters significantly bigger than the
gauge diameters using low feed rates and manual polishing, thermally and finishing-
induced residual stresses are assumed to be relatively low. Additionally, only push-pull
fatigue testing (R = −1) was applied and, thus, the whole material volume in the gauge
length was loaded homogenously, leading to a less pronounced impact of the residual
stresses and surface roughness in relation to other loading conditions, e.g., rotating bending.
Consequently, the influence of the residual stresses was neglected.

Note that the specimens of 100CrMnSi6-4 were hard-turned and subsequently polished.
Due to the hard-turning, for this condition, pronounced compressive residual stresses in the
loading direction (−733 MPa) were measured in the surface-near area, which corresponds
to [36]. However, the crack initiation started at defects located at a distance to the surface
bigger than 800 μm, which, hence, significantly exceeds the depth of the residual stresses
induced by hard-turning (compare [36]). Consequently, the influence of the residual stresses
induced by hard-turning on σw can be neglected in this case, too.

In summary, the values of σw given in Table 3 are mainly related to the mechanical
properties of the material volume. In this context, the properties of the material volume
refer to the integral, global material properties in contrast to local ones, e.g., at the surface.
More details about the microstructure and the properties of the material volume are given
in the reference mentioned in Table 3. As the results determined in indentation testing are
also dominated by the properties of the material volume, the material parameters listed in
Table 3 constitute an excellent basis for the approach proposed.

Initially, for all material conditions considered in this work, the relation between
the fatigue limit and the Vickers hardness was analyzed. For this purpose, the σw are
plotted against the respective HV in Figure 6a. Moreover, in Figure 6a, the commonly
used Equation (1) is represented by a straight line, showing a rough correlation with the
experimental data. However, some conditions exhibit a rather large deviation from the
relation given in Equation (1), especially in the case of 100CrMnSi6-4 and the Cu-alloyed
steels. In accordance with [6,9], the relatively hard 100CrMnSi6-4 (706 HV) yields lower σw
than expected from Equation (1). However, for the softer Cu-alloyed steels, a significantly
higher σw can be observed in relation to Equation (1). It should, thus, be noted that the
deviation from this estimation approach is not limited to high-strength conditions.

Figure 6. (a) Relationship of σw as a function of HV and (b) the deviation of the experimental
determined to the estimated fatigue limit σw/(1.6 × HV) plotted versus |eII|.

145



Metals 2022, 12, 1066

Comparing eII of these materials, the overestimated 100CrMnSi6-4 exhibits low |eII|
while the underestimated Cu-alloyed steels all show strong cyclic hardening and, thus, a
high |eII| (see Table 3). Consequently, the relative deviation between the experimentally
determined σw and the estimation based on Equation (1) was quantified by σw/(1.6 × HV).
These relative deviations were related to |eII|, which is illustrated in Figure 6b. Applying
a linear regression of σw/(1.6 × HV) as a function of |eII| results in an impressively good
correlation, which can be expressed by Equation (8). Note that Equation (8) contains all
three material parameters considered in this work. By rearranging Equation (8), the fatigue
limit σw can be expressed as the dependency of HV and |eII| (see Equation (9)):

σw/(1.6 × HV) = 2.946 × |eII| + 0.006 (8)

σw = 4.7136 × |eII| × HV + 0.0096 × HV (9)

The summand 0.0096×HV of Equation (9) results from the mathematical regression
analysis and represents the section point with the σw-axis. This summand is considered
as a mathematical artifact. Note that even for a very high hardness of 1000 HV, this
summand would shift the estimated fatigue limit by only 9.6 MPa and consequently, it can
be neglected.

Considering Equation (9), the fatigue limit correlates with the product of HV and |eII|.
However, the factor (4.7136) given in Equation (9) was calculated based on the estimation
from Equation (1), which yields pronounced deviations. Thus, a regression analysis of σw
and HV × |eII| was examined only based on the data given in Table 3, which is illustrated
in Figure 7.

Figure 7. Relationship of σw as a function of HV×|eII|.

The diagram shown in Figure 7 demonstrates an excellent correlation between the
fatigue limit σw and the product HV × |eII|, which can be expressed mathematically by
Equation (10). Thus, this equation can be used to estimate σw based on the Vickers hardness
(HV) and the cyclic hardening exponentCHT |eII|. Note that this relation covers data with
a high range of HV × eII| (56 to 194) and σw (261 MPa to 930 MPa):

σw = 4.82 × HV × |eII| − 7.18 (10)

However, the factor (4.82) and the subtrahend (7.18) of this equation result from
regression analysis and, hence, highly depend on the data basis used. Although the data
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used in the presented work is sufficient to verify the fundamental applicability of the
relation, the explicit quantification requires a substantially bigger data basis, especially
in the range between σw = 500–900 MPa. Consequently, from the available data, only the
general form of this relation can be derived, which is given in Equation (11):

σw = C1 × HV × |eII| + C2 (11)

4. Discussion

The regression analysis conducted in Section 3.2 results in a new estimation approach
of the fatigue limit σw based on the hardness and the cyclic hardening potential deter-
mined in CIT (see Equations (10) and (11)). To analyze the improvement of the estimation
achievable with this approach, an additional regression analysis was performed on a re-
duced data set, without the conditions X0.5CuNi2-2 (ta = 2400 s), X21CuNi2-2 (ta = 2400 s),
C50E (position 3), and 42CrMo4 (Ta = 650 ◦C). As illustrated in Figure 8a, the regression
based on Equation (11) and the reduced data set leads to C1 = 4.82 and C2 = −2.34. These
coefficients were used to estimate the fatigue limit of the omitted material conditions.
Figure 8b demonstrates that the experimentally determined fatigue limits σw, exp. are very
close to the estimated fatigue limit σw, est.. To quantitatively compare the estimation based
on HV × |eII| with the estimation based solely on HV, the relative differences (Δσw, est.)
between σw, exp. and σw, est. estimated with Equations (1) and (11), respectively, were de-
termined for each condition by Equation (12). The resulting deviations are illustrated in
Figure 8c:

Δσw, est. = (σw, exp. − σw, est.)/σw, est. (12)

Figure 8. (a) Regression analysis of σw as a function of HV × |eII| for selected material conditions;
(b) verification of the regression analysis by selected material conditions; (c) relative deviation of σw

experimentally determined to the estimated fatigue limit based on HV and HV × |eII|, respectively.

As demonstrated by the results shown in Figure 8c, a strong improvement of the
fatigue limit estimation is realized by considering the cyclic hardening potential in addition
to the hardness. In accordance with the results shown by Fleck et al. [15] and Fatemi
and Lopez [19], this improvement is caused by the integration of the cyclic deformation
behavior, i.e., the cyclic hardening exponentCHT eII.

Although eII is determined based on a relatively small number of cycles (N = 10), it
was shown in preliminary work that this material parameter strongly corresponds to the
cyclic deformation curves [23,24] as well as the fatigue strength and lifetime [29,32,37]
determined in uniaxial fatigue tests. Moreover, the limited number of cycles enables a
fast (about 2 h) analysis of the cyclic deformation characteristics. Consequently, the cyclic
hardening exponentCHT obtained with PhyBaLCHT allows the consideration of the cyclic
deformation behavior in an efficient approach to estimate the fatigue limit σw.

147



Metals 2022, 12, 1066

Note that the estimation approach presented here was only validated for low-alloy
steels with several carbon contents and a bcc lattice structure. Moreover, only push-pull
fatigue experiments with R = −1 were considered and, thus, this approach needs to be
extended to other loading conditions, e.g., rotational bending testing. In addition to this, the
data basis is limited to polished surfaces and materials whose fatigue limit is not affected
by microstructural defects and residual stresses.

Despite the abovementioned constraints, this approach yields promising results for
a wide range of construction materials and, thus, has high potential for industrial and
scientific applications. However, a bigger data basis is required, which is an objective of
future research.

5. Conclusions and Prospects

In this work, a new approach to estimate the fatigue limit σw of low-alloy steels is
presented. For this purpose, the correlation of the fatigue limit σw with the Vickers hardness
(HV) and the cyclic hardening potential was analyzed based on eleven material conditions,
which comprise five different low-alloy steels. To determine the cyclic hardening potential,
instrumented cyclic indentation tests (CIT) were performed under each material condition.
By analyzing the cyclic deformation behavior in CIT, the cyclic hardening exponentCHT
|eII|, which represents the cyclic hardening potential of the material, was determined.

The results obtained demonstrate that an estimation of σw simply based on hardness
measurement is insufficient. However, by considering the combination of HV and the
cyclic deformation behavior, i.e., the cyclic hardening potential, the estimation of the
fatigue limit σw can be improved enormously. Consequently, the cyclic hardening potential,
which represents the cyclic deformation behavior, and can be easily determined by cyclic
indentation testing, was used for the first time to obtain a valid estimation of σw, requiring
only a small volume of material and a short testing time. Note that for this testing approach,
the microstructure and residual stress state of the samples should be equivalent to the
specimens or components considered. Thus, this approach has high potential for industrial
and scientific applications.

Although the data considered in the presented work is sufficient for verification of
the fundamental viability, an extended data base is required for a valid quantification.
Moreover, the transferability of this approach to other materials, e.g., aluminum alloys,
austenitic steels, or titanium alloys, needs to be investigated [38,39]. Furthermore, the
cyclic hardening potential might also be used to improve the estimation of the fatigue
limit in the case of defect-based failure. In addition to this, the scatter of the hardness,
cyclic hardening potential, and resulting fatigue limit must be integrated [40]. Finally, an
analysis of the influence of the loading condition, surface roughness, residual stress state,
and microstructural defects, which were excluded in this work by the experimental design,
is required, too. These aspects will be objectives of future work.
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Abstract: Components made of nickel-based alloys are typically used for high-temperature applica-
tions because of their high corrosion resistance and very good creep and fatigue strength, even at
temperatures around 1000 ◦C. Corrosive damage can significantly reduce the mechanical properties
and the expected remaining service life of components. In the present study, a new method was
introduced to continuously determine the change in microstructure occurring as a result of exposure
to high temperature and cyclic mechanical loading. For this purpose, the conventional low-cycle
fatigue test procedure was modified and a non-destructive, electromagnetic testing technique was
integrated into a servohydraulic test rig to monitor the microstructural changes. The measured values
correlate with the magnetic material properties of the specimen, allowing the microstructural changes
in the specimen’s subsurface zone to be analyzed upon high-temperature fatigue. Specifically, it was
possible to show how different loading parameters affect the maximum chromium depletion as well
as the depth of chromium depletion, which influences the magnetic properties of the nickel-based
material. It was also observed that specimen failure is preceded by a certain degree of microstructural
change in the subsurface zone. Thus, the integration of the testing technology into a test rig opens
up new possibilities for improved prediction of fatigue failure via the continuous recording of the
microstructural changes.

Keywords: alloy 718; fatigue; oxidation; chromium depletion; non-destructive testing

1. Introduction

Components in aircraft, aerospace, industrial, and automotive engineering are fre-
quently subjected to severe loads due to thermal fluctuations and cyclic mechanical stresses.
In order to ensure a sufficient service life under these loading conditions, these components
are often manufactured using nickel-based alloys, the so-called superalloys. These alloys
exhibit very high resistance to corrosion, as well as high creep and fatigue strength, even
at temperatures around 1000 ◦C. Their excellent properties at these high temperatures
are achieved by alloying up to 15 elements with nickel as the base element. High me-
chanical strength is reached in particular by the formation of ordered precipitates and
carbides. Corrosion protection is provided by alloying with sufficiently high contents of
the coating-forming elements chromium and aluminum [1–4].

A component’s service life is often determined by mechanical and corrosive factors.
The high temperatures and an oxygen-containing atmosphere lead to oxidation of the
component surface. If the chromium and aluminum contents are sufficiently high, protec-
tive coating layers are formed that drastically slow down further oxidation and typically,
parabolic oxide layer growth occurs. As the protective layer forming elements diffuse from
the component subsurface to the component surface, the component subsurface becomes
depleted in these elements. If the subsurface is excessively depleted in these elements, the
oxide layer can no longer be re-established in the event of local damage. As a result, the
protective effect of the oxide layer is finally lost. Cyclic mechanical stress acting on the
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component can lead to such local damage in form of cracks in the protective oxide layers.
Due to the constant reformation of the oxide layer, the element depletion in the component
subsurface increases rapidly. If the oxide layers no longer provide sufficient protection,
oxidation products may form in the material and on grain boundaries. This can lead to
notch effects, crack initiation, and component failure [5–8].

The depletion of alloying elements can also lead to a change in the magnetic material
properties. In fact, an initially paramagnetic material behavior can change to a ferromag-
netic one. This effect makes it possible to detect microstructural changes as a result of
high-temperature corrosion using non-destructive testing (NDT) techniques [9–14]. Har-
monic analysis of eddy current signals (EC-HA) is a non-destructive testing technique
suitable for characterizing such changes in the magnetic material properties. This testing
technique is mostly used for non-destructive characterization of steel alloys with ferromag-
netic properties [15–17]. For detecting microstructural changes in nickel-based superalloys
by EC-HA, the fact can be exploited that the chromium depletion correlates with the Curie
temperature and the amplitude of the third harmonic at 25 ◦C [18–20]. In the context of the
present study, EC-HA was integrated into a servohydraulic test rig in order to record the
change of the specimen subsurface zone under high-temperature fatigue conditions in a
non-destructive manner.

There are various test techniques for assessing the behavior of high-temperature
materials under thermal and mechanical loading conditions. These can be divided into
isothermal, thermo-mechanical, or thermal fatigue tests [21–24]. The objective of the
present study was to evaluate an EC-HA system designed to monitor the microstructural
degradation in the subsurface region under such conditions. Although the present study
was limited to isothermal high-temperature low-cycle fatigue (LCF) test, the approach is
applicable to other loading scenarios as well.

2. Materials and Methods

The experiments were carried out using the nickel-based alloy 718 in annealed con-
dition. The alloy composition was 18.6 wt.% Fe, 18.4 wt.% Cr, 5.1 wt.% Nb, 2.9 wt.% Mo,
0.9 wt.% Ti, 0.5 wt.% Al, 0.3 wt.% Co, and balance Ni. For testing, cylindrical specimens
with a diameter in the gauge section of 8 mm were employed. The samples were tested in
the as-machined condition (surface roughness of Rz = 2 μm).

The modified isothermal LCF tests were performed on an MTS Landmark 370.10 servo-
hydraulic universal test system (MTS Systems Corp., Eden Prairie, MN, USA). The key
components of the test set-up are presented in Figure 1. The LCF parts of the tests were
conducted in total strain control with triangular wave shape and a test frequency of
0.0083 Hz. The actual strain was measured by a high-temperature extensometer (MTS
Systems Corp., Eden Prairie, MN, USA) attached to the specimen. The specimen was
heated inductively via an induction coil enclosing the specimen. The temperature of the
specimen was determined without contact via a pyrometer. To ensure a constant emission
coefficient of the specimen surface, the specimen was painted black with heat-resistant
paint. The temperature measurements were calibrated using thermocouples attached to
companion specimens.

The EC-HA system was integrated into the fatigue test rig, allowing in-situ electro-
magnetic characteristics to be monitored as shown in Figure 1. Specifically, a temperature-
resistant EC-HA tactile sensor (in-house development) was used to record the magnetic
properties. Protection against high specimen temperatures was realized by a thin-walled
housing made of a paramagnetic, low-conductive metal. The sensor was operated at a
frequency of 1.6 kHz and had a measuring spot diameter of 15 mm. Therefore, not the
entire sample was probed, but only a selected part of the sample. The penetration depth
and the volume probed are essentially dependent on the electrical and magnetic material
properties in addition to the selected test frequency. Since alloy 718 has paramagnetic
properties in its initial state as well as a low electrical conductivity (approx. 1 MS/m),
high penetration depths result. In fact, for the geometry used it would also be possible to
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detect the formation of ferromagnetic phases on the backside of the sample. However, this
changes when a thin, ferromagnetic surface layer forms as a result of high-temperature
oxidation. Then the effective penetration depth decreases to a few μm. To position the
sensor on the specimen, a linear axis with a spindle drive and a traverse path of 250 mm
was used. With the traversing unit, the sensor was moved from a position outside the
effective field of the inductor (= parking position) to the specimen (= measuring position).
By means of an integrated spring mechanism, the sensor was pressed onto the specimen
surface with a constant force when the sensor was in the measuring position.

Figure 1. Schematic illustration of the LCF test rig and the integrated non-destructive EC-HA
testing system.

As described in ref. [18], the Curie temperature and the amplitude of the third har-
monic can be used to evaluate the microstructural state of the subsurface zone. In order
to reduce the number of influencing factors in the test sequence, only isothermal, strain-
controlled LCF tests were carried out in the present study. The actual test sequence is
shown in Figure 2. It consists of a conventional high-temperature LCF part and a cool-
ing/measuring period. At the beginning of each test cycle, the specimen was heated to
the target temperature of 800 ◦C in the gauge section while the stress in the specimen
was controlled at 0 MPa, allowing the specimen to expand freely during heating. At the
end of heating, a holding phase of 120 s was used to minimize temperature gradients in
the gauge length. Thereafter, the specimen strain was set to 0%. Then strain-controlled
mechanical loading commenced, using a triangular wave shape. After a defined number of
load cycles, heating was turned off and the samples was cooled down in stress control to
allow specimen stress-free thermal contraction. When the specimen temperature dropped
below 450 ◦C, the EC-HA sensor was moved from the parking position to the measuring
position, Figure 2b. The EC-HA signal was then recorded until the sample temperature
dropped below 25 ◦C. The duration of the cooling of the samples to a value < 25 ◦C was
about 10 min. Thereafter, the EC-HA sensor was retracted and heating to the next LCF
cycle began.

The entire test was terminated when the peak stress at maximum strain dropped
to a level below 50% of the one in the saturation regime. At such a large stress drop
clearly detectable crack growth had occurred. The experimental parameters used in the
fatigue tests are summarized in Table 1. The temperature specified in Table 1 is the set
temperature. In all three tests, an average temperature of 798 ◦C was measured during the
high-temperature LCF part, with temperature variations within the gage length remaining
within the permissible limits according to ASTM E 606.
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Figure 2. Modified LCF test procedure with combined EC-HA measurement: (a) strain-controlled
LCF at a constant temperature of ϑ1 with EC-HA sensor in park position, (b) EC-HA sensor in
measurment position recording the electromagnetic characteristics of the specimen between ϑEC and
ϑR under stress-free conditions (F1 = 0).

Table 1. Test parameters of the modified isothermal LCF tests.

Specimen Temperature ϑ1, ◦C
Total Strain
Amplitude
Δεmech./2, %

Duration per
Load Cycle, s

Load Cycles per
Test Cycle, -

1 800 0.3 120 20
2 800 0.5 120 20
3 800 0.7 120 20

The magnet-inductive testing method of harmonic analysis of eddy current signals
was designed such as to be most sensitive for the detection of ferromagnetic phases and
for the evaluation of the changes caused by high-temperature oxidation. Specifically, the
microstructural changes in the specimen subsurface zone were determined by evaluating
the amplitude of the third harmonic as a function of the specimen temperature. The details
of the NDT technique are given in Ref. [18].

Ferromagnetic phases show a ferromagnetic behavior until the so-called Curie Temper-
ature reached. Once this temperature is exceeded, a former ferromagnetic phase becomes
paramagnetic. According to the procedure described in ref. [18], the Curie temperature
of the sample can be determined by defining a threshold value in the amplitude of the
third harmonic. This threshold value can be correlated with the maximum chromium
depletion in the subsurface zone, see Figure 3a, since a reduction in chromium content
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leads to a ferromagnetic behavior of the nickel-based alloy 718. Thus, the value of the
amplitude of the third harmonic at a temperature of 25 ◦C can be correlated with the depth
of chromium depletion, cf. Figure 3b. By monitoring the amplitude of the third harmonic
over the specimen temperature after each test cycle, the change in microstructure in the
specimen subsurface zone up to specimen failure can be non-destructively detected. Since
in the described experimental setup the minimum sample temperature corresponds to
the room temperature (≈25 ◦C), no Curie temperatures below 25 ◦C were detected in the
experiments conducted in the present study.

Figure 3. (a) Minimum Cr content vs. Curie temperature and (b) size of the chromium-depleted
subsurface region vs amplitude of the third harmonic Reprinted with permission from ref. [18].
Copyright 2022 Taylor & Francis.

In conjunction with the recording of the electromagnetic measurements, the specimens
were examined with regard to the microstructural changes occurring in the subsurface
region. For this purpose, the specimens were cut along the longitudinal axis, with the
cut being aligned such that its plane passed through the measuring spot of the EC-HA
sensor. The specimens were then embedded in electrically conductive resin and polished.
Element mappings by energy dispersive spectroscopy using X-rays (EDX) were obtained
using a XV-scanning electron microscope (SEM) Mira VP (VisiTec Mikrotechnik GmbH,
Grevesmühlen, Germany) operated at an acceleration voltage of 20 kV to determine the
element distribution around the crack initiation site.

3. Results

In Figure 4 the change of the Curie temperature, observed via the change in the
amplitude of the third harmonic as a function of the specimen temperature for different
loading cycles is displayed. After the first test cycle, i.e., 20 individual load cycles, the
amplitude signal cannot be distinguished from the baseline noise, which shows that the
Curie temperature is lower than 25 ◦C. At 374 cycles, which corresponded to 27% of the
fatigue life, the pre-defined amplitude threshold value of 1.5 times the baseline noise for
determining the current Curie temperature was exceeded. As seen in Figure 4, a clear
increase in the amplitude of the third harmonic, i.e., an increase in the Curie temperature
can be seen after 520 load cycles. The 520 load cycles correspond approximately to 37.5 %
of fatigue life. As cycling progresses, both the amplitude of the third harmonic, and thus
the Curie temperature continued to increase. After 1380 cycles, shortly before reaching the
end of the fatigue test a 1382 cycles, the amplitude of the third harmonic showed a value of
0.43 mV and the Curie temperature amounted to 110 ◦C.
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Figure 4. Amplitude of the third harmonic versus specimen temperature for selected cycles in the
modified isothermal LCF test with a strain amplitude of εmech. = 0.5 %, a strain ratio of Rε = −1 and
a specimen test temperature of ϑ1 = 800 ◦C.

Figure 5 shows selected stress-strain hysteresis loops from the specimen used to
monitor the changes in the third harmonic in Figure 4. Whereas the latter has already
revealed a detectable microstructural change at 374 cycles (27% of fatigue life), the effect
of crack growth on apparent stress−strain response is only apparent clearly close to the
end of the test in Figure 5e), where the maximum stress was seen to decrease substantially,
and the hysteresis loop began to show an inclination in the compressive part. Both effects
demonstrated that substantial crack formed at this stage.

The potential to detect fatigue damage early on via EC-HA is further evaluated in
Figure 6, which shows the course of the amplitude of the third harmonic and the Curie
temperature as a function of fatigue life. Here, a clearly detectable increase of the amplitude
of the third harmonic can be seen at about 25% fatigue progress, which corresponds to
the microstructural change in the probed subsurface layer. The calculated change in Curie
temperature corresponds to a substantial depletion in local chromium content.

By tracking the electromagnetic parameters during fatigue, insight can be gained into
damage evolution. Figure 7 shows the progress of the Curie temperatures of the three
samples considered during the fatigue tests. As expected, the specimen strained with the
highest amplitude fails at the lowest number of cycles. The curves of the specimens with
strain amplitudes of 0.3% and 0.7% revealed a sharp increase in the Curie temperature in the
cycles shortly before failure occurred. A better comparison is obtained plotting the Curie
temperatures vs. the normalized fatigue life, cf. Figure 7b. Between a Curie temperature
of 85 ◦C and 105 ◦C all specimens reached about 80% of fatigue life, irrespective of their
actual strain amplitude.

In addition to the Curie temperatures, the amplitudes of the third harmonic curves
at 25 ◦C were evaluated. As the Curie temperature reflects a different part of the data
provided by tracking the third harmonic, the curves shown in Figure 8 progress differently.

Similar to Figure 7, the curves in Figure 8a are steeper at higher strain amplitudes.
However, normalization, cf. Figure 8b, does not collapse the data onto a common master
curve. This difference can be explained based on the total duration of the fatigue test. At
lower strain amplitude, the samples are exposed to the high-temperature phase for more
cycles, allowing changes in the microstructure as a result of high-temperature oxidation to
take place over a longer duration. Thus, the increase in the amplitude of the third harmonic,
normalized to the fatigue life, is greatest with a strain of 0.3%, i.e., for the sample with
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longest test period. A longer testing time leads to greater chromium depletion and thus
more ferromagnetic material, which is reflected by the increase in the amplitude of the
third harmonic.

Figure 5. Stress−strain hysteresis loops after (a) 2 cycles, (b) 20 cycles, (c) 520 cycles, (d) 940 cycles,
(e) 1380 cycles, and (f) maximum and minimum stress vs number of cycles for the fatigue test
corresponding to Figure 4.

Figure 6. Amplitude of the third harmonic and Curie temperature versus fatigue life of the specimen
subjected to 0.5% strain amplitude at 800 ◦C.
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Figure 7. Evolution of Curie temperature in the fatigue tests with different strain amplitudes as a
function of (a) the number of cycles and (b) normalized fatigue life; recompiled from ref. [19].

Figure 8. Evolution of the amplitude of the third harmonic at 25 ◦C in fatigue tests with different
strain amplitudes as a function of (a) the number of cycles and (b) normalized fatigue life; recompiled
from ref. [19].

To investigate the influence of high-temperature oxidation in more detail, micrographs
were taken from the fatigued specimens around the cracked area. Optical microscope
images showed that in addition to the primary crack which led to the specimen failure,
further smaller cracks were induced, Figure 9. In the specimen with the longest test
duration, Figure 9a, these secondary, smaller cracks were most pronounced.

Figure 9. Optical microscope images of the fatigued specimens in the region of crack initiation:
(a) 0.3%, (b) 0.5%, and (c) 0.7% strain amplitude.

EDX mappings for the element chromium showed the formation of a chromium-rich
oxide layer, cf. Figure 10. Increased chromium content at the cracks surfaces, although
less pronounced, was also seen. This is confirmed by the in the mapping of oxygen. High
concentrations of oxygen were found at the surface and the crack flanks. This indicates the
formation of oxides on the crack flanks. In addition, a chromium-depleted near surface
zone was visible. This is most evident in the specimens that were subjected to 0.3% (1) and
0.7% (3) strain. In the specimen subjected to 0.5% strain (2), chromium depletion on the
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crack flank was very weak. The mappings for the elements nickel and iron did not show
any special peculiarities.

Figure 10. SEM images and EDX mappings for the elements chromium, nickel, iron, niobium, and
oxygen.

Subsequently, as shown in Figure 11a, EDX line scans were taken from the specimen
surface towards the center of the specimen and from the crack start diagonally into the
interior of the specimen. Upon initial crack formation, the exposed substrate no longer
features a protective coating. Subsequently, the oxides form, which increases the chromium
depletion. This became more pronounced with increasing test duration as this process
is controlled by diffusion. Thus, EDX analysis demonstrated that the depth affected by
chromium depletion was larger in the case of the specimen cycled at a strain amplitude of
0.3%, cf. Figure 11c. By contrast, the chromium concentration profiles measured at the un-
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cracked surface, Figure 11b, were much more similar. This difference can be explained if it
is assumed that material transport is more rapid in the crack wake because of pipe-diffusion
in the plastically deformed region.

Figure 11. (a) Schematic illustration of the chromium-depleted zones and traces of the EDX line scans
marked in red for scans from (b) the un-cracked surface to the center and (c) at the crack initaion site.

4. Discussion

The fatigue life of a cyclically loaded material can be divided into two parts: (i) the
fraction of cycles required to initiate cracking and (ii) the fraction of cycles responsible for
crack propagation [25]. In the crack initiation phase, a material can cyclically harden, soften,
or exhibit an almost constant stress−strain response under cyclic loading. This depends, in
part, on the material, the induced stress states, temperature, and type of fatigue test [26–28].
Corrosion-induced damage can have a substantial influence on crack initiation and early
crack growth, which subsequently leads to fatigue failure. For example, many studies on
crack growth during high-temperature fatigue of alloy 718 show that crack growth rates in
tests conducted in air are significantly higher than those conducted in vacuum. Especially
in tests with low test frequencies, as in the present study, high-temperature oxidation has a
great influence on the crack growth rate [29–33].

The high-temperature oxidation of alloy 718 manifests itself, in particular, in a pro-
nounced depletion of the subsurface zone in chromium. Chromium depletion as a result of
high-temperature oxidation in alloy 718 has been studied using metallography by many
authors, e.g., refs. [34–36]. In the present study, the amplitude of the third harmonic of
EC-HA testing was used, which senses the volume of material affected by chromium
depletion, and the Curie temperature determined, correlates with the maximum depth
of chromium depletion. In this way, the progress of high-temperature corrosion can be
evaluated non-destructively [18]. By implementing the EC-HA testing system into an
isothermal LCF test rig, an estimate of the remaining fatigue life is possible, cf. Figure 7b.
From a mechanistic point of view, this is based on the newly created surfaces upon crack
initiation and early crack growth and hence accelerated chromium depletion.

It was shown that chromium depletion is not only dependent on time and temperature
but also on cyclic straining. The electromagnetically measured data have shown that
both the maximum chromium depletion and the depth of chromium depletion increase
more rapidly with cycle number at larger strain amplitude, cf. Figures 7 and 8. The EDX
line scans also show that the maximum chromium depletion occurs at the site of crack
initiation, Figure 11. During crack growth, an unprotected surface forms in the already
depleted subsurface zone. This leads to significantly accelerated chromium depletion.
This is also evident in the Curie temperature curves. This explains the strong increase
in the Curie temperature for sample 1 (Δεmech./2 = 0.3 %) that occurred at approx. 80%
of the test duration, when more and/or larger cracks form, cf. Figure 7. For sample 3
(Δεmech./2 = 0.7 %), the same trend was seen close to the end of fatigue life, but the effect

160



Metals 2022, 12, 1871

is less pronounced. This is to be expected as at the higher mechanical strain amplitude
crack growth is faster, and thus exposure time of the unprotected surfaces is shorter. Yet,
sample 2 (Δεmech./2 = 0.5 %) did not show such a sharp increase close to failure. In this
sample, crack initiation did not take place in the area probed by the measuring spot of the
sensor. The crack only grew into the measuring area just before final failure. Consequently,
high-temperature oxidation could only act briefly on the open crack flank in the area probed
by the sensor. Thus, there was only a small additional decrease of the minimum chromium
content in this area and no further increase of the Curie temperature was seen in the data.
In summary, the change in the signal depends both on the strain amplitude and the crack
initiation site with respect to the location of the sensor.

The integration of electromagnetic testing technology into loading devices has already
been reported, but the focus was on detecting martensitic transformations [37,38]. The
application in high temperature LCF tests has not been described so far. The present results
showed that by applying the NDT technique of harmonic analysis of eddy current signals
at regular intervals, an estimation of the remaining service life can be made. Interestingly,
normalization of the recorded electromagnetic data in terms of relative fatigue life, cf.
Figure 7, shows that for the material studied at a Curie temperature of approx. 90 ◦C,
about 20% residual service life remains independent of the mechanical loading. Such high
Curie temperatures are straightforward to detect. Thus, by continuously monitoring the
magnetic properties, it is possible to detect and evaluate a change in the material even
at low damage states. This characteristic makes the non-destructive testing technique
presented here potentially interesting as a test method for components in order to estimate
their remaining service life.

As can be seen in Figure 9, the thermal and mechanical loadings induced a large
number of cracks. Clearly, the first crack formed is not necessarily the one that leads to
unstable crack growth, which then determines fatigue failure [30,39]. It is rather the case
that several small incipient cracks occur, which then do not go beyond the stable crack
growth regime. As with the primary crack, high-temperature corrosion acts on the open
flanks that form in these cracks. This accelerates chromium depletion in these regions. These
microstructural changes caused by high-temperature fatigue are also detected by EC-HA.

In order to determine and evaluate the microstructure of the subsurface layer by
means of the presented method, the Curie temperature and the amplitude of the third
harmonic must be determined repeatedly. For this purpose, phases in which the specimen
cools down from the test temperature must be integrated into the test sequence. For actual
components, shutdown periods may be exploited for such measurements. With respect to
modeling fatigue life, it should be noted that cooling and reheating can cause stresses in the
protective oxide layers, which can also lead to cracks. This can accelerate the environmental
attack. Thus, the exact influence of the modified test procedure on the results of the fatigue
tests have to be investigated in further studies. It should also be possible to transfer the
findings to tests on thermomechanical or thermal fatigue tests. Provided that phases in
which the specimen cools down to temperatures < 100 ◦C can be integrated, the current
test procedure is straightforward to apply.

The investigations presented were carried out on samples of alloy 718. Transferability
to other nickel- or cobalt-based alloys is likely. Specifically, these alloys must feature sub-
stantial changes in magnetic material properties as a result of high-temperature corrosion.
This is particularly the case for alloys with high chromium contents. Chromium strongly
reduces the Curie temperature in nickel-based alloys [40] and cobalt-based alloys [41]. Thus,
a significant change in the local alloy composition can be expected in these alloys as a result
of high-temperature corrosion, which in turn results in a change in the magnetic properties.

5. Conclusions

By using an electromagnetic non-destructive testing (NDT) technique, integrated into
a modified, isothermal low-cycle fatigue (LCF) test rig, it was possible to estimate the
residual specimen lifetime by measuring the change of the magnetic sample properties.

161



Metals 2022, 12, 1871

The change of the magnetic properties is caused by a chromium depletion, which changes
the magnetic properties of the nickel alloy from paramagnetic to ferromagnetic. Dependent
on the chromium content, the Curie temperature individually changes. In the present study,
the change in the Curie temperature was detected by the NDT technique in-situ. Once a
crack is formed, the newly created surface accelerates the chromium depletion and hence
increases the Curie temperature. If the remaining chromium content is too low, no further
corrosion protection is given and hence the service lifetime is reduced significantly in a
high-temperate corrosive environment. This can be detected earlier in the electromagnetic
testing signals as compared with monitoring the stress−strain response in the LCF test.
Thus, the NDT data can be used for modeling residual service life as well as for gaining
deeper insights into the crack propagation at high-temperature fatigue in high-temperature
corrosion environments.
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Abstract: The very high cycle properties of Inconel 718 in two different heat treatment conditions
were investigated at a test temperature of 500 ◦C. One condition was optimized for fatigue strength
and displayed a finer-grained microstructure, while the second batch had a more coarse-grained
microstructure. For the high-temperature ultrasonic fatigue testing, a new test concept was developed.
The method is based on the principle of a hot-air furnace and thus differs from the conventionally used
induction heaters. The concept could be successfully evaluated in the course of the investigations. The
materials’ microstructure was analyzed before and after fatigue testing by means of metallographic
and electron backscatter diffraction (EBSD)analysis. The results show a significant influence of the
heat treatment on the fatigue strength caused by the specific microstructure. Further, a difference
in crack propagation behavior due to microstructural influences and non-metallic precipitations
was observed.

Keywords: Inconel 718; ultrasonic fatigue testing; VHCF; high-temperature; hot air; crack growth

1. Introduction

Moving parts in power plant turbines or aerospace applications are subject to very
high numbers of load cycles over their operating lifetime. In addition to cyclic mechanical
stress, also high thermal loads occur in such greatly stressed application areas. Therefore,
high-temperature materials such as nickel-based superalloys are commonly used. However,
the fatigue behavior of metallic materials at elevated temperatures fundamentally differs
from the behavior at room temperature [1]. In order to ensure safe and reliable service,
both the influence of cyclic and mechanical stress and the exposition to high temperatures
have to be evaluated.

A frequently used and already fundamentally investigated high-temperature resistant
material is Inconel 718. Several studies have already analyzed the fatigue behavior at
room temperature, including ultrasonic fatigue investigations up to the very high cycle
fatigue (VHCF) region. Particularly relevant for use in safety-relevant components, failure
up to the range of 1 × 108 cycles could be detected [2,3]. However, the focus of previous
investigations was on fatigue behavior at elevated temperatures. Compared to room tem-
perature, fatigue results showed deviating fatigue mechanisms such as an oxide-induced
crack closure effect which resulted in increased fatigue life at 500 ◦C [4,5]. In addition,
some results from ultrasonic fatigue testing show a continuous decrease in fatigue strength
well into the VHCF range [4,6]. In most investigations, specimen material was conditioned
by appropriate heat treatment strategies to achieve the highest possible fatigue strength.
Therefore, the influence of a deviation from the established heat treatment condition of
Inconel 718 on fatigue strength and fatigue mechanism has not yet been studied in detail.
Studies on other nickel-based superalloys, however, demonstrated that the heat treatment
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condition could have a significant influence on the fatigue behavior at elevated temper-
atures, in particular in the VHCF regime. Differences in fatigue behavior based on the
interaction between dislocations and precipitations were found [1,7,8].

As shown by previous work, the use of special ultrasonic fatigue test equipment is
appropriate to investigate the material behavior in the VHCF range. Further, numerous
concepts have been developed to investigate the VHCF fatigue behavior of materials
at elevated temperatures, mainly based on ultrasonic fatigue systems combined with
induction furnaces. Even though this method allows high test temperatures, the setup
is very intricate. Considerable effort is required to exclude the possible influences of the
electromagnetic field on measurement and test technology. For example, the use of non-
contact measuring devices that are insensitive to electromagnetic fields, such as pyrometers
or fiber optic sensors for displacement measurement, becomes necessary [9–13]. The present
study shows a new test concept for ultrasonic fatigue testing at temperatures of at least
500 ◦C. The concept is based on the principle of a hot-air furnace and thus differs from the
typically used induction heaters.

This test setup was used to conduct high-temperature fatigue tests on age-hardenable
nickel-based superalloy Inconel 718. The fatigue strength of Inconel 718 in two different heat
treatment conditions was compared at a test temperature of 500 ◦C and up to 5 × 109 cycles.
The investigations aimed to study fatigue mechanisms at elevated temperatures as a
function of the heat treatment condition and thus the microstructure. Therefore, one batch
was analyzed and tested in a heat treatment condition that causes a very coarse-grained
microstructure and, therefore, a good impact strength. A second batch was heat-treated in
a way that the δ-phase precipitations were preserved together with a finer grain. Based on
the significant difference in morphology and grain structure, deviation of fatigue strength
is expected. This study aims to investigate differences in fatigue mechanisms caused by
different microstructures under the influence of a hot air environment.

2. Materials and Methods

2.1. Material, Specimen Preparation, and Microstructural Characterisation Methods

The present study was performed on Inconel 718 with a chemical composition that
is given in mass% in Table 1. Inconel 718 is an age-hardenable nickel-based superalloy,
where the strengthening effect relates to the precipitation of the secondary γ”-phase in
the γ metal matrix. In addition, typical intermetallic phases are formed. The material
was investigated in two different age-hardened heat treatment conditions, which differ in
solution temperature as well as aging temperature and time. Details are shown in Figure 1a.
Due to the lower solution temperature of batch 2, the primary δ-phase (Ni3Nb) remains at
the grain boundaries. This leads to a significantly finer-grained microstructure after the
following two-stage precipitation-hardening process. As a result, notch sensitivity and
fatigue strength improve compared to the heat treatment of batch 1. Due to the coarse
grain structure, batch 1 shows a high transverse ductility and impact strength. In addition
to the different potential applications based on the heat treatment used, the significant
difference in the resulting microstructure provides a basis to investigate fatigue mechanisms
in Inconel 718 [14].

Table 1. Chemical composition (mass%) of the material studied in both batches.

Element Ni Cr Fe Nb Mo Ti Al

Inconel 718 52.0 18.6 17.9 6.0 3.6 0.8 0.6
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Figure 1. T-t plot of the two heat treatments applied (a) and specimen geometry in mm (b) with
different gauge length of batch 1 and batch 2.

Fatigue specimens were machined from 16 mm bars into hourglass-shaped ultrasonic
fatigue specimens with cylindrical gauge lengths of 4 mm in diameter. The gauge length of
batch 1 was 10 mm (test volume 126 mm2), while the gauge length of batch 2 was limited
to 5 mm (test volume 63 mm2) to enable ultrasonic fatigue tests at higher stress amplitudes.
Both specimen geometries are displayed in Figure 1b. The influence of the different test
volumes on the fatigue test results is negligible since the statistical distribution of crack-
inducing defects is ensured in both test volumes. After heat treatment, the specimens
were mechanically ground and polished to eliminate the influence of surface roughness.
Metallographic cross-sections of both batches were prepared for microstructural and elec-
tron backscatter diffraction (EBSD) examination. For EBSD and EDX analysis, a scanning
electron microscope of the type JSM-IT700HR (JEOL Ltd., Tokyo, Japan) in combination
with a Symmetry S2 EBSD detector and an Ultim Max EDX detector (Oxford Instruments
plc, Abingdon, UK) was used.

2.2. Fatigue Testing in Hot Air Environment

Fatigue tests were performed on an ultrasonic fatigue test stand (University of Natural
Resources and Life Sciences, Vienna, Austria) at a stress ratio of R = −1 in laboratory air
at a test temperature of 500 ◦C. In order to enable ultrasonic fatigue testing at elevated
temperatures, a novel heating system was developed (Figure 2).

The concept is based on specimen heating with hot air, where a hot air stream is gener-
ated by a heating element supplied by a blower. In contrast to induction heating, the sample
is not heated intrinsically but by convection. This distinction opens up the possibility of
investigating various materials, even non-electrically conductive. Additionally, tests in a
hot-air environment close to the application scenario are possible. In general, the concept
enables fatigue testing at high temperatures without complex measurement technology.
In contrast to systems based on inductive heating with resulting strong electromagnetic
fields, for example, the use of inductive displacement sensors is possible. In the developed
device, the specimen and the lower end of the load string are located in an insulated heating
chamber. In order to optimize the energy utilization, the hot airstream is focused only on
the specimen’s gauge length and gets recycled through a closed circulation system. In
order to prevent overheating of the whole testing system, the load string was cooled using
compressed air.
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Figure 2. Hot air furnace for high-temperature ultrasonic fatigue testing. (a) Overview. (b) Heating
chamber inside: (1) insulated heating chamber, (2) heating element, (3) blower, (4) thermocouple,
(5) specimen and (6) hot air nozzle.

Specimen temperature is measured contactless by a thermocouple mounted behind
and in the slipstream of the specimen. Temperature calibration is performed using a
specimen with a central hole that allows measurement of the real core temperature due to a
thermocouple. Due to the small specimen diameter in the measuring range, sufficiently
uniform heating for practical applications can be achieved despite the one-sided heat input.
Temperature regulation is carried out by a PID controller (Wachendorff Prozesstechnik
GmbH & Co. KG, Geisenheim, Germany) through a thyristor power actuator (Thermokon
Sensortechnik GmbH, Mittenaar, Germany). In order to limit uncontrolled self-heating
of the specimens during the high-frequency fatigue test, experiments were performed in
pulse–pause mode. Pulse and pause were individually adapted to each load amplitude. For
high load amplitudes, pulse–pause ratios of 150 ms pulse time and 2000 ms pause time were
used. For low load amplitudes, ratios of 200 ms pulse and 250 ms pause were used without
any significant temperature rise detectable by a change in resonant frequency. Short pulse
and long pause times reduce the effective test frequency at high-stress amplitudes, whereas
the ratio selected for the low-stress amplitudes allows a short test for the VHCF range.
In this paper, we report on the very high cycle fatigue properties of Inconel 718 in two
different heat treatment conditions at a test temperature of 500 ◦C. In addition, the adjacent
airflow dissipates the intrinsically generated heat, as in a compressed air cooling system.

2.3. Young’s Modulus Determination

To determine reliable strength parameters with an ultrasonic fatigue system, precise
knowledge of Young’s modulus is crucial. Since materials’ Young’s modulus decreases
with increasing test temperature, the resonance length of ultrasonic fatigue specimen will
be shorter and the resonance frequency lower than that at ambient temperature.

Therefore, it is essential to determine Young’s modulus at the test temperature. For this
purpose, the fatigue specimens were investigated by laser-induced surface acoustic wave spec-
troscopy using a “LAwave” measurement system (Fraunhofer IWS, Dresden, Germany) [15].
This method allows the non-destructive and very precise determination of the elastic prop-
erties directly in the test area of the specimens, even at elevated temperatures. Typically,
this method is used to characterize coatings [16] and effects due to other surface treatments
such as machining [17] or hardening [18], but the measurement of Young’s modulus within
the upper 1–1.5 mm of a homogeneous material surface is also possible. The measuring
principle is based on the measurement of the propagation velocity of surface acoustic
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waves, which depends on the elastic properties and density of a material. The waves were
generated by a short laser pulse on the specimen surface, and their running time was
measured by a piezoelectric transducer in distance of about 8 mm. To determine Young’s
modulus, density values of 8.26 g/cm3 at room temperature, 8.20 g/cm3 at 200 ◦C, and
8.09 g/cm3 at 500 ◦C were used. Furthermore, a Poisson’s ratio of 0.29 was assumed.

3. Results

3.1. Microstructural and Mechanical Analysis

The microstructures of the conditions investigated are shown in Figure 3. In addition
to the clear difference in grain size (Figure 4), non-metallic inclusions in the form of TiN
and NbC can be found through EDX and EBSD analysis. TiN precipitates are characterized
by their angular shape, while NbC precipitates assume an irregular, smaller shape. Fine
lenticular particles of the δ-phase can only be observed along the grain boundaries in the
microstructure of batch two.

Figure 3. SEM microscopy of the microstructure; (a) Batch 1; (b) Batch 2.

Figure 4. Comparison of the grain size distribution.

In order to investigate the influences of the microstructural differences found on me-
chanical parameters, measurements of hardness and Young’s modulus were conducted. In
order to take into account the significant difference in grain size of both batches, microhard-
ness (HV0.3) and macrohardness measurements (HV 10) were performed comparatively.
As shown by the results in Table 2, in conjunction with the standard deviation σ, there is
no significant difference in hardness between the two batches. The Young’s modulus was
determined in the range of room temperature up to the test temperature of 500 ◦C using
the surface acoustic wave spectroscopy. The obtained data were extrapolated using linear
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polynomial fitting for the whole measurement range. As with the hardness measurement,
no significant deviation can be found in Young’s modulus between the two batches. The
difference found can be attributed mainly to fluctuations in the microstructure, which have
a greater influence on the measurement results for the significantly coarser-grained batch
one than for batch two. This is also evident from the higher deviation of the measured
values by surface acoustic wave spectroscopy. Greater confidence in Young’s modulus
determined is possible with a high number of measurements. Nevertheless, a significantly
increased attenuation behavior of batch one could be observed during the measurements.

Table 2. Hardness and Young’s Modulus for both batches.

HV0.3 σ HV10 σ
Young’s Modulus (GPa)

20 ◦C 200 ◦C 500 ◦C

Batch 1 454 9 450 3 206 194 171

Batch 2 446 6 459 3 206 195 177

3.2. High-Temperature Fatigue Behavior in the VHCF Regime

Figure 5 shows the S-N plot for both batches of Inconel 718 obtained at 500 ◦C by
ultrasonic fatigue testing under a load ratio of R = −1. Batch two shows significantly higher
fatigue strength compared to batch one above 105 cycles. In the range below 105 cycles, the
difference in fatigue strength does not turn out so obviously. While a significant decrease
in fatigue strength due to high temperature is obvious for batch one, batch two reaches
values comparable to fatigue results of Inconel 718 at room temperature [2,6]. Both batches
show failure even beyond 106 cycles, while no failures can be observed beyond 108 cycles.
All tested stress amplitudes are well below the typical 0.2% proof stress of about 1000 MPa
and, therefore, in the range of fully elastic deformation, which can be reliably tested by
ultrasonic fatigue technology [5].

Figure 5. Results of the fatigue tests obtained at 500 ◦C for batch 1 and batch 2.

Following fatigue tests, fractographic analyses were performed using scanning elec-
tron microscopy. In Figure 6, the significant differences in fracture surfaces between the
investigated batches become obvious. In Figure 6b, a typical smooth fatigue fracture surface
of batch two with concentric beach lines is shown. Fracture surfaces of batch one, on the
other hand, are characterized by fissured surfaces with marks of intercrystalline cracking.
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In all examined specimens, the crack origin is located in areas next to the sample surface.
However, no precise microstructural feature could be identified as a crack-initiation origin
for batch two. Here, locations of increased plastic deformation such as grain or twin bound-
aries can have a crack-inducing effect. On the fracture surfaces of batch one, TiN particles
could be observed in the dark area of the crack initiation point. These observations are
consistent with results from previous studies [2,3].

Figure 6. SEM microscopy of fracture surface (a) Batch 1, σa = 275 MPa, Nf = 1.35 × 107 cycles;
(b) Batch 2, σa = 500 Mpa, Nf = 6.5 × 107 cycles.

3.3. Crack Growth Behavior

Based on the results of fatigue tests and fractographic analyses, a microstructural
influence on crack growth can be assumed. It has already been shown repeatedly that the
crack growth phase takes up only a small part of the total life of materials in the VHCF
range and that this is largely determined by crack initiation. Nevertheless, conclusions on
mechanisms of very early crack growth can be drawn from findings on crack growth be-
havior, and important effects in fatigue behavior at elevated temperatures can be identified.
To analyze this, in addition to the fracture surface analyses, the resonance frequency during
fatigue testing was investigated. The resonance frequency is very sensitive to fatigue crack
growth and is therefore widely used for damage detection in ultrasonic fatigue testing
technology [3]. The fatigue crack growth causes a decreasing stiffness of the specimen in
the test area and thus a significant decrease in the resonance frequency. Figure 7 shows that
the crack growth phase in the coarse-grained batch one is about ten times longer than in
the finer-grained batch two. This behavior is exhibited by all specimens with a relevant
high fracture load cycle number.

Due to the differences in fracture surfaces and crack growth rate, additional EBSD
investigations were carried out in the area around the crack to identify any differences in
the crack growth mechanisms. Therefore, metallographic sections of the test area were
prepared parallel to the specimen axis. Figure 8 shows exemplary crack paths of the
investigated batches starting at the surface inside the gauge length. The fine microstructure
of batch two leads to a much straighter crack path and thus to a smoother fracture surface
shown in Figure 6. Furthermore, EBSD data show that, especially in batch one, the crack
runs both at the grain boundaries and through the grains. Upon further investigation, it
becomes clear that grains with a low Schmid factor are preferably bypassed via the grain
boundaries, while grains with a higher Schmid factor are cut by the crack (Figure 9). In
some cases, directional changes of 90◦ can be observed within such grains. In the coarse
microstructure of batch one, the crack is hindered by the found precipitations. In the fine
structure of batch two, these phenomena could not be observed in detail. Here, mainly
transcrystalline crack growth is present.
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Figure 7. Exemplary comparison of the resonant frequency change over the last 2 × 105 cycles of
batch 1 and batch 2 with start of crack growth phase (Δf > 1 Hz) marked by arrows.

Figure 8. EBSD analysis of crack tip and crack paths with non-metallic inclusions. (a) Batch 1,
(b) Batch 2.

Figure 9. Analysis of Schmid factors for grains along the crack path starting at the surface. (a) Batch 1
with bypassed grains (circle), (b) Batch 2.
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4. Discussion

In order to investigate the effect of two heat treatments on the fatigue behavior of
Inconel 718 in a hot air environment, microstructural analysis, as well as ultrasonic fatigue
tests at 500 ◦C and up to 5 × 109 cycles, were performed. The results show significant differ-
ences in the microstructure and thus an influence on fatigue mechanism and consequently
on the fatigue strength.

Differences in the heat treatments affect the microstructure mainly by grain size and
content of δ-phase precipitations but do not significantly impact the hardness or Young’s
modulus. The absence of difference in the measured hardness is remarkable since the dif-
ferent grain boundary densities, as well as the finely dispersed δ-phase precipitates, should
imply a higher hardness in batch two by precipitation hardening effects. The influence of
the finely dispersed γ”-phase in the metal matrix apparently outweighed the influences of
the investigated precipitations and grain boundaries on this quasi-static behavior.

Since the material was subjected to a temperature of 500 ◦C during the fatigue test,
temperature-induced microstructural changes are of particular interest. Neither in samples
with long nor with short test times could such changes be detected based on the investiga-
tions carried out. At test temperature below 0.4 times the melting temperature of around
1300 ◦C and at the mainly short testing time of ultrasonic fatigue testing, changes based
on recrystallization and dislocation movement were not to be expected. Nevertheless, the
combination of elevated temperature and high-cycle plastic deformation can lead to phase
transformations, especially at long-term test times in the VHCF regime. In the investigated
range of high to very high cycle fatigue, plastic deformations do not occur globally. Typi-
cally, areas around brittle precipitates in a ductile matrix are critical points of local plastic
deformation. Under such conditions, the transformation of the γ”- phase into δ-phase
particles was observed by Jambor et al. [19]. Due to their location in the grain interior,
these precipitates significantly reduce the fatigue strength, especially in the coarse-grained
microstructure, compared to δ-phase particles in the range of the grain boundaries of batch
two. Since the research program in this project did not foresee any detailed analyses of the
γ”-precipitates evolution during elevated temperature VHCF tests, likely influences are
still an open question.

As in the formation of the microstructure, the investigated batches also differ in fatigue
strength. The fatigue results obtained at 500 ◦C for both heat treatment conditions show a
typical one-step progression of S-N curves and therefore suggest a true fatigue strength.
Contrary to the results obtained here, previous studies on Inconel 718 have assumed a
constant decrease in fatigue strength at elevated temperatures. Batch two achieves the
expected strength values in the range of literature data at room temperature. Batch one, on
the other hand, shows significantly lower values. Such differences are mainly attributable
to the different grain boundary densities and the presence of non-metallic inclusions to
a considerable extent. Due to their brittleness and stress concentration, the non-metallic
inclusions are potential initiation sites for fatigue cracks, both on the specimen surface and
inside the material. Grain boundaries, on the other hand, inhibit crack growth due to their
barrier effect.

Nevertheless, since fatigue life in the VHCF range is dominated by crack initiation
and very early crack growth, the behavior of fatigue cracks as well as temperature-induced
interaction of micro-cracks with the environment must be considered to explain the fatigue
behavior of Inconel 718 at elevated temperature. As described above, the reason for the
significantly different fatigue strength of the two batches is the optimized heat treatment
and the resulting microstructure. The lower fatigue strength of batch one can be explained
not only by the lower grain boundary density but also by the location of these precipitates.
As can be seen, by SEM and EBSD examinations, an increased number of precipitates is
located in the interior of the grains. Compared to precipitations in the area of the grain
boundaries, these have a more critical effect as crack initiation sites and can lead to the
formation of critical crack lengths at lower stress amplitudes.
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In contrast to the crack initiation site’s effect, precipitations are also able to slow down
or even stop early crack propagation by obstacle effect, as well as grain boundaries can
do [20]. These effects, which counteract crack growth, are particularly noticeable in the
case of batch two. This is reflected by the significantly increased fatigue strength. Thus, the
formation of isolated slip bands responsible for crack initiation due to increased activity of
dislocations at elevated temperatures are hindered or maybe even suppressed. As a result,
fatigue strength values in the range of the results at room temperature can be achieved in
batch two. The unchanged fatigue strength of nickel-based alloys at temperatures in the
range of 400–600 ◦C can be explained by a more pronounced homogeneous dislocation
motion based on the specific interaction between dislocations and particles. In investiga-
tions on Nimonic 80A, strength-reducing processes were only observed above 800 ◦C [1].
Extensive studies on the influence of precipitates and their interaction with dislocations in
the fatigue of nickel-base alloys have been carried out by Stöcker et al. [7,8].

Since the difference in fatigue strength depicted in Figure 5 is very pronounced,
not only differences in crack initiation but also the influence of early crack growth shall
be considered. This is also supported by the difference in crack growth between the
two batches, as shown in Figure 6, and the findings from fractographic and EBSD analysis.
The fracture surfaces found indicate a long crack initiation phase following a fast crack
growth. For the more fissured fracture surface of batch one, intercrystalline crack growth is
evident, while the fracture surface of batch two shows a smoother surface due to the smaller
grain size. EBSD data show that the crack in the coarse microstructure of batch one grows
preferentially through grains with high Schmid factor, whereas grains with low Schmid
factor are bypassed. Grain boundaries, twins, and precipitations form obstacles, hinder
crack growth and lead to a longer crack growth phase. This effect has been proven for EN-
AW 6082, where microstructural features such as large precipitates and grain boundaries
had a significant effect on the crack propagation at growth rates close to the threshold
region [20]. In the finer microstructure of batch two, mainly transcrystalline crack growth
was observed. Due to the high grain boundary density and the additionally intercalated
delta precipitates, early crack growth is thus more strongly suppressed than in batch one.
This is a likely explanation for the increased fatigue strength and the shorter crack growth
phase. Furthermore, in the coarser-grained microstructure of batch one, crack initiation at
precipitates inside the grain can lead to a critical crack length being exceeded unhindered
already within one grain. Additionally, a high damping behavior of batch one became
evident during Young’s modulus measurement using surface acoustic wave spectroscopy,
which is due to the significantly coarser-grained microstructure. A high damping capacity
may indicate an increased energy absorption capacity that significantly slows crack growth,
which in turn leads to the long crack growth phase. However, this cannot be proven with
certainty since grain-size-dependent effects, such as scattering at the grain boundaries, can
also cause increased damping.

If the load amplitudes are small enough and a fatigue crack propagates at growth
rates close to the threshold region, the crack is stopped in the early stage. If the applied
loads exceed a threshold, the crack quickly grows to a critical size under an additional
effect of matrix softening. This circumstance explains the absence of fractures at load cycles
above 6 × 107 cycles, even though fatigue tests were performed up to 5 × 109 cycles. The
interaction of all effects is particularly evident in batch two at a stress level of 538 MPa. Here,
fractures occurred at about 2 × 105, 7 × 107, as well as two runouts at about 4 × 109 [4,6].

In addition to crack initiation and early crack growth, the interaction between the
microcrack and the environment plays a decisive role in high-temperature fatigue. Such
temperature-induced interactions of microcracks with the environment are oxide-induced
crack closure effects. In some cases, crack closure effects in Inconel 718 lead to higher fatigue
strength at 500 ◦C compared to room temperature. Kawagoishi et al. [5] observed that
cracks can grow to a length of 20–30 μm at the surface before they start non-propagating.
In the work of Yan et al. [4], significantly higher strength values at 500 ◦C were achieved at
a test frequency of 55 Hz than in the tests carried out in this work. This suggests that at
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test frequencies of 20 kHz, the oxide-induced crack closure effect no longer has a crucial
impact. The duration of crack opening and the time period of crack growth in the oxidizing
environment is too short at a test frequency of 20 kHz to allow a significant oxide layer to
grow. Rather, already discussed microstructural influences may be a reason for a significant
reduction in crack propagation at very low amplitudes and high frequencies. Nevertheless,
once the early crack growth has been stopped temporarily by microstructural obstacles,
the oxide-induced crack closure effect can lead to the permanent end of crack growth at
constant amplitude due to the high ambient temperature.

5. Conclusions

In this study, fatigue tests on Inconel 718 were performed at 500 ◦C in the VHCF
regime under fully reverse loading up to 5 × 109 cycles. In the course of this study, a new
test concept for ultrasonic fatigue testing up to 500 ◦C was designed. It is based on the
principle of a hot-air furnace and thus stands out from the induction heating commonly
used. In the context of the investigations, the influence of two heat treatments on the fatigue
strength at elevated operating temperatures was investigated. The two batches differed
significantly in their grain size caused by the remaining δ-precipitations in one batch. The
most important conclusions obtained are summarized as follows:

1. The developed testing concept allows reliable ultrasonic fatigue testing up to at least
500 ◦C and 5 × 109 cycles. At the same time, it requires less technical effort and is
more economical than previous developments.

2. The Young’s modulus could be determined up to the test temperature of 500 ◦C by laser-
induced surface acoustic wave spectroscopy using an “LAwave” measurement system.

3. The differences in the microstructure of the two batches are not reflected in the
hardness and Young’s modulus.

4. The fatigue test results show a significant difference in cyclic life caused by different
heat treatments. The finer-grained microstructure permits fatigue strength in the
range of results at room temperature and significantly exceeds the values of the more
coarse-grained batch.

5. In both batches, no fractures at load cycles above 6 × 107 cycles were found. This is
attributed to the suppression of early crack growth at growth rates near the threshold
region by microstructural obstacles. Whether oxide-induced crack closure effects also
contributed to the lack of failure beyond 6 × 107 cycles cannot be fully ruled out.

6. Fractographic investigations and EBSD analysis show differences in crack propaga-
tion, which also result in different periods of fatigue crack propagation. By means
of EBSD investigations, it was observed that the fatigue cracks grew along the
boundaries of grains with low Schmid factor, while grains with high Schmid fac-
tor were more likely to pass through. In addition, the crack deflection was observed
at non-metallic inclusions.

Based on the successfully applied methodology, further ultrasonic fatigue investiga-
tions in the VHCF area should mainly focus on the influence of microstructure development,
γ”’-precipitation, and oxide-induced crack closure effects.
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Abstract: The influence of wall thickness and specimen surface on the creep behavior of the single-
crystal nickel-based superalloy MAR M247LC is studied. Specimens with wall thicknesses of
0.4, 0.8, 1 and 2 mm, with and without casting surface, are compared to specimens of the same
wall thickness prepared from bulk material. Creep behavior turned out to be independent from
surface conditions even for the thinnest specimens. The thickness debit effect is not pronounced for
short creep rupture times (≤100 h at 980 ◦C), whereas it is significant for creep rupture times longer
than ~200 h at 980 ◦C. The thickness debit effect is time-dependent and caused by oxidation and
diffusion-controlled mechanisms.

Keywords: creep; thin-walled; casting surface; single crystal; MAR M247LC

1. Introduction

Decreasing wall thicknesses and ever filigree partitioning walls in turbine blades promise
better aerodynamics, higher cooling efficiencies and weight savings. However, previous inves-
tigations have shown that creep properties may deteriorate with decreasing wall thicknesses.
This so-called thickness debit effect can affect the service life of turbine components.

Gibbons [1] gives an overview of the influence of specimen thickness on the relative ser-
vice life of different conventionally cast (CC) and directionally solidified (DS) nickel-based
superalloys. A comparison by Duhl [2] between conventionally cast (CC), directionally
solidified (DS) and single crystal (SX) nickel-based superalloys shows that wall thicknesses
below 4.0 mm lead to a strong deterioration in creep properties. The thickness debit effect
is less pronounced in directionally solidified (DS/SX) specimens than in conventionally
cast polycrystalline (CC) specimens [2]. In the case of polycrystalline and directionally
solidified specimens, the grain size and morphology play important roles, since failure is
mainly caused by crack formation at grain boundaries [3–7]. Furthermore, casting defects
such as pores lead to a deterioration in creep properties, since these significantly reduce the
load-bearing cross-section in thin-walled specimens [4,6,7].

Pandey et al. [8,9] compare creep behavior of round and hollow specimens of the nickel-
based superalloy IN X750 and show that the service life of hollow specimens is significantly
lower than that of round specimens. A critical wall thickness of 3.2 mm is defined for round
specimens and 2.0 mm for hollow specimens [8,9]. Doner and Heckler [3,6] illustrate that
0.5 mm thin flat samples of the nickel-based superalloy CMSX-3 show significantly shorter
life times than round specimens with a diameter of 6.4 mm.

Seetharaman and Cetel [10] study the creep behavior of the single-crystal nickel-based
superalloy PWA1484. They show that reducing the wall thickness from 1.0 to 0.3 mm leads
to a reduction in the fracture time to 30%. A pronounced thickness debit effect is observed
in strong alumina-forming nickel-based superalloys due to the formation of γ′-depleted or
γ′-free regions, respectively [11–17].
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The presented literature generally reports results from creep tests on specimens having
a much smaller size in one cross-sectional dimension than in the perpendicular dimension.
The term “thickness”, how it is used here, means the size in the smaller dimension in
mm. Thus, differences in creep behavior are inherently attributed to cross-sectional areas.
A question to be answered, therefore, is at what thickness does the cross-sectional area
become a critical factor determining the creep properties.

Previous investigations were almost exclusively carried out on thin-walled specimens
that were prepared from bulk material [13,16,17]. The focus of this work is the creep
behavior of “thin-cast” nickel-based superalloy MAR M247LC single-crystals, with single-
crystals having wall thicknesses down to 0.4 mm. In addition, the influence of the specimen
surface on creep properties is investigated.

2. Materials and Methods

2.1. Material

Thin-walled single-crystals of the nickel-based superalloy MAR M247LC were cast
via Bridgman process in an induction furnace under vacuum at a pressure of 0.1 Pa. The
composition of MAR M247LC is given in Table 1.

Table 1. Composition of MAR M247LC in wt.%.

Ni Cr Co Mo W Al Ti Ta Hf C B Zr

61.5 8.1 9.3 0.5 9.4 5.7 0.7 3.3 1.4 0.07 0.017 0.007

Batches of the master alloy were placed in a ceramic crucible and hereafter induction
melted. The molten material was poured into a ceramic mold that was preheated to a
temperature of 1450 ◦C and positioned on a water-cooled Cu plate. After that, the ceramic
shell mold was withdrawn through a water-cooled Cu baffle with a rate of 3 mm/min, as
described in the work of Konrad et al. [18]. The ceramic shell molds for thin-walled casting
were applied on 3D-printed positive polymer models instead of conventional wax models
manufactured via injection molding [19].

Thin-walled single-crystal specimens with wall thicknesses of 0.4, 0.8, 1.0 and 2.0 mm
were cast. Detailed investigations of the as-cast dendritic structure of these thin-cast
specimens were already published [20]. Casting geometry is shown in Figure 1 and
consisted of two thin-walled windows (30 × 8 mm2), having wall thicknesses of 0.4, 0.8, 1.0
or 2.0 mm, respectively.

 

Figure 1. Casting geometry and schematic illustration of creep specimen preparation for (a) thin-
walled castings and (b) single-crystal cylindrical rod.
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Orientation of the single-crystal castings with respect to the [001] crystal direction
was determined using electron backscattered diffraction (GeminiSEM Sigma VP 300, Zeiss,
Jena, Germany). The deviation of the thin-walled castings was less than 5◦ in all cases. In
addition, a cylindrical single crystal with a diameter of 15 mm and a length of 120 mm was
cast for the preparation of thin creep specimens from bulk material. The cylindrical single
crystal was oriented to the [001] direction within 2◦.

All castings were subjected to a heat treatment under vacuum (10−3–10−4 Pa) consist-
ing of a solution heat treatment at 1220, 1240 and 1250 ◦C for 2 h each. After cooling down
to 1000 ◦C with cooling rates higher than 30 ◦C/min, a two-stage ageing was carried out at
1080 ◦C for 4 h and 900 ◦C for 8 h.

2.2. Creep Testing

Flat miniature creep specimens (overall length ~28.5 mm, gauge length ~4.00 mm;
gauge width ~2.90 mm) were prepared from single-crystal castings using electrical dis-
charge machining as schematically shown in Figure 1. For the here-called creep tests
with casting surface, specimen surfaces were left untreated after heat treatment. For the
here-called creep tests without casting surface, the specimen surface was ground with SiC
paper with grits of 1000 after heat treatment. For the so-called creep tests on specimens
prepared from bulk, the recast layer formed through electrical discharge machining on the
heat-treated samples was removed by grinding with SiC paper.

The thickness of the gauge section of every individual miniature creep specimen was
determined with a micrometer screw (precision ± 0.01 mm) and the width of the gauge
section was determined with a caliper gauge (precision ± 0.01 mm), respectively.

For constant engineering stress creep tests, the load was applied to the sample through
a steel pull rod by means of calibrated weights. In the worst cases of an approximately
0.4 mm thick specimen, a nominal engineering stress of 230 MPa was guaranteed within
±6 MPa. Creep tests were carried out at a temperature of 980 ◦C.

Creep specimens were fixed in alumina clamps and heated in a radiation furnace in
air or under vacuum. Strain was measured with an error of Δε ≈ ±0.07% with a non-
contacting video extensometer [21,22], avoiding any grooves on the miniature specimens.
Temperature regulation was realized with type-S thermocouples. Table 2 gives an overview
of the creep tests carried out.

Table 2. Overview of creep tested specimens. Creep tests with conditions highlighted in bold were
carried out twice.

Wall
Thickness

In Air Under Vacuum

With
Casting Surface

Without
Casting Surface

Prepared from
Bulk Material

With
Casting Surface

Without
Casting Surface

Prepared from
Bulk Material

0.4 mm
150 MPa
190 MPa
230 MPa

230 MPa 150 MPa
230 MPa

150 MPa
230 MPa 230 MPa 230 MPa

0.8 mm 150 MPa
230 MPa 230 MPa 230 MPa

150 MPa
230 MPa 230 MPa 230 MPa

1.0 mm 230 MPa 230 MPa 230 MPa 230 MPa 230 MPa 230 MPa

2.0 mm 150 MPa
230 MPa 230 MPa 230 MPa 230 MPa 230 MPa 230 MPa

Creep tests with 150 MPa, 190 MPa and 230 MPa engineering stress were carried out
on selected samples for the determination of the stress exponent n in a power law relation
between the minimum creep rate and the engineering stress.

.
εmin = c ·σn (1)
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2.3. Microstructural Characterization

Microstructural investigations were carried out with a scanning electron microscope
(SEM) 1540 EsB Cross Beam (Zeiss, Jena, Germany) operating at 15 kV accelerating voltage.
Secondary electron imaging was carried out with an Everhart–Thornley detector. The
chemical composition of surface and oxide layers was determined using energy-dispersive
X-ray spectroscopy (EDS). Cross and longitudinal sections of each specimen after heat
treatment and creep deformation were embedded, ground with SiC paper, polished with
diamond slurry and, finally, polished with colloidal silica. Thereafter, the specimens were
etched with a solution of 3 g Mo-(VI)-oxide, 100 mL H2O, 100 mL HNO3 and 100 mL HCl,
preferentially dissolving the γ′ phase.

Samples for TEM analysis were prepared using a Scientific SCIOS DualBeam SEM
(Thermo Fisher, Waltham, MA, USA) with a Ga ions FIB system. Cross-section specimens
were removed with milling trenches using an ion beam accelerating voltage of 30 kV and
currents between 30 nA and 300 pA. Thinning of TEM lamellas to <100 nm thickness
was carried out using 2 kV ion beam accelerating voltage and 35 pA ion beam current.
TEM analysis was conducted with a JEOL 2100Plus (Jeol, Freising, Germany) at 200 kV
acceleration voltage. Dark field images to reveal an ordered structure were taken with a
→
g = <001> diffraction vector.

3. Results

3.1. Microstructure

An approximately 3–5 μm thick surface layer was observed after the heat treatment of
the thin-cast MAR M247LC under vacuum, see Figure 2a. Beneath this layer, there was a
homogeneous matrix/γ′ structure with cuboidal γ′ precipitates.

Figure 2. Microstructure in the near-surface area after heat treatment under vacuum of thin-cast speci-
mens (a) with surface layer, (b) surface layer removed by grinding with SiC paper with grits of 1000.

Figure 3 gives the chemical composition of the surface layer. An enrichment of the γ′-
forming element aluminum alongside a nickel enrichment was detected, while chromium
and cobalt were depleted within this layer.

The surface layer observed after the heat treatment under vacuum was further inves-
tigated with TEM. An electron transparent lamella was prepared with the FIB technique
described above so that both the single-phase surface layer (area 1 in Figure 3) and the two-
phase structure (area 2 in Figure 3) could be analyzed in the TEM (see Figure 4a). Figure 4b
illustrates the TEM diffraction patterns within the surface layer and the two-phase structure.
Figure 4c shows a TEM dark field diffraction contrast image obtained with superlattice
reflection. Here, γ′ appears in light shading and the matrix phase in dark. The superlattice
diffraction spots of an L12 ordered phase together with the chemical composition given
in Figure 3 verified that the surface layer was single-phase γ′. Hence, for the so-called
creep tests with casting surface, the initial surface at the beginning of the test consisted of
single-phase γ′.
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Figure 3. Chemical composition of the surface layer formed during heat treatment under vacuum.

Figure 4. TEM lamella preparation and TEM analysis: (a) position of TEM lamella prepared with
focused ion beam; (b) TEM diffraction patterns in the surface layer (area 1) and the two-phase
structure; (c) dark field image with γ′ reflection of the transition area.

Surface grinding for the so-called creep tests without casting surface removed the
single-phase γ′-scale, so that the homogeneous matrix/γ′ structure reached up to the creep
specimen surface (see Figure 2b).

Figure 5 shows typical SEM images of near surface areas of single-crystal MAR
M247LC after creep deformation in air (Figure 5a) and under vacuum (Figure 5b). During
creep deformation in air, a γ′-free zone was formed beneath an oxide layer. Below these
two zones, a rafted two-phase structure was seen (Figure 5a). In contrast, creep tests under
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vacuum prevented oxidation and a γ′-free zone was not detected. The rafted microstructure
was present up to the specimen surface. In both cases, rafting of the γ′ precipitates took
place perpendicular to the load direction, anticipated for a nickel-based superalloy with
a negative misfit under tensile load [23,24]. The bright areas correspond to the matrix,
whereas the darker areas are γ′ phase.

 
Figure 5. Microstructure after creep deformation at 980 ◦C and 230 MPa (a) in air after 50 h and
(b) under vacuum after 75 h.

3.2. Creep Behavior

Figure 6 shows the strain versus time and strain rate versus strain creep curves of the
single-crystal MAR M247LC specimens with various thicknesses in air at 980 ◦C and under
an engineering tensile stress of 230 MPa. Rupture of the specimens was marked in the
diagrams with a cross. Creep diagrams were divided according to three different surface
conditions, i.e., with casting surface (Figure 6a,b), without casting surface (Figure 6c,d) and
prepared from bulk material (Figure 6e,f).

The rupture times of all the creep tests carried out in air at 230 MPa and 980 ◦C,
independent from the thickness, were in the same range, i.e., in between 40 and 75 h.
Except for one outlier with a 0.4 mm thickness, the strains at rupture were in a single
range of 20–25%. In addition, the creep curves all showed very similar progressions. A
short primary creep was present with decreasing creep rates. Minimum creep rates were
generally reached after just 1–2.5% engineering strain. The creep accelerated steadily after
minimum creep rates were reached, which could be attributed to microstructural changes
due to rafting. No pronounced secondary creep with an approximately constant creep rate
was observed, but rather, a tertiary creep started immediately after the primary creep.

Figure 7 shows the creep curves of specimens with casting surface of different wall
thicknesses tested in air at 980 ◦C under an engineering stress of 150 MPa. A creep rupture
for wall thicknesses of 0.4 and 0.8 mm took place after 200 h. These two creep curves
showed sharp increases in the creep rate near the ends of their live times, hence, very
much different progressions than all creep curves from tests under 230 MPa at 980 ◦C in
air. The creep test of the specimen with a wall thickness of 2 mm was interrupted after
approximately 180 h, because an almost constant creep rate was reached.

Figure 8 shows the creep curves of tests under vacuum at 980 ◦C and an engineering stress
of 230 MPa again carried out on specimens with various thicknesses and surface conditions.
With the single exception of a 2 mm thick specimen prepared from the bulk, the rupture times
of all the creep tests carried out in vacuum at 230 MPa and 980 ◦C were in the same range
of 25–100 h. Strains at rupture in all creep tests were also in a single range of 25–30%. All
creep curves showed very similar progressions reaching minimum creep rates after 1–2.5%
engineering strain. Thereafter, creep accelerated steadily, typical for tertiary creep.
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Figure 6. Creep curves of specimens with various thickness tested in air at 980 ◦C under a high stress
of 230 MPa: (a,b) with casting surface, (c,d) without casting surface, (e,f) prepared from bulk material.

Figure 7. Creep curves of thin-cast specimens with casting surface of different wall thickness in air at
980 ◦C under a low stress of 150 MPa: (a) strain versus time; (b) strain rate versus strain.

183



Metals 2022, 12, 1081

 

Figure 8. Creep curves of thin-walled specimens for the investigation of the influence of the wall
thickness under vacuum at a stress of 230 MPa at 980 ◦C: (a,b) with casting surface, (c,d) without
casting surface, (e,f) prepared from bulk material.

4. Discussion

The formation of a single-phase γ′ layer during a heat treatment under vacuum was
caused by the high vapor pressures of chromium and cobalt. Chromium and cobalt are
elements that stabilize the matrix. If these elements evaporate during a heat treatment, the
matrix phase dissolves and the γ′ phase becomes stabilized [25–27].

The stress exponent in the power law relation between the minimum creep rate and
the engineering stress of the single-crystal MAR M247LC in the [001] orientation was in the
range of 5–7 in all circumstances. Hence, it was independent from the surface condition,
the specimen thickness and the creep test atmosphere. It may be concluded that the
dominant creep deformation mechanism was a dislocation climb [23] in all circumstances.
Stress exponents in this work at a temperature of 980 ◦C were in good agreement with
the literature, which indicated a stress exponent of 8.4 in creep tests under vacuum with
stresses of 150 MPa and 230 MPa [17]. Bensch et al. [13] examined the stress exponent n of
the single-crystal nickel-based superalloy MAR M247LC at 980 ◦C too. The stress exponent
was expected to be 5.6 with a γ′ volume fraction of 49%, while it was 8.7 with a γ′ volume
fraction of 62%.
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Cast nickel-based superalloy MAR M247LC single crystals with various thickness
were creep tested at 980 ◦C in air and vacuum and in two distinct load regimes, i.e., under a
high engineering load of 230 MPa and a low engineering load of 150 MPa. Different surface
conditions (with or without casting surface, prepared from bulk), tested both in air and
under vacuum, showed that specimen surface conditions do not play a major role. Previous
investigations on thin-cast polycrystalline specimens of the nickel-based superalloy IN100
with wall thicknesses of 0.9 and 1.3 mm confirmed this observation [28].

In addition, at high engineering loads, leading to generally short creep live times,
creep properties turned out to be independent from the wall thickness. The scatter of the
creep live times was within the usual deviation for creep experiments [29]. In contrast,
at the low engineering load level and, therefore, longer creep live times (>200 h), a clear
thickness debit effect was observed.

In the literature it is commonly observed that the thickness debit effect is more pro-
nounced at higher temperatures and lower stress levels, i.e., longer creep times. Krieg
et al. [16] observed a significant reduction in creep life with decreasing wall thickness
(0.3/0.5/1.0 mm) on thin-walled specimens of the nickel-based superalloy PWA 1484 pre-
pared from bulk single crystals (70/80 MPa, 1100 ◦C). In contrast to that, no significant
thickness debit effect was detected for 170 MPa at 980 ◦C [16].

Brunner et al. [17] illustrated a corresponding behavior in thin specimens prepared
from bulk material with a wall thickness of 0.3 and 1 mm of the single-crystal nickel-based
superalloy MAR M247LC. At a low stress level (150 MPa, 980 ◦C) or at higher temperatures
(i.e., 1100 ◦C), creep strength decreases more with decreasing wall thickness compared to
higher stress levels (230 MPa, 980 ◦C) [17].

Bensch et al. [11,30] identified oxide layer formation and the associated growth of γ′-
free and γ′-depleted areas as a decisive factor influencing the creep behavior of thin-walled
specimens of nickel-based superalloys. Bensch et al. [11,30] demonstrated experimentally
and with model simulations that the strength of the thickness debit effect also depends on
the chemical composition of a single-crystal nickel-based superalloy. Simulations estimated
that creep properties of MAR M247LC deteriorate by 50% as soon as the wall thickness is
inferior by 0.4 mm. The determined critical wall thickness for René N5 was approximately
0.6 mm. Compared to MAR M247LC, René N5 showed a more pronounced thickness
debit effect due to a stronger Al2O3 layer formation [11,30]. This also corresponded to
experimental investigations of Hüttner et al. [14,15] regarding the thickness debit effect in
the single-crystal nickel-based superalloy René N5. Figure 9 summarizes the rupture times
or creep live times, respectively, as a function of the wall thickness of the single-crystal
nickel-based superalloys MAR M247LC and René N5.

The thickness debit effect was obviously governed by diffusion-controlled mechanisms.
The formation of oxide layers and γ′-free/depleted areas played the decisive role. Hence,
the thickness debit effect itself was notably time dependent. If creep deformation lasted long
enough (>200 h, 980 ◦C), a significant proportion of the cross-sectional area was affected by
these diffusion-controlled mechanisms, leading to deteriorating creep properties.

185



Metals 2022, 12, 1081

Figure 9. Summary of the results of this work in comparison to literature: rupture time over wall
thickness at 980 ◦C in air; Data from [14,15].

5. Conclusions

Creep tests at 980 ◦C on thin nickel-based superalloy MAR M247LC single crystals
were carried out in air and under vacuum. The influence of the surface condition and wall
thickness (0.4/0.8/1.0/2.0 mm) on the creep behavior was investigated.

• Heat treatment under vacuum at an ambient pressure of 10−4 Pa led to a single-phase
γ′ surface layer.

• Surface condition did not affect the creep behavior of thin specimens.
• Creep tests at 980 ◦C under 230 MPa leading to creep rupture times <100 h showed no

significant thickness debit effect.
• Creep tests at 980 ◦C under 150 MPa, leading to significantly longer creep rupture

times (>200 h), showed a significant thickness debit effect, i.e., a strong deterioration
of creep properties with wall thicknesses of 0.8–0.4 mm.

• Thickness debit effect was time-dependent, i.e., it was governed by the formation
of oxide layers and γ′-free or γ′-depleted areas. With increasing creep times, these
diffusion-controlled mechanisms affected larger proportions of the cross-section, thus,
deteriorating the creep properties.
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Obrtlík, K. The Effect of Temperature

and Phase Shift on the

Thermomechanical Fatigue of

Nickel-Based Superalloy. Metals 2022,

12, 993. https://doi.org/10.3390/

met12060993

Academic Editors: Martin Heilmaier

and Martina Zimmermann

Received: 21 May 2022

Accepted: 6 June 2022

Published: 10 June 2022

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2022 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

metals

Article

The Effect of Temperature and Phase Shift on the
Thermomechanical Fatigue of Nickel-Based Superalloy

Ivo Šulák *, Karel Hrbáček and Karel Obrtlík
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Abstract: In this paper, the minimum temperature and phase shift effects on the thermo–mechanical
fatigue (TMF) behavior of Inconel 713LC are investigated. TMF tests were performed under 0◦

(in-phase-IP) and +180◦ (out-of-phase-OP) phase shifts between mechanical strain and temperature.
Cylindrical specimens were cycled at constant mechanical strain amplitude with a strain ratio of
Rε = −1. Tests were performed with temperature ranges of 300–900 ◦C and 500–900 ◦C. The heating
and cooling rate was 5 ◦C/s. Fatigue hardening/softening curves and fatigue life data were assessed.
Results show that out-of-phase loading was less damaging than in-phase loading. Scanning electron
microscopy (SEM) examination of metallographic sections indicated that the life-reducing damage
mechanism was intergranular cavitation under in-phase loading. Transmission electron microscopy
(TEM) revealed honeycomb structures for IP loading. The plastic strain localization into persistent
slip bands was typical for OP loading. For out-of-phase loading, fatigue damage appeared to be
dominant. The increase in the temperature range led to a significant decrease in fatigue life. The
reduction of fatigue life was far more pronounced for out-of-phase loading. This can be ascribed to
the accelerated crack propagation at high tensile stress under out-of-phase loading as well as the
amount of accommodated plastic strain deformation. Based on the SEM scrutiny of metallographic
sections and TEM observations of dislocation arrangement, the prevailing damage mechanisms were
documented and the lifetime behavior was accordingly discussed.

Keywords: nickel-based superalloy; high-temperature fatigue; in-phase; out-of-phase; cyclic stress–
strain curves; fatigue life curves

1. Introduction

Nickel-based superalloys are typically employed for gas turbine wheel components in
jet propulsion and energy production [1]. These components are often subjected to high
variable stresses at elevated temperatures in a harsh environment, where a combination
of fatigue, creep, and oxidation can cause premature failure [2]. The harshest loading
conditions are those where strain or stress vary simultaneously with temperature, i.e., in
the case of thermomechanical fatigue (TMF). Since the inlet temperature of hot gases during
service is still well above the melting point of superalloys, turbine wheel components are
thus actively cooled [3] and protected with thermal barrier coatings [4–6]. Consequently,
noticeable temperature gradients within the component during steady-state operation occur,
and together with periodical shut-down and start-up periods of power and propulsion
facilities cause severe thermal expansion and contraction that are often reinforced by
mechanical stresses or strains associated with centrifugal forces as turbine speed changes.
This complex loading history inevitably leads to TMF failure [7]. Several papers were
devoted to the TMF behavior of single crystal [8,9] and polycrystal [10–12] nickel-based
superalloys. Guth et al. [10] studied the effect of phase shifts on the second-generation
superalloy MAR-M247 in the temperature range of 100–850 ◦C. Results showed that the
0◦ phase shift between temperature and mechanical strain had the shortest life, followed

Metals 2022, 12, 993. https://doi.org/10.3390/met12060993 https://www.mdpi.com/journal/metals189



Metals 2022, 12, 993

by the +180◦ phase shift and the ±90◦ phase shift. Yamazaki et al. [13] found that in the
case of the +180◦ cycle, the fatigue crack growth rate and thus fatigue life was strongly
dependent on the TMF testing temperature.

For the purpose of this study, the first-generation superalloy Inconel 713LC was chosen due
to its unique combination of mechanical properties and favorable production costs. It possesses
an excellent capability to resist high-temperature creep [14], low cycle fatigue [5,6,15], and high
cycle fatigue [16,17]. These properties are balanced by outstanding fracture toughness, which is
particularly important at lower temperatures since the power units are periodically shut-down.
However, TMF data of Inconel 713 and its low carbon version Inconel 713LC are rare [18]. In
the present paper, the TMF behavior of the polycrystalline nickel-based superalloy Inconel
713LC is reported. This study provides a direct comparison of both the TMF load cycle and the
effect of the temperature range. It also provides additional information regarding isothermal
fatigue at the peak temperature of the TMF cycle. The mechanisms that account for the different
lifetimes are described with particular emphasis on the two parameters investigated. The main
aim is to better understand the effect of the temperature and phase shift on the lifetime
and damage mechanisms. Fatigue hardening/softening curves and maximal and minimal
stress evolution curves were plotted. The prevailing damage mechanism explaining the
TMF lifetime differences was investigated via scanning electron microscopy (SEM) and
transmission electron microscopy (TEM).

2. Materials and Methods

In the current study, rods prepared via an investment-casting technique with a shape
close to the TMF test specimens were used. The nickel-based superalloy Inconel 713LC
with the nominal chemical composition (wt. %) of 0.06 C, 11.70 Cr, 4.29 Mo, 6.02 Al,
0.64 Ti, 0.16 Ta, 0.23 Fe, 0.008 B, 2.06 Nb, 0.06 Zr, and Ni bal. was supplied by PBS Velká
Bíteš a.s., Czech Republic (Velká Bíteš, CZ). Inconel 713LC is typical with coarse dendritic
grains (see Figure 1a). The average grain size of the used melt is (2.18 ± 0.78) mm. The
microstructure is composed of a face-centered cubic (fcc) γ matrix with a high volume of
fcc γ’ strengthening precipitates, γ/γ′ eutectics, carbides, and casting defects with a size
up to 150 μm. The coherent γ′ precipitates having a cuboidal shape are shown in Figure 1b.

  

Figure 1. Microstructure of Inconel 713LC (a) coarse dendritic grains with small casting defects
(white arrows) (b) detail of cubic γ′ precipitates.

Cylindrical specimens (see Figure 2) with a diameter and gauge length of 7 mm and
16 mm, respectively, were subjected to TMF loading. Two different loading cycles were
applied: in-phase (IP-TMF) and out-of-phase (OP-TMF). Figure 3 shows schematically the
temperature and mechanical strain courses for these two cycles. TMF experiments were
carried out in computer-controlled servo-hydraulic mechanical testing MTS 880 system
(MTS Systems Corporation, Eden Prairie, MN, USA) with water-cooled hydraulic grips.
Symmetric cyclic straining (Rε = −1) with triangular shape waveform in total strain
amplitude control mode was applied. The temperature was monitored and controlled by a
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K-type thermocouple wreathed over the specimen amid the specimen gauge length and
covered by heat-resistant fabric. Heating provided a high-frequency inductive heating
generator TruHeat HF 3010 (TRUMPF Hüttinger GmbH + Co. KG, Freiburg, Germany).
Cooling of the specimens was achieved using the water-cooled grips along with the external
airflow system. A capacitive 632.41C-11 extensometer (MTS Systems Corporation, Eden
Prairie, MN, USA) equipped with 120-mm-long ceramic tips and a 12 mm base was used
to control and measure the strain. The experimental setup is shown in Figure 4. The
temperature was varied in two intervals: from 300 ◦C to 900 ◦C and from 500 ◦C to 900 ◦C.
The cycle time was fixed to 240 s and 160 s for the 300–900 ◦C and 500–900 ◦C intervals,
respectively, which corresponds to the rate of temperature change of 5 ◦C/s. Since the
heating and cooling rate was kept constant, the strain rate differed in dependence on
the applied mechanical strain amplitude. The calculated strain rate was in the range of
5 × 10−5 s−1 to 1 × 10−4 s−1 for the temperature interval of 500–900 ◦C and 3.3 × 10−5 s−1

to 5.8 × 10−5 s−1 for the temperature interval of 300–900 ◦C. This change in the strain rate
is small, and it is not expected to make any significant difference in the overall behavior.
The mechanical strain was determined and controlled as the total strain minus the thermal
strain, which was determined for each specimen by measurement of the coefficient of
thermal expansion. A code of practice for TMF tests was followed [19].

Figure 2. Dimensions (in mm) and shape of the TMF specimen (red dot indicates the position of the
thermocouple).

Figure 3. Time courses of temperature and mechanical strain for IP and OP loading.
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Figure 4. TMF experimental setup showing the specimen heated to 900 ◦C, water-cooled hydraulic
grips, Cu induction coil, air nozzles for specimen cooling, and extensometer.

Experimental data were recorded by the Testsuit program (MTS Systems Corporation,
Eden Prairie, MN, USA). A geometric series containing a total of 20 hysteresis loops per
decade was chosen for recording. The stress amplitude was evaluated from the recorded
hysteresis loops. The plastic strain amplitude was assessed offline from the half of the
width of the hysteresis loop.

A Tescan Lyra3 XMU SEM (TESCAN ORSAY HOLDING, Brno, Czech Republic)-
equipped Oxford Symmetry electron backscatter diffraction (EBSD) detector (Oxford In-
struments, High Wycombe, UK) was adopted to investigate fatigue crack initiation and the
propagation mechanism. The internal damage and its relation to fatigue crack propagation
were studied on longitudinal metallographic sections of fatigued samples. The dislocation
arrangement of Inconel 713LC was also characterized by a high-resolution transmission
electron microscope (TEM) JEOL JEM-2100F (JEOL Ltd., Tokyo, Japan) with a field emission
gun electron source equipped with a bright field (BF) detector for observation in scanning
mode (STEM).

3. Results and Discussion

Figure 5 shows a comparison of the stress response of Inconel 713LC to the applied
mechanical strain of 0.35% for IP and OP types of loading and both temperature ranges. For
the sake of clarity, only one mechanical strain amplitude (0.35%) was chosen representing
the overall behavior of Inconel 713LC under TMF loading. The fatigue hardening/softening
curves in the representation of stress amplitude σa versus the number of elapsed cycles
N are shown in Figure 4a. A stable stress response is typical for both IP and OP cycles in
the temperature range of 500–900 ◦C, suggesting that hardening mechanisms such as the
formation of new dislocations, dislocation–dislocation interactions, as well as dislocation–
obstacle interactions are in balance with softening mechanisms such as the annihilation
of dislocations, the reduction of the effective size of γ´ precipitates by shearing, and
rafting of γ´ precipitates [1,20]. An increase in the temperature range by lowering Tmin
from 500 ◦C to 300 ◦C was manifested by a shift of the stress amplitude to higher values,
which can be mainly attributed to higher values of Young’s modulus at 300 ◦C (189 GPa)
compared to 500 ◦C (178 GPa). This increased the absolute values of the tensile peak
stress (OP) or compressive peak stress (IP) of the TMF cycle (Figure 5b). Considerable
fatigue hardening can also be seen while testing in the temperature range of 300–900 ◦C,
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indicating the superiority of the above-mentioned hardening mechanisms in this particular
temperature range.

 
Figure 5. Stress response to applied mechanical strain (a) fatigue hardening/softening curves
(b) evolution of maximal and minimal stresses during the TMF test.

The representative stress–strain hysteresis loops for all TMF loading conditions are
shown in Figure 6. The selected hysteresis loops represent the first, Nf/2, and Nf loading cy-
cles for a mechanical strain amplitude of 0.35%. In accordance with the hardening/softening
curves (Figure 5), a cyclic hardening/softening of the Inconel 713LC superalloy can be
observed here as a change in the height and width of the hysteresis loop. Contrary to
strain-controlled isothermal fatigue tests [20,21], the hysteresis loops under TMF loading
are asymmetrical due to a temperature change. The mean stress then depends on the
temperature range as well as on the shift between temperature and applied mechanical
strain. When the phase shift is 180◦ (OP cycle), the hysteresis loop shifts towards tensile
stresses and positive mean stress develops. The opposite is true for the IP cycle (0◦ phase
shift) when the compressive mean stress develops.

 

Figure 6. Representative hysteresis loops (a) IP 300–900◦C (b) IP 500–900 ◦C (c) OP 300–900 ◦C (d) OP
500–900 ◦C.
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The diagram of total strain amplitude on the linear ordinate versus the number of
cycles to failure on logarithmic abscissa is plotted in Figure 7. Regardless of the tem-
perature range, OP loading revealed a slightly longer fatigue life in the entire range of
strain amplitudes compared to IP loading. This behavior was also reported for other fcc
metals [10,22,23]. Shifting the minimum temperature from 500 ◦C to 300 ◦C resulted in a
reduction in fatigue life in both TMF cycles, which can be attributed to the higher values of
plastic strain (Figure 6), which is a determining factor in fatigue [20]. Figure 7 also includes
the results obtained by Šulák et al. [6] for Inconel 713LC tested under isothermal low cycle
fatigue conditions at 900 ◦C (blue dashed curve). It is clear that TMF straining leads to a
significant reduction in fatigue life, showing the importance of these experiments to ensure
the safe-life of high-temperature components.

Figure 7. Fatigue life curves in the representation of the mechanical strain amplitude vs. the number
of cycles to failure (a) overall view (b) detailed view focusing on TMF results. LCF data from [6].

Authors have built on the SEM inspection of metallographic sections to reveal that
the dominant failure mechanism changes with the phase shift. Figures 8 and 9 depict
typical fatigue cracks occurring under TMF loading. Regardless of the TMF conditions,
fatigue cracks nucleated from the surface. However, the crack initiation site and fatigue
crack propagation mechanisms differ. Fatigue crack initiations at grain boundaries and
subsequent propagation of fatigue cracks along grain boundaries are typical for IP loading,
as shown in Figure 8a. We can characterize this grain boundary degradation as being rooted
in the migration and coalescence of vacancies and a consequential formation of cavities
associated with creep damage [14,15,18,24]. Linking of fatigue cracks with internal cavities,
as shown in Figure 8b, may accelerate the propagation rate and can explain the lower fatigue
life observed for IP loading (Figure 7) although OP loading resulted in considerably higher
maximum tensile stress (Figure 5) and higher amplitude of plastic strain (Figure 6) [12]. In
addition to surface initiation at grain boundaries, internal degradation with no connection
to the surface was observed for IP loading as well (Figure 8c). The inner crack was formed
by the coalescence of several cavities and propagated directly along the grain boundary.
The Kernel average misorientation (KAM) map showing a local grain misorientation
derived from EBSD data is depicted in Figure 8d. In the vicinity of a crack (or a larger
cavity), misorientation of adjacent grains occurred due to large plastic deformation ahead
of a crack tip. This led to a local increase in stress which may contribute to easier crack
propagation along the grain boundary. Figure 9 shows several shallow transgranular
fatigue cracks typical for OP loading conditions. No evidence of creep damage under OP
TMF loading was found. Zauter et al. [25] stated that when the maximum temperature of
the TMF cycle lies within the creep range, creep-induced lifetime reduction occurs only in
IP cycling and can be explained by a change in the fracture mode from transgranular to
intergranular in OP cycling and IP, respectively. This corresponds well with the findings
in this study. Furthermore, surface relief formed in the gauge length of specimens loaded
under the OP TMF loading (Figure 8b,c). These structures, called persistent slip markings
(PSMs), form along the active slip system, which is most often the {111}-type plane in fcc
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materials [21,26–28]. PSMs consist of local surface elevations (extrusions) and depressions
(intrusions) and form along the intersection of dislocation-rich bands (persistent slip bands—
PSBs) with the surface as a consequence of localized cyclic plastic strain in PSBs. When the
activity of PSBs is high enough, they arise on free surfaces and form a hill-and-valley relief
on the originally flat surface and are often the cause of fatigue crack initiation in the low
cycle fatigue domain [29–32]. With an increase in temperature, the PSMs oxidize heavily
and their appearance changes [21]. This is associated with a change in the localization
of plastic deformation, where at higher temperatures, the plastic deformation is mainly
transmitted through γ matrix channels. The change in the temperature range in the case of
OP TMF cycling resulted in different PSMs (compare Figure 8b,c). The wavy nature of the
PSMs on the specimen cycled in the temperature range of 500–900 ◦C (Figure 9c) resembled
PSMs, where plastic deformation is expected to occur in the matrix channels. An increase
in the temperature range (300–900 ◦C) showed long and narrow PSMs, suggesting that
precipitate shearing was dominant [27].

  

  

Figure 8. Typical TMF damage under IP loading (a) fatigue crack initiation at the grain boundary
and intergranular fatigue crack propagation (b) detail of internal grain boundary damage (c) post-
processed EBSD map (band contrast + inverse pole figure coloring) of internal grain boundary
damage (d) KAM map showing local grain misorientation derived from EBSD data.

The number of secondary fatigue cracks after IP loading was generally lower than
that after OP loading, suggesting a higher tendency for plastic strain localization, which
corresponds well with the observed hysteresis loops (Figure 6). In contrast, a high number
of sharp, straight, and shallow fatigue cracks, as shown in Figure 9, is characteristic of OP
loading [10]. These cracks are significant stress concentrators and are extremely dangerous,
especially with a decrease in temperature. In the connection with higher maximal tensile
stress, sharp fatigue cracks may contribute to a reduction in fatigue life under OP loading
in the temperature range of (300–900) ◦C (see Figure 7).
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Figure 9. Typical TMF damage under OP loading (a) surface fatigue crack initiation and transgranular fa-
tigue crack propagation (b) oxidized PSMs manifesting plastic strain localization into PSBs—temperature
range 300–900 ◦C (c) wavy PSMs on the specimen surface tested in the temperature range 500–900 ◦C.

A TEM study was carried out on fractured specimens to investigate the dislocation
structure. The STEM bright field images of the dislocation structure after IP TMF loading
are presented in Figure 10. A dislocation arrangement and the morphology of γ′ precipitates
of a specimen cyclically strained with a mechanical strain amplitude of εamech = 0.30% in
the temperature range of 300–900 ◦C are visible in Figure 10a. The corners of γ′ particles
are slightly rounded. The dislocations are restricted mainly to the γ phase and γ/γ′
interfaces. Figure 10b shows the STEM image from the specimen tested in the temperature
range of 500–900 ◦C with the same mechanical strain amplitude (0.30%). The dislocation
density does not seem to be different. However, the dislocation networks with honey-
comb morphology characteristic for creep or dwell-fatigue loading [15,33] can be seen
(Figure 10c).

  

Figure 10. Cont.
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Figure 10. TEM images of dislocation arrangement after TMF tests under IP loading (a) 300–900 ◦C
(b,c) 500–900 ◦C.

The dislocation arrangement in specimens cyclically loaded with a mechanical strain
amplitude of εamech = 0.30% under OP loading conditions can be found in Figure 10.
Contrary to IP TMF loading conditions where interfacial dislocations and clusters of
dislocations preferably located in the γ matrix are present, under OP TMF loading, PSBs
parallel to {111} slip planes developed [34]. Figure 11a presents PSBs in the form of
dislocation-rich slabs for OP TMF loading in the temperature range of 300–900 ◦C. A
detailed view of a dislocation pile-up within PBS parallel to the (111) slip plane is presented
in Figure 11b. These slip bands cut both the γ matrix and the γ′ precipitates. Observed PSBs
are different from the typical ladder-like PSBs observed for pure copper [35]. The narrowing
of the temperature range (from 300–900 ◦C to 500–900 ◦C) decreased the density of PSBs (as
shown in Figure 10c), which corresponds to a lower accumulation of plastic deformation in
the material (Figure 5) [20,27]. In another grain (Figure 11d), the arrangement of dislocations
was different. The dislocations, similar to the IP stress cycle, are mainly distributed in
the channels of the γ matrix. Nonetheless, the dislocation density here is much higher
than in the IP cycling (compare with Figure 10). Thus, we can conclude that a higher
dislocation density in the γ matrix channels may, in effect, lead to the formation of wavy
PSMs (Figure 9c) [15,21].

  

Figure 11. Cont.
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Figure 11. TEM images of dislocation arrangement after TMF tests under OP loading (a,b) 300–900 ◦C,
(c,d) 500–900 ◦C.

4. Conclusions

In summary, IP and OP TMF tests within the temperature ranges of 300–900 ◦C and
500–900 ◦C were carried out to investigate the cyclic deformation behavior and associated
microstructure damage mechanisms, as well as the cracking behavior of the Inconel 713LC
superalloy. The following conclusions can be drawn:

(1) A stable stress response is typical for TMF cycling with Tmin of 500 ◦C. The shift in
Tmin to 300 ◦C supported the hardening mechanisms, and cyclic hardening occurred.

(2) The fatigue life decreased with the increase in the TMF temperature range. The
decrease is more pronounced for OP loading than for IP loading.

(3) Fatigue cracks initiated from the surface regardless of the TMF conditions.
(4) Transgranular fatigue crack propagation is typical for OP loading whereas cavity

formation along grain boundaries under IP loading conditions boosted intergranular
fatigue crack propagation.

(5) Dislocation arrangement for IP and OP loading differed. Under OP TMF loading,
dislocation-rich bands cutting both γ′ precipitates and γ matrix channels formed
along {111} slip planes, but under IP TMF loading, honey-comb structures restricted
to γ matrix channels typical of creep damage were found.
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28. Babinský, T.; Kuběna, I.; Šulák, I.; Kruml, T.; Tobiáš, J.; Polák, J. Surface Relief Evolution and Fatigue Crack Initiation in René 41

Superalloy Cycled at Room Temperature. Mater. Sci. Eng. A 2021, 819, 141520. [CrossRef]
29. Mughrabi, H. Cyclic Slip Irreversibilities and the Evolution of Fatigue Damage. Metall. Mater. Trans. B 2009, 40, 431–453.

[CrossRef]
30. Seidametova, G.; Vogt, J.-B.; Proriol Serre, I. The Early Stage of Fatigue Crack Initiation in a 12%Cr Martensitic Steel. Int. J. Fatigue

2018, 106, 38–48. [CrossRef]
31. Man, J.; Petrenec, M.; Obrtlík, K.; Polák, J. AFM and TEM Study of Cyclic Slip Localization in Fatigued Ferritic X10CrAl24

Stainless Steel. Acta Mater. 2004, 52, 5551–5561. [CrossRef]
32. Petrenec, M.; Polák, J.; Obrtlík, K.; Man, J. Dislocation Structures in Cyclically Strained X10CrAl24 Ferritic Steel. Acta Mater. 2006,

54, 3429–3443. [CrossRef]
33. Heep, L.; Schwalbe, C.; Heinze, C.; Dlouhy, A.; Rae, C.M.F.; Eggeler, G. Dislocation Networks in Gamma/Gamma’-Microstructures

Formed during Selective Laser Melting of a Ni-Base Superalloy. Scr. Mater. 2021, 190, 121–125. [CrossRef]

199



Metals 2022, 12, 993

34. Petrenec, M.; Obrtlik, K.; Polak, J. Dislocation Arrangements in Cyclically Strained Inconel 713LC. In Fracture of Nano and
Engineering Materials and Structures; Springer: Dordrecht, The Netherlands, 2006; pp. 883–884.

35. Wang, R.; Mughrabi, H.; McGovern, S.; Rapp, M. Fatigue of Copper Single Crystals in Vacuum and in Air I: Persistent Slip Bands
and Dislocation Microstructures. Mater. Sci. Eng. 1984, 65, 219–233. [CrossRef]

200



Citation: Tirunilai, A.S.; Weiss, K.-P.;

Freudenberger, J.; Heilmaier, M.;

Kauffmann, A. Revealing the Role of

Cross Slip for Serrated Plastic

Deformation in Concentrated Solid

Solutions at Cryogenic Temperatures.

Metals 2022, 12, 514. https://

doi.org/10.3390/met12030514

Academic Editor: Pasquale Cavaliere

Received: 3 February 2022

Accepted: 14 March 2022

Published: 17 March 2022

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2022 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

metals

Communication

Revealing the Role of Cross Slip for Serrated Plastic Deformation
in Concentrated Solid Solutions at Cryogenic Temperatures

Aditya Srinivasan Tirunilai 1, Klaus-Peter Weiss 1, Jens Freudenberger 2,3, Martin Heilmaier 1

and Alexander Kauffmann 1,*

1 Karlsruhe Institute of Technology (KIT), Engelbert-Arnold-Str. 4, D-76131 Karlsruhe, Germany;
aditya.tirunilai@kit.edu (A.S.T.); klaus.weiss@kit.edu (K.-P.W.); martin.heilmaier@kit.edu (M.H.)

2 Leibniz Institute for Solid State and Materials Research Dresden (IFW Dresden), Helmholtzstr. 20,
D-01069 Dresden, Germany; j.freudenberger@ifw-dresden.de

3 Institute of Materials Science, Technische Universität Bergakademie Freiberg, Gustav-Zeuner-Str. 5,
D-09599 Freiberg, Germany

* Correspondence: alexander.kauffmann@kit.edu; Tel.: +49-721-608-42346

Abstract: Serrated plastic deformation is an intense phenomenon in CoCrFeMnNi at and below
35 K with stress amplitudes in excess of 100 MPa. While previous publications have linked serrated
deformation to dislocation pile ups at Lomer–Cottrell (LC) locks, there exist two alternate models
on how the transition from continuous to serrated deformation occurs. One model correlates the
transition to an exponential LC lock density–temperature variation. The second model attributes the
transition to a decrease in cross-slip propensity based on temperature and dislocation density. In
order to evaluate the validity of the models, a unique tensile deformation procedure with multiple
temperature changes was carried out, analyzing stress amplitudes subsequent to temperature changes.
The analysis provides evidence that the apparent density of LC locks does not massively change with
temperature. Instead, the serrated plastic deformation is likely related to cross-slip propensity.

Keywords: cryogenic deformation; serrations; high-entropy alloys

1. Introduction

Metallic materials have shown serrated plastic deformation at different tempera-
tures [1–4]. Recent publications highlight especially intense serrated deformation in high-
entropy alloys (HEA) [5–8]. Equiatomic CoCrFeMnNi even exhibits low temperature
serrations at 35 K, a temperature higher than previously reported for any other metal
or alloy [6]. While a few different hypotheses exist to explain low temperature serra-
tions [9–11], recent results led to a phenomenological model based on dislocation pile ups
at LC locks [5,6]. Alternate hypotheses, related to a thermomechanical [9], twinning or
martensite-based instability [11] were previously invalidated and are neglected in this
communication [5–7].

The model presented in Ref. [6] extends the work of Seeger [10], based on screw
dislocation immobility in close-packed crystals at low temperatures [12]. As mobile screw
dislocations interact with forest dislocations, they form immobile jogs [12,13]. This restric-
tion is not seen for edge dislocations, for a more detailed view on the differences between
edge and screw interaction with forest dislocations refer to Figure 6 in Ref. [6]. The motion
of these jogged screw dislocations is associated with vacancy formation [12,13] which
becomes increasingly difficult with decreasing temperature. Thus, at temperatures close
to 0 K, the motion of jogged screw dislocations is restricted so much that it compromises
cross-slip propensity. Correspondingly, as opposed to dislocations cross-slipping out of
pile ups at barriers such as LC locks, they would activate dislocation sources on the other
side of the pile up as a result of the stress-field at its head [10]. This proliferation and
motion of dislocations leads to a macroscopic stress drop, seen as a serration. Ref. [6]
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extends the model, accounting for cross-slip propensity as a function of temperature and
dislocation density, along with an explanation for transition from continuous to serrated
plastic deformation as temperature decreases. In contrast, the original Seeger model [10,14]
considers only a critical temperature condition associated with serrations, establishing
that at a given temperature, deformation would either be continuous or serrated in na-
ture. It cannot explain initially continuous and subsequently discontinuous deformation,
as seen in CoCrFeMnNi for example [6]. This is circumvented by either considering (i)
the aforementioned cross-slip propensity variation [6] or, alternatively, (ii) assuming an
exponential LC lock density–temperature variation as proposed in Ref. [12]. The present
work investigates the validity of these two possibilities by the application of a specific
mechanical testing scheme at low temperatures [6,15]. The in situ observation of cross-slip
events or the LC lock density as fundamental requisites of the two alternatives exhibits
multiple complications when performed at such low temperatures, while microstructural
investigations post deformation suffer from partial recovery of dislocation features on
heat-up. These issues are presently avoided with a novel interrupted tensile test where
serration characteristics are evaluated through stress drop amplitude (Δσe). The details
of this test are as described in the following section and have been designed specifically
for this investigation. Correspondingly, issues that cannot be avoided in other methods
are avoided.

2. Materials and Methods

CoCrFeMnNi was synthesized by arc melting of high-purity elements. It was cast,
homogenized at 1200 ◦C for 72 h, rotary swaged, machined and annealed at 800 ◦C for 1 h.
For a detailed overview, please refer to Ref. [16].

Interrupted tensile deformation was carried out between 25 K and 8 K in a sealed
chamber with He vapor at ~50 mbar, with multiple interruptions (sequence of events and
associated temperatures and strains stated in later sections). The machine used for this was
the MTS25 (MTS Systems, Eden Prairie, USA) with a maximum load of 25 kN [17]. The
extension was measured by a pair of clip-on extensometers. The specimens had a cylindrical
gauge section of 22 mm in length and 4 mm in diameter. Tensile testing was performed at a
constant crosshead speed equaling an initial plastic strain rate of ~3 × 10−4 s−1. The strain
was measured using two strain gauges within the gauge length of the specimens. Data
analysis was carried out using force, time and elongation results through the proprietary
software packages Origin 2020b by OriginLab and MATLAB R2018a (MathWorks). For
more information, please refer to Ref. [6].

3. Results and Discussion

3.1. Tensile Tests up to Fracture Model Considerations

Figure 1a shows serrated plastic deformation of CoCrFeMnNi at 8, 15 and 25 K, as
seen in the engineering stress–strain (σe − εe) curves for tensile tests. Corresponding
Δσe were determined from the difference between stress maxima and minima for each
serration (Figure 1b). As deformation continues, the intensity of serrations as measured
by Δσe increases. Additionally, serrated plastic deformation is initiated at a lower strain at
lower temperatures.

According to the model of serrated plastic deformation described above, dislocations
pile up at LC locks; at low temperatures, dislocation sources are activated and massive
dislocation proliferation events take place at the heads of the pile ups, seen as macroscopic
stress drops [10]. This is only noted at low temperatures since mobility of intersected
screw dislocations and cross slip is restricted for close-packed crystals at very low tem-
peratures [10,12]. However, this model proved insufficient in explaining results where
deformation was continuous at lower strains and discontinuous at larger strains, since
the condition was based only on temperature. Different alloys have shown a transition
from continuous, to partially serrated and finally fully serrated deformation as temperature
decreases in the range T < 50 K [6,14]. Skoczeń et al. [15] proposed that the LC lock density
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increases exponentially with decreasing temperature to satisfy these results. Correspond-
ingly, the number of pile ups and dislocation proliferation events would increase with
decreasing temperature. Alternatively, multiple factors affecting cross slip were instead
considered to explain these results in Ref. [6]. These two more recent versions of the model
are explained below:

(i) Skoczeń et al. [15] have proposed a rapid increase in LC lock formation rate F̃+
LC

during deformation with decreasing temperature and assigned it the form:

lgF̃+
LC = A + BlgT (1)

Here, A and B are constants and T is the temperature (note: B is negative due to the
inverse variation of F̃+

LC and T). F̃+
LC expectedly changes by orders of magnitude below

40 K [15]. A minimum strain εmin is required to generate a sufficient LC lock density and
dislocation pile ups which result in serrated deformation. At higher temperatures (25 K),
F̃+

LC is lower, thus, εmin is necessarily larger. At lower temperatures (8 K), the εmin instead
decreases significantly due to much higher F̃+

LC.
(ii) Ref. [6] considers screw dislocation mobility [10], stacking-fault energy (SFE) and

dislocation pile up characteristics and their effect on cross-slip propensity. Dislocation
density and temperature affect this most significantly. At higher temperatures (i.e., 25 K
presently), cross slip is facilitated easily and proceeds sufficiently until a critical strain
(εmin), where dislocation density is high enough to compromise screw dislocation mobility,
subsequently resulting in serrations. At lower temperatures (8 K), cross slip is so severely
restricted that even minor strain results in serrations. Notably, this model considers LC lock
density to scale with dislocation density and assumes it to be similar in the temperature
range of 8–25 K.

 
(a) (b) 

Figure 1. (a) σe − εe plots of CoCrFeMnNi at 8, 15 and 25 K. (b) Δσe − σe plots of serrations. Data
from [6]. The data in (a) is offset along the vertical axis so that each curve can be clearly distinguished.

3.2. Expectations on Interrupted Tests from the Different Models

To test these models, a temperature change test is carried out. The tensile test is
initiated at 8 K and the sample is strained to an engineering strain of approximately
εe ∼ 10% and then unloaded. The temperature is then changed to 15 K and the test
continued. Stress drop amplitude vs. stress Δσe − σe is evaluated to confirm the correct
model. Regardless of the model, the initial trend at 8 K should have a positive variation, as
seen in the experimental data from the uninterrupted test in Figure 1b. Post-interruption,
there are two possibilities as illustrated in Figure 2.

(i) Figure 2a shows a condition where instability is met by some physical factor,
e.g., minimum dislocation or LC lock density. At 8 K, the necessary LC lock density for
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serrated plastic deformation is achieved easily. On changing the temperature to 15 K,
the LC lock density remains unaffected, hence serrated deformation proceeds onwards.
However, based on the lower F̃+

LC, the Δσe − σe slope may be lower than at 8 K, possibly
even plateauing. This is the generalized interpretation of Ref. [15].

(ii) Alternatively, instability is controlled by cross-slip propensity and, correspond-
ingly, dislocation density and temperature. Thus, after the interruption, Δσe should drop
significantly, since cross-slip probability is greater at 15 K than 8 K, evidenced by Δσe − σe
variation (Figure 1b). Since dislocation density increases during further deformation, Δσe
should subsequently increase consistently with σe (seen in Figure 2b). Thus, the impor-
tant difference between the expected results is that in one model the Δσe values pre- and
post-interruption match [15] and in the other model, there is a distinct change in Δσe [6].

 
(a) (b) 

Figure 2. Schematic Δσe − σe trend for tensile tests with an interrupted temperature change. Both
(a) and (b) show possible interpretations of the temperature change based on the models adapted
from [6,15], respectively.

3.3. Results of the Interrupted Tests

The temperature change tensile test consists of interruptions at εe ∼ 10%, 22% and
40%. The test begins at 8 K and then continues at 15, 25 and back at 8 K after the respective
interruptions to verify consistent trends despite pre-deformation. σe − εe and corresponding
Δσe − σe results are shown in Figure 3.

Figure 3b is clearly indicative of the trend expected for the cross-slip propensity model
(compare with Figure 2b). A Δσe drop is noted for temperature changes to both 15 and
25 K. As a final verification, reloading at 8 K would result in a drastically higher Δσe post-
interruption when considering cross slip [6] in comparison to a lower Δσe when considering
F̃+

LC from Equation (1) [15]. The severe increase in Δσe provides further evidence of a cross-
slip-based mechanism.

The Δσe − σe variation of the uninterrupted tests has been included in Figure 3b. The
Δσe − σe values are noticeably lower after the interruptions and temperature changes to
15 and 25 K. This may be explained by the stress τbow to move the unpinned portion of a
jogged screw dislocation using G (shear modulus), b (Burgers vector), l0 (mobile dislocation
length between the jogs) and α (constant ~0.1–0.2) [12]:

τbow =
α G b

l0
(2)
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(a) (b) 

Figure 3. (a) σe − εe for tensile test at multiple temperatures and (b) the corresponding Δσe − σe plot.
The dashed lines in (b) represent the curves for the uninterrupted test in Figure 1.

As the temperature decreases, the minimum l0 for a mobile screw dislocation keeps
increasing. At a given temperature, screw dislocations of a length less than some l0 are
immobile and at higher temperatures the minimum l0 is shorter. Accordingly, several
dislocations are likely immobile at 8 K but at 15 K the critical l0 being shorter, the same
dislocations become mobile. Combined with the higher stress, cross slip is significantly
more viable subsequent to the interruption and reloading at a higher temperature, making
serrations less intense. Additionally, since there is an unloading step, unstressed disloca-
tions only partially recede from the stressed state due to dislocation–dislocation interactions.
Thus, the uninterrupted and interrupted Δσe − σe trends should be similar but offset by
different states of dislocations.

In the given test, the observed drop in Δσe can only be explained in the absence of
an exponential variation of dislocation or LC lock density with temperature. Hence, this
experiment reinforces the model given in Ref. [6] where cross slip based on temperature,
dislocation density and dislocation mobility govern the serration behavior close to 0 K in
face centered cubic alloys.

4. Conclusions

The Δσe − σe trends observed in tensile tests with deliberate, intermediate temperature
steps conducted on CoCrFeMnNi experimentally verify that low temperature serrations in
face centered cubic high-entropy alloys are governed by the immobility of screw disloca-
tions. The temperature-dependent cross-slip propensity and dislocation density throughout
deformation are the relevant parameters controlling the immobility.
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Abstract: This study investigates the crashworthiness behavior of square aluminum thin-walled
tubes subjected to both axial and oblique impact loading, emphasizing the effects of crushing angle
and initial contact between impactor and tube on the plastic collapse initiation and energy absorption
capacity. A parametric study in crushing angle is conducted until 15◦, while the two examined types
of initial contact between impactor and tube consist of a contact-in-edge case and a contact-in-corner
one, aiming to capture the effect of initial contact on both plastic collapse and energy absorption. Both
experimental quasi-static tests and numerical simulation via finite element modeling in LS-DYNA
software are carried out for the evaluation of the crushing response of the tested tubes. The 5◦ oblique
cornered crushing revealed the greatest energy absorption, reflecting the most efficient loading case
as significant tearing failure occurred around the tube corners in axial crushing due to a higher peak
crushing force, while the increase in crushing angle caused a drop in energy absorption and peak
force regarding the oblique loading. Finally, an initial contact-in-corner case revealed higher energy
absorption compared to both axial and edged oblique loading, while peak force showed a slight
decrease with crushing angle in that case.

Keywords: crashworthiness; square tubes; energy absorption; oblique impact; LS-DYNA; initial contact

1. Introduction

Crashworthiness is a design philosophy that aims to control the extent of impact dam-
age, thus increasing the safety levels of structures subjected to impact loading. Thin-walled
structures have been widely proved as the most efficient energy-absorbing components,
providing high crashworthy performance with low weight, which highlights them as the
most preferable devices for crashworthy structures. In general, designing for crashworthi-
ness aims to control the extent of impact damage by dissipating the crushing kinetic energy
under a progressive collapse, converting it to plastic deformation energy for the crushed
structure. Tan et al. [1] highlighted that axial and oblique impact loading are the two main
crushing conditions based on the statistical data of an accident probability analysis, which
revealed that axial and angular crushing modes represent almost about 35% and 36% of car
crashes, respectively. In this direction, the research community has turned its interest into
studying the crashworthiness response of axially or obliquely crushed structures, aiming
to capture the effect of loading angle on energy absorption and failure-mode stability,
while significant attention is paid to identifying a critical crushing angle, which reacts to
a sharp decrease in energy-absorption capacity due to the occurrence of unstable global
bending-deformation mode during plastic collapse.

Kim and Wierzbicki [2] identified two different types of oblique impact consisting of
angled loading and off-axis loading, where the tube and impactor are moving vertically
towards an angled crushing surface in the first case, while in the case of off-axis loading the
tube and the bottom holder are obliquely positioned to the impactor at the proper crushing
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angle. A non-linear finite element analysis (FEA) was conducted in PAM-CRASH software,
aiming to reveal the most preferable loading case with respect to crushing angle, examining
square and rectangular tubes. Additionally, Reyes et al. [3] examined the behavior of
aluminum square tubes subjected to off-axis oblique impact loading until a 30◦ crushing
angle by conducting numerical simulations in LS-DYNA and utilizing experimental data
for their validation procedure. The results revealed the wall thickness and the initial length
as the key geometrical parameters, which mainly affected the crashworthiness performance,
while a 5◦ critical crushing angle was captured reacting to a significant drop in energy-
absorption capability due to the unstable global bending mode of collapse. Moreover, Han
and Park [4] investigated numerically the crushing response of mild steel square tubes
subjected to angled impact loading. Their work derived an analytical expression for mean
crushing force under oblique impact, while a critical crushing angle was identified, focusing
on the transition from a progressive to an unstable mode of collapse, such as Euler-type
buckling, reacting thus to a significant drop in energy absorption due to the progressive
decrease in crushing force during collapse.

Additionally, the crashworthiness response of more novel designs has been further
investigated in order to assess the effects of geometrical characteristics and cross-section
shape on energy absorption and on critical crushing angle considering the case of oblique
impact. Tran et al. [5] developed a theoretical approach for energy-absorption assessment of
multi-cell square tubes under oblique impact, validating their results via FEA simulations.
Pirmohammad et al. [6] studied multi-cell tubes subjected to oblique quasi-static loading
until an angle of 27◦ by carrying out FEA simulation in LS-DYNA. Different geometries
were examined and the complex proportional assessment (COPRAS) method was utilized
to identify the optimum geometry with respect to energy-absorption maximization, re-
vealing that circularly multi-cell tubes proved to be the most efficient design. Further,
Azimi et al. [7] studied homo-polygonal multi-cell aluminum tubes subjected to axial and
oblique loading under FEA simulation in LS-DYNA, validated against experimental tests.
The COPRAS method was utilized for capturing the optimum cross-section geometry
and cell dimensions. The superiority of multi-cell tubes against conventional ones was
highlighted, as their crashworthiness performance gains seemed to be significantly higher,
especially at low crushing angles.

Additionally, the crushing response of tapered thin-walled tubes subjected to axial
and oblique impact has been also investigated. Liu et al. [8] studied tapered star-shaped
aluminum tubes by conducting a numerical multi-objective optimization to identify the
optimum cross-section topology with respect to peak-crushing-force (PCF) minimization
and specific-energy-absorption (SEA) maximization. The results showed that an almost
10% increase in SEA can be achieved by the optimal design of a star-shaped tube, while
greater wall thickness and taper angle react to an increase in critical crushing angle from
10◦ to 15◦. Further, Qi et al. [9] investigated the response of tapered square tubes by
studying numerically several multi-cell configurations, indicating that multi-cell tubes
revealed greater energy absorption compared to single-cell ones. Song et al. [10] conducted
a numerical study on windowed tubes under oblique loading, highlighting their greater
energy-absorption capacity compared to conventional tubes, while an optimum window
design seemed to be capable of increasing the critical crushing angle. Moreover, the crash-
worthiness behavior of functionally graded thickness (FGT) tubes under oblique crushing
has also been examined. Mohammadiha et al. [11] indicated that the optimal thickness
distribution alongside tube length is affected by the crushing angle in the case of oblique
loading, while Baykasoglou et al. [12] revealed that the FGT effect on energy absorption
seems to be stronger in high crushing angles where a 93% increase in SEA can be achieved.
Finally, Crutzen et al. [13] studied a beneficial wall-thickness distribution for obliquely
crushed square tubes in order to avoid the occurrence of an unstable global bending mode
during plastic collapse, which would reduce significantly energy-absorption capacity.

Furthermore, Bai et al. [14] studied numerically the crushing behavior of obliquely
loaded novel octagonal sandwiched tubes reinforced with an internal plate. The internal
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plate thickness revealed a significant impact on optimum design, which was further affected
by the loading angle. Additionally, the crashworthiness response of obliquely loaded
polymer-fiber-reinforced tubes [15] and hybrid tubes with composite external layers [16]
has been also examined for identifying the optimum design and ply orientation in order
to maximize energy absorption. In addition, other novel designs such as honeycomb
structures [17], lateral corrugated tubes [18], and double conical tubes [19] have been
also investigated and proved to be of significant crashworthy efficiency with honeycomb
structures, reaching the greatest energy-absorption capacity among the others in the case of
oblique impact loading.

The effect of foam-filling has been widely studied regarding the crushing response of
thin-walled structures under axial and oblique impact loading. Qi et al. [20] examined foam-
filled circular and conical aluminum tubes subjected to oblique crushing by conducting
FEA simulations. Foam-filled tubes revealed an improvement in PCF and SEA compared
to empty tubes, while foam-filled conical tubes reached a maximum increase in SEA of
106%. Gao et al. [21] conducted a multi-objective optimization for foam-filled ellipse tubes
via FEA modeling, showing a 3% drop in PCF and 27% increase in SEA compared to
empty circular and square tubes. Finally, Borvik et al. [22] examined empty and foam-
filled aluminum circular tubes under oblique loading until 30◦ via both quasi-static tests
and numerical simulations in LS-DYNA. The provided results revealed that foam-filling
increases crashworthiness efficiency, while the energy-absorption drop in high crushing
angles seemed to be more strongly affected in the case of foam-filled tubes rather than
empty ones.

The current work studies the crashworthiness behavior of thin-walled aluminum
square tubes subjected to axial and oblique impact loading. Quasi-static experimental
tests and FEA numerical simulations in LS-DYNA are carried out for both the validating
procedure of the developed models and the evaluation of crashworthiness performance. A
parametric analysis of crushing angle varying until 15◦ is conducted in order to investigate
the effect of crushing angle on energy absorption, plastic collapse initiation, and on the
stability of collapse mode. Finally, two different types of initial contact between impactor
and tube are examined, containing a contact-in-edge case and a contact-in-corner one, in
order to capture the effect of initial contact on plastic collapse by assessing the change in
PCF and energy-absorption capability.

2. Materials and Methods

2.1. Examined Test Cases and Specimens

The current work studied the crashworthiness behavior of thin-walled square tubes
subjected to axial and oblique impact loading. The investigation was carried out by
conducting experimental tests in INSTRON 4482 testing machine (Instron, Norwood MA,
USA) (Figure 1) and finite element numerical simulation in LS-DYNA (Livermore Software
Technology Corporation, Livermore, CA, USA). The examined specimens consisted of
thin-walled aluminum square tubes produced via an extrusion process. All specimens were
cut at a length of 100 mm, while the dimensions of their square cross-sections were 50 mm
in width and 1.5 mm in wall thickness, revealing a specimen mass of 78.57 g.

The examined cases of the tested tubes contained axial and oblique loading of 5◦–10◦–15◦
crushing angles representing the loading cases 1–4 respectively, according to which the
specimens were numbered properly. All oblique loading cases were carried out representing
off-axis crushing conditions with the tube and the bottom holder being positioned at the
proper angle to the impactor. Further, the bottom tube end was fixedly supported to the
bottom holder via an external configuration of the last one in order to avoid any sliding
during collapse in the case of oblique crushing. The examination of the selected oblique
loading cases aims for a parametric analysis of crushing angle in order to assess its effect on
energy-absorption capacity, plastic collapse initiation, and the stability of the occurring failure
mechanism during plastic deformation. Finally, in each oblique loading case, two different
types of initial contact between impactor and tubular specimen are examined, containing a
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contact-in-edge case and a contact-in-corner one regarding the top end of tube as depicted in
Figure 2 where edged and cornered initial contacts are labelled as “a” and “b” respectively.
The above investigation selection aims to estimate the effect of initial contact under oblique
impact loading on plastic collapse initiation and in consequence of the collapse progress and
energy-absorption capability of the crushed structure.

Figure 1. Experimental test configuration.

Figure 2. Type of examined initial contact between tube and impactor. (a) contact-in-edge case;
(b) contact-in-corner case.

2.2. Material Characterization

The tested aluminum tubes are made of AA6060-T6 subjected to an extrusion process.
In order to develop effective numerical models, the mechanical properties and the harden-
ing behavior during plastic deformation of AA6060-T6 tube need to be identified for the
material-modeling procedure. For this reason, an experimental tension test is conducted
according to ASTM E8M-2004 standards in an INSTRON 4482 testing machine (Instron,
Norwood, MA, USA) at room temperature under a loading rate of 10 mm/min. Although
numerical simulations are examined under a significantly higher loading rate, representing
the crushing conditions, the selected loading rate of the tension test is considered reliable
due to the fact that AA6060-T6 has been proved as lightly sensitive to strain rate [23], and
thus it can be modelled as rate-insensitive with good accuracy.
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In addition, the tension test is conducted twice in order to avoid any possible material
defects or data recording mismatches securing thus the validity of the provided results.
Figure 3 depicts the stress–strain curve of AA6060-T6 as revealed from the processing
of the measured force and recorded displacement data. Finally, the material mechanical
properties such as density, Poisson ratio, and Young’s modulus are estimated according
to open literature data, while yield stress, ultimate stress, plastic strain failure, and the
stress-plastic strain hardening curve are extracted from the provided tension test curves as
summarized at Tables 1 and 2.

Figure 3. AA6060-T6 material stress–strain curve from tension tests.

Table 1. AA6060-T6 material properties.

Description Variable Value

Density (kg/m3) ρ 2700
Young modulus (GPa) E 70

Poisson ratio (-) ν 0.33
Yield stress (MPa) σY 180

Ultimate tensile strength (MPa) UTS 229
Failure plastic strain (%) εpf 7.93

Table 2. AA6060-T6 stress-plastic strain hardening curve.

Stress, σ (MPa) Plastic Strain, εp (%)

180 0.00
200 0.40
208 1.05
216 2.25
220 2.84
225 3.92
228 4.96
229 5.77

2.3. Quasi-Static Compression Tests

All experimental compression tests were conducted in an INSTRON 4482 dual-column
testing machine (Instron, Norwood, MA, USA) under quasi-static conditions of 10 mm/min
loading rate. In all test cases, the maximum specimen shortening reached about 60 mm,
while in the case of oblique loading, the tube and the bottom holder were rotated to the
proper angle, representing off-axis oblique loading conditions. Furthermore, in the case
of oblique loading, the bottom tube end was fixedly supported to the bottom holder in
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order to avoid any sliding during plastic collapse. For each experimental test, a proper
data recording system was utilized for force (F) and displacement (x) measurements in
order to provide the respective experimental F-x curve, which is taken into consideration
for both crashworthiness performance evaluation of the examined tubes and the validating
procedure of the developed finite element models. Moreover, different states of plastic
collapse are captured during the specimen-deformation process in order to identify the
failure mechanism occurring and its formation characteristics. Finally, the experimental
results regarding crashworthiness response parameters and collapse mode are set into
comparison with the numerical results for validating the accuracy of the developed models,
although the examined strain rate of quasi-static tests and FEA simulations differ from
each other, as AA6060-T6 has been described as strain-rate insensitive with sufficient
accuracy [23].

2.4. Crashworthiness Response Parameters

This study utilizes several widely used crashworthiness response parameters regard-
ing energy-absorption capacity, plastic collapse initiation, and crushing efficiency in order
to evaluate the crashworthiness performance of the examined tubes. The energy-absorption
mechanism of thin-walled tubes contains the bending energy, which is dissipated by the
bending of rotated folds and the membrane energy, which in turn is dissipated by the
extension of formulated plastic folds [24]. In more specificity, the utilized crashworthi-
ness indicators include peak crushing force (PCF), mean crushing force (MCF), energy
absorption (EA), specific energy absorption (SEA), and crushing force efficiency (CFE).
The assessment of the above crashworthiness response parameters is carried out via the
provided force-displacement curves.

EA refers to total energy absorption, which is dissipated during plastic collapse as the
crushing kinetic energy is transformed into plastic deformation energy. Considering F(x)
as the instantaneous crushing force and d as the maximum impactor displacement, EA is
computed as the total area below the force-displacement curve as depicted in the following:

EA =

d∫
0

F(x)dx (1)

However, a more reliable indicator for assessing the energy-absorption capacity of
structures is SEA, which expresses the absorbed energy per unit mass of the crushed
structure (m). Thus, SEA reflects a more indicative parameter than EA for comparing the
crashworthiness performance for structures of different material, dimensions, and cross-
section geometry. Thus, for a crushed structure of ρ material density, A cross-sectional area,
and d maximum crushing shortening, SEA is expressed as follows:

SEA =
EA
m

=
EA

ρ · A · d
(2)

Regarding the crushing force indicators, PCF and MCF contain the two metrics, which
reflect the plastic collapse initiation and the energy-absorption capacity, respectively. In
more detail, PCF refers to maximum crushing force required for plastic collapse initiation
and is responsible for the initial formulation of the first plastic convolution, while MCF
is defined as the ratio of energy absorption to the maximum impactor displacement. In
fact, MCF represents a constant sustained force during post-buckling region of force-
displacement curve in which the plastic collapse progresses, formulating local force peaks
and lows reflecting the formulation of external and internal folds, respectively. Thus, PCF
and MCF can be expressed, respectively, as:

PCF = max {F(x)} (3)
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MCF =
EA
d

(4)

Finally, CFE is defined as the ratio of MCF to PCF where MCF reflects the mean
sustained force under which the plastic collapse progresses by folding deformation. Thus,
considering PCF as the maximum crushing force, the CFE parameter reflects the uniformity
of crushing force fluctuation and is expressed as:

CFE =
MCF
PCF

(5)

Thus, the desirable characteristics of an efficient energy absorber include high enough
EA and SEA revealing a sufficiently high energy-absorption capability under low weight.
Similarly, high MCF will allow for high EA levels, while PCF must be sufficiently high
to allow for high crushing-force levels, restricted however by a reasonable upper limit,
which must be reached by the crushing force in order to deform plastically the crushed
structure, as in the opposite case the level of absorbed energy will be negligible due to
inelastic deformation.

2.5. Finite Element Modeling

For the crashworthiness response evaluation of the examined tubes, numerical sim-
ulations are also carried out utilizing non-linear explicit dynamic LS-DYNA code [25] as
the modeling tool in this study. Finite element (FE) models are developed for the exam-
ined cases of axial and oblique impact loading in order to investigate the crashworthiness
behavior and capture the effect of crushing angle and initial type of contact between tube
and impactor. Therefore, for each simulated oblique impact loading case, two different
FE models are created, representing each examined initial contact type between impactor
and tube, as Figure 4 depicts regarding edged and cornered oblique crushing conditions.
For the development of the FE models, the geometry and the dimensions are initially
defined regarding the parts from which the tested configuration consists of, including
the tube specimen, bottom holder, and impactor. Next, an element mesh is generated,
selecting the type of finite elements and the mesh density, while following this the material
properties are adjusted properly. After this, the boundary conditions are defined regarding
the tube-end support, constraining properly its nodal degrees of freedom (DOFs), while
also boundary conditions for avoiding any penetration phenomena are considered for
the interface contacts. The modeling procedure is completed by determining the loading
characteristics and the time termination.

Figure 4. FE models for oblique impact loading under an edged (left) and a cornered (right) initial
contact.
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More specifically, thin-walled tested tubes are modelled via four-node shell elements
as their accuracy in predicting the failure mechanism regarding the collapse mode and
the number of formulated folds has been proved more reliable than others in the case of
thin-walled structures [26]. In contrast, impactor and bottom-holder base are modelled via
eight-node solid elements, as they are treated as compact rigid bodies. In addition, the shell
element tubular square cross-section is dimensioned according to its mean circumference,
with a width of 48.5 mm, while the finite element mesh density is generated properly,
such that the shell element dimensions are adjusted at 1.5 × 1.5 mm, as a dimensioning
just about equal to the tube-wall thickness provides reliable results regarding the fold
formulation of thin-walled structures [27]. Further, for the shell element formulation,
the Belytschko–Lin–Tsay formula with five integration points through shell thickness is
considered. The proposed element formulation model is based on the Reissner–Mindlin
kinematic assumption [28], which takes into account the superposition of mid-surface
displacements and rotations to express plate deformation, considered as thus more suitable
for shell elements. Additionally, a viscous and stiffness hourglass control is adjusted
according to the Flanagan–Belytschko stiffness formula under an hourglass coefficient
of 0.1, thus avoiding an hourglass formation of elements, which results in zero energy-
deformation modes and volumetric blocking [7], which could bring instabilities during
numerical solution.

For the material modeling, the AA6060-T6 tube material is approached via an isotropic
elastic-plastic model utilizing the ‘Mat024 piecewise linear plasticity’ keyword of LS-
DYNA, which is capable of capturing AA6060-T6 linearly hardening behavior sufficiently.
In specific, the ‘Mat024′ keyword utilizes the material properties such as density, Poisson
ratio, and Young’s modulus, which are introduced according to the data listed in Table 1,
and considers further AA6060-T6’s linear hardening behavior, which is identified by a
number of stress-plastic strain points, according to the results from the AA6060-T6 tension
test in Table 2. In addition, the ‘Mat024′ model is capable of accounting for failure criteria
and the strain-rate effect [24], which however is not implemented in this study, as AA6060-
T6 has been described as strain-rate insensitive [23] with sufficient accuracy. In contrast,
a failure plastic strain of 7.93% according to Table 1’s results is implemented during FE
material modeling in order to capture the tearing failure around tube corners during their
plastic collapse, as revealed in some of the experimental tests. Thus, this study considers
aluminum-tube hardening behavior with only the effect of plastic strain implementing
in addition a failure plastic strain penalty. Regarding the steel plates of the impactor and
bottom holder base, the ‘Mat020 rigid’ keyword is utilized as both impactor and bottom base
are of significantly higher mass and stiffness and are considered thus as undeformable and
rigid bodies. For ‘Mat020′ model of impactor and bottom holder, steel material properties
are considered, such as 7830 kg/m3 density, 200 GPa Young’s modulus and a Poisson ration
of 0.3, while for each body the kinematic DOFs are also adjusted properly, allowing only a
vertical displacement for impactor and constraining each kinematic DOF for the bottom
holder base, which is stationary during the test.

Following this, the boundary conditions for the interface contacts are implemented in
order to prevent from any penetration between the interacting structural members. Thus,
at first a ‘nodes-to-surface’ contact algorithm between tube and rigid bodies of impactor
and holder base is adjusted in order to avoid any penetration of the nodes of the tube
shell elements with the surface of the impactor and bottom base. The ‘nodes-to-surface’
contact algorithm implements a penalty formulation that allows the separate definition of
the tube slave nodes and the master contacting surfaces of rigid impactor and base, thus
preventing any penetration in the interfaces. Additionally, Coulomb friction conditions are
considered by applying static and dynamic friction coefficients of 0.61 and 0.47, respectively,
according to open literature data for aluminum–steel interface contacts. In addition, an
‘automatic single surface’ contact algorithm is further implemented to detect self-interaction
of tube shell elements contacting each other during the formulation of folds, as the plastic
collapse progresses. For this reason, shell elements’ nodal normal projections are used by
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the ‘automatic single surface’ algorithm in order to prevent tube elements from penetrating
the specimen surface. Coulomb friction static and dynamic coefficients are adjusted to
equal 1.2 and 1.4, respectively, according to open literature data for aluminum–aluminum
interface contacts. More, boundary conditions regarding the fixed bottom tube end are also
adjusted, constraining the bottom tube nodal DOFs against any displacement and rotation.

Completing the FE-modeling procedure, the loading characteristics of each examined
test case are simulated by applying a constant loading rate of 1 m/s until 60 mm of maxi-
mum impactor vertical displacement, while the examined crushing angle is implemented
by rotating tube and bottom holder base to the proper angle. The significantly higher
loading rate of FEA simulations compared to that of quasi-static tests is not only due to the
strain-rate insensitivity of AA6060-T6, but also mainly due to the fact that the explicit time
integration method, which is utilized during numerical solution, requires a reasonable time
step, revealing thus simultaneously reliable results and avoiding extremely large calcula-
tion times. Finally, a time step of 1 ms is adjusted for recording the force-displacement data
and the collapse states of the FEA simulations.

3. Results and Discussion

3.1. Modeling Verification

At first, a comparison between experiments and FE models was carried out in order
to secure the validity of the developed models for accounting for both numerical and
experimental results (Table 3) in the evaluation of the crashworthiness performance of the
square tubes in terms of energy-absorption capacity and plastic collapse initiation. Thus,
both tests and simulations showed a sufficient agreement in crushing force fluctuation
during collapse, as the respective force-displacement curves depict in all examined cases
shown in Figures 5–8. As a result, a sufficient agreement in the predicted PCF and EA was
revealed too, providing deviations between tests and simulations below 7.6% and 6.8%,
respectively, as Table 4 depicts.

Table 3. Experimental and numerical results for crashworthiness parameters.

Loading Case Method PCF (kN) MCF (kN) EA (kJ)
SEA

(kJ/kg)
CFE (-)

0◦
Experiment 44.02 15.28 0.913 19.36 0.347
Simulation 43.96 14.74 0.885 18.76 0.335

5◦—edge Experiment 25.21 14.90 0.894 18.97 0.591
Simulation 23.30 14.63 0.878 18.62 0.628

5◦—corner
Experiment 26.14 17.06 1.022 21.68 0.653
Simulation 24.80 16.73 1.004 21.90 0.675

10◦—edge Experiment 23.66 14.15 0.848 18.01 0.598
Simulation 23.20 13.85 0.831 17.63 0.597

10◦—corner
Experiment 24.62 16.29 0.977 20.73 0.661
Simulation 24.98 15.74 0.945 20.04 0.630

15◦—edge Experiment 21.07 13.58 0.815 17.28 0.644
Simulation 21.57 13.79 0.827 17.55 0.639

15◦—corner
Experiment 24.17 15.93 0.956 20.27 0.659
Simulation 23.49 14.84 0.890 18.89 0.632
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Figure 5. Experimental and numerical results of 0◦ crushing angle for axial impact. (a) force-
displacement curve; (b) EA-displacement curve.

Figure 6. Experimental and numerical results of 5◦ crushing angle for cornered and edged oblique
impact. (a) force-displacement curve; (b) EA-displacement curve.

Figure 7. Experimental and numerical results of 10◦ crushing angle for cornered and edged oblique
impact. (a) force-displacement curve; (b) EA-displacement curve.
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Figure 8. Experimental and numerical results of 15◦ crushing angle for cornered and edged oblique
impact. (a) force-displacement curve; (b) EA-displacement curve.

Table 4. Deviation in PCF and EA between experiments and simulations.

Loading Case Deviation in PCF (%) Deviation in EA (%)

0o 0.13 3.07
5◦—edge 7.57 1.82

5◦—corner 5.15 1.79
10◦—edge 1.97 2.12

10◦—corner 1.44 3.35
15◦—edge 2.38 1.56

15◦—corner 2.81 6.82

Further, simulations seemed to capture sufficiently the plastic collapse mechanisms
that occurred in tests, as Figures 9–15 depict, predicting both the collapse mode and the
number of formulated folds in most cases, which is additionally reflected by the number of
local peaks and lows in crushing-force fluctuation during impactor displacement. More
specifically, for an axially crushed tube, the test showed an inextensional deformation
mode with three formulated folds during collapse, while tearing failure was also observed
around tube corners, due to the high bending-moment concentration. In similar direction,
the simulation revealed a mixed collapse mode, showing two initial extensional folds
and one inextensional fold at following, predicting in addition the occurrence of tearing
around tube corners. Moreover, for 5◦ and 10◦ obliquely crushed tubes either under an
edged or a cornered initial contact with the impactor, both tests and simulations revealed
three inextensional folds during plastic deformation; however, the slight tearing around
tube corners in tests was not captured by simulations due to a lower PCF, which was
not proved to be great enough to react to material failure, due to stress concentration in
the tube corners. Finally, regarding 15◦ obliquely crushed tubes under either an initial
contact with the impactor on an edge or in a corner, both simulations and tests agreed on
an inextensional deformation mode during collapse, formulating two folds, while the slight
tearing failure observed in tests was not captured by simulations as was achieved in the
axial impact loading case. Therefore, all simulations showed a sufficient agreement with
the experiments regarding both the collapse mechanism and the number of formulated
folds, while tearing failure was only captured in axial impact loading, as the in the case of
obliquely crushed tubes the tearing extent was significantly lower without thus affecting
the energy-absorption capacity, which was predicted with sufficient accuracy by FE models.
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Figure 9. Plastic deformation progress of 0◦ crushing angle for axial impact. (a) experiment;
(b) simulation.

Figure 10. Plastic deformation progress of 5◦ crushing angle for edged oblique impact. (a) experiment;
(b) simulation.

Figure 11. Plastic deformation progress of 5◦ crushing angle for cornered oblique impact.
(a) experiment; (b) simulation.

Figure 12. Plastic deformation progress of 10◦ crushing angle for edged oblique impact. (a) experi-
ment; (b) simulation.
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Figure 13. Plastic deformation progress of 10◦ crushing angle for cornered oblique impact.
(a) experiment; (b) simulation.

Figure 14. Plastic deformation progress of 15◦ crushing angle for edged oblique impact. (a) experi-
ment; (b) simulation.

Figure 15. Plastic deformation progress of 15◦ crushing angle for cornered oblique impact.
(a) experiment; (b) simulation.

3.2. Force-Displacement Characteristics

For the evaluation of crashworthiness performance, force-displacement and EA-
displacement curves are provided regarding both experimental and numerical results
as Figures 5–8 depict. Thus, the proper crashworthiness indicators are estimated in order
to assess the energy-absorption capacity and the plastic collapse initiation regarding the
examined loading cases. In more specificity, the plastic collapse initiation of axially crushed
tubes occurred around 44 kN, formulating the first plastic fold, while at the next, two
more folds were deformed as reflected by the local peaks and lows in crushing force, the
fluctuation of which was sustained around an MCF of 15 kN during collapse. In fact,
tearing failure was also observed around tube corners due to high stress concentration,
which is captured by the drop in the rate of EA increase during impactor displacement
range from 20 mm to 40 mm as shown in Figure 5b. That decrease in the rate of EA increase
is caused by the unstable behavior of tearing failure, which was predicted slightly earlier
during collapse progress by the FE model compared to the experiment. For this reason,
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a deviation between experiment and simulation is provided regarding the displacement
region in which the EA slope reduction occurred in Figure 5b, where the tearing failure is
predicted at a lower displacement by the FE model.

For the 5◦ obliquely crushed tube, regarding the initial contact in the edge case between
impactor and tube, the plastic collapse initiation was revealed around 24 kN, while the
force fluctuation during collapse was sustained around 14.8 kN, formulating three local
peaks and lows of crushing force, reflecting the deformation of three inextensional plastic
folds. Further, the slight tube tearing that occurred did not seem enough to react to any
significant EA decrease, as its increase rate during collapse seems to be almost constant, as
Figure 6b depicts. However, the 5◦ crushing angle reacted to both PCF and EA decrease,
due to the additional bending moment introduced by the lateral crushing-force component,
thus facilitating both plastic collapse initiation and progress, as less bending energy was
required for the formulation of plastic folds. Regarding the 5◦ obliquely crushed tube under
an initial contact with the impactor on a corner, a PCF of 25 kN revealed the plastic collapse
initiation, and also revealed a progressive behavior, with three inextensional folds reflected
by the crushing-force distribution around 17 kN MCF. Despite the angled loading, the 5◦
cornered oblique crushing revealed greater energy-absorption capacity compared to both
5◦ edged loading and axial impact, as the tearing failure was of a significantly lower extent,
which in the case of the axially collapsed tube reacted to an important decrease in EA.

The 10◦ obliquely crushed tube under an initial edge contact with the impactor, re-
vealed a PCF of 23.5 kN while MCF was sustained about 14 kN reflecting the formulation of
three plastic folds during collapse, as depicted by the local force peaks in force-displacement
curve in Figure 7a. The greater crushing angle of 10◦ compared to previous cases reacted to
lower PCF, while further energy-absorption capability revealed a decrease too as the angled
loading introduced an additional bending moment, which facilitated the plastic fold defor-
mation and thus plastic collapse initiation and progress. In the case of the 10◦ obliquely
crushed tube with an initial corner contact with impactor, PCF and MCF were captured at
about 24.8 kN and 16 kN, respectively, revealing a PCF drop due to the increased crushing
angle compared to axial and 5◦ oblique impact. However, the EA seemed to be greater
compared to the 10◦ oblique edged loading due to the cornered initial contact and slighter
tearing extent, which is reflected in Figure 7b, where EA increases linearly during collapse
under a more constant slope compared to that of the edged oblique loading. However, both
PCF and EA revealed a slight decrease compared to 5◦ oblique loading for both edged and
cornered initial contact types, due to the higher crushing angle.

Finally, the 15◦ obliquely crushed tube under an edged initial contact with the impactor
revealed a PCF of 21.2 kN, reflecting a plastic collapse initiation, while MCF was captured
about 13.7 kN reflecting the lowest energy-absorption capacity among all examined cases
due to the crushing angle effect, which reduced EA with loading angle increase. The
occurrence of slight tearing failure resulted in only a slight drop in the rate of EA increase
during the final stages of collapse, as captured in Figure 8b by the reduced EA curve slope.
However, regarding the 15◦ cornered oblique impact case, PCF and EA were at greater
levels due to the cornered contact between tube and impactor, which introduced a lower
bending moment due to the angled loading compared to the edged oblique crushing. As a
result, EA increased linearly at a greater rate compared to the edged oblique loading.

3.3. Deformation Modes

The plastic collapse mode is also investigated by evaluating the observations of both
experiments and simulations by capturing different states of collapse shown in Figures 9–15
for all examined cases. The importance of analyzing the failure mechanism that occurred is
its effect on the crushing force fluctuation during plastic deformation, as the local peaks
and lows in crushing force reflect the formulation of external and internal plastic folds,
respectively. Thus, the mode of collapse mechanism affects further the energy-absorption
capacity of a crushed structure and for this reason it is considered an additional indicator
of crashworthiness performance in terms of a progressive and stable collapse, which will
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allow for high EA levels. As Figure 9 depicts, the axially crushed tube revealed three plastic
folds during collapse, while tearing failure also occurred around the tube corners due to
the high stress concentration. In fact, the experiment showed three inextensional folds in
contrast with the FE simulation, which in turn revealed a mixed collapse mode by initially
formulating two extensional folds and one inextensional fold. The tearing failure reacted to
the EA decrease as its rate of increase dropped slightly due to the unstable behavior of the
tearing mechanism.

Both 5◦ and 10◦ obliquely crushed tubes under either an edged or a cornered initial
contact with impactor revealed three inextensional folds during their collapse, in which
both experiments and simulation showed an absolute agreement. Further, slight tearing
failure was captured in the experimental observations, the low extent of which did not seem
to affect significantly the energy-absorption capability, as EA showed a constant increase
rate during the collapse affected by the stable and progressive behavior of inextensional
folding deformation.

Moreover, 15◦ obliquely crushed tube formulated two inextensional folds during
plastic collapse under both edged and cornered initial contact with impactor. Further, the
experiments revealed slight tearing around tube corners, which however was restricted in
low extent without so affecting significantly both failure stability and energy-absorption
capacity in consequence. Therefore, all examined crushed tubes revealed an inextensional
collapse mode formulating three plastic folds except the 15◦ crushed tubes, which deformed
under two folds, while further slight tearing failure was observed around tube corners,
which however was captured from the FE model only in the case of axial impact.

The inextensional folding deformation was caused by the non-uniform circumferential
distribution of the bending moment, which reacted to a stretching and a compression
of the cross-section in different directions, thus causing the formulation of rectangular
convolutions during plastic deformation. More specifically, as Figure 16 depicts, for the
case of 10◦ edged oblique crushing, the formulation of inextensional folds is caused by the
circumferentially non-uniform resultant bending moments Mx and My, which lead to either
external or internal buckling on the cross-section sides depending on their sign. Finally,
as Figure 17 shows, the inextensional folding mode was revealed in all crushed tubes,
showing in fact a significant superiority against the slight tearing failure occurring around
tube corners, thus providing high EA capacity due to its stable and progressive collapse.

Figure 16. Bending moment circumferential distribution during collapse for 10◦ edged oblique
impact. (a) Mx moment; (b) My moment.
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Figure 17. Final views of fully crushed tubes. (a) axial; (b) 5◦—edge; (c) 5◦—corner; (d) 10◦—edge;
(e) 10◦—corner; (f) 15◦—edge; (g) 15◦—corner.

3.4. Crushing Angle Effect

Both numerical and experimental results agreed on the effect of crushing angle on
crashworthiness performance in terms of plastic collapse initiation and energy-absorption
capacity. In more specificity, the increase in crushing angle resulted in a PCF decrease
due to the additional bending moment introduced by the lateral force component, which
facilitated plastic collapse initiation. Figure 18 depicts the above tendency showing a PCF
drop with the crushing angle either for an edge initial contact or a cornered one between
tube and impactor. In fact, PCF reveals a significant decrease in oblique impact loading,
reducing by about 43% from axial to 5◦ oblique impact, while at higher angles the PCF
drop seems to flatten out under corner contact between impactor and tube in contrast to
edged oblique loading in which PCF seems to linearly decrease with crushing angle even
at higher angles.

Further, Figure 19 shows that the increase in crushing angle reacted to lower EA,
as additional introduced bending moment due to angled loading facilitated the plastic
collapse progress by reducing the necessary plastic bending moment required for folding
deformation. However, the 5◦obliquely crushed tube under an initial corner contact
with the impactor revealed the greatest energy-absorption capacity, lying about 1.022 kJ
despite the 5◦ angled loading, as in the case of axial impact loading the significant tearing
failure around tube corners resulted in an EA decrease. For this reason, the EA of the
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axially collapsed tube proved lower compared to the 5◦ obliquely crushed tube under
corner contact in which the tearing occurred to a significantly lesser extent without thus
affecting EA, which was maintained sufficiently. However, the case of 5◦ edged oblique
impact revealed slightly lower EA compared to axial impact, as expected due to the
greater crushing angle. Therefore, increased crushing angles resulted in EA drop without
accounting for any tearing effect as shown more accurately for all examined oblique loading
cases, where a tearing effect was observed to a lower extent.

Figure 18. PCF variation with crushing angle.

Figure 19. EA variation with crushing angle.

Finally, as Figure 20 illustrates, CFE revealed an increase at low crushing angles for
either an edged or a cornered oblique impact compared to axial crushing, as in the case
of cornered oblique loading PCF showed a reduction with angle while EA increased due
to the absence of significant tearing. Thus, considering MCF as proportional to EA, CFE
seemed to be increased at low angles compared to axial impact. Additionally, in the case of
edged oblique loading, although both PCF and EA showed a decrease with angle, the drop
in PCF seemed stronger than the one of EA and in consequence in MCF, thus revealing a
CFE increase also at low crushing angles. Moreover, higher CFE levels were captured for
cornered oblique impact compared to the edged one, while the difference between them
seemed to decrease at higher angles. In specific, CFE was flattened out with a crushing
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angle increase according to experiments for cornered oblique impact, while simulations
showed a linear drop of CFE with crushing angle. In contrast, a CFE increase was captured
at high angles for edged oblique crushing conditions. Therefore, the cornered oblique
impact condition under low crushing angles can be evaluated as the most beneficial loading
case providing sufficiently low PCF, resulting in lesser tearing failure and achieving high
enough EA and CFE levels.

Figure 20. CFE variation with crushing angle.

3.5. Initial Contact Effect

The type of initial contact between impactor and tube did not seem to cause differences
in the plastic collapse mechanism in terms of deformation mode and number of formulated
folds, as all examined cases revealed the same collapse characteristics for either an edged
or a cornered oblique impact under a certain crushing angle. Regarding the effect of initial
contact on PCF, as Figure 18 depicts for all examined crushing angle range, cornered oblique
impact revealed greater PCF compared to edged one, while their difference was captured
slightly higher as the crushing angle increased. In fact, PCF seems to flatten out at high
crushing angles under an initial corner contact between tube and impactor, while in contrast
PCF decreased linearly under edged oblique impact conditions, showing more a sharper
drop at angles above 10◦. Thus, edged oblique crushing seems to better facilitate plastic
collapse initiation, providing lower PCF levels compared to cornered oblique loading.

Further, EA was revealed greater in the case of cornered oblique impact at all examined
crushing angle range compared to edged oblique loading providing higher energy capacity
for the crushed tubes as shown in Figure 19. In fact, 5◦ obliquely crushed tube under an
initial contact in corner with impactor revealed the greatest EA among all examined cases,
even compared to an axially collapsed tube in which the tearing failure reacted to an EA
drop. Moreover, the increased EA in the case of cornered oblique impact compared to
the edged one is premised on the fact that the additional bending moment (Madd) due
to angled loading introduced by the lateral force component (Fl) as Figure 21 shows, is
slightly lower compared to the one in the case of edged oblique crushing. Therefore, the
required deformation energy for plastic collapse progress is revealed at a slightly greater
magnitude for cornered oblique impact, thus resulting in a greater EA for a certain crushing
angle. That is because for short tubes and low crushing angles, the deformation energy
is mainly reflected by the bending moment (MFc), which is provided by the compressive
crushing force component (Fc) and which, combined with Madd, should result in the
plastic bending moment Mp required for plastic fold formulation. Therefore, considering
MFc as proportional to EA and in consequence considering MCF according to analytical
expressions of various past studies [29,30], the EA of a cornered obliquely crushed structure
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is revealed to be greater compared to that of edged oblique impact, as he is greater than hc
according to Equation (8).

Madd = Fl · h = F · sinα · h (6)

Mp = Madd + MFc (7)

tanα =
b

2(L − he)
=

√
2 b

2(L − hc)
(8)

Figure 21. Bending moment due to angled loading for edged (left) and cornered (right) oblique impact.

Finally, CFE is also captured at higher levels for cornered oblique crushing conditions
compared to edged ones, as in the first case the benefit in EA and in consequence in MCF
overcomes the greater observed PCF revealing thus higher CFE. In fact, the maximum
CFE is obtained at about 0.675 for the 5◦ obliquely crushed tube under an initial contact in
corner with impactor. Additionally, CFE seems to flatten out at higher angles regarding
cornered oblique impact, while edged oblique crushing revealed a CFE increase at higher
loading angles, thus reducing the difference in CFE between the two examined types of
initial contact at high angles. Therefore, cornered oblique impact under low crushing angles
is considered the most beneficial loading scenario resulting in the greatest EA capacity
under the highest CFE.

4. Conclusions

This study investigated the crashworthiness behavior of thin-walled aluminum square
tubes subjected to both axial and oblique impact, emphasizing the effect of crushing
angle and initial contact between tube and impactor on plastic collapse initiation and
energy-absorption capability. Two types of initial contact were examined, consisting of an
edged and a cornered contact. Both quasi-static tests and FE simulation in LS-DYNA were
performed, while the provided experimental and numerical results were compared for the
modeling validation and the evaluation of crashworthiness performance.

Both experiments and simulations showed a sufficient agreement on PCF and EA,
while the observed collapse mechanism was also captured by the FE models, revealing
inextensional folds and predicting their number accurately. However, tearing failure
around tube corners was only captured for the axially crushed tube as in the case of
obliquely crushed tubes the low extent of the tearing that occurred was not shown by the
simulations, as the significantly lower PCF did not seem enough to cause material failure.
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In more specificity, in all examined cases three inextensional plastic folds were revealed
during collapse, except the 15◦ obliquely crushed tubes, where two inextensional folds
were formulated. Additionally, all conducted experiments revealed slight tearing failure
around tube corners, which however was of a significantly lower extent in the case of
obliquely crushed tubes. The 5◦ obliquely crushed tube under an initial corner contact
with the impactor revealed the greatest EA and CFE reflecting, and thus the most beneficial
loading condition for the examined square tubes. Compared to the axially crushed tube,
the greater energy capacity of the 5◦ cornered collapsed tube was revealed mainly due to
the lower tearing extent, which in the case of axial impact reacted to the EA drop due to its
greater magnitude.

Observing the results regarding oblique impact loading, the increase in crushing angle
resulted in PCF drop as the lateral force component reacted to additional bending moment,
thus facilitating the plastic collapse initiation. Further, the bending moment due to angled
loading resulted in a lower deformation energy required for folding formulation, thus
revealing an EA decrease as the crushing angle increased. In specific, however, the effect of
tearing failure on EA was proved stronger than that of the crushing angle in low loading
angles, thus resulting in a lower EA in the case of axial impact compared to 5◦ cornered
crushing. As a result, CFE was maximized in low crushing angles, while as the angle
became higher CFE seemed to flatten out or slightly increase.

Finally, regarding the effect of the initial contact type between impactor and tube,
cornered oblique impact revealed the greatest PCF and EA at all examined angle ranges.
More specifically, the difference in PCF between edged and cornered oblique collapse was
increased at higher crushing angles, as PCF almost flattened out at high angles, while
regarding edged oblique impact PCF seemed to linearly decrease with the loading angle.
Further, cornered oblique impact reacted to lower bending moment due to the angled
loading compared to the edged one, thus revealing significantly greater EA as higher
deformation energy was then required for folding formulation. However, the initial contact
type between impactor and tube did not seem to affect mechanism of the mode of plastic
collapse and the number of formulated folds. CFE was also higher for an initial corner
contact between the impactor and tube, while the difference in CFE compared to edged
oblique loading was decreased at higher angles. Therefore, cornered oblique impact under
a low crushing angle was proved to be the most beneficial loading case, providing the
greatest EA and CFE between all examined cases.

Author Contributions: Conceptualization, K.D.K. and D.E.M.; methodology, K.D.K.; software,
K.D.K.; validation, K.D.K.; formal analysis, K.D.K.; investigation, K.D.K.; resources, K.D.K. and
D.E.M.; data curation, K.D.K.; writing—original draft preparation, K.D.K.; writing—review and
editing, K.D.K.; visualization, K.D.K.; supervision, D.E.M.; project administration, D.E.M.; funding
acquisition, D.E.M. All authors have read and agreed to the published version of the manuscript.

Funding: This research received no external funding.

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: Not applicable.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Pei, T.S.; Saffe, S.N.M.; Rusdan, S.A.; Hamran, N.N.N. Oblique impact on crashworthiness: Review. Int. J. Eng. Technol. Sci. 2017,
4, 32–48. [CrossRef]

2. Kim, H.S.; Wierzbicki, T. Numerical and analytical study on deep biaxial bending collapse of thin-walled beams. Int. J. Mech. Sci.
2000, 42, 1947–1970. [CrossRef]

3. Reyes, A.; Langseth, M.; Hopperstad, O.S. Crashworthiness of aluminum extrusions subjected to oblique loading: Experiments
and numerical analyses. Int. J. Mech. Sci. 2002, 44, 1965–1984. [CrossRef]

226



Metals 2022, 12, 1862

4. Han, D.C.; Park, S.H. Collapse behavior of square thin-walled columns subjected to oblique loads. Thin-Walled Struct. 1999,
35, 167–184. [CrossRef]

5. Tran, T.; Hou, S.; Han, X.; Nguyen, N.; Chau, M. Theoretical prediction and crashworthiness optimization of multi-cell square
tubes under oblique impact loading. Int. J. Mech. Sci. 2014, 89, 177–193. [CrossRef]

6. Pirmohammad, S.; Marzdashti, S.E. Crushing behavior of new designed multi-cell members subjected to axial and oblique
quasi-static loads. Thin-Walled Struct. 2016, 108, 291–304. [CrossRef]

7. Azimi, M.B.; Asgari, M.; Salaripoor, H. A new homo-polygonal multi-cell structures under axial and oblique impacts; considering
the effect of cell growth in crashworthiness. Int. J. Crashworthiness 2020, 25, 628–647. [CrossRef]

8. Liu, W.; Jin, L.; Luo, Y.; Deng, X. Multi-objective crashworthiness optimization of tapered star-shaped tubed under oblique impact.
Int. J. Crashworthiness 2021, 26, 328–342. [CrossRef]

9. Qi, C.; Yang, S.; Dong, F. Crushing analysis and multiobjective crashworthiness optimization of tapered square tubes under
oblique impact loading. Thin-Walled Struct. 2012, 59, 103–119. [CrossRef]

10. Song, J. Numerical simulation on windowed tubes subjected to oblique impact and a new method for the design of obliquely
loaded tubes. Int. J. Impact Eng. 2013, 54, 192–205. [CrossRef]

11. Mohammadiha, O.; Ghariblu, H. Crush behavior optimization of multi-tubes filled by functionally graded foam. Thin-Walled
Struct. Part B 2016, 98, 627–639. [CrossRef]

12. Baykasoglu, C.; Baykasoglu, A.; Cetin, M.T. A comparative study on crashworthiness of thin-walled tubed with functionally
graded thickness under oblique impact loadings. Int. J. Crashworthiness 2019, 24, 453–471. [CrossRef]

13. Crutzen, Y.; Inzaghi, A.; Mogilevsky, M.; Albertini, C. Computer Modelling of the Energy Absorption Process in Box-Type Structures
under Oblique Impact; Automotive Automation Ltd.: Shropshire, UK, 1996; pp. 1293–1298.

14. Bai, Z.; Liu, J.; Zhu, F.; Wang, F.; Jiang, B. Optimal design of a crashworthy octagonal thin-walled sandwich tube under oblique
loading. Int. J. Crashworthiness 2015, 20, 401–411. [CrossRef]

15. Patel, S.; Vusa, V.R.; Soares, C.G. Crashworthiness analysis of polymer composites under axial and oblique impact loading. Int. J.
Mech. Sci. 2019, 156, 221–234. [CrossRef]

16. Zarei, H.R. Experimental and numerical crashworthiness investigation of hybrid composite aluminium tubes under dynamic
axial and oblique loading. Int. J. Automot. Eng. 2015, 5, 1084–1093.

17. Ma, F.; Liang, H.; Pu, Y.; Wang, Q.; Zhao, Y. Crashworthiness analysis and multi-objective optimization for honeycomb structures
under oblique impact loading. Int. J. Crashworthiness 2022, 27, 1128–1139. [CrossRef]

18. Jamal-Omidi, M.; Benis, A.C. A numerical study on energy absorption capability of lateral corrugated composite tube under axial
crushing. Int. J. Crashworthiness 2021, 26, 147–158. [CrossRef]

19. Zhang, Y.; Wang, J.; Chen, T.; Lu, M.; Jiang, F. On crashworthiness design of double conical structures under oblique impact. Int. J.
Vehicle Design 2018, 7, 20–45. [CrossRef]

20. Qi, C.; Yang, S. Crashworthiness and lightweight optimisation of thin-walled conical tubes subjected to an oblique impact. Int. J.
Crashworthiness 2014, 19, 334–351. [CrossRef]

21. Gao, Q.; Wang, L.; Wang, Y.; Wang, C. Crushing analysis and multiobjective crashworthiness optimization of foam-filled ellipse
tubes under oblique impact loading. Thin-Walled Struct. 2016, 100, 105–112. [CrossRef]

22. Borvik, T.; Hopperstad, O.S.; Reyes, A.; Langseth, M.; Solomos, G.; Dyngeland, T. Empty and foam-filled circular aluminium
tubes subjected to axial and oblique quasistatic loading. Int. J. Crashworthiness 2003, 8, 481–494. [CrossRef]

23. Chen, Y.; Clausen, A.H.; Hopperstad, O.S.; Langseth, M. Stress-strain behaviour of aluminium alloys at a wide range of strain
rates. Int. J. Solids Struct. 2009, 46, 3825–3835. [CrossRef]

24. Baroutaji, A.; Sajjia, M.; Olabi, A.G. On the crashworthiness performance of thin-walled energy absorbers: Recent advances and
future developments. Thin-Walled Struct. 2017, 108, 137–163. [CrossRef]

25. Hallquist, J.O. LS-DYNA Theory Manual; Livermore Software Technology Corporation: Livermore, CA, USA, 2006.
26. Pled, F.; Yan, W.; Wen, C. Crushing modes of aluminium tubes under axial compression. In Proceedings of the 5th Australasian

Congress on Applied Mechanics, Brisbane, Australia, 10–12 December 2007; pp. 178–180. Available online: https://hal.archives-
ouvertes.fr/hal-01056929 (accessed on 25 May 2022).

27. Kilicaslan, C. Numerical crushing analysis of aluminum foam-filled corrugated single- and double- circular tubes subjected to
axial impact loading. Thin-Walled Struct. 2015, 96, 82–94. [CrossRef]

28. Haufe, A.; Schweizerhof, K.; Dubois, P. Properties and Limits: Review of Shell Element Formulations; Developer Forum DYNA More:
Filderstadt, Germany, 2013.

29. Abramowicz, W.; Jones, N. Dynamic progressive buckling of circular and square tubes. Int. J. Impact Eng. 1986, 4, 243–270.
[CrossRef]

30. Wierzbicki, T.; Abramowicz, W. On the crushing mechanics of thin-walled structures. J. Appl. Mech. 1983, 50, 727–734. [CrossRef]

227





Citation: Hein, M.; Kokalj, D.; Lopes

Dias, N.F.; Stangier, D.; Oltmanns, H.;

Pramanik, S.; Kietzmann, M.; Hoyer,

K.-P.; Meißner, J.; Tillmann, W.; et al.

Low Cycle Fatigue Performance of

Additively Processed and

Heat-Treated Ti-6Al-7Nb Alloy for

Biomedical Applications. Metals 2022,

12, 122. https://doi.org/10.3390/

met12010122

Academic Editors: Martin Heilmaier,

Martina Zimmermann and

John Campbell

Received: 20 December 2021

Accepted: 7 January 2022

Published: 8 January 2022

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2022 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

metals

Article

Low Cycle Fatigue Performance of Additively Processed and
Heat-Treated Ti-6Al-7Nb Alloy for Biomedical Applications

Maxwell Hein 1,2,*, David Kokalj 3, Nelson Filipe Lopes Dias 3, Dominic Stangier 3, Hilke Oltmanns 4,

Sudipta Pramanik 1, Manfred Kietzmann 4, Kay-Peter Hoyer 1,2, Jessica Meißner 4, Wolfgang Tillmann 3

and Mirko Schaper 1,2

1 Chair of Materials Science (LWK), Paderborn University, Warburger Str. 100, 33098 Paderborn, Germany;
pramanik@lwk.upb.de (S.P.); hoyer@lwk.upb.de (K.-P.H.); schaper@lwk.upb.de (M.S.)

2 DMRC-Direct Manufacturing Research Center, University of Paderborn, Mersinweg 3,
33100 Paderborn, Germany

3 Institute of Materials Engineering (LWT), TU Dortmund University, Leonhard-Euler-Str. 2,
44227 Dortmund, Germany; david.kokalj@tu-dortmund.de (D.K.); filipe.dias@tu-dortmund.de (N.F.L.D.);
dominic.stangier@tu-dortmund.de (D.S.); wolfgang.tillmann@udo.edu (W.T.)

4 Department of Pharmacology, Toxicology and Pharmacy, University of Veterinary Medicine, Bünteweg 17,
30559 Hannover, Germany; hilke.oltmanns@tiho-hannover.de (H.O.);
manfred.kietzmann@tiho-hannover.de (M.K.); jessica.meissner@tiho-hannover.de (J.M.)

* Correspondence: hein@lwk.upb.de; Tel.: +49-5251-60-5447

Abstract: In biomedical engineering, laser powder bed fusion is an advanced manufacturing technol-
ogy, which enables, for example, the production of patient-customized implants with complex geome-
tries. Ti-6Al-7Nb shows promising improvements, especially regarding biocompatibility, compared
with other titanium alloys. The biocompatible features are investigated employing cytocompatibility
and antibacterial examinations on Al2O3-blasted and untreated surfaces. The mechanical properties
of additively manufactured Ti-6Al-7Nb are evaluated in as-built and heat-treated conditions. Re-
crystallization annealing (925 ◦C for 4 h), β annealing (1050 ◦C for 2 h), as well as stress relieving
(600 ◦C for 4 h) are applied. For microstructural investigation, scanning and transmission electron
microscopy are performed. The different microstructures and the mechanical properties are com-
pared. Mechanical behavior is determined based on quasi-static tensile tests and strain-controlled
low cycle fatigue tests with total strain amplitudes εA of 0.35%, 0.5%, and 0.8%. The as-built and
stress-relieved conditions meet the mechanical demands for the tensile properties of the international
standard ISO 5832-11. Based on the Coffin–Manson–Basquin relation, fatigue strength and ductility
coefficients, as well as exponents, are determined to examine fatigue life for the different conditions.
The stress-relieved condition exhibits, overall, the best properties regarding monotonic tensile and
cyclic fatigue behavior.

Keywords: laser powder bed fusion; Ti-6Al-7Nb; titanium alloy; biomedical engineering; low cycle
fatigue; microstructure; nanostructure

1. Introduction

Biomedical materials often are used for replacing lost or diseased biological struc-
tures [1–3]. Implants require adequate properties, including mechanical properties, such as
high wear resistance, corrosion resistance, excellent biocompatibility, osseointegration, and
non-cytotoxicity, to avoid revision surgeries [4].

Titanium and its alloys are generally used in biomedical applications due to their
excellent biocompatibility, high corrosion resistance, and superb mechanical properties,
such as low elastic modulus and high strength. Titanium alloys are the most widely
used metallic materials for load-bearing biomedical applications [5–9]. Ti-6Al-7Nb is an
(α + β) titanium alloy with high specific strength and corrosion resistance, accompanied
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by excellent biocompatibility, and is used as an orthopedic and dental alloy [10–12]. Ti-
6Al-4V, which already is of high interest in the biomedical industry, is commonly used
but has slight disadvantages towards Ti-6Al-7Nb, regarding corrosion resistance and
biocompatibility [13]. Previous studies showed that elements such as titanium, niobium,
zirconium, gold, and tin are biocompatible, whereas aluminum, vanadium, chromium, and
nickel are probably hazardous elements for the human body [14,15]. Vanadium was found
to be cytotoxic and there are assumptions regarding vanadium ion release in service [16,17].
Various efforts have been carried out to address the issue of cytotoxicity of the alloying
elements of Ti-6Al-4V, for example, by replacing all the alloying elements, as in the alloy
Ti-35Nb-7Zr-5Ta [18]. Due to the hazardous vanadium in Ti-6Al-4V, the development of
Ti-6Al-7Nb, through the substitution of vanadium by niobium, offered an alternative for
load-bearing implant materials [16,19,20].

Laser powder bed fusion (LPBF), also called laser beam melting, is, regarding additive
manufacturing (AM) of metals, one of the most established techniques [21–23]. In LPBF
processes, the fast heating rates and cooling rates, respectively, result in a characteristic
microstructure and therefore characteristic mechanical properties [24–26]. Conventional
fabrication methods are limited due to manufacturing constraints producing patient-specific
implants. Through AM, or rather LPBF, extraordinary biomedical implant topologies, such
as porous and foam structures, are feasible [27–29].

Many available research results focus on the mechanical properties of different addi-
tively manufactured alloys, such as 316L, 17-4 PH, or Ti-6Al-4V [30,31]. However, there
remains a significant gap in terms of fatigue properties analysis, since most available re-
search on dynamic behavior is related to high cycle fatigue (HCF) testing and the crack
growth analysis of additively manufactured parts of steel alloys [32–36] and titanium al-
loys [37–42]. Only few studies deal with the low cycle fatigue (LCF) properties of additively
manufactured alloys in general [43–47]. Even fewer studies were performed with a focus
on post-treatments for titanium alloys. Previous studies addressed the fatigue behavior of
additively processed Ti-6Al-4V for different conditions and loading situations [38,42,48,49].
Examinations of the quasi-static behavior of Ti-6Al-7Nb are at hand but none of them
include LCF behavior [17,50–53]. In previous studies, extremely high loads were reported
during stumbling. Such load peaks during uncontrolled movements are difficult to in-
vestigate systematically. Implants are usually examined for high cycle fatigue, although
the rare extreme loads could endanger the implant. Therefore, in addition to monotonic
material characterization and high cycle fatigue tests, implants should also be investigated
at low cycles with higher load levels [54,55]. Given that the physiological—sometimes
extreme—loading during service life as an implant is cyclic, the fatigue performance of
laser beam-melted Ti-6Al-7Nb requires attention. To combine LPBF with the promising
quasi-static properties of Ti-6Al-7Nb, the microstructural and mechanical properties of addi-
tively manufactured Ti-6Al-7Nb in different conditions are investigated in this work. Heat
treatments are an additional part of this examination, to initiate microstructural changes
for the relaxation of the tensed crystal lattice and the beneficial crack growth behavior,
as well as to achieve a homogenous, decreased residual stress state [56–58]. Generally,
titanium alloys are heat-treated due to high residual stresses as well as due to the brittle
α′-phase, occurring after LPBF. Moreover, thermal post-treatments induce an improvement
of the quasi-static mechanical properties of different titanium alloys [52,59]. To sum up,
since there is a lack of studies addressing fatigue behavior, it is necessary to focus on an
investigation of the microstructure under different conditions, as-built and heat-treated,
and their effect on quasi-static and LCF behaviors.

2. Materials and Methods

2.1. Manufacturing Procedure, Materials, and Mechanical Characterization

The specimens were fabricated using an LT12 SLM machine (DMG MORI AG, Biele-
feld, Germany) with a beam spot size of 35 μm. For data preparation, the software Ma-
terialise Magics (Version 21.1, Materialise GmbH, Munich, Germany) was applied. To
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obtain dense material with LPBF (relative density ϕ > 99.9%), the following parameters
were used: laser power P = 227 W, laser scanning speed v = 1.675 mm s−1, hatch distance
h = 0.077 mm. A constant scanning strategy of 5 mm stripes by layer-wise rotation of
the scanning vectors of 67◦ alongside a defined layer thickness of 50 μm was applied. As
contour parameters, a laser power Pc = 123 W and a scanning speed vc = 0.512 mm s−1

were applied. The Ti-6Al-7Nb powder is supplied by ECKART TLS GmbH (Bitterfeld,
Germany). The Ti-6Al-7Nb powder particles were examined concerning particle size dis-
tribution (PSD) with a Mastersizer 2000 (Malvern Panalytical GmbH, Kassel, Germany)
using laser diffraction. The powder batch had a nominal PSD comprising 26.9 μm (D10)
and 52.1 μm (D90) with a log-transformed normal distribution centered at 37.6 μm (D50),
see Figure 1a. Different heat treatments were performed under a vacuum atmosphere.
Recrystallization annealing (HT1 = 925 ◦C for 4 h) was conducted to obtain equiaxed α

with β at grain boundary triple points, β annealing (HT2 = 1050 ◦C for 2 h) to receive Wid-
manstätten α + β colony structures, and stress relieving (HT3 = 600 ◦C for 4 h) to decrease
the undesirable residual stresses due to the LPBF process, as well as a decomposition of
the martensitic α′ to α-phase [59,60]. The heat treatment process routes are presented in
Figure 1c. The powder morphology was investigated employing the scanning electron
microscope (SEM) Zeiss Ultra Plus (Carl Zeiss AG, Oberkochen, Germany). The powder
consists of mainly spherical particles with a few agglomerations on bigger particles, see
Figure 1b. Microstructural investigations were accomplished with the SEM equipped with
an electron backscatter diffraction (EBSD) unit to detect phases and corresponding grain
orientations. EBSD data was post-processed using the MATLAB-based (Version R2019a
9.6, The MathWorks, Inc., Natick, MA, USA) toolbox MTEX (Version 5.6.0) [61]. MTEX is a
free available toolbox for analyzing and modelling crystallographic textures. Microscopic
observations and classification of the fractured surfaces for quasi-static and fatigue tests
were also carried out using SEM. Microstructural study of samples on nanoscale was under-
taken by transmission electron microscopy (TEM). For TEM, thin-slice samples (≈ 400 μm)
were cut by Struers Sectom-5 (Struers GmbH, Willich, Germany) and further polished to a
thickness of ≈ 100 μm. At last, 3 mm diameter circular disc samples were punched from
the thin samples. Twin jet electropolishing of the thin foils was performed with the Struers
Tenupol-5 (Struers GmbH, Willich, Germany) using an electrolyte containing perchloric
acid (60 mL), butanol (340 mL), and methanol (600 mL). Electropolishing was executed at a
voltage of 21 V, a current of 35 mA, and a temperature of −22 ◦C. TEM investigations were
executed using a cold field emission gun equipped with JEOL JEM-ARM 200F (JOEL Ltd.,
Tokyo, Japan). TEM, high-resolution TEM (HRTEM), and high-angle annular dark-field
scanning transmission electron microscopy (HAADF-STEM) images were taken. Energy
dispersive spectroscopy (EDS) was performed during HAADF-STEM imaging. EDS maps
were collected with a 30 nm step size with 10 s dwell time per step. The crystalline phase
composition of Ti-6Al-7Nb was characterized through X-ray diffraction (XRD; D8 Advance,
Bruker, Madison, WI, USA) using a Cu-Kα radiation source (λ = 0.154187 nm) operating at
a current of 40 mA and a voltage of 35 kV. The as-built and heat-treated Ti-6Al-7Nb parts
were measured in θ-θ geometry within a scanning range from 2θ = 30◦ to 2θ = 90◦ applying
a step width of 0.035◦ and an exposure time of 1.5 s per step. All tests for mechanical
characterization were performed at an ambient temperature. Tensile specimens were built
according to Figure 1d. The loading direction was parallel to the building direction (BD) of
the samples.
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Figure 1. (a) Particle size distribution of Ti-6Al-7Nb; (b) powder morphology (SEM image);
(c) schematic overview of the different heat treatments conducted—recrystallization annealing (HT1),
β annealing (HT2), and stress relieving (HT3), as well as the βtransus temperature for the alloy;
(d) geometry and building direction (BD) of tensile and fatigue specimens.

All tensile specimens were blasted with high-grade Al2O3. The blasting material
corresponded to a particle size of 70 μm–250 μm, used at 4 bar air pressure with a SMG 25
DUO (MHG Strahlanlagen GmbH, Düsseldorf, Germany). The tensile and LCF tests were
performed utilizing a servo-hydraulic test-rig MTS 858 table-top system (MTS Systems
Corporation, Eden Prairie, MN, USA) equipped with a 20 kN load cell and an extensometer
632.29F-30 (MTS Systems Corporation, Eden Prairie, MN, USA). The tensile test procedure
corresponded to a displacement-controlled execution with a crosshead speed of1.5 mm
min−1, according to DIN EN ISO 6892-1. The LCF tests were strain-controlled, at total strain
amplitudes εA of 0.35%, 0.5%, and 0.8%, with a R-ratio of −1 (compression–tensile fatigue),
and a strain rate of 6 × 10−3 s−1. At least three specimens per condition were tested
with both monotonic and cyclic tests for each strain amplitude. The monotonic material
properties, such as Young’s moduli E, tensile yield strengths Rp0,2, ultimate tensile strengths
Rm, and plastic elongations A, were obtained from the static tensile test. The determination
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of the fatigue material constants requires the performance of several fatigue tests under
cyclic loading and a R-ratio of −1. Cyclically loaded materials often have unstable and
changing stress amplitude during the test, due to cyclic hardening or softening. Therefore,
the stress amplitude for the stabilized state must be used, which occurs at the half number
of cycles to fracture. The plastic strain amplitude can either be calculated with the stress
amplitude, the Young´s modulus and the total strain amplitude (see Equation (4)), or by
measuring the thickness of the recorded stable hysteresis loop recorded during the fatigue
tests [62–65]. For evaluation of the total stress amplitude, σa, from the S–N curves, the
Basquin relation is suitable, as follows:

Δσ

2
= σa = σ′f · (2Nf)

b. (1)

In Equation (1), σ′f delineates the fatigue strength coefficient and b is the fatigue
strength exponent. This equation fits the high-stress and low-stress fatigues [66]. For a
better description of the high-stress fatigue region, the dependence between the number
of reversals to failure 2Nf and the plastic strain amplitude Δεp/2, also called the Coffin–
Manson relation, is used to describe the total fatigue life, as follows:

Δεp

2
= ε′f · (2Nf)

c, (2)

with the fatigue ductility coefficient, ε′f, and the fatigue ductility exponent, c [66–68]. The
total strain amplitude, ΔεA/2, can be divided into two components, the plastic strain
amplitude, Δεp/2, and the elastic strain amplitude, Δεe/2. The total strain amplitude,
Δε/2, of fatigue life curves is described as the sum of elastic and plastic strain amplitude,
as follows, by Suresh [69]:

ΔεA

2
=

Δεe

2
+

Δεp

2
. (3)

Δεe/2 is described by Hooke´s law as the quotient of σa to the Young′s modulus E
as follows:

Δεe

2
=

Δσ

2E
= · σa

E
. (4)

Together with the modified Basquin equation and the Coffin–Manson relation, com-
bining Equations (1)–(4), one obtains the following:

εA =
σ′f
E

· (2Nf)
b + ε′f · (2Nf)

c. (5)

The first and second terms on the right-hand side of Equation (5) are the elastic εe and
plastic εp components, respectively, of the total strain amplitude εA. Equation (5) can be
used as the basis for the strain life approach to fatigue design. For determination of the
fatigue life, a schematic illustration of the as-built condition is presented in Figure 2. The
intersection of the curves for εe and εp describes the transition point, where the plastic
and elastic strains are identical. From this point, the LCF life is governed more by elastic
than plastic strain. For the as-built condition this point is around 110 cycles, see Figure 2.
According to the Coffin–Manson–Basquin approximation, one is able to predict the fatigue
life depending on the applied strain amplitude for the different conditions [66–68,70].
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Figure 2. Example of the Coffin–Manson–Basquin curve according to Equation (5) for the as-
built condition.

2.2. Biocompatibility Investigations

Two different surface conditions were analyzed to determine the optimum surface
roughness for biocompatibility. On the one hand, the as-received surface was investigated
without any post-treatment (NT). On the other hand, the surface was post-treated utilizing
blasting with high-grade Al2O3 (ab). Blasting lead to rougher surfaces and to an increased
surface area, resulting in faster osseointegration and higher survival rates for moderately
rough implant surfaces: this was demonstrated by clinical studies [71–75]. The surface
roughness was measured with an optical 3D macroscope VR-3100 (KEYENCE GmbH,
Neu-Isenburg, Germany). The arithmetical mean roughness, Ra, and average roughness,
Rz, were determined on the surfaces of the untreated and blasted specimens. A total of
5 specimens per condition were measured with 5 line measurements (length ≈ 6.8 mm)
per side.

2.2.1. Cytocompatibility Testing

Biocompatibility studies were performed with different cell types. Therefore, murine
fibroblasts (L-929; CLS Cell Lines Service, Eppelheim, Germany), human osteosarcoma
cells (HOS 87070202; European Collection of Authenticated Cell Cultures, Merck, Ger-
many), and human umbilical vein endothelial cells (HUVEC; Promocell, Heidelberg, Ger-
many) were used. L-929 cells were grown and passaged in RPMI-1640 medium (Biochrom
GmbH, Berlin, Germany), while HOS cells were grown and passaged in Eagle’s MEM
(EMEM)/Hanks’ (Carl Roth GmbH + Co. KG, Karlsruhe, Germany). Both media were sup-
plemented with fetal calf serum (FCS) superior (10%, Biochrom GmbH, Berlin, Germany)
and penicillin/streptomycin (1%, Biochrom GmbH, Berlin, Germany). The EMEM/Hanks´
medium was also supplemented with non-essential amino acids (1%, Biochrom GmbH,
Berlin, Germany) and L-glutamine (2 mmol, Biochrom GmbH, Berlin, Germany). HUVEC
cells were grown and passaged in an endothelial cell grown medium kit (Promocell, Hei-
delberg, Germany) and were supplemented with penicillin/streptomycin (1%). All cell
lines were grown and passaged in cell culture flasks or multi-well plates (Greiner Bio-One,
Frickenhausen, Germany). For passaging, a trypsin (0.05%)/ethylene-diamine-tetraacetic
(0.02%) acid solution (Biochrom GmbH, Berlin, Germany) was used. The cells were plated
with a density of 50,000 cells per well in 24-well culture plates. After hot air sterilization of
the test samples, the cells were seeded on the top of the samples (≈5 × 5 mm2), which were
embedded in agarose (2%, Agarose NEEO, Carl Roth GmbH + Co. KG, Karlsruhe, Ger-
many) in respective culture mediums. After 72 h incubation (in a humidified atmosphere at
37 ◦C and 5% CO2), cell proliferation was determined. Therefore, a crystal violet staining
(CV) assay was performed [76]. After 72 h, the cells were fixed with glutaraldehyde (2%,
Sigma-Aldrich, Merck KGaA, Darmstadt, Germany) in phosphate-buffered saline (PBS)
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for 20 min. Subsequently, the supernatant was removed, and the cells were stained with
CV (0.1%, Carl Roth GmbH + Co. KG, Karlsruhe, Germany) in deionized water. After
30 min, the pigment was removed, and the samples were removed from the agarose. After
washing with deionized water, the test samples were air-dried. For 1 h, Triton X-100 (2%,
Sigma-Aldrich, Merck KGaA, Darmstadt, Germany) in deionized water was added, so
that CV was dissolved from the cells. Finally, the supernatant was transferred in a 96-well
microtiter plate and the absorbance was determined at 570 nm using a 96-well microplate
reader (MRX microplate reader, Dynatech Laboratories, Denkendorf, Germany). The ex-
periments were carried out six times. Furthermore, the supernatant of L-929 and HOS
was analyzed of the cytokine Il-6 expression (R&D Systems DuoSet, R&D Systems Inc.,
Minneapolis, MN, USA).

2.2.2. Antibacterial Examinations

To analyze the bacterial behavior on test samples, two different samples were used—
Escherichia coli (ATCC 25922) and Staphylococcus aureus (ATCC 25923). The bacteria were
cultivated on Columbia agar plates with sheep blood (7%, Fisher Scientific GmbH, Schwerte,
Germany) for 24 h. The test samples were also embedded in agarose (2%, Agarose LM,
Gerbu Biotechnik GmbH, Gailberg, Germany). Bacteria (10−6 CFU ml−1) were seeded
on the test samples. After 48 h of incubation at 37 ◦C, cell proliferation was analyzed,
similarly to the cell proliferation, with a CV assay. The experiment was performed in four
biological replicates.

3. Results and Discussion

3.1. Microstructure and Nanostructure of as-Built and Heat-Treated Ti-6Al-7Nb

The microstructure of (α + β) titanium strongly depends on the cooling rates and the
quenching parameters, from the β-phase field at higher temperatures and the following
heat treatment, respectively [77,78]. Figure 3 shows EBSD maps of the Ti-6Al-7Nb alloy
after additive manufacturing and subsequent heat treatments. The EBSD map of the addi-
tively processed Ti-6Al-7Nb shows a very fine, acicular microstructure, see Figure 3a,c. The
fine-lamellar α′ grain structures are strongly oriented inside the prior β grains. The size of
these fine needles decreased with an increased cooling rate during solidification [37,79,80].
Figure 3b shows the reconstructed parent β grains using MTEX software. During solidifica-
tion, the bcc β-phase preferentially grows in the <100> direction; therefore, the elongated,
columnar primary β grains evolve parallel to the BD [81–83]. The resulting anisotropy
and primary β grains affect the mechanical properties of the specimens [84]. Due to the
fast cooling and passing the βTransus temperature, these β grains transform to α′-phase,
according to the Burgers relation, in 12 possible transformation variants [81,85–87]. Due
to the high cooling rate, the probability of α′ formation is very high [37,88,89]. The rapid
cooling leads to a martensitic transformation and a limitation of diffusional transforma-
tion [90]. Figure 3c shows the cross-section perpendicular to the BD. Areas with similar
crystallographic orientations are observable inside the grain boundaries of the probable
parent β grains. Figure 3d demonstrates the microstructure for post-treatment HT1. An
unexpected, coarse lamella-like microstructures evolved instead of equiaxed grains [60].
The microstructure is dependent on the initial microstructure and dislocations before the
heat treatment. HT2 results in a coarse microstructure and huge grains due to tempera-
tures above βTransus and grain growth. The grain orientation seems random, see Figure 3e.
Figure 3f exhibits the microstructure after stress relief treatment (HT3). Only minor changes
in the microstructure occurred compared with the as-built condition. Areas with similar
grain orientation are present and the prior β grain boundaries are noticeable. The detected
phase distribution of α, α′, and β titanium, respectively, is summarized in Table 1.
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Figure 3. (a) Inverse pole figure (IPF) of as-built Ti-6Al-7Nb; (b) β parent grain reconstruction of
(a); IPF of as-built (top view) (c); HT1 (d); HT2 (e); and HT3 (f) Ti-6Al-7Nb; and (g) color legend for
inverse pole figure.

Figure 4 summarizes the TEM images, the HRTEM images, and the fast Fourier
transformation (FFT) pattern of the as-built sample. The α′ martensite laths are visible
in Figure 4a. The width of the lath (dark contrast in Figure 4a) is 280 nm. Figure 4b is
the FFT pattern from the white circular area in Figure 4a. Figure 4c is the FFT pattern
from the yellow circular area in Figure 4b. The diffraction pattern confirms the hexagonal
crystal structure of α′ martensite in both laths. In addition, an HRTEM image of the
interface between two laths (black square region in Figure 4a) is presented in Figure 4d.
The red line highlights the interface between the two α′ martensite laths. Figure 4e is the
magnified HRTEM image of the black square region in Figure 4d. The (0111) plane of one
lath intersects the (1010) plane of another lath at 45◦. Furthermore, Figure 4f shows the
HAADF-STEM image and Figure 4g the EDS maps of the as-built sample. Here, laths of
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α′ martensite are apparent. The EDS maps of the black square region in Figure 4g show
that no segregation of alloying elements is observable, and the titanium, aluminum, and
niobium distribution is homogenous in the laths.

 

Figure 4. (a) TEM image of the as-built sample; (b,c) FFT pattern taken from the white and yellow
circular areas in (a); (d) HRTEM image of the black square region in (a), the red line shows the
boundary between two α′-martensite laths; (e) HRTEM image of the black square region in (d);
(f) HAADF-STEM image of the as-built sample; (g) EDS maps of the black square region in (f).

Figure 5 shows the TEM images, HRTEM images, and diffraction pattern of the HT3
sample. The α laths are apparent in Figure 5a. In Figure 5a, some α laths are relatively
coarse (≈170 nm). However, the α laths are relatively fine (≈ 40 nm). In this context,
Figure 5b shows an HRTEM image taken from the region within the black square in
Figure 5a. The lattice plane of two α laths is identified as (1010). The red lines point out the
boundary between two α laths. For a deeper insight, Figure 5d is the magnified view of the
black square region in Figure 5b. The interplanar spacing of the (1010) planes are measured
as ≈ 0.252 nm. However, the two (1010) planes are misoriented by 18◦. The diffraction
pattern in Figure 5c confirms the zone axis to be (1211). Again, the diffraction pattern shows
the (1010) planes to be misoriented by 18◦. Figure 5e shows the HAADF-STEM image and
EDS maps of the stress relief treated sample, where α laths are visible. Finally, Figure 5f
is the EDS maps of a triple junction between three α laths from the black square region in
Figure 5e. An enrichment of niobium and a depletion of aluminum is observed at the triple
junction. The α lath boundary regions are enriched in niobium and depleted in aluminum.
This leads to the white contrast in the HAADF-STEM image in Figure 5e.
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Figure 5. (a) TEM image of the HT3 sample; (b) HRTEM image from the black square area in (a), the
red line indicates the boundary between two α-laths; (c) FFT pattern from the black square area in (b);
(d) HRTEM image from the black square in (b); (e) HAADF-STEM image of the HT3 sample; (f) EDS
maps of black square region in (e).

Figure 6 shows XRD patterns for the as-built and heat-treated Ti-6Al-7Nb samples.
The XRD pattern of the sample in the as-built condition is characteristic for the hexagonal
close-packed (hcp) α′/α structure of titanium alloys. Due to the hexagonal structure of both
the α′ and α phases with similar lattice parameters, a separation or distinction between
both phases based on XRD is not possible [59]. Since additively manufactured alloys are
characterized by high local cooling rates, the α′ martensitic phase is assumed as dominating
component, based on the findings of Xu et al. [52]. Stress relief heat treatment at 600 ◦C
does not lead to any significant microstructural changes in the sample HT3, since the α′ →
α + β transformation is known to start at higher temperatures (≈760 ◦C) [59]. As shown
for sample HT1, recrystallization annealing at 925 ◦C leads to the formation of the bcc
β-structure of Ti and probably to a decomposition of α′ to α. HT2 treatment was carried
out above the βTransus temperature and did result in decomposition of the as-fabricated
α′/α-phase [59]. Therefore, the β-phase is formed in the HT2 treated specimens. This is
in good agreement with reported transformations and temperatures between 735 ◦C and
1050 ◦C for the α → β reaction [59]. Post-treatment HT1 and HT2 lead to a decrease in the
α′/α-Ti peak width, indicating grain growth. For the samples HT1 and HT2 additional
peaks were observed between 2θ = 42–45◦. Due to the large width of the peaks, several
similar phases with small differences in stoichiometry are most likely. As reported by
Bolzoni et al., titanium and aluminum can form binary phases, e.g., titanium aluminates,
above 660 ◦C due to diffusion processes [91]. Therefore, the formation of small fractions of
Ti3Al, TiAl, and/or TiAl3 is concluded for the heat treatments HT1 and HT2.
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Figure 6. XRD patterns of as-built and heat-treated Ti-6Al-7Nb samples.

Table 1. Phase fraction detected by means of EBSD and results of quasi-static and fatigue tests of
the LPBF fabricated, as-built, and heat-treated Ti-6Al-7Nb, including the minimum values regarding
standard ISO 5832-11 [92].

State Condition
α

Phase
β

Phase
Rp0.2

[MPa]
Rm

[MPa]
E

[GPa]
A

[%]
σ′

f b ε′f c

ab as-built 97.0% 3.0% 940 ± 14 1109 ± 3 105 ± 3 14.4 ± 0.9 89.7 −0.102 765.04 −1.518
HT1 925 ◦C/4 h 98.3% 1.7% 870 ± 11 934 ± 7 108 ± 6 8.8 ± 2.3 49.9 −0.027 191.97 −1.166
HT2 1050 ◦C/2 h 97.8% 2.2% 718 ± 4 791 ± 6 115 ± 3 12.0 ± 1.1 52.2 −0.036 10.103 −0.719
HT3 600 ◦C/4 h 97.7% 2.3% 1045 ± 9 1110 ± 10 116 ± 2 12.5 ± 0.9 100.7 −0.097 139.84 −1.167
ISO − − − 800 900 − 10 − − − −

3.2. Mechanical Properties of Ti-6Al-7Nb

Figure 7 displays the results for different mechanical properties of the monotonic
tensile tests with images of fracture surfaces. The stress–strain curves for the monotonic test
are presented in Figure 7a. For the different conditions, the mean values of Young´s moduli,
E, tensile yield strengths, Rp0,2, ultimate tensile strengths, Rm, and plastic elongations,
A, are compared to the international standard for implants for surgery ISO 5832-11 in
Figure 7c and Table 1 [92]. The martensitic structure of the additively processed (α + β)
titanium leads to high values for the mechanical properties regarding ultimate tensile and
yield strength compared with wrought and conventionally processed materials, especially
with an α-dominant equiaxed microstructure [7]. The different material behavior might be
explained by the different microstructures and phase composition, which have a strong
impact on the mechanical properties. Typically, in conventional material, the size and
morphology of the α grains determine the mechanical properties, while in LPBF the colony
size and the size of the α or rather α′ laths control the properties. Plastic deformation tends
to be the movement of dislocations. Conventional material with larger α grains enables
the deformation with less dislocation pileups, whereas the smaller grains in the additively
processed material increase the dislocation pileups [93]. The tensile properties are, inter alia,
caused by the higher residual stresses, the martensitic transformation during fast cooling to
the α′ instead of the α phase, and grain refinement as a strengthening mechanism described
by the Hall–Petch equation [94]. The Young´s moduli vary within a certain range between
105 GPa–116 GPa. Due to heat treatments and microstructural changes, the average grain
size increases. Sliding effects are mainly detected between grains; therefore, the breaking
elongation should increase [95]. Another reason for changes in breaking elongation is
the presence of β titanium. An increased amount of bcc β titanium should improve the
ductile behavior [57,95]. EBSD phase analysis showed the highest fraction of β titanium for
as-built conditions (3.0%), the lowest fraction for HT1 (1.7%), and between for HT2 (2.2%)
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and HT3 (2.3%), in accordance to the breaking elongation, see Figure 7c. According to the
XRD analysis only for HT1 and HT2 β titanium is verified and may, therefore, explain the
lower tensile strength for these conditions but not the reduced breaking elongations.

 

 

(a) (b) 

 

 

(c) (d) 

σ

ε 

R m
R p

0.
2

E A

Figure 7. (a) Stress–strain curves of the as-built and heat-treated samples; (b) SEM images of the
tensile fracture surface of an as-built Ti-6Al-7Nb specimen; (c) mechanical properties of the different
conditions including minimum values for Ti-6Al-7Nb according to ISO 5832-11 (ISO) [92]; (d) SEM
images of a characteristic LPBF defects, lack of fusion with unmelted powder particles (left) and gas
pore (right), on a tensile fracture surface of an as-built Ti-6Al-7Nb specimen.

The εA-Nf plots for the different conditions are approximated with the Coffin–Manson–
Basquin relation based on the elastic and plastic strain superposition explained in Figure 2.
The results are depicted in Figure 8a. The approximations represent the relation between
the total strain εA and the fatigue life Nf of Ti-6Al-7Nb alloy in different conditions. The
Coffin–Manson–Basquin fatigue life approximation are determined as follows:

εA, as−built = 765.04 · (2Nf)
−1.518 + 0.8545 · (2Nf)

−0.102; (6)

εA,HT1 = 191.97 · (2Nf)
−1.166 + 0.4616 · (2Nf)

−0.027; (7)

εA, HT2 = 10.103 · (2Nf)
−0.719 + 0.4535 · (2Nf)

−0.036; (8)

εA, HT3 = 139.84 · (2Nf)
−1.167 + 0.8677 · (2Nf)

−0.097. (9)
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Figure 8. (a) Coffin–Manson–Basquin plots for Ti-6Al-7Nb samples in as-built, HT1, HT2, and HT3
conditions; (b) SEM images of a fracture surface of an as-built Ti-6Al-7Nb fatigue specimens, with
fatigue striations, probably oriented perpendicular to the crack growth direction.

Figure 8a depicts the fatigue life of the different conditions. The fatigue performance
for higher strain amplitudes (2Nf < 102 reversals) of the as-built condition is better, com-
pared with the HT1, HT2, and HT3 conditions. The fatigue performance in LCF range
is connected to the monotonic tensile performance in terms of tensile strength. Higher
strengths tend to lead to higher, tolerable strain amplitudes and higher fatigue life. Fa-
tigue strength is generally high as higher monotonic strength hinders microplasticity and
eventually local damage [42]. The curves of the as-built HT1 and HT3 conditions intersect
around 102 cycles and are comparable up to 104 cycles. While the performance for higher
strain amplitudes (2Nf < 104 reversals) for the HT2 condition is the worst, the performance
gets better for lower strain amplitudes. As the process-induced pores and defects are
not affected by these post-treatments, other causes are likely to be decisive, such as the
microstructures or residual stresses. For post treatment HT2 the reduced strength and the
microstructural notches could lead to accumulation of local damage and finally results in
early crack initiation [42]. The fatigue crack growth behavior of post-treated Ti-6Al-7Nb is
affected by the microstructure. Depending on the crack growth direction and grain long
axis different crack growth rates are probable [96–98]. For lower strain amplitudes, the three
heat-treated conditions show superior fatigue behavior compared with the as-built condi-
tions, attributed to the reduced residual stresses and microstructural features [52,56–59,94].
Corresponding to the fatigue ductility exponent c, the heat-treated specimens show smaller
gradients, while the as-built condition has the lowest value resulting in the shortest fatigue
life. HT1 and HT3 exhibit close fatigue ductility exponent c and, therefore, are probably
favorable for HCF applications.

In general, due to miniaturization of samples the fatigue and monotonic tensile be-
havior could be affected [42]. The monotonic material properties, such as Young´s moduli
E, tensile yield strengths Rp0,2, ultimate tensile strengths Rm, plastic elongations A, the
fatigue parameters—such as fatigue strength coefficients σ′f and exponents b—and fatigue
ductility coefficients ε′f and exponents c, of the Coffin–Manson–Basquin equation, are
given in Table 1.

3.3. Fracture Behavior

The fracture surface of the as-built Ti-6Al-7Nb alloy demonstrates mainly ductile frac-
ture behavior, see Figure 7b. The propensity of cleavage fracture decreases with decreasing
grain size. Therefore, the fracture surface of the additively processed materials shows
cleavage facets with high amounts of dimples at the grain boundaries [58]. These fractured
surfaces show small, shallow dimples on quasi-cleavage fracture surfaces, and transgran-
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ular facets, confirming the minor brittle fracture behavior of the additively processed
specimens. Features, as a result of the LPBF fabrication, such as pores, unmelted powder
particles, and defects occur on fracture surfaces in as-built and heat-treated conditions, see
Figure 7d. These build defects typically are perpendicular to the build direction and pulled
apart by the tensile load during monotonic and fatigue tests [99,100]. The fracture surfaces
of fatigue tests tend to be smoother for lower strain amplitudes. Distinct fatigue striations,
perpendicular to the crack growth direction, can be detected for all conditions and strain
amplitudes, see Figure 8b. The striations are close to the probable crack initiation spot.
Typical forced rupture areas are difficult to spot.

3.4. Characterization of Roughness, Cytocompatibility, and Antibacterial Effects

The roughness of the specimens without surface treatment (NT) exhibits values for Ra
of 7.5 ± 0.3 μm and Rz of 49.6 ± 2.2 μm. Due to unmelted powder particles and the surface
of the layer-wise fabrication, the roughness of NT specimens is higher than for the blasted
specimens (ab) with Ra of 4.8 ± 0.2 μm and Rz of 34.3 ± 1.2 μm, which have smoother
surfaces, on account of the mechanically post-processed treatment.

There was no effect of cell proliferation of the two examined samples on murine L-929
cells and human HUVEC cells. A slight tendency of diminished cell proliferation was
observed in human HOS cells on blasted Ti-6Al-7Nb. Thus, the examined samples show
a proper biocompatibility behavior for the different cell lines, used in the present study,
see Figure 9. Furthermore, no increase in cytokine release of Il-6 was detected (data not
shown). Concerning antibacterial effects, E. coli proliferation was not influenced by the
different samples, while the proliferation of S. aureus was reduced by the blasted surface of
Ti-6Al-7Nb, see Figure 9.

  
(a) (b) 

 E. coli  S. aureus

Figure 9. (a) Effects of different surfaces on the proliferation of L929, HOS and HUVEC cells after 72 h
incubation, and (b) bacterial proliferation of E. coli and S. aureus after 24 h incubation; OD = optical
density at 570 nm; n = 4–6.

As described by Schweikl et al., blasting with Al2O3 particles led to incorporation
of Al into the outer surface layers [101]. Therefore, the increased concentration of Al
on the specimens’ surfaces could result in decreasing the proliferation behavior of HOS
cells and S. aureus [102–104]. Rough sandblasted surfaces with sharp ridges and edges
could influence the proliferation and it seems to appear that the quality of cell contact
on rough surfaces is related to the minimum width of the cavity [101]. As reported in
various studies, blasting leads to the presence of severely plastic deformed layers and,
therefore, to strain-hardening, as well as to compressive residual stresses [105–107]. Due
to the antibacterial effect regarding the proliferation of S. aureus and because of probably
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better fatigue properties of blasted specimens, the specimens for the mechanical tests were
blasted with Al2O3 particles.

4. Conclusions

The microstructure and the monotonic and fatigue behaviors of additively processed
Ti-6Al-7Nb were investigated. Different surface conditions were examined regarding
biocompatible properties, such as cytocompatibility and antibacterial effects. The following
conclusions can be drawn from these investigations:

• Ti-6Al-7Nb shows significantly different microstructures in the as-built, stress-relieved,
recrystallized, and β-annealed conditions. While the α′/α structure is dominant within
the as-built state, the formation and precipitation of the β-phase are manageable by a
vacuum heat treatment above 925 ◦C as analyzed using XRD and EBSD.

• There are significant differences in the monotonic tensile properties of the various con-
ditions. Concerning the ISO values, the as-built and stress-relieved conditions (HT3)
are favorable. Tensile and yield strength, as well as breaking elongation, are higher
than the demanded values, but the specimens’ dimensions have to be considered. HT1
and HT2 do not fulfill the requirements, probably due to the present β-phase. Heat
treatments, such as HT1 and HT2, can significantly affect the microstructure and may
tend to soften the lattice structures and decrease the residual stresses and, therefore,
lead to significantly reduced tensile strength.

• LCF life is higher for lower strain amplitudes in the heat-treated specimens than in
as-built conditions, which can be attributed to decreased residual stresses as well as to
microstructural differences. HT2 shows the highest fatigue life for lower strain ampli-
tudes, while the as-built condition has higher service life for higher strain amplitudes.
Regarding overall performance, quasi-static results, and LCF performance, stress relief
treatment (HT3) is favorable. The material behavior for HCF loading still has to be
determined.

• Transgranular facets characterize the fracture surface of the additively processed Ti-
6Al-7Nb, confirming the ductile behavior. Small, shallow dimples on quasi-cleavage
fracture surfaces are visible. Fatigue fracture surfaces are characterized by fatigue
striations and remaining forced rupture surfaces. Defects may have less impact on
quasi-static but a high impact on fatigue behavior.

• Both surfaces, the untreated and the blasted, show good biocompatibility in different
cell types (fibroblasts, osteosarcoma cells, and endothelial cells). Only a slight anti-
proliferative effect was observed for blasted Ti-6Al-7Nb in osteoblasts. An increase in
cytokine release of Il-6 was not observed.

• Blasting with high-grade Al2O3 is preferable regarding biocompatibility and anti-
bacterial effects. Blasted Ti-6Al-7Nb exhibits an antibacterial effect against S. aureus in
comparison with not post-treated Ti-6Al-7Nb. E. coli was able to grow on both surfaces
of Ti-6Al-7Nb similarly. On account of remaining aluminum on the blasted surface,
glass bead blasting could be taken into consideration.
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