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Microstructure and High-Temperature Properties of
Cr3C2-25NiCr Nanoceramic Coatings Prepared by HVAF
Zhiqiang Zhou 1, Dajun Duan 1,*, Shulan Li 1, Deen Sun 2, Jiahui Yong 1, Yongbing Jiang 1, Wu He 1 and Jian Xu 1

1 Chongqing Chuanyi Control Valve Co., Ltd., Chongqing 400707, China; zhouzzq6@gmail.com (Z.Z.)
2 School of Materials and Energy, Southwest University, Chongqing 400715, China; deen_sun@cqu.edu.cn
* Correspondence: ddj@siccv.com

Abstract: The study examines the microstructure and high-temperature properties of Cr3C2-25NiCr
nanoceramic coatings on 316H high-temperature-resistant stainless steel that were prepared by high-
velocity air–fuel spraying (HVAF) technology. The micromorphology, phase composition, fracture
toughness, high-temperature hardness, high-temperature friction, and wear properties of the coating
were studied by scanning electron microscopy (SEM), X-ray diffraction (XRD), high-temperature
Vickers hardness tester, high-temperature friction and wear tester, and surface profiler. The results
show that the Cr3C2-25NiCr coating prepared by HVAF presents a typical thermal spraying coating
structure, with a dense structure and a porosity of only 0.34%. The coating consists of a Cr3C2 hard
phase, a NiCr bonding phase, and a small amount of Cr7C3 phase; The average microhardness of
the coating at room temperature is 998.8 HV0.3, which is about five times higher than that of 316H
substrate. The Weibull distribution of the coating is unimodal, showing stable mechanical properties.
The average microhardness values of the coating at 450 ◦C, 550 ◦C, 650 ◦C, and 750 ◦C are 840 HV0.3,
811 HV0.3, 729 HV0.3, and 696 HV0.3 respectively. The average friction coefficient of the Cr3C2-25NiCr
coating initially decreases and then increases with temperature. During high-temperature friction
and wear, a dark gray oxide film forms on the coating surface. The formation speed of the oxide film
accelerates with increasing temperature, shortening the running-in period of the coating. The oxide
film acts as a lubricant, reducing the friction coefficient of the coating. The Cr3C2-25NiCr coating
exhibits exceptional high-temperature friction and wear resistance, primarily through oxidative wear.
The Cr3C2-25NiCr coating exhibits outstanding high-temperature friction and wear resistance, with
oxidative wear being the primary wear mechanism at elevated temperatures.

Keywords: HVAF; Cr3C2-25NiCr coating; micromorphology; mechanical properties; high-temperature
friction and wear properties

1. Introduction

316H stainless steel is frequently employed as a high-temperature-resistant material for
valve stem components in high-temperature, high-pressure steam conditions, with a maxi-
mum operating temperature reaching 816 ◦C. Nevertheless, at elevated temperatures, the
hardness of 316H stainless steel is relatively low, rendering it susceptible to erosion caused
by gas or particulate-laden gas-solid two-phase media. Consequently, there is a need to
elevate the surface hardness of 316H stainless steel through surface-hardening techniques.

Cr3C2-25NiCr currently stands as one of the most extensively employed nanoceramic
composite materials, among which the NiCr alloy component of this composite boasts
commendable resistance to heat-induced corrosion and exceptional capabilities in coun-
tering high-temperature oxidation. The elevated hardness attributed to Cr3C2 further
enhances its exceptional resistance to high-temperature friction and wear [1]. Consequently,
the Cr3C2-25NiCr coating exhibits commendable performance in withstanding elevated
temperatures, displaying resilience against high-temperature erosion, oxidation, and wear
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at 900 ◦C. This prowess has propelled its successful integration across industries encom-
passing petroleum refining, thermal power generation, aerospace, metallurgical machinery,
and other fields [2,3]. Notably, thermal spray technology emerges as a pivotal technique in
the fabrication of Cr3C2-25NiCr coatings [4].

The utilization of high-velocity oxygen fuel spraying (HVOF) technology is prevalent
in the preparation of Cr3C2-25NiCr coatings. However, the HVOF technology uses oxygen
as the combustion-assisting gas, and the metal-powder particles are in a rich oxygen
atmosphere during the spraying process, which is prone to thermal decomposition of
powder oxidation or carbides [5]. High-velocity air–fuel spraying (HVAF) technology is a
new technology developed in recent years. HVAF uses compressed air instead of expensive
oxygen as the combustion-assisting gas and adopts a gas-cooling method. HVAF has
a higher spraying flame velocity and lower flame temperature than HVOF technology,
which helps to form metal coatings with high density, low oxide content, and high bonding
strength [6].

Mathiyalagan et al. [7] utilized the HVAF technique to fabricate Ni-P coatings con-
taining c-BN on the surface of 350LA, resulting in a hardness enhancement of 47% and a
reduction of the wear rate by two orders of magnitude. The wear resistance was signifi-
cantly improved. The dimensions of the combustion chamber also exert an influence on
the wear resistance of the coating. The research findings indicate that a relatively larger
combustion chamber can notably diminish the quantity of nondeformed particles within
the coating, thereby leading to lower porosity and relatively higher hardness within the
coating, thus achieving the objective of enhancing the coating’s wear resistance [8]. Al-
roy [9] investigated the influence of process parameters on the corrosion performance
of HVAF-prepared Cr3C2-25NiCr coatings. It was observed that by using fine-grained
powders and a medium-length nozzle during the coating preparation, the coating exhibited
reduced porosity and higher density, leading to a corrosion rate decrease of 40%–45%
compared to the substrate. Furthermore, the spray flame velocity and flame temperature of
HVAF were reported to be 700–1200 m/s and 1800 ◦C, respectively [10,11]. The semimolten
sprayed powders have a very short flight time in the air, which can effectively suppress
oxidation, decomposition, and decarburization of the powder so that the majority of hard
phases can be retained. Therefore, HVAF technology has received a lot of attention [12,13].

In electric power, metallurgy, and other industries, various ball valves are installed
on pipelines as switching control equipment for fluid media. The temperature of high-
temperature heat transfer oil, high-temperature flue gas, high-temperature steam, and
other media in the pipeline is often as high as about 600 ◦C, and its key parts are easily
damaged and fail, seriously affecting the normal operation of the ball valve. Therefore, the
surface strengthening of the critical components is very important. Usually, researchers
will spray a hardened layer on the ball core, valve seat, and other seals of the ball valve to
ensure the high-temperature oxidation resistance and wear resistance of the valve under
high-temperature conditions. However, at present, there is limited research on the high-
temperature performance of Cr3C2-25NiCr nanoceramic coatings prepared using HVAF
technology. Currently, there is limited research on the high-temperature performance of
Cr3C2-25NiCr nanoceramic coatings prepared using HVAF technology. In order to enhance
the high-temperature surface-wear resistance of AISI 316H stainless steel, based on HVAF
technology and optimized process parameters, Cr3C2-25NiCr nanoceramic coatings were
prepared on the surface of a 316H stainless steel substrate. Through a series of experiments,
the microstructural morphology, phase composition, high-temperature hardness, and high-
temperature friction-wear performance of the coating were investigated. Additionally, the
high-temperature friction-wear mechanism was explored, thereby establishing the feasi-
bility of applying the Cr3C2-25NiCr nanoceramic coating prepared by HVAF technology
under high-temperature operating conditions.
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2. Materials and Methods
2.1. Coating Preparation

The substrate material for the coating preparation is 316H stainless steel; its chemical
composition is shown in Table 1. The chemical composition of the substrate was determined
using ICAP 7000 inductively coupled plasma optical emission spectrometry (ICP-OES,
Thermo Fisher Scientific, Waltham, MA, USA) and a CS-988A carbon sulfur analyzer (CSA,
Wuxi Tianmu Instrument Technology Co., Ltd., Wuxi, China). The specimen size was
30 mm × 15 mm × 8 mm. To remove any impurities, such as oxide or oil residues that
may remain on the surface of the sample, the 316H substrate was repeatedly cleaned using
acetone and absolute ethanol and dried with compressed air. After cleaning, the substrate
was sandblasted to ensure optimal surface roughness, thereby enhancing the bond strength
between the coating and the substrate.

Table 1. Chemical composition of 316H stainless steel (wt.%).

C Mn Si S P Ni Cr Mo Fe

0.07 1.83 0.86 0.02 0.03 13.25 17.15 2.31 Bal.

The spraying powder used for the experiments is a Cr3C2-25NiCr powder produced by
Luoyang Jinglu Hard Alloy Tool Co., Ltd. (Luoyang, China). The powder is manufactured
using a method involving Ni and Cr encapsulation of Cr3C2, and its composition is detailed
in Table 2. Powder particle-size distribution is measured using a laser particle-size analyzer
(Microtrac S3500, Boca Raton, FL, USA).

Table 2. Chemical composition of Cr3C2-25NiCr powder (wt.%).

C Ni Fe Cr

10.66 20.35 0.41 Bal.

The coating preparation is conducted using the M2 HVAF (UNIQUECOAT, Oilville,
VA, USA) supersonic flame-spraying system. In this experiment, the application employs
optimized spray-process parameters for batch production (as presented in Table 3) targeting
the fabrication of Cr3C2-25NiCr nanoceramic coatings on 316H stainless steel.

Table 3. Process parameters of HVOF and HVAF.

Air
pressure

(MPa)

Propane
pressure

(MPa)

Nitrogen
flow

(L/min)

Airflow
(m3/min)

Spraying
distance

(mm)

Powder
speed

(mm/s)

Powder
feeding
(g/min)

0.54 0.49 60 20 230 800 110

Coating cross-section specimens are prepared using a wire-cutting process. Following
thermal embedding, coarse grinding, fine grinding, and polishing, the surface roughness
of the coating is achieved at Ra < 0.2 µm.

2.2. Performance Characterization

The microstructure of Cr3C2-25NiCr powder and coatings was observed using the
Navo Nano SEM 450 field emission scanning electron microscope (SEM, FEI, Hillsboro, OR,
USA). Additionally, the chemical composition of the coating was analyzed by Quantax-200
EDS (Bruker, Billerica, MA, USA) spectrometry.

The coating cross-section microstructure is examined using the Axio Observer 3 m
(Carl Zeiss AG, Oberkochen, Germany) research-grade metallographic microscope. The
average porosity of 5 different fields is calculated using the Pro Imaging metallographic
intelligent analysis system.
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The phase composition of Cr3C2-25NiCr powder and the coatings is analyzed using
the Rigaku D/MAX 2500 PC X-ray diffractometer (XRD, Rigaku, Tokyo, Japan). The
samples are subjected to phase testing with a tube voltage of 30 kV, tube current of 20 mA,
scanning angle range of 20◦–90◦, and continuous scanning rate of 0.03 ◦/s.

Microhardness of the coatings was measured using the INNOVATEST FALCON 500
(Eindhoven, The Netherlands) Vickers hardness tester with a load of 300 g and a loading
time of 15 s. Additionally, 15 hardness values are obtained in the field-of-view area of the
coating cross-section, and the Weibull distribution method is employed to explore the hard-
ness distribution characteristics of the coating at room temperature. Equations (1) and (2)
were employed to characterize the hardness-distribution characteristics of the coating [14].

In the equation, where F(x) represents the hardness probability distribution function
of the coating, m stands for the modulus of the Weibull distribution function, reflecting the
degree of discreteness of numerical expressions. The parameter x represents the measured
hardness value, while x0 signifies the hardness value obtained after sorting the hardness
points in ascending order, accounting for 63.2% of the total hardness points.

ln{ln[ 1
1− F(x)

]} = m[ln(x) + ln(x0)] (1)

F(x) =
i− 0.5

n
(2)

In the equation, where n represents the total number of hardness indentations, and i
indicates the sequence number of hardness values arranged in ascending order.

The high-temperature microhardness of the coatings is evaluated using the HVZHT-30
high-temperature vickers hardness tester (ZONE-DE, Shandong, China), applying a load
of 500 g and a dwell time of 10 s. The holding time at each temperature is 10 min. Three
hardness values are recorded at each temperature, and real-time high-speed images of the
indentations are captured.

The UMT-3 multifunctional high-temperature friction and wear tester (CETR, San Jose,
CA, USA) is utilized to assess the friction-wear performance of the Cr3C2-25NiCr coating
in high-temperature air at temperatures of 450 ◦C, 550 ◦C, 650 ◦C, and 750 ◦C, respectively.
The test is pin–disc contact, and for every single test, a test duration of 30 min and a new
Al2O3 (the Mohs hardness scale is 9) ball with a diameter of 9.5 mm were used, with a load
of 5 N and a disc rotation speed of 150 r/min.

The DektakXT (Bruker, Billerica, MA, USA) probe surface profiler measures the cross-
sectional profiles of the wear scars.

3. Results
3.1. Powder Morphology

The microstructure of the agglomerated Cr3C2-25NiCr spherical nanopowder for
supersonic spray prepared through the gas atomization (agglomerating sintering) process
is shown in Figure 1a. It is evident that the powder possesses a high degree of sphericity
and excellent dispersion, indicating a favorable flowability of the powder.
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Figure 1b shows the powder cross-sectional metallurgical structure. The metallurgical
structure within the cross-section reveals the Cr3C2 phase wetted by the NiCr alloy γ

phase [15]. The gray region corresponds to the Cr3C2 phase, while the silver-white region
represents the NiCr alloy γ phase. It can be observed that the Cr3C2 particles in the powder
were sintered, and the NiCr alloy bonding phase uniformly filled the interstices between
the hard particles, forming a stable skeleton-network structure.

Figure 2 illustrates the particle-size distribution of the powder, conforming to a stan-
dard Gaussian distribution. Among the parameters, dmean = 32 µm, d10 = 18 µm, and
d90 = 52 µm.
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3.2. XRD Phase Composition

Figure 3 exhibits the X-ray diffraction (XRD) spectra of Cr3C2-25NiCr coatings pre-
pared by HVAF, as well as the initial powder. It is evident that the sprayed coating retains
the crystalline phases present in the raw powder. The Cr3C2-25NiCr powder and coating
are primarily composed of the Cr3C2 hard phase and NiCr bonding phase. Additionally, a
small amount of the Cr7C3 diffraction peak is observed in the coating. This can be attributed
to the partial decarburization of Cr3C2 during the high-temperature flame in the spraying
process [16]. Both Cr3C2 and Cr7C3 possess high hardness and high melting points, which
contribute to the wear resistance and high-temperature hardness of the coating [3].
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the crystalline phases present in the raw powder. The Cr3C2-25NiCr powder and coating 
are primarily composed of the Cr3C2 hard phase and NiCr bonding phase. Additionally, 
a small amount of the Cr7C3 diffraction peak is observed in the coating. This can be at-
tributed to the partial decarburization of Cr3C2 during the high-temperature flame in the 
spraying process [16]. Both Cr3C2 and Cr7C3 possess high hardness and high melting 
points, which contribute to the wear resistance and high-temperature hardness of the coat-
ing [3]. 
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Figure 3. XRD pattern of Cr3C2-25NiCr powder and coating. Figure 3. XRD pattern of Cr3C2-25NiCr powder and coating.

Notably, there is a substantial difference in the intensity of diffraction peaks between
the powder and the coating. The diffraction peaks of the coating exhibit a significant
broadening phenomenon, indicating the generation of an amorphous phase during the
transformation from powder to coating. This can be attributed to the rapid cooling of molten
or semimolten droplets upon reaching the substrate during the supersonic spray process.
This rapid cooling suppresses crystal growth, resulting in a disordered accumulation of
solidifications and an amorphous coating appearance [17]. Additionally, research suggests
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that the formation of the amorphous phase during HVAF spraying of Cr3C2-25NiCr coat-
ings is related to the severe plastic deformation occurring upon the high-velocity impact of
powder particles on the substrate [18]. Consequently, in the process of preparing ceramic
coatings through supersonic flame spraying, the coating consists of both crystalline and
amorphous phases, with the presence of the amorphous phase potentially enhancing wear
resistance to a certain extent [19].

3.3. Section Morphology

Figure 4 shows the SEM cross-sectional morphology of Cr3C2-25NiCr nanoceramic
coatings prepared by HVAF. From Figure 4a, it can be observed that the thickness of the
Cr3C2-25NiCr coating is approximately 260 µm, forming a mechanical connection with the
substrate through mechanical interlocking. The coating exhibits density without visible
cracks or significant defects. During HVAF spraying, with a flame temperature of 1800 °C,
the NiCr alloy, due to its lower melting point, rapidly melts and wets the surrounding
ultrafine Cr3C2 nanoparticles, leading to deformation and melting of the outer layers of the
Cr3C2 particles. These molten particles impact the substrate at high speed, flattening and
forming a typical thermal spray layer structure. Simultaneously, a small fraction of Cr3C2
undergoes decarburization, with carbon atoms diffusing into the molten NiCr phase to
form a solid solution [20,21]. The coating microstructure is characterized by a continuous
and well-melted NiCr bonded phase uniformly dispersed with carbide hard particles, such
as Cr7C3, among which the light gray phase corresponds to the NiCr bonded phase, while
the dark gray phase represents the hard particles.
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Figure 4. BSE cross-section micrographs of Cr3C2-25NiCr coating: (a) lower magnification; (b) higher
magnification.

Porosity is one of the significant parameters of coating performance, which will
significantly affect the microhardness, wear resistance, and corrosion resistance of the
coating. The pores of the coating are mainly distributed at the boundaries of hard particles,
which is primarily due to insufficient deformation of powder particles and incomplete
overlap during deposition. Another portion of the pores is caused by the solidification
shrinkage of the fully melted binder phase that cannot be compensated. Employing the
“gray level method”, the calculated porosity of the coating is 0.34%, indicating a high
hardness value [22].

Figure 5 displays the as-sprayed surface morphology of the Cr3C2-25NiCr coating. It
is apparent that the surface of the coating is primarily composed of a multitude of unmelted
powder particles along with a small fraction of the completely melted solidification area.
This is due to the fact that the HVAF spraying technique employs propane–air as fuel.
Compared to HVOF supersonic flame-spraying technology, which uses aviation kerosene
as fuel, the heat during the spraying process is low. As a result, some powder particles
find it challenging to attain their melting points, and molten or semimolten particles in
the flame flow are in a solid–liquid mixed state before impacting the substrate. In the case
of HVAF technology, the high powder-injection velocity leads to the flattening of most
unmelted or semimelted powder particles. These particles are then layered and bonded
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onto the substrate surface through the application of significant impact forces and plastic
deformation pressures [23].
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Figure 5. As-spraying surface morphology of Cr3C2-25NiCr coating: (a) low magnification; (b) high
magnification.

3.4. Microhardness and Weibull Distribution

Figure 6 depicts the microhardness distribution across the cross-section of the Cr3C2-
25NiCr nanoceramic coating. The average microhardness of the F316H substrate is ap-
proximately 210 HV0.3, and the microhardness of the substrate near the coating interface
tends to increase slightly, reaching around 400 HV0.3. This increase can be attributed to
the “shot peening effect” induced by the powerful impact of the powder particles on the
substrate during a high-speed deposition process. Therefore, the effect of work hardening
is produced [24]. The result shows that the closer to the coating interface, the higher the
microhardness of the substrate. And at the coating-substrate interface, the microhardness
reached 750 HV0.3. As can be seen from Figure 6, with the increase in coating thickness, the
hardness value of the coating increases slightly and then decreases. It spans from 921 HV0.3
to 1090 HV0.3, and the average microhardness is about 998 HV0.3, which is about five times
higher than that of the F316H substrate
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Figure 6. Microhardness profile of Cr3C2-25NiCr coatings.

The Weibull distribution parameters and the Weibull distribution curve of microhard-
ness of the Cr3C2-25NiCr coating at room temperature are shown in Table 4 and Figure 7,
respectively. The distribution of Weibull hardness points of the coating aligns well with the
linear fit and demonstrates a unimodal distribution characteristic [25]. The microhardness
values of the coating exhibit a narrow distribution range and small hardness extreme values,
signifying high uniformity and stable mechanical performance.
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Table 4. Weibull distribution parameters of microhardness of Cr3C2-25NiCr coating.

Hardness(x)
(HV0.3) ln(x) m n Average hardness (HV0.3)

921~1090 6.83~6.99 24.45 15 998
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Figure 9 illustrates the real-time microhardness indentation morphology of the Cr3C2-
25NiCr coating at elevated temperatures of 450 °C, 550 °C, 650 °C, and 750 °C. Notably, 
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3.5. High-Temperature Hardness

As indicated in Figure 8, the average microhardness of the Cr3C2-25NiCr coating at
room temperature, 450 ◦C, 550 ◦C, 650 ◦C, and 750 ◦C are 998 HV0.3, 840 HV0.3, 811 HV0.3,
729 HV0.3, and 696 HV0.3, respectively. With the increase in temperature, the hardness of
the coating decreases. This phenomenon can be attributed to the reduction in both the
grain and the grain boundary strength of the material as temperature rises, leading to
a high-temperature softening of the coating [26]. Remarkably, even with a temperature
increase from 450 ◦C to 750 ◦C, the high-temperature hardness of the Cr3C2-25NiCr coating
only experiences a decrease of approximately 140 HV0.3, and it still has a high high-
temperature hardness.
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Figure 9 illustrates the real-time microhardness indentation morphology of the Cr3C2-
25NiCr coating at elevated temperatures of 450 ◦C, 550 ◦C, 650 ◦C, and 750 ◦C. Notably, the
indentation morphologies and sizes appear relatively consistent across the temperatures,
and no cracks are observed around the diagonals of the indentations. This observation in-
dicates that the Cr3C2-25NiCr coating maintains a high level of high-temperature hardness
and fracture toughness.

8



Coatings 2023, 13, 1741Coatings 2023, 13, x FOR PEER REVIEW 9 of 15 
 

 

  
(a) (b) 

  
(c) (d) 

Figure 9. Indentation Morphology of Cr3C2-25NiCr coating at high temperature: (a) 450 °C; (b) 550 
°C; (c) 650 °C; (d) 750 °C. 

With the increase in temperature, the contrast between the light gray Cr3C2 particles 
and the surrounding dark gray NiCr bonding phase becomes more distinct, rendering the 
morphology more discernible under optical microscopy. This phenomenon is attributed 
to the oxidation of Cr elements on the surface of the coating at high temperatures, result-
ing in the formation of an oxide film that significantly enhances the contrast between the 
hard phase and the bonding phase. 

3.6. High-Temperature Friction and Wear 
3.6.1. Coefficient of Friction 

Figure 10 illustrates the friction coefficient curves and the average coefficient of fric-
tion for the Cr3C2-25NiCr coating at temperatures of 450 °C, 550 °C, 650 °C, and 750 °C. 
During the friction test, the friction coefficient of the coating experiences an initial rise 
followed by a decrease during the running-in period, after which it enters a stable period 
of small fluctuations. As the temperature increases, the running-in period gradually short-
ens. At 450 °C, 550 °C, and 650 °C, the running-in periods for the coating are 1056 s, 1010 
s, and 987 s, respectively. At 750 °C, the running-in period is only 242 s and swiftly enters 
a stabilization period. With a rising temperature, the running-in period tends to shorten, 
and the friction and wear process rapidly enters a stable state. 
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(b) 550 ◦C; (c) 650 ◦C; (d) 750 ◦C.

With the increase in temperature, the contrast between the light gray Cr3C2 particles
and the surrounding dark gray NiCr bonding phase becomes more distinct, rendering the
morphology more discernible under optical microscopy. This phenomenon is attributed to
the oxidation of Cr elements on the surface of the coating at high temperatures, resulting in
the formation of an oxide film that significantly enhances the contrast between the hard
phase and the bonding phase.

3.6. High-Temperature Friction and Wear
3.6.1. Coefficient of Friction

Figure 10 illustrates the friction coefficient curves and the average coefficient of friction
for the Cr3C2-25NiCr coating at temperatures of 450 ◦C, 550 ◦C, 650 ◦C, and 750 ◦C. During
the friction test, the friction coefficient of the coating experiences an initial rise followed
by a decrease during the running-in period, after which it enters a stable period of small
fluctuations. As the temperature increases, the running-in period gradually shortens. At
450 ◦C, 550 ◦C, and 650 ◦C, the running-in periods for the coating are 1056 s, 1010 s, and
987 s, respectively. At 750 ◦C, the running-in period is only 242 s and swiftly enters a
stabilization period. With a rising temperature, the running-in period tends to shorten, and
the friction and wear process rapidly enters a stable state.

Notably, at 450 ◦C, the Cr3C2-25NiCr coating exhibits the highest coefficient of friction,
with an average value of 0.52± 0.02. At 550 ◦C, the lowest coefficient of friction is observed,
with an average value of 0.44± 0.01. However, at 750 ◦C, the coefficient of friction increases
to 0.48 ± 0.01. Moreover, at this temperature, the friction coefficient was the most stable,
fluctuating only within a small range. And with the increase in sliding time, it shows an
upward trend.
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Figure 10. Friction coefficient curve and average friction coefficient of Cr3C2-25NiCr coatings at dif-
ferent temperatures: (a) friction coefficient curve; (b) mean friction coefficient. 

Notably, at 450 °C, the Cr3C2-25NiCr coating exhibits the highest coefficient of fric-
tion, with an average value of 0.52 ± 0.02. At 550 °C, the lowest coefficient of friction is 
observed, with an average value of 0.44 ± 0.01. However, at 750 °C, the coefficient of fric-
tion increases to 0.48 ± 0.01. Moreover, at this temperature, the friction coefficient was the 
most stable, fluctuating only within a small range. And with the increase in sliding time, 
it shows an upward trend. 
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Figure 10. Friction coefficient curve and average friction coefficient of Cr3C2-25NiCr coatings at
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The friction force of the material at high temperatures is mainly the plastic deformation
of the surface and the role of the contact point between the friction pair and the surface
of the material. With the increase of the test temperature, the plastic deformation force
diminishes while the effect of contact points on the surface grows. At high temperatures,
adhesive bonding occurs between the friction pair and the material at contact points on the
surface. During sliding, the bonded points are sheared, and material transfer takes place at
the interface. This alternating process of bonding and shearing causes minor oscillations
in the friction curve [27,28]. After entering the stabilization period, the coefficient of
friction stabilizes, indicating that the coating has not undergone wear failure. Consequently,
the Cr3C2-25NiCr coating can play a certain protective role on the 316H substrate at a
temperature of 450 ◦C–750 ◦C.

Figure 11 illustrates the corresponding cross-sectional profile curves and wear rates of
the Cr3C2-25NiCr coating at temperatures of 450 ◦C, 550 ◦C, 650 ◦C, and 750 ◦C. It can be
seen from the figure that, at 450 ◦C, the Cr3C2-25NiCr coating has the smallest abrasion area
and the lowest wear rate, showing the best wear resistance. With an increasing temperature,
the wear rate of the Cr3C2-25NiCr coating gradually rises, and the corresponding abrasion
area gradually increases.
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Figure 11. The wear scars profile of cross-section and wear rate of Cr3C2-25NiCr coatings at different
temperatures: (a) wear-scars profile of cross-section; (b) wear rate.

At 450 ◦C, although the coating exhibits the highest friction coefficient (0.527), its hard-
ness is also the highest (840 HV0.3), resulting in a wear rate of (2.16 ± 0.03) × 10−5 mm3/(N·m).
At 550 ◦C and 650 ◦C, the wear rates are (2.52 ± 0.01) × 10−5 mm3/(N·m) and
(2.68 ± 0.01)×10−5 mm3/(N·m), respectively, and the wear rates are very close, which is
related to the minimal variation in its coefficient of friction, suggesting stable mechanical
performance of the coating at these temperatures.

However, at 750 ◦C, the wear rate increases to (2.97 ± 0.02) × 10−5 mm3/(N·m). This
increase is attributed to the higher tendency of softening in the NiCr bonding phase of
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the coating at this temperature [29], which reduces the cohesive strength of the coating.
As a result, Cr3C2 (EDS result is shown in Figure 12h) undergoes secondary precipitation,
leading to the detachment of hard particles [30]. The coating’s shear resistance diminishes,
resulting in the highest wear rate observed at this temperature.
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Figure 12. SEM micrographs of the wear scars of Cr3C2-25NiCr coating after wear testing:
(a,b) low- and high-magnification picture at 450 ◦C; (c,d) low- and high-magnification picture at
550 ◦C; (e,f) low- and high-magnification picture at 650 ◦C; (g,h) low- and high-magnification picture
at 750 ◦C.
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3.6.2. Wear Mechanism

Figure 12 shows the wear-surface morphology of the Cr3C2-25NiCr coating at different
temperatures. The surface exhibits distinctive furrows and extensive areas covered by flaky
dark gray oxide film [31]. EDS analysis reveals that these oxide films primarily consist
of the elements C, Cr, O, and Ni, of which the oxygen content is 25 wt.%–28 wt.%. This
indicates that during high-temperature and oxidative friction and wear, a smooth oxide film
(mainly Cr2O3 and CrO3) is first formed on the surface of the Cr3C2-25NiCr coating [32].

These oxide-based friction films act as a nonplastic medium, existing between the coat-
ing surface and aluminum oxide balls, effectively preventing direct contact and reducing
the friction coefficient. Additionally, the oxide-based friction films act as lubricants, further
lowering the friction coefficient of the coating [33]. As a result, as shown in Figure 11, the
coefficient of friction of the coating decreases when the temperature is 450 ◦C. With the
increasing temperature, the running-in period of the coating shortens gradually. This is
due to the accelerated formation rate of the oxide films containing metal Cr on the surface
of the coating, and the oxide film plays a lubricating role between the friction pairs, leading
to a rapid transition to the stable wear period.

Furthermore, it can be seen in Figure 12b,d that numerous fine debris particles are
observed on the coating surface, which play a role in load distribution and also offer a
protective effect; it will also have a protective effect and reduce the wear of the coating.

The friction and wear mechanism of the Cr3C2-25NiCr coating at high temperatures
are shown in Figure 13. During high-temperature friction and wear, the formation and
breakage of oxide films are in a dynamic equilibrium. In the process, the surface of the
preferentially formed sheet of oxide film produces microcracks (as seen in Figure 12 f,h),
and gradually loosens and detaches. Then, new fine debris is formed, and the newly
exposed alloy area continues to be oxidized after the oxide film is peeled. The peeled debris
recombines with the newly formed oxide film, creating a dynamic process of alternating
oxidation and detachment. Therefore, at high temperatures, the primary wear mechanism
of the Cr3C2-25NiCr coating is oxidative wear.
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Figure 13. Schematic diagram of the wear mechanism of Cr3C2-25NiCr coating at high temperature.

In the high-magnification SEM images of Figure 12f,h, it can be observed that, at
temperatures of 650 ◦C and 750 ◦C, some carbide hard particles undergo thermal and shear
stresses, gradually developing microcracks under the fatigue action of cyclic load, which
eventually causes the hard phase to peel off from the NiCr bonded phase and form pits.
Additionally, it can be observed that, during prolonged high-temperature friction and wear
processes, a secondary precipitation of the carbides occurs in the NiCr bonding phase [33],
potentially leading to the formation of brittle regions and the shedding of carbide hard
phases [30].

As the temperature increases from 450 ◦C to 750 ◦C, the oxide layer becomes thicker,
giving rise to more debris and an oxide-based friction film. Along the edges of the oxide
film in Figure 12d,f, there are a large number of fine oxide debris, which will be used as
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abrasive particles to form a three-body abrasive wear, resulting in a relatively high wear
rate of the coating at 750 ◦C.

4. Conclusions

1. A Cr3C2-25NiCr nanoceramic coating was prepared using an air-assisted supersonic
flame-spraying technique (HVAF) with a coating thickness of 260 µm. The coating
exhibited a dense surface with low porosity (0.34%). The microstructure of the coating
displayed a typical thermal spray-layer structure, consisting of a Cr3C2 hard phase,
NiCr bonding phase, and a small amount of Cr7C3;

2. The average microhardness of the Cr3C2-25NiCr coating at room temperature was
998 HV0.3, which is approximately five times higher than that of the 316H substrate.
The Weibull distribution of hardness values for the coating showed a single peak
feature, and small hardness extreme values, indicating stable mechanical performance;

3. The average microhardness values of the Cr3C2-25NiCr coating at 450 ◦C, 550 ◦C,
650 ◦C, and 750 ◦C were 840 HV0.3, 811 HV0.3, 729 HV0.3, and 696 HV0.3, respectively.
With increasing temperature, the coating exhibited a decreasing trend in microhard-
ness due to high-temperature softening. However, it still maintained relatively high
hardness at elevated temperatures;

4. At 450 ◦C, the Cr3C2-25NiCr coating exhibits the best high-temperature friction
and wear properties. The wear rates of the coating at 450 ◦C, 550 ◦C, 650 ◦C, and
750 ◦C were (2.16 ± 0.03) × 10−5 mm3/(N·m), (2.52 ± 0.01) × 10−5 mm3/(N·m),
(2.68 ± 0.01) × 10−5 mm3/(N·m), and (2.97 ± 0.02) × 10−5 mm3/(N·m), respectively.
With increasing temperature, the average friction coefficient of the Cr3C2-25NiCr
coating shows a trend of initially decreasing and then increasing, corresponding to
the gradual enlargement of the wear scar area;

5. During high-temperature friction and wear, a large area of sheet-like dark gray oxide
film formed on the coating surface. As the temperature increased, the rate of oxide
film formation accelerated, and the run-in period of the coating gradually shortened.
This oxide film acted as a lubricant between the friction pairs, effectively reducing the
friction coefficient of the coating at high temperatures;

6. The wear mechanism of the Cr3C2-25NiCr coating at high temperatures is mainly
oxidative wear. At temperatures of 650 ◦C and 750 ◦C, certain carbide hard particles
develop microcracks and undergo secondary precipitation, leading to the formation
of a brittle zone. This zone, in conjunction with oxide debris, contributes to the
occurrence of three-body abrasive wear.
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Abstract: DZ22B alloy is commonly used as a blade material for aircraft engines and gas turbines, and
its preparation process is an important factor affecting its performance. In the present work, a reliable
numerical model is established through ProCAST numerical simulation and auxiliary experimental
verification methods, based on which the effect of casting speed on the grain and dendrite growth
of DZ22B superalloy blades is studied. The results indicate that increasing the pulling speed can
reduce the spacing between secondary dendrites, which is beneficial for the growth of dendrites.
Based on numerical simulation and experimental verification, it is suggested that the pulling rate of
the directional solidification DZ22B superalloy blade should be 6-2 mm/min variable speed pulling
to improve the production success rate.

Keywords: directional solidification; DZ22B superalloy blades; ProCAST numerical simulation

1. Introduction

Nickel-based superalloys have been widely used in aero engines and gas turbines to
produce turbine blades with excellent high-temperature tensile strength, stress fracture, and
creep properties [1–7]. DZ22B nickel-based superalloy has good casting performance, high-
temperature oxidation resistance, and corrosion resistance, and is a common material for
directional column crystal blades of aero engines [8–10]. However, during the solidification
process, the blade is often prone to casting defects such as holes, shrinkage, and hot
cracks [11,12]. Random testing of samples in different furnaces shows that the qualification
rate of the samples is low, and through analysis, it is found that the main reason is defects
such as slag inclusions or cracks in the samples.

Pulling speed has always been one of the most important process parameters in the
directional solidification process of DZ22B superalloy blades, which affects the growth
rate of dendrite tips, is closely related to the temperature gradient of the leading liquid
phase of the solid-liquid interface, and also affects the occurrence of various defects in the
casting process [13–20]. Therefore, the method of combining experiment and numerical
simulation is used to study the effect of pulling speed on grain and dendrite growth of
DZ22B superalloy blades [21], and the optimization parameters can be proposed in a
targeted manner.

2. Establishment of ProCAST Numerical Simulation Model
2.1. Pre-Process Run Parameters

The casting material is DZ22B superalloy from the first author’s affiliation with Aecc
South Industry Company Limited, and the alloy composition is shown in Table 1. By
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consulting the manual [22] and combining the Procast database, the thermal physical
parameters of some DZ22B superalloys are obtained as shown in Figure 1. Firstly, in order
to ensure the uniformity of the composition, the DSC sample is taken from the DZ22B
master alloy rather than the blade. Furthermore, a sample of about 20 mg is cut from the
base metal of the DZ22B alloy, and the DSC curve is measured by using the DSC404F3
differential scanning calorimeter. As shown in Figure 1g, it can be concluded that the liquid
temperature of DZ22B is 1392.6 °C and the solid temperature is 1330.9 °C. While the heat
transfer coefficients of the mold shell and water-cooled crystallizer have constant values,
the interfacial heat transfer coefficient between the casting and the mold shell changes with
temperature according to the actual casting phase. For instance, in the solid phase range,
this coefficient is 600 W·m−2·K−1, value that increases in the melting process to a range of
600–1500 W·m−2·K−1; according to the solid-liquid proportion, above the liquid phase is
1500 W·m−2·K−1. Other simulation parameters are shown in Table 2.

Table 1. Chemical composition of DZ22B superalloy (wt.% ).

C Cr Co W Nb Ti Al Hf B Ni

0.140 9.000 9.500 12.000 0.900 1.900 4.900 1.000 0.015 60.645

Table 2. Main simulation parameters.

Parameter (Unit) Value

Heating zone temperature (°C) 1500
Cooling water temperature (°C) 26

Pumping speed (mm·min−1) 6
Heating zone emissivity 0.8

Mold shell emissivity 0.4
Mold shell density (kg·m3) 3970

Specific heat capacity of the mold shell (KJ·kg−1·K−1) 1.28–1.37 (1000 °C–1500 °C)
Thermal conductivity of the mold shell (W·m−1·K−1) 9.2–5.9 (600 °C–1500 °C)

Interfacial heat transfer coefficient of Alloy and chilled plate
(W·m−2·K−1) 2400

Interfacial heat transfer coefficient of Mold shell and quench plate
(W·m−2·K−1) 1000

Interfacial heat transfer coefficient of Cooling water and chilling
plate (W·m−2·K−1) 2500

2.2. Casting and Mold Shell Model Building and Meshing

In the actual directional solidification casting production, it requires a longer time for
the entire directional solidification process, which includes preheating and solidification
cooling. Thus, the form of multiple blades in one mold is generally used to improve casting
production efficiency.

Figure 2a is a three-dimensional model diagram of the casting of DZ22B superalloy
blades with multiple sets of blades established by UG modeling software. The casting
consists of a gating system, blades and a chassis, and the casting consists of 12 blades with
an axisymmetric distribution as a whole.

Firstly, the model was split into quarters by using the UG modeling software because
the model structure is symmetrical. Furthermore, considering the complexity of the turbine
blade structure, the visual-mesh model was used to segment the surface mesh. The mesh
was refined at the exhaust edge of the blade body and the small size of the truncated surface
to ensure that there are enough mesh layers in the cross-sectional thickness direction, as
shown in Figure 2b. Finally, the assembly of each part of the mesh was carried out after
careful inspection and repair. The non-shaped shell surface and two symmetrical surfaces
were specified. The thickness of the shell is set to 8mm, and the shell mesh is generated as
shown in Figure 2c.
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Figure 1. Thermophysical parameters as a function of temperature, (a) Temperature—density.
(b) Temperature—average coefficient of expansion. (c) Temperature—Poisson’s ratio. (d) Temperature—
thermal conductivity. (e) Temperature—solid fraction. (f) Temperature—Young’s modulus. (g) DSC curve.
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Figure 2. A multi-set blade geometry model and mesh model. (a) geometric model; (b) quarter mesh
model and (c) shell mesh model with shell thickness of 8 mm.

2.3. Temperature Field Heat Transfer Model

In the directional solidification process, the metal pouring and solidification steps of
turbine blade castings take place in a vacuum environment. In the simulation of the whole
process of directional solidification, the geometry of the furnace, the shape of the blades on
the quenching plate, and the pulling speed are very important. The heat transfer process of
the directional solidification process can be described by the law of conservation of energy,
which can be written as:

ρCp
∂(T)
∂(t)

= ∇(λ∇(T)) + QM + QR (1)

where T is temperature; t is time; ρ is the density of matter; Cp is the specific heat of the
material; λ is the thermal conductivity; QM is an internal heat source; QR is the heat flux
density between the surface element and the environment. When solidifying, the liquid
alloy releases latent heat, and the internal heat source can be expressed as:

QM = ρ∆H
∂( fs)

∂(t)
(2)

In the formula, ∆H is the latent heat, fs is the volume fraction of the solid phase,
and the heat flux density of different directional solidification technologies is different.
Using the improved Monte Carlo ray tracing model [23], the thermal radiation between the
current cell and the nth reference unit is calculated as:

QR = σ
N

∑
n=1

βn(T4 − T4
n)

1−ε
ε + (1−εn)S

εnSn
+ 1

(3)

where σ is the Stefan-Boltzmann constant; “N = 50” is the number of rays; βn is an energy
factor; T, ε, and S are the temperature, blackness coefficient, and surface area of the surface
unit, respectively. Tn, εn, and Sn are the surface temperature, blackness coefficient,t, and
surface area of the nth element, respectively.

2.4. Grain and Dendrite Growth Models

In order to simulate grain growth during the solidification process of superalloys,
an improved correspondence analysis (CA) method is used [24,25]. The total nucleation
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point density n(∆T) given a supercooled ∆T is calculated using the continuous nucleation
model [24]:

n(∆T) =
∫ ∆T

0

dn
d∆T′

d(∆T) (4)

dn
d∆T′

=
nmax√
2π∆Tσ

exp[−1
2
(

∆T − ∆TN
∆Tσ

)] (5)

According to the Kurz-Giovanola-Trivedi (KGT) [26] kinetic equation, the growth rate
of the interdendrite during solidification v(∆T) is:

v(∆T) = α∆T2 + β∆T3 (6)

where α and β are kinetic coefficients.

2.5. Thermal Crack Susceptibility Model

In order to predict the thermal cracking sensitivity of castings, a thermal cracking
sensitivity model based on Gurson’s constitutive model is used [27] hot tearing indicator
(HTI). The model is based on a strain-driven model of total strain during solidification.
When the solids fraction is in the range of critical solids fraction (typically 50%) and 99%,
the model calculates the elastoplastic strain at a given node and describes the thermal crack
sensitivity of the casting by considering the initiation and growth of pores in the mushy
zone of the casting. HTI is defined as follows:

eHT = εP
ht =

∫ t

tc
ε̇Pdt, tC ≤ t ≤ tS (7)

where εP
ht is the critical cumulative effective plastic strain at the beginning of the hot

cracking state, tC is the time at the condensation temperature at which the liquid state
begins to transition to a solid state, and ε̇P is the effective plastic strain rate, and tS the time
at the solid phase temperature. HTI is actually a cumulative plastic strain in the semi-solid
region corresponding to the pore nucleus. Therefore, it can reflect the sensitivity of hot
cracking during solidification. Gurson’s constitutive model and the proposed HTI model
are implemented in ProCAST finite element software, and HTI should be used to explore
different influencing factors of the same alloy.

3. Procast Numerically Simulates the Effect of Pulling Speed on DZ22B
Superalloy Blades
3.1. Effect of Pulling Speed on Temperature Field of DZ22B Superalloy Blade

In order to investigate the effect of pulling speed on the temperature field of DZ22B su-
peralloy blades during directional solidification while keeping other simulation parameters
such as shell wall thickness, thermal conductivity of the mold shell, interfacial heat transfer
coefficient, shell temperature, and insulation time unchanged. The ProCAST preprocessing
module set the pulling speed to 2 mm/min, 6 mm/min, and 10 mm/min, respectively. The
temperature field simulation results obtained are shown in Figure 3.

From the simulation results, the change in pulling speed will significantly affect the
temperature field and mushy zone. In the early stage of pulling, the whole casting has
just entered the cooling area made of the water-cooled copper ring through the thermal
insulation zone; the main heat dissipation method at this time is the cooling provided by the
cold plate in contact with the bottom of the casting, and the three different pulling speeds
have no obvious effect on the mushy zone at the lower end of the blade. The temperature
gradient is large, and the isotherm interface is very flat. As the pulling progresses, the body
of the blade begins to enter the cooling zone, at which time the cooling effect provided by
the cold plate is weakened due to distance, and the furnace radiation plays the main role in
heat dissipation. At this time, the isotherm at the blade position showed different shapes
with the change of pumping speed, and the solid-liquid interface isotherm showed an
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upward convex form at 2 mm/min, and the mushy zone became uneven. When the pulling
speed is 6 mm/min, the solid-liquid interface isotherm turns stable, and the mushy zone
tends to be horizontal. When the pulling speed is increased to 10 mm/min, the solid-liquid
interface isotherm is concave, the paste area deviates significantly from the straight state,
and the solidification speed of the exhaust edge position is much greater than that of the
intake side. The morphology of the mushy zone affects the growth trend of grains, and the
speed of 6 mm/min at the three pulling speeds is more conducive to the growth of straight
columnar crystals.

Figure 3. Schematic diagram of the temperature field and the corresponding paste zone at different
pulling speeds, (a,d) 2 mm/min. (b,e) 6 mm/min. (c,f) 10 mm/min.

3.2. Effect of Pulling Speed on the Microstructure of DZ22B Superalloy Blades

Figure 4 shows the grain trend diagram at different pulling speeds, and it can be seen
that the number of grains is not much different under the three pulling speeds, but the
pulling speed has a certain influence on the grain direction. At low pulling speeds, the
grain trend is relatively stable because the paste area is relatively stable. At the pulling
speed of 10 mm/min, the paste area is concave, the grain trend has a tendency to diverge,
the angle between the grain trend and the <001> direction in the microstructure is large,
and the angle is close to 30°. Deviated grains can produce hetero-crystalline defects, which
degrade the structure properties formed by the final solidification.

Figure 4. Schematic diagram of grain direction at different pulling speeds, (a) 2 mm/min. (b) 6 mm/min.
(c) 10 mm/min.

The simulation results show that the dendrites have not fully grown when the pulling
speed is too high. Moreover, too fast pulling speed resulted in thenges bec growth direction
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of the casting changes because the thermal radiation direction of the blades is uncertain
and the heat loss is excessive, leading the dendrites to be tilted. Too fast pulling speed
will also make the growth of columnar crystals unstable; the upper part of the blade grain
will be few and divergent, and even transverse columnar crystals may appear. Only by
increasing the ratio of a temperature gradient to growth rate and adjusting to determine
the appropriate pumping rate can better columnar crystals be obtained.

Adjusting the pulling speed is an artificially adjustable process to effectively change
the cooling rate of castings, this change will be reflected in the dendrite spacing of the
solidified structure of castings, especially on the secondary dendrite arm spacing (SDAS)
with the same temperature gradient. Figure 5 shows the distribution of secondary den-
drite spacing at different pulling speeds, and it can be seen that the secondary dendrite
spacing significantly decreases with an increase in pulling speed. At a pumping speed of
2 mm/min, the SDAS range of the blade body position is between 44–56 µm; At a pumping
speed of 6 mm/min, the SDAS range of the blade body position is between 36–48 µm;
When the pulling speed is increased to 10 mm/min, the SDAS drops to 32–40 µm. The
secondary dendrite spacing is reduced and the microstructure performance is improved,
so an appropriate increase in the pulling speed can achieve the purpose of optimizing
the structure.

Figure 5. Secondary dendrite spacing diagram at different pull-out speeds, (a) 2 mm/min. (b) 6 mm/min.
(c) 10 mm/min.

3.3. Effect of Pulling Speed on the Thermal Cracking Tendency of DZ22B Superalloy Blade

Figure 6 is the effective plastic strain diagram of the blade and the corresponding
thermal crack index HTI diagram at different pulling speeds, from which it can be seen that
changing the pulling speed has a certain effect on the plastic strain and thermal cracking
sensitivity of the blade after solidification. The chance of thermal cracking of the blade is
lowest at a pulling speed of 6 mm/min, and only a small number of hot crack-sensitive
areas are located at the junction of the upper part of the blade body with the blade crown.
However, the thermal cracking sensitivity of the blade formed by directional solidification
at lower or higher pulling speeds is large, and hot cracks may be formed in many places.
The effective plastic strain value obtained by simulation has a certain relationship with
the pulling speed, and the effective plastic strain of the blade at the pulling speeds of
2 mm/min and 10 mm/min is significantly greater than the pulling speed of 6 mm/min.
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Figure 6. Effective plastic strain diagram of the blade at different pulling speeds and HTI diagram of
the thermal crack index, (a,d) 2 mm/min. (b,e) 6 mm/min. (c,f) 10 mm/min.

3.4. Experimental Verification

Experiments are conducted on blades with hot cracks produced by AECC Southern
Industry Company Limited. The cracks are detected using fluorescence detection, while the
macroscopic grain distribution is observed after the sample is corroded with hydrochloric
acid, and it is found that the hot crack is generated in the middle and upper part of the
exhaust side of the blade body; usually a crack penetrates the blade body. The fluorescence
detection and macroscopic grain corrosion results are shown in Figure 7. The pulling
speeds are 2 mm/min, 6 mm/min, and 10 mm/min for DZ22B superalloy blades, which
are the same as those actually produced, and cross-sectional samples are prepared by taking
the middle and upper positions of the blade body. SEM images of the blade pores after the
corrosion process are obtained at various pulling speeds (Figures 8 and 9).

Figure 7. The fluorescence detection and macroscopic grain corrosion of the hot cracked blade, and
the red circle is the hot crack.

By observing the sample SEM diagram at different pulling speeds, it can be seen that
as the pulling speed increases, the secondary dendrite spacing is significantly shortened,
and the secondary dendrite spacing is the largest at the pulling speed of 2 mm/min, so its
cracking tendency will be higher. The dendrite spacing depends mainly on the temperature
gradient GL and the solidification rate R, the product of which is called the cooling rate, so
(GL·R) determines the size of the dendrite spacing as follows:

λ1 = [−64θDLmL(1− k)C0]
1/4G−1/2

L R−1/4 (8)
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λ2 = B(GLV)−1/3 (9)

Figure 8. Cylindrical specimen mid-pore SEM diagram at different pull-out speeds, (a) 2 mm/min.
(b) 6 mm/min. (c) 10 mm/min.

Figure 9. SEM diagram of the upper porosity of a specimen at different pulling speeds, (a) 2 mm/min.
(b) 6 mm/min. (c) 10 mm/min.

In which, λ1 is the primary dendrite spacing; λ2 is the secondary dendrite spacing; θ is
the capillary constant; GL is the temperature gradient at the front edge of the solid-liquid
interface; k is the solute partition coefficient; C0 is the concentration of alloying elements;
DL is the diffusion coefficient of solute elements in the liquid phase; mL is the slope of
the liquid line; k is the solidification rate; B is a constant; V is the pulling speed. It can be
seen that for superalloys with fixed composition, except for GL and R, the other quantities
have fixed values. Primary dendrite spacing, secondary dendrite spacing, and cooling
rate (GL· R) satisfy a positively correlated relationship. In general, the increase in the
pulling speed makes the temperature gradient of the liquid phase smaller but not large,
the overall cooling rate (GL· R) increases, and the distance between primary and secondary
dendrites decreases. In addition, with the continuous improvement of the pulling speed,
the cooling rate of the blades accelerates, and the heat dissipation effect becomes better and
better, resulting in the refinement of the cast dendrite structure, so the crystalline size also
decreases. Therefore, the tendency for thermal cracking can be reduced to a certain extent
by increasing the pulling speed.

The number of shrinkage holes at the three pulling speeds in the middle of the sample
was relatively small; fine shrinkage holes were distributed between the dendrites at the
pulling speeds of 2 and 6 mm/min, and irregular shrinkage holes were clustered together
at the 10 mm/min pulling speed, and the pore length reached 160.2 µm. By observing the
pore SEM diagram of three different pumping speeds in the upper part of the specimen,
it can be found that with the increase in pulling speed, the number of pores increases
significantly, and the shrinkage holes have aggregation at the pulling speed of 10 mm/min.
The percentage of porosity at 2 mm/min, 6 mm/min, and 10 mm/min pulling speeds
is calculated by Image-pro, which is 0.079%, 0.239%, and 0.643%, respectively; the faster
the pulling speed, the more pores in the upper part of the test bar. When the pulling
speed is 10 mm/min, although the transverse dendrite group obtained is small, it can
be seen that the dendrite orientation is disordered and the occlusion of the longitudinal
secondary dendrite is inadequate. The reason for this phenomenon is that the growth
rate of the crystal is lower than the pulling rate, the solid-liquid interface growth front
is below the insulation plate, the solidification environment of the axial one-dimensional
heat flow changes, and the heat loss occurs along the transverse direction, resulting in
dendrite orientation disorder. At the same time, a large pulling speed will increase the
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solidification rate of the blades and the volume of solidified solids per unit of time, thus
releasing more heat from the latent heat of crystallization. Furthermore, it will decrease the
negative temperature gradient parallel to the growth direction of the secondary dendrite
and reduce the growth driving force, resulting in insufficient occlusion of the secondary
dendrite. In addition, when the pulling speed is too fast, the radiation heat dissipation
will deviate from the directional solidification direction, which can easily lead to oblique
crystals and crystal-breaking defects. In short, excessive pulling speed will increase the
tendency of alloy hot cracking.

In summary, with the increase in pulling speed, the cooling rate during the directional
solidification of castings gradually becomes faster, while the primary and secondary den-
drite spacing of the alloy decreases. When the pulling speed of directional solidification is
too small, although the temperature gradient is improved, the cooling rate of the casting is
slow, the dendrite spacing is large, and the solidification segregation is significant. When
the directional solidification pulling speed is too large, although the cooling speed is fast
and the dendrite spacing is small, it is not conducive to the sequential solidification of the
casting, the secondary dendrite bite is insufficient, and the tendency to form micro con-
striction is increased; therefore, in order to reduce the enthusiastic tendency of directional
solidification, a moderate pulling rate should be selected, and the experimental results are
in good agreement with the simulation results.

4. ProCAST Numerically Simulates the Effect of Variable Speed Pulling Process on
DZ22B Superalloy Blades

Turbine blades are often prepared at a single pulling rate in the industrial production
of directional solidification. In the previous work, the influence of a constant pulling rate
on the shape and temperature gradient of the solid-liquid interface, as well as the influence
on the structural performance of blades, were systematically analyzed. Appropriate pulling
speed can reduce the secondary dendrite spacing of microstructure, improve casting
performance, reduce pore formation, and reduce the thermal crack sensitivity index. The
uniform speed pulling law obtained above is applied to the exploration of the variable
speed pulling process: the initial pulling rate is 6 mm/min, the pulling height is 110 mm,
the later variable speed is 2 mm/min or 10 mm/min, and the pulling height is not less than
180 mm, and the pulling speed scheme of different parts of the blade is obtained as shown
in Figure 10.

Figure 10. Variable speed pulling scheme.
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After measuring the blade length in advance, taking the position of the heat insulation
baffle as the reference point, the pulling speed of 6 mm/min is adopted in the early
stage because the alloy liquid is affected by the excited chill plate during the directional
solidification in the early stage, the cooling gradient is very large, and the mushy area
moves faster. The variable speed is realized below the marginal plate, and the effect
of variable speed pulling on the hot cracking tendency of DZ22B alloy is studied from
6 mm/min to 2 mm/min or 10 mm/min.

4.1. Effect of Variable Speed Pulling on Temperature Field of DZ22B Superalloy Blade

The pulling speed has a great influence on the temperature gradient of the liquid phase
at the front edge of the solid-liquid interface, and the regulation of the variable speed pulling
process is directly reflected in the evolution of the temperature field and the morphological
change of the mushy zone during the directional solidification process of the casting. The
temperature field comparison chart of the 6–2 mm/min and 6–10 mm/min variable speed
pulling processes is shown in Figures 11 and 12; it is the comparison chart of the solidified
mushy area of 6–2 mm/min and 6–10 mm/min variable speed pulling processes.

Figure 11. ProCAST simulation of variable speed pulling directional solidification temperature field
results, (a) 6–2 mm/min. (b) 6–10 mm/min.

Figure 12. ProCAST simulated variable speed pulling directional solidification mushy zone morphol-
ogy, (a) 6–2 mm/min. (b) 6–10 mm/min.

When the mushy area is in the upper position, the casting has just completed the decelera-
tion pulling of 6 mm/min–2 mm/min or the accelerated pulling of 6 mm/min–10 mm/min, it
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can be seen that the mushy area of the upper part of the blade in Figure 12a is relatively flat,
while the mushy area of the upper part of the blade in Figure 12b is concave, which will
affect the solidification behavior of the upper part of the blade, making the solidification
structure uneven and easy to form uneven stress, resulting in hot cracks.

4.2. Effect of Variable Speed Pulling on the Thermal Cracking Tendency of DZ22B
Superalloy Blade

Figures 13 and 14 show the effective plastic strain diagram of the variable speed
pulling blade and the corresponding thermal crack index HTI diagram, in which it can
be seen that the plastic strain is concentrated in the upper position of the blade. It can be
seen that the strain diagram of 6 mm/min slowing down to 2 mm/min or accelerating to
10 mm/min is obtained by decelerating the pulling speed to 2 mm/min or accelerating
to 10 mm/min at the upper part of the blade, and the stress gap in the upper part of the
blade is particularly obvious compared with the strain diagram accelerated to 10 mm/min.
When the pulling rate accelerates to 10 mm/min, the cooling is accelerated due to the
increase in speed, which increases the internal stress and finally leads to the generation of
thermal cracking.

The color bars and corresponding numbers on the left side of the simulated image
indicate the trend of the simulation parameters. In Figure 14, purple represents a small
tendency for thermal cracking, while red represents a large tendency for thermal cracking.
It can be seen from Figure 14 that the variable speed pulling rate of 6 mm/min–10 mm/min
is larger than the variable speed pulling rate of 6 mm/min–2 mm/min, and the dark blue
region is larger and the purple region is smaller, indicating that the area with a large thermal
cracking tendency is wider. According to the simulation results of uniform pulling, it can
also be seen that when the pulling rate is constant, the hot cracking tendency of the upper
edge of the last solidified blade is greater, and the pulling rate should be reduced so that
the last solidified part can be fully compensated, thereby reducing the thermal cracking
tendency. Therefore, from the perspective of reducing the tendency of thermal cracking, a
variable speed pulling rate of 6 mm/min–2 mm/min should be selected.

Figure 13. Comparison of the equivalent force of variable speed pulling blades, (a) 6–2 mm/min.
(b) 6–10 mm/min.
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Figure 14. Comparison of the thermal cracking tendency of variable speed pulling blades,
(a) 6–2 mm/min. (b) 6–10 mm/min.

4.3. Experimental Verification

In order to study the effect of variable speed pulling rate on DZ22B directional so-
lidification single crystal blades, three experiments with different variable speed pulling
rates are designed, namely: (a) the first 110 mm crystal pulling speed is 6 mm/min, then
reduced to 2 mm/min, the pulling height is not less than 180 mm. (b) The front and rear
pulling rates remain unchanged, and the pulling speed is 6 mm/min. (c) The first 110 mm
crystal pulling speed is 6 mm/min and then rises to 10 mm/min, and the pulling height is
not less than 180 mm.

Through fluorescence non-destructive testing, no cracks were found at these three
pulling rates, indicating that the change in pulling rate would not result in cracks. As
shown in Figure 15, microcracks can be observed in the microstructures whose pulling rates
are different. However, it should be noted that the crack size is significantly larger when
the pulling rate is constant at 6 mm/min. Therefore, variable speed pulling can effectively
reduce microcracks, thereby reducing the tendency for hot cracking.

Figure 15. SEM diagram of precipitated phase in the middle of the air intake side, (a) 6–2 mm/min.
(b) 6–6 mm/min. (c) 6–10 mm/min.

Figure 16 shows the sampling position of the secondary dendrite spacing, no obvious
cracks were found on the cut surface of each group of blades after sampling, and Figure 17
shows the secondary dendrite photos of the upper position of the blades with different
pulling rates, and there is no obvious change in the secondary dendrite spacing in the area
where the speed has changed. However, it can be observed that when the pulling rate
is 6–10 mm/min, the dendrite orientation is disordered and the longitudinal secondary
dendrite bite is insufficient. The microstructure of different pulling rates is shown in
Figure 18: it can be found that the structure size is more uniform at the pulling rate of
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6–2 mm/min, there is no abnormally developed secondary dendrite, and the grain trend is
relatively stable.

Figure 16. Sampling position of secondary dendrite spacing.

Figure 17. Secondary dendrite SEM diagram at the upper position of the intake end, (a) 6–2 mm/min.
(b) 6–6 mm/min. (c) 6–10 mm/min. Secondary dendrite SEM diagram at the upper position of the
exhaust end, (d) 6–2 mm/min. (e) 6–6 mm/min. (f) 6–10 mm/min.
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When the pulling speed is too high, the shape of the mushy area is concave, which
is not conducive to the formation of uniform, straight columnar crystals. Under the three
pulling speeds, the grain orientation with lower and medium pulling speeds is better.
The structure size is more uniform at the pulling speed of 6–2 mm/min, and there is
no abnormally developed secondary dendrite; while the grain trend is relatively stable,
the higher the pulling speed, the greater the chance of forming pores when the casting
solidifies in the later stage, and the formation of pores may be the cause of thermal cracking.
Therefore, a pulling rate of 6–2 mm/min should be selected when changing the speed
of pulling.

Figure 18. 6–2 mm/min pulling speed, blade cross-section, SEM diagram, (a) lower part of the blade.
(b) the middle part of the blade. (c) the upper part of the blade. 6–6 mm/min pulling speed, blade
cross-section, SEM diagram, (d) lower part of the blade. (e) the middle part of the blade. (f) the upper
part of the blade. 6–10 mm/min pulling speed, blade cross-section, SEM diagram, (g) lower part of
the blade. (h) the middle part of the blade. (i) the upper part of the blade.

5. Conclusions

DZ22B alloy is commonly used as a blade material for aircraft engines and gas tur-
bines, and its preparation process is an important factor affecting its performance. In the
present work, a reliable numerical model has been established through ProCast numerical
simulation that assumes a set of fixed operating and thermo physical parameters and
complemented with an auxiliary experimental verification method. The effect of casting
speed on the grain and dendrite growth of DZ22B superalloy blades is studied. Based
on numerical simulation and experimental verification, the following conclusions can be
drawn:

(a) The simulation results show that the solid-liquid interface isotherm is convex at
a pulling speed of 2 mm/min, the solid-liquid interface is concave at a pulling speed of
10 mm/min, the solid-liquid interface isotherm changes smoothly at a pulling speed of
6 mm/min.

(b) The morphology of the mushy zone affects the growth trend of grains, and the
speed of 6 mm/min is more conducive to the growth of straight columnar crystals, which
is consistent with the experimental results.

(c) Variable-speed pulling can effectively reduce micro-cracks, thereby reducing the
tendency for hot cracking. At the pulling speed of 6–2 mm/min, the grain size is more
uniform, and there are no abnormally developed secondary dendrites.

(d) Based on the above results, it is recommended to select 6–2 mm/min variable
pulling speed for the directional solidification of the DZ22B superalloy blade.
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Abstract: Sintering additives are commonly used to reduce the conditions required for densifi-
cation in composite ceramics without compromising their performances simultaneously. Herein,
SiC/SiCw-Y2O3 composite ceramics with 10 vol.% SiC whiskers (SiCw) and different Y2O3 contents
(0, 2.5, 5, 7.5, and 10 vol.%) were fabricated by hot-pressed sintering at 1800 ◦C, and the effects of Y2O3

content on the microstructure, mechanical properties, and tribological behaviors were investigated. It
was found that the increased Y2O3 content can promote the densification of SiC/SiCw-Y2O3 com-
posite ceramics, as evidenced by compact microstructure and increased relative density. The Vickers
hardness, fracture toughness, and flexural strength also increased when Y2O3 content increased
from 2.5 vol.% to 7.5 vol.%. However, excessive Y2O3 (10 vol.%) aggregated around SiC and SiCw

weakens its positive effect. Furthermore, the Y2O3 additive also reduces the coefficient of friction
(COF) of SiC/SiCw-Y2O3 composite ceramics, the higher the Y2O3 content, the lower the COF. The
wear resistance of SiC/SiCw-Y2O3 composite ceramics is strongly affected by their microstructure
and mechanical properties, and as-sintered SiC ceramic with 7.5 vol.% Y2O3 (Y075) shows the optimal
wear resistance. The relative density, Vickers hardness, fracture toughness, and flexural strength of
Y075 are 97.0%, 21.6 GPa, 7.7 MPa · m1/2, and 573.2 MPa, respectively, the specific wear rate of Y075
is 11.8% of that for its competitor with 2.5 vol.% Y2O3.

Keywords: SiC/SiCw-Y2O3 ceramics; hot-pressed sintering; Y2O3 additive; mechanical properties;
tribological behaviors

1. Introduction

Owing to their excellent mechanical properties and abrasion resistance, silicon carbide
(SiC) ceramics have been widely used in aerospace, petrochemical, and other fields [1,2].
However, the strong covalent bonding and low self-diffusion coefficient of SiC ceramics
make it hard to sinter completely and get compacted microstructure [3]. Commonly, pure
SiC ceramics require at least 2000 ◦C to get thoroughly compacted, and this considerable
energy consumption should be taken seriously [1]. Besides, the high hardness of SiC also
means its high brittleness, which may not be adaptable in some complex environments.
Thus, it is necessary to improve the comprehensive performance of SiC ceramic against
harsh work conditions.

Whisker strengthening is a very effective method to reduce the brittleness of hard
ceramics. The commonly used reinforcements include SiC fibers [4], Si3N4 whiskers [5],
SiC whiskers (SiCw) [6–9], and others. SiCw has better compatibility and has been widely
used in the toughening study of SiC ceramics, owing to the same chemical composition
and similar crystalline structure between SiC and SiCw. SiCw reinforcement has been
used to enhance the mechanical properties, particularly the fracture toughness of SiC
ceramics, due to its high elastic modulus and strength. The main toughening mechanisms
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include whisker bridging, pullout, crack deflection, and their combination [6–9]. Several
articles [6,7] mentioned that with SiCw content increase, the mechanical properties of SiC
ceramics increase first and then decrease. Yang et al. [8] reported that the proper content
of SiCw reinforcements could enhance the wear resistance, which was ascribed to the
improved mechanical properties of SiC ceramics. However, few studies on SiCw-reinforced
SiC ceramics fabricated by hot-pressed sintering have been reported.

Recently, several articles have shown that SiC powders can be densified by incorporat-
ing sintering additives at a lower sintering temperature without compromising their perfor-
mance [10–17]. Therefore, various additives like Y2O3 [10], La2O3 [11], and RE(NO3)3 [12]
(RE = rare earth element), etc., as well as the combination of Al2O3-RE2O3 [13–15], AlN-
RE2O3 [16,17], and Er2O3-Y2O3 [18] have been used in the sintering of SiC ceramics to
improve its sinterability by liquid phase generation. Further, the Y2O3 additive has been
used in various ceramics, including SiC [19–22], Si3N4 [23,24], TiC [25], ZrB2-SiC [26–30],
AlN-SiC [31], WC [32–34], and cordierite [35], etc. Some references [19–35] mentioned that
the Y2O3 additive could promote the densification of the materials and influence their
mechanical properties. Cheng et al. [25] presented that Y2O3 can improve the mechanical
properties of TiC ceramics by pinning at the grain boundary. Zhang et al. [26] discovered
that appropriate Y2O3 addition could eliminate surface oxides and suppress grain growth
to promote the densification of ZrB2-SiC ceramics. Several articles [10,19–22] reported that
the Y2O3 additive could improve the densification of SiC ceramics at a higher sintering
temperature (1900–2000 ◦C) to achieve excellent performance. It demonstrates that Y2O3
additions can accelerate the diffusion and mass transfer between the SiC matrix during
sintering [12,20]. However, a much higher temperature can deteriorate the mechanical
properties by vaporizing the liquid phase and generating pores [36]. Gupta et al. [37]
reported that a small amount of Y2O3 addition could improve the mechanical and tribolog-
ical properties of β-SiC ceramics. However, the preparation of SiC/SiCw-Y2O3 composite
ceramics and the effect of Y2O3 content on the mechanical and tribological properties have
rarely been reported.

To obtain compact SiC ceramics at a comparatively lower sintering temperature and
improve their mechanical and tribological properties simultaneously, Y2O3 and SiCw are
incorporated to fabricate the SiC/SiCw-Y2O3 composite ceramics by hot-pressed sintering
(HP) at 1800 ◦C. SiCw is used as the reinforcement and kept at 10 vol.%. Y2O3 is the sintering
additive, with content increasing from 0 to 10 vol.%. The effects of Y2O3 contents on the
microstructure, mechanical properties, and tribological behaviors of the SiC/SiCw-Y2O3
composite ceramics were investigated. This study can provide constructive suggestions
and references to the field of SiC ceramic modification.

2. Experimental
2.1. Raw Powders

Alpha-SiC nanoparticles (≥99.9%, ~100 nm, Forsman, Beijing, China), β-SiCw (≥99.9%,
D0.5 µm-L12 µm, Forsman, Beijing, China), and Y2O3 nanoparticles (≥99.9%, ~50 nm,
Aladdin, Shanghai, China) were used in this study to sinter the SiC/SiCw-Y2O3 ceramics.
FE-SEM (scanning electron microscopy, S-4800, HITACHI, Tokyo, Japan) images of the
3 raw powders and their XRD (X-ray diffractometer, D8 Advance, Bruker, Billerica, MA,
USA) patterns are shown in Figure 1. SiC powders are irregular polygonal particles with
a main crystalline structure of 6H-SiC (PDF-# 72-0018). SiCw has a diameter of ~0.5 µm
and a main crystalline structure of 3C-SiC (PDF-# 75-0254). Y2O3 (PDF-# 65-3178) is a
subspindle floccule and agglomerated with adjacent ones. The obtained results confirmed
the satisfactory morphology, size, and crystallinity of the raw powders.
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Figure 1. SEM images of (a) SiC powder, (b) SiCw powder, (c) Y2O3 powder, and (d) the XRD patterns
of the raw powders.

2.2. Hot-Pressed Sintering of SiC/SiCw-Y2O3 Ceramics

To explore the effect of Y2O3 content on the microstructure and comprehensive prop-
erties of SiC/SiCw-Y2O3 ceramics, Y2O3 with volume content of 0%, 2.5%, 5%, 7.5%, and
10% (denoted as Y000, Y025, Y050, Y075, and Y100, respectively) were investigated in this
study. SiCw contents were kept constant (10 vol.%), and SiC contents were in balance.
The purchased powders were mixed according to their designed formula, then with ZrO2
balls of 10 times the weight of the obtained powder and ethanol in the polyamides jar.
The ball-milling of the raw powders was conducted by a planet-ball-grinding machine
(MIRT-QMQX-4L, Miqi, Changsha, China), and the mill lasted without intervals for 12 h
with a speed of 180 r/min. The ball-milled powders were dried, sieved, and pre-compacted
in a graphite mold coated with graphite paper. Then, the green compacts were fabricated
by a vacuum hot-pressed sintering furnace (ZT-40-21Y, Chenhua, Shanghai, China) to
obtain SiC/SiCw-Y2O3 composite ceramics with dimensions of ϕ26.5 mm × 6.5 mm. The
sintering process was conducted at 1800 ◦C for 1 h under the pressure of 40 MPa in a
vacuum atmosphere. The detailed sintering procedure can be found in Figure 2.

2.3. Sample Characterization

The as-sintered ceramics were polished by the diamond polishing disc and silk flan-
nelette. The diamond spray with sizes gradually decreased to 0.25 µm was used during
polishing. The specimen surfaces were finally polished to average roughness below 0.4 µm.
The phase compositions of the as-sintered ceramics were detected by the mentioned XRD.
Before XRD detection, the composite ceramics were carefully polished. The fracture mor-
phologies of the composite ceramics were obtained by the three-point bending method and
observed by the SEM (S-4800, HITACHI). The morphologies and chemical composition of
the polished ceramics were examined by a photo-diode back-scattered electron (PDBSE)
detector and an energy-dispersive X-ray spectrum (EDS, X-MaxN 20, Oxford, Oxford, UK)
detector equipped on the SEM.
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2.4. Mechanical Properties

The evaluations of the mechanical properties for each group were repeated at least
5 times, and the obtained results are presented as means ± standard deviations.

2.4.1. Relative Density

Since the compactness of the as-sintered ceramics is closely related to their mechanical
properties, thus, the relative density test and the corresponding results and discussion
are included in the mechanical properties evaluation section. The bulk density was mea-
sured by an analytical balance (ME204, Mettler, Zurich, Switzerland) separately in air and
deionized water at least 5 times, and the value of relative density (%) was calculated by the
Archimedes method [11].

2.4.2. Vickers Hardness

The Vickers hardness (HV, GPa) of SiC composite ceramics with different content of
Y2O3 was tested by a Vickers hardness tester (HV-50Z, Huayin, Laizhou, China) with a
load of 20 kgf for 15 s. The length of the diagonal indentation (2a) and the final Vickers
hardness value were obtained by the standard GB/T 4340.1-2009.

2.4.3. Fracture Toughness

The indentation fracture toughness (KIC, MPa · m1/2) of each group was obtained by
the Vickers hardness tests mentioned above. The parameters, including the length of the
diagonal hardness indentation (2a) and the crack along the edge of the indentation (2c),
were precisely measured by the metallomicroscope (Axio Imager A2m, Zeiss, Oberkochen,
Germany). Young’s modulus (E) of the SiC matrix as 400 GPa was reported by Guo
et al. [38]. The value of indentation fracture toughness was calculated by Equation (1)
according to the Niihara [9,38,39].

KIC = 0.0181E0.4HV0.6a(c − a)−0.5 (1)

2.4.4. Flexural Strength

The flexural strength (σ, MPa) was investigated by a universal testing machine (CMT5305,
MTS, Eden Prairie, MN, USA) with a cross-head speed of 0.2 mm/min and a span of 14.5 mm.
The maximum applied load of the flexural fracture was recorded and calculated according to
the 3-point bending method to obtain the value of flexural strength. Besides, the bar-shaped
samples for the flexural strength test should conform to the requirement given by the standard
GB/T 3851-2015 (a size of 5.5 mm × 6.25 mm × 20 mm).
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2.5. Tribological Behavior

A tribometer (MFT-5000, RTEC) was used to investigate the tribological behavior of
the SiC/SiCw-Y2O3 composite ceramics with different Y2O3 contents. The specimens were
polished to surface roughness below 0.4 µm before the tribological test, aiming to reduce the
imperfections like scratches that would interfere with the results. The linear-reciprocating
wear tests were conducted at room temperature and dry conditions with a frequency of
2 Hz, P is the applied load (20 N), sliding time of 20 min, a stroke length of 5 mm, and s is
the friction stroke length (12 m). YG6 balls (6 wt.% Co, Vickers hardness: 20 GPa) with a
diameter of 6.35 mm were used as friction pairs in the tests. The tribological test for each
group was carried out 3 times, and the representative results were exhibited in Section 3.
The coefficient of friction (COF) variation with sliding time was recorded automatically
by the tribometer. The partial roughness of the worn surface can be represented by the
2D profiles and 3D morphologies characterization of the wear tracks instead of measuring
the entire surface roughness after the wear test. The 2D and 3D profiles of the wear tracks
were reconstructed by the equipped white-light interferometric profilometer. SEM images
of the wear scar were obtained to analyze the wear morphology and type. The geometric
parameters of wear scars (mm) and wear volume (V, mm3) were obtained by white light
interferometer data, and the specific wear rate (WR, mm3/(N · m)) was calculated according
to Equation (2) that researchers mentioned [8,40].

WR =
V
Ps

(2)

3. Results and Discussion

Figure 3 shows the fracture morphologies of SiC/SiCw-Y2O3 composite ceramics
obtained by the three-point bending tests. The porous microstructure can be observed
in the Y000 and Y025 groups (Figure 3a,b), indicating their low compactness. As Y2O3
content increases, the number of pores on the fracture morphologies of the Y050, Y075,
and Y100 groups is significantly reduced, and the connection between the grains becomes
tight (Figure 3c–e). Thus, it can be concluded that the increased Y2O3 content can facilitate
the compacting of SiC/SiCw-Y2O3 composite ceramics. Besides, the embedded SiCw and
their pullout locations (yellow arrow) in the composite ceramics have also been pointed
out. The SiCw with high elastic modulus and low crystal defects can withstand the external
force and not easy to generate the whisker fracture. The matrix fracture occurs when a high
external force is applied and beyond the load-bearing capacity of the SiC matrix and SiCw.
During fracturing, when the external force exceeds the interface bonding force between
SiCw and SiC matrix, the SiCw pullout phenomenon occurs [8,9].

To further reveal the microstructure characteristic of the compacted ceramic, the mor-
phologies of Y075 and Y100 groups after careful polishing were observed by SEM (PDBSE
mode), as shown in Figure 4a,b. The quantitative EDS was performed to estimate the Y2O3
content of the detected points with different grayscale areas, as shown in Figure 4b,c (for
Y075) and Figure 4e,f (for Y100). It can be found that Y2O3 (area with lighter grayscale)
filled in the gaps between SiC and SiCw, proving that liquefied Y2O3 can promote particle
rearrangement and mass transfer to increase the density during sintering [12,25,27]. In
the Y075 group, Y2O3 is evenly distributed and presents a slender outline between the
SiC and SiCw. Sharma et al. [40] mentioned that the glassy phase distributed between the
grain boundaries could enhance the fracture toughness by combining intergranular crack
mode and energy-dissipating processes in the crack wake. In contrast, Y2O3 in the Y100
group shows severe aggregation. It can be predicted that excess Y2O3 aggregated around
SiC and SiCw may deteriorate the mechanical and relevant properties of the composite
ceramics [26,27].
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XRD results are used to identify the phase composition of the SiC/SiCw-Y2O3 compos-
ite ceramics, as shown in Figure 5. Most of the characteristic peaks of SiC can be detected
(regardless of their specific crystalline structure) in all groups. The results in Figures 1 and 4
confirm the existence of SiC and SiCw in the composite ceramics. Except for Y000, the
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characteristic peaks (29.2◦ and 48.5◦) belonging to PDF-#65-3178 can also be found in the
rest groups, indicating the existence of Y2O3 in the composite ceramics. Moreover, the
corresponding peak intensity of Y2O3 shows an increased trend with Y2O3 content increase.
No new peaks and peaks shifting appear in the diffraction patterns, demonstrating the
good stability of the three components during sintering.
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The relative density, Vickers hardness, fracture toughness, and flexural strength of
SiC/SiCw-Y2O3 composite ceramics are shown in Figure 6. Figure 6a shows that the relative
density of composite ceramic increases with Y2O3 content; Y000 has the lowest value of
54.3%. With Y2O3 content increase to 2.5 vol.%, 5 vol.%, 7.5 vol.%, and 10 vol.%, the relative
densities reach to 87.6%, 91.5%, 97.0%, and 99.9%, respectively. The relative density results
are consistent with the fracture morphologies shown in Figure 3, confirming that the addi-
tion of Y2O3 contributes to the compactness of the SiC/SiCw-Y2O3 composite ceramics. It’s
worth noting that the poor compactness of Y000 reveals the formula failed when sintering
in this process condition; therefore, many valid mechanical and tribological data cannot
be obtained. For example, although the Vickers hardness of Y000 was obtained, it was
only 1.3 GPa and at least an order of magnitude smaller than the other groups. Hence, the
Y000 group was abandoned in subsequent tests. Compare the Y000 specimen with the other
4 groups containing Y2O3, confirming that Y2O3 additives have a noticeable promoting
effect on the microstructure and mechanical properties of SiC composite ceramics. With
the Y2O3 content increasing from 2.5 vol.% to 7.5 vol.%, the Vickers hardness increases
from 10.9 GPa to 21.6 GPa, then decreases to 18.9 GPa when Y2O3 content is 10 vol.%. The
results indicate that suitable Y2O3 content (≤7.5 vol.%) can increase the Vickers hardness,
and excessive Y2O3 content (10 vol.%) can weaken the Vickers hardness. Similar variations
can be found in the fracture toughness (Figure 6c) and flexural strength results (Figure 6d).
The values increase when Y2O3 content increases from 2.5 vol.% to 7.5 vol.% and then
decrease when Y2O3 content reaches 10 vol.%. Of course, although the tested mechanical
properties of Y100 are not the best, it is still slightly better than Y050 and Y025, proving that
excessive Y2O3 does not significantly deteriorate the relevant performance dramatically.
The hampered mechanical properties of Y100 are strongly affected by their microstructure
since the aggregated Y2O3 can decrease its load-bearing capacity attributed to the poorer
mechanical properties of Y2O3 compared with SiC [37]. Besides, the excessive Y2O3 made
redundant liquid phase connect in a larger potential flaw fracture origin [26].

Seo et al. [19] reported the SiC-2 vol.%Y2O3 ceramic which was fabricated by hot-press
sintering at 2000 ◦C, 40 MPa, N2 for 3 h. The relative density, fracture toughness, and flexu-
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ral strength are 99.1%, 3.4 MPa · m1/2, and 586 MPa, respectively. SiC-2 vol.%Y2O3 ceramic
shows slightly higher relative density and flexural strength than SiC/SiCw-7.5 vol.%Y2O3
composite ceramic (Y075) sintered at 1800 ◦C in this study. Both studies indicate that Y2O3
can improve the densification of the as-sintered ceramics, and the SiC composite ceramics
with an appropriate amount of Y2O3 can reduce the hot-pressed sintering temperature
to a comparatively lower one (1800 ◦C). Furthermore, compared with Y075, the fracture
toughness of SiC-2 vol.%Y2O3 ceramics decreased by 55.8%. It can be speculated that
the SiCw reinforced [6–9] and the Y2O3 pinned in [25] can both improve the mechanical
properties, particularly the fracture toughness of the SiC composite ceramics. It can be
concluded that incorporated Y2O3 and SiCw can work together to improve the compactness
of microstructure and the mechanical performance of the SiC composite ceramics.
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(d) flexural strength of SiC/SiCw-Y2O3 composite ceramics.

The COF variations of SiC/SiCw-Y2O3 composite ceramics with sliding time are
displayed in Figure 7a. In all groups, the COF sharply rises at the initial stage, then
decreases and shows a relatively stable status after sliding for ~200 s. After contact with
each other, the asperities on SiC/SiCw-Y2O3 composite ceramic and YG6 ball increase the
contact stress between them so that a considerable COF value can be obtained. After the
run-in stage, the relatively stable COF indicates that the contact surface of the specimen
and ball increases, indicating the decreased surface roughness of the grinding bodies.
Although the COF at the stable stage does not change dramatically, slight increases of COF
in groups with lower contents (Y025 and Y050) can still be seen. The average COF of Y025,
Y050, Y075, and Y100 during the sliding period are 0.36, 0.35, 0.34, and 0.32, respectively,
indicating that incorporating Y2O3 can decrease the COF of SiC/SiCw-Y2O3 composite
ceramics. Combined with the formula of SiC/SiCw-Y2O3 composite ceramics, it can be
boldly speculated that the worn Y2O3 debris can more easily fill the pits of the wear scars
than SiC and SiCw, reduce the roughness, and thus slightly reduce the COF. The COF and
antifriction effect of Y2O3 is positively correlated with its content [37,40–42].
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Figure 7b depicts the wear track profiles of SiC/SiCw-Y2O3 composite ceramics. It
can be seen both the width and depth of the wear track of composite ceramics decrease
in groups with Y2O3 content ≤7.5 vol.%. As the Y2O3 content continues to increase, the
width and depth of the wear track of Y100 increase, but it is still smaller than Y050. Besides,
the wear scar profiles of Y075 and Y100 are smoother than Y025 and Y050, indicating
the more compact microstructure and better mechanical properties of the latter groups.
Figure 7c1–c4 vividly displays the 3D morphology of the wear track on each sample surface.
These images exhibit the depth and width of the wear track (consistent with Figure 7b) and
can reveal the surface roughness inside the wear track. As can be seen, the wear tracks of
Y025 and Y050 possess larger roughness than Y100 and Y075, and the Y075 is the smallest.
Generally, in the case of the same materials type, the smoother the surface, the lower the
friction coefficient, and the better the wear resistance [43,44].

Coatings 2023, 13, x FOR PEER REVIEW 10 of 14 
 

 

Generally, in the case of the same materials type, the smoother the surface, the lower the 
friction coefficient, and the better the wear resistance [43,44]. 

 
Figure 7. (a)The coefficient of friction, .(b) the 2D, and (c1–c4) the 3D wear track profile of SiC/SiCw-
Y2O3 composite ceramics after grinding with YG6 balls at 20 N for 20 min: (c1) Y025; (c2) Y050, (c3) 
Y075, (c4) Y100.  

The maximum depth, width, wear volume, and specific wear rate of the wear track 
of SiC/SiCw-Y2O3 composite ceramics are listed in Table 1. The maximum depth and width 
are consistent with the results of 2D and 3D profiles in Figure 7b,c1–c4. Moreover, with 
Y2O3 content increasing from 2.5 vol.% to 7.5 vol.%, the wear volume and specific wear 
rate reach the lowest value of 3.82 × 10−3 mm3 and 1.59 × 10−5 mm3/(N · m). As the Y2O3 
content continues to increase, the wear volume and specific wear rate slightly increase but 
are still lower than the Y050 group. Thus, it can be concluded that high Y2O3 addition can 
reduce the COF, and Y2O3 additives can significantly improve the wear resistance of 
SiC/SiCw-Y2O3 composite ceramics. SiC composite ceramics with 7.5 vol.%Y2O3 shows the 
best wear resistance than others. 

Figure 7. (a)The coefficient of friction, (b) the 2D, and (c1–c4) the 3D wear track profile of
SiC/SiCw-Y2O3 composite ceramics after grinding with YG6 balls at 20 N for 20 min: (c1) Y025;
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The maximum depth, width, wear volume, and specific wear rate of the wear track of
SiC/SiCw-Y2O3 composite ceramics are listed in Table 1. The maximum depth and width
are consistent with the results of 2D and 3D profiles in Figure 7b,c1–c4. Moreover, with
Y2O3 content increasing from 2.5 vol.% to 7.5 vol.%, the wear volume and specific wear
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rate reach the lowest value of 3.82 × 10−3 mm3 and 1.59 × 10−5 mm3/(N · m). As the Y2O3
content continues to increase, the wear volume and specific wear rate slightly increase but
are still lower than the Y050 group. Thus, it can be concluded that high Y2O3 addition
can reduce the COF, and Y2O3 additives can significantly improve the wear resistance of
SiC/SiCw-Y2O3 composite ceramics. SiC composite ceramics with 7.5 vol.%Y2O3 shows
the best wear resistance than others.

Table 1. The maximum depth, maximum width, wear volume, and specific wear rate of the wear
track of SiC/SiCw-Y2O3 composite ceramics with different Y2O3 contents.

Maximum Depth
(mm)

Maximum Width
(mm)

Wear Volume
(mm3)

Specific Wear Rate
(mm3/(N · m))

Y025 2.63 × 10−2 7.30 × 10−1 3.25 × 10−2 1.35 × 10−4

Y050 1.25 × 10−2 5.01 × 10−1 7.74 × 10−3 3.23 × 10−5

Y075 7.44 × 10−3 4.09 × 10−1 3.82 × 10−3 1.59 × 10−5

Y100 8.23 × 10−3 4.51 × 10−1 6.46 × 10−3 2.69 × 10−5

SEM images of wear scars reveal the correlation between the microstructure and wear
resistance. As shown in Figure 8, the surface morphologies of wear scars (first line) are in
accordance with the 3D profiles shown in Figure 7c1–c4. As for Y025, flaky debris does not
connect tight in the microscale covered on the wear scar surface. This morphology was
caused by the cold-welded debris onto the edge of the SiC. The flaky debris filled the holes
of the hot-pressed ceramic, but due to the low friction heat and insufficient quantity, they
do not have tight bonding with the substance below [43]. Meanwhile, the asperities bear
greater friction and lead to worse wear resistance. The wear morphology and mechanism
of Y050 are similar to that of Y025, but the wear surface of Y050 is mildly flat, and the
wear resistance is improved over Y025 due to the increased relative density. Adding
Y2O3 up to 7.5 vol.% and 10 vol.% further improves the relative density of composite
ceramics, but excessive Y2O3 aggregated around SiC and SiCw (especially Y100) weakens
the Vickers hardness and the subsequent wear resistance [27,45]. As seen in Figure 8c2,d2,
no sintering holes exist in Y075 and Y100, but the size of cracks in Y100 is larger than in
Y075, indicating poor mechanical properties of Y100. The lower hardness of Y2O3 than SiC
is also responsible for the decreased wear resistance of Y100 [37]. Y075 group possesses
the optimal wear resistance, and the abrasive wear plays an important role, as evidenced
by smooth wear scar surfaces and long and thin furrows. The specific wear rate of Y075 is
11.8% than Y025.

Coatings 2023, 13, x FOR PEER REVIEW 11 of 14 
 

 

Table 1. The maximum depth, maximum width, wear volume, and specific wear rate of the wear 
track of SiC/SiCw-Y2O3 composite ceramics with different Y2O3 contents.− 

 Maximum Depth  
(mm) 

Maximum 
Width  
(mm) 

Wear Volume 
(mm3) 

Specific Wear Rate 
(mm3/(N · m)) 

Y025 2.63 × 10−2 7.30 × 10−1 3.25 × 10−2 1.35 × 10−4 

Y050 1.25 × 10−2 5.01 × 10−1 7.74 × 10−3 3.23 × 10−5 

Y075 7.44 × 10−3 4.09 × 10−1 3.82 × 10−3 1.59 × 10−5 

Y100 8.23 × 10−3 4.51 × 10−1 6.46 × 10−3 2.69 × 10−5 

SEM images of wear scars reveal the correlation between the microstructure and wear 
resistance. As shown in Figure 8, the surface morphologies of wear scars (first line) are in 
accordance with the 3D profiles shown in Figure 7c1–c4. As for Y025, flaky debris does 
not connect tight in the microscale covered on the wear scar surface. This morphology was 
caused by the cold-welded debris onto the edge of the SiC. The flaky debris filled the holes 
of the hot-pressed ceramic, but due to the low friction heat and insufficient quantity, they 
do not have tight bonding with the substance below [43]. Meanwhile, the asperities bear 
greater friction and lead to worse wear resistance. The wear morphology and mechanism 
of Y050 are similar to that of Y025, but the wear surface of Y050 is mildly flat, and the wear 
resistance is improved over Y025 due to the increased relative density. Adding Y2O3 up to 
7.5 vol.% and 10 vol.% further improves the relative density of composite ceramics, but 
excessive Y2O3 aggregated around SiC and SiCw (especially Y100) weakens the Vickers 
hardness and the subsequent wear resistance [27,45]. As seen in Figures 8c2,d2, no sinter-
ing holes exist in Y075 and Y100, but the size of cracks in Y100 is larger than in Y075, 
indicating poor mechanical properties of Y100. The lower hardness of Y2O3 than SiC is 
also responsible for the decreased wear resistance of Y100 [37]. Y075 group possesses the 
optimal wear resistance, and the abrasive wear plays an important role, as evidenced by 
smooth wear scar surfaces and long and thin furrows. The specific wear rate of Y075 is 
11.8% than Y025.  

 
Figure 8. The SEM morphologies of the wear track of SiC/SiCw-Y2O3 composite ceramics with dif-
ferent Y2O3 contents. (a1,a2) Y025; (b1,b2) Y050; (c1,c2) Y075; (d1,d2) Y100. The yellow-dotted poly-
gon outlines the sintering holes filled with wear debris. 

4. Conclusions 

Figure 8. The SEM morphologies of the wear track of SiC/SiCw-Y2O3 composite ceramics with
different Y2O3 contents. (a1,a2) Y025; (b1,b2) Y050; (c1,c2) Y075; (d1,d2) Y100. The yellow-dotted
polygon outlines the sintering holes filled with wear debris.
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4. Conclusions

SiC/SiCw-Y2O3 composite ceramics with 10 vol.% SiCw and different Y2O3 contents
were fabricated by hot-pressed sintering at 1800 ◦C. The effects of Y2O3 content on the
microstructure, mechanical properties, and tribological behaviors were systematically inves-
tigated. It is found that compact SiC/SiCw cannot be hot-pressed without Y2O3 additives at
1800 ◦C and 40 MPa. With Y2O3 content increase, the microstructures are getting compact
with increased relative density, but excessive Y2O3 leads to its aggregation. Moreover, with
Y2O3 content increasing from 2.5 vol.% to 7.5 vol.%, the Vickers hardness, fracture tough-
ness, and flexural strength all increase to the optimal values. As Y2O3 content increased
to 10 vol.%, those properties were slightly reduced. Due to the compact microstructure,
proper Y2O3 content, and excellent mechanical properties, SiC/SiCw-7.5 vol.%Y2O3 ce-
ramic (Y075) shows optimal wear resistance. The specific wear rate of Y075 is 11.8% of that
for Y025 (SiC/SiCw-2.5 vol.%Y2O3 ceramic). The excellent mechanical properties and good
wear resistance of Y075 highlight its potential future application.
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Abstract: A copper/Q235 steel/copper composite block with excellent bonding interfaces was
prepared by explosive welding which was a promising technique to fabricate laminates. The mi-
crostructure and mechanical properties of the interfaces were investigated via the tensile-shear test,
optical microscope (OM), X-ray diffraction (XRD), scanning electron microscope (SEM), and electron
back-scattered diffraction (EBSD). The results showed that the shear strength of the upper-interface
and lower-interfaces of the welded copper/steel are higher than ~235 MPa and ~222 MPa, respec-
tively. The specimens failed fully within the copper and not at the bonding interface. It was attributed
to: (1) no cavities and cracks at the interface; (2) the interface formed a metallurgical bonding in-
cluding numerous ultra-fine grains (UFGs) which can significantly improve the plastic deformation
coordination at the interface and inhibit the generation of micro-cracks.

Keywords: copper/steel/copper composite; explosive welding; microstructure; shear behavior;
interface

1. Introduction

Copper-steel composite laminates combine the excellent electrical/thermal conductiv-
ity of pure copper with the high strength and corrosion resistance of steel, and have a wide
application in many fields, such as nuclear island cooling systems, vacuum chamber heat
exchange systems, copper electrolytic refining equipment [1–3]. Good metallurgical bond-
ing of copper and steel has been challenging due to the large melting point difference and
low mutual solubility. Traditional copper/steel composite laminate preparation methods
mainly include accumulative rolling [4], diffusion welding [5], magnetron sputtering [6],
and casting [7]. Compared with the processes mentioned above, explosive welding is
an effective process to weld two or more dissimilar laminates, when there are distinct
differences in metal properties such as melting point, strength and so on [8]. Explosive
welding is a metallurgical process that uses the shock wave generated by the explosion
of explosives to subject the metal to a high-speed impact and bond it in a short period of
time. Of course, there are many factors that can affect the quality of welding, such as the
falling speed of the flyer plate, static angle, bending angle, burst speed of the explosive, the
thickness and nature of the flyer plate and substrate [9,10].

The bonding interface has a decisive influence on the mechanical properties of the
welded composites. This is because failure often occurs near the weld interface. The
development of industry also places higher desire on explosive welding: (1) revealing
failure mechanisms of composite materials at the welded interface; (2) improving the
bonding strength of welded composite materials.
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Presently, most studies on explosive welding are focused on the wave morphology,
bonding strength, and microstructure at the interface of two welded dissimilar metals [10–12].
The bonding interface of explosive welding is often wavy, and the periodic fluctuation of
shear stress is considered to be an important factor [13]. Gao et al. [14] investigated the
effect of stand-off distance on the bonding strength and microstructure of Al/Ni sheets,
and found that with the increasing of stand-off distance, the welded interface becomes
more undulating, showing in turn straight, wavy and continuously melted. Zhou et al. [8]
employed tensile shear test with in-situ scanning electron microscope (SEM) to investi-
gate the interfacial bonding properties of the Q235/TA2 composite plate and micro-cracks
generation and propagation in the welded interface. The results suggested that failure
of the interface is the combination of the cavities, micro-cracks, and brittle intermetallic
compounds. Under the tensile-shear condition, micro-cracks develop at the welded inter-
face, associate, and subsequently develop along the interface wave direction. In order to
increase the interfacial bonding of explosive welding, friction stir processing (FSP) was
used as a means of optimization [11]. The FSP not only reduces defects at the interface,
but introduces the formation of nano-grains during stirring, which significantly improves
the bonding strength of the interface. Ismail et al. [15] found that the addition of carbon
nanotubes (CNTs) between two plates increases the resistance of the solder joint to the blast
wave. Based on the above studies, it can obviously be found that many efforts were devoted
to exploit the interfacial microstructures and improve the interface bonding strength for the
explosive welded composite with two kinds of dissimilar metals. In general, relatively little
effort has been devoted to fabricate multi-layered composites via explosive welding, espe-
cially for a widely used copper-steel composite, while the microstructure and properties of
the weld interfaces are worth exploring.

In this work, a three-layered copper/Q235 steel/copper block was fabricated by an
explosive welding technique. The interfacial microstructure and shear behavior of the
copper/Q235 steel/copper block were clearly explored and revealed.

2. Experimental

Ordinary carbon structural steel plates (Q235, C-0.125, Si-0.072, Mn-0.145, P-0.017,
S-0.015, Fe-balance in wt.%) and pure copper (Fe-0.003, Si-0.028, S-0.004, Cu-balance in
wt.%) plates were selected. All plates had the same dimensions in 110 × 110 × 3 mm3.
The commonly used parallel type preparation was employed to prepare copper/Q235
steel/copper composite as schematically revealed in Figure 1a above and all explosions
took place in a sand pool. An ammonium nitrate fuel oil (ANFO) mixture having a
density of 0.90 g/cm3 was selected as the explosive material. The explosive material with a
detonation velocity of 2200 m/s and a thickness of 65 mm was placed on a Cu plate. The
stand-off distance was 6 mm. Under the action of the explosion, the flyer plate near the
detonation point was accelerated to collide with the lower plate at an angle and forming a
welded interface, as shown in Figure 1a below. After explosive welding, the thicknesses
of the three plates from top to bottom were ~2.65 mm (copper), ~2.9 mm (Q235 steel) and
~2.9 mm (copper), respectively, two interfaces were referred to as upper-interface and
lower-interface.

The mechanical properties and microstructure of explosion welded composites tend to
differ along the direction of explosive wave propagation, especially the position near and
far from the detonation point. Therefore, the samples used in this experiment were strictly
cut from the same position of the composite. All mechanical tests and microstructure
observations were performed on samples cut in the direction perpendicular to explosion
direction from laminates.

X-ray diffraction (XRD) measurements were carried out on a Bruker AXS D8 diffrac-
tometer with Cu Kα radiation. The 2θ angle was selected from 40◦ to 100◦ and the scanning
speed was 6◦ min−1. Electron back-scattered diffraction (EBSD) analysis was performed on
a field emission SEM (Quant 250FEG, FEI, America) equipped with a fully automatic Ox-
ford Instruments Aztec2.0 EBSD system (Channel 5 Software, Oxford Instruments, England,
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Oxford). The scanning step size and accelerate voltage were 1.5 µm and 20 kV, respectively.
The fracture surfaces of specimens were also investigated by this equipment.
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The tensile-shear tests on the explosion-welded upper-interface and lower-interface
were performed using an AGS-X100KN electronic universal tester (Shimadzu, Kyoto, Japan)
with a movement speed of 1 mm/min. Tensile-shear specimens with a thickness of 1 mm
were cut as parallel to the bonding interface from the explosively welded copper and Q235
steel plates by wire-electrode cutting and processed according to the standard of American
Society for Testing and Materials (ASTM A265-03), as shown in Figure 1b,c. The specimens
were notched with a width of 1 mm at two edges. It should be noticed that in this study, the
form of the interface close to the explosive layer varies more significantly with the upper
copper plate than with the interface far from the explosive layer. Both shear strength of
the upper-interface and lower-interface of the bonding composites were considered in this
work. During tensile-shear tests, the load was continuously applied to the specimen until
failure fully occurred.

3. Results and Discussion

As shown in Figure 2a,b, the metallographic results of the initial microstructure
indicate that pure copper has equiaxed grains with a mean size of ~17 µm, and Q235
steel (mean grain size of ~14 µm) is composed of a homogeneous mixture of ~90% ferrite
(white part in Figure 2b) and ~10% pearlite (black part in Figure 2b). It is well known that
pearlite is a mechanical mixture of alternating lamellar ferrite and Fe3C [16,17]. According
to the XRD results (Figure 2c), there is no other types of tissue in the matrix of both pure
copper and Q235 steel. It should be noted that by comparing the PDF card (PDF#06-0696),
the four diffraction peaks in the figure corresponded to the (110), (200), (211) and (220)
diffraction peaks of the ferrite. This is mainly because the Fe3C in the matrix was too small,
so there was no obvious diffraction peak. The XRD results for the ND (normal direction
of rolling) plane of the copper plate are shown in Figure 2c (marked in red). Compared
with the XRD spectra of standard annealed copper (PDF#65-9743), it can be found that
the (110) and (100) diffraction peaks at the ND plane have an increased percentage of
intensity. This is attributed to the fact that copper sheets in the rolled state usually have a
strong brass texture ({110}<112>) which indicates that the {110} crystalline plane parallel to
the ND plane and the <112> crystal direction parallel to the RD (rolling direction). After
annealing treatment, although the grains recrystallize and become equiaxed, part of the
crystallographic orientation of grains is inherited [18].
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Figure 3a shows the metallographic results of the welded sandwich copper/Q235
steel/copper composites which indicates that the bonding interfaces have high quality
joining without defects in forms of pores and micro-cracks. As with other other explosively
dissimilar welded joints [2,19,20], upper-interface and lower-interface both have wavy
morphology. When the explosion energy is certain, with the increase in stand-off distance,
straight, wavy and continuously melted interface will be obtained in order [14]. The
flyer plate is in an accelerated state before it touches the substrate, thus, when the stand-
off distance is larger, the kinetic energy of the flyer plate will be transformed into heat
energy near the interface [3,11,14]. Such sinusoidal shape of the interfaces can hinder the
propagation of cracks and increase the strength of the welded dissimilar layers [20,21]. The
upper-interface is more undulating than the lower-interface, and the measured average
wavelength and amplitude of the upper-interface waves are 290 ± 20 µm and 75 ± 5 µm,
respectively, those of the lower-interface are 231 ± 18 µm and 41 ± 3 µm. It may be due to
the fact that the upper-interface has higher energy. In addition, there is a small amount of
penetration at the upper interface, and it can be found from the energy dispersive X-ray
detector (EDX) results (marked by black arrows in Figure 3b). This phenomenon suggests
that the vortex is a melted zone. This could be attributed to the following reasons. Despite
the fact that the copper has a very high value of heat conductivity, there was not enough
time for the heat generated by the collision to be transferred to other position with lower
temperatures at the moment of the explosion. The rapidly increasing temperature resulted
in part of the copper and Q235 steel in the bonding interface to melt. The melting points
of copper and steel are 1083 ◦C and 1500 ◦C, respectively. As a result, a number of the
most severely deformed copper microstructures melted in the first place, and more liquid
copper was mixed with the soften or even molten iron, which can be evidenced by the fact
that copper occupies more volume fraction in the vortex region. Then, under the action
of the shock wave, the molten copper and steel mixed together and flowed with the wave
crest, and finally converge to the vortex region where the pressure in front of the wave
is lowest [1,16,19]. Greenberg et al. [22,23] found the same phenomenon in aluminium–
tantalum and copper–titanium explosive welding interfaces, vortex zones are formed near
the cusps and valleys. Due to the low impact energy, we did not find a similar vortex zone
at the lower-interface, as shown in Figure 3c.
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Figure 3. Optical microscope images (a) of the wave crest structure in copper/steel explosive bonding
interface (b,c) are upper-interface and lower-interface, respectively. The insets in (b,c) are energy
dispersive X-ray detector (EDX) maps and color codes.

For further understanding, the upper-interface and lower-interface are analyzed by
EBSD, as shown in Figure 4. Figure 4a,b displays the microstructures of two interfaces.
Inverse pole figure (IPF) indicates that the grains away from the interface in copper and steel
are equiaxed, and the grain size is consistent with the metallographic statistics. However,
the grains of steel have a certain selective orientation with <100> and <111> oriented
parallel to the direction of the wave crest line. This could be the inheritance of the initial
microstructure, considering the strain gradient distribution at the interface due to the
explosion [12]. Two typical areas are selected and enlarged in Figure 4c,d, respectively.
The upper-interface and lower-interface are composed of ultra-fine grains (UFGs) with
thicknesses of ~80 µm and ~50 µm (the area marked by the yellow dotted line). The
average grain size of UFG in domains of upper-interface and lower-interface are ~3.6 µm
and ~4.8 µm. Different from conventional welding techniques, the copper/Q235 steel
interface obtained via explosive welding without the appearance of coarse grains with
poor-strength which are often the site of cracks sprouting and eventually severely degrade
the mechanical properties of the welded interface. The formation of UFGs can be ascribed to
the high temperature generated during the impact at the bonding interface and subsequent
rapid cooling. The distribution of grain boundaries in Figure 4e,f suggests that the UFGs
mainly contain high angle grain boundaries (HAGBs), while the density of low angle grain
boundaries (LAGBs) is higher beyond the interface and decreases with increasing distance.
Which is consistent with the decrease in hardness gradient along the weld interface reported
in Liu et al. [12] and Zhou et al. [8]. Because high dislocation density and reduced grain
size often lead to high hardness [24,25].
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high angle grain boundaries (HAGBs) > 15◦ and low angle grain boundaries (LAGBs) between 2◦

and 15◦, respectively.

To investigate the interfacial bonding strength of the copper/Q235 steel/copper ex-
plosive composite, the tensile-shear test was employed, and the load-displacement curves
are shown in Figure 5. It can be found that the trend of the tensile-shear curve of the
upper-interface is basically the same as that of the lower-interface. Shear strength (τ) is
commonly used to measure the ability of a material to resist shear sliding, which is de-
fined as τ = Fmax/S, where Fmax and S are the maximum load and bonding surface area
between the two notches [8]. The corresponding shear strengths of the upper-interface
and lower-interfaces are higher than ~235 MPa and ~222 MPa, respectively. However,
the energy consumed by the upper-interface and lower-interfaces is also almost equal
during the tensile shear test because the area enclosed by the tensile-shear curve and the
displacement axis is proportional to the energy consumed by the specimen during the
deformation process [26,27].

Interestingly, the welded interfaces in the present work exhibited a different fracture
behavior during tensile shear testing than in other literature [8,14]. Usually, failure of
the welded interface occurs along the direction of the interface wave. This is due to the
presence of defects such as cavities, cracks and brittle intermetallic at the interface zone. The
discontinuities and stress concentration points can weaken the interface shear resistance [8].
However, during the experiment in this work, all fracture occurs on the copper side, the
interface of the welded joint maintains the shape before the shear test (Figure 5). Fracture
on the copper side indicates that the tensile-shear test is failed. In addition, the plastic
deformation on the copper side resulted in much more slip traces and surface relief than the
steel side which indicates that the plastic deformation during the tensile-shear test occurred
mainly on the copper side. The reason for this phenomenon is that pure copper has a low
strength. In other words, the shear strength of the upper-interface and lower-interface is
much higher than 220 MPa. No obvious micro-cracks and fragmented brittle intermetallic
compounds were found at the fracture (Figure 6a–d). From Figure 6c,d, it can be found
that the plastic deformation on the copper side mainly occurs away from the interface,
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which is due to the fact that the UFGs can increase the coordination of plastic deformation
in the local area and inhibit the generation of micro-cracks [26,27]. Thus, the explosive
welding interface obtained in this work is excellent. This can also be judged from the
fracture morphology of the fractured samples, where a large number of dimples indicate
that ductile fracture occurred, and the size of the dimples is comparable to the grain size
counted by EBSD, as shown in Figure 6e,f. Good quality of interfacial bonding will reduce
the tendency of interfacial delamination in subsequent plastic processing [2].
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4. Conclusions

In this paper, the microstructures and properties of the interface for a copper/Q235
steel/copper composite plate prepared by explosive welding are studied. The interface
between copper and Q235 steel presents a typical wavy structure with an amplitude rang-
ing between 40 and 75 µm and a wavelength from 230 to 290 µm. The shear strength of
the upper-interface and lower-interfaces of the welded copper/Q235 steel are higher than
~235 MPa and ~222 MPa, respectively. The specimens failed fully within the copper and
not at the bonding interface, which is due to three factors: (1) no cavities and cracks at the
interface; (2) the interface forms a metallurgical bonding including numerous UFGs, which
can significantly improve the plastic deformation coordination at the interface and inhibit
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the generation of micro-cracks. Explosive welding can avoid the reduction of mechanical
properties of welded joints due to defects such as coarse grains and cracks at the bonding
interface. This research provides the experimental basis for sample preparation, microstruc-
ture observation and performance testing of the interface between two or more dissimilar
metals. Furthermore, the simulation of interface microstructure and properties also has
very important guiding significance for the bonding of two or more dissimilar metals. In
addition, small-sized copper/Q235 steel/copper composite plates with excellent bonding
interface were obtained in this study, and the preparation and deformation processes of
large-sized composites suitable for engineering applications are yet to be investigated. They
are the future directions of this work.
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Abstract: This work aims to research the influence of boron and quenching temperature on the
microstructures and performances of boron-bearing high-speed alloy steel. The results showed
that the hardness and wear resistance of boron-bearing high-speed alloy steel were improved after
increasing the boron content. The volume fraction of boron-rich carbide gradually decreased, and the
hardness increased significantly with the rise in quenching temperature. The highest comprehensive
mechanical properties were obtained for samples quenched at 1040 ◦C. The TEM results showed
the boron-rich carbide was M7(C, B)3 with an HCP structure, and the precipitated particles were
M23(C, B)6 with an FCC structure after tempering. This work may help improve the wear resistance
of materials in the field of surface coatings.

Keywords: boron-bearing high-speed alloy steel; properties; quenching temperature; boron-rich carbide

1. Introduction

The roller is an important part of the production of hot rolling or cold rolling [1,2]. The
working environment of the roller is very harsh, which requires good high-temperature
oxidation resistance, high impact toughness, and excellent wear resistance [3,4]. High-
speed alloy steel is often used in the roller due to its high hardness, good impact toughness,
and excellent wear resistance [5,6]. However, a lot of alloying elements are also added to the
high-speed alloy steel to enhance the wear resistance, which has increased the production
cost, resulting in a huge waste of metallic resources. Surface coating technology is also
often used to enhance the properties of a roller, but the wear resistance and the hardness of
the substrate are also critical. Therefore, this work sets the scene for the remaining laser
cladding works by studying the properties of the substrate.

To reduce the consumption of energy, low-cost materials are important to use in the
equipment, particularly in wear-resistant materials. The element boron is often added to
steel to replace expensive elements and improve wear resistance, as boron can combine
with C, Fe, Cr, Mo, and other elements to form hard phases with good stability and high
hardness. Moreover, the addition of boron can allow for its distribution into the matrix to
enhance the hardenability of materials and, best of all, reduce the cost compared to other
elements [7–9].

Chen et al. [8] researched the microstructures and properties of white cast iron with
high boron content and found that M2B-type eutectic compounds formed after adding
boron. XRD, EDX, and TEM results showed that the M’0.9Cr1.1B0.9 eutectic compounds
appeared in the matrix of white cast irons when adding about 4 wt.% chromium. Fu et al. [9]
investigated the microstructures, performance, and wear resistance of boron-bearing high-
speed steel. They found that the casting-state structure of boron-bearing high-speed steel
consisted of M2(B,C) carbides, M23(B,C)6, α-Fe, M3(B0.7C0.3), TiC, and a small quantity of
retained austenite. The impact toughness and hardness reached 80–85 kJ/cm2 and 65–67
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HRC, respectively. However, this high-speed steel with low carbon and high alloy content
did not achieve high wear resistance, and the W and Ti elements were expensive.

Therefore, in this work, boron will be added to high-speed alloy steel with high carbon
content to study the influence of boron and heat treatment processes on high-speed alloy
steel. More importantly, the developed high-speed alloy steel will be used to investigate if
the use of expensive elements could be decreased by adding boron to reduce costs.

2. Experiment Details
2.1. Material Preparation

The boron-bearing high-speed alloy steel was prepared in a 40 kg medium-frequency
induction furnace. All raw materials were melted, and ferroboron was added into the
melt as the temperature reached 1540 ◦C. The melt was poured into sand molds when
the temperature rose to 1610 ◦C, and then Y-block ingots were obtained according to the
standard of ASTM A781/A 781-M95. Table 1 shows the chemical constituent of the testing
alloy steel.

Table 1. The chemical constituent of the testing alloy steel (wt.%).

Alloy C B Mo Si Mn Cr V S P Fe

A 1.19 1.03 1.36 0.87 1.13 3.50 1.13 0.011 0.024 Bal.

B 1.23 1.59 1.41 0.92 1.24 3.48 1.05 0.016 0.025 Bal.

The heat treatment processes of boron-bearing high-speed alloy steel were as follows:
the alloy steel was austenitized at different temperatures for 1 h, then quenched by air.
After that, the samples were tempered at 500 ◦C for 3 h and then cooled by air.

2.2. Microstructural Investigation

The microstructures of the samples were investigated by a scanning electron microscope
(SEM, JSM-6510, JEOL, Tokyo, Japan) (secondary electron detector), an optical microscope
(OM, Olympus BX51, Olympus, Tokyo, Japan), an energy dispersive spectroscope (EDS,
Oxford Instruments, Oxford, London, England) with an acceleration voltage of 15 kV, a
transmission electron microscope (TEM, JEM-2100F, JEOL, Tokyo, Japan) [10] with an energy-
dispersive X-ray (EDX, Oxford Instruments, 80 mm2 X-max SDD, Oxford, London, England,
and an electron probe X-ray micro-analyzer (EPMA, JXA-8230, EOL, Tokyo, Japan). The
samples were polished and then etched by a 5 g CuSO4 + 20 mL HCl + 20 mL H2O solution
for metallographic observation. The volume fraction of the boron-rich carbide (B-rich carbide)
was measured by Image-Pro software (1.0, Tokyo, Japan). Fifty different fields of view were
selected and calculated the average value was the final result (the standard deviation was
less than 4). The phase composition was analyzed by X-ray diffraction (XRD, Rigaku D/Max-
2400× diffractometer, Rigaku, Tokyo, Japan) with a 2θ range of 10◦–90◦ and a scanning speed
of 20◦/min.

2.3. Properties Investigation

The hardness of boron-bearing high-speed alloy steel was measured by the HR-150A
Rockwell hardness tester (TIME, Beijing, China), and the average value was calculated
as the resulting value (the standard deviation was less than 5). The microhardness mea-
surements of boron-bearing high-speed alloy steel samples were carried out by a MICRO
MET-5103 Vickers hardness tester with a load of 1.96 N. According to the standard of ASTM
E384-1999, the unnotched Charpy impact specimens were measured by a JBW-300 capacity
impact testing machine with an impact energy of 150 J at room temperature. The size of the
samples for the impact test was 10 mm × 10 mm × 55 mm. Wear loss was measured by an
MM-200 block-on-ring wear testing machine with a wheel rotation speed of 300 r/min, a
load of 300 N, and a test duration of 60 min. The size of the specimen for the wear test was
10 mm × 10 mm × 10 mm. The grinding ring with a material of GCr15 steel, a hardness
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of 60 HRC, and a size of ϕ40 mm × 10 mm (thickness) was selected to rub the specimen
for the wear test. In order to compare wear resistance, the wear loss was measured by the
electronic balance (TG328B), and then the average value of three samples was calculated
as the final weight loss result. The worn surfaces of the specimens were analyzed by a
VK-9710 color 3D laser scanning microscope (Keyence, Osaka, Japan) and SEM.

3. Results and Discussion
3.1. As-Cast Microstructures

Figure 1 shows the as-cast microstructures of the boron-bearing high-speed alloy steel
(B-bearing high-speed alloy steel). The solidification microstructures of the two boron-
bearing high-speed alloy steel are mainly constituted of the matrix and the coarse net-like
B-rich carbides. Thereinto, the matrix contains ferrite mainly, some pearlites, and less
martensite. The area of B-rich carbide was calculated by Image-Pro software (Version 6.0),
and the results showed that the volume fraction of B-rich carbide in alloy A and alloy B
was 23.1 and 28.9 vol.%, respectively. Evidently, the quantity of B-rich carbide in alloy B
was more than in alloy A, indicating that the B-rich carbides increased with the increase in
boron content.
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Figure 1. Microstructures of alloy steel as-cast: (a) OM result of alloy A; (b) SEM result of alloy A;
(c) OM result of alloy B; (d) SEM result of alloy B.

In order to study the element constitution and the distribution of B-rich carbide in the
two alloys, the surface of specimens was observed by an SEM with an EDS. Figures 2 and 3
show the surface scanning results of alloys A and B, respectively. Table 2 shows EPMA test
results of B-rich carbides. The results showed that the elements contained in the carbides
are C, B, Cr, Mo, etc., indicating that the Cr and Mo elements were dissolved in the B-rich
carbide. The microhardness of the B-rich carbide in alloy A and alloy B is 644 and 731 HV0.2,
which indicates the hardness of B-rich carbide increased with B content. In addition, the
microhardness of the matrix in alloy A and alloy B is 255 and 246 HV0.2, indicating that the
matrix hardness did not significantly change after increasing the B content.

57



Coatings 2022, 12, 1650

Coatings 2022, 12, x FOR PEER REVIEW 4 of 12 
 

 

indicating that the matrix hardness did not significantly change after increasing the B con-

tent. 

 

Figure 2. EDS analysis of as-cast alloy A. 

 

Figure 3. EDS analysis of as-cast alloy B. 

Table 2. EPMA test results of B-rich carbides (at.%). 

Alloy C B Mo Si Mn Cr V Fe 

A 13.45 18.33 2.88 0.96 0.24 6.77 1.79 55.58 

B 11.26 22.69 3.15 0.63 0.51 5.24 1.81 54.71 

3.2. Effect of Quenching Temperature on Microstructures and Properties 

Figure 4 shows the microstructure of alloy A after quenching at different tempera-

tures. After quenched at 960 and 1000 °C, the matrix of the boron-bearing high-speed alloy 

steel contained ferrite and less pearlite, as shown in Figure 4a–d. The matrix changed from 

ferrite to martensite when the quenching temperature exceeded 1040 °C (see Figure 4e–f). 

With the increase in quenching temperature, the matrix did not change, as shown in Fig-

ure 4a–d, indicating that the high quenching temperature could obtain the martensitic 

matrix. 

Figure 5 shows the microstructure of alloy B after quenching at different tempera-

tures. Similar to the case of alloy A, the matrix of boron-bearing high-speed alloy steel 

contained ferrite and less pearlite after quenching at relatively low quenching tempera-

tures, as shown in Figure 5a–d. After quenching at relatively high quenching tempera-

tures (more than 1040 °C), the matrix of the boron-bearing high-speed alloy steel was 

mainly composed of martensite. 

To further analyze the influence of quenching temperature on B-rich carbide, the vol-

ume fraction of B-rich carbide in B-bearing high-speed alloy steel quenched at different 

temperatures was investigated. The computed results are shown in Figure 6. As the 

quenching temperature increased, the volume fraction of B-rich carbide gradually 

Figure 2. EDS analysis of as-cast alloy A.

Coatings 2022, 12, x FOR PEER REVIEW 4 of 12 
 

 

indicating that the matrix hardness did not significantly change after increasing the B con-

tent. 

 

Figure 2. EDS analysis of as-cast alloy A. 

 

Figure 3. EDS analysis of as-cast alloy B. 

Table 2. EPMA test results of B-rich carbides (at.%). 

Alloy C B Mo Si Mn Cr V Fe 

A 13.45 18.33 2.88 0.96 0.24 6.77 1.79 55.58 

B 11.26 22.69 3.15 0.63 0.51 5.24 1.81 54.71 

3.2. Effect of Quenching Temperature on Microstructures and Properties 

Figure 4 shows the microstructure of alloy A after quenching at different tempera-

tures. After quenched at 960 and 1000 °C, the matrix of the boron-bearing high-speed alloy 

steel contained ferrite and less pearlite, as shown in Figure 4a–d. The matrix changed from 

ferrite to martensite when the quenching temperature exceeded 1040 °C (see Figure 4e–f). 

With the increase in quenching temperature, the matrix did not change, as shown in Fig-

ure 4a–d, indicating that the high quenching temperature could obtain the martensitic 

matrix. 

Figure 5 shows the microstructure of alloy B after quenching at different tempera-

tures. Similar to the case of alloy A, the matrix of boron-bearing high-speed alloy steel 

contained ferrite and less pearlite after quenching at relatively low quenching tempera-

tures, as shown in Figure 5a–d. After quenching at relatively high quenching tempera-

tures (more than 1040 °C), the matrix of the boron-bearing high-speed alloy steel was 

mainly composed of martensite. 

To further analyze the influence of quenching temperature on B-rich carbide, the vol-

ume fraction of B-rich carbide in B-bearing high-speed alloy steel quenched at different 

temperatures was investigated. The computed results are shown in Figure 6. As the 

quenching temperature increased, the volume fraction of B-rich carbide gradually 

Figure 3. EDS analysis of as-cast alloy B.

Table 2. EPMA test results of B-rich carbides (at.%).

Alloy C B Mo Si Mn Cr V Fe

A 13.45 18.33 2.88 0.96 0.24 6.77 1.79 55.58

B 11.26 22.69 3.15 0.63 0.51 5.24 1.81 54.71

3.2. Effect of Quenching Temperature on Microstructures and Properties

Figure 4 shows the microstructure of alloy A after quenching at different temperatures.
After quenched at 960 and 1000 ◦C, the matrix of the boron-bearing high-speed alloy steel
contained ferrite and less pearlite, as shown in Figure 4a–d. The matrix changed from ferrite
to martensite when the quenching temperature exceeded 1040 ◦C (see Figure 4e,f). With
the increase in quenching temperature, the matrix did not change, as shown in Figure 4a–d,
indicating that the high quenching temperature could obtain the martensitic matrix.

Figure 5 shows the microstructure of alloy B after quenching at different temperatures.
Similar to the case of alloy A, the matrix of boron-bearing high-speed alloy steel contained
ferrite and less pearlite after quenching at relatively low quenching temperatures, as shown
in Figure 5a–d. After quenching at relatively high quenching temperatures (more than
1040 ◦C), the matrix of the boron-bearing high-speed alloy steel was mainly composed
of martensite.
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To further analyze the influence of quenching temperature on B-rich carbide, the
volume fraction of B-rich carbide in B-bearing high-speed alloy steel quenched at different
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temperatures was investigated. The computed results are shown in Figure 6. As the quench-
ing temperature increased, the volume fraction of B-rich carbide gradually decreased. Alloy
A and alloy B showed the same trend. High temperatures promoted the increase of boron
solid solubility in austenite, which caused the elements in the B-rich carbide to diffuse into
the matrix, resulting in the dissolution of the B-rich carbide. It is also worth noting that the
volume fraction of B-rich carbide in alloy A was always smaller than in alloy B.
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Figure 7 shows the influence of quenching temperature on microhardness in the alloy
steel matrix. The microhardness of the matrix of alloy A and alloy B increased significantly
with the increase in quenching temperature. When quenched at 1080 ◦C, the microhardness
of alloy A and alloy B reached the highest values, 720 and 780 HV0.2, respectively. When
the quenching temperature was relatively low, the matrix of the boron-bearing high-speed
alloy steel was mainly composed of ferrite. After the quenching temperature reached
1080 ◦C, the ferrite matrix became martensite, which improved the hardness of the alloy.
Furthermore, the elements in B-rich carbide dissolved into the matrix, which led to an
increase in matrix hardness.

Figure 8 shows the properties of the boron-bearing high-speed alloy steel after quench-
ing at different temperatures. The macro-hardness trend was similar to that of micro-
hardness. Although the increase in the quenching temperature led to a decrease in B-rich
carbide, the increase in matrix hardness promoted an increase in microhardness. The im-
pact toughness gradually increased with the rise in quenching temperature. The structure
of the boron-bearing high-speed alloy steel contained ferrite, less pearlite, and a large
volume fraction of carbides at the low quenching temperature, so the hardness and impact
toughness were lower. The appearance of martensite promoted an increase in hardness, and
a decrease in carbides promoted an increase in impact toughness. However, the appearance
of a large amount of martensite could destroy the impact toughness. For the two alloys, the
quenching temperature to obtain the optimal comprehensive mechanical properties was
1040 ◦C. Therefore, alloys A and B were treated with a quenching temperature of 1040 ◦C
to study the microstructure and wear resistance after tempering.
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Figure 8. Hardness and impact toughness of alloy steel: (a) alloy A; (b) alloy B.

3.3. Microstructure and Wear Resistance after Tempering

Figure 9 shows the microstructures of alloys A and B in the heat-treated condition.
The microstructure of the B-bearing high-speed alloy steel comprises precipitated particles,
martensite matrix, and B-rich carbide after tempering at 500 ◦C for 3 h. It is worth noting
that the number of particles was relatively small. The total volume fraction of B-rich carbide
and precipitated particles were investigated by Image-Pro software, and the total volume
fraction of alloy A and B were 19.2 and 23.3 vol.%, respectively, indicating that the total
volume fraction of alloy A was slightly less than alloy B.

In order to further analyze the types of B-rich carbides and precipitated particles, the
microstructures of alloy B were investigated by a TEM with an EDX. The results of the TEM
micrographs and elemental analysis are shown in Figure 10 and Table 3, respectively. The
B-rich carbide is M7(C, B)3 with a hexagonal close-packed (HCP) structure [11], and the
lattice constants are a = 1.38 nm and b = 0.43 nm, as shown in Figure 10a. The precipitated
particles are M23(C, B)6 with a face-centered cubic (FCC) structure [11], and the lattice
constant is a = 1.07 nm, as shown in Figure 10b. Figure 11 shows the XRD results of the
boron-bearing high-speed alloy steel after tempering. The matrix contained two kinds
of carbides: M23(C, B)6 and M7(C, B)3, which is in agreement with the TEM results. In
addition, the results of the high-resolution transmission electron microscopy (HR-TEM) in
Figure 10c also provided support.
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Figure 9. Microstructure of boron-bearing high-speed alloy steel after tempering: OM results (a),
SEM results (c) and SEM results at high magnification (e) of alloy A; OM results (b), SEM results
(d) and SEM results at high magnification (f) of alloy B.
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Table 3. EDX test results of TEM samples (at%).

Phase C B Mo Si Mn Cr V Fe

B-rich carbides 11.68 19.65 3.56 1.12 0.56 5.69 1.52 56.13

Precipited particles 9.88 13.21 2.64 1.35 0.94 6.99 2.56 62.43
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The wear resistance of alloys A and B was researched by a wear tester, and the
reciprocal of the wear loss was expressed as the wear resistance. The wear loss of alloys A
and B are shown in Figure 12. The results show the wear resistance of alloy B exceeded
alloy A, which indicates that the wear resistance of boron-bearing high-speed alloy steel
increased after increasing the B content. The increase in wear resistance is mainly attributed
to the increase in the volume fraction of carbides.
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Figure 12. Wear loss of alloy A and alloy B.

The worn surface of the alloy steel was observed by an SEM, as shown in Figure 13a,b.
The spalling and groove could be observed on the worn surface of the boron-bearing high-
speed alloy steel, indicating that the wear mechanism of boron-bearing high-speed alloy
steel may be abrasive wear. To reveal the wear mechanism of boron-bearing high-speed
alloy steel, the cross-section of alloys A and B after wear was observed by an SEM, see
Figure 13c,d. The B-rich carbide could protect the matrix, indicating that the wear resistance
is significantly enhanced after increasing the B content.
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In this paper, boron was added to high-speed alloy steel with high carbon content to 

study the effects of boron and heat treatment on high-speed alloy steel. The conclusions 

obtained are as follows: 

(1) With the increase in austenitizing temperature, the quantity of B-rich carbide gradu-

ally decreased. The comprehensive mechanical properties were optimal after the al-

loy steel was austenitized at 1040 °C for 1 h, quenched in air, and tempered at 500 °C 

for 3 h. 

(2) TEM results showed the B-rich carbide is M7(C, B)3 with an HCP structure, and the 

precipitated particles are M23(C, B)6 with an FCC structure after tempering. 

(3) The wear resistance of boron-bearing high-speed alloy steel was enhanced by in-

creased B content. 

Figure 13. SEM images of B-bearing high-speed alloy steel worn surfaces: (a) SEM images of alloy A
worn surfaces; (b) SEM images of alloy B worn surfaces; (c) SEM image of cross-section of alloy A
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To analyze the wear resistance of B-bearing high-speed alloy steel, the worn surface
was observed by a 3D laser scanning microscope, see Figure 14. Due to the existence of
B-rich carbide, the shedding was easily formed during the process of wear. Additionally,
shallow grooves and low roughness occurred on the surface of alloy B because the wear
resistance of alloy B is better than alloy A.
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4. Conclusions

In this paper, boron was added to high-speed alloy steel with high carbon content to
study the effects of boron and heat treatment on high-speed alloy steel. The conclusions
obtained are as follows:

(1) With the increase in austenitizing temperature, the quantity of B-rich carbide gradually
decreased. The comprehensive mechanical properties were optimal after the alloy
steel was austenitized at 1040 ◦C for 1 h, quenched in air, and tempered at 500 ◦C
for 3 h.

(2) TEM results showed the B-rich carbide is M7(C, B)3 with an HCP structure, and the
precipitated particles are M23(C, B)6 with an FCC structure after tempering.

(3) The wear resistance of boron-bearing high-speed alloy steel was enhanced by in-
creased B content.
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Abstract: The corrosion resistance of magnesium alloys can be effectively improved by surface
treatment. In this study, a hydrophobic two-dimensional (2D) TiO2/MoS2 nanocomposite coating
was fabricated on AZ31B magnesium alloy by an electrophoretic deposition method. The corrosion
resistance of the coating was evaluated using potentiodynamic polarization and electrochemical
impedance spectroscopy analyses. After being modified by a silane coupling agent (KH570), the
TiO2/MoS2 coating changed from hydrophilic to hydrophobic, and the static water contact angle
increased to 131.53◦. The corrosion experiment results indicated that the hydrophobic 2D TiO2/MoS2

coating had excellent anticorrosion performance (corrosion potential: Ecorr = −0.85 VAg/AgCl, and
corrosion current density: Icorr = 6.73× 10−8 A·cm−2). TiO2/MoS2 films have promising applications
in magnesium alloy corrosion protection.

Keywords: magnesium alloys; electrophoretic deposition; TiO2/MoS2; corrosion resistance

1. Introduction

Magnesium alloys, widely used in the aerospace and automotive industries, have the
advantages of high specific strength, low density, good manufacturability and recyclability,
and abundant resources [1–4]. However, due to the relatively active chemical properties of
magnesium, low standard electrode potential, and poor protection ability of natural oxide
film, the corrosion resistance of magnesium alloys is poor [5–7], which limits their wider
application. Therefore, improving the corrosion resistance of magnesium alloys can greatly
expand their practical application. The commonly used methods to improve the corrosion
resistance of magnesium alloys include chemical conversion coating [8], plasma electrolytic
oxidation [9], laser surface melting [10], shot peening [11], cold spraying [12], etc. These
methods can improve the corrosion resistance of magnesium alloys, but the process is
complex, costly, energy-intensive, and poses various environmental issues. On the other
hand, constructing a thin film on the surface of magnesium alloys by electrodeposition can
effectively slow down the corrosion rate of materials and has the advantages of low cost,
convenient operation, rapid film formation, and ease of control [13,14].

Two-dimensional materials have attracted more attention for their potential applica-
tions in optics, electrochemical energy storage, biosensing, and other fields due to their
special physical properties [15–20]. The 2D materials are also used as coatings to form pro-
tective layers, which can act as physical barriers to prevent contact between the corrosive
medium and the substrate and avoid corrosion [21,22]. Since graphene was discovered, it
has been widely used in the field of corrosion resistance due to its good chemical stability,
high strength, and low friction coefficient [23–25]. Single-layer defect-free graphene can
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prevent the permeation of molecules. However, defective graphene will accelerate galvanic
corrosion [26,27]. In recent years, an increasing number of graphene-like 2D materials
have been discovered, such as MoS2, TiO2, boron nitride, C3N4, and MXene [28–32]. TiO2
and MoS2 are two promising two-dimensional materials that have great development
potential in the field of anticorrosion. TiO2 has good chemical and thermal stability. At
the same time, due to the lack of interconnected pores in TiO2, the corrosion resistance of
TiO2 is higher than that of other metal oxides [33–37]. For instance, Devikala et al. [38]
showed that with the increase in TiO2 concentration the corrosion resistance efficiency of
composites increased. Rostami et al. [39] demonstrated that the addition of TiO2 improved
the corrosion resistance of the pure cobalt film. Shams Anwar et al. [40] indicated that the
addition of TiO2 nanoparticles improved the corrosion resistance of Zn-Ni alloys. MoS2
has attracted extensive attention in the field of corrosion protection because of its special
(S-Mo-S) three-atomic-layer structure and excellent chemical stability [41,42]. For example,
Xia et al. [43] prepared SiO2 nanoparticles modified by MoS2 nanosheets, which showed
robust corrosion resistance. Hu et al. [44] demonstrated that nano-MoS2 on a zinc phos-
phate coating effectively promoted the phosphating process, which improved the corrosion
resistance of Q235 low-carbon steel. Chen et al. [45] loaded nano-MoS2 on the surface
of graphene oxide flakes, which endowed the composite coating with excellent barrier
properties and significantly improved the corrosion resistance of the coating.

In this work, we describe our recent progress in the synthesis of the hydrophobic
nanocomposite coating, which is 2D TiO2/MoS2 modified by a silane coupling agent,
KH570. This was synthesized to enhance the corrosion resistance of AZ31B magnesium
alloy. Because 2D TiO2 and MoS2 have similar electronegativity, MoS2 was added to TiO2
dispersion to obtain an electrophoretic solution. Then, a TiO2/MoS2 thin film was prepared
on the surface of the magnesium alloy by electrophoretic deposition. The prepared 2D
TiO2/MoS2 thin film was modified by KH570. The as-prepared thin film has hydrophobic
properties and excellent corrosion resistance, which satisfies the demands of society and
has broad application prospects.

2. Materials and Methods
2.1. Materials

AZ31B magnesium alloy (thickness of 1 mm, composition: 2.5–3.5 wt % Al, 0.6–1.4 wt %
Zn, 0.2–1.0 wt % Mn, 0.04 wt % Ca, 0.003 wt % Fe, 0.001 wt % Ni, 0.08 wt % Si, 0.01 wt %
Cu) was purchased from Dongguan Hongdi Metal Materials Co., Ltd. (Dongguan, China).
Silane coupling agent KH570 was purchased from Jinan Xingfeilong Chemical Co., Ltd.
(Jinan, China).

2.2. Preparation of TiO2/MoS2 Films

The TiO2 colloid and MoS2 were synthesized according to previous studies [46,47].
We added 0.7 mL of 1.0 mg/mL MoS2 aqueous solution to 100 mL of 70% ethanol solution
containing 1 mL of TiO2 colloid. The two magnesium alloy substrates were kept at a
distance of 15–20 mm in 5 mL of electrophoresis solution and electrophoresed for 90 s at a
constant voltage of 20 V. After electrophoresis, the excess precipitates on the surface were
washed with deionized water, dried at room temperature for 48 h, and heated at 150 ◦C for
60 min to obtain TiO2/MoS2 coating.

2.3. Preparation of TiO2/MoS2 Films Modified by KH570

The prepared samples were immersed in a beaker containing silane coupling agent,
KH570 solution, for 30 min. After repeated rinsing with anhydrous ethanol, the silane-
modified TiO2/MoS2 surface layer was obtained. The resultant product was denoted as
TiO2/MoS2-K.
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2.4. Analysis of Zeta Potential

The zeta potential of TiO2 and MoS2 was determined by Nanometrics (Malvern
Zetasizer Nano ZS90, malvernpanalytical). Figure 1 shows the zeta potential diagrams
of TiO2 and MoS2 measured at 25 ◦C. The measured electronegativity results are shown
in Table 1. On the basis of Figure 1 and Table 1, it is shown that TiO2 and MoS2 have
similar electronegativity. Therefore, MoS2 was added to the TiO2 dispersion, and both were
deposited on the anode during electrophoresis deposition.
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Table 1. Electronegativity of TiO2 and MoS2.

Sample Zeta Potential/mV

TiO2 −0.511
MoS2 −0.356

2.5. Characteristics of Morphology, Chemical Composition, and Hydrophobic and Anticorrosion
Properties

The surface morphology of the samples was observed using an S-4800 scanning
electron microscope (SEM, S-4800, Japan Hitachi Corporation, Tokyo, Japan). The phase
structure of the samples was characterized by a D-8 X-ray diffractometer (XRD, D8, Beijing
Brook Technology Co., Ltd., Beijing, China). The X-ray photoelectron spectroscopy (XPS)
analysis was performed using a Thermo ESCALAB 250XI. Fourier transform infrared
spectroscopy (FTIR, IRPrestige-21, Shanghai Yixiang Instrument Co., Ltd., Shanghai, China)
was carried out for TiO2/MoS2 and TiO2/MoS2-K. Measurement of the static water contact
angle on the sample surface was performed using a contact angle measuring instrument
(SDC-100S, Dongguan Shengding Precision Instrument Co., Ltd., Dongguan, China); 6 µL
was set as the drip volume in the test, and multiple measurements were performed at
different positions on the surface of each sample, with the average value of multiple
measurements taken for analysis. Metal corrosion in the atmosphere was simulated by
a salt spray corrosion test box (DF-YWX/Q-150, Nanjing Defu Test Equipment Co., Ltd.,
Nanjing, China); 5 wt % NaCl solution was prepared as the test solution. The experimental
temperature was controlled at 35 ± 2 ◦C, and the pressure of the atomized salt solution
was maintained in the range of 69~172 kPa. The sample size was 10 × 10 × 1 mm. An
electrochemical workstation (CHI760E, Shanghai Chenhua, Shanghai, China) was used
to test the corrosion polarization curve of the magnesium alloy samples. A 3.5% NaCl
solution was used as the electrolyte, and a three-electrode system was adopted, in which
AgCl was used as the reference electrode and Pt was used as the counter electrode, and the
scanning speed was 5 mV/s. The determination of Ecorr is the abscissa corresponding to
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the intersection of the cathode zone and the anode zone, and Icoor is the intersection of the
tangent of the cathode zone and the vertical line corresponding to Ecorr.

3. Results and Discussion
3.1. Morphology Analysis of TiO2/MoS2 Films

The surface morphology of the films deposited on the magnesium alloy substrate at
different magnifications is presented in Figure 2. According to Figure 2a,b, a layer of a
fog-like film composed of nanosheets is evenly spread on the surface of AZ31B. The bright
white point is due to the tiny residual particles of titanate when it is exfoliated into TiO2.
In Figure 2c,d, the cracks are clearly displayed, which are caused by the accumulation of
large amounts of MoS2 in the substrate surface solution during electrophoretic deposition.
Figure 2d shows the microscopic magnification of the relatively flat area. The nanosheets
are stacked together to form large particles. The surface roughness was increased, and
obvious cracks could be observed. As shown in Figure 2e, the surface layer completely and
uniformly covers the surface of AZ31B, and there is no honeycomb connection between
the nanosheets, which becomes very dense. The contact between the surface of AZ31B
and air or corrosive substances is completely isolated, and a good protective barrier is
formed [48,49]. Figure 2f shows that the coating becomes denser after KH570 modification.
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3.2. Compositional Analysis of TiO2/MoS2 Films

Figure 3 shows the XRD patterns of the AZ31B substrate, TiO2 and MoS2 powder and
TiO2/MoS2 film. The difference in peak position represents the difference in TiO2 layer
spacing, which proves that TiO2 with random layer spacing is prepared [50,51]. The peaks
of MoS2 powder correspond to the hexagonal MoS2 standard card (JCPDS No. 37-1492).
Notably, after preparing TiO2/MoS2 film on the surface of the magnesium alloy, the peaks
of TiO2 and MoS2 are not obvious due to the strong peak of the AZ31B substrate. Combined
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with the results of the energy spectrum analysis of the corrosion products of the samples,
TiO2/MoS2 films were successfully prepared.
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3.3. XPS of TiO2/MoS2 Coating

XPS measurements were conducted to characterize the surface compositions. As
shown in Figure 4, TiO2 features two characteristic peaks at around 463.9 and 458.2 eV,
corresponding to the Ti 2p1/2 and Ti 2p3/2 components, respectively. In Figure 4c, two
peaks at 233.1 and 229.9 eV are assigned to Mo 3d3/2 and Mo d5/2, which suggests that the
majority of Mo at the surface is Mo4+. Simultaneously, the peak at 227.1 eV belongs to the
S 2s orbital of MoS2. The S 2p XPS spectrum shows that two peaks located at 163.9 and
162.9 eV correspond to S 2p1/2 and S 2p3/2, which is consistent with the −2 oxidation state
of sulfur. This confirms the successful synthesis of TiO2/MoS2.
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3.4. Hydrophilicity Test of TiO2/MoS2 Films

The wettability of the material surface also has an important influence on the corrosion
resistance of the material. It is generally believed that the hydrophobic surface makes it
more difficult for water molecules or chloride ions to penetrate the metal surface due to the
isolation effect, thereby inhibiting the corrosion of the metal [52–54]. The contact angles
(CA) of the magnesium alloy and the TiO2/MoS2 and TiO2/MoS2-K films are presented
in Figure 5a. As shown in Figure 5a, the CA of the magnesium alloy is 36.08◦, indicat-
ing that the surface of the AZ31B substrate without coatings is hydrophilic. When the
TiO2/MoS2 surface layer was electrophoretically deposited on the surface of the AZ31B
substrate, the CA increased to 65.43◦. When the TiO2/MoS2 film was modified by KH570,
the CA value was 131.53◦. Another important observation is that the surface of the alloy
changes from hydrophilic to hydrophobic. This is because the silane coupling agent KH570
is hydrolyzed into silanol in the solution, and the silanol is condensed with -OH on the
TiO2/MoS2 film [55]. The hydrophilic functional group (-OH) of the TiO2/MoS2 coating
was replaced by the organic functional group in silanol, and the reaction process is shown in
Formulas (1)–(3). Figure 5b shows the FTIR spectra of TiO2/MoS2 and TiO2/MoS2-K. Two
new peaks of TiO2/MoS2-K at about 1240 and 1280 cm−1 are attributed to stretching vibra-
tions of C-O-C. Meanwhile, the absorption peak at 1710 cm−1 is assigned to the stretching
vibration of C=O. The intensity of TiO2/MoS2-K is weaker than that of TiO2/MoS2 because
the organic functional groups in silanol replace -OH on the surface of silane-modified
TiO2/MoS2. These results indicate that the surface of the TiO2/MoS2 surface layer is mod-
ified by KH570, thereby enhancing the surface hydrophobicity of TiO2/MoS2 [56]. This
effectively isolates the magnesium alloy from making contact with liquid, making it more
difficult for water molecules or chloride ions to penetrate the metal surface and effectively
enhancing the corrosion resistance of the magnesium alloy [57].

CH2=C(CH3)COO(CH2)3Si(OCH3)3 + 3H2O→ CH2=C(CH3)COO(CH2)3Si(OH)3 + 3CH3OH (1)
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3.5. Electrochemical Test of TiO2/MoS2 Films

Figure 6 shows the potentiodynamic polarization curves of all the samples in 3.5 wt %
NaCl aqueous solution. The results of the test are summarized in Table 2. On the basis of
Figure 6 and Table 2, it is shown that the corrosion current density (Icorr) of the magnesium
alloy decreases after electrophoresis. The polarization curve shape of the sample after
deposition is similar to that of the magnesium alloy substrate, indicating that the 2D films
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do not change the corrosion kinetics process of the magnesium alloy. The contact between
the substrate and the corrosion medium is isolated by the surface thin film, which improves
the corrosion resistance of the magnesium alloy to a certain extent. The corrosion potential
(Ecorr) of the AZ31B magnesium alloy is −1.47 V and the Icorr is 6.81 × 10−4 A·cm−2, indi-
cating that the corrosion resistance of the magnesium alloy matrix is poor [58]. The results
show that the Ecorr of TiO2/MoS2-K has a higher potential compared with TiO2, MoS2,
and TiO2/MoS2 composite coatings. Among them, TiO2/MoS2-K has the lowest Icorr. The
Icorr values for the TiO2 and MoS2 surface layer are 5.13 × 10−6 and 2.19 × 10−5 A·cm−2,
respectively, whereas that of the TiO2/MoS2 film is 3.69 × 10−7 A·cm−2. The Icorr of the
TiO2/MoS2 film decreases by two orders of magnitude compared to the MoS2 film, which
is due to the dense state of the TiO2/MoS2 coating. The Ecorr of the TiO2/MoS2-K film
is −0.85 V, and the Icorr is 6.73 × 10−8 A·cm−2. Compared with the TiO2/MoS2 film, the
Ecorr of the TiO2/MoS2-K film shifted positively by 0.15 V, and the Icorr decreased by six
times. This indicates that the KH570 modification improved the corrosion resistance of the
TiO2/MoS2 protective layer, which is ascribed to its effectively isolating the magnesium
alloy from contacting the corrosive liquid.
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Figure 6. Polarization curves of magnesium alloy, TiO2, MoS2, TiO2/MoS2, TiO2/MoS2-K.

Table 2. Potentiodynamic polarization curves of samples in 3.5 wt % NaCl aqueous solution.

Sample Ecorr/(VAg/AgCl) Icorr/(A·cm−2)

Magnesium alloy −1.47 6.81 × 10−4

TiO2 −1.34 5.31 × 10−6

MoS2 −1.11 2.19 × 10−5

TiO2/MoS2 −1.00 3.69 × 10−7

TiO2/MoS2-K −0.85 6.73 × 10−8

To further characterize corrosion resistance, we used EIS to analyze the anticorrosion
of the sample. Figure 7 shows the electrochemical impedance spectroscopy of magnesium
alloy, TiO2, TiO2/MoS2-K. The electrochemical impedance spectroscopy data are described
in detail by the numerical fitting of experimental data. The corresponding equivalent
circuit was selected to fit the impedance data, as shown in Figure 8. The fitting circuit of
the magnesium alloy substrate is shown in Figure 8a, and the fitting circuit of the samples
with TiO2 film and those with TiO2/MoS2-K films is shown in Figure 8b [59]. The results
are shown in Table 3. The circuit involves the solution resistance (Rs), the charge transfer
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resistance (Rct) of the Mg particles, and the electric double-layer capacitance (CPEdl) at the
interface between the electrolyte and magnesium particles. Rp is the inductance resistance,
and CPLfilm is the inductance, corresponding to the electrode reaction between the film
layer and the electrolyte interface. It is reported that Rct is closely related to the corrosion
process, that is, the higher the Rct, the better the corrosion resistance. It can be seen from
the results that the impedance radius of the TiO2/MoS2-K sample is the largest, and the Rct
value is the largest at 871.9 Ω·cm2, which is significantly higher than that of the magnesium
alloy sample and the sample with the TiO2 film. It shows that the corrosion resistance of
TiO2/MoS2-K is the highest, which is consistent with the results of the polarization curve.
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Table 3. Electrochemical data extracted from ECs fitting of the EIS curves.

Sample Rs
(Ω·cm2)

CPEfilm
(F/cm2)

Rp
(Ω·cm2)

CPEdl-T
(F/cm2)

CPEdl-P
(F/cm2)

Rct
(Ω·cm2)

Magnesium alloy 10.2 - - 7.11 × 10−6 - 111.9
TiO2 8.97 1.27 × 10−6 16.96 1.66 × 10−6 0.98 659.6

TiO2/MoS2-K 9.25 8.92 × 10−6 19.29 1.87 × 10−6 0.95 871.9

3.6. Salt Spray Corrosion Experiment of TiO2/MoS2 Films

Figure 9 shows the comparison of the surface morphology of the magnesium alloy
samples, electrophoretically deposited TiO2, and TiO2/MoS2-K after the neutral salt spray
test for 24, 48, and 72 h. Table 4 shows the results of the energy spectrum analysis of the
corrosion products of the samples. It can be seen from the data in Table 4 that, in addition
to the original elements, Na and Cl elements were also added to all the corrosion products
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of the samples, indicating that the chemical corrosion process occurred in the samples and
salt spray. Combined with the SEM images, it can be seen that pitting corrosion occurred
on the samples with TiO2/MoS2-K film, which is similar to that on the samples with TiO2
coating. With increasing time, the corrosion area increased gradually, but it was smaller
than that on the surface of the magnesium alloy and the samples with the TiO2 layer. This
was mainly due to the good chemical stability of TiO2 and MoS2 and the formation of the
dense protective layer after electrophoresis. The hydrophobic thin film modified by KH570
further delayed the corrosion of the magnesium alloy.
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Figure 9. The microstructure of the sample surface after salt spray test at different times. Magnesium
alloy: (a) 24 h, (b) 48 h, (c) 72 h; TiO2 film: (e) 24 h, (f) 48 h, (g) 72 h; TiO2/MoS2-K film: (i) 24 h,
(j) 48 h, (k) 72 h. The (d,h,l) insets are partial enlargements of (c,g,k), respectively.

Table 4. Energy spectrum analysis of neutral salt spray test products (at. %).

Point O Mg Mn Ti Na Cl Mo S

A 57.64 26.18 12.02 0 2.79 1.37 0 0
B 59.23 25.43 11.08 0 2.51 1.75 0 0
C 55.38 25.28 12.60 2.40 3.15 1.19 0 0
D 53.85 25.32 11.06 3.99 3.98 1.80 0 0
E 55.62 25.16 11.10 3.69 2.17 1.12 0.22 0.92
F 56.38 25.09 11.20 2.57 2.23 1.33 0.19 1.01

Figure 10 shows the salt spray corrosion weight gain of the magnesium alloy samples
after electrophoretic deposition of TiO2 and TiO2/MoS2-K films. The weight gain rate of the
sample with TiO2/MoS2-K is higher at the beginning of the test than that of the magnesium
alloy sample and the sample with TiO2 coating. With increasing salt spray corrosion time,
the weight gain rate of the sample gradually slows down because the corrosion products
on the surface of the sample increase, which hinders the continuous reaction of chloride
ion contact with the magnesium alloy surface. In addition, the weight gain of the sample
with the TiO2/MoS2-K film is significantly lower than that of the former two samples, and
the corrosion rate is the lowest. This result indicates that the TiO2/MoS2-K protective layer
delayed the corrosion of the magnesium alloy to a greater extent and had the best corrosion
resistance.
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4. Conclusions

The TiO2/MoS2 coating was successfully prepared on the surface of the magnesium
alloy by adding MoS2 in the electrophoretic deposition of TiO2. After the TiO2/MoS2 layer
was modified by the silane coupling agent KH570, the wettability of the magnesium alloy
surface was changed from hydrophilic to hydrophobic. The as-prepared TiO2/MoS2-K
film had a contact angle of 131.53◦. Combined with the electrochemical test and salt spray
corrosion analysis, it can be seen that the TiO2/MoS2-K film developed a significantly
improved anticorrosion property compared to the magnesium alloy. In addition, we
anticipate a promising potential to transfer this technology to other metal substrates for
important applications.
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Abstract: The impact property is one of the most significant mechanical properties for metallic
materials. In the current work, a soft–hard copper–brass block with a high yield strength of ~320 MPa
and good uniform elongation of ~20% was prepared, and the effect of the testing temperature on
its impact property was explored. The results showed that the impact energy was decreased with
the increase in testing temperature. The impact energies at liquid nitrogen temperature (LNT),
room temperature (RT), and 200 ◦C were 8.15 J, 7.39 J, and 7.04 J, respectively. The highest impact
energy at LNT was attributed to the coordinated plastic deformation effects, which was indicated by
the tiny dimples during the process of the delamination of soft–hard copper–brass interfaces. The
high temperature of 200 ◦C can weaken the copper–brass interface and reduce the absorption of
deformation energy, result in low impact energy.

Keywords: copper–brass block; testing temperature; impact property; multilayered structure;
delamination

1. Introduction

Pure copper and copper alloys are widely applied in thermal conductive devices
and electronic equipment because of their superior thermal and electrical properties [1,2].
However, the low yield strength of pure copper and its alloys, especially for their coarse-
grained states, may limit their application as structural parts in thermal and electrical
applications [3–5]. Severe plastic deformation can turn the coarse-grained structures into
ultrafine or nano-grained structures, which will greatly enhance the strength of pure copper
and its alloys [6–8]. However, the toughness was dramatically reduced by the defects
formed in the deformed structures, and thus increased the risk of catastrophic failure of
mechanical parts [5,9]. Fabricating/processing copper and its alloys with high strength and
good toughness was also expected by scientists and engineers, which will further broaden
their industrial applications.

As studied from the literatures in the past several years, designing the dissimilar-
metal blocks with multilayered soft–hard structures can be effectively realized by high
pressure torsion + rolling + annealing [10,11], accumulative roll bonding [12,13] and hot
pressing + hot rolling + annealing [14]. Multilayered soft–hard structures usually exhibited
a good combination of strength and toughness. [15–17]. The enhanced strength was at-
tributed to hetero-deformation induced hardening caused by extra geometrically necessary
dislocations accumulated around deformed soft–hard interfaces [10–13,16,18]. The superior
impact toughness was explained by that lots of crack deflection or interfacial delamination
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was formed by high-speed impacting load. These crack deflection or interfacial delami-
nation usually consumed huge energy and impeded crack propagation [17,19]. Recently,
Ma et al. [10,12] and Li et al. [15–17] have successfully fabricated novel multilayered soft–
hard copper–brass blocks with high yield strength as well as superior impact toughness.
Many efforts were devoted to explore the influence factors of strengthening mechanisms
for soft–hard copper–brass blocks, such as layer thickness, interfacial bonding strength
and hardness ration of soft–hard layer [10–13,16]. However, there was scare exploration of
the fracture behavior and toughening mechanism for soft–hard copper–brass blocks. Our
recent work indicated that the structural orientation had an important influence on Charpy
impact toughness of soft–hard copper–brass block [17]. The Charpy impact toughness
tested along the vertical orientation was superior to that test along the parallel orienta-
tion. This enhanced impact resistance along the vertical orientation was related to the
coordination deformation behavior around copper–brass interfaces [17]. As a matter of
fact, many factors could affect the impact toughness for soft–hard copper–brass blocks.
Service temperature is one of typical factors that should be paid attention. As reported
by previous works [20,21], the face-centered-cubic (FCC) metals usually exhibited slightly
variation of impact toughness as the decreasing of testing temperature. This was because
of that the impact resistance of FCC metals was usually insensitive to the environmental
temperature. For multilayered soft–hard copper–brass blocks, there was a typical feature
of many soft–hard interfaces. Up to now, the impact behavior of soft–hard interface under
low and high temperatures was not revealed for copper–brass blocks. Impact toughness of
the copper–brass blocks was believed to be affected by deformation behaviors of soft–hard
interfaces, and it should also be paid more attentions.

In present work, a multilayered soft–hard copper–brass block with high yield strength
of ~320 MPa and good uniform elongation of ~20% was prepared by a combined processing
technique of diffusion welding, forging and annealing (DWFA technique), which had
induced in previous work [17]. The influence of testing temperatures on its impact property
was studied. Simultaneously, the fracture mechanisms were revealed at liquid nitrogen
temperature (LNT), room temperature (RT) and 200 ◦C.

2. Experimental
2.1. Materials and Preparation

Commercial ASTM-C11000 copper sheets (99.9 wt% Cu) and ASTM-C26000 brass
(Cu-30 wt% Zn) sheets were used in the current work, which were provided by Anhui
Xinke New Materials Stock Co., Ltd. The original thicknesses for the copper sheet and
brass sheet were 1 mm and 0.8 mm, respectively. Before fabricating a multilayered soft–
hard copper–brass block, all of the above sheets were cut with the same dimensions of
100 × 150 mm2, and then they were polished using SiC paper (Φ10 µm for the SiC grit)
and washed in an acetone solution for 15 min. Figure 1 shows that a combined DWFA
technique was used to prepare the multilayered soft–hard copper–brass blocks. There were
four steps in the fabrication processes: (I) 20 layers of copper sheets and 20 layers of brass
sheets were stacked at intervals; (II) the stacked copper–brass sheets totaling 40 layers were
welded using a diffusion welding machine (ZM-Y, Shanghai Chenhua Electric Furnace Co.,
Ltd., Shanghai, China) to obtain a copper–brass block, where during the diffusion welding
process the stacked copper–brass sheets were extruded under the static pressure of 2 MPa
and annealed at 920 ◦C for 2 h, so as to guarantee the diffusion of Cu/Zn and achieve
the metallurgical bonding between the copper and brass sheets; (III) the diffusion-welded
copper–brass block was further punched using a pneumatic hammer (C41-75, Nantong
Shenwei Forming Machine Works Co., Ltd., Nantong, China), which reduced the thickness
from 36 mm to 4 mm and achieved an average layer thickness of ~100 µm; (IV) the forged
copper–brass block was finally annealed at 300 for 2.5 h using a muffle furnace (KSL-1100X,
HF-Kejing, Hefei, China). The temperature in the chamber was detected using a K-type
thermocouple and the measurement accuracy was ±1 ◦C. The detailed fabricating processes
and related parameters can be also found in Figure 1 and in previous work [17].
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Figure 1. A schematic illustration of the fabrication of a multilayered soft–hard copper–brass block.
It is noted that the related processing parameters are included in this figure.

2.2. Mechanical Tests

The microhardness of the copper–brass block was detected utilizing a Vickers hardness
tester (HMV-G 21DT, Shimadzu, Tokyo, Japan). The applied load was 0.98 N, and the
holding time was 15 s. Each of the hardness values was obtained by averaging at least
5 indents. The uniaxial tension tests were performed at RT using a universal tension
machine (LFM-20, Walter+Bai AG, Löhningen, Switzerland). A typical engineering stress–
strain curve of the copper–brass block was captured based on a flat “dog bone” tension
sample. Its gauge dimensions were 5 × 2.5 × 2 mm3. During the tension experiment,
three copper–brass tension specimens were tested to guarantee the reliability of the tensile
result at RT, and the strain rate was 2 × 10−3 s−1. A Charpy impact tester (PH50/15J,
Walter+Bai AG, Löhningen, Switzerland) with a testing module with a maximum capacity
of 15 J was utilized to assess the impact energy values of the copper–brass blocks. The
measurement resolution was 0.001 J. V-notched Charpy impacting specimens were cut
with the dimensions of 18 × 4 × 2 mm3 (length × height × thickness mm3). The detailed
specimen dimensions and corresponding images are displayed in Figure 2. In this work,
each impact test was performed five times to guarantee the reliability of the data. In order
to obtain the various testing temperatures, the impacting specimens were immersed in
liquid nitrogen or heated at 200 ◦C in a furnace for a long time period of 10 min to achieve
a specific temperature of −196 ◦C or 200 ◦C, respectively. Then, they were immediately
taken out for impact testing. All of the above operations were completed within 5 s to
guarantee the reliability of the testing temperatures. Detailed information regarding the
selection of tension and Charpy impact specimens can be found in Figure 3.
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2.3. Microstructural Characterization

Macro-images of the untested and tested impact samples were obtained using a
Nikon camera. A field emission scanning electron microscope (SEM, Quant 250 FEG, FEI,
Hillsboro, OR, USA) with an accelerating voltage of 20 keV was used to capture the fracture
morphologies for the Charpy impacting samples impacted at various temperatures. The
original and deformed microstructures were analyzed using an electron backscattering
diffraction (EBSD) technique, which was conducted on the above SEM machine. The
accelerating voltage and step size for the EBSD testing were 15 keV and 200–300 nm,
respectively. The EBSD specimens were firstly prepared via mechanical polishing, and then
they were polished at 3.8 V in a phosphoric acid (85 mL) + H2O (15 mL) solution for 40 s.

3. Results and Discussion

Figure 4 presents the microstructure of the multilayered copper–brass block. As can
be observed from Figure 4a,b, the copper and brass layers exhibit a diverse structure. The
copper layer shows a deformed lamellar structure with numerous low-angle boundaries
(LAGs), while the brass layer shows an annealed structure consisting of many equiaxed
recrystallization grains. The average grain size for the brass layer is ~3.6 µm. The dis-
crepant structures of the copper and brass layers are ascribed to the low recrystallization
driving force of the deformed coarse-grained copper, as has been reported in previous
studies [16,17]. Figure 4c shows that the hardness value of the copper layer is about 100 HV,
which is lower than that of the brass layer (130 HV). This is a typical multilayered soft–hard
structure. As reported by Huang et al. [13] and Li et al. [16], the multilayered soft–hard
metallic blocks always exhibit a good combination of strength and ductility. As shown
in Figure 5a, the presented multilayered soft–hard copper–brass block also shows a high
yield strength of ~320 MPa and good uniform elongation of ~20%, which is superior to the
mechanical properties of copper–brass layer and the related materials, as already summa-
rized by Huang et al. [13]. In this study, the impact energies of the soft–hard copper–brass
block were evaluated under different testing temperatures (LNT, RT, and 200 ◦C). Figure 5b
shows that the highest impact resistance with the impact energy of 8.15 J was achieved at
LNT. When the testing temperature increased up to RT, the impact energy was 7.39 J. As
the testing temperature increased up to 200 ◦C, the soft–hard copper–brass block showed a
further decrease in impact resistance, and the impact energy reached 7.04 J. The detailed
explanation for the relationship between the impact energy and testing temperature can
be revealed by further exploring the fracture morphologies and coordinated deformation
behavior in the following section.
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Figure 4. (a) The distributions of the low-angle boundaries (LAGs, misorientation of 2–15◦) and
high angle-boundaries (HAGs, misorientation of >15◦) for the copper–brass block. (b) A Euler
map of the cross-sectional copper–brass block. (c) The hardness distribution of the cross-section of
copper–brass block.
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Figure 5. (a) The engineering stress–strain curves of the copper layer, brass layer, and multilayered
soft–hard copper–brass block. (b) The impact energies of the present multilayered soft–hard copper–
brass block tested at various temperatures.

Figure 6 shows the cross-sectional fracture morphologies around the V-notch for the
multilayered soft–hard copper–brass blocks impacted at LNT, RT, and 200 ◦C. It is noted
that all of the impacted samples presented a similar V-crack morphology. The copper and
brass layers near the roots of the V-notches were cracked using a high-speed impacting
load, while the copper and brass layers far away from the roots of the V-notches suffered
from a decreased impacting load and were just bent. In addition, an evident delamination
of the copper–brass interface around the root of the V-crack can be found for all impacted
samples. Figure 7 clearly indicates that the delamination lengths of copper–brass interface
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for all impact specimens are nearly identical. As indicated by Osman et al. [19] and
Cepeda-Jiménez et al. [22], dissimilar metal blocks with ultrafine laminate structures often
show excellent impact toughness, which can be ascribed to the extra delamination of
hetero-interfaces, consuming the high plastic deformation energy. The density of the hetero-
interfaces will play an important role in determining the impact toughness. Theoretically
speaking, a copper–brass block with a thinner layer thickness will have a higher density of
hetero-interfaces and will be more likely to achieve a better impact toughness because of the
coordinated deformation effects of the numerous hetero-interfaces. In addition, the well-
bonded interfaces can accelerate the coordinated deformation effects [16]. A combination
of suitable pressure (~0.5–50 MPa) and a high temperature (~0.5–0.8 Tm) can improve
the metallurgical bonding between the copper and brass layers, which may enhance the
bonding strength for copper–brass interfaces [16] so as to improve the impact toughness.
In this work, although the testing temperatures were altered, the cracked brass layers
tested at LNT, RT, and 200 ◦C showed semblable fracture surfaces with many dimples,
and the cracked copper layers tested under LNT, RT and 200 ◦C also show semblable,
brittle fracture surfaces (Figure 8a–f). The similar fracture morphologies of the copper–
brass layers under various testing temperatures can be ascribed to the impact toughness
of metals with FCC crystal lattices, which are usually insensitive to the environmental
temperature [20,21]. Thus, there must be other factors that can affect the impact toughness
of the present soft–hard copper–brass blocks. As shown in Figure 8g,h, the tiny dimples
found on the delaminated surface of copper–brass interface at RT and LNT were denser,
which may indicate more energy consumption. Generally speaking, energy consumption
around hetero-interfaces is always related to coordinated plastic deformation. For the
present copper–brass interfaces, the brass had a nearly dislocation-free structure, which
was believed to make a great contribution to the energy consumption. The deformed
structures of coarse-grained brass around the delamination copper–brass interfaces are
displayed in Figure 9. It shows that the deformation twins decrease with the increase in
testing temperature. As confirmed by previous studies [17,23,24], deformation twins are
inclined to be formed at high strain rates from the high-speed impact load, especially at
low temperatures, and may consume more deformation energy and enhance the impact
toughness of the metals. This may be the reason that the impact energy at LNT is higher
than that at RT. As compared in Figure 8g–i, the fracture morphology of the delaminated
soft–hard interface at 200 ◦C shows scarce dimples, which may indicate a mild plastic
deformation of the copper–brass interfaces. Kulagin et al. [25] and Malik et al. [26] have
indicated that the grain boundaries and phase interfaces were weak when a sample was
heated at high temperatures. In fact, the grain boundaries and phases are believed to be
special structures, which are composed of many defects (vacancies, dislocations, micro-
holes, etc.). These special structures usually have a lower softening temperature, which
is caused by recovery and recrystallization. Thus, the impact energy of copper–brass at
200 ◦C has the lowest impact resistance, and the impact energy or toughness is decreased
with the increase in testing temperature.

Although this work has systematically explored the effects of three kinds of typical
testing temperatures on the impact properties of a copper–brass block with a layer thickness
of ~100 µm, some other influences, such as the layer thickness and preparation factors,
have been ignored. These will be further revealed in future studies, which may provide
more precise theoretical guidance for the industrial applications of copper–brass blocks.
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Figure 6. The images of the impacted copper–brass blocks at different temperatures: (a–c) the SEM
images around the V-notch for fractured copper–brass blocks at LNT, RT, and 200 ◦C, respectively;
(d–f) the optical images for fractured copper–brass blocks at LNT, RT, and 200 ◦C, respectively.
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Figure 7. (a–c) The cross-sectional optical images of the multilayered copper–brass blocks impacted
at LNT, RT, and 200 ◦C, respectively. It is noted that the cross-section is selected in the mid-plane
along the thickness direction.
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Figure 8. (a–c) The fracture surfaces of the copper–brass blocks impacted at LNT, RT, and 200 ◦C,
respectively. (d–f) The fracture morphologies of the copper and brass layers at LNT, RT, and 200 ◦C,
respectively. (g–i) The morphologies of the delaminated copper–brass interfaces at LNT, RT, and
200 ◦C, respectively.
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respectively. (d–f) The distributions of LAGs, HAGs, and deformed twin boundaries (DTBs) of the se-
lected regions in (a–c), respectively. (g–i) The Euler maps of the selected regions in (a–c), respectively.
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4. Conclusions

In summary, a combined DWFA technique was employed to successfully prepare a
copper–brass block with a soft–hard multilayered structure. The influence of the testing
temperature on the impact properties was revealed. Some conclusions were drawn, as
follows:

1. The impact energies of the present multilayered soft–hard copper–brass blocks tested
at LNT, RT, and 200 ◦C were 8.15 J, 7.39 J, and 7.04 J, respectively, which indicated that
the impact energy was positively dependent on the testing temperature;

2. The copper–brass layers that cracked under various testing temperatures show similar
fracture morphologies. This can be ascribed to the fracturing of metals with a FCC
crystal lattice usually being insensitive to the environmental temperature;

3. The highest impact energy at LNT was attributed to the high density of tiny dimples
caused by coordinated plastic deformation effects during the delamination of the
soft–hard copper–brass interfaces. The high temperature of 200 ◦C can weaken the
copper–brass interface, reduce the absorption of the deformation energy, and lead to
decreased impact resistance.
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Abstract: In this study, TiN, TiCN, and Ti-diamond-like carbon (Ti-DLC) films were coated on 316 L
stainless steel (AISI 316 L) substrate surface by physical vapor deposition. The biocompatibility of
the three films (TiN, TiCN, and Ti-DLC) and three metals (AISI 316 L, Ti, and Cu) was compared on
the basis of the differences in the surface morphology, water contact angle measurements, CCK-8
experiment results, and flow cytometry test findings. The biocompatibility of the TiN and TiCN films
is similar to that of AISI 316 L, which has good biocompatibility. However, the biocompatibility of
the Ti-DLC films is relatively poor, which is mainly due to the inferior hydrophobicity and large
amount of sp2 phases. The presence of TiC nanoclusters on the surface of the Ti-DLC film aggravates
the inferior biocompatibility. Compared to the positive Cu control group, the Ti-DLC film had a
higher cell proliferation rate and lower cell apoptosis rate. Although the Ti-DLC film inhibited cell
survival to a certain extent, it did not show obvious cytotoxicity. TiN and TiCN displayed excellent
performance in promoting cell proliferation and reducing cytotoxicity; thus, TiN and TiCN can be
considered good orthodontic materials, whereas Ti-DLC films require further improvement.

Keywords: Ti-DLC; biocompatibility; wettability; proliferation; apoptosis

1. Introduction

AISI 316 L is widely used in medical devices such as orthodontic fixed brackets,
because of its excellent machining performance, mechanical properties, corrosion resistance,
and cost effectiveness [1,2]. However, when exposed to human oral saliva, AISI 316 L
undergoes wear and corrosion, such as crevice corrosion, intergranular corrosion, pitting
corrosion, and fretting corrosion [3]. When in contact with human bodily fluids over a long
period of time, corroded stainless steel (SS) releases chromium or nickel ions, which induces
inflammation and cytotoxic effects [4,5]. At the same time, exposed AISI 316 L releases high
concentrations of molybdenum ions, which can pose a threat to human health. Moreover, a
larger irregular surface area of exposed SS allows a greater capacity for bacterial adsorption,
resulting in poor biocompatibility [6].

To overcome these drawbacks, various coating materials have been applied on the SS
surface to reduce application defects and enhance biocompatibility [7]. Such coating mate-
rials include TiN, TiCN, and Ti-DLC, which can be applied by physical vapor deposition
(PVD), chemical vapor deposition (CVD), and other methods. Due to their simple coating
procedure, excellent corrosion resistance, high hardness, and good biocompatibility, TiN
films have been widely used in various medical fields such as human implants and surgical
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instruments, especially as orthodontic materials [8]. This film not only improves wear
resistance and reduces the corrosion rates of the SS substrate, but also inhibits the release
of harmful ions. Thus, the biocompatibility of the SS substrate is significantly improved
subsequently, enhances the serviceability of the orthodontic part. Subramanian et al. [9]
reported that the excellent biocompatibility of TiN/VN multilayer coatings is due to mini-
mal bacterial adhesion on the film surface. Braic et al. [10] analyzed the biocompatibility of
TiN and TiN/TiAlN coatings and found that both coatings showed superior biocompatibil-
ity to uncoated SS substrates, in terms of cell density, cell viability, and cell morphology.
Some researchers have focused on TiCN films, which exhibit higher properties than TiN
films; however, their preparation is much more difficult [11]. Ertuerk et al. [12,13] pointed
out that as a solid solution of TiN and TiC, TiCN combines the advantages of both materials
and exhibits higher hardness, better tribological properties, and better lubrication than
TiN in practical applications. In addition, its non-cytotoxic properties combined with its
mechanical and corrosive properties make TiCN a very effective material for biomedical
applications. Madaoui et al. [14] demonstrated that XC48 steel plated with TiCN in a 3.5%
NaCl solution provided better resistance to uniform and pitting corrosion than bare steel,
and effectively prevents the release of matrix ions. Antunes et al. [15] reported that com-
pared to uncoated AISI 316 L, TiCN-coated parts exhibited no cytotoxicity or genotoxicity.

Furthermore, DLC films have proven to be potential biomedical materials with excel-
lent performance, due to the fact that DLC has a higher hardness, better wear resistance,
and better chemical inertness than TiN and TiCN [16,17]. To overcome the low bonding
strength and high internal stress, DLC films are doped with different metals (Cr, Ti, Zr)
to reduce the difference in the thermal expansion coefficients between the DLC films and
substrates [18,19]. A Ti-DLC film on SS has smaller internal stress, larger film base bonding,
and better mechanical properties such as hardness and toughness. In our previous study,
Ti-DLC had the lowest surface roughness, while exhibiting high hardness and low COF [20].
Moreover, the Ti-DLC coating exhibits high corrosion resistance because the TiC crystals
block the path of corrosive substances through the film [11]. However, a previous study
showed that DLC provides a weak cell adhesion matrix when tested with human mes-
enchymal stem cells, osteoblasts and osteosarcoma cell lines, proving that the compatibility
of Ti-DLC films is debatable [21]. Thus, the application of Ti-DLC films on orthodontically
fixed brackets still faces significant challenges.

To overcome this limitation, in this study, TiN, TiCN, and Ti-DLC films were coated on
the surface of AISI 316 L by using multi-arc ion plating method [11]. Ti, a commonly used
dental implant, and Cu, a powerful antimicrobial metal, were used in the experiment for
comparison. This study aimed to select a material for coating on AISI 316 L metal implants
that would exhibit excellent in-service properties while improving the biocompatibility
of AISI 316 L.

2. Experimental

In this experiment, AISI 316 L (composition given in Table 1) was used as the substrate
material, which was cut into sheets with dimensions of 15 mm × 15 mm × 12 mm. Before
depositing, the flaky substrate was sanded with #80-#2000 silicon carbide sandpaper. The
sheet substrate was polished to a defect-free mirror finish and cleaned ultrasonically with
ethanol for 10 min and deionized water for 5 min to remove surface contamination. The as-
treated sheet substrates were placed into an arc coating equipment (Damp AS700, ProChina
Limited, Beijing, China) to deposit TiN, TiCN, and Ti-DLC films; the three film deposition
parameters were derived from a previous study [20]. The surface morphologies of the
deposited films were observed through field emission scanning electron microscopy (SEM,
FEI, Nova NanoSEM230, FEI Company, Hillsboro, OR, USA). The contact angle of water
on the surface of each sample was measured using a contact angle test system (Orbital
surface tension meter, Ramé-hart Model 250, Ramé-hart Instrument Company, Succasunna,
NJ, USA) at room temperature (27 ◦C). The specific test technique used was the solid drop
method with a drop volume of 2 µL.
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Table 1. Composition of AISI 316 L substrate.

Alloy Main Alloying Elements (wt%)

- Cr Ni Mo N C Mn Fe
AISI 316 L 16.30 14.20 1.3 0.06 0.05 2.03 balance

For this experiment, L929 mouse fibroblasts obtained from the Institute of Advanced
Study of Central South University (Changsha, China) were used to explore the biocompati-
bility of each sample. For cell recovery, frozen tubes containing L929 mouse fibroblasts were
placed in a 37 ◦C water bath and thawed by constant shaking. After an initial observation
of L929 mouse fibroblast viability through pressed microscopy, the cells were cultured in
modified Eagle’s medium (DMEM, Gibco, Life Technologies Corporation, Grand Island,
NY, USA) containing 10% fetal bovine serum (FBS). After reaching 80%–90% confluence,
the adherent cells were washed, trypsinized, counted, and re-suspended to seed on the
samples. Each sample was separately inoculated into a 6-well tissue culture plate. The
cellular concentration was 1 × 104 mL−1 in the medium (DMEM with 10% FBS) and the
sample was incubated for 1 week. The culture parameters were as follows: (37 ± 1) ◦C
temperature and 5% CO2 concentration. The samples were evaluated at 24, 48, and 72 h.
The samples containing cells at 24, 48, and 72 h were washed with phosphate-buffered
saline (PBS). After cell fixation, dehydration, and drying, the cell adhesion pattern of each
sample was observed by SEM at three incubation time points.

All sets of samples from the three time points removed from the culture plate were
digested using trypsin and incubated in a 6-well plate for 4 h after adding a CCK-8 reaction
solution at 10 mL/well. The absorbance values at 450 nm of the corresponding seven
groups of the samples after 24, 48, and 72 h of incubation were measured using an enzyme
standardization instrument (ST-360, Dan Ding Shanghai International Trade Co., Ltd.,
Shanghai, China). Cell proliferation was detected using Cell Counting Kit 8 (CCK-8,
Shanghai Beyotime Institute of Biotechnology, Shanghai, China).

Flow cytometry was conducted to detect the rate of apoptosis after staining with
Annexin V-FITC/PI Apoptosis Double Staining Kit (bioworlde, BD0062-3, Bioworld Tech-
nology, Nanjing, China). All samples were digested using trypsin. Cell suspensions were
prepared after washing with PBS and placed in flow-through tubes. Annexin V-FITC/PI
was then added, and the samples were incubated at 25 ◦C for 15 min while being protected
from light. The apoptosis rate was calculated on the basis of detection by flow cytometry,
which was taken as the sum of the percentages of Q2 (late apoptotic cells) and Q3 (early
apoptotic cells).

Tests related to biocompatibility must be repeated at least three times to ensure re-
producibility. The data obtained from the experiments were statistically analyzed using a
relevant software, and the measures conforming to the normal distribution were expressed
as x ± s. One-way ANOVA was used to compare means between groups, and the least
significant difference method was used for two-way comparison. The test level was set at
p < 0.05. Biocompatibility evaluation criteria for relevant in vitro cytotoxicity tests are in
accordance with ISO 10993-5.

3. Results and Discussions
3.1. Surface Characteristics

The surface morphologies of the films are shown in Figure 1. The surface of the SS
substrate was basically smooth and flat, but there were some tiny pores with irregular
shapes, which was mainly due to the cutting and polishing effect. After deposition, few
pores were observed on the surfaces of the TiN and TiCN films, while some micro-sized
TiC particles were observed. The Ti-DLC film exhibited the lowest porosity, but several
flaky defects and clusters were observed on its surface. The adhesion of the three films to
the substrate is firm [20]. The thicknesses of the TiN, TiCN, and Ti-DLC films were 2.05,
4.10, and 4.48 µm, respectively; further information about the film layer characteristics

92



Coatings 2022, 12, 1073

and properties can be obtained from previous studies [20]. The SEM images depicting
the morphology of the TiC particles of TiCN and Ti-DLC are shown in Figure 2. The TiC
particles in the TiCN film were nearly spherical, and their diameters were 1–2 µm; however,
TiC clusters on the Ti-DLC films exhibited irregular shapes. Their diameters were in the
sub-micrometer or nanometer range. The number of TiC clusters on the Ti-DLC films was
significantly higher than that on the TiCN films.
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Figure 2. SEM images showing the morphology of TiC particles in the films of (a) TiCN and
(b) Ti-DLC.

According to our previous results on XRD [20], peaks of C and TiC were observed in
both the TiCN and Ti-DLC films, but the latter was more pronounced, indicating that more
TiC was formed. From our previous experimental results of Raman spectroscopy [20], the
response intensity for sp2-hybridized C in Ti-DLC films was approximately 50 times higher
than that for sp3-hybridized C. It was found that a certain amount of sp3-hybridized C was
present in the Ti-DLC films, and the D peak area was significantly larger than the G peak
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area (ID/IG = 2.79). This indicates that the proportion of sp2-hybridized C was higher than
that of sp3-hybridized C.

Figure 3 shows the water contact angle images of all the samples. The water contact
angle strongly affects cell adhesion and cell activity [22]. As shown in Figure 3a, SS is
hydrophobic, which may be related to its surface porosity and roughness. The TiN and
TiCN films substantially improved the wettability of the AISI 316 L substrates. Both films
exhibited strong hydrophilicity. Similar results were reported by Khan et al. for TiN [23]
and Sunthornpan et al. for TiCN [24]. When AISI 316 L was coated with a Ti-DLC film,
the water contact angle increased to 96.1◦ ± 0.4◦ and showed significant hydrophobicity,
which is mainly due to the chemical properties of DLC. Graphite and other sp2 carbon
materials are recognized as hydrophobic materials with a water contact angle of ~90◦, even
when the surface is smooth [25,26]. Some researchers have reported that the surfaces of
these materials are susceptible to the adsorption of hydrocarbon contaminants from the
air environment [27]. The water contact angle of sp3-dominated diamond was slightly
lower than that of graphite [28]; however, the proportion of sp2-hybridized C in the Ti-DLC
films was found to be higher than that of sp3-hybridized C. More importantly, the water
contact angle of the Ti-DLC film was greater than 90◦. This phenomenon can be attributed
to the following three factors. (1) The hydrocarbon contaminants in the air cause Ti-DLC to
have a larger water contact angle [29]. (2) As Ti-DLC films contain more sp2 phases and
sp2-hybridized C have sharp structures on the surface. These sharp structures are arranged
in a jagged pattern to give the film layer a large water contact angle. (3) The presence of a
large number of TiC nanoclusters with irregular shapes and rough surfaces increased the
surface roughness of the Ti-DLC film and thus a large water contact angle.
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3.2. Biocompatibility Assay
3.2.1. Cell Adhesion Morphology

Figure 4 shows the morphology of L929 mouse fibroblasts after 24, 48, and 72 h of
culture for each sample group. As can be seen from the graph, as the incubation time
increased, the blank group exhibited better cell growth morphology than the others. The
cells were mainly shuttle-shaped and spread well on the surface of the culture plate. For the
24–72 h culture time, it was found that the number of cells kept on increasing, and the cell
spreading status improved with increasing culture time. The L929 cells grew well on the
surface of the TiCN and TiN films and SS substrates, among which the cells on TiCN spread
maximally on the surfaces of the culture plates. Cell adhesion for the Ti group was slightly
weaker than that for the other three film samples. The cells on the Ti-DLC surface had
the worst spreading status among those on the three films; this result was similar to that
observed for the positive Cu control group. The difficulty in cell adhesion on the Ti-DLC
surface is due to its hydrophobicity. More importantly, the Ti-DLC film contains more
sp2 phases, and sp2-hybridized C typically has sharper structures on its surface. These
sharp structures directly affect the forces between the polar groups of the cellular proteins
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and the surface of the material, resulting in weak cell adhesion patterns on the Ti-DLC
surface. Although it has rarely been proven that a higher sp2 ratio negatively affects the
cell adhesion of DLC-type coatings, nanodiamond (NCD) and other carbon-based films
exhibit similar results. Wang et al. [30] deposited micro-diamond (MCD) and NCD on the
surface of a TC4 alloy and found that a higher content of the sp2 phase in NCD resulted in
a lower cell adhesion morphology and reduced cell activity in L929.
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3.2.2. CCK-8 Results

Figure 5 shows the absorbance OD values of the culture solution measured at 450 nm
for each group at 24, 48, and 72 h of incubation. As shown in Figure 5, the cell counts
measured in the SS and TiN groups were similar to those in the blank group for the
three studied culture times. The TiN group had the highest number of viable cells and
exhibited better biocompatibility than the other groups. The TiCN group had a slightly
higher number of cells than the Ti group, especially at 72 h. This indicates that the growth
of the cells on the surfaces of SS, TiN, and TiCN was not significantly inhibited and better
cell proliferation was demonstrated. The number of cells on the Ti-DLC surface was
significantly lower than that on the Ti surface, but much greater than that on the Cu surface.
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The cell proliferation rate is one of the key factors used to determine the biocompati-
bility of films. Figure 6 shows the relative cell proliferation rate of each sample cultured
for 24, 48, and 72 h. Moreover, it is evident from the figure that the cell proliferation rate
curves of the SS and TiN groups almost completely overlap. This indicates that there was
no difference between the inhibitory effects of SS and TiN on the cells. The cell proliferation
rate of the TiCN group was slightly lower than those of the SS and TiN groups. Among
the three films, the Ti-DLC group exhibited the lowest cell proliferation rate. The TiN and
TiCN groups have higher cell proliferation rates, possibly because they have lower surface
roughness and a smaller water contact angle, which is favorable for cell adhesion and
growth. The low cell multiplication rate for the Ti-DLC sample was mainly due to its high
hydrophobicity. It has been experimentally demonstrated that as the water contact angle
increases, the wettability of the material decreases, preventing the cells from attaching to
its surface, swelling, and growing well. Eventually, the number of cells, proliferation rates,
and differentiation levels are reduced [31].
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3.2.3. Flow Cytometry Results

The results of the flow cytometry tests are presented in Table 2. The apoptosis rate
was the sum of the Q2 and Q3 quadrant percentages on a two-dimensional scatter plot.
Figures 7 and 8, respectively, show the cell flow diagram and total apoptosis rate of each
sample at 24, 48, and 72 h of incubation.

Table 2. Flow cytometry test results.

One-Way
ANOVA

Mean Diff Significant

24 h 48 h 72 h 24 h 48 h 72 h

Blank vs. SS −1.52333 −1.79667 −1.71000 0.156N 0.106Y 0.013Y
Blank vs. Cu −20.30333 −20.80333 −23.36333 0.000Y 0.000Y 0.000Y
Blank vs. TiN −1.17000 −1.04333 −1.45667 0.380N 0.560Y 0.014Y

Blank vs. TiCN −0.89 −1.12 −1.73667 0.666N 0.484Y 0.003Y
Blank vs. Ti-DLC −10.31 −11.87 −12.13 0.000Y 0.000Y 0.000Y

Blank vs. Ti −5.98 −6.73333 −7.02333 0.000Y 0.000Y 0.000Y
SS vs. Cu −18.78000 −19.00667 −21.65333 0.000Y 0.000Y 0.000Y
SS vs. TiN −0.35333 0.75333 0.25333 0.994N 0.873N 0.989Y

SS vs. TiCN −0.63333 0.67667 −0.02667 0.897N 0.892N 1.000Y
SS vs. Ti-DLC −8.78667 −10.07333 −10.42000 0.000Y 0.000Y 0.000Y

SS vs. Ti −4.45667 −4.93667 −5.31333 0.000Y 0.000Y 0.000Y
Cu vs. TiN 19.13333 19.76000 21.90667 0.000Y 0.000Y 0.000Y
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Table 2. Cont.

One-Way
ANOVA

Mean Diff Significant

24 h 48 h 72 h 24 h 48 h 72 h

Cu vs. TiCN 19.41333 19.68333 21.62667 0.000Y 0.000Y 0.000Y
Cu vs. Ti-DLC 9.99333 8.93333 11.23333 0.000Y 0.000Y 0.000Y

Cu vs. Ti 14.32333 14.07000 16.34000 0.000Y 0.000Y 0.000Y
TiN vs. TiCN 0.28000 −0.07667 −0.28000 0.998N 1.000N 0.982N

TiN vs. Ti-DLC −9.14000 −10.82667 −10.67333 0.000Y 0.000Y 0.000Y
TiN vs. Ti −4.81000 −5.69000 −5.56667 0.000Y 0.000Y 0.000Y

TiCN vs. Ti-DLC −9.42000 −10.75000 −10.39333 0.000Y 0.000Y 0.000Y
TiCN vs. Ti −5.09000 −5.61333 −5.28667 0.000Y 0.000Y 0.000Y

Ti-DLC vs. Ti 4.33000 5.13667 5.10667 0.000Y 0.000Y 0.000Y

Note: 24 h: F = 518.300, p < 0.0001; 48 h: F = 501.597, p < 0.0001; 72 h: F = 2103.81, p < 0.0001.
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As can be seen from Figure 8, the blank group had a lower apoptosis rate than the
experimental group. The apoptosis rate in the SS group was slightly higher than that
in the TiN and TiCN groups but still had a lower apoptosis rate compared to the other
experimental groups. This is because the SS surface reacts readily with air to produce a
smooth and dense oxide film dominated by oxides of iron and chromium. This film has
a certain corrosion resistance, but is still weaker than that of copper and titanium. When
placed in harsh environments, such as Cl- and acidic environments, this film is highly
susceptible to pitting corrosion over the long term. Corroded SS releases Cr or Ni ions
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when present in the oral cavity over time, which in turn causes inflammation and cytotoxic
effects [3].

The apoptosis rates of the TiN and TiCN groups were similar at the three time points
of 24, 48, and 72 h, and their apoptosis rates were the lowest among the experimental
groups. Compared with the apoptosis rate at 24 h, the rate of the TiN film increased by
0.04% at 48 h and 0.69% and 72 h. In contrast, the apoptosis rates of the TiCN films tested
at 48 and 72 h increased by 0.32% and 0.63%, respectively. The total apoptosis rate in the
SS, TiN, and TiCN groups was less than 5% at all three time points. SS releases harmful
ions and thus exhibits a higher rate of apoptosis than TiN and TiCN. TiN has a uniformly
dense passivation film and good wettability, which are favorable for cell adhesion and
multiplication. As a result, the TiN film exhibited lower apoptosis. Our previous studies
have shown that TiC crystals enable TiCN films to exhibit higher corrosion resistance by
blocking corrosive substances from penetrating the film path [11]. The high corrosion
resistance and hydrophilicity of the TiCN film resulted in the lowest apoptosis rate.

The apoptosis rate in the Ti control group is significantly higher than the three experi-
mental groups mentioned above, and there is a significant difference (p < 0.01). Although
Ti has a relatively low water contact angle, water contact angle measurements were per-
formed under pure water conditions and short-term action. When Ti is placed in the culture
solution for a long time, its passivation film is disrupted and breaks into TiO2 particles.
This leads to a reduction in the hydrophilicity of the Ti surface, and adhesion decreases due
to the continuously increasing surface roughness. McGuff et al. [32] studied histological
specimens of septic granuloma and peripheral giant cell granuloma in two patients with
peri-implant mucosal enlargement in the oral cavity. They found that broken Ti particles
caused these reactive lesions. The highest apoptosis rate was observed in the positive
Cu control group. In particular, the total apoptosis rate in the positive Cu control group
was as high as (26.09 ± 0.75)% when the cells were cultured for up to 72 h. Cu releases
large amounts of Cu ions when it is placed in the culture solution for a long time. High
concentrations of Cu ions can cause cellular inhibition and toxicity in humans [33].

The Ti-DLC group had the highest apoptosis rate among the three films, with a total
apoptosis rate in the range of 10%–15% at the three time points. The water contact angle
of Ti-DLC was 96.1◦ ± 0.4◦, which indicates hydrophobicity and suggests that it is not
conducive to cell reproduction and growth. In contrast, the sp2 phase is more abundant
in Ti-DLC, and the sp2 phases with sharp structures are distributed in a sawtooth shape.
By disrupting the cell structure, the Ti-DLC films exhibited more pronounced apoptosis
than the other experimental groups [34,35]. Nevertheless, the relevant experimental data
show that the cell proliferation rate detected on the surface of the Ti-DLC film at the three
culture times was significantly higher than that of the positive Cu control group (p < 0.05),
while the apoptosis rate was significantly lower than that of the Cu group (p < 0.01). This
indicates that Ti-DLC does not inhibit cell proliferation or promote apoptosis similar to
heavy metals. Moreover, the apoptosis rate of Ti-DLC was only approximately 5% higher
than that of Ti at the three culture times. Pure Ti is commonly used for dental implants.
Therefore, it is possible to reduce the apoptosis rate of Ti-DLC to that of Ti by improving the
preparation process. Thomsonet et al. [36] assessed cytotoxicity by measuring the activity
of β-N-acetyl-D-glucosaminidase in a culture medium of primary peritoneal macrophages
from DLC-surfaced mice. The results showed no significant difference in enzyme levels
between coated and uncoated pores, and no evidence of cell damage to macrophages on the
DLC film surface. It can be concluded that Ti-DLC is not cytotoxic, but less biocompatible
than TiN and TiCN films. Our previous studies have shown that Ti-DLC films exhibit the
most stable electrochemical properties with excellent corrosion resistance in the presence
or absence of artificial saliva and at different concentrations of Cl- and H+ [11]. Therefore,
Ti-DLC films still hold promise for exploration and development in the biomedical field.
The biocompatibility of Ti-DLC can be enhanced by improving the preparation method to
reduce hydrophobicity and by enhancing the surface properties or reducing the sp2 phase
to allow for a better cell attachment state.
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4. Conclusions

The biocompatibility of the TiN, TiCN, and Ti-DLC films deposited on AISI 316 L sub-
strates was compared to determine the most suitable bio-coating material for orthodontic
dentistry. The main findings of this study are as follows:

(1) TiN and TiCN had small water contact angles and exhibited significant hydrophilicity.
However, Ti-DLC had a relatively large water contact angle and exhibited hydropho-
bic behavior. The hydrophobicity is mainly due to the large ratio of sp2 phases. The
presence of jagged sp2 phases and TiC nanoclusters aggravated hydrophobicity.

(2) TiN exhibited the highest cell value-added rate among the three film samples, fol-
lowed by TiCN. Ti-DLC exhibited the lowest cell proliferation rate due to its high
hydrophobicity and sharp sp2 phase shape.

(3) TiN and TiCN films had lower apoptosis rates than SS because of their excellent
corrosion resistance. However, the biocompatibility of Ti-DLC is slightly inferior to
that of Ti, but significantly better than that of Cu, mainly because of the hydrophobic
nature of Ti-DLC. However, Ti-DLC did not exhibit significant cytotoxicity.

(4) The overall biocompatibility of Ti-DLC was slightly lower than that of the Ti control. Ti-
DLC still has potential in the biomedical field, but its preparation must be improved to
reduce the amounts of sp2-hybridized C and TiC nanoclusters and surface roughness.

(5) The presence of TiC nanoclusters with irregular shapes increased the surface rough-
ness of the film with TiC. Thus, a large water contact angle is obtained, which is
detrimental to cell adhesion and reproduction.
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Abstract: On the basis of the ternary phase diagram of Ti-Zr-Ta alloys and the d-electron orbital
theory, the alloys with the nominal compositions of Ti-40Zr-20Ta (TZT1), Ti-35Zr-20Ta (TZT2) and
Ti-30Zr-20Ta (TZT3) (in atom composition) were designed. The alloys were solution-treated (STed) at
1173 K for 3 h, and then aged (Aed) at 973 K for 6 h. The microstructure and mechanical properties
of the three alloys were characterized. The results show that the three alloys comprised β-equiaxed
grains after solution treatment at 1173 K for 3 h, and the β phases separated into β1/β2 phases by the
spinodal decomposition in the alloys after being aged at 973 K for 6 h. The spinodal decomposition
significantly promoted the yield strength of the alloys. For the TZT1 alloy, the yield strength increased
from 1191 MPa (in the STed state) to 1580 MPa (in the Aed state), increasing by about 34%. The
elastic moduli of the TZT1, TZT2 and TZT3 alloys after solution treatment at 1173 K were 75.0 GPa,
78.2 GPa and 85.8 GPa, respectively. After being aged at 973 K for 6 h, the elastic moduli of the three
alloys increased to 81 GPa, 90 GPa and 92 GPa, respectively. Therefore, the spinodal decomposition
can significantly promote the strength of the Ti-Zr-Ta alloys without a large increase in their elastic
modulus.

Keywords: β-titanium alloy; spinodal decomposition; alloy design; elastic modulus; yield strength;
microstructure

1. Introduction

Titanium and its alloys are considered some of the most promising biomedical metal
materials due their low density, high specific strength, low elastic modulus, good corrosion
resistance, etc. [1–3]. Traditional titanium alloys, such as Ti-6Al-4V, normally contain Al and
V elements, which have been proven to be biotoxic after implantation in the human body,
and thus there is a risk of harm to human health [4,5]. On the other hand, as a human bone
implant material, it should have a high strength and a low elastic modulus. Compared with
other metal materials, titanium and its alloys have a relatively low elastic modulus, but the
value is still much higher than that of human bones, which may cause the “stress shielding
effect” when they are implanted into the human body, eventually leading to the failure of
implants [6], Therefore, in recent years, a series of metastable β-titanium alloys have been
developed for biomedical use by adding non-toxic beta-phase-stabilizing elements (such as
Nb, Zr, Ta, Mo, Sn, etc.) to titanium [7,8]. These alloys not only have good biocompatibility,
but also have an extremely low elastic modulus compared to conventional titanium alloys.
For example, it has been reported that the elastic modulus of the Ti-Nb-Ta-Zr (TNTZ) alloy
is about 50–55 GPa [9], and the Ti–24Nb–4Zr–8Sn alloy developed by Yang et al. has a
lower elastic modulus, which reaches about 40 GPa [10].

It is well-documented that the decrease in the elastic modulus of titanium alloys can
be realized through the design of alloy composition and the regulation of microstructure.
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However, the decrease in the elastic modulus of an alloy usually leads to a reduction in its
strength. Addressing the dilemma is a challenge in the material field.

A spinodal decomposition refers to a uniform phase transition, in which a solid solu-
tion decomposes into different phases with the same structure due to its instability [11,12].
The phase transition does not require nucleation, but rapidly forms two phases with the
same crystal structure, which can increase the strength greatly without a significant in-
crease in the elastic modulus of the alloys. Recently, Liu et al. calculated the isothermal
cross section at 1173 K and 973 K of the phase diagram of a Ti-Zr-Ta ternary alloy system
using the CALPHAD method, finding that the alloy system has a wide-ranging solid-
solution gap at the two temperatures [13]. It allowed us to design β-titanium alloys with
spinodal decomposition.

In light of it, in the present work, the Ti-Zr-Ta alloys with a low elastic modulus
reinforced by spinodal decomposition were designed based on the isothermal cross section
at 973 K of the phase diagram of a Ti-Zr-Ta ternary alloy system and d-orbital theory. The
designed alloys were solution-treated (STed) at 1173 K, and then aged (Aed) at 973 K. The
microstructure and mechanical properties of the alloys after solution and aging treatment
were characterized.

2. Experimental Methods
2.1. Design of Ti-Zr-Ta Alloys with Spinodal Decomposition

Figure 1 is the isothermal cross section at 973 K of the phase diagram of the ternary Ti-
Zr-Ta alloy, showing that there is a large solid-solution gap in the Ti-Zr-Ta alloy at 973 K. It
implies that spinodal decomposition may occur in the alloys with compositions falling into
the area of the solid-solution gap from the point view of dynamics. So, the alloys in present
work were designed to have compositions within the region of the solid-solution gap.

Figure 1. Isothermal cross section at 973K of the phase diagram of the ternary Ti-Zr-Ta alloy [13].

With regard to the modulus of the alloys, it has been reported that the d-orbital theory
can be used to predict the elastic modulus of Ti-based alloys [14], in which two parameters,
Bo and Md, are defined, where Bo (the bond order) is a measure of the covalent bond strength
between Ti and the alloying element, and Md (the metal d-orbital energy level) correlates
with the electronegativity and the metallic radius of elements. The average values of Bo
and Md are defined by taking the compositional averages of the parameters of Bo and Md,
respectively. Generally, an alloy with a low Bo and/or a high Md may exhibit a low elastic
modulus. So, the compositions of the designed alloys should give a low Bo and/or a high
Md. Considering that Ta has a high melting point and high cost, we minimized Ta content
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when choosing the alloy composition. So, for the present work, we designed Ti-Zr-Ta alloys
with compositions of Ti-40Zr-20Ta, Ti-35Zr-20Ta and Ti-30Zr-20Ta (in atom percent), which
are represented by TZT1, TZT2 and TZT3, respectively. The values of Bo and Md for the
TNT1, TNT2 and TNT3 alloys were calculated, and the results are listed in Table 1.

Table 1. The calculated values of Bo and Md for TZT1, TZT2 and TZT3 alloys.

Alloys Bo Md

TZT1 2.9792 2.6586
TZT2 2.9644 2.6342
TZT3 2.9496 2.6099

2.2. Preparation of Ti-Zr-Ta Alloys

Titanium alloy ingots with the nominal compositions of Ti-40Zr-20Ta, Ti-35Zr-20Ta
and Ti-30Zr-20Ta (in atom percent) were prepared by using a vacuum arc melting fur-
nace. The purity of raw materials was above 99.9%. To obtain alloys with a uniform
composition, the ingots were flipped and remelted more than 5 times. Then, the ingots
used in subsequent experiments were obtained by suction-casting with a geometric size
of 70 mm × 12 mm × 2 mm. The as-cast alloys were sealed in a vacuum quartz tube and
placed into a muffle furnace for solution treatment (ST) at 1173 K for 3 h, and then quenched
in an ice-cold saline solution. The ingots, after solution treatment, were sealed in a vacuum
quartz tube again and placed in a muffle furnace for aging treatment at 973 K for 6 h, and
then cooled with furnace cooling to room temperature.

2.3. Microstructure and Mechanical Properties’ Characterization

The microstructure of the STed alloys was characterized using the optical microscopy,
and the phase constitutions of the alloys after STed and STed + Aed were identified using X-
ray diffraction (XRD) operated at 50 kV and 100 mA with Cu Kα radiation (λ = 1.5406 nm).
The samples for the optical microscopic observations and XRD were cut from the ingots
into small pieces of 2 mm × 2 mm × 1 mm. The samples were mounted and ground using
a series of SiC sandpapers from 400 to 1200, and then polished with diamond suspension
from 5 to 0.5 µm using ethyl alcohol as a lubricant. Transmission electron microscopic (TEM)
observation was conducted on a JEM-2100 (JEOL Ltd., Tokyo, Japan) with an operating
voltage of 160 KV, and TEM samples were prepared using Ar + ion milling.

Elastic moduli of the STed alloys and STed+Aed alloys were determined by Triobinden-
ter TI 900 (Hysitron, Minneapolis, MN, USA) using monotonic load tests at a depth of up to
7000 nm using a Berkovich tip with a measured radius of 5000 nm. Tensile tests were carried
out on an Instron 5569 (Instron, Norwood, MA, USA) universal testing machine, using the
tensile samples with a gauge section of 1 mm × 2.5 mm × 8 mm, and the geometry of the
samples is schematically shown in Figure 2.

Figure 2. Geometric sketch of the tensile samples.
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3. Results and Discussion
3.1. Microstructure

Figure 3 shows the optical images of the STed samples of TZT1, TZT2 and TZT3 alloys.
The microstructure of the three alloys after solution treatment comprised equiaxed grains
with the average grain size of 100 um. The results of XRD analysis reveal that only β phases
existed in the STed samples, as shown in Figure 4, while, after being aged at 973 K for 6 h,
each diffraction peak of β phases on the XRD pattern split into two peaks, corresponding
to β1 and β2 (see Figure 4), implying that the β phase separated into β1 and β2 during the
aging treatment. To further confirm it, TEM observations were conducted on the STed+Aed
samples. Figure 5 shows the TEM bright-field images of the STed+Aed samples, showing
that the self-organized, tweed-like microstructure with a modulated contrast along [100]
and [010] directions was formed in the alloys. The result further indicates that the spinodal
decomposition occurred in the STed samples during the aging treatment at 973 K for 6 h.
The alternating dark and bright regions in the modulated contrast microstructure, which
could be described as sinusoidal composition modulations with a fixed wavelength [11,12],
were within the order of ~10 nm in width; thus, the modulation wavelength in the alloys
was ~10 nm.

Figure 3. The optical images of the STed samples of (a) TZT1, (b) TZT2 and (c) TZT3 alloys.

Figure 4. XRD patterns of the three alloys after solution treatment at 1173 K for 3 h and age treatment
at 973 K for 6 h: (a) TZT1, (b) TZT2 and (c) TZT3.

3.2. Mechanical Properties

The mechanical properties of the alloys after being solution-treated and aged were
evaluated by tensile tests at room temperature. Figure 6 illustrates the yield strengths (σ0.2)
of the STed and STed+Aed samples obtained from their stress–strain curves. It can be seen
that the yield strengths of TZT1, TZT2 and TZT3 alloys after solution treatment were about
1191 MPa, 1150 MPa and 1075 MPa, respectively, while after being aged at 973 K for 6 h, the
yield strengths of the three alloys were 1580 MPa, 1320 MPa and 1180 MPa, respectively.
So, the aging treatment led to the significant increase in the yield strength of the three
alloys. For TZT1, TZT2 and TZT3 alloys aged at 973 K for 6 h, the yield strength increased
by about 34%, 15% and 10%, respectively, in comparison with the solution-treated alloys.
Therefore, the modulated microstructure induced by spinodal decomposition had a strong
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strengthening effect, which may be responsible for the great increase in the yield strength
of the three alloys.

Figure 5. TEM bright-field images of the three alloys after being aged at 973 K for 6 h: (a) TZT1,
(b) TZT2 and (c) TZT3.

Figure 6. The yield strength of the TZT1 and TZT2 and TZT3 alloys after solution treatment at 1173 K
for 3 h and age treatment at 973 K for 6 h.

Moreover, the elastic moduli of the alloys after solid-solution treatment and being
aged were measured by the nanoindentation method, and the results are illustrated in
Figure 7. For comparison, the elastic modulus of pure Ti is also illustrated in Figure 7. It
can be seen that the elastic moduli of the three alloys after solid-solution treatment were
75.0 GPa, 78.2 GPa and 85.8 GPa, respectively, which are much lower than that of pure
titanium (about 113 GPa). Generally, alloys with a low value of Bo and/or a high value
of Md may exhibit a low elastic modulus, according to the d-orbital theory [15–18]. From
Table 1, one can see that the values of Bo for the three alloys were identical, but their values
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of Md were in the order of TZT1 > TZT2 > TZT3. Therefore, the STed TZT1 alloy exhibited
the lowest elastic modulus value due to having the highest Md.

Figure 7. The elastic moduli of the CP-Ti and the TZT1 and TZT2 and TZT3 alloys after solution
treatment at 1173 K for 3 h and being aged at 973 K for 6 h.

After being aged at 973 K for 6 h, the elastic moduli of the alloys were 81 GPa, 90 GPa
and 92 GPa, as shown in Figure 7, increasing by about 8%, 15% and 7% in comparison with
the corresponding STed alloys, respectively. As a result, spinodal decomposition largely
increased the strength of the alloys without a significant increase in their elastic modulus.

4. Conclusions

The Ti-Zr-Ta alloys with the compositions of Ti-40Zr-20Ta, Ti-35Zr-20Ta and Ti-30Zr-
20Ta (in atom percent) were designed based on the Ti-Zr-Ta phase diagram and d-orbital
theory. The microstructure and mechanical properties of the three alloys were characterized.
The main conclusions are as follows:

(1) The microstructure of the designed alloys consisted of β-equiaxed grains after solution
treatment at 1173 K for 3 h. After being aged at 973 K for 6 h, spinodal decomposition
occurred, forming the self-organized, tweed-like microstructure with a modulated
contrast along [100] and [010] directions in the three alloys.

(2) The yield strength of the STed alloys of TZT1, TZT2 and TZT3 were 1191 MPa, 1150
MPa and 1075 MPa, respectively, after being aged at 973 K for 6 h. The yield strengths
of the three alloys were increased to 1580 MPa, 1320 MPa and 1180 MPa, respectively.
The spinodal strengthening may be responsible for the increase in the strength of the
alloys.

(3) The elastic moduli of the three alloys after solid-solution treatment were 75.0 GPa,
78.2 GPa and 85.8 GPa, respectively, which was much lower than that of pure titanium
(about 113 GPa). The TZT1 alloy exhibited the lowest elastic modulus due to its high
value of Md.

(4) After being aged at 973 K for 6 h, the elastic moduli of the three alloys slightly
increased. Spinodal decomposition can significantly promote the strength of the
Ti-Zr-Ta alloys without a large increase in their elastic modulus.

Author Contributions: Conceptualization, R.W. and S.L.; methodology, R.W. and Q.Y.; Data curation,
Q.Y. and Y.D.; Writing—original draft preparation, R.W.; Writing—review and editing, S.L. and
J.L.; Supervision, S.L. and J.L. All authors have read and agreed to the published version of the
manuscript.

Funding: This research was financially supported by the National Natural Science Foundation of
China (Grant No. 11872053 and No. 51971190) and the Project of Hunan Provincial Education
Department (Grant No. 21C0069).

107



Coatings 2022, 12, 756

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: Not applicable.

Conflicts of Interest: The authors declare no conflict of interest.

References
1. Guo, L.; Naghavi, S.A.; Wang, Z.; Varma, S.N.; Han, Z.; Yao, Z.; Wang, L.; Wang, L.; Liu, C. On the design evolution of hip

implants: A review. Mater. Des. 2022, 216, 110552. [CrossRef]
2. Besinis, A.; Hadi, S.D.; Le, H.; Tredwin, C.; Handy, R. Antibacterial activity and biofilm inhibition by surface modified titanium

alloy medical implants following application of silver, titanium dioxide and hydroxyapatite nanocoatings. Nanotoxicology 2017,
11, 327–338. [CrossRef] [PubMed]

3. Zhang, L.C.; Chen, L.Y. A review on biomedical titanium alloys: Recent progress and prospect. Adv. Eng. Mater. 2019, 21, 1801215.
[CrossRef]

4. Kyzioł, K.; Kaczmarek, Ł.; Brzezinka, G.; Kyzioł, A. Structure, characterization and cytotoxicity study on plasma surface modified
Ti–6Al–4V and γ-TiAl alloys. Chem. Eng. J. 2014, 240, 516–526. [CrossRef]

5. Wang, X.; Li, Y.; Xiong, J.; Hodgson, P.D. Porous TiNbZr alloy scaffolds for biomedical applications. Acta Biomater. 2009,
5, 3616–3624. [CrossRef] [PubMed]

6. Geetha, M.; Singh, A.K.; Asokamani, R.; Gogia, A.K. Ti based biomaterials, the ultimate choice for orthopaedic implants—A
review. Prog. Mater. Sci. 2009, 54, 397–425. [CrossRef]

7. Welsch, G.; Boyer, R.; Collings, E. Materials Properties Handbook: Titanium Alloys; ASM International: Almere, The Netherlands, 1993.
8. Abigail, M.N. The Design and Development of a Novel Beta Ti Alloys with Low Elastic Modulus for Biomedical Application.

Master’s Thesis, University of Johannesburg, Johannesburg, South Africa, 2020.
9. Hagihara, K.; Nakano, T.; Maki, H.; Umakoshi, Y.; Niinomi, M. Isotropic plasticity of β-type Ti-29Nb-13Ta-4.6 Zr alloy single

crystals for the development of single crystalline β-Ti implants. Sci. Rep. 2016, 6, 29779. [CrossRef] [PubMed]
10. Yang, Y.; Castany, P.; Cornen, M.; Prima, F.; Li, S.; Hao, Y.; Gloriant, T. Characterization of the martensitic transformation in the

superelastic Ti–24Nb–4Zr–8Sn alloy by in situ synchrotron X-ray diffraction and dynamic mechanical analysis. Acta Mater. 2015,
88, 25–33. [CrossRef]

11. Langer, J.S. Theory of spinodal decomposition in alloys. Ann. Phys. 1971, 65, 53–86. [CrossRef]
12. Tang, Y.; Goto, W.; Hirosawa, S.; Horita, Z.; Lee, S.; Matsuda, K.; Terada, D. Concurrent strengthening of ultrafine-grained

age-hardenable Al-Mg alloy by means of high-pressure torsion and spinodal decomposition. Acta Mater. 2017, 131, 57–64.
[CrossRef]

13. Wang, J.L. Study on phase diagram, thermodynamics of phase equilibrium and alloy design of titanium alloy. Doctoral
Dissertation, Central South University, Changsha, China, 2015. (Unpublished).

14. Zhang, D.; Lin, J.; Jiang, W.; Ma, M.; Peng, Z. Shape memory and superelastic behavior of Ti–7.5 Nb–4Mo–1Sn alloy. Mater. Des.
2011, 32, 4614–4617. [CrossRef]

15. Abdel-Hady, M.; Hinoshita, K.; Morinaga, M. General approach to phase stability and elastic properties of β-type Ti-alloys using
electronic parameters. Scr. Mater. 2006, 55, 477–480. [CrossRef]

16. Sung, H.H.; Sang, W.P.; Chan, H.P.; Jong, T.Y.; Ki, B.K. Relationship between phase stability and mechanical properties on
near/metastable β-type Ti–Cr-(Mn) cast alloys. J. Alloys Compd. 2020, 821, 153516.

17. Bolzoni, L.; Alqattan, M.; Yang, F.; Peters, L. Design of β-eutectoid bearing ti alloys with antibacterial functionality. Mater. Lett.
2020, 278, 128445. [CrossRef]

18. Shao, L.F.; Du, Y.H.; Dai, K.; Wu, H.; Wang, Q.G.; Liu, J.; Tang, Y.J.; Wang, L.Q. β-Ti alloys for orthopedic and dental applications:
A review of progress on improvement of properties through surface modification. Coatings 2021, 11, 1446. [CrossRef]

108



Citation: Wang, Z.; Li, F.; Hu, X.; He,

W.; Liu, Z.; Tan, Y. Preparation of

Ti-Al-Si Gradient Coating Based on

Silicon Concentration Gradient and

Added-Ce. Coatings 2022, 12, 683.

https://doi.org/10.3390/

coatings12050683

Academic Editor:

Ana-Maria Lepadatu

Received: 9 April 2022

Accepted: 14 May 2022

Published: 16 May 2022

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2022 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

coatings

Article

Preparation of Ti-Al-Si Gradient Coating Based on Silicon
Concentration Gradient and Added-Ce
Zihan Wang, Faguo Li * , Xiaoyuan Hu, Wei He, Zhan Liu and Yao Tan

School of Materials Science and Engineering, Xiangtan University, Xiangtan 411105, China;
wangzihann0524@163.com (Z.W.); hxyajr@outlook.com (X.H.); 15750022348@163.com (W.H.);
liuzhanxtu@yeah.net (Z.L.); aptx486912010504@163.com (Y.T.)
* Correspondence: lifaguo@xtu.edu.cn

Abstract: Titanium and titanium alloys have excellent physical properties and process properties
and are widely used in the aviation industry, but their high-temperature oxidation resistance is
poor, and there is a thermal barrier temperature of 600 ◦C, which limits their application as high-
temperature components. The Self-generated Gradient Hot-dipping Infiltration (SGHDI) method
is used to prepare the Ti-Al-Si gradient coating based on the silicon concentration with a compact
Ti(Al,Si)3 phase layer, which can effectively improve the high-temperature oxidation resistance of the
titanium alloy. Adding cerium can effectively inhibit the generation of the τ2: Ti(AlxSi1−x)2 phase
within a certain hot infiltration time so as to form a continuous dense Al2O3 layer to further improve
the oxidation resistance of the coating. Studies have found that multiple Ti-Al binary alloy phase
layers are formed during the high-temperature oxidation process, which has the effect of isolating
oxygen and crack growth, and effectively improving the high-temperature resistance of the coating
oxidation performance.

Keywords: titanium alloy; Ti-Al-Si gradient coating; cerium; self-generated gradient hot-dipping
infiltration (SGHDI) method; microstructure and properties

1. Introduction

High-temperature titanium alloys are important structural materials for the key com-
ponents of modern aero-engines, which are known as the ‘pearl in the crown’ of industrial
manufacturing. Aero-engine is a concentrated embodiment of a country’s comprehensive
national strength, industrial foundation and technological level, and it is an important
guarantee of national security. As the aviation industry develops rapidly, the thrust-to-
weight ratio of an areo-engine is required to be higher. Titanium alloys can be used in fan
and compressor parts of aero-engines instead of Ni-based superalloys, such as compressor
discs, vanes, navigations and adapter rings, which can reduce the weight of the compressor
by 30–35% [1]. At present, the amount of titanium alloys has accounted for 25–40% of the
total weight of advanced aero-engines. However, traditional titanium alloys have to be
used in air for a long time at the temperature of 540–600 ◦C or so, above which will result in
excessive oxidation and oxygen brittleness caused by oxygen diffusion to the substrate [2].
At present, the maximum short-term operating temperature of mature high-temperature
titanium alloys is 600–750 ◦C. As the temperature rises, the high-temperature creep and
high-temperature oxidation resistance of titanium alloys will significantly decrease, which
has become a bottleneck restricting the development of titanium alloys’ application at
higher temperatures [3]. Thermal corrosion is a phenomenon in which oxygen and other
corrosive gases work together with salts deposited on the surface of materials in a high-
temperature environment to accelerate corrosion, and its harmfulness is much greater
than thermal oxidation. In addition, the research on high-temperature thermal corrosion
resistance of high-temperature coatings in service above 1000 ◦C will be the focus of re-
search in the future [4]. Therefore, in order to further improve the thrust–weight ratio of
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aero-engines and meet the requirements of materials for high-performance aero-engines,
it is imperative to develop a new high-temperature titanium alloy coating with higher
operating temperature.

For decades, people have studied coating elements such as Al, Si, Cr, Nb, C, S and Mo,
and found that aluminum was the most effective among many anti-oxidation elements [5].
Aluminum reacts at high temperatures to produce stable Al2O3 [6], which has an excellent
protective effect on the metal substrate. Therefore, aluminum is the preferred element for
high-temperature oxidation resistance coatings [7]. Among the Ti–Al system’s intermetallic
compounds, only the TiAl3 can form dense Al2O3 film in the air, whose Al content is
75% and oxidation resistance is good [8]. High-temperature diffusion aluminizing of
titanium alloys can form a TiAl3-rich coating, which can greatly improve its oxidation
resistance [9]. The commonly used diffusion method is the hot-dipping method, which was
initially applied to steel materials [10] and is often used to improve the corrosion resistance,
abrasive resistance and oxidation resistance at high temperature. Studies have found
that the hot-dipping method can also improve the performance of titanium alloys [11–13].
However, aluminum hot-dipping cannot provide effective protection for titanium alloy
above 800 ◦C. In addition, because multiple Ti-Al phase layers are generated, there will be
penetrating cracks because the thermal expansion coefficient of the phase layer does not
match the substrate [11]. However, adding silicon can reduce the number of transverse
cracks in the coating. Compared with the hot-dip aluminizing layer, the Ti-al-si layer
is tough and compact [14]. The oxidation resistance temperature of the coating can be
increased to 800–850 ◦C [15,16]. However, it is difficult to form the TiAl3 phase layer by
directly adding silicon because Ti and Si tend to react first to generate the Ti-Si intermediate
phase [17], thus changing the reaction path between Ti, Al and Si. Therefore, figuring out
how to introduce silicon after forming the TiAl3 phase layer preferentially has become a
key problem in optimizing the Al-Si coating of titanium alloys.

Therefore, this paper proposes a Self-generated Gradient Hot-dipping Infiltration
(SGHDI) method to achieve the Ti-Al-Si gradient coatings after the formation of the TiAl3
phase layer preferentially and the introduction of silicon [18]. The characteristics of the
coatings are as follows: the Ti-Al-Si multiphase layer structure based on a Si concentration
gradient is formed from the substrate to the outside: The dense Ti(Al,Si)3 alloy layer of
solid solution Si atoms, the dispersed bulk of τ2: Ti(AlxSi1−x)2 phase + L-(Al,Si) phase and
L-(Al,Si) phase. However, a dispersed τ2 phase results in the non-denseness of the Al2O3
layer during a high-temperature oxidation process, which reduces the high-temperature
oxidation resistance of the coating.

Adding rare earth elements (Ce, La, etc.) is considered to be an effective means
to improve the high-temperature oxidation resistance and corrosion resistance of the
coating [19]. Ce and La are enriched at grain boundaries, which can effectively reduce the
high-temperature oxidation rate [20]. Rare earth elements can also refine the microstructure
and structure of coatings [21]. Therefore, adding cerium is proposed to suppress the
generation of the τ2 phase and improve the high-temperature oxidation resistance of the
coating. The effect of hot infiltration time on the microstructure and morphology of the
Ti-Al-Si gradient coating added with Ce and the high-temperature oxidation resistance of
the sample with excellent coating structure were studied.

2. Coating Preparation Method and Experiment Method
2.1. Coating Preparation Method

The essence of hot-dipping is a liquid/solid diffusion coupling reaction. When the
titanium alloy is hot-dip aluminized, a Ti-Al binary intermetallic compound phase layer
will be formed on the surface of the titanium alloy. When Si is added, it is difficult to form
the TiAl3 phase with excellent high-temperature oxidation resistance because the Ti atoms
combine with Si atoms preferentially to form a Ti-Si binary intermediate phase. According
to the ternary phase diagram of Ti-Al-Si, the Si atoms can solubilize in the TiAl3 phase and
form the secondary solid solution of Ti(Al,Si)3 [22]. Therefore, the Ti(Al,Si)3 phase can be
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used as the medium for Si atoms to dissolve into the phase layer of Ti-Al alloy. Therefore, it
is necessary to develop a new coating preparation method: the TiAl3 phase layer is formed
on the surface of the titanium alloy by hot-dip aluminizing, and then Si atoms are added
into aluminum melt and Si atoms are dissolved into the TiAl3 phase layer. Obviously,
Si atoms will form a concentration gradient distribution in the TiAl3 phase layer. Then,
the key issue is how to introduce Si sources. We use the phenomenon that the aluminum
melt can react with quartz glass to generate Si atoms and use the quartz glass tube as a
container for pure aluminum liquid, thus cleverly solving the Si sources problem. The new
coating preparation method is called the Self-generated Gradient Hot-dipping Infiltration
(SGHDI) method.

2.2. Experiment Method

A 99.995 wt.% pure Al, Al-20 wt.% Ce master alloy, high-purity quartz glass tube
(providing active Si atoms source and acting as a container), and 10-mm-diameter Ti-6Al-4V
(TC4) alloy rod were selected for the experiment. The hot infiltration process is as follows:

(1) Degrease the surface of the TC4 alloy with a metal cleaning agent and dry it;
(2) Melt the high-purity aluminum in the vertical pit furnace;
(3) Pour the high-purity aluminum melt in step (2) into the high-purity quartz tube,

keep the melt state at a high-temperature of 800 ◦C, immerse the TC4 alloy into the
high-purity aluminum melt, hold for a certain time, quickly extract from the melt, and
then quench.

The Al-1 wt.% Ce solution was prepared by adding a moderate amount of Al-20 wt.%
Ce master alloy into the high-purity aluminum melt so as to achieve the purpose of
adding Ce.

The high-temperature oxidation experiment involves placing coated/uncoated speci-
mens, respectively, in small corundum crucibles, weighing, recording, and then putting
them in the box furnace (Xiangtan Samsung Instrument Co., LTD, Xiangtan, China), heating
up to 800 ◦C, taking out a specimen at regular intervals, weighing and recording in order
to calculate how much weight is added per unit area at different times, and obtaining the
high-temperature oxidation weight curves of coated/uncoated specimens.

The microstructure, phase constitute, and element distribution of the coating were
characterized and measured by SEM (ZEISS EVO MA10, Zeiss, Jena, Germany), EDS
(OXFORD X-MAXN, Zeiss, Jena, Germany).

3. Results and Discussion
3.1. Microstructure Characterization of Unadded Cerium Coating

Figure 1 shows the microstructures of the Al-Si coating of TC4 at 800 ◦C for different
hot-dipping times. The dipping coating has obvious delamination, which can be divided
into two regions: (1) the surface layer is a liquid phase, L-(Al, Si); (2) the alloy phase layer
of mutual diffusion between substrate and liquid phase: the dense alloy phase layer, which
metallurgically combined with the substrate, and the dispersed bulk alloy phase layer.
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Figure 1. The microstructures of Ti-Al-Si gradient coatings on TC4 alloy at 800 ◦C, (a) 10 min,
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The EDS results show that the elemental atomic ratio is within the range of Ti(Al,Si)3
phase (Al:Si:Ti = 59:14:27) in the dense alloy phase layer, so it is a Ti(Al,Si)3 phase. The EDS
results show that the elemental atomic ratio is within the range of the τ2: Ti(Al,Si)2 phase
(Al:Si:Ti = 55:12:33) in the dispersed bulk alloy phase layer, so it is the τ2: Ti(Al,Si)2 phase.
In other words, the Ti(Al,Si)3 phase, τ2 + L-(Al,Si) phase and L-(Al,Si) phase are formed in
sequence on the surface of titanium alloy.

Figure 1a shows that although the Ti(Al,Si)3 phase layer is only a few microns in the
early stage of the hot-dip aluminizing, it shows that this method realized the preferential
reaction between Ti and Al to generate the TiAl3 phase layer. Moreover, once the TiAl3
phase layer is formed, a barrier is constructed to isolate Si atoms from directly contacting
the surface of titanium alloy, and the reaction between Ti and Si is effectively prevented.
In the subsequent long hot-dipping process (Figure 1a–f), although Si atoms can form an
Ti(Al,Si)3 phase by dissolving into an TiAl3 phase, the diffusion rate of Al atoms in the
liquid phase through the TiAl3 phase layer to the surface of titanium alloy is much faster
than that of Si atoms through the TiAl3 phase layer. Therefore, the formation of a dense
and thick Ti(Al,Si)3 phase layer is guaranteed.
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The morphology of the τ2 phase layer is very interesting. The bulk τ2 phase is uniform
in the microstructure of hot-dipping coating (Figure 1a,b). However, with the increase in
hot-dipping time, the τ2 phase layer creates the stratification phenomenon of bulk size
scale: inner large block τ2, middle tiny block τ2, and outer large block τ2. The loose bulk
τ2 phase destroys the compactness of the Al2O3 aluminum layer, and the sharp corner also
becomes the source of cracks, so it may adversely affect the overall oxidation-resistance of
the coating.

3.2. The Microstructure Characterization of Added Cerium Coating

The microstructures of Ce-added hot infiltration coating are shown in Figure 2. With
the increase in hot infiltration time, the thickness of the alloy phase layer gradually in-
creased. When the hot infiltration time is less than 50 min, there is a very dense alloy layer,
and the liquid phase covers it in the coating. The dense layer is the Ti(Al,Si)3 phase layer
confirmed by energy spectrum analysis. When the hot infiltration time reaches 60 min or
even higher, the longer the hot infiltration time, the more the bulk phase appears in the
liquid phase, which is the τ2 phase by energy spectrum analysis. The Ti(Al,Si)3 phase layer
is gradually thinned due to the appearance of the τ2 phase. It can be seen that the addition
of Ce can suppress the generation of the τ2 phase in a certain time range.
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The dense Ti(Al,Si)3 alloy phase layer has excellent resistance to high-temperature
oxidation and is the only single phase alloy phase layer in the hot infiltration process.
Revealing the growth kinetics of the Ti(Al,Si)3 alloy phase layer is helpful in guiding the
structural design of the coating and adjust the high-temperature oxidation resistance of
the coating. Considering that the thickness of the Ti(Al,Si)3 alloy phase decreases instead
of increasing after the hot infiltration time exceeds 50 min, this paper only analyzes the
relationship between the thickness and time of the Ti(Al,Si)3 alloy phase layer within
50 min. There exists an empirical formula [23]:

δ = ktn (1)

where δ is the thickness (µm), t is time (min), k is the rate constant, and n is the kinetic
exponent. The n ≤ 0.5 means diffusion-controlled growth, and n > 0.5 means reaction-
controlled growth.

The growth kinetics curve of the Ti(Al,Si)3 alloy layer was fitted by Formula (1) (as
shown in Figure 3):

δ = 0.216t1.475 (2)
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The results show that it is reaction-controlled growth.

3.3. The Microstructure Characterization of Added Cerium Coating

No Ce compounds are found in the Ti-Al-Si gradient coating, but the effect of adding
Ce is obvious, and the growth of the τ2 phase is inhibited within 50 min of hot infiltration.
According to the formation sequence of various phases, the coating growth stage can
be divided into four important stages (Figure 4): the formation of the TiAl3 phase, the
growth of the TiAl3 phase and Si atom solution, the growth of the Ti(Al,Si)3 phase, and the
formation and growth of the τ2 phase.
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When the TC4 alloy is immersed into Al-Ce melt, titanium atoms in TC4 diffuse to Al
melt, and the TiAl3 phase is formed firstly at the interface. The reaction equation is:

Ti + 3Al→TiAl3 (3)

The Al melt on the quartz tube’s wall reacts with SiO2 at the same time, and the
generated Si atoms diffuse toward TC4. As the diffusion time increases, solid Si atoms
dissolve into TiAl3, and the Ti(Al,Si)3 phase is formed. The solution process is:

TiAl3 + 3[Si]→Ti(Al,Si)3 (4)

When Si in TiAl3 is saturated, the Ti, Al and Si atoms at the front of the solid–liquid
interface will react to form the Ti(Al,Si)2 phase (τ2 phase). In addition, the saturated
Ti(Al,Si)3 phase reacts with Si atoms to form the τ2 phase [24]. The τ2 phase is formed
continuously, and the longer the diffusion time, the thicker the τ2 phase layer and the
thinner the Ti(Al,Si)3 phase. The reaction equation to form τ2 is:

Ti + xAl + (2 − x)Si→ τ2 (5)

Ti(Al,Si)3 + Si→ τ2 (6)

3.4. High-Temperature Oxidation Resistance

The results can be obtained by fitting the weight curves of uncoated TC4 substrate
alloy samples and the 60 min Ti-Al-Si hot-dipping samples by an isothermal oxidation
comparison test at 800 ◦C in static air,

∆m = 2.107t0.7 (uncoated) (7)

∆m = 0.624t0.5 (Ti-Al-Si gradient coating) (8)

where ∆m is the amount of oxidation weight gain (mg·cm−1/2), and t is the oxidation time
(h). It can be known from Formulas (7) and (8) that the mass increase rate of the uncoated
samples is obviously more rapid than that of the coated samples. The high-temperature
oxidation resistance of the Ti-Al-Si coating is better than that of the pure aluminum coat-
ing [13], and about the same as the oxidation resistance of the Al-Si coating prepared by
Zhou W, et al. [25] by the low oxygen partial pressure self-fusing method. Therefore, this
hot-dipping Ti-Al-Si gradient coating has excellent high-temperature oxidation resistance.

Figure 5a shows the isothermal oxidation microstructure of the 60 min hot-dipping
sample. The outermost phase layer of the sample after the oxidation is τ2: the
Ti(Al,Si)2 + α-Al2O3 phase. The loose τ2 phase distribution causes the α-Al2O3 layer to
become incompact. In the isothermal oxidation process, Al and Si atoms in the Ti(Al,Si)3
phase layer diffuse to the substrate and react with Ti atoms to form some new dense phase
layers, as shown in Figure 5b. Through energy spectrum analysis, Ti3Al, TiAl, and Ti5Si3
are newly formed. From the distribution of these new phase layers, the diffusion rate of the
Al atom is obviously higher than that of the Si atom. The Si atoms are mainly distributed
in the original Ti(Al,Si)3 layer, and part of the Si atoms react with Ti atoms to generate
Ti5Si3 [26–28].
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After oxidation for 120 h, microcracks appeared in the Ti(Al,Si)3 phase layer. However, the
newly formed dense layer effectively prevented the crack propagation and prevented oxygen
from entering the TC4 substrate, which has a good protective effect on the TC4 substrate.

Considering that the hot infiltration time to inhibit the generation of the τ2 phase is
less than 50 min, and the thickness of the Ti(Al,Si)3 phase layer is less than 20 µm when the
hot infiltration time is less than 20 min, and the long hot infiltration time is not suitable for
industrial production, the Ti-Al-Si coating formed by a hot infiltration time of 30 min is
more appropriate. In this paper, the sample with 30 min hot infiltration time was selected
for the high-temperature oxidation experiment to analyze its high-temperature oxidation
resistance. Figure 6a shows the experiment results of isothermal oxidation for 72 h cerium-
added hot-dipping sample for 30 min in static air at 800 ◦C. The oxidized coating has seven
distinct phase layers, and there are many white granular phases in the sixth and seventh
phase layers. EDS (shown in Table 1) shows that Ti:Al = 3:1 in the 1# phase layer, so it is
Ti3Al. In the 2# phase layer, Ti:Al = 2:1, so it is Ti2Al. In the 3# phase layer, Ti:Al = 1:1, so
it is TiAl. In the 4# phase layer, Ti:Al = 1:2, so it is TiAl2. The 5# phase layer is different
from 1–4# phase layers in that there exists an oxygen element, and Ti:Al = 1:3, so it is the
TiAl3 phase layer. There are only Al, Si, Ti and O elements in the 6# phase layer, which are
Ti(Al,Si)3 and Al2O3 phases. There are five elements, Al, Si, O, Ti and Ce in the 7# phase
layer, among which 85.34 at.% Al, 10.01 at.% O, 4.35 at.% Si, 0.09 at.% Ti and 0.21 at.% Ce
in the gray area. The substrate of the 7# phase layer is L-(Al, Si, Ce) + Al2O3. The Al, Si, O,
Ti and Ce in the white 8# phase layer are 57.17, 14.08, 3.77, 8.77 and 16.21 at.%, respectively,
indicating that it is an Al6Si2Ce2Ti compound. In addition, although cracks can run through
the liquid phase layer and Ti(Al,Si)3 layer, they will still be blocked by the newly formed
Ti-Al binary layer and cannot penetrate the entire coating.

Coatings 2022, 12, x FOR PEER REVIEW 9 of 12 
 

 

Figure 6b shows the distribution of the elements in Figure 6a. The Al element is 
mainly distributed in the coating, while the Ti element has a small distribution in the coat-
ing, indicating that the Ti element has diffused into the coating. There are trace distribu-
tion of Si and O elements in the 5#–7# phase layer, indicating that the Ti-Al-Si coating 
added with Ce inhibits the formation of the loose τ2 phase layer and greatly improves the 
high-temperature oxidation resistance. 

Although Al, Si and Ti elements all diffuse each other during the high-temperature 
oxidation process, compared with the Ti-Al-Si coating without Ce added, first, there is no 
binary Ti-Si phase in the Ti(Al,Si)3 phase layer, and the Ti(Al,Si)3 phase layer remains 
dense. Second, Al6Si2Ce2Ti compounds are precipitated from the L-(Al, Si, Ce) alloy layer 
during the high-temperature oxidation process, and the concentration of Si, Ce and Ti is 
much higher than the concentration of its own elements in the surrounding liquid phase, 
which restrains the generation of the τ2 phase. Third, the continuous liquid layer facilitates 
further oxidation into a continuous Al2O3 phase layer. 

 
Figure 6. Microstructure (a) and EDS mapping date (b) of adding a cerium Ti-Al-Si gradient coating 
after 72 h oxidation. 

Table 1. EDS data and main compounds of each alloy phase layer. 

Phase Layer in Figure 6 Ti Al Si O Ce Compounds 
1# 76.46 23.54 0 0 0 Ti3Al 
2# 64.76 35.24 0 0 0 Ti2Al 
3# 47.40 52.60 0 0 0 TiAl 
4# 34.47 65.53 0 0 0 TiAl2 
5# 25.43 67.07 0 7.50 0 TiAl3 
6# 24.48 54.90 11.95 8.67 0 Ti(Al,Si)3 + Al2O3 
7# 0.09 85.34 4.35 10.01 0.21 L-(Al, Si, Ce) + Al2O3 
8# 8.77 57.17 14.08 3.77 16.21 TiAl6Si2Ce2 

3.5. The Formation Mechanism of High-Temperature Oxidation Microstructure of Adding Ce 
Coatings 

Figure 7 is a schematic diagram of the high-temperature oxidation mechanism of Ce-
added Ti-Al-Si gradient coating with 30 min hot infiltration. Before high-temperature ox-
idation, the coating consisted of a dense Ti(Al,Si)3 phase layer and a liquid phase. After 
high-temperature oxidation, oxygen diffuses toward the substrate, forming dense Al2O3 
in the liquid phase, the Al atoms in the Ti(Al,Si)3 diffuse toward the substrate and form a 
new dense alloy phase layer TiAl3. When the high-temperature oxidation time increases, 
several new Ti-Al alloy phase layers (Ti3Al, Ti2Al, TiAl, TiAl2) are formed between TiAl3 
and the substrate, which can effectively prevent the diffusion of oxygen and crack towards 
the substrate. 

Figure 6. Microstructure (a) and EDS mapping date (b) of adding a cerium Ti-Al-Si gradient coating
after 72 h oxidation.

116



Coatings 2022, 12, 683

Table 1. EDS data and main compounds of each alloy phase layer.

Phase Layer
in Figure 6 Ti Al Si O Ce Compounds

1# 76.46 23.54 0 0 0 Ti3Al
2# 64.76 35.24 0 0 0 Ti2Al
3# 47.40 52.60 0 0 0 TiAl
4# 34.47 65.53 0 0 0 TiAl2
5# 25.43 67.07 0 7.50 0 TiAl3
6# 24.48 54.90 11.95 8.67 0 Ti(Al,Si)3 + Al2O3
7# 0.09 85.34 4.35 10.01 0.21 L-(Al, Si, Ce) + Al2O3
8# 8.77 57.17 14.08 3.77 16.21 TiAl6Si2Ce2

Figure 6b shows the distribution of the elements in Figure 6a. The Al element is mainly
distributed in the coating, while the Ti element has a small distribution in the coating,
indicating that the Ti element has diffused into the coating. There are trace distribution of Si
and O elements in the 5#–7# phase layer, indicating that the Ti-Al-Si coating added with Ce
inhibits the formation of the loose τ2 phase layer and greatly improves the high-temperature
oxidation resistance.

Although Al, Si and Ti elements all diffuse each other during the high-temperature
oxidation process, compared with the Ti-Al-Si coating without Ce added, first, there is
no binary Ti-Si phase in the Ti(Al,Si)3 phase layer, and the Ti(Al,Si)3 phase layer remains
dense. Second, Al6Si2Ce2Ti compounds are precipitated from the L-(Al, Si, Ce) alloy layer
during the high-temperature oxidation process, and the concentration of Si, Ce and Ti is
much higher than the concentration of its own elements in the surrounding liquid phase,
which restrains the generation of the τ2 phase. Third, the continuous liquid layer facilitates
further oxidation into a continuous Al2O3 phase layer.

3.5. The Formation Mechanism of High-Temperature Oxidation Microstructure of Adding
Ce Coatings

Figure 7 is a schematic diagram of the high-temperature oxidation mechanism of
Ce-added Ti-Al-Si gradient coating with 30 min hot infiltration. Before high-temperature
oxidation, the coating consisted of a dense Ti(Al,Si)3 phase layer and a liquid phase. After
high-temperature oxidation, oxygen diffuses toward the substrate, forming dense Al2O3
in the liquid phase, the Al atoms in the Ti(Al,Si)3 diffuse toward the substrate and form a
new dense alloy phase layer TiAl3. When the high-temperature oxidation time increases,
several new Ti-Al alloy phase layers (Ti3Al, Ti2Al, TiAl, TiAl2) are formed between TiAl3
and the substrate, which can effectively prevent the diffusion of oxygen and crack towards
the substrate.
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4. Conclusions

In this paper, a Ti-Al-Si gradient coating was successfully prepared by a self-generated
gradient hot-dipping method, and the generation of τ2 was suppressed by adding Ce.
The formation mechanism and high-temperature oxidation resistance of the coating were
discussed. The main conclusions are as follows:

(1) The thickness of the Ti(Al,Si)3 phase with a Ce-added Ti-Al-Si gradient coating in-
creases gradually with the increase in hot infiltration time, and the τ2: Ti(Al,Si)2 phase
appears and grows when the hot infiltration time exceeds a certain point.

(2) Within 50 min of hot infiltration, the dense Ti(Al,Si)3 phase layer and L-(Al, Si, Ce)
phase layer are formed outward from the substrate, respectively. When the hot
infiltration time is extended, the dense Ti(Al,Si)3 phase, L-(Al, Si, Ce) phase + bulk τ2:
Ti(Al,Si)2 phase and L-(Al, Si, Ce) phase are obtained from the substrate in sequence.

(3) Several new Ti-Al system alloy phase layers (Ti3Al, TiAl and TiAl3, etc.) are formed
between the substrate and Ti(Al,Si)3 during the high-temperature oxidation process,
which can further prevent the diffusion of oxygen and cracks to the substrate.

(4) Adding Ce can form Ce-rich quaternary phase (TiAl6Si2Ce2) in L-(Al, Si, Ce) alloy
layer and suppress the formation of the Al-Si-Ti ternary phase and τ2: Ti(Al,Si)2 phase.
The concentration of Ti, Si and Ce in the TiAl6Si2Ce2 phase is much higher than that
of these elements in the surrounding L-(Al, Si, Ce) alloy, indicating that the element
segregation effect occurs after the addition of Ce.

The hot infiltration method is an economical and efficient method for preparing Al-
based coatings for high-temperature-resistant titanium alloy. As the α-β phase transition
temperature of titanium alloy is about 900 ◦C, the hot infiltration temperature cannot exceed
900 ◦C. The key to high-temperature oxidation resistance is to form a dense and continuous
multiphase gradient coating, which is to isolate air and avoid cracks caused by thermal
stress between layers. A Ti-Al-Si gradient coating added with Ce can inhibit the formation
of a loose τ2 layer and maintain a dense and continuous multiphase layer structure in the
high-temperature oxidation process for a long time. Oxygen atoms cannot diffuse into the
substrate, and the Ti-Al-Si gradient coating showed excellent high-temperature oxidation
resistance. This work provides a new idea for the preparation and structure design of hot
dipping aluminum alloy coatings.
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Abstract: Cryogenic treatment as a process that can effectively improve the performance of steel
materials is widely used because of its simplicity and speed. This paper investigates the effects of
different low temperature treatments on the microstructure and properties of 17Cr2Ni2MoVNb steel.
The low temperature treatment range is divided into cryogenic treatment (CT-80), shallow cryogenic
treatment (SCT-150) and deep cryogenic treatment (DCT-196), all with a duration of 1 h. The retained
austenite content and the change in carbide volume fraction at 0.2 mm in the carburised layer are
studied. The microhardness gradient of the carburised layer, as well as the friction coefficient and
wear scar morphology at 0.2 mm, was investigated. The results show that the low temperature
treatment is effective in reducing the retained austenite content and increasing the volume fraction of
carbide. The lowest retained austenite content and highest carbide volume fraction were obtained for
DCT-196 specimens at the same holding time. Due to the further transformation of martensite and
the diffuse distribution of carbides, the microhardness and frictional wear properties of DCT-196 are
optimal. Therefore, low temperature treatment can change the microstructure of the case layer of
17Cr2Ni2MoVNb steel and effectively improve the mechanical properties of materials.

Keywords: cryogenic treatment; 17Cr2Ni2MoVNb; wear; gear steel; carbide; retained austenite

1. Introduction

The 17Cr2Ni2MoVNb steel developed from 18CrNiMo7-6 steel undergoes low dis-
tortion during carburizing heat treatment. The carburised layer presents a very complex
microstructure due to the carbon concentration gradient distribution. It is composed of high
carbon tempered martensite, retained austenite and carbides close to the surface, which
provide high hardness and good wear resistance. The matrix is composed of low carbon tem-
pered martensite, which supports sufficient toughness and strength. The 17Cr2Ni2MoVNb
steel exhibits high strength, toughness, and fatigue properties, making it the potential
material for high-strength carburizing steel. However, 17Cr2Ni2MoVNb steel contains a
considerable amount of Ni, which enhances the stability of austenite. After carburizing,
a substantial amount of carbon and alloying elements is dissolved in the matrix, which
significantly reduces the start temperature of martensite transformation (Ms point). A large
amount of austenite is retained in the carburized layer after carburizing and air cooling.
Reheating and quenching cannot reduce the content of retained austenite, and the hardness
cannot be further improved to meet the design requirements. In addition, the retained
austenite is heated or transformed under strain during use, causing dimensional changes
and redistribution of stress, which may also cause cracks during grinding and finishing. At
present, the main ways to reduce the amount of retained austenite are high-temperature
tempering and cryogenic treatment [1–4]. Cryogenic treatment has been widely used for
tools, bearings, gears, and other workpieces made of high speed-steel, hard alloys and
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other materials. As an example, the effect of cryogenic treatment on the wear resistance of
20CrNi2Mo steel was studied by Preciado and co-workers [5]. Their results showed that
the wear resistance of the carburized sample was, respectively, improved by 17% and 25.5%
after cryogenic treatment at −80 and −196 ◦C compared to conventional heat treatment.

Meanwhile, Kara’s team has been systematically studying the application of deep
cooling treatment to tools, tool steels and bearing steels [6–9]. Çiçek [6] found that cryogenic
treatment with tempering treatment increases the average size of α-phase and forms η-
phase in WC-CO tools, thus increasing the microhardness of the tools. Gunes [7] studied
the wear behaviour of bearing steel AISI 52100 held at −145 ◦C for different times. It
was shown that 36 h is the optimum holding time. At this holding time, the wear rate
and friction coefficient decrease and the hardness reaches its maximum. Kara [8] applied
cryogenic treatment to AISI D2 tool steel and ceramic tools. Artificial intelligence methods
called artificial neural networks (ANNs) are used to estimate surface roughness based
on cutting speed, cutting tool, workpiece, depth of cut, and feed rate. It was shown that
the samples subjected to the DCTT-36 process gave the best results in terms of surface
roughness and tool wear. The effect of cryogenic treatment on the surface roughness and
wear of AB2010 tools was significantly improved. The highest micro and macro hardness
values were obtained under the DCT-36 process. The secondary carbide formation of the
samples was more uniform in the DCTT-36 process. Kara [9] used the L18 orthogonal
experimental table to determine the best surface roughness (Ra) worth control factors for
AISI 5140 steel. By using in the cylindrical grinding process of AISI 5140 steel and identified
optimum grinding conditions via the Taguchi optimization method.

Current research on 17Cr2Ni2MoVNb steel has mainly focused on the study of the
influence of process parameters such as the carburizing, quenching and tempering temper-
ature on the structure and properties of the steel. The effect of the quenching temperature
on the microstructure and rolling contact fatigue behaviour of 17Cr2Ni2MoVNb steel was
investigated by Zhang and Qu [10,11]. The results showed that failure mode of the sample
quenched at 900 ◦C is delamination, whereas the failure mode after quenching at 1100 ◦C is
pitting corrosion. The effects of the tempering temperature on the tensile properties and
rotary bending fatigue behaviour of this steel were also investigated, demonstrating that
the tensile strength and fatigue strength were the highest at 180 ◦C, reaching 1456 and
730 MPa, respectively. At present, however, there are few reports on the effect of cryogenic
treatment on the structure and mechanical properties of 17Cr2Ni2MoVNb steel after car-
burization. In this study, the changes in the microstructure and mechanical properties of
17Cr2Ni2MoVNb steel subjected to cryogenic treatment at three different temperatures are
discussed and compared with those of the sample without cryogenic treatment.

2. Experiment
2.1. Materials and Heat Treatment

The experimental materials used in the present study were provided by the Central
Iron and Steel Research Institute. The chemical composition of this steel was tabulated
in Table 1.

Table 1. Chemical composition of 17Cr2Ni2MoVNb (wt.%).

C Si Mn Cr Ni Mo Nb V Fe

0.17 ≤0.4 0.77 1.68 1.60 0.29 0.04 0.10 Bal.

Carburizing and tempering are important means of obtaining high hardness and high
wear resistance on the surface while ensuring that the matrix has high toughness [12].
Therefore, all samples investigated in this work were first subjected to conventional heat
treatment, followed by cryogenic treatment.

Conventional heat treatment consists of normalizing, thermal refining, carburizing,
quenching in oil, and tempering. Round steel of diameter of 120 mm was forged into a ring
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sample with an inner diameter of 70 mm, an outer diameter of 211 mm and a height of
40 mm. The ring samples were normalized, quenched, tempered, and then cut into samples
of dimensions 20 mm × 20 mm × 20 mm. The cubic samples were prepared using the
process shown in Figure 1. The continuous BH gas carburizing temperature was 930 ◦C and
the total carburizing time was 10 h, then carburizing was followed by high-temperature
tempering at 620 ◦C for 4 h. The samples were held at 800 ◦C for 1 h, then quenched in
oil. After quenching, the low temperature tempering at 150 ◦C was carried out for 4 h.
The carbon content of the sample from the matrix to the surface increased from 0.17% to
approximately 1% after carburizing. The increased carbon content leads to the changes
in the composition and microstructure of the carburized layer. Cryogenic treatment is
employed to eliminate the retained austenite and improve the hardness and wear resistance
of the carburized layer [12–16].
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Figure 1. Schematic illustration of the carburizing and heat treatment processes of the experimental
steel. Cp denotes the carbon potential during the carburizing process.

Liquid nitrogen was used as the cooling medium. The liquid nitrogen immersion
method used in traditional cryogenic treatment easily leads to the formation of the cracks.
Therefore, the equipment developed based on the aerosol method, (GL-150 cryogenic
treatment experimental furnace produced by Shanghai GaoLe Machinery Equipment Co.,
Ltd. (Shanghai, China)) shown in Figure 2 was used to avoid the formation of the cracks.
The samples for cryogenic treatment were suspended using a wire. The entire experiment
was equipped with a real-time temperature sensor for temperature control. The three
cryogenic treatment temperatures were designated as −80, −150 and −196 ◦C as shown
in Table 2, and the corresponding samples are denoted as CT-80, SCT-150 and DCT-196,
respectively. After each cryogenic heat treatment process, the samples were subjected to
low-temperature tempering at 150 ◦C for 2 h.

Table 2. Process name and description.

Process Name Process Description

Conventional Heat Treatment (CHT) -
Cryogenic treatment (CT-80) Hold at −80 ◦C for 1 h

Shallow cryogenic treatment (SCT-150) Hold at −150 ◦C for 1 h
Deep cryogenic treatment (DCT-196) Hold at −196 ◦C for 1 h
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2.2. Microstructural Characterization

The scanning technology can provide an important basis for explaining the influ-
ence of cryogenic treatment on the wear resistance of materials from the microstructure
change [12,14,16]. The samples were cut into 10 mm × 10 mm × 10 mm cubes using an
electric spark wire, and then polished with 400, 600 and 800 mesh sandpaper after inlay.
Etching was performed using 4% nitric solution for a period of 10 s followed by rinsing
with water and drying using a blower. The microstructures of the samples before and after
cryogenic treatment were evaluated using a Zeiss EVO MA-10 metallographic microscope
(Carl Zeiss, Jena, Germany), scanning electron microscope in bright field (SEM, Carl Zeiss,
Jena, Germany)) and energy disperse spectroscopy (EDS, Carl Zeiss, Jena, Germany)).

The content of retained austenite affects the short fatigue crack growth, fatigue perfor-
mance and wear resistance of carburized steel [5,12]. The content of retained austenite was
determined using an X-ray diffractometer (Rigaku, D/MAX-2500/PC (Tokyo, Japan)) with
a Cu X-rays source at a power of 18 kW, using a scanning speed for 1◦/min. Data were
acquired at diffraction angles of 40◦–90◦.

2.3. Microhardness and Wear Resistance Tests

The microhardness of all the specimens was measured using a Vickers hardness
testing machine (HUAYIN, HVT-1000A, Laizhou Huayin, Laizhou, China) with a dia-
mond indenter. The microhardness was measured according to Chinese National Standard
GB/T9451-2005 “Determination and Calibration of the depth of the carburizing and quench-
ing hardened layer of steel parts”. A load of 9.8 N was applied for a time-period of 10 s.
To improve the accuracy, the hardness was determined at five distinct points in different
regions of the specimen and the average value was taken. Friction and wear experiments
were carried out using a CFT-1 comprehensive tester (Zhongke Kaihua, Lanzhou, China)
to evaluate the material surface as shown for Figure 3. The wear mode was reciprocating,
the friction surface of the sample was a carburized surface, and the dimensional area is
10 mm × 10 mm. The friction pair was Si3N4 ceramic balls, the friction conditions were:
20 ◦C, dry friction, load of 30 N, reciprocating speed of 500 times/minute, and reciprocating
distance of 5 mm. The wear mark depth and wear volume were measured using a probe
sensor, and tested after manual zero setting. The measurement method involved taking
the upper, middle and lower three points of a wear mark, and the experimental data were
acquired three times at one point.
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Figure 3. (a) CFT-1 comprehensive material surface property tester, (b) friction coefficient test
interface, and (c) wear amount test interface.

3. Results and Discussion
3.1. Effect of Cryogenic Treatment on Microstructure

The changes in the microstructure including changes in the martensite structure,
retained austenite and carbides after cryogenic treatment were investigated by SEM and
X-ray Diffraction (XRD). Figure 4a,b shows the SEM images of the carburized layer at
0.2 mm from the surface in the four samples, indicating that the microstructure of the
17Cr2Ni2MoVNb steel is mainly composed of plate martensite (gray), retained austenite
(concave) and finely dispersed precipitates of carbides (small white grains), the same as
that of other carburized steels [5]. As shown in Figure 4a, the sample subjected to the
CHT process contained a small amount of carbide precipitations, large areas of carbide
accumulation were not detected. During the three cryogenic treatment processes, the
amount of carbide precipitated along the grain boundary increased, and the carbide grew
to form discontinuous networks, as shown in Figure 4b–d. An EDS point of the local
enlargement of Figure 4d was performed to analyse the elemental composition of carbide
and matrix, and the results are shown in Table 3. At least 10 regions were analysed for each
specimen. The content of C and Cr elements at points P1 and P2 is higher than that in the
matrix, thus it is speculated that Cr-rich carbide is present in the carburized layer.

The carbide content and the carbide distribution with relative frequency (the number
of carbides per area) were correlated with the size of carbides 0.2 mm below the surface
using the Image-Pro Plus software (version 6.0) [17]. The images were first processed with
Photoshop (PS) to obtain Figure 4e–h and then processed with area statistics of Image-Pro.
The calculated data is converted into µm units by scale. The obtained data were processed
using origin software [17] using a built-in Gaussian function to fit the histogram data. The
final volume fraction and carbide size distribution graph were obtained. The results are
shown in Figure 4i–l. The calculated carbide content is 6.15%, 8.3%, 8.7% and 8.9% for
the CHT, CT-80, SCT-150 and DCT-196 samples, respectively. The size of the majority of
the carbides in the four samples was below 0.6 µm, whereas less carbides with a particle
size of over 0.4 µm was detected. The relative frequency of the 0–0.2 µm carbides particles
and 1.4–1.6 µm particles in DCT-196 was higher than that in the other samples. It can be
seen that the number of carbides increased after cryogenic treatment. As the cryogenic
treatment causes the lattice constant of iron to tend to contract, this increases the lattice
distortion caused by supersaturated carbon atoms, which enhances the thermodynamic
driving force for carbon atom precipitation. As a result, the solubility of carbon atoms
decreases. In addition, the diffusion of carbons becomes more difficult at low temperatures
and the diffusion distance becomes shorter. As a result, a large number of dispersed
ultrafine carbides precipitate on the martensite. Huang and Kelkar used M2 steel as the
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experimental object and concluded that cryogenic treatment promoted carbide precipitation
and also contributed to a more diffuse carbide distribution [18,19].
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Figure 4. SEM images of the samples at 0.2 mm from the surface: (a) CHT, (b) CT-80, (c) SCT-150,
and (d) DCT-196; Pictures after PS processing: (e) CHT, (f) CT-80, (g) SCT-150, and (h) DCT-196; and
histogram of carbide calculation results: (i) CHT, (j) CT-80, (k) SCT-150, and (l) DCT-196.

Table 3. EDS results of points P1, P2, and P3.

Sample Point
at.%

C Ni Cr Mn V Si Fe

DCT-196
P1 46.21 0.51 2.68 0.55 - 0.22 49.83
P2 47.91 0.71 3.85 0.65 0.06 0.24 46.58
P3 29.60 1.02 1.35 0.25 0.12 0.27 67.37

The SEM microstructure of the core of the sample under different temperatures of
cryogenic treatment is shown in Figure 5. As can be seen from Figure 5, the core microstruc-
ture of all samples consisted of slatted martensite with carbide. Compared with the CHT
samples, the martensite slats of the DCT-196 samples are finer and more nanoscale carbides
are dispersed in the martensite slat bundles. The presence of large particles of carbide
precipitated on the matrix was also found on CT-80. This phenomenon is attributed to the
deflection of carbon atoms and the change in vacancy concentration during the cryogenic
process [20,21]. The interstitial carbon atoms and vacancies are transformed into a new
grain boundary, and the equilibrium concentration of vacancies is reduced during tem-
pering. During tempering, the vacancy equilibrium concentration rises with temperature,
resulting in the addition of new grain boundary to the martensitic structure, leading to the
martensite slats refining.
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Figure 5. SEM images show the microstructure of the core of (a) CHT, (b) CT-80, (c) SCT-150 and
(d) DCT-196 specimens.

The XRD patterns of the samples at a distance of 0.2 mm below the surface subjected to
the different treatment taken are presented in Figure 6. From Figure 6a, compared with the
standard diffraction patterns of matensite and retained austenite, the diffraction patterns of
the retained austenite in the tested samples are shifted towards smaller angles, and that of
matensite shifted towards smaller angles then towards bigger angles. With the decrease
of the cryogenic treatment temperature, the shifting of diffraction patterns of the retained
austenite becomes weaken. The standard diffraction patterns of matensite is 06-0696 with
cubic structure a = 2.8664, while that of retained austenite is 52-0512 with cubic structure
a = 3.618. The lattice parameter was calculated by Jade 6.5 software and the results are
shown in Table 4. With the decrease of cryogenic treatment temperature, the lattice constant
of martensite gradually increased, and the lattice constant of retained austenite remained
basically unchanged after decreasing. The fraction of austenite differed for the various
samples, and could be calculated from the XRD results using Equation (1) [22].

Vγ =
1.4Iγ

Iα + 1.4Iγ
(1)

where Vγ is the volume fraction of retained austenite, Iγ is the mean integrated intensity
of the austenite peaks, including the γ (111), γ (200) and γ (220) peaks; and Iα is the mean
integrated intensity of the martensite peaks, including the M/α (110), M/α (200) and M/α
(211) peaks. To reduce the error, the lower angle peaks of γ (111) and M/α (110) were
neglected [23]. The calculated retained austenite is 18.15%, 12.92%, 10.37% and 9.45% for
the CHT, CT-80, SCT-150 and DCT-196 samples, respectively. From the results, it can be
seen that cryogenic treatment can significantly reduce the content of retained austenite,
but not eliminate it completely. Cryogenic treatment is not only effective in reducing the
retained austenite content; it also affects the shape of the retained austenite. After the
cryogenic treatment, the retained austenite will change from massive to thin film [24]. The
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film-like austenite distribution in the steel can effectively relieve the stress concentration in
the material during service. This improves the toughness of the material [25].
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Figure 6. XRD patterns and retained austenite content of 17Cr2Ni2MoVNb steel under different
cryogenic treatment processes: (a) XRD patterns, and (b) retained austenite content.

Table 4. The lattice parameters of the phases in 17Cr2Ni2MoVNb steel under different cryogenic
treatment processes.

Sample Phase Real Lattice Parameter Standard Lattice Parameter

CH
Martensite 2.8648 2.8664

Retained austenite 3.6231 3.618

CT-80
Martensite 2.8745 2.8664

Retained austenite 3.600 3.618

SCT-150
Martensite 2.8803 2.8664

Retained austenite 3.600 3.618

DCT-196
Martensite 2.8804 2.8664

Retained austenite 3.601 3.618

3.2. Effect of Cryogenic Treatment on Mechanical Properties

To reveal the effect of the cryogenic treatment on the mechanical properties of alloy
steel, the microhardness and wear resistance were measured. Figure 7 shows the micro-
hardness depth profiles of the carburized alloy steel subjected to CHT, CT-80, SCT-150 and
DCT-196. Figure 7 clearly shows that the microhardness of the carburized samples sub-
jected to cryogenic treatment was higher near the surface than that of the sample without
cryogenic treatment. The carbon concentration on the surface of the specimen is increased
after the carburizing process, followed by high temperature tempering and quenching
process. At high temperatures, the carbon element undergoes a redox reaction with the
oxygen, which leads to a decrease in the carbon concentration on the surface of the sample
and forms an internal oxide layer in the carburized layer [26]. There is a small difference
between the depth of the hardened layer (at 550 HV) as cryogenic treatment increased
the depth of the hardened layer. Owing to the transformation of retained austenite into
martensite and the precipitation of carbide in the carburized layer during the cryogenic
treatment, the microhardness of the carburized layer is higher than that of the sample
without cryogenic treatment. The DCT-196 sample exhibited the highest microhardness.
As the cryogenic treatment temperature decreased, the content of retained austenite close
to the surface decreased, and the microhardness increased accordingly. However, as the
distance increased and the carbon content in the matrix decreased, the content of retained
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austenite in the sample decreased, and the change in the hardness became less pronounced,
owing to the transformation of retained austenite during the cryogenic treatment.
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Figure 7. Microhardness of 17Cr2Ni2MoVNb alloys steel under different heat treatments.

Figure 8a shows the relationship between the friction coefficient and time for which
17Cr2Ni2MoVNb steel was subjected to the CHT, CT-80, SCT-150 and DCT-196 processes.
At the beginning of the application of friction, the friction coefficients of all the samples
increased rapidly. The friction coefficient of the CHT and CT-80 samples increased with
time. The friction coefficient of the DCT-196 and SCT-150 samples fluctuated slightly in
the first 2 min, and then remained stable at 0.64 and 0.65, respectively. The hardness of the
sample is improved due to the reduction of the retained austenite content on the surface
after cryogenic treatment. The increase in hardness helps to prevent the frictional substrate
from embedding in the substrate and the degree of damage to the substrate is reduced. At
the same time, the fine carbides are more uniformly dispersed on the substrate, and the
dispersed carbides can effectively impede the dislocation movement of the substrate and
increase the wear resistance of the substrate material [27,28].
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Figure 8. Friction coefficient versus time of 17Cr2Ni2MoVNb alloy steel at different treatment (a) and
the wear rate after 30 min (b).

In addition, the depth of the wear scar and the wear volume were tested, subjected
to wear for 30 min. The depths of the wear scar were 22.73, 21.85, 19.01 and 18.65 µm for
CHT, CT-80, SCT-150 and DCT-196, respectively. The wear volumes were 0.086, 0.073, 0.070
and 0.055 mm3 for CHT, CT-80, SCT-150 and DCT-196, respectively. The wear rate was
calculated to be 0.0576, 0.0487, 0.0470 and 0.0370 × 10−2 mm3/m for CHT, CT-80, SCT-150
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and DCT-196 sample, respectively, as shown in Figure 8b and Table 5. The wear resistance
of the samples improved after cryogenic treatment. The wear resistance of the carburized
steel improved by 15.37%, 18.47% and 35.68% after cryogenic treatment at −80, −150 and
−196 ◦C, respectively, compared to that of the sample subjected to CHT. The DCT-196
sample had the most stable and lowest friction coefficient, with no significant fluctuation.
Here, the wear behaviour of the counterparts to the cryogenic treated samples can be
explained by the enhanced amounts of carbides in the latter, which confers good wear
resistance compared to the intensive wear experienced by the counterparts. Conversely,
this can also be explained by the fact that the matrix of the material has higher hardness,
leading to more intensive wear on the counterpart’s side.

Table 5. The friction and wear test results of the samples.

Frictional Wear Test
Results/Sample CHT CT-80 SCT-150 DCT-196

wear scar/µm 22.73 21.85 19.01 18.65
wear volumes/mm3 0.086 0.073 0.070 0.055

wear rate/×10−2 mm3/m 0.0576 0.0487 0.0470 0.0370
growth rate 0 15.37% 18.47% 35.68%

Figure 9 shows the SEM images of the wear surfaces of the 17Cr2Ni2MoVNb alloy
steel subjected to the CHT, CT-80, SCT-150 and DCT-196 processes. The image of the wear
surface shows irregular lumpy areas of different contrast and a larger number of grooves
parallel to the wear direction. From EDS analysis, the Si and O contents in the dark irregular
block areas were 2.09 at.% and 28.01 at.% in the CHT sample, and 1.65 at.% and 26.59 at.%
in the CT-80 sample. The change in the friction coefficient and wear morphology is related
to the surface state of the alloy steel and the transformation of the wear mechanism. At
the initial stage of sliding friction, micro-convex bodies on the alloy steel surface interact
first with the opposite Si3N4 ball causing a sharp increase in the friction coefficient. As the
friction distance increases, some micro-convex bodies are deformed or even worn away.
Some of them will remain on the wear surface, resulting in a high level of friction coefficient
and the formation of furrows. As more friction is applied, the wear surface of the alloy steel
begins to oxidize to form oxide because of the increase in the surface temperature caused
by the accumulated frictional heat. It is generally believed that the oxide film formed on
the wear surface acts as a solid lubricant with an anti-friction effect. Therefore, the friction
coefficient starts to decrease when a certain area of oxide layer is formed on the wear
surface. Under the repeated action of frictional force, the oxide film cracks and partially
spalls owing to fatigue, after which oxide growth continues in the exposed area [29–31].

The SEM image of the CHT sample shows a larger number of dark irregularities,
whereas that of the SCT-150 has a small number of dark irregularities, and the furrows are
clearly defined. Crushing and peeling of the oxide layer were clearly seen in the locally
enlarged images in Figure 9a,d. Therefore, the friction and wear behaviour of the samples
were classified as abrasive wear and oxidation wear.

Combined with the friction coefficient curve in Figure 8a and the wear trace mor-
phology in Figure 7, a correlation between the friction products and the friction coefficient
was observed. When the oxidation and spalling processes are in dynamic equilibrium,
the friction coefficient remains stable. The friction coefficient should be reduced if the
surface hardness increases. The main reasons are as follows: on one hand, the load-bearing
capacity and resistance to deformation of the micro-convex bodies are improved, leading
to a decrease in the tendency toward adhesion and consequently in the friction coefficient.
On the other hand, the stress per unit area increases (the actual contact area decreases),
resulting in a higher local temperature and faster oxidation rate [32].
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150, and (d) DCT-196. Local magnification of sample with EDS surface scan. (e) CHT, (f) CT-80.

4. Conclusions

The effects of three different temperature (CT-80, SCT-150, DCT-196) cryogenic treat-
ments on the microstructural evolution and mechanical properties of 17Cr2Ni2MoVNb
heavy-duty gear steel were investigated. The main conclusions can be drawn as follows:

(1) When the CHT samples were cryogenic treated at three different temperatures, the
retained austenite content was significantly reduced. It is reduced from 18.15%
for CHT samples to 12.92% for CT-80, 10.37% for SCT-150 and 9.45% for DCT-196,
respectively.

(2) The cryogenic treatment can increase the degree of carbide precipitation and disper-
sion. The volume fraction of carbides was calculated to increase from 6.15% in CHT
samples to 8.3% in CT-80, 8.7% in SCT-150 and 8.9% in DCT-196, respectively.

(3) The cryogenic treatment effectively increases the microhardness. The microhardness
of each sample increased from 740 HV for CHT samples to 780 HV for CT-80, 780 HV
for SCT-150, and 783 HV for DCT-196,respectively.

130



Coatings 2022, 12, 281

(4) The wear resistance of the samples improved after the cryogenic treatment. Compared
with sample CHT, the wear resistance of CT-80, SCT-150 and DCT-196 increased to
15.37%, 18.47% and 35.68%, respectively. The main wear mechanisms for the samples
were abrasive and oxidative wear.
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9. Kara, F.; Köklü, U.; Kabasakaloğlu, U. Taguchi optimization of surface roughness in grinding of cryogenically treated AISI 5140

steel. Mater. Test. 2020, 62, 1041–1047. [CrossRef]
10. Qu, S.-G.; Zhang, Y.-L.; Lai, F.-Q.; Li, X.-Q. Effect of Tempering Temperatures on Tensile Properties and Rotary Bending Fatigue

Behaviors of 17Cr2Ni2MoVNb Steel. Metals 2018, 8, 507. [CrossRef]
11. Zhang, Y.; Qu, S.; Lai, F.; Qin, H.; Huang, L.; Li, X. Effect of Quenching Temperature on Microstructure and Rolling Contact

Fatigue Behavior of 17Cr2Ni2MoVNb Steel. Metals 2018, 8, 735. [CrossRef]
12. Da Silva, V.F.; Canale, L.F.; Spinelli, D.; Bose-Filho, W.W.; Crnkovic, O.R. Influence of retained austenite on short fatigue crack

growth and wear resistance of case carburized steel. J. Mater. Eng. Perform. 1999, 8, 543–548. [CrossRef]
13. Delprete, C. Cryogenic treatment: A bibliographic review. Med. Equip. 2008, 13, 56–57.
14. Baldissera, P.; Delprete, C. Effects of deep cryogenic treatment on static mechanical properties of 18NiCrMo5 carburized steel.

Mater. Des. 2009, 30, 1435–1440. [CrossRef]
15. Bensely, A.; Senthilkumar, D.; Lal, D.M.; Nagarajan, G.; Rajadurai, A. Effect of cryogenic treatment on tensile behavior of case

carburized steel-815M17. Mater. Charact. 2007, 58, 485–491. [CrossRef]
16. Bensely, A.; Prabhakaran, A.; Lal, D.M.; Nagarajan, G. Enhancing the wear resistance of case carburized steel (En 353) by cryogenic

treatment. Cryogenics 2005, 45, 747–754. [CrossRef]
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Abstract: YTaO4 and the relevant modification are considered to be a promising new thermal
barrier coating. In this article, phase stability and mechanical properties of the monoclinic (M),
monoclinic-prime (M′), and tetragonal (T) REMO4 (M = Ta, Nb) are systematically investigated from
first-principles calculations method based on density functional theory (DFT). Our calculations show
that M′-RETaO4 is the thermodynamically stable phase at low temperatures, but the stable phase is
a monoclinic structure for RENbO4. Moreover, the calculated relative energies between M (or M′)
and T phases are inversely proportional to the ionic radius of rare earth elements. It means that
the phase transformation temperature of M′→T or M→T could decrease along with the increasing
ionic radius of RE3+, which is consistent with the experimental results. Besides, our calculations
exhibit that adding Nb into the M′-RETaO4 phase could induce phase transformation temperature
of M′→M. Elastic coefficient is attained by means of the strain-energy method. According to the
Voigt–Reuss–Hill approximation method, bulk modulus, shear modulus, Young’s modulus, and
Poisson’s ratio of T, M, and M’ phases are obtained. The B/G criterion proposed by Pugh theory
exhibits that T, M, and M’ phases are all ductile. The hardness of REMO4 (M = Ta, Nb) phases are
predicted based on semi-empirical equations, which is consistent with the experimental data. Finally,
the anisotropic mechanical properties of the REMO4 materials have been analyzed. The emerging
understanding provides theoretical guidance for the related materials development.

Keywords: phase stability; mechanical properties; modification of YTaO4; lanthanides; first-principles
calculations

1. Introduction

The rare-earth tantalate and niobates with the formula REMO4 (M = Ta, Nb) have
attracted increasing attention due to their wide application, such as biomedicine, military
technology, aerospace, remote sensing, and laser [1]. Moreover, YTaO4 and the relevant
modification are extensively investigated and supposed to be promising thermal barrier
coatings (TBCs) [2–4] due to high phase stability, good mechanical properties, and thermal
conductivity. Because of a ferroelastic toughening mechanism similar to the familiar ZrO2-8
mol%YO1.5 (8YSZ) materials, the high-temperature fracture toughness of YTaO4 is very
well [5]. It is well known that YTaO4 has three different crystalline structures, such as
monoclinic phase (M, space group I2/a), tetragonal phase (T, space group I41/a), and
monoclinic-prime phase (M′, space group P2/a). The high-temperature phase transition is
a second-order and displacive transformation when the equilibrium tetragonal (T) transited
to the monoclinic (M) YTaO4 phase [6]. Although yttrium tantalate has more superior
advantages than YSZ, it still has some shortcomings as a new thermal barrier coating. To
improve the properties of the yttrium tantalate, doping and modifying are important.

In the periodic table of elements, yttrium and lanthanides belong to the same group of
elements and have similar outermost electronic structures, so YTaO4 can be doped with
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lanthanides to change their properties. Therefore, it is of great significance to systematically
study the influence of doping of lanthanide on the mechanical and thermal properties of
YTaO4. Up to now, a lot of experimental researches on RETaO4 (RE = La, Nd, Gd, Dy, Yb)
have been conducted. The mechanical properties of the M phase are found to be better
than M’ phase, so it is necessary to stabilize the yttrium tantalate as the M phase below
the phase transition temperature. It is studied that the YTaO4 would be stabilized as an M
phase when doping 15–30 mol % Nb into YTaO4 materials at 1473 K [7]. It is discovered
that the dopant of rare earth elements (Nd, Gd, Dy, Eu, Er, Lu, and Yb) can reduce the
thermal conductivity of yttrium tantalate materials [8]. Besides, the mechanical properties
and plasticity of RETaO4 (RE = Nd, La, Sm, Gd, Eu, Dy) materials are found to change
regularly and become worse and worse with the decrease of atomic radius [9]. In general,
yttrium tantalate materials modified by rare earth elements have many advantages, such
as great mechanical properties, better thermal stability, and a larger thermal expansion
coefficient [10]. Therefore, understanding the doping effects of rare earth elements and Nb
on YTaO4 and its phase stability and mechanical properties are significant.

The main purpose of the present work is to systematically investigate the phase
stability and mechanical properties of M-, T-, and M’-REMO4 (RE = La, Nd, Gd, Dy, Y;
M = Ta, Nb) phases by the first-principles calculation method. Phase stabilities of T-, M-,
and M’-RETaO4 or RENbO4 along with the various rare earth elements are studied by
comparing their calculated free energies using density functional theory (DFT), and then
doping effects of rare earth elements or Nb on YTaO4 are discussed. Elastic stiffness
coefficient and elastic flexibility coefficient are attained by means of the strain-energy
method. Bulk modulus, Young’s modulus, shear modulus, Poisson’s ratio, and hardness
of T-, M-, and M’-REMO4 (RE = La, Nd, Gd, Dy, Y; M = Ta, Nb) are obtained according
to the Voigt–Reuss–Hill approximation method. The B/G criterion proposed by Pugh
theory is used to analyze the ductility and brittleness of REMO4 phases. Finally, the
anisotropic mechanical properties of the REMO4 materials have been analyzed. It is hoped
that the regularity of the YTaO4 materials doped by rare-earth elements or Nb can be
determined through first-principles calculations and provide theoretical guidance for the
related technological applications.

2. Methods

To theoretically investigate the effect of dopants on the relative stability and me-
chanical properties of REMO4 (M = Ta, Nb) phases, the first-principles calculations based
on density functional theory (DFT) were carried out as implemented in the Vienna Ab-
Initio Simulation Package (VASP) [11,12]. The electron-ion interactions were described
through projector augmented wave (PAW) [13] and the exchange-correlation functional
was constructed by the generalized gradient approximation (GGA) proposed by Perdew–
Burke–Ernzerhof (PBE) [14]. The energy cut-off is 550 eV and the converge total energy is
less than 1.0 meV/atom. The conjugate gradient method was chosen to relax the structure
of atomic positions, cell volumes, and cell shapes. When the residual forces are less than
0.02 eV/Å, the structural relaxations cease. The tetrahedron smearing method with Blochl
corrections was used to perform the final self-consistent static calculations [15], and then
obtain more accurate energy. For the computation of doping effects of Nb, supercells
including 96 atomic sites are used for all structures. A 2 × 1 × 2 supercell is used for the
M phase, a 2 × 2 × 2 supercell is used for the M’ phase, and a 2 × 2 × 1 supercell is used
for the T phase. To model the doping concentration of 25%, 50%, 75%, we choose 4, 8, and
12 Nb atoms and replace the same amount of Ta atoms in supercells, respectively. Taking
YTaO4 as an example, the structures of M, M’, and T phases are listed in Figure 1.
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Figure 1. The crystal structures of M, M’, and T phases are listed: The atom of the dark green color is
Y; the yellow color is Ta, and the red color is O. (a) M’; (b) M; (c) T.

Elastic Constants

In this work, first-principles calculations are used to calculate the mechanical proper-
ties of T-RETa(Nb)O4, M′-RETa(Nb)O4, and M-RETa(Nb)O4 phases). When a very small
strain was imposed on the equilibrium crystal, it would exhibit elastic deformation. The
strain and stress can be expressed as:

σij =
1

V0

[
∂E(V, ε)/∂εij

]
ε=0 (1)

According to the generalized Hooke’s law, the elastic constants can be defined as the
second derivative of the total energy E (V, ε) to strain,

Cijkl =
∂σij

∂εkl
=

1
V0

[
∂2E(V, ε)
∂εij∂εkl

]

ε=0

(2)

The total energy of a crystal could be expanded using the following Taylor form:

E
(
V, εij

)
= E(V0, 0) + V0 ∑

ij
σijεij +

V0

2 ∑
ijkl

Cijklεijεkl+··· (3)

where E (V0, 0) is the total energy and V0 is the volume of the unstrained system. As shown
in the above formula, the strain tensors subscripts (ij, kl) are explained in the Voigt notation
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scheme (11 = 1, 22 = 2, 33 = 3, 23 = 4, 31 = 5, and 12 = 6) [16]. Before and after the different
strains, the total energy variation can be fit by using a multinomial formula. Then we can
obtain a secondary coefficient. In this work, 8 distortions to the lattice cell are applied to
the lattice cell, and the relaxation in all the strained unit cells was finished when the total
energy was converged to less than 1.0 meV/atom.

The Young’s modulus (Y), shear modulus (G or µ), bulk modulus (B) and Poisson’s
ratio (ν) of the polycrystalline crystal were acquired from independent single-crystal elastic
constants. In general, the polycrystalline modulus can be approximately assessed by two
methods (the Voigt method and the Reuss method) [17,18], and they are expressed as:

9BV = C11 + C22 + C33 + 2(C12 + C13 + C23) (4)

1
BR

= (S11 + S22 + S33) + 2(S12 + S13 + S23) (5)

15GV = (C11 + C22 + C33)− (C12 + C13 + C23) + 3(C44 + C55 + C66) (6)

15/GR = 4(S11 + S22 + S33)− 4(S12 + S13 + S23) + 3(S44 + S55 + S66) (7)

where the subscripts R and V represent the Reuss and Voigt. The elastic compliance matrices
were described as {Sij}, which is obtained by the inverse matrix of the elastic constant {Cij}−1.
The Voigt–Reuss–Hill approximation [19], which was obtained by the average of Voigt and
Reuss bounds, was considered as the best estimation of the polycrystalline elastic modulus.
It was indicated as:

BH = (BV + BR)/2 GH = (GV + GR)/2 (8)

In addition, the Poisson’s ratio and the polycrystalline elastic modulus can be obtained
using the following relationship:

YH =
9BHGH

3BH + GH
νH =

3BH − 2GH

2(3BH + GH)
(9)

3. Results
3.1. Structural Properties and Thermodynamic Properties

In the present work, structure relaxations of T, M, and M′-REMO4 (RE = Y, Dy, Gd,
Nd, La; M = Ta, Nb) phases were performed. The crystal structures of M-, M’-RENbO4,
and RETaO4 phases both belong to the monoclinic crystal structure, and the T phase is the
tetragonal crystal. Tables 1 and 2 list the calculated information of the crystal lattice at 0 K
and the experimental data [20,21]. Our calculated results are consistently consistent with
the experimental values. Both the calculations and experiments show that the small rare
earth atom in RETaO4 or RENbO4 phases have small volumes. Besides, the β angle of the M
phase and M’ phase also gradually decrease with the decrease of the atomic radius of RE3+.

Figure 2a-j show the total energies for T, M, and M′-REMO4 (RE = Y, Dy, Gd, Nd, La;
M = Ta, Nb) phases, which are changed with a function of volume at 0 K. The equation
of state (EOS) is used to fit the energy-volume. As we know, there are three crystalline
structures in RETaO4 materials, and they are monoclinic phase (M, space group I2/a),
tetragonal phase (T, space group I41/a), and monoclinic-prime phase (M′, space group
P2/a). At the high temperature, the stable phase is the T-RETaO4, and it can transform to
the M phase through a displacive transformation of T→M. However, the true equilibrium
phase at low temperature is the M’ phase, which only can be obtained by means of syn-
thesizing below the temperature of T→M transformation. Therefore, the M′ phase is the
low-temperature phase of the RETaO4 materials. As shown in Figure 2a–j, our calculated
results show that the M phase and T phase are both less stable than the M’ phase. It implies
that the M phase is metastable and the M’ phase is stable at low temperatures. This is
consistent with the experimental results [22]. For RENbO4 phases, only low-temperature
M and high-temperature T phases are existent in the literature. As for comparisons, the
M′-RENbO4 structures are also calculated in this work. In Figure 2a–j, our calculations

136



Coatings 2022, 12, 73

exhibit that the total energy of the M-RENbO4 phase is larger than that of the M′ phase,
so the M phase is a true equilibrium phase at low temperature. This is consistent with
the experimental results [22] that M′-RENbO4 crystalline structures do not exist in the
RENbO4 phases.

Table 1. Calculated lattice parameters (Å) of M-, M′-, and T-RETaO4 phases along with the experi-
mental data.

Phase Abbr. Group a b c β Remark

YTaO4 T I41/a 5.23 5.23 11.06 cal
M′ P2/a 5.15 5.53 5.34 96.40◦ cal

5.26 5.43 5.08 96.08◦ exp [20]
M I2/a 5.362 11.071 5.093 95.58◦ cal

5.24 10.89 5.06 95.31◦ exp [21]
DyTaO4 T I41/a 5.24 5.24 11.06 cal

M′ P2/a 5.34 5.52 5.15 96.58◦ cal
P2/a 5.32 5.48 5.14 96.52◦ exp [20]

M I2/a 5.36 11.07 5.10 95.51◦ cal
I2/a 5.35 10.97 5.06 95.6◦ exp [21]

GdTaO4 T I41/a 5.27 5.27 11.17 cal
M′ P2/a 5.38 5.55 5.19 96.75◦ cal

P2/a 5.36 5.52 5.17 96.66◦ exp [20]
M I2/a 5.41 11.15 5.11 95.53◦ cal

I2/a 5.41 11.07 5.08 95.6◦ exp [21]
NdTaO4 T I41/a 5.37 5.37 11.48 cal

M′ P2/a 5.47 5.66 5.28 96.83◦ cal
P2/a 5.43 5.60 5.24 96.77◦ exp [20]

M I2/a 5.55 11.40 5.17 95.47◦ cal
I2/a 5.51 11.23 5.11 95.7◦ exp [21]

LaTaO4 T I41/a 5.44 5.44 11.69 cal
M′ P2/a 5.52 5.77 5.34 96.75◦ cal
M I2/a 5.65 11.57 5.19 95.63◦ cal

nM P21/c 7.77 5.59 7.86 101.13◦ cal
P21/c 7.76 5.58 7.81 101.53◦ exp [20]

Table 2. Calculated lattice parameters (Å) of M-, M′-, and T-RENbO4 phases along with the experi-
mental data.

Phase Abbr. Group a b c β Remark

YNbO4 T I41/a 5.25 5.25 11.08 cal
M′ P2/a 5.11 5.45 5.29 96.44◦ cal
M I2/a 5.31 10.97 5.07 94.42◦ cal

I2/a 5.29 10.94 5.07 94.32◦ exp [21]
DyNbO4 T I41/a 5.25 5.25 11.11 cal

M′ P2/a 5.15 5.49 5.37 95.77◦ cal
M I2/a 5.34 11.11 5.15 93.89◦ cal

I2/a 5.32 11.00 5.07 94.34◦ exp [21]
GdNbO4 T I41/a 5.29 5.29 11.22 cal

M′ P2/a 5.18 5.53 5.41 95.85◦ cal
M I2/a 5.38 11.21 5.18 93.74◦ cal

I2/a 5.37 11.09 5.11 94.37◦ exp [21]
NdNbO4 T I41/a 5.38 5.38 11.53 cal

M′ P2/a 5.27 5.66 5.50 95.98◦ cal
M I2/a 5.47 11.51 5.29 92.42◦ cal

I2/a 5.47 11.28 5.14 94.32◦ exp [21]
LaNbO4 T I41/a 5.45 5.45 11.74 cal

M′ P2/a 5.33 5.76 5.55 95.86◦ cal
M I2/a 5.57 11.53 5.20 94.40◦ exp [21]
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Figure 2. Cont.
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Figure 2. (a–j). Calculated total energies as a function of volume of T- and M-RENbO4 phases and
M′-RENbO4 phase: (a) LaTaO4; (b) NdTaO4; (c) GdTaO4; (d) DyTaO4; (e) YTaO4; (f) LaNbO4; (g)
NdNbO4; (h) GdNbO4; (i) DyNbO4; (j) YNbO4.

Figure 3 presents the relative energies (∆EM′→T or M→T) of M′- or M-REMO4 with
respect to that of T-REMO4 for different rare-earth atoms of Y, Dy, Gd, Nd, and La. It is
obvious that the relative energies are inversely proportional to the ionic radius of RE3+. The
Gibbs free energy difference of M′→T or M→T phase transformation ∆GM′→T or M→T can
be expressed as ∆HM′→T or M→T -∆SM′→T or M→T*T. If the differences in the enthalpy ∆H
(≈∆E) and entropy ∆S are assumed to be substantially unchanged 4 [23] and ∆S is supposed
to be similar for the different rare-earth dopants, phase transformation temperature of
M′→T or M→T may increase with the decreasing ionic radius of RE3+ for Y, Dy, Gd,
Nd, and La. This is consistent with the measured results using a high-temperature X-ray
diffractometer by Stubičan [24]. Figure 3 presents the comparison of the experimental
transformation temperature and our calculated relative energies, which indicates that the
relative energies and transformation temperature decrease with the increase of the rare
earth ionic radius.

As M′ and M are the stable phases at the low temperature for the RETaO4 and RENbO4
structures, respectively, adding the Nb element into the M′-RETaO4 phase should in-
duce phase transformation of M′→M at the appropriate compositions. Based on the
first-principles calculations, phase transformation of M′→M induced by the dopant of Nb
is studied in this work. Figure 4 presents our calculated relative energies (∆EM′→M) of
M′-RETaxNb1−xO4 (x = 0.25, 0.5, 0.75) with respect to that of M-RETaxNb1−xO4 (x = 0.25,
0.5, 0.75) for different rare-earth atoms of Y, Dy, Gd, Nd, and La. When ∆EM′→M > 0, this
means that M′ is thermodynamically stable. Conversely, when ∆EM′→M < 0, it implies that
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M is thermodynamically more stable than M′. In Figure 4, the M′-RETaxNb1−xO4 phase
will transform into the M-RETaxNb1−xO4 phase when the composition of the dopant Nb is
about 0.5. It is worth mentioning that our calculated results are related to the phase trans-
formation at 0 K, and transformation composition may decrease at the high temperature.

Figure 3. Comparison of the experimental transformation temperature and our calculated relative
energies for different rare-earth atoms of Y, Dy, Gd, and Nd.

Figure 4. Calculated relative energies (∆EM′→M) of M′-RETaxNb1−xO4 (x = 0.25, 0.5, 0.75) with
respect to that of M-RETaxNb1−xO4 (x = 0.25, 0.5, 0.75) for different rare earth atoms of Y, Dy, Gd, Nd.

3.2. Mechanical Properties

The calculated elastic constants are listed in Tables 3–5. Because the T-YTaO4 phase
is tetragonal, C11, C12, C13, C33, C44, and C66 can be determined through six deformation
modes [25]. As M′-YTaO4 and M-YTaO4 phases are both monoclinic, the thirteen inde-
pendent elastic constants can be obtained by applying thirteen distortions [26]. The total
energies are varied before and after a set of different strains (±1%, ±2%, ±3%, and ±4%),
and the elastic constants were calculated by the quadratic coefficients. For stable structures,
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the elastic constants need to meet the mechanical stability criterion [27]. The monoclinic
system criteria are C11 > 0, C22 > 0, C33 > 0, C44 > 0, C55 > 0, C66 > 0, C44C66 − 2C46 > 0,
C11 + C22 + C33 + 2(C12 + C13 + C23) > 0, C22 + C33 − 2C23 > 0. The tetragonal system criteria
are C11 > 0, C33 > 0, C44 > 0, C66 > 0, C11-C12 > 0, C11 + C33 − 2C13 > 0, 2C11+C33+2C12+4C13
> 0. All RETaO4 (RE = La, Nd, Gd, Dy) and RENbO4 (RE = La, Nd, Gd, Dy) materials meet
the criterion of mechanical stability, and the structures are stable.

Table 3. Elastic constants Cij for the M phases of RETaO4 and RENbO4. All quantities are in GPa.

M-RETaO4 C11 C22 C33 C44 C55 C66 C12 C13 C23 C16 C26 C36 C45

La 217.07 168.49 230.98 43.28 55.86 56.26 61.27 106.50 90.21 25.28 6.27 −13.88 −1.14
Nd 229.36 193.08 255.53 50.63 62.02 67.21 63.53 116.64 98.38 21.92 1.88 −19.63 −2.09
Gd 249.50 212.45 270.47 58.12 61.57 83.45 70.90 131.87 95.84 13.11 −2.83 −20.28 −4.73
Dy 255.11 220.50 275.98 57.91 60.10 88.91 74.01 136.94 94.82 10.69 −4.04 −19.74 −4.96
Y 257.02 221.67 273.37 56.72 57.56 87.77 74.78 135.87 93.11 8.91 −4.74 −19.08 −5.23

M-RENbO4 C11 C22 C33 C44 C55 C66 C12 C13 C23 C16 C26 C36 C45

La 171.39 154.27 195.03 30.25 34.82 33.65 63.13 100.72 75.39 34.69 4.56 −23.70 3.09
Nd 157.05 169.74 224.90 29.37 43.43 47.48 49.18 117.27 84.96 45.25 8.44 −23.51 8.18
Gd 195.53 194.15 245.42 42.11 49.75 69.42 64.69 134.61 83.74 29.95 0.79 −22.30 2.39
Dy 205.94 201.75 249.32 45.85 49.62 75.96 68.74 140.48 81.48 25.77 −1.20 −21.93 0.68
Y 202.58 192.94 248.02 44.99 47.80 75.01 65.47 135.69 76.74 25.19 −1.17 −20.13 0.41

Table 4. Elastic constants Cij for the M’ phases of RETaO4 and RENbO4. All quantities are in GPa.

M’-RETaO4 C11 C22 C33 C44 C55 C66 C12 C13 C23 C16 C26 C36 C45

La 238.64 162.73 253.65 52.01 60.31 59.34 86.70 113.51 87.66 16.34 −13.07 9.78 −10.43
Nd 266.93 178.92 271.78 62.93 62.67 66.14 91.90 118.95 90.78 15.35 −14.16 8.47 −9.67
Gd 288.41 176.27 296.06 66.70 59.66 71.33 88.50 119.39 90.73 14.69 −15.78 11.01 −7.09
Dy 296.31 173.88 304.01 67.04 56.06 71.97 84.00 118.53 89.13 14.15 −17.72 11.54 −6.91
Y 290.40 141.65 298.91 64.01 53.08 71.22 74.32 113.46 75.89 11.68 −20.59 10.52 −8.10

M’-RENbO4 C11 C22 C33 C44 C55 C66 C12 C13 C23 C16 C26 C36 C45

La 235.54 155.44 220.45 46.37 53.15 47.89 84.43 111.03 84.45 16.31 −6.62 −7.09 −10.34
Nd 258.48 181.92 240.56 53.68 57.23 50.10 91.42 113.48 88.80 17.39 −7.71 −7.47 −9.32
Gd 280.10 189.47 259.83 57.03 57.10 53.72 88.91 110.44 92.54 18.43 −2.49 −3.91 −4.55
Dy 292.68 188.65 271.23 57.82 55.63 55.05 88.54 112.08 96.52 18.88 −0.28 −1.63 −2.45
Y 288.33 181.77 271.43 56.05 53.58 54.05 84.43 110.17 94.51 17.74 −1.31 −1.75 −2.21

Table 5. Elastic constants Cij for the T phases of RETaO4 and RENbO4. All quantities are in GPa.

T-RETaO4 C12 C11 C33 C44 C66 C13 C16

La 124.89 163.70 151.93 29.66 27.52 71.67 113.03
Nd 122.49 194.92 172.31 31.22 28.68 73.87 147.44
Gd 121.73 228.82 192.05 29.00 13.41 74.49 93.62
Dy 120.51 241.46 201.29 27.93 11.56 74.64 148.69
Y 118.20 237.39 198.37 26.25 12.87 71.61 69.08

T-RENbO4 C12 C11 C33 C44 C66 C13 C16

La 112.79 169.36 151.35 31.98 34.65 72.74 128.76
Nd 114.62 196.62 170.36 34.74 29.99 75.69 138.65
Gd 115.24 226.54 190.83 33.89 14.65 77.27 159.76
Dy 116.10 239.29 198.93 33.28 9.67 78.08 164.16
Y 111.40 233.13 197.32 31.69 9.17 75.04 146.88

‘The polycrystalline elastic mechanical properties, such as shear modulus (G or µ),
bulk modulus (B), Young’s modulus (Y), and Poisson’s ratio (ν) could be obtained through
the Voigt and Reuss methods according to the calculated elastic constants. Using energy

141



Coatings 2022, 12, 73

considerations, Hill [20] certificated the elastic moduli of the Voigt and Reuss methods are
the upper and lower limits of polycrystalline constants. The practical elastic modulus can
be estimated by the arithmetic means of these extremes. Generally, the bulk modulus is a
measure of resistance to volume change by applied pressure. As seen from Figure 5 and
Tables 6–8, the calculated shear modulus and bulk modulus of M-, M′-, T-RETaO4, and
RENbO4 (RE = Y, Dy, Gd, Nd, La) is decreased with the increase of the rare-earth atoms,
which indicate that the resistance to volume change through applied pressure is eventually
lowered. Moreover, the calculated bulk modulus of rare-earth tantalate is regularly larger
than and rare-earth niobates. The calculated shear modulus shows a similar trend, which
means that the resistance to reversible deformations upon shear stress for RETaO4 and
RENbO4 (RE = Y, Dy, Gd, Nd, La) is decreased with the increase of the rare-earth atoms.
The ratio between bulk modulus and shear modulus, proposed by Pugh theory [28], can be
used to empirically predict the brittleness and ductility of materials. A low B/G ratio is
associated with brittleness, and a high value indicates its ductile nature. The empirically
critical value which distinguishes ductile and brittle materials is around 1.75. In the present
work, the calculated B/G of REMO4 in Figure 6 is larger than 1.75, which means that all
REMO4 materials are ductile.

Table 6. Bulk modulus (GPa), shear modulus (GPa), B/G, Young modulus (GPa), Poisson ratio, and
Vickers-hardness (Kg·N) for T-REMO4 (M = Ta,Nb) phases.

T-RETaO4 B G B/G E ν Hv Remake

La 111.33 29.97 3.71 82.50 0.38 278.11 cal
Nd 120.97 36.28 3.33 98.95 0.36 319.77 cal
Gd 130.55 33.95 3.84 93.74 0.38 270.37 cal
Dy 134.21 33.87 3.96 93.71 0.38 261.17 cal
Y 131.14 33.86 3.87 93.52 0.38 268.04 cal

128.9 52.7 2.45 139.1 0.32 - exp [3]

T-RENbO4 B G B/G E ν Hv Remark

La 110.57 34.52 3.20 93.80 0.36 333.25 cal
Nd 120.38 38.68 3.11 104.82 0.35 347.78 cal
Gd 130.04 36.34 3.58 99.72 0.37 295.08 cal
Dy 134.24 34.04 3.94 96.69 0.38 262.75 cal
Y 130.41 33.26 3.92 91.97 0.38 263.96 cal

Table 7. Bulk modulus (GPa), shear modulus (GPa), B/G, Young modulus (GPa), Poisson ratio, and
Vickers-hardness (Kg·N) for M’-REMO4 (M = Ta,Nb) phases.

M’-RETaO4 B G B/G E ν Hv Remark

La 132.73 56.96 2.33 149.48 0.31 481.9 cal
Nd 142.66 64.43 2.21 168.01 0.30 515.73 cal
Gd 144.97 68.23 2.12 176.93 0.30 542.89 cal
Dy 144.00 68.59 2.10 177.04 0.30 550.51 cal
Y 128.67 65.20 2.19 167.34 0.28 588.38 cal

132.7 66.1 2.01 170.2 0.29 - exp [3]

M’-RENbO4 B G B/G E ν Hv

La 126.58 50.02 2.53 132.60 0.33 434.37 cal
Nd 138.32 56.44 2.45 149.05 0.32 454.79 cal
Gd 143.03 61.34 2.33 161.00 0.31 484.34 cal
Dy 145.98 62.52 2.33 164.14 0.31 484.391 cal
Y 142.59 61.29 2.33 160.75 0.31 485.32 cal
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Table 8. Bulk modulus (GPa), shear modulus (GPa), B/G, Young modulus (GPa), Poisson ratio, and
Vickers-hardness (Kg·N) for M-REMO4 (M = Ta,Nb) phases.

M-RETaO4 B G B/G E ν Hv Remark

La 122.08 52.80 2.31 138.45 0.32 483.34 cal
Nd 134.00 60.47 2.22 157.69 0.31 512.68 cal

- - - - - 641 exp [8]
Gd 145.03 67.75 2.14 175.87 0.31 537.98 cal

- - - - - 610 exp [8]
Dy 148.88 69.15 2.15 179.61 0.31 535.20 cal

- - - - - 534 exp [8]
Y 148.68 68.32 2.18 177.74 0.30 528.35 cal

183.7 63.2 2.91 170.1 0.34 378 exp [3]

M-RENbO4 B G B/G E ν Hv Remark

La 106.00 30.05 3.53 82.38 0.37 286.18 cal
Nd 107.85 39.70 2.72 106.08 0.331 393.53 cal
Gd 129.36 50.99 2.54 135.21 0.33 433.19 cal
Dy 134.53 54.51 2.47 144.08 0.32 449.5 cal
Y 129.95 54.12 2.4 142.57 0.32 463.94 cal

Figure 5. Calculated bulk modulus and shear modulus of M-, M′-, T-RETaO4, and RENbO4 along
with the ionic radius of RE3+: (a) bulk modulus; (b) shear modulus.

Young’s modulus E can be used to estimate the stiffness of materials. The calculations
of M-, M′-, T-RETaO4 or RENbO4 in Figure 7 and Tables 6–8 suggest that Young’s modulus is
decreased with an increase of the rare-earth atoms, which means that M-, M′-, and T-YTaO4
are the stiffest, and then followed by DyTaO4, GdTaO4, NdTaO4, and LaTaO4. Moreover,
our calculated results indicate that RETaO4 is stiffer than RENbO4. Poisson’s ratio (ν) is
also related to the brittleness and ductility of materials. A compound is considered brittle if
the ν is <0.26 [29]. The higher value of Poisson’s ratio is, the more ductile the material is.
Thus, Tables 6–8 show that all REMO4 materials are ductile. They are in good agreement
with the results estimated by the B/G ratio. Besides, the value of Poisson’s ratio suggests
that the ductility is inversely proportional to the rare earth atom of REMO4 materials, and
RENbO4 is more ductile than RETaO4.
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Figure 6. Calculated B/G of REMO4(M = Ta, Nb) along with the ionic radius of RE3+.

Figure 7. Calculated Young’s modulus of M-, M′-, T-REMO4 (M = Ta, Nb) along with the ionic radius of RE3+.

Hardness is a very important mechanical property in applications. Hardness is defined
as the resistance of a material to deformation and may be predicted using macroscopic
and microscopic models. In this work, we use the semi-empirical equations of hardness
proposed by Chen et al. [30] and Tian et al. [31] were used to study the hardness of the
REMO4 phases. The equations of these two models are defined as follow:

HV = 2(k2G)
0.585 − 3 (10)

HV = 0.92k1.137G0.708 (11)

where k = G/B, G and B are the shear modulus and the bulk, respectively. The obtained
hardness of REMO4 phases are shown in Figure 8 and Tables 6–8 presents a comparison
between the calculated and experimental results, which exhibits a good consistency. Besides,
our calculations suggest that the Vickers hardness of the T phase decreases, and the single-
phase gradually increase with the decrease of the atomic radius.
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Figure 8. The calculated hardness of REMO4 phases (M = Ta, Nb) along with the ionic radius of RE3+.

The anisotropic mechanical properties of the compounds are very important in applica-
tions. Based on the G and B values from Reuss and Voigt, Ranganathan et al. [32] proposed
a universal elastic anisotropy index AU for crystal with any symmetry as shown below:

AU =
5GVoigt

GReuss
+

BVoigt

BReuss
− 6 ≥ 0 (12)

AU is equal to zero when the single crystals are locally isotropic. The extent of single-
crystal anisotropy can be expressed by the departure from zero indicates. The highly me-
chanical anisotropic properties exhibit large discrepancies from zero. The calculated elastic
anisotropy is shown in Figure 9. Most values of AU are lower than 1. The larger the value of
AU is, the stronger the anisotropy of the phase. The M-, M′- and T-REMO4 are anisotropic,
and the elastic anisotropy of M and M′ phases is larger than the tetragonal (T) phase.

Figure 9. Calculated elastic anisotropy of REMO4 phases (M = Ta, Nb) along with the ionic radius of RE3+.
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4. Conclusions

In the present work, phase stability and mechanical properties of REMO4 (RE = La, Nd,
Gd, Dy, Y; M = Ta, Nb) are investigated by first-principles calculations. Some conclusions
can be found. For RETaO4, the M’ phase is more stable than the M phase at low temperature,
and the T phase is only stable at high temperature. For RENbO4, only the M phase is stable
at low temperatures. This is consistent with the experimental results. Our calculated
relative energies (∆EM′→T or M→T) of M′- or M-REMO4 with respect to that of T-REMO4
for different rare-earth atoms are inversely proportional to the ionic radius of RE3+. This
implies that the phase transformation temperature of M′→T or M→T is decreased with the
increase of the rare-earth atoms, which is consistent with the experimental data. Moreover,
our calculations exhibit that adding Nb into M′-RETaO4 can induce phase transformation
of M′→M, and the doping concentration is about 50%. Besides, the elastic coefficient is
attained by means of the strain-energy method. Bulk modulus, Young’s modulus, shear
modulus, and Poisson’s ratio of T-, M-, and M’ phases are obtained according to Voigt-
Reuss-Hill approximation, and anisotropic mechanical properties of the REMO4 materials
have been calculated. Finally, our calculated B/G exhibits that T-, M-, and M’ phases are
all ductile, and the hardness of REMO4 phases are predicted based on semi-empirical
equations, which is consistent with the experimental data.
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Abstract: In this study, the corrosion resistance of titanium nitride (TiN), nitrogen titanium carbide
(TiCN) and titanium-diamond-like carbon (Ti-DLC) films deposited on 316L stainless steel (SS) were
compared via differences in the surface and section-cross morphologies, open circuit potential tests,
electrochemical impedance spectroscopy and potentiometric tests. The corrosion resistance of the
TiCN and Ti-DLC films significantly improved because of the titanium carbide (TiC) crystals that
obstruct the corrosive species penetrating the as-deposited film in the electrolyte atmosphere. TiN
exhibited the lowest corrosion resistance because of its low thickness and high volume of defects.
The Ti-DLC film showed the lowest corrosion current density (approximately 4.577 µA/cm2) and
thickness reduction (approximately 0.12 µm) in different electrolytes, particularly those with high
Cl− and H+ concentrations, proving to be the most suitable corrosion protection material for 316L
SS substrates.

Keywords: dental brace; anticorrosive coating; electrochemical test; titanium-diamond-like carbon
film; titanium carbide cluster

1. Introduction

Dental braces are frequently used in the field of orthodontics because they arrange
misplaced teeth in their normal positions, leading to improved oral health [1–3]. Con-
ventionally used orthodontic appliances are mainly made of stainless steel (SS), which
has a favorable combination of mechanical properties, corrosion resistance and cost ef-
fectiveness [4]. However, stainless steel is susceptible to wear and corrosion in an oral
environment with changing pH values, high concentration of Cl− and other ions, such as
Na+, K+ and F− [5–8]. Friction or collision causes stress corrosion, which accelerates brace
failure and leads to the release of harmful nickel ions [9–11].

Anticorrosive coatings are often used to improve the corrosion resistance and wear
resistance of dental materials to resolve these issues. TiN coatings demonstrate a high
hardness, low coefficient of friction (COF), and high biocompatibility [12,13]. Liu et al.
found that the corrosion current densities of TiN-coated specimens were approximately
three orders of magnitude lower than those of uncoated specimens, indicating that TiN
could protect substrates [14]. In contrast, Kao et al. revealed that TiN did not increase the
anticorrosion ability of standard dental bracket because TiN-plated and non-TiN-plated
brackets released detectable ions into the test solution. These included Ni2+, Cr3+ and
Fe3+, suggesting differences in the porosity of the coatings [15]. TiCN coatings have
attracted attention due to low internal stress, excellent tribological properties and non-
toxicity [16–18]. Numerous studies have shown that doping C in TiN has a double-sided
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effect [19–21]. Wang et al. reported that when the C content of TiCN is 2.05%, the charge
transfer resistance (Rct) increases from 8.8 × 105 Ω·cm2 in TiN to 6.49 × 106 Ω·cm2 due to
formation of α-CNx, leading to a more stable electrochemical performance. When the C
content increases to 2.46%, α-C is formed, deteriorating the corrosion resistance of TiCN
in simulated body fluids [22]. With the increasing demand for comfortable and durable
dental braces, diamond-like carbon (DLC) films are extensively being used in protective
coatings for orthodontic materials. Ti-DLC films are formed through the co-deposition of
DLC and biocompatible Ti. This process not only enhances the mechanical properties of
the surface, such as hardness, toughness and tribological performance, but also improves
its corrosion resistance, particularly stress corrosion resistance [23–26].

The tribological performances of 316L SS substrates coated with TiN, TiCN, and Ti-
DLC films were compared in our previous studies. The Ti-DLC film showed the lowest COF
because the surface contains sp2− carbon (graphite-like carbon) that has a self-lubricating
effect [27]. In addition, the Ti-DLC coatings demonstrated excellent corrosion resistance
and electrochemical stability. Zhang et al. reported that Ti-DLC has a higher corrosion
potential and lower corrosion current than those of the SS substrate, indicating its superior
ability to protect the substrate [28]. Konkhunthot et al. also reported that the corrosion
current was reduced by two orders of magnitude owing to formation of a Ti-DLC film
on 304 SS [29]. More recently, Wongpanya et al. incorporated and interlayered Ti into
Ti-DLC film, finding that the double-interlayer enhanced pitting corrosion resistance of
the film [30]. Zhou et al. reported that excessive TiC acted as defect points in DLC films
and weakened the corrosion resistances of the film. They observed a higher corrosion
current density and a lower corrosion potential in Ti-DLC films with Ti contents of 5.31 at.%
compared with 0.46 at.% [31].

The Ti-DLC film in our previous work had a modest hardness, the lowest roughness
and COF; however, electrochemical corrosion tests were not performed. Studies comparing
the corrosion mechanism of TiN, TiCN and Ti-DLC coatings under artificial saliva condition
are rare, particularly with fluctuating pH value and Cl− concentrations. In this study, 316L
SS substrates coated with TiN, TiCN and Ti-DLC were prepared by multi-arc ion plating.
Open circuit potential (OCP) tests, electrochemical impedance spectroscopy (EIS) observa-
tions, potentiometric polarization measurements, and corrosion morphology tests were
conducted in artificial saliva and electrolyte with different pH and Cl− concentrations, and
the film showing the best anticorrosion performance was identified. This study provides
an experimental and theoretical basis for the production, application and improvement of
orthodontic braces in future.

2. Experiment

The 316L stainless steel plates (approximate size of 15 × 15 × 2 mm3) were sanded
and polished using sandpaper (#200–#2000) prior to deposition. These polished surfaces
were ultrasonically cleaned in ethanol for 10 min and deionized water for 5 min, to remove
residual liquid. TiN, TiCN and Ti-DLC films were deposited on the surface of these plates
via multi-arc ion plating. The details of the materials and parameters of coating processes
are obtained from our previous studies [27].

The surface morphologies and thickness of the films after the electrochemical tests
were observed using field-emission scanning electron microscopy (FEI Nova NanoSEM230,
Chicago, IL, USA).

The electrochemical properties of the samples were characterized using CH660e
electrochemical workstation (ChenHua, Shanghai, China). The traditional three-electrode
cell system was used to examine the electrochemical behavior of the samples; a 2.25 cm2

area of the sample was exposed as the working electrode; an Ag/AgCl electrode acted
as the reference electrode, and a titanium slice was used as the counter electrode. The
samples were immersed in an artificial saliva solution for 4000 s to evaluate the OCP at
37 ◦C. During EIS, the measurement frequency was swept from 10−2 to 105 Hz, and a
sinusoidal disturbance voltage of 10 mV was applied. The EIS data were imported into
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ZSimpWin software for further fitting and analysis of the corresponding equivalent circuit
(EC). The scanning potential ranged from −1.5 V vs. Ag/AgCl to 1.5 V vs. Ag/AgCl at
a scanning rate of 2 mV/s was used for obtaining the potentiometric polarization curves.
The corrosion current density of the samples was estimated from the polarization curves
using the Tafel extrapolation fitting method. Inhibition efficiencies (IE, η) were calculated
by fitted corrosion current densities (Icorr) based on the following equation:

η(%) = (1− Icorr

I0
corr

)× 100%

where Icorr and I0
corr are current densities of treated and naked steel, respectively.

The EIS and potentiometric polarization measurements were performed in the artificial
saliva solution, those contents were determined according to the standard of the corrosion
resistance examination of SS and NiTi orthodontic wires [32], as illustrated in Table 1. The
pH of the artificial saliva solution was approximately 6.8.

Table 1. Ingredients of the artificial saliva solution.

Ingredient NaCl KCl CaCl2 K2PO4 KSCN CH4N2O

Content (mg/L) 400 400 795 690 300 1000

To evaluate the effects of pH values and Cl− concentrations on the corrosion resistance,
potentiometric polarization curve tests were performed in solutions with different NaCl,
citric acid (H3Cit) and potassium citrate (K3Cit) concentrations, as given in Table 2. The
method of operation is already described.

Table 2. Electrolyte concentrations in 1 L electrolyte solutions used for electrochemical measurements.

Concentration (g/L) (0.9%, 6.6) (0.9%, 3) (3%, 6.6) (3%, 3)

NaCl (mL) 9 9 30 30
0.1 M H3Cit (mL) 5.6 74.4 5.6 74.4
0.1 M K3Cit (mL) 74.4 5.6 74.4 5.6

For easy understanding, the notation (X%, Y) is used to represent the electrolyte solution with an NaCl concentra-
tion of X% and a pH value of Y.

Before conducting the electrochemical tests, the samples were immersed in artifi-
cial saliva for 24 h, to ensure that their surfaces were completely passivated. All the
electrochemical tests were repeated at least thrice, and showed roughly the same values
and trends.

3. Results and Discussion
3.1. Surface Morphologies and Composition Analysis

Our previous study [27] showed the as-prepared surfaces of 316L SS substrate was
smooth, and the surface of TiN had some particles and pinholes. Moreover, TiCN and
Ti-DLC had many nanocrystal clusters after physical vapor deposition (PVD). According to
the XRD data, these clusters were the TiC which was generated by the reaction of Ti and C
during deposition. Additionally, the thicknesses of the TiN, TiCN, and Ti-DLC films were
2.05, 4.10 and 4.48 µm, respectively. The Ti-DLC was found to exhibit the best adhesion
and anti-wear properties.

Figure 1 demonstrates the surface morphologies of the 316L SS substrate and three
films after the electrochemical tests in artificial saliva. The substrate surface is generally
smooth, and only the diameter of the holes has increased, owing to the low-degree erosion
of SS in a relatively mild saliva environment. Furthermore, the surfaces of all three films
have nanocrystal clusters and pinholes. This because the TiC particles exist in the TiCN
and Ti-DLC films, functioning as seeds and gradually growing into cluster defects during
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deposition. In TiN samples, particles and pinholes are common growth defects resulting
from deposition, which are always generated in the bulges and cavities on the substrate [33].
However, the number of particles of the TiN surface are far more than those of TiCN and
Ti-DLC films after polarization tests in artificial saliva. This phenomenon is mainly because
of the superior electrochemical stability of TiN clusters compared with those of TiC on
Ti-DLC films; thus, TiC preferably dissolves in artificial saliva [34].

Coatings 2021, 11, x FOR PEER REVIEW 4 of 14 
 

 

have nanocrystal clusters and pinholes. This because the TiC particles exist in the TiCN 
and Ti-DLC films, functioning as seeds and gradually growing into cluster defects during 
deposition. In TiN samples, particles and pinholes are common growth defects resulting 
from deposition, which are always generated in the bulges and cavities on the substrate 
[33]. However, the number of particles of the TiN surface are far more than those of TiCN 
and Ti-DLC films after polarization tests in artificial saliva. This phenomenon is mainly 
because of the superior electrochemical stability of TiN clusters compared with those of 
TiC on Ti-DLC films; thus, TiC preferably dissolves in artificial saliva [34]. 

 
Figure 1. Surface morphologies of four samples after polarization tests in artificial saliva. (a) 316L 
SS, 1000×; (b) TiN, 1000×; (c) TiCN, 1000×; (d) Ti-DLC, 1000×; (e) TiCN, 5000×; (f) Ti-DLC, 20,000×. 

3.2. OCP Test 
Figure 2 displays the OCP variation curves of the four samples in artificial saliva at 

37 °C within 4000 s. According to the standard test method for measuring potentiody-
namic polarization resistance, the basic stabilization value of OCP can be used as valid 
data after 55 min. The 316L SS substrate shows the most negative OCP (−0.156 V). In con-
trast, the three films have higher potentials, indicating that all the films can significantly 
enhance the corrosion resistance stability of 316L SS substrate. Among them, TiCN pos-
sess the most positive electrode potential (0.092 V) and highest stability. Moreover, the Ti-
DLC film shows a slight negative deviation in the OCP value, indicating the inferior chem-
ical stability of the coating. This phenomenon results in a dense surface structure and rel-
atively high thickness of the TiCN film, yielding excellent electrochemical stability. Alt-
hough Ti-DLC has the highest thickness, it contains many clusters that could have dis-
solved in the artificial saliva, leading to a negative deviation in the OCP value. The TiN 
film has a lower potential and larger fluctuation than other films. Its inferior chemical 
stability is because of its low thickness and several defects. 

Figure 1. Surface morphologies of four samples after polarization tests in artificial saliva. (a) 316L SS,
1000×; (b) TiN, 1000×; (c) TiCN, 1000×; (d) Ti-DLC, 1000×; (e) TiCN, 5000×; (f) Ti-DLC, 20,000×.

3.2. OCP Test

Figure 2 displays the OCP variation curves of the four samples in artificial saliva at
37 ◦C within 4000 s. According to the standard test method for measuring potentiodynamic
polarization resistance, the basic stabilization value of OCP can be used as valid data after
55 min. The 316L SS substrate shows the most negative OCP (−0.156 V). In contrast, the
three films have higher potentials, indicating that all the films can significantly enhance
the corrosion resistance stability of 316L SS substrate. Among them, TiCN possess the
most positive electrode potential (0.092 V) and highest stability. Moreover, the Ti-DLC
film shows a slight negative deviation in the OCP value, indicating the inferior chemical
stability of the coating. This phenomenon results in a dense surface structure and relatively
high thickness of the TiCN film, yielding excellent electrochemical stability. Although
Ti-DLC has the highest thickness, it contains many clusters that could have dissolved in the
artificial saliva, leading to a negative deviation in the OCP value. The TiN film has a lower
potential and larger fluctuation than other films. Its inferior chemical stability is because of
its low thickness and several defects.
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3.3. EIS Results

To evaluate the corrosion protection properties of the films, EIS measurements were
carried out in artificial saliva at 37 ◦C. The Nyquist (including the locally amplified inner
graphic) and Bode plots of the samples are shown in Figure 3a,b, respectively. The diam-
eter of the capacitive loop in the Nyquist plots corresponds to the corrosion resistance.
Figure 3a demonstrates that the corrosion resistances of the SS substrate, TiCN, Ti-DLC
and TiN film decrease successively. The same order is found for the “log Z” values in
Figure 3b. According to Zhang’s research, the impedance modulus at the lowest frequency
(Zf = 0.01 Hz) is another parameter in the Bode plot for evaluating the corrosion protection
capability of the films; a greater impedance suggests a better corrosion resistance [35].

In addition, the “phase angle” of the Bode plot and the locally amplified graphic
of 10–10k Hz are illustrated in Figure 3c,d. As shown in Figure 3c, the order of the
sample corrosion resistance (Figure 3c) was consistent with the Nyquist plots, owing to the
improvement of the passive film, that increased the phase angle [36]. Figure 3c and d show
the 316L SS has only one plateau region and all the films have two; this indicates that the
EC of the 316L SS has one time constant, but the three films have two.

Considering a passive film formed on the 316L SS surface and electrochemical reac-
tions took place at the metal/film interface, the best fitting EC simulated from the EIS
results using the ZSimpWin software, is illustrated in Figure 4. Additionally, the parameters
are listed in Table 3; the chi-squared (X2) value in the order of 10−3 to 10−4 indicating the
good fit has been obtained with the suggested EC models [37]. This method has been used
to fit titanium alloys and metal-DLC films in many studies [22,38,39]. In the circuits (a), the
Rs, R1 and R2 represented the solution resistance, porous layer resistance, and the dense
layer resistance, respectively. In the circuits (b), the Rs, Rf and Rct represented the solution
resistance, film resistance and the charge transfer resistance, respectively. The C1 and C2
were the surface layer capacitance and inner layer capacitance; additionally, Cdl represented
the double-layer capacitance. In Figure 4a, R2 is 25,320 Ω·cm2 indicates that the oxide layer
produced via the self-passivation of the SS substrate can effectively improve its corrosion
resistance. In Figure 4b, the maximum Rf (637.8 Ω·cm2) was observed in TiCN, indicating
its excellent corrosion resistance. Rf of Ti-DLC and TiN are 329.1 Ω·cm2 and 154.9 Ω·cm2,
respectively. It worth noting that Rct of TiCN is similar to that of Ti-DLC, implying that the
charge transfer at both these substrate interfaces is effectively prevented, thus contributing
to their high corrosion resistance. This enhancement in corrosion resistance may be related
to the dense surface structure and relatively high thickness of TiCN. Furthermore, Ti-DLC
has the highest thickness, but contains many clusters that dissolved into the artificial saliva;
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thus, its Rf value is smaller than TiCN. Moreover, the main reason for the poor corrosion
resistance of the TiN film is its low thickness and high volume of defects.
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Table 3. Thicknesses and EC results of 316L SS substrate, TiN, TiCN and, Ti-DLC films.

Sample Rs
(Ω·cm2)

R1/Rf
(Ω·cm2)

R2/Rct
(Ω·cm2)

C1
(F/cm2)

C2/Cdl
(F/cm2)

Chi-Squared
(X2)

SS 17.85 218.3 25,320 1.297 × 10−4 1.775 × 10−4 2.3 × 10−3

TiN 17.82 154.9 2230 9.884 × 10−4 3.251 × 10−3 7.2 × 10−4

TiCN 21.16 637.8 11,760 1.404 × 10−4 3.959 × 10−4 4.5 × 10−3

Ti-DLC 20.22 329.1 10,250 1.574 × 10−4 3.240 × 10−4 5.3 × 10−4

3.4. Potentiometric Test

The Tafel polarization curves of the four samples immersed in artificial saliva are
demonstrated in Figure 5a. A pronounced anodic peak emerged within the potential range
from 0.592 to 0.618 V vs. Ag/AgCl and 0.185 to 0.223 V vs. Ag/AgCl, for 316L SS and
TiN, respectively. The anodic peak was attributed to the film erosion in artificial saliva
because the corrosive mediums can penetrate defects and microcracks of the film [40]. For
Ti-DLC, it possessed a smooth anodic curve and a negative passive region, suggesting the
less corrosion [26]. Normally, a low corrosion current density (Icorr) implies high corrosion-
protection performance distinctly [37]. The Icorr was calculated using Tafel extrapolation
and is summarized in Figure 5b. The Ti-DLC film possesses the lowest Icorr in artificial
saliva, indicating the best corrosion resistance. This result is consistent with the polarization
curve in Figure 5a. Its Icorr is considerably lower than that of the TiCN film, due to its
ultrahigh thickness and that its surface clusters have already dissolved already. Wang et al.
also reported an increase in electrochemical stability after the surface clusters dissolved [22].
They found that the TiCN coating with many clusters on the surface showed poor stability
during the EIS test. With the dissolution of its surface clusters, a smoother surface was
formed, leading to better corrosion resistance in subsequent potentiometric tests. The
Icorr of Ti-DLC is higher than other similar DLC coatings, which may be due to the larger
surface roughness (10.4 nm) than the others (approximately 4.2 nm) in this study. Other
studies have shown large surface roughness weakens the corrosion resistance [28,31]. In
addition to film thickness and roughness, the corrosion resistance may be affected by the
degree of crystallization and grain size. These parameters can be controlled by the substrate
temperature, deposition speed, external electric field, gas flow rate, and pressure. This
could be the focus of a future study. The polarization curve for TiN shows a passive region
in a narrower potential range and the highest Icorr, demonstrating the formation of an
inferior stable passive layer compared with those of the other films.
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(a) Polarization plots of the four samples; (b) corrosion current densities of the four samples.

The electrochemical behaviors of the samples in different electrolyte systems were
analyzed to evaluate the effects of the oral microenvironment on corrosion resistance,
and the data are presented in Figure 6. The performance of 316L SS is different from
that discussed in Section 3.3. The polarization curves of the 316L SS shift toward a more
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positive region with increases in the Cl− or H+ concentrations. In addition, its Icorr increased
significantly, suggesting that the corrosion resistance of 316L SS was significantly affected
by the changes in the electrolyte systems. This is because 316L SS contains corrosion-
resistant elements, namely Cr and Ni, capable of forming a dense oxide film on the surface
of the material [41]; thus, the best corrosion resistance was obtained from the EIS results.
However, at high concentrations of Cl−, the Cl− were preferentially adsorbed onto 316L SS
surface because of their affinity to metals. The locally adsorbed Cl− ions led to enhanced
dissolution of the passive layer at these sites, thinning of the passive layer and eventually
active dissolution. Further, the chemical activity of the H+ cations significantly accelerated
this process [42]. Figure 5e shows, the TiN films are insensitive to changes in pH. However,
as the concentration of Cl− increased from 0.9% to 3%, Icorr increased from 10.588 to
37.51 µA/cm2. According to Liu, during the dissolution of TiN, the H+ ions are neutralized
by the N ions released from the TiN, transforming into NH4

+ [43]. However, in a Cl−-rich
atmosphere, the TiN could not prevent Cl− from penetrating the film completely because of
its low thickness and imperfections. Once the corrosive ions penetrate the coating through
these small channels, a galvanic effect is formed at the interface between the coating and
substrate, which accelerates the corrosion rate because of the difference in composition.
Thus, Icorr of TiN is considerably higher than that of the 316L SS substrate in the (3%, 3)
electrolyte [44]. The protection mechanism of the TiN film is illustrated in Figure 7a.

The TiCN and Ti-DLC films exhibited excellent electrochemical stability in different
electrolytes. The main reason for this phenomenon is that the TiC crystals can obstruct
the path of the corrosive species penetrating the as-deposited film. The corrosive medium
hardly contacted the 316L SS substrate. Hence, the corrosion resistance of the bracket is
improved [44,45]. However, note that Icorr of TiCN in the (3%, 6.6) electrolyte is significantly
higher than that in other concentrations. A possible reason is that the thickness of the
TiCN film is lower than that of the Ti-DLC film; This means several Cl− and H+ can easily
penetrate the film/sublayer interface to react with the substrate. For Ti-DLC, the corrosion
current increases slightly at concentrations of high Cl− and H+ ions, owing to its ultrahigh
thickness and self-passivation effect on the electrolyte. Further corrosion can be prevented,
thereby protecting the 316L SS substrate. The corrosion-resistant mechanism of the Ti-DLC
film is shown in Figure 7b. All parameters of the four samples calculated using Tafel
extrapolation are summarized in Table 4.

Table 4. All parameters of four sample calculated using Tafel extrapolation.

Electrolyte Sample Ecorr (V) Icorr (A) βa (dec) βa (dec) η (%)

artificial

SS −0.7936 1.05 × 10−5 690 −134 -
TiN −0.7508 0.83 × 10−5 106 −167 20.95

TiCN −0.7342 0.68 × 10−5 225 −108 35.24
Ti-DLC −0.7292 0.44 × 10−5 750 −225 58.09

0.9%, 6.6
SS −0.7806 0.91 × 10−5 125 −171 -

TiN −0.643 0.71 × 10−5 225 667 21.98
TiCN −0.8038 0.55 × 10−5 208 −113 39.56

Ti-DLC −0.425 0.28 × 10−5 667 −417 69.23

0.9%, 3
SS −0.6544 2.61 × 10−5 125 −225 -

TiN −0.4787 1.06 × 10−5 75 −105 59.39
TiCN −0.4528 0.98 × 10−5 334 −149 62.45

Ti-DLC −0.4088 0.46 × 10−5 183 −417 82.24

3%, 3
SS −0.7711 2.92 × 10−5 746 291 -

TiN −0.727 3.41 × 10−5 91 −646 -
TiCN −0.5396 2.06 × 10−5 159 −158 29.45

Ti-DLC −0.4571 0.61 × 10−5 747 −118 79.11

3%, 6.6
SS −0.86 1.96 × 10−5 167 −91 -

TiN −0.8815 3.76 × 10−5 375 201 -
TiCN −0.5373 1.54 × 10−5 146 −267 21.43

Ti-DLC −0.4118 0.46 × 10−5 167 −133 76.53
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3.5. Surface Morphologies and Thickness of Sample after Electrochemical Tests

The above findings are consistent with the surface morphologies of the 316L SS
substrate and three films after the electrochemical tests, as shown in Figure 8. The pore
size of the 316L SS substrate surface significantly increases after electrochemical tests,
particularly in the electrolyte system with high Cl− and H+ concentrations. Additionally,
TiN and TiCN show fewer holes at low Cl− concentrations. Simultaneously at high Cl− and
H+ concentrations, noticeable pitting occurred on the TiN surface, and the TiCN surface
became uneven. The surface of Ti-DLC was relatively smooth and complete, indicating
that the Ti-DLC film could effectively reduce the corrosion tendency of 316L SS under
various conditions.
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Figure 8. Surface morphologies of the four samples after electrochemical tests in different electrolytes.

Figure 9 demonstrates the cross-section morphologies of the three films after the
electrochemical tests. The thicknesses of all films decrease by different amounts after the
electrochemical tests. The thicknesses of TiN, TiCN and Ti-DLC reduce from 2.05, 4.10 and
4.48 µm to 1.69, 3.92 and 4.36 µm, respectively. In case of TiCN and Ti-DLC films, their
thicknesses reduced by 0.18 and 0.12 µm, indicating that the corrosion level of Ti-DLC is
lower. The thickness of the TiN film reduced by 0.36 µm, proving that it has the worst
corrosion resistance.
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4. Conclusions

In summary, we compared the corrosion mechanisms of TiN, TiCN and Ti-DLC
coatings on 316L SS substrates to identify the best corrosion protection coating for dental
braces. The main findings of the study are as follows:

(1) In the initial stage of an electrochemical tests, the stability of TiCN and Ti-DLC
is inferior to 316L SS because the clusters on their surface dissolve preferentially in the
artificial saliva.

(2) After the EIS tests, the clusters on TiCN and Ti-DLC film dissolved and a smooth
surface was obtained. The potentiometric test results showed that the Ti-DLC film exhibited
the most stable electrochemical properties, regardless of the presence of artificial saliva or
electrolytes with different Cl− and H+ concentrations. The excellent corrosion resistance
of the Ti-DLC coating resulted from the TiC crystals obstructing the path of the corrosive
species penetrating the as-deposited film.

(3) After the electrochemical tests, Ti-DLC had the smallest thickness reduction, im-
plying that it had good chemical stability and a self-passivation effect in the electrolyte.
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