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Design of Sustainable Aluminium-Based Feedstocks for
Composite Extrusion Modelling (CEM)
José L. Aguilar-García 1,* , Eduardo Tabares Lorenzo 1 , Antonia Jimenez-Morales 1,2 and Elisa
M. Ruíz-Navas 1

1 Powder Technology Group (GTP), Materials Science and Engineering Department, Álvaro Alonso Barba
Institute (IAAB), Universidad Carlos III de Madrid, Avda. Universidad 30, 28911 Leganés, Spain;
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2 CIBERINFEC-CIBER de Enfermedades Infecciosas, Instituto de Salud Carlos III, 28029 Madrid, Spain
* Correspondence: josaguil@ing.uc3m.es

Abstract: Additive manufacturing (AM) has become one of the most promising manufacturing
techniques in recent years due to the geometric design freedom that this technology offers. The
main objective of this study is to explore Composite Extrusion Modelling (CEM) with aluminium as
an alternative processing route for aluminium alloys. This process allows for working with pellets
that are deposited directly, layer by layer. The aim of the technique is to obtain aluminium alloy
samples for industrial applications with high precision, without defects, and which are processed
in an environmentally friendly manner. For this purpose, an initial and preliminary study using
powder injection moulding (PIM), necessary for the production of samples, has been carried out. The
first challenge was the design of a sustainable aluminium-based feedstock. The powder injection
moulding technique was used as a first approach to optimise the properties of the feedstock through
a combination of water-soluble polymer, polyethyleneglycol (PEG), and cellulose acetate butyrate
(CAB) wich produces low CO2 emissions. To do this, a microstructural characterisation was carried
out and the critical solid loading and rheological properties of the feedstocks were studied. Further-
more, the debinding conditions and sintering parameters were adjusted in order to obtain samples
with the required density for the following processes and with high geometrical accuracy. In the
same way, the printing parameters were optimised for proper material deposition.

Keywords: aluminium alloy; composite extrusion modelling; powder injection moulding (PIM);
sustainable feedstock

1. Introduction

Aluminium alloys are one of the most important materials in the industry, having
multiple applications. Their great relevance is due to various properties, such as excellent
strength-to-density ratios and recyclability, thermal and electrical conductivity, and low
density (~2.7 g/cm3) [1]. The main sectors where aluminium and, most importantly,
aluminium alloys are used are the automotive sector, the construction sector, and the
aerospace sector. The most common alloys in aeronautical and automotive components are
those of the series 2XXX, i.e., Al-Cu-(Mg) 2024, 2224, 2324, and 2524 (damage tolerance), and
7XXX, i.e., Al-Zn-Mg-(Cu) 7075, 7010, 7055, and 7150 (resistance) hardened by ageing [2].
In aeronautics, the 2XXX series aluminium alloys are used with protective coatings on the
underwing or in the fuselage due to properties such as slow crack propagation and fatigue
strength. In addition, these kinds of alloys usually have poor resistance to electrolytic
corrosion due to the presence of precipitates. For this reason, they are coated with alloys
with fewer alloying elements that protect them from corrosion, while these aluminium
alloys provide resistance [3]. In the automotive industry, parts made from this type of
aluminium alloy are usually manufactured by processes such as extrusion. This method
is used to manufacture parts with simple profiles. In comparison, the PIM method used
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in this study as a support tool has some advantages such as the large-scale production
of parts with three-dimensional shapes and greater precision. Furthermore, thanks to
CEM 3D-printing technology, which is the technique in which the feedstock designed
and optimised in this work will be used for the production of 2024 aluminium alloy
parts (such as connecting rods or pistons in the automotive industry [4]), it is possible to
produce parts with greater freedom in shape and ability to optimise the design. This allows
even greater cost savings in producing these parts, in addition to being able to reuse this
feedstock. In this context, CEM technology is a cost-effective process without the need for
mass production.

There are different processing methods for aluminium alloys depending on the char-
acteristics or properties required for a specific application or component. Most engineering
aluminium alloy parts are obtained by conventional manufacturing processes such as
casting, forging, and extrusion. While there are many different methods that attempt
to produce final aluminium parts with improved properties, they nevertheless present
common drawbacks such as limitations in the design of the parts, difficulty in achieving
homogeneity, and high energy consumption. Min Wu et al. [5] performed an isothermal
uniaxial compression of sintered porous aluminium alloy 2024 at a semi-solid state. The
sintered porous materials were prepared from gas-atomised powders by spark plasma
sintering (SPS). This study investigated the deformation behaviour of semi-solid powders
and simulated the forming process, achieving high levels of relative density in the final
parts. In recent studies, Ning Zhao et al. [6] examined the microstructural evolution and
mechanical properties of 6082 aluminium alloy parts produced using a novel forging pro-
cess that integrates forging and solution heat treatment in one operation. Thanks to this
advance, these authors were able to obtain aluminium alloys with mechanical properties
that are comparable to those produced by conventional processes, with a homogeneous
microstructure. Accordingly, this process was adequate for production, application, and
industrial promotion thanks to the cost savings entailed. As a novelty, John Victor Christy
et al. [7] investigated recycled aluminium alloy composites produced by Stir and Squeeze
Casting. The properties, microstructure, and optimisation of the moulded samples were
analysed and showed low porosity and high compressive strength for automotive rims.

More recently, although AM of metallic or ceramic materials is currently focused on
the prototyping of samples for subsequent production through other techniques, there is
a growing number of areas where 3D-printed samples are being used, including energy
storage, aeronautics, medical, and environmental applications. Some of these techniques
have been used to produce aluminium alloy parts. Processes such as selective laser melt-
ing/sintering (SLS/SLM) can produce samples without specific tooling and shorten the
design and production cycle, resulting in significant time and cost savings [8]. Agarwala
et al. [9] carried out studies combining the liquid-phase sintering/partial melting (LPS)
process with SLS, which incorporates the melting of the lower-melting-point material, thus
joining the particles of the structural components of the system. Through these techniques,
combined with the use of a deoxidiser or atmosphere control, parts with higher density and
less geometric distortion (curling or delamination) were produced. Moreover, Das et al. [10]
demonstrated the feasibility of manufacturing components for defence applications using
the selective laser sintering/hot isostatic pressing (SLS/HIP) technique. The materials
processed by those techniques showed good mechanical properties (hardness and tensile
strength) equivalent to conventionally processed materials.

However, the processes described above have some drawbacks, such as difficulty in re-
moving the oxide film from the surface of the metal powder, high energy consumption, and
elevated cost. Therefore, this study proposes the use of powder injection moulding (PIM),
in particular metal injection moulding (MIM), as a first approach to producing samples,
in order to obtain final aluminium components with the highest possible densification by
Composite Extrusion Modelling (CEM) [11,12]. PIM is a technology that combines polymer
injection moulding and metal powders to obtain metal samples with the geometry of the
mould used. Through PIM, it is possible to produce highly complex-shaped components
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with high reproducibility at a low cost, while obtaining good mechanical properties after
the sintering step [13]. In this study, the initial characteristics of the powders (particle size,
morphology) have been analysed, taking into account previous studies on obtaining bronze
90/10 components by MIM with different powder characteristics in terms of morphology
and particle size. Furthermore, thanks to the appropriate selection of the metallic powder
content mixed with the binder system, which provides the necessary fluidity for the correct
filling of the mould, it is possible to produce metallic samples by injection moulding [14].
Several feedstocks with different optimal solid loadings were produced by combining
metal powders and a sustainable binder composed of polyethyleneglycol (PEG) and cel-
lulose acetate butyrate (CAB), taking into account previous studies on the production of
zircon feedstocks with this multicomponent sustainable binder system by powder injection
moulding [15,16]. The use of alternative sustainable binders, such as the multicomponent
system used in this study, is of great importance in reducing the carbon footprint, making
it possible to comply with 2030 Agenda Sustainable Development Goal 12 on responsible
and environmentally friendly production (ODS 12: Ensure sustainable consumption and
production patterns) [17]. The binder components for aluminium feedstocks are usually
combinations of PEG, polymethylmethacrylate (PMMA), and high-density polyethylene
(HDPE) [18]. Therefore, the use of the PEG and CAB multicomponent binder system for
the design and manufacture of an aluminium feedstock, which has already been tested for
other materials such as zircon, as mentioned above, is a great challenge. Also, an in-depth
study of the complete process (from feedstock optimisation to moulding, debinding, and
final sintering stages) was carried out. The rheological properties of the samples were
studied, and the different stages of the process were optimised to achieve materials with
high densification. To achieve this purpose, one of the most important points is strict
control of the thermal debinding to prevent defects from forming in the internal areas of the
material. There are studies on the importance of powder and thermal debinding conditions
to obtain the highest possible quality in the final part. Dongguo Lin et al. [19] characterised
the rheological and thermal debinding properties of BE Ti64 feedstocks. These authors
evaluated the critical solid loading, rheological behaviour, and binder decomposition be-
haviour, concluding that these rheological and thermal debinding properties of feedstock
play an important role in the moulding and debinding stage of powder injection moulding
(PIM) and can directly determine the quality of the final PIM product.

On the other hand, in the specific case of aluminium alloys of the 2XXX series, such as
the 2024 aluminium alloy used in this study, sintering occurs via a transient liquid phase.
These liquid phases migrate along the edges of the particles, penetrate the aluminium oxide
layer, and diffuse into the powder particles. As a result of the diffusion of the liquid phase
and the re-stacking of the aluminium particles, the porosity of the part is reduced. The
success of liquid-phase sintering depends on the ability to control the liquid phase [20].
Thanks to the PIM process as a first approach, it was possible to design a sustainable
aluminium-based feedstock in a pellet shape and to optimise the parameters required for its
use in the CEM additive manufacturing technology. There are previous studies on the use
of the PIM process for the manufacture of MAX-phase feedstocks, which were subsequently
used in additive manufacturing technology CEM [21].

Within the broad additive manufacturing technologies, one of the most widely used
3D-printing techniques is Fused Filament Fabrication (FFF). In this technology, a filament
is extruded through a nozzle while it is being heated to be deposited layer by layer to
obtain the desired geometry. As an alternative to filament processes, Composite Extrusion
Modelling (CEM) starts from pellets or granulates. Furthermore, CEM offers some advan-
tages compared to FFF, such as the possibility of using a wider binder percentage/quantity
range for 3D printing without the need to use a flexible polymeric binder. In addition, the
material can be reused if the printing temperatures are selected correctly and the polymer is
not degraded during printing. Therefore, by means of CEM, it is possible to print near-net-
shape parts using less aggressive conditions, compared to those required in direct powder
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bed AM technologies, i.e., laser effects on materials, while also allowing a reduction in cost
due to savings on material and recyclability [21,22].

2. Materials and Methods
2.1. Characterisation of Powders and Optimisation of Sintering Cycle

The particle size distribution of the 2024 aluminium alloy pre-alloyed powders (IMR
Metal Powder Technologies GmbH, Lind ob Velden, Austria) was determined by laser
diffraction using a MasterSizer 2000 (Malvern Instruments, Worcestershire, UK). The
powder density was measured with a helium pycnometer (AccuPyc 1330, Micromerit-
ics, Norcross, GA, USA). Additionally, scanning electron microscopy (SEM, TENEO-FEI,
Hillsboro, OR, USA) was used to analyse the morphology and microstructure of the cross-
section of the powders. To study the thermal behaviour, in order to optimise the sintering
behaviour by determining the maximum sintering temperature, the powders were submit-
ted to a thermogravimetric analysis (SETSYS Evolution DTA/DSC, Setaram Instrumenta-
tion, Caluire-et-Cuire, France) in a nitrogen atmosphere with a heating rate of 5 ◦C/min and
a final temperature of 800 ◦C. They were then uniaxially pressed at a low pressure, 340 MPa,
in order to reproduce the properties of the brown parts after thermal debinding and before
sintering. The green compacts were sintered in a nitrogen atmosphere (1.5 bar) at different
temperatures in the interval of 595 to 625 ◦C for 2 h to design a sintering cycle and to obtain
the highest possible densification of the final samples. Scanning electron microscopy and
energy-dispersive spectroscopy (EDS) were performed to analyse the microstructure and
quality of the sintered samples to determine those similar to the samples obtained after the
final sintering stage of the PIM process.

2.2. Production of Feedstocks

For the fabrication of feedstocks with different solid loadings from 57 to 70 vol.%,
taking into account similar studies on the manufacture of feedstocks of different alu-
minium alloys [11,18], the Al2024 powders were mixed with a multicomponent binder
composed of polyethyleneglycol (PEG), with two different molecular weights of 4000 and
20,000 g/mol, and cellulose acetate butyrate (CAB), with a molecular weight of
30,000 g/mol, in a Haake Polylab QC (Thermofisher, USA). The composition of the pre-
alloyed powder is shown in Table 1, which corresponds to the nominal composition of
the 2024 alloy, with high surface purity, according to the supplier (IMR Metal Powder
Technologies GmbH, Austria), to maintain a uniform interaction with the binder and pro-
mote sintering [11,14,23]. The composition of the multicomponent binder selected for the
production of feedstocks is detailed in Table 2. In addition, different additives were used as
surfactants (stearic acid, SA) and antioxidants (phenothiazine, PTZ). The importance of
this binder system lies in the use of PEG, which is water soluble and eliminates the use of
organic solvents, which are generally petroleum derivatives and can be toxic, flammable
and even carcinogenic, and CAB, which produces low CO2 emissions. CAB acts as the
backbone in this polymeric binder, and PEG provides fluidity to the mixtures and reduces
their viscosity to obtain feedstocks with high solid loadings. Previous studies using zircon
feedstocks have shown the good rheological properties of this binder composition for
the powder injection moulding process [24]. To study the torque values of different solid
loadings in order to propose a critical and optimal solid loading of the feedstock, the same
mixer of the mentioned studies was used. For this purpose, the rollers were set to 40 rpm
and the torque stabilisation was analysed with a torque rheometer at 180 ◦C after 0.75 h
(45 min) of mixing. In addition, the fluidity of the feedstocks was studied, according to
the standard UNE-EN ISO 1133-1:2012 [25]. The test was carried out with a flow meter
(CEAST model 6841.000, Pianezza, Italy), in which the different feedstocks were introduced
at 180 ◦C and passed through a hardened steel nozzle with a 2 mm diameter. The weight of
the feedstock that went through the nozzle was measured every 0.007 h (25 s). Moreover,
the apparent viscosity of the feedstocks was measured in a twin-screw extruder (PolySoft
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OS-MiniLab 3, Thermofisher, Waltham, MA, USA) using counter-rotating screws varying
the speed from 25 to 250 rpm at 180 ◦C.

Table 1. Composition of the aluminium alloy.

Element Si Fe Cu Mn Mg Cr Zn Ti Al

wt.% 0.10 0.13 4.67 0.55 1.73 <0.01 0.11 <0.01 balance

Table 2. Composition of the multicomponent binder system used.

Binder PEG CAB

Vol.% 70 30

Molecular weight (g/mol) 4000
30,00020,000

Supplier Sigma-Aldrich Eastman

2.3. Stages of PIM Process

Green samples were obtained by injection of the feedstocks, produced as explained
above, in a Bimba Flat 1 injector (AB-400, A.B. Machinery, Peotonoe, IL, USA) at 170 ◦C
with an injection time of 6 s and a pressure of 7 bar. To ensure the structural integrity of
the samples, and taking into account previous studies with a similar binder system [26],
a two-stage debinding process was performed. The first was a debinding cycle in water
at 60 ◦C with continuous agitation and different immersion times (5 h, 7.5 h, and 10 h)
for the removal of PEG from the green parts. Next, the samples were dried in an oven
for 1 h at 70 ◦C. After the binder removal with solvents, an interconnected network of
pores was generated. This network facilitates the elimination of CAB during the thermal
process preventing defects from forming in the samples, and thus CAB can be removed
easily without distorting the geometry of the samples. However, the thermal process must
be strictly controlled to prevent defects from forming in the internal zones of the material
due to an excessive removal ratio of the backbone.

In this context, the dried samples were then placed in a debinding furnace (GD-DC-50,
Goceram, Sweden) at 500 ◦C for 1 h. Although there are studies on the influence of powder
characteristics or the debinding cycle, in this work, a specific study was made on the influ-
ence of the atmosphere on the removal of the binder. Accordingly, the thermal debinding
was carried out under three different atmospheres, including argon (inert, to prevent the
oxidation of the parts during heating as much as possible). Non-oxidising N2 and N2-H2
atmospheres were also used for the thermal debinding stage. However, when using an
N2-H2 atmosphere, hydrides such as AlH3 and Al2H6 are formed. These reactions could
cause the partial pressure of H2 in the pores to decrease and create a hydrogen gradient
between the pores and the external atmosphere. This would slow down the filling of the
pores since the internal pressure would be higher, as the solubility of hydrogen is high
in liquid aluminium. Refilling the pores with hydrogen does not occur when nitrogen is
used since it is not sufficiently soluble in liquid aluminium [27]. The heating and cooling
rates were 1 ◦C/min to ensure proper removal of the backbone polymer (CAB). In order
to analyse the percentage of binder removal under the different debinding conditions
and to be able to choose the parameters that result in the highest percentage of removal,
an analysis was carried out of the dimensional and weight changes after immersion of the
parts in water and after the drying cycle. The percentage of PEG and CAB removed as
a function of time and atmosphere, respectively, was calculated for each condition, follow-
ing Equation (1):

%Binder removed =
m0 − ms

mBinder
·100, (1)
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where m0 is the initial mass of the sample; ms is the mass of the piece after immersion in
water, drying, thermal debinding, and sintering; and mBinder is the total mass of binder in
the feedstock according to Equation (2):

mBinder =
%Binder · m0

100
, (2)

To verify the complete removal of the binder after the two-stage debinding process
following the optimal processing variables, a thermogravimetric analysis was performed
on an STA 6000 (STA 6000 PerkinElmer, Waltham, MA, USA) in an argon atmosphere with
a heating rate of 5 ◦C/min and a final temperature of 700 ◦C.

According to the results obtained for the optimisation of the sintering cycle in low-
pressure green samples and those of the thermogravimetric study, the brown samples
were sintered in a nitrogen atmosphere at 620 ◦C for 2 h with heating and cooling rates of
5 ◦C/min.

The relative densities of the pressed and sintered parts were measured. Moreover, the
density of the green samples obtained after injection and after sintering was measured by
the Archimedes method to obtain the relative density and the closed porosity, also analysed
with ImageJ (Fiji, version 2.35) software.

3. Results and Discussion
3.1. Characterisation of Powders and Determination of the Sinterability

As explained in the previous sections, both the morphological features and the chemi-
cal composition of powders must be suitable for the injection process and the subsequent
sintering. In this sense, an SEM analysis of the Al2024 aluminium alloy powder particles
was carried out. The results can be seen in Figure 1, where the spherical morphology of
the particles can be observed. This spherical morphology provides better flowability (the
feedstock solid loading can be increased and presents less shrinkage in sintering after injec-
tion) [11]. In addition, they are pre-alloyed alloy powders, which favours the homogeneity
of the alloy. During the sintering stage, the diffusion process of the alloying elements, the
formation of sintering necks, and the liquid phase are more favoured as these elements are
more homogeneously distributed within the particles. Therefore, and as will be explained
later, this diffusion of alloying elements occurs from the centre of the particles towards the
particle boundaries, where the liquid phase is generated.
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Figure 1. SEM micrograph of the Al2024 alloy powders.

On the other hand, the particle size distribution of the powders was determined
with the MasterSizer 2000 analyser. This analysis showed a wide particle size distribution
(Figure 2 and Table 3), ranging from 28.89 µm (D10) to 82.88 µm (D90). A wide particle size
distribution of the powders indicates that they are optimal for injection moulding, as they
will have a low viscosity and are easy to mould.
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are two endothermic peaks, a small one at 509 °C and a big one at 647 °C, corresponding 
to the melting point of this pre-alloyed powder with the onset temperature at 635 °C. The 
occurrence of a phase transition during heating was suggested by the endothermic peak 
at 509 °C, which corresponded to the production of a liquid phase in aluminium by a 
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Table 3. Mean particle sizes of Al2024 alloy powders, obtained from particle size distribution analysis
by laser.

D10 (µm) D50 (µm) D90 (µm)

28.89 ± 0.01 49.85 ± 0.02 82.88 ± 0.03

In order to perform the final sintering of the parts after thermal debinding, it is
important to analyse the thermal behaviour, with the melting temperature of the feedstock
metal-based material, among others. A DTA-TG analysis was carried out with the 2024
aluminium alloy powders to obtain the heat flow curve of this material (Figure 3) and thus
be able to establish an optimal sintering temperature. In this test, it is evident that there
are two endothermic peaks, a small one at 509 ◦C and a big one at 647 ◦C, corresponding
to the melting point of this pre-alloyed powder with the onset temperature at 635 ◦C. The
occurrence of a phase transition during heating was suggested by the endothermic peak at
509 ◦C, which corresponded to the production of a liquid phase in aluminium by a eutectic
reaction. Therefore, the solidus temperature of the powders of this 2024 aluminium alloy
was 509 ◦C, consistent with analyses from previous studies of this alloy [28]. In addition,
a mass gain can be seen at 500 ◦C due to oxidation of the aluminium powders.
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Considering the results shown above regarding the thermal behaviour of the powders,
and to further examine the sinterability of samples after debinding (brown samples), the
powders were uniaxially pressed at low pressure (340 MPa) and sintered in a nitrogen
atmosphere (1.5 bar) at a temperature range of 595–625 ◦C for 2 h. The theoretical density
of the 2024 aluminium alloy, with a value of 2.8 g/cm3, was obtained by the measurement
of the powders’ densities in a helium pycnometer. Green and sintered densities were
measured by the Archimedes method. The relative green density of these low-pressed
powders was 84.2% (Figure 4, blue dotted line) and that of sintered samples at different
temperatures are shown in Figure 4.
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Figure 4. Relative density of Al2024 parts sintered at different temperatures from 595 to 625 ◦C.

Density values obtained for the pressed and sintered parts were markedly low com-
pared to the theoretical density of the 2024 aluminium alloy, due to the presence of a high
level of porosity (see Figure 5) and swelling of the parts. However, it can be observed that
the only parts that densified by obtaining a relative density higher than the green density
were those sintered at 620 ◦C, with a relative density value of 87.2%. These parts suffered
the least distortion and shrank (2.39 ± 0.19% on the X axis and 1.31 ± 0.31% on the Y axis).
Because of the need to improve this, some studies have focused on the benefit derived
from the addition of small amounts of tin to the composition [29,30]. As can be seen, the
highest relative density after sintering was obtained with the sintering temperature of
620 ◦C. Density decreased again in samples when the sintering temperature was increased
to 625 ◦C, showing higher porosity. This indicates that the optimal sintering temperature
was overcome.

SEM analysis of the cross-sections of the Al2024 samples after sintering at 595, 600,
610, 615, 620, and 625 ◦C was carried out to analyse the sintering process and the porosity
of the samples (Figure 5).

As a pre-alloyed aluminium alloy powder, a supersolidus sintering process was
produced. The relative density increased with increasing sintering temperature, as can
be seen in the micrographs obtained, which show a decrease in porosity with increasing
temperature. It should be noted that this pre-alloyed aluminium powder is always covered
by a thin oxide layer (Al2O3). This implies that the liquid phase generated during sintering
is prevented from penetrating through this oxide layer. Therefore, in samples sintered
at low temperatures, the formation of the liquid phase was not sufficient to achieve high
densification, and porosity was generated. However, at the sintering temperature of 620 ◦C,
a network of the former liquid phase was observed. This liquid phase was generated from
the Cu- and Mg-rich precipitates in the particle boundaries, as verified by subsequent EDS
analyses. These eutectic phases promoted the densification and re-stacking of the particles
and a remarkable decrease in porosity, as in other studies on the sintering of aluminium
powders [28,31,32].
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ure 6. Figure 6b shows an example of one of the analyses in a selected area in the grain 
boundaries, which could correspond to the former liquid phase rich in copper and other 
alloying elements such as Mg, Mn, or Fe. Table 4 shows the results obtained in the EDS 
analysis seen in Figure 6b. 

Figure 5. SEM micrographs of the cross-section of Al2024 parts sintered at different temperatures of
(a) 595 ◦C, (b) 600 ◦C, (c) 610 ◦C, (d) 615 ◦C, (e) 620 ◦C, and (f) 625 ◦C.

In contrast, increasing the sintering temperature up to 625 ◦C again resulted in
an increase in porosity. During supersolidus liquid-phase sintering, it is important to obtain
an optimal volume of the liquid phase, which is conditioned by the sintering temperature
and the characteristics of the powder. An excess of liquid phase results in the loss of part
shape and can even lead to pore growth [31,33,34]. Therefore, compared with the sample
sintered at 620 ◦C, the sample sintered at 625 ◦C suffered shape distortion and pore growth.
Thus, the relative density of the sintered part at the highest temperature was reduced,
which corroborates the results obtained in Figure 4.

In addition, EDS analysis of the samples sintered at different temperatures was also
carried out. This semi-quantitative analysis showed that the distribution of the alloying
elements (Al-94.4 wt.%, Mg-1.8 wt.%, Cu-3.8 wt.%) was homogeneous for all of them
in accordance with the theoretical composition of Al2024 and the pre-alloyed powders.
In particular, several analyses were performed in samples sintered at 620 ◦C, as seen in
Figure 6. Figure 6b shows an example of one of the analyses in a selected area in the grain
boundaries, which could correspond to the former liquid phase rich in copper and other
alloying elements such as Mg, Mn, or Fe. Table 4 shows the results obtained in the EDS
analysis seen in Figure 6b.
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Mn 7.5 4.3 
Fe 9.4 4.1 
Cu 11.3 5.0 

Selected Area 2 
Mg 2.0 6.8 
Al 93.9 4.0 
Mn 0.6 25.6 
Cu 3.5 9.0 

3.2. Solid Loading Determination and Rheological Properties of the Feedstocks 
There are numerous studies on the employment of different percentages of solid 

loading according to the powder properties as well as different binder systems for the 
manufacture of feedstocks and parts by powder injection moulding [11,18,35]. In these 
studies, the solid loading varies from 50 vol.% to 65 vol.%. It is important to establish the 
critical solid loading because during the mixing step, an excess of binder can lead to de-
fects such as burrs or crumbling during the debinding process. On the other hand, an 
excess of powders could lead to defects such as porosity or high viscosity [36]. In this 
study, for the manufacture of the feedstocks and to be able to establish the value of the 
critical solid load, different solid loads from 57 to 70 vol.% were selected to study their 
rheological behaviour by means of the torque rheology of the feedstocks. Initially, the 
binder system was poured into the mixing chamber to melt for 0.166 h (10 min). After that, 
the amount of powder, depending on the solid content of each feedstock, was inserted 
into the chamber. As can be seen in Figure 7, during the mixing of all the feedstocks, there 
was an increase in torque when closing the mixing chamber, which progressively de-
creased and stabilised over time at a relatively low torque value while the mixture was 
homogenising. In the case of the feedstock with 65 vol.% of solid loading, the torque value 
was not constant after the mixing time due to the excessive amount of solid loading in the 

Figure 6. (a) Micrograph of AA2024 sintered at 620 ◦C; (b) detailed micrograph of the grain boundaries.

Table 4. EDS analysis in different zones of the detailed micrograph for the Al2024 parts sintered at
620 ◦C.

Element Weight % Error %

EDS Spot 1

Mg 1.6 11.4
Al 60.3 7.2
Mn 1.2 15.5
Fe 1.2 16.5
Cu 35.6 3.0

Selected Area 1

Al 71.8 6.0
Mn 7.5 4.3
Fe 9.4 4.1
Cu 11.3 5.0

Selected Area 2

Mg 2.0 6.8
Al 93.9 4.0
Mn 0.6 25.6
Cu 3.5 9.0

3.2. Solid Loading Determination and Rheological Properties of the Feedstocks

There are numerous studies on the employment of different percentages of solid
loading according to the powder properties as well as different binder systems for the
manufacture of feedstocks and parts by powder injection moulding [11,18,35]. In these
studies, the solid loading varies from 50 vol.% to 65 vol.%. It is important to establish
the critical solid loading because during the mixing step, an excess of binder can lead
to defects such as burrs or crumbling during the debinding process. On the other hand,
an excess of powders could lead to defects such as porosity or high viscosity [36]. In this
study, for the manufacture of the feedstocks and to be able to establish the value of the
critical solid load, different solid loads from 57 to 70 vol.% were selected to study their
rheological behaviour by means of the torque rheology of the feedstocks. Initially, the
binder system was poured into the mixing chamber to melt for 0.166 h (10 min). After that,
the amount of powder, depending on the solid content of each feedstock, was inserted
into the chamber. As can be seen in Figure 7, during the mixing of all the feedstocks,
there was an increase in torque when closing the mixing chamber, which progressively
decreased and stabilised over time at a relatively low torque value while the mixture was
homogenising. In the case of the feedstock with 65 vol.% of solid loading, the torque value
was not constant after the mixing time due to the excessive amount of solid loading in the
mixture. This feedstock was established as the critical solid loading. When the torque is
unstable, it means that the powder loading has surpassed the critical value. For mixtures
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above this volume of solid loading, an inhomogeneous feedstock was created in which the
binder could not accommodate more powder and did not mix well with it. It is possible to
observe a final decrease in the torque value at the end of the mixing time as in the case of
the feedstock with 70 vol.% of solid loading.
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the mixture increased. It was observed that the feedstock with 57 vol.% of solid loading 
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Figure 7. Variation in torque and temperature with time for PEG/CAB feedstocks with different solid
loadings of Al2024 from 57 to 70 vol.%.

According to these results, feedstocks with 61% and 63 vol.% of metallic powders
were established as the optimal solid loadings of those studied. These feedstocks had better
rheological behaviour as they presented an optimal mixture and a better homogeneity
between powder and binder for the injection process. However, the processability of the
feedstocks obtained and the optimal solid loading, which is 2–5% less than the critical
loading, must be taken into account [24,37,38]. Although the temperature was set at 180
◦C, the average temperature reached values of around 192 ◦C for the production of all
the feedstocks, due to the internal friction between metallic powder particles and binder
during the mixing process.

In addition, the apparent viscosity of the feedstocks produced was analysed. As
seen in Figure 8, all mixtures showed pseudo-plastic behaviour, whereby with increasing
shear rates, the viscosity decreases. It can also be observed that by increasing the solid
loading of the feedstocks, the viscosity increases slightly. PEG/CAB feedstocks were
compared with a commercial feedstock of Al6061 F 19-016 (70 vol.%), showing slightly
lower viscosity values due to their lower solid loadings. Although viscosities increase
slightly with higher solid loadings, they always remain below the recommended viscosities
for powder injection moulding (1000 Pa·s) [39]. The fluidity of the feedstocks was also
studied, as can be seen in Figure 9. With this test, the pseudo-plastic behaviour of the
feedstocks was again observed, where the flow capacity of the feedstocks decreased as the
solid load in the mixture increased. It was observed that the feedstock with 57 vol.% of
solid loading flowed too fast in the first seconds of the test, confirming that the mixture
still allowed more solid load admixed, while the feedstock with 65 vol.% of solid loading
scarcely presented any variation in fluidity throughout the test. It is important to obtain
a balanced mixture between binder and powder, in which more homogeneous regions are
created and the viscosity is lowered, providing the material with the necessary fluidity for
the injection step for the PIM process [40]. Therefore, considering the results obtained for
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the rheological properties studied with the different solid loadings, the feedstocks with
61 vol.% and 63 vol.% of solid loading were selected as the optimal solid loading.
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Figure 9. Variation in the fluidity of the PEG/CAB feedstocks with a solid loading of Al2024 from
57 to 65 vol.%.

3.3. Processing of the Injected Samples: Debinding and Sintering

As explained in the previous section, the optimal solid loading is 2–5% less than the
critical loading, and the processability of the feedstocks obtained must be taken into account.
Since it was very difficult to obtain injected parts using the feedstock with 63 vol.% of solid
loading, as it had a very high solid loading, the 61 vol.% feedstock was selected as the
optimal solid loading for the production of green parts and their subsequent debinding and
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sintering. The aluminium alloy feedstocks manufactured in the above-mentioned studies
usually have a much smaller particle size (in this work, the D50 of our aluminium alloy
powders was 45 µm) for the production of parts by the PIM process as this greatly facilitates
the process. However, our work used a commercial 2024 aluminium alloy powder that was
much coarser, which provided optimal solid loadings similar to those obtained in other
studies with non-commercial powders designed to be finer.

Furthermore, compared to previous studies using this combination of PEG and CAB
in a multicomponent binder system for obtaining feedstocks as MAX phases [38], the
optimal solid loading was around 52 vol.%, whereas, in our study, the optimal solid
loading was 61 vol.%. In order to know the amount of binder removed during the different
debinding processes, the mass of nine samples was measured for each condition before
and after debinding in water and also before and after thermal debinding. By comparing
the results obtained from the masses of the samples before and after the different hours of
water immersion and before and after thermal debinding in the different atmospheres, the
optimum conditions of water debinding and subsequent thermal debinding were selected.
Thus, taking into account previous studies [38], the two steps with the most favourable
debinding conditions for this binder removal were a solvent debinding cycle in water at
60 ◦C with continuous agitation and an immersion time of 5 h for the removal of PEG from
the green parts, followed by a thermal debinding for 1 h at 500 ◦C to eliminate the rest of
the binder components in an argon atmosphere. An analysis of the mass variation was
performed throughout the debinding cycle and, thanks to Equations (1) and (2), the amount
of polymer removed was calculated. A 90 wt.% polymer removal was achieved after this
two-stage debinding. For any other condition, the achieved binder removal was less than
90 wt.%. It is important to attain complete binder removal or as much as possible in the
debinding stage in order to achieve high densification of the final parts in the sintering
step [41]. Furthermore, an inert argon atmosphere, which reduces or prevents the formation
of an Al2O3 layer, has been found to be more effective in eliminating this kind of polymer
than any other atmosphere [35]. Nevertheless, previous studies, like those of Z. Y. Liu et al.,
have shown that for the sintering of aluminium alloy 6061 obtained by injection moulding,
a nitrogen atmosphere is more effective [30]. That is why an argon atmosphere was not
used for the sintering stage.

To verify these results from mass losses of the feedstock and confirm the removal
of the polymeric binder, a thermogravimetric study of the green parts after debinding
in water and after thermal debinding was carried out. Figure 10 shows the different
thermogravimetric analyses for the green and brown parts for feedstock with 61 vol.%
Al2024. The first analysis (black line), corresponding to the green part, shows a mass loss
starting at 260 ◦C and ending at 405 ◦C; this mass loss reaches 79.9 wt.% related to the
degradation of 39 vol.% of the binder in the feedstock. The second analysis (dashed blue
line) belongs to the sample after PEG removal through solvent debinding. It can be seen
that the part loses 12.4% less mass compared to the green sample, which corresponds to the
84.4 vol.% of the PEG removed. Finally, the third analysis (dotted brown line) shows that
after the thermal cycle, all the polymeric binder has been removed from the brown parts,
including the residual PEG and all the CAB from the brown part. Therefore, in accordance
with the results obtained, no mass loss is expected to occur during the third analysis.

As previously seen by the study of the mass loss during the removal of the binder with
Equations (1) and (2), a 90 wt.% polymer removal was obtained. However, the oxidation of
the samples and the consequent weight gain during debinding may justify that a complete
removal of the binder was not obtained by these equations. Thus, the thermogravimetric
study of the samples was carried out in the STA. As can be seen in Figure 10, the STA
test shows a complete removal of the binder, giving a more precise value of the polymer
removed. These results justify the selected thermal debinding cycle of 1 h at 500 ◦C for the
removal of CAB and the rest of the polymers from the binder, PTZ and AE, considering that
the PEG polymer was previously removed by dissolution in water. In addition, after the

13



Materials 2024, 17, 1093

debinding process, all the samples maintained their structural integrity and no significant
defects were observed in the brown parts.
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(brown dashed line).

As described above, thanks to the pressing and sintering of Al2024 powder samples
and their subsequent analysis, and taking into account previous studies on the sintering
of different aluminium alloys [30,32], a temperature of 620 ◦C was selected as the optimal
sintering temperature. Therefore, the same sintering cycle was employed for the parts
produced from 61 vol.% Al2024 feedstock obtained by PIM.

Figure 11 shows an example of parts after different stages of the PIM process, i.e.,
after injection (Green), debinding (Solvent and Thermal) and sintering (Sintered). These
images show that all parts maintained their structural integrity even after the debinding
and sintering steps. This indicates that both processes were carried out under optimal
conditions to obtain good-quality parts without crumbling.
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Table 5 shows the results of relative density and closed porosity obtained in green
parts after the injection process, calculated with the Archimedes method. To obtain the
relative density of green parts, the theoretical green density of the feedstock was calculated
using the rule of mixtures. Table 5 also shows the relative density of parts after sintering.
This value was obtained using the density of the Al2024 powders, measured with the
helium pycnometer, as theoretical density. As can be seen, these relative density values are
similar to those achieved in the pressed and sintered parts (see Figure 4), validating the
PIM process for the optimisation of the debinding and sintering stages in order to obtain
densified samples. The parts obtained by PIM, as well as the pressed and sintered parts,
underwent shrinkage (3.11 ± 0.21% on the X axis and 1.71 ± 0.24% on the Y axis).

Table 5. Relative density and porosity of green parts and sintered parts from feedstock with a solid
loading of 61 vol.% of Al2024.

Feedstock Green Parts After Sintering

Al2024 61 vol.%
ρrel (%) Closed Porosity (%) ρrel (%) Closed Porosity (%)

79.1 ± 1.5 20.9 ± 1.5 83.7 ± 1.7 16.3 ± 1.7

This study of the optimisation of the debinding and sintering parameters of Al2024
aluminium alloy feedstocks confirms their viability for production by the PIM process.
Parts of this alloy by means of 3D CEM printing technology are in production, taking into
account previous studies with similar binder systems for the extrusion-based additive
manufacturing of Ti3SiC2 and Cr2AlC MAX phases [21].

4. Conclusions

2024 aluminium alloy parts were produced by powder injection moulding. In par-
ticular, the parameters for the production and processing of sustainable feedstocks of
an Al2024 alloy with a multicomponent binder system of PEG and CAB (in a ratio of
70–30 vol.%) were determined using the PIM process. This makes it possible to comply
with 2030 Agenda Sustainable Development Goal 12 on responsible and environmentally
friendly production (ODS 12: Ensure sustainable consumption and production patterns).
For that purpose, the optimal solid loading of the feedstocks was determined. Moreover,
feedstocks produced with optimal processing conditions showed good rheological be-
haviour, with low torque values, low viscosity, homogeneous mixing, and pseudoplastic
behaviour. The final optimal solid loading selected contained 61 vol.% of Al2024 powders.
The two-step debinding process was optimised and controlled with thermogravimetric
analysis for total binder removal and consisted firstly of a solvent debinding at 60 ◦C for 5 h
and a subsequent thermal debinding at 500 ◦C for 1 h in an argon atmosphere. The sintering
step was also optimised and determined at 620 ◦C for 2 h in a nitrogen atmosphere. For
this purpose, SEM analysis of the cross-sections of Al2024 samples pressed and sintered
at different temperatures was carried out. The sintering conditions were employed for
injected samples, achieving a relative density of 87.2% with a shrinkage of 2.39 ± 0.19% on
the X axis and 1.31 ± 0.31% on the Y axis. Similarly, the 61 vol.% Al2024 feedstock parts
reached a relative density of 83.7% with a shrinkage of 3.11 ± 0.21% on the X axis and
1.71 ± 0.24% on the Y axis. This relative density value obtained in sintered parts can be
improved by taking into account previous studies focusing on the benefit derived from
the addition of small amounts of tin to the composition. Thanks to the optimisation of the
feedstock carried out in this study, current work is now being developed using CEM for
the production of parts of Al2024 alloy. This technology will enable cost savings compared
to other laser additive manufacturing technologies or technologies using filaments.
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Abstract: Cathodic protection is widely used for metal corrosion protection. To improve their
performance, it is necessary and urgent to study the influence of metal oxides on the microstructure
and performance of aluminum alloy sacrificial anodes. Taking an Al-Ga-In sacrificial anode as the
research object, the dissolution morphology and current efficiency characteristics were studied by
means of electrochemical testing and microstructural observation, and the influence of varying Pb
and Bi contents on the performance of an aluminum alloy sacrificial anode was investigated. The
test results reveal that: (1) The Al-Ga-In sacrificial anode with 4% Pb and 1% Bi contents exhibits
the best sacrificial anode performance. (2) The inclusion of an appropriate Bi element content shifts
the open-circuit potential in a negative direction and promotes activation dissolution. Conversely,
excessive Bi content leads to uneven dissolution, resulting in the shedding of anode grains and
greatly reducing the current efficiency. (3) During the activation dissolution of the aluminum alloy,
the second phase preferentially dissolves, and the activation point destroys the oxide film, resulting in
the dissolution of the exposed aluminum matrix. Consequently, the concentration of dissolved metal
ions is reduced and deposited back on the surface of the anode sample, promoting the continuous
dissolution of the anode.

Keywords: sacrificial anode; aluminum alloy; electrochemical properties; microstructure SVET

1. Introduction

In marine engineering, the corrosion of metal materials by seawater greatly reduces
the utilization efficiency, service life, and safety coefficient of the materials [1–3]. Various
anti-corrosion measures have been set in place, among which the sacrificial anode cathodic
protection method is one of the most economical and effective anti-corrosion methods [4,5].
Sacrificial anode materials mainly include magnesium, zinc, and aluminum alloys. Alu-
minum alloys have emerged as the preferred sacrificial anode materials, gradually su-
perseding traditional zinc anodes, owing to their abundant resources, cost-effectiveness,
substantial theoretical capacitance, and rapid advancements in marine applications.

Research has demonstrated that adding Pb, Bi, In, Ga, and other alloy elements into
aluminum alloys causes a negative potential shift, improving the efficiency of the sacrificial
anodes [6–8]. Particularly, the Pb and Bi alloy elements significantly impact the aluminum
anodes. For example, Li Xiaoxiang et al. have shown that Pb exhibits a notable hydrogen
desorption overvoltage [9]. The enrichment and physical activation on the aluminum
surface, coupled with the melting and shedding of low-melting-point compounds within
the alloy, contribute to a reduction in electrochemical and resistance polarization. This
process enhances the electrochemical activity of the material; hence, the aluminum alloy
anode material achieves a highly negative stable potential and exhibits a low self-corrosion
rate. Guo Jianzhang et al. have demonstrated that adding an appropriate amount of Bi ef-
fectively destroys the oxide film on the aluminum alloy anode surface, improves the anode
activation performance, reduces the effect of grain boundary corrosion, and improves the
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dissolution morphology of the anode [10]. Consequently, the strengthening effect of Pb
and Bi on the aluminum alloy sacrificial anodes and the influence of the microstructure
on aluminum alloy anode performance have become research hotspots. Several studies
have shown that Pb and Bi have synergistic effects, improving the active dissolution and
current efficiency of aluminum alloys. Moreover, studies have demonstrated that the
total content of both elements should not exceed 5% [11]. However, no in-depth study on
Al-Ga-In alloy sacrificial anodes has been conducted yet. Therefore, the present study takes
Al-Ga-In alloy sacrificial anodes as the research object. A combination of electrochemical
tests and microstructure observations is employed to analyze the performance of these
anodes. Moreover, this study investigated the dissolution morphology and current effi-
ciency characteristics by determining the impact of Pb and Bi content on the performance
of aluminum alloy sacrificial anodes. The findings aim to offer valuable data support for
practical applications.

2. Experimental Methods

As per the literature [12], optimal active dissolution and current efficiency are observed
when the total content of both elements, namely Pb and Bi, is approximately 5%. Ga
and In can improve alloy dissolution activity and enhance current efficiency, and their
contents should not be too high. Their reasonable content is 0.01% and 0.025%, respectively.
Therefore, in this experiment, a certain amount of Ga and In were added to pure aluminum
to obtain an Al-Ga-In aluminum alloy. On the basis of the Al-Ga-In aluminum alloy, the
total content of Pb and Bi was set to 5%. The influence of the synergistic effect of the two
elements on the sacrificial anode material was investigated by adjusting the elemental
contents of Pb and Bi. Table 1 illustrates the sample labels and composition formulas.

Table 1. Anode composition formulations.

Serial
Number

Pb
(wt%)

Bi
(wt%)

Ga
(wt%)

In
(wt%)

Al
(wt%)

A1 5 0 0.01 0.025 Balance
A2 4 1 0.01 0.025 Balance
A3 3 2 0.01 0.025 Balance
A4 2 3 0.01 0.025 Balance
A5 1 4 0.01 0.025 Balance
A6 0 5 0.01 0.025 Balance

The aluminum alloys discussed in the paper were all prepared in the laboratory. The
melting equipment was a vacuum induction suspension melting furnace, produced by
Shenzhen Saimaite New Materials Co., Ltd. in Shenzhen, China, with the model number
XF-1. Firstly, we placed the pure aluminum ingot in a graphite crucible and heated it in a
vacuum induction suspension melting furnace. After the aluminum ingot was completely
melted, we added our pre-weighed alloy elements (such as Pb, Bi, Ga, and In). Subsequently,
we controlled the induction current to suspend the metal melt so that all elements were
fully mixed. We poured the metal melt into the mold at an appropriate speed to form a
round rod of a certain size and performed subsequent processing according to different test
requirements. The use of vacuum induction suspension melting eliminates the influence
of environmental media and ensures uniform mixing, resulting in reliable aluminum
alloy composition.

2.1. Electrochemical Performance Test

The samples and experimental devices were prepared according to the GB/T17848-
1999 [13] test methods for the electrochemical performance of sacrificial anodes. The
auxiliary cathode consisted of cylindrical carbon steel; the reference electrode was a satu-
rated calomel electrode; the working electrode contained an internal and external surface;
and the working electrode area was 840 cm2. The welded area between the auxiliary cath-
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ode and the copper rod was sealed with wax. The open-circuit potential of the anode was
measured within 1 h after immersing a sample of the aluminum anode in a sodium chloride
solution. A sliding rheostat was adjusted to maintain a constant current of 1 mA/cm2. The
working potential of the anode was measured every 24 h for 10 days. Then, the circuit was
disconnected, the samples and the copper coulometer were removed, the corrosion pattern
was recorded, and the weight changes of the anode samples and cathode copper sheets
were calculated. Moreover, the anode current efficiency was calculated.

2.2. Electrochemical Behavior Test Methods

A CORRTEST CS310 electrochemical workstation was used to assess the corrosion
resistance of the sample, and supporting test software was used to measure the linear
polarization curve and electrochemical impedance spectrum. Epoxy resin was used to seal
the edges of the sample, leaving a working surface with an area of 1 cm2, and the sample
was fixed in a test container. A three-electrode system was used in the experiment; the
working electrode corresponded to the sample to be tested, the auxiliary electrode was
a Shanghai Thundermagnetic 213 platinum electrode, and the reference electrode was a
Shanghai Thundermagnetic 232 saturated calomel electrode. A 3.5% NaCl solution was
used as the experimental electrolyte. The experimental device was kept in a terrestrial
atmospheric environment, and the experimental temperature was set to 25 ◦C. Before
starting the experiment, the sample was polished to 1000 grit, cleaned with absolute
alcohol, and assembled. Once the open-circuit potential stabilized, the Tafel polarization
curve and electrochemical impedance spectrum were measured. The scanning range of the
Tafel polarization curve was −0.1~0.1 V (relative to the open-circuit potential); the scanning
rate was 0.5 mV/s; and the frequency range of the electrochemical impedance spectrum
(EIS) was 0.01~100 KHz.

2.3. Microstructure Observation and Composition Analysis

The prepared sample was cleaned with anhydrous ethanol and manually ground with
sandpaper until no obvious abrasion marks could be observed. Then, electrolytic polishing
corrosion was performed with a 30% KOH solution. The electrolytic voltage was set to
0.2 V, whereas the polishing time was set to 2 min. After that, the prepared samples were
cleaned and dried. Finally, the microstructure was examined using a VDX 5000 3D which
was made by KEYENCE in Tokyo Japan and a Leica DM 2500M metallographic microscope
which was made by LEICA in Heerbrugg Switzerland. Before and after the electrochemical
experiment, the sample surface was cleaned and dried with anhydrous ethanol and then
put into an AURIGA scanning electron microscope to observe its microscopic morphology.
Moreover, an energy-dispersive spectrometer (EDS) equipped with a scanning electron
microscope (SEM) was used for element energy spectrum analysis.

2.4. Scanning Vibrating Electrode Test (SVET)

A Princeton microarea electrochemical testing system, VersaSCAN, was used to mea-
sure the potential gradient caused by the local current on the surface of the aluminum alloy
sacrificial anode, as well as to describe the surface activation dissolution process of the
aluminum alloy anode samples and to explore the corrosion dissolution mechanism of the
Pb and Bi elements on the sacrificial anode.

3. Results and Discussion
3.1. Microstructural Observation and Compositional Analysis

The microstructure of the specimen was examined using an optical microscope, and its
structural arrangement is shown in Figure 1. The microstructure of the alloy mainly consists
of a gray matrix and a black granular or reticular structure. The gray matrix represents the
substrate, the black particles are the second phase of segregation, and the black reticular
structure is the grain boundary after erosion.
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Figure 1. Metallographic structural arrangements of the specimen.

When only the Pb element is present, sample A1 exhibits a higher concentration of
black particles as well as a black network structure, displaying an uneven distribution of
microstructure and significant intergranular corrosion. When the amount of Bi is added, the
microstructural distribution of samples A2, A3, and A4 is relatively uniform, whereas the
degree of intergranular corrosion is significantly weakened. However, when the Bi content
is too high, sample A6 suffers from severe grain boundary segregation and significant
intergranular corrosion. This illustrates that adding an amount of Bi ranging from 1% to 3%
can effectively reduce the effect of grain boundary corrosion and promote the uniformity
of anodic dissolution. In samples A2, A3, and A4, the inclusion of Bi facilitates a more
uniform distribution of the structure. This can mitigate the pronounced self-correction
resulting from the initial segregation phase, thereby ensuring current efficiency.

3.2. Electron Probe Scanning Analysis

For samples A2, A3, and A4, electron probe technology was used to further analyze
the distribution of Bi elements with different contents. Figures 2–4 represent the electron
probe scanning pictures of the distribution of the Al and Bi elements in samples A2, A3,
and A4.
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Figure 4. Element surface scanning diagram of aluminum anode sample A4.

A more uniform distribution of Bi in the alloy contributes to better structural unifor-
mity and enhanced dissolution performance and stability during the anodic dissolution
process. The electron probe scanning image reveals bright white spots, primarily corre-
sponding to the aggregation areas of the Bi element. These spots serve as activation points
in the anodic dissolution process. The bright white spots in sample A2 have a wider area
and are more evenly distributed. Therefore, A2 exhibits a relatively higher number of
activation points, facilitating easier activation and dissolution. It is speculated that its
dissolution is more stable, leading to higher current efficiency.

3.3. Work Performance Analysis

Operational performance primarily encompasses the working potential of the sacrifi-
cial anode, the actual electric capacity, and the current efficiency. The working performance
parameters are shown in Table 2.

Table 2. Working performance test results of sacrificial anode samples A1 to A6.

No. Open-Circuit Potential
(V)

Working Potential
(V)

Actual Capacitance
(A·h·kg−1)

Current Efficiency
(%)

A1 −0.947 −0.987~−1.034 2241.59 78.82
A2 −1.063 −0.985~−1.027 2229.56 78.36
A3 −1.356 −0.75~−1.203 1050.72 36.91
A4 −1.366 −1.216~−1.313 835.54 29.34
A5 −1.438 −1.361~−1.493 1136.57 39.89
A6 −0.998 −0.977~−1.043 1173.19 41.16

The results in Table 2 demonstrate that A3, A4, and A5 have more negative potentials
in the open-circuit potential, consistent with previous microstructure analysis results.
Due to the presence of more active spots in the microstructure, intergranular corrosion
is likely to occur, resulting in a more negative potential. However, although A3, A4,
and A5 exhibit relatively negative working positions, the working potential displays
significant fluctuations. This indicates an unstable electrode surface and uneven anode
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dissolution, which may lead to material detachment and reduced current efficiency. The
data on current efficiency further suggests that all three samples exhibit a very low current
efficiency, falling below 40%. The corrosion morphology of the samples after a 30-day
electrochemical performance test is illustrated in Figure 5, and the dissolution morphology
is detailed in Table 3. The results demonstrate that the surface corrosion of samples
A3, A4, and A5 is uneven, with material detachment occurring during the experiment.
This phenomenon indicates a reduction in the current efficiency of the sacrificial anode.
Moreover, it suggests that the Pb and Bi content ratio is inappropriate at this stage, leading
to excessively rapid dissolution.
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Table 3. Anode performance test results of sacrificial anode samples A1 to A6.

No. Dissolved Morphology

A1 Pitted, pitting is more uniform, and the product is easy to fall off.
A2 Small pits, corrosion is more uniform, and the product is easy to fall off.

A3 Pockmarks, blisters, cracks, uneven erosion, and a small amount of
product adherence.

A4 Blisters, cracks, grain detachment, uneven corrosion, and a small amount of
product adherence.

A5 There are pits, islands, more uneven corrosion, and more product adhesion.
A6 Total corrosion, uniform corrosion, and a large amount of product adherence.

The sacrificial samples A1 and A6, with only Pb or Bi added based on their hetero-
geneity, had relatively positive working potentials, below −1.0 V. This is likely because Pb,
being a high hydrogen overpotential element, facilitated a higher overpotential of the ca-
thodic phase hydrogen precipitation reaction. Simultaneously, the hydrogen depolarization
reaction of the cathodic phase impurities was suppressed, hindering the dissolution process
of the aluminum anode. This reduction in the self-corrosion rate improves the current
efficiency of the aluminum anode. When Pb and Bi coexist, the open-circuit potential of the
aluminum anode is more negative. Pb and Bi exhibit synergistic effects, and the addition of
an appropriate content of Pb and Bi promotes a negative shift in the open-circuit potential
of the aluminum anode alloy. The A2 sample, containing an appropriate Pb and Bi content,
has a relatively negative working potential of approximately −1.1 V and a higher current
efficiency of nearly 80%. Therefore, A2 facilitates an excellent performance of the sacrificial
anode, exhibiting a moderate open-circuit potential, uniform activation and dissolution,
and a relatively high current efficiency.
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3.4. Polarization Curve Analysis

Polarization curves are commonly employed to elucidate the fundamental principles
of metal corrosion, reveal the underlying mechanisms of metal corrosion, and investigate
strategies for corrosion control. Figure 6 represents the anodic polarization curve of the
aluminum alloy specimen, whereas Table 4 contains the Tafel fitting data for the anodic
polarization curve.
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Table 4. Tafel parameters of samples A1 to A6.

No. Ba (mV) Bc (mV) Io (A/cm2) Eo (Volts) Corrosion Rate (mm/a)

A1 44.997 437.72 2.365 × 10−6 −0.99363 0.02583
A2 76.148 101.58 9.6624 × 10−7 −1.0931 0.010553
A3 542.12 231.54 0.00037519 −1.3181 4.0978
A4 232.11 231.11 0.00066046 −1.3321 7.2135
A5 204.31 180.79 0.00042815 −1.3849 4.6762
A6 44.59 100.48 2.0996 × 10−6 −1.0136 0.022932

Figure 6 shows that the anodic polarization curves of samples A1, A2, and A6 are
similar and relatively smooth. Moreover, there is no obvious passivation phenomenon,
indicating that the three samples have good activation performance in a 3% NaCl solution.
Importantly, the three polarization curves present two obvious discharge peaks, corre-
sponding to two discharge processes. According to the Tafel fitting results in Table 4,
the self-corrosion current density, as well as the corrosion rate of the three anodes, are
relatively small. However, the anodic polarization curves of samples A3, A4, and A5 are
similar, exhibiting current plateau areas. In these plateau areas, variations in the anode
potential have very little effect on the current change, and small current changes may result
in substantial potential fluctuations. The formation of current plateaus may be attributed to
the relatively high resistance of the passive film on the anode surface, making it challenging
to break down when the potential is negative. When the potential exceeds a certain value,
the passive film can break down, and the anode current increases rapidly. The Tafel fitting
results presented in Table 4 indicate that the self-corrosion potential of samples A3, A4,
and A5 is negative, while the self-corrosion current density is significantly larger, being
two orders of magnitude higher than that of A1, A2, and A6. A significant number of hy-
drogen evolution reactions occurred during the test, generating a large number of bubbles
on the anode surface. This led to grain shedding in the anode, ultimately reducing the
current efficiency. Therefore, considering the corrosion rate, A3, A4, and A5 are unsuitable
for sacrificial anode materials.
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Among samples A1, A2, and A6, sample A2 exhibited the lowest corrosion rate and
the most negative self-corrosion potential. Conversely, while sample A1 actively dissolves
and serves as a sacrificial anode to protect the cathode, its lower corrosion rate indicates
more even corrosion, reducing anode material shedding and improving current efficiency.
This aligns with the observed trend in the change in current efficiency in the working
performance of sacrificial anodes analyzed previously.

Based on the compositional analysis, the samples range from A1 to A5, reflecting a
gradual decrease in the Pb element and a gradual increase in the Bi element. As the Bi
element gradually increased, the potential shifted negatively, and the corrosion current
density initially decreased and then increased. In general, the dissolution morphology
worsened, leading to a reduction in current efficiency. Therefore, when Pb and Bi coexist,
the optimal addition amount of Bi is 1.0%, indicating that A2 exhibits the best sacrificial
anode performance.

3.5. EIS Analysis

The EIS of the aluminum alloy anode was used to perturb the system with small-
amplitude electrical signals to obtain more kinetic and electrode interface structure infor-
mation. Figure 7 shows the EIS of the aluminum alloy anode. Due to the smaller EIS radii
of A3, A4, and A5, they cannot be fully displayed in Figure 7a, which is the area shown
by the green circle in the figure. Enlarge the display of this area in Figure 7b. Therefore,
Figure 7a shows the electrochemical impedance spectra of A1, A2, and A6, while Figure 7b
shows the electrochemical impedance spectra of A3, A4, and A5.
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The parameters of the electrochemical impedance spectra were fitted according to an
equivalent circuit diagram (Figure 8) and are presented in Table 5.
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Table 5. Data table of the fitted EIS.

No. RS
(ohm·cm2)

Y01
(S·secn/cm2)

n01
(0 < n < 1)

RP
(ohm·cm2)

Y02
(S·secn/cm2)

n02
(0 < n < 1)

Rf
(ohm·cm2)

A1 4.06 1.1 × 10−5 0.825 6210 0.00015 1 4328
A2 2.72 1.8 × 10−5 0.984 2848 0.000144 0.31 7985
A3 6.29 6.5 × 10−5 0.836 81.77 0.0052 0.26 105
A4 8.26 0.01087 0.8 36.54 0.00529 0.8 23.28
A5 4.68 0.0278 0.689 34.73 0.0146 0.8 17.87
A6 9.59 2.2 × 10−5 0.801 2450 0.0411 0.79 2187

The EIS of each sample comprises two capacitive arcs. The fitting data indicates
that, with a decrease in Pb content and an increase in Bi content, the electric double-layer
capacitance between the metal/passive film and the solution initially increases and then
decreases. Simultaneously, the polarization resistance first decreases and then increases.

By analyzing different alloy compositions, it can be found that: (1) A6 does not contain
Pb, only 5% Bi. A5 contains 1% Pb and 4% Bi, while A2, A3, A4, and A5 contain a certain
amount of both Pb and Bi. (2) Compared to the samples containing Bi or Pb alone (A1 and
A6), the simultaneous addition of Bi and Pb (samples A2, A3, A4, and A5) may increase or
decrease the corrosion rate of the alloy, depending on the synergistic effect of Bi and Pb.
(3) By comparing the corrosion rates of A2, A3, A4, and A5, it was found that when the
Bi and Pb contents were 4% and 1%, respectively (sample A2), the corrosion rate was the
lowest and the impedance spectrum radius was the largest.

Alloy A2 (Al-4Pb-1Bi) exhibits the largest electric double-layer capacitance and the
smallest polarization resistance, representing the lowest impedance value. This suggests
that A2 is the most susceptible to corrosion and dissolution, aligning with the findings of
the working performance analysis and polarization curve test. The results suggest that the
polarization resistance of A2 is moderate, facilitating a corrosion dissolution reaction that is
not excessively corrosive. This ensures that serious self-corrosion does not occur during the
continuous activation and dissolution processes, ultimately improving current efficiency.
Consequently, the performance of sample A2 is superior, representing the compositional
design with the best overall electrochemical performance for aluminum alloys.

3.6. SVET Analysis

The above analysis suggests that alloy A2 (Al-4Pb-1Bi) has excellent sacrificial anode
performance. To further investigate this observation, a scanning vibrating electrode was
employed to examine the pitting corrosion of the double electric layer of alloy A2. The
focus was placed on examining the micro-area electrochemical performance during the
destruction and repair of the passive film with the aim of analyzing the corrosion behavior
impacting the entire material and exploring the corrosion process and mechanism of
pitting corrosion and passive film destruction. Figures 9–11 show three-dimensional and
two-dimensional plane views of the SVET test of sample A2 after soaking it in a sodium
chloride solution (3.5% mass fraction) for 1.5 h, 3.5 h, and 5.5 h, respectively.

Figure 9 shows that after the sample was soaked for 1.5 h, an area with a significant
potential difference appeared in the middle of the sample. The size of this area corresponds
to approximately 2.5 mm × 2.5 mm. The second-phase particles dissolve preferentially,
leading to the rupture of the passive film and thus changing the ion current above the
region. After the passive film is partially broken, the aluminum substrate is exposed and
starts to activate and dissolve, acting as an anode.

Figure 10 shows that the original peaks in the fourth and fifth columns of the first
row and the second and third columns of the second row of the two-dimensional image
disappear with time, while new peaks appear in the first column of the second row of
the grid. It can be assumed that the potential of the aluminum anode gradually becomes
negative as the aluminum substrate continues to be activated and dissolved. When the
potential drops to a certain point, the previously dissolved alloying element ions are
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reduced and deposited back onto the anode surface, forming new cathodic phases, as
confirmed by the appearance of new positive peaks, as illustrated in Figure 10. These newly
formed cathodic phases can serve as activation points, consistently facilitating anodic
activation and dissolution. The peaks in the first row and column persist, albeit with
slight upward shifts and expanded mapping regions. It is hypothesized that the rupture
of the oxide film in this region is followed by the chemical dissolution of the surrounding
aluminum matrix. The second-phase particles in this area are slightly larger, gradually
revealing the shape of the second phase.

With increasing corrosion time, the continuous aggregation of anions and cations leads
to a gradual increase in the potential difference between the second interaction and the
matrix, indicating that the corrosion activation process is deepening. Figure 11 shows that
after immersion for 5.5 h, the maximum potential difference in this area is more than nine
times that of the first scan and more than two times that of the second scan. The blocky,
warm color areas in the fourth and fifth columns of the second row indicate that a large
number of metal ions are deposited back to form a cathode phase. A warm-colored area
is always present in the first row and column. The area gradually expands during the
scanning process, and the complete shape of the warm-colored area is not visible in the
scanning area. This is because the second-phase particles in this region are larger, have
more contact with the substrate, and are challenging to dissolve or separate.
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In summary, the activation and dissolution processes of the aluminum alloy can
roughly be described as follows: (1) starting from the preferential dissolution of the sec-
ond phase, as the reaction proceeds, the passivation film undergoes a local fracture, the
aluminum substrate is exposed, and activation and dissolution begin; (2) as the reaction
continues, the small-sized second phase is dislodged and dissolved, and the potential of
the aluminum anode is shifted. After the metal ions dissolved in the medium are deposited
back to the anode surface, a new cathodic phase is formed, serving as a new activation
point for the continuous dissolution of the aluminum anode. (3) If there is a more negative
second phase or inclusions in the alloy, severe pitting corrosion will occur.

4. Conclusions

The Al-Ga-In sacrificial anode has the best sacrificial anode performance when 4% of
Pb and 1% of Bi are added.

An appropriate Bi element content can shift the open-circuit potential negatively and
promote activation dissolution. Excessive Bi elements are prone to uneven dissolution,
resulting in the shedding of anode grains and greatly reducing the current efficiency.

During the activated dissolution of aluminum alloys, when the second phase preferen-
tially dissolves or the activation point destroys the oxide film, the initial dissolution exposes
the aluminum substrate. Subsequently, the already dissolved metal ions are reduced and
deposited back onto the surface of the anode sample, facilitating the continuous dissolution
of the anode.
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Abstract: In the field of engineering materials, lightweight and ultra-lightweight composites are
used in real time to a greater extent, with high-performance targeting for tailor-made systems in
aerospace, automotive, and biomedical applications. Sandwich composites are among the most
popular lightweight materials used in structural and vehicle-building applications. In the present
investigation, one such sandwich composite laminate composed of aluminum face sheets and a high-
density polyethylene core was considered to analyze sandwich composites’ flexural and buckling
behavior experimentally and numerically. The influence of aspect ratios, such as length to thickness
and width to thickness, on the flexural and buckling performance of sandwich composite laminates
was explored in the study. Laminates with different widths, namely, 10, 12, and 15 mm, and a
uniform thickness and length of 3 mm and 150 mm, respectively, were used for flexural analysis,
whereas laminates with widths of 10, 12, and 15 mm and a uniform thickness and length of 3 mm and
350 mm, respectively, were used for buckling analysis. The geometrical influence of the laminates
on mechanical performance was studied through performance measures such as critical bending
load, flexural stiffness, inter-laminar shear stress, and critical buckling load. A significant influence
of aspect ratio on the mechanical behavior of the laminates was observed using both experimental
and numerical approaches. Flexural behavior was observed to be better at greater widths, namely,
15 mm, and with a minimum support span of 90 mm due to reduced spring back effects and increased
bending resistance. A maximum width of 15 mm allowed for a higher buckling load capacity similar
to that of bending resistance. A critical buckling load of 655.8 N seemed to be the maximum and
was obtained for the highest aspect ratio, b/t = 5. The soft core and ductile metal face sheets offered
combined resistance to both bending and buckling. A lower aspect ratio (span to thickness) rendered
these sandwich laminates better in terms of both bending and buckling.

Keywords: sandwich composite; laminate; aspect ratio; flexural strength; buckling; inter-laminar
strength

1. Introduction

In general, composite materials have revolutionized the materials field in terms of
unique, tailor-made features and high performance. Every day, new classes of composite
materials are being developed all over the world, with attractive features such as being ultra-
lightweight, having improved mechanical and thermal performance, etc. One such popular
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category of lightweight composite materials is sandwich composites. Sandwich composite
laminates are a kind of composite material wherein metal–polymer–metal sandwich sheets
are bonded together with an adhesive. These composites consist of two thin, lightweight
metal face sheets and a thick polymer core. The polymer core has low strength, but its
high thickness results in higher flexural resistance with low density. The most popularly
used core materials include polyurethane, polyethylene, polystyrene, honeycombs, etc.
Thermoplastics, thermoset polymers, and sheet metals are used as skin materials. The
important feature of a sandwich composite is that its exterior surfaces resist the loads
caused by bending or compression, whereas the inner core material resists the load caused
by shearing. Basically, sandwich composite structures are types of anisotropic materials;
therefore, the strength of the material depends on the nature of the applied load. The
selection of materials and their dimensions govern an object’s resistance capability against
loading. Sandwich composite structures are mainly used for applications where stiffness is
considered a significant factor. Analyzing the mechanical behavior of sandwich composite
structures with respect to the components used in the structure and the relevant loading
conditions will reveal their significant influence on performance when applied to a real
time environment. The properties of the materials used for the core and face sheets and
their dimensions have a great influence on the performance of a composite. Simulated
analysis of the mechanical behavior of these sandwich composites gives the opportunity to
find an appropriate material and determine its usefulness.

In the present work, aluminum sandwich composite (ASC) laminates were selected
due to their availability and high performance in real-time applications. Aluminum sand-
wich composite laminates are used in structural and building applications regarding doors,
covering external structures, etc., to provide weather resistance and soundproofing [1–3].
They have been investigated for their performance against static flexural and buckling
loading. Flexural and buckling behaviors were chosen because failures in structural and
building applications are more critical due to bending and buckling. Shear between the
face sheets and the core material was observed due to a higher order of bending under
transverse loading and lateral buckling under a compressive load [4,5]. The simulated
flexural and buckling behavior of the ASC laminate was compared with experimental work
to confirm the consistency and accuracy of the results obtained. The key factor, the aspect
ratio, which is the ratio between two dimensions of a work piece material, is considered in
the flexural behavior study of ASC laminates. Aspect ratios have a significant influence on
the flexural behavior of composite laminates. In this study, aspect ratios, i.e., the ratios of
width to thickness and length to thickness, are considered and investigated to determine
their influence. Ali Isiktas et al. [6] analyzed the cracks on carbon-fiber-reinforced Al lami-
nate formed during bending and found that the dimensions of the cracks increased with the
increase in the thickness of the laminate. Similar observations were made by Tang et al. [7]
while assessing the bending performance of carbon fiber epoxy laminate. Cracks with
slips appeared on the surface of sandwich laminate due to heterogeneity in construction.
PVC foam glass-fiber-reinforced polymer laminate was subjected to transverse loading,
and multiple failure modes were explored, such as fiber failure, shear failure between the
matrix and the fiber, delamination, debonding at the interface, and foam failure. A few
years back, Davies [8] reviewed the structural design of elements in the sandwich panel,
which consist of two metal faces separated by a lightweight core. The buckling behavior
of the panel was investigated in the study through classical and numerical approaches,
and the results showed that a greater contribution of resistance to buckling was made by
the core material compared to the metal faces. The simplification of the design aspects
changed the investigation from a quite complex analysis to an analysis with appropriate
results. A numerical analysis of sandwich panels with a new type of element was proposed
by Ya Ou et al. [9]. The element they used comprised two face layers connected by another
layer. The face layer was considered to serve as a beam, and the intermediate layer was
considered to serve as a spring. Researchers and academicians working in the field of
sandwich composite structures have contributed many useful outcomes, but there is still a
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wide scope to pursue with respect to research in this area in order to find novel material
combinations, thereby making the resulting product suitable for a desired application. Most
of the contributions witnessed in the area of investigation have concentrated on natural-
or synthetic-fiber-reinforced tailor-made polymeric composites, and very few research
outcomes regarding commercially available sandwich panels have been published. The
highlights of this work include the investigation of the bending and buckling behavior of
commercially available aluminum sandwich composite laminates in order to recommend
them for structural applications, where high specific performance is a desired factor. The
novelty of this work is that it considers a geometrical factor, the aspect ratio, as a variable
for comparison with other different characterization parameters analyzed in the study.
Based on a detailed literature review, it was assumed in the investigation that there was
perfect bonding between the face sheets and the core. It was also assumed that there was
no delamination between the layers. The metal face sheets were assumed to be elastic
at all times. The research objective of this study was to investigate the influence of the
aspect ratio of sandwich laminates on their flexural and buckling performance, which, in
turn, would help us to arrive at optimized dimensions of the laminates. This objective
was chosen to determine how to limit the wastage of a material and thereby increase its
specific strength.

2. Experimentation
2.1. Materials

Commercially available aluminum sandwich composite (ASC) laminates with a
2.4 mm thick, black, high-density polyethylene core and aluminum sheet metal pieces
of 0.3 mm thick placed on either side of the core as a face material were used in this study.
The ASC laminate specimens prepared for three-point bending test had rectangular cross-
sections with three different widths corresponding to 10, 12, and 15 mm and a fixed length
and thickness of 150 mm and 3 mm, respectively. A schematic sketch of the specimen’s
cross section is shown in Figure 1. The dimensions of the specimen were chosen based on
the sizes of different types of commercially available aluminum sandwich panels available
on the market. The dimensions suitably matched the experimental set up.
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Figure 1. Schematic sketch of the cross section of sandwich composite laminate.

2.2. Methodology
2.2.1. Experimental Analysis

The flexural behavior of the laminate was tested using a universal Testing Machine
(UTM) with a 20 kN capacity supplied by Gunt Hamburg, Brighton, Germany. A concen-
trated load was applied on the specimen manually at the mid span in slow and gradual
increments. The data acquisition system of the machine displayed the deflection versus
load as output, from which maximum bending load was estimated. Each experiment was
repeated thrice to confirm the accuracy and consistency of the results. This procedure
reduces the number of errors that can occur during experimentation. The experimental
setup used in the study is shown in Figure 2a,b. The influence of aspect ratio on the flexural
behavior of the sandwich laminate was investigated in the study. Aluminum sandwich
composite (ASC) laminates were also subjected to buckling test under various end condi-
tions in a buckling behavior machine with a capacity of 2500 N (supplier: Gunt Hamburg,
Brighton, Germany). The specimens were prepared with three different widths, namely,
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15, 12, and 10 mm, and had a common length of 350 mm. Buckling tests were carried out
on the specimens to determine the end conditions based on Euler theory. The specimens
were prepared accordingly for the end conditions: pinned–pinned, pinned–fixed, and
fixed–fixed. Each test was repeated three times with different specimens to ensure the
consistency of results obtained. The output measures such as maximum buckling load and
corresponding deflection were noted.
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Figure 2. Experimental set up for (a) flexural test and (b) buckling test.

2.2.2. Numerical Analysis

The numerical study model is shown in Figure 3. Since the specimens were very thin
and lightweight, the buckling load was observed to be very minimum. In the numeri-
cal analysis, the flexural and buckling experiments were modeled using SOLIDWORKS
(Version 2018, Dassault Systems, Waltham, MA, USA), with details closer to the experimen-
tation, and imported to ANSYS (ANSYS workbench 2012, ANSYS Inc., Canonsburg, PA,
USA). The aluminum sandwich composite laminate was modelled in ANSYS as a single
component with three layers across the width, namely, a polyethylene core in the middle
that was 2.4 mm thick and aluminum face sheets on either side that were 0.3 mm thick
each. All the constituents were assumed to be cohesive in the numerical analysis. In the
numerical analysis, the contact between the contacting surfaces, such as the beam, being a
sandwich laminate, and the supporting and loading rollers, being made of steel, was consid-
ered frictionless. The boundary conditions and constraints were applied in the numerical
analysis, matching the conditions applied during the experimentation. The cross-section
was symmetrical, and the loading plane was also a symmetrical section. The loading plane
varied with respect to the width of the laminate, that is, 10, 12, and 15 mm, whereas the
length was maintained constant at 150 mm. The supports were simply supported, with
‘Z’ translation free and ‘X’ rotation free. Fine mesh with standard 10-node tetrahedron
elements with a size of 1 mm was used in the numerical analysis for both core and face
sheets in order to reduce the computational effort. Constant mesh density was used in
the analysis for better resolution. The material properties of the core and face layers were
used in the numerical analysis, and they were the same as those used in experimentation.
The adhesive interfaces between the metal face layer and polymer core were modelled in
ANSYS as cohesive contact elements with zero thickness. The team of Massimo et al. [10]
made a similar assumption and followed a similar procedure in their study. Also, nonlinear
analysis of the structures with implemented geometric imperfections was conducted by
Pawel [11] to study the effect of compression load eccentricities on buckling behavior,
whereas in this study, an axial compressive load was applied instead of eccentric load.
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Figure 3. Flexural test model for numerical analysis.

3. Results and Discussions

The experimental and numerical values of the performance measures obtained are
shown in Table 1. The average values of the performance measures obtained in all the trials
are presented in the table. The bending load was maximum at around 1.5 kN for the aspect
ratios L/t and b/t corresponding to 30 and 5, respectively. It can be observed in Figure 4
that there was a drastic drop in bending load with an increase in the aspect ratio, L/t, from
30 to 36.67 irrespective of the width of the laminates. On the other side, when L/t increased
from 36.67 to 43.33, there was a marginal or negligible rise in the bending load. The
greater the width of the laminate, the higher the resistance offered by the specimen against
bending [12]. This was achieved through the combined resistance of the polyethylene core
and the aluminum face sheets. The thickness of the core used in the construction of the
laminate was 2.4 mm, and the thickness of the face sheets used on either side was 0.3 mm.
The greater the thickness of the core, the greater the resistance offered against deformation.
Figure 5 reveals that the deflection measured at the midpoint of the laminate during the
flexural test increased steadily with the increase in the aspect ratio, L/t, from 30 to 43.33.
An increase in the support span led to a decrease in the stability of the laminates against
transverse bending load irrespective of the width of the laminates [13–16]. The lowest
order of deflection was observed for the wider laminate due to the higher modulus offering
higher resistance to bending. The flexural stiffness of the sandwich composite laminates
was measured to study the resistance offered by the laminate during deformation and
plotted against the support span; this information is shown in Figure 6. The observations
regarding the flexural stiffness of the laminates confirmed that the flexural behavior was
similar to that obtained through the measurement of deflection. A steady drop in flexural
stiffness with an increase in support span was noticed. Since this study focused on a
sandwich composite laminate, the important characteristic that needed to be considered
was inter-laminar shear stress due to the adhesive contact surfaces available on both sides of
the laminate [17–20]. These adhesive layers often tend to tear off, increasing the possibility
of failure. The variation in inter-laminar shear stress against support span is shown in
Figure 7. It was observed that there was a steady drop in inter-laminar shear stress as the
support span increased from 90 to 110 mm and further increased to 130 mm; the variation
in inter-laminar shear stress was very marginal and constituted a negligible quantity. The
shear deformation was enhanced significantly with an increase in the support span. This
may be attributed to the increased slope of the laminates under loading and the increase
in support span. The constituents of the sandwich composite laminate, such as the soft
polyethylene core and the metal face sheets on either side, restricted the shear deformation
when the support span increased beyond 110 mm. The adhesive layer connecting the
face sheet and the core on either side influenced the behavior over the entire span of the
laminate [21–23].
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Table 1. Numerical vs. experimental results.
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1 30 5 1.34 1.63 17.3 10.19 9.91 2.7 0.13 0.16 −23.1 0.022 0.027 −22.7
2 30 4 1.02 1.26 18.4 9.71 9.93 −2.3 0.10 0.12 −20.0 0.021 0.026 −23.8
3 30 3.3 1.00 1.01 1.1 11.35 8.42 25.8 0.08 0.12 −50.0 0.025 0.026 −4.0
4 36.67 5 0.75 0.78 4.8 10.36 13.59 −31.2 0.07 0.05 28.6 0.012 0.013 −8.3
5 36.67 4 0.62 0.80 22.7 10.73 13.12 −22.3 0.05 0.06 −20.0 0.012 0.017 −41.7
6 36.67 3.3 0.51 0.61 15.4 10.72 12.97 −21.0 0.04 0.04 0.0 0.012 0.015 −25.0
7 43.33 5 0.75 0.84 10.8 17.24 19.67 −14.1 0.04 0.04 0.0 0.012 0.014 −16.7
8 43.33 4 0.77 0.78 1.1 22.11 19.87 10.1 0.03 0.04 −33.3 0.016 0.016 0.0
9 43.33 3.3 0.65 0.75 13.3 22.27 19.31 13.3 0.02 0.03 −50.0 0.016 0.019 −18.8
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In the numerical analysis, the sandwich composite laminate consisting of high-density
polyethylene core was assumed to be a homogeneous material with negligible defects. The
maximum bending load was obtained at a lower L/t and a higher b/t, corresponding to
30 and 5, respectively. Improved longitudinal shear stress was the reason for this effect. At
a higher L/t, the sandwich composite laminates became very weak against bending due to
the accumulation of stress at the contact surfaces between the metal face layer and the core.
The stress accumulated on the contact surfaces varied across the span of the laminate. This
was confirmed from the observations of the modeled output of the maximum bending load
in the range of 0.65 to 0.75 kN at L/t = 43.33 compared to that at L/t = 30, where it ranges
between 1 to 1.6 kN. The corresponding maximum deflection complemented the output
measure, i.e., the bending load. The deflection measured doubled (~98%) when the aspect
ratio, L/t, increased from 30 to 43.33. Thus, the weakening effect of the sandwich laminates
at a higher L/t resulted in increased deflection and poor flexural stiffness as well. The
results obtained using both numerical and experimental approaches were complementary
with respect to each other, with the least significance of error. The errors obtained in the
performance measures between the experimental and numerical approaches were less than
10% in most of the trials except for a few. The flexural stiffness of about 0.164 kN/mm for
L/t = 30 and b/t = 5 reduced drastically to 0.043 kN/mm for the same b/t and L/t = 43.33.
A similar failure phenomenon was observed in the results of inter-laminar shear stress of
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the sandwich laminate. An almost 50% reduction was seen in the inter-laminar shear stress
of the laminate with an increase in the aspect ratio, L/t, from 30 to 43.33. This once again
confirmed that the process was consistent and accurate in terms of design and modelling
remaining closer to the experimental conditions. The accuracy and precision of the results
obtained reflect the fact that the same replications were carried out in the numerical study
and experimentation. From the observations of the buckling test shown in Table 2 and
Figure 8, it can be gleaned that both the approaches, namely, experimental and numerical,
resulted in consistent and complementary data. The maximum critical buckling load was
obtained at an aspect ratio, b3/t, corresponding to the width of 10 mm of the sandwich
specimen. Since the buckling load was compressive in nature, the critical buckling load
capacity was greatly influenced by the cross-section of the laminate. Compared to the
cross-section of the laminate, the influence of end conditions during the buckling test
was less significant. The decrease in the width of the sandwich laminate significantly
reduced the buckling load capacity. The greater the width of the laminate, the higher the
shear force distribution across the thickness of the laminate, which, in turn, increases the
resistance toward lateral deflection and improves buckling performance [24,25]. In the
fixed–fixed end condition, the resistance towards buckling was higher compared to that of
other end conditions for the same dimensions of the laminate. The constrained moment
and reactive forces developed at the ends of the laminate resulted in weaker slenderness
and stronger buckling. The equivalent system of forces for the buckling load tended to
fall in the failure region for a minimum cross-sectional area. The results obtained through
the experimental and numerical approaches significantly demonstrated the fact that the
approximated numerical models for bending and buckling behaviors were precise enough,
with consistent results and the least possibility of errors. The sample output of numerical
analysis for bending and buckling was shown in Figures 9 and 10.

Table 2. Numerical vs. experimental buckling load analysis results.

S. No. End Condition b/t
Bucking Load (N)

Num. Expt. Error (%)

1 1 5 155 158 1.9
2 1 4 116.2 122 4.8
3 1 3.3 101.9 99.78 −2.1
4 2 5 342 346.4 1.3
5 2 4 221 219.73 −0.6
6 2 3.3 204.6 206.9 1.1
7 3 5 655.8 654.8 −0.2
8 3 4 524.8 526.77 0.4
9 3 3.3 422 424.7 0.6
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4. Conclusions

Aluminum sandwich composite laminates (ASCs) were tested for their flexural and
buckling behavior, and the following conclusions were drawn from the study.

(i) The influence of aspect ratios, i.e., the support-span-to-thickness and width-to-thickness
ratios, on the flexural and buckling behavior of the sandwich composite laminate
was significant.

(ii) The observations obtained from the flexural test revealed that the aspect ratios, L/t
and b/t, influenced the laminate’s flexural stability significantly. Though the adhesive
layer connecting the metal face layer and the core contributed less to the bending
behavior of the laminate, it significantly affected the overall ductility of the laminate.

(iii) Critical bending load and flexural stiffness were maximum for the support span
with a width of 90 mm and 15 mm, corresponding to 3.6 kN and 4.75 kN/mm,
respectively. The resistance offered against bending was maximum at a greater width.
Similarly, with a higher support span, the spring-back effect was reduced, resulting in
large-scale bending.

(iv) A higher magnitude of inter-laminar shear stress was noticed for the widths 10 mm
and 15 mm, whereas it was minimum for the width of 12 mm. Hence, it was found
that the optimum width of this sandwich laminate with a length of 150 mm was
12 mm in order to resist the delamination shear of the laminate.

(v) Maximum critical buckling load was obtained for the aspect ratio b3/t, corresponding
to the width of 10 mm of the sandwich specimen, where the contribution towards the
buckling resistance was high.

(vi) The results obtained from the bending and buckling behavior of the aluminum–
polyethylene sandwich laminate reveal that these kinds of panels perform better in
design and stability for lower-altitude structures than for higher-elevated structures.
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A lower aspect ratio (span to thickness) benefited these sandwich laminates to a
greater degree in terms of both bending and buckling.
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Abstract: Double-pulsed gas metal arc welding (DP-GMAW) is a high-performance welding method
with low porosity and high frequency. Periodic shrinkage and expansion of the melt pool during
DP-GMAW leads to unusual remelting, and the re-solidification behavior of the weld metal can
significantly refine the weld structure. The advantages of DP-GMAW have been proven. In order to
better apply DP-GMAW to aluminum alloy arc additive manufacturing, in this paper, the single-pass
deposition layer parameters (double-pulse amplitude, double-pulse frequency and travel speed) of
DP-GMAW will be optimized using the response surface method (RSM) with the width, height, and
penetration of the deposition layer as the response values to find the superior process parameters
applicable to the additive manufacturing of aluminum alloy DP-GMAW. The results show that the
aluminum alloy components made by DP-GMAW additive are well formed. Due to the stirring of
double-pulse arc and the abnormal remelting and solidification of metal, the microstructures in the
middle and top areas show disordered growth. The average ultimate tensile strength of the transverse
tensile specimen of the member can reach 175.2 MPa, and the elongation is 10.355%.

Keywords: double-pulsed gas metal arc welding; additive manufacturing; response surface method;
parameter optimization; microstructure analysis; aluminum alloy

1. Introduction

Aluminum material is one of the important materials for lightweight design. Alu-
minum products have a large number of applications in the fields of aerospace, vehicles,
and mechanical preparation [1–3]. Wire and Arc Additive Manufacturing (WAAM) is a
typical process of Additive Manufacturing (AM) technology by digital means. Compared to
traditional aluminum alloy manufacturing methods, such as casting, forging, and welding,
WAAM has many advantages in terms of simplicity, freedom of design, and high material
utilization [4–8].

Double-pulsed gas metal arc welding (DP-GMAW) is a high-performance welding
method with low porosity, high frequency, and concentrated energy [9,10]. Numerous
scholars have shown that the microstructure of DP-GMAW welds is significantly finer
compared to pulsed gas metal arc welding (P-GMAW). The shear force at the peak of
the strong pulse causes the dendrites to break up, providing enough nuclei for grain
growth [11–13]. Based on the advantages of DP-GMAW, some scholars have studied
DP-GMAW additive manufacturing and verified the feasibility of DP-GMAW additive
manufacturing. Mainak Sen et al. [11] conducted overlay tests on mild steel plates using
DP-GMAW with different combinations of parameters. The results show that the volume
fraction of inclusions and needle ferrite in the weld metal increases with decreasing heat
input, pulse frequency, and thermal pulse frequency. Yao P et al. [13] showed that the
width, height, and depth of melt of the weld seam were positively correlated with the

41



Materials 2023, 16, 5716

double-pulse relationship, average welding current, and percentage change in double-pulse
current, and negatively correlated with travel speed and double-pulse frequency. Koushki
A R et al. [14] added 0.1 vol% of oxygen and nitrogen to the shielding gas and the tensile
and flexural strength of the weld was improved; however, the formation of oxide film was
detrimental to the performance when the content was further increased.

The response surface method (RSM) is to fit the equation from the data of the ex-
periment and represent it by means of a coordinate plot, which can predict the effect of
different conditions on the response values. Moreover, the results can be optimized under
specific conditions [15,16]. Haibin Geng et al. [17] developed a predictive model between
the input variables (peak current, wire feed speed, and travel speed) and the response
values (height and width of weld bead). The validity of the model was tested by analysis
of variance (ANOVA). Waheed et al. [18] optimized the welding process parameters by
RSM. Using optimal welding parameters optimizes the welding sequence. The results
showed a 19% reduction in overall deformation caused by welding. Karganroudi et al. [19]
used RSM to analyze the effect of current size and welding speed on weld geometry and
temperature distribution. The penetration depth and penetration width decreased with
the reduction in current residence time. Youheng F et al. [20] optimized the bainitic steel
additive manufacturing process parameters using the RSM. The optimized specimen has
a smooth surface with less splash and no visible defects. Escribano-García R et al. [21]
combined RSM and finite element method (FEM) for 3D numerical simulation of GMAW
cold metal transfer. They used RSM to find the optimal parameters. Sarathchandra D
et al. [22] studied the effect of process parameters on WAAM of 304 stainless steel. RSM
and ANOVA were used to evaluate the effects of current, travel speed, and weld distance
on weld seam characteristics.

The advantages of DP-GMAW have been proven. In order to better apply DP-GMAW
to aluminum alloy arc additive manufacturing, in this paper, the RSM was used to optimize
the parameters of DP-GMAW additive manufacturing process, the effects of DP-GMAW
process parameters on each response quantity of single-layer single-pass deposition layer
of aluminum alloy were compared and analyzed, and a mathematical model was estab-
lished between three process parameters of travel speed, double-pulse frequency, and
double-pulse amplitude, and three response values of deposition layer width, height, and
penetration. The regression model ANOVA of the width, height, and penetration of the
deposition layer was also performed to check the significance of the model and the normal
probability distribution of the model residuals. The relationship between the variables
(travel speed, double-pulse frequency, double-pulse amplitude) and the response values
(width, height, and penetration of the deposition layer) was analyzed using perturbation
plots. A set of optimized parameters was selected for the deposition and forming of thin-
walled components of ER4047 aluminum alloy, and their microstructure and mechanical
properties were analyzed.

2. Materials and Methods

The Fast Mig X 350 (KEMPPI, Lahti, Finland) welder was selected for the test, and the
current waveform was selected as a double-pulse waveform. The test system is shown in
Figure 1a. The waveforms of typical welding currents during DP-GMAW [13] are shown in
Figure 1b. The current waveform is a double-pulse cycle consisting of a strong pulse group
(Pulse S) and a weak pulse group (Pulse W). Test material selection of 1.2 mm ER4047
aluminum alloy wire, substrate selection to remove the oxide layer of 2A12 aluminum alloy
substrate, and wire and substrate composition are shown in Table 1. The protective gas
(99.99% pure argon) flow rate was selected at 20 L/min, and the wire feed speed was fixed
at 6 m/min. The traveling speed was precisely controlled by the single axis motion control
box, and the speed value was measured and feedback by the sensor was installed on the
electric ball screw system.
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Figure 1. Diagram of the test system: (a) diagram of the Wire and Arc Additive Manufacturing
(WAAM) process; (b) typical double pulse waveform diagram.

Table 1. Nominal compositions of ER4047 wire and 2A12 substrate (wt.%).

Element Si Fe Cu Mg Mn Ti Zn Al

ER4047 11~13 ≤0.6 ≤0.3 ≤0.1 ≤0.15 ≤0.15 ≤0.2 balance
2A12 ≤0.50 0~0.5 3.8~4.9 1.2~1.8 0.30~0.9 ≤0.15 ≤0.30 balance

Box–Behnken design tests were selected using Design-Expert 10.0.7 software of StatEase
company (Minneapolis, MN, America). Three key process parameters that control the mor-
phology of the DP-GMAW additive deposition layer were selected as the study variables
for the experiment, i.e., double-pulse frequency (F), double-pulse amplitude (A), and travel
speed (V). The three key parameters of deposition layer width, height, and penetration
were selected as response values. In order to investigate the fitting of the central area and
ensure the repeatability of the test, the central point repeated test is set to five groups.
In order to improve the arc additive forming rate, the range of process parameters was
determined as shown in Table 2, based on a large number of preliminary experimental
explorations, combined with the forming quality of the single-pass deposition layer.

Table 2. Input process parameters and working ranges.

Parameters (Unit)
Optimization Scope

−1 0 1

A (m/min) 0.3 1 1.7
F (Hz) 1 4 7

V (mm/s) 10 12 14

The RSM test parameters are shown in Table 3. Metallographic specimens were cut at
the highest and lowest positions using a CNC wire cutter. After grinding with sandpaper
and polishing with a metallographic polisher, they were etched using Keller’s reagent. The
cross-sectional morphology was photographed using a body microscope, and the values
of single-pass deposition layer width, height, and fusion depth were measured separately.
Since some of the parameters are fluctuations in the formation of the deposition layer
surface, the average value of the two cross-sections was taken as the response quantity.
Figure 2 shows the surface morphology of the deposition layer. The surface morphology
of the deposition layer under different parameters is significantly different, as shown in
Figure 2 (1–17).
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Table 3. The response surface method (RSM) test parameters and corresponding response.

Std
Order Design Matrix

Input Variables Responses

A: Double-Pulse
Amplitude/(m/min)

B: Double-Pulse
Frequency/(Hz)

C: Travel
Speed/(mm/s)

Penetration
P/(mm)

Width
W/(mm)

Height
H/(mm)

1 −1.00 −1.00 0.00 0.3 1 12 1.560 6.165 2.205
2 1.00 −1.00 0.00 1.7 1 12 1.525 7.150 2.085
3 −1.00 1.00 0.00 0.3 7 12 1.575 5.825 2.225
4 1.00 1.00 0.00 1.7 7 12 1.650 5.675 2.050
5 −1.00 0.00 −1.00 0.3 4 10 1.780 6.500 2.200
6 1.00 0.00 −1.00 1.7 4 10 1.800 7.025 1.775
7 −1.00 0.00 1.00 0.3 4 14 1.450 6.310 1.625
8 1.00 0.00 1.00 1.7 4 14 1.795 7.100 1.875
9 0.00 −1.00 −1.00 1 1 10 1.925 6.625 2.150

10 0.00 1.00 −1.00 1 7 10 1.550 6.100 1.505
11 0.00 −1.00 1.00 1 1 14 1.530 5.985 1.559
12 0.00 1.00 1.00 1 7 14 1.610 6.785 1.640
13 0.00 0.00 0.00 1 4 12 1.690 6.505 1.700
14 0.00 0.00 0.00 1 4 12 1.510 6.350 1.780
15 0.00 0.00 0.00 1 4 12 1.575 6.275 2.100
16 0.00 0.00 0.00 1 4 12 1.550 6.700 2.000
17 0.00 0.00 0.00 1 4 12 1.575 6.125 1.950
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Figure 2. Macroscopic diagram of the deposition layer: (1–17) surface morphology and cross-sec-
tional view of the deposition layer; (18) schematic diagram of sampling and shooting locations. 

Figure 2. Macroscopic diagram of the deposition layer: (1–17) surface morphology and cross-sectional
view of the deposition layer; (18) schematic diagram of sampling and shooting locations.

3. Results and Discussion

ANOVA was used to test the significance of the model and its misfit. The feasibility of
the model is judged based on the magnitude of the Adeq Precision value. The functional
relationship between the input variables and the response quantity can be expressed
uniformly as y = f(A, F, V), expanding the response quantity y into the form of a second-
order polynomial regression equation. After the calculation of the obtained coefficients, the
functions between the deposition layer width, height, and penetration and the three input
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variables are shown in Equations (1)–(3), respectively. By analyzing the regression equation
and combining the test results of the response in Table 3, the mathematical relationship
between the input variables and the response within the parameter range is established to
seek the optimal process parameters. The coefficients in the equation have been retained to
three decimal places.

P = +1.57 + 0.051 · A − 0.074 · B − 0.084 · C + 0.027 · AB + 0.081 · AC + 0.11 · BC
+0.024 · A2 + 0.1 · C2 + 0.11 · A2B

(1)

W = +6.39 + 0.27 · A + 0.069 · B − 0.00875 · C − 0.28 · AB + 0.33 · BC
+0.086 · A2 − 0.27 · B2 + 0.26 · C2 − 0.52 · A2B

(2)

H = +1.91 − 0.059 · A − 0.072 · B − 0.12 · C − 0.014 · AB + 0.17 · AC + 0.18 · BC
+0.20 · A2 + 0.040 · B2 − 0.23 · C2 (3)

From Table 4, it can be seen that the model F value for penetration is 5.21. The value
of probability P > F is less than 0.05, indicating that the model is significant and the value
of probability P > F is 0.0203 (less than 0.05), so the model is significant and statistically
significant. The coefficient of determination R-Squared(R2) value of the fitted regression
equation is 0.8701 (>0.80), which is relatively close to 1. These two points indicate that
the fitted equation of the model is acceptable. The value of Lack of Fit (LF) is 1.22, which
results in insignificant, indicating that the model is reliable. In determining the penetration
depth, the influence of C travel speed is important, while A and B are not significant in
determining the penetration depth. A signal-to-noise ratio greater than 4 is ideal, and the
model’s signal-to-noise ratio of 8.625 indicates that there is sufficient signal for the model to
be used for prediction. According to the test results, when C value increases from 10 mm/s
to 14 mm/s, the value of penetration P decreases gradually. This is due to the fact that
the increase in travel speed will lead to a reduction in heat input per unit length and the
reduction in the depth of molten substrate in the single factor change.

Table 4. Model analysis of variance (ANOVA) results for penetration.

Source Sum of
Squares df Mean

Square F Value p-Value
P Rob > F

Contribution
(%)

Model 0.23 9 0.026 5.21 0.0203 significant
A-DP-Amplitude 0.021 1 0.021 4.18 0.0802 8.281
B-DP-Frequency 0.022 1 0.022 4.44 0.0732 8.796
C-Travel Speed 0.056 1 0.056 11.44 0.0117 22.662

AB 0.003025 1 0.003025 0.62 0.458 1.228
AC 0.026 1 0.026 5.38 0.0534 10.658
BC 0.052 1 0.052 10.55 0.0141 20.899
A2 0.002342 1 0.002342 0.48 0.5118 0.951
C2 0.042 1 0.042 8.57 0.0221 16.977

A2B 0.024 1 0.024 4.82 0.0641 9.548
Residual 0.034 7 0.004905

Lack of Fit 0.016 3 0.005462 1.22 0.4118 not significant
Pure Error 0.018 4 0.004488
Cor Total 0.26 16
Std. Dev. 0.07 R-Squared 0.8701

PRESS 0.33 Adeq Precision 8.625

As seen in Table 5, the model F value for width is 8.85, indicating that the model is
significant. The value of LF is 0.34, which indicates that the model is reliable. Due to noise,
there is a 79.90% probability that such a large “Lack of Fit F-value” will occur. The R2 value
of the coefficient of determination of the fitted regression equation is 0.9192 (greater than
0.80), which is closer to 1. A double-pulse amplitude has a significant impact on the width,
while B double-pulse frequency and the C travel speed have no significant impact on the
width. The signal-to-noise ratio of the model is 10.302, which indicates that the model
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has sufficient signal to be used for prediction. When A value rises from 0.3 m/min to
1.7 m/min, the overall heat input increases, resulting in a significant increase in the melting
width of the substrate.

Table 5. Model ANOVA results for width.

Source Sum of
Squares df Mean

Square F Value p-Value
P Rob > F

Contribution
(%)

Model 2.78 9 0.31 8.85 0.0045 significant
A-DP-Amplitude 0.58 1 0.58 16.58 0.0047 22.8570
B-DP-Frequency 0.019 1 0.019 0.54 0.4853 0.7444
C-Travel Speed 0.0006125 1 0.0006125 0.018 0.8983 0.0248

AB 0.32 1 0.32 9.24 0.0188 12.7382
BC 0.44 1 0.44 12.6 0.0094 17.3702
A2 0.031 1 0.031 0.9 0.374 1.2407
B2 0.32 1 0.32 9.05 0.0197 12.4762
C2 0.28 1 0.28 7.94 0.0258 10.9460

A2B 0.55 1 0.55 15.67 0.0055 21.6025
Residual 0.24 7 0.035

Lack of Fit 0.05 3 0.017 0.34 0.799 not significant
Pure Error 0.19 4 0.049
Cor Total 3.02 16
Std. Dev. 0.19 R-Squared 0.9192

PRESS 1.46 Adeq Precision 10.302

The model F-value for height H is 4.25, which is significant as shown in Table 6. A
“misfit F-value” of 0.49 means that the model is reliable. There is a 70.57% probability that
such a large “out-of-fit F-value” will occur due to noise. The R2 value of the coefficient of
determination of the fitted regression equation is 0.8454 (greater than 0.80), which is closer
to 1. The signal-to-noise ratio of the model is 6.952, indicating that there is sufficient signal
for the model to be used for prediction. When the traveling speed is constant, the height
of the deposition layer is mainly affected by the wire feeding speed. It can be seen from
Table 6 that the influence of the amplitude of double pulse on the height of the deposition
layer is not significant.

Table 6. Model ANOVA results for height.

Source Sum of
Squares df Mean

Square F Value p-Value
P Rob > F

Contribution
(%)

Model 0.8 9 0.089 4.25 0.0347 significant
A-DP-Amplitude 0.028 1 0.028 1.32 0.288 3.367
B-DP-Frequency 0.042 1 0.042 2.01 0.1996 5.127
C-Travel Speed 0.11 1 0.11 5.19 0.0569 13.238

AB 0.0007563 1 0.0007563 0.036 0.8545 0.092
AC 0.11 1 0.11 5.45 0.0522 13.901
BC 0.13 1 0.13 6.31 0.0403 16.094
A2 0.16 1 0.16 7.68 0.0276 19.589
B2 0.006737 1 0.006737 0.32 0.5879 0.816
C2 0.23 1 0.23 10.89 0.0131 27.776

Residual 0.15 7 0.021
Lack of Fit 0.04 3 0.013 0.49 0.7057 not significant
Std. Dev. 0.14 R-Squared 0.8454

PRESS 0.8 Adeq Precision 6.952

Figure 3a–c shows the normal probability distributions of the residuals of the single-
pass deposition layer width, height, and penetration models. The colors in Figure 3
represent responder values of different sizes. The residual distributions of all three models
are approximately along a straight line, indicating that the regression models fit better, the
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error distribution is more uniform, there are no singularities with large deviations, and
the models can predict the response quantity values more accurately. Understanding the
influence of each input variable (A, B, C) and its interaction terms (such as AB, AC, BC,
etc.) on the nature of the response quantity can predict more accurately the trend of the
deposition layer size with the change of the double-pulse process parameters.
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In order to deeply analyze the effects of the three input variables of double-pulse
frequency (F), double-pulse amplitude (A) and travel speed (V) and their interaction terms
on the response values, the perturbation plots of the deposition layer width (W), height (H),
and penetration (P) were carefully studied, as shown in Figure 4a–c. From Figure 4a, it can
be seen that travel speed has the largest amount of perturbation and the most significant
effect on the penetration. When the value of the double-pulse amplitude deviates from the
central reference point, the penetration of the deposition layer tends to increase gradually
as travel speed decreases. This is due to the fact that the smaller the travel speed is, the
greater the heat input per unit length and the greater the melting depth of the base material
per unit area, i.e., the greater the melting depth. The width of the deposition layer is most
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significantly influenced by the double-pulse amplitude, as shown in Figure 4b. With the
increase in double-pulse amplitude, the width increases significantly. In the DP-GMAW
process, the double-pulse amplitude is regulated by the wire feed speed and increasing
the double-pulse amplitude means increasing the wire feed speed in the pulse W phase.
Therefore, width increases with the increase in double-pulse amplitude. The effects of
double-pulse amplitude and travel speed on the deposition layer height are most obvious,
and the effects of both on the deposition layer height show opposite trends, as shown in
Figure 4c. The deposition layer height tends to decrease and then increase with the increase
in double-pulse amplitude, and then increase and then decrease with the increase in travel
speed. The deposition layer height is related to the ratio of WFS and travel speed [17] and
is influenced by the interaction between the two.
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After analyzing and verifying the reliability of the model, the DP-GMAW process pa-
rameters are optimized. In the DP-GMAW enrichment process, the double-pulse amplitude
agitates the molten pool by modulating the pulse behavior, and the double-pulse frequency
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mainly controls the transition between the strong and weak pulse groups. The greater the
frequency of the double pulse, the more frequent the transition between the strong and
weak pulse groups, and the stronger the stirring effect on the molten pool. The grain size
can be refined by the stirring effect of the electric arc [13,23]. Therefore, in the “Criteria”
tab, set the double-pulse frequency f to Goal; maximize and the double-pulse amplitude to
Goal; minimize, and select the scanning speed in the range of 10–14 mm/s as “in range”.
The feasibility index distribution of the optimized solution is obtained as shown in Figure 5,
and the optimal parameters are obtained near the red area in the figure, and the feasible
value of the solution is 1. The optimized results of this solution are double-pulse amplitude
of 0.3 m/min, double-pulse frequency of 7 Hz, and travel speed of 12 mm/s.
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Figure 5. Effect of double-pulse amplitude and double-pulse frequency on the feasibility of the
scheme with a travel speed of 12 mm/s: (a) contour plot of scheme feasibility; (b) 3D surface plot of
probability distribution of scheme feasibility.

To investigate the effect of optimized parameters on DP-GMAW additive manufactur-
ing, thin-walled Al-Si alloy parts with a height of 45 mm were prepared using the optimized
parameters. The metallographic were cut at the positions shown in Figure 6b. The material
is well connected between layers and no macroscopic defects, such as visible holes, cracks,
and unfused layers, are found during or after deposition. The stirring action of the double
pulse increases the melt pool width and reduces the layer height, measuring an effective
wall width of about 8.6 mm. Figure 7 shows the microstructure of the specimen. There are
differences between the interlayer and intra-layer microstructures, and the reason for the
differences is that the interlayer microstructure has undergone remelting. The grains in
the layer grow rapidly along the direction of maximum temperature gradient. The grains
within the layer are mainly columnar crystals growing perpendicular to the fusion line,
as shown in Figure 7c. Due to the stirring effect of the double pulses, under the influence
of alternating periodic arc force, the columnar grains at some locations are interrupted,
showing disordered growth of shorter columnar grains, as in Figure 7a,b.
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Figure 7. Microstructure at different positions: (a–c) intra-layer microstructure at the top and middle
and bottom positions, respectively; (d–f) are the interlayer microstructures at the upper and middle
positions, respectively.

There is less eutectic content between the layers. Due to the partial remelting effect of
the arc on the deposition layer, part of the eutectic Si agglomerates in the molten pool are
completely melted, and the other part adheres to the bottom of the pool to form large-size
eutectic Si agglomerates, or the unmelted eutectic Si continues to grow. The eutectic Si
in the interlayer microstructure is larger and sparser compared to the intra-layer size, as
shown in Figure 7f. Figure 8 shows the EDS results, α-Al grains are mainly dendritic
formations. Most silicon elements are concentrated in Al-Si eutectic, as shown in Figure 8d.
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The Al elements form α-Al dendrites except for the eutectic organization with Si
elements. The α-Al dendrites in the bottom layer grow approximately parallel and long,
while the α-Al dendrites in the middle and top regions grow in a disordered crossed state.
In addition to the stirring effect of the double-pulse arc on the melt pool, the grain growth
is also related to the heat dissipation of the melt pool. When the initial layer is deposited,
the heat from the melt pool can be easily directed to the substrate for heat dissipation, and
a small portion of the heat is dissipated through the air by convection and radiation, and
the dendrites grow rapidly in the direction of the temperature gradient. When the top
layer is deposited, most of the heat can only be radiated through the air by convection
and radiation due to the large amount of heat accumulated in the previous deposition
layers. Therefore, the growth pattern of α-Al dendrites at the top of the incremental body
shows interlocking growth. When the middle layer is deposited, the temperature of the
incremental body and the environment are relatively stable, the temperature gradient of the
melt pool is small, and the α-Al dendrites grow along the vertical direction of the fusion
line. Because of the stirring effect of the double-pulse arc, the α-Al dendrite growth is
interrupted and shows a staggered growth pattern.

Figure 9 shows the drawing of tensile results, the sampling position of tensile speci-
mens in transverse and vertical directions, the dimensions of tensile specimens, as shown
in Figure 9a,b, and the ultimate tensile strength and elongation, as shown in Figure 9c. The
results show that the ultimate tensile strength and elongation of the transverse tensile speci-
mens are higher than those of the vertical ones. The average ultimate tensile strength of the
transverse tensile specimens was 175.2 MPa and the average elongation was 10.355%. The
average ultimate tensile strength of the vertical tensile specimens was 154.25 MPa and the
average elongation was 7.46%. The mechanical properties exhibited significant anisotropy.

51



Materials 2023, 16, 5716

Materials 2023, 16, x FOR PEER REVIEW  12  of  14 
 

 

Figure 8. EDS results: (a) elemental layering images; (b) scanning electron microscope image; (c) Al 

element distribution; (d) Si element distribution. 

The Al elements form α‐Al dendrites except for the eutectic organization with Si ele‐

ments. The α‐Al dendrites  in  the bottom  layer grow approximately parallel and  long, 

while the α‐Al dendrites in the middle and top regions grow in a disordered crossed state. 

In addition to the stirring effect of the double‐pulse arc on the melt pool, the grain growth 

is also related to the heat dissipation of the melt pool. When the initial layer is deposited, 

the heat from the melt pool can be easily directed to the substrate for heat dissipation, and 

a small portion of the heat is dissipated through the air by convection and radiation, and 

the dendrites grow rapidly  in  the direction of  the  temperature gradient. When  the  top 

layer is deposited, most of the heat can only be radiated through the air by convection and 

radiation due to the large amount of heat accumulated in the previous deposition layers. 

Therefore, the growth pattern of α‐Al dendrites at the top of the incremental body shows 

interlocking growth. When the middle  layer  is deposited, the temperature of the  incre‐

mental body and the environment are relatively stable, the temperature gradient of the 

melt pool is small, and the α‐Al dendrites grow along the vertical direction of the fusion 

line. Because of  the stirring effect of  the double‐pulse arc,  the α‐Al dendrite growth  is 

interrupted and shows a staggered growth pattern. 

Figure 9 shows the drawing of tensile results, the sampling position of tensile speci‐

mens in transverse and vertical directions, the dimensions of tensile specimens, as shown 

in Figure 9a,b, and the ultimate tensile strength and elongation, as shown in Figure 9c. 

The results show that the ultimate tensile strength and elongation of the transverse tensile 

specimens are higher than those of the vertical ones. The average ultimate tensile strength 

of  the  transverse  tensile  specimens was  175.2 MPa  and  the  average  elongation was 

10.355%. The average ultimate tensile strength of the vertical tensile specimens was 154.25 

MPa and the average elongation was 7.46%. The mechanical properties exhibited signifi‐

cant anisotropy. 

 

Figure 9. Drawing of tensile specimen: (a) sampling position of tensile specimen; (b) size of tensile 

specimen (mm); (c) ultimate tensile strength (UTS) and elongation (EL) of specimen. H—horizontal 

tensile specimen, S—vertical tensile specimen. 

Figure 10 shows the SEM of the fracture of the tensile specimens. Air pores and a 

large number of dimples were found in both transverse and vertical tensile specimen frac‐

tograms. Dimples are a typical feature of ductile fracture. During the WAAM process, due 

to the high solubility in liquid aluminum and the high thermal conductivity and fast cool‐

ing of aluminum alloy, the hydrogen in the melt pool cannot escape in time and exists in 

the form of gas in the melt pool to form pores. The pores over 50 μm will have an impact 

on the mechanical properties of the components. 

Figure 9. Drawing of tensile specimen: (a) sampling position of tensile specimen; (b) size of tensile
specimen (mm); (c) ultimate tensile strength (UTS) and elongation (EL) of specimen. H—horizontal
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Figure 10 shows the SEM of the fracture of the tensile specimens. Air pores and a large
number of dimples were found in both transverse and vertical tensile specimen fractograms.
Dimples are a typical feature of ductile fracture. During the WAAM process, due to the
high solubility in liquid aluminum and the high thermal conductivity and fast cooling of
aluminum alloy, the hydrogen in the melt pool cannot escape in time and exists in the form
of gas in the melt pool to form pores. The pores over 50 µm will have an impact on the
mechanical properties of the components.
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4. Conclusions

In order to better apply DP-GMAW to aluminum alloy arc additive manufacturing,
the impact of three important parameters of DP-GMAW on the three evaluation indicators
was analyzed by response surface method, and the following conclusions were drawn:

1. The models between the variables (travel speed, double-pulse frequency, and am-
plitude) and the response values (width, height, and fusion depth of the deposition
layer) were significant. The models all had signal-to-noise ratios greater than 4, with
adequate signal.
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2. The residual distributions of all three models were approximately along a straight
line and the regression models fitted well. The perturbation diagram shows that the
penetration is most strongly perturbed by the travel speed, with a gradual increase in
penetration as the travel speed decreases. The width of the layer is most significantly
influenced by the double-pulse amplitude, while the height of the layer is influenced
by the interaction between the double-pulse amplitude and the travel speed.

3. No macroscopic defects were observed during or after the deposition. The thin-walled
parts are well formed with an effective wall width of 8.6 mm. Because of the stirring
effect of the double-pulse arc, the growth of some α-Al dendrites within the layers
is interrupted and shows a staggered growth pattern. The interlayer microstructure
undergoes remelting and differs from the intra-layer microstructure.

4. The mechanical properties show a clear anisotropy. The average ultimate tensile
strength of the transverse tensile specimens was 175.2 MPa and the average elongation
was 10.355%. The average ultimate tensile strength of the vertical tensile specimens
was 154.25 MPa and the average elongation was 7.46%.
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Abstract: Metal additive manufacturing technologies have great potential for future use in load-
bearing aerospace applications, requiring a deeper understanding of mechanical performance and
influencing factors. The objective of this study was to investigate the influence of contour scan
variation on surface quality, tensile and fatigue strength for laser powder bed fusion samples made
of AlSi7Mg0.6 material and to create high-quality as-built surfaces. The samples were produced with
identical bulk and different contour scan parameters to accommodate the investigation of the impact
of as-built surface texture on mechanical properties. The bulk quality was evaluated by density
measurements according to Archimedes’ principle and tensile testing. The surfaces were investigated
using the optical fringe projection method, and surface quality was assessed by the areal surface
texture parameters Sa (arithmetic mean height) and Sk (core height, derived from material ratio
curve). Fatigue life was tested at different load levels, and the endurance limit was estimated based
on a logarithmic-linear relation between number of cycles and stress. All samples were found to have
a relative density of more than 99%. Surface conditions distinctive in Sa and Sk were successfully
created. The resulting mean values of the ultimate tensile strength σult are between 375 and 405 MPa
for 7 different surface conditions. It was confirmed that the influence of contour scan variation
on bulk quality is insignificant for the assessed samples. Regarding fatigue, one as-built condition
was found to perform as well as surface post-processed parts and better than the as-cast material
(compared to literature values). The fatigue strength at the endurance limit for 106 cycles is between
45 and 84 MPa for the three considered surface conditions.

Keywords: additive manufacturing; laser powder bed fusion; LPBF; PBF-LB; contour scan variation;
mechanical testing; tensile strength; fatigue; AlSi7Mg0.6; surface quality; bulk quality; areal surface
texture parameters

1. Introduction

Additive manufacturing (AM) technologies, in particular laser powder bed fusion
(LPBF), are of extraordinary interest to the aerospace industry. Advantages of these tech-
nologies include a large increase in geometrical freedom and potential savings of material
and overall production cost [1–4].

It is also desirable to use AM technology in load-bearing applications, but standards
for part certification and quality assurance are not yet established. Hence, there is currently
still a restriction to non-critical parts in aerospace systems [5,6]. Part of the work done to
gain an understanding of the process–material–property relations needed as a foundation
for part qualification is summarized in Section 1.1. Section 1.2 explains the contribution of
this work to that same understanding.

1.1. Mechanical Properties of LPBF-Processed AlSi Alloys

Different review papers have suggested that there is an extensive number of studies
on LPBF processing of materials like Ti-64 [7–11], Inconel 718 [11–14] or 316L steel [15–19].
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LPBF-processing of aluminium alloys, however, has only gained importance in recent
years [20–25]. Aboulkhair et al. found that this is related to the particularly challenging
properties of aluminium alloys and aluminium alloy powders for laser processing. The
powders are generally characterized by low flowability, which impacts powder layer
recoating, and are prone to oxidation, causing porosities. Moreover, the high reflectivity
of the common LPBF process wavelength range, low laser absorption and high thermal
conductivity result in a need for high laser power [21].

Nonetheless, LPBF processing of aluminium alloys is interesting, especially for lightweight
construction applications, as they are lightweight, strong, corrosion-resistant and highly
weldable. Combined with the geometrical freedom enabled by LPBF processing, they are
suitable for tailoring parts for numerous purposes within automotive, aerospace and other
industries [21].

The best LPBF-processable alloys are aluminium–silicon-based, and the most commonly-
investigated one is AlSi10Mg. The silicon phase in the solidified LPBF material contributes
to limit crack initiation and propagation due to the LPBF-typical fine microstructure and
improves its tensile strength as compared to the cast material [4,24,26].

In particular, the alloys AlSi10Mg, AlSi12 and AlSi7Mg are considered ‘highly
printable’ [24]. For these materials, ultimate tensile strength (UTS) values between 300 and
450 MPa in as-built condition are reported [4,24,27–36].

Many publications assess the effect of heat treatment [30,31,33,36–41], and there is
some work addressing the effect of surface post-processing [42–45] or positioning on the
build platform [39,46] on mechanical properties.

In this section, an overview of recent work on mechanical properties is given. The
focus is on investigations on tensile and fatigue behavior of LPBF-processed aluminium
alloys, particularly the AlSi7Mg0.6 alloy.

1.1.1. Tensile Properties

Yang et al. investigated the effect of heat treatments on microstructure and mechan-
ical behavior anisotropy for the AlSi7Mg0.6 alloy. They observed the typical LPBF fine
microstructure in as-built condition due to the material’s fast cooling rate and a resulting
higher strength than the as-cast alloy. Of the heat-treated samples, directly aged (T5) sam-
ples showed the highest strength and stress-relieved samples showed the largest elongation
at fracture [31].

Similarly, Rao et al. found better tensile strength in as-built LPBF compared to the
as-cast condition and observed that stress relaxation had a negative effect on yield strength
(YS) and UTS while causing a slight improvement in ductility. A short solution heat
treatment improved ductile behavior, and a longer treatment led to a decrease in YS and
ductility [30].

Pereira et al. compared microstructure and mechanical properties of AlSi7Mg0.6 from
LPBF and investment casting. They found that mechanical properties of LPBF can exceed
aerospace qualification requirements for heat treated (T6) investment casting parts. They
used direct aging heat treatment to improve ductility and hardness of LPBF-processed
samples while maintaining a similar tensile strength as compared to as-built samples
(e.g., mean UTS (as-built, vertical) of 435 MPa, after heat treatment 431 MPa) [33].

Zhang et al. looked into the effect of heat treatment for Er-containing AlSi7Mg0.6 and
found that tensile properties are superior to the non-Er-containing alloy. The applied heat
treatments improved ductility from 8% up to 19% for stress-relieved samples (with reduced
tensile strength). Direct aging and T6 heat treatment both resulted in increased YS [36].

Advantages and disadvantages of different heat treatments compared to as-built ones
were discussed by Mauduit et al. Amongst others, they found that the investigated heat
treatments soft annealing and T6 resulted in isotropic mechanical properties. Soft annealing
reduced tensile strength but removed residual stresses, artificial aging created the best UTS,
but samples exhibited anisotropic mechanical properties. As-built samples already reached
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good mechanical properties but showed anisotropy. However, not applying heat treatment
led to shorter production time and was less expensive [40].

Menezes et al. evaluated the effect of orientation on the build plate for as-built and heat-
treated samples. Both conditions showed anisotropic behavior, where vertical specimens
had lower YS and higher UTS. Comparing artificially aged and as-built samples, the latter
showed lower YS [47].

Next to vertically (90◦) and horizontally built (0◦) samples, Denti included specimens
built at a 45◦ angle in their investigation and observed a (slight) tendency for increasing
tensile strength and decreasing elongation at fracture for steeper build angles [48].

In addition to heat treatment, Han et al. looked into the effect of laser surface remelting
(LSR) for LPBF-processed AlSi10Mg and found that Ra (arithmetic mean of profile height
variation) can be significantly improved by LSR. For as-built surfaces, they report an
Ra > 19 µm that improved to values below 1 µm for LSR-processed samples. In addition,
LSR led to increasing micro-hardness. The applied heat treatment led to reduced tensile
strength and improved ductility from 6% to 22% [41].

1.1.2. Fatigue Properties

A full tension–tension loading Wöhler curve assessment with R = 0 of the AlSi7Mg0.6
alloy using an endurance limit of 2× 106 cycles was performed by Bassoli et al. [49]. They
obtained a result of 60± 5.3 MPa and found that the alloy’s fatigue performance under the
applied processing conditions was slightly lower but still comparable to reported literature
values for the AlSi10Mg alloy [50]. Surface texture parameters were not specified, but they
mentioned that the samples had not received any post-treatment.

Grande et al. [39] investigated the relationship of heat treatment and tensile strength as
well as the effect of position on the build platform on fatigue life. They produced specimens
with densities > 98.8% and as-built YS of 222 MPa and UTS of 417 MPa. They found that
stress relief reduced tensile performance. Their fatigue results suggest that the position
on the build platform does not have a significant influence on the endurance limit (at
107 cycles: 127 MPa internal vs. 137 MPa external regions) of the heat-treated specimens.
Fatigue samples were sandblasted to improve surface texture prior to fatigue testing.

Denti and Sola [43] looked into the effect of different post-processing technologies
(e.g., sandblasting, plastic media blasting and laser shock processing) on axial fatigue.
They found that the evaluated surface processing techniques improved the areal arithmetic
mean surface height deviation Sa by up to 77%. The lowest Sa values were achieved by
plastic media blasting. The peak stress level at the endurance limit of 2× 106 was improved
by up to 80% with respect to the as-built σmax of 50 MPa. Fatigue performance was also
improved by post-processing techniques not enhancing the surface quality, which led them
to the conclusion that both the improvement of surface quality and the introduction of
compressive residual stresses can play a role when looking at LPBF-processed aluminium
alloy parts.

The impact of sample location on the build platform, orientation and variation between
production batches was studied by Cacace et al. [46]. By analyzing mechanical property data
of three batches with randomly allocated sample positions, they found that part position
did not have an influence on tensile strength but did affect low cycle fatigue performance.

Nasab et al. [51] investigated the combined effect of volumetric and surface defects.
They looked into as-built surfaces with different contour scans, trying to promote typical
defects to show their effect on rotating bending fatigue. The defect depths were analyzed
by optical line-of-sight measurement, as well as polished cross-sections. Material removal
depths of up to 200 µm were suggested, depending on the surface condition. They state that
contact and non-contact surface texture measurements cannot provide information on fatigue-
critical surface features as comprehensively as investigations into polished cross-sections.

In previously published work, the authors of this paper evaluated crack initiation
behavior and surface fatigue relations for AlSi7Mg0.6 for three different groups of as-built
samples. We assessed the applicability of valley depth Sv and reduced valley depth Svk
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and found that Svk is especially useful when considering coarser as-built surfaces, since
they tend to exhibit crack initiation from multiple surface defects [52].

1.2. Motivation and Objective

Most of the studies summarized deal with the influence of heat treatment and build
direction (horizontal/vertical) on tensile properties. While tensile properties are an impor-
tant starting point in understanding a material’s mechanical behavior and are certainly
relevant for various applications, for many aerospace, automotive, biomedical or other
industrial purposes, resistance to periodic loading is of interest. In regard to fatigue life,
surface texture plays an important role [4,6].

The majority of studies including the effect of surface condition on fatigue perfor-
mance of the LPBF-processed AlSi7Mg0.6 material, as well as other aluminium alloys and
other typical LPBF powder materials (e.g., Ti-64, 316L steel or Inconel 718), evaluate the
application of different surface post-processing strategies, e.g., [7,10,15,42,45,53–55].

However, especially when considering complex geometries or parts with inner sur-
faces that are difficult to access with post-processing tools, it is desirable to produce as-built
surfaces (including near-surface regions) good enough to perform reasonably well under
cyclic loading. In addition to accessibility issues, using as-built parts saves time and cost
due to reducing processing steps, since extensive post-processing becomes unnecessary.
In this paper, the effect of the as-built surface condition on mechanical properties is dis-
cussed. The ultimate aim is to create high-quality as-built surfaces.

The first step is to create distinctive as-built surface conditions by varying contour
scan parameters (Section 3.1). Afterwards, the effect of these variations on bulk quality,
characterized by density (Section 3.2) and UTS (Section 4.1), is investigated. Finally, a first
selection of fatigue results is presented, showing the influence of as-built surface condition
on fatigue resistance at a load level of 0.5σult and the endurance limit (Section 4.2).

2. Materials and Methods
2.1. Manufacturing

The evaluated samples were manufactured in an LPBF process on a Trumpf TruePrint
1000 from AlSi7Mg0.6 aluminium alloy powder. The powder composition along with
mass fractions of alloying elements are shown in Table 1. Specifications of geometries and
manufacturing settings are given subsequently.

Table 1. AlSi7Mg0.6 powder composition: mass fraction per alloying element.

Al Si Mg Ti Fe

93.13 6.15 0.6 0.09 0.05

2.1.1. Sample Geometry

Two kinds of samples are used in this work: cuboids (height 10 mm, width 10 mm,
thickness 5 mm) and fatigue specimens according to ASTM 466-15 [56] (height 80 mm,
smallest cross section 6 mm, thickness 3 mm). The latter type is shown in Figure 1.

2.1.2. Manufacturing Parameters

Detailed information on the manufacturing process is presented in Tables 2 and 3 as
well as Figures 1 and 2.

Powder layers were exposed to the laser by a pattern of parallel lines in the bulk,
changing direction by 66◦ after each layer, and a continuous scan of the geometric contour.
Sky writing was applied to ensure the laser source was moving at the chosen speed prior
to exposure.
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Figure 1. Top view: sample orientation with respect to coater (top left); example of build job layout
(bottom left); individual tested sample (middle); finished build job on platform (right).

Figure 2. Exposure strategy for bulk and contour scan: bulk scan direction is rotated by 66◦ (schematic
representation, not true to scale) after each powder layer application.

The samples were placed on the build platform at a 45◦ angle with respect to the coater
and gas flow, as shown in Figure 1. This angle was found to be most suitable regarding
surface texture. In preliminary studies, comparable surface texture parameter values were
found for both sides of the sample, supposedly because the effects of coater and gas flow
compensate each other.

Bulk scan parameters were identical for all samples, as specified in Table 2, and originate
from a previous density optimization study.

The contour scan parameters were varied, intending to achieve a variation of surface
properties. Maintaining layer thickness, hatch distance and laser power, the scan speed
was modified between 300 mm/s and 1800 mm/s, paired with the settings with and
without additional pre-sinter at 50% laser power, resulting in a total of 10 manufacturing
parameter combinations.

The samples with identical parameter combinations were named with a designated
letter according to Table 4, with consecutive numbering; e.g., A1→ Contour parameter set
A (scan speed 300 mm/s, with pre-sinter), mechanical testing sample No. 1.

Table 2. Bulk scan parameters.

Material Layer Thickness Hatch Distance Scan Speed Laser Power Pre-Sinter

AlSi7Mg0.6 30 µm 0.12 mm 1000 mm/s 195 W No
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Table 3. Variation of contour scan parameters.

Material Layer Thickness Hatch Distance Scan Speed Laser Power Pre-Sinter

300 mm/s
600 mm/s Yes

AlSi7Mg0.6 30 µm 0.12 mm 900 mm/s 195 W
1200 mm/s No
1800 mm/s

Table 4. Naming of sample groups based on contour scan variation.

Scan Speed in mm/s 300 600 900 1200 1800

Pre-Sinter A C E G I

No Pre-Sinter B D F H J

2.2. Characterization and Testing
2.2.1. Surface Texture

The surfaces were measured using a Keyence VR3200 fringe projection system. The
micro camera setting at a magnification of 40× was applied, resulting in a lateral resolution
of 7.4 µm. For the cuboid samples, selected ISO 25178 areal parameters were evaluated
for a square area with an 8 mm length, measured perpendicular to the build direction on
the side facing away from the coater, as indicated in Figure 1. A linear level operation, an
S-filter of 20 µm and an L-filter of 0.25 mm were applied.

The chosen areal surface texture parameters to assess surface quality are Sa, the
arithmetic mean height, and Sk, the core height from the material ratio curve. Sa was
selected due to its common use in research and industry [57]. Sk is used because it gives
more distinctive information on the surface texture (for details, refer to [58], p. 56).

The surface fatigue relation is shown using the material ratio curve parameter Svk,
which is the reduced valley depth. The parameter was chosen because it describes the size
of the valley population on the considered surface, rather than individual extreme values
such as the maximum height Sz and the maximum valley depth Sv. More details can be
found in [52]. Sa, Sk and Svk are defined in the ISO 25178-2 standard [59].

2.2.2. Density

The first step toward the assessment of bulk quality was the measurement of part
density. For this purpose, the cuboid samples were weighed in air and ethanol using the
Mettler Toledo Delta Range XS603S precision balance. The density was calculated according
to Archimedes’ principle as specified in ISO 3369 [60]. Each measurement was performed
three times, and the final density result reported per sample is the respective mean value.

2.2.3. Tensile Testing

The tensile strength was tested using a ZWICK/Z050 in accordance with ASTM
E8M [61]. A preloading of 35 N and a speed setting of 0.48 mm/min were selected.

The required cross-sectional areas of the tested specimens were obtained from digital
caliper measurements.

2.2.4. Fatigue Testing

Fatigue life was tested on a DYNA-MESS 4S 20kN Z/D system at a frequency of 20 Hz
and a stress ratio R = 0.1. The load levels were defined with respect to the mean value of
the UTS for the tested surface conditions, σult,mean = 392 MPa. Corresponding values are
specified in Table 5.
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Table 5. Load levels and stress values for σult = 392 MPa and R = 0.1 [52].

Load Level σmax/σult σmax/MPa σmin/MPa σmean/MPa

0.4 156.8 15.7 86.2
0.5 196.0 19.6 107.8
0.6 235.2 23.5 129.4
0.7 274.4 27.4 150.9

2.3. Workflow Summary

Figure 3 gives an overview of this work’s process steps.
At the first manufacturing stage, 30 cuboid samples were made. All of these were

manufactured with identical bulk scan parameters, paired with 10 variations of contour
scan parameters, resulting in 3 cuboid samples per parameter set combination.

Afterwards, the cuboids’ densities and surfaces were measured in order to get a first
assessment of bulk quality and a rating based on the surface quality. Based on these
evaluations, parameter sets were selected to produce samples for mechanical testing.

For seven manufacturing parameter sets chosen based on the cuboid assessment, six
samples each were made for tensile testing. Tensile testing according ASTM E8M [61]
was performed.

Finally, fatigue life was tested for a first selection of contour parameter sets, and their
relationship with surface texture is discussed.

Figure 3. Workflow summary.

3. Results and Discussion of Preliminary Findings

The results presented in this section comprise density and surface texture characteriza-
tion of the cuboid samples. The outcome is a selection of contour scan parameter sets for
manufacturing the specimens for mechanical testing.

3.1. Surface Texture
3.1.1. Visual Perception of Surface Quality

From visual inspection of the microscopic images in Figure 4, it can be observed that,
at first sight, a variety of as-built surface conditions was achieved.

The A and B conditions look mostly smooth with small dots and few linear defects
(length below 1 mm, oriented parallel to the layers). Increasing the contour scan speed,
surfaces appear to have more and bulkier linear defects (C and D). The D image also seems
a little blurry, which is a sign of increasing height variation on the surface. This effect
becomes more clear when increasing scan speed even further (E and F). On surface F,
there are a few circular shadows present, which may be spatter or local accumulations of
powder particles. Surfaces G to J are hardly distinguishable visually. All show circular
shadows of different sizes, which are mostly particle agglomerations and accumulations,
and an underlying irregular structure. Surface G shows some darker areas, which may be
an issue of different lighting conditions or height differences on the surface itself.

With increasing scan speed, the energy absorbed by the powder in the scanned path
decreases. Due to the low energy, powder particles are only partially molten and attached
to the surface, causing coarse surface quality.
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Figure 4. Microscopic images of samples with variation of contour scan speed, from lowest (left) to
highest (right).

3.1.2. Selection of Contour Variation for Mechanical Testing from Surface Texture

Figure 5 shows Sa (left) and Sk (right) values. The surface conditions are sorted by
contour scan parameters. To the right, results for sample sets exposed to pre-sinter are
presented, while to the left of each graph, results for simple contour scans are shown. The
scan speed increases from the middle to the edge.

The graphs give the mean (blue line) ± two standard deviations (SD, dashed blue
line). Colors mark the surface conditions that are distinctive per a 95% confidence interval
(±2SD) applied to the parameter results for Sa and Sk. The first group (red) includes surface
conditions A to D; conditions E and F form the second group (green); conditions G and H
(purple) are the third group; and finally, the fourth group (orange) comprises conditions I
and J.

A superficial look at the graphs presented in Figure 5 already confirms that the
objective of creating surfaces with varying surface quality was met. This is also supported
by the microscopic images in Figure 4. Numerical values are included in Table A1.

Based on the graphs, parameter sets to produce specimens for mechanical testing
were selected.

From the smooth (red) group including surface conditions A to D, A was chosen as
the set with the lowest mean values for Sa and Sk. C and D were selected to compare the
possible impact of pre-sinter with otherwise identical process settings (see Table 4). G and
H from the purple group are both considered for the same reason as conditions with higher
parameter values.

Conditions E and F (green group) show comparable mean values for Sa and Sk, and
it was decided to use set E, as it was the original starting parameter set of the contour
variation study, and to discard condition F.

Parameter set J is chosen as the set with the highest mean value for Sa. Condition I, as
the second coarse texture set (orange group), has a larger SD for both considered surface
texture parameters and was discarded.

In summary, the following contour parameter sets are applied to produce the speci-
mens for mechanical testing:

• Smooth surface parameter sets A, C and D (red group),
• Original parameter set E (green group),
• Coarse (purple group) and very coarse (orange group) parameter sets G, H and J.

3.2. Density

The data shown in Figure 6 confirm a density of over 99% for all of the measured
samples, denoted by the grey squares in the graph, with a reference density of 2.68 g/cm3

(theoretical maximum).
When taking a 95% confidence interval (2SD), denoted by the dashed blue whiskers,

into account, data sets A and B are below that 99% value. Data set A has a lower boundary
value at 98.84%, which is also the lowest overall value.
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Figure 5. Sa and Sk for samples with different contour scan. L-filter 0.25 mm, S-filter 20 µm. Mean± 2SD.

From all data sets, the only statistically distinctive sets considering the depicted 95%
confidence interval (2SD) are B and G. However, they cannot be distinguished from the
remaining data sets by that requirement.

In Figure 6, an increasing tendency of density for higher scan speed (A—lowest scan
speed to J—highest scan speed) is observed. Supposedly, this is caused by the occurrence
of closed porosities that can not be filled with ethanol during weighing. Possibly, the close
proximity of the cuboids on the build platform during production plays a role as well, as
the trend cannot be observed in the density data of the mechanical testing samples included
in Table A2.

However, the overall mean and %SD including all 90 measured values (3 samples
each for 10 contour parameter sets, 3 measurements each) are 99.5% and 0.3%, respectively.
The mean and %SD taking individual groups A to J into account amount to 99.5% and
0.17%, respectively.

In conclusion, the evaluated sample sets are considered comparable. It is found
from the presented results that the bulk scan parameters predominantly define the part
density. Thus, varying contour scan parameters has no statistically significant influence on
the density.

Figure 6. Density per manufacturing parameter set, mean ± 2SD; reference density: 100% = 2.68 g/cm3.

4. Results and Discussion of Mechanical Characterization
4.1. Tensile Properties

Figure 7 shows the tensile testing results for longitudinal specimens manufactured
using the contour parameter sets A, C, D, E, G, H and J. Density values for the mechanical
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testing samples, along with all numerical data presented in Figure 7, are included in
Appendix A.

Similar to the results from density determination, there is no statistically significant
difference in UTS. The mean values of the individual surface conditions are between
374 and 406 MPa. For context, values reported in the literature for as-built of the same
material and build direction vary from 300 MPa [49] to over 400 MPa [30,39,40]. For the
cast alloy with T6 heat treatment, typically values of UTS between 320 and 360 MPa are
reported [30]. Hence, the tested samples perform equally well or better than other as-built
LPBF AlSi7Mg0.6 specimens and mostly exceed the strength of the cast material.

From the graph, it can be observed that the standard deviation increases for rougher
surface textures. A possible influencing factor is the caliper cross-section measurement,
since the UTS depends on the cross-sectional area. The caliper may be locked by protruding
features, leading to variation in measured cross-section.

Moreover, the combination of line energy and powder application is a potential expla-
nation. Poor flowability properties affect the homogeneity of powder dispersion within
a layer. At higher contour scan speeds, the high reflectivity and fast heat dissipation may
lead to irregular density of molten material, causing coarser surface texture and different
microstructural properties. The latter will have to be confirmed by a microstructural analysis.

The overall SD of UTS values, including all 40 test results, is low—3.8% (14.94 MPa).
The SD within each group (1.3% to 4.4%) is of the same order of magnitude as the SD
between the groups (2.5% between mean values). Hence, the sample groups produced
with different contour scan parameters are considered comparable with regard to ten-
sile strength.

Figure 7. Ultimate tensile strength for seven different surface conditions, mean ± 2SD.

4.2. Fatigue Properties

The fatigue testing results for surface conditions A, E and G for load levels σmax/σult
0.4, 0.5, 0.6 and 0.7 are presented in Figure 8. The smoothest surface condition, A, has
the best fatigue performance for all load levels and low scatter, as expected. Even for
the highest tested load level, cycle numbers above 104 are reached. Surface condition E
exhibits some scattering for higher load levels, while condition G already shows scatter
for load level 0.5σult. A clear tendency towards higher fatigue resistance for smoother
surfaces is visible. The same is reported in surface fatigue studies that include post-
processing [7,10,15,43,45,54]. A possible explanation for the scatter on E and G is that, for
these sample groups, the non-linear low cycle regime is reached. On a Wöhler curve, the
logarithmic-linear relationship between stress and number of cycles is only valid in the
high cycle fatigue regime [62]. Another reason may be the coarser surface texture caused by
lower line energy and the possibly uneven powder distribution, as previously mentioned
in Sections 3.1 and 4.1.
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The data in Figure 8 were previously published in [52], where the following sample
naming was used: A—AsB-smooth, E—AsB-medium and G—AsB-rough. In [52], more
detailed evaluations of surface texture and crack initiation are shown.

Figure 8. σ− N-curve for surface conditions A (AsB-smooth), E (AsB-medium) and G (AsB-rough),
reference stress σult = 392 MPa. Reproduced from [52].

4.2.1. Comparison with As-Built Surface Data from the Literature

To allow for comparison with surface quality data from the literature [39,46,51], Table 6
contains surface texture parameters generated with the respective cut-off values for one
sample per surface condition.

Ra was determined from a 12 mm line profile, as indicated by Cacace et al. [46]. Sa
and Sv were calculated from a 3 mm × 20 mm measured area. For measurement details,
refer to [52]. A cut-off L-Filter of 0.8 mm was applied, as applied by Nasab et al. [51]. Please
note that, deviating from Nasab et al., a least squares plane F-operation was used. The
difference in F-operation is due to the sample geometries. This study assessed a flat sample
geometry, while Nasab et al. evaluated cylindrical specimens.

Table 6. Surface texture parameters for comparison with the literature, cut-off 0.8 mm. Evaluated for
one specimen per surface condition.

Surface Condition Ra/µm Sa/µm Sv/µm

A (AsB-smooth) 3.153 3.478 20.09
E (AsB-medium) 5.649 6.987 93.78
G (AsB-rough) 7.362 9.316 96.57

Similarly to this paper, Nasab et al. [51] also used different as-built surfaces. However,
taking a closer look at their considered surface conditions denoted S01, S05 and S07, they
report larger Sv-values. Their best surface condition is S01 with Sv = 112 µm, having
the order of magnitude of the roughest surface considered in this study, G (AsB-rough).
S05 with Sv = 190 µm and S07 with Sv = 205 µm largely exceed the values presented
in Table 6. In their work, they induced defects to demonstrate their influence on rotating
bending fatigue. They suggested a minimum material removal based on surface texture
parameter results to improve surface quality. In contrast, this work was aimed at producing
high-quality surfaces (described by Sa and Sk) in as-built condition with no intention of
surface post-processing.
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Additionally, the samples investigated in this work have a smoother surface fin-
ish (see Table 6) in comparison with Cacace et al., who state an as-built Ra > 10 µm.
They sandblasted the samples to achieve an Ra < 10 µm, as required for standard fa-
tigue testing. The same holds for Grande et al., who reported an as-built Ra µm with
10 < Ra < 15 µm [39,46].

4.2.2. Estimation of Stress at the Endurance Limit

The stress at the endurance limit was estimated based on the horizon method, using
the logarithmic-linear equation

lg(N) = m · lg(σ) + c (1)

as described by Einbock [62]. For the sample groups A, E and G, the mean values for each
load level were used to obtain their respective logarithmic-linear relations. The coefficients
per surface condition are given in Table 7. For condition G, data points for load level
0.7 were in the LCF range with Nmean = 2.7× 103. They are most likely not on the linear
part of the S–N curve and were therefore excluded from this calculation.

Table 7. Coefficients of logarithmic-linear equation lg(N) = m · lg(σ) + c for three surface conditions.

Coefficient A (AsB-Smooth) E (AsB-Medium) G (AsB-Rough)

m −3.292 −3.244 −2.892
c 3.794 3.364 3.283

From this equation, the stress at endurance limit σL was calculated for NL1 = 106,
NL2 = 2× 106 and NL3 = 107 and is presented in Table 8 and Figure 9. NL1 to NL3 were
chosen to allow for comparison with literature values [39,43,45,46,49,63].

σL2 = 49 MPa for surface condition E corresponds well with the experimental findings
of Denti and Sola [43] and Gatto et al. [45], who report mean values of 50 MPa for as-built
specimens. Bassoli et al. [49] found a slightly higher σL2 of 60 MPa, which is in between
groups A and E. However, as they did not evaluate surface quality, no direct comparison
is possible.

Cacace et al. and Grande et al. [39,46] found experimental endurance limit stress
values at NL3 = 107 between 122 and 137 MPa for different positions on the build platform,
being three times as high as found for A, the best performing condition studied here. As
previously mentioned, they applied a sandblasting finish to meet the requirement for
fatigue testing. Not only did this improve the surface finish, it also introduced compressive
residual stresses, which prevent crack propagation [43,50].

Compared to the post-processed surface conditions presented by Denti and Sola [43]
and Gatto et al. [45], the A condition’s endurance stress matches the performance of laser
shot processed and metal shot peened (S70) specimens.

Considering conventionally manufactured parts, Dezecot and Brochu estimated a fa-
tigue strength of 73 MPa for as-cast AlSi7Mg0.6 material from investment casting [63]
at NL = 106. Surface condition A exceeds this value by 15%. This increased strength is
supposedly related to the fine microstructure due to faster solidification of the material in
the LPBF process.

Table 8. Estimated stress for different endurance limit values NL .

Surface Condition A (AsB-Smooth) E (AsB-Medium) G (AsB-Rough)

σL1 at NL1 = 106/MPa 84 60 45
σL2 at NL2 = 2× 106/MPa 68 49 35

σL3 at NL3 = 107/MPa 42 30 20
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Figure 9. Estimated stress for different endurance limit values NL.

4.2.3. Relationship of Surface Quality and Fatigue

In addition to the surface fatigue relationship shown in [52] for experimental values,
this section presents data factorized to a load level of 0.5σult.

The factorization was done based on a linear regression across all data from the tested
load levels. The exponential fit of Svk vs. the number of cycles to failure data in Figure 10
is described by

N = 159843e−0.273·Svk (2)

with R2 = 0.8721. Numerical values for Svk are given in Table 9. Apart from the previously
presented data for the A, E and G groups, there were also a few test results available from
surface condition C samples, which were included in this fit.

The reduced valley depth Svk, derived from the material ratio curve, was chosen
because it represents the valley population of a sample (within the measured area), as
opposed to the common parameters for surface fatigue correlations Sz and Sv, which are
individual extreme values and may not be representative of the considered surface.

This parameter choice is confirmed by the data shown in Tables 6 and 8. Surface
conditions E and G have comparable Sv but different Ra and Sa. As previously discussed,
the fatigue life for both groups clearly differs as well.

Furthermore, especially when looking at rougher surface conditions, cracks tend
to start from multiple locations at the surface. Among the tested samples, this was ob-
served for all group G specimens and half of group E specimens (for details, refer to [52]).
Hence, considering the specific nature of typical LPBF-processed surfaces, it makes sense
to consider more than just one extreme value per surface.

Figure 10. Exponential fit Svk vs. cycles to failure at 0.5σult.
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Table 9. Svk for fatigue-tested samples.

Surface Condition Mean Svk/µm SD Svk/µm

A 3.105 0.271
C 5.296 0.539
E 6.028 0.431
G 8.321 0.890

5. Conclusions

This work aimed to produce samples with identical bulk and different surface quality, in-
cluding high quality, to assess the impact of as-built surface texture on mechanical properties.

The evaluation of as-built surfaces was motivated by the desire to apply LPBF for
complex geometries and inner surfaces, which may be complicated or infeasible to post-
process. In addition, achieving the same surface finish and fatigue performance without
post-processing saves time and resources.

The variation in surface texture was achieved by varying contour scan speed. The
comparability of bulk quality for the different sample groups was confirmed by means of
Archimedes’ density and tensile testing. The endurance limit was estimated based on four
tested fatigue load levels. The relationship between the reduced valley depth Svk for the
different surface quality groups was shown using data factorized to load level 0.5σult.

The following main conclusions are derived from the presented work:

• Distinctive surface conditions with Sk (L-filter 0.25 mm) between 4 µm and 16 µm
were produced.

• All tested specimens have a density > 99%; thus, the influence of contour scan param-
eters is considered insignificant regarding density.

• The ultimate tensile strength of 393 ± 9.98 MPa was found to be independent of
contour scan variation.

• Optimized contour scan parameters result in as-built quality superior to some post-
processed surfaces, enabling the reduction of processing steps and time.

• Condition A reaches a fatigue resistance of 84 MPa at 106 cycles, exceeding values for
as-cast and some surface post-processed literature results.

• The reduced valley depth Svk results in a good fit across the groups for the factorized
surface fatigue relation. Therefore, Svk was found to be a suitable parameter to
describe surface quality.

Author Contributions: Conceptualization, T.B.; methodology, T.B., M.A. and H.B.; formal analysis,
T.B.; investigation, T.B.; resources, M.A., H.B. and B.M.; data curation, T.B.; writing—original draft
preparation, T.B.; writing—review and editing, T.B., M.A., H.B. and B.M.; visualization, T.B.; funding
acquisition, M.A., H.B. and B.M. All authors have read and agreed to the published version of
the manuscript.

Funding: This research received no external funding.

Data Availability Statement: Data are available from the corresponding author upon request.

Acknowledgments: The authors thank Inga Meyenborg for manufacturing the samples and perform-
ing density measurements and Annette Schwingen for performing tensile testing.

Conflicts of Interest: The authors declare no conflict of interest.

68



Materials 2023, 16, 3169

Appendix A

Table A1. Sa and Sk for cuboid samples, 10 surface conditions L-filter 0.25 mm, S-filter 20 µm. With
pre-sinter (right), without pre-sinter (left).

Parameter Set J H F D B A C E G I
Scan Speed/mm/s 1800 1200 900 600 300 300 600 900 1200 1800

Sa/µm, Mean (N = 3) 5.94 3.88 2.33 1.82 1.54 1.42 1.63 2.17 3.61 5.85
Sa/µm, SD 0.10 0.34 0.13 0.08 0.06 0.08 0.04 0.07 0.15 0.61

Sk/µm, Mean (N = 3) 15.93 10.25 6.66 5.35 4.53 4.30 4.88 6.49 10.50 16.09
Sk/µm, SD 0.26 0.67 0.24 0.15 0.05 0.18 0.15 0.06 0.37 1.18

Table A2. Ultimate tensile strength and relative density of tensile samples. Reference density
2.68 g/cm3. Seven surface conditions.

Parameter Set A C D E G H J
N 6 6 6 6 6 5 5

σult/MPa, Mean 391.63 405.90 401.42 400.87 388.79 387.96 374.21
σult/MPa, SD 5.26 10.33 7.37 14.54 11.04 15.55 16.33

Relative Density/%, Mean 99.85 99.68 99.52 99.61 99.69 99.58 99.74
Relative Density/%, SD 0.17 0.15 0.18 0.11 0.17 0.28 0.20
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3. Manfredi, D.; Bidulskỳ, R. Laser powder bed fusion of aluminum alloys. Acta Metall. Slovaca 2017, 23, 276–282. [CrossRef]
4. Aboulkhair, N.T.; Simonelli, M.; Parry, L.; Ashcroft, I.; Tuck, C.; Hague, R. 3D printing of Aluminium alloys: Additive

Manufacturing of Aluminium alloys using selective laser melting. Prog. Mater. Sci. 2019, 106, 100578. [CrossRef]
5. O’Brien, M. Existing standards as the framework to qualify additive manufacturing of metals. In Proceedings of the 2018 IEEE

Aerospace Conference, Big Sky, MT, USA, 3–10 March 2018, pp. 1–10.
6. Mohd Yusuf, S.; Cutler, S.; Gao, N. The impact of metal additive manufacturing on the aerospace industry. Metals 2019, 9, 1286.

[CrossRef]
7. Bagehorn, S.; Wehr, J.; Maier, H. Application of mechanical surface finishing processes for roughness reduction and fatigue

improvement of additively manufactured Ti-6Al-4V parts. Int. J. Fatigue 2017, 102, 135–142. [CrossRef]
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Abstract: In conventional ceramic–metal matrix composites, with the addition of the ceramic phase,
although it can significantly improve the performance of the material in one aspect, it tends to weaken
some of the excellent properties of the metal matrix as well. In order to meet the high toughness and
high strength requirements of composites for practical production applications, researchers have
searched for possible reinforcing structures from nature. They found that fractal structures, which
are widely found in nature, have the potential to improve the mechanical properties of materials.
However, it is often not feasible to manufacture these geometric structures using conventional
processes. In this study, alumina ceramic fractal structures were prepared by 3D printing technology,
and aluminum composites containing fractal ceramic structures were fabricated by spark plasma
sintering technology. We have studied the effect of the fractal structure of alumina ceramics on
the mechanical properties of composites. The compression strength of samples was measured by
a universal testing machine and the torsional properties of samples were measured by a torsional
modulus meter. The results show that a fractal structure improves the compressive strength of
aluminum/alumina ceramic composites by 10.97% and the torsional properties by 17.45%. The
results of the study will provide a new method for improving the mechanical properties of materials.

Keywords: 3D printing; fractal structure; mechanical property

1. Introduction

Ceramic-reinforced metal matrix composites integrate many excellent characteristics
of metal and ceramic materials. While maintaining the good plastic toughness of metal
materials, they have the high hardness, high strength, good wear resistance, and corrosion
resistance of ceramic materials [1–3]. Ceramic-reinforced aluminum matrix composites are
the most representative material of ceramic-reinforced metal matrix composites. A ceramic-
reinforced aluminum matrix composite has the characteristics of high specific strength,
specific stiffness, elastic modulus, wear resistance, and good dimensional stability [4]. It
has great practicability and a broad application prospect in aerospace, automobile manufac-
turing, precision instruments, electronic packaging, sports equipment, and other fields [5].
However, in practical studies, many researchers have found that with the addition of the
ceramic phase, the overall hardness and strength of the composite material has increased,
while some of the excellent properties of the original metal matrix, such as toughness and
plasticity, have decreased [6]. In order to meet the requirements of high strength, high
toughness, high hardness, and excellent torsional resistance of composite materials in
practical applications, we need to consider the structure of ceramic materials and composite
material fabrication. By observing a variety of phenomena in nature, researchers have
found some patterns (Figure 1). For example, mature trees are often able to resist the
strong torsional forces caused by strong winds, the threaded structure of shells can make
them significantly more resistant to compression, and honeycombs can have huge space
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inside while still having some mechanical strength [7–9]. Through further study of these
examples, it is believed that some special and ordered structures in trees and shells are the
main reason why they have such excellent mechanical properties. This special and ordered
structure has been referred to as the fractal structure (Figure 1).
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Fractal is usually defined as “a rough or fragmented geometric shape that can be
divided into several parts, each of which is a reduced shape of the whole”, i.e., it has
the property of self-similarity. The term fractal was originally used by mathematician
Benoit Mandelbrot in 1975, to denote a series of objects with specific characteristics, such
as self-similar structure and shape geometry, on all magnification scales [10]. In the past
decade, people’s interest in using fractal structures to explore the improvement of me-
chanical and mechanical properties has greatly increased. According to the definition of
fractal structures, we know that self-similarity and iterative generation are two important
features of fractal structures. Examples of the results of studies on the effects of fractal
structure include, the interlocking properties of hierarchical fractal structures providing
better load distribution and energy absorption. Farina et al. [11] analyzed the bending
behavior of cementitious composites reinforced by straight fractal titanium alloy rods, and
the interlocking mechanism between the fractal rods and the matrix resulted in a 152%
increase in bending strength. Another example of the application of fractal structures is the
optimization of fluid distribution in tree channels. Wang et al. [12] showed that applying
fractal structures to heat exchanger channels can improve the heat transfer coefficient and
reduce the pressure drop, compared to conventional heat exchangers. Research on the
impact resistance of tree-shaped fractal structures is more in-depth. San Ha Ngoc et al. [13]
studied the kinetic energy absorption capacity of thin-walled tubes with bionic tree-like
cross-sections. Other projects have developed impact-resistant protection devices based on
fractal structures, such as fractal honeycomb, Koch curve, side fractal shapes, and Sierpinski
shapes [14,15].

Although these properties have been demonstrated, current applications are limited
by the fact that these structures, especially in three-dimensional geometries, are difficult to
produce, or often impossible to achieve, with conventional manufacturing techniques. Over
the past few decades, the development of 3D printing processes has opened up a number
of design opportunities that offer more possibilities for manufacturing such complex
structures. Stereolithography appearance (SLA) is one of the most widely used 3D printing
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techniques [16]. Marco Viccica et al. used SLA technology to fabricate a 3D cross-base
fractal structure for shock absorption, and studied the mechanical properties of a 3D Greek
cross fractal [17]. They conducted numerical studies on the mechanical behavior of the
structure under quasi-static and dynamic compression loads, established a material model,
and verified the correctness of the model through experiments. It was found that the energy
absorption effect of the three-dimensional cross-base fractal structure was 77% higher
than that of traditional foam. Wu et al. [18] proposed a new energy-absorbing protective
structure, developed by using SLA technology. They established triangular, square, and
pentagonal tree fractal structures, and studied their mechanical behavior and deformation
process by quasi-static axial fracture tests. These showed that, compared with a single-wall
structure, the tree-shaped fractal structure has greater potential to improve the specific
energy absorption and resist impact forces. The tree-shaped fractal design promotes the
deformation stability of the thin-wall structure. Compared with the single-wall structure,
the energy absorption efficiency and load stability of the tree-shaped structure are improved.
The tree fractal design improves the deformation stability of single-walled structures by
controlling the geometry and material distribution of the structures.

In order to better explore the effect of fractal structure on the mechanical properties
of materials, four kinds of alumina ceramic/aluminum composites, containing a fractal
structure, were designed and fabricated. The compression strength of four kinds of samples
was measured by a universal testing machine. The torsional properties of the different
samples were measured by using a torsional modulus meter. The influence mechanism of
the fractal structure was also explored and analyzed.

2. Structure Description
Sierpinski Fractal Structure

The Sierpinski polygon, a self-similar structure discovered by Waclaw Sierpinski in
the early 20th century, is one of the most commonly used fractal patterns [19]. However,
the mechanical properties of this Sierpinski fractal pattern have not been considered, which
has prompted the present study to propose advanced shapes, combined with a Sierpinski
fractal, to make composite materials.

Triangle Sierpinski fractals and square Sierpinski fractals are two classical fractals in
the category of Sierpinski fractals. Their formation processes are shown in Figure 2a,b,
respectively.
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Figure 2. (a) Triangle Sierpinski fractal, (b) square Sierpinski fractal.

Among them, the formation process of the triangle Sierpinski fractal is as follows: the
initial structure is an equilateral triangle. In the first step, the initial structure is divided into
four identical smaller equilateral triangles, and in the second step, the middle is removed,
and a first-order Sierpinski fractal structure is generated, as shown in Figure 2a. For the
remaining three small equilateral triangles in the above figure, the above two steps are
repeated. The results of this, as shown in Figure 2a, are second-order Sierpinski fractals.
The fractal structure of other orders can be obtained in accordance with the above two steps.

The formation process of a quadrilateral Sierpinski fractal is as follows: the initial
figure is a square structure. In the first step, the initial square is divided into nine identical
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smaller squares, and in the second step, a small square in the middle is removed, to generate
a first-order Sierpinski fractal structure, as shown in Figure 2b. For the remaining eight
small squares, the structure obtained by repeating the operation described above is shown
in Figure 2b. Other structures of different orders can be obtained by repeating this process.

In this study, we designed four Sierpinski fractals: triangle (Sier 3), square (Sier 4),
pentagon (Sier 5), and hexagon (Sier 6). The structure of each polygon follows the fractal
law of Sierpinski. Figure 3 shows the schematic diagram of the four fractal design models.
The radius of the outer circle of the largest polygon is 50 mm.
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3. Experimental Procedure

Regarding the design preparation and testing of alumina ceramic/aluminum compos-
ites, the experiments performed can be broadly divided into the following steps.

3.1. 3D Printing Experiment

(1) A fractal structure was designed, using the Solidwork modeling software (Siemens
AG, GER), and imported into a 3D printer.

(2) The CeraBuilder160Pro ceramic laser 3D printer (Hubei Wuhan ILaser Inc., China)
and ceramic paste (iLaser Inc., CHN) were used, to fabricate the fractal structure
alumina ceramics. The specific printing parameters were as follows: the thickness of
the printing layer was 0.1 mm, the size of the laser spot was 140 µm, and the working
temperature was 25 ◦C. Then, the 3D printed-Al2O3 ceramics were put into an air
atmosphere box-type furnace (ksl1700x, Hefei Kejing Materials Technology Co., Ltd.,
China) to remove photosensitive resin. The steps to remove the photosensitive resin
were: first, the temperature was heated from room temperature to 300 ◦C at a rate of
1 ◦C/min and then kept stable for 120 min. Second, the temperature was heated from
300 ◦C to 550 ◦C at a rate of 0.5 ◦C/min and then kept stable for 120 min. Finally, the
temperature was heated from 550 ◦C to 800 ◦C at a rate of 2 ◦C/min, then kept it at
800 ◦C for 90 min, and then cooled to room temperature naturally.

(3) After removal of the photosensitive resin, the sample was sintered in a vacuum
sintering furnace, first at 3 ◦C/min to 1250 ◦C, held for 60 min, then at 2 ◦C/min
to 1600 ◦C, held for 90 min, then cooled at 2 ◦C/min. After cooling to 300 ◦C in the
furnace, the fractal Al2O3 ceramic structure was fabricated (Figure 4a). The entire
construction process is shown in Figure 5.
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3.2. Fabrication of Alumina Ceramic/Aluminum Composites

Powder metallurgy (PM) is a flexible technology for manufacturing near-clean shape
products. Traditional powder metallurgy usually involves three main steps: mixing of the
metal powder with a reinforcing agent, compaction, and sintering at high temperature [20].
However, due to the absence of local heating, conventional PM products have high porosity,
which further reduces the performance of these products [21]. Spark plasma sintering (SPS)
is an effective method for preparing composite materials [22]. Short time densification
and high local temperature limit undesired grain growth during SPS [23]. In addition, the
alumina layer on the initial particles is removed by spark application, which significantly
eliminates the porosity of the manufactured product [24]. Therefore, in this study, we chose
to use SPS to make the alumina ceramic/aluminum composite materials.

Commercial spherical aluminum powder (Shanghai Hushi, purity ~99.7%, particle
size ~38 µm) was used as the starting material. Table 1 showed the parameters of the raw
materials used in this experiment. Table 2 shows the chemical composition of the aluminum
powder. The experiment was divided into the following steps. First, 25 g pure aluminum
powder and alumina ceramic structure were charged and compacted in an SPS graphite
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mold, at room temperature and pressure, and then sintered in an SPS sintering furnace.
Sintering was carried out in a vacuum atmosphere, with a heating rate of 50 ◦C/min and
a pressure of 45 MPa. Finally, the sintering temperature reached 550 ◦C. After reaching
550 ◦C, the sintering temperature was held constant for 10 min. When the insulation was
completed, the sample was cooled to room temperature, under a pressure of 45 MPa, for 30
min. After the above steps, a disc-shaped sample, with a diameter of 50 mm and a thickness
of about 6 mm, was produced (Figure 4).

Table 1. The parameters of the raw materials used in this experiment.

Powder Type Particle Size/µm Purity/% Manufacturer

Al 38-40 99.7 Shanghai Hushi

Al2O3 2~3 99.9 Sumitomo chemical company

Table 2. Chemical composition of the pure aluminum powder used. (Information provided by
supplier).

Al Si Fe Cu Zn Mn Mg Ni

>99.7% <0.15% <0.2% <0.02% <0.02% <0.02% <0.02% <0.02%

In order to compare the performance difference between an aluminum matrix compos-
ite made by adding a fractal structure and traditional methods, we fabricated composites
with the same size and weight under the same sintering system. First, we used a balance
to measure the weight of each fractal structure, and then weighed the alumina ceramic
powder equal to the weight of the fractal structure. Secondly, we mixed alumina ceramic
powder and 25 g aluminum powder evenly, by the ball milling method. The uniform
powder was charged and compacted in an SPS graphite mold, at room temperature and
pressure, and then sintered in an SPS sintering furnace. The sintering system was the same
as above.

3.3. Test Means

Using an MSA324S-000-DU balance, the density of each sample, containing a different
fractal skeleton, was measured by the Archimedes drainage method. The thickness of
each sample before and after sintering was measured by Vernier caliper. In order to
observe the microstructure of the aluminum matrix composite with a fractal structure, the
middle part of the sintered sample was selected and cut into strips with dimensions of
3 mm × 4.5 mm × 36 mm. The cross-section of the sintered aluminum matrix composite
was ground with sandpaper, and polished with diamond suspension after grinding. A
scanning electron microscope (SEM, Hitachi 3400, Japan) was used to observe the fracture
and surface morphology of each sample. The compression properties of all samples
were tested on an electronic universal testing machine (MTS810, MTS, USA, loading rate
0.5 mm/min), and the displacement load curve of each sample was recorded. A micrometer
was used to measure the lateral displacement of the sample and we calculated Poisson’s
ratio. The elastic modulus of the sample was measured by an elastic modulus meter
(Grindosonic, Belgium). The shear frequency and torsional frequency of the sample under
impact were measured by the torsional modulus instrument (Grindosonic, Belgium), and
the torsional modulus of the sample was obtained by calculation. Figure 6 shows the test
instruments.
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4. Results and Discussion
4.1. Density

The sintering pictures of composite discs with different fractal structures are shown
in Figure 4b. It can be observed that, no matter what kind of fractal structure is used, the
composite keeps the disc shape. Figure 7 shows the density of the sintered aluminum
matrix composites with different fractal structures. For comparison, a pure aluminum
disk was made by SPS in the same way, and the density of the aluminum was known
(2.74 g/cm3) [25]. We compared the densities of the different samples and found that the
density of the aluminum alloy without a fractal structure was 2.7292 g/cm3, which is close
to the theoretical density, indicating that the sintering regime is reliable, while the densities
of the samples with fractal structures were higher than that without a fractal structure,
which is due to the fact that the density of alumina ceramic (3.62 g/cm3) is greater than
that of pure aluminum (2.73 g/cm3). The differences between the densities of the different
samples, are due to the mass of the fractal structure used. We calculated the theoretical
density of each sample based on the mass fraction of alumina ceramics, and found that
the actual densities were above 98% of the theoretical density values, indicating that the
fabricated composites were densified and reliable in performance.
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4.2. Microstructure

Figure 8 shows SEM images of the surface and cutting surface of the fabricated alumina
ceramic/aluminum composite. Figure 8a shows an SEM image of the surface of the pure
aluminum phase. The white substance is the lumpy precipitation phase of aluminum
powder when sintering. The production of the precipitated phase is related to the particle
deformation caused by the pressure and heating temperature. The pressure in the sintering
process causes a small amount of Fe, Cu, Mg, and other elements in the aluminum powder,
to precipitate out. When heated, these elements have a high melting point and do not
easily form a liquid phase. The black part is a pore that is not closed by sintering shrinkage.
Figure 8b–d shows SEM images of the cutting surface of the composite material, showing
the interface between the Al2O3 ceramic and the aluminum matrix, observed at different
magnifications. Figure 8b shows the interface phase at a resolution ratio of 400 µm. It can
be observed that there is no porosity and impurity arrangement on the interface of the
alumina ceramics, and the structure is tight and the porosity is low. Figure 8c,d shows the
interface at higher resolutions. At these resolutions, we can observe that ceramic particles
are distributed in the 3D printed ceramic lattice, with a maximum particle size of about
20µm. After sintering, the porous ceramic lattice has a rough and inhomogeneous lattice
organization due to the presence of a few pores. At the same time, a large number of
protrusions and depressions are generated, due to the cracking of the photosensitive resin
filled between the particles at high temperatures, which is responsible for the uneven
surface of the ceramic phase. It is known that at 800 K, since Mg is more reactive than Al,
Mg will react with O in Al2O3 to form MgO, therefore, the Mg atoms in the aluminum alloy
matrix will react with Al2O3 at the interface [26]:

3Mg + Al2O3→ 3MgO + 2Al
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Mg atoms in the aluminum matrix are continuously dispersed to the interface and
ceramic phase, and the O atoms of Al2O3 are dispersed to the aluminum matrix. Therefore,
the reaction products at the interface mainly contain Al2O3, MgO, and Al. The interfacial
reaction, and the generation of new substances, will produce a transition layer between the
alumina ceramics and the aluminum metal matrix, which makes the ceramic phase and
metal closely bonded. Therefore, we observed that there is no gap at the interface between
the ceramic phase and the aluminum matrix, and there is not a large number of pores and
impurities.

Figure 9a shows an SEM image of the cutting surface at a resolution of 10 µm.
Figure 9b–d shows the EDS distribution of the elements Al, O, and Mg, respectively.
It can be seen from the element distribution diagram that Mg is enriched on the aluminum
matrix side, while the content is less on the alumina ceramic side. The distribution of O is
more toward the alumina ceramic side and less on the aluminum matrix side. This shows
that Mg in the aluminum matrix disperses continuously to the interface and ceramic phase,
while O atoms of Al2O3 disperse to the aluminum matrix, and the existence of an interface
transition layer during sintering.
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4.3. Compression Strength

In this experiment, we put the pure aluminum and aluminum matrix composite discs
under the universal testing machine, and recorded the displacement–load curves of the
samples. At the same time, the elastic modulus of each sample was measured, by an elastic
modulus meter. Since too much load will make the deformation of the sample enter the
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stage where elastic deformation and plastic deformation act together, the maximum load
applied to each sample was 90 KN.

Figure 10a shows the displacement load curves of the pure aluminum sample and
samples with fractal structures, and the maximum load applied to each sample is 90 KN.
As can be seen from the figure, the fluctuation of the displacement–load curve is relatively
small and the curve is smooth, indicating that the whole sample has no structural damage
during the compression test. For aluminum matrix composites with powders as structural
units, the mechanical properties depend mainly on the bonding state between the powders.
The results show that the bond between the powders in each sample is good. Table 3 shows
the maximum displacement of each sample under the maximum load, and comparing the
relative density of each sample and the mass fraction of Al2O3 ceramics.
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Table 3. Relationship between maximum displacement and ceramic content.

Sierpinski
Al

3 4 5 6

Density/(g/cm3) 2.8504 2.9047 2.9675 2.9763 2.7292

Mass fraction 17.98% 24.57% 32.63% 33.75% 0

Maximum displacement/mm 1.1158 1.0772 1.0483 1.0277 1.18894
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Figure 10b shows the displacement–load curves for the samples containing the four
fractal structures, as well as the pure aluminum sample, under high loads (80–90 MPa).
Figure 10c shows the relationship between the Poisson’s ratio of the sample and the
mass fraction of the ceramics in the sample. It can be seen from the table and figure
that the addition of a fractal structure reduces the displacement of the composite under
the maximum load to varying degrees, among which, the fractal structure of Sier 6 has
the greatest influence, reducing the maximum displacement by 0.16124 mm, while the
fractal structure of Sier 3 has the least influence, where the maximum displacement is
only reduced by 0.07314 mm. With an increase in the ceramic content in the sample, the
maximum displacement of the sample under high load gradually decreased with the use of
different fractal structures, and the reduction ratio of displacement was between 6.15% and
13.56%. We hypothesize that the improvement in the compressive strength of the sample
was positively correlated with the ceramic mass fraction of the alumina containing ceramics.
To verify our conjecture, we tested the elastic modulus of each sample and plotted the
relationship between the elastic modulus and the ceramic mass fraction (Figure 10d).

As can be seen from Figure 10d, with an increase in the mass fraction of alumina
ceramics in the sample, the elastic modulus of the sample also increases, reaching a max-
imum of 341.48 GPa, with the increase of the elastic modulus ranging between 5.04 and
10.97%, indicating that the addition of an alumina ceramic fractal structure improves the
compressive performance of the composite. The influence of each fractal structure on the
compressive resistance is consistent with the mass proportion of the structure. The mass
fraction of alumina ceramic in the Sier 3 structure is 17.98%, and its increase in the elastic
modulus of the sample is 5.04%. The mass fraction of the alumina ceramic in the Sier 4
structure is 24.57%, and the increase in the elastic modulus of the sample is 8.13%. The
mass fraction of alumina ceramic in Sier 5 structure is 32.63%, and its increase in the elastic
modulus of the sample is 10.65%. The mass fraction of alumina ceramic in the Sier 6 struc-
ture is 33.75%, and its increase in the elastic modulus of the sample is 10.97%. According to
previous studies, Zamani et al. [27] prepared nano-Al2O3 particle-reinforced aluminum
matrix composites by a traditional powder metallurgy method, and analyzed the effects
of the Al2O3 content on the microstructure and mechanical properties of the aluminum
matrix composites. The results showed that the hardness and compressive strength of the
composites were improved with the increase in Al2O3 content. Nassar et al. [28] studied the
wear and mechanical properties of aluminum matrix composites reinforced by nano-TiO2
particles with different contents, and obtained similar strengthening laws. The results of
the above studies suggest that our result is reliable.

Through the previous part of research and literature reading, we concluded that the
main reasons for the improvement in the compressive strength of composite materials
containing an alumina ceramic fractal structure are as follows:

(1) The addition of a fractal structure of alumina ceramics reduces the defects in the
aluminum matrix. As can be seen from Figure 8a, there are defects such as pores and
precipitates on the surface of the aluminum matrix, while alumina ceramics have
fewer internal defects, due to solid sintering. After the ceramic structure is added, the
alumina ceramic is evenly distributed in the aluminum alloy matrix, which effectively
reduces the porosity and defects in the sample (Figure 11), hinders the plastic defor-
mation of the aluminum alloy matrix, and is conducive to the improvement of the
compressive strength.

(2) Al2O3 in the ceramic matrix reacts with Al and Mg in the aluminum matrix to form
a transition layer. The transition layer connects the aluminum alloy matrix to the
ceramic structure, enhances the interface bonding, and promotes the load transition
between the two. The robust Al2O3–Al interface can effectively carry out load transfer,
thus delaying the occurrence of interface depolymerization. When the matrix is under
pressure, Al2O3 will play the role of crack bridging, due to the strong bonding of the
Al–Al2O3 interface. Not only that, but the transition layer acts as a dense spherical
shell that protects the ceramic structure from damage. Therefore, the ceramic fractal
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structure can maintain the structural integrity under large compressive loads and
further hinder the occurrence of displacement.
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The fractal ceramic structures used in this study have ordered structures, while the
distribution of ceramic phases in traditional ceramic reinforced composites is homogeneous
and disordered. In order to compare the effects of ordered and disordered structures on
the mechanical properties of composites, we compared the elastic modulus of alumina
ceramic/aluminum composites prepared by adding alumina ceramic powder.

Figure 12 shows the comparison of elastic modulus. The two curves represent the
elastic modulus of the alumina ceramic composite reinforced with a fractal structure in this
experiment, and the elastic modulus of the alumina ceramic/aluminum composite made
with alumina ceramic powder. By comparing the elastic modulus of the composites made
by the two methods, with the same ceramic content, we found that the elastic modulus
of the composites strengthened with fractal structure ceramics are larger, indicating that
their compression performance is better. The reason is, that the fractal ceramic structures
used in this paper are ordered structures, while in the composite made of alumina ceramic
powder, the ceramic phases are scattered and disordered. Wan et al. [29], for example, made
alumina/aluminum composites with a pearl-like microlayer structure. They found that the
distribution of oxygen elements in the composite was uniform, which proved that alumina
was uniformly distributed in the aluminum matrix. Chen et al. [30] prepared a new type of
porous aluminum alloy composite and also found that the distribution of alumina in the
composite was uniform. This proves that ceramic phases in composites made of alumina
ceramic powders are scattered and disordered.
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Figure 12. The relationship between elastic modulus and ceramic content of alumina ce-
ramic/aluminum composites made by two different methods.

From the results of the elastic modulus, we can see that the addition of ordered
structure has a greater improvement on the compressive properties of composites, than that
of disordered structure. This is due to the structural characteristics of ordered structures,
and the fact that ordered structures have fewer defects after solid sintering, before making
composites.

4.4. Torsional Strength

As one of the important mechanical properties of metal and its composite materials,
torsional strength has not attracted much attention in the previous research on compos-
ite materials. In order to test the influence of ceramic fractal structure on the torsional
properties of aluminum, we used the torsional modulus instrument to measure the shear
frequency and torsional frequency of the sample under impact force, and then obtained the
torsional modulus, G, of the sample by calculation. G = 116.29 GPa for the pure aluminum
sample. Table 4 shows the torsional modulus of each composite and the mass fraction of
the fractal structure in each composite.

Table 4. Torsional modulus and ceramic content.

Mass Fraction of Fractal Structure G (GPa)

Sierpinski

3 17.98% 124.26

4 24.57% 129.53

5 32.63% 135.47

6 33.75% 136.50

Al 0 116.03
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According to the data obtained, the relationship between the mass fraction of the
fractal structure and the torsional modulus of the sample is plotted (Figure 13). It can be
seen from Figure 13 and Table 4 that the torsional modulus of the sample increases with
the addition of the fractal structure, indicating that the torsional properties of the sample
are enhanced, and the torsional modulus of the sample increases from 6.66% to 17.45%.
Moreover, with the increase in the mass fraction of the fractal structure contained in the
sample, the torsional modulus of the sample also gradually increases.
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We know that, one of the most important toughening mechanisms for ceramic/metal
composites is the crack bridging of the ductile tube ligament, in which an unbroken metal
layer straddles the crack wake and then pulls out [31]. The unfractured metal toughens
the composite, by resisting crack opening displacement. When the metal ligament finally
breaks, the ceramic begins to pull out of the metal phase, causing frictional sliding, which
dissipates the strain energy [32]. In addition, the “multiple cracking” fracture mode also
contributes to the cracking resistance of the composite [33]. Multiple cracks reduce crack
tip stress, due to greater damage distribution and higher energy absorption, resulting in
higher toughness. Le et al. [34] studied the high-cycle fatigue behavior of three kinds of
cast aluminum alloys with different microstructure characteristics, under axial, torsional,
and proportional tension-torsional loading conditions. Under different loading conditions,
the fracture of all failure samples was caused by defects. Under axial loading, the location
of initiation defects on the whole section is random, while under torsional loading, the
location of initiation defects is near the surface. This is due to the difference in volume at
high stresses, under different loading conditions. The entire section is in a high stress state
when loaded axially, while there is a stress gradient when loaded torsionally, and only the
outer region is in a high stress state [35].

The principle of adding fractal structure ceramics to improve the torsional perfor-
mance is as follows: with the addition of the parting structure, the porosity of the original
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aluminum matrix is reduced to a certain extent, the number and distribution of internal
defects are improved, and the torsional performance is improved. In addition to the crack
mode, the influence of the interface strength is also significant. It is well known that
interface strength plays a key role in the toughening of ceramic/metal composites [36].
At the same time, due to the different mass fraction of the fractal structure, the contact
area between it and the aluminum matrix is also different. The larger the mass fraction of
the fractal structure, the more complete the contact between it and the aluminum matrix.
As described in the previous chapter, the interface between the ceramic phase and the
aluminum metal creates a layer of transition, which enhances the interface bonding and
promotes the load transition between the two. Therefore, the larger the mass fraction of
the fractal structure, the stronger the interface bonding. It is known that crack initiation
occurs on the surface farthest from the center of rotation, under torsional fatigue [37]. The
annular features are formed due to shear stress and abrasion between the two separated
surfaces. These annular features converge towards the central region of rotation, where
the final rupture occurs. In the final fracture zone, equiaxial dimples appear, and they
are formed due to local ductile fracture of the material [38]. Therefore, the existence of
the transition layer between the ceramic phase and the metal phase can hinder the crack
development and promote the deflection or bridging of the crack [39]. The crack expands in
the Al grain and terminates in the adjacent Al2O3 grain, showing obvious crack passivation
characteristics [40]. At the same time, the transition layer may cause crack propagation
and deflection, thus consuming more energy [41]. Since crack initiation occurs on the
surface farthest from the rotation center, the transition layer of a fractal structure with a
larger mass fraction is in contact with the crack earlier than that of a fractal structure with
a smaller mass fraction, that is, it has a greater impact on crack growth and load transfer.
This explains why the addition of a fractal structure with a larger mass fraction, can lead to
a greater improvement in the torsional properties of the sample.

We also calculate the torsional modulus of the composite with a homogeneous ceramic
phase at the same ceramic content. Both groups of curves tend to be linear, indicating
that the addition of the ceramic phase uniformly enhances the torsional properties of the
composites. Under the same ceramic content, the torsional modulus of the composite
with a fractal ceramic structure is greater than that of the composite with a homogeneous
ceramic phase. The results show that the fractal structure is more effective than the
homogeneous ceramic phase in enhancing the torsional properties of composites, and the
ordered structure is more effective than the disordered structure in enhancing the torsional
properties of composites.

By comparing the effects of fractal structures on the elastic modulus and torsional
modulus, it is found that the influence of fractal structures on the torsional properties
of composites is greater than that on their compressive properties, when the composites
contain the same fractal structures.

5. Conclusions

In this paper, four kinds of fractal structures: triangle, square, pentagon, and hexagon,
were designed and fabricated. Using SPS technology, the ceramic fractal structures and
aluminum powder were fabricated into aluminum matrix composites, with certain mechan-
ical properties. The following conclusions were obtained by testing various mechanical
properties of the ceramic fractal structures.

(1) The results of SEM and elemental analyses show that the addition of a fractal structure
reduces the defects of the aluminum matrix, and the interface reaction produced by
sintering will produce a transition layer between the alumina ceramic and aluminum
matrix, so that the ceramic phase and metal bond closely.

(2) The addition of a ceramic fractal structure can improve the compressive and tor-
sional properties of composite materials. The increase range of the elastic modulus is
5.04–10.97%; the increase in the torsion modulus is 10.65–34.97%.
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(3) A fractal ordered structure enhances the mechanical properties of composites more
than a homogeneous structure. When the composite materials contain the same fractal
structure, the influence of the fractal structure on the torsional properties is greater
than that on the compression properties.
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Abstract: The plate-like iron-rich intermetallic phases in recycled aluminum alloys significantly
deteriorate the mechanical properties. In this paper, the effects of mechanical vibration on the mi-
crostructure and properties of the Al-7Si-3Fe alloy were systematically investigated. Simultaneously,
the modification mechanism of the iron-rich phase was also discussed. The results indicated that
the mechanical vibration was effective in refining the α-Al phase and modifying the iron-rich phase
during solidification. The forcing convection and a high heat transfer inside the melt to the mold
interface caused by mechanical vibration inhibited the quasi-peritectic reaction: L + α-Al8Fe2Si→
(Al) + β-Al5FeSi and eutectic reaction: L → (Al) + β-Al5FeSi + Si. Thus, the plate-like β-Al5FeSi
phases in traditional gravity-casting were replaced by the polygonal bulk-like α-Al8Fe2Si. As a result,
the ultimate tensile strength and elongation were increased to 220 MPa and 2.6%, respectively.

Keywords: modification mechanism; iron-rich phases; mechanical vibration; Al-7Si-3Fe alloy

1. Introduction

Aluminum alloys are widely used in the transportation, aerospace, building, and
packaging industries due to their lightweight properties, high specific strength, high cor-
rosion resistance, and excellent recyclability [1–3]. In the aluminum industry, applying
recycled raw materials reduces energy consumption by more than 95%. Recently, recy-
cled aluminum alloys have been regarded as an alternative to crude aluminum under
the background of carbon neutrality. Unfortunately, the Fe element is an inevitable and
harmful impurity present in recycled aluminum alloys, and it is easily enriched during
aluminum alloy recycling [4–6]. Various brittle iron-rich intermetallic phases such as Al3Fe
(θ), Al8Fe2Si (α), and Al5FeSi (β) formed in the recycling process; among the plate-like
or needle-shaped β-Al5FeSi phase (β phase) not only split matrix but also promote the
formation of casting defects, such as pore and shrinkage porosity. These can act as locations
of high-stress concentrations and severely deteriorate the performance of the recycled
aluminum alloys [7–9]. However, the iron-rich phase is also an ideal strengthening phase
for recycled aluminum, which results from its high hardness, good wettability with the
matrix, and thermal stability [10]. Therefore, modifying the iron-rich phases will extend
the application of recycled aluminum alloys.

With regard to reducing the disadvantages of plate-like iron-rich phases, many re-
searchers have been interested in modifications. It has been proved that the morphology of
the iron-rich phase can be modified by melt treatment [5,11], neutralizing elements addition
(such as Mn, La) [12,13], rapid solidification process [14,15], and melt superheating [16,17].
Thus, the plate-like iron-rich phases are replaced by Chinese-script, star-like, or polygonal
bulk-like phases, which lead to an increase in UTS and elongation of recycled aluminum.
However, the addition of neutralizing elements may form coarse phases, which could
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reduce the properties of the alloy. For example, Song et al. [12] point out that when the
Mn content was higher than 0.93% in the Al-7Si-1.2Fe alloy, the plate-like Fe-rich phase
was eliminated, but the size of the star-like Fe-rich phase increased, which reduced the
ductility. The research [13] shows La additions can refine effectively the β-Fe phase in
Al-7Si-4Cu-0.35Mg-0.2Fe, while exceeds 0.15 wt.%, the β-Fe and La-rich particles are crack
initiation sources and mainly affect the final failure. In addition, neutralizing elements
addition can also affect the recycling of aluminum alloys. Meanwhile, the applications of
rapid solidification and melt superheating are also limited because of their higher costs and
complicated processes.

It is well known that melt treatment is a relatively simple method in comparison
with other processing and can effectively improve the properties of alloy [5,11,18]. During
solidification, the melt is usually treated by mechanical vibration, ultrasonic waves, electro-
magnetic fields, and so on. Among them, mechanical vibration treatment has attracted more
and more attention, thanks to its simple and low cost without introducing a new element.
It has been proven that [19–23] mechanical vibration can refine grains due to the promotion
of nucleation, reduce shrinkage porosities due to improving metal feeding, modify the
second phase, and produce a more homogenous metal structure. These improved features
can effectively enhance mechanical properties and lower susceptibility cracks. For example,
after applying mechanical vibration to A356 alloy, the coarser dendrites transformed into
fine and uniform equiaxed grains, and eutectic Si particles were refined, which increased
the tensile strength, yield strength, elongation, and hardness by 35%, 42%, 63%, and 29%,
respectively [20]. When the mechanical vibration range of 30~50 Hz is applied to LM25
aluminum alloy, the inner casting defects reduce and become smaller, and the scattering
of mechanical properties is enhanced [21]. The flaky structure of aluminum transforms
to fibrous by applying mechanical vibration of 100 HZ and 149 µm to Al-12Si alloy [22].
However, it is not clear whether mechanical vibration during solidification will modify the
iron-rich phases in the Al-Si-Fe alloy.

The aim of the present work was to investigate the effect of mechanical vibration
on the morphology and size of α-Al and the iron-rich phases of Al-7Si-3Fe. In addition,
the mechanism of mechanical vibration on the morphology of the iron-rich phase was
discussed by OM, SEM, XRD, the Thermo-Calc software, and so on.

2. Experimental

The raw materials were pure Al, Al-20 wt.%Si, and Al-20 wt.%Fe master alloy. The
amount of pure Al, Al-20 wt.%Si, and Al-20 wt.%Fe master alloy were melted in a graphite
crucible in an electric resistance furnace under 750 ◦C, and then the melt was degassed
for 10 min with argon gas at 720 ◦C. After holding for 10 min at a temperature of 680 ◦C,
the melt was poured into a stainless-steel mould, which was installed on a mechanical
vibration device. The schematic diagram of the mechanical vibration device is shown in
Figure 1. Subsequently, the mechanical vibration device was launched until the melt was
totally solidified. The vibration conditions were frequency (30 Hz), amplitude (0.6 mm),
and direction (vertical). The as-vibration cast Al-7Si-3Fe alloy was obtained (marked as
as-vibration). For comparison, some of the melt was solidified under the same condi-
tions without mechanical vibration, and the traditional cast Al-7Si-3Fe alloy was obtained
(marked as as-cast). The chemical compositions of as-vibration and as-cast alloys were
analyzed by an X-ray fluorescence (XRF) analyzer, as shown in Table 1.

Table 1. Chemical compositions of Al-Si-Fe alloys.

Alloy
Mass Fraction/%

Si Fe Al

As-cast 6.62 2.86 Bal.
As-vibration 6.47 2.87 Bal.
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The solidification sequences of the Al-Si-Fe ternary system alloy were calculated using
the TCAL4 database within the Thermo-Calc software with the assumption of equilibrium
solidification under the condition of complete diffusion and redistribution of all solute
atoms. The cooling curves of the alloy were measured by a thermocouple and datalogger.
The thermocouple fixed by the holder was inserted into the melt during solidification
and connected to the datalogger, which was used to record the data. Especially, the
thermocouples were calibrated against the melting of pure aluminum, and the datalogger
included a temperature measurement module and data recording software. Additionally,
the cooling curves of the alloy were obtained based on the measured data.

Specimens for the metallographic examination were grinded through water matter
paper, polished with 1.5 µm diamond grinding paste, and then etched with a solution
of 1% hydrofluoric acid. Before observation of the three-dimensional morphology, a 10%
sodium hydroxide solution was used to dissolve the Al matrix (0.5–1 h) in order to expose
more of the Fe-phases embedded inside the Al matrix. The microstructures of Al-7Si-3Fe
alloy were surveyed by a Zeiss Observer A1m optical microscope (OM), a Zeiss Evo MA10
scanning electron microscope (SEM, Carl Zeiss AG, Oberkochen, Germany) equipped
with an Oxford X-Max 50 mm2 energy dispersive spectroscope (EDS, Oxford Instruments,
Oxford, UK), and a Smartlab 9Kw X-ray diffraction (XRD, Rigaku Corporation, Tokyo,
Japan). The samples were machined into a tensile testing rod with a diameter of 5 mm and
a gauge length of 25 mm. The tensile tests were carried out at room temperature using
an MTS model E45 testing machine at a loading velocity of 1 mm/s. The ultimate tensile
strength (UTS) and elongation to fracture are the average values of at least three individual
repeated tests.

3. Results and Dicscussion

Figure 2a shows the XRD patterns of the Al-7Si-3Fe alloys. It is found that the as-cast
and as-vibration Al-7Si-3Fe alloys consist of α-Al, Si, and iron-rich phases, especially the
β-Al5FeSi phases in the as-cast alloy, which are replaced by the α-Al8Fe2Si phases in the
as-vibration alloy. In addition, it is obvious that the iron phases in the as-cast alloy are
elongated, while those in the as-vibration alloy are polygonal, as shown in Figure 2b,c.
Subsequently, the element contents of phases A and B in Figure 2b,c are analyzed by
EDS, and the results are shown in Table 2. It is found that the Fe/Si ratio is about 1 in
the plate-like phase (A) and 1.9 in the polygonal bulk-like phase (B). According to the
literature [24], the Fe/Si ratio is about 1 for β-Al5FeSi, and 1.9 for α-Al8Fe2Si in Al-Si-Fe
alloys. Thus, it is confirmed that the plate-like phases in the as-cast alloy are β-Al5FeSi and
the polygonal bulk-like phase in the as-vibration alloy is α-Al8Fe2Si (comparing Figure 2b,c).
According to references [8,25], the difference in morphology of the iron-rich phase is due
to the β phase belonging to the monoclinic lattice crystal structure, while the α phase is a
hexagonal lattice.
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Figure 2. XRD (a) and SEM images of as-cast Al-7Si-3Fe alloy (b) and as-vibration (c).

Table 2. EDS results of the different iron-rich phases in Al-7Si-3Fe alloys.

Alloy Phase
Atomic Percentage Phase

FormulaAl Si Fe

As-cast A 71.02 15.69 13.29 β-Al5FeSi
As-vibration B 70.42 10.14 19.44 α-Al8Fe2Si

Figure 3 shows OM graphs of as-cast and as-vibration Al-7Si-3Fe alloys and the
detailed three-dimensional shapes of the β-Al5FeSi and α-Al8Fe2Si phases. As shown in
Figure 3a, in the as-cast alloy, the microstructure consists of the developed α-Al dendrites
and the thin and long plate-like β-Al5FeSi phases. The later ones are distributed throughout
the matrix, which split it and led to a severe decrease in properties. In the as-vibration alloy,
the coarse α-Al dendrites are refined, and the coarse dendrites transform into a fine and
uniform rose-like grain, while the thin and long plate-like β-Al5FeSi phases are replaced
by the polygonal, bulk-like α-Al8Fe2Si phases, as shown in Figure 3d. In addition, it is
found that a small amount of short rod-like β-Al5FeSi phase is in the matrix (Figure 3d).
The polygonal bulk-like phase and short rod-like phase are mainly distributed in the grain
junction or grain boundaries (Figure 3d), which reduces the disadvantage of the properties
of the alloy. To further understand the iron-rich phase, the detailed three-dimensional
shapes are shown in Figure 3b,c,e,f. It is visible that the β-Al5FeSi phase exhibits a plate-like
structure, with an average width of ~10 µm, especially, some plates cross each other and
form a network structure, as Figure 3b,c. Dinnis et al. [26] has observed by serial sectioning
that the needle-like β-Al5FeSi phase in the 2D radiographs is actually plate-like and the
plate-like phases form complex and interconnected network structure each other. After
vibration, the 3D morphology of iron-rich is mainly a polyhedral structure, as shown in
Figure 3e,f. According to Gao [27], the 3D morphology of the blocky α-AlFeSi particles
indicates an obvious polyhedral shape from the corresponding fractography image. The
tensile tests of as-cast and as-vibration alloys show that after applying vibration, the
ultimate tensile strength and elongation increased from 190.6 MPa and 1.6% to 220 MPa
and 2.6%, respectively.
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Figure 4a indicates the solidification sequence of the Al-7Si-3Fe alloy based on Thermo-
Calc software. The α-Al8Fe2Si phase first begins to crystallize at 658 ◦C, as shown in
Figure 4a. As the temperature drops, the α-Al8Fe2Si phase continues to precipitate. When
the temperature drops to 613 ◦C, the (Al) begins to form because of the decrease in Si and
Fe in the liquid. As Si increases in the remaining melt and the temperature drops to 611 ◦C,
the α-Al8Fe2Si phase begins to transform into the β-Al5FeSi phase and a quasi-peritectic
reaction occurs (L + α-Al8Fe2Si → (Al) + β-Al5FeSi). When the temperature decreases
to 574 ◦C, the liquid composition moves to the eutectic point, and the eutectic (Al), (Si),
and β-Al5FeSi phases crystallize until all of the liquid is exhausted. These solidification
reactions are consistent with those reported in References [8,9]. Figure 4b shows the cooling
curves of the as-cast and as-vibration alloys measured by experiment. It can be seen from
Figure 4b that the as-vibration melt has a higher cooling rate, and the cooling rate played
a critical role in the control of the solidification structure. Liu [14] indicated the coarse
iron-rich intermetallics were refined to a significant extent by increasing the cooling rate.
In addition, Figure 4b suggests the α-Al8Fe2Si phase has earlier precipitation time under
vibration, compared with traditional casting.

First, the vibration promotes the formation of free crystals. According to crystal
dissociating theory [28], some grains formed on the mold wall and the cooling liquid
surface are more easily free to melt under the forced convection, which promotes the
formation of grain. Additionally, it is well known that forced convection is induced by
vibrations in the melt. Therefore, based on the solidification sequence in Figure 4a, the first
precipitation α-Al8Fe2Si phases move toward melt in forced convection, and then the new
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grains continue to form in the mold wall and the cooling liquid surface. As a result, a large
number of α-Al8Fe2Si phases formed in the melt, as shown in Figure 5a.
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As mentioned above, the plate-like β-Al5FeSi phases are substituted by the polygonal
bulk-like α-Al8Fe2Si phases in an as-vibration alloy (as shown in Figures 2 and 3). The
following three reasons are responsible for the modification mechanisms and the schematic
drawing in Figure 5.
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Figure 5. The schematic diagram of the transformation mechanism of iron-rich phase: (a) free crystal,
(b) heterogeneous nucleation, and (c) element diffusion in quasi-peritectic reaction.

Second, the vibration promotes heterogeneous nucleation. References [28,29] show
that forced convection caused by vibration can eliminate the difference in temperature and
composition field in the melt, and the whole melt is in an undercooling state. In this case, a
large number of effective nucleation sites can carry out heterogeneous nucleation in the melt,
which increases the heterogeneous nucleation rate of the α-Al8Fe2Si phase (as shown in
Figure 5b). In addition, Que et al. [30] reported that the possible heterogeneous nucleation
substrates for the primary iron-rich intermetallic compounds are the casting mould wall
and the native and in-situ oxides. Similarly, some research [31,32] also suggested that
iron-rich intermetallic compounds can nucleate on the outer surface of oxide bi-films and
xoides, by observation of direct contact. As we all know, the oxides are easily formed on
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the melt surface during the solidification process of aluminum alloy, and then the oxides
on the melt surface are continuously introduced into the melt by vibration, thus promoting
heterogeneous nucleation. Meanwhile, the oxides formed on the mould wall are washed
down by vibration and move toward melting, which promotes nucleation.

Third, the vibration can improve the growth rate. As we all know, the vibration can
induce a high heat transfer inside the molten metal to the mold interface, which leads to a
high cooling rate of the melt, as shown in Figure 4b. A large number of α-Al8Fe2Si phase
nuclei formed previously grow rapidly at a higher cooling rate. Reference [33] shows that
when the α-Al8Fe2Si achieves to a certain size, it is difficult to transform to the β-Al5FeSi
through quasi-peritectic due to the hindrance of atomic diffusion (Figure 5c). However, not
all α-Al8Fe2Si phase nuclei grow to a certain size rapidly under vibration; there are still
some α-Al8Fe2Si phases that transfer to β-Al5FeSi phases by quasi-peritectic reaction, such
as some short rod-like β-Al5FeSi phases in Figure 3d.

Above all, it is found that the quasi-peritectic reaction step of 614 ◦C disappears, as
shown in Figure 4b, which indicates the quasi-peritectic reaction was hindered by vibration.
Meanwhile, a lot of Fe and Si elements are consumed due to free crystals, and the high
nucleation and growth rate of the α-Al8Fe2Si phase limit the eutectic reaction L→ (Al)
+ β-Al5FeSi + Si. At the same time, Figure 4b shows that the eutectic reaction time of
574 ◦C decreases under vibration. According to the solidification sequence (Figure 4a),
the β-Al5FeSi phase is formed mainly by quasi-peritectic reaction and eutectic reaction.
As result, the plate-like β-Al5FeSi phases are difficult to crystallize during solidification.
However, there is still a small number of β-Al5FeSi phases in the matrix, and these are
refined to short rod-like, as shown in Figure 3d, due to the higher cooling rate under
vibration. According to [34], the relationship between cooling rate and grain size is given
by:

GS = a×CR−b (1)

The value of b is in the range of 0.3–0.6. Thus, the calculated formula is:

GS = 34.7×CR−0.5 (2)

Based on the above formula, the higher cooling rate can refine effectively grain. Mean-
while, the coarser α-Al dendrites are refined to a fine and uniform rose-like grain under
vibration, as shown in Figure 3a,d. Therefore, applying vibration to the melt during solidi-
fication can effectively modify the iron-rich phase and refine the iron-rich phase and α-Al
dendrites, which improve the properties of the alloy.

4. Conclusions

The modification behavior and mechanism of mechanical vibration on the iron-rich
phase in an Al-7Si-3Fe alloy were investigated. The main findings are as follows:

(1) When the mechanical vibration (frequency: 30HZ, amplitude: 0.6 mm, direction:
vertical) was applied on the Al-7Si-3Fe alloy during solidification, the coarse α-Al dendrites
were refined to the fine and uniform rose-like grain, and the primary plate-like β-Al5FeSi
transformed to polygonal bulk-like α-Al8Fe2Si. The ultimate tensile strength and elongation
were increased to 220 MPa and 2.6%.

(2) The solidification sequence of Al-7Si-3Fe alloy based on the Thermal-Calc was
L → α-Al8Fe2Si (658 ◦C), L → α-Al8Fe2Si + (Al) (613 ◦C), quasi-peritectic reaction: L +
α-Al8Fe2Si→ β-Al5FeSi (611 ◦C), and eutectic reaction: L→ (Al) + β-Al5FeSi + Si (574 ◦C)

(3) When applying vibration during solidification, the cooling rate of the Al-7Si-3Fe
alloy increases, and the quasi-peritectic reaction step of 614 ◦C disappears. This is mainly
due to a forced convection and a higher heat transfer caused by vibration.
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Abstract: In recent times, particularly in applications used to build various structures for construction
purposes or machines, solid sections have been gradually replaced by hollow sections due to their
attractive features such as being light weight and having high specific strength. In the present
investigation, an attempt was made to investigate, in detail, the flexural capability of aluminium
hollow tubes (AHTs) with square cross-sections. The objective of the investigation was to study the
influence of stress concentration on the flexural behaviour of the hollow tube. The stress concentration
factor considered in this investigation was holes of various cross-sections and quantities. Three-point
bending tests with concentrated loads were conducted on specimens of a hollow tube with different
stress concentrations such as circular holes, multiple circular holes, square holes and perforations. The
load was applied manually during the bending test with appropriate increments. The bending test
was carried out on specimens with support spans of 110, 130, 170 and 200 mm. The output measures
of the study were maximum bending load, deflection and flexural stiffness. The output measures
were analysed in detail in order to recommend the type and nature of stress concentration in a hollow
tube applied to structural applications to ensure the safest workability. The flexural stability of the
tube was analysed by experimental and numerical procedures, and the results were validated using
an analytical approach. It was found that the results of all the approaches complement each other
with a low significance of error. AHTs with a circular hole, multiple circular holes and perforations
were observed to have better flexural stability than other AHTs such as AHTs with square hole and
plain AHTs.

Keywords: hollow tube; flexural strength; stress concentration; flexural stiffness; bending load

1. Introduction

In recent times, most of the engineering applications in the automobile, aerospace,
structural member, etc., industries have consistently replaced conventional bulk materials
with high-performance and high specific-strength materials such as super alloys and
composites and are slowly replacing the solid sections with hollow sections, which not only
minimizes the amount of material used in construction but also increases their strength
and stability by several times, meeting the desired requirements for which it is intended
for. Conventional bulky materials such as steel and iron were replaced by aluminium
alloys, magnesium alloys, stainless steel, composite materials, etc., which offer superior
specific strength and are economical too. The structural members used in engineering
applications are available in many sections, either in the solid or hollow types. Hollow
sections have more specific strength than that solid sections. Hollow sections are lighter
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than solid sections and, therefore, mostly preferred in many structural applications. Square
and circular hollow tubes have many applications in the area of multidirectional loading
due to their uniform geometry along two or more cross-sectional axes. This, in turn, has
uniform strength across the complete structure, which makes them good choices for many
structural applications. In spite of heat treatment and super finishing of the materials used
in the structural applications, certain machining operations such as drilling, threading,
riveting, etc., are mandatory in the case of assembling the structures. These secondary
machining operations include the concentration of heavy stress at localized spots around
the discontinuities such as holes, notches, etc., that exist in the members for fasteners or
any assembly work [1–3]. This type of discontinuity is very difficult to eliminate in the
assembly and leads to the concentration of stress at localized spots called stress risers.
Stress concentration plays a vital role in affecting the performance of the structure. Stress
concentration is the acquisition of a large quantity of stress across a structural member in a
particular location due to a sudden change in the geometry or some kind of interruption.
Sharp corners, cracks, holes, notches, etc., increase localized stress at the specific location
around the interruption, which may lead to failure of the member. The influence of stress
concentration need not be the same for solid and hollow sections. The type of stress
concentration in the structural member subjected to various loads such as axial, bending
and shear, greatly influence the flexural performance [4]. This work was an attempt to
investigate, in a detailed manner, the influence of stress concentration in hollow sections
subjected to bending load. A significant amount of research has been performed in the
area of structural analysis for various sections against various loads including bending;
however, flexural stability analyses of hollow sections and comparisons of the results with
analytical and numerical analyses to minimize error have not been explored in depth.

A hollow section used for a structure is a type of construction used in many structural
applications. It can be circular, square, rectangular, or any other section based on the need.
Square and circular hollow tubes have many applications in the area of multidirectional
loading due to the uniform geometry along two or more cross-sectional axes. They have
uniform strength across the complete structure, which makes them good choices for many
structures [5–8]. They also have high resistance to torsion. Zingaila et al. [2] analysed
the flexural behaviour of concrete UHPFRC/RC composite members and found that com-
posite beams have enhanced flexural capacity, reduced crack dimensions and increased
stiffness compared to that of RC beams. The three-point bending strength of thin silicon
dies was evaluated by Tsai et al. [3] for its non-linearity behaviour during bending and
concluded, finally, that the correction factor considered in the non-linearity theory highly
depends on the deflection, span length, elastic modulus and thickness of the specimens.
Wang et al. [5] analysed the tensile and compressive behaviour of carbon fibre-reinforced
polyphenylenesulfide composites and found that the strength of the composite material
was influenced more by the temperature than the stiffness of the fibre content in the com-
posite. The failure of the composite material was due to the temperature gradient, which
was evident from the SEM micrographs. The macro-fracture morphologies from the SEM
micrographs illustrated the multiple failure modes due to thermal stress induced in the
composite material. Lin et al. [7] compared the flexural behaviour of concrete-filled steel
tubular frames with conventional reinforcement concrete structures and analysed various
factors that influence the flexural behaviour of these structures. It was concluded in such a
way that certain design modifications could be incorporated for the reasonable failure of
steel-reinforced concrete members. Tuan et al. [9] have conducted the three-point bending
test on concrete-filled steel tubes and observed that the buckling across the tube was de-
layed due to concrete. In addition, the concrete and steel in the structure complemented
each other; therefore, the ductility of concrete was improved by steel, and the compression
behaviour of steel was improved by concrete. Aydna et al. [10] investigated the bending
and shear performance of the composite fabricated by pouring the waste polymer into the
cold-formed I and U profile melds after homogenous pulping. The improved adherence
between the steel and polypropylene increased the shear and bending capability. Changing
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the cross-sectional area in I and U beams under bending influenced the load at yielding,
ductility and energy dissipation capacity. The addition of CFRP in I beams significantly
increased the bending resistance in the free end region under the shear force. The addition
of GFRP bars with better flexibility in I and U beams caused more ductile behaviour than
CFRP bars. Zahedi et al. [11] performed their investigation on the flexural behaviour of steel
tubes wrapped with carbon-reinforced polymer. Dimensional error was analysed during
the study and found that the strength and stiffness were appreciably increased by using FRP
laminates around the steel tube. Many research findings are available in this field of hollow
tubes, with or without filling, and a considerable amount of scientific concepts and theories
have been offered. Some of the important findings from the literature review include that
the flexural behaviour of a hollow tube was greatly influenced by the cross-section of the
tube, flexural strength of hollow tubes was improved by replacing conventional materials
with composite tubes, numerical analysis using ANSYS for flexural testing helps to predict
the performance accurately, and the flexural behaviour of a hollow tube using numerical
analysis was compared with experimental testing and found to complement each other. The
details of the experimentation of the present study are explained in the next section [9,12–16].

2. Experimentation

The flexural behaviour of hollow tubes was investigated. The material used in the
investigation was commercially available aluminium hollow tubes of square cross-section
with dimensions of 20 × 20 × 1.5. The aluminium used in the hollow tube was Al 6061.
The composition and properties of AA 6061 are shown in Tables 1 and 2, respectively.

Table 1. Chemical composition of AA6061.

Chemical Element % Present

Manganese 0.0–0.15
Iron 0.0–0.7

Magnesium 0.80–1.2
Silicon 0.40–0.8
Copper 0.14–0.4

Zinc 0.0–0.25
Titanium 0.0–0.15

Chromium 0.04–0.35
Others 0.0–0.14

Aluminium Balance

Table 2. Properties of AA6061.

Property Value

Mass density 2.7 g/cm3

Melting Point 652 ◦C
Thermal expansion 23.4 × 10−6/K

Modulus of Elasticity 71 GPa
Thermal conductivity 168 W/mK
Electrical resistivity 0.042 × 10−6 Ωm

Proof stress 245 MPa
Tensile strength 255 MPa
Brinell hardness 94.5 HB

The flexural capability of the aluminium hollow tubes (AHTs) was investigated in
detail by conducting three-point flexural tests in a Universal tester machine of 20 kN
capacity (Supplier: Gunt, Hamburg, Germany). A concentrated load was applied at
the mid span of the specimen, perpendicular to the axis of the tube. The analysis of
flexural capability of AHTs was carried out as a plain specimen and specimen with stress
risers as well. Holes of different shapes and types were introduced to the AHTs in order
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to investigate their influence on the flexural capability of the specimen. Five different
types of specimens were used in this flexural study. Plain AHTs, AHTs with a through
square hole at the midspan on one of the lateral faces with dimension 10 mm, AHTs
with through circular hole at the midspan on one of the lateral faces with dimension
5 mm, AHTs with multiple circular through holes at the midspan equally spaced on one
of the lateral faces with dimensions 10 mm and 5 mm, and AHTs with perforations of
multiple through holes of diameter 10 mm and 5 mm on adjacent lateral faces equally
spaced throughout the length. Each test was repeated three times to obtain the results
more accurately. The experiment was performed at normal room temperature, and the
load applied during the test was manual. The output of the flexural test was taken
through a data acquisition system (DAQ), attached to the machine and displayed. The
performance measures considered in the flexural test were bending load, deflection and
flexural stiffness. The critical bending load capacity and deflection were measured at
the midspan of the specimen. The critical bending load was considered an indicator
of the maximum resistance offered by the specimen against bending with minimum
deflection. The flexural stiffness was calculated using the empirical relation between
the critical bending load and the deflection. It was the measure of resistance against
deformation, which was greatly influenced by the geometrical properties of the specimen
and the loading characteristics. The schematic diagram of flexural test setup is shown in
Figure 1a, and the cross-section of the specimen is shown in Figure 1b. The total length
of the specimen was 300 mm, and the supports were placed at a distance of 15 mm from
the end of the specimen on each side so that the effective length of the specimen under
bending was 270 mm. The support rollers were 10 mm in diameter, and the contacts
between the supports and the specimen were taken as point contacts with negligible
friction. The thickness of all the specimens were 1.5 mm. The roller through which the
bending load was applied was also of 10 mm in diameter, and the contact between the
loading roller and the loading ram was also ignored during the experimentation. The
experimental setup is shown in Figure 2. The same experimentation was also confirmed
through a numerical approach using the ANSYS software package. The flexural test
setup with the specimen was modelled using the SOLIDWORKS package and imported
to ANSYS and analysed. Appropriate boundary conditions and constraints suitable for a
three-point bending test were applied as per the standard procedure, and the analysis
was carried out. Fine mesh with tetragonal elements of size 1 mm was employed in
the finite element study. The load was treated as a concentrated type applied at the
midspan of the beam in the transverse direction. The friction between the loading roller
and the beam and between the supporting rollers and beam were ignored in the finite
element study. This was due to the fact that the bending load was static. The load
was applied on a regular and gradual increment basis of approximately 1 kN in each
step. The test was repeated twice with the same load in order to ensure consistency
of the results. The sensitivity of the element or mesh size was determined based on
the literature and the dimensions of the AHT tube used in the study [17]. The material
properties used in the experimental approach and the analytical approach were also
used for the numerical analysis. Each and every specimen was tested numerically for
different support spans under static flexural analysis [8,10,11,18–20]. The experimental
bending load was applied to the specimen, and the maximum deflection was noted from
the ANSYS results in order to confirm the accuracy of the test output. The model was
created using a similar setup to the experimental approach. Bottom rollers were used as
supports, whereas the top roller was used to apply the transverse load during the flexural
test. The flexural performance of AHTs was validated using an analytical approach with
the help of fundamental relations governing the flexural behaviour of a structure.
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3. Results and Discussions

The flexural performance measures such as maximum bending load, maximum deflec-
tion and flexural stiffness, which were determined experimentally, are shown in Table 3.
From the graphical illustrations shown in Figure 3a–c, it was observed that both the support
span and type of discontinuity have significant effects on the flexural stability of AHTs. The
support span aspect ratio S/t = 73.33 resulted in better flexural performance compared to
that of other aspect ratios, irrespective of the type of discontinuity in the AHT. The lowest
bending load capacity was observed for AHTs with square hole, which was attributed to
the fact that the sharp corners of the square hole with stress concentration factors of 1.01
increased the concentration of stress around the discontinuity to the maximum level, which
in turn increased the severity of failure and, therefore, reduced the bending load capacity.
Maximum deflection was observed for the aspect ratio S/t = 133.33, and the least deflection
was observed for the aspect ratio S/t = 73.33. The deflection measured at the centre of
the specimen followed an increasing trend with respect to an increase in S/t. The longer
the support span, the higher the deflection. A larger deflection of a member can result in
permanent deflection, cracking and other damage. The larger deflection of one member
in a structure may impact its integrity, that of any other member in the structure, or the
stability of the entire structure as a whole.

Flexural stiffness was observed to be maximum for AHTs with circular holes and
perforations compared to that of AHTs with square holes and plain AHTs as well. This was
due to the fact that creating additional holes on the specimen on either side reduced the
effect of stress concentration, which in turn increased the stiffness of the specimen. The area
moment of inertia of the specimen about minimum cross-sectional area was reduced for
the specimens where the stress concentration effect was reduced by additional holes. This
in turn increased the resistance to deformability or the flexural stiffness of the specimen
under loading. The highest flexural stiffness in the range of 16 to 18 kN/mm was observed
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for AHTs with square holes. In order to ensure the consistency and accuracy of the results
obtained through experimental approach, a numerical analysis using ANSYS software
was made with constraints and boundary conditions similar to those of the conditions
and assumptions made in the experimental approach. The results of the numerical study
are listed in Table 4. The numerical outputs of the flexural test of AHTs are shown in
Figure 4a–c. The outputs of the numerical study for deformed specimens with different
types of discontinuities and support spans are shown in Figure 5a–e. It was noticed from
the illustrations that the bending load capacity was maximum for the support span of
S/t = 73.33 and the least for the support span of S/t = 133.33. The numerical results
complemented the results obtained through the experimental approach. The influence
of support span aspect ratio, S/t, was more on the flexural performance of AHTs rather
than the type of discontinuity in the specimen. The numerical results of the flexural test of
AHTs revealed that the consistency and accuracy of the experimentation were better and
had the least difference in the results. The dimensions of cracks were measured for each
failed specimen under flexural loading, tabulated in Table 5. The influence of the type of
discontinuity and the support span aspect ratio, S/t, on the crack dimensions are shown
in Figure 6. Crack dimensions were observed to be maximum for AHTs with circular and
square holes compared to that of AHTs with multiple circular holes and perforations. The
support span influenced the crack dimensions significantly. Crack propagation was high
for AHTs with circular and square holes. This was due to the fact that the highest stress
concentration initiates a crack at an earlier stage and propagates its growth significantly.
The crack propagation seems to be faster for specimens with higher concentrations of stress
risers. Average crack width seems to be minimum for AHTs with perforations, whereas they
are maximum for AHTs with square holes. The lowest crack length of 3.4 mm was observed
for AHTs with perforations specimen with aspect ratio, S/t = 113, whereas crack length was
a maximum of about 7.5 mm for AHTs with circular holes at aspect ratio S/t = 93 [21,22].

Table 3. Experimental flexural performance measures.

S. No. Specimen Stress Concentration
Factor (K) S/t Maximum Bending

Load (kN)
Maximum

Deflection (mm)
Flexural Stiffness

(kN/mm)

1

Plain 1

73.33 5.759 0.884 6.515
2 93.33 3.624 0.583 6.216
3 113.33 4.12 0.904 4.558
4 133.33 3.275 1.213 2.700

5

Circular hole 1.007

73.33 5.791 0.314 18.443
6 93.33 4.651 0.358 12.992
7 113.33 3.691 0.429 8.604
8 133.33 3.039 0.622 4.886

9

Square hole 1.01

73.33 4.243 0.423 10.031
10 93.33 3.568 0.444 8.036
11 113.33 2.936 0.936 3.137
12 133.33 2.123 0.677 3.136

13

Multiple circular holes 1.01

73.33 4.535 0.288 15.747
14 93.33 3.634 0.317 11.464
15 113.33 2.867 0.454 6.315
16 133.33 2.464 0.639 3.856

17

Perforation 1.014

73.33 4.856 0.362 13.414
18 93.33 4.063 0.647 6.280
19 113.33 3.016 0.779 3.872
20 133.33 2.808 0.634 4.429
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deflection and (c) Flexural stiffness.

Table 4. Numerical flexural performance measures.

S. No. Specimen Stress Concentration
Factor (K) S/t Maximum Bending

Load (kN)
Maximum

Deflection (mm)
Flexural Stiffness

(kN/mm)

1
AHT with

circular hole 1

73.33 5.953 0.465 12.802
2 93.33 5.375 0.865 6.214
3 113.33 2.774 0.8 3.468
4 133.33 1.625 0.763 2.130

5

AHT with square hole 1.007

73.33 4.931 0.388 12.709
6 93.33 4.087 0.663 6.164
7 113.33 2.3 0.668 3.443
8 133.33 1.503 0.711 2.114

9
AHT with multiple

circular holes
1.01

73.33 4.566 0.362 12.613
10 93.33 2.429 0.397 6.118
11 113.33 2.047 0.599 3.417
12 133.33 1.173 0.559 2.098

13

AHT with perforation 1.01

73.33 5.513 0.437 12.616
14 93.33 2.613 0.427 6.119
15 113.33 1.756 0.514 3.416
16 133.33 1.368 0.652 2.098

17
AHT with

circular hole
1.014

73.33 4.855 0.683 7.108
18 93.33 4.942 0.828 5.969
19 113.33 3.216 0.965 3.333
20 133.33 1.865 0.911 2.047
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Figure 4. Numerical flexural performance measures (a) Maximum bending load (b) maximum
deflection and (c) Flexural stiffness.
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Table 5. Crack dimensions of flexural failed specimens.

S. No. Specimen Aspect Ratio (S/t) Stress Concentration Factor (K) Crack Width (mm) Crack Length (mm)

1
AHT with

circular hole

73

1.007

1.1 6.9
2 93 1.8 7.5
3 113 1.3 6.85
4 133 1 6.8

5
AHT with

square hole

73

1.01

1.8 4.5
6 93 2.1 4.7
7 113 2.83 4.25
8 133 2.45 4.7

9
AHT with multiple

circular holes

73

1.01

1.66 4.85
10 93 1.32 4.25
11 113 1.73 4.6
12 133 0.95 3.8

13
AHT with
perforation

73

1.014

1.1 4.56
14 93 0.8 4.75
15 113 1.05 3.4
16 133 1.2 4.78
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4. Conclusions

An attempt was made successfully to study the flexural stability of aluminium hollow
tube (AHTs) with different discontinuities in the form of holes of different geometries such as
circular holes, square holes, multiple circular holes and perforations. The aspect ratio support
span to thickness of the tube (S/t) was considered as the process parameter during the flexural
test of AHTs. The study was performed in two aspects, experimental and numerical, and
fruitful outcomes and conclusions were drawn from the study and listed below.

(i) The support span aspect ratio (S/t) significantly influenced the flexural behaviour of
plain AHTs and AHTs with holes of different quantities and geometries.

(ii) Following the support span aspect ratio, the type of discontinuity in terms of shape,
size and quantity significantly influenced the flexural stability of AHTs. This may
be due to the fact that these discontinuities acted as stress risers and influenced the
flexural capacity of the structure to a larger extent.

(iii) AHTs with a circular hole, multiple circular holes and perforations were observed to
have better flexural stability than that of other AHTs such as AHTs with square holes
and plain AHTs. This may be attributed to the fact that the sharp corners in the holes
are the sources of crack initiation and propagation, which in turn lead to the failure of
the specimen under loading.

(iv) Reducing the effect of stress concentration abruptly increased the flexural behaviour
of AHTs by offering better flexural resistance.

(v) The results obtained through experimental and numerical approaches complemented
each other with utmost accuracy and consistency. The assumptions and constraints
made during the analysis were very close and complemented each other.
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Abstract: Hypereutectic Al-high Si alloys are of immense interest for applications in the automotive,
space or electronic industries, due their low weight, low thermal expansion, and excellent mechanical
and tribological properties. Additionally, their production by laser powder bed fusion (LPBF)
technology provides high flexibility in geometrical design and alloy composition. Since, most
of the alloy properties could be improved by increasing the Si content, there is much interest in
discovering the maximum that could be realized in LBPF Al-high Si alloys, without the appearance
of any material failure. For this reason, in this work the production of Al-high Si alloys with
extremely high silicon content of up to 70 wt.% was fundamentally investigated with respect to
microstructure and mechanical properties. Highly dense (99.3%) and crack-free AlSi50 samples
(5 × 5 × 5 mm3), with excellent hardness (225 HV5) and compressive strength (742 MPa), were
successfully produced. Further, for the first time, AlSi70 LBPF samples of high density (98.8%)
without cracks were demonstrated, using moderate scanning velocities. Simultaneously, the hardness
and the compressive strength in the AlSi70 alloys were significantly improved to 350 HV5 and
935 MPa, as a result of the formation of a continuous Si network in the microstructure of the alloy.
With respect to the powder source, it was found that the application of powder blends resulted in
similar alloy properties as if pre-alloyed powders were used, enabling higher flexibility in prospective
application-oriented alloy development.

Keywords: additive manufacturing; laser powder bed fusion; hypereutectic Al-high Si alloys; in-situ
alloying; microstructure; mechanical properties

1. Introduction

Hypereutectic Al-high Si alloys, especially with Si content > 30 wt.%, are characterized
by preeminent properties, like low density, low thermal expansion, high hardness and
stiffness, and excellent wear resistance, which enable numerous applications in the auto-
motive, space and electronics industries [1,2]. All the alloy properties mentioned improve
with increasing Si content, hence, there is high industrial interest regarding the commercial
availability of AlSi-alloys with Si-content ≥ 50 wt.%. However, during the conventional
casting process of such Al-high Si alloys, a coarse and highly brittle primary Si phase is
formed, leading to crack formation in the casted parts and reducing their performance [3,4].
The Fabrication via rapid solidification technologies, like spray deposition or cold/hot
pressing, can prevent the extensive coarsening of this Si phase and enable the production of
alloys up to 90 wt.% silicon [5–7]. However, these production methods are limited to rather
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simple geometries and often require some post-treatment relating to final densification or
geometrical finishing.

A promising fabrication technique, which mostly overcomes these limitations, is
additive manufacturing (AM), especially the powder bed fusion of metal with laser beam
(PBF–LB/M or LPBF) technology, in which complex and dense components are built up
via printing layer by layer [8,9]. This technique has already been used to principally
investigate Al-high Si alloys with a silicon content up to 50 wt.% (see e.g., [4,10]). A
comparison to casted AlSi50 samples, conducted by Jia et al. [4], showed a refinement of
the primary Si, from platelike particles, with sizes >100 µm, to polygonal-shaped particles,
with sizes <6 µm, using PBF–LB/M, which led to an increase of the compressive strength by
almost 50%, to over 650 MPa. Kang et al. [10] demonstrated AlSi50 samples with a maximal
hardness of 188 HV0.3, which is approximately 50% higher in comparison to the well-
established AM-alloy AlSi10Mg [11]. Despite these promising singular results, knowledge
about the microstructure and its correlation to the mechanical properties of these Al-high
Si AM-alloys is still limited. So, the findings in the literature about processibility via PBF–
LB/M, and the material properties, are not consistent. On the one hand, several researchers
reported cracks in AlSi40 [12–14] and AlSi50 samples [15]. On the other hand, other findings
did not mention any crack formation [4,10,16]. Consequently, further research is needed to
clarify the cracking issue. Additionally, the reported density values of AlSi50 samples are
widely scattered, from ~98% [10] to ~99.9% [15], so there is a need to clarify if this difference
is related to intrinsic material properties, processing or accuracy in characterization. Further,
the production of Al-high Si alloys with Si contents higher than 50 wt.% have not yet been
demonstrated, which might be correlated with the cracking issue mentioned, as well as
with a lack of standardized AM powder sources.

Therefore, the aims of this work were the following: (1) to extend knowledge about
the microstructure and its correlation to the mechanical properties in AM Al-high Si alloys
and (2) to prove the feasibility of AM Al-high Si alloys with even higher Si content. A
detailed investigation into the correlation of process parameters, especially scan velocity,
microstructure, and crack formation, as well as mechanical properties in PBF–LB/M AlSi50
alloys was carried out, followed by extension to an even higher Si content of 70 wt.%.
Parallel to these activities, due to the lack of pre-alloyed AlSi70 powder, the effect of the use
of powder blends, which were already successfully tested for AlSi40 [13] and AlSi50 [10,15]
alloys, was investigated.

2. Materials and Methods
2.1. Materials

To investigate the effect of the powder sources on the resulting alloy properties, three
different powder types, namely, a pre-alloyed AlSi50 powder, an Al powder, and a Si
powder, were used. The particle size distributions, measured by laser diffraction (particle
analyzer Beckman-Coulter LS13320) according to ISO 13320-1, and SEM-images from single
powder particles are shown in Figure 1. The pre-alloyed AlSi50 powder (gas atomized
by NANOVAL GmbH & Co. KG, Berlin, Germany) had a mainly spherical shape with
some satellites on the particle surfaces and a skewed particle size distribution, with a
medium diameter (D50-value) of 40 µm. The spherical Al99.7 powder (gas atomized by
TLS Technik GmbH & Co. Spezialpulver KG, Niedernberg, Germany) and the edged Si
powder (Silgrain® from Elkem ASA, Oslo, Norway) had Gaussian particle size distributions
with D50-values of 44 µm and 49 µm, respectively.

On the one hand, the pre-alloyed AlSi50 powder (p.) was compared to the more
flexible and cheaper approach of using powder blends made of elementary that were only
partially gas-atomized (Al + Si). Furthermore, it was also used in blends with silicon
(p. + Si) to achieve a higher silicon content of 70 wt.% and to evaluate the different powder
blends in its performances. All powders/powder blends were dried at 110 ◦C for 15 h
under vacuum atmosphere and the powder blends were mixed for 1 h in a tumbling mixer
after drying before being further processed.
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Figure 1. Particle size distribution and SEM images of the elemental Al and Si powders and the
pre-alloyed AlSi50 powder measured via laser diffraction.

2.2. Sample Fabrication via PBF–LB/M, Preparation, and Characterization

The samples were produced using a mini PBF–LB/M machine from Aconity GmbH,
equipped with a single mode fiber laser with up to 1 kW power and a wavelength of
1080 nm. During the fabrication process the building chamber was ventilated with argon
gas to keeping the residual oxygen content below 100 ppm. The build space was downsized
to a 55 mm diameter platform made of a sandblasted aluminum base plate, with a thickness
of 5 mm.

Based on a preceding process parameter optimization, the laser power, layer thick-
ness, hatch distance, and laser spot size were fixed to 350 W, 50 µm, 120 µm and 72 µm,
respectively. Only the influence of the scan velocity was investigated and is discussed in
the present article. The laser beam scanned the layer’s geometry in a meandering pattern,
which was rotated by 67◦ in the subsequent layer. The microstructure was examined in
5 × 5 × 5 mm3 cubes, which were ground and polished up to a final polishing step with
0.25 µm fumed silica. To determine the porosity, light microscope images of longitudinal
cuts were analyzed using a MATLAB script, which converted the image into a binary image
and calculated the porosity, as well as the size, of the single pores. With this measurement
procedure the smallest resolvable pore diameter was approximately 1 µm, which is signifi-
cantly smaller than the 20–30 µm which is typically reached by computer topography (CT).
The longitudinal cuts of almost all samples built with scan velocities of 1000, 1400, 1600,
2000 and 2400 mm/s (the last only with AlSi50 p.) were inspected via SEM (JEOL 6510,
equipped with a secondary electron detector) to investigate the features of the microstruc-
ture. Therefore, the cuts were etched with deionized water and HF and metallized with an
approximately 3 nm platinum layer. For each sample, nine micrographs were taken and
analyzed via ImageJ regarding the primary Si particle sizes. The fractions of the fine and
coarse areas were determined, based on light microscopic images.

The hardness was measured via Vickers hardness testing (type KBW 10-V) with a
test force of 49.03 N (HV5) at the same longitudinal cuts as the microstructural analysis.
The data, shown in Section 3, consisted of four hardness indentations along the vertical
center line of the samples. In addition, uniaxial compression tests were carried out in small
cylinders with the of dimensions Ø 5 mm × 7 mm (mechanically machined from built
samples with Ø 7 mm × 15 mm) at a compression speed of 10−3 s−1 using an Instron 4505
equipped with a Hegewald and Peschke control system. For each combination of powder
variant and scan velocity the characteristic parameters were determined for four samples.
The Young’s modulus was determined via the dynamic resonance frequency method on
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Ø 5 mm × 50 mm round bars made of AlSi50 p. and AlSi70 Al + Si, which were built with
a scan velocity of 1000 mm/s.

3. Results and Discussion
3.1. Porosity and Cracks

In Figure 2a, the measured porosities of all samples are shown in their dependence
on scan velocity, powder type and Si content. Herein, one data point represented one
sample. The measured values were between 0.4% and ~3% considering all variants. To
verify these results, a reproducibility test with eight identical AlSi50 p. samples built with
1600 mm/s within one run was carried out, resulting in an average porosity of 0.54% and
a doubled standard deviation of 0.22%. Since the scattering between the samples was
much lower than the variations observed in dependence on scan velocity and the different
material types, the latter ones could be identified as real effects and not irregularities from
the PBF–LB/M process itself.
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Figure 2. (a) Porosity vs. scan velocity for AlSi50 and AlSi70 samples built from different pow-
der types. Binary images of AlSi50 p. samples built with 1000 mm/s (A), 1600 mm/s (B) and
2400 mm/s (C). (b) Same as (a), but only pores with diameter >20 µm were considered.

The pre-alloyed AlSi50 p., which represents the most conventionally used powder
type option, showed its porosity minimum at ~0.5% between 1400 mm/s and 2000 mm/s.
In this scan velocity range, only small pores occurred in the polished cuts, as visible in
binary image B. One possible cause of these pores could be hydrogen, which is generated
through the interaction between the laser beam and residual moisture on the particles’
surfaces [17]. With decreasing scan velocity, the porosity rises due to the formation of bigger
keyhole pores resulting from a too high energy input [18]. These pores had a spherical
shape, as can be observed in binary image A. Likewise, the porosity also increased at scan
velocities ≥2200 mm/s, but the geometry of the occurring pores changed from a spherical to
an irregular shape (compare binary image C). These pores, lacked fusion defects, and were
formed due to a non-sufficient energy input resulting in incompletely melted zones [19]. A
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similar dependency of the porosity on the scan velocity was reported by Mueller et al. [12]
for pre-alloyed AlSi40 with a minimum porosity of approximately 1% at 1350 mm/s.

In contrast to the homogeneous powder properties of the AlSi50 p., the elemental Al
and Si powders were differentiated in morphology and size, which could lead to inferior
part quality when using the blended AlSi50 Al + Si powder. However, the AlSi50 Al + Si
showed its porosity minimum at ~0.7% between 1400 mm/s and 2000 mm/s, which was
very close to the minimum of the AlSi50 p. powder, and showed increased porosities at
slower scan velocities. The porosity determined by the reproducibility test averaged out at
0.68% with a double standard deviation of 0.28%. Consequently, the two different powder
approaches can be seen as equivalent in relation to porosity and, so far, the usage of the
blended powder resulted in no disadvantage. This was in good agreement with the results
of Garrard et al. [13], who showed similar porosities of AlSi40 samples made of pre-alloyed
and blended powders.

Furthermore, the measured porosities were in the range of published values for AlSi50,
lying between <2% [10] and approximately 0.1% [15]. Nevertheless, the wide scattering
within the same material could either be caused by the process parameters or by the
porosity measurement itself, because the resolution of the technique used determined the
amount of detectable pores Alongside the optical measurement at cuts, nondestructive
computer tomography (CT) is a common method used in additive manufacturing, but
is rather limited in resolutions up to ~20 µm [20]. To mimic the results which would be
obtained from a CT measurement, Figure 2b shows the porosity of the same samples,
but considering only pores larger than 20 µm in diameter. It is obvious, that all porosity
values decreased. However, while at slower scan velocities the porosities did not change
very much due to the presence of large keyhole pores (compare image A in Figure 2), the
porosities of both AlSi powder material variants, between 1400 mm/s and 2000 mm/s,
decreased to about 0.3%.

The similarity in porosity, regardless of which powder type was used, appeared also
in the case of the AlSi70 variants, namely AlSi70 p. + Si and AlSi70 Al + Si. Compared
to the AlSi50 samples, the porosity increased from ~0.7% to approximately 1.5% between
1200 mm/s and 2000 mm/s. However, the “simulated” CT measurement showed porosities
of the AlSi70 samples of a similar level as the AlSi50 samples. In consequence, the AlSi70
samples, in particular, contained a conspicuous quantity of small pores, which would
not be detected in a CT measurement. As the AlSi70 samples were built three months
later than the AlSi50 samples, an ageing of the powders and an absorption of moisture
was assumed to be a possible explanation for the increase in the number of fine pores.
A second reproducibility test with AlSi50 p. powder confirmed this hypothesis. An
extreme increase of fine pores <20 µm (approximately 2000%) resulted in a porosity of
>2% (see Figure 2a) in this test. Hardness measurements of the old and new samples built
within the reproducibility tests showed that the fine pores did not influence the hardness.
Probably, these pores were not crucial for the mechanical performance, but maybe for
thermo–physical or electrical properties of the alloys. This must be considered during
material development when carrying out sample analysis by means of the CT method.

The occurrence of cracks in Al-high Si material is attributed to its low fracture tough-
ness in combination with high thermal stresses induced by steep thermal gradients, high
solidification rates and mismatch in thermal expansion between the AlSi material and
the base plate (commonly made of Al) used [15]. The influence of process parameters on
the thermal gradient and the solidification rate can be described by the energy density
E = P/(v∗d∗h) [J/mm3], which is a function of laser power P, scanning speed v, hatch
distance h and layer thickness d. Cracking in AlSi40 samples was reported for energy
densities <50 J/mm3 [12] or <66 J/mm3 [13], respectively. In the case of AlSi50 material,
Hanemann et al. [15] observed cracks for energies ≤111 J/mm3, while crack-free samples
were obtained by Kang et al. [10] only at even significantly higher energies ≥231 J/mm3.
Hence, higher energy densities are supposed to lead to reduced thermal gradients and
solidification rates and, therefore, should counteract crack formation in Al-high Si alloys.
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However, all produced AlSi50 samples in this work (energy range was 24–97 J/mm3)
showed no cracks in volume, independent of the powder source. This contrasted with the
earlier findings described above and pointed out that energy density is a not sufficient
parameter to explain the cracking behavior of these alloys. Nevertheless, the results showed
that production of crack-free AlSi50 samples, with low porosities, was possible, even at
lower energy densities.

In the case of higher Si content, cracks occurred in the AlSi70 samples built with scan
velocities of ≥1400 mm/s. They were probably caused by the higher mismatch of thermal
expansion with the Al substrate, in combination with the high thermal stresses induced by
high scanning velocities. This trend of higher crack sensibility at high scan velocities was
also observed for AlSi40 [12,13]. A common counter measure in the literature is a heated
baseplate to reduce the thermal stresses [21], but the PBF–LB/M machine used here was not
equipped with such a heater system, so this was not further investigated. Nevertheless, it
could be successfully demonstrated that crack-free AlSi70 samples with porosities down to
1.25% (1 µm pore resolution) or ~0.5% (CT resolution) could be produced by the PBF–LB/M
method using moderate scan velocities ≤1200 mm/s.

3.2. Microstructure

Resulting from the layer-by-layer buildup, additively manufactured, Al-high Si al-
loys develop a characteristic microstructure, which consists of two different characteristic
areas [12,15,16], as shown in Figure 3. On the one hand, in the center of the melting tracks,
fine grains occurred, consisting of primary Si crystals. This region is referred to as the
“fine area”. On the other hand, in the overlapping zones and the periphery of the melting
tracks coarser primary Si crystals formed, referred to as the “coarse area”. The different
grain structure appearance might be correlated to different thermal histories. For example,
the temperature distribution and, in consequence, the cooling rate is rather non-uniform
inside the melting track [22]. The highest solidification rate occurs in the center of the melt
pool, resulting in fine grains. Towards the periphery, the solidification rate continuously
decreases, which leads to larger gains. The fine-grained center regions of the melting
tracks are typically melted once, while the overlapping coarse-grained regions are melted
twice. During the second melting, the formerly built Si phases can partly remain un-melted,
so they can act as nucleation sites for new larger Si phases growing during the second
solidification [4].
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Figure 4 shows the microstructure of the transition region between fine- and coarse-
grained areas for all considered powder variants. In the fine area of the AlSi50 p. sample,
the primary Si particles had a branched or blocky morphology with rounded edges, while
they were embedded in a single-phase matrix, which was probably a super saturated solid
solution of aluminum [4,16]. The morphology of the primary Si in the coarse area changed
into polygonal particles with partly sharp edges, which were surrounded by a eutectic
matrix with eutectic Si and an Al solid solution. At the transition between these areas the
particles were sometimes connected with each other, which was the biggest difference in
comparison to the AlSi50 Al + Si, where the areas were not connected via the particles.
Furthermore, the particles’ edges of the AlSi50 Al + Si were more rounded, and the matrix
seemed to contain more eutectic Si, which could be related to impurities acting as nuclei
for the Si.
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Figure 4. SEM micrographs of the microstructure of: (a) AlSi50 p.; (c) AlSi50 Al + Si; (b) AlSi70 p. + Si
and (d) AlSi70 Al + Si, recorded in the transition of the fine and coarse area. All samples were built
with 1400 mm/s.

Within the AlSi70 samples, the roundly edged primary Si particles built a network in
both the fine and the coarse areas. Again, the contiguity in the transition area was more
developed in the case of the AlSi70 p. + Si than for that of AlSi70 Al + Si. In analogy to
the AlSi50 samples, the interspace of the Si-network was composed of eutectic Si and Al
solid solution.

Thus, it can be stated, that the main differences between the microstructures of the four
alloy variants were the strongly developed network of primary Si in the AlSi70 samples,
compared to the mostly separated Si-phases in the AlSi50 samples, and the higher contiguity
in the samples produced with the pre-alloyed powders, AlSi50 p. and AlSi70 p. + Si. The
latter could be caused by different interaction behaviors of the laser beam with the powders,
e.g., in relation to different laser absorption ratios [23]. Due to the high reflectivity of the Al
powder, less energy could be absorbed by the blended powder beds, which might lead to a
narrower melt pool. Consequently, the overlapping of the melting tracks, as well as the
contiguity of the Si phases in those regions, could be reduced.

A characteristic parameter to describe the microstructure of AlSi alloys is the size of
the primary Si phases formed during the fast cooling of the melt. While the particle size
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could not be determined in the AlSi70 samples, due to the high contiguity of the Si phases,
it was measured in the AlSi50 alloys. The results are shown in Figure 5 in dependence on
the scan velocity and the powder type.
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Figure 5. The equivalent circle diameter of the primary silicon and the fraction of the fine area in
dependence on the scan velocity for AlSi50 p. and AlSi50 Al + Si samples.

With an average diameter <5 µm in the coarse area and <2.5 µm in the fine area the
additively manufactured primary Si was significantly smaller, compared to the platelike
primary Si in the AlSi50 cast structure (>100 µm [4]), attributable to the high cooling rates
in the PBF–LB/M process. In comparison to spray deposited AlSi50 (~13 µm [24]), the size
of the primary Si particles could be further reduced. Furthermore, the primary Si sizes in
the AlSi50 samples were in the range of the values recorded in the literature for PBF–LB/M,
which were between 3 µm [10] and 7 µm [15]. Beyond that, in both areas, the primary
Si size decreased with increasing scan velocity, which was probably due to the higher
solidification rates at higher scan velocities [22]. In our case, the Si primary particle size
showed no strong dependency on the powder variant, which contrasted with the findings
by Garrard et al. [12], who reported about 18% larger primary Si particles in AlSi40 samples
made of blended powders, compared to ones produced with pre-alloyed powder. The
different process parameters used, and/or scanning strategy and/or the powder properties,
could provide possible explanations for the discrepancy.

The fraction of the fine-grained areas, also shown in Figure 5, was 19–26% for the
AlSi50 Al + Si and, hence, about 3% lower than for the AlSi50 p. + Si samples (22–30%).
Again, this might be correlated to the laser absorption behavior of the different powder
beds. The lower energy absorption by the Al + Si powder blend led to a reduced cooling
rate inside the melting tracks and, finally, to a slightly coarser grain structure. In both cases,
the fraction rose with increased scan velocity, caused by the higher solidification rates.

Summing up, the primary Si became smaller in all areas, as well as the fraction of the
fine areas increasing at higher scan velocities, which correlated to an increased solidification
rate. The results of both powder variants were very similar, and only the Al + Si blend
resulted in a little lower fraction of fine areas.

3.3. Mechanical Properties
3.3.1. Hardness

The hardness values obtained from all AlSi50 and AlSi70 samples are shown in
Figure 6. Firstly, it is obvious, that the hardness generally increased with increasing scan
velocity, which was linked to the continuous refinement of the primary Si phase in the
microstructure. The two AlSi50 variants exhibited comparable hardness values of ~190 HV5
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at low scan velocities. This was in good agreement with the observations by Kang et al. [10],
who measured a hardness of 188 HV0.3 in an AlSi50 sample produced with 500 mm/s.
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Figure 6. Vickers hardness vs. scan velocity for all AlSi50 and AlSi70 material variants.

Even with increasing scan velocity, both variants showed comparable hardness trends
ending up with 222 HV5 for AlSi50 p. (at 2400 mm/s) and 204 HV5 for AlSi50 Al + Si (at
2000 m/s). Due to the higher Si content and the denser network of the Si primary phases,
the hardness, considering only crack-free samples, and, thereby, a highest scanning velocity
of 1200 mm/s, increased to 350 HV5 for AlSi70 p. + Si and 311 HV5 for AlSi70 Al + Si.
Here, the samples built from the powder blend containing the pre-alloyed powder showed
a significantly higher hardness in comparison to the one produced by the powder blend
of Al + Si. This could be attributed to the higher contiguity of the primary Si phases, as
shown in Figure 4d. A comparison to a published hardness value of a spray deposited
AlSi70 alloy, which was significantly lower at 270 HV5 [7], underlines the attractiveness of
the additive manufacturing approach for the production of these alloys.

3.3.2. Compressive Strength and Ductility

The course of the compressive strength–compression curves in Figure 7 can be divided
into three parts. Firstly, the material deforms were merely elastic, so the compressive
stress rose in a straight line. When reaching 0.2% compressive offset yield strength (0.2%
OYS), the material started to deform plastically, e.g., at 450 MPa for the presented AlSi50 p.
1000 mm/s graph. In this section, the curve flattened, and the round bar started to bulge
with advancing compression; but the compressive stress was still rising. In the last section,
the compressive stress decreased, and the sample failed and sheared at a 45◦ angle to
the compression direction. At this point, the compressive strength (CS) and fracture
compression were reached, which were 590 MPa and 5.2% for the AlSi50 p. 1000 mm/s
curve shown.

Analogous to the hardness, the 0.2% OYS and the CS also rose with increasing scan
velocity, independent of the Si content and powder variant. Simultaneously, the fracture
compression decreased. In the case of AlSi50 p., a rise in scan velocity from 1000 mm/s to
2400 mm/s caused an increment of the 0.2% OYS from 459 ± 27 MPa to 576 ± 35 MPa and
a rise of CS from 584 ± 15 MPa to 742 ± 11 MPa, while the fracture compression declined
from 5.6 ± 0.5% to 3.7 ± 0.3%.

With increasing scan velocity, finer grain structures formed, which increased the
strength according to the Hall–Patch mechanism [25,26]. Moreover, the above-mentioned
trends of the decreasing primary Si size and the higher fraction of fine area with increasing
scan velocity could enhance this effect. Conditioned by the higher fraction of the fine area
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a decrease of the extensive matrix zones in the coarse areas occurred. As the matrix was
more ductile than the primary Si, the reduced matrix areas resulted in lower ductility and
fracture compression in the materials built with higher scan velocities. Furthermore, the
matrix–particle interface enlarged due to the refinement of the primary Si particles. This
hindered the dislocation movement, which also led to reduced ductility.
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Figure 7. Compressive stress-compression diagram for samples of both AlSi50 variants fabricated
with four scan velocities and for samples of both AlS70 variants produced with two scan velocities.

The obtained values were in good agreement with the findings by Jia et al. [4], who
measured a CS of ~667 MPa and a fracture compression of ~4% in a sample built with a
scan velocity of 1455 mm/s. The value for the 0.2% OYS of approximately 600 MPa was
notably higher than the measured value of 475 ± 30 MPa at 1400 mm/s in this work. Since
all process parameters used were quite comparable, one reason for the discrepancy could
be the sample geometry. Jia et al. [4] used round bars with dimensions of Ø 6 mm × 25 mm,
which corresponded to a height–diameter ratio >4 (in contrast to <2 used in this work). At
this dimension, a buckling or bending of the samples cannot be ruled out, according to the
DIN 50106:2016-11 [27], which could lead to a more inaccurate measurement.

Compared to the AlSi50 p. samples, the AlSi50 Al + Si samples showed lower 0.2%
OYS, but similar CS. On the one hand, the lower contiguity of the primary Si led to a more
ineffective load redistribution by the particles, which could cause higher stresses in the
matrix of the AlSi50 Al + Si samples at the same external forces and activate dislocation
sources [28]. This could be one reason for the inferior 0.2% OYS of the AlSi50 Al + Si
samples. On the other hand, the larger matrix–particle interface could create a bigger
backlog effect for the dislocations, leading to almost identical compressive strengths [29,30].
Furthermore, the AlSi50 Al + Si samples exhibited about 2% higher fracture compressions
than the AlSi50 p. samples with a maximum of 7.3 ± 0.8% at 1000 mm/s. This could
possibly be attributed to differences in the microstructure, like the particle morphology and
the contiguity in the transition areas. In the AlSi50 p. samples, the primary Si particles were
more often edgy, which could induce stress peaks decreasing ductility [12]. Additionally,
the matrix size between the fine and coarse areas, which was larger in the transition area
of the AlSi50 Al + Si samples, due to the less connected primary Si phases, could partly
compensate the stress by plastic deformation.

In the same way as for the hardness, the CS also rose with increasing Si content. At
the same scan velocity of 1000 mm/s the CS rose from 584 ± 15 MPa for AlSi50 p. and
595 ± 17 MPa for AlSi50 Al + Si to 897 ± 6 MPa for AlSi70 p. + Si and 805 ± 19 MPa
for AlSi70 Al + Si. The strength increment was accompanied by a decrement in ductility
with the result that the fracture compression reduced to 0.7 ± 0.1% for AlSi70 p. + Si and
1.2 ± 0.1% for AlSi70 Al + Si. The increment of the scan velocity up to 1200 mm/s, which
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was the highest velocity resulting in crack-free samples, resulted in no difference in the
fracture compression, probably based on the small enhancement, or on the already low
level of ductility. Apart from that, the scan velocity showed an influence on the strength,
such that the CS increased to 935 ± 5 MPa for AlSi70 p. + Si and 870 ± 27 MPa for
AlSi70 Al + Si with an increment from 1000 mm/s to 1200 mm/s.

The significant enhancement in strength from the AlSi50 to the AlSi70 samples could
be attributed to the higher contiguity of the primary Si, which enabled more effective
load redistribution on this skeletal structure and a shielding of the matrix [29,31]. As
the contiguity was higher in the AlSi70 p. + Si samples, they showed superior strengths
compared to the AlSi70 Al + Si samples. Otherwise, the dominant skeletal structure was
extremely brittle resulting in the decrement of ductility compared to AlSi50, in which the
primary Si phase was embedded in a more ductile Al and Si matrix.

To sum up the trends during compressive testing, strength was enhanced with increas-
ing scan velocity and Si content but with a simultaneous reduction in ductility. In addition,
the use of the blended powder could improve the ductility of Al-high Si alloys without
(AlSi50), or with only small (AlSi70) loss of strength.

3.3.3. Young’s Modulus

Due to the higher Young’s modulus of Si, of approximately 160 GPa, compared to Al
at about 70 GPa, the Young’s modulus in Al-high Si alloys could be increased by increasing
the Si content. This is illustrated in Figure 8 and by literature data on AlSi alloys, up
to 40 wt.% Si. In addition, the measurement results of one AlSi50 p. sample and one
AlSi70 Al + Si sample (both built with 1000 mm/s) of this work are shown. The Young’s
modulus increased from 93 GPa for AlSi40 [12] to 105 GPa for the AlSi50 p. sample, and
further increased up to 124 GPa in the case of the AlSi70 Al + Si sample, which continued
the trend evident in the literature data. Despite the fact that the trend did not proceed
in an exact linear correlation, according to the rule of mixture, but in a curve below the
straight line, it was possible to adjust, and also to further increase, the Young’s modulus
via accommodation of the Si content.
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Figure 8. Literature data and measured data (AlSi50 p. and AlSi70 Al + Si from this work) for the
Young’s modulus depending on the silicon content. The literature data was for pure aluminum and
silicon [24], AlSi10Mg [11], AlSi20, AlSi25, AlSi30, AlSi35 all from [32] and AlSi40 [12].

4. Conclusions

In this work, a fundamental study on the additive manufacturing of Al-high Si alloys
(AlSi50 and AlSi70) by means of PBF–LB/M technology was carried out. It was demon-
strated, for the first time, that it is possible to produce crack-free and highly dense samples,
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even up to an extremely high Si content of 70 wt.%, which was realized by adding elemental
Si to pre-alloyed AlSi50 powder, or by directly mixing Al and Si.

The porosity of the samples strongly depended on the scan velocity and was influenced
only in a minor way by the powder source used. However, ageing of the powders could
lead to massive insertion of small pores of <20 µm in diameter, which were only visible by
microscopic analysis. This should be considered during alloy development with respect to
pore affected properties.

The mechanical properties of the Al-high Si alloys were clearly correlated to the
microstructure. Higher scan velocities led to a decrease in grain size and, consequently,
to an increase in hardness, compression strength and Young’s Modulus. A significant
improvement could be achieved by increasing the Si content from 50 to 70 wt.%, inducing
the formation of a dense network of primary Si phases. On the other hand, some loss of
ductility existed, which could be partly prohibited using elemental powder blends.

Presumably the cracking issue, which sporadically appeared in the AlSi70 samples
at higher scan velocities, is the main issue for establishing AM of Al-high Si alloys with
extremely high Si content. Hence, further development of adequate countermeasures,
especially in the course of upscaling the sample size, are required.
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Abstract: Additive manufacturing (AM) is dynamically developing and finding applications in
different industries. The quality of input material is a part of the process and of the final product
quality. That is why understanding the influence of powder reuse on the properties of bulk specimens
is crucial for ensuring the repeatable AM process chain. The presented study investigated the
possibility of continuous reuse of AlSi7Mg0.6 powder in the laser powder bed fusion process (LPBF).
To date, there is no study of AlSi7Mg0.6 powder reuse in the LPBF process to be found in the literature.
This study aims to respond to this gap. The five batches of AlSi7Mg0.6 powder and five bulk LPBF
samples series were characterised using different techniques. The following characteristics of powders
were analysed: the powder size distribution (PSD), the morphology (scanning electron microscopy—
SEM), the flowability (rotating drum analysis), and laser light absorption (spectrophotometry). Bulk
samples were characterised for microstructure (SEM), chemical composition (X-ray fluorescence
spectrometry—XRF), porosity (computed tomography—CT) and mechanical properties (tensile,
hardness). The powder was reused in subsequent processes without adding (recycling/rejuvenation)
virgin powder (collective ageing powder reuse strategy). All tested powders (powders P0–P4) and
bulk samples (series S0–S3) show repeatable properties, with changes observed within error limits.
Samples manufactured within the fifth reuse cycle (series S4) showed some mean value changes of
measured characteristics indicating initial degradation. However, these changes also mostly fit within
error limits. Therefore, the collective ageing powder reuse strategy is considered to give repeatable
LPBF process results and is recommended for the AlSi7Mg0.6 alloy within at least five consecutive
LPBF processes.

Keywords: additive manufacturing; powder reuse; aluminium alloy; porosity; mechanical properties

1. Introduction

Additive manufacturing (AM) is dynamically developing and finds applications in
industries such as aerospace, automotive, and medicine. The main benefits of AM are
the freedom of design, a low level of waste, a decrease in the number of technological
operations, the production time, and the supply chain cost in low series production [1,2].

However, certain limits slow down the complete implementation of AM technologies
in the industry. For example, a lack of standardization, problems with repeatability, the
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possibility of quickly moving the process from one machine to another, and insufficient
knowledge about powder reuse.

Powder reuse is critically essential for laser powder bed fusion (LPBF). According
to ISO/ASTM 52900:2021 [3], LPBF is used to produce objects from powdered materials
and uses one or more lasers to fuse or melt the deposited layers of powder particles
selectively. Therefore, the possibility of reusing powder in more than one process makes
PBF technologies more sustainable and decreases production costs. It is an accepted practice
to use the unmelted powder material more than once for the process. Usually, for powder
reuse in LPBF, manufacturers use powder recycling/regeneration procedures. However, it
is a time- or number-limited usage due to quality and material concerns. Besides that, the
authors in the paper [4] explain the difference between recycling (rejuvenation) and reuse.
They are limiting the second term to the repetitive use of the same powder, without or with
minimal post-processing, such as sieving/screening.

Many authors [5–8] have been investigating the effect of powder particle size and
oxygen content during the LPBF process on the results of its processing. All the researchers
agreed that the powder used in consecutive processes must be free of contamination, e.g.,
oxidation and cross-contamination, which can occur accidentally by mixing metal powders
of different chemical compositions [9]. Even spatters formed during the metal powder
processing can be treated as contamination, even though the chemical composition remains
the same. However, the oxygen content very often increases [10]. These findings push the
researchers working on process LPBF development to consider the effect of powder reuse,
applied strategies of operating powder between the processes, and the changes of powder
characteristics on the result of the AM process.

Various strategies for reusing powders for LPBF can also be found in the literature.
For example, the authors of [11] described two of them: (1) continuous refreshing and
(2) collective ageing. The first approach states that the powder volume for each build job
should be the same. Therefore, all remaining powder is filled with fresh powder after
the process, eliminating the powder losses caused by manufactured parts and supports,
powder loss due to spatter formation, and machine operation. On the other hand, the
collective ageing strategy is about using the once-loaded powder in a machine till the
remaining powder amount is insufficient for the next job. Then, the remaining powder
volume is filled with a used powder that was sieved and loaded into the main machine
tank. Both methods are different in terms of how much powder can be operated in total
and how much powder is needed to sieve and mix after every process.

There are many studies on powder reuse in LPBF, including nickel-based alloys [10],
iron-based alloys [12], titanium-based alloys [13], and aluminium-based alloys. Recently,
published works on aluminium-based alloys focus on the AlSi10Mg [14] and Al-Si-Sc-
Zr [15]. The main findings of [15] have pertained to the mechanical properties (ultimate
tensile strength (UTS) and elongation at the break of specimens, respectively, built with
virgin and reused powder are 565 MPa, 13% and 537 MPa, 11%) and porosity (0.06% for
samples made from virgin powder compared to 0.15% for samples made for the reused
powder). In addition, the authors of [16] analysed properties of AlSi10Mg alloy aged
in air and used for direct-energy deposition (DED); they found out that the increase in
oxygen content influences the processability of the powder and the properties of the
final specimens.

Aluminium alloys cover about 1/4 of the AM powder market by volume [17]. There-
fore, the interest in the effective use of these materials and the possibility of reusing the
aluminium alloy powders remains at a high level [4]. Understanding the powder degra-
dation mechanism of Al alloy in the LPBF process is essential. The AlSi7Mg0.6 alloy is
gaining more and more attention in the AM industry [18–20]. However, to date, there is no
study of AlSi7Mg0.6 powder reuse in the LPBF process to be found in the literature. This
study aims to respond to this gap.

The goal of this study is to evaluate the influence of AlSi7Mg0.6 powder reuse on the
material properties of LPBF samples. The powder will be reused in subsequent processes
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without adding (reuse/rejuvenation step) virgin/fresh powder, using only a double sieving
procedure to eliminate the oversized powder particles.

The objectives of this study are:

• To verify the eventual changes in powder morphology and chemical composition
during the continuous reuse;

• To evaluate the influence of eventual powder degradation on the quality of LPBF bulk
specimens.

2. Materials and Methods
2.1. Materials and Processing

The AlSi7Mg0.6 powder with the chemical composition as listed in Table 1 is used.
The powder is supplied by SLM Solutions Group AG (Lübeck, Germany).

Table 1. Chemical composition of the AlSi7Mg0.6 powder used in this study.

Standard Al Si Mg Ti Fe Cu Mn Zn Other Total

EN AC42200 acc. to
EN-1706, wt.% Bal. 6.5–7.5 0.45–0.70 - 0.15–0.19 0.03–0.05 0.1 max 0.07 0.10

SLM Solutions, wt.% Bal. 6.5–7.5 0.45–0.70 0.25 0.19 0.05 - max 0.07 0.10

Five successive LPBF process cycles are carried out using the SLM 280 2.0 machine
(SLM Solutions Group AG, Lübeck, Germany). The LPBF system used in this research
is equipped with a 1070 nm fibre laser with a max. power of 700 W and a beam focus
diameter between 80 and 115 µm. Each process is held under a protective atmosphere of
pure argon (O2 level kept below 100 ppm, argon purity class 5.0). In each process, six plates
(150 mm × 30 mm × 4 mm) and twelve cylinders (Ø12 mm × 150 mm) are manufactured,
as shown in Figure 1a,b. A build volume reduction (100 mm × 100 mm × 150 mm) is
used to allow high-volume powder consumption. Parts are manufactured on a 1xxx series
aluminium build platform with 98 mm × 98 mm × 20 mm dimensions, heated up to 150 ◦C
and kept at this temperature during the LPBF process. Cylindrical samples are used for
microstructure studies, and bar samples are used for tensile testing. To manufacture the
samples, previously tested process parameters are used, in line with machine and powder
supplier recommendations (SLM Solutions Group AG, Lübeck, Germany). As stated by
the supplier, the process parameters should provide sample densities above 99% [21]. The
same set of parameters is used for each of the five LPBF processes.
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The powder as received from the supplier after initial sieving through 75 µm sieve
size is labelled as ‘virgin’ (powder P0), and the powder after each following process cycle is
labelled as ‘powder PN’ (powders P1, P2, P3, and P4), where N is a number of powder reuse
cycles prior the N process (Table 2). Therefore, the LPBF samples are appropriately named
S0, S1 . . . S4 (in line with the used powder batches P0, P1 . . . P4). In addition, an oversized
powder collected from the sieve was also characterized, labelled as PW (waste powder).

Table 2. The list of powder samples used in the research.

Powder Sample Description

P0 Initial batch of virgin powder. P0 powder is dried and sieved before use.
P1, P2, P3, P4 Powder after 1, 2, 3, and 4 LPBF process cycles and double sieving.

PW Waste powder. The powder that stayed on the sieves after double sieving.

The powder volume is not refilled throughout the experiments. This approach is
named “continuous reuse” according to ASTM F3456-22 [22]. Initially, 15 kg of virgin
AlSi7Mg0.6 powder was used to manufacture the first batch of samples (S0). After each
process, the whole powder volume is removed from the machine and double sieved to
eliminate the oversized powder particles. The whole powder volume collected after the
N process is sieved in the first step, and then the second sieving is performed only for the
overflown powder separated in the first sieving. Finally, the powder that passed through
the sieves after the first and second sieving operations is mixed. A powder sieving station
PSM 100 (SLM Solutions Group AG, Germany), equipped with a 75 µm flow sieve, is used
to sieve the powder.

The total volume of processed powder decreases every build job due to the use for
sample manufacturing and rejection after double sieving. The change in powder weight
throughout the process cycles is shown in Figure 2. Finally, the height of the last build job
has decreased to 120 mm. At the end of the experiment, the weight of powder remaining in
use is 11 kg. The part weight to the powder in use weight ratio is about 1:10 and depends
on the ‘N’ processing cycle (process 0 to process 4).
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Figure 2. Summary of the total powder weight used in the study, including the weight of obtained
samples and the weight of waste powder after double sieving.

Dogbone samples according to ASTM E8/E8M-16 [23] for mechanical testing are
machined from the plates produced in each LPBF process (Figure 3). The length of tensile
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test samples is 100 mm, so the decreased build job height of the last LPBF process does not
influence the size of tensile samples.
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Figure 3. Tensile specimens’ geometry according to ASTM E8/E8M-16 (all dimensions are in mm).

2.2. Powder Characterization

After each process cycle (LPBF + double sieving), the powder is characterised by
morphology, flowability, and physicochemical properties. Finally, the results are compared
with the properties of waste powder.

2.2.1. Powder Morphology

To measure the particle size distribution (PSD), the HELOS BR R4 + RODOS laser
diffraction system, equipped with a VIBRI dispersion unit, is used (Sympatec GmbH,
Clausthal-Zellerfeld, Germany). A 68-mbar vacuum and a 2-bar feed pressure are used to
disperse particles during testing. A 70% feed rate and 1.5 mm gap width parameters of the
VIBRI unit are used to feed the powder. Statistical analysis of the PSD is performed in the
PAQXOS 3.1 software (Sympatec GmbH, Clausthal-Zellerfeld, Germany) according to the
ISO 13320-1/ASTM B822-17 standards.

The individual powder particles’ morphology and surface condition are characterised
by microscopic investigation using SEM EVO MA25 scanning electron microscope (CARL
ZEISS, Oberkochen, Germany). The procedure is performed according to ISO 13322-1
standard.

2.2.2. Powder Flowability

A rotating drum (GranuDrum) granular flow analyser is used (Granutools, Awans,
Belgium) to characterise powder flowability. The instrument is an automated tester provid-
ing the cohesion analysis within the powder flowing in a rotating drum. First, a flowing
powder interface position snapshots are analysed. Based on this, the cohesive index is
derived. The higher the powder fluctuation during rotation flow, the higher the cohesive
index. In addition, the mean avalanche angle is measured during the test. Cohesive index
and mean avalanche angles are determined for the drum’s increasing and decreasing rota-
tional speed (hysteresis mode), i.e., 1, 2, 5, 10, 20, 30, 40, 50, and 60 RPM. Thirty flowing
powder images are taken at each RPM level with a 1 Hz sampling rate to calculate the
cohesive index and mean avalanche angle.

2.2.3. Laser Absorption

Laser absorption assessment is performed with the spectrophotometry method using
Exemplar Plus BTC655N-ST laser radiation absorption spectrophotometer (B&W Tek,
Newark, DE, USA). The powder sample is placed inside the integrating sphere. Modulated
monochromatic light (in a range of 900–1100 nm) is shined at the powder sample. Light
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reflection is compared to a reference sample with almost 100% reflectivity. Based on the
measurement, laser absorption is calculated.

The changes in absorption can be directly translated into the course of the LPBF
process and the need to adjust the process parameters (process window) to the current state
of the powder.

2.2.4. Chemical Composition

Chemical composition is evaluated using an energy dispersive X-ray fluorescence
spectrometer (ED-XRF) SPECTRO XEPOS (METEK, Kleve, Germany). The measurement
is done for powder and bulk specimens. The measurement was repeated 3x for one
random bulk specimen from each series (S0 . . . S4) and for each powder type (P0 . . . P4).
Bulk specimens from the XZ plane are prepared as a metallographic sample (polished
and ground).

2.3. Sample Characterization
2.3.1. Porosity

The quality of the as-built samples is evaluated using a technical computed tomogra-
phy method. X-ray computed tomography (XCT) enables the reconstruction and evaluation
of the external and internal structure of the manufactured samples, which is especially
important for samples produced with additive technologies [24,25]. The volumetric models
obtained as a result of the XCT reconstruction allow to determine the volume of voids
or pores filled with incompletely melted powder (Vpor) and the volume of the melted
powder (Vm), making it possible to determine the volumetric porosity (P) according to the
Equation (1) [26]:

P [%] =
Vpor

Vm + Vpor
× 100% (1)

The XCT system phoenix v|tome| x m 300/180 (GE Sensing & Inspection Technolo-
gies GmbH, Wunstorf, Germany) is used in the study. A micro-focus X-ray tube with
a parameter setting (voltage 160 kV and current 120 µA) is used to X-ray the samples.
Such parameters of the X-ray tube with a 2K flat-panel digital detector (10-bit) allowed
for scanning a set of ROIs (region of interest covering the gauge section) for six samples
with a resolution (voxel size) of 19.79 µm. The reconstruction is carried out using dedicated
software phoenix datos| x 2.7.2 (GE Sensing & Inspection Technologies GmbH, Wunstorf,
Germany) with measurement artefact correction (ring artefact, axis alignment, beam hard-
ening) and noise reduction. Data processing, including data thresholding and porosity
detection, is performed using software VG Studio MAX 3.3 (Volume Graphics GmbH,
Heidelberg, Germany).

2.3.2. Microstructure Characterization

Metallographic specimens are prepared to analyse the microstructure. The microstruc-
ture analysis is carried out on a cross-section parallel to the build direction. The surface of
the metallographic specimens is etched with Kroll’s reagent with the following composition:

68 cm3 H2O + 16 cm3 HNO3 + 16 cm3 HF.

The confocal laser scanning microscope (CLSM) LEXT OLS4000 (Olympus, Tokyo,
Japan) and the Zeiss SEM EVO MA25 (CARL ZEISS, Oberkochen, Germany) scanning elec-
tron microscope (SEM), equipped with an EDS (energy dispersive spectroscopy) analysis
system, are used to capture microstructure images.

2.3.3. Mechanical Properties

The static tensile samples are designed following ASTM E8/E8M-16a (room tempera-
tures) [23]. Tensile tests are performed on the HC-25 ZwickRoell servohydraulic testing
machine (ZwickRoell GmbH & Co. KG, Ulm, Germany) with a test frame using a ±25 kN
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load-cell. The tests are carried out with a strain rate of 0.0008 s−1 and are continued until
the sample brake. Five specimens are used for each series (S0, S1, S2, S3, and S4).

Hardness tests using a Zwick Roel ZHVµ-A hardness tester (Zwick-Roell, Leominster,
United Kingdom) are performed. Vickers hardness cross-section profiles are determined
at a 2.94 N load (300 g). Five indents are made on each sample used for microstructure
evaluation, and a mean value is calculated for each tested sample.

3. Results
3.1. Powder Characterization
3.1.1. Powder Morphology

In the virgin state (P0), aluminium powder (AlSi7Mg0.6) is characterized by a “potato”-
like shape and has some satellites (Figure 4a). Powder samples after each run of the LPBF
process (P1–P4, Figure 4b–e) are characterized by a similar morphology and demonstrate
a lack of changes due to processing. However, the waste powder (PW) is significantly
different—it has a different surface morphology, particles are 2–3× bigger than virgin
powder particles, and lacks satellites.
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Figure 4. Microscopic images of the AlSi7Mg0.6 powders in various processing states, SEM/BSE:
(a) virgin (P0); (b) after 1st LPBF process (P1); (c) after 2nd LPBF processes (P2); (d) after 3rd LPBF
processes (P3); (e) after 4th LPBF processes (P4); and (f) waste (PW).

The obtained particle size distributions (PSD) for each evaluated powder are com-
parable. There is no significant difference between each consecutive sieving cycle (P0 to
P4). The curves for powders P0–P4 are plotted simultaneously one on another, both for
distribution density q3 (Figure 5a) and the cumulative density Q3 (Figure 5b), showing
almost identical plots. The SEM observations and PSD analysis show the presence of
satellite particles throughout the powder states with no variations. The values of x10,3, x50,3,
and x90,3 characteristic particles size parameters are presented in Table 3. In the case of the
PW probe, PSD curves are clearly visible and are moved to the right side, which means
that the powder sample consists of much larger diameter particles. PW x50,3 is 2.5-times
higher than P0–P4 and x90,3 is 3.5-times higher than P0–P4.
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Table 3. Particle size distribution of AlSi7Mg0.6—volume-weighted characteristic values obtained in
the laser diffraction measurements for each of the powder states.

Parameter P0 (µm) P1 (µm) P2 (µm) P3 (µm) P4 (µm) PW (µm)

x10,3 26.50 26.50 26.14 26.40 26.54 37.78
x50,3 40.02 40.07 39.76 39.94 40.21 97.50
x90,3 58.75 58.85 58.97 58.73 59.08 188.34

The PS distribution of PW is not a normal distribution, unlike the PSD of P0–P4.
This suggests that the waste powder is not homogeneous in its volume. Based on this
observation, the waste powder (PW) is a mixture of a non-remelted powder, and a re-melted
spatter powder.

3.1.2. Powder Flow Properties

The measured flow properties of the powders in each of the P(N) states behave in a
very similar way. The measured flow properties of the powders in each of the P(N) states
behave in a very similar way. All powder samples are characterized by a relatively high
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cohesive index and a tendency to increase a cohesive index with an increasing drum speed.
According to [27], it is influenced by particle size and shape. An increasing drum speed
increases bonding between the particles and influences static (angle of repose) and dynamic
(cohesive index and flow) behaviour.

Based on the plots in Figure 6, there is no difference between P0 and P4 powders.
Therefore, only the curve for the PW sample can be differentiated from the reused powders.
The cohesive index for the waste powder slightly increases up to 10 RPM, and with an
increase in the rotational speed, the cohesive index remains constant (Figure 6a). When
analysing the trend of the avalanche angle for the PW sample, again, 10 RPM is a threshold
where the behaviour changes, and below 10 RPM, the avalanche angle is constant. With a
higher rotation speed, the measured avalanche angle is comparable to the sieved P0–P4
powders used in the consecutive processes (Figure 6b).
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Figure 6. (a) The cohesion index for the AlSi7Mg0.6 powder in different processing states regarding
the rotational speed measuring drum; (b) Mean avalanche angle values for the AlSi7Mg0.6 powders
in various states with regards to the rotational speed of the measuring drum.

3.1.3. Physicochemical Properties

The absorption measured in the range of 1020–1100 nm of the wavelength is compara-
ble, and in the case of P0–P4 powders is between 57 and 62%. Waste powder PW exhibits
a 25% higher absorption and reaches a value of ~78% (Figure 7a). A slight difference in
the sample after the first manufacturing process (P1) can be distinguished by zooming in
the plot to a narrower absorption scale (Figure 7b). It can be seen that the registered signal
in the entire wavelength range is about 5% higher than the rest of the analyzed samples.
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A polynomial curve fitting of the laser absorption measurement with a 95% confidence
interval confirms the observed difference between P1 and P0, P2, P3, and P4 samples.
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3.1.4. Chemical and Phase Composition

In order to determine the influence of the powder degradation on the functional
properties of the samples obtained by the LPBF method, the chemical composition analysis
using the XRF method was performed. Table 4 and Figure 8 show the analysis results for
the bulk samples (S0 . . . S4) and the powders (P0 . . . P4).

The chemical composition remains unchanged. The minor discrepancies are within
the error limits and the XRF method accuracy. In the case of aluminium alloys, the evap-
oration of some elements (for example, Mg or Zn) is one of the critical aspects of LPBF
processing [28]. In the present study, it can be noticed that the magnesium content in the
alloy did not change significantly in the case of both the powder and solid samples.
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Table 4. Chemical composition of powder (in different states) and samples manufactured from each
powder in wt.%.

Composition Al Si Mg Fe Ti Cu Zn Other Each Other Total

AlSi7Mg0.6—SLM
Solutions—materials datasheet Bal. 6.50–7.50 0.45–0.70 0.19 0.25 0.05 0.07 0.03 0.10

Powder specimens
P0

Bal.

6.13 0.64 0.09 0.08 0.001 0.010 - -
P1 6.13 0.72 0.09 0.085 0.001 0.007 - -
P2 5.96 0.61 0.11 0.092 0.001 0.001 - -
P3 6.04 0.62 0.12 0.098 0.001 0.001 - -
P4 6.11 0.65 0.10 0.082 0.001 0.001 - -

LPBF specimens
S0

Bal.

6.20 0.729 0.052 0.056 0.0006 0.004 - -
S1 6.188 0.715 0.049 0.052 0.0006 0.004 - -
S2 6.25 0.727 0.049 0.053 0.0007 0.004 - -
S3 6.288 0.735 0.052 0.056 0.0007 0.004 - -
S4 6.220 0.729 0.051 0.057 0.0006 0.004 -
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Figure 8. Chemical composition of powder (in different state—P0 . . . P4) and bulk samples (S0 . . .
S4) from AlSi7Mg0.6 in wt.% measured by XRF method.

3.2. Sample Characterization
3.2.1. Porosity

The XCT analyses aimed to assess the internal structure of the samples manufactured
from successive iterations of the reused powder and to check the impact of powder degra-
dation on the defects’ formation. For this purpose, six samples from each series were
scanned, as presented in Figure 9.

The porosity analysis was performed in the same method for each sample for a region
of interest (ROI) 25 mm high (Figure 9a), corresponding to the gauge section of the tensile
sample (Figure 3). The results of the porosity analyses are presented in the form of graphs
of the mean values of (a) porosity, (b) maximum pore diameter, and (c) maximum pore
volume, taking into account the standard deviation of the results (Figure 10).
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Figure 9. Two-dimensional cross-section through the reconstructed sample (a) and a three-
dimensional view of the obtained models (b). The reconstruction looks similar for all series. Presented
reconstruction refers to series S0.
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interval): (a) a graph of measured porosity (XCT), (b) a graph of the maximum pore diameter, and (c)
a graph of the maximum pore volume.

Based on the obtained results, there is no noticeable trend of changes in the porosity
of the samples concerning subsequent iterations of the input material processing. The
exception is series 4four for which the recorded porosity values are the lowest. However,
the results are evenly distributed for all series concerning the mean value of the maximum
diameter size and pore volume.

The diameters of the registered pores and their shape (sphericity) were evaluated for
three samples showing the highest porosity from each series. In Figure 11a, box plots of
pore diameters are presented. In Figure 11b, box plots of pore sphericities are presented.
Pore sphericity is defined as the aerial ratio of the sphere to the pore where the sphere
outlines the pore. The closer the value to one, the higher the pore sphericity is [29].
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Figure 11. Box plots of pore diameter (a) and pore sphericity (b) based on CT data for three of
the most porous samples of each series: S0 to S4; outliners qualified using the 1.5IQR method
(IQR—interquartile range).

The results of the data from the individual series and between all the processes
coincide with each other. There is a slight difference in the mean pore sizes for all S4
samples compared to the rest of the series (S0–S3). There is also a slight decrease in mean
sphericity. Nevertheless, pore diameter and sphericity show significant deviation, here
expressed as 1.5 times the interquartile range (1.5IQR). Additionally, each series and sample
show outliners. A low number of pores in each series show larger diameters than 1.5IQR.
A low number of pores show also smaller and larger sphericities than 1.5IQR.

The total number of pores recorded in the ROI volume distinguishes the S0–S4 series
and the S4 series. The pore number is about 30% smaller for the S4 series than for the S0–S3
series. A comparison of the pore morphology and pore count is presented in Figure 12.
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Figure 12. Pore reconstruction recorded for samples (a) S1-1 and (b) S4-6; (c) Pore count in ROI
for each respective series (S0–S4)—histogram based on samples analysed in Figure 11 (error—95%
confidence interval).

The samples’ pore distribution homogeneity was compared for the XZ, YZ, and
ZX (Figure 13a–e) and samples S0-1 and S4-1. The porosity analysis was performed for
sequential ROIs with heights equal to 0.25 mm [25]. The most significant changes in
porosity were noted for the XY plane. It results from the presence of subsurface pores,
which are a defect caused by the selected LPBF boundary process parameters and strategy.
Hence, the porosity in this plane has the highest values, even up to 1.35% (Figure 13f). It
is worth noting that this phenomenon does not occur in the other planes of the analysis
due to the machining and ROI selection. Hence, the global values do not exceed 0.22%, as
shown in Figure 13g,h.
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Figure 13. Pore distribution in the sample S1-1 (b), visible in planes (a), XY (c), YZ (d), ZX (e), and
graphs of porosity in the analysed planes (f–h).

3.2.2. Microstructure

The microstructure of the samples is typical for the additively manufactured alu-
minium alloys and is characterized by a fine, columnar–dendritic structure. The CLSM
(Figure 14) and SEM (Figure 15) microscopic images do not differ between each series.
Figure 14a–e represent the XZ plane of specimens, and Figure 14f shows the XY plane of an
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S0 specimen to show the characteristic fusion lines and material texture in planes parallel
(XZ) and perpendicular (XY) to the LPBF build direction (BD).
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The microstructure of AlSi7Mg0.6 is typical for hypoeutectic alloy [30] (Figure 15a–e).
It consists of the α-Al phase (grey background on SEM microphotographs) and a network
of inter-dendritic regions rich in Si (light grey colour).

On SEM micrographs, the dendrite arm spacing was measured (Figure 15f) to assure no
difference and no influence of powder reuse on the microstructure features. The results of
measurements are presented in Figure 15f, and there are minor differences within samples,
but all of the measurement differences fall within the error limits. Therefore, it can be
concluded that there are no differences, especially considering that such a measurement
will be sensitive to the collection site and the orientation of the specimen cross-section to
the examined dendritic structure.

3.3. Mechanical Properties

Performed static tensile tests showed no visible powder degradation trend due to its
reuse. All series show a high UTS of 390–400 MPa. The highest mean values were obtained
for samples from series S0, S1, and S2, with narrow confidence intervals (Figure 16a) and
UTSs above 395 MPa. The series S3 and S4 have lower mean values (below 395 MPa), but
the confidence intervals reach the mean value of the rest of the analysed series.
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Figure 16. Mechanical properties of LPBF AlSi7Mg0.6 samples S0–S4 (error—95% confidence interval):
(a) Ultimate tensile strength, (b) Strain at break, and (c) Hardness (HV0.3).

The strain at break values shows high consistency and each confidence interval over-
laps. Each series show 6–7% of strain at break (Figure 16b).

The hardness of the samples (mean for all samples of 118 ± 3 HV0.3) is comparable
with the value from a material datasheet (112 ± 3 HV10) [21]. Furthermore, each confidence
interval overlaps. The summary for the hardness measurements for each series of samples
(S0–S4) is presented in Figure 16c.

The obtained mechanical properties are in line with properties of AlSi7Mg0.6 alloy
processed by LPBF found in the literature (Table 5). Despite the slight differences in UTS,
hardness, and strain at break, the typical correlation is maintained. A lower hardness results
in a higher elongation and a lower UTS. The phenomena are related to the parameters
of the LPBF process and resulting solidification. Faster cooling creates finer, less ductile
microstructures, thus producing higher UTS [31].
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Table 5. Mechanical properties of LPBF AlSi7Mg0.6 specimens produced in XZ direction (comparison
of different sources).

Property This Research * SLM Solutions [21] Pereira et al. [30]

UTS, MPa 398 ± 2 375 ± 17 435 ± 18
Strain at break, % 7 ± 1 8 ± 2 3 ± 1

Hardness, HV 119 ± 2.5 112 ± 3 136.4 ± 2.5
* Presented values concerning series 0 (virgin powder).

4. Discussion

The hypothesis based on the literature data about other powder materials [32–34] was
that AlSi7Mg0.6 powder would degrade with each cycle: its surface would be oxidised
and PSD would increase toward bigger particles [35]. Therefore, it was expected that
the laser absorption would change due to the surface oxidation and PSD, impacting the
process conditions and the final sample properties. Furthermore, the literature claimed
that such surface oxidation is typical for highly reactive materials such as titanium [6],
nickel [10,36], and aluminium alloys [37]. However, the results shown above demonstrate
that the analysed AlSi7Mg0.6 powder is highly stable in terms of the laser absorption level
during five consecutive LPBF processes.

The minimal absorption increase for the P1 powder sample can be connected to
multiple reflections. According to [38], it can appear when the beam is reflected away by
the powder bed more than one time. Authors of [38] mention that the reason for multiple
reflections is the grain size and shape. Both the particles smaller than the beam’s diameter
and non-spherical particles can cause the multiple reflections and therefore increased the
absorption. Therefore, the measurement results could be influenced by the powder layer
composition during the measurement or the place of powder sampling.

Nevertheless, if the ranges of the laser absorption values are compared and not the
values of the averaged polynomial curve fitting (Figure 7), the difference in the series P1
is less significant. Besides, it should be mentioned that the surface structure significantly
impacts the absorption level [39]. Therefore, a significantly higher absorption of the waste
powder (PW) confirms a surface structure and PSD influence on the laser absorption level.

The other characteristic is powder morphology. Two distinctive features of the powder
set it apart from the virgin powders reported in the powder reuse literature. Therefore, it
should be considered:

(1) Small powder particles (in the form of satellites and loose particles) are usually found
in virgin powders [10,15]. Such powders during reuse are losing small particles.
Therefore, the changing PSD translates into the change of powder flow or laser
absorption [10]. The powder analysed in this work does not have many small powder
particles. Moreover, as mentioned in Section 2.1 (materials and processing), virgin
powder was pre-sieved before the first P0 process. That is why there is no significant
difference in PSD analysis. The sieving procedure between processes successfully
separate agglomerations and partial melted particles, which can impact the process.

(2) The shape of particles. The analysed powder has elongated, potato-like shape par-
ticles. However, it shows an acceptable level of flowability and processability. The
multiple processing of AlSi7Mg0.6 powder in LPBF does not change its flow prop-
erties compared to other materials such as titanium [40] or Inconel 718 [10] powder.
According to the [41], the flowability can be even improved between 6 and 15 cycles
of reuse.

In terms of chemical composition, there were two expectations or hypotheses. The
first one is about a general change of chemical composition due to multiple powder reuse.
The main difference considered is the change of zinc. However, this change is minor and
does not affect the properties of material.

The second one was about magnesium evaporation [28]. As a result of five conse-
quent processes, magnesium’s evaporation was not detected in powder or bulk samples.
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According to [42], the small addition (low content) of magnesium (up to 1.5%) positively
influences the microstructure and processability of Al-Si alloys. It should be emphasised
that magnesium in low-magnesium Al-Si alloys tends to condense and be studded at
the cell boundaries, especially at the nodes of cell boundaries [42]. Therefore, the results
described above are well-aligned with those in the literature.

However, magnesium evaporation is the main problem in AM of high-magnesium
Al-Mg alloys, but is not confirmed by the literature for the Al-Si alloys except for one publi-
cation [43], where authors describe the evaporation of magnesium and zinc for different
aluminium alloys. Process parameters are possible reasons for the difference between the
results published in [43] and the presented research. High-power LPBF processing should
contribute to this effect. An interconnection between magnesium content, densification,
and applied energy density affects the influence of process parameters on magnesium
evaporation. In the case of magnesium content <2.0%, there is no need to use high-energy
density to densify samples [42]; therefore, the risk of magnesium evaporation is lower.

As for the powder samples, the analysed AlSi7Mg0.6 bulk specimens (S0–S4) do
not show significant proofs of powder degradation. All bulk specimens (S0–S4) show
comparable and repeatable microstructures (similar texture and dendrite arm spacing),
which are typical for AM-processed hypoeutectic aluminium alloys.

A similar consistence of results is found within mechanical properties and hardness.
The difference between each series (S0–S4) is lower than the standard deviation of the
results. Even if the error is neglected, the determined mean values are within 5 MPa for the
UTS, 0.5 p.p. for the break at strain, and 5 HV0.3 for the hardness.

In the paper [44], the influence of powder reuse on the mechanical properties of
AlSi10Mg alloy within eight consecutive LPBF processes without rejuvenation is presented.
The study shows that significant (visible) changes can appeared after the 5–6 LPBF processes.
However, in the discussed paper, error limits for each series are not presented. If the changes
can be fitted into the error limits as in this work, therefore AlSi10Mg powder degradation
shown in [44] could be minor.

On the contrary, if results from [44] are considered, series S4 may be the critical point,
after which some changes could appear. Even if all powder samples (P0–P4) and bulk
specimens (S0–S4) show repeatable properties with changes within error limits, certain
signs could indicate some initial degradation. A small decrease in dendrite arm space can
be observed, a small change in chemical composition and a higher mean hardness. All
the above-mentioned minor changes can be translated into the change of detected bulk
samples’ porosity distribution. The pore count is approximately 30% lower for the S4 series
than for the S0–S3 series.

The authors of [4] showed in their work the difference between two different powder
reuse strategies. The strategy used in the presented work (continuous reuse/single batch)
has its limit regarding powder availability for producing the subsequent samples. At a
certain moment, it is impossible to process samples with the same geometry due to the lack
of powder. Therefore, the number of cycles is limited by the quantity of powder without
rejuvenation.

The approach with frequent refreshing from one point is more similar to real produc-
tion conditions. However, at the same time, the powder degradation during the following
cycles is levelled/slowed down by the constant addition of virgin powder.

In the presented study, an attempt was made to maintain identical LPBF processing
conditions at each stage of collective ageing powder reuse. Each of the LPBF processes
was carried out using the same parameters, samples with a constant cross-section were
fabricated, and the conditions of the LPBF process were strictly controlled (platform temper-
ature, pressure in the chamber, gas flow speed, oxygen level, laser beam power variation,
etc.). The variability of the parameters recorded during LPBF processes did not exceed
5%. In addition, the powder after each step was screened twice to ensure the adequate
separation of oversized particles. The experiment was stopped after five cycles as the
amount of powder that remained in circulation was insufficient to allow the fabrication of
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full height tensile samples. During the process, approximately 30% of the initial amount
of powder (15 kg) was used to fabricate samples (4.8 kg) and 0.3 kg (2%) was screened as
waste. Given the above, the analysed AlSi7Mg0.6 powder showed a high stability during
reuse in the LPBF process. After the five consequent processes run without adding fresh
(virgin) powder, it is demonstrated that most properties of both powder and bulk samples
remain unchanged.

Therefore, in the case of the AlSi7Mg0.6 alloy, these are conditions for which the
collective ageing powder reuse strategies should be safe and repeatable. The present
study’s future scope is to analyse the limit of safety of AlSi7Mg0.6 powder reuse. So far,
the five cycles of continuous reuse do not influence the quality of produced samples. It will
be essential to design the experiment looking for those limits and create the roadmap for
the first signs of powder degradation.

5. Conclusions

The presented study investigated the possibility of continuous reuse (collective ageing
strategy) of AlSi7Mg0.6 powder in the laser powder bed fusion process. The five batches of
AlSi7Mg0.6 powder (P0–P4) and five bulk LPBF samples (S0–S4) series were characterised
for powder morphology, chemical composition, porosity, and microstructure. In addition,
the mechanical properties of the LPBF AlSi7Mg0.6 specimens fabricated with reused pow-
der were investigated to ensure the comparable properties of each reuse cycle. Based on
the presented results, the following conclusions can be drawn:

1. The average particle size, morphology, and chemical composition of the virgin and
continuously reused AlSi7Mg0.6 powders are comparable. The main outliner is waste
powder, screened during double-sieving, which differs in each property from the
virgin and continuously reused power.

2. Mechanical properties of the LPBF AlSi7Mg0.6 samples manufactured using continu-
ous reused powder are similar to the LPBF AlSi7Mg0.6 alloy manufactured samples
using virgin powder. It confirms that the approach of continuously reused powder
can be reasonably used in the LPBF process without a negative effect on the quality of
the final product.

3. The collective ageing powder reuse strategy is considered to give repeatable LPBF
process results and is recommended for the AlSi7Mg0.6 alloy within at least five
consecutive LPBF processes.

4. The presented findings should be only considered when: LPBF process parameters
are strictly controlled; the powder is double-sieved in each process; the virgin powder
shows a similar morphology to the powder used in this study—it is free from small
powder particles and is pre-sieved before use.

5. Samples manufactured within the fifth reuse cycle (series P4, S4) showed signs in-
dicating initial degradation. These changes, however, mostly fit within error limits.
Further studies should be looking at the high-cycle reuse of AlSi7Mg0.6 alloy in LPBF
to set the reuse limit and create the roadmap for the first signs of powder degradation.
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Abstract: The fabrication of fiber-reinforced metal matrix composites (MMCs) mainly consists of
two stages: infiltration and solidification, which have a significant influence on the properties of
MMCs. The present study is primarily focused on the simulation of the solidification process and
the effect of the active cooling of fibers with and without nickel coating for making the continuous
carbon fiber-reinforced aluminum matrix composites. The thermomechanical finite element model
was established to investigate the effects of different cooling conditions on the temperature profile
and thermal stress distributions based on the simplified physical model. The predicted results of
the temperature distribution agree well with the results of the references. Additionally, a three-
dimensional cellular automata (CA) finite element (FE) model is used to simulate the microstructure
evolution of the solidification process by using ProCAST software. The results show that adding a
nickel coating can make the heat flux smaller in the melt, which is favorable for preventing debonding
at the coating/fiber and alloy interface and obtaining a finer microstructure. In the presence of the
nickel coating, the number of grains increases significantly, and the average grain size decreases,
which can improve the properties of the resultant composite materials. Meanwhile, the predicting
results also show that the interfaces of fiber–coating, fiber–melt, and coating–melt experience higher
temperature gradients and thermal stresses. These results will lead to the phenomenon of stress
concentration and interface failure. Thus, it was demonstrated that these simulation methods could
be helpful for studying the solidification of fiber-reinforced MMCs and reducing the number of
trial-and-error experiments.

Keywords: fiber-reinforced; MMCs; numerical simulation; temperature field; microstructure

1. Introduction

Metal matrix composites (MMCs) are usually composed of a metal or alloy as the
continuous phase and whiskers or fibers of a reinforcing material as the second phase [1,2].
MMCs are widely used in developing materials for aerospace, electronics, and optical
instruments due to their good mechanical properties, including low density, high Young’s
modulus, high wear, and fatigue resistance. However, factors such as poor wettability,
chemical reaction at the melt–fiber interface, and larger grain size and dendrite arm spacing
during solidification processing tend to restrict the development of these materials for the
industry [1–8].

The pressure infiltration process (PIP) is an established technique to manufacture
MMCs where liquid metal or alloy is injected into a dry porous medium called the preform,
made of reinforcing fibers, and later solidified to create the solid composite. Such fabrication
of MMCs includes two stages: infiltration and solidification [1,5,9,10]. The liquid–metal
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infiltration process is a complicated flow and transport phenomenon, which can involve
the preferential flow of liquid metal through larger pores of the preform, the mechanical
deformation of the preform, and the solidification of liquid metal on coming in contact
with cooled fibers and surfaces [11]. Transport phenomena during infiltration govern the
temperature and solute distributions at and behind the infiltration front. These phenomena
are often accompanied by other phenomena such as the segregation of alloying elements
and chemical reactions. Finally, the solidification of the metal matrix occurs during and after
the infiltration process, resulting in the final MMC part. In practice, all these phenomena
simultaneously occur during the infiltration process.

The interface problem has been a core issue in manufacturing metal matrix composites,
especially for active metals such as aluminum [12–15]. High infiltration temperature is a key
factor in preparing carbon and aluminum (C/Al) composites. However, at this temperature,
aluminum readily reacts with carbon to form a brittle phase of Al4C3 between carbon fibers
and the aluminum matrix, which leads to the degradation of carbon fibers and consequently
results in the deterioration of the mechanical properties of the composite and leads to its
early failure under load [15]. High-resolution microfractography and transmission electron
microscopy show that the mechanical behavior of the carbon-fiber-reinforced Al-based
matrix composites is related to the presence of brittle interfacial phases [16]. The most
common way to solve this problem is to coat the surface of the carbon fibers using the
vapor deposition technique with nickel or copper [15]. This coating not only reduces the
reaction at the fiber–melt interface, but also improves the wettability [17–19]. By using
the nanoindentation technique, A. Urena et al. [19] investigated the interfacial mechanical
properties of an AA6061 composite reinforced with short carbon fibers coated with copper
and nickel films. The film coating on the carbon fiber surface was applied to control
the interfacial reactivity of fibers with molten aluminum during the manufacture of the
composite. The results showed that the copper coating produced by electroless increases the
hardness and stiffness of the aluminum matrix, and nickel coatings decrease the hardness
of the matrix close to the fibers and produce a high dispersion of stiffness values, especially
in the own interface and at distances above 5 µm from the fibers. Improving the interfacial
bonding between fibers and melt is one of the key factors in improving the properties of the
fiber-reinforced composites [15,20]. The coating can play the adhesive role on the interface,
leading to an improvement in the load transfer to the fibers. It has also been observed
experimentally that the presence of carbon fibers alters the microstructure of the matrix
alloy created during solidification. For example, Z.G. Liu et al. [21] studied the interface
in the carbon fiber-reinforced Al–Cu alloy composites. The important feature observed in
their experiments was that the microstructure of the Al–Cu matrix alloy was altered due to
carbon fibers.

Nickel and copper are among the widely used coating materials. Although these
metallic coatings can improve the wetting of carbon materials, the formation of intermetallic
compounds or carbides will reduce the mechanical properties of the composites. This
shortcoming should be controlled by optimizing the coatings’ thickness and the composites’
fabrication parameters. In the present study, the effect on the solidification of fibers with
and without nickel coating was investigated. The effect of the brittle phases or transition
phases formed at interfaces is ignored in the simulation study.

The solidification of MMCs is essentially a process of nucleation and the growth of
crystals for base alloys. In an actual process, the grain growth is always accompanied by the
phenomena of dendrite remelting and dendrite segregation. However, this effect is often
ignored in the numerical simulation of the MMC solidification due to its complexity and
little effect on the overall results. Many works of the simulation on infiltration and solidifi-
cation processes for making MMCs have been done, but little study has been implemented
on microstructure simulations, especially the nucleation and growth of crystals during
the solidification process [22–27]. The main reason is that the presence of reinforcement
materials in the metal matrix composites makes the solidification process more complicated.
At present, the cellular automata (CA) method and phase-field method are two commonly
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used methods for simulating the microstructure evolution in solidification processes [28].
Although the phase-field method is accurate for the simulation of microstructure evolu-
tion due to its foundation on thermodynamics and physically-informed parameters, its
overly complex principle, the need for more enormous computational resources, and the
small computational domain hinder its further industrial application. In this study, the
CA method is used to simulate the nucleation and growth of crystals in the solidification
processes for making MMCs.

The microstructure development in MMCs is closely related to the temperature field,
which can be changed by controlling the cooling rate. Lee et al. [27] studied the effect of
the cooled fibers on the solidification microstructures based on numerical simulation and
experimental observation. The results show that cooling the ends of the fibers changed the
cooling curves (temperature fields) to lead to the nucleation of aluminum dendrites on the
surface of the fibers. In the absence of such cooling, primary aluminum nucleated away
from the surface of the fibers, depositing the last freezing eutectic at the interface. A faster
cooling rate will result in higher temperature gradients and the development of a fine grain
structure [27,29]. In addition, the number of nucleation sites increases significantly due
to the presence of the reinforcement phase, which is favorable to the formation of a large
number of fine crystals. Lelito et al. [29] developed a numerical micro–macro model based
on the empirical nucleation law to predict the grain density in the Mg-based MMCs. The
experimental and simulation results also show that the cooling curves and matrix grain
densities were a function of heat-extraction rates, mass fraction, and the particle diameter
of SiC. So, one possible way for such microstructure improvement is to extend the ends
of the reinforcing phase to the outside of the casting mold and cool the ends of the fibers
with a heat sink. Due to a faster heat extraction, the solidification time is reduced. This
method is referred to as the thermal management of fibers, which can significantly change
the nature of the interface and the surrounding matrix and, therefore, the properties of the
composite. Such an active fiber cooling method has also been used by researchers [30,31]
to prevent damage to the nickel coating during the infiltration process. Rohatgi et al. [32]
used the squeeze infiltration process to synthesize an MMC of Al-2014 reinforced with
nickel-coated carbon fibers. They used a modified version of a commercial squeeze-casting
machine in which the ends of the carbon fibers were made to extend out on both sides of
the mold, so they were cooled due to the lower ambient temperature, resulting in a higher
heat-transfer rate from the system.

Although significant work has been done to model the metal infiltration and solidifi-
cation processes seen during the manufacture of MMCs, relatively less research has been
conducted on modeling the evolution of grain microstructure during the solidification
process [22,32]. Our study uses the fiber-based active cooling method employed in previous
studies [17,30,32]. These previous works have shown that the solidification microstructures
of fiber-reinforced aluminum composites can be altered by cooling the ends of the fibers
extending out of the mold. Based on this method, numerical simulations have been done
for a simplified model to study the temperature profile around the fibers and stress distribu-
tion with coating. However, the simulations of the microstructure evolution involving the
grain nucleation and growth are not considered, which is key to the final properties of the
MMCs. In this article, the temperature profile, stress distribution, and microstructure evo-
lution around the fibers during solidification are simulated using the commercial software
ProcCAST® of ESI Group. The effect of nickel coating on the solidification process is also
studied. These results should be helpful in controlling and optimizing the solidification
process witnessed during the making of MMCs.

2. Problem Description and Simulation Method

The conventional fiber preforms are made up of a large number of similar fiber units, as
shown in Figure 1. For simplicity, a unit-cell of a cylindrical shape with a fiber and alumina
melt is extracted as the calculation domain. Figure 1 presents the 3D-axisymmetric carbon
fiber/aluminum model, in which the carbon fiber is located in the center and is wrapped in
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the aluminum melt. The physical model comes from the reference of Nguyen et al. [17,30].
This model assumes that a carbon fiber with or without coating is vertically oriented in the
center and is surrounded by the Al alloy melt. Based on this model, this article discusses
the temperature field and the thermal stresses and investigates the grain microstructure
evolution, including the nucleation and growth process around the fiber and the trend of
heat flux. The values of 1, 1, 0.2, and 0.05 units are set for radius (Ra), height (L), carbon
fiber radius (Rf), and coating thickness parameters, respectively.
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Figure 1. A schematic describing the 3D axisymmetric unit-cell for the carbon fiber/aluminum alloy
MMC, as described in [17,30].

2.1. Mathematical Model

Considering only the postmold-fill scenario, we are going to model heat transfer,
solidification, microstructure development, and stress estimation in a stationary pool of
metal surrounding the fiber in the unit cell.

2.1.1. Energy Equation

The energy conservation equation is solved to study the heat transfer and solidification
phenomena in the postmold-fill process for making MMCs.
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where ρ, cp, t, and T are the density, the specific heat capacity, the time, and the temper-
ature, respectively. Q = ρL·(∂ fs/∂T), where L is the latent heat of melting and fs is the
solid fraction.

2.1.2. Thermal-Elastic-Plastic Model

The material begins to yield when the elastic deformation energy reaches a speci-
fied value under certain deformation conditions. The thermal–elastic–plastic model is
adopted to simulate the deformation and thermal stress distribution during solidification
for making MMCs.

The total strain increment includes thermal strain increment, elastic strain increment,
and plastic strain increment. The effective stress is calculated by σ.

The yield criterion follows the von Mises criterion:

σ =
1√
2

√(
σx − σy

)2
+
(
σy − σz

)2
+ (σz − σx)

2 (2)

where the σx, σy, and σz are, respectively, the first, second, and third principal stresses.
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2.1.3. Nucleation and Growth Model

A three-dimensional cellular automaton–finite element (CAFE) model is used to simu-
late the microstructure evolution of the Al alloy composites. The continuous nucleation
model, which employs the heterogeneous nucleation approach based on Gaussian dis-
tribution, is used. It should be mentioned that heterogeneous nucleation occurs in the
bulk liquid, and the surface of the fiber or nickel coating is described by two distributions
of nucleation sites which became active as undercooling increases. The continuous and
nondiscrete distribution function is used to describe changes in grain density, which can be
determined by Gaussian distribution [33,34] as

dn
d(∆T)

=
nmax√
2π∆Tσ

exp

[
− (∆T − ∆Tmax)

2

2∆T2
σ

]
(3)

where ∆Tmax, ∆Tσ, and nmax are the mean undercooling, the standard deviation, and the
maximum density of nuclei, respectively.

In casting, the total undercooling of the dendrite tip is generally the sum of four
contributions [33,34], as follows

∆T = ∆Tc + ∆Tt + ∆Tk + ∆Tr (4)

where ∆Tc, ∆Tt, ∆Tk, and ∆Tr are the undercoolings contributions associated with solute diffu-
sion, thermal diffusion, attachment kinetics, and solid–liquid interface curvature, respectively.

They are the undercooling contributions associated with solute diffusion, thermal
diffusion, attachment kinetics, and solid–liquid interface curvature. The last three contribu-
tions are small for the solidification process for making MMCs, and the solute undercooling
predominated.

During solidification, the constitutional supercooling and kinetic undercooling affect
the dendrite growth. In general, constitutional supercooling plays a decisive role in the
growth of the dendrite tip. Thus, its growth kinetics can be predicted effectively using KGT
(Kurz–Givoanola–Trivedi) model [34]. Hence, the growth rate formula for the dendrite tip
can be expressed as [33,34]

ϑtip = α(∆T)2 + β(∆T)3 (5)

where α and β are empirical constants.

2.2. Material Properties

The material properties of the fiber, the nickel coating, and the melt used in the analysis
are presented in Table 1. Values of some primary parameters used in the microstructure
simulation are shown in Table 2. (These parameters on microstructure growth are mainly
taken from the ProCast manual.) Coefficients of the growth kinetics are calculated by the
module in the ProCast2009 software. The calculated results are quite consistent with the
values available in the literature.

Table 1. Material parameters gleaned from [35] and used in ProCast’s CAFE simulation.

Property Carbon Fiber Nickel Al-2014

Thermal conductivity (W/m C) 54 60.7 193
Specific heat capacity (J/kg K) 921 460 880

Density (kg/m3) 1800 8880 2800
Thermal expansion coefficient

(m/m ◦C) −10−7 13 × 10−6 23 × 10−6

Young’s modulus (GPa) 217 207 71
Poisson’s ratio 0.3 0.31 0.33
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Table 2. The in-built parameters used in ProCast’s CAFE simulation.

Property Value

a2(First coefficient of the growth kinetics) 4.7 × 10−6

a3(Second coefficient of the growth kinetics) 2.5 × 10−7

Nucleation parameters in the bulk
of the liquid (Gaussian distribution)

DTm (Average undercooling) 2.5
DTs (Standard deviation) 1

Nmax (Maximum number of nuclei) 7 × 1010

Nucleation parameters at the
surface (Gaussian distribution)

dTm (Average undercooling) 0.5
dTs (Standard deviation) 0.1

Gmax (Maximum number of nuclei) 5.0 × 1010

2.3. Initial and Boundary Conditions

The adiabatic thermal boundary condition is applied to the outer surfaces of the model
except at the bottom of the carbon fiber and coating. The carbon fiber’s bottom surface
(z = 0) is given a constant temperature of 25 ◦C. The initial temperature of the fiber and
the aluminum melt is considered to be 639 ◦C. It is assumed that the melt–fiber interface is
ideal in terms of contact conditions, while the inner surface of the carbon fiber and coating
are in complete contact, and the formula for the coefficient of the interface between coating
and melt can be expressed as

λ
∂T
∂n

∣∣∣∣
w
= hi(Tw1 − Tw2) (6)

where λ ∂T
∂n

∣∣∣
w

and hi are the normal temperature-gradient-driven heat flux at the boundary
(with λ being the thermal conductivity) and the boundary heat transfer coefficient, respec-
tively. Tw1 and Tw2 represent the surface temperatures of the coating and melt, respectively.

For the thermal-stress analysis, a zero-displacement boundary condition is employed
on the outer surface of the mesh model, which prevents deformation in the normal direction,
but allows displacement in the tangential direction. Thermal stresses are calculated from
the temperature field at any given time. The melt–fiber or melt–coating interfaces are
assigned as nucleation sites for the microstructure simulation.

2.4. Numerical Solution

In this paper, the finite element method (FEM) is used for the numerical solution of
the problem. The calculation domain should be simplified as a microunit (cylinder), which
size is the one unit of height and one unit of diameter, as shown in Figure 1.

In the simulation coupling temperature and stress, though the temperature field is
calculated at each time step, the coupled thermal stress field begins to be calculated when
the solidification fraction of the melt reaches 50%. The iterative procedure is continued
until the values at each node converge. The calculating procedure is stopped when the
liquid metal is completely solidified.

In the solidification microstructure simulation, the cellular automaton (CA) finite
element (FE) model is used to simulate the microstructure of Al alloy composites. In the
simulation domain, the larger mesh is used to simulate the temperature and enthalpy
defined at each node using the energy equation. Subsequently, the cell meshes with smaller
size are used for microstructure calculations interactively by the CA method within the
temperature range calculated by the FE method at each macrotime step. The nucleation and
the dendritic-growth computations within the CA method are two significant components
of the microstructure simulation described in Section 2.1.3.

The flow charts of the numerical solution procedure developed for this simulation are
shown in Figure 2. The present study is proposed to compute changes in the temperature
and thermal stress fields with time and to determine the microstructure evolution during
the solidification process of the Al alloy considered. The thermal stress simulation and
thermal grain structure simulation are calculated using the commercial software ProCast
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in our study. The solution domain is discretized into 174,661 nodes, the mesh grid size
is about 2.5× 10−3 mm, and the conservation equations are solved at each node of the
elements. Such a procedure is repeated iteratively until convergence to the correct solution
is obtained. The minimum time-step is about 0.001 s, and the convergence criteria for
energy equation is 10−6. During the presentation of the results, some variables involved
in the governing equations are rendered dimensionless, including geometry, temperature,
and time equations [17,30]:

r =
r

Ra
, z =

z
Ra

, R f =
R f

Ra
(7)

AR =
L

Ra
,θm =

Tm − T0

Ti − T0
,Fo =

tα
R2

a
, HF =

HF
−ka(Ti − T0)/Ra

(8)

where r is the radial distance, ka is the thermal conductivity of the alloy, and Tm, T0, and
Ti is the temperature of the alloy, the cooling temperature, and the initial temperature,
respectively. The symbol t represents the time, and a is the thermal expansion coefficient.
The symbol with a bar represents the dimensionless parameters. AR is the aspect ratio
of the mold, the dimensionless temperature of the alloy, the dimensionless time, and the
dimensionless heat flux.
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Figure 2. Flow chart of the numerical solution procedure adapted for modeling the solidification
process of MMCs.

3. Results and Discussion

In the present study, the aluminum alloy melt has been pressurized and completely
infiltrated into the mold packed with the fiber preform. The infiltration flow and the
concomitant interface reactions are neglected. However, the effects of the cooling conditions
and the coating on the temperature, thermal stress, and microstructure are considered in
this analysis.

Figure 3 compares temporal changes in the temperature profile obtained from the
axisymmetric model with and without nickel coating. The entire heat is extracted from
the bottom of the extension fiber, so the low-temperature region is mainly concentrated
in the lower part of the model. Meanwhile, the effect of the active cooling leads to a large
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temperature gradient near the fiber end. The nickel coating can act as a thermal barrier
layer and make the melt’s temperature gradient steeper near the coating–melt interface.
As we shall see later, this effect will result in a finer grain structure using nickel coating
(Figures 14 and 15).
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Figure 3. Temperature profile in axial section of the model without coating (a,b) and with coating
(c,d) at different dimensionless times (a,c) Fo = 0.156, (b,d) Fo = 0.234.

The present simulation was verified with the results reported by Nguyen et al. [30]
for the numerical simulation using a 2-D model. Figure 4 compares the temperature
distribution for the same conditions. The results from the present 3-D simulation show
reasonably good quantitative agreement with the results obtained by Nguyen. From this
figure, it can also be seen that the temperature gradient of the melt decreases with increases
in the axial and radial distances.
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Figure 4. Comparison of the results from the present simulation with that reported in the litera-
ture [30] on the evolution of temperature without the nickel coating: (a) r = 0.25, (b) z = 0.1.

Dimensionless heat flux as a function of radial location is studied for four axial-location
cases and different time cases in Figure 5. It can be seen that the heat flux within the fiber
changes little along the radial direction, but the heat flux in the melt declines sharply. There
is a discontinuity in the heat flux profile due to a sharp change in the thermal properties
across the fiber and melt interface. It is a potential site for stress concentration. Figure 5a
also illustrates that the heat flux has an obvious decreasing trend away from the cooling end
along the z-direction. Figure 5b shows the changes in the nondimensional heat flux along
the axial (z) direction at the different time instances. In Figure 6, the heat flux obviously
decreases along the axial direction as the radial distance increases from r = 0.19 to r = 0.26.
However, there are differences in the two figures, because r = 0.19 is located inside the
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fiber and is near the cold fiber-end, while r = 0.26 is located in the melt. Inside the fiber,
the decline in heat flux is much steeper than that in the melt, which may be attributed to
differences in thermal conductivity in the two regions (Table 1).
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direction at (a) r = 0.19, (b) r = 0.26.

Figure 7 compares the heat flux with and without nickel coating along the radial
direction at the given z-direction location. It shows that the heat flux with nickel coating is
less jagged than without nickel coating. The heat fluxes have a slight decline on the side of
the fiber, then the expected increase near the interface, and then the smooth decrease on
the melt side. Compared with the coating case, the increase in the heat flux is sharper near
the interface for the no-coating case. This abrupt change is expected to produce a severe
thermal stress concentration at the interface to result in the debonding of coating/fiber
and alloy.
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The thermal stress analysis is very effective for predicting stress concentrations, the
resulting hot cracks, etc. The thermal stress is caused by temperature gradients in the
fiber/alloy system. Residual stresses usually lead to thermal deformations in the material.
Poor properties of metal matrix composites are often the result of undesirable heat distor-
tions. Additionally, if the coating is considered in the model, the displacement caused by
thermal deformation will become more complicated due to the different thermal expansion
coefficients of the coating. Furthermore, nickel coating also has the function of transferring
and bearing stresses.

The stress concentration exists at the interface due to higher von Mises stress. As
shown in Figure 8, there is a sharp decrease in the stress on both sides of the fiber–melt
interface. On the side of the fiber, the thermal stresses are relatively stable; however, it
declines sharply on the melt side. It is also clear that the stress ‘spikes’ decrease in intensity
as one moves away from the cooled part of the fiber at =0. The spikes are correlated with
the temperature gradients shown in Figure 3.
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Figure 9 compares the resultant von Mises stresses with and without nickel coating.
It can be seen that von Mises stress at the fiber–coating interface is much higher than at
the fiber–melt interface without the coating. A close observation of this result reveals that
nickel coating can cause the residual stress to increase significantly, and the stress in the
fiber is higher than that in the melt. This higher stress may result in debonding of the
coating. So, it is necessary to effectively control the cooling rate to protect against coating
failure [36].
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Figure 9. Radial changes in von Mises stress with and without nickel coating z = 0.1.

Figures 10 and 11 illustrate the radial and axial deformation profiles at different cooling
times. It can be seen that the extent of deformation, especially the axial one, in the fiber
side with the nickel coating is far greater than that without the coating. However, the
deformations are much smaller in the melt.
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the material itself but also closely connected with the cooling rate. Experimental investi-
gations show that the grain size of the composites is often smaller than that of the unrein-
forced alloy under identical solidification conditions. Solute diffusion is impeded during 
growth due to the barrier effects of the reinforcement. Therefore, the delayed growth from 
the melt gives additional time for the formation of nuclei, which can yield a refined struc-
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Figure 12 describes in detail comparison between the distributions of deformation
with and without nickel coating. It can be found that the deformation displacement of the
model with nickel coating is smaller than that without coating in the radial direction at
z = 0.2. At the same time, there is little change in displacement at the fiber side. Figure 12b,
r = 0.19 reveals a completely different deformation of the model with and without nickel
coating. The main reason is the different thermal expansion coefficient values for fiber,
coating, and melt. The carbon fiber shows volume expansion with decreasing temperature,
while the volume shrinks due to the positive thermal expansion coefficient of nickel coating
and melt. In addition, the absolute value of the thermal expansion coefficient of the melt
and the nickel coating is far greater than that of the fiber. So, the expansion process of the
fiber is blocked and forced to move in the opposite direction during the cooling process.
Figure 12b, r = 0.4 presents that the deformation displacement of the model with nickel
coating is smaller than without coating.
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The nucleation and growth of grains during solidification is a key factor in determining
the grain size and achieving the desirable properties of MMCs. It is not only related to the
material itself but also closely connected with the cooling rate. Experimental investigations
show that the grain size of the composites is often smaller than that of the unreinforced
alloy under identical solidification conditions. Solute diffusion is impeded during growth
due to the barrier effects of the reinforcement. Therefore, the delayed growth from the melt
gives additional time for the formation of nuclei, which can yield a refined structure [27,28].
Microstructures in fiber-reinforced MMCs can be modulated in a predetermined manner
by controlling interfiber spacing and cooling rate [28]. In the present study, the effects
of cooling conditions and coating on grain microstructure were studied using the CAFÉ
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model. The cooling condition was controlled by varying the degree of cooling of the ends
of fibers with water cooling: 25 ◦C and dry ice–acetone mixture: −78 ◦C.

Figure 13 shows a series of axial and radial slices of grain microstructure predicted.
Figures 13–15 present the simulation results of the grain microstructure profile of axial
directions with and without coating under different cooling conditions. The higher temper-
ature gradient is obviously affecting the microstructure close to the cold end. The grain
growth near the nucleation surface is restrained and forms finer equiaxial crystals due to
chilling. However, grains tend to form coarse columnar crystals away from the chilling
layer, as shown in Figure 14(a–c,a1–c1) and Figure 15(a–c,a1–c1). The microstructure away
from the fiber tends to form coarse equiaxed grains due to the lower thermal gradient away
from the cold end, as shown in Figure 14(d,e,d1,e1) and Figure 15(d,e,d1,e1). Compared to
the simulated results with and without nickel coating, it can be found from Figure 14(e,e1)
and Figure 15(e,e1) that the number of grains increases significantly in the presence of the
nickel coating away from the fiber. The size of grains also reduces relatively, as observed in
Figures 14 and 15. The main feature is that the nickel coating can act as a thermal resistance
layer, making the temperature profiles near interfaces uniform and further reducing the
temperature gradient, obtaining the fine grain structure. Similarly, this argument can be
demonstrated in Figure 16. A close observation of Figure 16 reveals that as the location
of the slice is far away from the carbon fiber (from (a) to (e)), the number of grains firstly
increases and then decreases, the mean surface of grain firstly decreases and then increases.
Moreover, it can be seen that there is a small difference in the number of grains and the
average grain area at different cooling temperatures.
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Figure 15. Microstructure morphology predicted of different axial sections with the cooling tempera-
ture of −78 ◦C (a–e) without nickel coating; (a1–e1) with nickel coating.

The microstructure morphology of the different radial sections is presented in
Figures 17 and 18. When slices are away from the cold end (from slice (a) to slice (e),
as shown in the right picture of Figure 13), the grains will gradually become equiaxed
grains at the edge of the slice. On the contrary, the grains will develop columnar crystals
at the center of the section (near the carbon fiber). The reason for this situation is that
the crystal growth direction is always in the opposite direction of heat flow.
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Figure 16. Number grains (a) and mean surface (b) of different axial sections.
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Comparing the simulated microstructure of radial section with and without coating
shows that the number of grains increases significantly, and the grains’ mean surface slightly
decreases when using the nickel coating, which can be proved via Figure 19. Furthermore,
Figure 19 also shows that the number of grains increases firstly and then decreases, and the
mean surface presents the opposite trend with the increasing distance from the cold end.
In conclusion, the microstructure is obviously refined, which is beneficial for improving
the properties of metal matrix composites when the fiber is wrapped with nickel coating
and the extended fiber cooling method.

Figure 19. Number grains (a) and mean surface (b) of different radial sections.

An earlier study by Rohatgi [37] and Lee [27] revealed that cooling the extended ends
of the reinforcement results in finer microstructures in the matrix and changes the nature of
the interface. Figure 20 demonstrates the effect of fiber cooling on the matrix microstructure
of an aluminum/carbon fiber composite, in which the carbon fibers were chilled outside
of the mold [27]. In this case, very fine-sized grains were in contact with the surfaces of
graphite fibers. The same results also can be observed from Figure 13, Figure 17, and
Figure 18. The predicted results of solidification microstructure agreed well with these
experimental results. So, it is demonstrated that the cooling of the extent of the fibers
during making MMCs can be useful for producing the finer matrix microstructures around
fibers and improving the properties of MMCs. However, suitable cooling conditions need
to be designed and optimized in future works.
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4. Conclusions

This paper mainly focuses on the numerical simulation of the temperature field,
thermal stress, and microstructure of the fiber-reinforced metal matrix composites. Two
physical models with and without nickel coating are analyzed in detail. At the same time,
the effects of cooling rate on the resultant microstructure are also investigated by changing
the fiber end cooling temperature. The following important conclusions are drawn from
this study:

1. Based on a modified infiltration process by Nguyen et al., the effect of active cooling
conditions on temperature distribution was simulated. The predicted results of
temperature evolution agreed well with the reported results.

2. The distribution of heat flux has a significant influence on the microstructure and
thermal stress. The heat flux trend is gradually evolving from the top of the model
to the bottom of the fiber due to active cooling through carbon fiber. On the side
of the fiber, the heat flux changes smoothly, while it varies drastically at the melt
side. Comparing analysis results of the heat flux with and without nickel coating
reveals that it is smoother and smaller in the Ni-coating model, which is favorable for
preventing debonding at the interface of coating/fiber and alloy and obtaining the
finer grains.

3. The predicted results of the thermal stress show that there is high thermal stress on
the interfaces of fiber–coating, coating–melt, and fiber–melt. These places tend to
cause stress concentration. On the one hand, it is easy to generate microcracks in
these locations, resulting in interface failure; on the other hand, it tends to lead to
debonding of the coating.

4. The formation and growth of grains are closely related to the temperature field. The
heat is only dissipated from the bottom of the fiber. Therefore, the dendrites obliquely
grew along with the model from the lower part of the fiber. The number of grains near
the nucleation is more than that of the other places due to the effect of chilling. We also
can see that the microstructure is significantly refined, and then the properties of metal
matrix composites can be improved when the fiber is wrapped by nickel coating.
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