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Miroslava Ťavodová and Mária Mihaliková
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A Study on the Co-Content Optimization of the DD15
Single-Crystal Superalloy

Zhenxue Shi * and Shizhong Liu

Science and Technology on Advanced High Temperature Structural Materials Laboratory, Beijing Institute of
Aeronautical Materials, Beijing 100095, China
* Correspondence: shizhenxue@126.com

Abstract: The fourth-generation single-crystal superalloy DD15 with 6% Co, 9% Co and 12% Co
was cast using the vacuum directionally solidified furnace, while other alloying element’s content
remained unchanged. The long-term aging experiment was conducted at 1100 ◦C for 1000 h after
standard heat treatment. The stress rupture tests of the alloy were conducted at 1100 ◦C/137 MPa and
1140 ◦C/137 Mpa. The influence of Co content on the microstructure and stress rupture properties
of DD15 alloy had been investigated to optimize the Co content to obtain excellent comprehensive
performance. The results showed that the primary dendrite arm spacing of the alloy decreases at
first and increases afterwards, and the volume fraction of γ-γ′ eutectic decreases with the growth
of Co content in the as-cast microstructures. The size, cubic degree and volume fraction of the γ′

phase of the alloy after standard heat treatment all decrease with the increase in Co content. The
microstructure stability of the alloy is enhanced with the increase in Co content. No TCP phase
was present in the alloy with 12% Co precipitate even after aging 1000 h. The stress rupture lives at
two conditions, both reduced in different degrees with the increase in Co content. The effect of Co
on the stress rupture life of the alloy improves with the increase in Co content or test temperature.
The acicular TCP phase appeared in the 6% Co alloy and 9% Co alloy in the microstructure of the
ruptured specimens with different Co contents. Moreover, the TCP phase content in the 6% Co alloy
is much more than that in the 9% Co alloy. There is no TCP phase precipitation in the 12% Co alloy.
At last, the relationship between microstructure stability, stress rupture properties and Co content of
the alloy is discussed. The alloy containing 9% Co is the best choice considering the microstructure
stability and stress rupture properties.

Keywords: single-crystal superalloy; the fourth generation; Co content; microstructure stability;
stress rupture properties

1. Introduction

The Ni-based single-crystal superalloy has been extensively used as one of the key ma-
terials for the blade part in advanced aero-engines because of their excellent comprehensive
performance [1]. The temperature capability of the turbine blade has increased significantly
in the past several decades. Some advancements have been achieved by improving the
content of the alloying elements.

Co is an essential alloying element in high-generation single-crystal superalloys. It
is mainly soluble in the γ phase and only a small amount of Co enters the γ′ phase. Co
can lower the stacking fault energy of the γ phase and form secondary carbides [2]. Co
can increase the solid solubility of Cr, Mo and W elements in the γ matrix [3]. Excessive
Co may lower the γ′ phase content, mechanical strength and initial melting temperature
of the alloy [4]. The oxidation and corrosion resistance, stress rupture life and dendrite
segregation of the alloy may be improved with the appropriate amount of Co [5–7]. With
the increase in the refractory alloying elements, the alloy tends to precipitate TCP phases,
which leads to a reduction in the mechanical properties [8–10]. It has become increasingly

Crystals 2023, 13, 389. https://doi.org/10.3390/cryst13030389 https://www.mdpi.com/journal/crystals1
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difficult to develop new single-crystal superalloys with a balanced combination of strength,
environmental resistance, castability and microstructural stability.

There are different opinions about the Co content in the alloy to achieve good mi-
crostructure stability. The Co content is 3.3% in the third-generation single-crystal su-
peralloy CMSX-10 [11]. However, the increase in Co to 12.5% can also make another
same-generation alloy, René N6, which has good microstructural stability [12]. The Co
contents of the fourth-generation single-crystal superalloys EPM-102, NG-MC and TMS-138
developed, respectively, by America, France and Japan are 16.5%, <0.2% and 5.9% [13–15].
Moreover, there are few studies on the effect of Co element on the fourth-generation
single-crystal superalloy in the public literature.

The DD15 alloy studied in this paper was developed for aeroengine turbine blade
application by the Beijing Institute of Aeronautical Materials. The properties of the alloy
are equivalent to those of other fourth-generation single-crystal superalloys. The influence
of Co content on the microstructure and mechanical properties at high temperatures of the
fourth-generation single-crystal superalloy DD15 was investigated in this paper with the
aim to optimize its chemical composition, microstructure and properties.

2. Materials and Methods

Commercially pure raw materials were used to prepare master alloy heat in a vacuum-
induction furnace. Three single-crystal samples with the size of φ 15 mm × 180 mm
were cast using a crystal selection method in the vacuum directionally solidified furnace
with a high-temperature gradient by adding different Co contents in the alloy. The Co
contents of three alloys were 6%, 9% and 12%, respectively, and the other alloying element’s
content was the same. The nominal chemical components of the three alloys are listed
in Table 1. The crystal orientations of the samples were analyzed with the Laue X-ray
back-reflection method, and the growing direction was within 15 degrees deviating from
the [001] orientation.

Table 1. Nominal chemical components of the three alloys (mass fraction, %).

Alloy Cr Co Mo W Ta Re Ru Nb Al Hf Ni

6% Co 3.0 6.0 1.0 7.0 7.5 5.0 3.0 0.5 5.6 0.1 Bal.
9% Co 3.0 9.0 1.0 7.0 7.5 5.0 3.0 0.5 5.6 0.1 Bal.
12% Co 3.0 12.0 1.0 7.0 7.5 5.0 3.0 0.5 5.6 0.1 Bal.

The heat treatment of the samples proceeded according to their different heat treatment
regimes. The single-crystal specimens received a standard heat treatment comprising a solu-
tion treatment and a two-step aging treatment. The solution treatments of the alloy with 6% Co,
9% Co and 12% Co were 1340 ◦C/5 h/AC, 1335 ◦C/5 h/AC and 1330 ◦C/5 h/AC, respectively.
The two-step aging treatment of the alloy was 1140 ◦C/4 h/AC + 870 ◦C/32 h/AC. All the
samples were kept for 200 h, 400 h, 600 h, 800 h and 1000 h at 1100 ◦C for long-term aging to
check the effect of Co content on the microstructural stability of the alloy.

The standard cylinder samples for stress rupture tests were prepared after standard
heat treatment. The shape and size of the stress rupture specimen are shown in Figure 1. The
stress rupture test experiment was carried out at 1100 ◦C/137 MPa and 1140 ◦C/137 MPa
in air. Every datum is the mean value of three specimens. The longitudinal profile mi-
crostructure of the stress rupture samples was observed.

The microstructures of the samples with different states were analyzed with a Leica
DM4000M optical microscope (OM) made in Germany, a Zeiss supra 55 field-emission
scanning electron microscope (SEM) made in Germany and a JEOL JEM-2100F transmission
electron microscope (TEM) made in Japan. The image analysis software was used to analyze
the primary dendrite arm spacing and the volume fraction of eutectic. The samples for
SEM were etched for 6~9 s with 5 g CuSO4 + 25 mL HCl + 20 mL H2O + 5 mL H2SO4,
which dissolves the γ′ phase. Foils for TEM of the creep-ruptured samples analysis were
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obtained by cutting 0.2 mm thick discs perpendicular to the tensile axis of the specimens
using an electric discharge machine. Thin foils were prepared by using twin-jet thinning
electrolytically in a solution of 10 vol% perchloric acid and 90 vol% ethanol at −10 ◦C using
liquid nitrogen.

Figure 1. Shape and size of the stress rupture property specimen (mm).

3. Results

3.1. Heat Treatment Microstructure

Figure 2 shows the as-cast microstructure of the alloy with different Co contents.
These samples were sectioned normally to the solidification direction and show a typical
dendritic microstructure. The primary dendrite arm spacing of the alloy with 6% Co, 9% Co
and 12% Co are 365 μm, 342 μm and 351 μm, respectively. The primary dendrite arm
spacing decreases at first and increases afterwards with the increase in Co content. In
addition, the structure contains pools of γ-γ′ eutectic in the interdendritic region. The
eutectic fraction represents the remaining liquid at the last stage of solidification. After
quantitative calculation, the eutectic fractions in the alloy with 6% Co, 9% Co and 12% Co
are 11.8%, 11.2 and 10.5%, respectively. The volume fraction of the γ-γ′ eutectic decreases
with the increase in Co content.

   
(a) (b) (c) 

Figure 2. As-cast dendritic microstructure of the alloy with different Co contents: (a) 6% Co; (b) 9% Co
and (c) 12% Co.

The eutectic fraction represents the remaining liquid at the last stage of solidification.
The γ forming elements, such as Co, Cr, Re, Mo and W all tend to segregate towards the
dendrite core during solidification. This indicates that these elements are the first to solidify
within the dendrite cores during the single-crystal superalloy withdrawal process. The γ′
forming elements, such as Al, Hf, Nb and Ta all tend to segregate into the interdendritic
region. These elements are present in greater quantity in the last liquid phase to solidify
and result in large eutectic γ-γ′ phases forming within the interdendritic regions. Much
less residual liquid may be forced to reach the eutectic point with the increase in the
concentration of Co. This may result in the formation of much less eutectic. So, the
volume fraction of γ-γ′ eutectic of the alloy decreases with the increase in Co content in the
as-cast microstructures.

3
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3.2. Heat Treatment Microstructure

Figure 3 shows the heat treatment microstructures of the alloy with different Co
contents. It illustrates that they consist of the cubic γ′ phase precipitated coherently
in the γ phase. The γ-γ′ eutectic and coarse γ′ phase completely disappeared after heat
treatment at high temperatures. The new fine γ′ phase precipitated from the supersaturated
γ solid solution during the following cooling process. The homogeneous distribution
of strengthening the cubic γ′ phase was obtained after two stages of aging treatment.
Comparing the three pictures, it can be seen that the cubic degree of γ′ phase slightly
declines as the Co content rises. Figure 4 shows the effect of Co content on the size and
volume fraction of the γ′ phase of the alloy calculated using data statistics. The γ′ phase size
is about 0.3–0.4 μm and the volume fraction of γ′ phase is about 55–65% for the different
Co content alloys. It is shown that the size and volume fraction of the γ′ phase of the alloy
all decrease with the increase in Co content.

   
(a) (b) (c) 

Figure 3. The microstructures of the alloy with different Co content after full heat treatment: (a) 6% Co;
(b) 9% Co and (c) 12% Co.

 
(a) (b) 

Figure 4. The effect of Co content on the size and volume fraction of γ′ phase: (a) size of γ′ phase
and (b) volume fraction of γ′ phase.

3.3. Long-Term Aging Microstructure

Figure 5 illustrates the long-term aging microstructures of the alloy with different
Co contents at 1100 ◦C at various times. It is shown in Figure 5 that the γ′ phases are no
longer in cubic shape in the 6% Co alloy after long-term aging 200 h. They merge and grow
together to form rafts along the [100] or [010] direction. There is no TCP phase precipitated.
However, a lot of acicular TCP phase is observed with a 45◦ angle relative to the rafted
orientation after aging 400 h. The amount of TCP phase greatly increases and the rafting
degree of the γ′ phase does not change greatly after aging 1000 h. The rafted structure has
formed and there is no TCP phase observed in the 9% Co alloy after aging 800 h. A small
amount of acicular TCP phase appears with a 45◦ angle relative to the rafted orientation
after aging 1000 h. The rafted structure has formed, and no TCP phase precipitates in
the alloy with 12% Co even after long-term aging 1000 h. It may be concluded that the
microstructural stability of the alloy is enhanced as Co content increases.

4
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(a) (b) (c) 

   
(d) (e) (f) 

Figure 5. Microstructures of the alloy with different Co content after long-term aging at 1100 ◦C:
(a) 200 h, 6% Co; (b) 400 h, 6% Co; (c) 1000 h, 6% Co; (d) 800 h, 9% Co; (e) 1000 h, 9% Co and (f) 1000 h,
12% Co.

The chemical components of the TCP phase in the 6% Co alloy and 9% Co alloy aging
for 1000 h are shown in Table 2. In both samples, the TCP phase is rich in Re and W
elements. In contrast, the TCP phase in 9% Co alloy contains fewer Re and W elements and
much more Co and Ta elements compared with that in the 6% Co alloy.

Table 2. Chemical components of the TCP phase in the 6% Co alloy and 9% Co alloy after aging
1000 h at 1100 ◦C (wt%).

Alloy Al Cr Co Ta Ru W Re Mo Ni

6% Co 2.3 2.6 3.6 3.4 2.5 16.5 31.1 1.9 Bal.
9% Co 4.5 2.2 7.2 6.8 2.3 13.4 16.6 1.4 Bal.

3.4. Stress Rupture Properties

The influence of Co content on the stress rupture properties of the alloy at different
conditions is shown in Figures 6 and 7.

  
(a) (b) 

Figure 6. Influence of Co content on the stress rupture properties of the alloy at 1100 ◦C/137 MPa:
(a) stress rupture life and (b) elongation.

5
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(a) (b) 

Figure 7. Influence of Co content on the stress rupture properties of the alloy at 1140 ◦C/137 Mpa:
(a) stress rupture life and (b) elongation.

Figures 6 and 7 illustrate that with increasing Co content, the stress rupture life of
the alloy at 1100 ◦C/137 MPa and 1140 ◦C/137 MPa all reduce in different degrees; the
elongation at 1100 ◦C/137 MPa increases at first and decreases afterwards, but then at
1140 ◦C/137 MPa, monotonously increases. When Co content increases from 6% to 9%
and 12%, the stress rupture life at 1100 ◦C/137 MPa decreases by 4.5% and 42.2%, then at
1140 ◦C/137 MPa and declines by 16.7% and 76.9%, respectively. This indicates that the
effect of the Co element on the stress rupture life of the alloy improves with the increase in
Co content or test temperature.

3.5. Microstructure of Stress Ruptured Samples

The longitudinal section microstructure of the stress ruptured samples with different
Co content at 1100 ◦C/137 MPa and 1140 ◦C/137 MPa was observed. Figures 8 and 9 show
the microstructure at 1.5 cm from the fracture surface of the ruptured samples at different
conditions, while Figures 10 and 11 show the microstructure adjacent to the fracture surface
of the ruptured samples at different conditions.

   
(a) (b) (c) 

Figure 8. Microstructure 1.5 cm from the fracture surface of the ruptured samples at 1100 ◦C/137 MPa
(353.6 h): (a) 6% Co; (b) 9% Co and (c) 12% Co.

   
(a) (b) (c) 

Figure 9. Microstructure 1.5 cm from the fracture surface of the ruptured samples at 1140 ◦C/137 MPa
(126.2 h): (a) 6% Co; (b) 9% Co and (c) 12% Co.

6
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(a) (b) (c) 

Figure 10. Microstructure adjacent to the fracture surface of the ruptured samples at 1100 ◦C/137 MPa
(353.6 h): (a) 6% Co; (b) 9% Co and (c) 12% Co.

   
(a) (b) (c) 

   
(d) (e) (f) 

Figure 11. Microstructure adjacent to the fracture surface of the ruptured samples at 1140 ◦C/137 MPa
(126.2 h): (a,b) 6% Co; (c,d) 9% Co and (e,f) 12% Co.

It is shown in Figure 8 that the γ′ particles degenerate into the rafts in the orientation
vertical to the tensile stress for three alloys at the condition of 1100 ◦C/137 MPa. The
difference is that the thickness of the raft decreases slightly with the increase in Co content
in addition to the presence of the TCP phase in the 6% Co alloy. The continuity of the rafted
structure is destroyed by the acicular TCP phase. It can be seen in Figure 10 that the γ

matrix is not continuous and has become islands that are completely surrounded by the
γ′ precipitates, which is called “topological inversion” [16]. The raft displays a slightly
twisted configuration because the stress state near the fracture surface is different to that
apart from the fracture surface. The acicular TCP phase has presented in the 6% Co alloy
and 9% Co alloy. Moreover, the amount of TCP phase in 6% Co alloy is much more than
that in 9% Co alloy.

It is shown in Figure 9 that the γ′ particles also degenerate into the rafts in the
orientation vertical to the tensile stress for three alloys at 1140 ◦C/137 MPa. The difference
is that the thickness of the raft decrease slightly with the increase in Co content, but there
is no TCP phase formed in the 6% Co alloy. It is shown in Figure 11 that the γ phase
presented similar characteristics and the so-called topological inversion can also be seen.
The acicular TCP phase forms in the 6% Co alloy and 9% Co alloy. The amount of TCP
phase in the 6% Co alloy is much more than that in the 9% Co alloy. Compared with
1100 ◦C/137 MPa, a new discovery is that the secondary fine γ′ particles precipitated after
the stress rupture process. The integrity of the dislocation network is damaged by the
secondary γ′ particles, so this is an adverse impact on the mechanical properties of the
alloy at high temperatures [17].

7
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A conclusion can be drawn from the above analysis, which is as the Co content rises,
the microstructure stability of the alloy is enhanced. This is consistent with the results of
the long-term aging experiment.

4. Discussion

4.1. Microstructure Evolution of the γ′ Phase

The directional growth of γ′ particles in long-term aging is the result of the combined
actions of thermodynamics and kinetics. The driving force for the growth and coarsening is
the decrease in the interfacial energy between the γ′ particles and γ matrix [18]. The larger
γ′ particles grow and smaller γ′ particles dissolve with the increase in aging time. In LSW
theory [19], if the coarsening of the γ′ phase is diffusion controlled, the following formula
will be valid:

(r3
t − r3

0)
1/3

= Kt1/3 (1)

where r0 is the initial particle radius, rt is the instantaneous particle radius, K is the rate
constant and t is the aging time.

In the stress rupture process, the cubic γ′ phase gradually changed into a raft structure
because of the directional diffusion of the elements. The diffusion and redistribution of the
alloying elements in the γ′ and γ phases have occurred [20]. With the action of the applied
stress and the misfit stress at high temperature, the γ′ phase forming elements Al, Ta, Nb
and Hf diffuse to the vertical channels to promote the γ′ phase growth perpendicular to
[001] direction. At the same time, the γ matrix forming elements Cr, Co, W, Mo, Re and Ru
diffuse to the horizontal channels in the reverse orientation to increase the width of the γ

matrix. Under the condition of temperature and stress, the γ′ rafted structure gradually
formed. The formation of regular and perfect γ′ rafts has a good effect on the stress rupture
life of the single-crystal superalloy.

4.2. Microstructural Stability of the Alloy

The microstructural stability of high-generation single-crystal superalloys is one of
the key technical indexes [21]. The volume fraction and precipitation rate of the TCP phase
both declined with the increase in Co content both in the long-term aging experiment and
stress rupture properties test. It shows that increasing Co content in the single-crystal
superalloys can improve microstructure stability at high temperatures. The TCP phase
precipitate of the alloys is ascribed to that of the high-melting-point alloying elements (Re,
W, Mo, et al.) in the disordered γ matrix which are oversaturated [22]. The equilibrium
phase precipitation characteristics of the alloy with different Co content were studied using
JMatPro software and the corresponding database. The research result of equilibrium
phases of the alloy with different Co contents at 1100 ◦C is illustrated in Figure 12. There
are four equilibrium phases in the alloy: γ phase, γ′ phase, TCP phase and carbide. There
is a small change for the TCP phase and MC as the Co content increases from 6% to 12%.
However, the amount of γ′ phase greatly declines and the γ matrix greatly increases with
the increase in Co content. The three alloys all have the same amount of Re, W, Mo and
other γ phase formation elements. With the increase in the volume fraction of the γ phase,
the concentration of these elements in the γ matrix can be declined accordingly. So, the
supersaturating degree of the high-melting-point alloying elements (Re, W and Mo) within
the γ matrix will be reduced and the microstructural stability of the alloy can be enhanced
as Co content rises.

It is shown that TCP phases precipitated and grew along a fixed direction in all of the
specimens in the long-term aging or stress rupture testing. The crystal structures of the TCP
phases are extremely complex, and the size of the unit cell is much larger than the lattice
of the γ and γ′ phases. A large nucleation barrier serves to prevent the formation of TCP
phases in the microstructures of single-crystal superalloys [23]. When TCP phases form
in the alloys, they nucleate preferentially on close-packed planes, forming a semicoherent
interface, and exhibit distinctive orientation relationships with the parent crystal [24].

8
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Figure 12. The effect of Co content on the equilibrium phases at 1100 ◦C.

4.3. Stress Rupture Properties of the Alloy

The variation of stress rupture properties of the alloy with different Co contents
can be attributed to the microstructure changes. The excellent mechanical properties of
single-crystal superalloys are mainly attributed to the solution strength of the γ phase, the
precipitation strengthening of γ′ phase and γ/γ′ interface strengthening.

Firstly, the atomic radius of Co and Ni is 0.167 nm and 0.162 nm, respectively. The
solid solution strengthening effect of the Co element is very small because Co and Ni
have very little difference in atomic radius. Co and Ni may be intermiscible indefinitely.
Moreover, Co is a γ matrix formatting element. The increase in Co content is equivalent
to increasing the solvent, diluting the concentration of solution strength elements, such as
Mo, W and Re, et al. The solid solution strengthening action of the alloy is reduced as Co
content rises.

Secondly, the mechanical property of the alloy is greatly influenced by the γ′ phase
content as considering the precipitation enhancement [9]. Both experiment and phase diagram
calculations show that the volume fraction of the γ′ phase decreases with the increase in Co
content, which greatly decreases the precipitation-strengthening effect of the alloy.

Lastly, dislocations and interfaces provide increased diffusion promoting by-passing
of the γ′ phase by climbing at elevated temperatures [25]. The deformation feature of
the alloy is the movement of 1/2 [110] dislocations on the octahedral slip systems in the
matrix channels [26]. The dislocation networks in the matrix result from the reaction of
two sets of dislocations with different Burgers vectors during creep. These dislocations
exist in different slip planes. Once these dislocations move to the same slip plane to come
across each other, the three-dimensional networks may be formed by the reaction of the
dislocation. The denser dislocation networks may be strongly impeded by the subsequent
dislocation to cut into the γ′ precipitate and make the alloy maintain a minimum creep
rate [27]. Figure 13 shows the γ/γ′ interfacial dislocation configuration of ruptured samples
at 1100 ◦C/137 MPa. It is shown that the dislocation networks at γ/γ′ interfaces have been
clearly formed for the samples. The denser extent of the dislocation network is related
to the latticle mifit. The lattice misfit of the alloy is more negative with the decrease in
Co content. The dislocation network of the alloy turns sparser and dislocation spacings
become bigger with the increase in Co content. Therefore, this is also a reason that the
stress rupture lives of the alloy decrease as the Co content rises.

9
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(a) (b) (c) 

Figure 13. TEM images of ruptured specimens of the alloy with different Co content at 1100 ◦C/137 MPa:
(a) 6% Co; (b) 9% Co and (c) 12% Co.

On the other hand, as the Co content rises, the microstructural stability of the alloy is
enhanced. It is beneficial to the stress rupture properties of the alloy. There are three main
reasons for the negative role of the TCP phase on the stress rupture properties. Firstly, the
TCP phase is brittle; it is the site for crack initiation and the easy way for crack propagation
during plastic deformation. Secondly, the TCP phase destroys the continuity of the matrix.
Finally, the solid solution strengthening elements, such as Re and W, are enriched in the
TCP phase, as shown in Table 2, which results in Re and W in the matrix surrounding the
TCP phase and decreases the solid solution strengthening of the matrix. Therefore, these
lead to an extensive envelope of the γ′ phase around the TCP phase which may potentially
act as a channel for preferential deformation [28].

A combination of beneficial and harmful effects is associated with increasing Co
content; the alloy containing 9% Co is the best choice considering the microstructure
stability and stress rupture properties.

5. Conclusions

(1) The primary dendrite arm spacing of the alloy decreases at first and increases after-
wards, and the volume fraction of γ-γ′ eutectic decreases with the increase in Co
content in the as-cast microstructures.

(2) The size, cubic degree and volume fraction of γ′ phase of the alloy after standard heat
treatment all decrease with the increase in Co content. The microstructural stability of
the alloy is enhanced with the increase in Co content. No TCP phase in the alloy with
12% Co precipitate even after aging 1000 h.

(3) The stress rupture lives at two conditions both reduce at different degrees with the
increase in Co content. The effect of the Co element on the stress rupture life of the
alloy improves with the increase in Co content or test temperature.

(4) The acicular TCP phase appears in the 6% Co alloy and 9% Co alloy in the microstruc-
ture of the ruptured specimens with different Co contents. Moreover, the TCP phase
content in the 6% Co alloy is much more than that in the 9% Co alloy. No TCP phase
is observed in the 12% Co alloy.

(5) The alloy containing 9% Co is the best choice considering the microstructure stability
and stress rupture properties.
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Abstract: In this study, a 16 mm thick A710 low-alloy high-strength steel was welded by using
flux-cored wire gas-shielded welding with an E81T1-Ni1M flux-cored wire. The microstructure
characteristics and mechanical properties of the joints were systematically studied. The results
showed that the joint was well formed without obvious welding defects. The center of the weld was
mainly needle-like ferrite, the coarse grain area was mainly slat-like and granular bainite, and the fine
grain area was mainly ferrite and pearlite. The lowest hardness in the weld area was the weakest area
of the joint. The average tensile strength of the joint was 650 MPa, reaching 95% of the base metal;
the samples were all fractured in the weld area, and the fracture morphology showed typical plastic
fracture characteristics. The low-temperature (−40 ◦C) impact energy of the joint weld area and the
heat-affected zone were 71 J and 253 J; the fracture morphology was characterized by a ductile–brittle
mixed fracture, and the ductile area of the specimen fracture in the heat-affected zone was larger. The
bending performance was good. Under the specified life of 2 × 106 cycles; the median fatigue limit
and the safety fatigue limit were 520 MPa and 492 MPa, and the fatigue cracks germinated on the
surface of the priming weld.

Keywords: low-alloy high-strength steel; flux-cored wire; microstructure; mechanical properties;
hardness distribution

1. Introduction

With the development of industrial technology, traditional steel materials cannot
meet the increasingly stringent quality and performance requirements, and low-alloy
high-strength steel has attracted more attention. Low-alloy high-strength steel has the
advantages of high strength, good weldability, and excellent formability. It can improve the
structural strength and toughness while saving materials, which is in line with the national
development trend of low carbon and energy savings [1–3]. Welding is one of the key
technologies for the application of low-alloy high-strength steel. A solid wire or coating
electrode is usually used as its welding material. However, the defects such as an unstable
arc, large spatter rate, and slag inclusion during welding limit its application range.

Flux-cored wire is the most promising welding material in the 21st century. It not only
has the advantages of a gas-shielded solid wire and flux strip, but it also can obtain good
mechanical properties of joints by adjusting the composition and has become more widely
used [4]. The flux-cored wire has a high current density, a high thermal efficiency, and
a higher deposition efficiency than a solid wire and coating electrode. At the same time,
the spray transfer mode is active, and the splash rate is significantly lower than that of a
solid wire and coating electrode. The composition of the flux core contains a variety of
gas-forming and slag-forming substances. The welding process can realize the combined
protection of gas and slag for droplets and molten pools and improve the surface wind
resistance [5–7].
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Zou et al. [8] used flux-cored wire to weld Q960 low-alloy high-strength steel and
studied the effect of aluminum on the microstructure and mechanical properties of Q960
steel weld metal. The results showed that the addition of Al could reduce the content
of O and N in the weld, reflecting a good deoxidization and denitrification performance
and reducing the porosity content of the weld. When the Al content was about 0.21%,
Al2O3 oxide inclusions were easily formed in the microstructure. They were circular, small,
and dispersed, which was conducive to AF (Acicular Ferrite) nucleation, improving the
impact energy absorption of the weld metal and the impact toughness of the flux-cored
wire. When the Al content was about 1.05%, AlN nitride was formed in the microstructure,
the particles were large and polygonal, and microcracks were easily generated between
the inclusions and the surrounding matrix, which had an adverse effect on the impact
energy absorption of the weld metal. Ilić et al. [9] studied the effect of the welding process
on the impact toughness of welded joints of high-strength low-alloy steel. The welding
methods included MMA (Manual Metal Arc Welding), MIG (Metal Inert-gas Welding),
and MAG (Metal Active Gas Arc Welding). The results showed that when there was
a notch in the fusion zone, the parameters were the same except for the weld groove
geometry. The experimental value of the fracture energy of the MMA/MAG weld was
higher than that of the MIG/MAG weld. In the MMA/MAG welding process, the fracture
energy of the specimen with a notch on the side of the root channel was higher than
that of the MIG/MAG welding specimen. Therefore, in this regard, the application of
MMA/MAG welding could provide better joint characteristics. However, the fracture
energy of the MMA/MAG and MIG/MAG weld samples was smaller than that of base
metal samples. When there was a notch in the root heat-affected zone, the fracture energy
was almost the same. Compared with the MMA/MAG welded joint, the MIG/MAG
welded joint sample did not show a termination zone of rapid crack propagation during
the test. Kornokar et al. [10] studied the effect of the heat input on the microstructure
and mechanical properties of HSLA S500MC gas tungsten arc-welded joints. Six different
welding heat inputs were set up in the experiment. The results showed that the weld metal
was lath martensite and retained austenite. With the increase in the heat input, the carbides
dissolved, the size of the martensite increased, and the content of the retained austenite
increased. The coarse grain zone contained a martensite structure, and the fine grain zone
was a mixed structure of pearlite and martensite. The maximum tensile strength of the joint
was 690 MPa. With the increase in the heat input, the tensile strength tended to decrease.
Oktadinata et al. [11] used flux-cored wire to weld SM570-TMC low-alloy high-strength
steel. The welding heat inputs of 0.9 KJ/mm and 1.4 KJ/mm were used to study the
effect of different heat inputs on the microstructure and impact toughness of the weld.
The results showed that the content of acicular ferrite was higher, the microstructure was
finer, and the impact toughness was better at a low heat input. Ni et al. [12] welded Q690
high-strength low-alloy steel and studied the microstructure and mechanical properties
of narrow-gap GMA (Gas Metal Arc Welding) welded joints with ternary gas protection.
The results showed that without preheating before welding, using 80% Ar-10% CO2-10%
He ternary protective gas, a complete narrow-gap welded joint of Q690E high strength
steel with sufficient side wall penetration was obtained. With the increase in the heat input,
the morphology of the bainite ferrite changed from AF to LB (Lath Bainite), resulting in a
decrease in the tensile strength and the low-temperature impact toughness of the welded
joints. The grain size of the heat-affected zone increased with the increase in the heat input.
By changing the welding speed and optimizing the heat input, the tensile strength of the
narrow-gap GMA welded joint was improved. When the welding speed was 350 mm/min,
the average tensile strength reached 795 MPa. Wen et al. [13] studied the microstructure
and mechanical properties of welded joints of ultra-high-strength structural steel under
different heat inputs. They thought that the reasonable control of welding heat input would
significantly reduce the welding’s cold crack defects. At the same time, it was pointed out
that when the welding heat input was greater than 7.5 KJ/cm, a twin martensite structure
could be avoided, and cold cracks could be effectively avoided. At present, there are
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relatively few studies on the welding of low-alloy high-strength steel for mining vehicles,
and most of the welding materials selected for low-alloy high-strength steel were solid
welding wires. There are relatively few studies on the welding of low-alloy high-strength
steel for mining vehicles using flux-cored wires [14].

Therefore, based on the principle of equal strength matching, this study used E81T1-
Ni1 M flux-cored wire to weld 16 mm thick A710 low-alloy high-strength steel for mining
vehicles. The microstructure characteristics, hardness distribution, tensile properties, low-
temperature impact properties, bending properties, and fatigue properties of the joints
were systematically studied, which provided an experimental basis and theoretical support
for the application of flux-cored wire gas-shielded welding to weld low-alloy high-strength
steel for mining vehicles.

2. Materials and Methods

2.1. Materials

The base metal of the experiments was 16 mm thick A710 low-alloy high-strength steel.
The chemical composition is shown in Table 1, and the size was 350 mm × 150 mm × 16 mm.
Before welding, the surface of the test piece was polished to remove rust and acetone wipe
oil. The filler material was E81T1-Ni1M flux-cored wire with a diameter of 1.6 mm, and its
chemical composition is shown in Table 2.

Table 1. The chemical composition of the base metal (mass fraction, %).

Base
Metal

C Mn Si P S Nb Ti Ni Cu Cr Mo Ni Al

A710 ≤0.07 0.4~0.7 ≤0.4 ≤0.025 ≤0.025 0.02~0.05 ≤0.025 0.7~1.4 1.0~1.3 0.6~0.9 0.15~0.25 0.7~1.4 ≤0.05

Table 2. The chemical composition of the flux-cored wire (mass fraction, %).

Flux-Cored Wire Mn Si Cr Ni Mo V Nb Al Cu

E81T1-Ni1M ≤1.4 ≤0.8 ≤0.2 0.6~1.2 ≤0.2 ≤0.08 ≤0.05 ≤2.0 ≤0.3

2.2. Methods

The welding experimental was carried out by using a Megmeet ARTSEN PM400FII
(MEGMEET, Shenzhen, China) all-digital industrial heavy-duty welding machine. The
joint form was a butt joint, the root gap was 6 mm, the groove angle was 30◦, the back was
forced to form by a liner, the liner thickness was 5 mm, the protective gas was CO2, and
the gas flow rate was 20 L/min. The optimized welding process parameters are shown in
Table 3.

Table 3. The adopted optimized welding parameters.

Line
Current

(A)
Voltage

(V)

Welding
Speed

(cm/min)

Heat Input
(kJ/cm)

Welding Sequence Diagram

1 250–280 26–28 20 15
2 250–280 26–28 19 15

3–4 250–280 26–28 35 8.6
5–7 250–280 26–28 42 7.6

The macroscopic and microscopic inspection of the weld was carried out according to the
GB/T 26955-2011 standard. The metallographic specimen was etched by 4% nitric acid alcohol
reagent. The etching time was 4–5 s. The macroscopic morphology and microstructure of
the joint were observed by a KEYENCEVHX-1000 (Keyence, Osaka, Japan) video microscope
and an OLYMPUS-BX51M (Olympus, Tokyo, Japan) metallographic microscope, respectively.
The hardness distribution of the joint was measured by an HV-50A (Huayin, Laizhou, China)
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Vickers hardness tester. According to the relevant provisions of the GB/T 4340.1-2009, three
paths of 1 mm from the upper surface, 1 mm from the lower surface, and the center of the
plate thickness were tested. The loading load was 10 kgf, and the load holding time was
15 s. Tensile and bending tests were performed using a WDW-300E (SUNS, Shenzhen, China)
electronic universal testing machine. The tensile test was carried out according to the relevant
provisions of the GB/T 2651-2008 and GB/T 25774.1-2010, and the size of the tensile specimen
is shown in Figure 1a. The tensile rate was 3 mm/min. The bending test was carried out
according to the relevant provisions of the GB/T 2653-2008 and ISO 5173-2000, and the size of
the bending specimen is shown in Figure 1b. The bending rate was 1 mm/min. The bending
angle of the bending test was 180◦, and the diameter of the indenter was 40 mm. The low
temperature (−40 ◦C) impact test was carried out by using a JB-W300A (Time Test, Jinan,
China) Microcomputer controlled pendulum impact tester and a DWY-80A (Time Test, Jinan,
China) impact test cryostat. The impact performance test was carried out according to the
relevant provisions of the GB/T 2650-2008 and GB/T 229-2007. Notches were opened in
the weld and the HAZ (Heat-Affected Zone), respectively, and the sampling positions are
shown in Figure 1c,d respectively. The impact sample size is shown in Figure 1e. The impact
absorption energy was recorded. The fracture morphology of the sample was observed by a
ZEISS SUPRA55 (Zeiss, Oberkochen, German) field emission scanning electron microscope,
and the fracture characteristics were analyzed. The fatigue test was carried out by using the
QBG-200 (Qianbang, Changchun, China) digital high-frequency fatigue testing machine. The
fatigue performance test was carried out according to the relevant provisions of the GB/T
13816-1992, and the sample size is shown in Figure 1f. The stress ratio R = 0, the loading
frequency was 130–150 Hz, the stress step was 20 MPa, and the maximum number of cycles
was 2 × 106.

 
 

(a)  (b) 

  
(c)  (d) 

 
(e) 

Figure 1. Cont.
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(f) 

Figure 1. Test specimen size: (a) tensile specimen size; (b) bending specimen size; (c) impact
specimen notch in the weld; (d) impact specimen notch in the HAZ; (e) impact specimen size;
(f) fatigue specimen size.

3. Results and Analysis

3.1. Macroscopic and Microstructure Morphology

The macroscopic morphology and microstructure characteristics of the cross section
of the joint are shown in Figure 1. The cross section of the joint was well formed, and no
obvious welding defects were found, as shown in Figure 2a. The microstructure of the
cover area was mainly acicular ferrite, with a small amount of proeutectoid ferrite and
side plate ferrite. The acicular ferrite was mainly distributed in the grain boundary, and
the direction was disordered. The proeutectoid ferrite and side plate ferrite were mainly
distributed at the grain boundary, as shown in Figure 2b. The microstructure of the filling
zone was mainly acicular ferrite, lamellar ferrite, and a small amount of granular bainite,
as shown in Figure 2c. The microstructure of the backing zone was mainly acicular ferrite,
lamellar ferrite, and side lath ferrite, as shown in Figure 2d.

   
(a) (b) (c) 

   
(d)  (e) (f) 

Figure 2. The macro- and micromorphology of the joint: (a) macromorphology; (b) microstructure of
the covering surface region; (c) microstructure of the filling region; (d) microstructure of the backing
region; (e) microstructure of the coarse-grained region; (f) microstructure of the fine-grained region.

The alloying elements in the weld play an important role in the control of the mi-
crostructure. The addition of alloying elements in the E81T1-Ni1M flux-cored wire first
reduced the formation of proeutectoid ferrite, and the transformation of austenite to ferrite
was delayed. During the cooling process of the joint, the content of the intermediate tem-
perature transformation product in the weld increased, thereby generating more acicular
ferrite or bainite structure. Acicular ferrite is a thermodynamic nonequilibrium structure,
which is essentially an intragranular nucleation of bainite. The difference between the two
is that bainite nucleates at the austenite grain boundary, while acicular ferrite nucleates at
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the nonmetallic inclusions inside the austenite. The E81T1-Ni1M flux-cored wire contains a
suitable proportion of Mn and Si content, which can reduce the continuous-cooling phase
transition temperature, refine the structure, and significantly increase the content of acicular
ferrite. Acicular ferrite is the most desirable microstructure in the weld. It can effectively
improve the strength and toughness of the weld. Its content and morphology determine
the impact toughness of the weld. A higher amount of randomly oriented fine AF leads
to improving the strength and toughness of the material. The side lath ferrite is a conical
or serrated ferrite that extends from the grain boundary to the grain. It is essentially a
Widmanstätten structure, which will reduce the performance of the joint. The side lath
ferrite also belongs to the proeutectoid ferrite, but the formation temperature is lower than
that of the grain boundary ferrite. The appearance of side lath ferrite is mainly due to the
high welding heat input and the high air-cooling speed after welding [15].

The microstructure of the coarse grain zone was mainly lath bainite and granular
bainite, the grain was coarse, and the grain boundary was obvious, as shown in Figure 2e.
The microstructure of the fine grain zone was mainly uniform and fine ferrite and pearlite,
as shown in Figure 2f.

3.2. Hardness Distribution

The hardness distribution characteristics of the joint are shown in Figure 3. The results
showed that the average hardness of the base metal was about 245 HV, the average hardness
of the weld zone was about 215 HV, and the average hardness of the heat-affected zone
was about 230 HV. The hardness values of the weld zone and the heat-affected zone were
lower than those of the base metal. The hardness value of the weld zone was the lowest,
which was the weakest area of the joint. The main reason for the lowest hardness value
in the weld zone was that there were more proeutectoid ferrite and lamellar ferrite in the
region, and the multipass welding heat effect increased the grain size and further reduced
the hardness value. At the same time, the hardness value of the 1 mm area from the lower
surface was slightly higher than that of the central area of the plate thickness and the 1 mm
area from the upper surface. This was mainly due to the narrow bottom weld, which
led to the fast-cooling rate and high temperature gradient in the welding process. The
hardness of the heat-affected zone was lower than that of the base metal mainly because
the inappropriate welding thermal cycle led to the formation of coarse lath and granular
bainite in the heat-affected zone, resulting in softening of the heat-affected zone.

Figure 3. The microhardness distribution characteristics of the joint.
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3.3. Mechanical Properties Analysis
3.3.1. Tensile Property

The tensile test results of the joints are shown in Table 4. The test results showed that
the average tensile strength of the joint reached 650 MPa, which was about 95% of the
tensile strength of the base metal. The average yield strength of the joint was 649 MPa. The
average elongation after fracture and the average reduction in the area were about 12%
and 43%, respectively. The fracture location and fracture characteristics of the specimen are
shown in Figure 4. The tensile specimens were broken in the weld zone, and there was a
very obvious necking phenomenon, as shown in Figure 4a. There were no obvious welding
defects in the macroscopic fracture, as shown in Figure 4b. The microscopic fracture
showed obvious dimple morphology and typical plastic fracture characteristics. There
were inclusions of different sizes and quantities at the bottom of the dimples, as shown in
Figure 4c. This may be one of the reasons for the close yield strength and tensile strength of
the joint. Because the inclusions have a strong influence on the plasticity of the material,
there were different degrees of morphological differences and stress concentration in the
transverse and longitudinal directions. The cracks competed at the holes of the inclusions,
and the cracks first appeared at the positions with a weak bonding force and large stress
concentration [16]. This also reduced the plasticity of the joint to a certain extent.

Table 4. The results of the tensile test of the joints.

Sample
Number

Tensile Strength/MPa Yield Strength/MPa Break Elongation/% Reduction in Area/%

Single Average Single Average Single Average Single Average

LS-1# 645
650

644
649

12
12

44
43LS-2# 655 654 11 41

   
(a)  (b)  (c) 

Figure 4. The fracture location and macro- and microfracture morphology of the tensile specimens:
(a) fracture location; (b) macroscopic fracture; (c) microscopic fracture.

3.3.2. Low-Temperature Impact Properties

The low-temperature (−40 ◦C) impact test results of the joint are shown in Table 5,
and the V-notches were opened in the weld center and the heat-affected zone, respectively.
The results showed that the average low-temperature impact energy of the weld zone and
the heat-affected zone was 71 J and 253 J, respectively. The low-temperature impact energy
of the weld zone was significantly lower than that of the heat-affected zone.

The macroscopic and microscopic fracture characteristics of the V-notch impact speci-
mens at a low temperature in weld zone and the heat-affected zone are shown in
Figures 5 and 6. The test results showed that the proportion of the ductile zone of the
specimen fracture was small, and the proportion of the cleavage zone was large, whether
in the weld zone or in the heat-affected zone, as shown in Figures 5a and 6a. There were
obvious dimple morphology characteristics in the ductile area of the fracture of the weld
zone and the heat-affected zone, as shown in Figures 5b and 6b. The cleavage zone of the

19



Crystals 2023, 13, 484

fracture of the weld zone was mainly characterized by dissociation and quasi-cleavage
morphology, as shown in Figure 5c. There were some dimple morphology characteristics
in the cleavage zone of the fracture of the heat-affected zone, as shown in Figure 6c. The
fracture showed the characteristics of a ductile–brittle mixed fracture as a whole. The area
of the fracture ductile zone of the V-notch in the heat-affected zone was obviously larger,
and there were some characteristics of the dimple in the cleavage zone, which was also one
of the reasons why the low-temperature impact energy of the weld zone was lower than
that of the heat-affected zone. The structure determined the performance. Because there
were more brittle structures, such as the side plate ferrite and flake ferrite, in the weld zone,
the toughness of the weld zone was greatly reduced. The lath bainite in the heat-affected
zone increased the energy required for crack propagation due to the staggered distribution,
which increased the impact energy of the heat-affected zone.

Table 5. The results of the low temperature impact test of the joints.

Sample
Number

Test Temperature
/◦C

Location of Notch
Low Temperature Impact

AKV/J
Average Low Temperature

Impact AKV/J

CJ-1#

−40

Weld
74

71CJ-2# 69
CJ-3# 69

CJ-4#
HAZ

257
253CJ-5# 253

CJ-6# 249

   
(a)  (b)  (c) 

Figure 5. The fracture morphology of the impact sample of the weld zone: (a) macrofracture;
(b) ductile region; (c) cleavage region.

   
(a)  (b)  (c) 

Figure 6. The fracture morphology of the impact sample of the heat-affected zone: (a) macrofracture;
(b) ductile region; (c) cleavage region.
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3.3.3. Bending Property

The bending test results of the joints are shown in Table 6. The test results showed
that the tensile surface morphology of the bending specimens was good; no obvious cracks
were found, and the bending performance of the joints was good.

Table 6. The results of the bending test of the joints.

Sample
Number

Pressure Head
Diameter

Bending
Angle

Bending Results

WQ-1#

40 mm 180◦

  

WQ-2#

WQ-3#

WQ-4#

3.3.4. Fatigue Property

The S-N fatigue curve drawn according to the joint fatigue test results is shown in
Figure 7. The median fatigue limit of the 50% survival rate was 520 MPa. The safety fatigue
limit of the engineering error δ ≤ 5%, confidence of 95%, and survival rate of 80% was
492 MPa.

 

Figure 7. The fatigue results and the S-N curve of the fatigue test.

The fracture position and fracture morphology of the fatigue specimen are shown in
Figure 8. The test results showed that the fatigue specimen cracked in the weld area, and it
was located at the bottom weld bead, as shown in Figure 8a. The crack initiation area and
crack propagation zone were clearly observed from the macroscopic fracture, as shown
in Figure 8b. The fatigue crack initiated near the surface of the specimen, where there
were small size inclusions, a loose structure, and a large stress concentration, as shown in
Figure 8c, which significantly reduced the fatigue performance of the joint. There were
many lamellar structures in the crack propagation zone, as shown in Figure 8d.
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(a) (b)  (c)  (d) 

Figure 8. The fracture morphology of the impact sample of the heat-affected zone: (a) macrofracture;
(b) ductile region; (c) cleavage region; (d) propagation region.

The surface state and microstructure of the specimen are important factors affecting the
fatigue strength. Under cyclic loading, the uneven slip of the metal is mainly concentrated
on the surface of the specimen, and fatigue cracks are often generated on the surface; so,
the surface state of the specimen has a great influence on the fatigue performance. In this
study, the surface of the joint fatigue specimen was smooth after finishing; so, the surface
state was not the main factor of fracture.

The staggered distribution of acicular ferrite and granular bainite in the weld can
inhibit the formation of grain boundary cracks, improve the slip deformation resistance,
inhibit the formation and cracking of the cyclic slip bands, increase the grain boundary
resistance of crack propagation, and improve the fatigue strength.

The inclusion has a significant effect on the fatigue strength. The stress concentration
at the inclusion is large, and it is often the crack initiation area, which greatly reduces
the fatigue performance, reduces the inclusion content; reducing the inclusion size can
effectively improve the fatigue strength.

4. Conclusions

The gas-shielded welding of 16 mm thick A710 low-alloy high-strength steel was
carried out by using an E81T1-Ni1M flux-cored wire. The microstructure and mechanical
properties of the welded joints were systematically studied. The main conclusions are
as follows:

(1) The joint was well formed without obvious welding defects. The microstructure
of the cover area was mainly acicular ferrite, with a small amount of proeutectoid ferrite
and side plate ferrite. The microstructure of the filling zone was mainly acicular ferrite,
flaky ferrite, and a small amount of granular bainite. The microstructure of the bottom
zone was mainly acicular ferrite, flaky ferrite, and side plate ferrite. The microstructure
of the coarse grain zone was mainly lath bainite and granular bainite with coarse grains.
The microstructure of the fine grain zone was mainly uniform and fine ferrite and pearlite.
The hardness values of the weld zone and the heat-affected zone were lower than that of
the base metal, and the hardness value of the weld zone was the lowest, which was the
weakest area of the joint.

(2) The average tensile strength of the joint was 650 MPa, which was about 95% of
the tensile strength of the base metal. The specimens all fractured in the weld zone, the
necking phenomenon was obvious, and the fracture morphology showed typical plastic
fracture characteristics. The tensile surface of the bending specimen was smooth, and no
obvious cracks were found.

(3) The average low-temperature (−40 ◦C) impact energy of the weld zone and the
heat-affected zone was 71 J and 253 J, respectively. The proportion of the fracture ductile
zone was small, and the proportion of the cleavage zone was large. The area of the fracture
ductile zone of the heat-affected zone was obviously larger, and the fracture morphology
showed the characteristics of a ductile–brittle mixed fracture.
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(4) Under the specified life of 2 × 106 cycles, the median fatigue limit of the 50% sur-
vival rate was 520 MPa; the safety fatigue limit of the engineering error δ ≤ 5%, confidence
of 95%, and survival rate of 80% was about 492 MPa.
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Abstract: Continual development of nickel-based superalloys for single-crystal turbine applications
has pushed their operating temperatures higher and higher, most notably through the addition of
rhenium. However, this has left them susceptible to the precipitation of topologically closed packed
phases (TCPs), which are widely considered detrimental. Whilst these have long been reported
as an end-of-life phenomenon in in-service components, they have more recently been observed
during the manufacture of turbine blades. Several rhenium-containing alloys (CMSX-4, CMSX-10K,
and CMSX-10N) were cast into single-crystal test bars and studied at different times along their
solution heat-treatment process to discern if, when, and where these TCPs precipitated. It was seen
that all alloys were susceptible to TCPs at some point along the process, with the higher rhenium-
containing alloy CMSX-10N being the most prone. They occurred at the earliest stages of the solution
process; this was attributed to aluminium diffusion from the segregated interdendritic regions into
the dendrite core, causing the concentration of rhenium into the È-matrixes until sufficient potential
was achieved for TCP precipitation. As the samples became more homogeneous, fewer TCPs were
observed; however, in the case of CMSX-10N, this took longer than the typical 24-h solution time
used in industry, leading to components entering service with TCPs still present.

Keywords: single crystal; rhenium; topologically close-packed phases; solution heat treatment;
defects; manufacture

1. Introduction

Due to the service conditions in gas turbines, first for military applications and more
and more for commercial applications, turbine blade materials have received enormous
amounts of interest for use both in jet engines and industrial gas turbines. Over the decades,
these have evolved into highly engineered components made of a single crystal of a metal
alloy. The benefits of using single-crystal turbine blades have ranged from increasing
the efficiency of the turbines to improving the power-to-weight ratio and increasing the
properties of the blades to improve the lifespan. More recent development has focused on
improving mechanical properties and microstructural stability at high temperatures [1], as
well as cost reduction and improving casting yields [2].

As forming single crystals of this size is not straightforward, difficulties persist in this
drive to improve casting yields, as due to a combination of defects such as misaligned
grains and freckling, upwards of 30% of produced blades must be rejected as they are unfit
for use [3].

Topological close packed phases, simply referred to as TCPs, have also been observed
towards the end of the life of turbine blades, are widely considered detrimental to their de-
sign life, and are one of the causes of blade removal from service [4]. These are intermetallic
phases typically enriched in the elements Cr, Mo, W, and Re. Significant effort has gone
into studying the occurrence of TCPs during in-service use, as they appear in increasing
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quantities within 1000s of hours of operation [5]. These are usually found near the surface
of the alloys and are attributed to heightened aluminium content due to the protective
coatings applied to the blades [6]. However, little-to-no studies have investigated the
appearance of TCPs during manufacture, largely due to their lack of being reported at all,
and they have been assumed to be absent from initial manufacture and not an issue until
late in the service life. However, certain alloys have shown heightened susceptibility to
TCP formation during solution heat treatment [7,8], which has been attributed to the high
content of TCP-forming elements such as Cr, Mo, W, and especially Re (Re being particu-
larly likely to enrich due to its propensity to replace nickel-sites during their formation [3]).
The presence of TCP phases in as-manufactured components is seen as detrimental to the
service life of the blade, but this phenomenon has not previously been investigated for
single crystal alloys currently in service; it is simply assumed that they are not present.

Knowing whether there are TCP phases present at the point of entry into use is impor-
tant for the lifting of the components; however, a comprehensive study of the formation
of TCPs at this stage of manufacture has not been undertaken before. This paper inves-
tigates the microstructures of common single-crystal alloys (CMSX-4, CMSX-10K, and
CMSX-10N), which are typical of second- and third-generation single-crystal superalloys,
and determines how susceptible these alloys are to TCP phase formation.

By recreating the production process and observing the diffusion of the composing
elements of these alloys throughout the heat-treatment process, primarily through electron
microscopy techniques, it was hoped to gain a better and more thorough understanding of
when, where, and how these phases formed.

2. Materials and Methods

The materials investigated in this paper are the third-generation alloys CMSX-10N
and CMSX-10K, and the second-generation alloy CMSX-4, with their compositions (wt.%)
shown in Table 1.

Table 1. The general composition of the three alloys used [9]. CMSX-4 and CMSX-10 are registered
trademarks of Cannon-Muskegon Corporation.

Alloy Al Co Cr Ti Mo Ta W Re Ni

CMSX-10N 5.8 3.0 1.5 0.1 0.4 8.0 5.0 7.0 Bal
CMSX-10K 5.7 3.0 2.0 0.2 0.4 8.0 5.0 6.0 Bal

CMSX-4 5.6 9.0 6.5 1.0 0.6 6.5 6.0 3.0 Bal

The superalloy castings used in this study were produced at the University of Birm-
ingham School of Materials and Metallurgy using materials manufactured by Cannon
Muskegon. For each casting, approximately 1100 g of CMSX-10N was directionally solidi-
fied at a temperature of 1550 degrees Celsius in a Retech Single Crystal Furnace with the
use of pigtail selectors to induce single crystal growth. This was achieved using investment
casting ceramic moulds at a withdrawal rate of 229 mm/hour, each producing two cuboid
bars measuring 12 mm in width and depth and approximately 180 mm in length. These
were then cut into smaller 20-mm sections for further testing. This was repeated for the
CMSX-4 and CMSX-10K samples.

The solution heat treatments were carried out in a type-1 TAV vacuum furnace, using
platinum–platinum rhodium thermocouples to monitor the temperature to ±1 degree
Celsius. Each test piece was heat treated individually. The furnace was heated to 1361, 1345,
and 1310 degrees Celsius for CMSX-10N, CMSX-10K, and CMSX-4, respectively. This was
achieved over 90 min at a rate of 15 degrees Celsius per minute to prevent overshooting
the solution heat treatment temperature. The samples were then held at these temperatures
for times between 0 and 48 h before being quenched in Argon gas.

These samples were then subsequently prepared for SEM and BSE imaging using
standard preparation techniques, finishing with a fine polish of OPA (oxide polishing
alumina). The samples were then etched with Kaling’s Agent 2.
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Electron microscopy was carried out using a Jeol6060 microscope with an accelerating
voltage of 20 kV and a working distance of 10 mm. EDX maps were taken of dendrite
cores and analyzed with INCA software to measure the elemental make-up of the core,
while BSE images of the cores were analyzed using ImageJ software to calculate the volume
fraction of the TCP σ phases in the cores.

Modelling was carried out using ThermoCalc software. By measuring the varying
compositions of the dendritic cores and interdendritic regions throughout the solution
process, phase occurrence and volume fractions can be predicted using ThermoCalc and
compared to the experimental results. With no available way of imaging these alloys at
their solution temperatures, these methods are useful to determine the effect of quenching
on the microstructure and what phases would be stable at the heightened temperatures.

3. Results

3.1. CMSX-4

CMSX-4 was chosen to be used as a baseline comparison of the other two alloys
because it has been in use longer than the other alloys and the significant literature and
data are available to allow comparison with the other alloys.

BSE images were taken of samples throughout the solution process to see how the
compositional makeup of the alloy changed throughout the solution process. EDX was
used to quantify these data for use in graphs and modelling.

A segregated structure typical of this alloy can be seen in Figure 1a, where the lighter
dendrite cores are significantly enriched in tungsten and rhenium while depleted in tanta-
lum compared to the overall composition presented in Table 1, producing the contrast seen.

By 1 h into the solution process, the dendritic structure is already homogenizing, yet
by 8 h, as seen in Figure 1c, TCPs are present toward the centre of the dendrites.

Figure 1d shows after 24 h of the solution process, and in this case, the micrographs
suggest an entirely homogenous structure (consisting of evenly distributed È’ surrounded
with È channels), with no sign of the dendritic structure left. No TCPs were seen throughout
the sample after this solution time.

Using ImageJ to calculate a volume fraction of TCPs across the dendrite core region,
an 8-h sample was recorded with a 1.15% Vf. This solution time was the only one where
TCPs were found to be present. Additionally, the volume fraction is considerably lower
than that found in the CMSX-10N samples and only comparable to the CMSX-10Ks’ lower
recorded values.

  
(a) (b) 

Figure 1. Cont.
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(c) 

 
(d) 

Figure 1. The microstructure of the dendritic cores of samples of different solution times: as-cast
(a), 1 h (b), 8 h (c), and 24 h (d). The TCPs are clearly seen in (c) as white linear phases indicated by
an arrow.

3.2. CMSX-10K

CMSX-10K was chosen for its similar composition to CMSX-10N, the only alloy that
has been identified with TCPs after solutions. CMSX-10N was developed from CMSX-10K,
and a very similar behaviour was expected; apart from the rhenium content, there are only
minor compositional differences between the alloys.

Figure 2 shows micrographs of CMSX-10K through the solution stages. Note that
Figure 2b is labelled 0-h; this refers to a sample that underwent the heating regime to the
solution temperature of 1345 degrees Celsius before immediate quenching, without holding
at the temperature, to study the effects of the heating regime on the microstructure. The
lighter regions are the dendrites, where the heavier elements are concentrated. The contrast
within the dendrite arms indicates the underlying presence of interdendritic material
separating the secondary dendrite arms.

A typical segregated dendritic and interdendritic region can be seen in Figure 2a, where
the contrast is more significant compared to Figure 1a, as the dendrite contains significantly
higher concentrations of tungsten and rhenium. Note that some of the dendrite arms have
a feinter contrast, with some arms possessing a composition similar to that of the dendrite
cores, whilst others vary significantly. The gamma–gamma prime structure can be seen in
Figure 2b as typical of an as-cast single-crystal material.

Figure 2b shows TCPs already present, with varying morphologies, although typically
long, needle-like structures (the images are only 2D, and therefore they could also be
plate-like, as the literature would suggest [10,11]), they bridge across the surrounding È-È′
structure and typically reside in the dendrite core, but in image 2c a small precipitate can
be seen in the dendrite arm on the right-hand side of the image.

Figure 2d,e also shows TCPs, which tend to form in small clusters within a single
dendrite core. Individual TCPs are also common, but there are also many dendrites with
no TCPs, showing large variations in TCP-forming potential between individual dendrites.
No TCP phases were observed in the interdendritic regions.

Figure 2f shows a dendrite after 24 h of solutions; here the segregation is now minimal,
and while some interdendritic regions can be seen on the edges of the image, a significant
amount of homogenization has occurred, and the sample was absent of TCPs throughout.

Figure 3 shows the volume fraction (Vf) of σ phase measured from the samples
using ImageJ, compared to the value modelled from ThermoCalc using compositional
measurements taken via EDX. The model assumed 30 min were available for precipitate
formation, and although the quenching process would be much faster than this, the samples
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were kept in the furnace to prevent the sample from heating up again. Because of this, an
overestimation in the model is expected.

  
(a) 

(c)  

(b) 

 
(d)  

 
(e) 

 
(f) 

Figure 2. The microstructure of the dendritic cores of samples of different solution times: as-cast (a),
0 h (b), 1 h (c), 4 h (d), 8 h (e), and 24 h (f). TCPs are indicated by arrows.

In the as-cast state, the ThermoCalc models suggest there is a sufficient driving force
(derived from the composition) for the precipitation of TCPs; however, the sample did not
undergo the same 30-min quench but did cool from a molten state. However, no TCPs
were seen in situ, and so the circumstances of the cooling during casting appear sufficiently
different from cooling from the process of solution to not promote the precipitation of TCPs.

The modelling predictions were very similar to those measured, with the 1 h measured
and modelled values varying by less than a percent. However, at 24 h, where none were
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seen, the modelling still predicted that some would precipitate. Some overestimation in the
modelling data was expected, as it was known to overestimate the quenching time so that
the results are so similar that one could argue the volume fraction of σ phase is higher than
the composition alone could attest to.

Modelled alongside this is the time to the formation of the σ precipitates, also through
ThermoCalc in Figure 4. The times refer to the length of time for a 0.1% volume fraction to
occur. Immediately it can be seen that the times to formation are very fast, significantly
faster than is typically seen from in-service blades [3,5,10]. Their time to formation also
increases with time, but still suggests a very rapid formation time at the end of the solution
process, despite not being observed in practice.

Figure 3. The calculated values of σ-phase volume fraction (Vf) using different methods for
CMSX-10K.

Figure 4. The time-to-formation of σ-phase for dendritic core compositions taken from various
solution process times for CMSX-10K.
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3.3. CMSX-10N

CMSX-10N is the primary alloy studied for this work, as it has been reported to contain
TCPs after the solution treatment [11]. This previous work also demonstrates that the TCPs
seen in these alloys are σ-phase. More tests were carried out on this alloy because of this
and its ready availability, as it is a widely used alloy [6,12,13].

Figure 5 shows micrographs taken from each of the solution processes’ ages, with many
containing TCPs; note that there are also 0 h samples as part of this alloy-specific study.
Figure 5a presents a very similar segregated microstructure as Figure 2a; however, Figure 5b
lacks any TCPs, and none were found throughout this early stage of the solution process
for CMSX-10N. However, the cells in Figure 5c–h all contain TCPs to varying degrees.
Figure 5h, showing the microstructure after 24 h of the solution process, shows that TCPs
remain, unlike CMSX-10K, and only after 48 h are there no TCPs present (Figure 5i), despite
the microstructure not being fully homogenized.

  
 (a)  (b)  

  
(c)  (d) 

  
(e) (f) 

Figure 5. Cont.
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(g)  (h)  

 

 

(i)  

Figure 5. The microstructure of the dendritic cores of CMSX-10N samples of solution times: as-cast
(a), 0 h (b), 1 h (c), 4 h (d), 8 h (e), 12 h (f), 16 h (g), 24 h (h), and 48 h (i). TCPs are indicated by arrows.

The TCPs present were seen to form either in clusters or as individuals, but almost
always within the dendrite core, both as long needle-like precipitates and all smaller
circular precipitates; however, these images only present a 2D insight into the mate-
rial, meaning these needle-like precipitates could be plates and the circular precipitates
needles if they were to extend into the depth of the material. This is seen in other
works [11]. Some TCP phases were observed in the dendrite arms, but none were seen in
the interdendritic regions.

Figure 6 shows the volume fraction (Vf) of σ phase measured from the CMSX-10N
samples using ImageJ, compared to the value modelled from ThermoCalc using composi-
tional measurements taken via EDX. The modelled assumptions were the same as those of
Figure 3.

The as-cast modelling predicts the occurrence of TCPs, although none were seen, and
as with CMSX-10K, the model assumed the quenching behaviour it did not undergo.

An overestimate of TCPs is seen again during the early stages of the solution process,
with a very close alignment during the middle section. In contrast to CMSX-10K, the model
underpredicted the volume of TCPs at the later stages; however, at 48 h, none were reported
in the modelling (a non-zero value is shown to account for errors) nor were any seen during
microscopy. Figure 7 shows a segment of a TTT curve for the surrounding temperatures
of the solution profile, showing the rapid rate of formation for σ TCP is consistent at all
surrounding temperatures.
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Figure 6. The calculated values of σ phase volume fraction (Vf) using different methods for
CMSX-10N.

Figure 7. The time to the formation of a range of temperatures around the solution range of
CMSX-10N.
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4. Discussion

The immediate observation from the results is the appearance of TCPs at all; whilst
there have been some reports of TCPs during the manufacturing process, they are limited.
Long et al. [4] reported their occurrence in the as-cast structure, which then decomposed
during the solution process; they also reported σ phase being present, along with η, how-
ever, Long’s σ was nodular, whereas the η was platelet-like. Long did conclude that more
σ precipitated from the platelet morphology of the decomposed sites of the nodular TCPs
during the solution process.

However, no TCPs were seen in the as-cast state in these samples, and the same
phenomenon cannot be used to explain their precipitation during the solution process.
However, despite none being seen, there is a possibility they were not observed, and the
modelling did suggest the possibility of TCPs, although the modelling regime used did
not replicate the solidification process. However, in this study, no platelet η was seen, nor
did it appear in the modelling, suggesting that these two occurrences of TCPs are rooted in
different mechanisms.

Nader El-Bagoury et al. [14] reported the occurrence of rhenium clusters in the as-cast
state, as well as phases that possessed a needle-like morphology; however, neither of these
phases was shown by TEM to be TCPs; the needle-like particles were delta phases, found
alongside È′ ′, and contained Nb, neither of which are observed in the alloys in question
here. The rhenium clusters are only a handful of atoms large and are a common occurrence
in rhenium-containing alloys [15].

Fuchs suggested that TCPs could occur during the solution process under certain
circumstances [7], particularly if the solution process was shortened as it would lead
to reduced homogenization. Fuchs reported that rhenium and tungsten diffusion was
substantial only above 1340 degrees Celsius. This known behaviour identifies aluminium
as the source of TCPs, at least in the 0 h treated sample. At these lower temperatures and
shorter time frames, aluminium is the only element to undergo significant diffusion (Cr,
Co, and Ni would diffuse at these temperatures too, but segregate relatively evenly on
solidification).

As aluminium diffuses from the interdendritic region into the dendrite core, increasing
the volume fraction of È′, this concentrates the Re and W, which have yet to diffuse, in the
È channels. Kim showed the composition of the È and È′ is fixed [13], severely limiting
its ability to hold the excess rhenium and tungsten in solution. This oversaturation then
precipitates out as TCPs, particularly in σ phase. Rae et al. reported that σ is typically the
first to precipitate, but as a metastable phase that eventually returns to È or a different type
of TCP [5]. However, the ThermoCalc models predicted σ would occur and would remain
stable. The kinetics would lend itself to σ forming first, and the enriched concentrations
would maintain the stability. This is reinforced by the dropping off of σ volume fraction
with increasing solution time, as the Re and W have enough time to diffuse out of the
cores into the interdendritic regions, with this reduction in σ volume fraction increasing
with time.

The time to the formation of these TCPs is of particular note, as graphs 2 and 4 show
precipitation times of less than a second, almost instantaneous, far from the prolonged
periods generally assumed for TCPs [16]. These longer-to-form TCPs are generally found at
the surface, where there is an increased concentration of Al from the coatings [6], whereas
those in this paper are found within the bulk of the material, far from the surface, where
the compositional non-equilibrium is the driver.

These data were modelled at the solution temperature, where the TCPs formed and
were stable, unlike the metastable σ reported elsewhere [5] and in the absence of È′. These
TCPs could form during the heat-up cycle, and as Figure 5 shows, the time to the formation
of TCPs is small at the surrounding temperatures too. Here the aluminium diffusion into the
dendrite core causes an increase in È′ before its dissolution into È, allowing a concentration
of TCP elements in the core and allowing quick precipitation of TCPs that are then stable
throughout the solution process, continuing to grow until sufficient rhenium diffusion
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has occurred. Secondly, the TCPs could form at temperature, despite no È′ being present,
because the core would still be enriched in rhenium, with an increasing aluminium content
in the early stages oversaturating the È matrix, which, as shown by Kim [13], has a fixed
composition and must still reject the oversaturation of rhenium causing the precipitation
of TCPs. A third option is that the TCPs form on quenching; as È-′ forms during cooling,
the È is supersaturated with rhenium as it is rejected from the È-′; from here, the quick
formation times of TCPs at these compositions allow for the formation of TCPs on cooling.
Whilst this last theory does not reflect the modelling which suggests their stability at the
solution temperature, it is hard to distinguish the methods without in situ imaging.

The first of these, where TCPs form on heating, seems the most promising, as the still
present È′ would still concentrate rhenium into the È matrix, increasing the driving force for
TCP precipitation. However, precipitation and growth could still occur at this temperature,
albeit to a reduced degree without the È-′ concentrating effects, and furthermore, precipita-
tion could occur on cooling too. If multiples of these effects are occurring, it would explain
the discrepancy between the modelling data and experimental data, as the modelling only
assumed at-temperature precipitation.

5. Further Work

There is significant precipitation of TCPs during the solution process of rhenium-
containing alloys; however, the mechanism by which it occurs is still not fully understood.
It is clear that in the early stages of the solution process, the heating cycle has the most
significant effect; however, TCP volume fractions continue to increase in the early stages
of the solution process. A more thorough investigation of these early times would be
necessary to improve our understanding of these mechanisms.

Studying more alloys would also be of use, as rhenium is not the only former of TCPs;
furthermore, alloys with different È′ fractions would be of interest if this is in fact the prime
driver for TCP precipitation via rhenium rejection.

To pinpoint the exact time within the homogenization process that these TCPs form
would also be of great use. To do so would require imaging the alloy during the solution
process itself, which has numerous practical challenges, due to the extreme temperatures
the microscopy equipment would have to be able to operate at.

Furthermore, the length of solution treatment appears vital in the removal of TCPs;
there appears to be a cut-off point where TCPs are no longer present, but understanding, if
this is a gradual change, or a steeper drop-off would help optimize solution treatments by
adjusting the length of solution heat-treatment against minimal TCP precipitation prior
to entry into service. These optimal solution times also vary from alloy to alloy, despite
only small compositional changes, as each alloy would have a unique window to form
TCPs during the solution process. This last step is of high importance, as significant work
is currently going into shortening the solution procedure because of its associated high
costs during the manufacturing process for turbine blades. However, with certain alloys,
these works are likely to run into issues with TCP precipitation.

6. Conclusions

TCPs precipitate during solution heat treatment of rhenium-containing alloys, particu-
larly those of high concentration (6%wt or more).

• This occurs even at the earliest stages of the solution process, being present after the
heating cycle to the solution window;

• This is most likely driven by aluminium diffusion into the dendrite cores from the
interdendritic region before the other elements can homogenize, enriching the È matrix
and causing the rejection of the rhenium, potentially from the formation of È′, which
would further concentrate the rhenium in the È matrix;

• Holding at the solution temperature for sufficient times allows sufficient rhenium
diffusion so that TCPs do not form. However, in the case of CMSX-10N, this time frame
exceeds the 24 h usually used for its homogenization in a production environment;
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• Further work is needed to understand the mechanism behind the initial precipitation
of TCPs and how it varies across different alloys.
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Abstract: The phase transition process of Nb3Sn during heat treatment exerts important influences
on Nb3Sn formation and the superconducting characteristics of Nb3Sn superconductors. A simple
method for quickly preparing Nb3Sn was studied. First, Nb, Sn, and Cu powders were mechanically
alloyed to prepare the precursor. Then, the precursor was heat treated at different times to form
Nb3Sn. During the first stage, the morphology and crystal structure of the products were analyzed
after different milling times. The results of the transmission electron microscopy showed the poor
crystallinity of the products compared with the original materials. During the second stage, heat
treatment was performed at different temperatures ranging from room temperature to 1073 K. After
treatment, the products were studied via X-ray diffraction analysis to determine how the structure
changed with increasing temperature. Only the Nb diffraction peaks in the precursor were observed
after high-energy ball milling for more than 3 h. When the heat treatment temperature was above
773 K and heat treatment time was 15 min, Nb3Sn began to form. When the temperature was above
973 K, some impurities, such as Nb2O5, appeared. After 5 h of ball milling, the precursor was heat
treated at different times in a vacuum heat treatment furnace. The crystal structure of the product
exhibited evident diffraction peaks of Nb3Sn. The critical temperatures of the samples that were heat
treated at different times were between 17 K and 18 K. The magnetic critical current density of the
sample versus the applied magnetic field at 4.2 K indicated that the magnetic Jc was approximately
30,000 A/cm2.

Keywords: Nb3Sn; superconducting characteristics; phase transition; mechanical alloying

1. Introduction

Since Nb3Sn was discovered by Matthias in 1954 [1], research on this compound has
elicited considerable attention, particularly regarding its preparation and superconductive
characteristics. Compared with NbTi, Nb3Sn has higher critical temperature (above 18 K)
and critical magnetic field of around 30 T. Nb3Sn superconductors have important applica-
tions in high magnetic field situations, particularly at above 10 T. Current applications of
Nb3Sn include magnetic resonance imaging [2], nuclear magnetic resonance [3], dipole and
quadrupole magnets for particle accelerators, and other areas where high magnetic fields
are required, such as the International Thermonuclear Experimental Reactor [4]. Conven-
tional manufacturing methods, such as bronze technology [5,6], internal tin technology [7],
and powder-in-tube [8,9] process, require a long period of heat treatment at around 650 ◦C
to allow Sn to react with Nb and form Nb3Sn superconductors. These methods are time
consuming, and their costs are high.

Heat treatment is a key point in the preparation of Nb3Sn. Heat treatment temperature
exerts an important effect on the upper critical field Bc2, with a higher reaction temperature
leading to higher Bc2 [10]. Many studies on heat treatment have investigated the influences
of temperature variation, heat treatment time, temperature gradient, ascending temperature
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speed, and temperature uniformity on the superconducting characteristics of Nb3Sn [11].
Various factors that are required to form fine and homogeneous grains of Nb3Sn were
studied through a series of experiments [12,13]. The phase transformations of high Jc
Nb3Sn strands during reaction heat treatment were studied by performing synchrotron
X-ray diffraction (XRD) measurements.

The amount of Sn plays an important role in the superconducting properties of Nb3Sn.
The critical temperature sharply increases from approximately 6 K to approximately 18 K
when the percentage of Sn is increased from below 20% to above 24.5%. For some su-
perconductors in which Sn concentration is insufficient or some regions with a deficient
stoichiometric ratio of Sn, the critical temperature of Nb3Sn may be below 9 K [14]. The
upper critical field is also affected by the amount of Sn in accordance with the Werthamer–
Helfand–Hohenberg theory. Therefore, increasing the amount of Sn or making the stoi-
chiometry of the Nb3Sn layer more uniform is important to increase the upper critical field
and the critical temperature [4]. The addition of Cu can decrease A15 formation tempera-
ture and obtain Nb3Sn grains with small sizes by limiting grain growth. Thus, higher grain
boundary density can be obtained to improve the bulk pinning force [15]. A typical reaction
scheme for high-performance Nb3Sn conductors is increasing the temperature to 483 K and
holding this temperature for 100 h, ramping the temperature to 673 K and holding this
temperature for 50 h, and then ramping to the final reaction temperature (923–973 K) and
holding this temperature for a long period (50–200 h). The heat treatment of the Nb3Sn bulk
is equally important because the bulk can be used to fabricate the Nb3Sn superconducting
joint, which must be heat treated with Nb3Sn conductors. Reducing the length of the final
heat treatment process is significant for Nb3Sn magnet production.

We report a simple and time-saving synthesis technique for Nb3Sn that proceeds
through a mechanical alloying method, followed by short-term heat treatment. Nb, Sn, and
Cu powders were mixed and alloyed through mechanical alloying, and the precursors were
synthesized via high-energy ball milling of the as-blended powders. Then, the precursors
were heat treated to form Nb3Sn. However, before Nb3Sn nucleation and growth, other
intermetallic phases were synthesized during the large temperature intervals. These phases
affected the final reaction in the formation of Nb3Sn. The influence of temperature variation
on Nb3Sn reaction was studied, and changes in crystal structure with temperature were
measured to study the change in phase transition during the process. After high-energy
ball milling at different times, the precursors were prepared and heat treated at various
temperatures ranging from 298 K to 1073 K at 10–50 K intervals.

2. Experiment

All original materials used in this work, including Nb, Sn, and Cu, were composed
of 99.9% pure powder, which were 5–20 μm in scale. Nb, Sn, and Cu were blended with
a molar ratio of 3:1:1. Then, the blended powders were placed in a ball mill tank. The
rotational speed of the ball mill was 1725 rpm. The precursors were synthesized after
high-energy ball milling. The procedure above was performed in a glove box to prevent the
blended powders from oxidizing in a high-temperature and high-pressure environment.
The as-blended powders were mechanical alloyed at different times by using a Spex 8000D
mixer. The prepared precursors were then heat treated from room temperature to 1073 K.
During the process, we studied the changes in the crystal structure of the precursors after
the selected temperatures, which was approximately at every 50 K interval from 298 K
to 873 K and from 973 K to 1073 K and at every 10 K interval from 903 K to 953 K. The
heating rate was 10 K per minute, and sintering holding time was 15 min at each sintering
temperature point.

The morphology of the product was recorded using a scanning electron microscope. A
transmission electron microscope was used to analyze the crystallinity of the as-prepared
samples. The prepared samples were characterized via XRD on an Empyrean X-ray diffrac-
tometer. The temperature dependence of magnetizability was measured using a physical
property measurement system (PPMS-9).
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3. Results and Discussion

Figure 1 shows the scanning electron microscopy (SEM) images of the original samples.
Figure 2 shows the SEM images and the energy-dispersive X-ray spectroscopy (EDS)
mapping images of the products after the milling of Nb–Sn–Cu powders for 5 h. The
images indicated that all the elements were homogeneously dispersed. Patankar [16]
reported that brittle Nb with a body-centered cubic structure is likely to get fragmented
and get coated onto the surface of ductile Sn. Patankar believed that the depth of XRD
was insufficient to penetrate the Nb shell. Thus, Sn was not observed from the XRD
result. However, the results of the EDS mapping images showed that Sn and Cu were
homogeneously dispersed around Nb and did not exhibit the core–shell structure. This
phenomenon may be attributed to the amorphization of Sn with increasing milling time.
The original material was several microns in size. After mechanical alloying, the dimensions
of the particles decreased. Even nanocrystalline materials were formed due to high-energy
ball milling.

 
Figure 1. SEM images of original samples: (a) Nb, (b) Sn, and (c) Cu.

 

Sn Cu 

Figure 2. SEM image and EDS mapping of the samples after the milling of the Nb–Sn–Cu powder
for 5 h.

Figure 3 depicts the elemental composition of the as-blended particles after mechanical
alloying, as illustrated in the inset of the figure. From the results of the selected area with a
few microns, Nb, Sn, and Cu were included and mixed in stoichiometric ratio, indicating
that a new combination of elements was constructed at the microscopic level. This finding
exerted a significant effect on the reaction of Nb with Sn to produce Nb3Sn due to the
microscopic stoichiometric ratio and the closer diffusion distance between Nb and Sn in
the subsequent heat treatment process.
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Figure 3. EDS analysis of the sample after the milling of the Nb–Sn–Cu powder for 5 h.

Figure 4 shows the typical low-magnification and high-resolution transmission elec-
tron microscopy (TEM) micrographs of the samples. The selected area electron diffraction
pattern shown in the inset of Figure 4a suggested that the products exhibited poor crys-
tallinity after ball milling for 5 h. One study suggested that Sn transformed into the
amorphous phase because Nb and Cu were harder than Sn [17]. Some diffraction spots
were observed with halo rings in the figure. The Nb grains were confirmed through the
high-magnification micrograph in Figure 4b.

 

(a) (b)

Figure 4. TEM micrograph of the sample: (a) low-magnification micrograph and (b) high-magnifi-
cation micrograph.

The finding was consistent with the XRD result below. Diffraction intensity became
weaker with increasing milling time. This result suggested that on the one hand, the crys-
talline grain size of products became smaller and even reached nanometer scale, broadening
the width of diffraction peaks. On the other hand, the high-energy ball milling introduced
many defects into the products. The disorder degree of interfacial atoms increased consid-
erably, reducing diffraction intensity. The high-resolution TEM micrograph showed the
interplanar crystal spacing of Nb.

Figure 5 presents the XRD patterns of the particles after mechanical alloying at different
times. The results showed that the diffraction peaks of Sn and Cu disappeared when milling
time reached 1 h compared with the apparent diffraction peaks of the original as-milled
particles. The intensity of peaks decreased with increasing milling time. When ball milling
time reached 10 h, the primary diffraction peak of Nb evidently broadened compared with
the initial stage. High-energy mechanical alloying caused the continuous cold welding and
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fracturing of different particles. Grain size decreased with increasing milling time. The
results showed that the effects of ball milling on the crystallinity of products became worse
with increasing milling time. This effect was also observed from the TEM results of the
products. Simultaneously, long-range-order parameters decreased with increasing milling
time due to the large number of defects and the high amount of grain boundary energy
during high-energy mechanical alloying. Both caused the intensity of peaks to decrease
and transform into metastable phases.

Figure 5. XRD patterns of the particles after mechanical alloying at different times.

Figure 6 presents the XRD patterns of the products after different heat treatment
temperatures ranging from 298 K to 573 K. These curves represent the crystal structures of
the products after each heat treatment at different temperatures. As shown in the figure, the
XRD pattern at 298 K presents the measurement result at room temperature, i.e., the crystal
structure of the sample after mechanical alloying. Only the Nb diffraction peaks are shown.
The Sn and Cu diffraction peaks disappeared after high-energy mechanical alloying.

Figure 6. XRD patterns of products after heat treatment at different temperatures (from 298 K to 573 K).

40



Crystals 2023, 13, 660

After heat treatment from room temperature to 573 K, the XRD patterns showed
that the products did not change, and no new diffraction peaks appeared. These results
indicated that the crystal structures of the products did not change, and no chemical
reaction occurred at below 573 K. The melting point of Sn is below 504.9 K, and Sn will
liquify at temperatures above 504.9 K. However, the results obtained after the 573 K heat
treatment showed that Sn did not change and turn to liquid, signifying that Sn reacted with
the other elements to exist in a new form during high-energy mechanical alloying.

The XRD patterns of the particles after heat treatment from 573 K to 773 K are depicted
in Figure 7. The shapes of the peak diffraction were nearly identical from 573 K to 723 K.
After heat treatment temperature increased to 773 K, small diffraction peaks of Nb3Sn
appeared. This finding indicated that reactions that produced Nb3Sn started when the
temperature was above 773 K. Simultaneously, the diffraction peaks of Nb began to fade
due to the reaction of Nb with Sn or Sn compounds.

Figure 7. XRD patterns of the products after heat treatment at different temperatures (from 573 K
to 773 K).

As shown in Figure 8, Nb diffraction peaks gradually attenuated after heat treatment
from 773 K to 903 K. Nb diffraction peaks nearly disappeared at temperatures above 903 K.
In this process, Nb3Sn was produced with increasing temperature. After heat treatment at
903 K, Nb3Sn phase diffraction peaks became highly apparent. Thus, through high-energy
mechanical alloying, the as-milled particles should be at least exposed to an environment
with a temperature of above 903 K.

To determine the optimum temperature range of heat treatment, temperatures of
903 K, 913 K, and 923 K were selected to study the crystal structure of the products. As
shown in Figure 9, the crystal structures were nearly identical at different temperatures,
and Nb3Sn and NbO2 diffraction peaks were observed. Nb3Sn diffraction peaks exhibited
slightly higher intensity with increasing temperature.

As shown in Figure 10, the samples were heat treated at different temperatures of
923 K, 933 K, and 943 K. The results indicated that the locations of the diffraction peaks did
not change, and no new structures appeared. Thus, the temperature of 923 K was selected
to obtain the final Nb3Sn product.
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Figure 8. XRD patterns of the products after heat treatment at different temperatures (from 773 K
to 903 K).

Figure 9. XRD patterns of the products after heat treatment at different temperatures (from 903 K
to 923 K).

Figure 10. XRD patterns of the products after heat treatment at different temperatures (from 923 K
to 943 K).
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The effect of higher heat treatment temperatures was studied to determine whether the
crystal structure of the product changed when exposed to higher temperatures. Figure 11
shows the XRD patterns of the products after heat treatment at different temperatures
ranging from 953 K to 1073 K. The results showed that the diffraction peaks of Nb3Sn
did not change when exposed to temperatures above 973 K, but other impurities, such as
Nb2O5, appeared. Thus, as-milled particles should not be utilized at above 973 K.

Figure 11. XRD patterns of the products after heat treatment at different temperatures (from 953 K
to 1073 K).

The key temperature points of Nb3Sn heat treatment were presented to show the
change in crystal structure during the heat treatment process. As illustrated in Figure 12,
the phase transition process from room temperature to 903 K and then to 1073 K was
as follows: the original materials of Nb, Sn, and Cu at 298 K exhibited broadened Nb
diffraction peaks at 298 K after mechanical alloying. Then, Nb3Sn and NbO2 diffraction
peaks appeared at 903 K. Finally, Nb3Sn, NbO2, and Nb2O3 diffraction peaks appeared
at 1073 K. In accordance with the solid-state diffusion reaction, different temperatures
correspond to different activation energies of atomic diffusion, affecting the diffusion
reaction speed and whether diffusion reaction can occur. In accordance with the result of
heat treatment, the as-milled particles should be exposed to temperatures above 903 K.
However, when the temperature reached 1073 K, diffraction peaks of impurities appeared.

To maximize the Nb3Sn area, heat treatment time must last for a long time (50–200 h)
at high temperature in Nb3Sn formation reaction. The researchers investigated the effects of
reaction time (24–150 h) on the superconducting characteristics of Nb3Sn. They determined
that a 24 h final reaction reached >90% of the highest obtained Jc [18]. To obtain a short
reaction time and good performance, the experimental sample received a final reaction
for 24 h at 923 K. With this scheme, we can combine the technologies of Nb3Sn bulk and
conductors to fabricate Nb3Sn superconducting joints on magnets in the future.
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Figure 12. XRD patterns of the products after heat treatment at different temperatures (from 298 K
to 1073 K).

Figure 13 shows MT curves of the samples that were ball milled for 5 h and heat
treated for 24 h and 50 h. The onset Tc of the samples was between 17 K and 18 K. The Tc
value was determined by taking the first deviation point from the linearity that signified
the transition from the normal state to the superconducting state. As shown in Figure 13,
the transitions of all the samples were relatively steep, indicating that the Nb3Sn phase
formation qualities of the samples were good. The differences among the prepared samples
and between the experiment results and the theoretical value may be attributed to the
purity of the products. Critical temperature exhibits a relationship with the concentration
of Sn and the stoichiometric ratio of Nb and Sn. After high-energy mechanical alloying, the
size of Nb and Sn particles sharply decreased. The distribution of Nb and Sn became more
unique, and the solid-state diffusion reaction of Nb and Sn occurred on the basis of a more
precise stoichiometric ratio of 3:1. Bc2(0) can be calculated using the following equation
based on the Werthamer–Helfand–Hohenberg theory [19]:

Bc2(0) = −0.69Tc
∂Bc2

∂T

∣∣∣∣
Tc

where Bc2 is the upper critical magnetic field, Tc is the critical temperature of a Type II
superconductor (Nb3Sn), and 0.69 is the pre-factor constant for the dirty limit [20].

The results led to the conclusion that the Bc2(0) of the prepared samples did not
appear to depend on the heat treatment time of the samples.

Figure 14 shows the field independence of the critical current density Jc of the heat-
treated bulk for 24 h. The heat-treated bulk was about 3 mm in length, 2 mm in width, and
1 mm in thickness. The magnetic Jc was calculated from the magnetization loops based on
the critical Bean model [21], as follows:

Jc =
ΔM

a
(
1 − a

3b
) ,

where a and b (b ≥ a) are the width and length of the sample, respectively.
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Figure 13. MT curve of the samples that were heat treated for 24 h and 50 h.

Figure 14. Magnetic critical current density of the sample vs. applied magnetic field at 4.2 K.

Jc decreased with increasing magnetic fields. The phenomenon of the curve in the low
magnetic field is attributed to the flux jump, which typically occurs in Nb3Sn materials
at low fields in changing magnetic fields. Flux jumps result in the transition between
the superconducting and normal states, which has been readily observed during V–H
measurements. Compared with the performance of Nb3Sn in low magnetic field, we are
more concerned about the performance of Nb3Sn in a high magnetic field, because the
Nb3Sn material will contribute more to the high magnetic field region. As shown in the
figure, the magnetic Jc was approximately 30,000 A/cm2 under 8 T. Considering the limit
of the magnetic field in the PPMS instrument (±9 T), the Jc value under 8 T was used to
evaluate the performance of Nb3Sn. The technology can be used for fabricating Nb3Sn
joints in Nb3Sn magnets. The magnetic intensity in the region of Nb3Sn joints is lower than
that in the center of the magnet. The result can help magnet designers place the Nb3Sn
joint on the location where the joint has no problem to work under such a magnetic field.
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4. Conclusions

This study presented the process of Nb3Sn phase transitions during heat treatment.
Nb3Sn was prepared by heat treating the precursors, which were mechanically alloyed first.
The size and crystal structure of the products changed after mechanical alloying for some
time. The TEM results indicated that the products exhibited poor crystallinity after ball
milling, and this finding was consistent with the XRD results. In accordance with the XRD
analysis, the diffraction peaks of Cu and Sn became weaker with increasing ball milling
time, and only Nb diffraction peaks were observed after 3 h. The precursors were heat
treated from room temperature to 1073 K, and simultaneously, the crystal structures were
monitored after exposure to different temperatures. When the temperature was above
773 K during heat treatment, Nb3Sn began to appear. When the temperature was above
973 K, some impurities, such as Nb2O5, appeared. Thus, the heat treatment temperature of
the as-milled particles should not be above 973 K. The critical temperatures of the samples
that were heat treated at different times were between 17 K and 18 K. The magnetic critical
current density of the sample versus the applied magnetic field at 4.2 K illustrated that
magnetic Jc was approximately 30,000 A/cm2 under 8 T. The result can be applied to the
fabrication of Nb3Sn superconducting joints in the future and help magnet designers place
the joint in an appropriate location where the joint will not be affected by magnetic intensity.
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Abstract: A novel plasma-pulsed GMAW hybrid welding (plasma-GMAW-P) process is proposed
for joining 6061 aluminum and zinc-coated steel. The results show that the change in welding heat
input has little effect on the microstructure of the joint and the composition of the intermetallic
compounds (IMCs) but only changes the thickness of the reaction layer (increased from 5 μm to
12 μm). when the plasma arc current is 20 A and the MIG current is 80 A, the welded joint obtained
has the highest tensile-shear force. With the optimal process parameters, the weld strength obtained
by filling ER4043 welding wire is the highest, accounting for 65% of the tensile-shear force of the
base material. The effect of the plasma arc acting on the joint properties is studied through the
microstructure and a tensile-shearing test. The action position of the plasma arc plays a significant
role in the Al/steel interface, which directly influences the strength of the welded joints. Regardless
of the plasma-GMAW-P style used to obtain the joints, Fe-Al IMCs appear at the interface. When the
plasma arc is in front of the welding direction and the GMAW-P arc is in the rear, the tensile-shear
force reaches the maximum of 3322 N.

Keywords: plasma-GMAW-P; 6061 aluminum; zinc-coated steel; microstructure

1. Introduction

Lightweight automobile has gradually become a research hotspot in the automotive
field [1–3]. Al alloys were the most popular among the various lightweight alloys due to
their features of high mechanical strength, good corrosion resistance, and affordable cost. To
ensure quality, it was necessary to produce an Al–steel structure consisting of Al and steel
parts [4–6]. Al–steel structures have high temperature resistance, ultra-low temperature
resistance, good heat dissipation, and excellent electrical conductivity. They have been
widely used in the fields of automobile manufacturing, metallurgy, and aerospace [7].
Due to the differences in their physical and chemical properties, the formation of brittle
Fe–Al intermetallic compounds (IMCs) and weld properties appear at the interface and
Al side [8–10]. Furthermore, different welding methods, including single fusion welding,
laser-arc welding, friction stir welding, etc. [11–13], have been applied to join Al and steel to
improve the interfacial reaction and optimize the thickness and distribution of IMCs [14–16].
However, these methods have stricter requirements for welding heat input [17], joint shape,
and assembly conditions, which are difficult to meet given the need for rapid manufacturing
in the industrial field [18–20].

Hybrid welding has been considered as one of the effective ways to improve welding
quality and efficiency since it was proposed [21,22], and has gradually become a research
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hotspot in the field of welding [23,24]. Hybrid heat source is an effective method to solve
practical problems, which conventional fusion welding could not [25,26]. In this study,
6061 aluminum and zinc-coated steel were innovatively welded with a plasma-pulsed
GMAW (Plasma-GMAW-P) hybrid welding process. The plasma arc current, the MIG
current and filler metal, and the different hybrid welding types were investigated. The aim
of this work was to provide a new method for achieving efficient and high-quality welding
of dissimilar metals.

2. Materials and Methods

2.1. Welding Test System and Test Material

Figure 1 shows the physical and schematic diagram of the plasma-GMAW-P hy-
brid welding system. The system is mainly composed of the following parts: 1, welding
robot; 2, self-designed plasma-GMAW-P hybrid welding gun; 3, MIG power supply;
4, PAW power supply; 5, magnetron power supply; 6, cooling system. The welding
robot was a Shanghai Xinshida SRC2.4(SRC2.4) (Xinshida Robotics Co., Ltd., Shanghai,
China). The models of PAW power supply, MIG power supply, and water chiller were a
DC pulse LHM8-300A (Chengdu Electric Welding Machine Research Institute, Chengdu,
China), Panasonic YD-400GE (Panasonic Welding Systems (Tangshan) Co., Ltd., Tang-
shan, China), and CW-6000 (Guangzhou Teyu Electromechanical Co., Ltd., Guangzhou,
China), respectively.

Figure 1. The physical and schematic diagram of plasma-GMAW-P hybrid welding system, (a) the
physical diagram of plasma-GMAW-P hybrid welding system, and (b) the schematic diagram of
plasma-GMAW-P hybrid welding system.

The zinc-coated steel was made of Q235 and the thickness of the zinc-coat was
11 microns. The whole materials were cut into pieces of 150 mm × 80 mm × 2 mm.
The surface oxide film of the base materials was removed by steel brush and then cleaned
with alcohol and acetone prior to the welding process.

2.2. Test Design

In order to explore the optimal process parameters for plasma-GMAW-P hybrid
welding, welding tests were conducted using hybrid process parameters of different styles,
as shown in Table 1. The schematic diagram of the assembled plasma-GMAW-P hybrid
welding system is depicted in Figure 2. The Al alloy was placed on the top of the zinc-coated
steel with an overlapping width of 10 mm. In the plasma-GMAW-P welding process, the
angle between the plasma torch and the GMAW torch was 45◦, and the distance between
the sources was 7 mm. Plasma welding current, welding speed, nozzle height, plasma
shielding gas flow rate, shielding gas flow rate, GMAW-P welding current, and magnetic
current were recorded in detail. When the nozzle height was constant at 5 mm, the welding
speed was 5 mm/s. Pure argon was used as a plasma shielding gas with a 3 L/min flow rate.
The shielding gas, composed of argon (80 vol%) and carbon dioxide (20 vol%), was chosen
at a volume flow rate of 12 L/min in all experiments. Moreover, to investigate the effect
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of the plasma welding arc on the joint, different styles plasma-GMAW-P hybrid welding
were applied (Figure 3). Plasma welding current and GMAW-P welding current were 20 A
and 80 A, respectively. The filler metal used in the plasma-GMAW-P welding process with
different styles was ER4043 with a diameter of 1.2 mm. The chemical composition of the
different welding wires is shown in Table 2.

Table 1. The hybrid process parameters of different styles.

Parameter Set Plasma Arc Current MIG Current Filler Metal

#1 40, 50, 60 60 ER4043
#2 30, 40, 50, 60 70 ER4043
#3 10, 20, 30, 40 80 ER4043

#4 20 80 ER4047, ER1070,
ER5356

Figure 2. Schematic diagram of plasma−GMAW−P hybrid welding.

Figure 3. Schematic diagram of plasma−GMAW−P hybrid welding with different types: (a) model
1 (plasma arc was in front and GMAW arc was in rear), (b) model 2 (GMAW arc was in front and
plasma arc was in rear), (c) model 3 (plasma arc was located on steel side and GMAW arc was located
on Al side), and (d) model 4 (plasma arc was located on Al side, and GMAW arc was located on
steel side).
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Table 2. The chemical compositions of different welding wires (wt.%).

Welding
Wire

Si Cu Fe Mn Ti Zn Mg Al

ER4043 4.50–6.00 0.30 0.80 0.05 0.20 0.10 0.05 Bal.
ER4047 11.0–13.0 0.30 0.80 0.15 - 0.20 0.10 Bal.
ER1070 0.3 - 0.3 - - - - Bal.
ER5356 0.25 0.10 0.40 0.05–0.20 0.06–0.20 0.10 4.50–5.50 Bal.

The specimen dimensions were 12 mm × 10 mm, and the specimens’ surfaces were
brushed with a buffing machine and then cleaned with acetone and alcohol, in turn. All the
workpieces were polished to remove the surface oxidation film before welding and then
cleaned with alcohol and acetone. All the metallographic specimens and tensile specimens
were cut out from the weld joints by wire cutting after welding. After the metallographic
specimens were ground, polished, and then etched, the metallographic test was conducted
through an Olympus-DSX510 optical microscope and scanning electron microscope (SEM).
A 110 mm × 10 mm overlap joint was removed by wire cutting as a tensile sample. Three
sets of tensile specimens were selected for each set of parameters, and the average was
taken as the final test results. The tensile tests were carried out with an electronic tensile
testing machine (CSS-44400) with a travel speed of 0.5 mm/min.

3. Results and Discussion

3.1. Effects of Plasma Arc Current and MIG Current on Microstructure and Mechanical Properties
of Welded Joints

Figure 4 shows the weld formation and cross-sectional microstructure of #1 under
different plasma arc currents when the MIG current was 60 A. As can be seen from Figure 4,
the welded joint could be divided into a zinc-rich zone, an interface zone, and a weld zone.
As the plasma arc current increased, the bead width decreased. This is because the increase
in heat input accelerates the evaporation of the zinc coating. The wetting and spreading
effect of zinc coating on aluminum is weakened.

Figure 4. The weld formation and the cross-sectional microstructure with different plasma arc
currents when the MIG current is 60 A. (a) Plasma arc current is 40 A; (b) plasma arc current is 50 A;
(c) plasma arc current is 60 A.

The corresponding tensile-shear force and the fracture surface of the welded joint
are shown in Figures 5 and 6, respectively. It can be seen in Figures 5 and 6 that with an
increase in plasma arc current, the tensile-shear force of the welded joint increased, and
the fracture basically occurred near the fusion line. This is because the increase in plasma
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current enhances the preheating effect, resulting in a slower rate of temperature increase.
This change refines the grain size and improves the tensile-shear force.

Figure 5. The tensile-shear force of the welded joint with different plasma arc currents when the MIG
current is 60 A.

Figure 6. The fracture surface of the welded joint with different plasma arc currents when the MIG
current is 60 A. (a) Plasma arc current is 40 A; (b) plasma arc current is 50 A; (c) plasma arc current
is 60 A.

Figure 7 shows the weld formation and optical microstructure of the welded joints
of #2 with different plasma arc currents when the MIG current is was 70 A. Whether the
plasma arc current is too small or too large, the welded joints showed porosity defects.
The corresponding tensile-shear force and the fracture surface of the welded joint are
shown in Figures 8 and 9, respectively. As can be seen from the figure, with the increase
in the plasma arc current, the tensile-shear force of the welded joint first increased and
then decreased. The maximum value occurred when the plasma arc current was 50 A,
and the maximum tensile-shear force was close to 3000 N. This was due to the increase
in plasma arc current, which improved the wetting and spreading effect of aluminum on
the steel surface. However, the weak spot of the weld was the heat-affected zone near the
fusion line.

Figure 7. The weld formation and optical microstructure of the welded joints with different plasma
arc currents when the MIG current is 70 A. (a,e,i) plasma arc current is 30 A; (b,f,j) plasma arc current
is 40 A; (c,g,k) plasma arc current is 50 A; (d,h,l) plasma arc current is 60 A.
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Figure 8. The tensile-shear force of the welded joint by plasma-GMAW-P with different plasma arc
currents when the MIG current is 70 A.

Figure 9. The fracture surface of the welded joint by plasma-GMAW-P with different plasma arc
currents when the MIG current is 70 A. (a) Plasma arc current is 30 A; (b) plasma arc current is 40 A;
(c) plasma arc current is 50 A; (d) plasma arc current is 60 A.

At the same time, Figure 7 shows that the melting zone was mainly composed of α-Al
and Al-Si eutectic structure. As the plasma arc current increased, the grain size increased.
When the plasma arc current was 40 A and 50 A, there were fewer porosity and crack defects
in the joint. This was because the increase in the plasma arc current allowed more time for
the gas in the weld pool to escape, especially hydrogen. This improved the porosity defects
of the weld. However, excessive plasma arc current could accelerate the cooling speed of
the weld, which increased the brittleness of the weld and decreased the tensile-shear force,
as shown in Figure 8. Figure 9a,c shows that all fractures were located near the weld fusion
line, while Figure 9b,d shows that some fractures were located on the boundary line.

Figure 10 shows the weld formation and cross-sectional microstructure of #3 with
different plasma arc currents when the MIG current was 80 A. When the plasma arc current
was 40 A, the bead width was larger than that of the other groups. The corresponding
tensile-shear force and the fracture surface of the welded joint are shown in Figures 11
and 12, respectively. As can be seen in Figure 11, with the increase in the plasma arc
current, the tensile-shear force of the weld first increased and then decreased. When the
plasma arc current was 20 A, the maximum tensile-shear force occurred, which was the
maximum value for all groups of samples, accounting for 65% of the tensile-shear force of
the base material. Except for that shown in Figure 12c, all fractures occurred near the weld
fusion line.
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Figure 10. The weld formation of the welded joints with different plasma arc currents when the MIG
current is 80 A. (a) Plasma arc current is 10 A; (b) plasma arc current is 20 A; (c) plasma arc current is
30 A; (d) plasma arc current is 40 A.

Figure 11. The tensile-shear force of the welded joint.

Figure 12. The fracture surface of the welded joint. (a) Plasma arc current is 10 A; (b) plasma arc
current is 20 A; (c) plasma arc current is 30 A; (d) plasma arc current is 40 A.

The optical microstructure of the welded joints is shown in Figure 13. The melting
zone mainly had an α-Al and Al-Si eutectic structure composition. With the increase in the
plasma arc current, the grain size increased, but the microstructure morphology changed
little. When the plasma arc current was 20 A and 30 A, there were fewer defects such as
pores and cracks in the joint. Meanwhile, the microstructure of the joint interface area is
shown in Figure 13. The reaction layer in the interface region was composed of Fe2Al5 that
was dense near the steel side and FeAl3 that grew needle-like toward the aluminum side.
Welding heat input had no significant impact on the type and morphology of interfacial
compounds but only determined the thickness of the reaction layer. As the plasma arc
current increased, the thickness of the reaction layer increased from 5 μm to 12 μm.
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Figure 13. Optical microstructure of the welded joints. (a,c,e) plasma arc current is 10 A; (b,d,f) plasma
arc current is 20 A; (g,i,k) plasma arc current is 30 A; (h,j,l) plasma arc current is 40 A.

Suitable welding heat input can obtain good performance of the welded joints. Ac-
cording to tests #1–#3, when the plasma arc current was 20 A and the MIG current was
80 A, the welded joint obtained had the highest tensile-shear force.

3.2. Effect of Filler Metal on Microstructure and Mechanical Properties of Welded Joints

With the optimal welding process parameters, four different types of welding wires,
ER4043, ER4047, ER1070, and ER5356, were selected for cladding, and good weld formation
was obtained. The bead width obtained by filling ER4043 and ER4047 is larger. This is
because the Si element in the filler metal promotes the wetting and spreading of aluminum
on the steel surface, increasing the bead width. According to the XRD results, the obtained
joints all contained the Fe0.905Si0.905 phase. The welded joints filled with different metals
were observed by SEM and analyzed using EDS. The results are shown in Figure 14
and Tables 3–6.

Figure 14. The SEM microstructure of the overall image and the enlargement image of zone X with
different types of welding wires. (a) ER4043; (b) ER4047; (c) ER1070; (d) ER5356.
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Table 3. The EDS results of joints filled with ER4043.

Elements (at.%) Fe Al Si. Cu O

A1 98.48 0.20 0.26 1.06 -
A2 38.90 57.91 2.37 0.82 -
A3 23.65 71.31 4.40 0.64 -
A4 3.57 88.94 6.28 0.28 -
A5 0.32 98.10 - 0.24 0.24

Table 4. The EDS results of joints filled with ER4047.

Elements (at.%) Fe Al Si. Cu Zn

A1 10.95 72.87 15.89 0.29 -
A2 9.72 66.60 23.41 0.27 -
A3 9.89 66.60 22.95 7.33 -
A4 8.98 78.24 11.43 - 1.35
A5 13.26 63.86 21.36 - 1.52

Table 5. The EDS results of joints filled with ER1070.

Elements (at.%) Fe Al C Au O Mg

A1 76.95 - 20.86 1.16 - -
A2 1.97 97.48 - - - -
A3 78.02 - 20.49 0.70 - -
A4 0.82 89.75 6.95 - 0.75 0.98
A5 77.63 - 21.37 - - -

Table 6. The EDS results of joints filled with ER5356.

Elements (at.%) Fe Al C Mg O Zn

A1 2.13 71.04 20.64 3.84 1.24 -
A2 - 76.37 17.41 3.85 1.71 -
A3 - 29.93 8.29 1.20 51.95 6.23
A4 0.68 64.36 16.86 1.36 6.45 10.28
A5 67.17 11.93 20.23 - - -
A6 74.49 - 24.62 - - -
A7 74.30 - 23.41 - - -
A8 0.51 33.41 18.86 2.84 37.05 6.04
A9 0.71 36.88 10.43 2.44 38.97 8.75

A10 22.31 57.95 19.74 - - -

It can be seen in Figure 14 that the thickness of the intermetallic compound in the weld
interface region obtained by filling ER4043 was 7 to 9 μm, and the weld pore diameter was
30~100 μm. According to the XRD results, the main IMC was Al0.5Fe3Si0.5. The melting
zone located on the upper side of the interface zone mainly had of an α-Al and Al-Si
eutectic structure composition. The base metal structure of galvanized steel is composed
of α ferrite and fine carbide particles. The IMCs in the weld interface region obtained by
filling ER4047 were acicular and diffuse toward the aluminum side. According to the XRD
results, the main IMC was also Al0.5Fe3Si0.5.

The thickness of the reaction layer in the weld interface area obtained by filling ER1070
was 10–12 μm. It extended toward the steel side. The content of C near the reaction layer
was large, and the element C in the galvanized steel diffused here, while the content of C in
the melting zone above the reaction layer was very low. There were many welding joint
defects obtained by filling ER5356 welding wire. Al, C, and O compounds with large grain
sizes appeared on the aluminum side above the reaction layer.

The tensile-shear force and the fracture surface of the welded joints filled with different
metals are shown in Figures 15 and 16. The tensile-shear force obtained by filling ER4043
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welding wire was the highest followed by that of ER4047, while ER5356 had the lowest
force. They accounted for 65%, 56%, 46%, and 27% of the tensile-shear force of the base
metal, respectively. The tensile-shear force of the weld filled with ER4047 welding wire
was less than ER4043. This was because too much Si element in the ER4047 welding wire
entered the molten pool during the welding process, increasing the viscosity of the weld
pool. It increased the difficulty of gas escaping from the weld pool, resulting in porosity
defects in the welded joint.

Figure 15. The tensile-shear force of the welded joints filled with different metals.

Figure 16. The fracture surface of the welded joints filled with different metals. (a) ER4043; (b) ER4047;
(c) ER1070; (d) ER5356.

Figure 16 shows the fracture surface of a welded joint, where the fracture of the welded
joint obtained by filling ER4043, ER4047, and ER5356 welding wires was located near the
fusion line. However, the fracture of the welded joint filled with ER1070 welding wire was
located at the interface. According to EDS analysis, there were high-C compounds near the
interface region of the joint filled with ER1070 welding wire, which was the reason for the
fracture of the sample at the interface.

3.3. The Effect of the Plasma Welding Arc on the Joint

The macromorphology of the welded joints obtained by plasma-GMAW-P hybrid
welding with different styles is shown in Figure 17. As shown in Figure 17, the weld-
ing spatters were generated during the whole welding process but were located on the
zinc-coated steel side. However, there was no effective connection between 6061 aluminum
and zinc-coated steel in Figure 17b. Furthermore, the cross-section of the welded samples
and the tensile-shear specimens could not be obtained. This is because model 2 did not
take advantage of plasma arc preheating and MIG arc filling. The microstructure and joint
properties via plasma-GMAW-P are compared with those of the other three styles below.
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Figure 17. Surface appearances of plasma-GMAW-P with different styles. (a) model 1; (b) model 2;
(c) model 3; (d) model 4.

Figure 18 depicts the optical microstructure of the joints produced by plasma-GMAW-P
with different styles. As shown in Figure 18a–c, the height of the fusion zone changed in dif-
ferent ways. The height of the fusion zone of the joints welded via plasma-GMAW-P
with model 4 reached the maximum, but the wetting angle of the joints welded via
plasma-GMAW-P with model 1 was the minimum. This was attributed to the plasma
arc located on the Al side, where most of the generated heat melted the Al alloy. Further-
more, in comparison with Figure 18g–i, the microstructure of the fusion zone was mainly
composed of an α-Al and Al-Si eutectic structure. The grain size of the welded joints in
Figure 18h is smaller than that of the other two styles. This was attributed to the plasma
arc mainly acting on the steel side in this model and the reduced heat distributed to the Al
alloy side, resulting in grain refinement in the fusion zone. As shown in Figure 18d–f, there
was no obvious difference in the interface structure.

Figure 18. Optical microstructure of the joints welded via plasma-GMAW-P with different styles.
(a,d,g) model 1; (b,e,h) model 3; (c,f,i) model 4.

The SEM images of the interface structure of the joints welded via Plasma-GMAW-P
with different styles are shown in Figures 19–21. As shown in Figure 19, the interface did not
form a valid connection between the Al alloy and the zinc-coated steel via plasma-GMAW-P
with model 1. The pores with different sizes appeared in the fusion zone. According to the
EDS results, FeAl2 and FeAl3 IMCs were formed at interface.
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Figure 19. The SEM microstructure of joints via plasma-GMAW-P with model 1. (a) The overall
image; (b) the enlargement image of zone X.

Figure 20. The SEM microstructure of joints formed via plasma-GMAW-P with model 3. (a) The
overall image; (b) the enlargement image of zone X.

Figure 21. The SEM microstructure of joints formed via plasma-GMAW-P with model 4. (a) The
overall image; (b) the enlargement image of zone X.

Figure 20 shows the SEM image of the interface structure obtained via plasma-GMAW-P
with model 3. As shown in Figure 20b, a transverse crack was formed at the interface,
which did not achieve a valid connection. An obvious reaction layer was formed on the Al
side. This proved that the Fe elements and Al elements diffused each other. According to
the EDS results, FeAl2 and FeAl3 IMCs were formed at the interface.

Figure 21 shows the SEM image of the interface structure via plasma-GMAW-P with
model 4. As shown in Figure 21b, an obvious reaction layer was formed at the interface,
which achieved a valid connection. According to the EDS results, FeAl2 IMC was formed
at the interface.

The tensile-shear force and the fracture surface of the welded joints by plasm-GMAW-P
with different styles are shown in Figures 22 and 23. As shown, the tensile-shear force of the
joint made by plasma-GMAW-P with model 1 reached a maximum of 3322 N, and a fracture
occurred at the weld seam. Moreover, the fracture of the joints welded by plasma-GMAW-P
with model 3 occurred at the weld seam. However, the fracture of the joints welded by
plasma-GMAW-P with model 4 occurred at the interface, which reached the minimum
tensile-shear force of 2236 N, attributed to the IMCs’ thickness.
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Figure 22. The tensile-shear force of the joint welded by plasma-GMAW-P with different styles.

Figure 23. The fracture surface of the joint welded by plasma-GMAW-P with different styles.
(a) model 1; (b) model 3; (c) model 4.

4. Conclusions

Novel plasma-GMAW-P hybrid welding was applied to join 6061 aluminum and
zinc-coated steel. The following conclusions were obtained:

1. According to the microstructure characteristics, the welded joint can be divided
into a zinc-rich zone, an interface zone, and a weld zone. When the heat input is
approximately equal, the combination of the lower plasma arc current and the higher
MIG current can achieve a higher tensile-shear force and a good weld microstructure.
When the plasma arc current is 20 A and the MIG current is 80 A, the specimen
with the highest tensile-shear force is obtained, reaching 65% of the 6061 aluminum
base material.

2. The welding test conducted with the optimal process parameters showed that the
weld strength obtained by filling ER4043 welding wire was the highest, followed by
that obtained with ER4047, ER1070, and ER5356, accounting for 65%, 56%, 46%, and
27% of the tensile-shear force of the base material, respectively. The joint samples
obtained by filling only ER1070 welding wires were fractured at the boundary line,
while the rest of the samples were fractured near the fusion line. According to the
EDS results, there were high-C compounds near the interface region of the ER1070
welding wire sample, which was the reason for the fracture at the interface. In the
ER4047 welding wire joint, excessive Si elements entered the weld pool, increasing
the viscosity of the weld pool and the difficulty of gas escape and resulted in more
porosity defects. This also led to a lower tensile-shear force of the joint with ER4047
than ER4043.

3. The action position of the plasma arc played a significant role in the Al/steel interface,
which directly influenced the strength of the welded joints. Regardless of the style
of plasma-GMAW-P used to obtain the joints, Fe-Al IMCs appeared at the interface.
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When the plasma arc was in front of the welding direction and GMAW-P arc was in
the rear, the tensile-shear force reached a maximum of 3322 N.
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Abstract: The study aims to investigate the influence of environmental media on the friction and wear
behavior of low-alloy wear-resistant steels and to provide practical references for their application.
This article conducted sliding wear tests on NM500 wear-resistant steel under different loads under
air atmosphere, deionized water, and 3.5 wt% NaCl solution conditions. Someone quantitatively
measured the friction coefficient and wear amount of each friction pair. The present study employed
scanning electron microscopy, energy dispersive spectroscopy, and a white light interference three-
dimensional surface profiler to analyze the surface structure, cross-sectional morphology, element
distribution, and wear mechanism of the wear scars under various experimental conditions. The
results show that: In deionized water, NM500 has the best wear resistance, while the dry state is
the worst. The lubricating and cooling effect of the liquid, as well as the corrosive effect of the NaCl
solution, play an essential role in the wear behavior of NM500. Under dry friction conditions, the
wear mechanism of NM500 is principally adhesive wear, fatigue wear, and oxidation wear. In the
case of wear testing in deionized water, the researchers characterized the dominant wear mechanism
as adhesive wear in conjunction with fatigue wear and abrasive wear. In contrast, when they carried
out the wear testing in NaCl solution, the wear mechanism was primarily driven by corrosion wear
and adhesive wear, with only a minor contribution from fatigue wear.

Keywords: NM500; wear mechanism; friction and wear; environmental media

1. Introduction

As industries rapidly develop, the demand for wear-resistant materials in friction
and wear also increases. Hence, it is crucial to consider using products made from such
materials to minimize material consumption [1]. In recent years, industrial machinery has
increasingly stringent requirements for the performance of wear-resistant materials, so low-
alloy high-strength wear-resistant steel with good wear-resistance properties has gradually
become the focus of the application. The relevant market demand is also growing [2].

Compared with high manganese steel and high chromium cast iron, as a widely used
low alloy high strength wear-resistant steel, NM500 has the advantages of low cost and easy
processing [3–6]. It corresponds to the AR500 grade under the ASTM standard. Currently,
the research on low alloy wear-resistant steel is more focused on the effects of different
processing techniques on its tribological properties [7–9]. Wen et al. [10] studied the impact
of the heat treatment process on the friction properties of low alloy wear-resistant steel. The
experiment indicated that the best wear resistance was obtained when steel was tempered
at 200 ◦C. Huang et al. [11] and Deng et al. [12] studied the friction properties of TiC particle-
reinforced low alloy wear-resistant steel under different wear conditions. The experiments
have shown that the wear resistance of TiC-particle-reinforced steels was proportional to
the density of the TiC particles. Huang et al. [13] studied the three-body abrasive wear
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performance of TiC-reinforced low alloy wear-resistant steel prepared by different processes.
Liu et al. [14] found that the wear resistance of low alloy martensite steels with additional
Ti content will increase linearly. Kostryzhev et al. [15] found that Ti alloying enhances the
friction properties of wear-resistant steel. The fracture development at the particle-matrix
interface was located to govern the wear mechanism in the studied steels.

However, in practical engineering applications, the wear mechanism often varies due
to differences in the working conditions encountered by materials [16–25]. Xu et al. [26]
compared the wear mechanism of C17200 copper under dry conditions and 3.5% NaCl
solution and found that oxidative wear disappeared in the NaCl solution. Zhang et al. [27]
found that the wear mechanism of ZrO2 thin films in liquid environments increased more
abrasive wear compared to dry conditions. Tribological properties are not intrinsic to the
material, but the influence of the environmental medium on them is also significant [28].
Zhao et al. [29] compared the performance of stainless steel in terms of wear under various
environmental conditions. They found that dry conditions have the most severe wear
compared to liquid environments, and the deformation of the subsurface layer of stainless
steel is the highest. It is found that the microwear performance of SAF 2507 super duplex
stainless steel is related to the lubricating medium. Aqueous solutions can effectively
improve the wear performance of materials. Artificial seawater has a better lubrication
effect than deionized water [30]. Environmental media has a significant impact on the
tribological properties of steel. In practical application, it is inevitable for wear-resistant
steel to encounter diverse ecological press, such as outdoor environments characterized by
high humidity levels, seawater environments, and others. Consequently, investigating the
wear behavior of low alloy wear-resistant steel under varying environmental conditions
holds great significance.

Therefore, this paper studied the friction and wear behavior of NM500 wear-resistant
steel under a series of normal loads in different environmental media, explored the effect of
ecological media on wear resistance, and analyzed the corresponding wear mechanism. At
the same time, it will provide a reference for selecting and applying low-alloy wear-resistant
steel materials in different environmental media.

2. Experimental Procedure

2.1. Material and Sample Preparation

The material used in the experiment is the quenched and tempered NM500 steel made
by Baosteel, with a large amount of martensite structure. Its tensile strength is 1500 MPa,
elongation is 8%, and Brinell hardness is 503HBW. The NM500 steel plate was processed
into 20 mm × 15 mm × 8 mm rectangular blocks by Wire Electrical Discharge Machining.
The composition of NM500 steel is given in Table 1. Considering the need to reduce the
error caused by the inconsistency of the surface condition, the surface of the specimen
was sanded with sandpaper and then polished before the experiment. Finally, the sample
was cleaned with anhydrous ethanol and an ultrasonic cleaning machine and dried with
a blower.

Table 1. Chemical composition of NM500 (wt%).

C Si Mn P S Cr Ni Mo Ti B ALs

0.38 0.70 1.70 0.020 0.010 1.20 1.00 0.65 0.050 0.00045 0.010

2.2. Friction and Wear Tests

The test was performed with an American Rtec MFT 5000 tester, using a 6.35 mm
diameter silicon nitride ceramic ball as the friction substrate. The hardness of silicon nitride
ceramic balls is approximately 1530 HV. The testing frequency is 1 Hz. The experimental
loads were selected as 50 N, 100 N, and 150 N. The friction was carried out in a linear
reciprocating motion mode, as illustrated by Figure 1a. The test time was 30 min, and the
reciprocating stroke was 5 mm.
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Figure 1. Schematic illustration of friction and wear test: (a) reciprocating sliding, (b) liquid condition.

Dry friction testing began with the stable clamping of the sample to the test platform.
In the liquid medium environment, after the piece was installed, a certain amount of liquid
medium was needed to inject into the liquid pool (the same amount of liquid medium
was injected in each test). At the same time, the sample and the ceramic ball were always
guaranteed to be immersed in the liquid, as shown in Figure 1b. After each test, the liquid
medium shall be drained, and the liquid pool and test bench shall be thoroughly cleaned to
avoid impacting the subsequent test results.

2.3. Analysis Methods

The three-dimensional topography of the worn surface was measured by white light
interference 3D surface profiler (Rtec, American). The wear volume was determined using
Gwyddion image analysis software (free and open-source). We performed each calculation
to minimize the error and considered the average value of the final result. The wear rate
was calculated by the following formula shown in Equation (1) [31]:

W = V/(F·S) (1)

where W is the wear rate (mm3/N·m), V is the wear volume (mm3), F is the applied load
(N), and S is the total sliding distance (m).

The morphology, chemical composition, wear surface, and cross-section of NM500
wear-resistant steel were analyzed using a scanning electron microscope (SEM, ZEISS
300, Jena, Germany) equipped with an energy dispersive spectrometer (EDS). Before
characterization, a nickel protective layer was electrodeposited on the surface of the wear
mark in advance. The thickness of the nickel protective layer is about 30 μm. Then, the
longitudinal section of the wear mark parallel to the sliding direction was obtained by wire
cutting. The specimen sections were ground, polished, and then etched using a 4% nitric
acid alcohol solution.

3. Results and Discussion

3.1. Friction Coefficient

Figure 2a shows the variation curve of the friction coefficient of NM500 with sliding
time under different loads under dry friction conditions. It has prominent stage change
characteristics, roughly divided into three stages: initial running-in stage, climbing stage,
and stable wear stage. In the initial running-in stage, the micro-convex body on the friction
surface contacts first, causing adhesion and plastic deformation. Because the contact area
is small, the contact stress is significant, and the micro convex body is severely worn,
the friction coefficient rises sharply. When the friction coefficient reaches the peak, the
surface becomes relatively smooth. Additionally, some abrasive particles act similarly to
ball bearings to reduce friction, decreasing the friction coefficient. This friction coefficient
curve rising to the peak and then falling is one of the most common friction coefficient
curves in adhesive wear experiments. During the climbing stage, the effective contact area
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between the surface increases as the wear progresses, leading to an increase in wear particle
generation and a consequent intensification of abrasive particle wear. Additionally, the
generation of frictional heat induces an oxidation reaction, resulting in a micro-softening of
the surface—the adhesion ability of the friction surface increases. The friction coefficient
stops decreasing and starts climbing instead. When the generation and overflow of the
debris reach a comparatively balanced state, under the overall impact of the softening effect
of friction heat, the protection effect of oxidized surface, and the hardening work effect
caused by plastic deformation, the friction curve enters a stable wear stage.

Figure 2. Friction coefficient of the NM500 wear-resistant steel at 50, 100, and 150 N in different
conditions: (a) dry condition, (b) deionized water, (c) and NaCl solution.

Figure 2b,c show the variation curves of the friction coefficient with sliding time
for NM500 wear-resistant steel in the liquid medium environment under different loads.
Compared with the curve under dry friction conditions, it is smoother, and the peak value
of the curve is smaller or has no noticeable peak change. The alteration in the contact state
between the ball and surface due to the presence of a liquid medium causes a lubricating
effect. At the same time, the liquid reduces the effect of frictional heat, mitigates adhesive
wear, leads to a lower coefficient of friction, and weakens the peak variation.

Under dry friction, the friction coefficient tends to rise and then fall as the average
load increases. When the load is small, the contact area is small and abrasive particles
gather in the contact space. The oxidation of the surface and the abrasive particles are
explicit in friction reduction, so the friction coefficient is small. When the load is 100 N, the
oxidation and plastic deformation of the material deepens, and the contact area increases,
promoting the generation of cracks and abrasive particles, and the wear increases. The
surface becomes rough, and the friction coefficient increases. When the load is 150 N, the
increase in load promotes the generation of friction heat, and the temperature of the surface
rises, prompting the formation of the oxide film to accelerate so that the oxide film coverage
protects the material surface. Due to the lubricating effect of the oxide film, the friction
coefficient decreases.

In deionized water, the friction resistance decreases because of the liquid’s lubricating
influence. The friction coefficient is smaller than that underneath dry friction, and it tends
to increase with the increase in average load. Abrasive particles are easily cleaned by liquid,
making the friction surface smoother. At the same time, the cooling effect of the liquid
can effectively reduce the impact of frictional heat and reduce the occurrence of adhesion
so that the friction coefficient is reduced. Furthermore, the liquid medium can inhibit the
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oxidation reaction and weaken the oxidation protection of the surface. With the increase
of load, the contact area increases, the formation of the liquid lubricating film becomes
difficult, and the lubrication effect of deionized water gradually decreases; with the increase
of load, there is a tendency for the friction coefficient to increase.

In NaCl solution, the friction coefficient is smaller than that in deionized water, and its
variation trend decreases gradually with the load increase. This is because NaCl solution
contains active chloride ions that are easy to cause pitting corrosion, which can promote the
electrochemical reaction on the surface of the material to form a layer of corrosion product
film that is easy to shear, play the role of lubrication protection, and further reduce the
friction coefficient. Under the double influence of the lubrication protection and corrosion
of NaCl solution, the adhesion ability of the material surface is further weakened. During
sliding, the ratio of load growth is greater than the product of the ratio of shear force and
contact area increase, so the findings suggest that an increase in load results in a propensity
for a reduction in the friction coefficient.

3.2. Surface Profiles, Wear Volume, and Wear Rate

Figure 3 shows the three-dimensional morphology of wear marks under different
conditions when the load is 100 N and the cross-section curve of wear marks. Under the
dry friction condition, the cross-sectional curves of the wear marks are “V” shaped, while
in the liquid medium, they are “U” and “W” shaped. When experiencing dry friction, the
abrasion marks exhibit their greatest width and depth, and the width and depth of the
abrasion marks in NaCl solution are the second largest. In deionized water, the breadth
and depth of the abrasion marks are the smallest. Based on the above different macroscopic
morphologies, it is generally accepted that the environmental medium significantly affects
the wear mechanism.

Figure 3. 3D morphology (a–c) and wear scar cross-section curve (d) of the wear surfaces generated
in different conditions (100 N).
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Figure 4a,b show the variation of wear volume and wear rate with load for NM500 in
different environmental media, respectively. Wear-resistant steel’s wear volume and wear
rate are significantly higher under dry friction conditions than in liquid media. In contrast,
the wear volume and wear rate in NaCl solution are always more significant than those in
deionized water. For example, when the load is 50 N, the wear volume in the air is about
5.17 times the wear volume when exposed to a NaCl solution and seven times the wear
volume in deionized water. The wear rate of dry friction is about 5.14 times the wear rate
in NaCl solution and seven times in deionized water. The reason for this is the lubricating
and cooling properties of the liquid medium, which reduces the surface wear. In addition,
the corrosion caused by NaCl solution is relatively weak, and the resulting wear leads to a
product film that exhibits robust corrosion resistance and lubricating properties. Therefore,
the wear of NM500 is far less severe than its wear in the air. The increase in dislocation
density and surface defects is attributed to wear-induced effects on the material surface, the
physicochemical activity increases, and there is an increase in the efficiency of corrosion;
the surface of the corroded material is loose and porous, which is easily rubbed off by
abrasives or cleaned off by liquids, thus aggravating the wear [32].

Figure 4. Wear results of the NM500 wear−resistant steel at various loads with the corresponding
environment: (a) wear volume and (b) wear rate.

Within the same environmental medium, the wear volume increases with the load.
The wear rate exhibits a trend of first decreasing and then increasing with the increase in
load under both dry friction and deionized water conditions. According to the classical
Archard’s law of wear, the amount of wear is inversely proportional to the hardness of
the softer material in the friction pair [33–36]. Therefore, at a load of 100 N, the work-
hardening effect caused by plastic deformation continuously increases the surface hardness
of NM500. The wear volume of dry friction increases only slightly by 20.2%, and the
wear rate decreases by 1.51 × 10−5 mm3/(N·m); the wear volume in deionized water
increases by 40.8%, while the wear rate decreases by 0.16 × 10−5 mm3/(N·m). At the load
of 150 N, the wear surface softens, and adhesive wear intensifies under the influence of
the temperature distribution in wear-resistant steel, which is characterized by the surface
temperature and the temperature gradient in the depth direction. So the wear volume
under dry friction conditions showed a significant increase of 396.6%, and the wear rate
increased by 5.26 × 10−5 mm3/(N·m); the wear volume in deionized water increased by
78.3%, and the wear rate increased by 0.07 × 10−5 mm3/(N·m). The wear rate of dry
friction reaches a maximum value of 7.54 × 10−5 mm3/(N·m) at 150 N, and the wear rate
reaches a minimum value of 0.38 × 10−5 mm3/(N·m) in deionized water at 100 N.
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In NaCl solution, the wear rate increases first and then decreases with the load increase.
When the load increases from 50 N to 100 N, the wear volume increases significantly by
171.2%, and the wear rate increases by 0.26 × 10−5 mm3/(N·m) due to the promotion of
wear by the corrosive effect of the solution. When the load increases to 150 N, the wear
volume only increases by 10.6%, and the wear rate decreases by 0.26 × 10−5 mm3/(N·m)
due to the protection of the corrosion product film. The results show that under the action
of 100 N load, the wear rate of wear-resistant steel in deionized water reaches the minimum
value of 0.38 × 10−5 mm3/(N·m), with the best wear resistance. Thus, it seems that the
environmental medium has a more significant influence on the wear resistance of NM500
wear-resistant steel.

3.3. Morphologies of the Wear Surfaces

Figure 5a–c show the wear surface morphology of NM500 under dry friction condi-
tions. It can be observed that there are peeling pits, cracks, and dark areas of oxidation on
each surface. Figure 6 shows the element distribution of the wear surface under dry friction.
As the observed data suggests, there is a considerable deposition of oxygen and silicon
on the worn surface. Additionally, the distribution of oxygen elements coincides with
the dark area in the electronic image, indicating oxidation reactions on the wear surface.
The distribution of oxygen elements decreases and then increases with increasing load,
indicating the presence of oxidative wear; silicon elements suggest the presence of material
migration between the wear-resistant steel and the Si3N4 ceramic ball, which is a typical
characteristic of adhesive wear.

Figure 5. Scanning electron microscopy images of the wear surfaces: (a) dry condition-50 N, (b) dry
condition-100 N, (c) dry condition-150 N, (d) deionized water-50 N, (e) deionized water-100 N, (f) deion-
ized water-150 N, (g) NaCl solution-50 N, (h) NaCl solution-100 N, and (i) NaCl solution-150 N.
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Figure 6. Elemental mapping of O, Si on the wear surfaces of the NM500 wear-resistant steel in dry
conditions for 50 N (a–c), 100 N (d–f), and 150 N (g–i).

In Figure 5a, peeling pits with different depths and areas are distributed on the surface,
which reflects the fatigue wear mechanism. The delicate and shallow grooves parallel to
the slippery direction indicate the presence of weaker abrasive wear. With the load increase,
the freshly exposed surface resulting from the detachment of the oxidized area expands
accordingly. The oxidative wear accelerates, decreasing the spread of oxygen elements
in Figure 6. Particle debris around the peeling pit increase, and abrasive wear increases,
which makes the grooves in Figure 5b obvious, and the surface roughness increases. When
the load is 150 N, the wear surface in Figure 5c is covered with a layer of scale-like oxide
film formed by the rolling and fusion of flake-peeling wear debris under the load. Under
alternating contact stress, some lamella edges become warped, and apparent cracks are
produced. The surface undergoes three-body abrasive wear as abrasive particles disperse
and take part in the process, which makes groove marks more noticeable. The main wear
mechanisms underneath dry friction are fatigue, adhesive, and oxidation wear.

Figure 5d–i show the wear surface morphology in the liquid medium, which is
smoother than the wear surface of dry friction. The liquid’s ability to lubricate and cool
enhances the anti-fatigue and anti-adhesion ability of the character. Therefore, the size and
number of peeling pits on the material surface are significantly reduced, the degree of plas-
tic deformation is reduced, and the parallel grooves caused by abrasive wear are shallower
and finer than those under dry friction. Figure 7 shows the element distribution of the wear
surface under liquid media. The wear surface is covered with a certain amount of silicon
elements, and the migration between materials indicates the presence of adhesive wear.
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Figure 7. Elemental mapping of Si on the wear surfaces of the NM500 wear-resistant steel in liquid
condition: (a) NaCl solution-50 N, (b) NaCl solution-100 N, (c) deionized water-150 N, (d) NaCl
solution-50 N, (e) NaCl solution-100 N, and (f) deionized water-150 N.

In addition to adhesive wear, the wear mechanisms in deionized water also include
fatigue wear and abrasive wear. In Figure 5d, the surface has scattered pitting pits and
small shallow peeling pits, a typical feature of fatigue wear. During the wear process, fine
and external groove marks were left by the wear debris, indicating the existence of abrasive
wear. In Figure 5e, the surface shows a reduction in the peeling pits, reducing fatigue wear.
The groove marks become inconspicuous. The weakening of abrasive wear has occurred.
When we increase the load to 150 N, under the softening effect caused by frictional heat,
the surface’s adhesive and abrasive wear in Figure 5f is aggravated. Therefore, the parallel
groove widens and becomes more profound, the surface roughness increases, the friction
coefficient and wear rate rise, and the peeling pits decrease.

In NaCl solution, the wear mechanism includes adhesive wear, fatigue wear, and
corrosion wear. As shown in Figure 5, the wear surface in NaCl solution is the smoothest
compared with other environmental conditions. The wear surface in Figure 5g is scattered
with flaky and granular abrasive debris, and shallow corrosion peeling pits and cracks
mark the existence of fatigue wear and corrosion wear. The crack network in the peeling pit
is caused by the corrosion of the solution, which accelerates the crack propagation. With the
increase of load, the fatigue wear is weakened under the dual influence of the hardening
work effect and lubrication protection, and the dimples and breaks on the wear surface in
Figure 5h are reduced. At the same time, the abrasive chips are changed into fine particles
by repeated grinding and corrosion, which polishes the surface and accelerates the wear
of NM500. Moreover, the particle wear debris leaves extremely fine and shallow groove
marks, the surface roughness decreases, and the friction coefficient decreases. When the
load is increased to 150 N, there are fewer pits and cracks on the wear surface in Figure 5i,
and the parallel grooves become broader and more profound. At the same time, much
wear debris is gathered and compacted under load to form a layer of corrosion product
film, and the friction coefficient and wear rate decrease significantly.

3.4. Cross-Sectional Morphologies of the Wear and Tear Surfaces

Figure 8 shows the cross-sectional morphology of wear-resistant steel’s wear and tear
surface under entirely different conditions. It is seen from the image that the morphology
of the cross-section presents a layered distribution. The cross-section is composed of
three parts: the reactants of the abrasive chips and environmental media are subject to a
combination of mechanical mixing, chemical and thermal effects, resulting in the formation
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of a mechanically mixed layer (MML) [37]; the plastic deformation layer (PDL) formed due
to the plastic strain caused by shear and positive force applied on the area of contact where
friction occurs; and the whole substrate part.

Figure 8. Cross-sectional morphology of the wear surfaces of the NM500 steel under different
conditions: (a) dry condition-50 N, (b) dry condition-100 N, (c) dry condition-150 N, (d) deion-
ized water-50 N, (e) deionized water-100 N, (f) deionized water-150 N, (g) NaCl solution-50 N,
(h) NaCl solution-100 N, and (i) NaCl solution-150 N. (MML: mechanically mixed layer; PDL: plastic
deformation layer; SPDL: severe plastic deformation layer).

Work hardening and grain refinement caused by plastic deformation can increase the
surface hardness of materials and reduce the wear rate. Martensite that when subjected to
significant plastic deformation, the material near the surface will experience elongation and
become highly refined, forming a filamentous structure strain-induced surface layer that is
narrowly arranged and in alignment with the worn surface [38]. The layer is also known
as the layer of severe plastic deformation (SPDL layer), which can enhance the materials’
resistance to wear.

In the process of sliding wear, the formation of a mechanically mixed layer is related
to the structural composition of the material, wear average load, strain degree, and other
factors [38]. Not all conditions can produce a mechanically mixed layer. In this study, a
mechanically mixed layer with a thickness of about 3.2~6.2 μm composed of abrasive chips
and oxides is found in Figure 8c. A mechanically mixed layer with a thickness of about
3.6 μm composed of corrosion products is found in Figure 8i. Under other conditions, the
mechanically mixed layer can hardly be observed. The mechanically mixed layer can play
the role of lubrication protection.

Figure 9 shows the variation of NM500 plastic deformation layer depth with load in
different environmental media. Under the condition of dry friction, the variation of plastic
deformation layer depth is similar to that of the friction coefficient, which shows a trend
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of first rising and then declining. As the load increases from 50 N to 100 N, the degree of
plastic deformation deepens, and the depth of the plastic deformation layer increases by
17.7 μm. The depth of the SPDL increases from 1.7 μm in Figure 8a to 3.1 μm in Figure 8b.
The surface hardness of the material increases. When the load is 150 N, a mechanically
mixed layer is formed on the wear surface, which reduces the degree of plastic deformation,
so the depth of the plastic deformation layer decreases by 15.2 μm. The depth of the SPDL
in Figure 8c decreases to 2.3 μm.

 
Figure 9. Variation of plastic deformation layer depth of the NM500 wear-resistant steel at various
loads with the corresponding environment.

In the liquid medium, the depth of the PDL gradually deepens with the increase of
load. When there is no mechanically mixed layer, the thickness of the plastic deformation
layer in a liquid medium is smaller than that in air. For example, at the load of 50 N, the
plastic deformation layer depth of dry friction is about 1.71 times that of NaCl solution
and 2.3 times that of deionized water. This results from the liquid’s ability to lubricate
and provide cooling, which weakens the adhesion ability of the friction surface and the
influence of the temperature gradient along the depth direction. When the load is 150 N,
the mechanically mixed layer appears under the dry friction condition, and the depth of
the plastic deformation layer decreases significantly. The depth of the plastic deformation
layer in the liquid medium exceeds that under the dry friction condition.

In deionized water, the plastic deformation of the contact surface layer is not apparent
when the load is small, and the plastic deformation region can be observed only at the local
location in Figure 8d. When the shipment is 100 N, the depth of the plastic deformation
layer increases by 4μm. Meanwhile, SPDL with a depth of 1 μm appears in Figure 8e,
further reducing the wear rate. When the load is increased to 150 N, the plastic deformation
layer depth increases by 5.7 μm due to the influence of surface friction heat, and the growth
rate of the depth value increases by 42.5%. In Figure 8f, the depth of the SPDL increases to
2 μm, indicating significant wear of the surface.

As shown in Figure 8, the NaCl solution has no obvious SPDL. This could be attributed
to the combined impact of corrosion and abrasion, working in tandem, which accelerates
the loss of materials and prevents the formation of SPDL on the surface. Therefore, the
depths of plastic deformation layers in NaCl solution are all greater than those in deionized
water when no mechanically mixed layer appears. At 50 N load, as in deionized water,
only local plastic deformation can be observed in Figure 8g. With the increase in burden,
the depth of the plastic deformation layer increases by 4.3 μm. The growth rate of depth
value is similar to that of deionized water. When the load reaches 150 N, a mechanical
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mixing layer is formed on the surface, and the depth of the plastic deformation layer only
increases by 1.9 μm. The growth rate of depth value decreases by 55.8%.

In the air, when the wear is light, adhesive wear is the primary mechanism, with
fatigue wear and oxidation wear also being present; when the wear reaches a critical
level, an oxide film is formed on the wear surface, and the predominant wear mechanism
comprises of adhesive and fatigue wear. At the same time, some degree of oxidation
wear is also observed. A liquid medium readily generates a lubricating film that weakens
surface adhesion and thermal softening effects, impeding oxidation reactions. In deionized
water, the wear mechanism is characterized by adhesive wear with some degree of fatigue
and abrasive wear. In NaCl solution, adhesive and corrosion wear is the predominant
mechanisms with some accompanying fatigue wear.

4. Conclusions

The researchers systematically investigated the friction and wear behavior of NM500
steel under sliding wear tests in air atmosphere, deionized water, and 3.5wt% NaCl solution
conditions. The following conclusions can be drawn:

1. Under dry friction conditions, the friction coefficient and wear rate of NM500 are
much higher than those under other conditions. The maximum friction coefficient of
0.6 can be obtained at 100 N, and the maximum wear rate of 7.54 × 10−5 mm3/(N·m)
is received at 150 N. In the liquid medium environment, NM500 wear-resistant steel
in NaCl solution has the lowest friction coefficient and obtains the minimum value
of 0.39 at 150 N; in deionized water, wear-resistant steel has the lowest wear rate
and brings the minimum value of 0.38 × 10−5 mm3/(N·m) at 100 N. Therefore, the
wear resistance of NM500 steel is the best in deionized water (100 N) and the worst in
dry friction;

2. Under dry friction conditions, the wear mechanism of NM500 steel is mainly adhesive
wear, fatigue wear, and oxidation wear. The wear process in deionized water is
dominated by adhesive wear as the primary mechanism, accompanied by some
degree of fatigue wear and abrasive wear as secondary mechanisms. The wear
mechanism prevailing in the NaCl solution is predominantly ascribed to corrosion
and adhesive wear, with a small amount of fatigue wear;

3. When there is no mechanically mixed layer, the magnitude of the plastic deformation
layer’s thickness in dry friction is about 2~3 times that in the liquid environment
under the same load. This is because the lubrication and cooling action of liquid
affects the work hardening and the surface’s tendency to undergo thermal softening
and also causes the reduction of the friction coefficient and wear rate. In addition, the
corrosion of the NaCl solution is the main reason for the lowest friction coefficient
and higher wear rate of wear-resistant steel.
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Abstract: Thermal-mechanical fatigue (TMF) tests and isothermal fatigue (IF) tests were conducted
using thin-walled tubular specimens under strain-controlled conditions. The results of TMF tests
showed a strong correlation between mechanical behavior and temperature cycling. Under different
phases of temperature and mechanical loading, the hysteresis loop and mean stress of the single
crystal superalloy showed noticeable variations between the stress-controlled and strain-controlled
conditions. In the strain-controlled TMF test, temperature cycling led to stress asymmetry and
additional damage, resulting in a significantly lower TMF life compared to IF life at the maximum
temperature. Moreover, the OP TMF life is generally lower than that of the IP TMF at the same
strain amplitude. The Walker viscoplastic constitutive model based on slip systems was used to
analyze the TMF mechanical behavior of the single crystal superalloy, and the change trends of the
maximum Schmid stress, the maximum slip shear strain rate, and the slip shear strain range were
analyzed, and their relationship with the TMF life was investigated. Finally, a TMF life prediction
model independent of the loading mode and phase was constructed based on meso-mechanical
damage parameters. The predicted TMF lives for different load control modes and phases fell within
the twofold dispersion band.

Keywords: single crystal superalloy; thermal-mechanical fatigue; strain-controlled; cyclic stress–strain
relationship; life assessment; meso parameters; viscoplastic constitutive model

1. Introduction

Air-cooled turbine blades in single crystal nickel-based superalloy are essential com-
ponents in advanced aero engines. However, their life assessment remains a challenging
issue due to thermal-mechanical fatigue, a typical failure mode caused by cyclical thermal
and mechanical loads during operation [1,2]. In different regions of air-cooled blades,
the phases between temperature and stress/strain vary significantly, which affects their
fatigue life. For example, when an engine starts, the initial temperature rise rate on the
outer surface of air-cooled blades exposed to the high-temperature gas is much higher
than that on the inner surface in contact with the cooling airflow. As a result, the outer
surface is subjected to compressive thermal stress, and the inner surface to tensile thermal
stress. This means that there is approximately a 180◦ phase difference between temperature
and stress/strain on the outer surface of the blade, known as an out-of-phase (OP) cycle,
while there is almost no phase difference between the two on the inner surface of the blade
cooling channel, known as an in-phase (IP) cycle [3].

Previous studies [4–7] on TMF tests of various single crystal nickel-based superal-
loys have revealed that the temperature cycling leads to significant asymmetry in the
stress–strain curves, and the value and direction of the mean stress/strain accumulated
are closely related to testing conditions such as phase angle and load control mode. The
mechanical behavior of single crystal superalloys could significantly alter the damage
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evolution, which ultimately affects the fatigue life of the materials under TMF conditions.
Under the same mechanical loading, the TMF damage of a single crystal superalloy could
be greater or less than the isothermal fatigue (IF) damage at the highest temperature of the
cycles. Therefore, life assessment based on the IF testing may not always be the expected
conservative in predicting TMF life.

However, under the same phase angle conditions, the trend of TMF life is similar to that
of isothermal fatigue with changes in strain range, maximum temperature, and other factors.
Therefore, to predict the TMF life under different loading conditions, several studies [8–11]
have developed models using functions similar to the existing IF life models, such as strain-
life models, strain/strain energy range partitionings, and Ostergren model, expressing the
material constants as functions of phase angle and cyclic peak temperature. These models
are relatively simple in form but have limited ranges constrained by temperature, strain,
and their combinations.

The Neu-Sehitoglu damage model [12,13] assumes that the total damage of each TMF
cycle is accumulated from fatigue, oxidation, and creep damage. By introducing phase
factors in the oxidation damage term and the creep damage term, the competition between
different damage types is characterized under different loads. This model can analyze
the dominant failure factors according to the relative magnitudes of each damage term,
thus achieving TMF life prediction under complex loads. However, the model requires
a complex acquisition process due to numerous material constants, especially requiring
special environmental tests to decouple the oxidation damage from the other two damage
terms, which is still a challenge. In addition, the model has insufficient accuracy for cyclic
asymmetry situations, as the fatigue damage is related only to the macroscopic mechanical
strain range.

This paper focuses on investigating the influence of temperature cycling, phase angle,
load control mode, and other factors on the mechanical behavior and fatigue life of single
crystal nickel-based superalloy. TMF tests are conducted on thin-walled tubular specimens
with mechanical strain control based on the typical service loads and structural character-
istics of air-cooled turbine blades. Utilizing the viscoplastic constitutive model based on
the slip system, the relationship between TMF damage and mesoscopic parameters of the
slip system is established. Finally, a TMF life model based on mesoscopic parameters is
established for the single crystal nickel-based superalloy, and a preliminary validation is
carried out by combining existing test data.

2. Materials and Tests

2.1. Materials

Table 1 displays the nominal composition of DD6, a second-generation single crystal
nickel-based superalloy material in the Chinese series that is comparable to CMSX-4 and
PWA1484. The heat treatment process of DD6 is as follows: solution treatment at 1290 ◦C
for 1 h, at 1300 ◦C for 2 h, and 1315 ◦C for 4 h, respectively, followed by a first-stage aging
treatment at 1120 ◦C for 4 h and a second-stage aging treatment at 870 ◦C for 32 h. To
align with the structural characteristics of air-cooled turbine blades [14], the TMF tests
were carried out on tubular specimens with a wall thickness of 1 mm, as shown in Figure 1.
The axial direction of the specimens represents the [001] orientation of the single crystal
superalloy. The outer surface of the specimens was polished longitudinally, and the inner
surface was honed to prevent any machining defects.

Table 1. Chemical composition of single crystal nickel-based superalloy DD6 (wt.%).

Ni Al Ta W Co Re Hf Cr Mo

Balanced 5.2~6.2 6.0~8.5 7.0~9.0 8.5~9.5 1.6~2.4 0.05~0.15 3.8~4.8 1.5~2.5
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Figure 1. The schematic of thin-walled tubular specimens for the strain-controlled fatigue test
(unit: mm).

2.2. Test Procedure

Previous Studies [3–7] have demonstrated a significant difference in the life trend of
single crystal nickel-based materials between the strain-controlled and stress-controlled
TMF tests. However, the actual loading conditions experienced by air-cooled turbine blades
are somewhere between the two. In the “hot spot” or stress concentration area of the blade,
the local deformation is constrained by the surrounding material, resulting in loads that
are closer to those under the mechanical strain-controlled TMF test.

TMF tests were carried out using an MTS 810 servo-hydraulic test system in accordance
with the ASTM E2368-10 test standard [15], including both out-of-phase and in-phase tests
with a temperature range of 400~980 ◦C. In the out-of-phase TMF test, the phase angle
between the temperature and mechanical loading is approximately 180 ◦C, to simulate
the outer surface of the air-cooling blades when the inner cooling channels are strongly
cooled. In the in-phase TMF test, however, it means that there is almost no phase difference
between the temperature and mechanical loading, simulating the inner surfaces of the
cooling channels. Meanwhile, the IF tests were performed with the maximum temperature
of 980 ◦C in the TMF cycles to investigate the influence of temperature cycling.

The testing schemes of the TMF and IF tests are presented in Table 2. All the tests
were tension-compression fatigue tests with a strain ratio of −1. The TMF frequency was
approximately 0.01 Hz with a triangular waveform. The cyclic stress–strain data were
recorded for each test so that variations in maximum and minimum strains could be
examined. An electromagnetic induction heating system and a compressed air-cooling
system were employed for the TMF tests. The surface temperature of the gauge section
of the specimen was monitored using an S-type thermocouple combined with a thermal
imager, while the axial strain was measured using a high-temperature extensometer.

Table 2. Testing matrix in strain-controlled TMF and IF test.

Type
-

Temperature
◦C

Strain Amplitude
%

Strain Ratio
-

Cycling Time
s

IP TMF 400~980 ±0.55 −1 120
IP TMF 400~980 ±0.50 −1 120
IP TMF 400~980 ±0.45 −1 120
IP TMF 400~980 ±0.40 −1 120
OP TMF 400~980 ±0.55 −1 120
OP TMF 400~980 ±0.50 −1 120
OP TMF 400~980 ±0.45 −1 120
OP TMF 400~980 ±0.40 −1 120

IF 980 ±1.0 −1 8
IF 980 ±0.80 −1 6.4
IF 980 ±0.60 −1 4.81
IF 980 ±0.50 −1 4
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3. Results

3.1. Stress–Strain Relationship

The hysteresis loops of single crystal specimens under different loading conditions are
shown in Figure 2, and the evolutions of the maximum stress, the minimum stress, and
the mean stress with the number of cycles are shown in Figure 3. The results indicated
that the mechanical stress range, hysteresis loop width and cyclic stress range increase
with the increase in the strain. For the IF cycle, the hysteresis loop is approximately
symmetric (Figure 2a), and the mean stress tends to evolve over most of the life zone before
fracture (Figure 3a) because the elastic modulus of the material is constant as a result of
the stabilization of temperature over the whole test. However, in the TMF cycle, due to the
temperature dependence of the mechanical behaviors of the single crystal superalloy, the
asymmetric stress–strain response is significant under the symmetric mechanical loading.

  

Figure 2. Hysteresis loops of the single crystal superalloy under different mechanical strain condi-
tions:(a) IF, (b) IP TMF and (c) OP TMF.

  

Figure 3. Cyclic maximum, minimum and mean stress versus cycle numbers for the single crystal
superalloy under different mechanical strain conditions: (a) IF, (b) IP TMF and (c) OP TMF.

For the IP TMF cycle (Figure 2b), the material is subjected to tensile stress in the higher
temperature stage and compressive stress in the lower temperature stage. With the increase
in temperature, the ability of the single crystal superalloy DD6 to resist elasticity and
inelasticity decreases, i.e., the elastic modulus decreases and the inelastic strain increases,
resulting in a decrease in stress corresponding to the same mechanical strain, often called
the tensile stress relaxation. This is manifested as a decrease in the stress slope of the high-
temperature tensile section, and the hysteresis loop has a downward bending tendency in
the tensile stress zone. These changes cause the stress peaks and valleys to shift downward,
resulting in the compressive mean stress that accumulates in the compressive direction as
the number of cycles increases (Figure 3b).

For the OP TMF cycle (Figure 2c), the material experiences tensile stress during the
lower temperature stage and compressive stress during the higher temperature stage. Due
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to the relaxation of the compressive stress generated in the high-temperature section, the
hysteresis loop tends to bend upwards in the compressive stress zone. These changes cause
the peak and valley stress to shift upward, resulting in a mean tensile stress that evolves
towards the tensile stress as the number of cycles increases (Figure 3c). Especially, it is
worth noting that in the larger mechanical strain range (±0.55%), the maximum tensile
stress of OP TMF gradually increases with the number of cycles, which can reach the value
of the plastic flow point of the material, resulting in premature structural failure. This is
deemed to be the main reason why the OP TMF cycle is the most damaging [16].

It should be noted that the TMF tests presented in this study were performed by
the mechanical strain control, therefore the mean strain is maintained at 0 over the cycle.
However, the thermal asymmetry of the DD6 material causes the evolution of mean stress
related to the phase angle. In the stress-controlled TMF test of the same material with a
stress ratio of −1, where the mean stress is kept at 0. Due to this the deformation resistance
of the material decreases in the higher temperature section, the material appears softer,
and its elastic modulus is lower at high-temperature loading. Therefore, for the OP TMF
conditions, the hysteresis loop curves also showed upward bending in the compression
loading section as the temperature increases, resulting in a mean compressive strain and
accumulation in the compressive direction. For the IP TMF conditions, however, the
hysteresis loops depicted a downward bending in the tensile stress zone due to a similar
reason, leading to a mean tensile strain and accumulation in the tensile direction [3].

3.2. Fatigue Behavior

Figure 4 depicts the relationship between the mechanical strain amplitude and life
under different test conditions. The results show that, at the same mechanical strain
amplitude, the TMF life over the temperature range of 400~980 ◦C is an order of magnitude
lower than the IF life at the maximum cycle temperature of 980 ◦C, indicating that the
temperature cycling led to the additional material damage. Specifically, when the cyclic
mechanical strain amplitude is in the range of ±0.50%, the lifetime for IF is approximately
100 times that in the OP TMF and IP TMF. Furthermore, in the test load range, the OP TMF
life is generally lower than the IP TMF life under the same load conditions. This could be
due to the fact that the OP cycle generates a gradually increasing mean tensile stress, which
promotes microcrack propagation and aggravates material damage to some extent, while
the IP cycle generates a mean compressive stress, which inhibits crack propagation to some
extent. In other words, the mechanical damage in OP TMF is greater than that in IP TMF at
the same strain amplitude level and temperature range under strain-controlled conditions.

Figure 4. Mechanical strain amplitude versus life.

It is worth noting that the above life trend differs obviously from that observed in
the stress-controlled test. Specifically, under strain-controlled conditions, the lifetime in
TMF is consistently shorter than that in the IF, regardless of the phase angle between the
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mechanical and temperature. In contrast, under stress-controlled conditions, the life of
the IP TMF is the shortest, while the life of the OP TMF is the longest. The life of the IF at
the highest temperature falls in between. The results suggest that whether based on the
IP TMF or OP TMF or IF tests data, life assessment may not always lead to the expected
conservative design in predicting TMF life.

The loading control modes have different effects on the stress–strain response of the
material, which in turn affects the evolution process of the material microstructure and its
damage mechanism. Therefore, it may be more feasible to build a life prediction model
that is independent of the load form, rather than considering all factors that affect life.

4. Discussion

4.1. Viscoplastic Constitutive Model Based on Slip System

The Walker viscoplastic constitutive model is based on the slip system and does not
involve material yielding surfaces. The model is capable of accurately describing the effects
of ratcheting and stress relaxation, which has been validated on various single crystal
nickel-based superalloys such as DD6 and Hastelloy-X [17,18]. DD6 is a face-centered cube
(FCC) structure material with 12 octahedral slip systems and 6 cubic slip systems. In the
Walker model, the parameters for the octahedral slip systems and cubic slip systems are
denoted by the superscript ‘o’ and ‘c’, respectively. The stress components of the stress
tensor σ can be written in the slip system coordinates using equations as follows:
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where m, and n are the normal direction and the slip direction of the slip system, and z is
the cross-product vector of m and n. The unit vectors in the coordinate axes are denoted by
ma

r , na
r and za

r = ma
r × na

r , a denotes the type of slip system when a = o for the octahedral
slip systems and a = c for the cube slip systems, r is the number of slip systems, 12 or 6.
πr

mn is the Schmid stress, i.e., the resolved shear stress along the slip direction in the slip
plane of the stress tensor σ.

For the octahedral slip systems, the flow rule can be expressed as a power law
as follows:
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r is the shear strain rate in the r-th octahedral slip system, πo
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mn is the Schmid

stress, n is the material constant on the sensitivity of rate, ωo
r and Ko

r are the back stress and
the drag stress, and can describe the kinematic hardening and the isotropic hardening to
the deformation of the material, respectively.

The back stress and the drag stress can be written in equations as follows:
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where ρo
1, ρo

2, ρo
3, ρo

4, ρo
5, p, and Ko

0 are the material constants depending on the temperature,
πo

nz and Ψr are the non-Schmid stress and Takeuchi-Kuramoto stress, respectively. The
Takeuchi-Kuramoto stress, Ψr, can be calculated according to the equations in Table 3.
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Table 3. Takeuchi-Kuramoto stress in Walker viscoplastic constitutive model.
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Similarly, the flow rule, the back stress, and the drag stress in the r-th cube slip systems
can be expressed as the following equations:
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where
.
γ

c
r is the shear strain rate in the r-th cube slip system, πc

r = πc
mn is the Schmid stress,

ρc
1, ρc

2, ρc
3, q, and Kc

0 are the material constants depending on the temperature.
The material constants in the Walker model at 780 ◦C and 960 ◦C are given in

Table 4 [19]. Using the Walker viscoplastic constitutive model, the macroscopic and meso-
scopic stress–strain responses of the single crystal superalloy DD6 were calculated. As
shown in Figure 5, the macroscopic stress predicted by the Walker constitutive model for
the DD6 specimen is well coincidental with that in the experiment.

Table 4. Material constants in Walker viscoplastic constitutive model (760 ◦C and 980 ◦C).

Octahedral Slip System Cube Slip System

ρo
1 5.0 × 106 0.5 × 106 ρc

1 5.0 × 106 0.5 × 106

ρo
2 2.083 × 104 0.25 × 104 ρc

2 1.852 × 104 0.442 × 104

ρo
3 0.0 0.0 ρc

3 0.0 0.0
ρo

4 0.15 0.0 - - -
ρo

5 0.1 −3.5 - - -
n 9.033 4.362 m 10.52 6.293
p 3.0 3.0 q 3.0 3.0

Ko
0 428.5 1.018 × 103 Kc

0 441.3 6.243 × 102

Figure 5. Calculated stress versus testing results under TMF.
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4.2. Mesomechanical Parameters in TMF Testing

The evolutions of Schmid stress and slip shear strain over time for both the mechanical
strain-controlled TMF (denoted by Δεmech) and the stress-controlled TMF (denoted by Δσ)
are shown in Figure 6. The stress-controlled TMF data are derived from the literature [3].
Due to the difference in cycle periods between the two load control modes, the horizontal
axis in Figure 6 uses a normalized time, which is the ratio of the current time to the cycle
period. This paper only presents the calculation results at the typical loads, as the evolutions
of mesoscopic parameters under other conditions are similar.

Figure 6. Mesoscopic parameters on slip systems versus time under mechanical strain-controlled
and stress-controlled TMF: (a) Schmid stress versus normalized time and (b) slip shear strain versus
normalized time.

The Schmid stress is obtained by decomposing the macroscopic stress tensors. In the
stress-controlled TMF tests, the Schmid stress remains symmetrical both in the IP and in the
OP, as shown in Figure 6a, because the macroscopic mechanical stress is symmetric under
the stress ratio of −1. In contrast, in the mechanical strain-controlled TMF tests with the
strain ratio of −1, the Schmid stress exhibits a noticeable asymmetry due to the asymmetry
of the macroscopic mechanical stress induced by stress relaxation. Specifically, the mean
Schmid stress of the IP cycle is negative and shifts in the compressive direction with the
number of cycles, while the average value of the Schmid stress of the OP cycle was positive
and shifted in the tensile direction with the number of cycles. This behavior is consistent
with the evolution of measured macroscopic stress shown in Figure 3b,c. Therefore, the
results depict that the Schmid stress and its related quantities could be regarded as the
representative mesoscopic parameters of the material mechanical behavior.

Regardless of the control mode, the slip shear strain accumulated significantly shown
in Figure 6b, indicating the irreversibility of slip. For the IP cycle, the slip shear strain
remained positive, and the cycle maximum and average values of the slip shear strain
gradually increased with the number of cycles. In contrast, for OP cycles, the slip shear
strain is initially positive, transitions to negative values in the subsequent compression
section, and accumulates in negative directions during subsequent cycles. Its trend of
change reflects the influence of temperature cycles of TMF on the mechanical behavior of
materials. Therefore, in the same way, the results depict that the slip shear strain and its
related quantities also could be regarded as the representative mesoscopic parameters of
the material mechanical behavior.

4.3. TMF Life Model Based on Mesoscopic Parameters

The mechanical response of the material and its damage evolution are dependent on
the test conditions, such as the temperature-strain phase angle and the load control mode.
Therefore, it is essential to select appropriate parameters for accurate TMF life modeling
based on the mesoscopic stress–strain characteristics of the single crystal superalloy under
different loading conditions. Previous studies [20–22] have used some parameters in the
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damage rate model, including the maximum Schmid stress, the maximum slip shear strain
rate, and the slip shear strain range directly related to plastic deformation. By performing
calculations based on the second cycle, typical mesoscopic parameters for each slip system
were determined, and then the relationship curves between the mesoscopic parameters
and the TMF life were obtained, as shown in Figure 7. It is evident from Figure 7 that, in
the logarithmic coordinate system, the maximum Schmid stress, the maximum slip shear
strain rate, and the slip shear strain range for each test condition exhibit an approximately
linear relationship with TMF life.

Figure 7. Microscopic parameters on slip systems versus life under TMF: (a) Max Schmid stress
versus life, (b) Max slip shear strain rate versus life and (c) Slip shear strain range versus life.

Considering the difference in TMF life caused by the load control modes, based on
mesoscopic parameters such as the maximum Schmid stress, maximum slip shear strain
rate, slip shear strain range and Schmid stress ratio, a TMF life model in a similar form to
the CDA model [22,23] is established by taking them as damage parameters based on the
critical plane methods. The model is expressed as follows:
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where NTMF is the life of TMF, α denotes the type of slip system, πα
min and πα

max represent
the corresponding Schmid stress values for the minimum and the maximum macroscopic
stress, respectively,

.
γ

α is the slip shear strain rate and Δγα is the range of the slip shear
strain, ATMF, mTMF, nTMF, zTMF, and aTMF are the material constants, which are related to
the maximum temperature of the TMF cycle and the crystal orientation and are independent
of the phase angle between the temperature and the mechanical loading.

Based on the results of the strain-controlled TMF test in this paper and that of the stress-
controlled TMF test previously conducted [3], combined with the calculations according to
the viscoplastic constitutive model, multiple linear regression is performed on the above
Equation (9), and the material constants of the model were then determined and are
presented in Table 5. The results predicted by the TMF life model for different phase angles
and load control modes were compared and found to fall within the twofold scatter band,
as shown in Figure 8. Therefore, this model can be used to accurately evaluate the TMF life
of air-cooling blades in the single crystal nickel-based material.

Table 5. Material constants in TMF life model (400~980 ◦C).

ATMF mTMF nTMF zTMF aTMF

35.0782 −11.3985 −0.6103 3.3247 1.7894
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Figure 8. TMF life prediction under different phase shifts and load-controlled modes.

5. Conclusions

(1) Under strain-controlled conditions, for the same mechanical strain amplitude, the
TMF life is significantly lower than the isothermal fatigue life at the maximum temperature
of the TMF cycle. Moreover, the out-of-phase TMF life is generally lower than the in-phase
TMF life under the same load over the range of loads investigated.

(2) Under strain-controlled conditions, temperature cycling can induce significant
stress asymmetry. For out-of-phase cycles, the hysteresis loop bends upwards during the
higher-temperature compression half-cycle, producing a mean tensile stress that gradually
increases, which can promote micro-crack propagation and exacerbate material damage.
In contrast, for in-phase cycles, the mean compressive stress generated moves gradually
towards the compression direction as the number of cycles increases, thereby inhibiting
crack propagation.

(3) The stress–strain response of the material can vary significantly under different load
control modes, leading to different effects on the microstructure evolution and changing
the damage mechanism and the life of the material.

(4) Based on the primary damage parameters identified from the stress and strain
on the slip planes using the Walker viscoplasticity constitutive model, a TMF life model
was developed. The model accurately predicts the TMF life for different phases and
load-controlled modes within a twofold dispersion band.
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Abstract: In order to study the strengthening effect of Mg–X (X = Zn, Ag) alloys, solid solution
structures of Mg54, Mg53X1 and Mg52X2 (X = Zn, Ag) with atomic contents of 1.8 at.% and 3.7 at.%
were established, respectively. The structural stability, tensile properties and electronic properties
were investigated by first-principles simulation. The calculated results of cohesive energies show
that all solid solution structures were stable under different tensile strains, and Mg52Ag2 had the
best stability. The results of tensile tests show that Zn and Ag atoms promoted the Mg-based
alloy’s yield strength and tensile strength. In addition, through comparative analyses, we have
demonstrated that the tensile property of Mg-based alloys was also affected by solid solubility.
Finally, the electronic density of states (DOS) and electron density difference of several solid solution
structures were analyzed.

Keywords: first-principles calculation; solid solubility; stability; tensile; electronic

1. Introduction

As light metal materials used in industrial production, magnesium alloys are known
as a green engineering material with excellent performance characteristics [1–3]. They have
the characteristics of low density, good stiffness, high strength-to-weight ratio, high heat
dissipation, outstanding casting performance, and high recycling rate. The application
of magnesium alloys is always a research hot spot. Magnesium alloys have a wide range
of use in the automotive manufacturing, aerospace, 3C electronics, rail transportation
and biomedical fields [4–6]. On the one hand, magnesium alloys can meet the perfor-
mance requirements in practical applications; on the other hand, they are a lightweight
material [7–9]. Therefore, magnesium alloys have advantages that other alloy materials
cannot compete with. However, the poor ductility and heat resistance of magnesium
alloys limit their further development. Researchers have been committed to improving the
performance of magnesium alloys, so as to develop new light alloy materials with high
performance capacities.

Solid solution strengthening is an effective method used to enhance the mechanical
properties of magnesium alloys by adding solid alloying elements dissolved in Mg-based
alloys [10,11]. In the solid solutions’ structures, the solid atoms replace the magnesium
atoms in some areas of the lattice dot matrix, which causes atomic misalignment and lattice
distortion [12]. This lattice distortion will prevent dislocation movement and slip, thus
concentrating the stress on Mg-based alloys, as a result of which the strength of the magne-
sium alloys will be improved [13–15]. Zn and Ag are two important alloying elements that
are used to improve the properties of magnesium alloys. The atomic structures of Zn and
Ag are similar to that of Mg, and have high solid solubility in magnesium alloys; they can
also be used as an effective solid solution in Mg-based alloy. The solid solubility of Zn and
Ag in magnesium alloys can reach 8.4% and 15.5% at eutectic temperatures. However, it is
worth noting that little research has been undertaken on the tensile properties of Mg–Zn
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and Mg–Ag alloys at the atomic scale. In particular, comparative studies of their tensile
properties at different levels of solid solubility are scarce.

The tensile strength of materials has always been a significant indicator of the solid
solution strength [16,17]. Tensile strength can be predicted using the first principle tensile
simulation method, after which the solution strengthening effect of alloy elements can be
analyzed. The average stress on the structure can be calculated using the first principle
tensile simulation method, after which the stresses and strains in the structures can be
analyzed. The tensile strength values of structures can be predicted using their stress values
at yield. The first principle tensile simulation method was first applied to the calculation
of simple crystal structures such as Si, Cu, Al, Mo, Ge, SiC and diamond [18–20], and
good prediction results were obtained. These data have helped in guiding experimental
operations, and have also helped in saving a lot of money and time.

In the past several years, with the continuous development of computer equipment,
it has become possible to assess more complex crystal structures using the first principle
tensile simulation method. Zhang et al. [21] found that the maximum stress value of a pure
aluminum structure is reached at the tensile strain of 16%, with a value of 9.5 × 103 MPa.
Pei et al. investigated the tensile properties of the Al(111)/Al3Ti(112) interface using
first principle tensile simulation. The results indicate that the maximum stress value
was 14.38 × 103 MPa, and the Al side was able to absorb most of the deformation energy.
Liu et al. [22] studied the solid solution strengthening of Al and Er when used in magnesium
alloys through first principles tensile simulations. The study found that Er has a better
reinforcement effect. Luo et al. [23] studied the solid solution strengthening effects of Al, Zn
and Y on a magnesium matrix using first principles tensile simulations. The strengthening
effect of Y is superior to that of other atoms. Wang and Han et al. [24] studied the tensile
properties of Mg53Al and Mg51Al3 using first principles simulation. Collectively, these
data indicate that the tensile strength of the Mg-based alloy could be enhanced by covalent
bonding between two types of atoms, and the maximum stress value of Mg51Al3 was
increased by 9.4% compared to that of Mg54 using this approach. Wang et al. [25] also
investigated the effects of the distribution of Zn and Al atoms on the tensile strength of the
magnesium matrix, and found that a uniformly distributed structure had greater tensile
strength than a separated one. Wang et al. [25] also studied the relationship between the
tensile strength of the magnesium matrix and atomic distribution, and their results have
revealed that the tensile strength of the structure was better when the atoms were uniform.

Within the maximum atomic solid solubility range of Zn and Ag atoms in magnesium,
the structures of Mg53X1 (X = Zn, Ag) and Mg52X2 (X = Zn, Ag) with solid solubilities of 1.8%
at.% and 3.7 at.% have been established and studied. First principle tensile simulations were
used to test the stability, as well as the stress properties and electronic characteristics, of solid
solution structures under 0–20% strains. The effects and mechanisms of the solid solution
strengthening of elements Zn and Ag when used in a Mg-based alloy were predicted.

2. Computational Methods

Based on the first principle method with density functional theory (DFT) and general-
ized gradient approximation (GGA), tensile tests of solid solution structures (Mg53X1 and
Mg52X2 (X = Zn, Ag)) were carried out. The CASTEP software was used for the calculations,
and the exchange correlation functional was PW91. The ultrasoft pseudopotential was
used to assess the interaction between the ion nucleus and electron. For the optimization of
the solid solution structure, the settings were as follows: the total energy threshold was
1.0 × 10−5 eV/atom, the interatomic force threshold was 3 × 10−2 eV/nm, the maximum
internal stress threshold was 0.05 × 103 MPa, and the tolerance deviation threshold was
0.001 Å. Regarding the electronic settings, the cutoff energy and k-point mesh were 340 eV
and 3 × 3 × 3, respectively. The tolerance value and maximum number of convergence
steps of the SCF self-consistent iteration were 2.0 × 10−6 eV/atom and 150.

Tensile strain was applied along the c-axis of the crystal structures, which was achieved
by changing the lattice constant c value in the simulation. During this test, the upper limit
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of strain was set to 20%. The strain interval between 6 and 10% strain was 1%, and for
the remaining range the strain interval was 2%. After each incremental increase in strain,
the solid solution structures need to be geometrically re-optimized, but only the atomic
occupation coordinates were optimized, and the lattice constants were not optimized.

In tensile simulations, according to Nielsen-Martin method [26], the average stress
acting on the whole cell can be expressed as:

σαβ =
1
Ω

∂Etot
∂εαβ

(1)

In the above formula, Etot represents the energy of the entire cell, εαβ represents the
strain tensor, and Ω represents the volume. The tensile strain ε was calculated as follows:

ε =
(lε − l0)

l0
× 100% (2)

In the above formula, l0 and lε are the initial length and tensile length in the c-axis
direction of the cell. In addition, in order to reduce the time of calculation, the effect of
c-axis stretching on lattice constants in the other two directions was not considered in the
stretching simulation process; that is, the influence of the Poisson effect was ignored.

3. Results and Discussion

3.1. Structural Properties

The crystal structure of pure magnesium is shown in Figure 1a. Pure magnesium
has an Hcp structure, and its space group is P63/mmc. The calculated lattice constants
are a = b = 0.3209 nm and c = 0.5211 nm, which are very similar to the results of other
simulations [27] wherein a = b = 0.3195 nm and c = 0.5178 nm, and experimental data [28]
wherein a = b = 0.3210 nm and c = 0.5211 nm. A 3 × 3 × 3 supercell was established
through the software’s Supercell function [22,29], based on pure magnesium’s crystal
structure. The 3 × 3 × 3 supercell is shown in Figure 1b. Geometric optimization was
performed on the supercell, and the optimized lattice constants are a = b = 0.9628 nm
and c = 1.5632 nm. The supercell contains 54 atoms, hereinafter referred to as Mg54. The
structure of the solid solution with an X content of 1.8 at.% is shown in Figure 1c, where the
X atom coordinate is (x = 0.5552, y = 0.4448, z = 0.5802), hereinafter referred to as Mg53X1
(X = Zn, Ag). The structure of the solid solution with an X content of 3.7 at.% is shown
in Figure 1d, where the X atoms coordinates are (x = 0.5552, y = 0.4448, z = 0.5802) and
(x = 0.5552, y = 0.4447, z = 0.2505), respectively, hereinafter referred to as Mg52X2 (X = Zn,
Ag). The atomic positions of Mg52X2 are given in Table 1. During the model establishment
process, the energy values of the crystal structures at different positions of the X atoms are
calculated and compared, and the most reasonable positions for the placement of the atoms
are ultimately determined, and are used as the positions of the X atoms here.

Table 1. The atomic positions of Mg54X2.

Element Atom Number
Fractional Coordinates of Atoms

x y z

Mg 1 0.1109 0.2220 0.0829
Mg 2 0.2273 0.1170 0.2505
Mg 3 0.4464 0.2264 0.0865
Mg 4 0.5563 0.1169 0.2505
Mg 5 0.7780 0.2220 0.0828
Mg 6 0.8889 0.1111 0.2497
Mg 7 0.1109 0.5551 0.0842
Mg 8 0.2279 0.4434 0.2505
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Table 1. Cont.

Element Atom Number
Fractional Coordinates of Atoms

x y z

Mg 9 0.4465 0.5535 0.0865
Mg 10 0.7736 0.5536 0.0865
Mg 11 0.8831 0.4437 0.2505
Mg 12 0.1108 0.8892 0.0842
Mg 13 0.2222 0.7778 0.2501
Mg 14 0.4449 0.8891 0.0842
Mg 15 0.5566 0.7728 0.2505
Mg 16 0.7780 0.8891 0.0829
Mg 17 0.8830 0.7727 0.2505
Mg 18 0.1103 0.2217 0.4169
Mg 19 0.2272 0.1169 0.5823
Mg 20 0.4479 0.2291 0.4172
Mg 21 0.5563 0.1170 0.5823
Mg 22 0.7783 0.2217 0.4170
Mg 23 0.8890 0.1110 0.5833
Mg 24 0.1108 0.5549 0.4171
Mg 25 0.2271 0.4434 0.5823
Mg 26 0.4479 0.5521 0.4173
Mg 27 0.7709 0.5521 0.4172
Mg 28 0.8830 0.4437 0.5823
Mg 29 0.1107 0.8893 0.4170
Mg 30 0.2222 0.7778 0.5828
Mg 31 0.4451 0.8892 0.4171
Mg 32 0.5566 0.7729 0.5823
Mg 33 0.7783 0.8897 0.4169
Mg 34 0.8831 0.7728 0.5823
Mg 35 0.1109 0.2221 0.7501
Mg 36 0.2236 0.1115 0.9170
Mg 37 0.4465 0.2265 0.7474
Mg 38 0.5545 0.1116 0.9171
Mg 39 0.7779 0.2221 0.7501
Mg 40 0.8890 0.1110 0.9170
Mg 41 0.1109 0.5551 0.7489
Mg 42 0.2237 0.4453 0.9171
Mg 43 0.4466 0.5534 0.7474
Mg 44 0.5556 0.4444 0.9170
Mg 45 0.7735 0.5535 0.7474
Mg 46 0.8884 0.4455 0.9171
Mg 47 0.1108 0.8892 0.7489
Mg 48 0.2221 0.7779 0.9170
Mg 49 0.4449 0.8891 0.7489
Mg 50 0.5547 0.7763 0.9171
Mg 51 0.7779 0.8890 0.7501
Mg 52 0.8885 0.7764 0.9170
X 1 0.5552 0.4447 0.2505
X 2 0.5552 0.4448 0.5802

To compare the stability of the two kinds of solid solution structures, the cohesive
energy has been calculated. The whole crystal structure’s stability depends on the cohesive
energy. When the cohesive energy is negative, the structure is stable. In addition, the
stability values of different structures can be compared with each other according to the
absolute value of cohesive energy. The cohesive energy can be calculated by means of the
following formula [30–32]:
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Figure 1. Crystal structure diagram: (a) Mg, (b) Mg54, (c) Mg53X1, (d) Mg52X2 (X = Zn, Ag).

Ecoh =
Etot − NAEA

atom − NBEB
atom

NA + NB
(3)

In the above formula, Ecoh and Etot are the cohesive energy and total energy of the
structures. EA

atom and EB
atom are the free state energy of Mg and X atoms. The free state

energy values of Mg, Zn and Ag atoms are −972.5823 eV/atom, −1708.9884 eV/atom and
−1024.9934 eV/atom, respectively. NA and NB are the numbers of Mg and X atoms in
the structures.

The calculation results of Mg54, Mg53X1 and Mg52X2 (X = Zn, Ag) are listed in Table 2.
The calculated cohesive energies representing the strain are shown in Figure 2. It can be
seen that the cohesive energy values for all the structures are negative in the range of 0–20%
strain, which indicates that several structures remain stable during the tensile process.
When there is no strain, the absolute order of cohesive energy for the five structures is Mg54
< Mg52Zn2 < Mg53Ag1 < Mg52Ag2, which indicates that the inclusion of Zn and Ag can
promote the stability of Mg-based alloys. At the same time, the stability of a Ag-containing
solid solution structure is greater than that of on containing Zn. In addition, in the range
of 0–20% strain, the cohesive energy values of Mg53X1 and Mg52X2 are always negative,
but the absolute values are decreased. It can be concluded that with an increase in strain,
Mg53X1 and Mg52X2 remain stable, but their stability shows a downward trend.
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Table 2. Table 2. The cohesive energy of Mg54, Mg53X1 and Mg52X2 (X = Zn, Ag) under differ-
ent strains.

Strain (%)
Ecoh, kJ/mol

Mg54 Mg53Zn1 Mg52Zn2 Mg53Ag1 Mg52Ag2

0 −193.46 −193.77 −194.01 −196.93 −200.27
2 −193.01 −193.25 −193.44 −196.29 −199.58
4 −192.44 −192.60 −192.73 −195.64 −198.84
6 −191.70 −191.82 −191.92 −194.84 −197.99
7 −191.41 −191.46 −191.50 −194.33 −197.24
8 −191.37 −191.22 −191.23 −194.13 −197.05
9 −190.90 −190.91 −190.89 −193.84 −196.77
10 −190.47 −190.47 −190.42 −193.42 −196.36
12 −189.77 −189.70 −189.59 −192.72 −195.61
14 −188.75 −188.63 −188.49 −191.74 −194.64
16 −187.46 −187.31 −187.13 −190.48 −193.44
18 −186.00 −185.86 −185.66 −189.33 −192.01
20 −184.60 −184.44 −184.26 −187.57 −190.99

Figure 2. The calculated cohesive energies as a function of the strain.

3.2. Tensile Properties

The stress values of Mg54, Mg53X1 and Mg52X2 (X = Zn, Ag) under different strains
have been calculated using first principle tensile simulations, and are listed in Table 3. The
strain should not exceed 20%. For a more intuitive analysis, the corresponding stress–strain
curves are shown in Figures 3 and 4. The abscissa represents crystal strain and the ordinate
represents stress. It is clear that the types of deformation experienced by the different solid
solution structures are the same, as elastic deformation, uneven plastic deformation and
uniform plastic deformation successively occurred. In the elastic deformation zone, the
solution structure will undergo elastic deformation when stretching, and the structure
will return to its original length when stretching ceases. In the non-uniform plastic defor-
mation zone, elastic deformation and plastic deformation will occur simultaneously with
the application of stress. Finally, only plastic deformation occurs in the uniform plastic
deformation zone.
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Table 3. The stress values of Mg54, Mg53X1 and Mg52X2 (X = Zn, Ag) under different strains.

Strain (%)
Stress, 103 MPa

Mg54 Mg53Zn1 Mg52Zn2 Mg53Ag1 Mg52Ag2

0 0.00 0.00 0.00 0.00 0.00
2 1.74 2.00 2.21 2.05 2.34
4 2.35 2.51 2.67 2.55 2.77
6 2.69 2.86 3.03 2.83 2.95
7 1.21 1.46 1.70 1.25 1.37
8 1.85 1.99 2.20 1.82 1.81
9 2.22 2.33 2.52 2.23 2.22
10 2.47 2.63 2.84 2.52 2.58
12 3.11 3.29 3.45 3.05 3.10
14 4.15 4.29 4.41 4.04 3.96
16 4.97 5.01 5.10 4.89 4.78
18 5.15 5.16 5.17 5.03 5.34
20 5.02 5.06 5.04 5.27 5.28

Figure 3. Stress–strain curve of materials with Zn and Ag content of 1.8 at.%.

Figure 4. Stress–strain curve of materials with Zn and Ag contents of 3.7 at.%.

In the elastic deformation area, the stress and strain change in direct proportion to
one another, and the image change trend shows a straight line. Figures 3 and 4 show that
the elastic deformation areas of several structures are very small, and the strain range is
4–8%. With the increase in strains, non-uniform plastic deformation will rapidly develop.
Thereafter, elastic deformation will be accompanied by elastic plastic deformation, after
which it will be difficult for this material to completely return to its original length. In
industrial production, yield strength is the strength index of a material that can yield,
and materials are typically selected for their yield strength. Figure 3 shows that, with the
increase in strain, several solid solution structures undergo obvious yielding, accompanied
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by the appearance of an upper yield point and a lower yield point. Because lower yield
is a stable form of the yield process, the lower yield point is usually selected as the yield
strength if the structure shows both upper and lower yield points [33]. It can be seen from
Table 3 and Figure 3 that when the solid’s solubility is 1.8 at.%, the solid solution structure
will have a lower yield point at the strain of 7%, and the yield strengths of Mg54, Mg53Zn1
and Mg53Ag1 will be 1.21 × 103 MPa, 1.46 × 103 MPa and 1.25 × 103 MPa, respectively.
When the solid solubility is 1.8 at.%, the inclusion of both Zn and Ag will increase the yield
strength of the Mg-based alloy. The yield strengths of the Mg-based alloys with Zn and
Ag are increased by 20.67% and 3.31%, respectively, and the strengthening effect of Zn is
obviously higher than that of Ag. Additionally, it can be seen from Table 3 and Figure 4
that the yield strengths of Mg52Zn2 and Mg52Ag2 are 1.70 × 103 MPa and 1.37 × 103 MPa,
respectively, when the solid solubility is 3.7 at.%, which values are 40.50% and 13.22%
higher than those of the Mg-based alloys. It can be seen from the comparison that the
inclusion of both Zn and Ag can promote the Mg-based alloy materials’ yield strength, and
the effect of Zn is more obvious. In addition, the strengthening effect is also affected by the
value of solid solubility; in particular, when the solid solubility is 3.7 at.%, the strengthening
effect is more obvious.

Tensile strength is another important index that is used to measure the tensile prop-
erties of materials. It is the maximum stress that materials can withstand under tension,
which can be used to reflect the material’s ability to resist damages. When the structure
exhibits yielding, a plastic deforming area will appear as the strain continues to increase.
In the region of plastic deformation, the stress increases with the increase in strain until the
tensile strength is reached. If the strain continues to increase, the stress will drop, which
indicates that the structure has been destroyed. The figures show that several solid solution
structures of Mg54, Mg53X1 and Mg52X2 (X = Zn, Ag) reach their tensile strength value in
the plastic deformation zone. When the solid solubility is 1.8 at.%, the tensile strengths of
Mg54, Mg53Zn1 and Mg53Ag1 are 5.15 × 103 MPa, 5.16 × 103 MPa and 5.27 × 103 MPa, re-
spectively. The results show that Zn hardly improves the tensile strength of Mg-based alloy
materials, while Ag can improve the tensile strength of Mg-based alloys. When the solid
solubility is 3.7 at.%, the tensile strengths of Mg52Zn2 and Mg52Ag2 are 5.17 × 103 MPa
and 5.34 × 103 MPa, respectively. Further analysis shows that Zn has little effect on the
tensile strength of Mg-based alloy materials. Conversely, the strengthening effect of Ag on
Mg-based alloy materials is obvious, and will be made more obvious with the increase in
solid solubility.

Through the above research, we found that a suitable Ag content can enhance the yield
strength and tensile strength of Mg-based alloys, and this strengthening effect is better than
that of Zn. The results of this study validate other experimental results. Feng et al. [34]
found via microhardness tests that the microhardness of magnesium alloy could be en-
hanced by adding Ag, and the alloy exhibited good mechanical properties. Ben Hamu
et al. [35] found that adding Ag could improve the mechanical properties of Mg–Zn alloys.
Zhao et al. [36] found through experiments that Mg–Zn–Ag alloys display their best me-
chanical properties as the concentration of Ag is changed, with the results being particularly
striking for yield strength, ultimate tensile strength, and elongation. From these results, it
can be inferred that the method used in this study is correct and feasible for application.
Ag belongs to the group of precious metals, which greatly limits the smooth progression of
this experiment. This study employed the method of simulated stretching, which not only
saves time and costs, but can also be used to obtain reliable data, providing a new path for
the study of precious and rare metals.

3.3. Electronic Properties
3.3.1. Density of States

To further understand the stability and strengthening mechanisms of the structures,
the densities of different states (total and partial) of Mg52Zn2 and Mg52Ag2 structures
have been calculated without the application of strain. The bonding characteristics of the
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structures can be inferred through the total density of states and the partial density of states.
The total density of states (TDOS) and the partial density of states (PDOS) of Mg52Zn2 and
Mg52Ag2 are depicted in Figures 5 and 6, respectively.

Figure 5. The total and partial density of states of Mg52Zn2.

Figure 6. The total and partial density of states of Mg52Ag2.

The figures show that at no point does the energy range approach the Fermi level,
whereat there are no electron states, i.e., there is no band gap. The valence and conduction
bands overlap, and electrons are delocalized, so the structures exhibit a metallic character.
Figure 5 shows that the bonding peaks of Mg52Zn2 are mainly distributed in the range from
−7.5 to 1.5 eV. Here, the valence band is associated with the valence electrons of Mg s, Mg
p, Zn s, Zn p and Zn d orbitals, and the conduction band is associated with the contribution
of valence electrons of Mg s, Mg p, Zn s and Zn p orbitals. It is worth noting that there
is a peak at −7 eV, which is mainly provided by the valence electrons of the Zn d orbital.
In addition, there is sp hybridization between Mg s−Mg p and Zn s−Zn p orbitals in the
valence band. Figure 6 shows that the bonding peaks in Mg52Ag2 are mainly distributed
between −6.5 and 2 eV. Here, the valence band is associated with the valence electrons of
the Mg s, Mg p, Ag s, Ag p and Ag d orbitals, and the conduction band is mostly associated
with the valence electrons of Mg s and Mg p orbitals. Overall, the contribution of the Ag s
and Ag p orbital is limited. There is a peak at −4.5 eV, which is mainly contributed by the
valence electrons of the Ag d orbital. At the same time, the density of states of the Ag d
orbital overlaps with those of other orbitals in the entire valence band range, indicating
the presence of spd hybridization amongst Mg s, Mg p, and Ag d orbitals. In general, the
density of state of Mg52Ag2 at the Fermi level is higher than that of Mg52Zn2, which shows
more active metallicity. In addition, the hybridization of Mg52Ag2 is also more pronounced
than that of Mg52Zn2.
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3.3.2. Electron Density Difference

In order to reveal the mechanism of the strengthening effect of Zn and Ag on a Mg-
based alloy, the electron density differences of Mg54, Mg52Zn2 and Mg52Ag2 have been
calculated and analyzed. Usually, the electron density difference can be used to analyze
the electron transfer between atoms in the crystal structures. At the same time, the state of
bonding in the crystal structures can also be assessed using an electron density difference
diagram. The electron density difference diagrams of Mg54, Mg52Zn2 and Mg52Ag2 are
shown in Figure 7. It can be seen from Figure 7 that the electron clouds around each nucleus
in Mg54, Mg52Zn2 and Mg52Ag2 are uniformly and clearly distributed, and there are no
obvious overlaps between electron clouds. This indicates that in the structures of Mg54,
Mg52Zn2 and Mg52Ag2, the atoms bond with each other through metallic bonds. From
Figure 7, charge accumulation can be seen around the nuclei of Mg, Zn, and Ag atoms, but
the scales of the color cards in the three color maps are different. In the scaling of the color
card, the reddest area (at the bottom) indicates the maximum charge density. It can be found
that the maximum charge density of Mg54 is 2.425 × 10−2 e/Å3, the maximum charge
density of Mg52Zn2 is 5.247 × 10−2 e/Å3, and the maximum charge density of Mg52Ag2 is
1.047 × 10−1 e/Å3. It is clear that Mg52Zn2 and Mg52Ag2 aggregate more electrons in their
bonding regions than Mg54, indicating that the addition of Zn and Ag atoms can enhance
the stability of the matrix. In addition, Mg52Ag2 aggregates more electrons in the bonding
region than Mg52Zn2, indicating that Ag atoms have a stronger capacity to promote the
stability of the matrix than Zn atoms. This also corresponds to previous calculations and
the results of the analysis of cohesive energies and tensile properties from an electronic
perspective, indicating that the previous analysis results are correct.

 

Figure 7. Electron density differences of Mg54 (a), Mg52Zn2 (b) and Mg52Ag2 (c).

4. Conclusions

In this work, the structural, electronic and tensile properties of the solid solution
structures of Mg54, Mg53X1 and Mg52X2 (X = Zn, Ag) subjected to 0–20% strains are
investigated using the first principle calculation method. The conclusion is that the solid
solution structures of Mg53X1 and Mg52X2 (X = Zn, Ag) are stable in the 0–20% strain
range. In addition, the stability of the Ag structures is greater than that of the Zn structures
when two levels of solid solubility are employed. With the increase in strains, several solid
solution structures at these two levels of solid solubility show obvious yielding. The results
show that the application of both Zn and Ag can increase the yield strength of Mg-based
alloys. The strengthening effect of Zn is more obvious. In addition, the strengthening
effect is also affected by the solution’s concentration. When the solubility is 3.7 at.%, the
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strengthening effect is greater. The stress–strain results of tensile strength show that Zn
does not promote the tensile strength of Mg-based alloys, while Ag can improve the tensile
strength. The strengthening effect is strong at a solubility level of 3.7 at.%, compared to
1.8 at.%. Finally, the analyses of the density of states and the electron density difference
verify the mechanisms of the strengthening effects of elements Zn and Ag on Mg-based
alloys from the electronic perspective.
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Abstract: GH4169 is primarily strengthened through precipitation, with heat treatment serving as a
crucial method for regulating the precipitates of the alloy. However, the impact of aging temperature
on the microstructure and properties of GH4169 has not been thoroughly studied, hindering effective
regulation of its microstructure and properties. This study systematically investigated the effects
of aging temperature on the evolution of precipitates and mechanical properties of GH4169 alloy
using various techniques such as OM, SEM, XRD and TEM. The results indicate that raising the aging
temperature leads to an increase in the sizes of both the γ” and γ′ phases in the alloy, as well as
promoting the precipitation of δ phase at grain boundaries. Notably, the increase in γ” phase size
enhances the strength of the alloy, while the presence of δ phase is detrimental to its strength but
greatly enhances its elongation. The yield strength of the alloy aged at 750 °C exhibits the highest
yield strength, with values of 1135 MPa and 1050 MPa at room temperature and elevated temperature,
respectively. As the aging temperature increases, the Portevin-Le Châtelier (PLC) effect during
elevated temperature tensile tests at 650 °C gradually weakens. The PLC effect disappears almost
completely when the aging temperature reaches 780 °C.

Keywords: GH4169 alloy; aging temperature; γ′′ phase; δ phase; mechanical properties

1. Introduction

GH4169 (Inconel718) is a highly utilized superalloy in various industries such as
aerospace and petroleum due to its exceptional mechanical properties [1,2]. The key con-
tributors to its excellent mechanical properties are the precipitates within the matrix, which
include the γ′′ (Ni3Nb) phase, γ′ (Ni3(Al,Ti)) phase and δ (Ni3Nb) phase. The γ′′ phase is
the main strengthening phase with an ordered body-centered tetragonal DO22 crystal struc-
ture, and the precipitation temperature range is 595–870 ◦C [3]. The strengthening effect
of γ′ phase is less than γ′′ phase, which is a secondary strengthening phase with a face-
centered cubic LI2 crystal structure. The precipitation temperature range is 593–816 ◦C [4].
The formation of the γ′′ phase and γ′ phase occurs during the two-stage aging process. In
the conventional double aging process (720 ◦C/8 h + 620 ◦C/8 h), the purpose of aging at
720 ◦C is to mainly precipitate the γ′′ phase, while aging at 620 ◦C is mainly to precipitate
the γ′ phase [5,6]. The δ phase is typically incoherently precipitated with the matrix, with a
precipitation temperature range of 750–1020 ◦C [7]. It is worth noting that the γ′′ phase is a
metastable phase in GH4169 alloy. The γ′′ phase transforms into the δ phase when the alloy
is subjected to long-term aging or high temperatures, thereby reducing the strengthening
effect of the alloy. This limits the maximum temperature at which the alloy can be used to
less than 650 ◦C [8,9].
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The precipitation behavior of the γ′′ and γ′ phases in GH4169 alloy is affected by
temperature, with their nucleation and growth closely tied to aging temperatures. Al-
tering the aging temperature can impact precipitate precipitation, which in turn affects
the mechanical properties of the alloy. Rafiei et al. [10] discovered that the precipitation
kinetics of the γ′′ phase is highly dependent on aging temperature, with the maximum
precipitation rate occurring at 780 ◦C. But Drexler et al. [11] discovered that the temperature
at which precipitation occurs most rapidly is 750 ◦C. In a study by Fisk et al. [12], it was
found that the aging temperature has a significant impact on the hardness of Inconel718.
By analyzing the change in hardness, they determined that the sample aged at 760 ◦C for
8 h exhibited the highest level of hardness. The γ′′ and γ′ phases are coherent with the
matrix and can be cut by dislocations, resulting in a strengthening effect. The increase
in strength caused by dislocation cutting the second phase is related to the size of the
second phase. Qin et al. [13] found that when the volume fraction was similar, the strength
displayed a rising trend with the increase of γ′′ phase size. A similar phenomenon was
reported in the study by Ran et al. [14]. They quantitatively calculated the contribution of
the precipitated phase to the strength and found that the strength change is sensitive to
the size of the γ′′ phase. They also observed that the strengthening effect of large size γ′′
phase is more significant. The precipitation of the δ phase in GH4169 alloy can enhance
its plasticity [15,16]. However, since the δ phase has the same chemical composition as the
γ′′ phase, excessive precipitation of the former can result in a decrease in the formation
element Nb of the latter, ultimately leading to a reduction in strength [17].

In summary, the precipitation behavior of the γ′′ and γ′ phases in the alloy is signifi-
cantly influenced by the aging temperature. Additionally, a competitive relationship exists
between the γ′′ and δ phases. The γ′′ phase positively impacts the strength of the alloy,
while the acquisition of the δ phase can improve its plasticity. Heat treatment is a crucial
method for regulating the precipitates in GH4169 superalloy. However, current research on
the precipitation behavior of precipitates through heat treatment remains insufficient. This
study involved the preparation of three distinct GH4169 samples, each with a different heat
treatment scheme. The impact of aging temperature on the second phase of GH4169 alloy
was investigated using various techniques including OM, XRD, SEM and TEM. The study
aimed to establish the relationship between the microstructure characteristics and mechani-
cal properties of the alloy by examining the effects of the second phase characteristics on
the tensile properties of the alloy at both room and elevated temperatures.

2. Materials and Methods

The material used in this study was commercial GH4169 superalloy, whose chemical
compositions is shown in Table 1. Before undergoing the aging treatment, the samples
underwent a solution treatment at a temperature of 1030 ◦C for a duration of 1 h to dissolve
any precipitates present in the matrix. The microstructure after solution treatment is shown
in Figure 1, which is composed of equiaxed grains and a small amount of carbides, and the
average grain size is 81 μm. The samples after solid solution were treated with different
heat treatments: (1) isothermal at 720 ◦C for 8 h, followed by furnace cooling to 620 ◦C at
the rate of 50 ◦C/h, isothermal at 620 ◦C for 8 h, and then air cooling, recorded as A720;
(2) isothermal at 750 ◦C for 8 h, followed by furnace cooling to 620 ◦C at the rate of 50 ◦C/h,
isothermal at 620 ◦C for 8 h, and then air cooling, recorded as A750; (3) isothermal at 780 ◦C
for 8 h, followed by furnace cooling to 620 ◦C at the rate of 50 ◦C/h, isothermal at 620 ◦C
for 8 h, and then air cooling, recorded as A780. Aging treatments were carried out in a
box-type heat treatment furnace with air as the medium.

Table 1. Chemical composition of GH4169 alloy.

Element Ni Si Mn C Cr Mo Al Ti Nb Fe

Wt.% 51.72 0.048 0.02 0.028 18.86 3.007 0.519 0.947 5.212 Bal
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Figure 1. Microstructure of GH4169 alloy after solution treatment.

The aged samples were cut into tensile samples of the size indicated in Figure 2.
Among them, the thickness of the tensile sample at room temperature was 2 mm. Prior
to testing, the tensile samples were smoothed with sandpaper to eliminate cutting marks
and oxide layers. The MTS 810 electro-hydraulic servo testing machine was used to
conduct the tensile tests at a rate of 1 mm/min. To eliminate the influence of temperature
gradient during elevated temperature tensile test (650 ◦C), the test was carried out after
20 min of heat preservation. The samples were cooled to room temperature in the air
after fracture. In order to observe the fracture morphology, samples were cut along the
direction perpendicular to the tensile direction near the fracture, and SEM observation was
performed after ultrasonic cleaning with alcohol.

Figure 2. Schematic diagram with dimensions (in mm) of tensile samples: (a) room temperature
tensile specimen; (b) elevated temperature tensile specimen.

OM, SEM and TEM were used to characterize the microstructure of the samples. Before
OM and SEM observation, the samples need to be polished first and then corroded with
2.5 g CuCl2 + 50 mL HCl + 50 mL CH3CH2OH solution at room temperature. TEM samples
were sampled on the samples after aging treatment. The samples were mechanically ground
to about 50 μm, and the samples were punched into small round pieces with a diameter of
3 mm by a sample puncher. Then, electrolytic polishing was carried out. The precipitates
of the samples were characterized by FEI F200X TEM, and the test voltage was 200 kV. The
phase characteristics were determined by XRD using Cu Kα radiation in a range for 2θ of
20–100◦ at a scanning speed of 2◦/min. The size and content of precipitates in SEM and
TEM images were analyzed by Image-Pro Plus 6.0 software. Five pictures of each sample
were selected for statistics.

3. Results and Discussions

3.1. Effect of Aging Temperature on Mechanical Properties
3.1.1. Microhardness

Table 2 shows the microhardness of the alloys that were aged at three different temper-
atures. The results indicate that the hardness of A720, A750 and A780 alloys are 418.9 HV,
471.8 HV and 453.5 HV, respectively. As the aging temperature increases, the hardness of
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the alloy initially increases and then decreases. Additionally, the hardness of the A750 and
A780 samples is greater than that of the A720 samples.

Table 2. Microhardness of samples at different aging temperatures.

Samples A720 A750 A780

Hardness/Hv 418.9 471.8 453.5

3.1.2. Tensile Properties at Room Temperature

Figure 3 shows the engineering stress–strain curves and specific mechanical properties
data histogram for the three heat-treated alloys at room temperature. The graph in Figure 3b
indicates that as the aging temperature increases, the yield strength (YS) and ultimate tensile
strength (UTS) of the alloy experience a significant increase initially, followed by a slight
decrease. The yield strength and ultimate tensile strength of the A750 alloy are the highest,
1135 MPa and 1345 MPa, respectively, which are 13.5% and 8.9% higher than that of the
A720 alloy. Furthermore, it can be found that the elongation (EL) of A750 and A780 alloys
is not much different, but it is significantly lower than that of the A720 alloy. The A750
alloy has the highest yield strength and ultimate tensile strength, measuring at 1135 MPa
and 1345 MPa, respectively. These values are 13.5% and 8.9% higher than those of the
A720 alloy.

Figure 3. Tensile test at room temperature of specimens at different aging temperatures: (a) stress–
strain curves; (b) strength and ductility values.

3.1.3. Tensile Properties at Elevated Temperature

Figure 4a shows the hot tensile stress–strain curves of the three aged samples at
650 ◦C. The specific tensile strength data are presented in Figure 4b, which shows that the
yield strength of the alloy increases initially and then decreases with the increase in aging
temperature. The yield strength of A750 and A780 alloys is considerably higher than that
of the A720 alloy. The yield strength of the A750 alloy is 1050 MPa, which represents an
11% increase compared to that of the A720 alloy. Both the A720 and A780 alloys have good
plasticity of 26%, which is obviously better than A750 alloy. Additionally, the ultimate
tensile strength of the alloys increases with the aging temperature, as shown in Figure 4b.
The ultimate tensile strengths of A720, A750 and A780 alloys are 1105 MPa, 1185 MPa and
1210 MPa, respectively. During high temperature tensile tests, both A720 and A750 alloys
exhibit typical dynamic strain aging phenomenon, except for the A780 alloy, as illustrated
in Figure 4a.
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Figure 4. Tensile test at elevated temperature of specimens at different aging temperatures: (a) stress–
strain curves; (b) strength and ductility values.

3.2. Relationship between Microstructure Evolution and Mechanical Properties

Figure 5 shows the optical microscope images of GH4169 alloy following three aging
processes. The images reveal that the grains remain equiaxed, with a small presence of
twins and bulk precipitates. The bulk precipitate was analyzed using energy dispersive
spectroscopy (EDS), with the result presented in Figure 5d. The EDS analysis indicates that
these bulk precipitates are carbides such as NbC or TiC. The grain size of the aged alloy
was measured using the transversal method in Image-Pro Plus 6.0 software. The average
grain sizes of A720, A750 and A780 alloys are 84 μm, 86 μm and 87 μm, respectively. Upon
comparing the metallographic image of the solid solution alloy shown in Figure 1, it was
observed that the aging temperature had no effect on the grain size of the alloy.

 
Figure 5. Microstructure of GH4169 treated at different aging temperatures: (a) A720; (b) A750;
(c) A780; (d) EDS analysis of bulk precipitates.
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Figure 6 shows the results of XRD phase analysis of the three heat-treated alloys. From
the diagram, there is no obvious difference between the diffraction patterns of the three
alloys. The diffraction peaks with higher diffraction intensity correspond to γ (111), γ (200)
and γ (220), respectively. No diffraction peak of δ phase was observed in Figure 6, which
may be due to the absence of δ phase precipitation or the low content of δ phase in GH4169
alloy after heat treatment. In addition, the absence of diffraction peaks of γ′′ and γ′ phases
in the diagram can be attributed to their coherence with the γ matrix. As a result, the peaks
of γ′ (111) and γ (111) coincide; γ′ (200) and γ′′ (200) peaks coincide with the γ (200) peak;
and γ′ (220) and γ′′ (220) peaks coincide with the γ (220) peak.

 
Figure 6. XRD patterns of three heat-treated samples.

The results from Figures 3 and 4 indicate that the yield strength and ultimate tensile
strength of the A750 alloy and the A780 alloy are significantly improved compared with the
A720 alloy. In general, the main strengthening mechanisms for nickel-based superalloys
include solution strengthening, precipitation strengthening, dislocation strengthening
and grain boundary strengthening [18,19]. The contribution of solution strengthening to
strength was consistent across the three aged samples due to the presence of the same
alloying elements in the matrix. The grain size of the alloy was not affected by the aging
temperature, as evidenced by Figure 5, leading to similar grain boundary strengthening
effects. Additionally, the XRD pattern in Figure 6 showed similar peak widths across all
three aging treatment samples. This indicates that the lattice strain (ε) is similar. According
to the calculation formula of dislocation density ρ = 16.1ε2/b2 (ρ is dislocation density,
and b is the Burgers vector of GH4169 alloy) [20], there is no significant difference in
dislocation density among the three aged samples, which leads to the similar contribution
of dislocation strengthening to strength. Therefore, the strength difference of the three aged
samples mainly comes from precipitation strengthening.

The TEM images of the alloy after three aging processes are presented in Figure 7. The
bright field images of the alloy are shown in Figure 7a,d,g, accompanied by their corre-
sponding selected area electron diffraction patterns in Figure 7b,e,h. The diffraction patterns
of the aged alloys exhibit similar characteristics, consisting of distinct matrix diffraction
spots and faint precipitates diffraction spots. The identified weak diffraction spots are
characteristic of γ′′ and γ′ superlattice diffraction, indicating that the fine precipitates
dispersed in the matrix are γ′′ and γ′ phases. The γ′′ and γ′ phases cannot be distinguished
and counted in the bright field image due to the lack of contrast between the precipitates
and the matrix. To determine the size and volume fraction of the γ′′ and γ′ phases, dark
field images analysis with (002) γ′′ was performed, as illustrated in Figure 7c,f,i. It can be
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seen from the dark field images that the size of the precipitates increases significantly with
the increase in the aging temperature, which is consistent with the phenomenon observed
by SEM.

 
Figure 7. TEM image of γ′′ and γ′ phases: (a), (d) and (g) are the bright field images of samples A720,
A750 and A780, respectively; (b), (e) and (h) are the selected electron diffraction patterns of γ′′ and γ′

in A720, A750 and A780 samples, respectively; (c,f,i) are the dark field images of A720, A750 and
A780 samples made by (002) γ′′ diffraction spots.

The size of about 400 precipitates in the dark field image of each aged sample was
measured, and the volume fraction was counted. For the disk-like γ′′ phase, the dimensions
of its long axis and short axis are measured respectively, and for the spherical γ′ phase, the
diameter is measured. The results are shown in Table 3. As the aging temperature increases,
the growth of γ′′ and γ′ phases becomes more apparent, with γ′′ growing particularly
along the long axis. The size of the γ′′ phase along the long axis increases from 13.6 nm in
the A720 alloy to 47 nm in the A780 alloy, while the diameter of the γ′ phase increases from
7.1 nm in the A720 alloy to 17.5 nm in the A780 alloy. The volume fraction of the second
phases does not change significantly.

Table 3. Size and volume fraction statistics of γ′′ and γ′ phases.

Specimen γ” γ′

Mean Long
Axis (R)/nm

Mean Short
Axis (H)/nm

H/R
Volume

Fraction/%
Diameter

/nm
Volume

Fraction/%

A720 13.6 4 0.294 13.4 7.1 3.4
A750 30 8.5 0.283 12.4 13 2.7
A780 47 9.6 0.204 12.3 17.5 2.4
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In order to understand the interface relationship between the γ′′ phase and the matrix
in different aged alloys, high-resolution transmission electron microscopy (HRTEM) and
inverse fast Fourier transform (IFFT) observations were carried out. The results are shown
in Figure 8. Based on the IFFT diagrams presented in Figure 8d–f, it is evident that the γ′′
phases in the A720, A750 and A780 samples exhibit a strong coherence with the γ matrix
interface, indicating a well-maintained coherent relationship between γ′′ and the matrix.
Slama et al. [21] believed that γ′′ will lose the coherent relationship when the long axis size
of γ′′ is larger than 120 nm, while Devaux et al. [22] believed that the critical size is 95 nm.
Combined with the data in Table 2, it can be seen that the size of γ′′ obtained in this study
is significantly smaller than the critical size reported in the literatures.

Figure 8. Interface relationship between γ′′ phase and the matrix: (a–c) are HRTEM images of γ′′ in
A720, A750 and A780 samples, respectively; (d–f) are the IFFT images in the yellow box.

The strength of GH4169 alloy is primarily derived from the γ′′ phase, which is caused
by the coherent strain resulting from the lattice mismatch between the γ′′ phase and the
matrix. In the case of ellipsoidal precipitates with tetragonal distortion perpendicular to
the habit plane, the relationship between coherent strain (εc) and stress-free strain (εT) can
be expressed as [23]:

εc =

[
1 − (1 − 2ν)

2(1 − ν)

α

R

]
εT (1)

where α = 4 h/3 is the thickness of ellipsoidal particles with long axis R and short axis h;
ν is Poisson’s ratio (ν = 1/3), εT = 0.0286. It can be seen that the ratio of the short axis to the
long axis of the γ′′ phase can result in a greater coherent strain, which is consistent with
previous research by Lu et al. [24]. The γ′′ phases in the three aged alloys in this study
maintain a good coherent relationship with the matrix. As the aging temperature increased,
the increase of γ′′ phase size was accompanied by the decrease of short axis and long axis
ratio, which led to the increase in coherent strain. When the dislocation passed through
the coherent strain zone, the ability to hinder the dislocation was enhanced, resulting in a
greater strengthening effect.

In precipitation-strengthened nickel-based superalloys, the strengthening effect is
primarily achieved by impeding dislocations through precipitates. The main mechanism
for strengthening is through dislocation shearing or bypassing. Qin et al. [25] discovered
that dislocation cut-through is the main mechanism for strengthening the GH4169 alloy
when the long axis size of the γ′′ phase is less than 90 nm. The long axis sizes of γ′′
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phases of the A720, A750 and A780 alloys in this study are 13.6 nm, 30 nm and 47 nm,
respectively, which are all less than 90 nm. Therefore, the main strengthening mechanism
can be considered as dislocation shearing. The increase of strength caused by the resistance

of coherent precipitation to dislocation motion can be calculated by Δτ = βGε
3
2 ( r

b )
1
2 f

1
2

(β is a constant related to the dislocation type; G is the shear modulus; r and f are the size
and content of the precipitated phases, respectively; and b is the Burgers vector of GH4169
alloy) [26]. It can be seen from the formula that the contribution of dislocation shearing to
strength is closely related to the size of precipitates, and the larger size precipitation has
a more prominent contribution to the strength improvement. In this paper, the volume
fraction of γ′′ phase obtained by the three aging processes is similar. The sizes of γ′′ phases
in the A750 and A780 alloys are significantly larger than that of the A720 alloy, which has a
greater strengthening effect on the alloy. This corresponds to the increase in yield strength
and ultimate tensile strength of the alloy in Figures 3 and 4 and the increase in hardness
in Table 2.

The SEM images of the aged alloys are displayed in Figure 9. In the A720 alloy, the
grain boundary appears to be relatively clean, as depicted in Figure 9a. The yellow arrow
points out the absence of any noticeable precipitates after aging at 720 ◦C. On the other
hand, in the A750 alloy, a few fine granular precipitates, measuring about 216 nm, emerge
at the grain boundaries. EDS analysis indicates that the phase is a Nb-rich δ phase, as
illustrated in Figure 9e. At an aging temperature of 780 ◦C, δ phases with a granular and
short rod-like structure, measuring approximately 538 nm, precipitate at the grain boundary.
These δ phases are larger than those found in A750 alloy. Additionally, needle-like δ phases
with a length of about 1.5 μm appear within grains. It is worth noting that δ phase is not
observed in the A720 alloy due to its precipitation temperature range of 750–1020 ◦C [27].

Figure 9. SEM images of δ phase of samples at different aging temperatures: (a) A720; (b) A750;
(c) A780; (d) Intragranular δ phase of A780; (e) EDS analysis of grain boundary precipitates.
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The strength of the A750 and A780 alloys is significantly improved compared with the
A720 alloy due to the growth of the γ′′ phase and the increase in dislocation hindrance. At
the same time, the slip of dislocation is hindered, resulting in a decrease in plasticity. Upon
analysis of the elevated temperature and room temperature tensile curves, it is evident that
the sample aged at 750 ◦C has a higher yield strength than the sample aged at 780 ◦C, but
the plasticity of the latter sample is better. This is due to the increase of the volume fraction
of δ phase at the grain boundary, which is consistent with the results of Andersong et al. [28],
who discovered that increasing the volume fraction of δ phases at grain boundaries can
improve plasticity by reducing yield strength. This is because the formation of the δ phase
will produce a γ′′ phase missing zone around it, which has high plasticity and can alleviate
stress concentration, thereby improving the plasticity of the alloy [29]. The increase in δ

phase content also leads to a lower hardness of A780 alloy compared to A750 alloy, as
shown in Table 2, which is consistent with the results of Rafiei et al. [10].

The fracture surfaces after room temperature tensile tests of the aged alloys are shown
in Figure 10. There are a small amount of micro holes and a large number of dimples in
the fracture surfaces of the alloys. In addition, a small number of microcracks were found
in the fracture of the alloys, indicating that a large plastic deformation was experienced
during the tensile tests. Figure 10b,c show the fracture surfaces of the A750 and A780
alloys at room temperature. The existence of dimples and holes can be observed, but the
dimples are smaller and shallower than that of A720 alloy. In addition, cleavage faces
were also found in the fracture surfaces of the A750 and A780 alloys, and the number of
cleavage faces of A750 is more than that of the A780 alloy. According to the characteristics
of fracture surfaces, the alloy aged at 720 ◦C has better plasticity, which just explains the
law in Figure 3b.

Figure 10. Fracture surfaces of tensile samples at room temperature: (a) A720; (b) A750; (c) A780.

The fractures of the tensile samples tested at 650 ◦C were analyzed by SEM, and the
results are shown in Figure 11. Figure 11a,c are the morphologies of the fracture center of
the A720 and A780 alloys after hot tensile, respectively, with a large number of dimples
and a small amount of micro-pores. Figure 11b is the morphology of the central part of
the fracture of the A750 alloy, which is significantly different from that of the A720 and
A780 alloys. The dimple size in the fracture of the A750 alloy is significantly reduced,
which corresponds to the deterioration of plasticity. In addition, there are inclusions at
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the bottom of the pores in the fracture of the alloys. It can be judged by EDS analysis that
these inclusions are NbC and TiC, as shown in Figure 11d. The plastic law presented by the
fracture surfaces is consistent with the data in Figure 4b.

Figure 11. Fracture surfaces of tensile specimen at elevated temperature: (a) A720; (b) A750; (c) A780;
(d) EDS analysis of inclusions at hole bottom.

The stress–strain curves in Figure 4a demonstrate the presence of PLC effects in alloys
aged at 720 ◦C and 750 ◦C during elevated temperature tensile processes. As the aging
temperature increases to 780 ◦C, the PLC effect becomes almost negligible. The PLC effect
is generated by the interaction between moving dislocations and solute atoms, which is
shown as a zigzag curve. The space of serration on the curve represents the time interval
between the dislocation fixed by the atom and the dislocation separated from the atom.
The space of serration on the curve gradually increases with the aging temperature. The
size of the γ′′ phase and the precipitation of δ phase significantly increase with the rise in
aging temperature, as evidenced by Figures 7 and 9. The enlarged γ′′ phase enhances the
hindrance to dislocations, leading to a longer time for dislocations to pass through it. This
results in an increase in the spacing of serration [30]. In addition, as the aging temperature
increases, the formation and growth of γ′′ phase and the precipitation of δ phase utilize a
significant amount of solute atoms, leading to a reduction in solute atoms in the matrix.
This decrease in solute atoms results in a longer time needed for dynamic strain aging,
causing the serration space to increase [31]. In summary, the enhancement of the ability
of γ′′ phase to hinder dislocations and the reduction of solute atoms in the matrix lead to
the disappearance of the PLC effect during the tensile process of the A780 alloy. The PLC
effect will cause the surface roughness of the material and affect the mechanical properties
of the alloy, which is not conducive to the processing and use of the alloy [32]. Increasing
the aging temperature can effectively inhibit the PLC effect.

4. Conclusions

In this paper, the effects of aging temperatures (720 ◦C, 750 ◦C and 780 ◦C) on the
precipitation behavior of γ′′, γ′ and δ phases in GH4169 alloy were systematically studied,
and the correlation between the characteristics of precipitates and the mechanical properties
of the alloy at room temperature and elevated temperature was clarified. The following
conclusions were drawn.
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(1) The size of the γ′′ and γ′ phases is significantly affected by the aging temperature,
while the volume fraction remains relatively unchanged. As the aging temperature
increases, the size of the γ′′ and γ′ phases increases greatly. Specifically, the size of the
γ′′ phase in the long axis direction increases from 13.6 nm in the A720 alloy to 47 nm
in the A780 alloy. It is worth noting that the γ′′ phase maintains a good coherent
relationship with the matrix. Additionally, the diameter of the γ′ phase increases from
7.1 nm in the A720 alloy to 17.5 nm in the A780 alloy.

(2) The precipitation of the δ phase is promoted with an increase in aging temperature.
When aged at 750 ◦C, granular δ phase precipitates at the grain boundary of the alloy.
However, when aged at 780 ◦C, not only does granular δ phase form at the grain
boundary, but needle-like δ phase is also formed within the grains. The size of δ phase
formed at 780 ◦C is larger than that of the alloy aged at 750 ◦C.

(3) The yield strength and ultimate tensile strength of alloys at room and elevated tem-
peratures are increased due to the larger sizes of the γ′′ phases, which create a greater
coherent strain and strengthen the hindrance to dislocations. The alloy aged at
750 ◦C has the highest yield strength, measuring 1135 MPa at room temperature
and 1050 MPa at elevated temperature. Compared to the alloy aged at 720 ◦C, the
yield strength of the alloy increased by 13.5% and 10.5%, respectively. The δ phase is
detrimental to the strength of the alloy, but it significantly increases the elongation
of the alloy. When the aging temperature is 780 ◦C, the increase in the size of the γ′′
phases enhances the hindrance of dislocations, and the precipitation of the γ′′ and δ

phases reduces the solute atoms in the matrix, both of which inhibit the PLC effect.
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Abstract: The porosity of die-cast aluminum alloys is a determining factor for the quality of the
product. In this paper, we studied the porosity of a selected part of a die-cast AlSi9Cu3(Fe) compressor
part by computer tomography and metallography. In the case of this part, the achievable resolution
by CT, a non-destructive testing method, was 30 μm—this method could not detect smaller cavities.
Based on metallographic analysis, the percentage of defects larger than 30 μm ranges from 10 to
30% of the total number of defects, which represents 75–95% of the defective area (area ratio).
Impregnation with methacrylate resin (used to seal cavities to prevent leakage) can be detected with
UV-illuminated optical microscopic examination on metallographically prepared specimens. As
confirmed by scanning electron microscopy, partial filling and partial impregnation can occur in a
system of shrinkage cavities.

Keywords: aluminum alloy; die casting; gas tightness requirement; porosity; impregnation; computed
tomography; metallography; UV illumination; scanning electron microscope

1. Introduction, Background

The solidification of aluminum alloys is accompanied by a shrinkage of about 5–7% [1,2].
The change in crystallization volume and the degree of gas porosity and air entrapment
can be compensated for with a variety of die-casting processes (e.g., melt treatment, post-
pressure, post-compression). With these methods, porosity can be reduced to 0.2–0.5% in
quality casting [3–5]. This amount of porosity is unacceptable where gas permeability is
not allowed. Porosity cavities can be sealed, and leakage can be prevented by impregnation
with methacrylate resin. Cast products are usually impregnated when they are fully
finished. The main steps of the process are as follows: vacuuming, immersion in resin under
vacuum; application of atmospheric pressure on the liquid surface of the impregnation
resin, lifting out; washing with cold water; and washing with hot water, during which the
resin is cured between 90 and 95 ◦C [6]. The technology is generally efficient and reliable,
but leaking is nevertheless common. In order to detect leaking castings, a helium leakage
test is carried out on each casting in the assembly line.

Leakage is primarily associated with the machined surfaces, as the external surface
of a casting usually seals the internal shrinkage cavity system in a gas-tight manner (the
bi-film oxide layer effect on leakage is not investigated in this study). The inherently closed
cavity network inside a cast piece can become an open system during machining. The
internal surface of holes and threads can cut spatial porosity cavity systems, and, as a result,
leakage often occurs through the internal holes.

The reason for leakage in impregnated castings is assumed to be the limited im-
pregnation efficiency of the complex-shaped shrinkage cavity system with different cross-
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sections. Both vacuuming and saturation with resin may be impeded by small cross-sections
in a cavity system with complex geometry, particularly if the cavity system includes
capillary sections.

In aluminum alloy die-cast pieces, porosity can develop, mainly in the larger cross-
sections. Even if porosity is adequate for the casting as a whole, the degree of local
porosity may be critical from the point of view of gas tightness in certain casting sections.
Technological solutions to reduce the porosity of the casting will result in the compaction
of the porous material area. These solutions reduce the volume of porosity to a significant
degree but do not necessarily eliminate the shrinkage cavity system. Compression may
also result in a reduction of cavity and channel dimensions in the cavity system in the
typical cross-sections.

X-ray computed tomography (CT) is among the most widespread non-destructive
examination methods used to analyze the porosity and shrinkage cavity system of a sam-
ple [7–9]. CT is an imaging method based on the absorption of X-rays in materials and
makes non-destructive three-dimensional analysis of samples and their internal struc-
tures possible.

As the thickness of the sections increases, the resolution of the X-ray image decreases
(larger focal spot used), and less detailed information can be extracted from the images.
Different types of CT equipment work with different sample sizes; thus, their resolution
varies. The resolution of industrial CT is 5–150 μm, that of micro-CT is 1–100 μm, and that
of nano-CT is around 0.5 μm. With X-ray microscopy, resolutions as low as 100 nm can be
achieved [10]. Recently, Zhuang et al. [11] developed a method to analyse porosities below
the resolution of CT. The accuracy and analysis of the results are influenced by a number of
additional factors, such as transparency and segmentation [12–14].

Limodin [15] studied the relationship between the porosity and mechanical properties
of an Al–Si–Mg alloy. The micro-CT study was performed with a voxel size of 1.7 μm.
The author notes that a compromise between resolution and sample size had to be found,
as a high resolution provides less representative results. In the end, the decision was
made to analyse the volume fractions of 3.8 and 18 mm3. The images were processed and
binarized with the ImageJ software. In the 18 mm3 sample, 1104 pores were identified
(61 pores/mm3). The size distribution of the complex-shaped pores was given as a function
of the Feret diameter, with the most common value being 16 pores/mm3 at Feret diameters
between 30 and 40 μm.

The porosity of the aluminum alloys produced by die casting is of crucial importance,
not only because of gas tightness but also because of the fatigue properties. To this end,
Garb and co-workers [16] conducted an extensive series of micro-CT studies to statistically
characterize the microporosity of aluminum castings. They used two different resolutions
(3 and 8 μm) to find out how resolution affects the accuracy of determining the porosity
distribution. Resolution limits the size of the volume, which can be investigated. A
cylindrical sample of 6 mm in diameter with a length of 5.4 mm was used at a resolution
of 3 μm, and a 15.5 mm long sample was used at an 8 μm resolution (the sample volumes
were 0.155 and 0.490 cm3). In the 0.155 cm3 volume investigated at a 3 μm resolution,
approximately 7000 pores were detected. Different statistical distribution functions were
fitted to the equivalent diameters of the identified pores; the maximum for the distribution
curve was between 8 and 10 μm. The authors found that the shrinkage pores often contain
large-volume patches connected by thin cavities with dimensions below the resolution.
Investigations under nearly identical conditions and similar results are reported in a study
by Weidt et al. [17], who reported investigations under nearly identical conditions and
similar results in a study on Al–Si–Cu alloys.

The relationship between fatigue characteristics and pores, revealed by micro-CT and
metallographic examination, is discussed in the study by Nicoletto et al. [18]. The tested
volume of the AlSi7Mg sample was 12.5 mm3, and the voxel size was 1.7 μm. The authors
presented some pore shapes revealed by CT and metallography but no statistical data
on the dimensions and distribution. They concluded that the identified pores could be
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considered a complex system of larger hollow spaces and narrow channels connecting them.
Recently, additive manufacturing of aluminum alloys by selective laser melting (SLM) is
also of research interest. Zhang et al. [19] investigated the SLM-built AlSi10Mg thin-walled
parts and their macro-mechanical behavior in correlation with the relative densities.

There is very little reliable test information available in the literature on the impregna-
tion of hollow systems with complex geometries in aluminum alloy castings. Publications
of impregnant producers provide some informative data. According to laboratory impreg-
nation experiments on sintered metal alloys with a controlled pore structure [20], cavities
with a size below 100 μm are totally filled in every case. The impregnation problem may
be mainly the sealing of larger pores between 100 and 500 μm, about one-third of which
were not sealed in the experiments. Above a pore size of 500 μm, impregnation has been
shown to be essentially ineffective in ensuring the gas tightness of sintered samples. The
pore structure of Al–Si–X die-cast components with gas tightness requirements contains
cavities and channels typically below 100 μm; however, impregnation often fails to seal the
leak paths.

Soga et al. [21] detected and studied the impregnating resin in a cavity system by
computed tomography. The technique is based on the detection of contrast differences
caused by the impregnating resin, the aluminum matrix and the gases in the cavities. They
reported that, in simple-geometry castings, the filling of larger (several mm) cavities with
resin could be assessed (voxel size 100 μm). The authors do not discuss the possibilities of
investigating smaller cavities (10–100 μm) or more complex spatial geometries.

Many details of porosity problems and the formation of leakage paths are still unclear.
In this study, an impregnated cast part—produced with a gas tightness requirement and
nevertheless showing leakage, despite impregnation—was examined in detail. The aim of
the investigations was to determine the location and geometric characteristics of potential
leaking paths in the casting. The shape and size of the cavities and porosities in the
investigated castings were determined using metallographic and micro-CT methods. The
parallel metallographic and micro-CT analyses of the continuity defects identified in a
given cross-section of the cast part provide an opportunity to compare the advantages and
disadvantages, as well as the limitations of both methods.

2. Materials and Testing Methods

We determined the porosity map of a selected part of a mass-produced EN AC
46000 AlSi9Cu3(Fe) die-casting (compressor) part. The impregnated casting, finished
after pressure die-casting, showed leakage between the inner and outer space in the helium
inspection test prior to assembly and was therefore taken out of production. The leakage
was identified in the greater wall thickness of the thin-walled cylindrical casting. The front
face of the shell is machined, and the sides have cast surfaces. This part contains holes for
connecting the associated elements, one of which has a threaded internal surface. Leakage
to the external space is through the inner part of the threaded hole.

A detailed structural analysis was conducted on the cast piece (Figure 1). The ma-
chined specimen contains a volumetric size of about 4.5 cm3, including the threaded bore.
Therefore, it can be assumed that there are discontinuities associated with leakage in this
region. The defect distribution characteristics were determined by computed tomogra-
phy (micro-CT) and metallographic analysis, for which the sample was embedded in
metallographic resin. The tests were carried out within the planes presented in Figure 1.
The examined planes were parallel to the base plane. The sample was studied by light
optical microscopy (LOM), without etching, after metallographic preparation (grinding
and polishing). Lower magnification metallographic images, showing the complete cross-
section of the sample, were produced with an OLYMPUS DSX1000 (Olympus Scientific
Solutions Americas Corp., Waltham, MA, USA) opto-digital microscope with a resolution
of 3.4 μm. Higher-resolution images of the elements of the revealed structure were pro-
duced with the opto-digital microscope (LOM) and a JEOL JSM 5310 LA scanning electron
microscope (SEM).
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Figure 1. The sample from the leakage region and positions of the cross-sections examined by metallography.

The micro-CT scans were performed on the YXLON FF35 (YXLON International
GmbH, Hamburg, Germany) machine at the 3D Laboratory of the University of Miskolc.
Porosity was studied by porosity/inclusion analyses using the VGStudio MAX 3.0 software
at the 3D laboratory of Óbuda University. The relatively large sample volume allowed
a resolution of 30 μm, which meant the detection of 2·× 108 spatial pixels (the size of
the resulting file was 196 GByte). Limodin [14], Garb [15], and Weidt [16] measured
approximately the same number of voxels but used a significantly smaller sample to
achieve a better resolution. The results of the porosity analysis in a 3D reconstructed image
are shown in Figure 2.

 

Figure 2. Volumetric distribution of porosities in a 3D reconstructed CT image at 60% transparency.

The position of the plane in the optical image can also be reconstructed from the spatial
micro-CT results and thus, the metallographic and CT scan results can be combined for a
given scan section. The ImageJ 1.52a image processing software was used to analyse the
images acquired by both methods.

The impregnation resin fluoresces in ultraviolet light, and thus, the filling of cavities
in metallographic surfaces with impregnation resin can be checked with the use of UV
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illumination. The UV-illuminated micrographs were produced with an OLYMPUS DSX1000
opto-digital microscope with a Labino 135 UV reflector.

We could not detect the impregnation resin in the cavities by micro-CT scanning.

3. Results and Discussion

Shrinkage cavities, gas porosities and other discontinuity defects in the polished sur-
face section of the test specimen, revealed by metallography, were identified by optical
microscopy. We observed gas porosities and microcavities on the metallographically pre-
pared surfaces. Figure 3 shows some characteristic defects of the studied part at a distance
of 0.7 mm from the base plane (level 1). Spherical gas pores and discrete shrinkage cavities
are clearly visible at low magnifications; however, the characterization of microcavities
requires higher resolutions. Figure 3a,b show the typical appearance of gas pores, shrinkage
cavities and microcavities.

  
(a) (b) 

Figure 3. Porosity, as shown by optical microscopy; (a) gas porosities and shrinkage; (b) microporosity.

A high-resolution view of several cm2 sample areas was produced from a series of
panoramic images. Depending on the actual size of the sample area, each macro image was
produced by automatically stitching 48–72 photographs at a magnification of 100×.

From the 3D CT-scan data set, the position of the metallographic plane can be deter-
mined from the geometric data of the specimen; thus, a two-dimensional CT image of the
investigated plane can be reconstructed. The comparison of the image produced by the
optical microscope and the CT image showing the same plane allows a joint analysis of the
results of the destructive and non-destructive tests.

We performed a systematic comparison of the optical and CT examination results
in nine examined planes. The sections were marked in a position parallel to the base
plane (see Figure 1) at a distance of 0.7–7.1 mm from it. Figure 4 shows the cross-section
explored in a plane that is 3.9 mm from the base plane (cross-section 6). The images in
Figure 4a,b show the total area of the sample; in this section, the convex area of the sample
is 6.3 cm2. The position of the threaded hole and the location of the larger individual
defects show that the metallographic section and the 2D CT image represent the same
plane. The cross-section examined shows a large number of small to large continuity gaps,
most of which can be matched with the two inspection methods. The enlarged images
of the section marked in Figure 4a are shown in Figure 4c. Again, the larger individual
continuity defects look the same with both methods; however, the identification of the
smaller defects is not straightforward. The one order of magnitude lower resolution of
the CT image and its inherently poorer image quality result in blurred contours of smaller
defects and, thus, an uncertain identification of shapes. This difference is clearly visible
with a higher magnification of the surface area, as shown in Figure 4b (Figure 4c). The
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contour of the large cavity is significantly blurred, and some small cavities are not even
identifiable in the CT image. Although the resolution of the CT images is 30 μm, the lower
limit of the sizes of objects that can be identified with confidence is around 50 μm due to
image quality.

 

Figure 4. Optical microscopy (left) and micro-CT (right) images of cross-section 6. (a) Image of the
complete section by optical microscopy (LOM); (b) image of the section by CT; (c) magnification of
the marked area in (a) (LOM); (d) magnification of the marked area in (b); (e) magnification of the
marked area in (c); (f) magnification of the marked area in (d).

The cross-sectional images were binarized with the use of the automatically offered
threshold of the ImageJ software. No image correction was applied. In the case of the
CT images, due to the poorer image quality, the number of false signals of a few pixels
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in size increased during binarization. We did not modify the binarized image in any way.
Figure 5 shows the optical and CT images of Figure 4d after binarization. The binarized CT
image on the right shows several continuity gaps of 1 pixel in size, which are not found
in the optical image (left), which we consider the reference. In order to reliably evaluate
the area of larger cavities, we did not apply erosion and dilation to the image. Optical
microscopy images can have similar defects, but to a lesser extent, due to the significantly
better image quality.

  
(a) (b) 

Figure 5. Images of cross-section 6 after binarization; (a) optical microscopy; (b) micro-CT.

In the full cross-section of the sample (Figure 5), 3901 defects can be detected in the
optical microscopy image and 849 defects in the CT image.

The diagram in Figure 6a shows the size distribution of the identified defects. In
this diagram, the diameter of a circle with the same area as the defect area, the so-called
equivalent circle diameter, is used to characterize the size of the defect. The frequency of
defects increases sharply with decreasing size, based on both the metallographic and CT
examination results. The higher value identified in the CT image in the 35 μm equivalent
defect size category is caused by the binarization of the gray image, as explained above.
The 35 μm equivalent defect size category is representative of the presence of continuity
defects of a few pixels in the CT image.

 
(a) (b) 

Figure 6. Assessment of the discontinuities identified in cross-section 6. (a) Frequency distribution of
defect size (equivalent circular diameter); (b) sum of defect areas in descending order.

More than 3.000 defects, or about 78% of the total number of defects, cannot be detected
by CT because their size falls below the resolution of CT, in the equivalent diameter range
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of 4–30 μm. However, this amount of defects account for about 19% of the area of defects,
i.e., more than 80% of the defect area in the examined section was detectable by CT. We
sorted the detected defects in decreasing order as a function of their area measured in the
plane and then plotted the sum of the defect areas 1 to n (n ≤ number of defects) (Figure 6b).
The value of the points representing the sum function provides the sum of the area of the
detected defects, with a maximum value of 6.4 mm for optical microscopy and 5.3 mm
for CT.

The area sum function for CT is continuously below the area sum function determined
by optical microscopy. The area of the first defect, i.e., the largest defect (the largest defect
in the images in Figure 2), is 1.03 mm2 in the optical microscopy image and 0.98 mm2 in the
CT image. The summed areas of the first ten largest defects show a similar difference, with
2.48 and 2.17 mm2, respectively. The cumulative defect area up to the first 849 defects (all
the defects detected by CT) is 6.259 mm2, determined by optical microscopy, and 5.222 mm2,
determined by CT. The cumulative area of the 3901 defects detected by optical microscopy
is 6.340 mm2. The 3901 − 849 = 3052 defects identified on the metallographic section
account for 6.340 − 6.259 = 0.081 mm2 of the cumulative defect area, proportionally 1.3%
of the total value.

As shown above, there is a systematic discrepancy between the defect area sum
functions determined by optical microscopy and CT scanning. This is proved by the linear
correlation coefficient (R = 0.993) between the defect area data pairs determined with the
two methods. The tangent of the line fitted to the data pairs is m = 0.912, i.e., the defect
area on the sample surface determined by CT is, on average, 91.2% of the defect area
measured with the help of optical microscopy. The sections shown in Figure 5 have the
same field of view at the same magnification; the area of the shapes extracted from the CT
images is smaller than that of the shapes detected by optical microscopy. The difference is
presumably due to the different imaging quality and different resolution.

We performed the above analysis on nine sections of the test sample. Table 1 shows
the results of the measurement series. Based on the mean value in Table 1, 83% of the defect
area detected by metallographic (optical microscopy) examination can be identified on CT
scans, i.e., approximately 17% of the defect areas are not detected by CT scans. This 17%
area ratio represents 80% of the total number of defects. We calculated the linear correlation
of the defect area data pairs that were measured by optical microscopy and CT scans; the
data were sorted in descending order of size. The average correlation coefficient for the
nine sections is R = 0.981. The proportion of defect areas identified by CT scanning and
optical microscopy ranges from 0.644 to 0.942, with an average value of m = 0.827.

Table 1. Results of a series of measurements in nine sections of the sample.

Cross-Section
Number

Distance from
the Base, mm

Defective Area in the
Sample Area, %

Specific Defect Number,
Defect/mm2

Opt/CT Defect
Area

Correlation

Optical Microscopy CT CT/Opt Optical CT CT/Opt m R

1 0.7 2.20 1.09 0.79 24.81 1.79 0.07 0.792 0.974
2 1.2 1.53 0.83 0.80 21.61 1.46 0.07 0.799 0.990
3 1.5 1.18 0.83 0.80 12.78 1.37 0.11 0.801 0.974
4 2.8 0.83 0.78 0.94 2.65 0.27 0.10 0.942 0.982
5 3.2 1.13 0.80 0.64 13.02 1.25 0.10 0.644 0.968
6 3.9 1.23 1.05 0.91 7.48 1.70 0.23 0.912 0.993
7 4.6 1.05 0.71 0.77 4.75 1.50 0.32 0.769 0.983
8 5.9 1.06 0.75 0.91 3.51 1.30 0.37 0.906 0.980
9 7.1 1.39 1.13 0.88 4.83 2.00 0.41 0.877 0.986

average 1.29 0.88 0.83 10.60 1.41 0.20 0.827 0.981
deviation 0.40 0.16 0.09 8.10 0.49 0.14 0.093 0.008

120



Crystals 2023, 13, 1014

Based on metallography and optical analyses, the number of defects larger than 100
μm is 3–5%, and this represents 65–80% of the discontinuity area. The percentage of defects
larger than 30 μm (i.e., the resolution of CT) ranges from 10 to 30% of the total number of
defects in the nine sections. This 10–30% number of defects represents 75–95% of the total
number of defects detected (Table 2).

Table 2. Defect size rates in nine cross-sections of the sample by equivalent diameter range.

Equivalent Diameter, μm Number of Defects, % Percentage of Defective Area %

>100 μm 3–5 65–80
>30 μm 10–30 75–95
>10 μm 40–60 95–98

4. The Filling of the Cavities

The gas tightness of castings can be ensured by sealing the leakage paths and impreg-
nating the cavity systems connecting the outer and inner spaces. Thousands of cavities,
identified by optical microscopic metallographic analysis and CT scans, as described in
Figure 6, may be part of an interconnected microcavity system, even running to the ma-
chined surface, or a localized isolated continuity gap. The latter has essentially no effect
on gas tightness. Due to the complex spatial shape of a leaking cavity system, it is not
possible to determine from a cavity identified in a planar section whether it plays a role
in leakage or not. If the cavity contains impregnation resin, its continuation is certainly
connected to an external surface; however, if the presence of resin cannot be verified and
the casting is proven to leak, the cavity is part of a leaking pathway. The CT scan does not
detect sections of the spatial cavity system below the detection limit. In this case, at 30 μm,
the filling of the cavity with resin cannot be demonstrated with this scan. Conventional
bright-field microscopy cannot be used to show resin in the cavities since the cavity appears
as a dark-toned spot, as seen in Figures 4 and 5, whether the resin is present or not. The
detection of resin in the cavities is only possible by scanning electron microscopy on a
metallographically prepared section, fractured surface or by examination under UV light.
Both methods are only suitable for the identification of the impregnating agent on the
examined surface.

We detected impregnation resin in the cavities by scanning electron microscopy in
sections 5, 6, and 9 and by UV-illuminated optical microscopy in section 9. Figure 7 shows
some typical images of impregnation resin-saturated and non-saturated cavities.

 

Figure 7. Some characteristic cavities identified on the metallographically prepared surface in
section 5. (a) Complex cavity; (b) magnification of the area marked in (a).

Figure 7 shows a complex cavity partially filled with resin. The continuity gap extend-
ing below the plane of the section on the left side of Figure 7a forms a system with a thinner
channel on the right. The meeting point of the smaller and larger cross-sectional cavity
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sections—the detail marked in Figure 7a—is shown enlarged in the image in Figure 7b. In
the cavity system, a 15–20 μm constriction can be identified in the section marked with
an arrow, the right side of which contains resin, while the left side does not. It can be
assumed that during impregnation, the resin flowed into the cavity system through the
cavity section on the right; however, for some reason, the filling of the left-hand section
could not be completed. The constriction marked by the arrow must have increased the
flow resistance, and thus the pressure difference or the time available was probably not
sufficient to fill the cavity on the left.

Figure 8a shows the entire surface of cross-section 9 using LOM when the sample
is under UV light. Due to the fluorescence of the impregnation resin, the discontinuities
filled with resin glow in a bluish-white color, while the base matrix has a purple tint. The
structure of the metallographic embedding resin is visible around the part and in the bore
in Figure 8c,d.

 

Figure 8. Material continuity defects identified in cross-section 9. (a) The entire surface under UV
illumination (LOM); (b) the appearance of cavities under UV; (c) cavities filled with resin (SEM
image); (d) a large cavity with resin (SEM image); (e) spherical cavities without resin (SEM image).

Due to the unidirectional UV illumination, the edges of the cavities are shimmering
white, and thus automatic image analysis is limited for these images. Visual inspection of
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each area at higher magnifications reveals that the impregnating resin covers approximately
half of the total cavity surface. The number of unsaturated cavities, mainly small ones, is
significantly higher than the number of saturated cavities. The spherical continuity gaps,
with a few exceptions, are generally free of resin and can probably be considered separated
gas inclusions.

Figure 8b shows a larger magnification of the resin-filled cavity near the hole. Figure 8d
shows a scanning electron micrograph of the larger cavity and its surroundings in the upper-
right-third of the image. The large cavity clearly contains resin, and the surrounding smaller
cavities, which are spherical and irregular in shape, do not. The presence of resin is also
clearly visible in the scanning electron micrograph of the string-like shrinkage cavity row
(Figure 8c), but the impregnating agent cannot be identified in the spherical cavity in
Figure 8e (the cavities in the lower-right-third of Figure 8b). The UV-illumination optical
microscopy inspection procedure clearly identifies cavities containing an impregnating
resin on the metallographic section in our experience.

5. Conclusions

Die-cast aluminum alloy components with gas tightness requirements manufactured
with high care in melt treatment and casting technology can still have leaking problems
after impregnation, especially in castings with larger cross-sections. In order to map
the nature and location of the possible leakage pathways, a detailed investigation of the
material continuity defects and porosity of the casting is required. Leakage is likely to
occur along contiguous leak paths with complex geometries of holes produced by gases
and shrinkage cavities. The investigations presented in this study were carried out on a cast
part, showing leakage. The inner structure of the cast part was analyzed by metallographic
macro photography through an optical microscope and micro-CT images of the same planes
in nine parallel cross-sectional positions. The optical microscopic and micro-CT procedures
allowed resolutions of 3.5 and 30 μm, respectively.

The statistical evaluation of the cavities in the investigated planes (see Tables 1 and 2)
shows that the defect density in the critical part of the casting is very high, exceeding 10
defects/mm2 based on the optical microscopic examinations. However, the typical defect
size is small; 80% of the defects are less than 30 μm. Overall, the ratio of the defected area is
1.3% for the surfaces tested. The defect density and defect rate, determined by the micro-CT
examination, were significantly lower, which is a consequence of the lower resolution of
this examination technique. For the defects larger than 60 microns, optical and micro-CT
analyses yielded approximately the same statistical characteristics.

The cavity systems attached to the surface were partially saturated with resin during
impregnation. In the case of the tested casting, the presence of impregnation resin in the
cavity was not detectable by the micro-CT method. This is because the typical cavity size
and cross-section are very small in relation to the wall thickness of the casting, and the
resin comprises a small atomic number of elements. Therefore, there is minimal contrast
difference between the resin-saturated and non-saturated cavities. Optical microscopy
under UV illumination is suitable for the detection of impregnation resin in cavities.
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Abstract: Grain size distribution after the completion of a phase transformation was studied through
the laboratory-controlled hot-plastic deformation of dual phase 600 (DP 600) steel using a specially
prepared asymmetric single-pass hot-rolling wedge test with a refined reheating grain size instead of
the usual coarse-grained starting microstructure observed in practice. The experiment was performed
to reduce generally needed experimental trials to observe the microstructure development at elevated
temperatures, where stable and unstable conditions could be observed as in the industrial hot-
rolling practice. For this purpose, experimental stress–strain curves and softening behaviors were
used concerning FEM simulations to reproduce in situ hot-rolling conditions to interpret the grain
size distribution. The presented study revealed that the usual approach found in the literature for
microstructure investigation and evolution with a hot-rolling wedge test was deficient concerning the
observed field of interest. The degree of potential error concerning the implemented deformation per
notch position, as well as the stress–strain rate and related mean flow stresses, were highly related to
the geometry of the specimen and the material behavior itself, which could be defined by the actual
hardening and softening kinetics (recrystallization and grain growth at elevated temperatures and
longer interpass times). The grain size distribution at 1100–1070 ◦C was observed up to a 3.45 s−1

strain rate and, based on its stable forming behavior according to the FEM simulations and the
optimal refined grain size, the optimal deformation was positioned between e = 0.2 and e = 0.5.

Keywords: wedge test; hot-rolling; grain size distribution; dual-phase steel

1. Introduction

1.1. Dual Phase Steels

Dual-phase (DP) steel is highly interesting and is intended for many demanding
applications, such as the automobile industry. Its high strength-to-weight ratio can be
related to fuel economy as a part of the green transformation promoted by the EU. These
compositions are similar to lean qualities, making them interesting for further study. The
use of the wedge test for obtaining data on grain size evolution under various rolling
parameters is demonstrated in this paper.

DP steels are considered common representatives of advanced high-strength steels
(AHSS) for advanced safety components in the automotive industry due to their high
tensile strength. The high strength is obtained by (higher carbon) martensite (M) content,
and the optimal yield stress is provided by the ferrite (F) content. Therefore, their good
cold-formability properties can be exploited for rather complex shapes. A complex mi-
crostructure was obtained during sheet processing; bainite (B), retained austenite, and
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carbides could also be identified alongside F and M. Usually, the martensite fraction is from
10 to 30 %. In the case of high-strength DP 1200 steel up to 38 vol.% or higher [1–4].

AHSS sheets are mainly delivered after cold rolling and are covered with metal
coatings to protect the steel surface against corrosion [4–6]. They are also available in a
hot-rolled state. For ultrafine (UF) refinement, two on-line methods are generally used:
modern thermomechanical processing (which involves controlling the cooling rate dur-
ing the γ → α transformation, strain (–deformation)-induced ferrite nucleation (DIFT),
etc.) and severe plastic deformation strategies at elevated temperatures, introducing low-
temperature regimes, etc. [7]. An example of these two methods is when one part of the
deformation is carried out in the roughing stage (R) for full austenite recrystallization,
and the other part is carried out in the low-temperature regime with several large strain
deformations. They are followed by inter-critical annealing (IA) and quenching for the
production of ultrafine-grained DP steel [1]. Ultrafine ferrite grain (ULFG) can be produced
by a single- or multi-pass deformation at IA temperatures by promoting the dynamic-strain-
induced transformation of austenite to ferrite [8]. Under ordinary hot-rolling procedures,
the DP steel’s microstructure is composed of F and pearlite (P) bands, while microalloy-
ing additions (such as Nb) may cause additional B formation. Classical microstructure
development using off-line reheating, for example, in thin strips, can be carried out by
heating the products within the IA region between Ar1 and Ar3, followed by quenching [3].
These rolling schedules and heat treatments can, therefore, be adapted to the chemical
composition, secondary precipitation, and potential influence of the solid drag (SD). In this
study, a single laboratory “roughing pass” was conducted at a reasonably low roughing
temperature of 1100 ◦C, which is close to the conditions of the final roughing passes used
in the industry.

1.2. The Wedge Test

Non-standardized wedge-shaped specimens are used for research regarding metal
forming, the workability of specific alloys, and to evaluate microstructure evolution. The
tests of wedge specimen deformations can be used for hot forging, pressing, as well as
(hot-) rolling tests. The rolling tests of wedge-shaped specimens (henceforth called wedge
rolling tests) deform their former tapered geometry with a single pass into a thin sheet
of equal thickness; however, different deformation conditions are applied regardless of
the rolled length of the material under investigation. The direction of rolling begins from
the lower height to fulfill the bite condition and gradually progresses toward the higher
end. The wedge specimen can be designed to include a narrow part at the beginning (the
so-called tongue) with a height smaller than the rolling gap. This in itself provides a good
control sample, given that the tongue is not submitted to any material deformation. The
wedge specimen must end with a parallel plane length of at least 1/3 of the total specimen’s
length to ensure a stable finish [9].

The wedge rolling test can be used to obtain information on the slab-to-plate or plate-
to-strip reduction ratio, specifically concerning the grain size and microstructure evolution
during deformation [10–14]. It can also be used for technological formability studies, such
as observing crack formations under different technological parameters of melt preparation,
casting, and hot rolling. This was demonstrated in the case of 25CrMo4 steel by extracting
samples from different positions of blanks, blooms, and slabs. The height strain, e (or ε),
the force, and the strain rate (

.
ε) were close to linear with increasing values along the rolled

length [15]. A possible mathematical solution for the evaluation of rolled wedge samples
was proposed by Kubina et al. [16], where a macro image of the rolled sample was evaluated
with a computer algorithm. The output was the mean strains (both true and relative), the
mean strain rates, and the broadening of the sample along the sample’s length. However,
due to the dynamic nature of the wedge rolling test and its high dependency on the sample
geometry, rolling stand, etc., the instructions for sampling and microstructural investigation
should be given in a precise manner to ensure good comparability and repeatability.
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In this study, the wedge rolling test was performed using DP 600 steel. The nature
of the grain size evolution in grain refining and grain growth was studied at an elevated
temperature and different length positions to ensure different thickness reductions with
the corresponding strain rates (

.
ε). The main issue in the wedge-rolling tests was in the

comparability of individual tests in terms of the sampling location significance and possible
deformation-related influences that could affect the result.

2. Materials and Methods

2.1. Materials

The steel charge was melted using an open induction furnace. The steel (with
Tliq = 1520 ◦C) was cast into ingots at approx. 50 K of superheat and left to cool. No
stress relieving was necessary due to the lean composition with poor hardenability. Ingots
were used to prepare a tapered wedge sample with the dimensions shown in Figure 1a.
The wedge sample consisted of three distinct areas: first, the thinnest starting part, referred
to as the tongue (which also served as the reference point for microstructural evaluation),
ensured a smoother start to the rolling; second, the tapered rising part enabled the dynamic
test of varying strains and strain rates. Finally, the finishing thick area served to stabilize
the rolling process and prevented dimensional post-rolling abnormalities [9]. Furthermore,
notches were mechanically cut into the side of the wedge to signify the selected computed
deformations (given in Table 1) for easier observation after rolling. A schematic representa-
tion of hot-deformation and cooling regimes to prevent excessive primary austenite grain
(PAG) coarsening is shown in Figure 1b. Cooling was similar to offline heat treatments for
DP steels. The cooling started from the full austenite region, crossing the (α + γ) region
by adjusting the cooling rate, and finally, with the intense transformation of undercooled
(remaining) austenite (A) into a-thermal martensite (M), the test was completed [5].

Table 1. Engineering (relative) deformation per notch position (/) using a 3 mm rolling gap.

Position e1 e2 e3 e4 e5 e6 e7 e8 e9 *

Target 0.04 0.12 0.21 0.32 0.41 0.50 0.60 0.70 0.75

Actual 0.05 0.08 0.12 0.21 0.32 0.39 0.51 0.62 0.68

Actual ratio ** 1.05 1.08 1.13 1.27 1.46 1.64 2.04 2.62 3.12

* Notch position e9 marks the final flat end of the wedge sample. ** Measured on actual starting and achieved exit
thickness per notch position. (Calculation of true strain from relative follows: εh = − ln(1 − e)).

2.2. Experimental Testing

The final rolled sheet was revealed to be rather flat, with no excessive edge waves
or flatness issues. This could be an indication that due to a rather low rolling speed (and
consequently

.
ε), the final microstructure along the sample length was cross-sectionally

uniform (not isotropic) despite it being an asymmetric wedge test [17]. Figure 1c shows
the location of the notch positions where with each increased number (from e1 to e9), an
increase in the stored energy during rolling was expected. This means that, by increasing
the deformation, the driving force for recrystallization also continuously increases [18].

The maximum ratio h0
h1

, where h0 signified the starting thickness and h1 the final
thickness, was set to 4:1. The ratio 3:1 was estimated to be the lowest ratio per notch
position of the highest reduction for the given study and the wedge geometry setup. The
wedge maximum thickness was sufficient due to the maximum allowable bite angle αo
concerning the friction coefficient. The steel wedge sample was reheated to the temperature
of 1100 ◦C. The temperature of the sample after rolling was measured to be, on average,
1070 ◦C. For a single-run hot-rolling test, a laboratory two-high rolling mill with roll
diameters (2R) of 294 mm each was used. The work rolls were also preheated to minimize
heat extraction during rolling (a drop of 30 K was measured). The preheating of the rolls
was conducted for 3 hours before the actual test was run to achieve quite a homogeneous
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surface temperature of approx. 80 ◦C. Based on the work roll’s rotation frequency of
n = 8 rpm, the average rolling speed v was calculated as:

v = ω·R (1)

where ω is the angular velocity. Therewith, the average rolling speed was calculated to be
0.12 m/s. The mean strain rate,

.
ε, based on the contact time of 2.5 s, was calculated to be up

to 4.1 s−1, and when estimated with the length of the deformation zone Ld, the maximum
values were up to 3.98 s−1 (Equations (2)–(4)) [19].

.
ε =

ε

Ld
·v (2)

Ld =
√

R·(h0 − h1) (3)

cos α0 =1 − h0 − h1

2R
(4)

 

 

 

Figure 1. (a) Geometry of the test sample (sketch taken from the FEM simulation), (b) Test schedule,
and (c) Final sample with locations selected for investigation (marked A to E). The arrows represent
the position of the grain size evolution study (through the thickness cross-section). The edge integrity
in rolling length is well preserved—the material acts ductile during rolling.
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The first part of the moderate cooling of the nominally 3 mm thick sheets after rolling
was conducted to promote ferrite nucleation in the (α + γ) region down to approx. 750 ◦C,
which was close to the usual IA. Further intense cooling was performed to promote γ → M
transformation, similar to step quenching [4].

The samples were extracted for a light optical microstructure observation (OM, Zeiss
Axio Imager 2, Francoforte, Germany) and field-emission scanning electron microscope
investigation (FE-SEM, Zeiss Supra VP55, Francoforte, Germany), as seen in Figure 1c. They
were viewed in the transverse direction according to the rolling direction. After grinding
and polishing, the microstructure was observed after etching with 2% Nital. FE-SEM
observations were performed on non-etched samples. Secondary electron (SE) images were
used for grain size evaluation and were analyzed using the commercial ImageJ software
(1.53k, open-source software, NIH, Bethesda, MD, USA) and by analyzing Feret’s diameter.

Table 1 reveals the target and actually achieved engineering deformation per notch
position for the performed wedge rolling test. The target deformations were chosen based
on roll mill stiffness, safety during sheet production, and allowable roll mill displacement.
The achieved true strain was in a range between ε = 0.05 and 0.96. The per-notch position de-
formation could be considered as having a cumulative (residual) deformation representing
multiple passes with an insufficient delay between passes for softening (or achieving t50).
For example, in usual recrystallization rolling, at least 0.5 of the cumulative engineering
strain was targeted for proper uniform grain size evolution. This was consistent up to
notch e7 regarding the achieved strain e. Here, we already had an obvious discrepancy
between the target and achieved deformation based solely on the geometry of the hot-rolled
flat sheet.

The per-notch positions for engineering strains e1 to e3 were regarded as limited
regarding the metallurgical pass needed for the full cross-section PAG evolution. Addition-
ally, secondary recrystallization was expected during post-rolling cooling. The latter was
closer to broad sizing as seen in industrial practice, with weak first ε passes, and were not
considered as actual roughing or effective metallurgical passes [20]. Above e3 and up to
e5/e6 was the region where the last roughing pass before finishing in plates was considered
in actual practice, and post-deformation SRX is regarded as the main softening kinetic.
Above e5/e6, the εT was already above the usual per pass engineering strain for the last
roughing phase of most of the thin plate rolling productions’ practice. This meant that the
main softening mechanism in the last positions (between e6 and e9) on the wedge if εc or
εp were also considered (latter as grain size dependent), was among the dynamic, static
recovery (DRV, SRV) also fast post-deformation meta-dynamic recrystallization (MDRX).
SRX could also be activated. The maximum peak obtained from the σ-ε curve was evaluated
at approximately ε = 0.3–0.4 with the softening above ε = 0.4 for 1100 ◦C at 1 s−1 and 3 s−1.
The σ-ε curves indicated a DRX phenomenon (T > Tnrx), as shown later in the manuscript.
This was observed with the hot compression curve; reheating to 1200 ◦C → cooling →
deformation at 1100 ◦C and εT = 0.7, quench. This meant that with and above e7, the effect
of starting PAG was complex, depending on the DRX kinetics. It also indicated that at
least part of the production/reheating grain size history of the wedge should be minimized
concerning the achieved final (originally preserved) PAG; it was known that under DRX,
the recrystallization kinetics were independent of the starting (initial) PAG if σsteady was
achieved. However, the post-deformed softening on nucleated DRX grains and grain size
evolution was complex and depended on the status of individual grains concerning the
preserved dislocation density and actual grain mobility.

Based on the results shown further in this paper, this also meant that a different PAG
evolution per notch position was expected in the activated post-deformation process [21].
After deformation and based on the predicted CCT calculated using JMatPro, the approxi-
mate cooling rate that was needed to prevent pearlite formation was approx. 10 K/s, which
is in agreement with [2] for similar compositions used for DP microstructure formation
using the deformational dilatometry test.
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2.3. Computer Modeling

Two commercial thermodynamic tools were used, namely Thermo-Calc (Thermo-Calc
2022a, TCFE11: Steels/Fe-Alloys v11.0, Thermo-Calc Software AB, Solna, Sweden) and
JMatPro 6.1 (General Steel database). JMatPro 6.1 (Sente Software Ltd., Guildford, UK) was
also used for the estimation of approximate cooling rates for γ → α transformation before
intense quenching in the cold water of approx. 18 ◦C. Additionally, the non-commercial
model from Bhadeshia, Mucg83, was used for basic temperature determinations [22].

For a more detailed understanding of the hot working process when using a tapered
wedge test, finite element (FEM) simulations were conducted using Abaqus software. The
model was calculated as a 3D stress Dynamic/Explicit problem with the wedge being
deformably extruded solid, and both rolls were 3D discrete rigid objects. The mesh of
the wedge sample consisted of 2904 standard C3D8R linear brick elements, while each of
the rolls was meshed with 1111 R3D4 and R3D3 quadrilateral and triangular elements,
respectively. The mesh of the wedge sample was constructed with a bias and element seeds
ranging from 4 mm to 2 mm. Figure 2 shows the mesh sensitivity analysis of the wedge
sample, revealing that decreasing the element size below 4 mm gains produced neglectable
little accuracy at the expense of a much longer computing time.

 

Figure 2. Mesh sensitivity analysis of the wedge sample mesh (C3D8R elements); a decreasing
element size below 4 mm gained neglectable little accuracy at the expense of a significantly longer
computing time.

In the setting of the simulation, the heat transfer between the wedge and the rolls
was neglected, similar to the work of Parsa et al. [10]. The temperature effect was taken
into account by employing the mechanical properties of the wedge as being temperature
dependent. The data used for the temperature-dependent mechanical properties (Young’s
modulus, density, Poisson ratio) were obtained with the thermodynamic prediction soft-
ware described above and the data shown in Table 2. The stress–strain curves used were
taken from actual measurements performed on the Gleeble thermo-mechanical simulator,
as an example shown in Figure 3. Kinematic sliding with the penalty was used as an inter-
action property; a friction coefficient of 0.3 was used based on the work of Edberg et al. [23]
to calculate the flow stresses with the friction-hill model for a hot strip mill [18]

Table 2. Material properties used in the FEM calculation.

Density (g/cm3) Young’s Modulus (GPa) Poisson’s Ratio

7.485 98.85 0.36
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Figure 3. An example of experimental and fitted Gleeble hot compression true stress-true strain (σ-ε)
diagram: DRX flow curves for both deformation rates (1 and 3 s−1) at 1100 ◦C are presented for the
C-Mn type of composition and were also used for DP 600 in this study. The estimated absolute error
is +/−10 MPa (based on the Sellars constitutive equation, adapted after [3]). For the highest rate, a
simplified hypothetical saturation stress limit (σ′

sat) was added (dotted line) to observe the softening
due to DRX.

3. Results and Discussion

3.1. Chemical Composition

A basic composition, typical for lean (C-Mn) structural steels, was set (with low carbon,
high manganese grade) where manganese defined the proportion of ferrite and pearlite
under ordinary air-cooled conditions [24,25]. No precipitation-strengthening carbide or
nitride-forming elements were intentionally added to the given study to allow full soft-
ening kinetics (for close to equiaxed austenite shape formation) concerning the kinematic
parameters of wedge rolling. Additionally, due to the very thin sheet material, there was
no need for Cu, Mo, or Ni to enhance hardenability. A similar basic composition could
also be used for S690QL thin plate grades (<8 mm) using thermo-mechanical controlled
processes (TMCP) and DP steels which were intended for bake hardening [2,17]. The added
Al produced no precipitation hardening [24]. In Table 3, showing the measured chemical
composition, it was obvious that a rather high nitrogen content was achieved due to the
open induction melting procedures and the used pre-alloyed material. Soluble nitrogen
influences the impact transition temperature; for this test, this was considered allowable.
Therefore, the soluble nitrogen was not controlled, and grain refinement by HAGB and
coarsening were observed concerning the rolling parameters. The alloys used in this case
were highly pure, resulting in a low oligo-element content and cleanliness concerning
non-metallic inclusions (NMI). Sulfur and phosphorous were both under 0.0015% and
0.01%, respectively. The material was prepared using remelts for the synthesis of low
carbon, which was close to C-Mn type steel [26]. No boron or other microalloying additions
were introduced for this purpose. The metal melt was deoxidized using SiMn and Al. The
calculated carbon equivalent, based on the measured compositions of an ingot using the
CEV (IIW) equation, was 0.42. This indicated that the material was weldable.
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Table 3. Chemical composition of the as-cast ingot (in wt.%).

C Si Mn Cr Ni Mo Al * Cu Ntot Ti + Nb + V Fe CEV [26]

0.072 0.19 1.38 0.56 <0.01 <0.01 0.031 <0.01 0.018 0.0125 Bal. 0.42

* Minimum 0.02 wt.% Al was considered for a fully killed grade. The ratio Al: N < 2.0 indicates the potential
availability of soluble nitrogen in the austenitic matrix as no other nitrogen-binding elements were introduced.

Based on the chemical composition, Tnrx was estimated to be at 841 and 864 ◦C based
on the Boratto–Barbosa equation [27] and modified equation [28], respectively. Having a
similar composition and microalloying additions, the Tnrx was properly increased as in the
work of Song et al. [8]. The Tnrx was considered as a recrystallization stop temperature
(RST). The recrystallization low temperature (RLT), despite the minimum solid drag and
Zener force, if any, was considered to be 934 ◦C, which was close yet still approx. 140 ◦C under
the used single-pass temperature. The Ae3 was predicted by Thermo-Calc and JMatPro 6.1
to be 834 ◦C and 830 ◦C, respectively. This meant that R and FRT were conducted in the full
austenitic recrystallization range (Type-I, static recrystallization) according to Irvin et al. [24],
and no substantial pancaking could be visible, even by direct online water quench.

The Ms was predicted by JMatPro to be 438 ◦C, while the CCT diagram using KIN
was predicted to be 477 ◦C (Figure 4). Additionally, based on the Bhadeshia model [22],
the Ms was predicted to be 463 ◦C. All information about the starting Ms position revealed
the possible self-tempering effect of prior M upon continuous cooling. The predicted [28]
Ar3 was 764 ◦C and, based on KIN, Ac3 = 828 ◦C. The intense cooling should already be
partially performed inside the IA region based on Ae3 and also Ar3 conditions. The delay
time from FRT to the beginning of the water quench was sufficient for proper polygonal
ferrite development under Ae3 [8]. In this case, the formed ferrite was not impinged
after nucleation due to the lack of pinning particles and their subsequent deformation.
Due to the rather fast cooling from FRT to the region of Ar3, the overall PAG coarsening
was limited.

  
(a) (b) 

Figure 4. (a) Predicted CCT using JMatPro and (b) KIN with the internal material database.

3.2. FEM Simulations and Calculations

The wedge rolling test in itself is considered to be a dynamic test as every geometrically
dependent rolling parameter (ε,

.
ε, αo) is both time and location dependent. Based on

Equations (2)–(4), the different calculated mean parameters of the rolling in dependence
of the per notch position are shown in Figure 5. Expectedly, an increasing trend can be
noticed for all three parameters.
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Figure 5. Calculated mean values of (a) the bite angle, deformation zone, and (b) strain rate with the
per notch position of increasing mean strain, e. Each point on the diagram represents an increasing
notch position (see Table 1 for reference).

Figure 6 represents the deformed wedge sample after rolling. The parameters, as
described in the previous section, were taken from measurements during the actual test
(i.e., the rotational speed of the rolls, velocity of the wedge sample, the rolling gap, etc.).
When comparing the dimensions of the simulated sample to the actual one, it was observed
that the simulation resulted in larger dimensions, even though the overall projection of the
simulated sample was visually almost identical to the actual one (see Figure 1c). When
comparing the simulation results to real experiments, a certain deviation was to be expected.
In our case, the geometrical deviation most likely stemmed from the fact that shrinking
during cooling was not included. Furthermore, the simulation was stopped after the
sample left the rolling gap; therefore, the temperature drop and stress relaxation was not
incorporated. The second reason was most likely linked to the fact that the simulation kept
the end thickness fixed at 3 mm, while in reality, the thickness slightly increased toward
the end of the wedge sample due to roll displacement (also evident from the actual ratio in
Table 1).

 

Figure 6. Image of the deformed wedge sample after post-rolling according to the simulation.

The dimensions of the wedge sample were marked with letters from a to c; a compar-
ison between the simulation and the actual test is given in Table 4. The center and edge
directions are marked in the image with arrows (Figure 6) highlighting the two different
areas for the strain and strain rate evaluation of the wedge sample.
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Table 4. Wedge sample dimensions post-rolling: comparison between the actual test and the simula-
tion (in mm).

a b c End Thickness

Actual test 95.15 281.52 101.28 2.98–3.86

Simulation 95.86 322.58 112.80 3.00

The simulation of the true strain, ε, on the deformed wedge sample (Figure 7) showed
an unequal distribution of the strain over the wedge’s planar projection. The simulated
strain was, as expected, lowest at the tongue part of the wedge sample and started increas-
ing toward the thicker end. At first, the strain increased almost linearly over the entire
width and localized with higher strain zones that started appearing in the middle of the
wedge’s width around notch e7. This phenomenon continued throughout the rest of the
wedge’s length; lines of equal strain transformed from straight into almost parabolic (also
visible by the deformation of elements), as seen in Figure 8a. The inequality of the predicted
strain at the edge and in the center of the wedge sample was more emphasized, where the
values calculated on the edge were increasingly lower compared to the values predicted in
the center. This indicated a certain loss of strain and strain rate control during rolling.

 

Figure 7. Simulated true strain, ε, of the deformed wedge sample.

  

Figure 8. (a) Simulated relative strain e (calculated from the software’s output ε) to the mean relative
strain based on the notches on the wedge sample (Table 1). (b) Simulated strain rate (given as an
average trend) in correlation to the mean relative strain based on the notches on the wedge sample
(dotted line—edge, solid line—center). Both simulated values are shown for the edge and the center
of the wedge sample in the longitudinal direction, see Figure 6.
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All the simulated strain values were predicted to be higher than the mean values from
individual notch positions, according to Figure 8a. The simulation computation took into
account the mutual interaction of individual elements representing the partial volume of
the sample, which the theoretical calculation could not account for. Most likely, for this
same reason, the strain in the center of the sample in the simulation was calculated to be
higher than on the edge. The strain rate, calculated from the software’s output strain ε
per notch position (simply as Δε

Δt for individual elements corresponding to a specific notch
position), also showed a different rate between the edge and the center of the sample, see
Figure 8b. Compared to the calculated mean strain rate, the simulated values were lower:
the maximum simulated levels of the strain rate were 3.45 s−1 and 2.93 s−1 (center of the
sample, notch e8 and edge of the sample, notch e8, respectively) while the maximum mean
strain rate was calculated as 3.98 s−1 (notch e9).

The result of the predicted unequal strain across the planar projection as well as the
differences predicted between the edge and the center of the wedge suggest that caution
must be taken on how to sample the rolled wedge. The predicted notch positions might
not be a sufficient marker for the achieved strain during the test, especially if the samples
for metallographic investigation are taken from the center of the wedge. This, of course,
depends on the chosen geometry of the wedge sample, as the result is highly dependent
on the dimensions. Further tests are being performed to evaluate the impact of geometry
variability on the changes in the strain and the strain rate distribution of the wedge sample.

3.3. Grain Size Evolution

Under similar hot rolling schedules and different starting PAGs, the starting difference
in grain size evolution was expected if the per pass and total reduction with recrystal-
lization were considered. Some mills produced coils of similar compositions, as used for
DP, with cumulative e = 0.82–0.88 to obtain proper final microstructure regardless of the
starting PAG [18]. The importance of the starting grain size was already observed when
comparing the shapes of single stress–strain curves with fine or coarse starting PAG at
elevated temperatures obtained by torsion and hot compression tests [3]. The microstruc-
ture control over the wedge sample during intense reheating resulted in a fine starting
grain size, which was achieved by cold charging. Intense reheating is also performed
in the industry (where possible) for IA to take advantage of the uniform distribution of
cementite. The cementite acts as a potential nucleation site of austenite [29]. When partial
SRX is activated at sufficiently high temperatures, the starting new PAG can easily grow
due to high HAGB mobility until sufficient roughing passes are introduced to limit/stop
the HAGB mobility, and the continuous refining of PAG can again be observed with further
passes [17,25]. By using a wedge rolling test, the notch positions are usually observed where
sufficient ε (or e) is introduced for an effective through-section deformation, achieving
the uniform cross-section dislocation density and promoting a repeatable dislocation-free
grain formation to minimize any microstructural cross-section variation (microstructural
non-uniformity). However, unstable grain refining processes are also highly interesting,
and other (presumably the starting notch) positions have also been considered. The grain
size in this study was considered only by the high-angle boundaries.

The average measured values of anisotropy usually increase per position concerning
temperature and, based on Figure 9a, are within the values of 1.3 for DP 600; these values
are calculated as an average between the grain sizes determined in the longitudinal (L.G.)
and transverse (T.G.) direction. If the ratio between L.G. and T.G. is unity or close to
unity, then no anisotropy (transverse to rolling) is present after the completion of the test.
Based on these results, the microstructure can be regarded as mainly equiaxed. Based
on L.G./T.G., only modest anisotropy was expectedly interpreted, potentially due to
the individual deformed coarser grains observed in the metallographic samples. It was
concluded that recrystallization rolling was obtained and went well with the predicted
Tnrx. Some texturing appeared very modest and more emphasized in the region of highest
compressions, as expected in hot-rolled sheets or strips [5].
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Figure 9. (a) Average grain size in correlation with the calculated mean strain, e, per specific notch po-
sition; measured on the metallographic samples taken from the rolled wedge sample. The secondary
axis represents the ratio between the average grain size in the longitudinal direction (L.G.) and the
transverse direction (T.G.) for the given deformation as an indication of modest (if any) pancaking at
high e. (b) Mixed grain distribution using Feret’s diameter and visible grain size multimodality with
only a single pass. The results are based on SE micro-photographs taken at 2500× magnification.

Mixed grains were counted (partly as the fraction variation in phases is rather low):
martensite (M), self-tempered martensite (SM), lower Bainite (LB), and ferrite (F) were
included. Figure 9 shows that the final average grain size (F + M/self-tempered M/low
B) observed on the finally cooled and transformed microstructure of the as-rolled sheet,
regardless of the observed position, was in a range between 5 and 12 μm. This meant that
we were achieving conventional to coarser grain sizes (CG) with F sizes on average of
approx. 9–7 μm, yet no fine grains or ultra-fine grains were gained for DP steels (2–5 μm
and <2 μm, respectively) as the process itself did not involve multi-forming operations,
thermal cycling, etc. If these results are compared with classical high-temperature reheat
and hot-rolled C-Mn steels, cooled under air with similar compositions, a rather refined
structure was obtained in this work, indicating the importance of a proper low-temperature
reheating temperature (of an ingot, slab, etc.), and a holding time adjustment in respect of
the pre-existing state (quality of as-cast, pre-deformed state) to promote a fine transformed
structure due to the initial fine and homogeneous PAG. The described fine-grained structure
was observed from the first to the last notch position. This was achieved without using
costly elements such as Nb, Mo, and similar. The degree of PAG evolution and a related
transformed microstructure was successfully controlled by the reheat, roughing, and final
rolling temperature, which introduced intense cooling as basic metallurgical tools for the
minimization of grain coarsening [24,30]. Based on the coarsest observed transformed PAG
within bi- and multi-modal peaks in Figure 9b, an estimation of the maximum PAG was set
to be under 40 μm, which was consistent with similar values expected for the recrystallized
grains of austenite in commercial grades [20].

Figure 9b reveals that, despite the relatively fine structure obtained on average, most
grains were located between 3 and 20 μm. Locally rather coarse grains were also obtained,
indicative of the anisotropy ratio. The localized coarse grains could exceed sizes of 40 μm up
to 70 μm (related to transformed PAG into M/SM/B as an indicator). The local coarse grains
were far from the fine-grain steel grade observed on average. The excessive transformed
PAG size affected the ductility, as shown in [31]. Additionally, bi- or multimodality was
enhanced at lower deformations (e up to 0.22). This indicated the unstable recrystallization
process in early per-notch positions in relation to deformation among the phase-related
modality. The intensity of multimodality was, however, low and the curve resembled the
asymmetric Gauss distribution regardless of the deformation.
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PAG coarsening was observed on the last notch positions and at the maximum defor-
mations achieved for the given test. The thickness of the final sheet was not completely
equal along the entire length and thicker exit thickness was achieved on the last notch posi-
tions despite achieving a higher εt, as shown in Table 1. Therefore, slower cooling (longer
times for grain growth) of the as-rolled structure was possible for these positions, partially
due to the sheet manipulation and/or higher achieved thickness. However, based on the
FEM simulations and material characteristics of DP 600, additional phenomena should
be considered. Due to the starting fine structure, sufficiently high roughing temperature,
sufficiently low strain rates, and achieved cumulative ε based on the stress–strain curves,
DRX could be activated on the last positions. Therefore, grain growth was possible during
cooling based on the low (strain-related) incubation time, high HAGB mobility already
under SRX, and the related lack of pinning particles to retard secondary recrystallization.
Sudden grain growth was often observed in hot strip rolling when MDRX was activated
below 6 mm of the exit thicknesses (based on [31]). As discussed, Figure 7 (based on FEM
simulations) shows strain localizations above e = 0.6; hence, most representative sample
positions for grain size interpretations should be under e = 0.6 by considering the constant
temperature of the sample and the limited range of

.
ε.

In practice, contrary to a well-defined temperature regime under hot compression
tests, the temperature uniformity using the wedge sample was more demanding, and the
intensity of SRX, MDR/MDRX was, in some cases, also possibly related to non-uniform
temperature distribution before and after completion of the test (as a part of adiabatic
heating, variation in the roll chill per notch position, etc.).

Based on the results shown in Figure 9b and the laboratory setup of
.
ε up to 3.45 s−1,

the optimum deformations for temperatures of 1100–1070 ◦C were obtained between
e = 0.2 and e = 0.5 and went well with the overall strain uniformity achieved after the rolling
test. Engineering strains e were given from industrial practicality.

The characteristic of the grain-size curve visible in Figure 9a included only SRX (as
PAG dependent) with no grain growth as a part of the secondary recrystallization at a close
to constant temperature and, disregarding the obvious changes in

.
ε, the nature of this curve

could be described based on the Beynon and Sellars type of equation [32], where ε was
considered from Table 1 for each notch position with the same starting PAG, which was
written as D0:

DSRX = A·DB
0 ·ε−1 (5)

where A and B should be experimentally determined to calculate the achieved SRX grain,
DSRX. The maximum transformed PAG (evaluated with the mode transition from IV to II,
Figure 10) based on Equation (5) was at e = 0.05 of the deformation and was in relatively
good agreement with the measured grain size distribution seen in Figure 9a.

The schematic representation of a potential PAG microstructure evolution (condition-
ing), as shown in Figure 10, was observed during a single pass by hot wedge rolling and
was given for plain C-Mn-type steels, including low alloyed grades (as DP steels) as well as
abrasion-resistant, high strength low alloyed steels (HSLA). This scheme showed a different
PAG evolution above and under Tnrx when various deformations per position at elevated
reheating and rolling temperatures, cooling rates, and the overall changed hot-rolling
schedules were implemented. The effects of the higher reheating (soaking) temperatures
resulting in coarse starting PAG (mode I) or local PAG growth (mode IV and mode V)
were also indicated, the latter due to the starting refined PAG and/or sufficiently high
temperature for grain boundary mobility or post-rolling normal grain growth. Mode V
was also related to the actual rolling speed as the flow curve (stress–strain) was related to
temperature and the strain rate affecting the values of the Zener-Hollomon parameters and
the hardening/softening of the material. It is visible that based on the scheme, we were able
to produce the DP 600 response within modes IV, II, and partially V due to the overall rather
low

.
ε, and still observe an overall fine-grained structure per notch position. The modes of

the grain size evolution presented in Figure 10 are shown to better understand the nature of
refining and/or coarsening through a simple descriptive information methodology. Based
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on the results in Figures 9a and 10, the overall trend was observed and widely accepted;
the total reduction that increased the overall refining was observed under SRX regardless
of the starting PAG.

 

Figure 10. Based on the example of the literature review [3,17,20,25,33,34] and the current work, a
schematic representation of grain size evolution was proposed concerning PAG, rolling schedule
(geometry and related εt), temperature, and cooling regime considering the metallurgical per pass
reduction. Here, Mode I represents continuous grain refining at higher starting roughing temperatures
(coarse starting PAG); Mode II represents continuous grain refining at lower roughing temperatures
and/or finer starting PAG; Mode III represents deformations usually conducted under Tnrx; Mode
IV represents grain growth due to insufficient deformation during roughing, the pre-existing high
density of HAGB and a lack of pinning particles; Mode V represents post-deformation grain growth
after completion of SRX (with low t50) or activated fast MDRX with the available post-deformation
cooling rate and lack of second phase particles/SD or synergetic effect of decreased roll chill and
adiabatic heating on the last notch positions in dependence on the roll length.

In Figure 11, only ferrite grains were determined for the grain size evolution study.
Ferrite was considered a ductility holder and revealed a similar trend in the grain size
evolution per notch position to the mixed grains shown previously in the text. The results
show that controlling the final PAG also controlled the ferrite grains. Overall, no preferential
orientation of ferrite was recognized due to a single pass run at an elevated temperature
for the given test. The starting temperature for intense quenching was, however, under
Ae3. Considering the equilibrium (lever) predictions conducted by using Thermo-Calc
and JMatPro 6.1 and the results in Figure 11f, the temperature of the quench start was set
to be between 770 ◦C and 780 ◦C. The measured surface temperature was, on average,
750 ◦C (under Tnrx) and had a reasonable agreement. The areal fraction of (self-tempered)
martensite blocks and/or LB revealed that the per notch position and increased deformation
reveal minor variations in martensite and ferrite content (VF = 1 − VM). It was recognized
that if hard M/SM was considered a measure of tensile strength, with the increasing
ratio of the original to final thickness for different wedge geometries under relatively low
strain rates, the mechanical tensile properties were weakly changing for the current rolling
schedule. Based on the increasing deformations of the hot-rolled wedge, ferrite fraction
also changed moderately, indicating weak yet still measurable increased nucleation sites for
F formation per e. The various F fractions could be obtained by manipulating the number
of passes concerning the actual temperature of the deformations and IA temperature,
etc. [4,8]. In this case, only polygonal ferrite was obtained. If the quench temperature of
the sheet was in the region outside the formation of polygonal ferrite (PF), acicular ferrite
(AF) could also be promoted. As VM varied with the chemical composition, the austenite
grain size, the actual time available for the phase transformation of austenite into ferrite,
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the cooling rate (VM increases with cooling (quench) rate), etc., no considerable changes
per position for the variation in the highly dislocated M content was considered for the
wedge results [3,4]. The dislocation density of austenite was also estimated before the
phase transformation due to the variation in ε (e) and

.
ε affecting the stress and force during

rolling. The estimated dislocation density values were estimated from 1.0 × 1010 m−2

for under e1 to 1.25 × 1015 m−2 for the last e9 position (using the approach as in previous
work [25]).

 

Figure 11. (a–d): An example of the graphical representation using the exploded distribution of the
coarse grain (CG) to fine grain microstructure with a representation using solely the ferrite grain (FG)
size. Enlargement: 2500×. ND and RD represent normal and rolling directions, respectively. (e) An
example of OM with weak banding with M enrichment. Here, M and B also stand for SM and LB.
Enlargement: 500×. (f) Minor deviation of M percentage on finally cooled per notch positions.
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4. Conclusions

The non-standardized wedge rolling test of DP600, based on the above-presented
results, was used in this case study for a single-pass schedule under isothermal conditions
and could also be used for a multi-pass rolling schedule to observe the degree of grain
refinement and grain growth in a post-cooled transformed microstructure by including
the temperature profile. Based on the results, and regardless of the position, the main
transformed microstructure consisted of martensite/self-tempered martensite and ferrite
as a part of polygonal ferrite. No excessive formation of acicular ferrite was observed.

A single pass wedge rolling test at 1100–1070 ◦C was recognized to have similar
asymmetric Gaussian grain size distributions between all per notch positions. A single pass
could provide bi- or multi-modality, as seen in this study, despite it being modest. Partially
the multi-modality originated from having a multi-phase microstructure; phase-related
modality was also due to the unstable recrystallization on the first per notch positions.
Local excessive coarse grains were observed up to mean e = 0.4.

The FEM simulation revealed a discrepancy between the rolled edge and the mid-
width positions studied in this case. This indicated that sample extraction should be
carefully designed to correlate the grain size evolution to the correct local ε. These achieved
true deformations were seemingly highly affected by the chosen material as well as by
the wedge geometry and the used rolling parameters (roll displacement). This indicated
that simply observing the positions of intentionally (mechanically) formed notches before
and after rolling could add uncertainty concerning the target deformations and potentially
increase the measurement error for the grades with a higher solid drag and/or pinning
pressure on HAGB (this was avoided in this study due to the lean chemical composition).
By controlling the rolling speed at a fixed wedge geometry, as in this study, the strain and
strain rate distributions could be, to a certain degree, controlled satisfactorily in a way to
obtain the grain size evolution for different strains per notch position at a rather minor
variation in the strain rates per notch position (by considering the dynamic nature of the
test). This meant that the experimental data obtained from the wedge were potentially
more comparable to more regular and standardized methods for material hot behavior
studies and the investigation obtained from Gleeble tests, etc. Single wedge tests could be
used successfully for quantitative analysis closer to other methods instead of being solely
qualitative, but only by introducing some of the aspects shown in the presented paper.

Based on the conclusion made on DP 600 steel, a rather refined structure (within 5
to 12 μm) was obtained starting from the intense reheating for fine initial PAG control
in all the performed rolling variations along the wedge length. However, the aim was
to observe and determine the optimal strain needed for stable grain size evolution at a
single roughing temperature as a single-step deformation process to produce the finest
possible microstructure instead of introducing additional rolling passes, adding special
heat treatments, thermal cycling, etc., which are basic techniques to provide even finer
grain sizes in all the phase constituents involved [4,35,36]. Based on the overall rolling
parameters and cooling schedule, the optimum deformations per notch positions for the
roughing stage of a 3 mm thick sheet between the temperature interval of 1100–1070 ◦C
and up to 3.45 s−1 strain rate were obtained between e = 0.2 and e = 0.5 as optimum grain
size refining for balanced ductility and strength. The latter is the main target during DP
production. The interval e = 0.2 and e = 0.5 agreed well based on FEM simulations, with the
plastic deformation region of improved deformation stability. The FEM simulation therefore
revealed, and this was considered relevant, that not all per-notch positions were used for
the material study; this was based on the enhanced appearance of strain localization at
higher starting thicknesses, as in this case. The work presented here sets a basic foundation
for the potential further development of wedge geometry using C-Mn-type steels, including
DP steels and others, for basic kinematic and material investigations.
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15. Kvíčala, M.; Klimek, M.; Schindler, I. Study of Technological Formability of Low-Alloyed Steel 25CrMo4. Hutnické Listy 2009, 6,
13–15.
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Abstract: This work concerns two stages of research into plasma nitriding (change of nitriding steel
and modification of nitriding parameters). In the first stage, pins obtained from currently used steel
were compared with pins made of an alternative material available on the market, using the same
nitriding process parameters. As a result of the metallographic tests carried out, in the first case, the
presence of a thin, porous, and heterogeneous nitrided layer or its absence was found, with the core in
its raw state and not thermally improved. In the second case, the presence of a nitrided layer of small
thickness with noticeable porosity on the surface of the sample was found, but with a core after heat
treatment (incorrect process parameters). Therefore, modification of the parameters of the nitriding
process was proposed, in terms of a mixture of gases, currents, time, and temperature of the nitriding
process. As a result, a satisfactory effective thickness of the nitrided layer was obtained, consisting
of a white near-surface zone with ε and ε+γ′-type nitrides with a thickness of 8.7 to 10.2 μm, and
a dark zone of internal nitriding with γ′ nitrides. The nitrides layer was continuous, compact, and
well adhered to the steel surface. In the core of the samples, the presence of a fine-needle tempering
sorbite structure with a small amount of fine bainite, which is correct for the steel after heat treatment
and nitriding, was found. The most favorable parameters of the ion nitriding process were gas flow
rate (1.5 L/min N; 0.4 L/min H; 0.3 L/min Ar); currents (BIAS—410 V 4.0 A, SCREEN—320 V 4.0 A);
time (26 h and 35 min); and temperature (550 ◦C).

Keywords: pins; wear; heat treatment; chemical treatment; plasma nitriding

1. Introduction

Both in everyday life and in industry, products that can make our lives easier, better
and safer are very important. With this in mind, there is a constant need to improve the
approach to production. One aspect of product improvement is the need for increasingly
efficient and cost-effective manufacturing methods. To ensure cost-effective production,
especially for large-scale industrial processing, this approach requires continuous process
improvement. The key in this aspect is surface engineering, which includes the use of
traditional and innovative technologies to obtain a product surface with better properties
compared to the existing ones [1,2]. One of the methods of improving the surface properties
of the product is the treatment of its surface after production, usually aimed at its hardening.
The need to harden the surface of materials, especially metals, is now more in demand
than ever. This is due to the systematically growing demand for metallic materials that,
with high hardness, show high strength, resistance to abrasive wear, and, very importantly,
are obtained at reduced production costs. Modern surface-treatment methods most often
include chemical vapor deposition (CVD), physical vapor deposition (PVD), cladding, and
plasma nitriding [1–6].
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Nitriding is one such surface-treatment method that is critical to modern industry. It
is used in many fields, including machine, automotive, and tool industries [3,7–15]. The
nitriding process guarantees the improvement of the surface properties, primarily alloy
steels intended for nitriding, while maintaining minimum dimensional tolerances and high
abrasion resistance. In addition to increasing the surface hardness, wear resistance, and
corrosion resistance, nitriding can lead to an improvement in the fatigue strength of the
component. This is possible due to the formation of appropriate phases with increased
volume, causing the occurrence of compressive stresses in the surface layer.

This is possible because iron in Fe–C alloys occurs in various allotropic forms, which,
combined with appropriate alloy additions, favors the formation of phases strengthening
their surface in the nitriding process [16–19]. Up to a temperature of 912 ◦C, the Feα variety
occurs, crystallizing in the BCC lattice. Between the temperatures of 912 and 1394 ◦C there
is a Feγ variety crystallizing in the FCC lattice, and in the temperature range of 1394 to
1538 ◦C, there is a high-temperature Feδ variety crystallizing in the BCC lattice. The phases
occurring in the iron–nitrogen system are shown in the phase equilibrium diagram in
Figure 1.

Figure 1. The Fe—N equilibrium phase diagram [20].

The graph shows that the solubility of nitrogen in Feα is low and reaches a maximum
at 590 ◦C. At this temperature, the solubility is 0.10% and decreases rapidly with decreasing
temperature, so that at 200 ◦C it is only 0.004%. This interstitial solution of nitrogen in the
iron is called nitrogen ferrite.

There are two interstitial vacancies in the Feα lattice where nitrogen can be located. The
radius of octahedral and tetrahedral vacancies is 0.019 nm and 0.052 nm, respectively [11].
Even though the radius of the N atom is 0.07 nm, it was found that it is in smaller octahedral
vacancies in the Feα lattice, thus causing the expansion of the Feα lattice, an increase in
internal stresses, and solution strengthening [20–23].

The solubility of nitrogen In Feγ is much higher, and this solution, called nitrogen
austenite, is stable only at temperatures higher than 590 ◦C. The greatest solubility of
nitrogen in Feγ is 2.80% at 650 ◦C, and then decreases to 2.35% at the eutectoid temperature.
Nitrogen austenite with such a composition decomposes eutectoidly into a mixture of
Feα(N) nitrogen ferrite and the γ′ phase. This eutectoid, formed during slow cooling, is
called braunite. By rapid cooling, however, nitrogen austenite can be supercooled to tem-
peratures at which nitrogen martensite is formed as a result of diffusion-free transformation.
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The temperature Ms (martensite start) in this case is lower than in steels and, in the alloy
with eutectoid composition, it is only 35 ◦C.

The γ′ phase is a solid solution based on iron nitride Fe4N with a narrow homogeneity
range. This phase is stable up to 680 ◦C and then changes to the hexagonal ε phase, which
is a solid solution with a wide range of homogeneity. Like nitrogen austenite, the ε phase
containing 4.55% nitrogen decomposes at 650 ◦C into a eutectoid mixture of γ and γ′ phases.

The iron nitrides show low durability and decompose at higher temperatures, which
can be seen in the example of the γ′ phase. Due to this low stability, iron nitrides coagulate
rapidly, even at low temperatures. The consequence of this is the low hardness of the
surface of nitrided objects made of unalloyed steel because the dispersion of the formed
nitrides quickly disappears.

More durable, and therefore less prone to coagulation, nitrides form nitrogen with
transition metals that are components of alloy steels. These can be, for example, chromium
nitrides CrN and Cr2N and molybdenum nitrides MoN, titanium nitrides TiN, or others. The
most durable AlN nitrides are formed by aluminum and therefore are used in special grades
of steel intended for nitriding. Apart from other alloying additives, this element is also used.

The structure of the diffusion layers formed depends primarily on the nitriding temper-
ature, the chemical composition of the nitriding atmosphere, and the chemical composition
of the material of the nitrided objects.

As already mentioned, the nitrided sample is characterized by increased surface
hardness, increased wear resistance, high fatigue strength, increased corrosion resistance,
and high dimensional stability [1,24–37]. This is possible because a sufficiently high
concentration of nitrogen on the steel surface determines the formation of Fe–N phases. If
the concentration of nitrogen increases sufficiently, a layer of these compounds with very
high hardness forms on the surface. Below this layer, a diffusion zone is formed, consisting
of nitrogen in the interstitial solid solution with fine precipitations of alloy nitrides [1,24].
This mechanism of precipitation hardening of the diffusion zone depends largely on the
number of elements that favor the formation of nitrides and on the concentration of nitrogen
itself [38]. A simplified cross-sectional diagram of a typical nitrided sample is shown in
Figure 2. The diffusion zone consists of interstitial nitrogen dissolved in the Feα lattice and
Fe alloy carbonitrides [39–41]. It has been shown that the high surface hardness obtained as
a result of nitriding results from the precipitation of fine-grained alloy carbonitrides [42–44].
The latter is a consequence of the presence of strongly nitride-forming elements in the steel
substrate, such as Al, Cr, Mo, Ti, Mn, Si, and V [43–45]. The hardness in the diffusion zone
depends on the type and number of alloying elements in the steel [38,46]. In addition, in
high-alloy steels, there is a reduction in the hardening depth after nitriding treatment due
to the precipitation of alloy nitrides, which additionally limits the diffusion of nitrogen to
the substrate [47].

 

Figure 2. A diagram of a typical cross-sectional view of a nitrided component. Shown is the
compound layer with the diffusion region beneath. Please note that this diagram is not to scale.
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Plasma nitriding is one of the modern techniques of thermo–chemical treatment,
which is usually carried out with the use of nitrogen and hydrogen [48–52]. The process
is carried out under reduced pressure where a voltage is applied between the samples
and the walls of the furnace. A glow discharge with a high level of ionization (plasma)
is generated around the part [48,49]. In the area of the workpiece surface that is directly
bombarded with ions, nitrogen-rich nitrides form and break down, releasing active nitro-
gen to the surface. The ability to adjust the degree of cathodic sputtering, the selection of
the appropriate current–voltage characteristics, and the ability to increase or decrease the
pressure in the working chamber enables the formation of the structure of nitrided lay-
ers [53]. Plasma nitriding makes it possible to modify the surface according to the desired
properties [53–56]. By adjusting the gas mixture (proportions), it is possible to obtain
tailored layers and hardness profiles, from a surface free of a layer of low nitrogen com-
pounds and up to 20 microns thick, to a layer containing nitride compounds and a solid
solution diffusion zone. The wide temperature range allows many applications beyond the
possibilities of gas or salt bath processes.

Traditional nitriding techniques most often lead to the formation of defects, such as the
formation of brittle surface layers, and the effect of non-uniform edges. To eliminate these
problems, especially in the case of plasma nitriding, appropriate nitriding furnaces have
been developed [57–59]. One of the recent innovations in this field was the introduction
of the innovative technology of Active Screen Plasma Nitriding (ASPN) [56–59]. ASPN
nitriding ensures the uniform formation of nitrides that reflect the shape of the workpiece.
This effect is achieved by glowing nitrogen-activating plasma on the mesh as well as on
the nitrided detail, which guarantees no damage or burns caused by oversized plasma
discharges on the detail. This minimizes the risk of damage to the elements subjected to
electric arc treatment and uneven heating of elements of different dimensions, and removes
or minimizes the polarization voltage, which is applied to the treated elements in traditional
plasma nitriding [59–62].

This work is the result of research and development activities carried out as part of
the project entitled Regional Operational Program for the Lower Silesian Voivodeship for
the years 2014–2020. As part of the project, actions were taken to modify the parameters
of the technological process for the production of machine pins to improve the surface
properties of the product. The research was carried out in two stages. In the first stage, they
consisted of comparing the process from the point of view of the currently used steel with
an alternative material, while maintaining the previously used parameters of the nitriding
process. In the second stage, the parameters of the plasma nitriding process were modified.

2. Materials and Methods

The samples taken from the pins, which were plasma nitrided with Nitro-Tool tech-
nology in a vacuum furnace, using the ASPM method, were tested. Figure 3 shows a
diagram of a vacuum furnace for nitriding using the ASPN method. During the tests, the
ASPN nitriding method with active BIAS was used to obtain an even coverage with the
nitrided layer.

In the first stage of the research, samples taken from pins currently manufactured
by the Sacher Company, made of 38HMJ steel (designation according to the withdrawn
PN—89/H84030.03 standard), in the state before and after the application of the plasma
nitriding process, were tested. The parameters of the nitriding process typical for the
company were used: gas flow rate (1.3 L/min N; 0.7 L/min H; 0.2 L/min Ar); currents
(BIAS—420 V 5.0 A, SCREEN—320 V 3.0 A); time (26 h and 35 min); and temperature
(510 ◦C).

As a result of the microscopic examination of samples subjected to heat–chemical
treatment with the ion nitriding method, according to the parameters mentioned above,
the presence of a thin, porous, and non-homogenous nitrided layer (or its absence) and a
diffusion layer of small thickness was found on the surface of the sample with a raw, not
thermally improved core.
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(a) (b) 

Figure 3. Schematic illustration of ASPN: (a) bias-on and (b) bias-off.

After analyzing the obtained results, the possibility of using modern grades of
steel, e.g., 33CrMoV12—9 or 32CrAlMo7—10 (designation according to PN EN ISO
683—5:2021—10) was proposed as an alternative to the currently used steel used for the
production of pins. Due to the unavailability of these materials, 42CrMo4 steel (designation
according to EN ISO 683—1:2018—09) was used in the tests. After machining, the pins
were subjected to the nitriding process, each time using the same process parameters as in
the case of the first thermo–chemical treatment.

However, these actions did not bring the desired effect. Therefore, steps were taken
to modify the parameters of the nitriding process. Thus, four test trials were carried
out. Each time a different process parameter was changed (gas mixture, currents, time,
and temperature), with the others returning to their initial values. Individual parameters
were changed in the following ranges: gas flow rate (1.3–1.5 L/min N; 0.4–0.7 L/min H;
0.2–0.3 L/min Ar); currents (BIAS: 410–440 V 4.0–5.0 A, SCREEN: 320–330 V 3.0–4.0 A);
time (from 26 h and 35 min to 30 h and 38 min); temperature (510–550 ◦C).

In each case, the pins (dimensions ∅ 35 × 75) were produced using CNC machines:
HASS SL—20 (Hass Automation Inc., Oxnard, CA, USA) and HASS VF5 (Hass Automation
Inc., Oxnard, CA, USA). The pins were then subjected to ion plasma nitriding using a
Nitro-Tool furnace (AMP Heat Treatment Technologies Company, Świebodzin, Poland).

Test samples were cut using a Secotom precision cutting machine (Struers, Copen-
hagen, Denmark) and then embedded. A grinding and polishing machine by LaboSystem
(Struers, Copenhagen, Denmark) was used for grinding and polishing the specimens.

The metallographic tests consisted of the determination of the chemical composi-
tion using the spectral method using a GDS 750 QDP glow discharge analyzer. During
the analysis, the following parameters were used to ionize the inert gas: U = 1250 V,
I = 45 mA, 99(.9)% Ar (Leco, St. Joseph, MI, USA). The obtained results were the arithmetic
mean of at least five measurements and the X-ray energy dispersion spectroscopy method
(SEM Quanta 250 FEI with EDS detector by Oxford Instruments). The WDS by Oxford
Instruments was also used for comparative purposes (for carbon and nitrogen content);
measurement of the hardness distribution on the cross-section was carried out using a
Vickers hardness tester MMT—X7B (Matsuzawa Co., Tokyo, Japan) under conditions com-
pliant with PN EN ISO 6507—1:2018—05, as well as analysis of the microstructure of the
core, nitrided layer and determining the thickness of the layer nitrided, using an Eclipse
MA—200 metallographic microscope (Nikon, Tokyo, Japan), under conditions compliant
with PN—82/H— 04550. Microscopic observations were carried out on samples non-etched
and etched with nital-Mi1Fe (5 % alcohol solution HNO4). Nital etching made it possible to
visualize the microstructure of individual zones, i.e., the surface containing characteristic
types of nitrides and the core without nitrides.
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3. Results and Discussion

3.1. Testing of Currently Produced Pins—38HMJ Steel

In the first stage, metallographic tests were carried out on samples taken from pins
made of 38HMJ steel (outdated designation according to the withdrawn PN—89/H84030.03
standard), delivered by the company before and after the nitriding process. The results of
the analysis of chemical composition obtained by the GDS method of the base steel samples
for nitriding are presented in Table 1.

Table 1. Results of chemical composition analysis of base steel samples intended for nitriding.

Ordinal Number Element Chemical Composition of Steel (%mass)

1 C 0.392

2 Cr 1.270

3 Al 0.763

4 Mn 0.401

5 Si 0.308

6 Mo 0.166

7 Ni 0.086

8 Ti 0.004

9 P 0.006

10 S 0.001

Based on the analysis of the chemical composition, it was confirmed that the closest
equivalent of the material from which the samples were made is 38HMJ steel (according to
withdrawn PN—89/H84030.03).

3.1.1. Microscopic Observations of Pins in Raw State

Microscopic observations of non-etched samples taken from pins in their raw state
showed the presence of an increased number of non-metallic inclusions, mainly in the
form of oxides and brittle silicates (Figure 4a). This indicates the low quality (metallurgical
purity) of the tested material. After etching the reagent, a very finely dispersed, partially
banded pearlitic structure with grains of free ferrite was found (Figure 4b).

  
(a) (b) 

Figure 4. A sample taken from the pin before nitriding—38HMJ steel: (a) Increased number of
non-metallic inclusions in the form of oxides and brittle silicates. Non-etched state; (b) Partially
banded pearlitic-ferritic structure. Etched state.
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This structure is typical for materials cooled from hot working temperatures (raw
state) and is an incorrect structure, as it is the initial structure for steel before the nitriding
process. It can cause a significant reduction in strength properties, and in particular cause
cracks and chipping, and reduce the fatigue resistance of nitrided details.

In this case, it can be stated that no thermal improvement procedure was applied
before the ion nitriding process.

3.1.2. Microscopic Observations of Pins after Nitriding

Based on the conducted microscopic examinations of nitral-etched samples after
nitriding, the presence of a ferritic-pearlitic banded structure, typical of the raw state after
hot plastic working, was found in the core (Figure 5). This indicates that the heat treatment
required before the nitriding process was not applied. The nitrogen content on the surface
of the samples after nitriding was an average of 8.50 %mass (EDS and WDS for comparison).

 
Figure 5. Sample after nitriding—core. Longitudinal section. Highly banded, heterogeneous ferritic
structure with very finely dispersed pearlite. Etched state.

In the surface zone, a nitrided layer was found with a total metallographic thickness
of about 0.2 mm (Figure 6), consisting of a very thin white near-surface layer with ε and
ε+γ′-type nitrides, 5 to 10 μm thick, and a dark nitriding zone with the γ′ nitride lattice
forming a lattice on the former austenite grain boundaries.

  
(a) (b) 

Figure 6. Nitrided layer in the corner of the sample after nitriding, etched state: (a) Visible bright,
uneven, and very thin layer of ε, ε+γ′-type nitrides and a dark zone of internal nitriding with γ′

nitride precipitates forming a lattice on the former austenite grain boundaries; (b) Enlarged part of
the area shown in Figure 7.
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Figure 7. Nitrided layer on the sample surface after nitriding. Visible bright, uneven, and very thin
layer of ε, ε+γ′-type nitrides and a dark zone of internal nitriding with γ′ nitride precipitates forming
a lattice on the former austenite grain boundaries. Etched state.

Changes in the thickness of the nitride layer ε and ε+γ′ in the range from 2 to 5 μm
and porosity features were observed locally (Figure 6a). In addition, a continuous network
of nitrides distributed γ′ along the grain boundaries of the former austenite was found. The
transition zone from the nitrided layer to the core has the correct structure. Summing up,
the obtained structure is incorrect, showing a high tendency toward cracks and chipping of
the surface layer during operation.

On the other hand, a dendritic bainitic structure was found in the core of the samples
with precipitates of sorbite and troostite in the interdendritic spaces. This is an unacceptable
defect, indicating a complete lack of application of thermal improvement after the plastic
working process before the nitriding process or the use of incorrect technology in the
thermal improvement process. It should be mentioned that the thickness of the nitrided
layer should be from approx. 0.5 mm to approx. 0.7 mm. The small thickness of the nitrided
layer requires a uniform, hard and resilient substrate, protecting the above-mentioned layer
against its collapse and chipping under the action of local pressures.

In addition, it was found that in many places around the circumference of the sample,
the nitrided layer was irregular, thicker in some places—place No. 1, thinner in some
places—place No. 2 in others (Figure 7) or there is no such layer (Figure 8).

 

Figure 8. Nitrided layer on the surface of the sample after nitriding. Visible dark zone of internal
nitriding with precipitates of γ′ nitrides forming a lattice on the boundaries of former austenite grains
and no layer of ε, ε+γ′ nitrides on the surface. Etched state.
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3.1.3. Pin Hardness Measurements before and after Nitriding

Hardness measurements were carried out using the Vickers method in conditions
compliant with PN EN ISO 6507—1:2018 on the cross-section of the samples in the plane
perpendicular to the nitrided surface in the cores of the samples taken from the pins before
and after nitriding. A Matsuzawa hardness tester was used with a load of 1 kg (9807 N)
operating for 15 s.

The average hardness of the base material in the core of the sample taken from the pin as
supplied was found to be 255.8 HV1. The hardness in the core of the sample after the nitriding
process does not show significant differences and amounts to 349.8 HV1, respectively.

In addition, measurements of the hardness distribution under the surface of the
nitrided layer were made in two places on the sample after nitriding, using a Matsuzawa
hardness tester with a load of 0.5 kg (4.904 N).

Determination of the thickness of the nitrided layer by measuring the hardness distri-
bution was made in accordance with the PN—82/H—04550 standard. Hardness measure-
ments were made along a line perpendicular to the surface of the sample at intervals of
50 μm. The measurement results are summarized in Tables 2 and 3.

Table 2. Measurement results of HV0.5 hardness distribution on the cross-section of the nitrided
layer in the sample after nitriding—place No. 1.

Distance from
the Surface

(μm)
50 100 150 200 250 300 350 400 450 500 550 600 650 700

Hardness
HV0.5 732.0 663.9 442.7 373.1 369.9 364.7 372.8 369.4 365 384.7 376.4 378.1 377.9 366.4

Table 3. Measurement results of HV0.5 hardness distribution on the cross-section of the nitrided
layer in the sample after nitriding—place No. 2.

Distance from the Surface
[μm]

50 100 150 200 250

Hardness
HV0.5 761.2 729.9 567.9 396.9 390.1

As a result of hardness measurements, it was found that in the sample after nitriding
in place No. 1, the effective thickness of the nitrided layer calculated up to the hardness of
500 HV0.5 is 0.13 mm (130 μm), and the maximum hardness of 732 HV0.5 in place No. 1
occurs at a distance of up to 0.05 mm (50 μm) below the sample surface. The hardness at a
distance of approx. 0.2 mm from the surface is 373 HV0.5.

In the sample after nitriding in place No. 2, the effective thickness of the nitrided
layer calculated up to the hardness of 500 HV0.5 is 0.18 mm (180 μm), and the maximum
hardness of 761.2 HV0.5 also occurs at a distance of up to 0.05 mm (50 μm) below the
surface of the sample. The hardness at a distance of about 0.2 mm from the surface is
396 HV0.5.

The obtained results indicate that 38HMJ steel should not be used for nitriding. It
was proposed to use modern steel grades intended for nitriding, e.g., 33CrMoV12—9 or
32CrAlMo7—10 (designation according to PN EN ISO 683-5:2021—10), and in the absence
of their availability, the use of 42CrMo4 steel (designation according to EN ISO 683-1:
2018—09).

3.2. Study of Pins Manufactured from Alternative Steel—42CrMo4

Due to the unavailability of 33CrMoV12—9 and 32CrAlMo7—10 steel, 42CrMo4 steel
was used.
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3.2.1. Pins before Nitriding

As a result of microscopic examinations carried out in the longitudinal and transverse
direction to the direction of machining of the pins in the non-etched state, a small number of
non-metallic inclusions was found, mainly in the form of point oxides, unevenly distributed
(Figure 9a). After etching, a partially banded bainite structure of a dendritic character was
found, with precipitates of sorbitol and troostite in the interdendritic spaces (Figure 9b).

  
(a) (b) 

Figure 9. Sample before nitriding, steel 42CrMo4: (a) Visible small number of non-metallic in-
clusions, mainly in the form of point oxides, unevenly distributed. Non-etched state; (b) Visible
partially banded bainite structure of dendritic character with precipitates of sorbitol and troostite in
interdendritic spaces. Etched state.

3.2.2. Pin Surface after Nitriding

The analysis of the results of EDS (WDS analysis was used for comparison purposes
for carbon and nitrogen) measurements made on the cross-section of the correctly nitrided
samples showed the highest nitrogen saturation on their surface and a systematic decrease
in the concentration of nitrogen towards the core, unlike the other elements (Figure 10).

 

Element distribution 
(%mass) 

 
Measurement 

No. 
1 2 3 4 5 6 

N 8.51 7.33 6.71 4.55 3.10 2.05 

C 0.17 0.21 0.25 0.31 0.35 0.37 

Cr 1.04 1.14 1.17 1.20 1.22 1.26 

Al 0.73 0.75 0.74 0.75 0.74 0.76 

Mn 0.24 0.25 0.28 0.31 0.33 0.39 

Si 0.27 0.28 0.29 0.28 0.30 0.30 

Mo 0.11 0.10 0.12 0.13 0.12 0.15 

Fe Rest 

Figure 10. EDS analysis of the elemental distribution of the sample after nitriding (cross-section).
Etching state.
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Based on the conducted microscopic examinations, the presence of a nitrided layer
with a metallographic thickness of approx. 0.3 mm was found (Figure 11). This layer
consists of a white near-surface zone with nitrides of the ε and ε+γ′-type with a thickness
of 10 to 19 μm, and a dark zone of internal nitriding with a network of γ′ nitrides forming
a mesh on the boundaries of former austenite grains.

  
(a) (b) 

Figure 11. Nitrided layer: (a) Visible bright layer of ε, ε+γ′-type nitrides and a dark zone of in-
ternal nitriding with γ′ nitride precipitates forming a lattice on former austenite grain boundaries;
(b) Magnified fragment of the same area. Etched state.

In addition, it was found that in some places around the circumference of the sample,
the nitrided layer was non-uniform and porous (Figures 11a and 12). Changes in the
thickness of the nitride layer ε and ε+γ′ in the range of 4 to 7 μm and porosity were
observed locally. A lattice of γ′ nitrides distributed along the grain boundaries of the
former austenite was also found. Moreover, the lack of an internal nitriding transition zone
was observed. Locally, the hardness of the core was low and amounted to 320 HV1. It is
an incorrect structure, showing a high tendency towards the cracking and chipping of the
surface layer during operation.

 

Figure 12. Nitrided layer. Visible uneven and porous bright layer of nitrides of the ε and ε+γ′-type,
about 5 μm thick. A continuous grid of γ′ nitrides located along the grain boundaries of the former
austenite is visible. No internal nitriding zone. Etched state.

In the core of the sample, a dendritic bainitic structure was found with precipitates of
sorbite and troostite in the interdendritic spaces, typical for materials cooled quickly from
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hot working temperatures (typical for the raw state QT). This is an unacceptable defect,
indicating a complete lack of application of the thermal improvement treatment after the
plastic working process before the nitriding process or the use of an incorrect technology in
the thermal improvement process.

As mentioned earlier, the thickness of the nitrided layer should be from about 0.5 mm
to about 0.7 mm. The small thickness of the nitrided layer requires a uniform, hard and
resilient substrate, protecting the above-mentioned layer against its collapse and chipping
under the action of local pressures.

3.2.3. Measurements of Hardness of Samples Core after Nitriding

Core hardness measurements were made on the cross-section of the sample. The
tests were carried out using the Vickers method in conditions compliant with PN EN
ISO 6507—1:1999. As before, a Matsuzawa hardness tester with a load of 1 kg (9.807 N)
operating for 15 s was used. As a result of the hardness measurements of the material in
the core of the sample after the nitriding process, it was found that the average hardness of
five measurements is 436.5 HV1.

3.2.4. Determination of Nitrided Layer Thickness

Determination of the thickness of the nitrided layer by measuring the hardness dis-
tribution was made in accordance with the PN—82/H—04550 standard. Hardness mea-
surements were carried out using the Vickers method in conditions compliant with PN EN
ISO 6507—1:2018 on the cross-section of the sample in the plane perpendicular to the
nitrided surface. A Matsuzawa hardness tester was used with a load of 0.5 kg (4.904 N)
operating for 15 s. Hardness measurements were made along a line perpendicular to the
surface at intervals of 50 μm.

As a result of the hardness measurements, it was found that the effective thickness
of the nitrided layer calculated to a hardness of 500 HV0.5 is 0.35 mm. The results of
hardness measurements are summarized in Table 4 and additionally in the form of a graph
in Figure 13.

Table 4. Measurement results of HV0.5 hardness distribution on the cross-section of the nitrided
layer in the sample after nitriding.

Distance from
the Surface

(μm)
50 100 150 200 250 300 350 400 450 500 550 600 650 700

Hardness HV 0.5 614.0 619.4 556.1 526.1 526.0 512.2 492.2 485.1 468.4 468.6 425.5 447.2 436.8 442.0

Figure 13. Hardness distribution in the nitrided layer with an HV load of 0.5 kg (4.904 N).
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Referring to Section 3.2.2, it was found that reducing the nitrogen content from the
surface towards to core of the samples caused changes in the microstructure from the
formation of a white surface layer of ε-type nitrides, through a diffusion layer of ε+γ’-type
nitrides, to the dark zone of γ’-type nitrides. This, in turn, resulted in a successive decrease
in hardness, caused by a change in the types of nitrides in individual zones from the surface
to the pin core.

As a result of the analyses carried out, it was found that the change in the material of
38HMJ steel to 42CrMo4 steel brought some improvement, but not as much as could be
obtained using modern grades of steel, specially dedicated to the nitriding process.

To obtain a greater thickness of the nitrided layer, changing the parameters of the ion
nitriding process was proposed, e.g., extending the nitriding time, changing the chemical
composition of the nitriding atmosphere in the furnace, changing the BIAS potential, or
possibly increasing the nitriding temperature. Before nitriding, it was necessary to carry
out heat treatment, i.e., hardening from 880 ◦C in oil and tempering at 560 ◦C/1 h.

3.3. Testing of Samples Taken from Pins Made of Nitrided 42CrMo4 Steel at Various
Process Parameters

Before nitriding, the pins were subjected to heat treatment, i.e., hardening from 880 ◦C
in oil and tempering at 560 ◦C/1 h. Then, samples taken from the pins after the nitriding
process carried out in accordance with the parameters given in Table 5 were examined.

Table 5. Parameters of the nitriding process.

Samples
No

Gas Flow Rate
(L/min)

Currents Time
(h/min)

Temperature
(◦C)

N H Ar BIAS SCREEN

1 1.5 0.4 0.3 410V 4.0A 320V 3.0A 26/35 530

2 1.3 0.7 0.2 440V 6.0A 330V 3.0A 26/35 510

3 1.3 0.7 0.2 410V 4.0A 330V 3.0A 30/38 510

4 1.3 0.7 0.2 410V 4.0A 330V 4.0A 26/35 550

As a result of the conducted microscopic observations of the samples etched with nital,
it was found that in the core of all samples, there is a structure of fine-needle tempered
sorbite with a small amount of fine bainite with a hardness of 330 to 366 HV0.5. This
structure is typical for 42CrMo4 steel in the heat-treated state after the ion nitriding process
and is correct (Figures 14–17).

3.3.1. Sample No. 1—Microscopic Observations

In sample No. 1, a nitrided layer with a metallographic thickness of approx. 0.3 mm
was found, consisting of a white near-surface zone with ε and ε + γ′ nitrides with a
thickness of 8.7 to 10.2 μm and a dark internal nitriding zone with γ′ nitrides. The layer of
nitrides ε and ε + γ′ is continuous, compact and adheres well to the steel substrate.

In the core of the sample, there is a structure typical of fine-needle sorbite tempering,
typical of 42CrMo4 grade steel in the tempered state (Figure 14). The structure of the
heat–chemically treated layer is typical for glow-nitrided layers and is correct.
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Figure 14. Nitrided layer in sample No. 1. Visible bright layer of ε, ε + γ′-type nitrides and a dark
internal nitriding zone with γ′ nitride precipitates. Etched state.

3.3.2. Sample No. 2—Microscopic Observations

In sample No. 2, the presence of a nitrided layer with a metallographic thickness
of approx. 0.1 mm was found, consisting of a white near-surface zone with ε and ε + γ′
nitrides with a thickness of 4.2 to 5.6 μm and a dark zone of internal nitriding with γ′
nitrides. The layer of nitrides ε and ε + γ′ is continuous, compact and adheres well to the
steel substrate.

In the core of the sample, there is a typical structure of fine-needle tempered sorbite,
typical for steel grade 40HM in the QT state. The structure of the heat–chemically treated
layer is typical for glow-nitrided layers and is correct. The microstructure of the nitrided
layer in sample No. 2 is shown in Figure 15.

 

Figure 15. Nitrided layer in sample No. 2. Visible bright layer of ε, ε + γ′-type nitrides and a dark
internal nitriding zone with γ′ nitride precipitates. Etched with Mi1Fe.

3.3.3. Sample No. 3—Microscopic Observations

In sample no. 3, a nitrided layer with a metallographic thickness of about 0.15 mm was
found, consisting of a white near-surface zone with ε and ε + γ′ nitrides with a thickness of
5.6 to 6.2 μm and a dark zone of internal nitriding with γ′ nitrides. The layer of nitrides ε
and ε + γ′ is continuous, compact and adheres well to the steel substrate.

In the core of the sample, there is a typical structure of fine-needle tempered sorbite,
typical for steel grade 40 HM in the QT state. The structure of the heat–chemically treated
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layer is typical for glow-nitrided layers and is correct. The microstructure of the nitrided
layer in sample no. 3 is shown in Figure 16.

 

Figure 16. Nitrided layer in sample No. 3. Visible bright layer of ε, ε + γ′-type nitrides and a dark
internal nitriding zone with γ′ nitride precipitates. Etched state.

3.3.4. Sample No. 4—Microscopic Observations

In sample no. 4, a nitrided layer with a metallographic thickness of approx. 0.15 mm
was found, consisting of a white near-surface zone with ε and ε + γ′ nitrides with a
thickness of 4.3 to 5.0 μm and a dark zone of internal nitriding with γ′ nitrides. The layer
of nitrides ε and ε + γ′ is continuous, compact and adheres well to the steel substrate.

In the core of the sample, there is a typical structure of fine-needle tempered sorbite,
typical for steel grade 40 HM in the QT state. The structure of the heat–chemically treated
layer is typical for glow-nitrided layers and is correct. The microstructure of the nitrided
layer in sample No. 4 is shown in Figure 17.

 

Figure 17. Nitrided layer in sample No. 4. Visible bright layer of ε, ε + γ′-type nitrides and a dark
internal nitriding zone with γ′ nitride precipitates. Etched state.

3.3.5. Samples from 1 to 4-Hardness Measurements

Determination of the thickness of the nitrided layer by measuring the hardness distri-
bution was made in accordance with the PN—82/H—04550 standard. Hardness measure-
ments were carried out using the Vickers method in conditions compliant with PN EN ISO
6507—1:2018 on the cross-section of the sample in the plane perpendicular to the nitrided
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surface. During the measurements, a Matsuzawa hardness tester with a load of 0.5 kg
(4.904 N) operating for 15 s was used. Hardness measurements were made along a line
perpendicular to the surface at intervals of 50 μm. The results of hardness measurements
are summarized in Table 6.

Table 6. Results of hardness distribution measurements on the cross-section of sample No. 1.

Sample No. 1

Distance from
the surface

[μm]
50 100 150 200 250 300 350 400 450 500

Hardness
HV 0.5 621.0 638.7 605.2 539.1 512.1 478.7 444.9 419.3 416.8 366.7

Sample No. 2

Distance from the surface
[μm] 50 100 150 200 250 300 350 400 450 500

Hardness
HV 0.5 529.7 499.3 461.9 438.9 420.0 386.1 375.6 359.5 359.0 330.3

Sample No. 3

Distance from the surface
[μm] 50 100 150 200 250 300 350 400 450 500

Hardness
HV 0.5 568.5 529.9 483.7 434.3 409.7 383.5 356.6 347.6 335.5 341.7

Sample No. 4

Distance from the surface
[μm] 50 100 150 200 250 300 350 400 450 500

Hardness
HV 0.5 554.0 527.8 481.5 454.0 421.8 417.6 398.7 366.7 355.2 337.0

As a result of hardness measurements, it was found that in sample No. 1, the effective
thickness of the nitrided layer calculated to hardness 500 HV0.5 was 0.3 mm, in sample
No. 2 the effective thickness of the nitrided layer was 0.1 mm, and in samples No. 3 and 4
the effective thickness of the nitrided layers were 0.15 mm. It can be concluded that the
change in the parameters of the ion nitriding process of the 42CrMo4 steel material after
thermal improvement resulted in an improvement in the quality of the nitrided layers,
in particular in terms of their uniformity, thickness, and hardness. The most favorable
set of parameters of the plasma nitriding process was obtained for sample No.1 (Table 5).
Changing the parameters of the ion nitriding process improved the diffusion penetration
of active nitrogen atoms toward the core of the nitrided samples. A higher concentration
of active nitrogen atoms (not exceeding the limit value) favored the formation of a thicker
layer of ε-type nitrides, a diffusion zone containing ε + γ’-type nitrides, and a dark zone
containing γ’-type nitrides. This, in turn, resulted in a higher surface hardness of the
samples and a thicker hardened zone in the cross-section.

4. Conclusions

Tests have shown that 38HMJ steel in its raw state is not suitable for use on pins
obtained by plasma nitriding. In its structure, the presence of many non-metallic inclusions
with uneven distribution and inhomogeneous band structure of ferrite with finely dispersed
pearlite was found. This shows the low quality of the material. Nitriding resulted in
obtaining a thin, porous layer of ε-type nitrides and in some cases no layer at all.

At the same time, it was found that reducing the nitrogen content from the surface
toward the core of the samples caused changes in the microstructure, most often from the
formation of a white surface layer of ε-type nitrides, through a diffusion layer of ε + γ’-type
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nitrides, to the dark zone of γ’-type nitrides. This, in turn, resulted in a successive decrease
in hardness, caused by a change in the types of nitrides in individual zones from the surface
to the pin core.

The use of 42CrMo4 steel in its raw state brought slightly better results. However, the
obtained nitride layer showed uneven thickness and signs of porosity.

To obtain a greater thickness and uniformity of the layer of nitrided 42CrMo4 steel,
initial heat treatment was carried out (quenching from 880 ◦C in oil and tempering at
560 ◦C/1 h) and modification of the parameters of the plasma nitriding process.

This brought the intended effect, and the most favorable set of parameters for the
plasma nitriding process was gas flow rate (1.5 L/min N; 0.4 L/min H; 0.3 L/min Ar); cur-
rents (BIAS—410 V 4.0 A, SCREEN—320 V 4.0 A); time (26 h and 35 min); and temperature
(550 ◦C). This facilitated the diffusion penetration of active nitrogen atoms from the surface
towards the core of the nitrided samples. It was found that the concentration of nitrogen in
the cross-section of the nitrided samples decreased towards the core, in contrast with the
other elements. This allowed the obtaining of a continuous and compact layer of nitrides
that was well adhered to the steel surface. A relatively thick and continuous white layer of
ε-type nitrides appeared on the surface of the nitrided sample, guaranteeing the highest
hardness, then a layer of ε+γ’-type nitrides of lower hardness and a dark zone of internal
nitriding with γ’-type nitrides of the lowest hardness. On the other hand, in the core of the
nitrided samples, the presence of the correct structure of fine-needle hardened sorbite with
a small amount of fine bainite was found.
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Abstract: Given the accelerating depletion of iron ore resources, there is growing concern within the
steel industry regarding the availability of high-phosphorus iron ore. However, it is important to
note that the utilization of high-phosphorus iron ore may result in elevated phosphorus content and
notable fluctuations in molten iron, thereby imposing additional challenges on the dephosphorization
process in steelmaking. The most urgent issue in the process of converter steelmaking is how to
achieve efficient dephosphorization. In this study, the influence of various factors on the logarithm
of the phosphorus balance distribution ratio (lgLp), the logarithm of the P2O5 activity coefficient
(lgγP2O5 ), and the logarithm of the phosphorus capacity (lgCp) were examined through thermody-
namic calculations. The impact of each factor on dephosphorization was analyzed, and the optimal
conditions for the dephosphorization stage of the converter were determined. Furthermore, the
influence of basicity and FetO content on the form of phosphorus in the slag was analyzed using Fact-
Sage 7.2 software, and the precipitation rules of the slag phases were explored. The thermodynamic
calculation results indicated that increasing the basicity of the dephosphorization slag was beneficial
for dephosphorization, but it should be maintained below 3. The best dephosphorization effect was
achieved when the FetO content was around 20%. The reaction temperature during the dephospho-
rization stage should be kept low, as the dephosphorization efficiency decreased sharply with the
increasing temperature. In dephosphorization slag, Ca3(PO4)2 usually formed a solid solution with
Ca2SiO4, so the form of phosphorus in the slag was mainly determined by the precipitation form and
content of Ca2SiO4. The phases in the dephosphorization slag mainly consisted of a phosphorus-rich
phase, an iron-rich phase, and a matrix phase. The results of scanning electron microscopy and X-ray
diffraction analyses were consistent with the thermodynamic calculation results.

Keywords: steelmaking; dephosphorization; thermodynamics; precipitation

1. Introduction

As the main raw material of the steel industry, iron ore is an important strategic
resource for a country [1–4]. With the rapid development of iron and steel metallurgy
technology, the demand for iron ore is increasing [5]. Iron ore resources are relatively abun-
dant and widely distributed worldwide, but rich iron ore resources will gradually become
depleted, so it is very important to develop and utilize iron ore with high phosphorus
content [6]. During the sintering and blast furnace smelting process, the phosphorus in the
ore will enter the sinter and hot metal [7–9]. Currently, steel companies have increasingly
higher requirements for the quality of iron concentrates and strict limits on the phospho-
rus content, with the phosphorus content of iron concentrates required to be less than
0.024% [10]. There are many steel companies in China, and the differences in raw material
conditions such as the phosphorus content of hot metal are significant among various steel
mills. Only a few large steel companies in China can use high-quality iron ore with low
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phosphorus content [11]. Many steel mills produce hot metal with a phosphorus content
between 0.1 and 0.25%, and the phosphorus content in hot metal will further increase in
the future [12].

The phosphorus in steel mainly comes from raw steelmaking materials such as hot
metal, steel scrap, slagging materials, and deoxidizing alloys [13–15]. Phosphorus dissolves
in the ferrite contained in steel [16]. It has a strong solid solution strengthening effect,
significantly improving the strength and hardness of steel at room temperature. The
strengthening effect of phosphorus is second only to carbon, which can significantly increase
the yield strength and yield-to-tensile ratio of steel, but it also causes a significant decrease
in plasticity and toughness (especially low-temperature toughness) and a sharp increase
in the transition temperature of steel [17–19]. For most steel grades, phosphorus is a
harmful element, so it is required to minimize the phosphorus content in the steel [20].
Dephosphorization is one of the most important functions in the converter steelmaking
process, and the steel slag is the only place where phosphorus is removed from the steel.
Converter dephosphorization mainly uses oxidation, which oxidizes the phosphorus in
the steel to the slag phase under an oxidizing atmosphere to remove it [21]. The higher the
phosphorus content in the hot metal, the greater the difficulty and technical requirements
of the converter smelting process. Different conditions of phosphorus content in hot metal
directly affect many key indicators such as the production rhythm of converter steelmaking,
auxiliary material consumption, iron and steel material consumption, endpoint oxygen
content, and endpoint accuracy rate [22–24]. As users’ requirements for phosphorus content
in steel become increasingly demanding, efficient dephosphorization in the converter has
become the goal pursued by metallurgists. A large amount of research has been carried out
at home and abroad on the dephosphorization reaction of steel, and a series of empirical
and semi-empirical formulas have been obtained, which have certain guiding significance
for actual production [25].

The removal trajectory of phosphorus involves the distribution between the steel and
slag, as well as the distribution among different phases of slag. Therefore, to compre-
hensively understand the removal pattern of phosphorus in the converter and to obtain
reasonable control conditions for the dephosphorization stage, it is necessary to consider
both the reactions in the slag and the phase separation of dephosphorization slag. In this
study, firstly, by using the thermodynamic empirical formulas summarized by previous
researchers, the influence of different slag compositions and reaction temperatures on
dephosphorization during slag–steel reactions was analyzed, and favorable control condi-
tions for the dephosphorization stage of the converter were obtained. Then, based on the
previous research, the form of phosphorus in the dephosphorization slag was analyzed,
and the phase separation pattern of the dephosphorization slag was investigated. Industrial
experiments were conducted to verify the thermodynamic calculation results, providing a
research foundation for efficient dephosphorization in converters.

2. Research Method

The main factors affecting the dephosphorization effect of steel slag include the basic-
ity of the slag; the contents of FetO, MgO, MnO; and the reaction temperature. Therefore, it
is necessary to study the impact and degree of each factor on the dephosphorization ability
of steel slag. The main parameters for evaluating the dephosphorization reaction were the
phosphorus balance distribution ratio, the P2O5 activity coefficient, and the phosphorus
capacity. Theoretical calculations were carried out based on thermodynamic formulas to
analyze the influence of the main components and temperature of dephosphorization slag
on the dephosphorization effect and to provide guidance for optimizing the converter
dephosphorization process [26]. The contents of slag components in the dephosphorization
stage of the converter used for calculation are shown in Table 1. By fixing the content of
other components and adjusting the contents of CaO and SiO2 in the slag while keeping
the basicity of the slag unchanged, the impact of a single factor on the dephosphorization
effect was studied. Additionally, since the dephosphorization reaction was an exothermic
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process, the temperature was also an important factor affecting the dephosphorization effi-
ciency. By examining the changes in the logarithm of the phosphorus balance distribution
ratio (lgLp), the logarithm of the P2O5 activity coefficient (lgγP2O5), and the logarithm of
the phosphorus capacity (lgCp) under the influence of various factors, the impact of each
factor on dephosphorization was determined, and the optimal conditions for the converter
dephosphorization stage were analyzed. To avoid any misunderstandings, we wanted to
clarify the nature of the logarithmic expressions used in thermodynamic calculations. These
expressions did not originate from fundamental laws or principles but, rather, were the
result of previous researchers’ summarizations and inductions. The logarithmic functions
served as mathematical tools in our thermodynamic calculations, allowing us to quantita-
tively evaluate the efficiency of phosphorus removal from slag. It is important to emphasize
that these expressions should not be interpreted as representing inherent laws but rather to
facilitate the analysis and interpretation of the computational results.

Table 1. Components of converter slag for calculation (%).

Composition CaO SiO2 FetO MnO P2O5 MgO

Content 38 19 25 5 3 10

2.1. Phosphorus Balance Distribution Ratio

The phosphorus distribution ratio between the slag and steel could well reflect the
dephosphorization degree in the converter steelmaking process. The larger the phos-
phorus distribution ratio was, the better the dephosphorization effect was. As shown in
Equation (1), this study cited the thermodynamic empirical formula for dephosphorization
experiments in a CaO − FetO − SiO2−MgO − MnO slag system summarized by Ide and
Fruehan. to calculate the phosphorus distribution ratio [27]. In the equation, [%X] repre-
sents the content of X element in the steel liquid, in %, and (%X) represents the content
of X element in the slag phase, in %. The expression for the phosphorus distribution
ratio in the slag and steel was derived from Equation (1), as shown in Equation (2). By
substituting the known composition of the furnace slag in Table 1 into Equation (2), the
theoretical phosphorus balance distribution ratio under this condition can be calculated.
The Lp was affected by factors other than the slag properties. Firstly, the activity coefficient
of phosphorus in molten steel played a significant role in the distribution of phosphorus
between the steel and slag. The activity coefficient was a parameter that described the
activity of components in a molten system and was influenced by the concentration of
phosphorus in the steel, the concentration of phosphorus in the slag, and the temperature.
If the activity coefficient of phosphorus in the steel was relatively low compared to that
in the slag, phosphorus tended to remain in the steel rather than combine with the slag.
This led to a decrease in the Lp. Additionally, the oxygen potential (redox conditions) also
affected the Lp. A higher oxygen potential promoted the formation of phosphorus oxide,
while a lower oxygen potential facilitated the reduction of phosphorus, releasing it from
the slag into the steel. Thus, variations in the oxygen potential altered the distribution of
phosphorus between the steel and slag, thereby affecting the Lp. Other researchers have
also summarized some empirical formulas for Lp, which were listed in Table 2. The main
difference lay in the diverse calculation methods used for different slag systems. However,
for the same slag system, it was recommended to choose an empirical formula that had
been validated within the compositional range of the slag.

lg
(%P)

[%P](%T.Fe)2.5 = 0.072[(%CaO) + 0.15(%MgO) + 0.6(%P2O5) + 0.6(%MnO)] + 11, 570/T − 10.520 (1)

lgLP= lg
(%P)
[%P]

= 0.072[(%CaO) + 0.15(%MgO) + 0.6(%P2O5) + 0.6(%MnO)] + 11, 570/T − 10.520+ 2.5lg(%T.Fe) (2)
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Table 2. Common empirical formulas for Lp [27–33].

Lp Representation Lp Calculation Formula

(%P2O5)
[%P]

lgLP = 5.9(%CaO) + 2.5lg(%FeO) + 0.5lg(%P2O5)− 0.5C − 0.36
lgLP = 0.072[(%CaO) + 0.3(%MgO) + 0.6(%P2O5) + 0.2(%MnO) + 1.2(%CaF2)− 0.5(%Al2O3)]
+2.5lg(%T.Fe) + 11, 570/T − 10.52
lgLP = 1

T [162(%CaO) + 127.5(%MgO) + 28.5(%MnO)] + 11,000
T − 6.28 × 10−4(%SiO2)− 10.4

+2.5lg(%FetO)

(%P)
[%P]

lgLP = 22,350
T − 16 + 0.08(%CaO) + 2.5lg(%T .Fe)

lgLP = 0.065[(%Cao) + 0.55(%MgO)] + 2.5lg(%T.Fe) + 12, 230/T − 10.8
lgLP = 0.071[(%Cao) + 0.1(%MgO)] + 2.5lg(%T.Fe) + 8260/T − 8.56
lgLP = 0.073[(%CaO) + 0.148(%MgO) + 0.96(%P2O5) + 0.144(%SiO2) + 0.22(%Al2O3)] + 11, 570/T
−10.46 + 2.5lg(%T.Fe)± 0.1

2.2. P2O5 Activity Coefficient

The activity coefficient of the slag component was one of the main factors affecting
the thermodynamic properties of the slag. Phosphorus in the steel was oxidized and
entered the steel slag in the converter, and the activity coefficient of P2O5 in the slag could
significantly affect the dephosphorization effect of the steel slag. In this study, Equation (3)
was cited, which assumed that phosphorus and oxygen in the steel liquid obeyed Henry’s
Law, and their activity coefficients were calculated as 1 [34]. Based on a large amount of
experimental data, a linear relationship between the P2O5 activity coefficient (γP2O5) and
the slag composition was regressed. Here, xi represents the mole fraction of oxide i in the
slag. By substituting the known slag composition in Table 1 into Equation (3), the P2O5
activity coefficient in the slag under the given conditions can be calculated.

lgγP2O5 = −22.44xCaO − 15.3xMgO − 13.26xMnO − 12.24xFetO + 2.04xSiO2 − 42, 000/T + 23.58 (3)

2.3. Phosphorus Capacity

Phosphate capacity (hereinafter referred to as P capacity) reflected the potential ability
of steel slag to remove phosphorus. Since Wagner proposed the concept of P capacity
and phosphide capacity, researchers had conducted extensive studies on the relationship
between P capacity and slag composition. Many studies suggested that there was a good
correlation between the P capacity of steel slag and its optical basicity, so P capacity could
be used as a representation of slag basicity. This study cited the relationship between
P capacity and optical basicity of various complex slags summarized by Bergman, as
shown in Equation (4) [35]. The optical basicity Λ of the slag composed of various types
of oxides was calculated using Equation (5), where mi is the number of oxygen atoms in
the oxide i and Λi is the theoretical optical basicity of the oxide, as shown in Table 3 [36].
The Cp referred to the ability of the slag to adsorb and combine with phosphorus at a
given temperature. It was primarily determined by the properties of the slag, including its
chemical composition, melting point, and structure. Therefore, at a fixed temperature, the
Cp in steel was solely dependent on the properties of the slag and was not influenced by
other factors.

lgCP = 21.55Λ + 32, 912/T − 27.90 (4)

Λ = ∑
mixi

∑ mixi
Λi (5)

Table 3. Theoretical optical basicity of some oxides.

Oxide CaO SiO2 FeO MnO P2O5 MgO

Optical
basicity 1 0.47 0.72 0.95 0.38 0.92
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2.4. Phase Precipitated Calculation

The high phosphorus distribution among the slag phases was a favorable driving
condition for dephosphorization in the converter process. Through morphology and phase
analysis of the slag, it was found that the slag mainly consisted of phosphorus-rich phase,
iron-rich phase, and matrix phase. Phosphorus in the slag mainly existed in the phosphorus-
rich phase and the matrix phase, and the enrichment of phosphorus in the phosphorus-rich
phase had an important impact on the efficiency of dephosphorization in the converter
process. Based on the composition of the slag during the converter process, this study
used the Equilib module in the FactSage 7.2 thermodynamic software to calculate the
phase precipitation process of the slag during the solidification process to investigate the
influence of slag composition on phase precipitation in different slag systems. To ensure
accurate calculations, we followed the recommended procedures provided by FactSage 7.2
for handling phosphorus-containing systems. This involved specifying the slag’s elemental
compositions, considering the interactions and phase stability of phosphorus-containing
compounds, and utilizing the appropriate thermodynamic database within FactSage 7.2.
This software has the advantages of having powerful calculation functions, rich database
content, and a simple operating interface and has been widely used in thermodynamic
simulation and calculation in the metallurgical field, achieving satisfactory results. The slag
composition used for the theoretical calculation of phase precipitation is shown in Table 4.

Table 4. Components of converter slag for phase precipitation calculation.

No. CaO SiO2 FetO MnO P2O5 MgO

1 28.5 28.5 25 5 3 10
2 38 19 25 5 3 10
3 42.75 14.25 25 5 3 10
4 48 24 10 5 3 10
5 44.67 22.33 15 5 3 10
6 41.33 20.67 20 5 3 10

3. Results and Discussion

3.1. Effect of Composition and Temperature on Dephosphorization
3.1.1. Basicity

The representation method for binary basicity in slag was R = (%CaO)/(%SiO2), and
it had an important impact on the ability of slag to remove phosphorus. By fixing the
content of other components in the slag, the basicity range of the slag was set to 1–4, and
the impact of slag basicity on various dephosphorization indicators was analyzed. Figure 1
shows the effect of slag basicity on the three dephosphorization indicators lgLp, lgγP2O5 ,
and lgCp. As the slag basicity increased, lgLp and lgCp increased, while lgγP2O5 decreased.
CaO was a reactant in the dephosphorization reaction. Generally, when the slag basicity
increased, the CaO content in the slag also increased. The increase in CaO content not
only increased the concentration of the reactant in the dephosphorization reaction but
also reduced γP2O5 . Both effects increased the phosphorus distribution ratio, which was
beneficial for dephosphorization. At the same time, as shown in Figure 1, as the basicity
increased, the growth rate of lgLp and lgCp slowed down, and the decreasing trend of
lgγP2O5 also slowed down. Therefore, although increasing the basicity of the converter
slag was beneficial for dephosphorization, it inevitably increased lime consumption. If the
basicity was too high, the effect of dephosphorization would not be significantly increased,
and it could also lead to lime waste. Overall, when the slag basicity was less than 3, lgLp
and lgCp increased rapidly, while lgγP2O5 decreased rapidly as the slag basicity increased.
When the slag basicity exceeded 3, the growth rate of lgLp and lgCp slowed down, and
the decreasing rate of lgγP2O5 also slowed down as the basicity increased. During the
converter dephosphorization stage, if a large amount of lime was added to maintain a
high slag basicity, a large amount of un-melted lime accumulated in the furnace, which
not only worsened the dephosphorization kinetic conditions but also did not contribute
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to dephosphorization due to the short time spent in the dephosphorization stage, and the
smelting cost thus increased. Therefore, considering the comprehensive dephosphorization
effect and steelmaking cost, the basicity of the converter slag during the dephosphorization
stage should not exceed 3, and the effects of other factors on dephosphorization in this
article were also calculated based on a basicity of no more than 3.

 
Figure 1. Effect of basicity on (a) lgLp, (b) lgγP2O5 , and (c) lgCp in slag.

3.1.2. FetO Content

The principle of dephosphorization in the converter was oxidation. The FetO content
in the slag had an important influence on dephosphorization and was a significant indicator
of the oxidation capacity of the slag. The main method used to study the effect of FetO
content in the slag during the dephosphorization stage in the converter was to vary the
FetO content in the slag between 10 and 30% while keeping the other components in the
slag constant. At the same time, the basicity of the slag was fixed at 1, 2, and 3, and the effect
of FetO content on dephosphorization in the slag at different basicity levels was analyzed.
Figure 2 shows the effect of FetO content in the slag on three dephosphorization indicators,
lgLp, lgγP2O5 , and lgCp. It could be seen that as the FetO content in the slag increased,
lgγP2O5 tended to increase linearly, and the higher the basicity, the more obvious the
increase. lgCp tended to decrease linearly, and the higher the basicity, the more obvious the
decrease. Overall, when the FetO content in the slag was around 20%, lgLp was the largest,
and both too high and too low FetO contents are not conducive to dephosphorization. FetO
was a reactant in the dephosphorization reaction, and increasing its content could increase
the oxygen potential in the slag, which was beneficial to dephosphorization. However,
increasing the FetO content in the slag would dilute the concentration of alkaline oxides in
the slag, especially the concentration of CaO, and the higher the basicity, the more obvious
the dilution effect, ultimately resulting in a decrease in lgCp and an increase in lgγP2O5 .

 
Figure 2. Effect of FetO content on (a) lgLp, (b) lgγP2O5 , and (c) lgCp in slag.

3.1.3. MgO Content

MgO was the main component for improving the refractoriness of slag. The main
purpose of adding MgO to converter slag was to enhance the effect of slag splashing
protection and maintain the condition of the converter. However, MgO in the slag also had
certain ability to fix phosphorus. As MgO could combine with P2O5 to form phosphate,
it had some impact on the dephosphorization ability of the slag. In order to analyze the
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influence of the MgO content in the slag on the dephosphorization effect, the same method
as above was adopted. The MgO content in the slag was varied between 1% and 11%, while
the basicity and other component contents were kept constant. At the same time, in order
to study the effect of MgO content on dephosphorization under different basicity levels, the
basicity values were fixed at 1, 2, and 3. Figure 3 showed the influence of MgO content in the
slag on three dephosphorization indicators, lgLp, lgγP2O5 , and lgCp. It could be seen that
as the MgO content in the slag increased, lgLp and lgγP2O5 decreased linearly, while lgCp
increased linearly, and the change became more obvious with higher basicity. MgO itself
was a weak alkaline substance, and its ability to fix phosphorus was not as good as CaO.
CaO was the most important factor influencing lgLp, lgγP2O5 , and lgCp. The introduction
of higher MgO content in the slag led to a consequent dilution of the concentration of CaO.
As a result, the ability of CaO to effectively capture phosphorus decreased, leading to a
reduction in lgLp and lgγP2O5 . However, owing to its inherent basicity, the increase in MgO
content caused lgCp to increase. Adding a certain amount of MgO to the slag is necessary
for dephosphorization and furnace lining protection, as it decreases the activity coefficient
of P2O5, thereby enhancing the dephosphorization process.

 

Figure 3. Effect of MgO content on (a) lgLp, (b) lgγP2O5 , and (c) lgCp in slag.

3.1.4. MnO Content

The presence of MnO had a certain impact on the dephosphorization in the converter.
In order to study its effect on dephosphorization, the same method as above was adopted
to fix the content of other components in the slag and vary the MnO content in the slag
within the range of 1–11%. At the same time, in order to study the effect of MnO content
on dephosphorization under different levels of basicity, the basicity was fixed at 1, 2, and 3.
Figure 4 showed the effect of MnO content in the slag on the three dephosphorization
indicators lgLp, lgγP2O5 , and lgCp. It could be seen that as the MnO content in the slag
increased, lgLp and lgγP2O5 decreased linearly, while lgCp tended to increase linearly. The
variation trend was similar to that of MgO. Because MnO was a weak alkaline substance,
its ability to fix phosphorus was inferior to that of CaO. CaO was the most important
influencing factor for lgLp, lgγP2O5 , and lgCp. The increase in the MnO content also diluted
the concentration of CaO in the slag, resulting in a decrease in the phosphorus-fixing ability
of CaO, leading to a decrease in lgLp and lgγP2O5 and an increase in lgCp. Therefore, the
increase in the MnO content would reduce the dephosphorization ability of the slag, but its
basicity would increase the phosphorus capacity of the slag. There would inevitably be a
certain amount of elemental manganese in the molten iron, and the MnO content in the
slag was mainly determined by the conditions of the molten iron.

3.1.5. Temperature

The dephosphorization reaction was a strongly exothermic reaction, so temperature
had an important influence on dephosphorization. In order to study the effect of tem-
perature on dephosphorization, the composition of the slag was kept constant, and the
temperature was varied between 1200 ◦C and 1600 ◦C. In addition, in order to study the ef-
fect of temperature on dephosphorization under different levels of basicity, the basicity was
fixed at 1, 2, and 3. Figure 5 shows the effect of temperature on the three dephosphorization
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indicators lgLp, lgγP2O5 , and lgCp. As can be seen from Figure 5, as the temperature in-
creased, lgLp and lgCp decreased significantly, while lgγP2O5 increased sharply. Therefore,
from a thermodynamic point of view, the reaction temperature during the dephosphoriza-
tion stage of the converter should be reduced as much as possible. However, one of the
main functions of the converter was to raise the temperature. If the temperature control
during the dephosphorization stage was too low, the burden of raising the temperature
during the decarbonization stage would be too heavy, which could not meet the require-
ments of steelmaking. Therefore, the temperature during the dephosphorization stage
should be reduced as much as possible under the premise of meeting the requirements
of steelmaking.

 
Figure 4. Effect of MnO content on (a) lgLp, (b) lgγP2O5 , and (c) lgCp in slag.

 

Figure 5. Effect of temperature on (a) lgLp, (b) lgγP2O5 , and (c) lgCp in slag.

3.2. Effect of Steel Slag Composition on Precipitated Phase
3.2.1. Basicity

It was found from the above research that the most significant factors affecting the
ability of dephosphorization from converter steel slag were basicity, FetO content, and
temperature. Therefore, FactSage 7.2 software was used to further analyze the effects of
basicity and FetO content on the phosphorus forms in the slag and explore the precipitation
behavior of slag phases. Figure 6 shows the phase precipitation process of slag samples
No. 1, No. 2, and No. 3 in Table 4 during the solidification process from 1700 ◦C to 700 ◦C.
Figure 6a shows the phase precipitation of converter slag with a basicity of 1. The spinel
phase began to precipitate at around 1350 ◦C and peaked at 1250 ◦C. At this time, the
cordierite phase began to precipitate, which gradually decreased after peaking at 1180 ◦C.
This was mainly due to FetO entering the cordierite phase and forming Ca3Fe2Si3O12, the
precipitation amount of which continued to increase with decreasing temperature until it
reached the maximum value at 950 ◦C. The phosphorus-containing Ca3P2O8 phase began
to appear at 1090 ◦C, quickly reached the maximum value, and remained stable. Figure 6b
shows the phase precipitation of converter slag with a basicity of 2. The Ca2Fe2O5 phase
began to precipitate at 1360 ◦C, and the Ca7MgSi4O16 phase began to precipitate at 1270 ◦C,
with its precipitation amount gradually increasing as the temperature decreased. When the
temperature dropped to 1160 ◦C, the Ca7P2Si2O16 phase precipitated, and in the continued
cooling process, this phase gradually decomposed to form a new phase, Ca5P2SiO12, which
remained stable. Figure 6c showed the phase precipitation of converter slag with basicity
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of 3, which was basically the same as that of basicity 2. However, due to the lower SiO2
content in the slag, the phosphorus-containing phase that finally formed was Ca4P2O9.

 

Figure 6. Calculation of phase precipitation in slag system: (a) No. 1, (b) No. 2, (c) No. 3.

3.2.2. FetO Content

Figure 7 shows the phase precipitation process of slag samples No. 4, No. 5, and No. 6
in Table 4 during the solidification process from 1700 ◦C to 700 ◦C. Figure 7a presents the
case of converter slag with 10% FetO content. The α-Ca2SiO4 phase began to precipitate
at 1640 ◦C, and then underwent a crystal phase transition at 1400 ◦C, where α-Ca2SiO4
disappeared and β-Ca2SiO4 began to precipitate. At the same time, the Ca7MgSi4O16 phase
started to precipitate in the slag at 1340 ◦C, and the precipitation amount continued to
increase as the temperature decreased, reaching a maximum at 1100 ◦C. Ca2Fe2O5 phase
began to precipitate at 1260 ◦C. When the temperature dropped to 1190 ◦C, Ca7P2Si2O16
containing phosphorus began to precipitate. During the continued cooling process, this
phase gradually decomposed and formed a new phase, Ca5P2SiO12, which remained stable.
Figure 7b presents the case of converter slag with 15% FetO content. The α-Ca2SiO4 phase
began to precipitate at 1520 ◦C and then underwent a crystal phase transition at 1390 ◦C,
where α-Ca2SiO4 disappeared and β-Ca2SiO4 began to precipitate, but the precipitation
amount was less than that of slag No. 4. Until 1350 ◦C, the precipitated β-Ca2SiO4 gradually
reacted with the slag, causing the precipitation amount of Ca7MgSi4O16 phase to gradually
increase. The transformation of the phosphorus-containing phase was basically the same as
that of slag No. 4, and eventually became the Ca5P2SiO12 phase. Figure 7c presents the case
of converter slag with 20% FetO content. In this slag, the precipitation amount of α-Ca2SiO4
was small, and no crystal phase transition occurred. The Ca3MgSi2O8 phase began to
precipitate at 1400 ◦C, and reached a maximum at 1350 ◦C, before quickly transforming
into the Ca7MgSi4O16 phase. The phosphorus-containing phase that finally stabilized in
the slag was also Ca5P2SiO12.

 
Figure 7. Calculation of phase precipitation in slag system: (a) No. 4, (b) No. 5, (c) No. 6.

3.3. Industrial Experiment Verification

In pursuit of faster production rhythms, the converter smelting process was usually
operated continuously, as shown in Figure 8. Scrap steel was loaded as the starting point
for smelting, followed by molten iron. Then, rapid blowing was carried out using a porous
oxygen lance, and slag-making auxiliary materials were added. The oxygen supply time
varied depending on the size of the converter but was generally around 20 min. The
blowing lance was generally operated in a low–medium–high–low mode and adjusted
according to the slag formation inside the furnace during production. Then, the steel was
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tapped into a ladle for further treatment. After pouring the steel, nitrogen was used for slag
splashing to protect the furnace, and finally, the slag was tapped out. The most pressing
issue in actual production is how to remove phosphorus from the molten iron and fix it in
the slag within a short amount of time. Based on the previous theoretical calculations, it is
necessary to ensure a relatively high basicity of the slag during the phosphorus removal
stage in the converter while maintaining sufficient fluidity. Additionally, the content of
FetO, MgO, and MnO in the steel slag also has a certain influence on phosphorus removal.
Therefore, in the smelting process using the single-slag method, controlling the basicity of
the converter slag at around 2.5 and the FetO content at approximately 20% achieves the
optimal phosphorus removal effect. The composition of the slag at this stage is shown in
Table 5, and micro-area morphology observation and XRD phase analysis were performed.
Each slag sample is quenched in water at approximately 1000 ◦C to ensure consistency
in the cooling process. The results presented are the average values obtained from these
three samples, aiming to enhance the reliability of the findings despite the constraints in
obtaining a larger quantity of samples in an industrial setting.

Figure 8. Production process of converter steelmaking process.

Table 5. Components of converter slag sampled on site.

Composition CaO SiO2 FetO MnO P2O5 MgO

Content 39.1 15.5 21.2 6.8 3.3 7.7

Figure 9a,b are backscattered electron micrographs of the dephosphorization slag
which clearly showed the presence of three distinct phases: the phosphorus-rich phase, the
iron-rich phase, and the matrix phase. Typically, the phosphorus-rich phase in the converter
slag predominantly exists as the Ca5P2SiO12 phase, and phosphorus mainly resides in this
phase, which appears as a dark gray color in the micrograph. The iron-rich phase in the slag
typically appears as white in scanning electron microscopy and is mainly composed of iron
oxide or iron–manganese oxide. The matrix phase appears as gray and contains elements
that had not fully entered either the phosphorus-rich or iron-rich phases. Figure 9c presents
the XRD pattern of the experimental slag, which mainly consists of five phases: Ca5P2SiO12,
Ca2Fe2O5, FeS, (MnO)0.165(CaO)0.835, and FeO. These phases are in good agreement with
the calculated results of the precipitates in Figure 7c, with the final phosphorus-containing
phase being Ca5P2SiO12.
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Figure 9. (a,b) Microscopic morphology and (c) XRD pattern of slag in converter dephosphoriza-
tion stage.

In order to investigate the phosphorus distribution ratio in practical production scenar-
ios, we conducted compositional measurements on 15 sets of steel slag samples and their
corresponding steel liquid compositions in Table 6. These samples were directly obtained
from the production site, ensuring their relevance to real-world conditions. By analyzing
the collected data and building upon the existing Equation (2), we were able to summarize
and derive a new Equation (6). The computations were performed using the SPSS 25.0 soft-
ware (Statistical Package for the Social Sciences), a widely used tool for statistical analysis.
The p-values for each coefficient were calculated using Spearman’s correlation analysis and
are presented in Table 7. All coefficients demonstrated statistical significance with p-values
less than 0.05, passing the significance test. Additionally, the equation achieved a high R2

value of 0.905, indicating a strong fit and excellent predictive performance. This revised
equation provides an accurate prediction of the phosphorus distribution ratio between
the slag and steel liquid during the dephosphorization process. Our equation is primarily
developed for a specific research object, namely a 100-ton converter in a particular steel
plant, and therefore, it does not possess universal applicability. It is important to note that
different equipment conditions and operational processes have a significant impact on
phosphorus partitioning ratios, as these parameters influence the extent of the phosphorus
removal reactions. Furthermore, it should be emphasized that the derived equation does
not represent the phosphorus partitioning at long-term equilibrium. In our specific study,
the overall duration of the converter process is approximately 30 min, with a phosphorus
removal reaction time of less than 10 min for the molten steel. Consequently, the equation
we have derived reflects the non-equilibrium conditions prevailing during the relatively
short time span of the converter process. The equation has been validated extensively
within a suitable range of basicity, which spans from 1.3 to 2.4, and a temperature range of
1300 to 1450 ◦C. The accuracy of the equation has been thoroughly verified within these
specified ranges. Therefore, we can ensure the reliability of the equation within these
validated conditions. Figure 10 presents the comparison between the measured phospho-
rus partitioning ratios and the predictions obtained using different equations. It can be
observed that the predictions obtained using Equation (6) exhibit a small deviation from the
measured values, indicating a good agreement. However, the predictions obtained from the
other three equations deviate significantly from the measured values. These discrepancies
can be attributed to the non-equilibrium state during the phosphorus removal process in
the converter and the incomplete phosphorus removal due to the insufficient effectiveness
of lime in the slag.

lgLP= lg
(%P)
[%P]

= 0.072[0.8(%CaO) + 0.35(%MgO) + 0.7(%P2O5) + 0.8(%MnO)] + 11, 570/T − 10.620 + 2.5lg(%T.Fe) (6)
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Table 6. Common empirical formulas for Lp.

No.
Main Components of Dephosphorization Slag/% [P] Content in

Molten Steel/%
Temperature/◦C

CaO SiO2 FetO MnO P2O5 MgO

1 32.6 18.1 25.3 5.4 3.7 7.7 0.137 1332
2 31.8 19.5 27.7 5.7 3.8 5 0.143 1400
3 37.2 21.2 18.9 6.1 4.3 5.3 0.144 1375
4 35.8 18.8 22.5 3.8 4.9 7.1 0.139 1386
5 34.8 20.7 24.4 6.1 4.2 3.9 0.138 1367
6 32.8 17 29.4 3.9 3.6 6.8 0.134 1393
7 36.8 17.2 23.7 4.2 4.8 6.5 0.142 1377
8 37.9 19.4 25.3 2.9 4.6 4.1 0.143 1368
9 34.2 19 26.9 3.4 4 5.8 0.15 1378

10 42 18.1 18.2 4.1 4.4 5.3 0.143 1354
11 33.6 15.8 26 5.3 4.3 6.9 0.142 1380
12 38.2 20.3 16 7.3 4.3 7.4 0.138 1327
13 42.3 22.3 14.6 4.9 2.8 6.3 0.143 1352
14 32.2 23.6 23.3 4.4 3.4 4.6 0.145 1368
15 31.3 15.7 28.5 5.6 3.6 6.7 0.149 1383

Table 7. Spearman correlation analysis results for coefficients.

Coefficient (%CaO) (%MgO) (%P2O5) (%MnO) 1/T lg(%T.Fe)

p-value 0.000 0.011 0.000 0.003 0.006 0.000

Figure 10. Measured and predicted phosphorus partitioning ratios using different equations [27,32,33].

4. Conclusions

This study investigated the behavior of steel slag during the dephosphorization stage
in the converter process using thermodynamic calculations and sampling analysis. The
optimal thermodynamic conditions for this stage were obtained and provide a certain
reference for practical production. The following conclusions were drawn:

1. The results of thermodynamic formula calculations showed that increasing the basicity
of the dephosphorization slag was beneficial for dephosphorization, but it should
be kept below 3. When the FetO content was around 20%, the dephosphorization
effect was the best, and a too high or too low FetO content was not conducive to
dephosphorization. The contents of MgO, MnO, and other components had little effect
on the dephosphorization effect. The reaction temperature should be kept relatively
low during the dephosphorization stage, and the dephosphorization efficiency sharply
decreased with the increase in temperature.
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2. During the solidification process of the dephosphorization slag, phosphorus existed in
the form of Ca3(PO4)2. When the slag basicity and FetO content changed, Ca3(PO4)2
only changed its precipitation form, but the precipitation amount remained un-
changed. Ca3(PO4)2 in the slag usually formed a solid solution with Ca2SiO4, so
the form of phosphorus in the slag was mainly determined by the precipitation form
and content of Ca2SiO4.

3. The phases in the dephosphorization slag were mainly composed of phosphorus-
rich phases, iron-rich phases, and the matrix phase. This was consistent with the
results of scanning electron microscopy observation and XRD analysis. The developed
prediction model accurately estimates the phosphorus distribution ratio between the
slag and steel liquid.
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Abstract: Significant interest in the stoichiometric and off-stoichiometric Fe2MnGa alloys is based
on their complex phase transition behavior and potential application. In this study, temperature-
and magnetic-field-induced phase transformations in the Fe41.5Mn28Ga30.5 magnetic shape memory
alloy were investigated by in situ synchrotron high-energy X-ray diffraction and in situ neutron
diffraction techniques. It was found that incomplete phase transformation and phase coexistence
behavior are always observed while applying and removing fields in Fe41.5Mn28Ga30.5. Typically,
even at 4 K and under 0 T, or increasing the magnetic field to 11 T at 250 K, it can be directly detected
that the martensite and austenite are in competition, making the phase transition incomplete. TEM
observations at 300 K and 150 K indicate that the anti-phase boundaries and B2 precipitates may
lead to field-induced incomplete phase transformation behavior collectively. The present study may
enrich the understanding of field-induced martensitic transformation in the Fe-Mn-Ga magnetic
shape memory alloys.

Keywords: magnetic shape memory alloy; martensitic transformation; Fe-Mn-Ga; incomplete
phase transformation

1. Introduction

Ferromagnetic shape memory alloys (FSMAs) have attracted considerable attention
due to their multifunctional properties, such as magnetic-field-induced strain [1–4], mag-
netoresistance [5–7], magnetocaloric effect [8–10], magnetothermal conductivity [11], and
exchange bias behavior [12,13]. These properties make them promising materials for ap-
plications such as rapid actuators [1], efficient magnetic refrigerators [14], and recording
materials [15]. In general, most FSMAs have interesting structural and magnetic properties
resulting from their first-order phase transformation induced by external fields [1–13]. Typ-
ically, for the Ni-(Co)-Mn-X (X = In, Sn, Sb) alloys, magnetic fields may induce a structural
transformation from weak magnetic martensite to ferromagnetic austenite at tempera-
tures close to the austenitic transformation start temperature, leading to some pronounced
magnetic-field-induced effects [2–7,16]. Another representative FSMA, i.e., Fe-Mn-Ga al-
loys displaying distinct and complex magnetic-field-induced martensitic transformation
behavior in some out-stoichiometric compositions, are not yet completely understood.
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Since Omori et al. reported that the Fe43Mn28Ga29 alloy can go through marten-
sitic transition from the paramagnetic (PM) cubic austenite phase to the ferromagnetic
(FM) tetragonal martensite phase [17], the search for Fe-Mn-Ga alloys undergoing phase
transformations and possessing related multifunctional properties has never stopped.
Zhu et al. observed that a magnetic-field-induced transformation from the PM parent
phase to the FM martensite phase takes place at 163 K for the slightly off-stoichiometric
Fe50Mn22.5Ga27.5 alloy, leading to large differences in magnetization between both phases
and a huge shape memory strain of up to 3.6% [18]. Researchers found that the martensitic
transition in Fe-Mn-Ga alloys can lead to significant changes in their magnetic and opti-
cal properties [19–21]. Recently, local symmetry-breaking behavior has been observed in
Fe50Mn23Ga27, which suppresses the martensitic transition while retaining the magnetic
transition in the alloy [22]. In addition, giant exchange bias behavior resulting from the
exchange coupling between the coexisting antiferromagnetic (AFM) and FM phase in
the Fe-Mn-Ga alloys was achieved, resulting in an enhanced coercivity [23–25]. In the
above works, martensitic transformation in Fe-Mn-Ga alloys always displayed significant
transformation hysteresis across an incomplete process, which is considered as an obstacle
to realize a recoverable and complete field-induced martensitic transformation [26,27].
To some extent, this could limit their applications as, for example, magnetocaloric and
magnetostrain materials, and clarifying the mechanism of incomplete phase transformation
is essential.

As a result, based on the previous studies, it is essential to carry out an in situ study
on the structure and magnetic phase evolution of the Fe-Mn-Ga alloy across martensitic
transformation under external fields, such as temperature and magnetic fields. In the
present study, we prepared a Fe41.5Mn28Ga30.5 alloy presenting martensitic transforma-
tion, and the temperature- and magnetic-field-induced phase transformation behaviors
of this alloy were systematically studied. The potential reasons for this incomplete phase
transformation behavior were discussed, which may be instructive for understanding the
underlying mechanisms responsible for the multifunctional properties of Fe-Mn-Ga alloys.

2. Experimental Section

A Fe41.5Mn28Ga30.5 magnetic shape memory alloy was prepared by repeated melting
in an arc furnace under an argon atmosphere. The rod ingots were sealed in a quartz tube
filled with high-purity argon gas, homogenized at 1273 K for 24 h, and finally quenched
in cold water. The composition of Fe41.5Mn28Ga28.5 was measured using an electron
probe microanalyzer (EPMA-1720H, SHIMADZU, Tokyo, Japan). The composition was
determined by averaging the compositions of five randomly measured points, and the
result was Fe41.5±0.1Mn28±0.6Ga28.5±0.3. Due to the fact that Fe-Mn-Ga polycrystalline
samples are very brittle, a single crystal with a roughly ellipsoid shape was obtained using
the grain growth method [17] by annealing at 1273 K for 168 h, followed by quenching in
ice water.

The microstructure was characterized by scanning electron microscopy (SEM, Zeiss
Supra 55, Oberkochen, Germany) and transmission electron microscopy (TEM, JEM-2100 F,
JEOL, Tokyo, Japan). The phase transition temperatures of the polycrystalline sample and
the single crystal sample were analyzed by differential scanning calorimetry (DSC, Netzsch
DSC 214 Polyma, Selb, Germany) experiments performed with heating and cooling rates of
10 K·min−1. The magnetic measurements and electrical resistivity measurements of the
polycrystalline samples with sizes of Φ 3 × 1 mm3 and 10 × 2 × 1 mm3, respectively, were
conducted using a physical property measurement system (PPMS, Quantum Design) with
a cooling and heating rate of 5 K·min−1. The external magnetic field is perpendicular to
the plane of the polycrystalline sample. The resistivity test was based on a 4-point probe
method. The strain, during martensitic transformation for the polycrystalline sample, was
performed using a strain gauge glued to the sample and a data logger (TDS102, Tokyo
Sokki Kenkyujo Co., Ltd, Tokyo, Japan) under zero field with a cooling and heating rate
of 5 K·min−1. Temperature-dependent in-situ synchrotron high-energy X-ray diffraction

177



Crystals 2023, 13, 1242

(HEXRD) experiments were carried out at the 11-ID-C beamline at the Advanced Photon
Source of Argonne National Laboratory (ANL). A monochromatic X-ray beam with a
wavelength of 0.1173 Å was used. The diffraction Debye rings were collected using a
two-dimensional (2D) large area detector. The polycrystalline samples were rotated at high
speed to obtain full rings and eliminate the effects of preferred orientation during heating
and cooling with a rough rate of 3 K·min−1. The samples were cooled and heated in a step-
wise manner between 380 K and 119 K, with an average temperature interval of 3 K. At each
temperature step, the sample was soaked for five minutes to reach a thermally stabilized
state. A small cryogenic detector and an infrared detector were applied during cooling and
heating, respectively. Based on the X-ray diffraction intensity theory, the integral intensities
of diffraction peaks are proportional to the volume fractions of the corresponding phases.
As a result, the volume fractions of the martensite phase (VM) and austenite phase (VA)
were obtained according to the following expression [28]:

VA = (1 +
IM
hkl R

A
hkl

IA
hkl R

M
hkl

)−1 (1)

VA + VB = 1 (2)

where IM
hkl and IA

hkl represent the integrated intensities of the considered {hkl} lattice plane,
and RM

hkl and RA
hkl are the corresponding theoretical calculated intensities [28]. The crystal

structural evolution during the increasing and decreasing of the magnetic fields was
studied by in situ neutron diffraction experiments on the high intensity diffractometer
WOMBAT [29] at the Australian Nuclear Science and Technology Organisation (ANSTO).
The WOMBAT instrument was equipped with a 2D position-sensitive area detector that
covered 120◦ in 2θ on the sample in the diffraction plane and about 15◦ in the vertical,
out-of-plane direction. For the in situ measurements, WOMBAT was equipped with a
vertical field magnet (field range of 0 T–11 T with 200 Oe·s−1) with a temperature range
of 1.5–300 K (2 K·min−1 during cooling and heating). A polycrystalline sample and a
single crystal sample were glued to pure aluminum bolts (where the bolts were used as is)
separately for the test under the temperature field and that under the magnetic field. A
wavelength of 2.41 Å was used for the measurements.

3. Results and Discussion

The phase transformation temperatures of the Fe41.5Mn28Ga30.5 alloy are revealed
by the DSC curves in Figure 1a,b. For the polycrystalline sample (Figure 1a), the marten-
sitic transformation and its reverse transformation were revealed by multiple exother-
mal/endothermic peaks, which are considered to be jerky characteristics of martensitic
transformations that have been reported in many alloy systems [30,31]. In contrast, the
single-crystal sample showed exothermal/endothermic peaks which are easier to dis-
tinguish in in Figure 1b, indicating that grain boundaries may play important roles in
presenting this “avalanche” behavior during phase transition [30]. Ms, Mf, As and Af in
Figure 1b are the martensitic and reverse transformation start and finish temperatures,
and they were determined to be about 229 K, 201 K, 298 K, and 329 K, respectively. The
temperature dependence of the resistivity ρ(T) for the polycrystalline Fe41.5Mn28Ga30.5
is shown in Figure 1c. Fe41.5Mn28Ga30.5 showed a significant temperature hysteresis of
resistivity on heating and cooling, which indicates a first-order phase transformation in
the alloy. One can notice that the transformation temperature interval here was wider than
that shown in the DSC results, which may result from the gradual phase transition beyond
the peak temperature regions only releasing or absorbing a small fraction of heat that is
insufficient to form visible DSC peaks. A significant decrease with a magnetoresistance
Δρ/ρ224K (Δρ = |ρ10K − ρ224K|) of 8% during cooling can be seen in Fe41.5Mn28Ga30.5,
which is ascribed to the forward martensitic transformation. Actually, this is quite different
from the temperature dependence of resistivity behavior across martensitic transformation
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in most Ni-Mn-based FSMAs, where the resistivity usually increases during cooling and
decreases during heating [32–35]. Specifically, the electrical resistivity of the austenite phase
decreases with the increase in temperature, which is opposite to the austenite phase with
metallic behavior in most FSMAs, where the electrical resistivity increases with increasing
temperatures [36–38]. Figure 1d shows that a remarkable s strain up to 0.47% during
cooling and heating can be achieved in the polycrystal sample.

Figure 1. DSC curves for (a) the Fe41.5Mn28Ga30.5 polycrystalline sample and (b) the Fe41.5Mn28Ga30.5

single-crystal sample. (c) Temperature dependence of electrical resistivity during cooling and heating
for polycrystalline Fe41.5Mn28Ga30.5. (d) Shape memory effect of polycrystalline Fe41.5Mn28Ga30.5,
measured without preloading. Ms, Mf, As, and Af in Figure 1b denote the martensitic and reverse
transformation starting and finishing temperatures, respectively.

To trace how the structure evolves when temperature changes, the variable-temperature
HEXRD patterns for Fe41.5Mn28Ga30.5 during the cooling and heating processes are dis-
played in Figure 2a,b. The results clearly indicate that the samples underwent a structural
transformation from the L21 cubic structure (space group No. 225, Fm3m) to the tetragonal
structure (space group No. 139, I4/mmm) during the cooling process. It can be noticed
that the competition and coexistence of the two phases are always presented in the whole
temperature range during cooling and heating, as indicated by the gradual changes in peak
intensities for the two phases. In Figure 2a, at 380 K, the cubic austenite is dominant in
the sample, and only a tiny amount of martensite can be observed; a sudden increase in
the intensities of tetragonal martensite phase peaks appears when cooling to 238 K. One
should notice that there is a discrepancy in the martensitic transformation temperature
obtained by DSC (Figure 1a) and HEXRD (here, we all used polycrystalline alloys for
comparison), which may result from the different parts of the ingot being used for DSC
and HEXRD tests. Different cooling rates may also affect the phase transformation temper-
atures as determined by two methods. When decreasing the temperature, the intensities
of martensite peak continued to increase at the cost of austenite until the sample reached
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equilibrium, where both phases were found to be continuously co-existent down to 119 K.
The variable-temperature HEXRD patterns for Fe41.5Mn28Ga30.5 during heating, shown
in Figure 2b, presented a trend nearly opposite to that in Figure 2a, where the intensities
of austenite suddenly increased at 271 K. Generally, the lattice volumes of austenite and
martensite decrease upon cooling. However, when the martensitic transformation occurs,
the phase fraction of martensite increases at the cost of austenite. This can lead to a negative
thermal expansion effect in the present alloy [27]. Figure 2c shows that the phase fractions
of both phases almost remained unchanged until the temperature decreased to 235 K,
where the martensitic transformation started. The austenite phase fraction then decreased
from 95% to 25%, while the martensite phase fraction increased from 5% to 75%. Further
cooling failed to bring additional obvious changes in phase fractions at temperatures below
140 K, indicating completion of the martensitic transformation. Typically, a large lattice
distortion of (c − a)/a = 32.3% was obtained during the martensitic transformation, where
a =

√
2aM = 5.208 Å and c = cM = 6.891 Å were calculated at 238 K from Figure 2a. Such a

significant lattice distortion leads to a considerable shape memory effect, as displayed in
Figure 1d. To detect the phase compositions at cryogenic temperatures, an in situ neutron
diffraction experiment was performed at 4 K, and the results are shown in Figure 2d. One
can see that, even at such a low temperature, the two phases still coexisted stably. At 4 K, the
transformation was essentially stopped, and the crystal consisted of two phases. Overall,
the picture of the martensitic transformation of the average structure in Fe41.5Mn28Ga30.5 in
this work is nucleation-driven [21], continuous, and incomplete.

Figure 2. HEXRD patterns measured for the Fe41.5Mn28Ga30.5 polycrystalline sample during (a) cool-
ing and (b) heating. (c) Temperature dependence of the phase fractions, as obtained using Equations
(1) and (2) during cooling for Fe41.5Mn28Ga30.5. (d) One-dimensional (1D) diffraction patterns at
4 K without applying magnetic field for Fe41.5Mn28Ga30.5. The letters “A” and “M” in the indices in
(a) and (d) denote austenite and martensite, respectively.

The temperature dependence of the phase fraction growth rate data for Fe41.5Mn28Ga30.5
(Figure 3) illustrates the hysteresis effect and the broad temperature range of transformation
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on both the heating and cooling processes. As shown in Figure 3, at 150 K and 330 K, the
martensite and austenite growth rates were essentially below 0.5%, and the martensite and
austenite phases accounted for about 75% and 25% of the structure at 150 K, as discussed
in Figure 2c; the martensitic transformation was incomplete. The phase fraction growth
rates showed two peaks at 213 ± 2 K during cooling and 278 ± 2 K during heating, re-
spectively, further indicating a significant phase transformation hysteresis of 65 K in the
Fe41.5Mn28Ga30.5 alloy. This phase transformation hysteresis was larger than that shown in
Figure 2, which was calculated to be about 33 K. This is because the phase fraction growth
rate may be more sensitive in detecting the phase transformation start and stop timestamps.

Figure 3. The temperature dependence of the phase fraction growth rate data for polycrystalline
Fe41.5Mn28Ga30.5.

The thermomagnetization curves (M(T) curves) of Fe41.5Mn28Ga30.5 during cooling
and heating under magnetic fields of 0.03 T, 0.5 T, and 2 T are shown in Figure 4a. The
magnetization increased significantly in certain temperature windows during the first
cooling under 0.03 T, corresponding to the martensitic transformation, and significantly
decreased in the magnetization during heating, with a result of under 0.03 T due to the
reverse martensitic transformation. One can notice from the M(T) curves that the martensite
and austenite are considered to be ferromagnetic and paramagnetic, respectively [17]. When
applying a magnetic field of 0.5 T, a large ΔM increased across martensitic transformation.
Such a relatively large ΔM raised the transformation temperatures as compared to the phase
transformation temperatures under 0.03 T. When it came to 2 T, ΔM became larger, and the
phase transformation temperatures shifted towards higher temperatures. Usually, in the Ni-
Mn-based FSMAs, the shift of the transformation temperatures under high magnetic fields
is towards lower temperature areas compared with that under low magnetic fields [39–43].
However, the direction of the shift of phase transformation temperature under magnetic
fields in Fe-Mn-Ga alloys was reversed. The difference in the magnetism of austenite
and martensite could account for the abnormal shifting direction in Fe-Mn-Ga. Figure 4b
shows the magnetization curves at different temperatures during cooling (M(H) curves)
for Fe41.5Mn28Ga30.5. The austenite remained in the paramagnetism at 380 K, but still
showed apparent magnetization behavior, which is caused by the residual martensite.
The M(H) curve showed quite significant hysteresis between the field-up and field-down
at 250 K, 210 K, 130 K, and 60 K (taken one after the other), indicating a magnetic field-
induced transformation within a wide temperature range in this alloy system. When the
temperature was decreased to 4 K, the curve exhibited typical ferromagnetic properties [17].
The saturate magnetization of the martensite was estimated to be 72 emu·g−1 at 4 K.
Notably, the magnetic-field-induced transformation in the present alloy occurred from
the paramagnetic austenite phase to the ferromagnetic martensitic phase, which is also
the opposite of that of most other FSMAs [44–47]. This is caused when the martensitic
transformation scuffles with the spontaneous magnetization transition in this sample [18].
Figure 4c shows the saturation magnetization as a function of the various temperatures at
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which the M(H) loops were taken. One can see that the saturation magnetization values
presented a sharp increase from 250 K and 130 K, and then remained unchanged during
further cooling.

Figure 4. (a) Magnetization under 0.03 T, 0.5 T, and 2 T [M(T)] during cooling and heating for
polycrystalline Fe41.5Mn28Ga30.5, respectively. The inset shows the enlarged M(T) curve of 0.03 T.
(b) Isothermal magnetization [M(H)] curves were recorded at 380 K, 350 K, 250 K, 210 K, 130 K, 60 K
and 4 K for polycrystalline Fe41.5Mn28Ga30.5. (c) The saturation magnetization as a function of the
various temperatures at which the M-H loops were taken.

To trace how the structure develops under magnetic fields, in situ neutron diffraction
experiments were further used to monitor the structural evolution along with increasing
and decreasing magnetic fields in a Fe41.5Mn28Ga30.5 single-crystal alloy. For the in situ
neutron diffraction experiments, the sample was first cooled from 400 K (furnace) to 250 K,
and then at 250 K, reciprocal space mapping was presented along with increasing and
decreasing magnetic fields in the sequence of 0 T–2 T–6 T–11 T–0 T (field ramped from 0 to
2 T, then measurement was performed, then it was ramped to 6 T and the 2nd measurement
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was performed, etc.). The reciprocal space maps measured at different magnetic fields are
shown in Figure 5a–d. The coordinates of these figures are expressed with respect to the
scattering vector Q with the length Q = 2π/d = 4π sin θ/λ, with d being the interplanar
spacing and 2θ the diffraction angle. One-dimensional (1D) diffraction patterns from
azimuthal integration of the reciprocal space maps in the Q range from 2.0 Å−1 to 4.0 Å−1

with the increasing and decreasing magnetic fields are shown in Figure 5e. The reciprocal
space map shown in Figure 5a indicates that, at 250 K, the sample was in the austenite
state, and all the diffraction spots were well indexed according to the L21 cubic structure
with lattice parameter a = 5.675 Å. The two continuous diffraction rings in Figure 5a stem
from the reflections of the polycrystalline aluminum bolt to which the sample was glued.
One can see from Figure 5b that for Fe41.5Mn28Ga30.5 under the magnetic field of 2 T, no
obvious change in the diffraction patterns could be observed, and only the diffraction spot
of (220)A (A denotes austenite) could be detected. In contrast, when the field was increased
to 11 T (Figure 5c), diffraction patterns of martensite appeared [(112)M and (200)M], while
the intensity of the diffraction pattern for austenite significantly decreased. This process
corresponds well to the M(H) curve at 250 K in Figure 4b. It should be noted that under 11 T,
and even decreasing the field to 0 T (Figure 5d), both the transformation from austenite to
martensite and its recovery transition were still incomplete. This could be attributed to the
significant hysteresis in the Fe-Mn-Ga alloy system, and this will be discussed later.

Figure 5. Reciprocal space maps measured at 250 K for the polycrystalline Fe41.5Mn28Ga30.5 alloy
with a magnetic field increasing from (a) 0 T to (b) 2 T and (c) 11 T, and then with a magnetic field
decreasing to (d) 0 T; (e) 1D diffraction patterns, obtained by azimuthal integration of the reciprocal
space maps (in the Q range from 2.0 Å−1 to 4.0 Å−1), for different magnetic field values at 250 K.

Figure 6a shows the evolution of the intensity ratios of the specific diffraction spots of
martensite and austenite, namely, I(112)M/I(220)A and I(200)M/I(220)A, with increasing
and decreasing magnetic fields in the Fe41.5Mn28Ga30.5 alloy at 250 K. One can see that
there was no obvious change in the intensity ratios I(112)M/I(220)A and I(200)M/I(220)A
when the magnetic field changed from 0 T to 2 T and 6 T. Strikingly, there was a sharp
increase in the intensity ratios I(112)M/I(220)A and I(200)M/I(220)A when the magnetic
field increased to 11 T, as seen from Figure 6a. These results indicate that the volume
fraction of martensite became higher, as is consistent with the increase in magnetization
from 0 T to 11 T on the M(H) curve at 250 K. When the magnetic field was removed,
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the intensity ratios I(112)M/I(220)A and I(200)M/I(220)A almost remained unchanged,
indicating the incomplete recovery transition. Figure 6b shows the evolution of lattice
parameters for martensite and austenite with the increasing and decreasing magnetic field.
With the increasing and decreasing magnetic field, the lattice parameters for martensite and
austenite only presented slight changes when martensitic transformation and its reverse
transformation occurred, indicating that at 250 K, the magnetic field was unable to provide
sufficient energy to easily overcome atomic connection energies to vary both phases’ lattice
parameters, although partial austenite still continued transforming into martensite. An
abrupt unit cell volume increase, i.e., ΔV/V = +1.29%, could be achieved when increasing
the magnetic field to 2 T, which is very close to that reported previously [17,18].

Figure 6. (a) Evolution of the intensity ratios, I(112)M/I(220)A and I(200)M/I(220)A, as a function
of magnetic field at 250 K. (b) Evolution of lattice parameters for Fe41.5Mn28Ga30.5 as a function of
magnetic field at 250 K.

Since the temperature- and magnetic-field-induced incomplete phase transformation
behaviors in the Fe41.5Mn28Ga30.5 alloy were systematically studied by means of in situ
experiments, a further microstructural analysis by TEM is shown in Figure 7. Figure 7a
presents a TEM image for Fe41.5Mn28Ga30.5, taken at 300 K (cooling from 400 K), and
Figure 7b shows an enlarged view of a local area in Figure 7a. No obvious characteristic
morphology of martensite-like minor long strip-type grain can be seen in Figure 7a. Instead,
some anti-phase boundaries [48] (APBs, marked by red arrows in Figure 7a) can be detected.
The APBs’ thickness was around 20–40 nm, and it was reported that in the Fe-Mn-Ga
alloys, the APBs’ crystal structure may appear while changing from L21 to lower-ordered
B2 phases by quenching (B2 shares the same fundamental spots with L21) [28]. The
corresponding selected area diffraction patterns of Figure 7a are shown in Figure 7a’,
confirming the present area to be the L21 austenite phase state. In addition, some weak
reflections, which may come from a lower-ordered B2 phase, appear at the positions
between the austenite spots, as indicated with the red arrow in Figure 7a’, which represents
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the precipitates. Similar precipitates were found previously by Omori et al. [49] in Fe-Mn-Al
alloys. It is reported that in the classical Fe-Ga alloy systems, the cubic-to-tetragonal phase
transformation can develop within the B2 precipitates, leading to the multidomain structure
being confined within a fixed-shape particle and to an incomplete transformation [50]. A
similar episode could have occurred during the martensitic transformation process in Fe-
Mn-Ga for the present work. When the sample was cooled to 150 K, as shown in Figure 7c,
some long strip-type grains could be seen, some of which referred to the martensite. The
width of the long strip-type grain was about 70 nm, as measured in Figure 7d. The
corresponding selected area diffraction patterns of Figure 7c are shown in Figure 7c’, and
one can see that, except for the L21 austenite phase (body-centered-cubic, bcc), some
reflections can be identified as variants of [112] martensite (body-centered-tetragonal, bct),
while the ordered B2 precipitates with {100} superlattice reflection spots can be detected
within in the matrix along the [011] zone axis.

Figure 7. TEM observations of the Fe41.5Mn28Ga30.5 alloy at (a) 300 K and (c) 150 K, with the selected
area diffraction patterns at these temperatures shown in (a’,c’), respectively. (b,d) are two enlarged
views of a local area in in (b,c), respectively.

In the present work, the existence of APBs was able to weaken the degree of local
ordering, further leading to a decrease in the kinetics during martensitic transformation
and an increase in internal stress around APBs to inhibit the subsequent development
of martensitic transformation. Furthermore, the existence of B2 precipitates and their
nucleation may only result from the vacancy absorption [51]. As precipitates, they may
be formed by certain element enrichment of the Fe-Mn-Ga alloy, leading to a difference in
their unit cell volume and an increase in local stress. In this case, precipitation is possible
only if the absorbed excess vacancies annihilate this extra volume and, thus, eliminate
the transformation-induced stress preventing decomposition. To some extent, the field-
induced martensitic transformation of the L21 phase is restricted by the ordered B2 phase,
either in the actual sample space or characterized by the reciprocal space. This incomplete
martensitic transformation can also be discussed from a geometric compatibility (measured
by the middle eigenvalue λ2 of the transformation stretch matrix U) point of view [52,53],
and the middle eigenvalue λ2 for the Fe-Mn-Ga alloys usually seriously deviates from the
perfect geometric compatibility of λ2 = 1 [54]. This indicates that the present alloy with
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λ2 = 0.92 has poor geometric compatibility between austenite and martensite, making the
phase transformation between the two phases difficult. The above combined factors collec-
tively affect the temperature- and magnetic-field-induced incomplete phase transformation
behaviors of the Fe41.5Mn28Ga30.5 alloy.

4. Conclusions

In this work, the temperature- and magnetic-field-induced incomplete martensitic
transformation of the Fe41.5Mn28Ga30.5 magnetic shape memory alloy was systematically
investigated. The temperature-field-induced incomplete phase transformation was directly
evidenced by the crystal structure evolution during cooling and heating using the in situ
synchrotron high-energy X-ray diffraction technique. The magnetic-field-induced phase
transformation was revealed by the crystal structure evolution while increasing and de-
creasing the magnetic fields by means of in situ neutron diffraction experiments. The results
show that even at 4 K, the alloy still presented a two-phase coexistence state. When chang-
ing the magnetic fields at 250 K, the phase transformation, which is always accompanied by
the competing between martensite and austenite, cannot be accomplished. The variation in
the magnitude of the applied magnetic field leads to an irreversible effect of changing the
phase composition. TEM observation indicates that the existence of anti-phase boundaries
and B2 precipitates may lead to difficulties during field-induced phase transformation. This
work may help us to understanding the complex phase transition under external fields in
Fe-Mn-Ga alloy systems, and may provide suggestions for the development of applicable
Fe-Mn-Ga magnetic shape memory alloys with novel functionalities.
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Abstract: Low fracture toughness has been a major barrier for the structural applications of cast
Mg-Gd-Y-Zr alloys. In this work, the tensile properties and fracture toughness of a direct-chill-cast
Mg-9Gd-4Y-0.5Zr (VW94K) alloy were investigated in different conditions, including its as-cast and
as-homogenized states. The results show that the tensile properties of the as-cast VW94K alloy are
greatly improved after the homogenization treatment due to the strengthening of the solid solution.
The plane strain fracture toughness values KIc of the as-cast and as-homogenized VW94K alloys are
10.6 ± 0.5 and 13.8 ± 0.6 MPa·m1/2, respectively, i.e., an improvement of 30.2% in KIc is achieved via
the dissolution of the Mg24(Gd, Y)5 eutectic phases. The initiation and propagation of microcracks
in an interrupted fracture test are observed via an optical microscope (OM) and scanning electron
microscope (SEM). The fracture surfaces of the failed samples after the fracture toughness tests are
examined via an SEM. The electron backscatter diffraction (EBSD) technique is adopted to determine
the failure mechanism. The results show that the microcracks are initiated and propagated across the
Mg24(Gd, Y)5 eutectic compounds in the as-cast VW94K alloy. The propagation of the main cracks
exhibits an intergranular fracture pattern and the whole crack propagation path displays a zigzag
style. The microcracks in the as-homogenized alloy are initiated and propagated along the basal
plane of the grains. The main crack in the as-homogenized alloy shows a more tortuous fracture
characteristic and a trans-granular crack propagation behavior, leading to the improvement of the
fracture toughness.

Keywords: Mg-Gd-Y-Zr alloy; homogenization treatment; tensile properties; fracture toughness;
crack initiation and propagation

1. Introduction

To reduce energy consumption and carbon emissions, low-density magnesium alloys
have attracted great attention for their use in lightweight structures in the aerospace, auto-
mobile and electronic industries [1–3]. Unfortunately, the low levels of strength, ductility
and fracture toughness of Mg alloys limit their commercial applications [4–6]. Recently,
Mg-Gd-Y-Zr alloys exhibiting higher levels of strength and ductility than conventional Mg
alloys have been developed [7,8]. Rare earth (RE) elements have unique physical and chem-
ical properties due to their special extranuclear electronic structures and have become the
most effective and promising alloying elements in magnesium alloys [9,10]. Among all the
RE elements, Gd and Y have larger solid solubilities in Mg matrix at high temperatures, and
the solid solubilities of Gd and Y decrease rapidly with a decrease in temperature [11,12].
Therefore, the addition of Gd and Y can provide significant solid-solution-strengthening
and precipitation-strengthening effects. In addition, adding Gd and Y elements at the same
time can reduce the solid solubility of both in the Mg matrix; thus, more second phases can
be precipitated [13,14].
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Some investigations have been reported concerning the microstructures and mechan-
ical properties of Mg-Gd-Y-Zr alloys. Wang et al. [15] investigated the effect of Y for
enhancing the age hardening response and mechanical properties of Mg-10Gd-xY-0.4Zr
(x = 1, 3, 5 wt.%) alloys. The results showed that both the age hardening response and the
tensile properties of the alloys were enhanced with an increasing Y content. Liu et al. [16] in-
vestigated the high-temperature mechanical behavior of a low-pressure sand-cast Mg-10Gd-
3Y-0.5Zr alloy, which indicated that both the ultimate tensile strength and yield strength
of the tested alloy firstly increased and then decreased as the temperature increased. Its
elongation increased monotonously with temperature. Jiang et al. [17] investigated the
effects of different Gd contents on the mechanical properties of sand-cast Mg-xGd-3Y-0.5Zr
alloys. With increase in the Gd content from 9 to 11 wt.%, the amount of eutectic phase was
increased, while the tensile properties were slightly decreased. The research studies on
the tensile properties of as-cast Mg-Gd-Y-Zr alloys with different compositions indicated
that the Mg-9Gd-4Y-0.5Zr alloy exhibited greater strength and ductility compared with the
other Mg-Gd-Y-Zr alloys [17–19].

High-performance Mg-Gd-Y-Zr alloys have great potential for use in the complicated
structural components of the aerospace and aircraft industries [20,21]. In order to satisfy
both the reliability and safety requirements of these structural components, Mg alloys
should have high fracture toughness, as well as high strength and ductility. Somekawa et al.
found that the grain refinement, texture and precipitate shapes exhibited significant effects
on the plane strain fracture toughness KIc of wrought magnesium alloys [22–24]. The
fracture toughness of extruded pure magnesium was increased from 12.7 MPa·m1/2 to
17.8 MPa·m1/2 by refining the grain size from 55 μm to 1 μm due to the effect of the
plastic zone [22]. An extruded AZ31 alloy with a pre-crack normal to its basal plane
distribution was found to have a higher fracture toughness compared to an alloy with a
pre-crack parallel to its basal plane distribution due to the difference in surface energy on
the basal and non-basal planes [23]. Spherically shaped precipitates were more effective
than rod-shaped precipitates for improving fracture toughness since they were more
effective at pinning dislocations [24]. Lu et al. [25] reported a Mg-5Gd-2Y-0.4Zr alloy
prepared via multidirectional impact forging with a tensile yield strength of 337 MPa and a
static toughness of 50.4 MJ/m3. The enhanced mechanical properties were attributed to
the grain refinement in the Mg-5Gd-2Y-0.4Zr alloy. However, only a few studies on the
fracture toughness KIc of cast Mg alloys have been reported in the literature. Liu et al. [26]
investigated the fracture toughness and crack initiation mechanisms of a sand-cast Mg-
10Gd-3Y-0.5Zr alloy. The plane strain fracture toughness of the sand-cast Mg-10Gd-3Y-
0.5Zr alloy increased from 12.1 MPa·m1/2 to 16.3 MPa·m1/2 after T6 heat treatment (a
solution treatment followed by artificial aging). For the sand-cast sample, the microcracks
mainly were initiated in eutectic compounds, and the microcracks grew to become a
main crack. Comparatively, the microcracks in the san-cast-T6 sample were probably
initiated at the twins/α-Mg matrix and grain boundaries and propagated along the twin
boundaries. The fracture morphologies indicated that the fracture mechanisms changed
from the trans-granular fracture pattern of the sand-cast alloy to a mixture of intergranular
and trans-granular modes in the sand-cast-T6 alloy. Wang et al. [27] found that the fracture
toughness of a sand-cast Mg-6Gd-3Y-0.5Zr alloy was increased by 9.3% after it underwent a
solution treatment. Compared with the as-cast sample, the as-homogenized alloy exhibited
a mixture of trans-granular and intergranular fracture patterns. The as-cast alloy displayed
many cleavage steps but more secondary cracks than in the as-homogenized alloy. However,
the mechanisms of the initiation and propagation of microcracks in cast Mg-Gd-Y alloys
remain unclear.

In this work, the microstructure, tensile properties and fracture toughness of as-cast
and as-homogenized Mg-9Gd-4Y-0.5Zr alloys were investigated. And the crack initiation
and propagation behaviors in interrupted fracture toughness tests were discussed in order
to clarify the effect of the eutectic phase on the fracture mechanism of the alloy. The
innovation of this work is that it presents the first systematic study of the fracture toughness,
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crack initiation and propagation mechanisms of as-cast and as-homogenized Mg-9Gd-
4Y-0.5Zr alloys, and the influence of the eutectic phase on the fracture behavior was
also analyzed.

2. Materials and Experimental Procedures

2.1. Material Preparation

The magnesium alloy used in the present work was a Mg-9Gd-4Y-0.5Zr (wt.%) alloy,
designated as VW94K alloy henceforth, which prepared via direct chill casting [28,29] from
pure Mg (99.9 wt.%), Mg-30Gd (wt.%), Mg-30Y (wt.%) and Mg-25Zr (wt.%) in an electric
resistance furnace under a mixed atmosphere of CO2 and SF6 at a ratio of 100:1 [30,31].
An inductively coupled plasma (ICP) analyzer was employed to analyze the chemical
composition, and the actual composition of the as-cast alloy was Mg-9.12Gd-3.93Y-0.52Zr
(wt.%). The homogenization treatment was performed at 510 ◦C for 12 h, followed by
immediate warm water quenching at a temperature of ~80 ◦C [32,33].

2.2. Mechanical Properties

Tensile tests were conducted at a crosshead speed of 1 mm/min on a universal testing
machine (Instron 5569, Norwood, MA, USA) at room temperature. The gauge length of
the tensile specimens was 15 mm, with cross-sectional area of 3 × 2 mm2. A 0.2% offset
strength was used as the yield strength σys. To guarantee repeatability, three tensile samples
were conducted under the same conditions.

The plane strain fracture toughness tests were conducted, and the load–displacement
curves were obtained using an MTS 810 servo-hydraulic fatigue tester (Eden Prairie, MN,
USA). Compact tension C(T) samples (see Figure 1) with a width W = 30 mm, thickness
B = 15 mm and notch depth a0 = 12 mm were prepared according to the ASTM E399
standard [34]. Before the fracture toughness tests, a sharp fatigue pre-crack was produced
under cyclic tension–tension loading and stopped until a total crack length of a = 15 mm
was obtained. All samples were machined with side grooves on both surfaces, and the
grooving depth was 0.1 times the sample thickness. The fracture tests were implemented
at a speed of 2.5 MPa·m1/2·s−1. The stress intensity factor KQ was calculated as in the
following equation [34]:

KQ =
PQ√

B × BN ×√
W

· f
( a

W

)
(1)

where PQ is the conditional load [34], BN is the thickness measured at the side grooves,
and f

( a
W
)

is the geometrical factor [34]. According to the ASTM E399 standard, KQ can be
considered the size-independent fracture toughness KIc if the test meets the following two
requirements:

Pmax

PQ
≤ 1.10 (2)

2.5
(

KQ

σys

)2
≤ (W − a) (3)

where Pmax is the maximum load on the load–displacement curves. Three fracture tough-
ness samples were tested for each state.
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Figure 1. Schematic of the compact tension sample with CMOD.

2.3. Microstructure Characterization

The microstructural characteristics and crack propagation paths of the alloys were
observed via an optical microscope (OM, Olympus PMG3, Olympus Corporation, Shin-
juku, Japan) and a scanning electron microscope (SEM, ZEISS Supra 55, Carl Zeiss AG,
Oberkochen, Germany) equipped with an electron backscatter diffraction instrument (EBSD,
Oxford Instrument HKL, Oxford Instrument, Oxfordshire, UK). The OM and SEM samples
were mechanically polished and then etched in a 4 vol% nitric acid alcohol solution. The
EBSD samples were electropolished in a solution of ethanol and phosphoric acid, and the
step size was 2 μm. The ESBD data were analyzed using Channel 5 software. The fracture
surfaces were examined via the SEM and their three-dimensional (3D) topography was
examined using a confocal laser scanning microscope (CLSM, Olympus LEXT OLS 3000,
Olympus Corporation, Shinjuku, Japan). A slip trace analysis was performed via MATLAB,
using an MTEX code [35].

3. Results

3.1. Microstructures

Figure 2 shows the OM and SEM microstructures of the as-cast VW94K alloy. It can be
seen that the as-cast VW94K alloy is composed of an α–Mg matrix and network-shaped
eutectic compounds at the grain boundaries. The average grain size, as determined via the
linear intercept method [36], is about 75 μm. Based on the previous experimental results [7],
the eutectic compounds in the as-cast VW94K are identified as Mg24(Gd, Y)5 phases.

 
Figure 2. Microstructures of the as-cast VW94K alloy: (a,b) OM images and (c,d) SEM images.
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Figure 3 shows the microstructures of the as-homogenized VW94K alloy. After the
homogenization treatment at 510 ◦C for 12 h, the majority of the eutectic compounds of
the Mg24(Gd, Y)5 phases were dissolved into the matrix. As shown in Figure 3d, some
unevenly distributed small granular phases with white contrast are observed at the grain
boundaries and within grains. These phases are determined to be RE-rich phases [32]. And
the average grain size was slightly increased to 81 μm after the solution treatment.

 
Figure 3. Microstructures of the as-homogenized VW94K alloy: (a,b) OM images and (c,d) SEM images.

3.2. Tensile Properties

Figure 4 shows the tensile engineering stress–strain curves of the as-cast and as
homogenized VW94K alloys, and the values of yield strength (YS), ultimate tensile strength
(UTS) and elongation to failure are summarized in Table 1. It can be seen that the as-cast
VW94K alloy exhibits a YS of 141 MPa, a UTS of 205 MPa and an elongation-to-failure
value of 2.5%, while the as-homogenized VW94K alloy has a YS of 165 MPa, a UTS of
233 MPa and an elongation-to-failure value of 4.6%. It can be noted that compared with the
as-cast VW94K alloy, the YS, UTS and elongation-to-failure values of the as-homogenized
alloy are improved remarkably. After the homogenization treatment, the Mg24(Gd, Y)5
eutectic compounds at the grain boundaries were dissolved into the matrix and formed
a supersaturated solid solution, which led to a highly strengthening effect on the solid
solution, reduced the microcrack initiation sites and improved the mechanical properties of
the as-homogenized alloy. In a comparison of the mechanical properties of the solutioned
WE43 alloy [29], the as-homogenized VW94K alloy exhibits higher yield strength and
ultimate tensile strength values but shows a lower elongation-to-failure value.

Table 1. Tensile properties and fracture toughness values of the as-cast and as-homogenized
VW94K alloys.

Samples YS/MPa UTS/MPa
Elongation to

Failure/%
KIc (MPa·m1/2)

As-cast 141 ± 3 205 ± 2 2.5 ± 0.5 10.6 ± 0.5
As-homogenized 165 ± 2 233 ± 1 4.6 ± 0.3 13.8 ± 0.6
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Figure 4. Tensile engineering stress–strain curves of the as-cast and as-homogenized VW94K alloys.

3.3. Fracture Toughness

The fracture toughness experiments were carried out with a displacement control
as a function of the CMOD, which was obtained via the clip gauge installed on the pre-
designed knife edge. The load–crack mouth opening displacement (CMOD) curves of the
as-cast and as-homogenized VW94K alloys are presented in Figure 5a. The slopes of the
linear regions in the load–CMOD curves are quite similar. After a linear increase in the
load, both load–CMOD curves exhibit non-linear relationships, indicating that the crack
tip underwent obvious passivation and plastic deformation. Pmax is the resistance to the
initiation of crack growth. After initiating the crack growth at Pmax, the load gradually
decreased. The corresponding conditional load PQ and maximum load Pmax are listed
in Table 2. The maximum load for the as-homogenized VW94K alloy is greater than
the maximum load for the as-cast alloy, which are 4.39 kN and 3.62 kN, respectively. In
addition, the PQ values of the as-cast and as-homogenized VW94K alloys are 2.92 kN
and 3.57 kN, respectively. According to Equation (1), the stress intensity factors, KQ, of
the as-cast and as-homogenized VW94K alloys are 14.4 MPa·m1/2 and 15.3 MPa·m1/2,
respectively. Obviously, both samples cannot meet the conditions that are expressed in
Equation (2). According to the ASTM E399 [34], the stress intensity factors KQ of the as-cast
and as-homogenized VW94K alloys are invalid. Alternatively, the plane strain fracture
toughness KIc can be estimated via a stretched zone (SZ) analysis and can be calculated
according to the following equation [30,37]:

KIc =

√
2 × λ × SZH × E×σys

1 − υ2 (4)

where λ is a constant (=2 [38]), υ is Poisson’s ratio (=0.35 [39]), and SZH, E and σys are the
stretched zone height, elastic modulus and yield strength, respectively. Typical cross-section
profiles and three-dimensional (3D) CLSM observations of the fracture surface of the as-cast
and as-homogenized VW94K alloys are shown in Figure 5b,c. It can be found that the SZH
values of the as-cast and as-homogenized VW94K alloys are 3.9 μm and 5.6 μm, respectively.
According to Equation (4), the plane strain fracture toughness (named as Kcal) values can
be calculated to be 10.6 ± 0.5 MPa·m1/2 and 13.8 ± 0.6 MPa·m1/2, respectively. The values
of SZH and fracture toughness Kcal are summarized in Table 2. The Kcal is smaller than the
KQ; hence, the Kcal is regarded as the plane strain fracture toughness KIc. Therefore, after
the homogenization treatment, the plane strain fracture toughness KIc value increased from
10.6 ± 0.5 MPa·m1/2 up to 13.8 ± 0.6 MPa·m1/2.
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Table 2. Results of the fracture toughness tests for the as-cast and as-homogenized VW94K alloys.

Sample PQ (kN) Pmax (kN)
KQ

(MPa·m1/2)
PQ/Pmax SZH (μm)

Kcal
(MPa·m1/2)

KIc
(MPa·m1/2)

As-cast 2.92 3.62 14.4 ± 0.2 1.24 3.9 ± 0.01 10.6 ± 0.5 10.6 ± 0.5
As-homogenized 3.57 4.39 15.3 ± 0.1 1.23 5.6 ± 0.01 13.8 ± 0.6 13.8 ± 0.6

 
Figure 5. (a) Load–CMOD curves of the as-cast and as-homogenized VW94K alloys and the cross-
section profiles and 3D observations of the fracture surfaces after fracture toughness tests of (b) the
as-cast and (c) the as-homogenized VW94K alloys.

4. Discussion

4.1. Fractography

The fracture surfaces of the as-cast and as-homogenized VW94K alloys after the plane
strain fracture toughness tests are shown in Figure 6. It can be seen that the overall fracture
surfaces of the two samples comprise pre-crack regions and fracture regions (Figure 6a). For
the pre-crack region, as shown in Figure 6b, there are many cleavage planes and cleavage
steps on the fracture surface. It can be seen in Figure 6c,d that the fracture region of the
as-cast alloy is typical of massive cleavage steps and secondary cracks. Comparatively,
there are many cleavage planes, secondary cracks and tear ridges on the fracture surface of
the as-homogenized alloy (Figure 6e,f). Therefore, both the as-cast and as-homogenized
samples mainly exhibit brittle fracture characteristics.
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Figure 6. Fracture surfaces of the as-cast and as-homogenized VW94K alloys after fracture toughness
tests: (a) macro-surfaces of two samples, (b) the fatigue pre-crack region, (c–f) the fracture regions,
(c,d) the as-cast sample and (e,f) the as-homogenized sample.

4.2. Crack Propagation Mechanism

Figure 7 shows SEM images of the crack propagation path of the as-cast VW94K
alloy in an interrupted fracture toughness test. From Figure 7a, it can be seen that the
whole crack propagation path displays a zigzag style. The microcracks mainly initiated
in the Mg24(Gd, Y)5 eutectic compounds around the main crack (Figure 7b). The main
crack propagates along the brittle eutectic phases at the grain boundaries near the crack tip
(Figure 7c). Meanwhile, at the ahead of the crack tip, several secondary cracks initiated and
propagated across the Mg24(Gd, Y)5 eutectic phases (Figure 7d).

Figure 8 shows the OM images of the crack propagation path of the as-homogenized
VW94K alloy in an interrupted fracture toughness test. It can be observed in Figure 8a
that the as-homogenized alloy displays a more tortuous crack path than that of the as-cast
alloy, which implies that more energy was consumed during crack propagation and a high
level of crack propagation resistance existed. Compared with Reference [40], the fracture
toughness of the as-homogenized alloy is greater than that of the LZ91 alloy, which is due
to the straight path of the crack propagation in LZ91. From Figure 8b, it can be seen that the
microcracks are initiated inside the grain and penetrate through the entire grain near the
main crack. At the crack tip, as shown in Figure 8c, the microcracks are apt to propagate
in a variety of directions. The microcracks in the same grain are parallel to each other,
and these microcracks show a trend of interconnection, which can improve the fracture
toughness to some extent due to the additional increase in the crack propagation paths. In
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the region not far from the main crack tip (Figure 8d), it can be clearly seen that microcracks
initiate inside the grain and propagate through the entire grain.

Figure 7. SEM images of the crack propagation in an interrupted fracture toughness test of as-cast
VW94K alloy: (a) the whole crack propagation path, and in the magnification of the selected dashed
rectangle: (b) region “b”, (c) region “c” and (d) region “d” in (a).

Figure 8. OM images of the crack propagation of the as-homogenized VW94K alloy in an interrupted
fracture toughness test: (a) the whole crack propagation path, and in the magnification of the selected
dashed rectangle: (b) region “b”, (c) region “c” and (d) region “d” in (a).

Figure 9 shows the EBSD information and microcrack morphology of the as-homogenized
VW94K alloy at the crack tip of an interrupted fracture toughness test. Figure 9a,b exhibit
the band contrast map and inverse pole figure (IPF) map of the sample surface. It is remark-
able that most of the microcracks tend to propagate in trans-granular ways. Figure 9c–e
illustrate the slip trace analysis in Grains 1, 2 and 3, as marked in Figure 9b. The theoretical
slip trace directions for the following slip systems (SSs) were computed using the grain
orientation information of each grain: SS 1–3 for basal slip, SS 4–6 for prismatic <a> slip
and SS 7–12 for pyramidal <c + a> slip, as shown in Table 3. For Grains 1, 2 and 3, all
microcracks are parallel with their basal plane. This indicates that the plastic deformation
is mainly dominated by the basal slip.
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Figure 9. The typical microstructures of the as-homogenized VW94K alloy ahead of the crack tip.
(a) Band contrast map, (b) inverse pole figure (IPF) map, (c) possible slip traces directions in Grain 1,
(d) possible slip traces directions in Grain 2 and (e) possible slip traces directions in Grain 3.

Table 3. Calculated slip systems in Grains 1, 2 and 3.

Slip System Number Slip System

1 Basal <a> (0001)
[
2 110]

2 (0001)
[
1 210]

3 (0001)
[
11 20]

4 Prismatic <a>
(
011 0)

[
211 0]

5
(
101 0)

[
12 10]

6
(
1 100)

[
112 0]

7 Pyramidal <c + a>
(
112 2)

[
11 23]

8
(
1 21 2)

[
12 13]

9
(
2 112)

[
211 3]

10
(
11 22)

[
112 3]

11
(
12 12)

[
1 213]

12
(
211 2)

[
2 113]

4.3. Fracture Mechanism

After the homogenization treatment, the majority of the Mg24(Gd, Y)5 eutectic com-
pounds were dissolved into the matrix, and the tensile strength, ductility and fracture
toughness KIc are improved. Figure 10 shows schematic illustrations of the fracture mecha-
nisms of the as-cast and as-homogenized VW94K alloys in interrupted fracture toughness
tests. As illustrated in Figure 10a, the initiation of microcracks in the as-cast alloy was pri-
marily caused by the Mg24(Gd, Y)5 phases. The microcracks then rapidly propagated along
the eutectic compounds at the grain boundaries, and the intergranular microcracks were
initiated. Figure 10b shows the fracture initiation and propagation of the as-homogenized
alloy in an interrupted fracture toughness test. It can be seen from Figure 10b that the
fracture initiation in the as-homogenized alloy during the fracture toughness test was
caused by the generation of cleavage of microcracks along the basal slip bands, which
is consistent with the cleavage facet features observed on the fracture surface. Then the
microcracks coalesced to form longer trans-granular cracks.
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Figure 10. Schematic illustration of the fracture mechanism of the (a) as-cast and (b) as-homogenized
VW94K alloys.

The coarse Mg24(Gd, Y)5 phases in the as-cast alloy led to dislocation accumulation
and stress concentration at the grain boundaries [41]. The nucleation of microcracks first
initiated at the interfaces between the eutectic phases and the α–Mg matrix, and the
further coalescence of these microcracks promoted the formation of cracks [28]. After the
homogenization treatment, the coarse Mg24(Gd, Y)5 eutectic phases were dissolved into
the matrix, so the crack nucleation sites were reduced and the intrinsic resistance to crack
propagation was increased, leading to the improvement of the fracture toughness.

5. Conclusions

Using OM, SEM and EBSD techniques, the present work clarified in detail the effect of
Mg24(Gd, Y)5 eutectic compounds on the fracture toughness and fracture behaviors of the
as-cast Mg-9Gd-4Y-0.5Zr (VW94K) alloy. The tensile properties and plane strain fracture
toughness of the as-cast and as-homogenized VW94K alloys were investigated. The crack
propagation and fracture mechanisms were discussed and the conclusions are summarized
as follows:

1. Network-distributed Mg24(Gd, Y)5 eutectic compounds are dissolved into the matrix,
and a supersaturated solid solution is obtained after homogenization treatment.

2. The as-homogenized VW94K alloy exhibits greater tensile properties than the as-cast alloy.
3. The plane strain fracture toughness KIc of the as-cast VW94K alloy is 10.6 ± 0.5 MPa·m1/2,

while that of the as-homogenized alloy is 13.8 ± 0.6 MPa·m1/2. The improvement of
30.2% in KIc was achieved via the dissolution of the Mg24(Gd, Y)5 phases.

4. For the as-cast VW94K alloy, the microcracks were initiated and propagated across
the Mg24(Gd, Y)5 eutectic compounds. The propagation of the cracks exhibits an
intergranular fracture pattern, and the whole crack propagation path displays a zigzag
style. Comparatively, the microcracks of the as-homogenized alloy were initiated
and propagated along the basal plane. The main crack shows more tortuous fracture
characteristics and a transgranular crack propagation pattern.
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Abstract: This study investigates the Inconel 718 alloy coated with NiCrBSi powder using the
ABAQUS software. An accurate conical heat source model is constructed based on the three-
dimensional Fourier heat conduction law. The heat source subroutine Dflux.for is successfully
integrated to achieve a highly realistic simulation of the welding heat source. Using this model, the
analysis focuses on the temperature distribution in electron beam melting. Furthermore, the accuracy
and reliability of the simulation are validated through actual coating experiments. By examining
the impact of various procedural factors on the temperature distribution, it is found that optimal
coating results and a tightly formed elliptical molten zone are attained at an electron beam current
of 18 mA, and the scanning speed is 300 mm/min. The peak temperature in the melt pool in the
coating area is 5087 K, while the lowest temperature on the isothermal in the heat-affected zone is
1409 K. Over time, there is a swift rise in temperature for the data points taken along both the X and Z
trajectories, followed by rapid cooling after rapid heating. Coating experiments conducted under the
optimal parameters demonstrate a dense coating layer and good bonding with the substrate, thereby
validating the accuracy of the simulation.

Keywords: Inconel 718 alloy; laser cladding; temperature field; numerical simulation

1. Introduction

The mechanical characteristics of Inconel 718 alloy are exceptional in both short-term
and extended durations when exposed to cyclic atmospheres of elevated temperature with
oxidation and carburization, rendering it especially fitting for applications demanding
high-temperature endurance. Therefore, it is widely used in high-temperature structural
components such as turbine blades and vanes [1,2]. However, because of the harsh condi-
tions involving both high-temperature corrosion and wear, the part’s performance might
deteriorate. Predominantly, surface wear of materials happens, and the utilization of
laser cladding techniques can notably enhance the surface characteristics of the Inconel
718 alloy [3].

Laser cladding is a direct metal deposition technology in which a layer or multiple
layers of cladding material are melted and deposited onto the substrate using a laser elec-
tron beam to repair and rebuild worn parts [4]. By melting and swiftly cooling the surface
coating of the base material, a metallurgically bonded cladding layer is produced, which
adheres to the substrate [5,6]. This method greatly enhances the surface characteristics of
metals and finds extensive application in sophisticated sectors like the aerospace, chemical,
and pharmaceutical industries [7–10]. However, in the process of laser cladding, factors
such as the size of the laser spot, scanning method, and powder layer thickness need to
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be considered, as these factors can significantly impact the quality of the final cladding
layer [11,12]. Moreover, variables like the shape and dimensions of the powder particles,
nozzle configuration, and the rate of powder feed throughout the cladding procedure can
impact the dispersion of particle concentration between the nozzle and the substrate [13,14].
It is worth noting that variations in process parameters such as laser power and scanning
speed [15,16] and adjustments to the scanning path directly affect the distribution of melt
pool temperature and workpiece surface temperature. The increased concentration of
transient heat input caused by these factors may lead to thermal stresses and deformations
during and after cladding. These issues directly affect samples’ quality and performance in
practical applications.

Observing real-time alterations in the molten pool during conventional laser cladding
experiments presents a formidable task [17]. Therefore, it is essential to accurately under-
stand the temperature field and gradient distribution during the cladding process [18,19].
Numerical simulations are employed to construct 3D models that replicate the laser
cladding procedure under various processing conditions [20]. Following this, the sim-
ulation outcomes are examined to ascertain appropriate processing variables, culminating
in the execution of experiments. This approach proves advantageous in minimizing time
and cost expenditures.

Currently, research on the simulation of temperature fields in electron beam cladding
still needs to be completed. Yang et al. [21] analyzed the surface temperature distribution in
the Inconel 718 single-clad model on 45 steel using the finite element method, investigating
the influence of different laser powers and scanning speeds on the center temperature
of the melt pool. On the other hand, Gan et al. [22] introduced a numerical model for
laser cladding that simulates heat exchange, fluid movement, solidification, and multi-
component mass transfer during the direct laser deposition of cobalt-based alloy onto
steel. The analysis of transient heat dispersion facilitated the extraction of the solidified
microstructure’s morphology. He et al. [23] combined simulation and experimental methods
to investigate the laser cladding of F102 nickel-based alloy powder on the surface of
40CrNi2Si2MoVA steel. Hoffman et al. [24] simulated the configuration and blending
aspects of laser cladding, offering an in-process technique for managing dilution. This
method has been adopted to enhance the overall workpiece quality. However, there still
needs to be more research on controlling the temperature of the NiCrBSi cladding layer on
the surface of the Inconel 718 alloy and selecting reasonable process parameters.

Electron beam cladding (EBC) and laser cladding (LC) are both directed energy
deposition (DED) techniques that can be used to deposit NiCrBSi on the surface of
Inconel 718. Both processes involve melting a powder or wire feedstock with a high-energy
beam and creating a metallurgical bond with the substrate. However, there are some differ-
ences between EBC and LC that affect the quality and performance of the cladding layer.
One of the main differences is the energy source and the working environment. EBC uses a
focused electron beam that operates in a vacuum chamber, while LC uses a focused laser
beam that operates in an inert gas atmosphere. The vacuum environment of EBC reduces
the oxidation and contamination of the molten pool, resulting in a higher purity and lower
porosity of the cladding layer [25]. The vacuum also enables a higher energy density and
deeper penetration of the electron beam, which can improve the bonding strength and
reduce the dilution of the substrate [26]. However, the vacuum also increases the cooling
rate and thermal gradient of the cladding layer, which can induce higher residual stresses
and distortions [27]. Another difference is the beam shape and distribution. EBC typically
uses a circular or elliptical beam with a Gaussian intensity profile, while LC can use various
beam shapes and profiles depending on the type of laser source. For example, solid-state
lasers can produce rectangular or square beams with uniform or top-hat intensity profiles.
The beam shape and profile can affect the geometry and uniformity of the cladding layer, as
well as the heat input and melt pool dynamics. A rectangular or square beam can produce
a wider and flatter cladding layer than a circular or elliptical beam, which can improve the
surface quality and reduce the number of passes required. A uniform or top-hat intensity
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profile can also produce a more stable and symmetrical melt pool than a Gaussian profile,
which can reduce the spatter and porosity of the cladding layer. Therefore, EBC and LC
have different advantages and disadvantages for depositing NiCrBSi on Inconel 718. EBC
can produce a higher quality cladding layer in terms of purity, porosity, bonding strength,
and dilution, but it also requires a vacuum chamber and may cause higher residual stresses
and distortions. LC can produce a better surface quality and geometry of the cladding
layer, but it may also cause more oxidation, contamination, spatter, and porosity.

The objective of this research is to develop a 3D model for exploring how temperature
is distributed within cladding layers using diverse process parameters. A sophisticated
double-ellipsoid heat source for welding was devised for this purpose. A temperature-field
numerical simulation of electron beam cladding of NiCrBSi powder on the surface of
Inconel 718 was performed using ABAQUS. The simulation obtained reasonable processing
parameters for laser cladding of NiCrBSi coating. The established 3D model was used to
analyze the temperature distribution of the melt pool during single-track cladding under
different process parameters. The temperature field distribution patterns of the model were
analyzed using a temperature selection judging mechanism under foreign laser powers
and scanning speeds.

2. Methods

Currently, commonly used electron beam heat source models include the Gaussian
heat source model, the dual ellipsoid heat source model, and the conical heat source model.
The outstanding feature of the conical heat source model is that its diameter decreases
linearly in the longitudinal direction of the model. Any cross-section of the heat source
has the distribution characteristics of a Gaussian heat source, and it can be approximately
considered a rotating body heat source model with a diameter that attenuates in a specific
regular pattern with the depth of heat flow [28]. This heat source model has a sizeable depth-
to-width ratio and intense penetration and is generally used for the welding simulation of
deep holes or medium-thick plates.

Figure 1 shows a schematic diagram of the conical heat source model. Its shape is
conical, with a larger radius on the upper surface and a smaller radius on the lower surface.
The cross-sections of the model at various positions on the Z-axis are all circles, and the
heat flux density values at different places on the Z-axis are the same. The expression for
the conical heat source model is as follows:

Qv =
9Q0

π(1 − e−3)
× 1

(Ze − Zi)× (r2
e + reri + ri

2)
× exp

(
−3r2

r2
c

)
(1)

In the formula: Q0 = ηp

rc = f (z) = ri + (re − ri)
z − zi
ze − zi

(2)

Here, Qv is the volumetric heat flux, Q0 is the net heat flow, P is the energy of the
electron beam, η is the efficiency value, r is the radius function with respect to x and y,
rc is the thermal distribution coefficient with respect to depth z, re and ri are the maxi-
mum and minimum radii, while ze and zi are the maximum and minimum values in the
axial direction.

The choice of heat source model depends on various factors, such as the shape of
the molten pool, the heat transfer zone, and the electron beam simulation process. Since
this study focuses on vacuum electron beam welding, its penetrability is extremely strong.
In this state, the finite element analysis of the molten pool often uses either a conical
heat source model or a dual ellipsoid model. The conical heat source model can better
simulate the energy distribution of the electron beam inside the powder layer, reflecting the
scattering and absorption effects of the electron beam and thus more accurately calculating
the depth distribution of the temperature field. This is significant for studying phase
transformation, stress, cracks, and other phenomena in the electron beam cladding process.
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The accuracy of the conical heat source model is also relatively high, and it can be validated
and compared with experimental data or other theoretical models. Compared with the
dual ellipsoid heat source model and the Gaussian heat source model, the conical heat
source model exhibits higher consistency and stability in calculating the temperature field
of electron beam cladding. Therefore, this study adopts the conical heat source model.

Figure 1. Model of a conical heat source.

3. Results

3.1. Development of ABAQUS Finite Element Model

The workpiece model was established using the ABAQUS finite element simula-
tion software (2023 version, developed by Dassault Systèmes, a company headquartered
in France), as shown in Figure 2. The experimental material used was a hot-rolled In-
conel 718 sheet produced by Shanghai Baoshao Special Steel Co., Ltd. (Shanghai, China)
A wire-cutting method was employed to obtain a plate specimen with dimensions of
50 mm × 30 mm × 10 mm (length × width × height). As shown in Figure 2 below, the
lower part represents the Inconel 718 base material. In contrast, the upper part consists of a
one-millimeter-thick sodium silicate binder and a mixture of NiCrBSi powder for the fused
coating. The red circle indicates the starting point of electron beam scanning, and the red
dashed line represents the scanning direction.

3.2. Calculation of Thermal Property Parameters in Temperature Field

This study simulates the temperature field during electron beam scanning using
the finite element software ABAQUS. After constructing a three-dimensional model, it is
necessary to set the thermal properties of the model and assign them to different objects.
The thermal properties of materials vary with temperature. Common metallic materials
can be obtained from the literature [29], while some uncommon materials can be calculated
using Jmatpro software. The commonly used thermal properties in temperature field
simulation include density, conductivity, specific heat, and latent heat [30,31].

The thermal properties of the Inconel 718 substrate are shown in Table 1. The thermal
property curve of Inconel 718, a nickel-based alloy, is calculated based on the elemental
mass content using Jmatpro and shown in Figures 3 and 4. The melting point of Inconel
718 is 1260–1320 ◦C, or 1533–1593 K. In the ABAQUS finite element software, the Kelvin
scale is commonly used as the temperature unit.
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Figure 2. Electron beam cladding finite element model.

Table 1. Thermal physical parameters of the matrix Inconel 718.

Temperature (k)
Thermal Conductivity

(W/m·k)
Specific Heat

(J·g−1K−1)
Density
(kg/m3)

293 22 0.44 8240
473 25 0.5 8240
673 19 0.6 8240
873 20 0.65 8240

1073 23 0.72 8240
1273 26 0.8 8240
1473 29 0.62 8240
1673 32 0.75 8240

 
Figure 3. Thermal conductivity curve of Inconel 718.

3.3. Division of ABAQUS Mesh and Boundary Conditions

Grid division plays a vital role in finite element software’s calculation accuracy and
computational efficiency. Generally speaking, the finer the grid division, the higher the
calculation accuracy. However, when the grid is refined to a certain level, further reducing
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the grid size increases the computer’s computational time and has little contribution to the
calculation results [32]. Therefore, grid division is also an essential step in finite element
analysis. In this study, vacuum electron beam surface cladding demands substantial
computational resources for the uppermost layer, with relatively reduced demands for
regions farther from the substrate. Therefore, when dividing the grid, a finer 1 mm
hexahedral grid is used for the cladding layer, while a 2 mm hexahedral grid is used for
the substrate. This approach can improve computational efficiency. The grid division is
shown in Figure 5.

 

Figure 4. The specific heat curve of Inconel 718.

Figure 5. Model meshing.

Setting the boundary conditions for the electron beam cladding model:
(1) The starting temperature for the electron beam cladding is at room temperature,

so the initial temperature for analysis is set at 20 ◦C, equivalent to 293 K. (2) During
the movement of the electron beam welding heat source, conduction heat transfer is
accounted for in both the sections exposed to radiation and those that are not. Temperature
discrepancies occur across distinct regions of the workpiece, leading to heat transfer from
higher to lower temperatures. This satisfies the expression:

K
∂T
∂X

nx + K
∂T
∂Y

ny + K
∂T
∂Z

nz = β(Tσ − Ts) (3)
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In the formula: Ts represents the temperature in the irradiated region by the electron
beam, Tσ represents the temperature in the non-irradiated region, β represents the overall
heat transfer coefficient, nx, ny and nz represents the cosine value at the outer normal.

4. Results and Discussion

The quality of electron beam surface cladding modification mainly depends on the
degree of bonding between the cladding layer and the substrate. Given the selected coating
powder and substrate, the parameter settings of the electron beam have the most significant
impact during the cladding process. Through repeated practice, we have found that the
parameters with the most considerable influence are the scan speed of the electron gun and
the beam current. These two factors have a substantial impact on the temperature field’s
variation. At the same time, the degree of bonding between the cladding layer and the
substrate largely depends on the interpretation of the molten pool temperature field [31].
Therefore, it is necessary to explore the effects of different scan speeds and beam currents
on the molten pool temperature field to find the optimal parameters.

4.1. The Influence of Different Beam Distributions on the Temperature Field Distribution

When investigating the impact of various beam currents on the temperature distri-
bution, the parameter scope was refined based on insights from the existing literature.
Considering the equipment situation and experience, four different beam currents of
15 mA, 18 mA, 21 mA, and 24 mA were selected to investigate beam variation’s effect on
the cladding’s quality. To ensure the accuracy of the experimental results, this simulation
used the method of controlling variables to keep the other parameters outside the beam
unchanged. The simulation parameters are shown in Table 2.

Table 2. Process parameters for electron beam cladding with different beam currents.

Sample
Acceleration
Voltage (kV)

Beam Current
(mA)

Scanning Speed
(mm/min)

Scanning Radius
(mm)

1 60 15 300 4
2 60 18 300 4
3 60 21 300 4
4 60 24 300 4

By using ABAQUS finite element simulation software and linking the Dflux.for sub-
routine, the conical heat source model is loaded onto the surface of the fusion layer finite
element mesh segmentation. Taking the coordinate point (0, 12, 10) as the starting point of
the electron beam, the electron beam was scanned along the positive x-axis for cladding.
A distinct cladding trace, called the clad track, was formed where the electron beam was
scanned. The analysis focused on temperature distribution maps of the molten pool under
varying beam currents at t = 6.25 s, as depicted in Figure 6.

From Figure 6, it can be seen that as the beam current increases, the peak temperature
of the workpiece surface also increases, indicating a positive correlation between the beam
current and the temperature of the molten pool. At 15 mA, the temperature field diagram
(depicted in Figure 6a) illustrates a maximum temperature of 4274 K within the molten
pool, forming a molten pool on the surface of the overlay layer. The lowest temperature
of the isotherm in the heat-affected zone is 1287 K. The temperature distribution map of
the melted pool at 18 mA is displayed in Figure 6b, indicating a maximum temperature of
5087 K, forming a molten pool on the surface of the overlay layer. The lowest temperature
of the isotherm in the heat-affected zone is 1409 K. In Figure 6c, the temperature mapping
within the molten pool at 21 mA reveals a maximum temperature reaching 5667 K, forming
a molten pool on the surface of the overlay layer. The lowest temperature of the isotherm in
the heat-affected zone is 1635 K. The temperature distribution within the molten pool when
the beam current is set at 24 mA is depicted in Figure 6d, highlighting a peak temperature of
6522 K, forming a molten pool on the surface of the overlay layer. The lowest temperature
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of the isotherm in the heat-affected zone is 1848 K. When the beam current is increased
by three mA, the peak temperature increases by 813 K, and the lowest temperature in the
heat-affected zone increases by 122 K. When the beam current is increased by six mA, the
peak temperature increases by 1393 K, and the lowest temperature in the heat-affected
zone rises by 348 K. When the beam current is increased by nine mA, the peak temperature
increases by 2248 K, and the lowest temperature in the heat-affected zone increases by
561 K. The reason for this is that when the electron beam’s beam current increases, the
electron beam’s power also increases, leading to an increase in heat flux density. This
directly increases the temperature of the molten pool. With the rise of the beam current, the
high temperature causes more intense reactions between the elements in the overlay layer,
and the conversion rate from the solid phase to the liquid phase also increases, resulting in
a denser microstructure. However, if the beam current of the electron beam is too large,
the temperature in the molten pool region becomes too high. The dilution rate of NiCrBSi
powder will be increased, causing the electron beam to load directly onto the substrate,
leading to a decrease in the thickness of the bond layer and severe deformation of the entire
overlayed sample. If the beam current of the electron beam is too small, the temperature
in the molten pool is too low. The surface material of the substrate cannot fully dissolve
in the NiCrBSi powder, failing to form a metallurgical bond between the powder and the
substrate. The powder will melt into spherical material and fall directly off.

Figure 6. Temperature field clouds of the melt pool at different Iw at t = 6.25 s: (a) Iw = 15 mA;
(b) Iw = 18 mA; (c) Iw = 21 mA; (d) Iw = 24 mA.

Since the conduction and variation of the junction temperature are directly related to
the bonding quality between powder and substrate, a node set is established between the
matrix and powder coating in ABAQUS, with the coordinates of the nodes as (8, 12, 9). The
temperature of the junction area is then extracted for analysis, as shown in Figure 7. Figure 8
shows the temperature variation curve of the surface layer for different beam currents with
the node coordinates of (8, 12, 10). When the beam current is 15 mA, the surface temperature
reaches 3300 K, which is above the melting point of the powder NiCrBSi (1323 K). The
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temperature between the substrate and the overlay is approximately 1300 K, whereas
the melting point of the substrate is around 1500 K. The optimal process parameters for
electron beam cladding are the powder melting while the substrate is partially melted.
When the beam current is 15 mA, excluding the influence of errors, the junction area is
closer to the melting point of the substrate. This indicates that only a thin layer of overlay
is formed on the surface of the substrate, with a good surface roughness but low bonding
strength, making it not the best process parameter. When the beam current is 18 mA,
the peak temperature of the surface layer is around 4200 K, and the NiCrBSi powder is
completely melted into a liquid phase. The temperature of the junction area between the
substrate and powder is around 1500 K, reaching the melting point temperature of the
Inconel 718 substrate. The substrate surface undergoes a solid-to-liquid phase transition.
This represents the best process condition, where the powder is melted while the substrate
is partially melted. At this point, the metallurgical bonding layer formed by the powder
and substrate is denser, and the temperature gradient distribution is reasonable. When
the beam current is 21 mA, the surface temperature reaches 4700 K, but the temperature of
the junction area is around 1690 K. Although the NiCrBSi powder is completely melted,
the junction temperature exceeds the melting point of the Inconel 718 substrate. This will
cause overheating of the substrate and excessive dilution of the powder, resulting in poor
comprehensive mechanical properties of the cladding layer. It will also cause a deeper
surface melt pool, which is considered to be overheating and not an ideal parameter. When
the beam current is 24 mA, the temperature of the junction area reaches 1800 K, far higher
than the melting point of the substrate. At this point, the workpiece is severely overheated.
In summary, the temperature gradient distribution is more reasonable for the electron beam
current of 18 mA.

Figure 7. The temperature variation patterns of different beam merging region nodes.

Figure 8. The variation pattern of the peak temperature in the molten pool under different
beam currents.
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When the beam current is 21 mA, the surface temperature reaches 4700 K, but the
temperature in the binding zone only reaches around 1690 K. Although the NiCrBSi powder
is completely melted, the high temperature in the critical area exceeds the melting point
of the Inconel 718 substrate. This will lead to overheating of the substrate and excessive
dilution of the powder, resulting in poor overall mechanical properties of the cladding layer.
It will also cause deep surface melting, which is considered overheating and not an ideal
parameter. When the beam current is 24 mA, the temperature in the binding zone reaches
1800 K, far exceeding the melting point of the substrate. At this point, the workpiece is
severely overheated. In summary, the temperature gradient distribution is reasonable when
the beam current of the electron beam is 18 mA.

4.2. The Influence of Different Scanning Speeds on the Temperature Field

When an electron beam is used for energy scanning, the scanning speed directly
affects the aggregation of thermal energy, the absorption rate of thermal energy, and the
rate of thermal energy loss. These factors directly impact the degree of the powder and
substrate bonding. Therefore, the scanning speed is essential for the quality of fusion in the
temperature field. In this simulation, other variables will be controlled while maintaining
a beam current of 18 mA to explore and optimize the scanning speed. The simulation
parameters are shown in Table 3.

Table 3. Process parameters for electron beam cladding at different speeds.

Sample
Accelerating
Voltage (kV)

Beam Current
(mA)

Scanning Speed
(mm/min)

Scanning Radius
(mm)

1 60 18 180 4
2 60 18 240 4
3 60 18 300 4
4 60 18 360 4

Figure 9 shows the temperature field cloud map of the molten pool at the moment
when the electron beam is scanned at different scanning speeds for t = 6.25 s. It can be
observed from the figure that as the scanning speed increases, the peak temperature in the
molten pool decreases continuously. This indicates that a faster scanning speed results in a
shorter time for the energy to stay on the surface of the cladding, thus reducing the heat
absorbed by the workpiece. When the scanning speed is 180 mm/min and the beam current
is 18 mA, the peak temperature in the molten pool is 6677 K, and the lowest temperature in
the heat-affected zone is 1887 K. As the scanning speed escalates to 240 mm/min, the peak
temperature decreases by 1145 K, reaching 5532 K.

Further increasing the scanning speed to 300 mm/min, the peak temperature in
the molten pool drops to 5144 K. When the scanning speed is 360 mm/min, the peak
temperature in the molten pool decreases to 4014 K. The reason for this is that as the
scanning speed of the electron beam increases, the heating time of each microelement in
the finite element decreases, resulting in a decrease in the peak temperature in the molten
pool. Excessive temperatures can cause the grains in the cladding area to grow too large,
which is undesirable.

On the other hand, an appropriate scanning speed can accelerate the cooling rate of the
area irradiated by the electron beam, resulting in a delicate and uniform microstructure in
the cladding region. In terms of the quality of the cladding surface produced by the electron
beam, further research is needed on the node temperature in the joint area to achieve
powder melting and microfusion of the substrate. This can ensure parameter optimization
and improve the comprehensive performance of the cladding while preserving the excellent
properties of the original material.

Extracting the nodal coordinates (8, 12, 9) between the matrix and the powder from
ABAQUS, the changing curve of the pool temperature at different time points is analyzed,
as shown in Figure 10. Figure 11 shows the temperature variation curve of the material
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surface at coordinate points (8, 12, 10) at different time points. From the figure, it can
be observed that when the scanning speed is 180 mm/min, the peak temperature of the
pool reaches 5700 K, and the powder is completely melted into the liquid phase. The
temperature in the joining zone reaches as high as 2300 K. This value significantly surpasses
the matrix’s melting point of 1533 K. This indicates that while the powder is melting, the
matrix is also rapidly melting. This is considered overeating, leading to powder dilution
and decreased bonding performance. At the same time, extensive melting of the matrix
will result in a decrease in its own performance and severe surface deformation. When
the scanning speed reaches 240 mm/min, the joining zone temperature reaches 1700 K,
which is still above the melting point of the matrix, indicating over-melting. When the
scanning speed is 300 mm/min, the joining zone temperature is around 1500 K, and the
peak temperature on the surface is 4200 K. At this point, the matrix undergoes partial
melting while the powder is fully melted. The liquid phase of the fully melted powder
and the surface of the matrix form a closely bonded metallurgical layer, achieving a good
overlay process. When the scanning speed is 360 mm/min, the joining zone temperature is
only 1300 K. At this time, the overlay layer is shallow, the joining zone is not compact, and
there is only a thin layer, indicating under-melting.

Figure 9. Temperature field clouds of the melt pool at different scanning speeds at t = 6.25 s:
(a) 80 mm/min (b) 240 mm/min (c) 300 mm/min (d) 360 mm/min.

Figure 10. Combining different scanning speeds with the temperature variation patterns of
zone nodes.
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Figure 11. The variation pattern of peak temperature in the molten pool under different
scanning speeds.

4.3. Temperature Field Cloud Maps at Different Moments in the Process of Fusion Coating

Figure 12 shows the temperature field overlay map of the molten pool scanned at
different time points under the optimal process parameters of 18 mA and 300 mm/min
with different beam currents and velocities. From Figure 12, it can be observed that at
t = 0.384 s, the electron beam heat source just started to bombard the surface of the cladding
layer, and the peak temperature at the center reached 2836 K. As the heat source moves
forward, at t = 1.460 s, the highest temperature of the beam spot in the molten pool reaches
4845 K. This is because the preceding heat source had a preheating effect on the surface of
the cladding layer, and the center of the workpiece has slower heat dissipation, resulting
in temperature concentration. At t = 3.190 s and t = 4.921 s, the peak temperature of the
beam spot in the molten pool hovers around 5100 K, and the temperature change in the
molten pool tends to be relatively stable, indicating the best welding quality at this time.
While the electron beam heat source moves, the workpiece undergoes rapid heating and
rapid cooling. The surface temperature drops rapidly as the heat source moves away, and
the trajectory of the cladding resembles a comet with a long tail. Heat is conducted in
different directions within the substrate, and the powder and substrate undergo fusion and
solidification. Ultimately, the surface of the substrate undergoes the formation of a compact
cladding layer, successfully attaining the intended enhancement outcome.

4.4. Experimental Verification

Figure 13 depicts the macroscopic surface morphology of Inconel 718, which has been
electron beam surface-clad with NiCrBSi powder. The process parameters used are outlined
in Table 2. The illustration indicates that at lower electron beam currents, the energy is
insufficient to achieve immediate coating melting. Consequently, due to the brittle nature
of the layer and uneven heating, the coating easily detaches from the substrate’s surface.
Increasing the scanning beam current leads to a gradual widening of the melting zone
and a decrease in the roughness of the cladding sample surface. This is because higher
electron beam currents result in increased energy and temperature, leading to a broader
range of heat conduction. Figure 13 reveals the presence of numerous fine particles at
the edge of the sample’s melting zone. This is due to the high temperature, which leads
to the decomposition of CO2 in the molten pool: CO2 → CO + O. The expansion of CO
under high temperatures results in a rapid increase in pressure. The molten pool inhibits
its escape, leading to a local explosion and the splattering of metal particles.

Figure 14 presents the macroscopic surface morphology of Inconel 718, which has
been surface-clad with NiCrBSi powder using various scanning speeds, as documented in
Table 3. The figure reveals that, with the beam current held constant, the scanning speed
increase results in a narrower melting zone. This occurs when the scanning speed is low,
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as the prolonged exposure of the electron beam energy on the plate’s surface leads to an
increased accumulation of power. Consequently, this causes excessive remelting of material
and ultimately widens the melting zone.

Figure 12. Subsurface temperature field cloud maps at different moments in the molten pool with
a beam current of 18 mA and a scanning speed of 300 mm/min: (a) 0.384 s (b) 1.460 s (c) 3.190 s
(d) 4.921 s.

Figure 13. Macroscopic visualization of the surface of electron beam cladding samples under different
beam conditions.

Energy spectrum analysis was conducted on the sub-surface of the overlay region
to enhance the understanding of the bonding strength between the substrate and overlay
powder. Figure 15 presents the cross-sectional morphology of the electron beam overlay
layer and the line scan image captured at a beam current of 18 mA and a scan speed of
300 mm/min. The left side depicts the substrate region, whereas the right side illustrates
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the overlay region. In Figure 15a, with a beam current of 18 mA, there is a notable increase
in the concentration of hard particles in the overlay region compared to the substrate. The
corresponding EDS line data reveals that silicon (Si) has the highest content in the overlay
region, indicating the excellent performance of the NiCrBSi powder process for electron
beam surface overlay of Inconel 718 at a beam current of 18 mA. Figure 15b demonstrates an
SEM image at a scan speed of 300 mm/min, revealing a narrow and well-bonded interface
region that suggests the formation of an exceptional metallurgical bonding layer. The
overlay region still exhibits the highest silicon element content based on the corresponding
EDS line data, indicating positive overlay effects in the 300 mm/min process. Because
Inconel 718 has a relatively soft nature, the enhanced silicon content in the metallurgical
bonding layer can significantly improve the overall performance of the material.

 

Figure 14. Macroscopic images of electron beam cladding test samples under different scanning
speed conditions. (a)180 mm/min (b) 240 mm/min, (c) 300 mm/min (d) 360 mm/min.

Figure 15. SEM micrographs and line scan EDS images of the cross-section morphology of the electron
beam cladding layer at a beam current of 18 mA (a) and a scanning speed of 300 mm/min (b).

The experimental comparisons above demonstrate that the most effective overlay,
characterized by a highly dense layer with strong bonding to the substrate, is achieved when
using an electron beam current of 18 mA and a scan speed of 300 mm/min. The interface
exhibits no visible pores or cracks. A wavy boundary between the overlay layer and the
substrate suggests a favorable metallurgical bonding between the two. The simulated
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temperature field analysis corroborates these findings, thus validating the reliability and
accuracy of the simulation.

5. Conclusions

This study established an electron beam cladding model using ABAQUS finite element
simulation software. The heat source subroutine Dflux.for was used to simulate the conical
heat source. Different size grids were used to divide the substrate and cladding powder,
and the double ellipsoidal heat source was loaded onto the grid model according to the
electron beam scanning path for simulation. The key issues affecting cladding quality,
namely the density of the bonding layer and the dilution rate of the powder, were analyzed.
Temperature field contour maps and temperature variation curves of the surface molten
pool and bonding zone nodes were established. The main conclusions are as follows:

(1) According to the simulation results, during the electron beam scanning heating
process, the surface temperature of the sample rapidly increased above the material’s
melting point. The center temperature of the electron beam focus was much higher than
the average temperature of the molten pool, reaching a maximum of over 5000 K. When
controlling other parameters, the electron beam current and molten pool temperature
were positively correlated, while the scanning speed and molten pool temperature were
negatively correlated.

(2) During the electron beam cladding process, the molten pool temperature changed
dramatically. The temperature in the area irradiated by the electron beam heat source
increased rapidly, while the temperature rapidly decreased in the area where the electron
beam heat source left. The cladding process can be divided into three stages: the heating
and melting stage, the temperature stabilization stage, and the cooling and solidification
stage. In the direction of cladding thickness, the temperature decrease rate becomes faster
as it goes down.

(3) When the electron beam scanning current was 18 mA and the scanning speed was
300 mm/min, the peak temperature of the molten pool in the cladding zone was around
5087 K, and the lowest temperature of the isotherm line in the heat-affected zone was
1409 K. The temperature of the bonding zone nodes between the substrate and powder
was around 1500 K, reaching the melting point of Inconel 718 material. At this point,
the NiCrBSi powder was completely melted, and the substrate was slightly dissolved,
indicating relatively ideal electron beam cladding process parameters.

(4) According to the morphology and energy spectrum analysis of the electron mi-
croscopy, the cladding layer was dense, crack-free, and tightly connected to the substrate.
The wave shape of the analysis was consistent with the temperature field, verifying the
reliability and accuracy of the simulation.
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Abstract: The aim of the submitted work is to study the relationship between the method of polishing
the metallurgical surface and the indentation size effect (ISE). The material of the sample was
annealed 99.5% aluminum. The polishing time ranged between 300 and 3600 s. An aqueous emulsion
of aluminum oxide (spineline) and diamond paste were used as the polishing agents. The surface
quality of the samples was measured with roughness meters. Applied loads in the micro-hardness
test were 0.0981, 0.2452, 0.4904, and 0.9807 N. The effect of polishing on micro-hardness, Meyer’s
index n, and ISE characteristics was evaluated using the PSR method and the Hays–Kendall approach.
As the polishing time increases, the micro-hardness values decrease, and the value of Meyer’s index
n increases from “normal” to neutral, i.e., Kick’s law applies. The finding was confirmed for both of
the used polishing agents.

Keywords: aluminum; polishing; micro-hardness; ISE

1. Introduction

An indentation size effect (ISE), in general, is observed in shallow indentation tests
of (micro-)hardness, which is manifested as an increase (“normal”) or decrease (RISE) in
hardness with penetration depth decreases.

Among other factors, the size and nature of the ISE are influenced by the sample
preparation method (polishing time, polishing agent) to create the metallographic surface
for micro-hardness measurement. The quality of the obtained surface is usually determined
subjectively, so the goal is to achieve a mirror finish without visible scratches. The polishing
process must be controlled so that the Beilby layer does not form. Although the quality of
the metallographic surface did not change significantly during the polishing time in the
observed range, this time had a statistically significant effect on the size, nature, and other
parameters of the ISE. Thus, the polishing time, when inappropriately chosen, can distort
the measurement results to a certain extent.

The measurement of micro-hardness makes it possible to determine the basic mechan-
ical properties of a small volume of material using an almost non-destructive method. If, as
in the case of (macro-)hardness, the Vickers method is used, the only difference is a lower
load (lower than 1.691 N). Measurements of micro-hardness can be used for miniature com-
ponents, thin surface layers, or a metallography. The shape of the indentation (pyramid) is
geometrically similar for all test loads. It is therefore expected that the measured hardness
will be over a broad load range if the tested sample is homogeneous.
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Unfortunately, this statement only applies to the range of loads intended for measuring
(macro-)hardness. If “a very low” test load is used, the measured value is influenced by
other factors. However, the term “very low load” is not exactly defined. Standard ISO
6507-1:2018 lists loads (test forces) in the range between 0.009807 N (1 g) and 0.9807 N
(100 g) [1]. However, according to standard ISO 14577-1:2015, the values of the loads for the
micro-hardness tests are less than 2 N (~200 g), while the indentation depth h > 0.2 μm [2].
As stated Voyiadjis and Peters, “a very low” load results in indentation with a depth less
than 10 μm (. . . but not less than 0.2 μm in ISO 14577-1:2015) [2–4].

The ISE may be caused by the following:

1. The testing equipment—it includes the characteristics of devices used to measure the
dimensions of indentations and loads [4–6].

2. Intrinsic properties of the samples—work hardening during indentation, the load to
initiate plastic deformation, the indentation elastic recovery and elastic resistance of
the materials [5–7], and the influence of crystallographic orientation [8,9].

3. The method of preparing the samples—the cutting, the grinding, the polishing, and
stresses in the samples resulting from their manufacture as well as many other factors
such as the indenter/sample friction, the lubrication, the corrosion, and speed of the
indenter’s penetration [4,6,7,10,11].

In contrast to a “normal” ISE, a reverse (RISE) type of ISE, where the apparent micro-
hardness increases with increasing test load, is also known. It mostly takes place in
materials with predominant plastic deformation. As a rule, it is explained by the existence
of a distorted zone near the crystal–medium interface, the effects of vibration and the
bluntness of the indenter, the applied energy loss as a result of specimen chipping around
the indentation, and the generation of the cracks [7].

As mentioned above, the quality and method of preparation of the metallographic
surface, on which the measurement will be carried out, has an influence on the measured
micro-hardness values and at the same time on the ISE parameters.

The mutual relationship between the quality of the measured surface, expressed by its
roughness (for example, Ra), and the obtained values of micro-hardness (or nano-hardness)
has already been addressed by several researchers in the past. As an example, ref. [12]
studied the influence of the surface quality of nickel samples on hardness and, using the
Nix–Gao model, derived the relationship between surface quality and critical contact depth.
In [13], SCM21 steel samples were also analyzed in a similar way.

Xia et al. published the results of studying the impact of roughness on hardness for
Ti alloy AlTi6V4, and Xia published the results of studying the impact of roughness on
hardness for Ti alloy, without evaluating the impact on the ISE [14].

The relationship between the quality of the surface and the hardness of non-metallic
materials (aluminum oxide and polystyrene) was studied [15]. The variation of Knoop
micro-hardness (loads between 200 g/1.96 N and 1000 g/9.81 N) follows the reverse ISE
trend, i.e., an increase in hardness on load in the low-load region beyond where it becomes
relatively constant.

The influence of the surface roughness on the ISE in micro-indentation was examined
using the proportional specimen resistance model [16]. Stainless steel, aluminum (6061-
T6: 95.9–98.6% Al with 0.8–1.2 Mg and 0.4–0.8 Si), and copper surfaces were polished to
different levels of roughness with spineline (alumina powder 5–0.05 μm) and subjected to
HV micro-indentation. The load ranged between 0.147 and 1.962 N. To evaluate the factors
of material elasticity and friction effect that make up the elastic proportional resistance,
coefficient a1, related to the elastic properties (it characterizes the load dependence of
micro-hardness and describes the ISE in the PSR model), was plotted against the sample
surface roughness Ra. As the roughness increases, the value of this coefficient for all three
tested materials increases. As mentioned below, a similar relationship between roughness
and parameter a1 was observed by the authors of the paper. To evaluate the roughness
effect on the ISE, an equation to predict the ISE was proposed, corresponding to the surface
roughness factor for micro-indentation.
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Another important area in the relationship between roughness and micro-hardness is
the resin composite used in dental medicine, polished by one-step polishing systems or
by a conventional multi-step system, studied, for example, by Edemir et al. or Korkmaz
et al. [17,18]. As in the case of work focused on metal materials, for these materials, the
authors focused only on the relationship of roughness–(micro-)hardness, without further
study of the ISE.

As a follow-up to the mentioned works, the authors of the present contribution tried
to influence the method of polishing the metallurgical surface and its surface roughness.
They evaluate the impact of these factors not only on micro-hardness but also on the size
and nature of the indentation size effect (ISE).

2. Materials and Methods

Tempered (400 ◦C/1 h) 99.5% Al (EN AW 1350) in form of the wire (diameter 9 mm)
with yield strength (YS) = 25 MPa, ultimate tensile strength (UTS) = 73 MPa, total elongation
(TE) = 59.7%, and the reduction of the area (or contraction Z) = 90.7% was an experimental
material [19].

The wire was cut using a cooled diamond saw perpendicular to the axis. The pieces
were in random order embedded in the resin (dentacryl) and ground with silicon-carbide
papers in the sequences 80, 220, 240, 280, 500, 800, 1000, and 3000 ANSI/CAMI. The
metallographic surface was subsequently polished 300, 600, 1200, 1800, 2400, 3000, and
3600 s with polishing agents by the same operator:

1. Aqueous emulsion of Al2O3 (alumina powder or spineline, 400 mL H2O, and 25 g
Al2O3 with grain size 10–40 μm); felt was used as a textile for the polishing wheel.

2. Diamond paste (product by Pramet/Urdiamant Šumperk, Czech Republic) in the
2–3 μm size ranges (corresponding with the D2 FEPA Fédération Européenne des
Fabricants de Produits Abrasifs) moistened with kerosene; velvet was used as a textile
for the polishing wheel.

In both cases (spineline and diamond), the circumferential speed of the polisher disc
(ø 270 mm) was 11 revolutions per second.

When viewed with the naked eye for both agents used for polishing, after 300 s
of polishing, the surface was mirror-like, without visible scratches or grooves. On the
contrary, at a magnification of 200×, the scratches were visible regardless of the polishing
time. Even polishing for 3600 s did not completely remove them. On the contrary, even
with longer polishing times, the formation of the Beilby layer (over-polishing) was not
observed [20]. This was probably the result of thorough wetting of the polishing wheel
textile, the rotational movement of the samples, and a reasonably chosen pressing force
(polishing was carried out manually, with all samples by one operator).

To objectify the quality of the ground (3000 ANSI/CAMI grit) and polished surface,
its roughness Ra (arithmetical mean height; arithmetical mean height indicates the aver-
age of the absolute value along the sampling length) was measured using standard ISO
4287:1997 [21].

In the first stage, the roughness was measured with a contact tester Surftest SJ301
(Mitutuyo). N = 5 (5 sections of 0.5 mm each), i.e., the measured length l = 1.25 mm, and
the radius of the sensor was 0.4 μm.

As found using microscopic examination of the surface of the samples after measuring
the roughness, the arm of the tester device left traces on the surface of the sample. It
means that due to the low hardness of the samples, the compressive force caused plastic
deformation. Therefore, we can consider the measured values of Ra as indicative at best,
even though the value of W (the smallest load that causes an indentation) is in the range of
0.0019 to 0.0384 N, and the pressing force of the tester (measuring force) is 0.00075 N [22].

The test material was too soft to use a contact roughness meter. Therefore, in the
following, we will consider the roughness values measured in this way only as indicative.

The mentioned deficiency was eliminated by measuring roughness with a non-contact
confocal laser scanning microscope Olympus LEXT 3100. The hardness values of the
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ground sample (3000 ANSI/CAMI grit) and the polished samples were measured in two
mutually perpendicular directions (x–y). From the measured roughness values (e.g., Rp,
Rv), the value of Ra was used in the next arithmetical mean height (Ra), which indicates
the average of the absolute value along the sampling length.

A Hanemann tester, type Mod D32 fitted to microscope Neophot-32Micro-hardness,
measured the micro-hardness with a magnification 480×.

The tester meets the requirements of the standard ISO 6507-2, 2005, due to its repeata-
bility rrel = 4.22%, an error of tester Erel = −0.92%, and the relative expanded uncertainty of
calibration Urel = 6.76% [23].

The values of the Urel uncertainty of the measured micro-hardness of the sample listed
in Table 1 are overvalued, considering the relationship between uCRM (4.0 HV0.05) and the
mean micro-hardness of the samples (29.3 for spineline and 26.1 for diamond); therefore, it
should only be taken as an informative value.

Table 1. The values of polishing time, “the path of the sample on the polishing wheel” (km), the
mean micro-hardness HV, micro-hardness HV0.05, the relative expanded uncertainty Urel, and the
speed of the indenter’s penetration ν.

Polishing
Time

(s)

The “Path” of
the Sample

(km)

Spineline Diamond

HV HV0.05 Urel (%)
ν

(μm s−1)
HV HV0.05 Urel (%)

ν

(μm s−1)

0 0 36.20 33.21 50.37 1.97 36.20 33.21 50.37 1.97
300 2.4 31.71 31.84 51.20 2.24 28.53 26.99 65.62 3.63
600 4.8 29.87 30.17 53.92 2.56 27.03 26.91 65.87 3.14
1200 9.6 29.43 29.32 55.45 2.37 26.10 26.60 66.40 3.32
1800 14.4 28.37 28.65 56.72 2.25 28.36 29.63 59.87 3.21
2400 19.2 28.94 29.29 55.52 2.31 26.24 26.14 67.73 2.97
3000 24.0 28.12 27.87 58.46 2.36 26.16 26.45 66.98 2.98
3600 28.8 28.12 28.12 57.85 2.59 26.76 26.44 66.95 3.12

Urel is the expanded uncertainty (k = 2) of the result of the measurement expressed as
a percentage. It is calculated according to the standard ISO 6507-2:2018 [24].

The same operator measured the micro-hardness of selected areas on the metallo-
graphic surface of the sample according to the standard ISO 6507-1:2018 [1]. The applied
loads P were 0.09807 N, 0.24518 N, 0.49035 N, and 0.9807 N with a load duration of 15 s.
The speed of the indenter’s penetration was calculated using the method described in [25].
The values of the speed (v, in μm s−1) are shown in Table 1.

The result of the measurement was a “cluster” of 20 indentations in one area. The
mean of the micro-hardness of individual clusters HV, the micro-hardness HV0.05, and its
relative expanded uncertainty Urel are shown in Table 1; the values of micro-hardness at
individual loads are shown in Figure 1.

Grubbs’ test (significance level α = 0.05) was used for the detection of statistical outliers.
Their presence would indicate a measurement process suffering from special disturbances
and out of statistical control. The normality was determined using Freeware Process
Capability Calculator software (Anderson–Darling test). The normality and the outliers
were determined for files involving values of one “cluster”. The values of micro-hardness
of all “clusters” have normal distribution without outliers. Their absence suggests the
process is unimpeded by gross errors.

Analysis of variance (ANOVA) is a standard statistical technique and can be used to
analyze the measurement error and other sources of variability of data in a measurement
systems study. The authors used the procedure recommended by Chajdiak and reference
manual MSA for calculating the significance of individual factors [26,27]. Two-way ANOVA
compares the means of a single variable at different levels of two conditions (factors). A
p value is used to determine whether a certain pattern they have measured is statistically
significant. Statistical significance is a way of saying that the p value of a statistical test
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is small enough to reject the null hypothesis of the test. The most common threshold
is p < 0.05, that is, when you would expect to find a test statistic as extreme as the one
calculated by your test only 5% of the time. The threshold value for determining statistical
significance is also known as the alpha value. According to two-way ANOVA without
replication, for spineline, the polishing time (p = 0.000443) and the load (p = 0.000111)
both have statistically significant effects on the measured value of the micro-hardness. For
diamond paste, the polishing time (p = 0.1896) and the influence of the load (p = 0.0633) are
not statistically significant at the significance level α = 0.05.

Figure 1. The values of micro-hardness.

The influence of polishing time (s) on the roughness Ra (μm) measured using a
confocal microscope for both axes (x and y perpendicular to each other) is shown in
Figure 2. Ra values are presented together for both axes since, by using an unpaired t-test,
the difference between the Ra values in both axes is not statistically significant (p = 0.9182 for
spineline and p = 0.9727 for diamond), and the scratches and grooves on the metallographic
surface of the samples do not have a preferred direction. As the polishing time increases,
the roughness decreases. But, as can be seen from the picture, the relationship is not
completely ideal, especially with longer polishing times. This is evidenced by the values
of the Pearson correlation coefficient r and the determination coefficient R2 (Table 2). A
correlation coefficient is a number between -1 and 1 that indicates the strength and direction
of a relationship between variables. The coefficient of determination is a number between 0
and 1 that measures how well a statistical model predicts an outcome. Table 2 also shows
indices (a—slope and b—intercept) describing the linear dependence. The parameter “b” is
the value of y (x = 0) at the intersection of the line with the y-axis at x = 0. If the polishing
time exceeds 1800 s, the roughness practically does not decrease. The particles of both
polishing agents produce new scratches and grooves, which are partially removed by
further polishing; at the same time, additional scratches and grooves are created. At the
given granularity of the agent, the process stabilizes after a certain time, and its further
continuation makes no sense. We do not state the dependence of roughness on the polishing
time, measured with a contact tester. It is even less informative than when measured with a
confocal microscope. The roughness values measured in this way are an order of magnitude
higher (for example polishing time 1200 s, spineline: 50.0 μm contact tester, and 2.75 μm
confocal microscope).
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Table 2. Values of indices (a—slope and b—intercept) describing the linear dependence and coeffi-
cients of correlation r and determination R2.

Polishing
Agent

Spineline Diamond

Indices and
Coefficients

a(x) b r R2 a(x) b r R2

Figure 2 −0.7348 3.9259 −0.659 0.4341 −0.7182 4.3394 −0.675 0.4559
Figure 3 −0.0502 2.0403 −0.737 0.5439 −0.0491 2.057 −0.758 0.5739
Figure 4 0.073 0.513 - 0.4038 0.0846 0.3681 - 0.8011
Figure 5 0.2127 138.83 - 0.0421 0.1382 129.13 - 0.0159
Figure 6 0.0039 −0.0666 - 0.512 0.003 −0.0566 - 0.1580
Figure 7 0.0005 0.0038 - 0.377 0.0002 0.0041 - 0.2582
Figure 8 −0.0268 2.7249 0.833 0.8449 −0.0181 2.4246 0.624 0.4923
Figure 9 −0.0012 0.0341 - 0.1816 −0.0012 0.0315 - 0.1300

Figure 2. Relationship between polishing time and roughness Ra, measured with a confocal microscope.

Figure 3. The relationship between Ra and Meyer’s index n.
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Figure 4. The relationship between Ra and parameter a1.

Figure 5. The relationship between Ra and parameter a2.

Figure 6. The relationship between Ra and c0.
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Figure 7. The relationship between Ra and a1/a2.

Figure 8. The relationship between micro-hardness HV and Meyer’s index n.

Figure 9. The relationship between Ra and W.
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The points in the graphs represent measured values or parameter values calculated
from measured values. The variance in the experimental points is really high, resulting in a
low value (Figures 5 and 9 in Table 2). The chosen linear approximation used in the graphs
serves to illustrate the trend.

3. Results

The calculation of Meyer’s index and related parameters is detailed in, e.g., Petrík
et al., 2023, or Šolc et al., 2023, using [4–6,12,28–30].

Meyer’s power law and proportional specimen resistance (PSR) are two principal
approaches to describe the ISE quantitatively. The value of Meyer’s index n or the work
hardening coefficient is n < 2 for “normal” ISE, and n > 2 for reverse ISE. If n = 2, the
micro-hardness is independent of the load and is given by Kick’s law. The relationship
between Ra and Meyer’s index n is shown in Figure 3. The value of Meyer’s index n
decreases with increases in the roughness. The values of the Pearson correlation coefficient
r and the determination coefficient R2 are shown in Table 2.

The nature of the ISE changes from “normal” ISE for ground (unpolished) samples
with n = 1.7 to values close to the validity of Kick’s law even after a short polishing time.
As the polishing time increased, the value of n rose slightly above 2, i.e., into the reverse
region (RISE) for samples polished with spineline.

Calculated using two-way ANOVA without replication, for spineline, the polishing
time (p = 0.0012738) has a statistically significant effect on the measured value of Meyer’s
index n but the polishing agent does not (p = 0.786067) at the significance level α = 0.05.
The fact that the agent does not have a statistically significant influence on the value of
Meyer’s index was also confirmed by a two-tailed t-test (p = 0.8856).

Using a proportional specimen resistance model (PSR), a modified form of the Hays–
Kendall approach, yields the parameters a1 and a2. Parameter a1 (N mm−1) is related to
elastic properties and characterizes the load dependence of micro-hardness. It consists
of two components: the elastic resistance of the sample and the friction resistance at the
indenter facet/sample interface. Parameter a2 (N mm−2) is related to the elastic and plastic
properties of the specimen.

The influence of the roughness on the values of parameters a1 and a2 can be seen
in Figures 4 and 5, respectively. The value of both parameters increases with increasing
roughness; the difference is more pronounced for a1 with a significantly lower correlation
for parameter a2. The values of the determination coefficient R2 are shown in Table 2.

As mentioned in the introduction, the growth of the a1 parameter with the growth of
roughness was also observed by Chuah and Ripin in the analysis of stainless steel, copper,
and aluminum samples [16].

Due to the very low values of the coefficient of determination R2 (Figure 5, Table 2)
for the relationship between the roughness Ra and the parameter a2, the determination of
“true hardness” using a2 has no meaning.

The parameter c0 (N) can be calculated using an equation based on a modified form of
the PSR model. It is associated with residual surface stress in the sample. The relationship
between Ra and parameter c0 can be seen in Figure 6. For both polishing agents, the
residual surface stress increases with the polishing time and thus with the decrease in
roughness, and its negative tensile component increases. As it follows from the values of
the coefficients of determination R2 in Table 2, the dependence is tighter for spineline than
for diamond paste.

The ratio a1/a2 is a measure of the residual stress due to machining and polishing. As
can be seen in Figure 7 and Table 2, residual stress decreases with a decrease in roughness
for both polishing agents.

Meyer’s index n decreases with increasing average micro-hardness HV, as can be
seen in Figure 8. As it follows from Table 2, the values of the coefficients of determination
R2, the dependence is strong and tighter for spineline than for diamond paste. As the
micro-hardness increases, the “normal” character of the ISE, typical for materials with lower
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plasticity, increases. Reverse ISE and an inverse relationship between the micro-hardness
and n was observed for CRMs made of iron or heat-treated steel with micro-hardness
between 195 HV0.05 and 519 HV0.05, heat-treated carbon steel and aluminum alloy EN
6082, or technically pure metals such as Al, Zn, Cu, Fe, Ni, and Co [31,32]. Except for
grinding and polishing, the given examples were not deformed.

Hays and Kendall proposed the existence of minimum test load W (N) necessary to
initiate plastic deformation; the relationship between the roughness Ra and load W can be
seen in Figure 9. As the roughness increases, the load value increases, and the load value
varies in the range between 0.0019 and 0.0384 N. As already mentioned above, despite the
declared pressure force of the touch tester, traces of the tip of the tester’s arm were visible
(with a microscope) on the surface of the sample. Thus, plastic deformation occurred,
although it was not expected. This anomaly regarding load W was already observed by
Petrík et al. and deserves a more detailed analysis [33].

4. Discussion

As for the influence of the polishing time on the quality of the metallographic surface,
with the use of both agents, it was possible to achieve a shiny, mirror-like surface when
viewed with the naked eye. Even with long polishing times (extremely 3600 s), no affected
(Beilby) layer was formed. As the polishing time increases to approx. 1800 s, the roughness
of Ra decreases, after which time it stabilizes for both agents without the influence of further
polishing. Microscopically, it looks like older scratches and grooves gradually smooth out
and disappear. At the same time, due to the inhomogeneity of the agents (larger or harder
particles), new scratches are created, which are gradually smoothed out. That is, the process
will continue indefinitely, or until over-polishing. The agents used will probably never
be able to completely remove the scratches, and extending the polishing time makes no
sense. On the contrary, as mentioned below, the polishing time influences the parameters
characterizing the ISE and must be taken into account when interpreting them.

As mentioned above by Chuah and Ripin [16], after grinding (no polishing) samples
based on stainless steel, copper, and aluminum, an order of magnitude lower roughness Ra
(0.0062–0.1328 μm) was achieved compared to the presented values (0.87–3.35 μm).

The samples whose ISE-related properties are shown below were polished with spine-
line for 300 s. If the sample was deformed by tension (tensile test), then with the growth of
the local degree of deformation (Z), the value of n decreases slightly from RISE (n = 2.1)
at zero deformation to slightly “normal” (n = 1.95 at Z = 80%). The same course has a
dependence between roughness and Meyer’s index n. With a decrease in roughness, this
goes from significantly “normal” (approx. n = 1.7 in the ground state) to neutral or reverse
at lower roughness. Thus, a decrease in roughness has the same effect on Meyer’s index as
a decrease in the degree of tensile deformation. On the contrary, during deformation by
compression, the value of Meyer’s index increases from a slightly “normal” to the reverse
region (approx. n = 2.2 at ε = 80%) as the degree of deformation increases.

An increase in polishing time, a decrease in roughness, and an increase in the degree
of deformation move the values of Meyer’s index into the reversal region, characteristic of
plastic materials.

For all three materials—stainless steel, copper, and aluminum alloy—the same course
of the effect of roughness on Meyer’s index was analyzed: with a decrease in roughness,
it goes from significantly “normal” to neutral to reverse at lower roughness as stated by
Chuah and Ripin [16], Table 1, which corresponds to the results of the authors of this paper
(n = 1.72 to 1.98). The most significant changes were observed in the case of stainless steel.

Parameter a1 characterizes the load dependence of micro-hardness. Its value decreases
with increasing polishing time (and thus with decreasing roughness). Thus, for less rough
(highly polished) samples, a smaller influence of load on micro-hardness values is expected.
As the degree of deformation increases, its value decreases (positive for flat and negative for
compressive deformation). The same decrease in the value of coefficient a1 with a decrease
in roughness was also noted by [16,28,33].
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Parameter c0 is associated with residual surface stress in the sample. With the polishing
time, the values increase slightly, from zero to negative values at minimum roughness.
Thus, with a decrease in roughness, surface tensions increase. As the deformation increases,
the (negative) value of c0 grows, both in compression and tension (more pronounced in
the latter).

The ratio a1/a2 is the measure of the residual stress due to machining and polishing.
Its value decreases with increasing polishing time (and thus with decreasing roughness).
As the degree of tensile deformation increases, it rises from negative to positive values;
with compression deformation, the trend is the opposite. If we take into account the values
of a1 and a2 given by Chuah and Ripin for aluminum alloy and calculate the parameter
a1/a2 from them, then this has the same dependence on roughness—with a decrease in
roughness, the value of the parameter and therefore the residual stresses decrease [16].

The longer the sample is polished and the smaller the roughness, the smaller the
values of c0 (residual stresses) and a1/a2 (stresses stress due to machining and polishing).
It is possible that these stresses induced by grinding and polishing are removed. So, the
longer the sample is polished, the smaller they are.

5. Conclusions

1. The polishing time has a statistically significant effect on the size of the Meyer’s index
n, but the polishing agent does not.

2. If diamond paste is used as a polishing agent, the resulting micro-hardness is lower
than when using spineline.

3. There is a correlation between the polishing time (and roughness Ra) and Meyer’s
index n; with a decrease in roughness, the value of n increases (from “normal” to the
reverse character).

4. Extending the polishing time above 1800 s with the agents used is not important, as it
cannot completely remove scratches.

5. When interpreting the parameters characterizing the ISE, it is necessary to take into
account the polishing time and subsequent roughness.
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