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are mainly in line with the following aspects: processes, properties, and performance.
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Abstract: TiAl alloys have excellent high-temperature performance and are potentially used in the
aerospace industry. By controlling the lamellar orientation through directional solidification (DS)
technology, the plasticity and strength of TiAl alloy at room temperature and high temperatures
can be effectively improved. However, various difficulties lie in ensuring the lamellar orientation
is parallel to the growth direction. This paper reviews two fundamental thoughts for lamellar
orientation control: using seed crystals and controlling the solidification path. Multiple specific
methods and their progress are introduced, including o seed crystal method, the self-seeding method,
the double DS self-seeding method, the quasi-seeding method, the pure metal seeding method, and
controlling solidification parameters. The advantages and disadvantages of different methods are
analyzed. This paper also introduces novel ways of controlling the lamellar orientation and discusses
future development.

Keywords: TiAl alloys; directional solidification; lamellar orientation; seed crystal; solidification parameters

1. Introduction

The development of the aviation and aerospace industries raises higher requirements
for high-temperature structural materials. Due to their low density, high specific strength,
and notable high-temperature performance, TiAl alloys are gradually becoming a new
generation of high-temperature structural materials, possibly replacing some Ni-based
superalloys in the near future [1-3]. However, traditional TiAl alloys possess low plasticity
and poor creep properties at room temperature or high temperatures, which limits their
further application [4-6].

Directional solidification (DS) technology is beneficial to control the consistency of
lamellar orientation and enhancing the high-temperature plasticity and creep properties
of TiAl alloys [7]. Previous research has shown that directionally solidified TiAl alloys
with aligned lamellae have diverse mechanical properties in different directions [8,9].
When the lamellar orientation is perpendicular to the load direction, the plasticity is
relatively poor. When the lamellar orientation is parallel to the load direction, the tensile
strength and elongation at room temperature are balanced and relatively high [10]. For
example, Chen et al. reported that Ti-45A1-8Nb PST single crystal alloy with aligned
parallel lamellae had a yield strength of 708 MPa and an average tensile ductility of 6.9%
at room temperature. Moreover, at high temperatures, it still maintained the anisotropy
of mechanical properties [11]. For aero-engines, the stress borne by their turbine blades is
mainly unidirectional. The application of directionally solidified TiAl alloys can effectively
reduce the structural weight and improve the thrust-to-weight ratio of the engine.
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In previous studies, researchers have proposed two fundamental theories for control-
ling lamellar orientation. One is using a certain seed alloy, of which the primary phase is o
or 3 and the solidification phase is «. It has a stable or nearly stable lamellar structure [12].
The seed crystal is placed with lamellae parallel to the growth direction to align the lamellar
orientation of the master alloy. The other theory is controlling the solidification path,
ensuring the leading phase is 3. According to Burgers’ relationship {110}g //(0001) and
<111>p|<1120>« and Blackburn’s relationship (0001)||{111}y and <1120>||<110>,, since
the preferred orientation of 3 phase is <100>, the final lamellar orientation is 0° or 45° to
the growth direction [13].

Based on these two fundamental theories, the methods of controlling lamellar ori-
entation can be developed from the perspectives of deciding seed alloy composition and
adjusting solidification parameters. The purpose of this paper is to summarize the theories
of lamellar orientation control, describe the application scope and mechanism of various
methods, and look forward to novel methods for lamellar orientation control.

2. Difficulties and Critical Problems in Lamellar Orientation Control

At present, the methods of lamellar orientation control are mostly applied in the
laboratory; there are few reports on the industrialized production of directionally solidified
TiAl alloy bars or components. The solidification modes of multi-component TiAl alloys
are not clear yet, bringing difficulties in obtaining single crystal or columnar crystals
with consistent lamellar orientation. Furthermore, the application range of traditional
o phase seeds remains relatively limited; the quasi-seed method [14,15] and the self-seeding
method [16-18] require specific master alloy compositions.

A direct relationship exists between lamellar orientation and the growth direction of
the primary phase, as shown in Figure 1 [19]. Nevertheless, factors affecting solidification
paths are complicated and diverse. On the one hand, alloy composition directly affects
the solidification process. Ding et al. [20] proposed that under the same solidification
parameters, as the composition varies, there are four different solidification modes for
different Nb-TiAl alloys, namely, single 3, hypo-peritectic, hyper-peritectic, and single
a. On the flip side, the solidification parameters play a critical role in determining the
solidification path of a certain TiAl alloy. Growth rate and temperature gradient show great
influence on the solidification paths. In most cases, certain solidification modes need to be
determined by experiments.

Yamaguchi et al. [21-27] have developed a series of seed alloys suitable for DS
by the optical floating zone method, such as Ti-43Al-3Si, Ti-46Al-1.5Mo-(1.0,1.2,1.5) Si,
Ti-46Al-1.5Mo-0.2C, etc. Kim et al. have developed Ti-46Al-3Nb-0.65i-0.2C [28]. Although
Ti-43Al-3Si has been applied to some extent, the composition is generally different from
master alloys, resulting in an uneven composition and a relatively long transition zone [12]
after DS, which reduces the mechanical properties of the materials. In previous studies,
the samples obtained by DS through the floating zone method had better structure and
mechanical performance, but their size remained far from practical application. In order to
realize the industrial application of directionally solidified alloys, a sample should possess
a columnar or single crystal structure, and the lamellar orientation should be parallel to
the growth direction. However, due to heat flow deflection, mold deformation, and the
limitation of the continuity of grain growth, it is difficult to obtain lamellar orientation
consistency in large specimens.
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Figure 1. Schematics of the relationship between the lamellar orientation and the growth direction
of the primary phases: (a) crystal orientation and lamellar orientation of « phase; and (b) crystal
orientation and lamellar orientation of 3 phase [19].

3. Seed Crystal Method and Principles

The seed crystal methods are efficient and mature in preparing Ni-based superalloy
single crystal turbine blades. For TiAl alloys, studies found that the fundamental principle
of lamellar orientation control was that the properly aligned lamellar structure was gener-
ated by « — /vy — xp /v or « — op — /7y phase transition. The seed technique uses
TiAl alloy with parallel lamellae as seed crystal for directional solidification; the leading
o phase grows along its non-preferred <1120> orientation. Consequently, a TiAl alloy with
a full lamellar structure completely parallel to the growth direction is prepared. Moreover,
the leading « phase can be obtained by peritectic solidification or generated under certain
conditions, which gives rise to other seed methods besides the traditional « seed crystal
method, including the self-seeding method, double DS self-seeding method, quasi-seeding
method, and pure metal seeding method.

3.1. « Seed Crystal Method

Yamaguchi et al. [24] proposed that during the DS process, there is a definite positional
relationship between the y phase and « phase, so the orientation of the high-temperature
o phase must be controlled. They raised four conditions for qualified « seed crystals: (i) the
primary phase is « phase; (ii) when heating to « — o /v transition point, the lamellar
structure is stable and « phase simply transforms to «, phase; (iii) during heating, o« phase
is thermodynamically stable and the volume fraction of « phase increases by thickening
of o lamellae rather than new nucleation; (iv) the mentioned process is reversible and
the original orientation of lamellar structure can be retained during cooling. Among the
alloys that meet the four conditions, Ti-43Al-35i has been confirmed as a widely applicable
seed crystal. Generally, after cutting the Ti-43Al-3Si seed ingot, its lamellar structure is
perpendicular to the axial direction and needs to be rotated 90° and bonded to the bottom
of the master alloy. Kim et al. [29] improved the efficiency of this method by pouring the
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melt into a metal mold. Due to the chill effect, x grains grow along the direction <0001>,
perpendicular to the inner wall of the mold and parallel to the axial direction. According to
the Blackburn relationship, after the seeding process, the lamellae will be parallel to the
axial direction.

In recent years, novel research on traditional « seeds has included Du et al. [30-32]
using Ti-43Al-3Si seed to prepare large-size Ti-47Al samples. They fixed the master alloy
rod on the feeding mechanism and the seed rod with the same diameter on the pulling
mechanism melted the upper part of the seed crystal and the lower part of the master alloy
by electromagnetic induction heating, and then the metal formed a 10~20 mm long melting
zone under the electromagnetic restraint. In the initial stage of seeding, a large number
of initial « grains were nucleated on the seed and grew along the non-preferred direction
<1120>. After the competitive growth of « grains in the transition zone, the main part of
the rod was only composed of one grain. The maximum width is 16 mm, and the lamellar
structure is parallel to the axial direction.

Ti-43Al-3Si is able to seed certain high-Nb-TiAl alloys. According to Yue et al. [4],
the seed crystal with the same diameter as the parent alloy was cut and placed beneath
the parent alloy Ti-46A1-5Nb-0.18C-0.3Si. After DS, it could be found that the lamellar
structure of the seed crystal was coarsened during long-term annealing, but the lamellar
orientation was still parallel to the crystal’s growth direction. Although a large number
of fine-grained Ti5Siz phases were distributed in the seed region, they did not affect the
lamellar orientation. During the heating and remelting processes, the lamellar structure
became extraordinarily stable due to the presence of a large number of Ti5Siz. In the
transition zone, coarse o dendrites grew along the non-preferred orientation, and Ti5Si3
almost disappeared in this zone, then completely disappeared in the DS region. This proved
that Ti-43A1-35i may have limited influence on the mechanical properties of the main part
of the sample.

The disadvantages of the traditional « seed crystal method mainly lie in the demanding
kinetic conditions and long transition zone. Other novel seed methods aim to solve
both problems.

3.2. Self-Seeding Method

To reduce the negative influence of an overlong transition zone, Fan et al. [17] devel-
oped a kind of in-situ self-seeding method. Essentially, it can be seen as an « seed crystal
method, but the seed crystal has the same composition as the master alloy. The sample can
be directly cut from the parent alloy ingot for conducting DS without the preparation of
seeds. The lamellar orientation of the unmelted zone is parallel to the growth direction,
while the alloy solidifies in the o phase and can grow in non-preferred orientations under
appropriate solidification parameters.

For a specific composition Ti-46Al-0.5W-0.55i, a cut sample was directly used for DS,
and the bottom of the sample acted as a seed; the schematic is shown in Figure 2 [33]. The
growth principle of the seed crystal part is similar to that proposed by Kim et al. [34]. Since
the seed and the master alloy had the same composition, the length of the transition zone
decreased significantly. Although the lamellar orientation in the area of the seed crystal
was parallel to the growth direction, with the change of solidification parameters, the angle
between the lamellar orientation and the growth direction in the DS region may change in
the range of 0°~45°, considering that the growth of grains was affected by both heat flow
and interfacial tension, causing the growth direction of & phase to be between the heat flow
direction and the preferred growth direction.

Fan et al. [16] also studied the preparation of directionally solidified Ti-49Al alloy
by self-seeding. Other alloys that can adopt self-seeding include Ti-50A1-4Nb [18] since
the Al-equivalent of composition is similar to Ti-49Al. During the seeding process, it was
found that the primary dendrite growth direction of non-preferred grains always deviated
from the axial direction at the solid-liquid interface. This may be due to the comprehensive
effects of interface energy anisotropy and heat flow direction. In the subsequent growth
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process, grains with different orientations competed for growth. At low growth rates,
utilizing the growth advantages of non-preferred crystals could obtain nearly parallel
layered structures. However, at high growth rates, some grains nucleated at the inner wall
of the mold and grew poorly oriented grains, which hindered the growth of grains with
parallel orientation.

(b ©

—— e Liquid

<1120~ [ +— S/l interface
c
o

<TT1] 3 * single a phase
=
= ) <

3 .
& o DS region

<0001>

+— As seed

Figure 2. Schematic diagram of preparing specimens for lamellar orientation control by self-seeding
method (SST) [33]. (a) structures of master ingot, (b) structures of seeding specimen, (c) solidification
processing of SST.

3.3. Double DS Self-Seeding Method

The composition of the novel high-Nb-TiAl alloy is very different from that of tra-
ditional o seeds, resulting in an excessively long zone and non-negligible performance
degradation. Ding et al. [35] demonstrated the double DS self-seeding method, which
includes two DS processes. First, determine the solidification parameters and conduct the
first DS process of a sample rod so that the primary phase is 3, the solidification undergoes
a peritectic process. Subsequently, the sample is rotated 180° along the axial direction to
conduct the second DS process with exactly the same solidification parameters.

The method was used to prepare a directionally solidified Ti-46Al-5Nb alloy [36]. It
was found that the lamellar orientation of some dendrites in the initial growth zone of
secondary DS alloy was the same as that in the annealing zone at the withdrawing rate of
30 um/s, and the angle between lamellar orientation and growth direction was 30°, but in
the DS region, the lamellar orientation and growth direction were parallel. The lamellar
orientation can be controlled parallel to the axial direction by the complete peritectic
transformation L + 5 — o in dendrites, ensuring the consistency of the high-temperature
« phase. The transition was carried out in the dendrite and interdendritic regions as the
interdendritic liquid entered the nuclei of 3 dendrites. The interdendritic spacing is an
important parameter in controlling peritectic phase transformation, and the schematic is
shown in Figure 3 [36]. If the interdendritic spacing is narrow, the peritectic transformation
in the 3-dendrite region is incomplete after depletion of the liquid phase. Conversely, if
the interdendritic spacing is wide, some « phase may precipitate directly from the liquid
phase, resulting in a lamellar structure parallel to the radial direction. Another situation
is when single (3 solidification happens, causing 12 variants, making it difficult to acquire
consistent lamellar orientation.

Peritectic reactions can be carried out at relatively low G/v values; hence, the double
DS method can be applied to a large range of withdrawing rates, which actually reduces
the requirements for DS equipment [37].
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Figure 3. Schematic growth morphologies of TiAl alloys during the second DS, showing the growth

morphologies with narrow (a), appropriate (b), and wide (c) interdendritic spacing, and the one
(d) in the double DS under the different DS conditions. Reprinted with permission from Ref. [36].
2011, ELSEVIER.

3.4. Quasi-Seeding Method

In order to solve the limitation of traditional « seed crystals, Du et al. [15] proposed
to develop a class of quasi-seed crystals that are different from traditional « seed crystals
in that they cannot thermodynamically meet the requirements of « seed crystals but can
meet the seeding requirements by controlling kinetic conditions. The primary phase of a
quasi-seed crystal is 3, and under certain conditions, the quasi-seed solidifies in the form of
a peritectic o phase, and then the lamellar structure becomes parallel to the axial direction
of the ingot. This requires special heating procedures that ensure the lamellar structure of
the quasi-seed crystals remains stable during heating and remelting.

The solidification characteristics of Ti-48 Al-2Nb-2Cr and Ti-48Al-6Nb-1Cr alloys are
very similar to those of commonly applied Ti-47Al alloys and are suitable as quasi-seed
crystals. The characteristics of these two alloys include that the primary phase is {3, the
solidification mode is hyper-peritectic, and peritectic « solidification is easy to achieve. In
addition, the alloys are sensitive to the heat treatment, after which the lamellar orientation
is changeable so as to actualize different seeding processes.

The preparation method of the Ti-48 Al-2Nb-2Cr quasi-seed crystal was the same as
that of the Ti-43Al-35i seed crystal, mentioned in Section 3.2. The melt was poured into the
mold at room temperature, forming a peritectic x phase that nucleated at the inner wall of
the mold and grew along the temperature gradient. After natural cooling, the quasi-seeded
lamellar structure was parallel to the axial direction. According to the phase selection
diagram and the numerical simulation of the solidification process of the seed ingot, it
could be found that the range of G/v value is located in the « cell/dendrite solidification
area, which proved that the primary phase was . During heating and remelting, when
the heating rate of the stage from 900 °C to 1450 °C was above 61 °C/min, a small amount
of precipitation may lead to the generation of y grains but does not affect the overall
stability of lamellar orientation. Subsequently, at a high cooling rate, the lamellae were
well preserved.
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Figure 4 [14] describes the microstructure of the alloy at different locations after DS
at a withdrawing rate of 10 um/s, using Ti-48Al-2Nb-2Cr alloy as the seed crystal. The
annealing area exhibited a typical duplex microstructure, where high-temperature « grains
were transformed from « /vy lamellae during rapid heating well-aligned columnar grains
with ideal lamellar microstructure were obtained under the seeding of these « grains.
Competitive growth was observed between adjacent columnar grains, eventually forming
the stable lamellar structure shown in Figure 4c. The nucleation and growth of y grains are
the most critical factors affecting the stability of the lamellar microstructure during heat
treatment. If the nucleation and growth of the y phase are restricted, high-temperature o
grains with poor orientation originating from the y phase will not be generated in the DS
region, and the lamellar microstructure may remain unchanged.

c=>

Figure 4. Microstructures of annealing region (a), initial interface (b), and DS region (c) of the
electromagnetic confinement directional solidification (EMCDS) sample at the growth velocity of
10 pm/s. Reprinted with permission from Ref. [14]. 2015, ELSEVIER.

For another example, the lamellar structure of Ti-48Al-6Nb-1Cr remained stable during
rapid heating and remelting; in this process, the y phase did not grow up, despite the fact
that a large number of fine equiaxial y grains appeared at the initial solidification interface.
Unsurprisingly, these grains did not affect the seeding process, and the lamellar structure
in the final DS region grew continuously and had a fine orientation.

3.5. Pure Metal Seeding Method

The principle of using pure metal seeding is that the pure metal can act as a component
in the master alloy and form the seed crystal region through the solute exchange; therefore,
the seeding progress effectively reduces the length of the transition zone and the influence
of the mushy zone. Liu et al. [9,38] systematically elaborated on this method and reported
pure Ti or Nb as seed crystals.

Pure Ti was used as a kind of seed crystal in the Ti-47Al-0.5W-0.55i alloy and the Ti-
47Al binary alloy. By connecting the pure Ti seed below the master alloy and ensuring that
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the bonding interface is lower than the initial DS interface, the sample can be completely
melted during the process of heating and thermal treatment. Solute exchange and diffusion
occur between the seed and the master alloy. At the beginning of the DS process, the leading
 phase grew in preferred orientation <001>. As the Al content rose, leading 3 dendrites
transformed into the o phase through peritectic transformation, and the leading « phase
was nucleated on the basis of the « phase that underwent the peritectic transformation
and inherited its lamellar orientation, as shown in Figure 5. There were angles of 10-20°
between the lamellar and the growth direction, which was due to the certain deviation
between the leading phase’s preferred direction and the growth direction.
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Figure 5. Schematic illustration of the 3 seeding technique in directionally solidified Ti-47Al1-0.5W-
0.5Si: (a) the form of the composition transition zone; (b) the initial directional solidification stage
in the composition transition zone; (c) the primary B dendrite is transformed into « grain; and
(d) the growth of o phase in steady-state growth region. Reprinted with permission from Ref. [38].
2016, ELSEVIER.
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Since Nb and (3-Ti both belong to body-centered cubic structure, the low mismatch
degree between Nb and (3-Ti causes a completely coherent interface; therefore, 3-Ti has a
very strong ability for heterogeneous nucleation on the Nb-based interface. This makes
it possible for pure Nb to serve as a seed crystal for Ti-47Al-1.0W-0.55i and similar alloys.
Massive Nb addition improved 3 — o transformation temperature, making the 3 phase
difficult to transform to « phase during the cooling process. A large number of B2 phases
were generated at a position close to the crystallization interface. With the further increase
in distance, the B2 phase disappeared and a lamellar structure (x; + ) appeared, in which
only Ti5Si3 existed. Several grains were formed in front of the crystal interface; the angles
between the lamellar orientation and the growth direction of each grain were within 45°.

4. Controlling Solidification Parameters

As mentioned previously, the lamellar structure is obtained from the o parent phase,
which is affected by the solidification process and solid-state phase transition. Controlling
solidification parameters involves determining the temperature gradient and the growth
rate of the sample to achieve a specific solidification mode, resulting in lamellae approxi-
mately parallel to the growth direction. The determination of these parameters is based on
the TiAl alloy phase selection diagram and experiments.

During directional solidification, the nucleation process can be explained by the
constitutional supercooling theory. As a result of the generally fixed temperature gradient,
the undercooling degree of components can be controlled by simply controlling growth
rates or withdrawing rates in practical operation. It is crucial to ensure that the undercooling
degree of the solidification interface is lower than the nucleation undercooling degree of
the primary {3 phase. Otherwise, new grains will form in front of the solidification interface,
and the growth direction will not be influenced by the aligned lamellae.

Chen et al. [11] proposed that the nucleation barrier in the 45° direction is higher than
that in the 0° direction; that is, at the same degree of undercooling, there exists a critical
velocity named v.. When the pulling velocity is higher than v, the angle between the
lamellar and growth directions is 45°, or the angle is 0°. This phenomenon can be described
by the change in the free energy of the entire system.

Further, Zheng et al. [39] described the change of Gibbs free energy (AG) when « phase
nucleates in  matrix:

AG = —VAG, + Ay + VAGq

These results indicate that the Gibbs free energy changes consist of the decrease in
volume free energy (—VAGy), the increase of 3/« interfacial free energy (Ay), and the in-
crease of misfit free energy (VAGs). The decrease in volume-free energy is the main driving
force of nucleation, but the change in volume-free energy and mismatch-free energy is
independent of the crystallographic orientation of o and (3. The directional phase transition
is considered to be carried out on a two-dimensional plane, where the driving force of the
phase transition is parallel to the axial direction, and the different unit area interfacial en-
ergy v perpendicular to the driving force direction caused by different 3 / o interfaces has an
important effect on the lamellar direction. Since the interfacial energy of (OOT)ﬁ //(1120) «
is lower than that of (OOi)ﬁ //(1012), the 0° lamellar structure is easier to form than the
45° lamellar structure under general circumstances, but the 45° lamellar structure forms
easier when the undercooling degree is sufficient. The schematic is illustrated in Figure 6.

Similar conclusions were obtained by Fan et al. [40—-43] on the solidification parameters
of Ti-49Al. The degree of undercooling must be lower than the degree of nucleation
undercooling in the primary (3 phase. When the growth rate was taken as a variable, the
degree of interfacial undercooling decreased first and then increased. The growth rate
below the undercooling degree of the 3 phase ranged from v; to v, which could ensure the
subsequent continuous growth of the « phase. As the temperature gradient increased, the
range of growth rates expanded. When the temperature gradient was taken as a variable,
the trend was similar. A temperature gradient ranging from G; to G, allowed continuous
growth of the o phase, and the value of G; ascends with an increasing growth rate. A
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higher G ensured continuous growth at a higher v. When G was 12.1 K/mm and v was
20 um/s, the « phase grew along <1120> direction, leading the lamellae orientation close
to 0°.

AG

AGY AGY

Figure 6. Variation of the free energy change with nucleation undercooling for 0° or 45° oriented
growing « phase. Reprinted with permission from Ref. [39]. 2022, MDPI AG.

Liu et al. [44] believed that the growth rate of Ti-47Al could be directly controlled
without using seed crystals. When the growth rate was 10 um/s, the angle between lamellar
orientation and growth direction was 45°, while the angle was 0° at a growth rate of 3 or
20 um/s. For all three growth rates, the primary phase was « and remained unchanged,
inferring that the initial DS interface affected the lamellar orientation.

When the growth rate varies greatly, it is easy to undergo a change in solidification
mode on most occasions. Jiang et al. [45] found that for Ti-44Al-9Nb-1Cr-0.2W-0.2Y alloy,
within the range of growth rate of 10~20 um/s, as the growth rate increased, the angles
between the columnar grain orientation and the ingot axial direction gradually decreased,
and the preferred grain orientation gradually changed from the heat flow direction to
the pulling direction. Moreover, the difference in growth rate caused changes in the
primary solidification phase. Initially, it solidified as a single 3 phase, but when the
growth rate reached 20 um/s, the lamellar orientation included cases where it formed
hypo-peritectic solidification with angles of 45° or 90° to the growth direction, indicating
that single-« solidification occurred. Wang et al. [46] found that for Ti-47Al-6Nb-0.1C alloy,
at growth rates of 5 um/s or 8.33 um/s, the lamellae with small angles to the growth
direction accounted for the major proportion because of primary (3 solidification. The
angles increased with the increase in growth rates. When the growth rate increased to
16.67 um/s, lamellae with a near 90° angle accounted for the major proportion, which is
related to primary « solidification.

The research by Luo et al. [47] on the Ti-45A1-5Nb alloy revealed similar patterns.
Within a growth rate range of 5~20 pm/s and a temperature gradient range of 15~20 K/mm,
the primary solidification phase was (3, and the alloy underwent the following 3 — « and
o — oy + 7y transformations, resulting in lamellae at angles of 0° or 45° to the growth
direction. At a temperature gradient of 20 K/mm and a growth rate higher than 20 um/s,
the primary solidification phase changed from 3 to «, and the alloy underwent single-
phase « solidification, resulting in lamellae at an angle of 90° to the growth direction. The
determination of the primary phase can generally be based on the theory of the interface
temperature response function, as shown in Figure 7.
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Figure 7. Schematic of interfacial temperature response function with growth rate and temperature
gradient. Reprinted with permission from Ref. [47]. 2016, Springer Nature.

Since it is difficult for most alloy compositions to obtain proper lamellar direction only
by controlling solidification parameters. In most cases, seed crystals are used jointly.

5. Novel Ways for Controlling Lamellar Orientation

Thermal stabilization (TS) or heat treatment (HT) is also used to optimize lamellar
orientation. Generally, the heat preservation before DS is called TS, and the heating
operation on the sample after DS is called HT. TS ensures a higher temperature gradient
and promotes the stable formation of the transition zone, while HT effectively optimizes
the orientation and uniformity of the lamellae.

Ding et al. [48] first studied the post-solidification HT of Ti-45A1-8.5Nb. Two HT
procedures, HT1 (1250 °C for 24 h + 900 °C for 30 min + air cooling), and HT2 (1400 °C for
12 h + 900 °C for 30 min + air cooling), were selected. After HT1, lamellar orientation did
not change significantly, but after HT2, lamellar orientation became parallel to the growth
direction. This is due to the fact that the maximum temperature of HT1 was too low to
reach the « transition point, so the lamellae are not decomposed. The HT2 temperature
promoted the fusion of the high-temperature « phase, and then the macrostructure was
close to a single crystal.

Zhang et al. [49] performed thermal stabilization on Ti-46Al-5Nb alloy before DS and
proved that proper TS is necessary to generate L + 3 + « three-phase zone in the mushy
zone, which benefits the control of the microstructure in the DS zone of peritectic TiAl alloy.
When the TS time was 30 min, a three-phase zone appeared in the mushy zone. As the TS
time increased to 60 min, the liquid in the mushy region disappeared, and columnar 3 and
o grains could be observed in the mushy zone, indicating that the near-steady state had
been reached during the TS period. After remelting, the crystal grew during DS, relying on
the high-temperature interface in the mushy region, which inherited the crystal orientation
formed during TS. Specifically, the « phase recovers on the basis of the 3 phase orientation
through L + 3 — o peritectic transformation, and a parent o grain usually forms only
one lamellar colony during cooling. At the same time, the TS treatment can make the
3 dendrites grow evenly and make the same peritectic transformation occur in different
3 dendrites, so as to obtain the lamellar parallel to the axial columnar crystals.

Directional heat treatment (DHT) requires the sample to be pulled into the cooling
medium at a certain rate during the HT process. After DS, Chen et al. [50] conducted DHT
for Ti-44Al-6Nb-1Cr alloy at a temperature of 1750 K and a pulling rate of 4.17 um/s. The

11
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temperature was chosen based on the findings of Liu et al. [51], who demonstrated that
for TiAl alloys with original (3 solidification characteristics, the heat treatment temperature
should lie within the 3 phase region. After a single DHT, a complete single 3 transition
occurred in the effectively heat-treated grains, followed by & — oy + v processes. Therefore,
the angle between the orientation of most lamellar structures and the growth direction of
columnar grains was observed to be 0° or 45°. With the increase in the number of DHT
cycles, the lamellar colonies grew, and the columnar grain size obviously increased, as
shown in Figure 8. Simultaneously, the improvement in the orientation of the lamellar
clusters was significant. After four DHT cycles, they observed that all the lamellar clusters
derived from a single columnar grain exhibited the same orientation.

-

Lamellarorientation_

— Growth direction

Figure 8. Macrostructure of Ti-44Al-6Nb-1Cr alloys. (a) Directionally solidified alloy; (b) DHT-1
alloy; and (c) DHT-4 alloy. Reprinted with permission from Ref. [50]. 2021, ELSEVIER.

Chen et al. [6] also conducted DHT on Ti-44Al-6Nb-1Cr-2V samples at a temperature of
1730 K and a growth rate of 4.17 um/s. Before heat treatment, it was found that the samples
had obtained «;/v full lamellar structure through a typical peritectic transformation.
After a single DHT, the average angle between the alloy grains and the axial direction
became significantly smaller, while the grains near the surface showed a slighter deflection.
Considering that the angle between the arrangement direction of lamellar phases and the
axial direction of columnar grains did not change, apparently from a macroscopic point of
view, DHT slightly optimized the lamellar orientation of the alloy.

Li et al. [52] investigated lamellar orientation control of (3-solidified Ti-43.5Al-4Nb-1Mo-0.1B
alloy using a high withdrawing rate combined with thermal stabilization. The thermal
stabilization process involved holding the sample at 1973 K for an hour to establish a
stable liquid-solid phase and 3/« phase interface, as well as creating a relatively high
temperature gradient. Additionally, the (111)g plane facing the melt exhibited the lowest
loss rate of interface atoms during the melting process, while other 3 grains on different
crystal planes were more prone to lose. The thermal stabilization resulted in the expansion

12
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and fusion of 3 grains, and accordingly, 3 grains with suitable orientation contributed to
the subsequent generation of single crystals. A high withdrawing rate of 100 pm/s could
also ensure the grain selection of the & phase and lead to complete peritectic transformation.
In the competition growth process of grains, « grains with lamellae parallel to the axial
direction would dominate and ultimately form a near PST crystal.

6. Conclusions and Prospects of Lamellar Orientation Control

(1) There are variations in the application scenarios for seed techniques and methods
for controlling solidification parameters. The traditional o seed crystal method and the pure
metal seeding method have certain requirements for the composition of the master alloy and
the planar growth of « phase interface. The double DS self-seeding method and the quasi-
seed method require the occurrence of peritectic transformation during the solidification
process, thus obtaining a lamellar an orientation close to 0°. Controlling solidification
parameters demands the growth of the entire 3 phase during the solidification process,
and by precisely adjusting the withdrawing rate, the occurrence of complete peritectic
transformation is controlled, and lamellar structure parallel to the growth direction can
be obtained.

(2) Further research on controlling lamellar orientation should focus on simplifying
the preparation of seed crystals, determining solidification parameters, and improving
the heat treatment process. The double DS self-seeding method allows for obtaining
the seed crystal directly by cutting a sample after single DS, eliminating the need for
casting a seed crystal ingot. Precise control of the growth rate can effectively promote the
growth of directional columnar crystals or single crystals, and the temperature gradient
can be adjusted by controlling the output power of the equipment using a combination of
machine learning algorithms. Before the withdrawal process, the sample should undergo
thermal stabilization treatment, followed by heat treatment after DS. To optimize the
lamellar orientation, the heat treatment temperature should be above the « transition point.
The combination of the seed crystal method and controlling solidification parameters is
particularly practical for controlling the lamellar orientation of large samples.
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Abstract: Research on how thermal exposure affects the microstructure and mechanical properties of
the Ti-48A1-3Nb-1.5Ta (at. %) alloy, which is prepared via powder hot isostatic pressing (P-HIP),
is essential since this low-density alloy shows promise for use in high-temperature applications,
particularly for aero-engines, which require long-term stable service. In this study, a P-HIP Ti-
48A1-3Nb-1.5Ta (at. %) alloy was exposed to high temperatures for long durations. The phase,
microstructure and mechanical properties of the P-HIP Ti—-48 Al-3Nb-1.5Ta alloy after thermal expo-
sure under different conditions were analyzed using XRD, SEM, EBSD, EPMA, TEM, nanomechanical
testing and tensile testing. The surface scale is composed of oxides and nitrides, primarily Al,O3,
TiO,, and TiN, among which Al,O3 is preferentially generated and then covered by rapidly growing
TiO; as the thermal exposure duration increases. The nitrides appear later than the oxides and exist
between the oxides and the substrate. With increasing exposure temperature and duration, the surface
scale becomes more continuous, TiO, particles grow larger, and the oxide layer thickens or even falls
off. The addition of Ta and Nb can improve the oxidation resistance because Ta>* and Nb°* replace
Ti** in the rutile lattice and weaken O diffusion. Compared with the P-HIP Ti-48A1-3Nb-1.5Ta alloy,
after thermal exposure, the grain size does not increase significantly, and the y phase increases slightly
(by less than 3%) with the decomposition of the ; phase. With increasing thermal exposure duration,
the vy phase exhibits discontinuous coarsening (DC). Compared with the P-HIP Ti-48Al-3Nb-1.5Ta
alloy, the hardness increases by about 2 GPa, the tensile strength increases by more than 50 MPa, and
the fracture strain decreases by about 0.1% after thermal exposure. When the depth extends from the
edge of the thermally exposed specimens, the hardness decreases overall.

Keywords: Ti-48Al-3Nb-1.5Ta; thermal exposure; oxidation; stability

1. Introduction

The TiAl alloy is a promising high-temperature material for aerospace applications be-
cause of its low density, exceptional creep and high-temperature oxidation resistance [1-6].
A stable structure and mechanical performance at high temperatures for a long service
life are essential for TiAl alloys to be used as high-temperature structural materials in
equipment that requires high safety and stability [7]. It has been demonstrated that under
prolonged thermal exposure at high temperatures, the microstructure and phase composi-
tion of the TiAl alloy undergo changes, including continuous coarsening, discontinuous
coarsening (DC) of the lamella, and the production of equiaxed grains [8]. The related phase
transformations are «; lamella decomposition (vertical and parallel decomposition) [9,10]
and B2 phase transformation (B2 — w and B2 — ) [11]. The microstructural evolution of
the TiAl alloy at high temperatures is affected by the composition, structure, temperature,
duration and other factors, and long-term thermal exposure promotes microstructural
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evolution [12]. Essentially, thermodynamics determine whether the microstructure is stable
at high temperatures, whereas dynamics control the rate and degree of evolution [3]. The
evolution of the microstructure directly affects the mechanical properties of TiAl alloys. For
instance, the hardness of 47 Al-2Nb-2Mn-0.8%TiB; (volume fraction) and Ti—45Al alloys
decreases when the lamella spacing coarsens [13].

The oxidation resistance of the TiAl alloy is intimately tied to the Al,O3 protective
layer, which cannot fully develop although the TiAl alloy has a high Al content. Meanwhile,
TiO, grows rapidly but cannot offer long-term antioxidative protection [14]. Therefore, the
oxidation resistance of traditional TiAl alloys is insufficient above 800 °C [15,16].

Previous research [17-27] reveals that the addition of alloying elements, such as W,
Mo, Ta and Nb, can prevent the lamella from coarsening and significantly improve the high-
temperature oxidation resistance of the TiAl alloy; among these, the effects of Ta and Nb
are particularly notable. Nb can efficiently improve the outward diffusion rate of Al while
reducing the growth rate of TiO; particles and the diffusion rate of O [24,28,29]. With in-
creasing Nb concentration, the TiAl alloy’s high-temperature oxidation resistance increases
linearly [30]. The addition of Ta limits the solubility of O in the TiAl alloy and prevents
TiO, from growing at high temperatures because of its low diffusion coefficient [31].

According to previous studies [32-34], the addition of Ta to TiAl alloys can improve
their mechanical properties, including their tensile strength, compressive strength and
hardness, due to solution strengthening and refinement of the massive y phase by con-
trolling metastable microstructural evolution [35-37]. Ta and Nb elements can extend the
cooling rate requirement for the o — vy, massive transformation to avoid the quenching
of cracks caused by an excessive cooling rate [38]. The solution effect of Ta addition is
stronger than that of Nb, which can effectively increase creep resistance without changing
the phase transformation path [39], and Ta can improve the plasticity of the TiAl alloy more
obviously than Nb [40]. In addition, Ta and Nb, which promote massive transformation
and inhibit lamella transformation at low temperatures, have low diffusion coefficients in
the oc and y phases. Segregation occurs with the addition of Ta and Nb elements [41,42],
although they improve the high-temperature performance and oxidation resistance of the
TiAl alloy. However, powder metallurgy is an ideal preparation method because it achieves
chemical homogeneity and fine grains while avoiding segregation [43].

The present work is focused on the investigation of the thermal exposure characteris-
tics of a new powder metallurgical TiAl alloy containing Nb and Ta prepared by powder
hot isostatic pressing (P-HIP). Ti-48 AlI-3Nb-1.5Ta (at. %) alloy, as a hyperperitectic TiAl
with almost no B2 phase, can prevent microstructure instability and performance reduction
from B2 decomposition at high temperatures. Proper addition of Ta and Nb can improve
the oxidation resistance and mechanical performance at high temperatures. The improved
segregation of Nb and Ta and the promotion of microstructure homogeneity through the
P-HIP process are expected to further elevate the service temperature of TiAl alloys. The
application of the material at high temperatures is directly impacted by alterations in the
microstructure and mechanical properties with long-term thermal exposure. However, the
thermal exposure characteristics of P-HIP Ti-48 A1-3Nb-1.5Ta alloy are currently unclear.
For application guidance, such as for aero-engines used in harsh environments requiring
long-term stable service, it is vital to study the effects of thermal exposure on the microstruc-
ture and mechanical properties of the P-HIP Ti-48Al-3Nb-1.5Ta alloy. In this study, the
surface morphology, microstructural evolution and mechanical performance of the P-HIP
Ti-48 Al-3Nb-1.5Ta (at. %) alloy during thermal exposure were investigated and clarified.

2. Materials and Methods

Ti-48 Al-3Nb-1.5Ta (at. %) prealloyed powders were prepared using SS-PREP® from
Sino-Euro Materials Technologies of Xi’an Co., Ltd. (Sino-Euro, Xi’an, China) and then
sieved into 45-250 um sized powders. The powders were mostly perfect spherical in shape,
as shown in Figure 1. The specific prealloyed powders were poured into steel capsules and
degassed at 400 °C for 4 h to remove air. The stem at the top of the capsule was welded
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when the vacuum of the capsule reached 1 x 10~# Pa. The sealed capsules were placed in
the HIP furnace and heated to 1200 °C with a heating rate of 4 °C/min and pressurized up
to 150 MPa for 4 h, followed by cooling at 5 °C/min to room temperature.

Figure 1. The typical morphology of SS-PREP® Ti—48A1-3Nb—1.5Ta powders in the range of
45-250 um.

The 10 x 10 x 10 mm specimens were cut from the P-HIP Ti-48Al-3Nb-1.5Ta alloy
billet after the capsules were removed. Some specimens were put into quartz tubes and
sealed before exposure (sealed specimens), while the others were exposed directly (unsealed
specimens). The unsealed specimens were used to analyze the surface morphology and
scale constitution, and the sealed specimens were used to analyze the microstructural
evolution and mechanical properties. The sealed specimens with the size of 8 x 67 mm
after thermal exposure were machined into specimens with a diameter of 3 mm and a
gauge length of 15 mm for tension testing at room temperature. The exposure temperatures
were 800 °C, 850 °C and 900 °C and the duration was 100 h, 300 h, 500 h, 800 h or 1000 h.

The phase constituents were analyzed using X-ray diffraction (XRD, Bruker D8 DIS-
COVER A25, Bruker, Billerica, MA, USA) with Co K« radiation at a rate of 2.5°/min from
20° to 90° at room temperature. The surface morphology, microstructure and element
distribution were analyzed using scanning electron microscopy (SEM, ZEISS Sigma 300,
Oberkochen, Germany) equipped with an energy-dispersive X-ray spectrometer (EDX,
ZEISS Sigma 300, Oberkochen, Germany), an electron probe microanalyzer (EPMA, SHI-
MADZU EPMA-1720, Kyoto, Japan) and a transmission electron microscope (TEM, FEI
Talos F200X TEM, Hillsboro, OR, USA). The crystallographic features were further analyzed
using electron backscattered diffraction (EBSD, ZEISS Sigma 300, Oberkochen, Germany).
The hardness was analyzed using a nanomechanical testing system (Hysitron TI-950, Bruker,
Billerica, MA, USA) with a 10 mN force. The tensile performance was determined using a
microcomputer-controlled electron universal testing machine (CMT5105, Sansi Yongheng,
Ningbo, China) according to GB/T 228.1-2021 (Chinese Standard) [44].

The 10 x 10 x 10 mm sealed specimens were cut in half and mechanically mounted in
epoxy resin, polished with SiC abrasive papers and a polishing cloth and, finally, polished
by a vibratory polisher; these were then used for SEM and EBSD analyses on internal
cross-sections. The specimens for TEM were first cut into a 400 um thick slice from the
middle of the 10 x 10 x 10 mm sample, then manually ground to a 50 um thickness with
SiC abrasive papers and, finally, subjected to ion milling. The hardness inside the specimens
was obtained as arithmetic mean values from ten testpoint measurements approximately
evenly distributed along a straight line of one 10 x 10 x 10 mm sample with the same
preparation method as for EBSD. Near-surface hardness testing was conducted on unsealed
specimens along the cross-section from the edge with an interval of 3.5 um for a total
10 testpoints.
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3. Results and Discussions
3.1. Microstructures of the P-HIP Ti—48AI-3Nb-1.5Ta Alloy

The P-HIP Ti-48Al1-3Nb-1.5Ta alloy consists of 95.05% y and 4.95% «; phases, as
represented in the EBSD phase map (Figure 2a,b), because the metastable x, phase in
the prealloyed powders almost completely transforms into the y phase during the P-HIP
process at 1200 °C, which occurs at the top of the single y-phase area. The microstructures
of the P-HIP Ti—48AIl-3Nb-1.5Ta alloy were characterized mainly as near-gamma and
locally duplex, as indicated in Figure 2¢, consisting of v (dark) and o (gray) phases with an
average grain size of 5.9 pm, which is much more refined than those of the conventionally
cast alloy as powder metallurgy is an effective method for refining grains. The EDS
mapping (Figure 2d) of the magnified area of Figure 2c shows the «; (Al-lean)/y (Al-
rich) lamella structure in the P-HIP Ti-48 Al-3Nb-1.5Ta alloy. The TEM bright-field (BF)
image (Figure 2e) and selected-area electron diffraction (SAED) patterns with different axes
(Figure 2f-h) of the marked area in Figure 2e show the irregular o, phase.

(031)

(110) (000)

5 1/nm [113]a,

Figure 2. Cont.
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Figure 2. Microscopic analysis of the P-HIP Ti-48 AlI-3Nb-1.5Ta alloy: (a,c) Microstructures; (b) EBSD
phase map of Figure 2a; (d) EDS mapping of Figure 2¢; (e) TEM BF image; (f-h) SAED of the marked
area of Figure 2e with different axes.

3.2. Characterization of the Surface Scale

Because the type of surface scale after exposure determines the oxidation resistance,
XRD analysis of the unsealed specimens’ surfaces was conducted to analyze the phase
constitution, as shown in Figure 3. The XRD patterns and phase constitution were almost
the same under different thermal-exposure conditions. x-Al,O3 and rutile-TiO; were the
primary components, and TiN and Ti; AIN were also detected. In addition, the patterns
include v and oy phases, without a B2 phase detected as a peritectic TiAl [32], which
are consistent with the P-HIP Ti—48Al-3Nb-1.5Ta alloy. The intensity of the v and ay
phases decreases with increasing exposure temperature and duration. The peak of TiO,
becomes more prominent as the exposure duration increases at 800 °C, while notable peaks
of TiO, are discernible following thermal exposure at 850 °C and 900 °C for 100 h. A
strong peak of TiN appears after exposure at 900 °C for 100h. However, as time passes,
the TiN peak significantly weakens, indicating that TiN is generated rapidly at 900 °C and
is subsequently covered by the continuously growing oxides of Ti and Al. No significant
changes were observed in the x-Al,O3 peaks with variations in temperature and duration,
indicating that a—Al,Oj3 is preferentially formable and relatively stable. Moreover, weak
peaks of Tip AIN were observed under different exposure conditions.

To investigate the scale characteristics, the surface morphologies of P-HIP Ti—48Al-
3Nb-1.5Ta alloy after thermal exposure to different conditions were analyzed, as shown in
Figure 4. The surface scale is mainly composed of irregularly shaped clusters and prismatic
particles. EDS analysis was conducted on different surface areas of the specimen exposed
at 800 °C for 1000 h, as shown in Figure 5 and Table 1. The results indicate that the surface
scale is mainly composed of Ti, Al and O elements. There exists a higher content of Ti in
prismatic particles (Locations 1, 2, 3, 4 and 6), while there exists a higher content of Al
in irregularly shaped particles (Locations 7 and 8). Moreover, particles containing all Ti,
Al, Nb and Ta elements are also observed (Location 5). According to the EDS and XRD
results, the prismatic particles are TiO;, and the irregularly shaped particles are Al,Os.
The surface morphologies change significantly with increasing exposure temperature and
duration. Similarly fine and uneven scales were observed on the surface of the P-HIP
Ti-48 Al-3Nb-1.5Ta alloy exposed at 800 °C and 850 °C for 100 h, as shown in Figure 4a,f,
and locally accumulated regions form at 850 °C. As the exposure duration increases, the
surface scale becomes more continuous and accumulates, and TiO, particles increase and
grow. The surface of the Ti-48 Al-3Nb-1.5Ta alloy exposed at 900 °C for 100 h displays an
almost completely filled scale, as shown in Figure 4k, and TiO, particles increase and grow
significantly with increasing exposure duration, as shown in Figure 40. The average size of
the TiO, particles increased from 1.74 um to 4.02 pm while the maximum size increased
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from 4.96 pm to 12.70 um, with the shape changing from equiaxed particles to elongated
particles as the exposure duration extended from 100 h to 1000 h. A similar phenomenon
has been reported in S. Taniguchi’s previous research [30]. As the TiO, particles grow
larger, fine TiO; particles are generated between the large particles with gaps appearing,
indicating that the oxidation resistance of the TiO; layer is poor at high temperatures.
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Figure 3. XRD patterns of the Ti-48A1-3Nb-1.5Ta (at. %) alloy: (a) P-HIP; (b) Exposed at 800 °C;
(c) Exposed at 850 °C; (d) Exposed at 900 °C.

Table 1. EDS analysis results of the P-HIP Ti—48Al-3Nb-1.5Ta alloy (at. %) exposed at 800 °C for

1000 h shown in Figure 5.

Position Ti Al (0] Nb Ta C
1 27.57 - 68.71 - - 3.72
2 39.58 0.43 56.89 - - 3.11
3 27.61 - 68.21 - - 418
4 33.13 5.86 61.01 - - -
5 17.43 7.35 48.23 0.99 0.43 25.58
6 26.34 0.72 69.68 - - 3.25
7 6.50 26.73 66.78 - - -
8 2.67 25.89 58.14 - - 13.30
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300 h §

Figure 4. Surface morphology of the P-HIP Ti-48 A1-3Nb-1.5Ta (at. %) alloy after thermal exposure to
different conditions: (a) 800 °C, 100 h; (b) 800 °C, 300 h; (c) 800 °C, 500 h; (d) 800 °C, 800 h; (e) 800 °C,
1000 h; (f) 850 °C, 100 h; (g) 850 °C, 300 h; (h) 850 °C, 500 h; (i) 850 °C, 800 h; (j) 850 °C, 1000 h;
(k) 900 °C, 100 h; (1) 900 °C, 300 h; (m) 900 °C, 500 h; (n) 900 °C, 800 h; (0) 900 °C, 1000 h.
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Figure 5. The surface morphology of the P-HIP Ti—48Al-3Nb-1.5Ta alloy exposed at 800 °C for
1000 h, with marks 1-8 indicating the EDS positions.

In order to further analyze the distribution of different components of the surface
scale after thermal exposure, EPMA mapping was performed on the near-surface of the
specimens after thermal exposure at 800 °C, 850 °C and 900 °C for 100 h and 1000 h,
respectively, as shown in Figure 6. The nitride layer is above the substrate and below
the oxide layer. The oxidation of the TiAl alloy in air, broadly speaking, includes both
oxidation and nitridation, and oxidation is usually superior to nitridation at a sufficiently
high partial pressure of oxygen, which ensures the formation of a scale composed of TiO,
and Al,O3. When the oxide layer covers the entire surface of the substrate, further reactions
are controlled by the inward diffusion of oxygen and nitrogen [45]. The oxidation layer
exhibits a certain hindrance to the diffusion of these elements. Therefore, the activity of
oxygen and nitrogen gradually decreases as the diffusion depth increases. Oxygen activity
decreases faster because it is consumed preferentially. When the oxygen activity is lower
than a certain critical value—that is, when the oxidation affected zone reaches a certain
depth—it is conducive to the appearance of nitridation on the substrate. TiN is an excellent
diffusion barrier that can prevent the diffusion of oxygen toward the substrate [46]. As a
consequence, the typical structure of the scale on the exposed surface of P-HIP Ti—48Al-
3Nb-1.5Ta alloy consists of external oxides and internal nitrides. The formation of the
nitride sublayer below the oxide is significantly influenced by alloying elements such as
Nb and Ta, which impede the diffusion of nitrogen toward the substrate [47].

The formation sequence and growth mode of oxides in the oxide layer are related
to the free energy of formation and the activation energy of growth. The free energy of
formation of the two oxides is highly negative at 800-900 °C; that is, they have a very low
equilibrium decomposition pressure [48]. Therefore, TiAl alloys are prone to oxidation and
form stable oxides in this temperature range [49]. According to the oxidation behavior of
the TiAl alloy [12,50], Al,O; is formed on the surface of the substrate during the initial
stage of oxidation. With the formation of the Al,Oj3 layer, the Al on the surface of the
TiAl substrate is gradually consumed, while Al diffuses slowly in the TiAl substrate. It
is difficult to diffuse to the surface in a short time to replenish the consumed Al; thus, an
Al-lean layer is formed below the thin layer of Al,O3, and the concentration of Ti in this
layer gradually increases. When the Ti content reaches the critical value, it reacts with the
inwardly diffused oxygen to form Ti oxides [51]. Common Ti oxides include TiO, Ti; O3
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and TiO;, among which TiO, has the best high-temperature stability [30]. The content of
Al,Os3 on the surface scale was higher than that of TiO, after exposure at 850 °C for 100 h,
as shown in Figure 4, and the thickness of the Al,O3 layer was greater than that of the TiO,
layer, as shown in Figure 6. However, the growth-activation energy of Al,O3 (502.4 k] /mol)
is higher than that of TiO, (59.5 kJ/mol) [52], so the growth rate of TiO, is much higher
than that of Al;O3;. With an increase in the exposure duration, TiO, particles gradually
cover the Al,Os particles, resulting in a TiO; layer formed on the Al,O3 layer [30], similar
to the variation in surface morphologies shown in Figure 4.

Exposure
Conditions

Detected
Areas

800 °C
100 h

800 °C
1000 h

850 °C
100 h

850 °C
1000 h

900 °C
100 h

Figure 6. EPMA mapping on the near-surface of the P-HIP Ti-48 Al-3Nb-1.5Ta alloy after exposure
to different conditions, and the red squares in the column two show the detected areas.

Rutile TiO; is a non-stoichiometric compound. Because of the large number of vacancy
defects, this TiO, layer allows for a fast diffusion rate of oxygen atoms, which represents
a good path for oxygen penetration into the substrate [53]. Al,Oj3 is an ionically bonded
compound with a dense structure, in which the diffusion rate of oxygen atoms is four
orders of magnitude lower than that in the TiO, layer. Therefore, once a continuous dense
AlyO3 layer is formed, the diffusion of oxygen atoms almost terminates. Although the TiO,
layer cannot effectively prevent the oxidation of the substrate, it also reduces the oxygen
concentration to a certain extent. Coupled with the obstructing effect of the Al,O3 layer, the
oxygen concentration is further reduced, and the diffusion path of oxygen atoms becomes
narrower and narrower, so the oxidation mass gain becomes slower and slower [30].

The addition of alloying elements can decrease the vacancy-formation energy of Al
and increase that of Ti. As the Al vacancy concentration increases, it is easier for Al to
diffuse to the surface and react with oxygen atoms, improving the oxidation resistance at
high temperatures with a good Al,O3 protective film formed on the surface of the TiAl
alloy [54]. Nb and Ti have the same valence electron structure and ionic radius, and they
can be miscible in any proportion. Nb can occupy the normal Ti site. The replacement
of Ti** with Nb>* reduces the defect concentration of TiO, as well as the diffusion rate
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of oxygen and metal ions in the oxide layer, inhibiting the formation and growth of TiO,
and facilitating the formation of a continuous dense Al,O3 layer on the surface of the TiAl
alloy [24]. As the neighbor in the periodic table, Ta is similar to Nb, which can also reduce
the oxygen solubility in the TiAl alloy and inhibit TiO, growth [55]. Tad* replaces Ti** in
the TiO, lattice, resulting in an excess positive charge. The concentration of O vacancies,
which are responsible for O diffusion, decreases to offset this increase. Nb and Ta are both
effective alloying elements that improve the oxidation resistance of TiAl alloys, and the
oxidation rate at high temperatures of TiAl alloys containing Nb and Ta is significantly
lower than that of simple binary TiAl alloys with the same Al content [47]. There are very
small amounts of Nb and Ta in the oxide layer above the nitride layer, as we can see from
the 900 °C EPMA mapping results in Figure 6, whereas there is no such phenomenon at
800 °C and 850 °C, because the ability of Nb and Ta to diffuse toward the substrate surface
increases with increasing temperature. Because there is no diffraction peak for oxides of Ta
or Nb in the XRD patterns, it is assumed that they replace Ti in the rutile lattice [31], thus
impeding the oxidation process at higher temperatures.

The variation in the oxide-layer thickness after thermal exposure was further analyzed
using EDS line scanning, as shown in Figure 7. With increasing thermal exposure tem-
perature and duration, the oxide-layer thickness gradually increases at a slow rate. The
thicknesses of the oxide layer are about 12.7 um and 23.7 um after thermal exposure for
1000 h at 800 °C and 850 °C, respectively, which is smaller than 24.5 um, the thickness of
a Ti—47.5A1-2.5V-1.0Cr-0.2Zr (at %) oxide layer after exposure at 750 °C for 300 h [56],
indicating superior oxidation resistance. The thickness of the oxide layer is about 25.2 pm
after thermal exposure at 900 °C for 800 h, and the decrease in the oxide-layer thickness
after 1000 h may be related to the spalling of the oxide layer.
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Figure 7. Oxygen contents vary with the depth of different sample surfaces after exposure: (a) At
800 °C; (b) At 850 °C; (c) At 900 °C.
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In general, the oxide layer becomes significantly continuous with increasing exposure
temperature, especially for short exposure durations. However, after exposure for 1000 h,
the surface morphologies all show a continuous and fully filled scale, similar to that in a
previous study [57].

3.3. Microstructure Stability

In order to analyze the microstructural evolution of the P-HIP Ti—-48Al-3Nb-1.5Ta alloy
during thermal exposure, BSE-SEM microstructure morphology analysis and EBSD phase-
composition analysis were performed on the internal cross-sections of the sealed specimens
after exposure to different conditions, as shown in Figures 8 and 9. The dark region is
the v phase, whereas the white region is the «; phase in Figure 8. The phase composition
and grain-size distribution analyzed using EBSD are shown in Table 2 and Figure 10. The
results reveal that the grain size does not grow significantly after thermal exposure to
different conditions, and the y phase increases slightly, less than 3.5%, compared with
P-HIP, as depicted in Section 3.1. The increase in the y-phase volume fraction is caused by
the x,-phase dissolution at 800-900 °C, and longitudinal and transverse dissolution leads
to thinning and fracture of the ay lamella [58,59]. At the same time, with the extension of
the thermal exposure duration, the DC of the 'y phase is observed near the grain boundaries
due to the reduction of lamella near the grain boundaries, which expands the y phase
region, as marked in the microstructure after exposure at 850 °C for 1000 h in Figure 8.

Table 2. EBSD phase constitution of the Ti-48Al-3Nb-1.5Ta alloy after thermal exposure to different
conditions.

Temperature (°C) Duration (h) v Phase (%) o Phase (%)

+0.33 +0.58

300 oo et o

1000 95.510:2¢ 45703

+0.25 +0.77

550 oo ool !

1000 98.5+0-1 154042

+0.15 +0.61

500 oo et g

1000 97.5+011 25708

Although the vy lamella and the o; lamella have an interphase distribution, the adjacent
interfaces are not parallel to each other, and the shape of the y lamella and «; is probably
irregular or even curved. The thicknesses of different y lamellae vary greatly, and the y
lamella is not regular but is like a wedge embedded within «; lamellae. In addition, there
is a great difference in the thicknesses of different a; lamellae. The widest reaches 2.4 um,
while the narrowest is only 120 nm in the P-HIP Ti-48Al-3Nb-1.5Ta alloy, as shown in
Figure 2c. This difference leads to a high content of &, lamella in local areas, resulting in
a state of agglomeration and decomposition during thermal exposure. The «; lamella is
metastable, leading to a tendency to transform into the most stable form during long-term
exposure at high temperatures. Therefore, the metastable «; lamella decomposes into a
fine oy +y lamella [60], and the newly generated v/, interface is parallel to the original
oy lamella, which is called “parallel decomposition” [9].

To reduce the total free energy of the system under long-term high temperatures,
three types of microstructural evolutions may be generated for the lamella structure of the
TiAl alloy: (1) phase transformations, (2) continuous coarsening, and (3) discontinuous
coarsening. The phase transformation is manifested as the dissolution of the o, lamella,
causing the volume fraction and composition of the y and «; phases to change toward the
equilibrium volume fraction and phase composition determined by the Ti-Al binary-phase
diagram at this temperature [61], reducing the chemical free energy of the system [62].
Since x; /v is a low-energy semi-coherent flat interface in the lamella structure of the
TiAl alloy and satisfies the Blackburn orientation relation, i.e., {111}, || {0001}, and
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< 1120 >, || < 110 >,, there is no obvious interfacial curvature. Therefore, continuous
coarsening within the lamella is relatively difficult. However, the lamella structure has
poor thermal stability and is prone to DC with grain boundary migration because of the
existence of steps between «y and y lamellae at the grain boundaries [63].

Figure 8. Microstructures of the Ti-48 A1-3Nb-1.5Ta alloy after exposure to different conditions:
(@) 800 °C, 100 h; (b) 800 °C, 300 h; (c) 800 °C, 500 h; (d) 800 °C, 800 h; (e) 800 °C, 1000 h; (f) 850 °C,
100 h; (g) 850 °C, 300 h; (h) 850 °C, 500 h; (i) 850 °C, 800 h; (j) 850 °C, 1000 h; (k) 900 °C, 100 h;
(1) 900 °C, 300 h; (m) 900 °C, 500 h; (n) 900 °C, 800 h; (0) 900 °C, 1000 h.
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Figure 9. EBSD phase constitutions of the Ti-48Al-3Nb-1.5Ta alloy after exposure to different
conditions: (a) 800 °C, 100 h; (b) 800 °C, 1000 h; (c) 850 °C, 100 h; (d) 850 °C, 1000 h; (e) 900 °C, 100 h;
(£) 900 °C, 1000 h.

The specimens exposed at 800 °C for 1000 h were analyzed using TEM, and the BF
images, SAED and EDS are shown in Figure 11 and Table 3. It can be seen that the matrix
consists of a y phase, the massive precipitate near the grain boundaries has an «; phase,
and there are y-phase twins. In addition, the nanotwins can be seen from the BF images
and SAED in Figure 11f,g. The 6 nm average width of these nanotwins is the result of
plastic deformation during the P-HIP process at 150 MPa pressure, and it remained so after
thermal exposure because the annealing twins” width is in the micro dimension [64].
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Figure 10. Grain size distributions of the Ti-48 Al-3Nb-1.5Ta alloy after exposure to different con-
ditions: (a) 800 °C, 100 h; (b) 800 °C, 1000 h; (c) 850 °C, 100 h; (d) 850 °C, 1000 h; (e) 900 °C, 100 h;

(f) 900 °C, 1000 h.

Count

Count

1200
]800 C, 1000 h
1000 §
800} Average Grain Size: 3.3 ym
Standard Error: 0.8 ym
600+ Max Grain Size: 35.6 ym
400§
200} N
0 N\ S—_— . s ,
0 5 10 15 20 25 30 35
Equivalent Circle Diameter (um)
' /850 C, 1000 h
700

600\ Average Grain Size: 4.0 ym
500\ Standard Error: 1.0 ym
400\ Max Grain Size: 43.3 ym
300\
200\
100\
% % 40
Equivalent Circle Diameter (um)
1200
1000l /900 C, 1000 h
800+ Average Grain Size: 3.0 ym
\ Standard Error: 0.7 ym
N\ Max Grain Size: 31.8 um
400\
\
200\ N
% 5 d0 15 20 25 30

Equivalent Circle Diameter (um)

Table 3. EDS results of site 1 and site 2 in Figure 11a (at. %).

Element Al Ti Nb Ta
1 31.62 65.32 1.53 1.50
2 49.88 45.61 2.94 1.55
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5imm  (111) [011]y

Figure 11. TEM images of the P-HIP Ti—-48 A1-3Nb-1.5Ta alloy exposed at 800 °C for 1000 h: (a) BF
image showing two phases; (b) SAED of site 1 in Figure 11a; (c) SAED of site 2 in Figure 11a; (d) BF
image of y-phase twins; (e) SAED of circled area in Figure 11d; (f) BF image of nanotwins; (g) SAED
of circled area in Figure 11f.
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3.4. Mechanical Performance

To investigate the effects of thermal exposure on the mechanical performance of the P-
HIP Ti-48A1-3Nb-1.5Ta alloy, nanoindentation analysis was performed on specimens after
thermal exposure to different conditions, as shown in Figure 12. The hardness after thermal
exposure at 850 and 900 °C increases by about 2 GPa compared with the hardness of the
P-HIP state, which is 4.6 GPa. This is mainly due to the O solution during thermal exposure,
which causes lattice distortion of the matrix and the formation of new phases, resulting
in surface hardening of the alloy [65]. The hardness after thermal exposure at 850 °C and
900 °C is higher than that at 800 °C, indicating that oxidation is more serious at higher
temperatures. With the extension of thermal exposure duration, the hardness fluctuates in
a narrow range and tends to decrease to different degrees, which is related to the equiaxed
Y grains increasing and growing continuously, the o, phase decreasing and the lamella
coarsening [14]. The strength of the TiAl alloy is inversely proportional to the grain size
following the Hall-Petch formula. Therefore, the a; + v lamella coarsening and equiaxed y
growth during thermal exposure reduce the hardness and tensile properties of the alloy.
The lamella spacing is negatively correlated with the hardness of the nanoindentation;
that is, the larger the lamella spacing, the smaller the hardness of the nanoindentation.
When the indenter is pressed into the matrix, plastic deformation occurs near the indenter,
and elastic deformation occurs in the area away from the indenter. The main mechanism
of plastic deformation is dislocation slip. When the v/ o, lamella spacing is small, the
dislocation slip encounters more v/ x; boundaries, resulting in higher hardness values.
During thermal exposure at 800-900 °C, a phase transformation from «; to y will occur,
and the hardness of the y phase is less than that of the «; phase, so there will be a trend of
hardness decline with the extension of thermal exposure duration.

12 :
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Figure 12. Hardness of the Ti-48Al-3Nb-1.5Ta alloy after exposure to different conditions.

To clarify the variation rule of hardness in the near-surface region of the P-HIP Ti-48Al-
3Nb-1.5Ta alloy along the depth direction after thermal exposure at 800 °C for different
durations, nanoindentation tests were conducted along the depth direction from the edge
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of the unsealed specimens. The hardness results are shown in Figure 13. From the results
of thermal exposure for 100 h, 300 h and 500 h, it can be seen that the hardness decreases
with increasing depth from the specimen surface, since an O solution on the surface of the
alloy leads to surface hardening. For titanium alloys, the relationship between hardness
and surface O concentration can be expressed as follows [66]:

Nf—=

H = Hy +b(xp) 1)
where H represents the hardness at the specified position, Hj represents the hardness of the
matrix, b is a constant, and xp represents the O infiltration concentration at the specified
position. As the O concentration gradually decreases from the surface along the depth
direction, the hardness gradually decreases accordingly. In addition, an “influence zone”
with an increased x; volume fraction is formed below the oxide layer in the TiAl alloy, the
hardness of which is higher than that of the matrix, and the hardness gradually decreases
from the edge to the matrix [66]. After thermal exposure for 800 h, the hardness values
fluctuated greatly, which may be due to lamella coarsening and grain growth, and the test
indenter easily fell into different phases with large differences in hardness. According to
the nanoindentation hardness of the PST-TiAl alloy [67], the hardness of ¥ phase nanoin-
dentation is 5.2 & 0.1 GPa, and that of oy phase nanoindentation is 7.4 & 0.5 GPa. It should
be noted that the low hardness values after exposure for 1000 h may be related to the local
spallation of the oxide layer.
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Figure 13. Hardness variation along the depth direction from the edge of the specimens after exposure
at 800 °C for different durations.

Tensile tests at room temperature were performed on specimens exposed at 800 °C for
100 and 1000 h, respectively. The stress—strain curves together with the result of the P-HIP
Ti—48Al-3Nb-1.5Ta alloy are shown in Figure 14. After thermal exposure at 800 °C for 100
and 1000 h, the tensile strengths were 491 MPa and 409 MPa, respectively, and the fracture
strain was 0.23%. The fracture morphology of the tensile specimen exposed at 800 °C for
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1000 h is shown in Figure 15, which indicates a typical brittle cleavage section, as expected.
Nanotwins, as shown in Figure 11, are a special type of plane defect that can greatly
hinder the dislocation movement and enhance the strength of alloys, particularly when the
slip plane and Burgers vectors are not aligned with the twin boundaries [68]. Compared
with the P-HIP Ti-48Al-3Nb-1.5Ta alloy, whose tensile strength is 357.09 MPa and whose
fracture strain is 0.32%, the strength increases by more than 50 MPa and the fracture strain
decreases by about 0.1% after the thermal exposure. Although the fracture strain of this
TiAl alloy is marginally less than that reported in conventional TiAl alloys, preliminary
results have shown that the microstructure and properties of the alloy can be optimized
through heat treatments to increase its plasticity and to meet application requirements. The
excellent oxidation resistance of this alloy is the primary topic of this study; subsequent
studies will focus on the modification of the microstructure and characteristics by heat
treatment.
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Figure 14. Tensile stress—strain curve of P-HIP after exposure at 800 °C for 100 and 1000 h.

Figure 15. SEM images of the fracture surfaces after exposure at 800 °C for 1000 h: (a) Low magnifi-
cation; (b) High magnification.
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The increase in strength after thermal exposure may be due to the increased oxygen
content of the alloy [69]. In addition, during thermal exposure at 800 °C, a; — v phase
transformation occurs, y grains precipitate in the oy + y lamellae, and this parallel de-
composition in the lamella makes the lamella refined to a certain extent. The thin lamella
provides more obstacles to dislocations and twins, and it reduces internal stress by reducing
the length of dislocation accumulation at the interface, thereby increasing resistance to
cross-lamella deformation, resulting in higher tensile strength after thermal exposure at
800 °C for 100 h and 1000 h compared with the P-HIP state [9]. The tensile strength after
thermal exposure for 1000 h was lower than that after thermal exposure for 100 h, mainly
because of the influence of grain-size growth, according to the Hall-Patch formula. The
appearance and stepwise growth of the Al-lean layer during thermal exposure will lead
to the formation of a brittle layer on the surface, resulting in a decrease in the tensile
fracture strain at room temperature [70]. In addition, the decrease in tensile fracture strain
at room temperature after thermal exposure may also be related to the residual stress on
the surface [8]. Moreover, it has been shown that the instability of the lamella colony also
causes the ductility of the alloy to deteriorate, and during long-term exposure, the fracture
strain decreases because of the decomposition of x; lamellae and the merger of adjacent y
lamellae [9].

4. Conclusions

The Ti-48Al-3Nb-1.5Ta alloy was prepared by powder hot isostatic pressing (P-HIP)
at 1200 °C with 150 MPa for 4 h and exposed at 800 °C, 850 °C and 900 °C for 100 h, 300 h,
500 h, 800 h and 1000 h. The surface-scale characterization, microstructure stability and
mechanical performance of the P-HIP Ti—48 A1-3Nb-1.5Ta alloy after thermal exposure
were investigated and clarified. The main conclusions are as follows:

1. The surface scale is composed of oxides and nitrides, mainly Al,O3, TiO,, TiN and
Ti; AIN; among these, Al,O5 is preferentially generated and then covered by rapidly
growing TiO; as the thermal exposure duration increases. The nitrides appear later
than the oxides and exist between the oxide layer and the substrate. With increas-
ing thermal exposure temperature and duration, the surface scale becomes more
continuous, the prismatic TiO, particles grow larger, and the oxide layer thickens.
The average size of the TiO, particles increased from 1.74 um to 4.02 um while the
maximum size increased from 4.96 pum to 12.70 um, with the shape changing from
equiaxed particles to elongated particles, as the exposure duration extended from
100 h to 1000 h at the exposure temperature of 900 °C;

2. The addition of Ta and Nb can improve the oxidation resistance of TiAl alloys, and the
oxidation resistance of Ti-48Al-3Nb-1.5Ta alloy is superior to that of the Ti—47.5Al-
2.5V-1.0Cr-0.2Zr alloy, because Ta>* and Nb>* replace Ti** in the rutile lattice and
weaken O diffusion, thus impeding the oxidation process;

3.  Compared with the P-HIP Ti—-48Al-3Nb-1.5Ta alloy, the grain size does not increase
significantly, and the v phase increases slightly (less than 3%) with the decomposition
of the «; phase after thermal exposure. With increasing thermal exposure duration,
the v phase initiates discontinuous coarsening (DC) due to the reduction in lamellae
near the grain boundaries, which expands the y-phase region;

4.  Compared with the P-HIP Ti-48 Al-3Nb-1.5Ta alloy, the hardness increases by about
2 GPa, the tensile strength increases by more than 50 MPa and the fracture strain
decreases by about 0.1% after thermal exposure. With the extension of the thermal
exposure duration, the hardness tends to decrease, because of the equiaxed y grains
increasing and growing continuously, the x; phase decreasing and the lamellae
coarsening. As the depth increases from the surface of the P-HIP Ti-48Al-3Nb-1.5Ta
alloy after thermal exposure, the hardness decreases overall.

The P-HIP Ti-48Al1-3Nb-1.5Ta alloy, a potential low-density alloy, exhibits attractive
microstructure stability and does not significantly lose mechanical properties after thermal
exposure at 800-900 °C for up to 1000 h. This study will provide beneficial guidance for
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high temperature applications involving weight reduction. Future research will focus on
how heat treatments can improve the alloy’s microstructure and plasticity.
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Abstract: The effects of solution treatment and annealing temperature on the microstructure and
mechanical properties of a new TWIP steel that was alloyed from aluminum (Al), silicon (5i), vana-
dium (V), and molybdenum (Mo) elements were investigated by a variety of techniques such as
microstructural characterization and room tensile testing. The austenite grain size grew slowly with
the increase in annealing temperature. The relatively weak effect of the solution treatment and
annealing temperature on the austenite grain size was attributed to the precipitation of MC and
M,C, which hindered the growth of the austenite grain. The plasticity of the TWIP steel in cold
rolling and annealing after solution treatment was obviously higher than that in cold rolling and
annealing without solution treatment. This was because the large-size precipitates redissolved in
the matrix after solution treatment, which were not retained in the subsequently annealed structure.
Through cold rolling and annealing at 800 °C after solution treatment, the prepared steel exhibited
excellent strength and plasticity simultaneously, with a yield strength of 877 MPa, a tensile strength
of 1457 MPa, and an elongation of 46.1%. The strength improvement of the designed TWIP steel was
mainly attributed to the grain refinement and precipitation strengthening.

Keywords: alloying; heat treatment; grain size; nano-precipitation; mechanical properties

1. Introduction

At present, lightweight, energy-saving, and emissions-reducing vehicles with high
safety performance have become the inevitable trend in the development of new energy
vehicles [1,2]. Since twinning-induced plasticity (TWIP) steel has both a high tensile
strength and high plasticity, it exhibits significant application prospects in lightweight
automotives [3,4]. The outstanding comprehensive mechanical properties result from
several different deformation mechanisms, which are dislocation slip and deformation
twinning. Deformation twinning is closely related to the low stacking fault energy values of
TWIP steels. However, the characteristic austenitic microstructure of TWIP steels induces a
lower yield strength in the range of 200400 MPa, which is a technical bottleneck in the
large-scale application of TWIP steels [5]. Therefore, it is an urgent problem to improve the
yield strength of TWIP in order to ensure high plasticity. The widely recognized methods for
improving the strength of TWIP steels include alloying and heat treatment [6,7]. Alloying
is the addition of alloying elements to TWIP steels to improve the strength through solid
solution strengthening and precipitation strengthening. Heat treatment is a way to improve
the strength of TWIP steel by fine-grain strengthening via cold rolling and annealing [8-12].

Up to now, the researchers have developed several series of TWIP steels, which are
classified into three generations [13]. The first generation of TWIP steels is Fe-Mn-Si-Al
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TWIP steel with a single austenite phase, which is attributed to the high Mn, Si, and Al
contents. This type of high manganese steel exhibits higher plasticity, but the yield strength
is relatively low, and its tensile strength is moderate. Because of the high content of Al
and Si elements, the flow properties are poor, and there are certain problems in the casting
and plating process. In order to solve the above problems, the researchers have developed
second-generation TWIP steels with a composition of Fe-Mn-C. The strength is significantly
improved due to its high content of C. However, there are also problems such as lower
yield strength and hydrogen-induced delayed cracking. Therefore, the third-generation
TWIP steel, which was alloyed with Al, Nb, V, Ti, Mo, and other elements on the basis
of Fe-Mn-C is proposed. Some studies have shown that TWIP steel can achieve a good
combination of strength and plasticity through the alloying of the above elements.

Lee et al. [14] added Si to Fe-18Mn-0.6C TWIP steel. When 1.5 wt.% Si was added, the
yield strength was increased to higher than 500 MPa, and the tensile strength was increased
to higher than 1200 MPa after annealing, but the plasticity was significantly reduced. By
adding Al to Fe-Mn-C TWIP steel, it was found that the grain was refined, and the yield
strength was increased, but the tensile strength was decreased [15]. When micro-alloying
elements such as Nb, V, and Mo were added to TWIP steel, the micro-alloying elements
were precipitated in the form of nanoscale carbide. The dispersed precipitates improved
the strength of the material by hindering the movement of dislocation [16]. Moon et al. [17]
added Mo to Fe-Mn-C-Al steel and found that the age-hardening behavior was changed
due to the formation of k-carbide precipitation, which increased the strength of steel but
also reduced the plasticity. Razavi [18] and Nasajpour et al. [19] added about 1 wt.% Mo
to TWIP steel to increase the yield strength from 200 MPa to higher than 400 MPa after
cold rolling and annealing. V and Mo were simultaneously added to Fe-Mn-C-Al steel.
Although the yield strength was increased to 785 MPa, the elongation was only about
20% [20]. Scott et al. [21] found that the strength of annealed and cold-rolled steel was
not significantly improved (about 30 MPa) when 0.25 wt.% Nb was added to Fe-22Mn-
0.6C. Compared with the addition of Nb, when adding 0.2 wt.% V to Fe-22Mn-0.6C, V
carbides (VCs) mainly precipitated in the annealing process, and the size of the precipitates
was smaller than Nb carbides. The yield strength and tensile strength were increased by
150 MPa and 100 MPa after annealing, respectively. The increase in strength was greater
than that of Nb; meanwhile, the adverse effect on plasticity was less than that of Nb due
to the small precipitate size. According to the above research, it can be seen that only
adding one alloying element to TWIP steel makes it challenging to improve the strength
and maintain high plasticity at the same time. Therefore, this paper intends to add multiple
reinforcement elements such as Al, Si, V, and Mo to Fe-22Mn-0.6C TWIP.

In addition, heat treatment is an effective method for tailoring the balance of strength
and elongation. Escobar et al. [22] studied the microstructure and mechanical properties of
Fe-22Mn-0.45C TWIP steel at different annealing temperatures. It was found that the hard-
ness of the TWIP steel increased with the rising cold deformation and decreasing annealing
temperature. Therefore, the strength of TWIP steel can be improved by controlling anneal-
ing temperature and cold rolling deformation. In order to improve the plasticity of the
TWIP steel, solid solution treatment was conducted [23]. When the solution temperature
increased from 900 °C to 1150 °C, the yield strength of Fe-24Mn-0.5C-3.4Cr-0.3Mo-0.2Si
after solid solution treatment decreased from 334 MPa to 317 MPa, but the elongation
increased to 78%. When the temperature of the solution treatment is too high, the grain size
becomes coarse. Although the plasticity is improved, the yield strength is reduced. The
improvement of plasticity is not obvious when the solution temperature is too low. There-
fore, the temperature of the solution treatment needs to be accurately controlled through a
phase diagram. This paper attempted to improve the yield strength, tensile strength and
elongation of Fe-Mn-C steel by alloying and adjusting the heat treatment process.
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2. Materials and Methods
2.1. Experimental Materials

A typical high-strength TWIP steel Fe-22Mn-0.6C was selected as a basic material, and
then JMatPro software (version 13.0) was utilized to optimize the chemical composition
of TWIP steel. In the simulation, the general steel database and the quench properties
tool in the phase temperature module were selected. The microstructure of the sample
after quenching can be simulated by analyzing the phase diagram of adding different
alloy components. Since the phase content in the microstructure is different with different
added contents of various alloying elements, combined with the properties of each phase
drawn from separate material databases, the mechanical properties of the materials can
be predicted according to the phase composition. Therefore, it was used to calculate
the influence of Al, Si, Mo, and V elements on the tensile strength, yield strength, and
elongation of TWIP steel. The optimized composition of the new TWIP steel was obtained,
and the specific alloy composition is shown in Table 1.

Table 1. Chemical composition of the newly designed TWIP steel. (wt.%).

Fe Mn Al Si Mo C \Y S P
Bal. 22 1.48 1.52 1 0.62 0.2 0.0161 0.0079

2.2. Experimental Procedures and Methods

The designed alloy was melted by a ZG-50 melting furnace and casted into a round bar
with a diameter of 80 mm and a length of 200 mm. The ingot was heated at 1200 °C and held
for 2 h, then hot forging and hot rolling were carried out to obtain a plate with dimensions
of 280 mm x 112 mm x 30 mm. The hot rolling process with the total reduction of 40% was
conducted with an initial rolling temperature of 1200 °C and a final rolling temperature of
950 °C. Then, different solution treatments were carried out: one was cold-rolled directly
after hot rolling, and the other one was cold-rolled after holding at 1100 °C for 2 h followed
by water cooling. The specimens are hereafter referred to as non-solid-solution-treated and
solid-solution-treated, respectively. A ZK-NS9B rolling mill was used for multiple-pass
cold rolling, with a rolling reduction of 70%. The cold-rolled samples were annealed at
750 °C, 800 °C, and 850 °C for 10 min, respectively, in a DZ47-60 heat treatment furnace,
followed by water quenching. The experimental flow is shown in Figure 1.
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Figure 1. Flow chart of preparation experiment.

The samples were electrolytically polished for 20 s in a mixed solution of 10% (volume
fraction) HCIO4 + 90% ethanol under an electrical voltage of 30 V. A SU5000 scanning
electron microscope (SEM) was used to observe the microstructures. Two sizes of precipi-
tates were observed in the microstructure. One is a large precipitate with a size of several
hundred nanometers, which can be observed in SEM, and the precipitated phase is named
as the large-size precipitate. The other is a precipitate of about ten nanometers observed in
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the transmission electron microscopy (TEM), which was named the small-size precipitate.
The scale tool of the SEM software (version 13.0) was used to measure the large-size precip-
itates. A JEOL JEM-2100F (TEM) was used to analyze the small-size precipitates, which
were extracted by the carbon extraction replication technique. For the crystallographic
analysis, the microstructures were observed by IT800-SHL SEM equipped with electron
back scatter diffraction (EBSD). The phases after annealing at different temperatures were
analyzed using a D8 Advance Bruker X-ray diffractometer with a Cu target and a scanning
range of 20-90°.

The tensile test samples were cut out from the cold-rolled plate along the rolling
direction, and the size was referred to GB/T 228-2002 [24]. The tensile test specimen size is
shown in Figure 2. After annealing at different temperatures, the tensile test samples were
tested at room temperature by a CMT4304-DZ tensile testing machine with a cross-head
speed of 0.5 mm/min.

50 —

17

Figure 2. Illustration of tensile test specimen.

3. Results and Discussion
3.1. Determination of Alloy Composition Bases in Prediction of Mechanical Properties

Since the composition design of ultra-high-strength steel has a long research and
development period, material design relying on calculation tools can reduce the number
of tests and improve the efficiency of material research and development [25]. Therefore,
in this paper, Java-based Materials Properties (JMatPro) software (version 13.0) was used
to calculate the mechanical properties and phase diagram of the newly designed TWIP
steels by adding Al, Si, Mo, and V elements. The brittle fracture occurs in TWIP steels
with Si addition greater than 3 wt.%. It also affects the galvanizing quality of hot-rolled
sheets [14,26]. Therefore, the addition amount of Si should usually be controlled within
3 wt.%. Figure 3a Fe-22Mn-0.6C-xSi shows the change in strength and plasticity with the
increase in Si content. It can be observed that the increase in Si content in Fe-22Mn-0.6C
TWIP steel improves the yield strength and tensile strength. The most significant increase
in strength is observed when the Si addition is 1.5 wt.%. Meanwhile, the elongation is
basically unchanged within 3 wt.% of Si content. Therefore, the addition of the Si element
is determined as 1.5 wt.%.

Frommeyer et al. [27] found that when the content of Al in Fe-Mn-C steel exceeds
3 wt.%, it is easy to form an AIN inclusion and generate oxidation during casting [28].
Therefore, the amount of Al addition should be within 3 wt.%. On the other hand, it also
prevents the delayed fracture and notch sensitivity of TWIP steel. The calculated results of
the influence of Al content on the strength of the alloy are shown in Figure 3b. It can be
seen that the yield strength and tensile strength are increased by about 30 MPa for every
1% content of Al. When the amount of Al is higher than 1.5 wt.%, the plasticity decreases
significantly. Therefore, it is determined that the amount of aluminum is 1.5 wt.%, which
can improve the strength and maintain the plasticity.

It has been reported that the addition of Mo with a mass fraction of 0.5% to 2% in
high-manganese steel can effectively improve the strength of the casting [29]. The effect of
Mo content on the strength and plasticity of the Fe-22Mn-0.6C steel is shown in Figure 3c.
It can be seen that the strength of the alloy increases with the increase in Mo content. When
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the content of Mo is greater than 1.5 wt.%, the plasticity obviously decreases. Since the
general amount of Mo added in the literature is about 1 wt.%, the added content of Mo is
determined to be 1 wt.%. In the Fe-C phase diagram, when the V content exceeds 0.2%,
the As point increases and austenitic stability decreases [30], so the added amount of V

alloying is determined to be 0.2 wt.%.
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Figure 3. Variation in alloy strength and elongation with different element contents. (a) Fe-22Mn-
0.6C-xSi; (b) Fe-22Mn-0.6C-1.5Si-xAl (c) Fe-22Mn-0.6C-1.5Si-1.5A1-xMo.

According to the calculation results, the designed alloy composition Fe-22Mn-0.6C-
1.55i-1.5A1-1Mo-0.2V (wt.%) shows relatively good comprehensive mechanical properties.
Hence, the newly studied TWIP steel with the above chemical composition is presented
in this paper. The yield strength of the alloy steel is increased by 143 MPa, and the tensile
strength is increased by 128 MPa compared with the Fe-22Mn-0.6C matrix.

3.2. Phase Diagram and Phase Content Calculation

As shown in Figure 4a, the equilibrium phase diagram of the Fe-22Mn-0.6C-1.55i-
1.5A1-1Mo-0.2V steel was calculated by using JMatPro software (version 13.0). According
to the phase diagram, the alloy begins to enter the solid phase zone at 1250 °C, and the
matrix is all austenite at 1008-1250 °C. In addition, to ensure that carbides are stable at high
temperatures and maintain a fine grain size, the temperature of the solid solution should
not be too high. Therefore, 1100 °C was selected as the solution treatment temperature in
this paper. In order to prevent excessive types and quantities of precipitated phases from
reducing plasticity, 750 °C, 800 °C, and 850 °C were selected as the annealing temperatures
in this paper, so that the microstructure could be a fine austenitic matrix with two kinds of
precipitates. One precipitate is M(C,N) phase, which starts to precipitate at 1008 °C. The
other precipitates is the M, (C,N) phase, which starts to precipitate at 907 °C. Figure 4b—d
shows the distribution of elements in the phases M(C,N), M,(C,N), and M;C3, where M
represents elements such as Fe, Mn, Mo, and V. M(C,N) represents carbides of V and Mo.
M,(C,N) is a carbide of Mo, Mn, and V. M;Cj3 is a carbide of Mn, Fe, and Mo.

Figure 4e,f shows the distribution of Al and Si in different phases. It can be seen that
1.5 wt.% Al and 1.5 wt.% Si are almost solidly dissolved in the austenitic matrix. The Al
and Si atoms enter the matrix crystal lattice, which distorts the crystal lattice and forms
an elastic stress field. The stress field has a strong effect on the stress field around the
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dislocation, which causes the strengthening and enhancement of the yield strength of the
material, as predicted in Figure 3.

(a) Fe-1.5A1-22Mn-1Mo-1.58i-0.2V-0.6C wt(%)
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Figure 4. (a) Equilibrium phase diagram of Fe-22Mn-0.6C-1.55i-1.5A1-1Mo-0.2V steel; (b,c) distri-
bution of aluminum and silicon in different phases; (d-f) composition of three kinds of precipi-
tated phases.

3.3. Microstructure Evolution

In order to explore the effect of solid solution treatment and different annealing
temperatures on the microstructure of the new TWIP steel after cold rolling and annealing,
XRD phase analysis was conducted. Figure 5 shows the X-ray diffraction pattern of the
new TWIP steel after cold rolling and annealing under the conditions of non-solid solution
and solution treatment. It can be observed that only one austenite phase (y) peak is found
in both samples, whether it is solution-treated or not. The absence of martensitic peaks
in the XRD patterns indicates that a martensitic phase transformation has not occurred.
Presumably due to the small content of the precipitated phase, a corresponding obvious

43



Materials 2024, 17, 2080

diffraction peak was not found in the X-ray diffraction profiles. Therefore, the identification
of the precipitated phase also required further characterization by SEM and TEM.
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Figure 5. X-ray diffraction pattern of the new TWIP steel after cold rolling and annealing. (a) non-solid
solution; (b) with solid solution treatment.

Figure 6a—c shows the microstructures of samples annealed at 750 °C, 800 °C, and
850 °C for 10 min, respectively, without solid solution treatment before the cold rolling
process. It can be seen that there are also a small number of deformed structures after
annealing at 750 °C. This indicates that the sample was not fully recrystallized at 750 °C.
Grains were completely recrystallized at 800 °C and 850 °C. At the 800 °C annealing
temperature, there were a large number of annealing twins and some elliptical bright
precipitate phases were distributed inside the grains and at the grain boundaries. In
addition, it can be observed that the precipitates reflected a growing tendency when the
annealing temperature increased to 850 °C; the growth of the grain size and precipitates
was not obvious. The austenite grain size and precipitated phase size of the experimental
steels were measured by the linear intercept method (and by counting the grain and twin
boundaries), and the result is shown in Figure 7. The grain size rose from 1.26 pm to 1.88 um
and the large size of the precipitates grew by 90.1 nm when the annealing temperature
increased from 750 to 850 °C. The large-size precipitates grew significantly, but the grain
size obviously did not grow with the increase in annealing temperature.

Figure 6d—f shows the microstructures of the cold-rolled and annealed samples after
2 h of solid solution treatment at 1100 °C. It can be observed that the grain size tended to
grow with the increase in annealing temperature, and the grain size increased from 1.42 um
and 1.67 pm to 2 um. The size of the precipitates after solution treatment was obviously
smaller than that in the non-solid solution (as can be seen in Figure 6). With an increase in
annealing temperature from 750 °C to 850 °C, the increase in grain size between adjacent
temperatures was small, approximately ~0.3 um on average (see Figure 7), and the increase
in the precipitated phase size between adjacent temperatures was approximately ~90 nm.

In general, the austenite grain size of Fe-Mn-C steels obviously increased with an
increase in annealing temperature [31-33]. However, the grain growth of austenite was so
large that even the annealing temperature interval was 50 °C. This should be attributed to
the presence of nano-sized precipitates. In the annealing temperature range of 750-850 °C,
there were nano-sized particles inside the grains as well as on the grain boundaries
(Figure 6). These particles can effectively hinder grain boundary migration and reduce
the grain growth rate during the annealing process, resulting in a smaller grain size and
coarsening with the elevated temperature. Therefore, the grain size growth was not obvious
with the increase in annealing temperature. After solid solution treatment at 1100 °C, the
size of the precipitates was smaller than that in the non-solid-solution-treated sample (see
Figure 7). The decrease in the size of the precipitates after solid solution treatment is due
to the large-size precipitate phase being dissolved into the matrix during solid solution
treatment, and then precipitates with smaller sizes forming again during annealing at lower
temperatures and short annealing times.
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Figure 6. SEM images of the samples with different heat treatments. (a—c) Cold-rolled and annealed
at 750 °C, 800 °C, and 850 °C for 10 min with non-solid solution treatment; (d—f) cold-rolled and
annealed at 750 °C, 800 °C, and 850 °C for 10 min after solid solution treatment at 1100 °C for 2 h.
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Figure 7. Size changes under different heat treatment processes.

As shown in Figure 6, small-size nanoscale precipitates can be faintly seen in the grain.
The characterization of small-size precipitates under SEM is not clear, so TEM is used to
observe the distribution of the small-size precipitate phase, morphology, and size.

Figure 8 shows the EBSD grain boundary maps of the TWIP steel under different heat
treatment conditions, where small-angle grain boundaries, large-angle grain boundaries,
and twin boundaries are represented by green, black, and red, respectively. The twin
boundary density data obtained by SEM showed that the fraction of annealing the twin
boundary increased from 14% to 29% when the annealing temperature increased from
750 °C to 800 °C and decreased from 29% to 26% when the annealing temperature increased
to 850 °C with solution treatment. In the condition of non-solid solution treatment, the
twin density increased from 15% to 21% when the annealing temperature increased from
750 °C to 800 °C. When the annealing temperature increased to 850 °C, the twin boundary
density decreased from 21% to 20%. The twin boundary density increased first and then
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decreased with the increase in annealing temperature. It reached the highest at 800 °C,
regardless of the solution type. In addition, the density of the twin boundary after solution
treatment was higher than that in the non-solid solution. A higher density of the annealing
twin means a higher strength can be obtained.
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Figure 8. EBSD diagrams of grain boundary with different heat treatment processes. (a—c) Annealing
at 750 °C, 800 °C, and 850 °C without solution treatment; (d—f) annealing at 750 °C, 800 °C, and
850 °C, respectively, under solution treatment at 1100 °C.

In order to further study the small-size precipitates, the microstructures of the TWIP
steel were observed by TEM through extraction phase analysis. Figure 9 shows the mor-
phology, size, and distribution of the small-size precipitates in the matrix. It can be observed
that the precipitates mainly existed in circle and oval shapes. As shown in Figure 9a, the
precipitates were concentrated and agglomerated together in the specimen annealed at
800 °C without the solid solution. The average grain size of the precipitated phase is 18 nm
in Figure 9a. Compared with the specimen without solid solution treatment, the size of the
precipitated phase is obviously reduced and the distribution in the matrix is more uniform
in the 800 °C annealed specimen with solid solution treatment. The average grain size of the
precipitated phase is 7.2 nm in Figure 9b. Figure 9b—d shows the relationship between the
size and distribution of the small-size precipitates as the annealing temperature increases.
Compared with the concentrated distribution without the solid solution, the precipitated
phase was distributed in a band under the conditions of the solid solution. Meanwhile,
the size of the small-size precipitates decreased first and then increased as the annealing
temperature increased. The size of the small-size precipitates was the smallest at 800 °C
with the solid solution.

Figure 10 shows the morphology and energy spectrum of the precipitates under TEM
observation. It can be seen that the diffraction peak profiles of point A (the precipitated
phase with a larger size) and point B (the precipitated phase with a smaller size) are
different. The specific composition is shown in Table 2. Based on the elemental species of
the precipitated phase calculated by the JMatPro software (version 13.0), it was determined
that point A is the M»(C,N) phase, in which M mainly represents V, Mo and Mn elements.
Point B is the M(C,N) phase, in which M mainly represents V and Mo elements. Since no
nitrogen element was found in the scanning region, A is the M,C phase and point B is the
MC phase.
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Figure 9. TEM images of the precipitated phase. (a) Non-solid solution and annealing at 800 °C;
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Figure 10. TEM images of morphology and energy spectrum. (a,c) energy spectrum of precipitates of
point A and B, respectively, in (b); (b) TEM morphology of precipitates cold-rolled and annealed at
850 °C after solid solution treatment at 1100 °C.

Table 2. TEM-EDS results (at.%) for the different phases in point A and B in Figure 10.

C Vv Mo Si Mn Fe Al
A 75.3 124 8.5 2.8 0.6 0.4 0.1
B 89.5 4.7 3.0 2.5 0.1 0.2 -

As shown in Figures 6 and 10, the precipitation phase in the cold-rolled and annealed
new TWIP steel can be roughly divided into two categories: the first category is the large
particles with sizes larger than 100 nm under the scanning electron microscope observation;
the second category is the other composite precipitation of MC and M,C.

3.4. Effect of Solid Solution Treatment and Annealing Temperature on Mechanical Properties

Figure 11 shows the engineering stress—strain curves of the new TWIP steel after cold
rolling and annealing. The new TWIP steel shows a continuous yield without an obvious

47



Materials 2024, 17, 2080

yield plateau during the tensile process. In Figure 11a, in the non-solid-solution-treated
specimens, the yield strength decreases, and the tensile strength decreases first and then
increases slightly with the increase in annealing temperature, but the tensile strength does
not change significantly. The reason why the strength does not change significantly is that
the grain size does not increase significantly with the increase in annealing temperature.
In Figure 11b, in the specimens with solid solution treatment, the yield strength and
tensile strength increases first and then decreases as the annealing temperature rises. The
elongation of the specimens with solid solution treatment is significantly higher than that
without solution treatment. The specific mechanical properties are shown in Table 3. A
good balance between high strength and high plasticity is achieved when cold rolling
and annealing at 800 °C for 10 min after solid solution treatment. The yield strength is
higher than that of Fe-22Mn-0.6C TWIP, whose grain size is about 1 pm in the literature.
Furthermore, its plasticity is not greatly affected [34]. This indicates that the modification
of the chemical composition and preparation process enhanced the mechanical properties.
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Figure 11. Engineering stress—strain curves of test steel under different heat treatment processes.
(a) Engineering stress—strain curves of annealing at 750 °C, 800 °C and 850 °C for 10 min under
non-solid solution condition; (b) Stress—strain curve of cold rolling and annealing with solid solution.

Table 3. Mechanical properties data under different heat treatment conditions.

Annealin Yield Tensile Total Grain
Con ditiongs Strength Strength Elongation Size
(MPa) (MPa) (%) (um)
N id 750 °C 10 min 781 1154 29 1.26
0?'5.0 ! 800 °C 10 min 739 1086 25.3 1.29
solution 850 °C 10 min 636 1110 33.8 1.88
Solid soluti 750 °C 10 min 729 1030 38.8 1.42
e ‘}PCO“ at 800 °C 10 min 877 1457 46.1 1.67
00 850 °C 10 min 523 939 451 2

Generally, yield strength and tensile strength decrease monotonically, and elongation
increases monotonically with increasing annealing temperature [35]. The fluctuation in
the mechanical properties of the new TWIP steel in this experiment does not conform to
the conventional law. It is known that the increase in flow stress of metallic materials is
related to the following aspects: solid solution strengthening, dislocation strengthening,
precipitation strengthening, and grain refinement. It is generally known that the increase
in flow stress is the sum of the above strengthening mechanisms. In the present study, the
chemical compositions were the same for all specimens, and the microstructures of the
cold-rolled and annealed specimens were fully recrystallized so that the initial dislocation
density was supposed to be the same. Thus, the solid solution strengthening and dislocation
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strengthening effect on yield strength enhancement did not make a difference for the
specimens, whether solution-treated or not. The grain size and the amount of precipitated
phase were changed by changing the annealing temperature and solid solution conditions.
Therefore, the contribution of fine grain strengthening and precipitation strengthening
to the flow strength was changed in the different specimens. Due to the grain size being
refined to about 1.5 pm on average after cold rolling and annealing, the strength was greatly
improved. However, the change in grain size was not obvious, whether the specimens were
solid-solution-treated or not, and was followed by the same annealing condition. Therefore,
the strength enhancement of the solid-solution-treated specimens was not related to the
grain size, but probably related to the nanoscale precipitates.

According to the inference of Gladma [36], the increase in strength generated by the
second phase particle is shown in Equation (1):

_ f=\1n( X
AYS, = 0.538Gb <X> ln(2b> (1)

where G is the shear modulus in MPa, f is the volume fraction of the MC and M,C
precipitates, and X is the mean particle diameter expressed in um. From Formula (1), it can
be found that increasing the volume fraction of precipitates and decreasing the average
diameter of precipitates were conducive to increasing the contribution of precipitation
strengthening in steel. In Figure 6, the size of the precipitates observed under SEM is
larger than 100 nm. It not only can not improve the strength, but also cause a reduction
in plasticity. The plasticity also decreases due to the increase in the number of large-
size precipitates [37]. The size of the large-size precipitates under the condition of non-
solid solution treatment was larger than that in the solid solution treatment; therefore,
the plasticity with solid solution treatment was greater than that without solid solution
treatment. The precipitates below 10 nm that were observed under TEM were fully involved
in precipitation strengthening and ensured the strength and plasticity of the material,
according to the Formula (1). In Figure 9b, when the annealing temperature is 800 °C,
the size of precipitated phase is the smallest and the content of precipitates is the highest.
The precipitates can effectively hinder the dislocation movement and strengthening of the
matrix. They can also hinder grain boundary movement and increase the strength [38].
Furthermore, the higher annealing twin boundary density in the specimen annealed at
800 °C reduced the dislocation-free path as well as prevented dislocation movement, which
also contributed to the enhancement of strengthening. Therefore, the strength was highest
when annealing at 800 °C after solid solution treatment. The increase in the content of the
M,C and MC phases was the main reason for the increase in the flow stress.

4. Conclusions

The effects of annealing temperature and solution treatment on the microstructure and
mechanical properties of a new TWIP steel were studied. A heat treatment method was
explored to improve the strength and ductility. After solid solution treatment at 1100 °C for
2 h, cold rolling, and annealing at 800 °C for 10 min, the new TWIP steel (Fe-22Mn-0.6C-
1.55i-1.5A1-1Mo-0.2V) showed the best comprehensive mechanical properties; the yield
strength increased to 877 MPa. At the same time, the tensile strength increased to 1457 MPa,
and the elongation reached 46.1%. Compared with Fe-22Mn-0.6C TWIP steel having a
grain size of 2um, the yield strength of the TWIP steel after alloying and heat treatment in
this paper increased by 447 MPa, and the tensile strength increased by 321 MPa, although
the elongation somehow decreased [39]. The improvement of strength was mainly due to
fine grain strengthening and precipitation strengthening. The grain size after annealing at
800 °C reached 1.67 um; meanwhile, a large number of dispersed MC and M,C phases with
sizes of about 10 nm that precipitated from the matrix hindered the dislocation movement
and improved the strength.
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Abstract: This study investigates the influence of varying austenitizing temperatures on the mi-
crostructure and mechanical properties of 35512MnCr2Ni3MoV steel, utilizing Charpy impact testing
and microscopic analysis techniques such as scanning electron microscopy (SEM) and electron
backscatter diffraction (EBSD). The findings reveal that optimal combination of strength and tough-
ness is achieved at an austenitizing temperature of 980 °C, resulting in an impact toughness of
67.2 ] and a tensile strength of 2032 MPa. The prior austenite grain size initially decreases slightly
with increasing temperature, then enlarges significantly beyond 1100 °C. The martensite blocks’
and packets’ structures exhibit a similar trend. The proportion of high—angle grain boundaries,
determined by the density of the packets, peaks at 980 °C, providing maximal resistance to crack
propagation. The amount of retained austenite increases noticeably after 980 °C; beyond 1200 °C, the
coarsening of packets and a decrease in density reduce the likelihood of trapping retained austenite.
Across different austenitizing temperatures, the steel demonstrates superior crack initiation resistance
compared to crack propagation resistance, with the fracture mode transitioning from ductile dimple
fracture to quasi—cleavage fracture as the austenitizing temperature increases.

Keywords: ultra-high strength steel; mechanical properties; microstructure

1. Introduction

Ultra—high—strength steels are crucial in aerospace applications and are extensively
used in the manufacturing of armor-piercing shell bodies. With advancing technolog-
ical demands for penetration depth and initial shell velocity, these shell bodies require
heightened strength to withstand the load. However, as the strength of steel reaches a
certain threshold, its toughness is significantly compromised. This contradictory tendency
escalates with increased strength, adversely affecting service safety and limiting the ap-
plication of ultra—high—strength steels in armor—piercing shells. To achieve a balanced
match between strength and toughness in ultra-high—strength steels, traditional high—-alloy
versions largely depend on the inclusion of precious metal elements like cobalt and nickel
to enhance toughness, resulting in high production costs. Therefore, from an economic per-
spective, they are no longer suitable for large—scale industrial production. On the contrary,
low—alloy ultra—high—strength steels represent an important development direction due
to their relatively low cost. The AISI 4130, AISI 4140, and AISI 4340 alloy steel series in
the United States are typical representatives of early low-alloy ultra-high—strength and
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—toughness steels [1,2]. Among them, AISI 4130 was the earliest developed ultra-high-
strength alloy steel. To achieve the best combination of strength and toughness, this steel is
often subjected to tempering treatment. However, its yield strength and tensile strength are
880 and 980 MPa, respectively, which do not meet the requirements of ultra—high—strength
alloy steels. Therefore, on the basis of 4130 steel, the carbon content is increased to 0.4%,
and small amounts of Ni and Mo elements are added to form 4340 steel. Most of the subse-
quently developed low-alloy ultra-high-strength steels have been continuously improved
based on the AISI 4130 and AISI 4340 alloy steel series. Due to the higher carbon content in
low—alloy carbon steels, their strength is high after quenching, but their ductility is poor.
Therefore, Krauss [3] conducted low—temperature tempering treatment (150-200 °C) on
martensitic carbon steel and low—alloy carbon steel. Their results showed that the strength
of low—-temperature tempered martensite is related to the dynamic work hardening of
dislocations and transition carbides in martensite crystals, which is determined by the
carbon content. In steel with 0.5% C, when second—phase particles are dispersed in the
tempered martensite matrix, toughness notches form on them and lead to plastic fracture.
In low—temperature tempered martensitic steels with more than 0.5% C, brittle intergran-
ular fractures easily occur along the original austenite grain boundaries. Therefore, the
carbon content in low-alloy ultra-high-strength steels generally should not exceed 0.5%,
and appropriate low-temperature tempering treatment is usually required to improve their
toughness. In order to further enhance the toughness of low—-alloy ultra—high—strength
steels, Chang and Smith [4] studied the effect of Si element on the tempering hardness
and microstructure of martensite and discovered the beneficial role of Si in low-alloy
ultra-high—strength steels, laying the foundation for the development of 300 M steel. In
1952, the International Nickel Company in the United States developed and designed 300 M
steel, which was developed based on AISI 4340 steel by adding 1.52.0% Si element and
slightly adjusting the V content. With proper element control and heat treatment processes,
the development of low—alloy ultra-high-strength steels has become increasingly mature
and is now rapidly progressing towards higher strength, toughness, and lower cost. For
example, Fe-0.25C-1.65i-1.5Mn-0.5Cr-0.3Mo steel developed by the Russian researcher
Tkachev [5] achieved a tensile strength of 1840 MPa and an impact energy of 87 | after
quenching at 950 °C and tempering at 280 °C. These properties are comparable to those
of high-alloy ultra-high—strength steels such as AerMet 100 (AerMet is a registered trade
mark of CRS Holdings, Inc., Philadelphia, PA, USA), but at a significantly reduced cost.

Building on previous research, our team has developed a novel low-alloy ultra-high
strength 35512MnCr2Ni3MoV steel, costing only one—eighth of the price of AerMet 100 steel.
However, achieving optimal properties necessitates precise thermal processing. Both exces-
sively high and low austenitizing temperatures can directly affect the distribution of alloy
elements and subsequent phase transformations during quenching, particularly martensitic
transformations, thus significantly influencing the material’s properties. Recent studies on
common low-alloy ultra-high strength steels indicate that austenitizing temperature affects
the prior austenite grain size, indirectly impacting final toughness [6]. The solid solution
and martensitic transformation strengthening effects in ultra—high strength steels are also
related to austenitizing temperature [7]. Austenitizing can enhance microstructural unifor-
mity and reduce segregation [8-10]. Therefore, the temperature plays a significant role in
affecting the outcomes of austenitizing treatment, including microstructural uniformity,
solid solution strengthening, and martensitic transformation strengthening.

Based on this, the influence of different austenitizing temperatures on the microstruc-
ture and mechanical properties of 3552MnCr2Ni3MoV steel is analyzed in this paper. The
variation patterns of the size of the martensitic multilevel structure units after different
austenitizing temperatures and the transition of fracture mechanisms at different austeni-
tizing temperatures are investigated. The aim of this analysis is to provide a theoretical
basis for the rational design of heat treatment processes for 35512MnCr2Ni3MoV steel in
industrial production.

53



Materials 2024, 17,1099

Change in Length(um)

2. Materials and Methods

The chemical composition of the 355i2MnCr2Ni3MoV steel used in the experiments is
presented in Table 1.

Table 1. Chemical composition of the studied steel (in wt.%).

Fe C Si Mn Cr Ni Mo A%
Balance 0.35 1.62 0.86 1.62 3.02 0.45 0.22

The steel was produced using a vacuum induction plus vacuum self-consumption
remelting process. The ingot underwent forging heating, triple drawing, billet precision
forging, and post—forging annealing, then was processed into a rod with the dimensions of
©170 mm x 80 mm.

The phase transformation points of 355:12MnCr2Ni3MoV steel were determined using
a dilatometer (DIL805A, TA, Milford, MA, USA), which guided the establishment of
appropriate austenitizing and tempering temperatures.

The dilatometry samples, in a post—forging annealed state, were sized at ¢4 x 10 mm.
The heating rate for the measurement was set at 0.1 °C/s, and the cooling rate was set at
20 °C/s. Based on the determined transformation points of Acl =760 °C, Ac3 =816 °C,
and Ms = 270 °C, the heat treatment process is depicted in Figure 1b.
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Figure 1. (a) Thermal expansion curve; (b) heat treatment process system.

The impact specimens, measuring 10 x 10 x 55 mm and featuring a 2 mm deep U-shaped
notch, were utilized for room temperature impact testing using a testing machine (Instron
750MPX, Boston, MA, USA) with three samples tested at each temperature (test with reference
to standard ASTM E23-2018 [11]). Metallographic samples, measuring 10 x 10 X 5 mm, were
prepared and subjected to etching using a 4% nitric acid alcohol solution.

The macroscopic and microscopic morphology of impact fracture surfaces was exam-
ined using a stereomicroscope (ZEISS Stemi 508, Carl Zeiss, Jena, Germany) and a field
emission scanning electron microscope (FEI Apreo 2S HiVac, Thermo Fisher Scientific
Waltham, MA, USA). The martensitic substructure in the microstructure was observed and
analyzed via EBSD (Bruker QUANTAX EBSD 400i e-Flash®S, Bruker, Billerica, MA, USA),
in combination with software such as AZtecCrystal v2.1, MATLAB(R2022a), and MTEX
toolbox v5.9.1.

3. Results and Discussion

Figure 2 presents the morphology of the prior austenite grain sizes at different austen-
itizing temperatures, reconstructed using AZtecCrystal software. By means of the inter-
secting line method (refer to standard ASTM E112-13 [12]), the average grain size after
reconstruction was estimated. (We understand that Figure 2 represents a cross—section of
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mostly uniform grains. Some display the whole diameter, while others are just a small part
of the sphere cross—section, thus appearing as small grains. This was taken into account in
the estimation of the average grain size). As observed from Figure 2a—e, at austenitizing
temperatures of 940, 980 and 1020 °C, the average grain size does not change significantly.
Twins [5] are observable within the grains at 980 °C and 1020 °C. As the temperature further
increases to 1100 °C, there is a noticeable increase in grain size, and at 1200 °C, the grains
undergo severe coarsening, with only the prior austenite grain boundaries being observable.
With the austenitizing temperature rising from 940 °C to 1200 °C, the grain size in the
steel first decreases from 31.3 pm to 27.6 pm and then increases to 85.6 um, as specifically
fitted and shown in Figure 2f. The significant increase in grain size is attributed to the
enhanced movement and diffusion ability of boundary atoms with increasing temperature,
accelerating the rate of grain boundary engulfment. According to the Hall-Petch formula,
strength is inversely related to the prior austenite grain size [13]. Given a constant total
plastic deformation, the growth of grains results in dislocation motion occurring in fewer
grains, leading to uneven plastic deformation and a propensity for stress concentration.
This uneven distribution of deformation can reduce plastic toughness.
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Figure 2. IPF map of reconstructed parent austenite grains with the parent grain boundaries in yellow
and parent austenite twin boundaries in white after austenitizing at 940 °C (a), 980 °C (b), 1020 °C
(c), 1100 °C (d), and 1200 °C (e) and the average grain size statistics (f).

In addition to the changes in the prior austenite grain size affecting both the strength
and toughness of the alloy, research by Luo [14] suggests that the refinement of the marten-
sitic microstructure may also play a similar role. Therefore, it is necessary to further explore
the width variation of martensite blocks and packets at different austenitizing temperatures.
The morphology of martensite packets was reconstructed using MATLAB and the MTEX
toolbox [15]. The authors point out that typically, a complete martensitic package contains
variants of four colors, which allows us to distinguish some martensitic slat packages
quite well. The results are depicted in Figure 3. From Figure 3a—c, it can be observed that
the size of the packet changes minimally in the 940 to 1020 °C range. However, as the
austenitizing temperature increases to 1100 °C, the size of the packet notably enlarges, and
further increases when the temperature reaches 1200 °C. The sizes of martensite packets
at five different temperatures were statistically analyzed with 30 measurements each, and
the fitted sizes are shown in Figure 3f. At austenitizing temperatures of 940, 980, 1020,
1100, and 1200 °C, the average size of the martensite packets is 18.8, 16.5, 19.9, 26.6, and
41.9 um, respectively. As the austenitizing temperature increases from 940 °C to 1200 °C,
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the size of the packets first decreases and then increases, following the same trend as the
prior austenite grain size.

0 . . . ; . .
900 950 1000, 1050 1100 1150 1200
Austenitizing temperature (°C)

Figure 3. EBSD map showing the four different type of martensite packets and grain boundaries
of the reconstructed austenite grains at 940 °C (a), 980 °C (b), 1020 °C (c), 1100 °C (d), and 1200 °C
(e) and the average packet statistics (f).

To accurately quantify the size of martensite packets, this study referenced the re-
lationship between the various hierarchical structures of martensite as proposed by E.L

Galindo—Nava [16].
/33
Dpacket = WDPAG (1)
P

1
dblock = EDPucket ()

This formula considers Nj as the number of packets in each block, with the number
of packets in each block depending on the block’s size. Typically, this ranges from two
packets in blocks of about 2 um in size to six packets in blocks exceeding 10 um. Research
by Tkachev [5] and others indicates that the average N, value in the experiments is five.

Based on this formula, the sizes of 300 packets at five different austenitizing temper-
atures were statistically analyzed, with the results shown in Figure 4. At these varying
austenitizing temperatures, the average widths of the martensite blocks were 0.954, 0.795,
0.958, 1.081, and 1.375 um, respectively. Although these changes in packet size were smaller
compared to those in blocks, the results still confirm that the sizes of martensite blocks and
packets are influenced by the size of the prior austenite grains.

High-angle grain boundaries (HAGBs) in martensite greatly inhibit crack propaga-
tion [17]—as the crystal orientation angle increases, cracks consume more shear energy
when crossing these boundaries, leading to significant deviation in the crack propagation
direction at HAGBs [18-20]. Therefore, the proportion of high—angle grain boundaries to
some extent reflects the toughness differences of steel at various austenitizing temperatures.
As shown in Figure 5a—e, the proportions of HAGBs at different austenitizing temperatures
were quantified, with values of 63.3%, 67.3%, 59.4%, 58.8%, and 48.2%, respectively. In
these figures, red and green lines represent low—angle and high—angle grain boundaries,
respectively. With increasing austenitizing temperature, the proportion of HAGBs first
increases and then decreases, reaching its peak at 980 °C. This indicates that at an austen-
itizing temperature of 980 °C, the block size is the smallest and the interface is the most
numerous, which corresponds with the previously observed trends in block size variation.
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Figure 4. The distributions of martensite block sizes at five austenitizing temperatures. The connected
lines are shown to exhibit a Gaussian distribution.

Figure 5. The amount of high—angle grain boundaries and retained austenite at five austenitizing
temperatures. The yellow arrows and numbers represent the specific values after the change with
temperature. (a,f) 940 °C; (b,g) 980 °C; (c,h) 1020 °C; (d,i) 1100 °C; (e,j) 1200 °C.

Retained austenite also impedes crack propagation in steel, and its amount can be
influenced by changing the austenitizing temperature of the steel. Figure 5i, j show the
amounts of retained austenite at different austenitizing temperatures. For austenitizing
temperatures of 940, 980, 1020, 1100, and 1200 °C, the retained austenite contents are
2.6%, 4.3%, 4.3%, 4.7%, and 2.7%, respectively. Observations reveal that in Figure 5f-h,
where massive and striated martensitic substructures are present (indicated by arrows),
the distribution of retained austenite is low. As the austenitizing temperature increases,
these massive and striated substructures diminish or disappear. Retained austenite is
primarily distributed along high—angle and low—angle grain boundaries. With increasing
austenitizing temperature, the amount of retained austenite in the steel significantly rises,
related to the solubility of stable austenite—forming elements in the steel. However, at
1200 °C, the amount of retained austenite notably decreases due to severe grain coarsening
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at this temperature, which consequently reduces the density of the block substructure and
lowers the probability of the presence of retained austenite at the block boundaries.

A rough assessment of material toughness can be performed by evaluating the propor-
tions of the crack initiation zones (1), fast crack propagation zones (2), and shear lip (3) in the
macroscopic fracture surface of steel. It is generally believed that larger proportions of the
crack initiation zones and shear lip indicate better ductility and toughness of the material [21].
Figure 6 shows the impact fracture morphologies of the alloy steel at different austenitizing
temperatures. The proportions of the shear lip and crack initiation zones in the impact frac-
tures after different austenitizing temperatures were calculated using Image-Pro Plus 6.0
software, resulting in 26.5%, 26%, 22.3%, 21.4%, and 17.6%, respectively. It was found that the
ductility and toughness of the material are relatively better at austenitizing temperatures of
940 °C and 980 °C.

2000pm
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Austenitizing temperature (°C)
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Figure 6. Macroscopic fracture surfaces of the Charpy U-notch specimens of the 940 °C (a), 980 °C
(b), 1020 °C (c), 1100 °C (d), and 940 °C (e) steel. (al-el) correspond to the SEM images of stable
crack propagation zones. The proportion of area of shear lip fiber area in five specimens is shown in
(f) and the distributions of dimple sizes are shown in (g). The numbers 1, 2 and 3 correspond to the
crack initiation, fast crack propagation zones and shear lip.

Figure 6al—el show the microscopic morphology in the rapid propagation region.
Observations from Figure 6al—c1 reveal that at austenitizing temperatures of 940 to 1020 °C,
the fracture is mainly composed of dense dimples with relatively large sizes. As the
temperature increases to 1100 °C (Figure 6d1), the size of the dimples significantly reduces,
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and at 1200 °C, clear tear ridges appear in the fracture, indicating a transition in the fracture
mode of the test steel from ductile dimple fracture to quasi—cleavage fracture. The sizes
of approximately 1000 dimples were measured using the linear intercept method, with
the results shown in Figure 6f. At austenitizing temperatures of 940, 980, 1020, 1100, and
1200 °C, the average dimple sizes are 3.25, 3.64, 3.46, 2.24, and 2.37 um, respectively. With
increasing austenitizing temperature, the average diameter of the dimples first increases and
then decreases, reaching its maximum at 980 °C. According to Hilders’ research [22], impact
toughness is inversely related to the square root of the average dimple size, indicating that
at an austenitizing temperature of 980 °C, the toughness is relatively improved.

Figure 7 presents the load—deflection and energy—deflection curves obtained from os-
cillatory shock testing at five different austenitizing temperatures. The results show that as
the austenitizing temperature increases, the impact energy absorption first rises and then
falls, reaching a maximum of 67.2 J at 980 °C and decreasing by about 50% at 1200 °C. At
different quenching temperatures, the proportion of E; (energy to initiate crack) is higher than
E, (energy to propagate crack), indicating that the specimens have better crack initiation resis-
tance, with E; dominating the energy absorption during the entire impact process. In many
studies [23-25], it was noted that the ratio of crack propagation energy to initiation energy
reflects the ductile-brittle fracture state of the material. At different austenitizing temperatures,
the E,/E; ratio is <1, suggesting that the material tends to brittle fracture. When the quenching
temperature reaches 1200 °C, E; and Ep, are 17.9 J and 13.1 ], respectively, with E; decreasing by
62% from its highest value and E, decreasing by 38%. This indicates that at 1200 °C, the crack
in the impact specimen is in the most susceptible state for initiation and propagation, and its
resistance to crack initiation and propagation significantly diminishes. The proportions of E;
and E, are 57.7% and 42.3%, respectively, with the proportion of E; decreasing by about 20%
and that of E, increasing by 20%, indicating a decrease in the dominant role of E; in the entire
impact fracture process. The maximum load Pm shows a decreasing trend with increasing
austenitizing temperature, dropping from 44 KN at 940 °C to 33.7 KN at 1200 °C. Dynamic
yield strength reflects the level of impact toughness; the higher the dynamic yield strength,
the greater the impact toughness.
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Figure 7. The effect of austenitizing temperature on the load—deflection curve and energy—deflection
curve: (a) 940 °C; (b) 980 °C; (c) 1020 °C; (d) 1100 °C; (e) 1200 °C; (f) general overview. E; and E,
represent energy to initiate crack and energy to propagate crack.
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The dynamic yield strength oy, can be calculated using the following formula [26]:

oy — 3.732PGyW2' 3)
Coy(W —a)°B

where W represents the width of the specimen (10 mm); B is the thickness of the specimen
(10 mm); a is the notch depth (2 mm); and Cgy depends on the shape of the indenter and the
radius at the root of the notch, and is taken as 1.336 in this study [26]. The dynamic ultimate
tensile strength o7y, can be obtained using a similar relationship, with the formula being

as follows [26]:
1pmPmW

(W —a)*B @

oursd =
where 77, is an empirical factor depending on the ratio between shear stress and tensile
stress, as well as the constraint factor at maximum load. In this study, #7,m is taken as
2.929, a value referenced from calculations for AISI 4340 steel and AISI 4340M steel after
quenching and low—-temperature tempering [26,27], due to their similar alloy compositions
and mechanical properties.

The calculated results are shown in Figure 8. From the figure, it can be observed
that the dynamic ultimate tensile strength of the alloy steel is positively correlated with
the maximum load. Between 940 °C and 1020 °C, the strength of the steel studied is
approximately 2000 MPa, peaking at 2032 MPa at 980 °C. When the quenching temperature
is increased to 1100 °C, the strength drops to 1895 MPa, and at a quenching temperature of
1200 °C, it rapidly decreases to 1542 MPa, a reduction of about 500 MPa compared to the
peak at 980 °C.
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Figure 8. Dynamic yield strength and tensile strength at different austenitizing temperatures.

4. Conclusions

1. At an austenitizing temperature of 980 °C, 355i2MnCr2Ni3MoV steel achieves the
optimal combination of strength and toughness. At this temperature, the steel’s
impact energy is 67.2 ], and the dynamic tensile strength determined by instrumented
impact test is 2032 MPa.

2. The studied steels show a slight decrease and then an increase in grain size with
increasing temperature, with a pronounced coarsening after 1100 °C. Martensitic lath
blocks and packets exhibit the same trend.

3. The proportion of high-angle grain boundaries is determined by the density of lath
packets. The highest proportion occurs at 980 °C, providing the strongest resistance
to crack propagation. As the solubility of stable austenite—forming elements increases
with temperature, the amount of retained austenite significantly increases after 980 °C,
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reaching a peak of 4.7% at 1100 °C. After 1200 °C, as the lath packets coarsen and
their density decreases, the probability of trapping retained austenite reduces.

4. 355i2MnCr2Ni3MoV steel demonstrates superior crack initiation resistance compared
to crack propagation resistance. As the austenitizing temperature increases, the
fracture mode of 355i2MnCr2Ni3MoV steel transitions from ductile dimple fracture
to quasi—cleavage fracture.
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Abstract: Temper embrittlement is a major challenge encountered during the heat treatment of
high-performance steels for large forgings. This study investigates the microstructural evolution and
mechanical properties of Cr-Ni-Mo-V thick-walled steel, designed for large forgings with a tensile
strength of 1500 MPa, under different tempering cooling rates. Optical microscopy (OM), scanning
electron microscopy (SEM), and electron backscatter diffraction (EBSD) were employed to analyze the
microstructural features. The results demonstrate that the embrittlement occurring during air cooling
after tempering is attributed to the concentration of impurities near Fe3C at the grain boundaries.
The low-temperature impact toughness at —40 °C after water quenching reaches 29 J due to the
accelerated cooling rate during tempering, which slows down the diffusion of impurity elements
towards the grain boundaries, resulting in a reduced concentration and dislocation density and
an increased stability of the grain boundaries, thereby enhancing toughness. The bainite content
decreases and the interface between martensite and bainite undergoes changes after water quenching
during tempering. These alterations influence the crack propagation direction within the two-phase
microstructure, further modifying the toughness. These findings contribute to the understanding
of temper embrittlement and provide valuable guidance for optimizing heat treatment processes to
enhance the performance of high-performance steels in large forgings.

Keywords: temper embrittlement; medium-carbon medium-alloy steel; martensite; bainite; tough-

ness

1. Introduction

Steels for large forgings undergo temper embrittlement during the heat treatment
process at temperatures ranging from 250 °C to 400 °C and 500 °C to 650 °C. Temper
embrittlement typically manifests in two types: reversible and irreversible. Research on
both types of temper embrittlement has primarily focused on the segregation of harmful
elements such as phosphorus, sulfur, tin, antimony, and arsenic at the grain boundaries
during tempering or aging processes. This segregation reduces the bonding strength of
iron atoms at the grain boundaries, making cracks prone to initiate and propagate along
the grain boundaries, ultimately leading to intergranular fracture [1]. The sensitivity of
elements in steel to temper embrittlement is in the order: P > Sn > Sb ~ As. Additionally,
alloying elements such as Ni, Cr, and Mn are significant contributors to temper embrittle-
ment. In the absence of these elements, temper embrittlement is generally not induced,
and the order of alloying elements in terms of embrittlement capability is Mn ~ Si > Cr
> Ni. The impact of a single alloying element on temper embrittlement in steel is not
significant, but the combined addition of alloying elements greatly promotes the occurrence
of temper embrittlement. Attempts have been made to synthesize the effects of alloying
elements influencing temper embrittlement into a single coefficient to assess the sensitivity
of steel to temper embrittlement. In the 1970s, Bruscato [2] introduced a brittleness factor,
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X = (10P + 55b + 4Sn + As) x 102, which can be used to predict the brittleness sensitivity of
metals. Watanabe [3], in conjunction with experiments on plates and forgings, identified
a brittleness sensitivity factor, ] = (S5i + Mn)(P + Sn) x 104. As X and ] values increase,
steel transitions towards embrittlement. Bandyopadhyay [4] studied the precipitation
behavior of carbides during the tempering process of Ni-Cr-V and Ni-Cr-Mo-V steels.
They explained that molybdenum enhances the cohesion of grain boundaries, while phos-
phorus is less prone to segregate to grain boundaries. Begley [5] investigated the temper
embrittlement sensitivity and crack propagation rate characteristics of Ni-Cr-Mo-V steel,
noting a sharp increase in fracture toughness at room temperature. Sang-Gyu Park [6]
employed thermodynamic calculations to assess the influence of Cr, Mn, and Ni on temper
embrittlement in low-alloy steel for nuclear power applications from the perspectives of P
diffusion rate and C activity. To suppress reversible temper embrittlement, alloying with
Mo and W has long been considered the most effective method. Briant [7] described two
primary mechanisms of temper embrittlement: delayed effects during P segregation and
increased boundary cohesion strength with the addition of Mo. Petrov and Tsukanov [8]
associated irreversible temper embrittlement with the precipitation of carbide elements at
grain boundaries, proposing that alloying with Mo and other carbide-forming elements
(e.g., Cr) shifts the temperature range of irreversible temper embrittlement from 250 °C to
400 °C. Yang [9] investigated M152 martensitic heat-resistant steel with slow quenching
and found that the continuous distribution of M,3C¢ along the original austenite grain
boundaries and M;C along the residual austenite film is the cause of a sharp decrease in
toughness. Lei [10] determined, through the measurement of internal friction temperature
curves, that high-temperature temper embrittlement belongs to the category of a-phase
aging and exhibits reversibility. Kim [11] studied the effects of vanadium and carbides on
the temper embrittlement of Cr-Mo steel.

This paper investigates the embrittlement phenomenon occurring during the high-
temperature tempering of a newly developed medium-carbon, medium-alloy Cr-Ni-Mo-V
steel by our research team. This study employs optical microscopy and scanning elec-
tron microscopy to observe the structural characteristics and utilizes electron backscatter
diffraction for quantitative analysis of grain boundary orientation differences; the impact of
microstructure on the temper embrittlement phenomenon in large forgings of Cr-Ni-Mo-V
steel was evaluated from the perspective of grain boundary characteristics. Additionally,
the phenomenon of reduced susceptibility to temper embrittlement due to the increase in
the volume fraction of martensite was analyzed by altering the tempering cooling rate, and
we explored the fundamental mechanisms of how the tempering cooling rate affects the
organizational state for enhancing impact toughness.

2. Experimental Materials and Methods

The experimental material was obtained from the cross-section of a ®396 mm Cr-
Ni-Mo-V steel. The specimens were initially in the as-forged and annealed state. The
compositions of the sample steel used in this study are listed in Table 1. The cross-sectional
samples were subjected to quenching and tempering processes, as illustrated in Figure 1.
For both quenching and tempering heat treatment processes, the samples were placed in
the furnace once the desired temperature was reached, with a heating rate of 10 °C/min.
After tempering, specimens were sampled at half the radius of the cross-section for both air
cooling (TAC) and water cooling (TWC) conditions, and these samples were mechanically
processed to determine the strength and Charpy impact toughness at —40 °C. V-notch
impact specimens with dimensions of 10 mm x 10 mm x 55 mm were utilized for this
purpose. During the tensile testing, strain was measured using an extensometer with
a gauge length of 25 mm, and the strain rate was 1 mm/min. The size of the tensile
specimen in the experiment is shown in Figure 2. Samples with dimensions of 20 mm x
20 mm x 20 mm were mechanically polished, corroded in a 4% nitric acid ethanol solution,
and observed using an optical microscope (Carl Zeiss Axio Imager.M2m, CarlZeiss, Jena,
Germany) produced by Leica. The microstructure and fracture analysis of the specimens
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under both conditions were collected using a Apreo 25 HiVac scanning electron microscope
(SEM) produced by FEI (Thermo Fisher Scientific, Waltham, MA, USA). To investigate the
relationship between crack initiation, crack propagation, and microstructure, the fracture
surfaces of the —40 °C Charpy impact specimens were studied below the area of the
fracture surface, as shown in Figure 2, and subjected to electron backscatter diffraction
(EBSD) analysis. Samples for EBSD studies were vibratory polished using 0.02 um colloidal
silica polishing solution. EBSD data were obtained using the Oxford EBSD system equipped
with Channel 5 software (Oxford-HKL) and AZtecCrystal v2.1 for post-processing-oriented
data analysis to assess the differences in the segregation behavior of tempered martensite
under different tempering cooling rates. For the observation of carbide precipitation at
grain boundaries under the two tempering cooling conditions, a JEM-2010F (JEOL, Tokyo,
Japan) transmission electron microscope (TEM) was employed.

Table 1. Chemical compositions of the sample steels used in this study (in wt.%).

C

Si

Mn

P S Ni Cr Mo \ As Sn Pb Sb Bi

0.26

0.2

0.6

0.005 0.006 3.0 1.0 0.6 0.2 <0.008 <0.006 <0.005 <0.006 <0.005

980°Cx5h

950°Cx35min
c s 590°Cx8h
AC
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Time

Figure 1. The diagrammatic sketch of heat treatment process.
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Figure 2. Forging size and sampling position and size of tensile specimen and impact specimen.

3. Results and Discussion
3.1. Mechanical Properties and Microstructure of Tempering Cooling Methods

The mechanical properties of the cross-sectional samples of the experimental steel after
heat treatment are presented in Table 2. The air-cooled specimen exhibited a yield strength
and tensile strength of 1145 MPa and 1422 MPa, respectively. For the water-cooled and
tempered specimen, the yield strength and tensile strength were 1245 MPa and 1480 MPa,
respectively. The strengths under both conditions are comparable. However, the impact
energy of the water-cooled and tempered specimen is significantly higher than that of
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the air-cooled specimen, confirming the reversibility of temper embrittlement in this steel.
The Charpy impact energy for the air-cooled specimen at —40 °C is 19 ], lower than the
29 ] observed for the water-cooled and tempered state, indicating a substantial change in
toughness. To understand the factors influencing toughness, it is essential to consider the
pattern of crack propagation within the crystal lattice.

Table 2. Mechanical properties after different tempering cooling methods.

Heat Treatment Process Rp0.1/MPa R/MPa A(%) Z(%) KV,@—-40°C (])
980 °C x 5 h, AC + 950 °C x 35 min,

WC 1590 °C 8 h. AC 1145 + 23 1422 + 28 11404 53415 1943
980 °C x 5h, AC +950 °C > 35 min, 1245 + 8 1480 + 10 12412 54 + 0.6 2945

WC +590 °C x 8 h, WC

Figure 3 depicts the microstructure of the experimental steel after tempering at 590 °C,
followed by air cooling and water cooling. Figure 3a displays the SEM morphology for air
cooling, while Figure 3b presents the SEM morphology for water cooling. Upon observing
the microstructure, it is evident that both air-cooled and water-cooled structures consist of
a mixture of tempered martensite and bainite. In the air-cooled condition, the martensite
laths mainly appear as long needle-shaped structures within the microstructure, with
larger grain size. Scanning electron microscopy reveals that the carbides precipitated after
air cooling are primarily located at the grain boundaries. In contrast, the water-cooled
microstructure is more uniform, with martensite laths arranged in a plate-like manner.
Fine carbides are observed to be dispersed within the lath matrix, as shown in Figure 4.
The average block width of martensite is 0.6 pm for air cooling (TAC) and 1 um for water
cooling (TWC), as measured under SEM.

S
o
T

Rel.Frequency
o
(=)}
T

N
IS
T

0.2 F

0.0 - -
TAC TWC
Block Width Statistics

Figure 4. Comparison of block widths in air-cooled and water-cooled martensite.
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Figure 5 shows the stress—strain curves after tensile testing under two different cooling
methods. It can be observed that after water cooling, there is a slight increase in yield
strength, tensile strength, and elongation. Specifically, the tensile strength increased by
about 58 MPa, and the yield strength increased by approximately 100 MPa. Figure 6
illustrates the macroscopic and SEM morphology of the fracture surfaces at —40 °C after
tempering and subsequent air cooling and water cooling of the experimental steel. By
comparing the macroscopic morphology, it is evident that the air-cooled fracture surface
(Figure 6a) appears bright white, with a relatively narrow shear lip. Under SEM, the
fracture initiation zone (Figure 6¢) exhibits intergranular fracture, and in the fibrous region
(Figure 6e), both intergranular and cleavage fractures are observed. The impact toughness
is significantly low, measuring 19 J.

1800

——TAC
1600 | —— TWC

1400

(MPa)
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8
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200

0 1 1 1 1 1 1 1
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Figure 5. Stress—strain curves under two different cooling methods.

Figure 6. Different tempering cooling methods” —40 °C low-temperature impact fracture morphology:
(a) air-cooled fracture initiation zone SEM, (b) water-cooled fracture initiation zone SEM, (c) air-cooled
macrofracture zone, (d) water-cooled macrofracture zone, (e) air-cooled fracture extension zone SEM,
and (f) water-cooled fracture extension zone SEM.
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In contrast, the macroscopic morphology of the water-cooled fracture surface
(Figure 6b) shows a typical wider shear lip. Moreover, under SEM, the fracture initia-
tion zone (Figure 6d) displays ductile dimples, and in the fibrous region (Figure 6f), ductile
dimples and cleavage facets are observed, indicating quasi-cleavage. The toughness is
improved by 10 ] compared to air cooling, reaching 29 ]. Figure 7 presents the EBSD results
of the microstructure after tempering and subsequent air cooling and water cooling, re-
constructed using the AZtecCrystal v2.1 software. It can be observed that after air cooling,
the cracks propagate along the grain boundaries, while after water cooling, the cracks
propagate transgranularly.

Figure 7. EBSD micrograph of protoaustenite grain reconstruction for (a) tempering air cooling and
(b) tempering water cooling.

3.2. Impact of Cooling Rate on Crack Propagation

For large forgings, in order to reduce the thermal stress during the tempering process
in the temperature range of 400 °C to 650 °C, a slow cooling method is generally employed,
corresponding to the temper-embrittlement-sensitive zone of steel. The cooling rate sig-
nificantly influences crack propagation. At slower cooling rates, cracks tend to propagate
along grain boundaries, and the propagation of intergranular fractures is related to the
weakening of interfaces. The preferred path for crack propagation is at defect locations
or areas of interface weakening. Fine needle-shaped martensite can lead to unstable in-
tergranular structures, reducing the energy required for crack absorption. In contrast, at
faster cooling rates, martensite exists in a plate-like form, and the aspect ratio of the laths
decreases, increasing the probability of crack transgranular propagation and improving
toughness [12].

The AZtecCrystal software was utilized to analyze the distribution of grain boundaries
near the cracks. Figure 7 shows the misorientation distribution of grain boundaries near
the cracks under two conditions. Low-angle grain boundaries (LAGBs) with misorientation
angles from 2° to 15° are represented by red lines, while high-angle grain boundaries
(HAGBs) with misorientation angles from 15° to 45° are represented by black lines, indi-
cating a minimal difference between air-cooled and water-cooled tempering conditions.
Boundaries with angles greater than 45° are denoted by green lines. Figure 8 compares the
relative frequencies of LAGBs and HAGBs under two different tempering cooling rates,
revealing a similar frequency for both low- and high-angle grain boundaries. Previous
studies have suggested that HAGBs hinder crack propagation [13-15]. Additionally, re-
search has indicated that LAGBs play a crucial role in both strength and toughness. The
high dislocation density generated in the overcooled austenite during processing can be
inherited by martensite, forming sub-grains through dynamic recovery. Such low-angle
grain boundaries have an inhibiting effect on crack propagation. In the yellow dashed box
in Figure 8, low-angle grain boundaries are concentrated at the crack arrest position. The
frequency of grain boundaries does not change significantly under different tempering
cooling rates for the experimental steel. However, after water cooling and tempering, as
the martensite lath bundles widen, the position of low-angle grain boundaries changes.
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Compared to the air-cooled state, more low-angle grain boundaries appear between the
lath bundles rather than around the original austenite grain boundaries. Figure 9 shows
the relative frequency of grain boundary structure by different tempering cooling methods;
no significant changes were observed in the boundary frequency under the two different
cooling methods.

— 157450 —_— 450

Figure 8. Band contrast (BC) maps depicting boundary distribution in (a) TAC and (b) TWC (red line:
15° > 0 > 5°, black line: 45° > 0 > 15°, green line: 6 > 45°).
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Figure 9. Relative frequency of grain boundary structure by different tempering cooling methods.

Geometrically necessary dislocations (GNDs) can provide quantitative information
about localized plastic deformation. In some studies, this method can also be used to
characterize the distribution of orientation deviations in cracks. Through the AZtecCrystal
software, GND distributions under different tempering cooling rates are color-coded, as
shown in Figure 9. Blue represents regions with lower dislocation orientation deviations,
while green represents regions with high geometrically necessary dislocation densities.
Larger GNDs are distributed near the crack, and at the crack tip in Figure 10a, there is
a higher density of geometrically necessary dislocations. It can be observed that GNDs
tend to be distributed at many low-angle grain boundaries, as low-angle grain boundaries
hinder the slip of dislocations, leading to the accumulation of GNDs. In contrast, high-
angle grain boundaries do not have a significant distribution of GNDs, indicating a strong
ability to absorb dislocations. They are potential locations for crack initiation, and when
cracks coincide with regions of high stress concentration and high-angle boundaries, crack
initiation and propagation are accelerated [16]. Using the HKL Channel 5 software, GNDs
were geometrically calculated for the two conditions, as shown in Figure 11. It can be seen
that the frequency of GNDs is lower after tempering and water cooling, indicating more
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stable low-angle and low-energy grain boundaries. These boundaries resist sliding, thereby
enhancing toughness.
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Figure 10. GND density micrographs for (a) TAC and (b) TWC.
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Figure 11. Geometrically necessary dislocation (GND) density distribution.

On the other hand, during the tempering process, the precipitation of Fe3C at grain
boundaries and the segregation of impurity atoms lead to interface weakening and brittle
fracture, as depicted in Figure 12. FezC exists in a rod-like form along the grain boundaries,
and Table 2 provides the EDS analysis of FesC at the grain boundaries. The diffusion
rate of impurity atoms at the grain boundaries is higher than that of iron atoms because
there are more vacancies at the grain boundaries, which can promote dislocation migration.
Consequently, there is a higher density of dislocations and impurity content at the grain
boundaries, and the pinning effect of impurities can easily result in temper embrittle-
ment [17,18]. McMahon proposed that during tempering in the embrittlement temperature
range, Fe3C precipitates along the grain boundaries, and since impurities have low sol-
ubility in Fe3C, impurities are rejected and concentrated at the interface during carbide
precipitation. This creates favorable pathways for crack propagation along the interface,
constituting a non-equilibrium segregation process [19,20]. Rapid cooling after tempering
suppresses the process of impurity element enrichment and segregation. The rod-like
Fe;C transforms into a spherical shape, as shown in Figure 12. Table 3 shows the EDS
of Fe3C in the yellow box in Figure 12. Figure 13a illustrates the rod-like Fe3C near the
grain boundaries observed using TEM in the air-cooled state, while Figure 13b displays the
spherical Fe3C near the grain boundaries observed using TEM in the water-cooled state.
This process helps avoid the occurrence of the second type of temper embrittlement or
eliminates already-formed temper embrittlement.
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Figure 12. Microstructure with points of intergranular particle analyzed with EDS (see results in
Table 2).

Table 3. EDS analysis results of position in Figure 9.

Element Mass Fraction/%
C 6.91
Cr 2.09
Ni 3.52
Fe Bal.

Figure 13. (a) Air-cooled and (b) water-cooled TEM characterization of Fe;C.

3.3. Influence of Cooling Rate on M/B Microstructure

The samples after two tempering cooling methods were characterized using EBSD,
and quantitative analysis of the BCC phase was performed. Based on the BC values from
the Kikuchi model and using Gaussian multi-peak fitting, the fraction distribution of
martensite and bainite was analyzed [21-23]. The thresholds for differentiating martensite
and bainite were set in the Gaussian plot by intersecting the Gaussian curves, as shown
in Figure 14. Combining the BC plot to calculate the proportions of each phase, Table 4
indicates that in the microstructure of the air-cooled sample after tempering, martensite
occupies approximately 60 vol%, and bainite occupies about 40 vol%. After tempering and
water cooling, the microstructure comprises approximately 67% martensite and 33% bainite.
Research by Edwards suggests that the martensite-bainite mixed structure in medium-
carbon Cr-Ni-Mo-V steel exhibits good toughness. Additionally, when the martensite
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comprises <25% bainite on the martensite matrix, the toughness improves under the
same strength conditions. This is because when cracks propagate through the two-phase
structure, the different toughness of the phases causes a change in the direction of crack
expansion. The optimal microstructure state, where bainite accounts for close to 25% after
tempering and water cooling, leads to an improvement in toughness compared to the
air-cooled tempering state. This is attributed to the fact that during rapid tempering and
cooling, bainite forms before martensite, pre-dividing the grains and effectively refining
the grain structure, resulting in improved toughness.

Hl soivice R Miariensite Hl seivice
0.020 siiel
- = ] ' f
0.018 |- T R | .
Martensite il Bainite . 0.014 |- ar— I”'hl L “"Iq Bainite
g | . 'wml\HI I
T 0.012 |- '
20014 - || k- ' || I
£ Air Cooling | 1 5 Water Cooling |
20012 | £ 0.010 - J \
E | a5 ll
= | ] . ] \
5 0010 b ' S 0.008 | l' |
g I ’ | £ | ||\
g e \ l ' § 0.006 |- "‘l
=] J
Z 0006 |- 'I I |‘| |'
| | ] 0.004 |-
0.004 | | \
‘ H ‘“:h | ol | |J
0.002 | | ”“ ‘ _
I ] il | | | .
0.000 nl”"”” “"“H“”III\. 2 0-000(_0 "mmm”” 100 120 "‘l‘ 160 |' 200
w80 120 140 IS1I60 180 200 . 158
Band Contrast)

Band Contrast

Figure 14. (a) Distribution of martensite and bainite complex structures in air-cooled and (b) water-
cooled states.

Table 4. Quantitative and qualitative phase fraction of martensite/bainite via EBSD for TAC
and TWC.

Tempering Cooling Method Martensite Bainite
Tempering air cooling 60% 40%
Tempering water cooling 67% 33%

4. Conclusions

This study investigated temper embrittlement in medium-carbon alloy steel during the
production of large forgings, focusing on both mechanical properties and microstructural
aspects. The results can be summarized as follows:

1. After air-cooling tempering, the fracture surface is dominated by intergranular frac-
ture, while after tempering and water cooling, quasi-cleavage fracture is predominant.
The distribution of high- and low-angle grain boundaries shows minimal differences
between the two states. However, tempering and water cooling result in lower dis-
location density, and the improvement in toughness is related to the decrease in
dislocation density.
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2. The second type of temper embrittlement observed in medium-carbon alloy steel large
forgings during high-temperature tempering at 590 °C is attributed to the concentra-
tion of impurities near the grain boundaries, especially around Fe3C. Tempering and
water cooling suppress this segregation, thereby eliminating the already-occurring
temper embrittlement. At the same time, with an increase in tempering rate, the
morphology of FesC transforms from elongated rods to granular.

3. The impact toughness is higher after tempering and water cooling compared to
air-cooling tempering. The microstructure in both states consists of a mixture of
martensite and bainite. In the air-cooled state, martensite plates exist in the form
of long needles, while in the water-cooled state, the structure consists of uniformly
distributed martensite plates. The reduction in bainite content during tempering and
water cooling approaches the optimal ratio for martensite-bainite mixed structures,
contributing to the enhanced toughness.

4. For the reversible temper brittleness issue that occurs in large forgings, it can be
mitigated by using water cooling, i.e., increasing the cooling rate during tempering,
to enhance toughness. This method is applicable to large Cr-Ni-Mo-V forgings.
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Abstract: Vacuum induction melting in a refractory crucible is an economical method to produce
TiAl-based alloys, aiming to reduce the preparation cost. In this paper, a Sr,CeZrOy refractory
was synthesized by a solid-state reaction method using SrCO3, CeO; and ZrO, as raw materials,
and its interaction with TiAl alloy melt was investigated. The results showed that a single-phase
SryCeZrOg refractory could be fabricated at 1400 °C for 12 h, and its space group was Pnma with
a=>5.9742(3) A b= 8.3910(5) Aandc= 5.9069(5) A. An interaction layer with a 40pum thickness and
dense structure could be observed in SrpCeZrOg crucible after melting TiAl alloy. Additionally, the
interaction mechanism showed that the Sr,CeZrOy refractory dissolved in the alloy melt, resulting in
the generation of Sr3Zr,Oy, SrAl,O, and CeO,_y, which attached to the surface of the crucible.

Keywords: SrpCeZrOg; refractory; induction melting; TiAl alloys; interaction

1. Introduction

TiAl alloys have been considered as novel lightweight construction materials due to
their low density (approximately 4.0 g/cm?®) and high specific strength [1]. They have
the potential to replace heavier Ni-based superalloys, resulting in weight reduction and
enhancing the thrust-to-weight ratio [2,3]. Although TiAl alloys have substantial per-
formance advantages, their elevated production costs are a factor limiting their further
development [4,5].

Investment casting technology with induction skull melting (ISM) has been the com-
mercial method for the manufacture of TiAl alloy parts [6]. However, the implementation
of ISM significantly influences the ultimate cost of the casting products, which has con-
tributed to the elevated levels of casting rejections. This is because this method does not
easily achieve suitable superheating. In order to solve this problem, a suitable preheat
temperature for the casting mold should be used. This results in the occurrence of the
melt-mold interaction, and solidification defects are thus also introduced. Vacuum induc-
tion melting (VIM) of TiAl alloys using the refractory crucibles offers a viable approach to
attaining optimal superheating and reducing the production expenses. However, the key
problems are the selection of exceptionally stable and cost-effective refractory in crucible
manufacturing [7-10].

Until now, researchers have explored various oxide materials as refractory crucibles for
melting TiAl alloys, such as Y,O3 [11], CaO [12], ZrO; [13] and Al,O3 [14]. However, these
refractory materials applied for melting TiAl alloy also have shortcomings [15]. Toshimitsu
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demonstrated the feasibility of melting TiAl alloys in crucibles made of Y,0O3, ZrO,, and
Al,O5 [13]. Notably, the oxygen levels in the TiAl alloy were relatively low (0.12 wt.%)
using the Y,Oj3 crucible. In contrast, the absorption of oxygen from the ZrO, and Al,O3
crucibles occurred at a notably higher level (0.96 and 1.57 wt.%, respectively). Koichi’s work
presented that the oxygen concentration could be controlled at 0.1-0.13 wt.% with a holding
smelting time ranging from 5 to 20 min in the CaO crucible [16]. From a thermodynamic
perspective, Y03 and CaO had higher stability than that of Al;O3; and ZrO,. Thus, they
were more suitable for melting TiAl alloys. However, there are significant challenges
that need to be addressed before industrial-scale manufacture. For instance, Y,03 has
an inherent drawback of poor thermal shock resistance, and CaO exhibits a hygroscopic
nature [17,18]. Given these considerations, it becomes imperative to explore and develop a
new stable refractory for the melting of TiAl alloys.

Novel alkaline earth zirconate materials, such as Sr-Zr oxides, exhibit the essential
properties for melting titanium alloys. For example, SrZrO; was an attractive candidate
material due to its exceptional resistance to corrosion, especially in alkaline melts and
vapors [19]. Generally, compounds with perovskite ABXj structure are very well-known
inorganic materials. The A and B sites in perovskite materials possess the capability to
accommodate diverse metal cations, providing an avenue to regulate both the chemical
compositions and the properties of perovskite materials. Substituting elements on the
B sites can lead to the formation of double perovskite A;B'B”Oq compounds, where A
represents an alkaline-earth metal, and B’ and B” represent two different transition metal
elements. The positioning of B’ and B cations within the crystal structure can vary,
either occupying indistinguishable sites or distinct sites, contingent upon their charge and
ionic radii. Double perovskites exhibit a wide array of intriguing properties owing to
their diverse compositions and structures, prompting extensive investigations into their
structural characteristics [20]. In order to develop an Sr-Zr series perovskite oxide refractory
for melting titanium alloys, our group attempted to prepare a novel refractory by doping
rare earth elements, followed by evaluating their stability for melting titanium alloys [21].
The rare oxide such as CeO; has a high melting point (nearly 1950 °C). It is typically stable
at high temperatures, making it potentially useful in high-temperature applications, such as
in high-temperature lubricants or coating materials [22]. In this study, CeO, was introduced
into the preparation of the Sr-Zr oxide refractory. It could be considered that the Ce dopant
could replace the position of Zr elements in the Sr-Zr oxides. Thus, a double perovskite
structure Sr,CeZrQOy refractory was fabricated, and then its interaction with melting TiAl
alloys was investigated. Until now, there have not been any prior exploration into utilizing
SryCeZrOg refractory for preparing TiAl alloys.

In this paper, firstly, the manufacturing process involved the synthesis of a Sr,CeZrOg
refractory through a solid-state approach utilizing industrial-grade SrCO3, CeO, and ZrO,
raw materials. Subsequently, the formation of the Sr,CeZrOg crucible was achieved via
shaping and sintering. Utilizing XRD and SEM, the synthesized powders were analyzed to
ascertain the phase composition and microstructure. The structure of SrpCeZrOg refractory
was investigated through the Rietveld method. Subsequently, TiAl alloy was melted in the
SroCeZrQOg crucible, facilitating an exploration into the interaction between the TiAl alloy
and Sr,CeZrOy crucible, along with an investigation into the corresponding interaction
mechanism.

2. Experiment

SrCO3 (99.9%), ZrO; (99.9%) and CeO; (99.9%) raw materials were employed for the
preparation of a SrCeZrOg refractory according to the solid-state reaction. The XRD (Bruker
GADDS, Cambridge, MA, USA) patterns for the raw materials are shown in Figure 1.
The raw materials were accurately measured following a mole ratio of n(SrCOs3): n(ZrO,):
n(CeO,) = 2:1:1. Subsequently, they were subjected to ball milling (MD-2 L, Nanjing, China),
followed by drying at 120 °C for 12 h. Then, the discs with @20 mm x 3 mm were fabricated
at 120 MPa, holding for 2 min. Finally, the unfired discs were heat-treated at 1400 °C for 12 h.
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Figure 1. XRD patterns for the raw materials. (a) CeOy; (b) SrCOs; (c) ZrO;.

Prior to the phase analysis, the sintered discs were ground into powders and then
sieved through a 400-mesh sieve. XRD was used to analyze the phase structure of the
powders through Rietveld refinement via GSAS-II software (https:/ /subversion.xray.aps.
anl.gov/trac/pyGSAS). Microstructure analysis was carried out using scanning electron
microscopy (FEI Nova nano SEM450, Sydney, Austria).

The SrpCeZrOg refractory material underwent cold isostatic pressing to form crucibles
using a U-shaped steel mandrel measuring 3.5 cm in width and 4.5 cm in height. in
this shaping process, a pressure of 120 MPa was applied for a duration of 3 min. Then,
the crucible biscuits were sintered at 1700 °C and held for 4 h. The slow heating rate of
2 °C/min was carefully controlled to prevent the formation of cracks.

Our goal was to assess the interface stability between the Sry,CeZrOg refractory and
the TiAl alloy melt. Before the melting experiment, a TiAl master alloy with an equimolar
ratio was prepared using Al pellets (>99.99%) and sponge Ti (>99.9%) in a water-cooled
copper crucible. In the VIM furnace, the space surrounding the crucible was filled with
Al,O3 ramming mass. Then, the master alloy was inserted into the crucible. The furnace
chamber was evacuated to 10~2 mbar. The high-purity argon gas was backfilled into the
chamber at least three times. This effectively prevented oxygen contamination during the
melting. As the molten alloy became visible, high-purity argon gas was reintroduced, and
the temperature was slowly raised to 1600 °C and maintained for 5 min. Then, the alloy
melt was allowed to cool in the crucible. X-ray diffraction was used to analyze the crucible
surface in order to examine the interaction products between them. The interaction behavior
was investigated after the fabrication of the samples using a buzz saw. Selected sections
underwent examination using a digital microscope (VHX-1000). Interaction analyses for
the microstructure were conducted using a scanning electron microscope with an energy
dispersive spectrometer (EDS).

3. Results and Discussion
3.1. Synthesis of SroCeZrOg Powder

Figure 2 shows the powder synthesized using SrCOj3, CeO, and ZrO; after sintering
at 1400 °C for 12 h. The sintered powder exhibited a significant sintering phenomenon,
as shown in Figure 2a. After the crushing process, the edges of the powder were dis-
tinct, indicating that this synthesized condition was sufficient for preparing this refractory.
Figure 2b depicts the backscatter electron (BSE) image from Figure 2a. It can be seen that the
synthesis degree of this compound was good. Furthermore, chemical element mapping of
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Sr, Ce, Zr, and O was carried out (Figure 2b—f). The uniform distribution of these elements
is evident, showing no signs of accumulation or segregation.

Figure 2. (a) The SEM pictures of synthesized powder after maintenance at 1400 °C for 12 h;
(b—f) EDS elemental mapping pictures of Sr L&, Ce L&, Zr L& and O K.

To further confirm the crystal structure of Sr,CeZrOy, the XRD pattern of the sintered
powder was refined by the Rietveld method. The Rietveld refinement of the XRD data
of the powder in the 26° angle 10~120° is shown in Figure 3. Indexing of the XRD spec-
tra by Jade 6.0 program revealed that Srp,CeZrOg had a similar peak pattern to SrCeOs
(Pnma 62). Therefore, the XRD data of the Sr,CeZrO4 sample were refined using the
orthogonal structure Pnma space group. In this structural model, Sr atoms occupied the 4c
position at coordinates (0.45, 025, 0), while both Ce and Zr atoms occupied the 4a position (0,
0, 0) with an equal occupancy of 0.5:0.5. O atoms were positioned at 4c (0, 0.25, 0) and 8d (0,
0, 0.2). Figure 3 illustrates the refined structural model of the Sr,CeZrOg. The experimental
intensity (depicted by the green dotted line) of the Sr,CeZrOg coincided with the simulated
intensity (shown as the red continuous line). The lattice constants were a = 5.9742(3) A,
b =8.3910(5) A, ¢ =5.9069(5) A, respectively, with a unit cell volume of 296.11(6) A3 using
the least-squares method. The reliability factors Rwp and GOF stood at 8.94% and 1.57,
respectively. This indicated that the Rietveld refinements were conducted at a reasonably
high standard. Table 1 outlines the refined structural parameters of the SrpCeZrOg.

Table 1. Refined structural parameters of Sr,CeZrOg by Rietveld refinement of the orthorhombic
structure in the Pnma space group (No. 62).

Atom  Wyckoff Position X y z Site Occ Biso
Sr 4c 0.46569 0.25000 —0.00795 1.0000 0.1780(7)
Ce 4a 0.00000 0.00000 0.00000 0.5000 0.00805(2)
Zr 4a 0.00000 0.00000 0.00000 0.5000 0.00810(2)
(@) 4c 0.02400 0.25000 0.09200 1.00000 0.03900(2)
(@] 8d 0.02874 —0.04360 0.20730 1.00000 0.02960(3)

Crystal structure: orthorhombic; space group (No. 62): Pnma, a = 5.9742(3) A, b= 8.3910(5) A, c= 5.9069(5)
A, volume of unit cell = 296.11(6) A3; Rwp = 8.94%, GOF = 1.57, bond lengths (A): Sr—O = 2.9809(5) A x 12,
(Sr/Zr)-O =2.8639(3) A x 6.
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Figure 3. Experimentally observed (dots), Rietveld-calculated (continuous line), and difference
(continuous bottom line) profiles for SrpCeZrOg after Rietveld analysis for the XRD data using the
Pnma space group. The vertical tick marks above the difference plot showed the Bragg peak positions.

3.2. Phase Constitution of SryCeZrOg Crucible

The SEM picture of the SroCeZrOy crucible surface after sintering at 1700 °C and
holding for 4 h is shown in Figure 4. The backscatter electron (BSE) picture in Figure 4a
showed that the crucible consisted of a single phase. The sintering process of the crucible
was undertaken in a silicon molybdenum rod furnace with an air atmosphere. During the
prolonged calcination process, substances inside the furnace lining could volatilize and
deposit on the surface of the crucible, resulting in the formation of some impurities. Table 2
indicates the EDS results of spots 1 and 2. It can be seen that the grains in the crucible
surface consisted of Sr, Ce, Zr and O elements, which was consistent with the theoretical
ratio. The XRD pattern in Figure 4b shows that only the Sr,CeZrOg phase could be detected
on the crucible surface, confirming the analysis in Figure 4a.

(b) , “

Sr,CeZrO,

Intensity (a.u.)

2-Theta (°)

Figure 4. (a) The SEM picture of Sr,CeZrOg crucible surface; (b) XRD pattern of the crucible surface.

Table 2. EDS results of spots 1 and 2 in Figure 4a.

Element at%

Sr Ce Zr (@)
Spot 1 13.99 8.56 7.53 69.92
Spot 2 17.36 6.97 7.15 68.52

3.3. Interfacial Interaction

The macroscopic picture of the cooled alloy and the crucible is shown in Figure 5.
Evidently, the alloy was separated from the crucible matrix. In the process of the melting,
the alloy with its high chemical activity was able to permeate into the crucible refractory,
resulting in the generation of a black area (contact layer). Due to the rapid heating rate
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during the melting process, some cracks were generated. In the future, decreasing the
heating rate should be considered in order to reduce the occurrence of cracks. Additionally,
the integrity of the crucible was not changed. The detailed analysis is described below.

Figure 5. The macroscopic picture of the TiAl alloy cooled in Sr,CeZrOy crucible.

The macroscopic pictures of the cross-sections of the crucibles before and after melting
are shown in Figure 6. Before the melting, the crucible displayed a glossy yellow sheen,
and the inner wall of the crucible was flat, as shown in Figure 6a. From Figure 6b, it can be
seen that the crucible exhibited a black-gray color. Additionally, there was no significant
erosion layer observed.

(@ruciblefmatring

Figure 6. Macroscopic pictures of the crucibles: (a) before the melting, (b) after the melting.

Figure 7 shows the microstructure of the crucible surface before and after the melting.
As shown in Figure 7a, a smooth surface could be observed before the melting, and the
boundaries were obvious. However, after the melting, the crucible surface appeared
uneven, and the grain boundaries had disappeared. Evidently, during the melting, the
crucible surface corroded. Figure 7c shows the magnified picture of area A in Figure 7b.
A combination of block and strip grains appeared on the crucible surface, as shown in
Figure 7c. Table 3 exhibited that the grains with the block shapes consisted of Sr, Zr, Ce and
O elements. The XRD pattern for the crucible surface in Figure 7d shows that it consisted
of Sr3Zr,07, CeOy_y and SrAl,O4 phases. This can be elucidated in conjunction with the
suggested interaction model outlined below.
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Figure 7. (a) SEM pictures of the crucible surface before melting; (b) SEM pictures of the crucible
surface after melting; (c) the magnified picture of area A in (b); (d) XRD pattern of the crucible surface
after melting.

Table 3. EDS results of spots 3-7 in Figure 7.

Element at%

Sr Ce Zr (6] Al Ti
Spot 3 19.50 9.30 1.95 40.12 26.02 3.11
Spot 4 13.84 13.94 2.61 57.14 11.99 0.48
Spot 5 24.34 1.32 16.07 55.03 3.12 0.12
Spot 6 10.04 6.97 2.05 65.72 14.10 1.12
Spot 7 11.28 7.81 2.16 62.75 13.84 2.16

The SEM pictures of the cross-section of the crucibles before and after melting are
shown in Figure 8. As shown in Figure 8a, the inner wall of the crucible was flat, and some
pores were observed in the crucible matrix. EDS results in Table 4 show that the crucible
matrix (spots 8 and 9) consisted of an Sr,CeZrO4 phase. After melting, an interaction
layer (~40 um thickness) and dense structure could be observed in the crucible, as shown
in Figure 8b. EDS results indicated that the crucible matrix (spot 10) exhibited a different
elementary composition from the interaction layer (spots 11 and 12). As shown in Figure 8d—f,
there was a large number of Al elements, which were enriched in the interaction layer.
Additionally, the Zr elements exhibited a clear downward trend in the interaction layer in
comparison with those in the crucible matrix. It can be concluded that a movement of Al
and Zr elements occurred during the interaction between them. Actually, because of the
similar structures of the Zr and Ti elements, both of them exhibited excellent compatibility,
resulting in the easy dissolution of Zr elements into the alloy melt. From the analysis in
Figure 7, it can be seen that the Al reacted with the decomposed refractory to generate
SrAlyOy, resulting in the enrichment of Al elements in the interaction layer. Additionally,
there were essentially no Ti elements, which were residual along the crucible sidewall.
This indicated that this refractory exhibited a good non-wettability during the alloy melts,
consistent with the analysis in Figure 7c.
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Figure 8. Map scanning image of the sidewall of the crucible before and after melting of the alloy;
(a) the cross-section of the crucibles before melting; (b) the cross-section of the crucible after melting;
(c) the combination of all elements in (b); (d—i) the EDS element mapping images for Sr, Ce, Zr, O, Zr
and Ti.

Table 4. EDS results of spots 8~12 in Figure 8.

Element at%

Sr Ce Zr (@) Al Ti
Spot 8 19.86 11.31 10.44 58.39 / /
Spot 9 20.27 10.83 10.86 58.04 / /
Spot 10 21.61 10.57 11.49 56.33 / /
Spot 11 10.53 26.40 3.68 59.39 / /
Spot 12 20.46 3.94 14.48 57.02 4.10 /

The detailed electronic states of the constituent elements in the interaction layer were
characterized by X-ray photoelectron spectroscopy (XPS) measurements, as shown in
Figure 9. It can be seen that the valence states of Sr and Zr were both in the positive
tetravalent state, corresponding to the valence states in SrTiO; and ZrO,, respectively.
However, the coexistence of Ce*" and Ce®" was observed in this layer. This indicates
that there was non-stoichiometric CeO, in the interaction layer (i.e., CeO,_y). Evidently,
the interaction between the refractory and the alloy melt caused the phase change in the
interaction layer. The detailed interaction mechanism is described next.

Figure 10 illustrates the dependence of AG? vs. the temperature for the formation
of TiO,, TiO, Al,O3, CeO, ZrO,, SrO and Sr3Zr,Oy, according to results obtained from
the HSC software (Version 6.1). The Gibbs free energy of Srp,CeZrOg was not confirmed.
Because no interaction products, such as TiO, and TiO, could be detected (see Figure 7d), it
can be concluded that the interaction mechanism between them was still the dissolution of
the crucible refractory in the alloy melt. The dissolution Equation (1) is described below:

2S1,CeZrOg + Ti ™2 SO + Sr3Z1r, Oy + 2Ce0, (1)
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Figure 9. High-resolution X-ray photoelectron spectroscopy (XPS) spectra of Cls, Sr3d, Ce3d and
Zr3d for the interaction layer.
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Figure 10. Gibbs free energy for the formation of TiO,, TiO, Al,O3, CeO, ZrO,, SrO and Sr3Zr,0;.

From Figure 10, it can be seen that the decomposed product of Sr3Zr,O; exhibited a
better stability than that of TiO, and TiO. Thus, due to the high chemical activity of the
TiAl alloy melt, it further dissolved in the alloy melt, leading to the generate of SrO and the
solution of Zr and O elements into the alloy melt. Additionally, CeO, exhibited a worse
stability than that of TiO. It reacted with the alloy melt, resulting in the generation of TiO.
However, this reaction occurred along the solid-liquid interface, and the Ti melt exhibited
a relatively high solubility with the O elements. Thus, no TiO could be detected in the
crucible. The Equations (2) and (3) were showed as follows.

Sr3Z1,07 "B Sr0 + [Z1] + [O] @)

CeOs + Ti "B Ti[O] + CeO,_y 3)
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As the O elements dispersed along the interface between the crucible and the alloy
melt, it further combined with the Al elements to generate Al,O3 products. Then, Al;O3
reacted with SrO, resulting in the generation of SrAl,Oy4. The reaction Equations (4) and (5)

are presented below.
in melt

[O] + [Al] "= [ALO3] (4)
SrO + ALO; "B 5rALO, (5)

4. Conclusions

In this study, a novel perovskite SrCeZrOg refractory was synthesized using the
solid-state method. The interaction of the SrCeZrOg refractory with a TiAl alloy melt was
investigated. Conclusions were obtained as follows:

(1) The pure compound Sr,CeZrOg was successfully synthesized by a solid-state reaction
after sintering at 1400 °C for 12 h. The Sr,CeZrOg phase showed Pnma space group
symmetry with a = 5.9742(3) A, b = 8.3910(5) A, ¢ = 5.9069(5) A.

(2) The SryCeZrOg refractory crucible maintained an intact shape after contacting with
the TiAl alloy melt, and the thickness of the interaction layer was about 40 um.

(3) The SrpCeZrOg refractory decomposed into Sr3Zr,O7, SrAl;O4 and CeO,_y. The
products were generated by the dissolution of the SrpCeZrOg refractory in the alloy
melt, which was the main factor responsible for the interaction mechanism between
them. This study provides some theoretical guidance for the development of new
refractory materials for melting titanium alloys in the future.
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Abstract: In this study, we investigate the dissolution behavior of eutectic carbides in heavy forg-
ings. High-temperature diffusion treatment was conducted on 35Cr3Ni3MoVW2 (MoVW2) and
35Cr2Ni3MoV (MoV) steels at 1230 °C for a duration ranging from 0 to 100 h. The dissolution of
eutectic carbides and its effects on the microstructure and hardness of the steels were characterized
and analyzed via SEM+EBSD, Image], and Thermo-Calc. The results show that the coarse eutectic
carbides in both steels gradually dissolved. The distribution and morphology tend to be uniform
and spherical, respectively. For holding 50 h, the hardness of both steels significantly exhibited
an increasing trend, and it was attributed to the combined effects of solid solution strengthening.
Thermodynamic calculations indicated that the higher W content in MoVW2 steel promoted the
precipitation of MgC eutectic carbides. Moreover, both MoVW2 and MoV steels exhibited the precipi-
tation of MyCj5 eutectic carbides in the final stage of solidification, facilitated by the enrichment of C
and Cr in the liquid steels.

Keywords: heavy forging; high-temperature diffusion; Cr-Ni-Mo-V alloy steel; eutectic carbides; hardness

1. Introduction

Heavy forgings are widely used in fields such as nuclear power rotors and high-
pressure vessel equipment. They are the foundational parts of significant technological
equipment, and the quality is an important indicator for evaluating China’s manufacturing
level [1]. To date, the heavy forgings used in high-end equipment have been made from
Cr-Ni-Mo-V alloy steels. However, due to the large size of these forgings, the uneven
temperature distribution can cause the formation of carbon-rich regions and areas enriched
with alloy elements during the final solidification. Thus, it could further cause the formation
of eutectic carbides [2]. Generally, the carbide, which acts as an important alloy phase, can
directly influence the high-temperature strength and heat resistance of alloy steels through
quantity, morphology, size, and distribution [3]. Coarse eutectic carbides not only disrupt
the continuity of the steel matrix but also facilitate the formation of cracks, thereby reducing
the workability and usability of alloy steel [4,5]. Therefore, it is important to investigate the
characteristics of carbides in steel forgings as well as the controlling factors.

Recently, researchers conducted several studies on how to control the formation of
eutectic carbides in alloy steels. A study by Zhang et al. revealed that M;C; eutectic
carbides could be refined by adjusting the sequence of Nb and Ti additions and optimizing
the element distributions in (Nb,Ti)C [6]. Li et al. showed that it was possible to obtain
eutectic carbides with smaller size and more uniformly dispersed distribution by increasing
the solidification cooling rate [7]. Qu et al. revealed that the morphology of eutectic
carbides could be refined by using rare-earth metals [8]. By comparison with techniques
such as adjusting steel smelting processes and compositions, high-temperature diffusion

Materials 2023, 16, 6763. https:/ /doi.org/10.3390/mal6206763 86

https://www.mdpi.com/journal /materials



Materials 2023, 16, 6763

treatment could be considered as an effective way to reduce the content of eutectic carbides
and improve the thermal-processing performance of steels. This is primarily because this
treatment did not alter the alloy composition or production procedures [9].

High-temperature diffusion treatment for alloy steels was primarily influenced by
heating temperature and holding time. A study revealed that a suitable heat-treatment
temperature for carbon steels and alloy steels was about 1100~1200 °C and 1200~1300 °C,
respectively [10]. Also, increasing the heat-treatment temperature was more effective at
improving structural uniformity and reducing eutectic carbides than extending the holding
time [11]. Previous studies only focused on the effect of the heating temperature on the
diffusion processes for eutectic carbides. There are very few investigations into the holding
time [12,13]. Therefore, the effect of the holding time on eutectic carbides in alloy steels still
requires in-depth theoretical and experimental research.

In this study, the effect of high-temperature diffusion time on the microstructure and
hardness of as-forged Cr-Ni-Mo-V alloy steels was studied, and the precipitation behavior
of the eutectic carbides was also investigated using Thermo-Calc v2015a software. The
aim is to reduce the eutectic carbides in the steels and enhance their high-temperature
performance. The findings provide a valuable reference and guidance for the industrial
production and utilization of alloy steels.

2. Materials and Methods

The experimental Cr-Ni-Mo-V steels were obtained from industrial productions of
heavy forgings. The chemical compositions of the steels were 35Cr3Ni3MoVW?2 (referred
to as MoVW2) and 35Cr2Ni3MoV (referred to as MoV), as shown in Table 1. After forging,
the steels were subjected to high-temperature diffusion annealing at 1230 °C for 0, 10, 20,
30, 50, 70, 80, and 100 h, separately. Then, the steels were cooled in the air. The steel
specimens were sectioned using a cutting machine (Biaole Abrasimet M, Buehler, Lake
Bluff, IL, USA), polished using the abrasive papers, and subsequently etched in a solution
of nitric acid and ethanol (with a nitric acid concentration of 4 wt.%) for a duration of
10 to 15 s. Simultaneously, 10 mm x 10 mm x 5 mm samples were taken, and vibratory
polishing was performed using 0.02 um colloidal silica suspension for microstructural
analysis (EBSD) (Bruker QUANTAX EBSD 400i e-Flash®S, Bruker, Billerica, MA, USA). This
analysis was further complemented with AZtecCrystal v2.1 software for post-processing
orientation relationships within the microstructure.

Table 1. Chemical composition of the two Cr-Ni-Mo-V experimental steels (mass fraction, %).

Sample C Ni Mo v W Nb Ti Al Fe
MoVW2 0.33 3.20 0.62 0.35 2.20 0.028 0.010 0.026 Bal.
MoV 0.36 3.12 1.10 0.22 / / 0.003 0.018 Bal.

The metallographic microstructure of the steel specimens was observed using an
upright fully automated metallurgical microscope (Carl Zeiss Axio Imager.M2m, Carl
Zeiss, Jena, Germany), while the microstructural morphology was examined using a field
emission scanning electron microscope (FEI Apreo 25 HiVac, Thermo Fisher Scientific,
Waltham, MA, USA). The Image] 1.53¢ software was employed for statistical analysis of
the volume percentage and diameter dimensions of the eutectic carbides in the steels (with
20 observations of 5000 x fields for each sample). The hardness of the steels was detected
using a semi-automatic Brinell hardness tester (Wilson WHBH3000, Bruker, Billerica, MA,
USA) with 750 kg load. Additionally, Thermo-Calc thermodynamic software using the
Scheil model was utilized to investigate the precipitation behavior of eutectic carbides in
the steels after the non-equilibrium solidification.
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3. Results and Discussion

Figure 1 shows the microscopic images of MoVW2 and MoV steels after holding at
1230 °C for 0, 50, and 100 h. From Figure 1a,b, it can be seen that the average diameter
of the eutectic carbides in MoVW2 and MoV steels were 14.25 and 8.57 um after holding
for 0 h, and the eutectic carbides in the steels exhibited an uneven distribution and irreg-
ular shapes. As the holding time increased to 50 h, the morphology of eutectic carbides
transformed into a chain-like or block-like structure, and its sizes exhibited a decrease
trend, as shown in Figure 1c,d. It was for this reason that the heat treatment for the steels
could cause the dissolution of eutectic carbides. Upon extending the holding time to
100 h, the average diameter of the eutectic carbides in MoVW2 and MoV steels was 5.02 and
5.44 pm, respectively. Additionally, the coarse chain-like or block-like eutectic carbides
were mostly eliminated and transformed into a spherical shape, as shown in Figure le f. A
study by Mao showed that the spherical carbides had a minor impact on the properties of
the steels [14]. It indicated that a long holding time for the steels contributed to the dissolu-
tion of the carbides and reduced the effects of large-sized and irregular eutectic carbides on
the steels.

Figure 1. SEM images of eutectic carbides in MoVW2 and MoV steels after holding at 1230 °C for 0,
50, and 100 h. (a,c,e) MoVW?2, 0, 50, 100 h; (b,d,f) MoV, 0, 50, 100 h.

Figure 2 shows the SEM images of MoVW2 and MoV steels after holding at 1230 °C
for 0 h, 50 h, and 100 h. From Figure 2a,b, it can be seen that the carbides in MoVW2 steel
exhibited a uniformly distributed granular pattern after holding for 0 h. However, in MoV
steel, the carbides exhibited an irregular shape and uneven distribution. After holding
for 50 h, the original austenite grains were coarse, and they could suppress the nucleation
of the ferrite. Additionally, a small amount of bainite could also be observed during the
cooling [15,16]. From Figure 2c,d, it can be seen that the size of the grains in the steels
increased with the increasing holding time, and the carbides along the grain boundaries
gradually disappeared. It was for this reason that the dissolution of carbides weakened the
pinning effect on the grain boundaries, facilitating the growth of grains. As the holding
time increased to 100 h, it was difficult to observe the carbides, indicating that they were
mostly completely dissolved, as shown in Figure 2e f.
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Figure 2. SEM images of MoVW2 and MoV steels after holding at 1230 °C for 0, 50, and 100 h.
(a,c,e) MoVW2, 0, 50, 100 h; (b,d,f) MoV, 0, 50, 100 h.

Figure 3 shows the inverse pole figure (IPF) of MoVW2 and MoV steels for holding at
1230 °C for 0 and 100 h. From Figure 3a, it can be seen that grain A had a (101) orientation,
and other grains had a relatively single orientation. After holding for 100 h, multiple
orientations appeared, because the small grains were absorbed by the large grains during
the high-temperature diffusion process, resulting in the grain coarsening, as shown in
Figure 3b [17]. Apparently, the growth rates of various grains were uneven, resulting in the
appearance of mixed crystallization [18]. Additionally, a long holding time was effective in
the generation of a fine needle-like and disordered microstructure in the steels.

100um B

Figure 3. IPF images of MoVW2 and MoV steels after holding at 1230 °C for 0 and 100 h.
(a,b) MoVW2, 0, 100 h; (c,d) MoV, 0, 100 h.

Figure 4 illustrates the variation in volume percentage of eutectic carbides in MoVW2
and MoV steels for different holding times. The alloy element content in MoVW2 and MoV
steels, separated from the C content, was 9.444% and 6.281%, respectively, as indicated in
Table 1. Thus, it can be seen that the volume percentage of eutectic carbides in MoVW?2
steel was higher than that in MoV steel. Additionally, the volume percentage of the eutectic
carbides in both steels exhibited a decreasing trend with the increasing of holding time
from approximately 0 to 80 h. The augmented migration rate of carbon and alloy elements
was attributed to the prolonged holding time, which could promote the dissolution of
the carbides. After holding for 80 h, the volume percentage of eutectic carbides in both
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steels was about 0.40%, which indicated that the content of eutectic carbides in both steels
was relatively low at this holding time. In this regard, there was a slight difference in
the variation in carbides between MoVW2 and MoV steels. In MoVW2 steel, the volume
percentage of eutectic carbides was decreased from 3.31% to 1.50% after holding for 0~30 h,
and then slightly increased by 0.10% after holding for 50 h. With the increase in holding
time, the volume percentage of eutectic carbides was decreased to 0.38% after holding for
100 h. For MoV steel, the volume percentage of eutectic carbides also exhibited a decreasing
trend, and it was decreased from 1.18% to 0.47% after holding for 0~100 h.
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Figure 4. Change curve of volume fraction for the eutectic carbides.

Figure 5 shows the variation in Brinell hardness values with different holding times
for MoVW2 and MoV steels. It can be seen that the hardness of MoVW?2 steels increased
from 286 to 524 HBW after holding for 0~10 h. During the heat treatment, the diffusion
of carbides into MoVW2 steel matrix could cause the solid solution strengthening and the
reduction of eutectic carbides, which was effective at increasing the hardness. After holding
for 20~80 h, the hardness of the steels became stable. This was because the strengthening
effect and the dissolution of carbides reached a dynamic balance. However, after holding
for 100 h, the hardness rapidly decreased to 300 HBW, due to the grain coarsening and
the decrease in the volume percentage of eutectic carbides. In addition, the hardness of
MoV steel exhibited the same changing trend as MoVW?2 steel. However, it had a higher
hardness than that of MoVW?2 steel, which was attributed to the higher content of W and
Cr elements. The W element was effective at solid solution strengthening, and it could be
combined with the C element to form different types of secondary carbides. It could hinder
the movement of the dislocations and improve the performance of the steels [19]. Also, the
Cr element contributed to the hardness of M7C3 carbides [20,21]. Conversely, the presence
of bainite in MoV steel could reduce its hardness. Therefore, in the initial stage of holding,
both steels exhibited a significant increase in hardness due to the dissolution of eutectic
carbides and solid solution strengthening from secondary carbides. With the increase in
holding time, the grain sizes were increased, resulting in less significant changes in the
hardness. After holding for 50 h, the hardness was generally higher, which indicated that a
long holding time was not unfavorable to the improvement of the hardness of the steels.
In addition, the consumption of alloying elements by eutectic carbides could weaken the
strengthening effect and reduce the precipitation-strengthening effect of eutectic carbides,
resulting in a decrease in matrix strength and a noticeable decrease in hardness.
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Figure 5. Variation in hardness for MoVW2 and MoV steels at different holding times.

The researchers lacked a shared comprehension of the structure and reaction mecha-
nism involved in the precipitation of eutectic carbides during the solidification of molten
steel. However, it was generally believed that the eutectic carbides were formed near the
endpoint during the solidification, and the formation of the composition of eutectic carbides
had different phase constitution. Thus, Thermo-Calc software was utilized to investigate
the non-equilibrium solidification phase diagrams in MoVW2 and MoV steels, as shown in
Figure 6. The solidification sequence of MoVW?2 steel is shown below:

L —L+vy-Fe — L +vy-Fe + MgC — L + y-Fe + MgC + MC — L + y-Fe + MgC + MC + M;C3
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Figure 6. Solidification diagram of MoVW2 and MoV steels and elemental mass fraction in liquid
phase as a function of temperature. (a,c) Nonequilibrium property diagrams of MoVW2, MoV;
(b,d) Mass fraction of elements in liquid phase of MoVW2, MoV.
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Apparently, during the solidification process, MgC, MC, and M;C3 eutectic carbides
could be precipitated from the liquid phase at the solidification front. In addition, the
solidification sequence of MoV steel is shown as follows:

L —L+vy-Fe — L +vy-Fe + MC — L + y-Fe + MC + M;C;

During the solidification process, MC and M;C3 eutectic carbides could be precipitated
from the liquid phase at the solidification front. Generally, MC eutectic carbides are carbides
enriched in V, Ti, or Nb, and MC eutectic carbides contain a large amount of Mo, Fe, and
W, and small amounts of V and Cr elements. M;C3 eutectic carbides contain a large amount
of Cr and Fe, and small amounts of V and Mo elements.

Figure 7 shows the element-mapping analysis for the eutectic carbides. Through the
EDX analysis of eutectic carbides after a long holding time, the atomic mass fraction of each
element of the eutectic carbides of MoVW?2 steel and MoV steel was obtained. It can be seen
that the content of each element is different after the diffusion and dissolution of eutectic
carbides. From Figure 7, it can be seen that the eutectic carbides in MoVW2 steel were
enriched with Cr, V, Mo, and W elements, confirming that it was easy to form composite
eutectic carbides such as MC, MgC, and M;C3. Additionally, the eutectic carbides in MoV
steel were enriched with Cr, V, and Ti elements, belonging to composite eutectic carbides
of MC and M;C;. During the early stage of solidification, the amount of C, Cr, Mo, V,
and W elements in the liquid phase could be increased with the decreasing temperature
due to the precipitation of MgC and MC eutectic carbides, along with the dissolution of a
certain amount of Cr, Mo and other elements. The concentration of Mo elements exhibited
a relatively stable condition during solidification; however, the concentration of Ni element
was decreased due to the precipitation. The concentration of Al elements in the liquid
phase were relatively low, and its variation trend was not significant.

(b)

Mass %(norm)
R EHOND
“ Cr:1.05
" Ti: 30.41
V:6.13

Figure 7. EDS element-mapping images for eutectic carbide: (a) MoVW2; (b) MoV.

The mass fractions of Fe and W elements in MoVW2 steel exhibited completely
opposite trends. This could be because the W element was relatively stable during the early
stage of solidification. As the solidification was carried out, the concentration of W element
decreased due to the precipitation of MgC-type eutectic carbides containing W. During the
prolonged solidification process of large-sized castings, the W element settled to the bottom
of the liquid steel, resulting in its enrichment and providing compositional conditions for
the formation of MC carbides [22].

The high content of C and Cr in the liquid steel could promote the precipitation of
CryCj3 eutectic carbides. However, it could consume a large amount of alloying elements.
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Generally, the formation of MC carbides in steel was related to its purity. In the production
process, there were small amounts of alloying elements such as V, Nb, and Ti, making the
formation of (V, Nb, Ti) (C,N) eutectic carbides quite probable. Additionally, MC carbides
often acted as heterogeneous nucleation sites, promoting the nucleation and refinement of
M;C3 eutectic carbides’ size [23-25].

4. Conclusions

1.  After high-temperature diffusion at 1230 °C for 0~100 h, the volume percentage of
eutectic carbides in MoVW2 and MoV steels gradually decreased. Extending the
holding time aids carbide dissolution, leading to a spherical shape and reducing the
impact of large, irregular eutectic carbides on the steel. In MoVW?2 steel, the volume
percentage of eutectic carbides decreased from 3.31% to 0.38%, while in MoV steel, it
decreased from 1.18% to 0.47%.

2. The hardness of both MoVW2 and MoV steels was relatively high after holding for
50 h, with MoVW2 steel at 524 HBW and MoV steel at 488 HBW. This was attributed
to the solid solution strengthening caused by the dissolution of carbides and the
decrease in eutectic carbides. However, after holding for 80~100 h at 1230 °C, the
weakening of precipitation strengthening and grain coarsening could significantly
result in a decrease in the hardness of both steels.

3. The high W content could promote the precipitation of MgC-type eutectic carbides in
MoVW?2 steel. Additionally, due to the enrichment of C and Cr in both MoVW2 and
MoV steels, the preferential precipitation of M;Cs eutectic carbides occurred in the
final stage of solidification from the liquid steel.
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Abstract: Inconel 740H superalloy is commonly used in advanced ultra-supercritical power plants
since it possesses excellent strength and creep resistance. This study investigates the microstructure
and mechanical properties of Inconel 740H superalloy fabricated using wire-arc additive manufac-
turing. The as-printed microstructure consisted of columnar y grains with the Laves phase and
(Nb, Ti)C carbides as secondary phases. The anisotropy in grain structure increased from the bottom
to the top regions, while the hardness was highest in the middle portion of the build. To guide
the post-heat treatment design, thermodynamic and kinetic simulations were employed to predict
the temperature and time. Complete recrystallization with the Laves phase dissolution occurred
throughout the build after homogenization at 1200 °C for 2 h. The peak hardness was achieved after
aging at 760 °C for 12 h with the Mp3Cg carbides decorating the grain boundaries and y” precipitates
in the grain interior. The yield strength (655 MPa) and ductility (29.5%) in the post-heat treated
condition exceeded the design targets (620 MPa, 20%). Stress rupture tests at 750 °C showed that the
high-temperature performance was at par with the wrought counterparts. The fracture mode after
rupture was identified to be intergranular with the presence of grain boundary cavities along with
grain boundary sliding.

Keywords: CALPHAD; recrystallization; stress rupture; anisotropy; diffusion

1. Introduction

Inconel 740H is a vy’ strengthened Ni-base superalloy developed by Special Metals
Corporation [1], which is primarily used in advanced ultra-supercritical (AUSC) power
plants as superheater and reheater tubes that are subjected to high pressure (35 to 45 MPa)
and temperatures upto 800 °C. This material is suitable for high-temperature applications
owing to its excellent creep and oxidation resistance, as well as microstructure stability
and high strength at elevated temperatures [2]. This alloy is derived from its predecessor,
Inconel 740, with adjustments in the Al/Ti ratio to avoid the formation of a deleterious
1 (NizTi) phase during service [3]. Moreover, the reduction in the silicon, boron, and
niobium content in Inconel 740H compared to the parent alloy maximized the weldability
by decreasing the susceptibility to liquation cracking [4]. This alloy has been considered
a suitable candidate for several power generation applications, such as thermal power
plants with super-critical CO; [5] and concentrated solar power plants [6]. Inconel 740H
in its wrought form has been investigated to determine several critical properties such as
corrosion, oxidation, and fatigue resistance for its use in these applications [7-10].

To the best of our knowledge, no reports are available in the literature for the fabri-
cation of monolithic Inconel 740H superalloy by additive manufacturing. Since this alloy
possesses superior weldability and is available in wire form, it is a potential candidate to
be fabricated using wire-arc additive manufacturing (WAAM). WAAM is a directed energy
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deposition (DED) based additive manufacturing technique that uses a plasma or electric
arc to melt the wire feedstock for layer-by-layer deposition. This technique is capable of
fabricating large-sized components due to its high deposition rate and heat input. The
material costs are lesser than any powder-based DED process as the wire feedstock is
cheaper than metal powders [11]. However, the microstructure in the as-printed condi-
tion might not be suitable for high-temperature applications due to the anisotropy in the
matrix due to the columnar grains and lack of adequate strengthening precipitates, which
necessitates the design of a post-heat treatment. The standard post-heat treatment for
wrought Inconel 740H superalloy is homogenization at 1150 °C for 30 min followed by
water quenching and aging at 800 °C for 16 h [3]. The mechanical properties reported
for wrought Inconel 740H are yield strength of 724 MPa, ultimate tensile strength of 1066
MPa, and elongation of 28.1% [12]. Though a standard post-heat treatment is available for
traditionally manufactured Inconel 740H superalloys, it may not be suitable to apply them
for additively manufactured alloys due to the microstructure complexity owing to heating
and cooling cycles experienced during deposition as it has been demonstrated for several
other additively manufactured alloys [13,14].

To assess the feasibility of fabricating Inconel 740H superalloy using WAAM along
with the design of post-heat treatment, a systems design chart [15] was formulated that
links the processing steps, macro/microstructure, and target properties for good perfor-
mance, as shown in Figure 1. The effect of each processing step on the microstructure
and the influence of this resultant structure on the mechanical properties, as well as the
printability, is depicted concisely in this chart. A two-step post-heat treatment consisting
of homogenization to recrystallize the microstructure, relieve the residual stresses, and
dissolve the secondary phases, followed by aging to precipitate the strengthening phases
is essential for improving the properties. The intended microstructure of Inconel 740H
superalloy fabricated using WAAM after post-heat treatment will be a y matrix consisting
of v’ precipitates for strengthening and continuous M,3Cg carbides along the grain bound-
aries to enhance the creep resistance. MX (M = Ti, Nb; X = C, N) phase will act as pinning
particles to avoid excessive grain coarsening during homogenization. It is to be noted that
the design targets for the tensile properties were obtained from the ASME Code Case 2702,
which certifies Inconel 740H superalloys for service in AUSC power plants in 2011 [16].

PROCESSING STRUCTURE PROPERTIES
Aging Matrix tYIeIdth P
ﬁ « v (disordered FCC) 56’290"3% z
R
Homogenization Precipitates - F
» Y (ordered FCC) EIO:‘ZQ;ZIO“ (o)
ﬁ . Cr23C5 R
«  MX (M=Nb, Ti, X=C) M
WAAM Creep A
ﬁ Solidification resistance N

structure

Inconel 740H + Grain size C
wire * Cracks/Pores Printability E

Figure 1. Systems design chart for fabrication of Inconel 740H superalloy using wire-arc additive
manufacturing along with post-heat treatment. The microstructural features and desired mechanical
properties are listed.

The fabrication of Inconel 740H superalloy using WAAM has been explored for the
first time in this work. Since WAAM is capable of fabricating large builds, there is a need to
study the variation in the microstructure and properties along the build direction due to the
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difference in thermal history for the as-printed Inconel 740H superalloy. Thermodynamic
and kinetic simulations guided the design of the post-heat treatment, and its efficacy was
determined by evaluating the tensile properties in as-built and post-heat treated conditions.
This work will provide an understanding of the applicability of WAAM for fabricating large
builds of Inconel 740H superalloy and the mitigation measures required for improving the
mechanical properties.

2. Materials and Methods
2.1. Experimental Details

The composition (in wt.%) of Inconel 740H (denoted as 740H hereafter) superalloy
wire with 1 mm diameter as specified by the vendor (Special Metals Welding Products Co.,
Huntington, WV, USA) is listed in Table 1. The sample was built over a mild steel substrate
in Raytheon Technologies Development Centre with an ABB robotic WAAM system with
a plasma torch connected to a six-axis robot. An average voltage of 20.9 V, layer height
of 3 mm, and wire feed rate of 2.5 m/min was maintained throughout the deposition
of 50 layers of 740H superalloy. Argon gas with a flow rate of 1.2 L/min was used for
producing plasma and shielding the welding torch. The wire feed angle was maintained
as 30° and a 12 mm distance was maintained between the torch and the build. An overall
deposition rate of 0.9 kg/h was maintained throughout the deposition. The substrate
temperature was maintained at 100 °C before the start of the deposition. A higher current
(220 and 200 A) and lower travel speed (3.5 and 4 mm/s) was used for the first and second
layers to ensure good adhesion with the substrate. Subsequently, a constant current of
166 A and travel speed of 5 mm/s was employed from the 3rd to 50th layer to complete the
build. A square raster or lawnmower-type fill pattern with a width of 16 mm and step-over
of 3 mm was used for the deposition of all the layers to achieve high stability of the melt
pool without any bulging, sagging, or overflow. The dimensions of the final deposit are
180 mm in length, 24 mm in width, and approximately 100 mm in height, as shown in
Figure 2a. A two-step post-heat treatment consisting of homogenization and aging steps
was designed to improve the mechanical performance of the WAAM 740H superalloy. The
homogenization temperature and time were designed based on thermodynamic and kinetic
simulations (described in Section 2.2). After the application of the designed homogenization
heat treatment, aging time was further optimized with the aging temperature identified
from thermodynamic calculations.

The builds deposited using WAAM were sectioned along the build direction using
electric discharge machining (Mitsubishi MV2400S, Tatebayashi, Japan) to view the XZ
plane for further characterization. As shown in Figure 2b, the extracted sample was divided
into three regions namely, top, middle, and bottom to investigate the variation in properties
at different locations along the build direction. The sample surfaces were mechanically
ground from 600 to 1200 grit emery papers and polished using diamond (3 and 1 um
particles) and silica (0.04 um particles) suspensions. To reveal the precipitates that formed
after aging heat treatment and stress rupture testing, electrolytic etching was carried out
using chromic acid (HyCrOy) prepared from 15 g of chromium oxide (CrO3) and 10 mL of
concentrated sulfuric acid (H»SO4) dissolved in 150 mL of 85% phosphoric acid (H3PO,) at
a voltage of 5V for 20 s. The as-polished and etched surface was viewed under FEI Scios
Dual Beam focused ion beam—scanning electron microscope (SEM) attached with a field
emission gun source. The elemental composition was determined using the OctaneElite
energy dispersive spectroscope (EDS) system. The grain structure analysis was carried out
using electron backscattered diffraction (EBSD) with a EDAX Hikari EBSD camera and
analyzed using the TSL-OIM software (version 8).

Hardness measurements were carried out using the automated Vickers microhardness
tester (AMHS55 with LM310AT Microindenter, LECO Corporation, St. Joseph, MI, USA)
with a 300 g load and 10 s dwell time. For generating the hardness maps, ~600 indentations
were performed in the top, middle, and bottom portions of the sample. For determining the
hardness after aging heat treatment, an average of 20 hardness readings was considered.

97



Materials 2023, 16, 6388

The room temperature tensile tests were carried out using a 500 kN servo-mechanical load
frame with a crosshead speed of 1.3 mm/min with the loading direction parallel to the
build direction. Flat dog bone-shaped samples were machined with dimensions according
to the ASTM ES8 standard [17] from the build, as shown in Figure 2c, and three tests were
performed for as-built and post-heat treated conditions. Each sample was marked with
reflective tags such that the elongation could be monitored in a non-contact mode using a
laser-based extensometer during the test. Stress rupture tests were performed at 750 °C
with applied stresses of 375, 400, 425, and 450 MPa for the bars extracted from the WAAM
builds with dimensions shown in Figure 2d.

Table 1. Composition (in wt.%) of the Inconel 740H wire used for WAAM as specified by the vendor.

Al C Co Cr Cu Fe Mn Mo Nb Si Ti Ni
1.4 0.03 20.3 24.6 0.02 0.2 0.24 0.5 1.49 0.1 15 Bal.
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Figure 2. (a) Final Inconel 740H superalloy build fabricated using WAAM with the dimensions
marked, (b) A slice of XZ plane extracted from the final build showing the different portions into
which the sample was partitioned to study the variation in properties along the build direction and
schematic of the sample used for (c) tensile and (d) stress rupture tests with its dimensions.

2.2. Computational Details

The kinetic simulations were performed using the DICTRA module of Thermo-
Calc software (version 2021b) with TCNI8 and MOBNI4 as thermodynamic and mobility
databases, respectively. EDS line scan was performed in the region with the Laves phase
in the v (FCC) matrix of the as-built 740H superalloy to obtain the required inputs for the
DICTRA simulations. Two different areas in the matrix, namely, the interdendritic regions
and the regions with the Laves phase were probed using line EDS to identify the region with
maximum inhomogeneity (Figure 3a,b). Based on the composition variation as a function of
distance obtained from the EDS line scan, it was found that the maximum inhomogeneity
in composition occurs in the region of the matrix containing the Laves phase. Therefore,
it was considered as input for obtaining the optimum homogenization temperature and
time using the kinetic simulations. The calculated equilibrium phase fraction as a function
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of temperature for the 740H superalloy wire composition using Thermo-Calc is shown in
Figure 3c. This calculation was performed using the commercial multicomponent thermo-
dynamic database for Ni-based superalloys namely, TCNIS8, available in the Thermo-Calc
software (version 2021b). From this plot, it was identified that the homogenization tem-
perature can be either 1100 or 1200 °C due to the absence of deleterious secondary phases,
and hence, kinetic calculations were performed for both temperatures. The presence of
NbC particles at these temperatures is not considered deleterious since they act as pinning
particles to arrest the grain growth during the homogenization heat treatment.
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Figure 3. (a) Composition of the matrix in the interdendritic region showing negligible composition
inhomogeneity, (b) Composition of the matrix with the Laves phase determined using EDS which
will serve as input for the DICTRA simulations (yellow line indicates the line along with the EDS
scan was performed) and (c) Calculated equilibrium phase fractions as a function of temperature for
the 740H superalloy wire composition to identify the homogenization and aging temperatures for
post-heat treatment.

To design the homogenization heat treatment, CALPHAD-based kinetic simulations
were performed using the DICTRA module of Thermo-Calc software (version 2021b) to
predict the time required to dissolve the Laves phase into the matrix. The simulation
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cell was considered as a single-phase FCC where the Laves phase region was considered
as an FCC phase with higher Nb and Ti content rather than incorporating a two-phase
moving boundary problem with FCC and Laves phases described separately to model the
dissolution. The moving boundary problem could not be implemented due to the lack
of reliable mobility expressions for the Laves phase in the commercial mobility database
(MOBNI4) and in the literature. Hence, a single-phase FCC was considered, which was
found to estimate the homogenization time closer to the experimental value for the Inconel
718 superalloy, as reported in our previous work [18]. The simulations were performed
for 10° s with 200 grid points. Additional inputs such as the width of the cell (total
length of the line EDS), number and position of each grid point within the cell (the total
number of points and spacing between them in the line EDS), and composition at each grid
point (composition at each point of the line EDS) were chosen from the line scan obtained
using EDS.

3. Results and Discussion
3.1. As-Built WAAM Inconel 740H Superalloy

Since a large build of Inconel 740H superalloy was fabricated using WAAM in this
work, the sample needs to be investigated in different regions to understand the location-
specific variation in properties along the build direction in as-built condition. No visible
cracks were found in the build, owing to the excellent weldability of the 740H superalloy.
The SEM micrographs were obtained in backscattered electron mode from the top, middle,
and bottom portions of the sample, as shown in Figure 4(al-a6). A matrix with a columnar
grain structure with secondary phases, such as the Laves phase and (Nb, Ti)C precipitates
can be observed. The composition of the secondary phases were confirmed using the EDS
line scans (Figure 4(b1-b3)) and also indicating that the Laves phase is rich in Nb. The
Laves phase was predominantly found in the interdendritic region, indicating the strong
segregation of Nb and Ti in these regions during the solidification. It is also to be noted that
several gas pores in spherical shape can be noticed throughout the sample. The possible
source for the formation of gas pores could be the dissolution of the shielding gas during
the deposition. The average fraction of gas pores was calculated to be 0.32% using Image]
software (version 1.54f) from the SEM micrographs.

Figure 5 shows the inverse pole figure (IPF) maps and pole figure (PF) intensity maps
for (001), (101), and (111) planes obtained using EBSD from the top, middle, and bottom
portions of the sample. The grains in the bottom region are found to be less columnar in
comparison with the top and middle portions of the sample. This is because the bottom
region of the build is close to the mild steel substrate with a higher thermal conductivity
than the 740H superalloy, and hence, the substrate acts as an efficient heat sink to dissipate
the heat from the deposited material. On the contrary, in the top and middle portions of
the build with higher deposition heights, the previously deposited 740H superalloy with
lower thermal conductivity acts as the substrate for the freshly deposited material, and
hence, the heat dissipation will be slower, leading to the formation of columnar grains.
From the maximum intensity of the PF intensity maps for different planes, it is evident
that the degree of anisotropy increases from the bottom to the top portion of the sample. A
higher maximum intensity indicated higher anisotropy, which is found in the top portion
of the sample, and the grains are mostly oriented in the (001) planes, as observed from the
PF intensity maps. Due to the high heat input in WAAM, the deposition of a fresh layer
leads to remelting of the already solidified layers beneath it. This leads to the same grain
growing over several layers with identical orientations leading to anisotropy because of the
inhomogeneous heat dissipation triggered by the migrating arc during the deposition [19].

The microhardness maps from different regions of the sample are shown in Figure 6a.
In the bottom portion of the sample, a region with very low hardness (195-275 HV 3) was
identified, which forms due to the diffusion of iron from the mild steel substrate, which
was confirmed using an EDS line scan as shown in Figure 6b. The diffusion is found to be
rapid as the effect of the Fe diffusion on the hardness can be found up to nearly 5 mm away
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from the substrate. This suggests that the compatibility between the substrate and alloy
to be deposited using WAAM is important, and a Ni alloy substrate can be employed to
avoid the Fe diffusion in the 740H superalloy. Moreover, the hardness in the middle portion
(320-400 HV( 3) was higher than the top portion (240-275 HV3) of the sample. This is
because as the deposition progresses, heat accumulation occurs in the building. Since the
top portion is farther away from the mild steel substrate, the heat transfer must happen
through the previously deposited layers that will be slower, leading to grain coarsening
with slower cooling rates and reduced hardness [20]. Accordingly, it has been observed
from the grain structure analysis using EBSD (Figure 5) that the average grain size in the
top portion of the build is 405 um whereas the corresponding value in the bottom portion
is 285 um indicating coarsening of grains in the top portion of the build. It has also been
reported that remelting during WAAM leads to inhomogeneous heat dissipation with
increased nucleation rate and reduced growth rate, and this results in fine grains forming
along the melt pool boundaries [19]. Since the middle portion experiences a higher number
of remelting and solidification cycles when compared to the top region, the finer grains
at the melt pool boundaries result in higher average hardness. With this observation, the
middle portion is expected to possess higher residual stresses compared to the top and
bottom regions.
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Figure 4. SEM micrographs from (al,a2) top, (a3,a4) middle and (a5,a6) bottom portions of the
WAAM 740H superalloy build in as -built condition showing a y matrix with columnar grains
and secondary phases such as the Laves phase and (Nb, Ti)C and (b1-b3) SEM micrograph of the
second phases in the build and the corresponding EDS line scans confirming their composition. Li
corresponds to (Nb,Ti)C phase and L2 denotes the Laves phase rich in Nb.
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Figure 5. Inverse pole figure and pole figure intensity maps for (001), (101) and (111) planes obtained
using electron backscattered diffraction from (a) top, (b) middle and (c) bottom portions of the
WAAM 740H superalloy build in as-built condition showing the variation in anisotropy along the
build direction.
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Figure 6. (a) Microhardness maps obtained from the (a) top, (b) middle and (c) bottom portions of the
WAAM 740H superalloy build in as-built condition showing the drastic variation in microhardness
in different regions along the build direction (area for each microhardness map is 3 x 3 cm?) and
(d) Composition as a function of distance from the substrate to the bottom portion of the build
showing the diffusion of Fe into the 740H superalloy build for ~5 mm height of the build.
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3.2. Post-Heat Treatment Design for WAAM Inconel 740H Superalloy

A two-step post-treatment will be designed for Inconel 740H superalloy fabricated
using WAAM due to the microstructural heterogeneities in the as-built condition as elab-
orated in the previous sub-section. The anisotropic grains in the as-built WAAM 740H
superalloy need to be recrystallized to obtain an isotropic equiaxed matrix, and the sec-
ondary precipitates, such as the Laves phase need to be dissolved into the matrix using the
homogenization step. The aging step is required to induce the precipitation of strength-
ening phases, such as y’, along with M»3Cg, to improve the mechanical performance.
The standard heat treatment for Inconel 740H superalloy, as recommended by Special
Metals Co., is homogenization above 1100 °C followed by air cooling or water quenching
and aging in the temperature range of 760-816 °C for longer than 4 h [1]. The common
practice for wrought Inconel 740H superalloy is homogenization at 1150 °C for 30 min,
followed by water quenching and aging at 800 °C for 16 h [3].

3.2.1. Homogenization

As mentioned earlier, the homogenization temperatures were chosen based on the
equilibrium phase fraction vs. temperature plot for the wire feedstock composition in
Figure 3b. Since the standard heat treatment for wrought Inconel 740H superalloy needs
homogenization at 1150 °C for 30 min, we chose the homogenization temperature around
the standard heat treatment temperature to deduce the optimum time to avoid deviating
excessively from it. The change in composition of Nb and Ti as a function of time obtained
from the DICTRA simulations at 1100 and 1200 °C are shown in Figure 7. The flattening of
the composition indicates that the precipitate has dissolved into the matrix. It is evident
from this figure that the composition of Nb and Ti almost flattens close to 60 and 30 min at
1100 and 1200 °C, respectively. It is to be noted that the predicted time is only for dissolving
the Laves phase into the matrix, however, recrystallization of microstructure is additionally
required during homogenization.

Therefore, the homogenization heat treatment for the as-built WAAM 740H superalloy
was performed at 1100 and 1200 °C for 1, 2, and 3 h, followed by water quenching. The SEM
micrographs from the top, middle, and bottom portions of the samples homogenized at 1100
and 1200 °C for different times are shown in Figure 8. The homogenization heat treatments
were performed at 1100 °C for 1, 2, and 3 h, however, it was found that the sample did
not recrystallize completely, even after 3 h. The microstructure, after homogenization
at 1100 °C for 3 h, retained the columnar microstructure (Figure 8a—c), indicating that
this temperature is not sufficient to recrystallize the microstructure throughout the build.
After homogenization for 1 h at 1200 °C, the matrix was recrystallized only in the middle
portion and still retains the columnar grain structure in the top and bottom portions of
the sample. However, no dominant Laves phase was found in the matrix, indicating its
complete dissolution. This proves that the predicted homogenization time from the kinetic
simulations is in good agreement with the experimental observations. It is also interesting
to note that the microstructure in the middle region gets recrystallized faster than the
top and bottom portions. This can be correlated with the higher residual stress in the
middle region leading to higher hardness as observed from the hardness maps for the
as-built WAAM 740H superalloy (Figure 6b). Since residual stresses are the major driving
force for recrystallization, the higher residual stress in the middle portion promotes faster
recrystallization than other regions. After homogenization at 1200 °C for 2 and 3 h, the
matrix is completely recrystallized throughout the build accompanied by the formation
of annealing twins (Figure 8g-1). It can be found that the grain size and annealing twins
in the sample homogenized for 3 h are coarser than the 2 h homogenized sample. After
homogenization at 1200 °C for 2 h, the average grain size was measured to be 600 pm while
the corresponding value in as-built condition is 380 pm. Therefore, to avoid further grain
coarsening after recrystallization, the optimum homogenization time was determined to be
2hat 1200 °C.
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Figure 7. Calculated variation in composition of Nb and Ti as a function of distance for different
times obtained from DICTRA at (a,b) 1100 °C and (c,d) 1200 °C showing the flattening of composition
corresponding to the dissolution of the Laves phase.
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Figure 8. SEM micrographs from the top, middle and bottom regions of the sample homogenized at
1100 °C for (a—c) 3 h and 1200 °C for (d—f) 1 h, (g-i) 2 h and (j-1) 3 h showing complete recrystallization
along with the formation of annealing twins for samples homogenized at 1200 °C for 2 and 3 h.
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3.2.2. Aging

The aging temperature for WAAM 740H superalloy was identified as 760 °C, which
is slightly lesser than the aging schedule from the standard heat treatment for wrought
Inconel 740H superalloy, which is 800 °C for 16 h. This aging temperature was chosen for
two reasons. Firstly, at 760 °C the maximum 7y’ phase fraction was predicted according
to the equilibrium phase fraction vs. temperature plot (Figure 3b). Secondly, this work
is part of a project proposed for joining P91 steel with 740H superalloy using WAAM,
and hence, we wanted to ensure the same post-heat treatments for both materials. Since
aging at 800 °C leads to the formation of x-ferrite in P91 steel, the aging temperature was
reduced by 40 °C for better compatibility. The aging heat treatment was performed after
homogenization at 1200 °C for 2 h. The microhardness as a function of aging time (Figure 9a)
shows that the peak hardness is achieved after aging at 760 °C for 12 h. The optimum
aging time is found to be 4 h less than the standard aging time of 16 h, even though the
standard aging temperature is higher than that chosen in this work. This observation can be
attributed to the effective homogenization of the matrix at higher temperatures and longer
time for WAAM 740H superalloy (1200 °C/2 h) compared to standard homogenization
(1150 °C/30 min). The designed homogenization heat treatment has effectively dissolved
the secondary phase, leading to higher supersaturation in the matrix, and hence, peak
aging is achieved with shorter aging time at lower temperatures when compared to the
standard aging heat treatment (800 °C/16 h).
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Figure 9. (a) Microhardness of aged WAAM 740H superalloy as function of aging time showing the
peak hardness being achieved after 12 h of aging at 760 °C and (b,c) SEM micrographs from WAAM
740H superalloy aged at 760 °C for 12 h after etching indicating the presence of continuous and
lamellar M»3Cg in the grain boundaries and y’ phase in the grain interior.

Figure 9b,c show the SEM micrographs of WAAM 740H superalloy aged at 760 °C for
12 h after etching. The grain boundaries were decorated with continuous and thin M»3Cg¢
precipitates, along with few lamellar M3Cg precipitates protruding away from the grain
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boundary. Moreover, the grain interior was completely filled with the y” precipitates, which
will lead to the strengthening of the material. Both phases are important for achieving
excellent creep resistance in Inconel 740H superalloy, which has been precipitated in
desired morphology using the post-heat treatment. The v’ size was not measured from the
SEM micrographs since it could not be resolved clearly. Therefore, an optimum post-heat
treatment has been designed for WAAM 740H superalloy with homogenization at 1200 °C
for 2 h and aging at 760 °C for 12 h. Its effectiveness will be evaluated by evaluating the
mechanical properties, as explained in the upcoming section.

3.3. Mechanical Properties of WAAM Inconel 740H Superalloy

The engineering stress-strain curves, along with the tensile properties of WAAM 740H
superalloy, in as-built and post-heat-treated conditions are shown in Figure 10a. The yield
strength increases, and consequently, the ductility decreases with the application of the
designed post-heat treatment. These quantities are well above the target in both as-built
and post-heat treated conditions. However, the yield strength obtained in this work is
lower than the corresponding values obtained for wrought 740H superalloy (~724 MPa)
reported by Special Metals Co [1]. This can be attributed to the presence of gas pores
throughout the build in the as-built condition and after applying the homogenization
heat treatment. The fracture surface after the tensile test for post-heat treated WAAM
740H superalloy was observed using SEM, as shown in Figure 11a. It can be found that a
ductile mode of fracture has occurred, which is confirmed by the presence of the dimples
whereas small pores were also present, which could be gas pores. It has been reported
that micropores and undetectable inhomogeneities in as-built conditions can coalesce to
reduce the surface energy during the heat treatment to increase the porosity [21]. This
emphasizes the application of hot isostatic pressing (HIP) to promote pore closure along
with recrystallization of the microstructure. There are reports available in the literature
that highlight the importance of HIP in improving the mechanical properties of alloys
processed using different additive manufacturing techniques [22-24]. Hence, to improve
the mechanical properties of WAAM 740H superalloy, HIP is necessary since the traditional
furnace heat treatment without applied external pressure cannot induce pore closure.
Another possible method to coalesce the gas pores is by fabricating Inconel 740H superalloy
using hot forging WAAM [25], which is a new variant of WAAM that is capable of closing
the pores during the deposition.

Stress rupture tests were performed under different stresses (375, 400, 425, and
450 MPa) at 750 °C for WAAM 740H superalloy after application of the designed post-
heat treatment and compared with the performance of wrought Inconel 740H superalloy
as shown in Figure 10b. Firstly, the applied stress (o) and rupture time were collected
from literature [26-29] for wrought Inconel 740H superalloy tested at 750 °C to evaluate
the Larson-Miller (LM) parameter. From the plotted data available in the literature, ex-
cessive scatter in data points were observed for the LM parameters. A linear equation
(o= —0.05735 x LM + 1925) was fitted to the LM parameter vs. applied stress plot and
further extrapolated to the high-stress regime where the tests were performed in this work.
On superimposing the LM parameters evaluated from the test results for post-heat treated
WAAM 740H superalloy, it was found to coincide closely with the fitted line, as can be seen
in Figure 10b. This proves that the stress rupture performance of WAAM 740H superalloy
is comparable with its wrought counterparts. However, there is still scope for improving
this property for the WAAM 740H superalloy by replacing the homogenization step with
HIP to promote gas pore closure.
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Figure 10. (a) Engineering stress-strain curves for WAAM 740H superalloy in as-built and post-
heat treated conditions along the list of tensile properties compared with the design targets and
(b) Larson-Miller parameter vs applied stress curve for the stress rupture performance showing
that the post-heat treated WAAM 740H superalloy is at par with its wrought counterparts reported
in literature.

Grain boundary
cavities

Figure 11. (a) Fractography after tensile testing for post-heat treated WAAM 740H superalloy showing
a ductile mode of fracture with the presence of dimples along with small gas pores. SEM micrographs
after stress rupture tests for WAAM 740H superalloy; (b) Grain boundary cavities close to the fracture
surface indicating an intergranular mode of fracture and (c) Serrated grain boundaries showing grain
boundary sliding during the application of stress at high-temperature.

The microstructural features after stress rupture tests were probed using SEM to
understand the mechanism. No deleterious phases, such as the n phase, were observed
after the stress rupture tests for the WAAM 740H superalloy. Near the fractured surface,
cavities were observed along the grain boundaries, proving an intergranular mode of
fracture, as shown in Figure 11b. Based on the reports available in the literature [27,30,31],
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grain boundary cavities form mainly in the v’ denuded zone region close to the grain
boundary. The mechanism for the formation of v’ denuded zone in the 740H superalloy
has been identified as the discontinuous coarsening of the v’ phase that is catalyzed by
grain boundary migration and sliding during creep [32]. In support of this mechanism,
grain boundary migration was confirmed with the presence of serrated grain boundaries
after stress rupture tests in this work, as shown in Figure 11c. It is worth mentioning that
no significant coarsening of v’ precipitates was observed after the stress rupture tests.

4. Conclusions

In this work, a crack-free build of Inconel 740H superalloy was fabricated successfully
using wire arc additive manufacturing along with post-heat treatment design. The as-
printed microstructure comprised of columnar y grains as the matrix along with the Laves
and (Nb, Ti) C as secondary phases. The anisotropy in grain structure increased from
the bottom to the top portion of the build. The hardness of the middle portion was the
highest, while the bottom was lowest due to the diffusion of iron from the mild steel
substrate. For the post-heat treatment design, homogenization and aging temperatures
were identified from the thermodynamic calculation, while the homogenization time was
predicted using kinetic simulations. The optimum homogenization temperature and time
were identified as 1200 °C for 2 h due to the complete recrystallization of microstructure
along the build and dissolution of the Laves phase. The optimum aging time at 760 °C
with peak hardness (~370 HV) was found to be 12 h. The designed post-heat treatment was
significantly different from the standard heat treatment available for wrought Inconel 740H
superalloy. The microstructure in peak aged condition consisted of thin and continuous
as well as protruding lamellar M»3Cg along the grain boundaries and grain interiors filled
with the y’ precipitates. The yield strength (655 MPa) and ductility (29.5%) were above the
design targets (620 MPa and 20%) after post-heat treatment. The stress rupture performance
of the WAAM Inconel 740H superalloy was at par with its wrought counterpart with an
intergranular mode of fracture along with grain boundary migration and fractured MC
carbides. The mechanical performance of this alloy can be further improved by replacing
the homogenization step with hot isostatic pressing to promote gas pore closure, which is
the scope for future work.
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Abstract: The hot deformation behavior and dynamic softening mechanism of 7B50 aluminum alloy
were studied via isothermal compression experiments in the range of 320-460 °C/0.001-1.0 s~ .
According to the flow curves obtained from the experiments, the flow behavior of this alloy was
analyzed, and the Zener-Hollomon (Z) parameter equation was established. The hot processing maps
of this alloy were developed based on the dynamic material model, and the optimal hot working
region was determined to be 410-460 °C/0.01-0.001 s~!. The electron backscattered diffraction
(EBSD) microstructure analysis of the deformed sample shows that the dynamic softening mechanism
and microstructure evolution strongly depend on the Z parameter. Meanwhile, a correlation between
the dynamic softening mechanism and the InZ value was established. Dynamic recovery (DRV) was
the only softening mechanism during isothermal compression with InZ > 20. Discontinuous dynamic
recrystallization (DDRX) becomes the dominant dynamic recrystallization (DRX) mechanism under
deformation conditions of 15 < InZ < 20. Meanwhile, the size and percentage of DDRXed grains
increased with decreasing InZ values. The geometric dynamic recrystallization (GDRX) mechanism
and continuous dynamic recrystallization (CDRX) mechanism coexist under deformation conditions
with InZ < 15.

Keywords: 7B50 aluminum alloy; hot processing map; DRX mechanism; microstructure evolution

1. Introduction

7B50 aluminum alloy is particularly suitable for the production of high-performance
large thick plates and large forgings due to its high strength, high toughness, and excel-
lent hardenability [1-6]. With the development of large-scale and integrated structural
components in the aerospace field, the 7B50 aluminum alloy with high comprehensive
performance will also be further used widely [2,7].

High-temperature plastic deformation is often used to change the geometric shape
and optimize the microstructure of 7x x x series aluminum alloy materials. The ther-
mal deformation parameters (such as strain, strain rate, and deformation temperature)
during high-temperature plastic deformation can significantly affect the flow stress and
microstructure evolution of the alloy [8-10]. Isothermal compression experiments are often
used to investigate the thermal deformation behavior of metals by accurately controlling
deformation temperature, strain rate, and deformation amount, and have been used widely
in Al-Zn-Mg-Cu aluminum alloys [11-13]. Zhao et al. [14] discussed the influence of strain
rate on the recrystallization behavior of 7050 aluminum alloy via isothermal compression
experiments. The relevant research results indicated that a low strain rate is conducive to
the development of DDRX, while CDRX dominates the deformation process of a high strain
rate. Zhao et al. [15] developed two different constitutive models based on the influence
of strain rate. Furthermore, Zhao et al. [16] investigated the effect of the forging rate on
7050 aluminum alloy bracket forgings. Li et al.’s study [17] on hot compression experiments
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of Al-Zn-Mg-Cu alloy showed that CDRX under low temperature and high strain rates is
mainly composed of micro-shear band assist and progressive lattice rotation near grain
boundaries. Xu et al.’s research [18] on Al-Zn-Mg-Cu alloy showed that the increase of Z
parameter will lead to an increase in the number of misorientation angles and low angle
grain boundaries (LAGBs), while the dislocation density will decrease gradually.

Compared with 7050 aluminum alloy, 7B50 aluminum alloy appropriately increases the
content of Zn and Mg elements, and further reduces the content of impurity elements, such
as Fe and Si, by improving the melting and casting processes. Related studies [19-21] have
confirmed that increasing the content of Zn and Mg elements can simultaneously improve
the strength of 7x x x aluminum alloy. In addition, the decrease in Fe and Si impurity
element content can reduce the formation of hard and brittle second phase and improve
the plastic formability of 7x x x aluminum alloy [22]. 7B50 aluminum alloy for aviation
is usually prepared into thick plates or large forgings via hot deformation processing
methods such as hot rolling or hot forging. Therefore, the experimental research of the
hot deformation behavior of 7B50 aluminum alloy can help to control the microstructure
and improve the performance of the product. However, there are currently few reports on
the hot deformation behavior of 7B50 aluminum alloy and the influence of Z parameters
on microstructure evolution. Therefore, an in-depth understanding of the effects of the
deformation parameters on the deformation behavior and microstructure of 7B50 aluminum
alloys is required to manufacture 7050 aluminum alloy components with microstructure
and properties that meet the requirements.

In order to investigate the hot deformation behavior and microstructure evolution of
7B50 aluminum alloy, isothermal compression experiments were conducted on the 7B50
aluminum alloy using a Gleeble-3800 isothermal simulation machine in the temperature
range of 320460 °C and the strain rate range of 0.001-1.0 s~ 1. In this paper, the influence
of deformation parameters on flow behavior is discussed using isothermal compression
experiments on 7B50 aluminum alloy. Based on the Arrhenius constitutive model, the
thermal deformation activation energy of 7B50 aluminum alloy was obtained, and the Z
parameter equation of the alloy was established. The optimum hot processing parameter
range of 7B50 aluminum alloy was determined by constructing its hot processing maps.
Based on the EBSD microstructure analysis, the influence of Z parameters on microstruc-
ture was discussed and the relationship between Z parameters and the dynamic softening
mechanism was established. The research work in this paper provides a basis for reason-
ably formulating the hot working process of 7B50 aluminum alloy and controlling the
microstructure and properties of the product.

2. Materials and Methods
2.1. Experimental Materials and Isothermal Compression Tests

The experimental material was commercial 7B50 aluminum alloy produced by Chi-
nalco Southwest Aluminum Co., Ltd. (Chongqing, China) The specific chemical composi-
tion is shown in Table 1.

Table 1. Chemical compositions of 7B50 aluminum alloy (wt. %).

Zn Mg Cu Zr Ti Fe Si Al
6.35 2.15 2.10 0.10 0.02 0.06 0.03 Bal.

In order to reduce the composition segregation and improve the uniformity of the
ingot microstructure, the as-cast 7B50 aluminum alloy was subjected to a two-step homoge-
nization treatment at 400 °C/10 h + 470 °C/48 h. Hot compression standard specimens
with a dimension of $10 x 15 mm were machined via wire cutting. The Gleeble-3800
isothermal simulation machine (as shown in Figure 1b) was used for isothermal compres-
sion experiments, and the schematic diagram of isothermal compression is depicted in
Figure 1. The temperature range was 320—460 °C, the strain rate range was 0.001-1.0 s~ !,
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and the compression deformation of the sample was 60% for the isothermal compression
experiments. Graphite sheets were placed between the two end faces of the experimental
sample and the moLd for lubrication. Before isothermal compression, the experimental
sample was heated to the required temperature at a rate of 5 °C/s and held for 2 min
to eliminate the temperature gradient. Water cooling was carried out immediately after
compression to retain the deformed microstructure.
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Figure 1. (a) Schematic diagram of isothermal compression and (b) the Gleeble isothermal simula-
tion machine.

2.2. Microstructure Characterization

The sample after isothermal compression was symmetrically split along the compres-
sion direction (CD), and the microstructure at the center of the sample thickness position
was characterized. The specimens used for observation were sequentially ground with
sandpaper to 2000 grit and then mechanically polished. After mechanical polishing, the
samples for EBSD observation were subjected to electropolishing treatment on a double-jet
thinning instrument. The electropolishing solution was a mixture of 70% alcohol and
30% nitric acid. The temperature and voltage of electropolishing were —25 °C and 15V,
respectively. The scanning electron microscope used for microstructure detection was the
TESCAN MIRAS3 equipped with an electron backscatter diffraction (EBSD) system. EBSD
data was processed via channel5 software.

3. Results and Discussion
3.1. Initial Microstructures

The SEM and EBSD images of 7B50 aluminum alloy before hot deformation are
displayed in Figure 2. The eutectic structure of as-cast 7B50 aluminum alloy partially
dissolves during the two-step homogenization heat treatment (400 °C/10 h + 470 °C/48 h).
Subsequently, a large number of fine Mg(Al, Cu, Zn), phases precipitated inside the grains
during the slow cooling process. Based on the inverse pole figure (IPF) diagram obtained
by the EBSD system (Figure 2b), the microstructure before deformation is composed of
coarsely equiaxed grains. The average grain size of as-homogeneous 7B50 aluminum alloy
was calculated to be ~174 um using the line intercept method.
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Figure 2. The initial microstructures of as-cast 7B50 alloy: (a) SEM image, (b) EBSD map.

3.2. Flow Behavior
3.2.1. Flow Stress Curves

Figure 3 displays the flow stress curves of 7B50 aluminum alloy during hot compres-
sion at 320-460 °C/0.001-1.0 s~!. In the early stage of deformation, all flow curves rise
rapidly, which is a typical work-hardening phenomenon caused by the proliferation of
dislocation density [23]. However, the subsequent flow behavior is highly sensitive to the
strain rate and deformation temperature. At low temperatures and high strain rates, the
flow curves increase slowly with deformation, and there is no peak phenomenon in the
flow stress curves. At high temperatures and low strain rates, the flow curves quickly
reach their peaks and then slowly decrease and stabilize. The differences in flow stress
curves are closely related to the dynamic softening mechanisms (DRV and DRX) during
deformation [23,24]. As is well known, the decrease in dislocation density during hot de-
formation is caused by the dynamic softening behavior of the alloy. The different softening
mechanisms mediated by the deformation temperature and strain rate differ in the rate and

method of eliminating dislocation density, ultimately leading to significant differences in
the flow stress curves.
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Figure 3. True stress-strain curves under different deformation conditions during isothermal com-
pression: (a) 320 °C, (b) 370 °C, (c) 420 °C, (d) 460 °C.
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3.2.2. The Zener—-Hollomon Parameter

Zener and Hollomon jointly proposed using an exponential equation to describe the
comprehensive effect of strain rate and deformation temperature and the equation of Z

parameter is as follows [18]:
e
Z = eexp ( RT)

where ¢ (s~!) and T (K) are the strain rate and deformation temperature, R represents the gas
constant (8.314 kJ/moL), and Q (kJ/moL) represents the activation energy of deformation,
which describes the difficulty of deformation. Furthermore, the Arrhenius constitutive
model commonly used to describe the flow curves can be represented as follows:

)

£ = AF(U)exP(_I?T) 2)
oN (eo < 0.8)

F(o)= ¢ exp(por)  (wo >0.8) (©)]
[sin(ac)]"  (Forall)

where N, 3, @ (x = f/N), A, and n are material constants. According to Equation (3), the
values of N and {3 are the slope values of the Ine-Ino; and Ine-o, which can be obtained by
linearly fitting the data of Figure 4a,b when the strain is 0.8.
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Figure 4. Linear fitting of the relationship between (a) Iné-Inc, (b) Ine-o, (c) Iné-In[sinh(ac)], and
(d) In[sinh(xo)] — 1/T under different deformation conditions.
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According to Equation (3), the deformation activation energy Q can be expressed as:

0=R [ dlne ] T [aln[sinh(zxa)]

Sinfsinh(a0)] 31/ T) ] | = R @)

Therefore, based on the obtained « value, the slope values of Ine-In[sinh(ac)] and
In[sinh(ac)] — 1/T are obtained by linear fitting. The calculated average thermal activation
energy Q using the same method is only 130.85 k] /moL. Numerous scholars have studied
the heat deformation behavior of 7050 aluminum alloy (the alloy composition is basically
the same as that of 7B50 aluminum alloy). Deng et al. [25] calculated that the Q value of
7050 aluminum alloy after two-step homogeneous heat treatment was 160.3 k] /moL. The
Q value of the solid solution 7050 aluminum alloy after extrusion was confirmed to be
179.53 kJ/moL by Zhao et al. [14]. In addition, Wang et al. [26] investigated the thermal
deformation behavior of the Al-6.32Zn-2.10Mg-0.1Cu alloy and showed that the Q value
of the alloy after reducing Cu content was still as high as 147.81 k] /moL. The above data
indicate that the 7B50 aluminum alloy in this study has better processing performance
compared to the traditional 7050 aluminum alloy. Based on the calculated Q value, the InZ
values under different conditions can be obtained using Equation (1) and are shown in
Figure 5. There is a close correlation between the Z parameter and the dynamic softening
mechanism and microstructure. Xu et al. [18] proposed that the Geometric DRX dominated
atInZ < 23.44, CDRX dominated at 23.4 < InZ < 33.33, and DDRX dominated at InZ > 33.33
for Al-Zn-Mg-Cu alloy. The results of thermal deformation studies on 7050 aluminum alloy
conducted by Zhao et al. [15] showed that the DDRX mechanism gradually transformed
into the CDRX mechanism with increasing Z parameter. Next, the effects of Z parameter
on the hot working behavior, microstructure evolution, and dynamic softening mechanism
were investigated by focusing on hot processing maps and microstructure analysis.

Figure 5. LnZ values under different deformation conditions.
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3.2.3. Hot Processing Map

Hot processing maps based on the dynamic material model are widely used to guide
the hot plastic working of aluminum alloys [26,27]. Figure 6 illustrates the hot processing
maps under different strain conditions, and the details of establishing the hot processing
maps can be referred to in the literature [18,28-31]. In the figure, the blue area represents
the unstable processing domains that should be avoided during hot plastic processing. The
blue unstable domains are mainly distributed in the high strain rate range and increase
progressively with increasing strain. The contour lines in the figure are the power dissi-
pation efficiency (1), which represents the percentage of energy used for microstructure
evolution. The optimum processing conditions for the experimental 7B50 aluminum alloy
can be seen in the hot processing maps as 410-460 °C/0.01-0.001 s~ 1.
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Figure 6. Hot processing maps of 7B50 alloy under different strains: (a) 0.2, (b) 0.4, (c) 0.6, (d) 0.8.

It is well known that aluminum alloys belong to high stacking fault energy metals,
which are prone to dislocation climb and cross-slip due to the narrow expansion width of
dislocations. Therefore, DRV, rather than DRX, usually dominates the thermal deformation
process of aluminum alloys. However, the significant dynamic recrystallization behavior of
7x x x aluminum alloy has also been reported in much of the literature due to the addition
of large numbers of various alloying elements [32-36]. Ren et al.’s research [37] shows that
the dynamic softening mechanism of 7055 aluminum alloy gradually changes from DRV to
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DRX as the 1 value increases. When the 1 value is greater than 50%, the microstructure is
composed of fully dynamic recrystallized grains. The range of power dissipation efficiency
values in this study is 0.22-0.36, which may lead to the occurrence of DRV and partial DRX.

3.3. Microstructural Evolution and Dynamic Softening Behavior
3.3.1. At High InZ Values (InZ > 20)

Figure 7 shows the IPF maps and grain boundary misorientation angle distribution di-
agrams under the deformation conditions of 420 °C/1.0 s~ ! and 420 °C/0.1 s~ ! (InZ > 20).
In the IPF maps, the high-angle grain boundaries (HAGBs) with a misorientation angle
greater than 10° is represented by a black solid line, while the white solid line is the low-
angle grain boundaries (LAGBs) with a misorientation angle of 2-10°. As can be seen, the
microstructure under high InZ values exhibits typical deformation characteristics. The
coarse original grains are elongated perpendicular to the compression direction. There are
a large number of distributions of discontinuous and staggered LAGBs within the matrix,
which have not formed obvious sub-grains. The grain boundary misorientation angle dis-
tributions in Figure 7c,d show that the proportion of LAGBs is as high as 72.4% and 72.2%,
which is much higher than the proportion of LAGBs before deformation (18.2%). Mean-
while, the uniform distribution of LAGBs within the matrix indicates that the experimental
alloy undergoes uniform deformation during isothermal compression.
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Figure 7. IPF maps and misorientation angle distributions at high InZ values: (a,c) InZ = 22.71 (420 °C,
1s71), (b,d) InZ = 20.41 (420 °C, 0.1s™1).
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The deformation behavior of individual grains under the deformation condition of
InZ =22.71 (420 °C, 1 s~ ') is presented in Figure 8. The IPF map and crystal orientation
models in Figure 8a show that there are orientation differences within the deformed grains.
The continuous fluctuation of the relative misorientation angle along arrow L1 in Figure 8b
indicates that there are a large number of sub-structures with different orientations within
the deformed grains. The corresponding cumulative misorientation angle is close to 20°,
manifesting that this grain accommodates large plastic deformation [38]. The {001} pole
figure (PF) in Figure 8c shows that the {011} < 100 > direction of this grain is parallel to the
CD. Dislocation slip causes the distribution of the {001} PF of this grain to shift along the
CD after plastic deformation. Therefore, 7B50 aluminum alloy mainly undergoes dynamic
recovery softening under the condition of InZ > 20.

Misorientation (°)

0
0

100 200 300 400 500 600 700 800

= Relative
Cumulative

Distance (pm)

Figure 8. Deformation behavior of individual grain at InZ = 22.71 (420 °C, 1 s~1): (a) IPF map and
crystal orientation model, (b) relative and cumulative misorientation angle, and (c) {001} PE.

3.3.2. At Middle InZ Values (15 < InZ < 20)

Figure 9 shows the IPF maps, misorientation angle distributions, and relative and cu-
mulative misorientation angle of InZ between 15 and 20. Careful observation of Figure 9a—-d
shows that there are fine DRXed grains at the initial grain boundary (as shown by the yel-
low arrows). The formation of these DRXed grains is related to the original grain boundary
bulging, which is a typical DDRX [39]. The number and size of fine DRXed grains at the
initial grain boundaries gradually increase with the decrease in InZ value. In Figure 9e-h,
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the proportion of HAGBs increases from 30.0% to 42% as the InZ value decreases from
19.63 to 15.8. Therefore, 7B50 aluminum alloy mainly exhibits discontinuous dynamic
recrystallization under conditions of 15 < InZ < 20. Another significant feature is that the
number of LAGBs inside the grains decreases rapidly with the decreasing in InZ value,
and the distribution of LAGBs gradually changes from discontinuous to continuous. The
relative and cumulative misorientation angles of the straight lines L2-L5 within the grains
under different InZ values are shown in Figure 9i-1. The cumulative misorientation angles
all exceed 10°, but the fluctuation of relative misorientation angles gradually weakens with
the decrease in InZ value. This indicates that dynamic recovery softening still exists under
middle InZ values.
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Figure 9. IPF maps, misorientation angle distributions and relative and cumulative misorientation
angle at middle InZ values: (a,e,i) InZ = 19.63 (320 °C, 0.001 s7by; (bfj) InZ =18.11 (420 °C, 0.01 s—hy;
(c,g k) InZ =17.57 (370 °C, 0.001 s™1); (d,h]) InZ = 15.80 (420 °C, 0.001 s~ 1).

3.3.3. At Low InZ Values (InZ < 15)

Figure 10 shows the IPF map and misorientation angle distribution diagram at
InZ < 15. The microstructure after deformation at 460 °C/0.001 s~! is composed of partial
dynamic recrystallization as shown in Figure 10a. The proportion of DRX and the size of
DRXed grains are higher than the deformation condition of 15 < InZ < 20. The proportion
of corresponding HAGBs increases to 46.8%. Meanwhile, the LAGBs inside the grains
become flat and continuous, and the corresponding proportion of the LAGBs decreases to
53.2%. In addition, a large number of sub-grains composed of LAGBs were formed inside
the initial grains. These phenomena indicate that there is a remarkable difference between
the DRX mechanism under the condition of InZ < 15 and 15 < InZ < 20.

To investigate the DRX mechanism under deformation conditions of InZ < 15, the
typical regions in Figure 10a were enlarged and displayed in Figure 11a,b,e. As shown
in Figure 11a,b, a large number of elongated grains perpendicular to the compression
direction are present in the deformation condition of 460 °C/0.001 s~ ! (Figure 10a). The
HAGSBs in the sample before deformation are close to each other and almost parallel under
compression. Meanwhile, LAGBs perpendicular to HAGBs are formed under the dynamic
recovery effect. The elongated deformed grains are divided into brick-like sub-grains by
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LAGBs as shown in Figure 11a. The relative and cumulative misorientation angles along
L6 indicate that the orientation within the sub-grain is basically consistent under the effect
of dynamic recovery, while the misorientation angles near the sub-grain boundary are 5.3°
(point A) and 2.5° (point B), respectively. In the subsequent deformation process, LAGBs
gradually transform into HAGBs as shown in Figure 11b by absorbing the deformation
dislocations and sub-grain rotation. The relative misorientation angles along L7 show
that the misorientation angles of HAGBs perpendicular to the original grain boundary
are 10-20°, which indicate that these HAGBs are transformed by LAGBs [23,27]. These
characteristics are consistent with the typical GDRX phenomenon [40-43]. Therefore, GDRX
is the main dynamic softening mechanism under the condition of InZ < 15.
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Figure 10. IPF map (a) and misorientation angle distributions (b) at low InZ values (InZ = 14.56,
460 °C/0.001 s71).
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Furthermore, some CDRX phenomena also exist under the deformation condition of
InZ <15 as shown in Figure 11e. The CDRX mechanism involves the formation and rotation
of sub-grains, which is clearly different from the grain boundary bulging behavior in DDRX
mechanism. A large number of sub-grains consisting of LAGBs are present in Figure 11e.
There is a small misorientation between sub-grains as shown in the crystal orientation
model. During the subsequent deformation process, the sub-grains are transformed into
DRXed grain via rotation, and the low-angle sub-grain boundaries are also transformed
into HAGBs (as shown in Figure 11f). Therefore, both GDRX and CDRX mechanisms exist
under low InZ values.

4. Conclusion

In this paper, the hot deformation behavior and dynamic softening mechanism of 7B50
aluminum alloy were systematically studied via isothermal compression experiments at
320-460 °C/0.001-1.0 s~!. The main research findings are as follows:

1.  Based on the Arrhenius conservative equation, the deformation activation energy of
7B50 aluminum alloy was calculated to be 130.85 k] /moL. Meanwhile, the Z parameter
equation of this alloy was established.

2. Based on the dynamic material model, the hot processing maps of 7B50 aluminum
alloy were established. The optimal processing parameter range for 7B50 aluminum
alloy was determined to be 410-460 °C/0.01-0.001 s 1

3. The DRV softening phenomenon exists in all deformation conditions of 7B50 alu-
minum alloy. However, DRV is the only softening mechanism at InZ > 20. DDRX is
the dominant dynamic recrystallization mechanism under deformation conditions of
15 < InZ < 20. The size and proportion of DDRXed grains increased with decreasing
InZ values. Both GDRX and CDRX mechanisms exist under deformation conditions
of InZ < 15.
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Abstract: High-entropy alloys (HEAs) have shown promising potential applications in advanced
reactors due to the outstanding mechanical properties and irradiation tolerance at elevated tempera-
tures. In this work, the novel low-activation Ti,ZrHf,V( 5Tag, HEAs were designed and prepared
to explore high-performance HEAs under irradiation. The microstructures and mechanical prop-
erties of the TipZrHf,Vy5Tag, HEAs before and after irradiation were investigated. The results
showed that the unirradiated TipZrHf\V( 5Tag, HEAs displayed a single-phase BCC structure. The
yield strength of the TipZrHf,Vy5Tag, HEAs increased gradually with the increase of Hf content
without decreasing the plasticity at room and elevated temperatures. After irradiation, no obvious
radiation-induced segregations or precipitations were found in the transmission electron microscope
results of the representative TiyZrHfV( 5Tag, HEA. The size and number density of the He bubbles
in the TipZrHfV(5Tag, HEA increased with the improvement of fluence at 1023 K. At the fluences
of 1 x 1016 and 3 x 101° jons/cm?, the irradiation hardening fractions of the TipZrHfV5Tag, HEA
were 17.7% and 34.1%, respectively, which were lower than those of most reported conventional
low-activation materials at similar He ion irradiation fluences. The Ti,ZrHfV( 5Tag, HEA showed
good comprehensive mechanical properties, structural stability, and irradiation hardening resistance
at elevated temperatures, making it a promising structural material candidate for advanced nuclear
energy systems.

Keywords: high-entropy alloys; mechanical properties; helium bubbles; irradiation tolerance;
low-activation materials

1. Introduction

It is an irresistible trend to obtain clean, low-carbon, and safe energy generated from
next generation fission and future fusion energy reactors to meet the needs of human society
and industrial development in the long term [1-5]. The absence of compatible structural
materials for extreme environments of high temperature, high neutron flux, and chemical
reactivity hinders the development of advanced reactors [6,7]. The evolution of microstruc-
tures caused by high-energy particles (neutrons, ions, and electrons) irradiation leads to
the degradation of mechanical properties, such as embrittlement, hardening, swelling, etc.,
which eventually threaten the safety and reliability of the reactors [8,9]. Considering one
of the significant goals for the advanced reactors is to produce economically clean energy
with no long-lived high-radioactivity waste [10-12], the low-activation criteria should be
included in the structural materials’ design of advanced reactors. Certain achievements
have been made in the research of qualified low-activation materials, including oxide
dispersion strengthened (ODS) steels [13,14], V-based alloys [15,16], reduced activation
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ferritic/ martensitic (RAFM) steels [17,18], and China low activation martensitic (CLAM)
steels [19,20].

In the process of pursuing high-performance materials, the high-entropy alloys
(HEAs) [21] were introduced. The preeminent properties (such as high strength [22,23],
good corrosion resistance [24-26], fine tribological properties [27,28], remarkable softening
resistance [29,30], and outstanding irradiation tolerance [1,2,5,31], etc.) enhance the appli-
cation competitiveness of HEAs under extreme environments. Among them, refractory
high-entropy alloys (RHEAs) [32], which are characterized by a high melting point and
prepared by methods such as vacuum arc melting, suspension melting, spark plasma sin-
tering [33], and wire electric discharge machining [34], are expected to play a role in future
high-temperature applications [35]. Compared with conventional alloys, HEAs, especially
the body-centered cubic (BCC) structured ones composed of refractory elements, exhibit
better irradiation tolerance for the extreme lattice distortions and chemical complexity, such
as prominent resistance to hardening [1,36], suppressed dislocation evolution [11,36,37],
low volume swelling rate [38,39], and reduced radiation-induced segregation [40-42], etc.
Hence, the HEAs are considered to be a promising candidate for nuclear structural materi-
als [1,43] and the corresponding irradiation resistance mechanism has been revealed to a
certain extent [2,5,44,45]. The irradiation tolerance of the HEAs could be improved by select-
ing the appropriate elements and adjusting the chemical complexity [2,46]. Nevertheless,
the HEAs designed for nuclear industry applications are limited [36,42].

In this work, by introducing the concept of low-activation materials to the design of
HEAs, a novel series of RHEAs with BCC structure were proposed, with the expectation
to explore high-performance HEAs under irradiation. In addition, good comprehensive
mechanical properties at room and elevated temperatures should also be equipped for
the potential application. The basic parameters [47] (melting point (Ty,), atomic radius
(r), density (p), and valence electron concentration (VEC)) of some commonly used low-
activation elements in the nuclear industry are displayed in Table 1. However, not all the
elements mentioned are suitable for the design of BCC-structured RHEAs. The high VEC
value of Fe element is not conducive to the formation of single-phase BCC structure, and
its low melting point could reduce the working temperature of the materials after alloying.
The negative mixing enthalpy between Cr and other refractory elements contributes to the
appearance of intermetallic compounds, which deteriorates the plasticity of the HEAs. In
the as-cast samples, W element with a high melting point is usually seriously segregated,
worsening the mechanical and irradiation tolerance. The five refractory elements of Ti, Zr,
Hf, V, and Ta were chosen to prepare the low-activation HEAs after considering the basic
physical and chemical properties and the alloying characteristics of each element in HEAs.
The Ti,ZrHf Vo 5Tag» (x values in molar ratio, x = 0.25, 0.5, 0.75 and 1, denoted as Hf0.25Ta,
Hf0.5Ta, Hf0.75Ta and Hf1Ta, respectively) low-activation HEAs were designed, and the
effects of Hf element on the microstructures and mechanical properties were investigated.
As shown in Table 2, according to the phase formation rules of HEAs [48-50], all the
empirical parameters predicted the formation of single BCC solid solution phase in the
TizZI‘HfXVO‘STaO.Z HEAs.

Table 1. The values of Ty, (K), ¥ (nm), p (g/ cm?), and VEC of some reduced-activation elements.

Elements Fe Ti Zr Cr A% Hf Ta W
Tm (K) 1811 1941 2128 2180 2183 2506 3290 3695
r (nm) 0.126 0.147 0.160 0.128 0.134 0.159 0.146 0.139
0 (g/cm3) 7.87 4,51 6.51 7.14 6.11 13.31 16.65 19.25
VEC 8 4 4 6 5 4 5 6

Ordinarily, the He atoms produced by transmutation reaction would aggregate and
form large-scale He bubbles for the limited solubility in the metals, which strongly dete-
riorated the mechanical properties of the alloys after irradiation [51]. The embrittlement
and hardening induced by He atoms were considered as the primary concerns of the
stability of structure materials around the half melting temperature (Tr,) regime in the

126



Materials 2023, 16, 5530

nuclear reactors [52]. Therefore, the performance of HEAs under He ion irradiation at
elevated temperature is definitely worth investigating. In this work, the evolutions of the
microstructures and mechanical properties of the novel low-activation Ti,ZrHfVy5Tag»
HEA with He ions implantation at 1023 K (0.47 Tr,) were studied in detail.

Table 2. Values of VEC, § (%), O, AHpi (K mol™1), and ASpix  K—1 mol™1) of the TipZrHf, V(5Tag» HEAs.

Alloys VEC A Q AH pix ASmix
Hf0.25Ta 418 551 27.52 —0.82 10.64
Hf0.5Ta 417 5.54 32.09 —0.83 11.20
Hf0.75Ta 416 5.54 36.17 —0.69 11.48

Hf1Ta 415 5.52 283.96 —0.63 11.60

2. Experimental Section
2.1. Materials

The TipZrHfV(5Tag, HEAs were manufactured by vacuum arc melting under Ar
atmosphere. The purity of each raw elemental metal used in this study was higher than
99.9 wt%. All raw metals were purchased from the instrumental and research center of
Shanghai Yanku. The furnace chamber was vacuumed to below 5 x 1073 Pa and then
protective high-purity argon was reverse charged to 0.05 Pa before starting the melting
process. The raw metals were melted on a water-cooled copper crucible. In order to
improve the quality of ingots, Ti ingot was melted before melting HEA ingots to remove
excess oxygen. For obtaining better homogenization, the ingots were re-melted a minimum
of seven times. Each smelting time was 2 min, and the smelting current was approximately
500 A. The acquired samples were button-shaped with a diameter of ~28 mm and a
thickness of ~11 mm.

2.2. Characterization of Microstructure and Mechanical Properties of As-Cast Samples

The crystal structures of the as-cast samples were characterized by an EMPYREAN
X-ray diffractometer (Malvern Panalytical, Almelo, Netherlands) with the 26 scanning from
20 to 100 degrees. The scanning electron microscopy (SEM, Zeiss supra55, ZEISS, Carl
Zeiss AG, Jena, Germany) with an energy-dispersive spectrometer (EDS) was introduced
to analyze the morphology and chemical compositions. The @ 5 x 10 mm cylindrical
specimens prepared by wire electrical discharge machining were used to test the mechanical
properties at room temperature (RT) using a Wippermann materials testing machine.
A thermal simulation machine of Gleeble-3500 (Data Science International, Sao Paulo City,
Brazil) was adopted for the compressive tests at elevated temperature (873 K) with &
6 x 9 mm cylindrical specimens.

2.3. Irradiation Experiment and Characterization of Microstructure of Irradiated Samples

The irradiation tolerance of the selected representative alloy (Hf1Ta) was identified
by He ion irradiation at 1023 K. The prepared specimens were irradiated with 1 MeV
He ions to the fluences of 1 x 10'® and 3 x 10'® ions/cm? at the Shanghai Institute of
Applied Physics, Chinese Academy of Sciences (SINAP-CAS, Shanghai, China) using a
4 MV Pelletron accelerator. The sheets (sized 1 mm x 6.5 mm x 10 mm) for the irradi-
ation experiments were taken from the as-cast Hf1Ta HEA. Then, mechanical polishing
and electro-polishing were used to optimize the irradiated surface of the samples. At
the fluence of 3 x 10! ions/cm?, the irradiation damage and He concentration along the
depth direction were predicted by Stopping and Range of Ions in Matter (SRIM-2008,
http:/ /www.srim.org/, accessed on 3 March 2022), as shown in Figure 1. The displacement
energies were set as 30, 40, 90, 40, and 91 eV for the Ti, Zr, Hf, V, and Ta elements, respec-
tively. Simulation results showed that the peak irradiation dose and He concentration were
~1.2 displacements per atom (dpa) and 3.0 at.%, respectively. For observing the microstruc-
tures and He bubbles characteristics, the transmission electron microscopy (TEM, Themis

127



Materials 2023, 16, 5530

Z G3, Thermo Fisher Scientific, Waltham, MA, USA) was employed. Thin films with a
thickness of ~60 nm were fabricated by the focused ion beam (FIB, Helios G4UX, Thermo
Fisher Scientific, Waltham, MA, USA).
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Figure 1. The depth distribution of He concentration and displacement damage in the Hf1Ta HEA at
the fluence of 3 x 10'® jons/cm?.

2.4. Nanoindentation Test

The hardening behaviors of the samples with He ions implantation were determined
by nanoindentation tests (G200 nano-indenter, Technologies, Palo Alto City, CA, USA).
More than 8 measurements were adopted to calculate the average hardness of each depth.
The size and density of He bubbles in the Hf1Ta HEA were calculated by the Image Pro
software (Version 6.0), and more than 2 areas (100 nm x 100 nm) selected from the peak
damage regions were chosen to count.

3. Results and Discussion
3.1. Microstructures of the As-Cast TipZrHfV 5Tag» HEAs

The XRD patterns of the as-cast Ti,ZrHf,V5Tag» HEAs are exhibited in Figure 2a, in
which only the diffraction peaks of BCC phase can be observed. The absence of other phase
diffraction peaks in the patterns suggested that the increase of Hf content had little effect
on the structure of the Ti,ZrHf,Vy5Tag,» HEAs.

The shift of the (110) diffraction peaks of BCC phases are displayed in Figure 2b.
As can be detected, the (110) peak shifted to a lower 26 angle (decreased from 37.96° in
the Hf0.25Ta to 37.28° in the Hf1Ta) as the Hf content increased, implying that tensile
strain out-plane was created due the compressive in-plane stress induced by Hf [53,54].
According to Bragg’s law, the values of the lattice constants were calculated to be 0.3349,
0.3387, 0.3398, and 0.3408 nm for TipZrHf,V(5Tag» HEAs corresponding to x = 0.25, 0.5,
0.75, and 1, respectively. The addition of Hf element with the second largest atomic radius
could improve the lattice distortion, which contributed to the increase of lattice constants.

Figure 3 displays the SEM images of the as-cast TipZrHf,Vy5Tag, HEAs. All the
HEAs exhibited typical dendritic structure and no significant microstructure evolution
can be observed in the HEAs with different Hf content. Combined with the XRD results,
the Ti,ZrHf,V( 5Tag, HEAs exhibited a single BCC solid solution structure. The increase
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of Hf content could hardly change the microstructures of the Ti;ZrHfVy5Tag, HEAs
significantly, indicating the complete dissolution of Hf element in the matrix. Through EDS
analysis, the chemical composition of different regions in the Ti,ZrHf,V(5Tag, HEAs are
listed in Table 3. Dendritic regions in the TipZrHf, V5 Tag » HEAs were enriched with higher
melting point elements of Hf and Ta elements, while interdendritic regions were enriched
with lower melting point elements of Zr and V elements, which could be attributed to
the behaviors of elements with different melting points during solidification. It should be
noted that the addition of Hf element could mitigate the segregations of the elements and
the relatively uniform microstructure was obtained in the Hf1Ta HEA.
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Figure 2. (a) The X-ray diffraction patterns of the Ti;ZrHf,Vy5Ta HEAs; (b) corresponding detailed
scans of the (110) peaks of the BCC phase.

Figure 3. Microstructures of the as-cast (a) Hf0.25Ta, (b) Hf0.5Ta, (c) Hf0.75Ta, and (d) Hf1Ta HEAs.
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Table 3. Chemical composition of dendritic (D) and interdendritic (ID) regions of the
TipZrHf, Vo 5Tag, HEAs in atomic percentage.

Alloys Regions Ti Zr A% Hf Ta
D 45.65 24.43 9.76 14.04 6.12
Hf0.25Ta D 4535 25.39 11.83 12.96 447
D 4518 23.50 9.70 15.81 5.81

Hf0.5Ta D 4531 24.02 10.56 14.72 5.40
D 4411 2239 9.53 1837 5.60

Hf0.75Ta D 44.02 22.80 10.31 17.60 5.26
AT D 4224 21.01 9.04 23.26 445
a D 4242 21.53 9.58 22,54 411

3.2. Mechanical Properties of the As-Cast TipZrHfV 5Tag» HEAs

Figure 4 exhibits the engineering stress—strain curves of TipZrHf,V(s5Tag, HEAs
gained by the compression test at RT. The values of yield strength ¢ and plastic strain
¢ are summarized in Table 4. The plastic strain of the Ti,ZrHf,V(sTag, HEAs was more
than 50% and no fracture could be detected during the compression test. Although the
changes of Hf content have no obvious effect on the plasticity, the yield strength of the
TipZrHfV(5Tag, HEAs improved from 745 to 873 MPa as the Hf content increased. The
advances in mechanical properties were predominantly attributed to the variation in lattice
distortion of this series of HEAs. The addition of Hf element with second largest atomic
radius intensified the lattice distortion and raised the resistance to dislocation motion, and
thus the yield strength was enhanced.

The mechanical properties of the Ti,ZrHf,Vy5Tag, HEAs at 873 K have been inves-
tigated, and the compressive stress—strain curves are exhibited in Figure 5a. It can be
observed from all the flow curves that apparent softening emerged after the appearance of
stress peaks at the initial deformation stage, which was a typical manifestation of dynamic
recrystallization. The yield strength of the Hf0.25Ta-Hf1Ta HEAs at 873 K was 480, 553,
601, and 662 MPa, respectively. Figure 5b shows the comparison of yield strength of the
TipZrHf Vo 5Tag» HEAs at different temperatures. As the compression test temperature in-
creased from RT to 873 K, the yield strength decreased by 265, 236, 231, and 211 MPa for the
Hf0.25Ta-Hf1Ta HEAs, respectively, and the corresponding decline percentages were 34.4%,
29.9%, 27.8%, and 24.2%, respectively. The compression results indicated that the increase
of Hf content played a positive role in enhancing yield strength of the Ti,ZrHf,V(sTag
HEAs at RT and 873 K. Generally, the alloy melting point was crucial to the softening
resistance at elevated temperatures. The melting points of the Ti,ZrHf,V(s5Tag, HEAs
increased from 2122 K to 2183 K by the increase of Hf content, which was conducive to
the softening resistance improvement. On the other hand, the influence of solid solution
strengthening caused by the increase of Hf content on the strength cannot be ignored.
Under the dual effect, at 873 K the yield strength of Ti;ZrHf,V( 5Tag o HEAs improved with
the increase of Hf content.

The novel low-activation Ti,ZrHf,V(5Tag, HEAs, especially Hf1Ta HEA, exhibited
fine comprehensive mechanical properties at RT and 873 K, which contributed to the
industrial application potential in extreme conditions. The He ion irradiation experiment
was introduced to preliminarily evaluate irradiation resistance of the Hf1Ta alloy, which
was selected as the representative of the designed low-activation TipZrHf, V( 5Tag» HEAs
due to the high yield strength at RT, elevated temperatures, and high melting point.

Table 4. Values of melting temperature and mechanical properties of the TipZrHf,V( 5Tag, HEAs at RT.

Alloys o (MPa) & (%) Tm (K)
Hf0.25Ta 745 >50 2122
Hf0.5Ta 789 >50 2145
Hf0.75Ta 832 >50 2165

Hf1Ta 873 >50 2183
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Figure 4. Compressive engineering stress—strain curves of Ti,ZrHf,V(5Tag, HEAs at RT.
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Figure 5. (a) Compressive engineering stress—strain curves at 873 K, (b) linear graphs of temperature
and strength of Ti,ZrHf,V( 5Tag, HEAs.

3.3. TEM Characterization of the Irradiated Ti,ZrHfV 51n9, HEA

The characterizations of He bubbles, such as distribution range, shape, size, and
number density, were primarily analyzed in this work. Based on the SRIM simulation
results (shown in Figure 1), the peaks of irradiation damage and He concentration emerged
at the depth of ~2200 and 2300 nm, respectively. Therefore, at different fluences, the cross-
sectional TEM images containing peak damage regions at depths of 1700 to 2700 nm are
shown in Figure 6a,b, presenting the He bubbles’ distribution characterizations. For the
sample irradiated to a fluence of 1 x 10'® ions/cm?, the He bubbles emerged at the depth
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of ~2000 nm and extended to 2500 nm, and no bubbles could be identified beyond this
range. A wider spatial distribution of He bubbles was detected in the sample irradiated
to a higher fluence of 3 x 10! ions/cm?. As can be detected in Figure 6b, larger bubbles
were observed in the depth range of 1850~2550 nm, which was roughly consistent with the
simulation results shown in Figure 1.

Depth (nm)
1705
2700V

Underzfocused Sesees 10 mm WOmm

"

Figure 6. (a,b) Distribution of He bubbles at 1700~2700 nm depth in irradiated samples at different
fluences; (c—e) the under-, on-, and over-focused images of He bubble characterization obtained at
the same position.

The features of He bubbles in the TEM bright field images taken in the same position
under different focusing states are presented in Figure 6c—e, in which white and black spots
were found in under- and over-focused conditions, respectively. Under different focusing
states, no precipitates could be observed in the peak damage regions.

The characterizations of the He bubbles at high magnification are displayed in
Figure 7a,b, in which faceted bubbles were observed in the Hf1Ta alloy at different flu-
ences. The He bubbles in BCC-structured conventional materials usually evolved into
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polygons at elevated temperatures to maintain a more stable state and faceted bubbles
formed in the Nb-Zr and Fe-Cr alloys [55]. The shape of He bubbles in materials can be
influenced by several factors, including crystal structure, surface energy, strain effects,
volume energy, etc. The extra elastic strain energy was generated by vacancy and He atoms
flowing into He bubbles at high temperatures. For maintaining a more stable state of He
bubbles, large areas of surfaces were formed and developed on low-energy planes [56],
which resulted in the formation of faceted bubbles in the Ti, ZrHf,V5Tag, HEA at 1023 K.
The morphology of the bubbles in the Hf1Ta alloy in this study, Ti-Zr-Nb-V-Mo [46], and
Ti-V-Nb-Ta RHEASs [57] was similar to that found in the conventional materials with He
ions implantation, suggesting that the formation of faceted bubbles at elevated temperature
may be a feature of BCC-structured RHEAs.

ons/cma

| 5

1S 0ions/ema! K(b) T 0%

Figure 7. Comparison of He bubble characterizations in the peak damage regions of the Hf1Ta HEA
at the fluences of (a) 1 x 10® and (b) 3 x 10%° ions/cm?.

At different fluences, no precipitations could be found in the peak damage regions of
the irradiated HalTa HEA and only the diffraction spots of BCC phase were detected in
the selected area’s electron diffraction patterns obtained from different irradiation damage
regions, and they suggested preeminent phase stability of the Hf1Ta HEA under He ion
irradiation at 1023 K. The bubbles’ distributions in peak damage regions were determined
to be random and uniform under different fluences, and the He bubble sizes presented
normal-like distributions (as displayed in Figure 8), meaning that the nucleation and
growth process of He bubbles in the Hf1Ta HEA was homogeneous under irradiation [57].

Figure 9 exhibits the elemental distributions near the bubbles in the Hf1Ta HEA
irradiated to a fluence of 3 x 10'® ions/cm?. No obvious elemental enrichment regions
were detected in the images and the distribution of each element was relatively uniform.
Recent studies [40,57] on the HEAs indicated that the atomic size difference dominated
the elements segregation under irradiation. In those cases, the vacancies away from the
He bubbles were preferentially coupled with the oversized elements, resulting in the
enrichment of the undersized elements at the bubbles. Significantly, the radiation-induced
segregation may affect the behavior of dislocations/He bubbles and induce stress corrosion
cracking, thereby degrading the mechanical properties and putting a negative impact on
the irradiation performance of the alloys. The uniform distribution of elements near the
He bubbles suggested the good structural stability of the Hf1Ta HEA under the given
irradiation condition.
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Figure 8. Size distributions of He bubbles in the Hf1Ta HEA at different fluences.

Figure 9. Elemental distribution near the He bubbles in the Hf1Ta HEA irradiated to the fluence of
3 x 10% jons/cm?.
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The size distributions of the He bubbles in the peak damage regions are shown in
Figure 8. At each fluence, the He bubble sizes in the Hf1Ta HEA presented a unimodal
distribution. The average sizes () and number densities (N) of the He bubbles in the Hf1Ta
HEA at different fluences are listed in Table 5. The average size increased from 10.5 nm
to 13.7 nm and number density increased from 9.09 x 10?2 m~3 to 2.42 x 102! m~3 as the
fluence improved.

Table 5. Average size and density of He bubbles in the Hf1Ta HEA at different fluences.

Fluence (ions/cm?) Average Size (nm) Number Density (x10?° m—3)
1 x 10 10.5 9.09
3 x 10% 13.7 24.21

Generally, the growth of He bubbles was temperature sensitive and larger He bubbles
were found at elevated temperature [58]. The average sizes of He bubbles in the conven-
tional materials were summarized in Table 6. Owing to the limitation of melting point, the
temperature of irradiation experiments applied to conventional materials was restricted,
which was no more than 973 K. Therefore, the He bubble sizes in the Hf1Ta HEA were larger
than those in conventional materials [59-63] due to the higher experiment temperature
(1023 K), while He bubble density was one to two orders of magnitude lower. Significantly,
the He bubble sizes in the Hf1Ta HEA were between 5-17 nm, which were close to those
found in the reported Ti-Zr-Nb-V-Mo [46] at 1023 K and Ti-V-Nb-Ta RHEAs [57] at 973 K.
However, the average sizes of He bubbles in tens of nanometers (34.1-85.6 nm) were found
in FCC-structured NiCoFeCrMn HEAs and its derivatives [58] at 973 K.

Table 6. Average sizes of He bubbles in the conventional materials (CMs) and typical HEAs and their
derivatives at elevated temperatures.

Peak He .
Alloys Temlzl(e(r)ature (i1(:)111use/?;1e2) Concentration Avelaflg;_)Slze
(at.%)

TiVTa [57] 973 1 x 1017 5.0 13.4
TiVNbTa [57] 973 1 x 10V 5.0 8.1
HEAs TiZrNbV [46] 1023 6 x 1016 39 12.5
TiZrNbVMo [46] 1023 6 x 1016 39 10.4
NiCo [58] 973 6.4 x 106 3.6 25.1
NiCoCr [58] 973 6.4 x 1016 3.6 34.1
NiCoFeCrMn [58] 973 6.4 x 1016 3.6 85.6
V-4Cr-4Ti [59] 573 5 x 1016 4.0 2.7
ODS [60] 723 1 x 107 5.6 39
CMs RAFM [63] 773 3 x 1016 5.7 5.1
GH3535 [62] 923 1 x 107 5.0 2.3
Ni-SiC [64] 923 6 x 1016 35 8.1

3.4. Irradiation Hardening

Nano-indentation tests were employed to assess the mechanical properties of the
Hf1Ta HEA after He ions’ irradiation. Figure 10a shows the average hardness dependence
of indentation depths of the unirradiated and irradiated Hf1Ta alloy. Due to the surface
effect on the measurement accuracy, hardness values measured at the depths less than
80 nm were not reliable and omitted. At the same depth, the irradiated sample possessed
higher hardness values than the unirradiated one, which suggested the hardening of
irradiated Hf1Ta HEA. For the indentation size effect, the hardness decreased slightly with
increasing the indentation depth as shown in Figure 10a, which could be described by the
model proposed by Nix and Gao [61]:

H = Hoy/1+ (h*/h) @
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where H represents the measured hardness, Hy represents the hardness at infinite depth, 1*
represents a characteristic length which depends on the material and the shape of indenter
tips, and h represents the indentation depth.
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Figure 10. (a) The average nano-hardness measurements as a function of depth of the unirradiated
and irradiated Hf1Ta HEA; (b) corresponding profiles of H? versus h~!.

For the uniform material, such as the unirradiated alloys, there was no deviation
away from linearity in the profiles of H? versus ! based on the Nix-Gao model. As
shown in Figure 10b, the hardness curves of the unirradiated Hf1Ta HEA exhibited a good
linear relationship in the irradiation depth range of 80-2000 nm. The irradiated alloy was
heterogeneous, with a hard and thin damaged layer near the surface. The volume of the
plastic zone generated by the indenter pressing into the surface of the sample is usually
much larger than that of the indenter. As the plastic zone extended to the lower undamaged
region, the measured hardness value could be affected. In this case, the measured hardness
value decreased with the increase of depth and finally approached the hardness of the
unirradiated area, which was named as softer substrate effect (SSE) [61]. Therefore, there
was a deviation away from linearity when the depth value was large enough (deeper than
~350 nm for the Hf1Ta HEA in this study). The values corresponding to the linearity were
usually used for fitting to compare and study the hardness changes of the alloy before and
after irradiation to a certain extent. In this study, due to indentation size effect and soft
substrate effect, the values of hardness measured in the depth range of 80-350 nm in the
irradiated Hf1Ta HEA and 80-2000 nm in the unirradiated Hf1Ta HEA were used for fitting
to evaluate the hardness change.

The hardness value of the unirradiated sample was calculated as 3.78 GPa and the
hardness increment (AH, hardness difference between unirradiated and irradiated samples)
and hardening fraction (AH/Hy, the ratio of the hardness increment to the hardness of
unirradiated sample) are summarized in Table 7. As the irradiation fluence increased from
1 x 10 to 3 x 10'® jons/cm?, the hardness increment increased from 0.67 to 1.34 GPa,
and the hardening fraction increased from 17.7% to 34.1%. Remarkably, the irradiation
hardening fraction of the Hf1Ta HEA was equivalent to that of the BCC structured Ti-Zr-
Nb-V-Mo HEAs, which was lower than those of most reported conventional low-activation
materials at similar He ions’ irradiation fluences (shown in Table 8). RHEAs of different
systems showed good irradiation hardening resistance under He ion irradiation, and the
selected elements could greatly affect the irradiation resistance of the HEAs, which is
worthy of further study in the future.
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Table 7. Nanoindentation test results of the Hf1Ta HEA at different fluences.

Fluence (ions/cm?) Hj (GPa) AH (GPa) AH/Hg (%)
0 3.78 - -
1 x 1016 445 0.67 17.7
3 x 106 5.07 1.34 34.1

Table 8. The hardening fraction of some He-irradiated conventional low-activation materials and
HEAs.

Allovs Temperature Fluence Hardening Fraction

Y (K) (x10' jons/cm?) (%)

TiZrNb [46] 1023 6 17.3

HEAs TiZrNbV [46] 1023 6 413
TiZrNbVMo

[46] 1023 6 23.6

ODS [60] 723 5 48.1

CM. V-Cr-Ti [59] 573 5 52.0

s RAFM [65] 773 3 85.9

CLAM [19] 773 3 61.1

Irradiation-induced defects, including dislocation loops, He bubbles, and stacking
faults, could act as the barrier of sliding dislocations, and have a significantly negative
impact on the mechanical properties of the irradiated alloys. It was reported that the
obstacle strength of He bubble defects was strongly related to their sizes [66-68]. Compared
to the smaller defects, the probability of interaction with dislocations was enhanced due to
the large cross section of the oversized bubbles [46]. The maximum He bubble size in Hf1Ta
HEA can reach more than 16 nm with average sizes of 10.5 and 13.7 nm at different fluences,
which was conducive to enhancing the interaction between He bubbles and dislocations
and improving the hardness. Thus, the formation of large He bubbles in the irradiated
Hf1Ta HEA could be considered as the main cause of hardening. Compared with the
sample irradiated at low fluence, the larger and denser He bubbles generated in the sample
irradiated at high fluence can interact with the dislocations more effectively, which led
to the higher hardness increment and hardening fraction in the Hf1Ta HEA irradiated
at the fluence of 3 x 10 ions/cm?. Additionally, Zhao [33] and Shi [34] proposed that
residual density of vacancies and interstitials produced by irradiation could be greatly
reduced by the effective recombination in the HEAs. The severe lattice distortion in HEAs
could impose restrictions on the formation and growth of defect clusters, resulting in small
size defects with low density in the matrix. For those reasons, the force on dislocation
movement could be weakened and the degradation of mechanical properties of the Hf1Ta
HEA after irradiation was mitigated. Fine structural stability, limited radiation-induced
segregation, and low residual defect density contributed to the good irradiation tolerance
of the Hf1Ta HEA.

4. Conclusions

The novel low-activation Ti, ZrHf,V( 5Tag» HEAs were designed and prepared. He
ion irradiation experiments were employed to preliminarily evaluate irradiation tolerance
of the representative Hf1Ta HEA. The microstructures and mechanical properties of the
as-cast and irradiated samples were investigated. The main conclusions are as follows:
(1) The as-cast Ti,ZrHf,V(5Tag» HEAs exhibited BCC solid solution structure and the

plastic strain exceeded 50%. Due to the solid solution strengthening caused by the

increase of Hf content, the yield strength of the Ti,ZrHf,V(s5Tag, HEAs enhanced

from 745 to 873 MPa at room temperature and from 480 to 662 MPa at 873 K.
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(2) No obvious radiation-induced element segregations or precipitations were found in
the He-implanted Hf1Ta HEA, which reflected fine structural stability under He ion
irradiation at 1023 K.

(3) The morphology of the He bubbles in the Hf1Ta HEA was faceted, which was similar
to that found in the BCC structured conventional materials, Ti-Zr-Nb-V-Mo, and
Ti-V-Nb-Ta RHEAs at elevated temperatures.

(4) As the irradiation fluence increased from 1 x 100 to 3 x 10° ions/cm?, the average
size of the He bubbles in Hf1Ta HEA increased from 10.5 to 13.7 nm and number
density increased from 9.09 x 10%° to 2.42 x 102! m~3.

(5) With improving fluence, the irradiation hardness increment increased from 0.67 to
1.34 GPa, and the hardening fraction increased from 17.7% to 34.1%. Due to the
low residual defect density and fine structural stability, the hardening fraction of
the irradiated Hf1Ta HEA was lower than those of most reported conventional low-
activation materials at similar He ions” irradiation fluences. The experimental results
indicated that the novel low-activation RHEA may be one of the promising candidate
structural materials for advanced nuclear energy system.
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Abstract: The paper studies new materials for brake disks used in car manufacturing. The materials
used in the manufacturing of the brake disc must adapt and correlate with the challenges of current
society. There is a tremendous interest in the development of a material that has high strength,
good heat transfer, corrosion resistance and low density, in order to withstand high-breaking forces,
high heat and various adverse environment. Low-density materials improve fuel efficiency and
environmental impact. Complex concentrated alloys (CCA) are metallic element mixtures with multi-
principal elements, which can respond promisingly to this challenge with their variety of properties.
Several compositions were studied through thermodynamic criteria calculations (entropy of mixing,
enthalpy of mixing, lambda coefficient, etc.) and CALPHAD modeling, in order to determine
appropriate structures. The selected compositions were obtained in an induction furnace with a
protective atmosphere and then subjected to an annealing process. Alloy samples presented uniform
phase distribution, a high-melting temperature (over 1000 °C), high hardness (1000-1400 HV), good
corrosion resistance in 3.5 wt.% NaCl solution (under 0.2 mm/year) and a low density (under
6 g/cm?).

Keywords: complex concentrated alloys; structural characterization; corrosion resistance; transportation
applications; materials design

1. Introduction

The braking system plays a crucial role in stopping or slowing down a vehicle by
creating frictional resistance [1].

The braking system mainly consists of a disk bolted to the wheel hub and a caliper
containing pads connected to the axle stationary housing. The caliper applies a braking
force to the disk through the braking pads to slow down or stop the vehicle. The brake
disk is the main component that makes the connection between the wheels and the car.
High-mechanical forces are developing at this stage and friction produces high local heat
(up to 1000 °C). Due to the importance and necessity of the brake disc, the material
requirements have to be established and defined very clearly. High strength at low and
higher temperatures, high-friction coefficient, good heat capacity and corrosion resistance
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are the main characteristics of brake disk materials [2]. On the other hand, the automotive
industry is in continuous development, and it is important to consider a series of additional
competitive factors, specifically, lightweight and low particulate emissions.

Several types of materials are used to manufacture the components of the braking
system, such as cast iron, aluminum alloys, titanium alloys, composite materials and carbon
fibers [3]. From all the materials, the most used is grey cast iron, due to its high strength,
high-temperature stability and low-manufacturing costs [4]. Although grey cast iron has
been used extensively, it has several disadvantages. Grey cast iron has a high density
of 7.25 kg/cm?, and low-corrosion resistance, which determine high-fuel consumption,
short maintenance intervals and significant particulate pollution. The most important
disadvantage of using cast iron for the brake disk is environmental pollution. Recent
studies show that 16-55 mass% of non-exhaust PM10 emissions are caused by brake
wear [5]. Above all, size is an important aspect, as it determines how deep the particles can
penetrate the human body. Using the PM10, PM2.5, PM1, and PMO0.1 classifications, the
average brake dust particle diameter is about 2 pm, well within the 2.5 range. Additionally,
some sources show a second distribution peak around PMO0.1, indicating the severity of the
respirable dust and particulate matter problem. Small particles in the air can be inhaled
and penetrate deep into the lung tissue, causing serious lung disease. Small particles are
produced as a result of the disc and the brake pads friction. These particles remain in
suspension in the atmosphere, being a source of pollution and a human health hazard [6-9].
Seo et al. [7] studied the suspended particle pollution of four types of brake discs made
from three types of cast iron (FC170, FC200 FC250) and a ceramic material, in order to
analyze the particle size and mass concentration. The study showed that cast iron generates
the most airborne particles. Ghouri et al. [8] studied the influence of corrosion on particle
pollution for grey cast iron disk brakes. It was found that corroded disks increase the
particle emissions by double and also inhibited braking performance by reducing the
coefficient of friction. The effect of temperature on particulate emissions was calculated by
Seo et al. in [9]. It was found that the thermal conductivity is one of the main depending
factors and that cast iron disks produce the highest amounts of particulate matter.

Complex concentrated alloys (CCAs) represent a promising solution to this challenge,
due to the high versatility of their properties [10]. These new materials have the advantage
of having a high number of component elements that can form complex combinations,
which leads to a series of favorable properties. CCAs are including the high-entropy alloy
(HEA) family by allowing a larger compositional domain, formation of intermetallic phases
and without a minimum number of elements. Alloys from this group of materials generally
have a higher configurational entropy than conventional alloys. Due to this characteristic,
CCAs tend to form disordered and compositionally complex solid solution structures.
The large number of component elements allows for a higher degree of freedom in alloy
compositions and properties.

Several alloy compositions, containing low-density elements, have been investigated
by several research teams [10-14]. In order to induce the high-entropy effect, some authors
maintained the group of elements that are found in most of the studied HEA and added,
in a controlled manner, lighter elements. A light weight HEA based on the Cr-Fe-Mn
system, with gradual additions of Al and Ti, was studied by Feng et al. [11]. A dominant
BCC structure was obtained at low additions of Ti; still, the alloy brittleness and relatively
high density can be detrimental in several applications. Kushnerov and Bashev [12]
investigated the Al and Si additions to the main Cu-Fe-Mn-Ni system and found that
cooling rates strongly influence the phase constitution of the alloy. Most of the alloy
compositions formed a single-phase FCC structure in the as-cast state, but the density of
the material was over 4 g/cm3. A LWHEA with a high proportion of low-density elements
was developed by TSENG et al. [13]. The alloy presented a predominant BCC-type solid
solution structure and a lower level of intermetallic phases. The A120Be20Fe10Si15Ti35
alloy delivered good mechanical properties and oxidation resistance. Still, Be is a safety
hazard element and may raise the production costs. Recently, a research in the field
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of LWCCAs was performed by Gondhalekar [14], aiming to design and develop new
light-weight aluminium based CCAs. Empirical rules from HEA design were applied in
the process, alongside with thermodynamic modeling. Several compositions containing
Ag were found to have good potential, but the alloy cost may restrict the use for light
weight applications. Other compositions have been proposed by Mitrica et al. [15,16] but
improvements need to be made for the reduction of intermetallic phase content and for
particle distribution improvements.

The development of complex light alloys with higher strength and high-temperature
stability has been researched by several authors.

A new alloy system, Al-Fe-Mn-5i, was designed and researched by O’Brien et al. [17],
intended to deliver good corrosion resistance and mechanical properties. The new multi-
phase, CCA, has equimolar composition and is based on four principal elements, AlIFeMnSi.
The results showed that the developed alloy exhibited excellent corrosion resistance and
high hardness due to the presence of Fe in high proportion; therefore, the alloy is less
expensive with 46% than stainless steel 304 L, and has a lower density of 4.5 g/cm?.

The idea for the substitution of Ni with Ti for lowering the density in the well-known
high-entropy alloy system, Al-Cr-Fe-Mn-Ni, was investigated by Rui Feng et al. in [11].
The authors investigated the phase formation in AIxCrFeMnTiy alloy system through the
assessment of various empirical rules pertaining to light-weight HEAs. A comparison
between experimental and modeling results showed significant differences. CALPHAD
modeling was also performed on Al-Cr-Nb-Ti-V and Cr-Nb-Ti-V-Zr systems, producing
enthalpies of mixing values at higher temperatures.

A medium-entropy alloy (MEA) system, based on the Al-Ti-Cr-Mn-V system, was
developed by Liao et al. [18] using a nonequiatiomic approach, maintaining Al concentra-
tion at 50 at.%, and the main group (TiCrMn) between 30 and 45 at.%. The results showed
great mechanical properties before and after annealing, meaning a compression strength of
1940 MPa, while producing a ductility of 30%.

Several research pathways were followed in the past for replacing the well-known
and widely applied cast-iron brakes. Different materials were trialed but they lack one
of more of the cast iron main properties: high resistance, high-temperature stability and
a high-friction coefficient. The aluminum matrix composite materials became the most
promising materials, as they are relatively inexpensive to produce, have good mechanical
resistance, a good friction coefficient, lower density and lower particulate emissions. The
main impediment is the resistance at higher temperatures that is limited by the aluminum
alloy matrix.

The present work focuses on the development of new alloys for the manufacturing
of disk brakes with low density, high hardness, high-temperature stability and corrosion
resistance. The main goal is to provide comparative analyses between two promising alloy
systems, i.e., the modeling approach, and to investigate the influence of heat treatment
on the structure and properties of the materials and the degree of predictability of the
structure offered by the investigated methods. Another important aspect of this study is
the applicability potential of the new materials to replace gray cast iron in the manufacture
of the brake discs.

2. Materials and Methods

Obtaining a material that meets the requirements imposed by the transport industry
and society requires a careful and elaborate selection between the possible CCAs systems.
Considering that the particularities of each component element of the alloy have an impact
on the final properties of the CCA, selected metals must have a positive effect on the desired
characteristics. To obtain a material with a low density, elements such as aluminum, iron
and silicon were selected. Cr, Fe and Mn have a relatively high density, but they can be
used to increase the melting temperature of the alloy. Also, some of these elements, such as
Al and Fe, have attracted attention due to their affordable cost and favorable contributions
to the economic impact of the material.
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To obtain the most suitable composition of the alloys, there are several useful tools,
including the semi-empirical criteria. The criteria with significant effects over the structure
and the properties of the alloys are: mixing entropy (ASpix), enthalpy of mixing (AHpix),
atomic size difference (), parameter (), Allen electronegativity difference (Ay), valence
electron concentration (VEC) and the geometrical parameter (A).

In this study, the degree of formation of solid solutions was analyzed by calculating
Allen electronegativity difference and the geometrical parameter A.

The parameter A has a high-predictive power on the alloy structure, as mentioned by
Anil Kumar Singh et al. [19]. If it has a lower value than 0.24, it will form a multiphase
structure containing intermetallic phases. Otherwise, if the aim is to obtain a structure with
a single phase of solid solution type, then this parameter must have a value greater than
0.96. If A values fall between these two values, then two phase mixtures can be formed.

The parameter A depends on the mixing entropy and the atomic size difference of the
mixture. The mixing entropy is also an important parameter that characterizes the ability
to form a solid solutions structure, and it is determined using Boltzmann's equations [20]:

ASmix = —R-ZCi-h’lCi (1)

where R is the gas constant and ¢; is the molar fraction of the element i.

The atomic radius difference is considered the parameter with the strongest influence on
the structure, and is preferable so that the component elements of the alloy have appropriate
values [20]. The difference in atomic radius was calculated with Equation (2) [21].

§ = 100- 2@(1—%)2 @)

where r; is the atomic radius of the element i and 7 is the atomic radius average.
Knowing the difference in atomic radius and mixing entropy, the parameter A can be
determined through Equation (3) [19]:

A = ASpix /& ®)

To calculate the Allen electronegativity difference (A), it is important to know the elec-
tronegativity after Pauling for element i (x;) and the electronegativity average (x). For the
alloy to form solid solutions, its value must be between 3-6%. The Allen electronegativity
difference was calculated using Equation (4) [22]:

2
Ax = 100- Zci«( - ’)‘(‘) (4)

The thermodynamic and kinetic simulation of alloy structures is very useful in the
optimization of CCAs systems. This was performed through the Matcalc Pro edition
software, version 6.02. The CALPHAD method (CALculation of PHAse Diagrams) analysis
is the basis of thermodynamic modeling, while the kinetic evaluation was achieved through
the use of specialized modules that study solid-state phase transformations.

The selected alloys were prepared using raw materials of technical purity and mixed to
obtain a charge of 250 g of each individual alloy composition. The primary metals were Al,
Fe, Mn and Si for the AlFeMnSi alloy, and Al, Cr, Fe, Mn and Ti for Al4CrFeMnTi 5. The
charge for each composition was placed in an alumina—zirconia crucible, in an induction
furnace, Linn MFG, 300 type-, with argon atmosphere. After melting, the alloys were cast
in a cylindrical copper mold and cooled in the furnace under vacuum. In order to increase
the degree of homogeneity, the alloys were remelted several times. The as-cast samples
were subjected to heat treatment in an electrical furnace, LHT 04/17 Nabertherm GMBH
(Lilienthal, Germany). The heat treatment stage was conducted at 700 °C for 50 h with a
slow cooling rate.
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The obtained samples, before and after the heat treatment process, were characterized
by chemical, structural, mechanical and corrosion analyses.

The chemical composition of the samples was analyzed by inductively coupled plasma
spectrometry (ICP-OES) using an Agilent 725 spectrometer (Santa Clara, CA, USA). The
structure of the samples was also investigated by SEM-EDAX characterization, with a scan-
ning electron microscope, FEI Quanta 250 (FEI Europe B.V., Eindhoven, The Netherlands).
It is equipped with an X-ray spectrometer (EDS), which provides information about the
chemical composition of the sample phases.

For a better understanding of the configuration of the phases, XRD analysis was also
performed. The sample was analyzed by using a BRUKER D8 ADVANCE powder X-ray
diffractometer (CuK«1 radiation, Johannson Ge (111) monochromator) equipped with a
PSD Lynx-Eye detector in ®-20 reflection configuration. Data acquisition was performed
using DIFFRACplus XRD Commander (Bruker AXS) software in the 20-Region 20-120
with step size 0.020, holding time 8.7 s/step, and sample rotation speed 15 rot/min. The
powder sample was mounted on a zero background sample holder. The collected data
were processed using a Bruker® Diffracplus EVA Release 2018 software and the database
ICDD® Powder Diffraction File (PDF4+, 2019 edition) was used for the phase identification.

The corrosion tests were achieved using Voltalab 80 PGZ 402, with a Volta Master
software, version 7.0.8. The tests were performed in a sodium chloride solution of 3.5%,
according with the method presented in [23].

Designing an alloy that has the highest melting temperature is of great importance,
because the higher it is, the higher the working temperature and the better the thermal
resistance. The temperature at which the reactions with heat exchange took place were
determined by the thermal analysis equipment Setsys Evolution, Setaram.

Vickers microhardness of the samples were ascertained using a micro-indenter attach-
ment Anton Paar MHT10 (Anton Paar, Graz, Austria, at 25 C, by an applied load of 2 N
and a slope of 0.6 N/s. The microhardness was performed using a Zeiss Axio Imager Alm
microscope (Zeiss, Jena, Germany).

3. Results and Discussions
3.1. CCAs Structure Design Depending on the Element Concentation

Considering the phase concentration variation in the AICrFeMnTi and AlFeMnSi
alloys systems, the Matcalc simulation program was used to study phase redistribution in
the solidification process.

The calculated phase distribution of the AICrFeMnTi alloy system is shown in Figure 1.
The variation of the elements has a significant influence on the phases that can form in the
structure. At 200 °C temperature, the variation of eight phases was observed: BCC_A2,
BCC_B2, Cub_A13, AlCrp, Al,Ti, CrsMns, FeTi and H_Sigma. Figure 1a shows that a
high concentration of BBC_B2 phase is found when the Al content exceeds 13 wt.%, while
CrsMns and Cub_A13 phases suffer a decrease in phase fraction. Increasing the aluminum
content in the alloy does not have a strong influence on obtaining the AICr; phase, which
reaches a peak of 0.05 phase fraction between 11 wt.% and 13%. It was also observed that
the increase in the Al content leads to a decrease in the concentration of the BCC_A2 and
FeTi phases, and after 15 wt.% Al these phases are not found any more in the structure.
On the other hand, from Figure 1b, it can be observed that the BCC_B2 phase decreases in
proportion to the increase in Cr content. The solid solution BCC_A2 reaches the peak of
0.2 phase fraction at 12%Cr. To obtain a structure composed of the intermetallic compound
Cr3Mns, it is necessary for the Cr content to exceed 11%. Between 12 wt.% and 17 wt.%,
the variation of the AlCr; phase can be observed. The proportion of the H_Sigma phase
increases after 15 wt.% Al, while FeTi increases after 22 wt.%. The variation of Cr in the
alloy does not have a significant influence on FeTi and Cub_A13, which no longer appear in
the structure after 1 wt.%, and, respectively, 7 wt.%. The variation of Fe on the phases can
be seen in Figure 1c. As in the case of Cr, increasing the Fe content leads to a reduction in
the proportion of the BCC_B2 phase, which reaches a peak of 0.8 phase fraction at 10 wt.%
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Fe. A significant proportion of the BCC_A2 phase can be observed between 13 wt.% and
19 wt.% Fe. This element has an inconstant influence on the AlCr, and Cr3Mns phases,
noting that at 15 wt.% Fe, the two phases no longer appear. On the other hand, FeTi and
H_Sigma phases increased in proportion after 25 wt.% Fe and, respectively, 18 wt.% Fe.
In Figure 1d, it can be observed that the presence of Mn influenced the formation of the
phase’s structure by favoring the increasing of the BCC_B2 phase, until 24 wt.% Mn. Also,
after 23 wt.% Mn, the FeTi phase starts to increase in proportion. When up to 13% wt.% Cr,
the Al,Ti phase decreases in concentration, while the H_Sigma phase increases. The AlCr,
phase reaches a peak of 0.3 phase fraction at 13 wt.% Mn, after which it decreases. Figure le
shows the influence of Ti concentration on the phases variation. BCC_B2 is the predominant
phase in the structure at a content of less than 20 wt.% Mn. The BCC_A2 solid solution is
found in high proportions in the alloy structure at a low Ti content, but after 13 wt.%, this
will no longer be present. On the other hand, after 13 wt.% Ti, the H_Sigma phase increases
in proportion, reaching approximately 0.25 phase fraction at 16 wt.% Ti. The AlCr, phase is
observed to reach 0.2 phase fraction at 15 wt.% Ti, after which, it decreases in proportion.
On the other hand, it was observed that the Cr3sMns phase has an inconstant growth with
the increase of Ti.

The phase evolution, depending on element concentration, was calculated for AlIFeMnSi
alloy system (Figure 2). A higher concentration of Al has a strong influence over the
formation of AlyFe, which becomes more stable over 15 wt.% Al (Figure 2a). The influence
of Al content is shown also by the transition between Al,Fe and BCC_B2 at higher Al
concentrations. After 26% wt.% Al, Al,Fe phase increases in proportion, while the other
phases decrease. The aluminum concentration has a minor influence on the formation of
the BCC_A2_#01 phase: a variation of the BCC_A2 phase.
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Figure 1. Cont.
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Figure 1. The impact of the alloying element on the phase stability for the AICrFeMnTi alloy system:
(a) Al influence; (b) Cr influence; (c) Fe influence; (d) Mn influence; (e) Ti influence.
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Figure 2. The proportions of phases that can be found in the Al-Fe-Mn-Si alloy system, at 400 °C,
depending on the variation of the component elements: (a) Al; (b) Fe (c) Mn; (d) Si.

The proportion of the FeSi phase suffers a major decrease at 26 wt.% Al. Figure 2b
shows the influence of Fe content over the formation of solid solution and intermetallic com-
pound phases in the selected alloy. The proportion of the solid solution phases varies with
the increase of Fe content; a transition between BCC_B2 and BCC_B2#01 phases occurred
at 26 wt.% Al. Another transition was observed at 16%wt.% Al, between BCC_A2_#01
and Al Fe. The presence of Fe has a significant contribution to the stability of FeSi phase,
which reaches a peak of 0.5 phase fraction at 35 wt.% Fe. By increasing the Fe content,
the concentration of AlyFe has the higher peak of 0.6 at 25 wt.% and then decreases. The
alloy structure is also defined by the presence of Mn, which has an important contribution
to the stabilization of the complex compound-based phases (Figure 2c). Increasing Mn
proportion has an important influence on the stability of BCC_B2 and FeSi. Si content has a
strong influence over the formation of the FeSi phase, which reaches the highest peak at
30 wt.% Si (Figure 2d). This element content has also a high influence over the formation
of the BCC_B2 solid solution phase, which is inversely proportional to the increase of the
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component proportion. On the other hand, the Al,Fe phase is insignificantly affected by
the silicon content.

3.2. Thermodynamic and Kinetic Criteria Calculation

In the case of CCAs, the elements’ proportion has a high impact on the alloy structure.
Based on the criteria calculation results, the optimal composition of the selected alloy’s
systems can be designed, varying the proportions of each element from 0.5 to 2.5 molar
concentration. Table 1 shows the criteria calculation for the AICrFeMnTi alloy system and
Table 2 for AlFeMnSi alloy system.

Table 1. Criteria calculation results for AICrFeMnTi system.

AXAllen A P Melting Temperature
No. Alloy A (J/mol-K) (g/CInS) & Q)
1 Aly5CrFeMnTi 9.35 0.29 6.01 1474.48
2 AlCrFeMnTi 8.90 0.30 5.62 1393.06
3 Al; 5CrFeMnTi 8.51 0.30 5.31 1326.45
4 Al,CrFeMnTi 8.17 0.31 5.06 1270.94
5 Al 5CrFeMnTi 7.87 0.31 4.85 1223.97
6 AlCry 5CrFeMnTi 9.39 0.31 5.47 1341.52
7 AlCrFeMnTi 8.90 0.30 5.62 1393.06
8 AICry sFeMnTi 8.48 0.29 5.74 1435.24
9 AlCryFeMnTi 8.12 0.28 5.84 1470.39
10 AlCr;p sFeMnTi 7.80 0.28 5.93 1500.13
11 AlCrFey sMnTi 8.81 0.31 541 1377.29
12 AlICrFeMnTi 8.90 0.30 5.62 1393.06
13 AlCrFe; sMnTi 8.87 0.28 5.79 1405.97
14 ACrlFe,MnTi 8.78 0.27 5.94 1416.72
15 AlCrFep sMnTi 8.65 0.27 6.07 1425.82
16 AlCrFeMng 5Ti 9.14 0.26 5.44 1409.52
17 AlICrFeMnTi 8.90 0.30 5.62 1393.06
18 AlCrFeMnq 5Ti 8.66 0.32 5.76 1379.60
19 AlCrFeMn,Ti 8.42 0.35 5.89 1368.39
20 AlICrFeMnj, sTi 8.19 0.36 6.00 1358.90
21 AlCrFeMnTi 5 7.45 0.31 5.77 1362.52
22 AlICrFeMnTi 8.90 0.30 5.62 1393.06
23 AlCrFeMnTi; 5 9.76 0.29 5.50 1418.06
24 AlCrFeMnTi, 10.29 0.28 5.40 1438.89
25 AICrFeMnTi, 5 10.63 0.28 5.32 1456.51
Table 2. Criteria calculation results for AIFeMnSi system.
AXAllen A P Meltin
No. Alloy % (J/mol-K) (g/cm?®) Temperatur% (°C)
1 Aly sFeMnSi 5.48 0.19 4.83 1292.62
2 AlFeMnSi 6.21 0.17 4.54 1213.58
3 Al; sFeMnSi 6.56 0.16 4.32 1152.11
4 Al,FeMnSi 6.73 0.16 415 1102.93
5 Alp 5FeMnSi 6.80 0.16 4.00 1062.69
6 AlFeq sMnSi 6.61 0.15 4.18 1167.66
7 AlFeMnSi 6.21 0.17 4.54 1213.58
8 AlFeq 5sMnSi 5.87 0.18 4.84 1249.29
19 AlFe,MnSi 5.58 0.19 5.08 1277.86
10 AlFe, sMnSi 5.32 0.20 5.29 1301.24
11 AlFeMn 55i 6.61 0.15 421 1209.09
12 AlFeMnSi 6.21 0.17 4.54 1213.58
13 AlFeMn 551 5.87 0.19 4.81 1217.07
14 AlFeMn,Si 5.58 0.20 5.03 1219.86
15 AlFeMn, 5Si 533 0.21 5.22 1222.15
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Table 2. Cont.

AXAllen A P Melting

No. Alloy % (J/mol-K) (g/cm®) Temperature (°C)
16 AlFeMnSij 5 5.79 0.20 498 1184.95
17 AlFeMnSi 6.21 0.17 4.54 1213.58
18 AlFeMnSiy 5 6.35 0.16 4.23 1235.85
19 AlFeMnSi, 6.36 0.15 3.99 1526.81
20 AlFeMnSi; 5 6.32 0.14 3.81 1268.24

Figures 3 and 4 illustrate the influence of each element composition on the most
representative parameters for the AICrFeMnTi and AlFeMnSi alloy system. The optimal
range for solid solution formation is represented by A >24 J/mol-K and Ax < 6%, as it is
presented in Section 2. To design a material with potential application in the manufacture
of the brake disc, the influence of the elements compositions on density and melting
temperature was analyzed. The dotted line in the diagrams represent the range limit.
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Figure 3. Graphical representation of the elemental influence over the criteria values for AICrFeMnTi
alloy system: (a) density, p, and the parameter A; (b) density, p, and the Allen electronegativity
difference, Ax; (c) the melting temperature and the parameter A; (d) the melting temperature and
Allen electronegativity difference, Ax.

The relationship between the parameter A and density for the AICrFEMnTi alloy
system is shown in Figure 3a. Al does not have a significant influence on the formation
of solid solution phases. On the other hand, the use of aluminum in high concentration
contributes to reducing the density. By analyzing the graphic representation of Al influence,
it was observed that the melting temperature is inversely proportional to the increase in
aluminum content (Figure 3c,d). It was also observed that Al has a positive influence on
the alloy electronegativity (Figure 3b,d). Ti has a positive influence on decreasing the alloy
density and improves the resistance to high temperatures. Analyzing the variation of A
with density and with melting temperature, it can be observed that Ti is not a good solid
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solution former. Cr and Fe influence the structural characteristics of the alloy in a similar
way, contributing favorably to the increase of the melting temperature. These elements are
rather heavy and increase the alloy density, considerably. It was observed that increasing
the proportions of Cr and Fe has a negative influence on the formation of solid solutions.
On the other hand, it was observed that increasing the Mn content influences, positively,
the formation of the solid solution phases. But it also affects the increasing of the alloy
density and reduces the melting temperature.

0.26 [ [ 700
AR N
0.22 6.50 . ~
=z i rN 6.25 A A ‘S‘ w
= 0.20 . g I
£ e £6.00 oL Py
=0.18 %
) || Fe s A .
0.16 5.50 \“ \M !
| BN oo
0.14 y 3 A 525 Fe L L J
011 + .00
3.50 4.00 4.50 5.00 5.50 3.50 4.00 4.50 5.00 5.50
Density, glem3 Density, g/em3
B Al influence @ Fe influence M Al influence # Fe influence
® Mn influence A Si influence @ Mn influence A Siinfluence
- Lambda minim target = -Electonegativity target
(a) (b)
0.26 | [ 7.00
0.24 6.75 L
022 N 6.50 \\ m* °
Al
2 0.20 A Mn 2 3 6.25 — ’;L“
T Al 'y Z 5 eon si /
=i /.- Fe T ee
Zote —.—I—.’ S| 575 A D 3
014 ) 4 550 L ’|\ -
\ ® Mn .‘
012 5.25
010 5.00 -
1000 1100 1200 1300 1400 1000 1100 1200 1300 1400
Melting temperature, °C Melting temperature, °C
B Al influence # Feinfluence B Al influence # Fe influence
® Mn influence A Siinfluence ® Mn influence A Siinfluence
= -Lambda minim target - -Electonegativity target
(¢) (d)

Figure 4. Graphical representation of the elemental influence over the criteria values for AlFeMnSi
alloy system: (a) density, p, and the parameter A; (b) density, p, and the Allen electronegativity
difference, Ax; (c) the melting temperature and the parameter A; (d) the melting temperature and
Allen electronegativity difference, Ax.

Figure 4a shows the ratio between the alloy density and the parameter A, where
Mn and Fe have a positive influence on the formation of solid solution. The tendency of
forming solid solutions was observed by analyzing the ratio between electronegativity and
density and melting temperature (Figure 4b,d). Mn and Fe are elements with a moderate
melting temperature and increasing their concentration contributes to obtaining an alloy
with potential application on manufacturing brake discs (Figure 4c,d). Increasing Al and Si
content does not stimulate the formation of a solid solution, as observed by analyzing the
parameter A and Ax. An advantage of these elements is that they are light, which has a
positive effect on reducing the density of the alloy

3.3. CCA Selection Using CALPHAD Method and Criteria Calculation

The information obtained through the Calphad method, regarding the complex mate-
rials design and optimization, establish an efficient approach to determine multicomponent
phase diagrams using the mathematical determination of Gibbs free energies and diffusion
mobility for each system phase [24]. The phase stability parameters and the effect of the
composition on the phase formation are determined by the Calphad calculated composition-

151



Materials 2023, 16, 5067

temperature diagram for the alloy. Therefore, the relation between the empirical criteria and
the alloy composition is highlighted by the interpretation of those type of diagrams [25].

By analyzing the CALPHAD modeling results for the AICrFeMnTi alloy system it was
observed that a high percentage of Al contributes to obtaining a structure based on solid
solutions. To obtain a suitable material for the brake disc, the density, melting temperature
and the criticality of the elements were considered in the selection process.

The criteria calculation results provide information about the positive and negative
influence of the elements over the formation of solid solutions. For the AlICrFeMnTi alloy
system, it was observed that Mn has a favorable effect on the evolution of the parameter
A. Regarding the Allen electronegativity difference, the increase of Cr, Fe and Mn tend to
bring the alloy to the optimal zone. For the material to have potential application in the
manufacture of the brake disc, the increasing of Al content contributes to the reduction
of alloy density. Ti has the same effect over the alloy weight and improves the melting
temperature. In the selection process, the reduction of its content was taken into account,
because Ti is a critical raw material.

The CALPHAD modeling and the empirical calculation show that the AlICrFeMnTi
alloy system has a promising capability to form structures preponderantly based on solid
solutions. It was observed that a high content of Al favors the formation of BCC_B2, while
Cr, Fe and Ti have a strong influence over the formation of BCC_A2. On the other hand,
the criteria calculation results show that a high percentage of Fe and Mn has a favorable
influence over the formation of a solid solution structure. Considering that the material
weight is an important characteristic of the brake disk, Al content is increased to reduce
the alloy density. Ti has positive influence over the alloy structure, but is using a lower
percentage because it is a critical material. Several preliminary trials were made in order
to meet all the proposed requirements. After analyzing the modeling and the preliminary
trials results, a complex concentrated alloy was selected: Al4CrFeMnTi »5 (Table 3).

Table 3. Optimization results for AlICrFeMnTi and AlFeMnSi systems.

Optimised Composition

A A P . .
Nr % Xé/\llen (/mol-K) (g/cm®) Melting Temperature (°C)
AllOy . . o
Al Cr Fe Mn Ti Si
1 AL, CrFeMnTigos 55 14 14 14 3 - 537 0.29 4.39 1061.42
2 AlFeMnSi 16 34 33 - 17 6.21 0.17 4.54 1213.58

The CALPHAD modeling results of AlFeMnSi alloy system show that a high percent-
age of Fe and Mn contributes to the obtaining of a preponderantly based on a solid solution
structure. Otherwise, the Al and Si have a negative influence over the formation of hard
intermetallic compounds: FeSi and Al,Fe.

Criteria calculation provide useful information for the selection of the alloy composi-
tions. For the AlFeMnSi alloy system, Fe and Mn have a positive influence on the evolution
of the parameter A and the Allen electronegativity difference. The increasing of these
elements also contributes to obtaining a higher melting temperature. On the other hand, Al
and Si have a favorable influence over the alloy density.

The modeling results of the AlIFeMnSi alloy system show that the system can provide
alloys with majorly solid solution structures. The CALPHAD modeling and the criteria
calculation show that high percentages of Mn and Fe favors the formation of the solid
solution structure, BCC_B2, while increasing Al and Si content has a negative influence on
the formation of intermetallic compounds. Because the material weight is an important
requirement of the brake disc, Al’s and Si’s influence over the alloy density allows to
analyze the selected alloy’s compositions. A suitable composition was selected in order to
satisfy the proposed requirements of the brake disc after several preliminary trials. The
selected composition is AlIFeMnSi (Table 3).

In order to predict the behavior of the selected composition in specific solidification
conditions, the equilibrium and Scheil-Gulliver diagrams of the alloys (Figures 5 and 6)
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were calculated. In the AlyCrFeMnTij»5 phase diagram (Figure 5), it can be observed
that the complex concentrated alloy has a high content of BCC_B2, AlgFe;, AlCr; and
AlgMn;_D810 phases at room temperature. Also, the intermetallic compound Al3Ti_L is
also present in the structure, but in a smaller proportion. The equilibrium diagram shows
that the BCC_B2 phase has a higher concentration in the structure until approximately
750 °C, after which, it decreases. After the temperature of 100 °C, the BCC_A2 solid solution
becomes the majority, reaching approximately 0.6 phase fraction, but it reduces significantly
at almost 750 °C. The AlsFe;-based phase has a high proportion between 300 and 500 °C.
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Figure 5. Equilibrium diagrams for Al4CrFeMnTij »5 alloy.
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Figure 6. Scheill-Gulliver diagram for Al4CrFeMnTiy »5 alloy.

The non-equilibrium solidification phases predicted by the Scheil-Gulliver diagram
are presented in Figure 6. The phases with S termination on the name define the equilibrium
and non-equilibrium values of the cumulative solidification patterns. It can be observed that
the BCC_B2 phase is formed first during the solidification process. After, it can be observed
that the BCC_A2, AlsFe; and Alj3Fes phases are formed, which are stable. The AI3Ti_L,
AlCr;, AlgFe; and AlgMns;_D810 phases do not show up in the Scheil-Gulliver diagram,
since their formation occurs at temperatures below 650 °C. In the Scheil-Gulliver diagram
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of the Al4CrFeMnTi( 5 alloy, the melting temperature is lower than in the equilibrium
phase diagram (Figure 5).

The equilibrium diagram of AlFeMnSi alloy shows the formation of three phases:
BCC_B2, AlyFe and FeSi (Figure 7). BCC_B2 and FeSi are the preponderant phases until the
melting process begins at 800 °C. The equilibrium diagram shows that the Al,Fe phase has
a lower concentration and decreases significantly after approximately 500 °C. The Scheil-
Gulliver diagram provides useful information regarding the behavior of the alloy upon
solidification (Figure 8). The non-equilibrium solidification shows differences between
solidification temperatures of the phases. The FeSi phase solidifies first in the AlIFeMnSi
alloy, followed by the BCC_B2 phase, which has the solidification starting point at around
930 °C. The AlyFe phase is not shown in the Scheil diagram, as its formation occurs at
lower temperatures.
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Figure 7. Equilibrium diagram for AlFeMnSi alloy.

1
5
S 0.1
o
g
(==
8 0.01
=
[~

0.001

800 850 900 950 1,000 1,050 1,100
temperature / C

g ‘ -Liquid —BCC_B2 =FeSi -BCC_B2_S -FeSi_S

Figure 8. Scheill-Gulliver diagram for AlFeMnSi alloy.

3.4. The Experimental Results of the Studied Alloys
The as-cast and annealed samples were chemically, thermally, and structurally ana-
lyzed in order to reveal the experimental characteristics. Corrosion tests were also performed
on the resulting alloys” specimens, along with density and microhardness measurements.
The chemical analysis of the samples in the as-cast state demonstrated that the products
were obtained with a composition close to the nominal one (Table 4).
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Table 4. The chemical composition of the as-cast alloys.

Alloy C°mT1; ‘;)S:“’“ Al Cr Fe Mn Ti Si
. Nominal 38.20 18.39 19.75 19.43 423 -
AlsCrFeMnTio 25 Experimental 39.04 20.94 14.97 21.51 3.54 -
, Nominal 163 - 337 33 - 17

AlFeMnSi Experimental 18.58 - 34.14 28.19 . 19.09

The optical micrograph analysis showed that there are no significant differences
between the as-cast and quenched states (Figure 9). Usually, after solidification, the alloys
present a dendritic-type structure, while in the case of the Al;CrFeMnTi »5 as-cast alloy;,
it is observed that the structure has a polygonal aspect (Figure 9a). The grains are well
defined, equiaxial in shape, and finer in the marginal area than in the central part. The
thermal treatment implied the rapid cooling of the structure, which inevitably led to the
reduction of the grain size, which can be seen in Figure 9b.

Figure 9. Optical micrographs of (a) as-cast and (b) quenched Al;CrFeMnTiy »5 alloy.

Figure 10 shows the scanning electron microscopy results where it can be observed
that there are no differences regarding the morphology of the structure or the number
of phases. The as-cast alloy (Figure 10a) has a polygonal structure with finer grains in
the marginal area. After analyzing the SEM results of the cast alloy, hard lamellar phases
were observed inside the grains. After the thermal treatment, the polygonal structure is
preserved, as can be seen from Figure 10b. On the other hand, the lamellar hard phase
is better distributed inside the grains. The EDS-mapping analysis (Figures 11 and 12),
performed on the two states of the alloy, provided new information about the structure of
the material, especially about the distribution of the elements in the phase. For the as-cast
alloy, it was observed that the elements are distributed approximately uniformly.

Regarding the composition of the lamellar phase, it can be observed that it has a
composition similar to that of the matrix phase. However, in the case of the heat-treated
alloy, it was observed that the distribution of the elements is mostly uniform, with the
exception of Ti, which is concentrated in the marginal area of the grains (Figure 12).

The phases of the as-cast alloy were studied using the XRD method and it is shown in
Figure 13. The results of the analysis showed that the structure of the as-cast alloy is mostly
composed of a D8y type phase, which is an intermetallic compound (Aly479Mnjg 7;) that
crystallizes in the trigonal system. The as-cast sample also contains a solid solution phase,
BCC_B2 type (Tij g4Fep gs2Mng g96) and a D0y type phase (Al3Ti) in reduced proportions.
The heat-treated sample consists of the same phases as the cast one: D8;y BCC_B2 and D0,,.
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(a) (b)

Figure 11. EDS mapping of the as-cast Al;CrFeMnTiy »5 alloy.

Figure 12. EDS mapping of the quenched Al4CrFeMnTi »5 alloy.

Regarding the composition of the lamellar phase, it can be observed that it has a
composition similar to that of the matrix phase. However, in the case of the heat-treated
alloy, it was observed that the distribution of the elements is mostly uniform, with the
exception of Ti, which is concentrated in the marginal area of the grains (Figure 12).

The phases of the as-cast alloy were studied using the XRD method and it is shown in
Figure 13. The results of the analysis showed that the structure of the as-cast alloy is mostly
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composed of a D8y type phase, which is an intermetallic compound (Aly479Mnjg71) that
crystallizes in the trigonal system. The as-cast sample also contains a solid solution phase,
BCC_B2 type (Tij g4Fep gs2Mng g96) and a D0y type phase (Al3Ti) in reduced proportions.
The heat-treated sample consists of the same phases as the cast one: D8;y BCC_B2 and D0,,.

Heat treated

DS8io

DO22

20 ()

Figure 13. X-ray diffraction pattern for the as-cast and heat treated Al;CrFeMnTi »s5 alloy.

The determination of the phase transformations and the melting temperature for
AlyCrFeMnTig 5 alloy was determined by differential thermal analysis. Figure 14 shows
an exothermic phase transformation that takes place between 1000 and 1050 °C. But the
solid-liquid transformation takes place at a higher temperature, between 1100-1200 °C.
During the modeling stage, it was calculated that the melting temperature of the alloy
would be approximately 1400 °C, but it was experimentally proven that the material melts
at a lower temperature.
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Figure 14. Thermal Analysis diagram for AlyCrFeMnTig »s.

Optical analyses of the as-cast and quenched AlFeMnSi alloy samples (Figure 15)
revealed that there are no significant differences between the structure of the two states.
The as-cast sample has two phases, one dendritic and one interdendritic, well delimited
between them (Figure 15a). The structure of the alloy does not show significant changes
following the quenched treatment, which can be seen in Figure 15b. But the results for the
optical micrographs analyses of as-cast and quenched samples showed that the application
of thermal treatment contributed to the reduction of the grain size.
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(b)
Figure 15. Optical micrographs of as-cast (a) and quenched (b) AlFeMnSi alloy.

The dendritic structure of the as-cast AlIFeMnSi alloy was highlighted by SEM analysis
(Figure 16a). The interdendritic and dendritic phases are well defined, which can also
be observed in the case of the quenched sample (Figure 16b). The EDS-mapping results
show no large differences in terms of element distribution (Figures 17 and 18). The as-cast
alloy presented a dendritic structure with a higher concentration of Fe, Mn and Si. Al
was observed to compose the majority in the interdendritic area. The two phases are well
defined, which was also observed after the analysis of the quenched sample. EDS-mapping
analysis showed that there are significant differences regarding the size of the phases.

(@) (b)

Figure 17. EDS mapping of the as-cast AIFeMNSi alloy.
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Figure 18. EDS mapping of the quenched AlFeMnSi alloy.

XRD phase analysis of the as-cast and heat treated (Figure 19) AlFeMnSi alloys demon-
strated that the samples have similar structure configuration, showing two phases: BCC_B2
and B20 types. Analyzing the results, it was observed that the as-cast sample is mostly
made up of the B20 phase, while the BCC_B2 solid solution is in a smaller proportion. After
quenching and natural aging, there were no differences in terms of the type of phases or
their number, only the B20 phase increased in proportion.
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Figure 19. X-ray diffraction pattern for the as-cast and heat treatment AlFeMnSi alloy.

Differential thermal analysis offers information about the temperature at which a
phase change occurs. From the theoretical calculation, the melting temperature of the
AlFeMnSi alloy was predicted to be around 1200 °C, but the thermal analysis shows that
the solid-liquid transformation is between 1026 and 1074 °C (Figure 20).

Heat treatment has been one of the most convenient and economical ways of enhancing
the mechanical properties of a material. In the case of aluminum alloys, it was observed that
the application of a natural aging treatment after quenching contributes significantly to the
increase of the hardness. For the AlFeMnSi alloy, it was observed that the sample increases
in hardness after the application of quenching and natural aging by approximately 15%
(Table 5). But for the Al4CrFeMnTi »5 alloy, a decrease in hardness by more than 10% was
observed. Although after the thermal treatment no significant differences were observed,
the type of phases and their number remained the same; the redistribution of the elements
led to the modification of the hardness of the material.
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Figure 20. Thermal Analysis diagram for the AlFeMnSi alloy.

Table 5. Microhardness results for the obtained alloy.

Specimen HV
) as-cast 1131.10
AlyCrFeMnTig 55 Annealed 1008.20
. as-cast 1164.10
AlFeMnSi Annealed 1368.70

Corrosion resistance is an important property for the material used in the manufactur-
ing of brake discs. The samples were tested by potentiodynamic polarization measurements
(linear polarization resistance (LPR), Tafel plots) and performed in an aerated 3.5 wt.%
NaCl solution. For a better interpretation, the results were compared with those of grey cast
iron, the material that is usually used in the manufacturing of brake discs. Table 6 shows the
corrosion potential (Ecorr), corrosion current density (icorr), polarization resistance (Rp) and
corrosion rate (CR). It is observed that the values obtained for the CCA alloys are superior
to the conventional cast iron material. The heat treatment process has little influence on the
corrosion resistance for Al4CrFeMnTi »5 alloy but has a larger influence on the AlFeMnSi
alloy. The values obtained of 0.013 mmpy and 0.003 mmpy, respectively, represent great
improvements in materials used for brake disc manufacturing.

Table 6. The corrosion parameters of the tested samples in 3.5 wt.% NaCl at 25 °C.

EOCP RP Ecorr icorr CR
Samples W) (Q-cm?) V) (A/cm?) (mm/Year)
Grey cast iron —0.622 29.68 —0.646 4.82 x 102 0.334
AlyCrFeMnTioos 504 1566.17 ~0478 13.88 0.012
as cast
AlyCrFeMnTig 25 0575 - —0.522 39.28 0.013
annealed
AlFeMnSi ~0.531 502.13 —0.499 227 x 102 0.164
as cast
AlFeMnSi ~0.539 2422.26 ~0.515 2.60 0.003
annealed

Rp = polarization resistance; Ecorr = corrosion potential; icorr = corrosion current density; CR = corrosion rate.
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4. Conclusions

This paper presents the selection and characterization process of two CCA alloys to
determine their potential use in brake disc material manufacturing. In the current study,
the AlFeMnSi and AlCrFeMnTi alloy systems were proposed. To design the optimal compo-
sition, the Matcalc program was used, which provided information about the redistribution
of solid solutions during the solidification process. Also, to determine the right composi-
tion, the thermodynamic and kinetic criteria were calculated, varying the concentration of
each element.

In the case of the AICrFeMnTi alloy system, it was found that the density decrease
and the formation of the BCC_B2 solid solution are favored by increasing the Al content.
The increase in the concentration of Cr in the alloy contributes to the increase in the phase
fraction of intermetallic compounds, such as FeTi and Cr3Mn5, but also to the decrease
in the proportion of solid solutions. A concentration of Cr and Fe higher than 20 wt.%
leads to a reduction in the proportion of the BCC_B2 solid solution. Also, increasing the
Cr and Fe content increases the density and melting temperature of the alloy. Mn has a
significant influence on the increase in density, melting temperature and the formation of
solid solutions. Increasing the Ti content has a positive effect on the density and melting
temperature of the alloy, but does not facilitate the formation of solid solutions. However,
at a content lower than 20 wt.% Ti, the phase fraction for the BCC_B2 phase is high.

Several possible compositions were tried to determine an alloy with high potential
to be used in the manufacture of the brake disc. The selected complex concentrated
alloy was: Al4CrFeMnTig »s.

In order to predict the type of phases and their number for the AlyCrFeMnTi 5
alloy, the equilibrium diagram was created. The modeling results predicted that the alloy
structure at ambient temperature will consist of five phases: AlgFe;, BCC_B2, AlCr,,
AlgMn;_D810 and Al3Ti_L. The XRD analysis showed that the structure of the cast sample
consists of only three phases, but these were also found in the equilibrium diagram: D810,
BCC_B2 and Al3Ti. Modeling by the CALPHAD method provides indicative information
about the possible phases that can form, which means that there may be differences between
the predicted results and those obtained experimentally. Also, the database that was used
is not specialized on multi-component alloys.

The two selected alloys were obtained using an induction furnace. In order to improve the
mechanical and physical characteristics, the samples were subjected to an annealing process.

Following the optical, SEM and XRD analysis of the Al4CrFeMnTi 55 alloy (as-cast
and annealed) and AlFeMnSi alloy (as-cast and annealed) samples, the presence of solid
solution phases and intermetallic compounds was observed.

The AlyCrFeMnTi p5 4s-cast alloy is characterized by a polygonal structure, which
is preserved even after applying the natural aging treatment, but a decrease in the size
of the grains is observed. Following the ESD analysis, it was found that the constituent
phases are uniformly dispersed in the structure with an agglomeration of titanium in the
marginal area of the grains. After the simulation through the Matcalc program, it resulted
that three phases will form in the alloy. Through XRD analysis, the presence of a BCC-type
solid solution phase was observed, which was also determined through modeling. Through
the Scheill-Gulliver diagram for the Al;CrFeMnTij o5 alloy, it was found that the BCC_A2
phase is formed after the solidification of the alloy and that it is a stable one. Following the
simulation obtained through the Matcalc program, a composition close to the empirical
one was not obtained in terms of the phases of the intermetallic compound. Following the
structural analysis, the results were: Mng 30 Alg 6g and MnjpAl. The melting temperature
of the alloy is approximately 1200 °C, but following the thermal analysis a phase change
of around 1000 °C was observed. The thermal aging treatment influenced the mechanical
characteristics of the sample, resulting in a decrease in microhardness after the analysis.
And corrosion resistance was influenced by natural aging, but not significantly.

Through optical microscopy and SEM, it was observed that the AlFeMnSi alloy has
a dendritic structure. In the interdendritic area, the presence of acicular compounds was
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highlighted. This structure showed slight changes after the application of the thermal
treatment, but a reduction of the grain sizes was observed. The EDS analysis showed an
increase in the number of phases in the alloy after the natural aging thermal treatment. The
modeling showed that the alloy will have four constituent phases: BCC_B2, BCC_B2_#01,
AlyFe and FeSi. The empirical results showed that the cast alloy has two main phases:
BCC (Fep95Algg9Sig.16) and cubic (MnAly55ip95). The heat treated phase distribution
showed a smaller proportion of the BCC phase. The samples were also thermally analyzed.
After the analysis, it was determined that the AlFeMnSi alloy has a melting temperature
of approximately 1000 °C, more than what was predicted by the equilibrium diagram
obtained through the Matcalc program. In comparison with the previously studied alloy,
an increase in the microhardness of the sample was observed for the AlFeMnSi alloy after
applying the heat treatment. Also, corrosion resistance has improved and is superior to
cast iron.

The two studied alloys presented great properties and have the potential to be used
in the manufacture of brake disc material. However, further studies are necessary for the
development of the disk brakes based on these materials, where reliable alloy production,
processing and process integration are crucial.
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Abstract: The segregation of the Fe element in Ti-10V-2Fe-3Al titanium alloy (Ti-1023) can lead to
the generation of beta flecks, which seriously affects the performance of Ti-1023 products. During
the heat treatment (HT) process at a high temperature, the Fe element in Ti-1023 ingots will migrate,
making its distribution more uniform and reducing the segregation index. In this paper, the control
of Fe micro-segregation in Ti-1023 ingots by homogenization HT was investigated. Firstly, dissection
sampling and SEM-EDS analysis methods were used to study the distribution pattern of the Fe
element in the equiaxed grains in the core of Ti-1023 ingots. It was found that the Fe content in
the grain gradually increased along with the radial direction from the core to the grain boundary.
Then, the homogenization HT experiments and numerical simulations of Ti-1023 at different HT
temperatures from 1050 °C to 1200 °C were carried out. The results showed that the uniformity of Fe
element distribution within grain can be significantly improved by the homogenization HT. With
increasing HT temperature, Fe atoms migration ability increases, and the uniformity of Fe element
distribution improves. Homogenization HT at 1150 °C and 1200 °C for 12 h can effectively reduce
the degree of Fe element segregation.

Keywords: Ti-1023 titanium alloy; homogenization heat treatment; diffusion; micro-segregation

1. Introduction

Ti-1023 is a typical near-beta Ti alloy with a beta transit temperature of 795 °C and has
high fracture toughness, deep hardening potential and inherent ductility [1-3]. It is mainly
used in the manufacturing of large load-bearing components such as aircraft fuselages,
helicopter rotors and landing gears [4-8]. Due to the small equilibrium distribution constant
of Fe during solidification of Ti-1023, which is as low as 0.3, it has a high tendency of
segregation [9-12]. The low partition ratios of Fe, combined with the relative movement
of liquid and solid phases in the two-phase zone caused by buoyancy and Lorentz force,
large differences of Fe content at different areas and p-flecks are likely to occur in the
ingot [13-17] result in the precipitation of brittle phase. The 3-flecks usually deteriorate the
plasticity and fatigue properties of Ti-1023 forgings [14].

At the microscopic scale, there is a possibility of relatively significant compositional
differences within individual grains due to different solidification sequences, which could
be inherited in bars and forgings [18-22]. It has been found that there is a certain degree of
segregation of Fe elements in Ti-1023. Zhao Yongqing et al. [23] studied the distribution of
Fe elements in Ti-3Fe and Ti-6Al-1.7Fe within isometric crystals, and the results proved that
the two alloys have a high Fe element content in the ingot near the grain boundary. For
the Ti-3Fe alloy with a high Fe element content, the elevated Fe element content near the
grain boundary was more obvious. Jing Zhenquan et al. [24] examined the heredity law of
macrosegregation of the easily segregated Fe element between the primary and secondary
ingots by numerical simulation of the interaction between temperature and solute fields
during the process of vacuum arc remelting.
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Multiple smelting, homogenization HT and other methods are required to prevent
and control the segregation of Fe in Ti-1023 [25-28]. HT can relieve macro-segregation and
micro-segregation of many kinds of alloys to a certain degree [29-33]. However, at present,
there are limited reports on the intragranular distribution of Fe in Ti-1023, and there is little
research on the improvement of intragranular segregation by annealing. It is important
to reveal the distribution pattern of Fe content in the grains of Ti-1023 ingots to study the
formation and control of 3-flecks. Therefore, this paper uses energy spectroscopy to study
the distribution pattern of Fe content at the grain scale in large-size Ti-1023 ingots. Various
homogenization HT processes were used to eliminate or reduce the gradient of Fe content
within the grains.

2. Materials and Methods
2.1. Sampling and Corrosion of Ti-1023 Ingots

Ti-1023, with the composition shown in Table 1, was smelted using a vacuum smelting
furnace and cast into an ingot with the size of $360 mm x 1300 mm. A pie-shaped sample
with the size of $360 mm x 10 mm was cut from the middle part of the Ti-1023 ingot.

Table 1. Composition of Ti-1023, wt.%.

Element

Al

\% Fe (0} N H Ti

Content

3.02 £0.03

10.25 £ 0.05 1.92 +0.10 0.08 £ 0.01 0.009 £0.001  0.0012 £ 0.0003 Bal.

Note: The Al and V contents were measured using the method of inductively coupled plasma atomic emission
spectroscopy. The Fe content was measured using the method of atomic absorption spectroscopy. The O, N and H
contents were measured using the methods of inert gas melting and infrared detection.

Considering the segregation in the axial part of the ingot is obvious [17], four cylindri-
cal samples with a size of $30 mm x 10 mm were cut from the center of the pie-shaped
sample, as shown in Figure 1.

7 0350 mm N\

®30x10 mm

‘ ww oT

-«
ww 009

ww 00€ET

Figure 1. Schematic of sampling from the Ti-1023 ingot.

In order to observe the grain distribution of the Ti-1023 sample, the sample was ground
using silicon carbide abrasive paper, polished using the diamond polishing paste, and
finally etched using 4% nitric acid alcohol solution.
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2.2. Detection of Fe Element Content Distribution in Sample Grains

The microstructure of the four samples mentioned above were observed using SEM
(JSM-6510LV). In each sample, three grains with a regular shape were chosen to detect the
Fe element content. The distances between the parallel edges of the grains were measure
as D, and then several micro-areas with the size of 10 um x 10 um were selected from the
midpoint of one of the parallel edges along the direction of the grain center at intervals of
D/?20, as shown in Figure 2a. The compositions of each micro-area were detected using an
energy spectrum analyzer (JSM-6510LV, manufacturer is Hitachi, Tokyo, Japan).

(a) Points for composition (b) Area for grain boundary
detection

composition detection

Area for grain center
composition detection

Figure 2. Schematic of composition detection areas (a) Micro-areas chosen in one grain for composi-
tion detection, (b) Composition detection areas in grain center and near grain boundary.

2.3. Homogenization HT of Sample

Before the homogenization HT, select three grains with large size about 6 mm to 10 mm
in each sample. For each grain, the composition was detected using an energy spectrum
analyzer at the grain center and near grain boundary, as shown in Figure 2b.

The four samples, numbered 1# to 4#, were encapsulated in different quartz tubes filled
with argon as a protective atmosphere. Keep the four quartz tubes at different temperatures
of 1050 °C, 1100 °C, 1150 °C and 1200 °C for 12 h, and then cooled to room temperature in
the furnace.

After the homogenization HT, the four samples were taken out of the quartz tubes.
In the same way, the samples were etched using Carroll solution after being ground and
polished. Three grains with a large size about 6 mm to 10 mm were chosen in each sample,
and their compositions were detected using an energy spectrum analyzer at the grain center
and near the grain boundary, as shown in Figure 2b.

3. Numerical Simulation of Fe Diffusion Intragranular of Ti-1023 during
Homogenization HT

In order to establish a mathematical model for the diffusion and transport of Fe in
Ti-1023, the following assumptions were made:

1. Grain boundary and dislocation have no influences on diffusion.

2. The diffusion rate of Fe is equal in all directions.

3. The diffusion coefficient of Fe is a constant value when the temperature and composi-
tion are determined.

Based on Fick’s law, the mathematical model of Fe diffusion in Ti alloy was estab-
lished, and the main governing equation is the component transfer equation, as shown in

Formula (1): s 5 2
5 =3 (%5 W
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where C is the concentration of Fe, mol-m 3, x is the coordinate of i direction, m, D is the
diffusion coefficient, m?-s~1, which can be calculated via Formula (2):

D = Dy exp(—RQT> @)

The diffusion constant Dy and the activation energy of the Fe element in Ti-1023 are
obtained through diffusion couple test, which are 5.45 x 107> m?-s~! and 249,940 J-mol !,
respectively. Figure 3 shows the diffusion coefficients of the Fe element in Ti-1023 at
different temperatures during the homogenization HT.

—~45x10"
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°L 4.0x10™" _
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Diffusion coefficient of Fe in Ti-1023 (

Figure 3. Diffusion coefficients of Fe element in Ti-1023 during homogenization HT.

The mathematical forms of the unsteady diffusion mass transfer and unsteady heat
conduction equations are similar. Therefore, the heat transfer module in the finite element
software ProCAST can be used for the numerical simulation of Fe diffusion during the
Ti-1023 homogenization HT process. A two-dimensional geometric model of a single grain
of Ti-1023 was established, assuming the grain to be hexagonal with a side length of 4 mm.
The finite element mesh of the grain consisted of 10,704 nodes and 9142 triangular elements,
which were selected based on several mesh refinements, as shown in Figure 4.

Figure 4. Geometric model and mesh of a single grain of Ti-1023.

The initial distribution of Fe contents is shown in Figure 5. The Fe contents in the
grain center and grain boundary are set according to the results of detection of Fe element
content distribution in sample grains, which are about 1.9% and 2.2%, respectively. The
boundary edges of the single grain are considered walls, meaning that no Fe atoms moving
in or out of the single grain through these six edges.
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Figure 5. Initial distribution of Fe element content.

4. Results and Discussion
4.1. Characterization of Intragranular Fe Content Distribution of Ti-1023 Ingot

Macrographs of the grain distributions of the four samples from the Ti-1023 ingot are
shown in Figure 6. It can be seen that the shape of the grains is irregular polygon, and the
measured sizes of the grains using area method are ranging from about 3 mm to 8 mm.

Figure 6. Macrographs of grain distributions of the four samples from the Ti-1023 ingot, (a-d) are 1#
sample to 4# sample, respectively.

The distributions of Fe content in the grains of the Ti-1023 samples are shown in
Table 2. It can be seen that the distribution of Fe content in the grains is uneven, and
in most of the grains, the Fe content is low in the grain center and high near the grain
boundary. The average distribution of Fe content in the grains along the radial direction is
obtained by averaging the Fe content at the corresponding position of all grains, as shown
in Figure 7. It can be seen that the Fe content in the grain increases gradually from the center
to the boundary along the radial direction. Put differently, there is positive segregation of
Fe content near the grain boundary and negative segregation near the grain center. The
average Fe content increases from 1.90% near the center to 2.15% near the grain boundary.
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Figure 7. Average distribution of Fe content in the grains along the radial direction.

Table 2. Distributions of Fe content in grains of the Ti-1023 samples, wt%.

Relative Distance Samplel#- Samplel#- Sample2#- Sample2#- Sample3#- Sample3#- Sampled#- Sampled#-
from Grain Center Grainl# Grain2# Grainl# Grain2# Grainl# Grain2# Grainl# Grain2#
0% 1.81 2.15 1.95 1.69 1.93 1.92 2.20 2.10
10% 2.04 1.94 2.15 1.78 1.67 2.02 1.80 1.80
20% 1.97 1.91 2.12 1.58 1.83 1.84 1.90 1.80
30% 1.84 1.89 2.16 1.87 1.69 1.55 2.00 2.20
40% 1.89 1.89 222 1.84 1.80 1.71 2.10 2.00
50% 1.76 2.28 2.10 1.82 1.65 2.13 1.90 2.00
60% 1.66 1.97 2.13 1.86 1.96 1.79 1.80 1.80
70% 1.77 2.29 2.11 1.92 1.68 1.87 2.00 2.10
80% 2.10 2.48 2.07 1.68 1.68 1.92 1.70 1.60
90% 1.98 2.49 2.23 1.81 2.04 1.99 2.50 2.00
100% 1.90 2.28 2.25 1.59 1.99 2.13 2.50 1.50

The segregation of the Fe element in Ti-1023 is caused by the small equilibrium
distribution constant Ky of the Fe element during solidification. K is the ratio of Fe content
in the solid and liquid phases at equilibrium, that is, Ky = Cs/C},, where Cg and Cp, are the
concentration of solute in the solid and liquid phases, respectively. The difference in Fe
content between the grain center and the grain boundary has an important influence on the
formation of B-freckle, which would appear during the subsequent forging process.

4.2. Effect of Homogenization HT on the Distribution of Fe Content in the Grains

The Fe contents in the grain center and boundary of the Ti-1023 ingot before and
after homogenization HT were measured, and the Fe content distributions in the grain
center and near the grain boundary of 1# to 4# samples before and after HT were obtained,
as shown in Table 3. The Fe content deviation is used to characterize the difference in
Fe content between at the grain center and grain boundary, which is calculated with the
formula (Cpoundary — Ceenter)/ Choundary X 100%, where Cpoundary and Ceenter represent the
Fe contents in grain boundary and grain center, respectively. For the samples before HT,
according to the statistical results of 36 pairs of Fe contents in the grain boundary and in
the center of 12 grains, it can be seen that there is a difference of 3.8-13.3% between the Fe
content in the grain center and the grain boundary. In other words, the Fe element exhibits
positive segregation at the grain boundary of the Ti-1023 ingot.

169



Materials 2023, 16, 4911

Table 3. Fe content in the grain center and boundary before and after homogenization HT.

Sample# Before HT After HT HT Temperature,

Grain Boundary  Grain Center Difference Grain Boundary  Grain Center Difference °C
1# 2.16 1.96 9.3% 2.10 1.98 5.7% 1050
1# 222 2.04 8.1% 2.18 1.90 12.8% 1050
1# 2.36 2.15 8.9% 2.14 2.02 5.6% 1050
2# 2.20 1.96 10.9% 2.08 2.01 3.4% 1100
2# 2.17 2.01 7.4% 2.40 2.29 4.6% 1100
2# 2.20 2.09 5.0% 2.15 1.95 9.3% 1100
3# 2.12 2.01 5.2% 2.27 2.21 2.6% 1150
3# 2.17 191 12.0% 2.38 2.29 3.8% 1150
3# 2.25 1.95 13.3% 2.20 2.09 5.0% 1150
4# 2.24 2.02 9.8% 2.11 2.03 3.8% 1200
4# 2.38 2.29 3.8% 2.14 2.07 3.3% 1200
4# 2.40 2.26 5.8% 2.46 2.45 0.4% 1200

Then, the 1#-4# Ti-1023 samples were subjected to homogenization HT at different
temperatures of 1050 °C, 1100 °C, 1150 °C and 1200 °C for 12 h, respectively. During the
homogenization HT process, Fe atoms are capable of diffusing against the concentration
gradient, reducing the chemical segregation to a certain extent [34,35]. The results show
that after homogenization HT at 1050 °C for 12 h, the Fe content deviations in the Ti-1023
ingot are 5.7%, 12.8% and 5.6%, respectively, which are not significantly lower than before
HT. These results indicate that at 1050 °C, the diffusivity of the Fe element is lower, and the
diffusion rate is lower, resulting in an insignificant homogenization effect of the Fe content
after 12 h. When the homogenization HT temperature is increased to 1100 °C, the Fe content
deviations in the ingot are 3.4%, 4.6% and 9.3%, respectively, which are slightly improved
compared to before HT. This indicates that significant homogenization and diffusion of
the Fe element cannot be achieved within 12 h under 1100 °C. When the homogenization
HT temperature is increased to 1150 °C, the Fe content deviations in the ingot are 2.6%,
3.8% and 5.0%, respectively. The uniformity of the Fe content distribution in the grains
is improved to a certain extent compared to before HT. After 12 h of homogenization HT
at 1200 °C, the Fe content deviations in the ingot reaches 0.4-3.8%, and the distribution
uniformity of the Fe content is further improved with the increase in temperature, as shown
in Figure 8.

12%

/) Before heat treatment
After heat treatment
0,

10%
8%

6%

7//
%

Difference of Fe content
between grain boundary and center

2% -

|

0 C 3# 1150 C 4#1200 C
Samples

0% 2N\
141050 'C 24 1

o
o

Figure 8. Fe content deviations before and after homogenization HT.

According to the above analysis of the experimental data, the Fe content deviations of
the Ti-1023 samples after HT decrease gradually with the increase in HT temperature. The
homogenization HT above 1150 °C for 12 h can make more sufficient Fe diffusion. With the
increase in HT temperature, the atomic diffusion energy is gradually activated, and atomic
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mobility is gradually improved [36-38]. The diffusion coefficient of the Fe element in the Ti
alloy matrix increases exponentially with the increase in temperature, thus increasing the
HT temperature can improve the diffusion of the Fe element effectively and improves the
uniformity of its distribution.

However, in actual industrial production of Ti-1023, the oxidation of the ingot during
the HT process would cause the loss of the metal and reduce the yield of the Ti alloy.
Therefore, the homogenization HT temperature should be determined according to the
degree of oxidation and the effect of the Fe content deviation.

4.3. Homogenization Factors of Fe Content in Ti-1023 Grains during HT
4.3.1. Effect of HT Temperature on Homogenization of Fe in Grains

Both HT temperature and time have significant effect on the homogenization of
alloys [39,40]. Increased homogenization treatment temperature and extended holding
time can significantly alleviate the segregation of the alloying element [41]. In other words,
a reasonable high HT temperature and long HT time will result in a uniform distribution of
alloy elements. The distributions of Fe content in Ti-1023 grains after homogenization HT
for 12 h at different temperatures are shown in Figure 9, it can be seen that: (1) For a single
grain, the higher the homogenization HT temperature, the more uniform the distribution of
Fe element content would be after a certain HT time. (2) Homogenization HT temperature
has a great influence on the homogenization of Fe content in a single grain. For example,
after homogenization HT at 1000 °C and 1250 °C for 12 h, the differences in Fe contents
between the grain center and grain boundary are 0.21% and 0.04%, respectively, and the Fe
content deviations are 10.9% and 1.8%, respectively.

Fe wt%

| . . .

1000°C 1050°C 1100°C

2.02
2.00
1.98
1.96
1.94
1.92
1.90

1150C 1200°C 1250°C

Figure 9. Distributions of Fe content in Ti-1023 grains after homogenization HT for 12 h at different

218

216

214
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temperatures.

In order to further clarify the effect of homogenization HT temperature on the distribu-
tion of Fe content within the grains of Ti-1023, a characteristic line passing through the core
of the grain was selected, and the Fe content distribution curve along this characteristic
line after homogenization HT at different temperatures are plotted, as shown in Figure 10.
It can be seen that when the homogenization HT time is fixed, the higher the temperature,
the more uniform the Fe content distribution along the characteristic line. For example,
when the homogenization HT time 