
Topic Reprint

Alloys and Composites 
Corrosion and  
Mechanical Properties

Edited by 
Jingxiang Xu, Zhenhua Chu and Xingwei Zheng

Published in Journals: Coatings,  
Journal of Manufacturing and Materials Processing, 
Materials, Metals and Processes

mdpi.com/topics



Alloys and Composites Corrosion and
Mechanical Properties





Alloys and Composites Corrosion and
Mechanical Properties

Topic Editors

Jingxiang Xu

Zhenhua Chu

Xingwei Zheng

Basel • Beijing • Wuhan • Barcelona • Belgrade • Novi Sad • Cluj • Manchester



Topic Editors

Jingxiang Xu

College of Engineering

Science and Technology

Shanghai Ocean University

Shanghai

China

Zhenhua Chu

Department of Mechanical

Engineering

College of Engineering

Shanghai Ocean University

Shanghai

China

Xingwei Zheng

College of Science

Donghua University

Shanghai

China

Editorial Office

MDPI AG

Grosspeteranlage 5

4052 Basel, Switzerland

This is a reprint of the Topic, published open access by the journals Coatings (ISSN 2079-6412), Journal

of Manufacturing and Materials Processing (ISSN 2504-4494), Materials (ISSN 1996-1944), Metals (ISSN

2075-4701) and Processes (ISSN 2227-9717), freely accessible at: https://www.mdpi.com/topics/

0HO6EV4F7C.

For citation purposes, cite each article independently as indicated on the article page online and as

indicated below:

Lastname, A.A.; Lastname, B.B. Article Title. Journal Name Year, Volume Number, Page Range.

ISBN 978-3-7258-3803-5 (Hbk)

ISBN 978-3-7258-3804-2 (PDF)

https://doi.org/10.3390/books978-3-7258-3804-2

© 2025 by the authors. Articles in this book are Open Access and distributed under the Creative

Commons Attribution (CC BY) license. The book as a whole is distributed by MDPI under the terms

and conditions of the Creative Commons Attribution-NonCommercial-NoDerivs (CC BY-NC-ND)

license (https://creativecommons.org/licenses/by-nc-nd/4.0/).



Contents

About the Editors . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . vii

Pengjie Zhou, Shenfa Ni, Kunjie Luo, Wanxiang Zhao, Enze Liu, Yanxin Qiao and

Shujin Chen

The Effect of Nb on the Microstructure and High-Temperature Properties of Co-Ti-V
Superalloys
Reprinted from: Coatings 2025, 15, 53, https://doi.org/10.3390/coatings15010053 . . . . . . . . . 1

Ayman Yousef, A. M. Bastaweesy, Ibrahim M. Maafa and Ahmed Abutaleb

Improved Surface Properties of Low-Carbon Steel by Chromizing–Titanizing Coating Using
Pack Cementation Process
Reprinted from: Metals 2024, 14, 1456, https://doi.org/10.3390/met14121456 . . . . . . . . . . . 15

Xueling Huang, Chun Yang, Junyu Chen, Xinglong Qiao, Shuguang Zhang and Dan Song

Enhanced Protective Performance of Carbon Nanotube-Reinforced Waterborne Epoxy
Zinc-Rich Coatings for Corrosion Protection of Steel Structures
Reprinted from: Coatings 2024, 14, 1493, https://doi.org/10.3390/coatings14121493 . . . . . . . 29

Cheng Wen, Baitong Chen, Gongqi Lou, Nanchuan Wang, Yuwan Tian and Ningxia Yin

Investigating the Synergistic Corrosion Protection Effect of an Alloy Element and
Corrosion Inhibitor on Steel Reinforcement Using Machine Learning and Electrochemical
Impedance Spectroscopy
Reprinted from: Metals 2024, 14, 865, https://doi.org/10.3390/met14080865 . . . . . . . . . . . . 50

Taisei Masuda, Minho Oh and Equo Kobayashi

Fabrication and Characterization of Biomedical Ti-Mg Composites via Spark Plasma Sintering
Reprinted from: Materials 2024, 17, 3470, https://doi.org/10.3390/ma17143470 . . . . . . . . . . 66

Zhenhua Chu, Zhixin Zhang, Wan Tang, Jiahao Lu and Jingxiang Xu

Preparation and Properties of Environmentally Friendly, Hydrophobic, Corrosion-Resistant,
Multifunctional Composite Coatings
Reprinted from: Coatings 2024, 14, 586, https://doi.org/10.3390/coatings14050586 . . . . . . . . 83

Zhenhua Chu, Yunzheng Zhang, Wan Tang, Yuchen Xu and Jingxiang Xu

A Study on the Corrosion Behavior of RGO/Cu/Fe-Based Amorphous Composite Coatings in
High-Temperature Seawater
Reprinted from: Coatings 2024, 14, 556, https://doi.org/10.3390/coatings14050556 . . . . . . . . 96

Wenjie Zhang, Hongxi Liu, Zhiqiang Liu, Yuyao Liang and Yi Hao

Experimental Study of Performance of Ti-6Al-4V Femoral Implants Using Selective Laser
Melting (SLM) Methodology
Reprinted from: Metals 2024, 14, 492, https://doi.org/10.3390/met14050492 . . . . . . . . . . . . 115
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Article

The Effect of Nb on the Microstructure and High-Temperature
Properties of Co-Ti-V Superalloys

Pengjie Zhou 1, Shenfa Ni 1, Kunjie Luo 2,*, Wanxiang Zhao 2, Enze Liu 3, Yanxin Qiao 1,* and Shujin Chen 1

1 School of Materials Science and Engineering, Jiangsu University of Science and Technology,
Zhenjiang 212000, China; zhoupengjie@just.edu.cn (P.Z.)

2 Suzhou Nuclear Power Research Institute, Suzhou 215004, China
3 Institute Metal Research, Chinese Academy of Sciences, Shenyang 110016, China
* Correspondence: luokunjie007@163.com (K.L.); yxqiao@just.edu.cn (Y.Q.)

Abstract: The effect of Nb on the microstructure evolution of the γ′ phase in Co-Ti-V alloys
has been studied. The yield strength and ultimate strength of the alloys are measured via
compression at 900 ◦C. This indicates that the alloys with 1% at. Nb present a dual γ and
γ′ microstructure. A Co3V phase exists in 2Nb and 3Nb alloys. The mismatch increases
with the increment in Nb content. The yield strength of the alloys rises as the Nb addition
increases. After compression at 900 ◦C, the <101>-type dislocation causes shearing of the
γ′ phase in the plane of the base alloy. In the 1Nb alloy, the < 110>-type dislocation reacts
at the γ/γ′ interface to generate 1/3<121> super-partial dislocation, and then the γ′ phase
is cut by this dislocation and stacking faults are formed.

Keywords: Co-Ti-V alloys; lattice misfit; high-temperature deformation; dislocations

1. Introduction

Superalloys are alloys based on nickel, iron–nickel, and cobalt, and are widely em-
ployed at temperatures of 540 ◦C and above. They are widely applied in parts working at
elevated temperatures, for instance, aircraft blade, petrochemical equipment, and chemical
plant equipment. Recently, they have been used in the automotive industry as materials
for turbines. Up to now, nickel-based superalloys have been the most popular in those
fields [1].

In 2006, a γ′-Co3 (Al,W) precipitate which is capable of being stabilized at 900 ◦C with
an L12 structure was reported by Ishida et al. [2]. Compared with Ni-based superalloys, the
melting point of Co is higher than that of Ni by about 40 ◦C, and conventional Co-based
alloys have excellent corrosion resistance and weldability [3], promoting their superiority to
the Ni-based superalloy in some applications. Because of the lack of a stable γ′ precipitate-
strengthening effect, the traditional Co-based superalloy shows inferior strength to that
of the Ni-based γ′ hardening alloys when operating at elevated temperatures [4,5]. The
new discovery of Co3 (Al,W)- γ′ opened up new pathways to developing Co-based alloys
with superior high-temperature strength. However, it has been demonstrated that the γ′-
Co3 (Al,W) precipitate is not stable when the temperature is over 1000 ◦C, so the existing
temperature of the γ′ is far lower than that of the Ni-based superalloy, indicating its poor
high-temperature stability [6]. Increasing the W content can stabilize the strengthening
phase, but the higher content of W will increase the mass density and limit the application
of such alloys [7–10]. It is necessary to search for a light element to replace W and to ensure
the phase stability of the hardening precipitate.

Coatings 2025, 15, 53 https://doi.org/10.3390/coatings15010053
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Among those Co-based alloys that have been reported so far, only the γ′-Co3Ti phase
with an L12 structure has been found to be stable. However, it presents large lattice
mismatch, which can affect the properties of the alloy [11]. Liu et al. point out that the
alloying of V to the Co-Ti binary system would reduce the mismatch between the dual γ/γ′

phases and improve the high-temperature stability of the alloys [12]. It is reported that V,
Sc, Y, Cr, Zr, Mo, Ta, Nb, Hf, and W tend to occupy the Ti site in the lattice and degrade
the structural stability of L12-Co3Ti. In 2014, Liu and Ruan discovered the existence of
a stable γ-γ′ dual-phase section in a Co-Ti-V ternary alloy at 900 ◦C [13]. After that, a
novel Co-Ti-V ternary alloy was developed which possesses the following advantages
compared to Co-Al-W alloys: low density, high γ′ solvus temperature, and superior
strength at elevated temperatures [14]. The phase equilibria of ternary Co-Ti-V at 873 K
was investigated by Zhou [15], and the interdiffusion coefficients of the elements were
studied by Zhang, showing that Ti diffuses faster than V [16]. Verma et. al. illustrated that
V decreases the solvus temperature of γ′, and it modifies the mismatch between γ and γ′

from positive to negative [17]. Ni and Al additions were reported to increase the volume
fraction and stability of the γ′ precipitate [18,19]. Ni is demonstrated to reduce the solvus
temperature of γ′ in Co-8Ti-11V alloys [19]. Ru seems to have no remarkable influence on
the solvus temperature of γ′, but modifies the portioning behaviors of Ti and V in the alloy,
consequently enhancing the strength of the alloy [20]. Previous research indicates that Nb
is a strong γ′ former and increases the solvus temperature and volume fraction of the γ′

phase; W has similar effect as Nb [21]. Nb is reported to slightly improve the resistance
of alloys to hot corrosion, but is less effective than Mo and Ti [22], while Migas and Klein
illustrated that Nb degrades the oxidation resistance of Co-Al-W alloys [23,24]. However,
their research only covered the composition of Co-10V-4Ti-2Nb (at. %); more studies are
necessary to explore the influence of Nb content on the microstructure and properties of
Co-Ti-V alloys. This article aims to explore the influence of Nb on microstructure evolution
and mechanical improvement and to gain the reliable addition range of Nb in the Co-Ti-V
tertiary alloy.

In this work, five Co-6Ti-11V-xNb (x = 0, 0.5, 1, 2, 3) quaternary superalloys are
designed, prepared by vacuum arc melting, and investigated. The effect of Nb content on
the structure and mechanical properties of Co-Ti-V superalloys is investigated by using the
below methods.

2. Materials and Methods

The nominal compositions of the target alloys used in this study are shown in Table 1,
and for the convenience of presentation, these materials are abbreviated according to the
Nb content in each alloy. High-purity cobalt (99.95%), V (99.95%), and Ti (99.9%) were
adopted to prepare the target material. The alloy was firstly melted into ingots using a
WK-II vacuum arc-melting furnace. In the melting process, the chamber was vacuumed to
0.1 bar first, then gassed with argon (99.999%); after repeatedly cleaning the atmosphere,
the materials were arc-melted under argon atmosphere. The button-shaped sample was
turned over and remelted more than 6 times to homogenize the composition of the entire
ingot. Each ingot was approximately 70 g. Using this melting method, the cooling rate of
the ingot was estimated to be 300 ◦C/s during the solidification process, and the secondary
dendrite arms’ spacing was 450 μm on average. The alloys were sealed in quartz capsules
for homogenization treatment at 1100 ◦C for 48 h, then quenched in cold water. After that,
the alloys were quartz-sealed again and aged at 870 ◦C for 72 h, and then cooled in air to
room temperature. The specimen was electrolytically etched using 10 mL of HNO3 plus
20 mL of CH3COOH and 170 mL of distilled water with 6 V. The morphology of the γ′

phase was observed by using a Zeiss–Merlin Compact Field Emission Scanning Electron
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Microscope (FE-SEM) (Zeiss: Oberkochen, Germany) to calculate the size distribution
and volume fraction of the γ′ precipitates. The phase constitutes were observed by using
a JEM-2100F Transmission Electron Microscope (TEM) (JEOL Ltd.: Tokyo, Japan), and
the distribution of elements in the γ phase and γ′ phase was investigated by Oxford
Energy Disperse Spectroscopy (EDS) (Oxford Instruments: Abington, UK) with INCA T80
equipped with the TEM. The composition was averaged from ten points of 3 different
regions. The evaluation of dislocation after deformation was performed. The film for the
TEM analyses was obtained by using twin-jet electropolishing in a solution of 6% perchloric
acid and methanol conducted at −30 ◦C with 25 V. Shimadzu XRD-6000 (Shimadzu: Kyoto,
Japan) was employed to investigate the phase constitutes and analyze the lattice mismatch
of the γ and γ′ phases. Powders used in the XRD test were machined from bulk materials,
then sealed in quartz, heated to 900 ◦C for 3 min, and furnace-cooled to room temperature.
A scanning rate of 4◦/min was used in the range of 20–90◦ to analyze the phases. A
scanning speed of 1◦/min was adopted to measure the mismatch in the interval between
47◦ and 55◦. Origin Pro 9.1 was employed to fit the peak profiles and analyze the mismatch.
The compression experiments were performed at a strain rate of 3 × 10−4s−1 and a ramping
rate of 10 ◦C/s to 900 ◦C, using a Gleeble-3800 (Gleeble: Poestenkill, NY, USA) thermal
simulator. When the temperature rose to 900 ◦C, it was maintained for 3 mins before
loading. The strain rate used in the study was 3 × 10−4/s, which was in the range of(
1 × 10−4/s ~ 1 × 10−3/s

)
that is widely adopted by previous research [25,26]. The stress

corresponding to a 0.2% offset strain was taken as the yield strength. After high-temperature
compression, the specimens were water-quenched.

Table 1. Compositions of investigated alloys (at. %).

Alloy
Nominal Composition (at.%)

Co Ti V Nb

Base Bal 6 11 -
0.5 Nb Bal 6 11 0.5
1 Nb Bal 6 11 1
2 Nb Bal 6 11 2
3 Nb Bal 6 11 3

3. Results and Discussion

3.1. Microstructure of Alloys with Varied Nb Content

Figure 1 shows the XRD patterns of the alloys with varied Nb content. The patterns of
the 0Nb, 0.5Nb, and 1Nb alloys are similar, with three relatively obvious peaks which are
actually composed of the matrix (γ) and the strengthening precipitate (γ′). The other peaks
in the 2Nb and 3Nb alloys indicate the precipitation of Co3V.

Figure 2 shows the microstructure of the alloys. The 0Nb, 0.5Nb, and 1Nb alloys have
no other precipitates except the γ and γ′ phases (Figure 2a–c). Meanwhile, the 2Nb and
3Nb alloys exhibit a needle-like precipitate which corresponds to the Co3V phase in the
XRD pattern. The selected area electron diffraction (SAED) of this phase was conducted
(Figure 3). The phase was identified as Co3V by XRD as well as EDS analysis of the TEM
and electron diffraction patterns. Therefore, the Nb addition leads to the formation of an x
phase (D019) if its content exceeds 1% (at. %). The volume fractions of the x-Co3V phase in
the 2Nb and 3Nb alloys are 14.04% and 37.54, respectively.

3
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Figure 1. XRD analysis of alloys with various Nb contents.

 

Figure 2. Microstructure of alloys with varied Nb content: (a) Nb-free; (b) 0.5Nb; (c) 1Nb; (d) 2Nb;
(e) 3Nb; (f) details of Co3V phase in 2Nb alloys.
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Figure 3. (a) TEM image of Co3V phase; (b) selected area electron diffraction pattern of Co3V phase;
(c) EDS pattern of Co3V phase.

3.2. Lattice Mismatch Between γ/γ′ Phases

Since the γ/γ′ phases have similar lattice constants, the observed (002) peaks are dou-
blets due to the overlap from both peaks of the dual phases. Figure 4 shows the separation
peaks of the γ phase and the γ′ phase and the fitted curves obtained corresponding to the
(200) crystal plane. The equations for calculating the lattice constant and mismatch are
as follows:

α =
λ

2sin θ

√
H2+K2 + L2 (1)

δ =
2(αγ′ − αγ)

αγ′+αγ
× 100% (2)

where α is the lattice parameter of the corresponding phase; θ represents the diffraction
angle (◦); λ is the wavelength of incident X-rays (Å); H, K, and L are the specific plane
indexes; αγ is the lattice constant of the γ phase (Å); αγ′ stands for the lattice constant of the
γ′ phase (Å); δ is defined as the γ/γ′ two-phase lattice mismatch (%). The lattice constants
of the γ phase and the γ′ phase of alloys with various Nb contents are shown in Table 2,
and the calculated lattice mismatches were given as well. According to these data, the
lattice mismatch gradually rises with the increase in Nb content.

Table 2. Lattice constants of γ and γ′ phases and lattice mismatch between dual phases in alloys with
various Nb contents.

Alloy
(at. %)

γ′-Phase
Lattice Constant

αγ/Å

γ-Phase Lattice
Constant αγ/Å

Lattice
Mismatch δ/%

0Nb 0.3594 0.3567 0.76
0.5Nb 0.360 0.357 0.81
1Nb 0.359 0.356 0.82
2Nb 0.3597 0.357 0.85
3Nb 0.3595 0.3564 0.86
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Figure 4. XRD peak-differentiating and -imitating profiles of alloys with varied Nb content: (a) Nb-
free; (b) 0.5Nb; (c) 1Nb; (d) 2Nb; (e) 3Nb.

3.3. γ′-Phase Morphologies of Alloys with Varied Nb Content

Figure 5 shows the γ′ morphologies in the alloys with varied Nb content. The γ′ phase
is relatively uniformly arranged, and all of them are cuboidal in shape (Figure 5a–c). As
illustrated in Figure 5d, when the Nb content increases to 2 at. %, the γ-matrix channel is
thin, and the size of the γ′ precipitate varies and drops significantly, but it remains cuboidal
in shape. Figure 5e shows the extremely regular shape of the γ′ phase, with a wide range
of sizes.

The average size and volume ratio of the γ′ phase in the five materials are shown in
Table 3. The volume ratios of the γ′ phase in the 2Nb and 3Nb alloys were not investigated
because of the presence of a large amount the Co3V phase in the two alloys. Since mass
precipitation of x–Co3V will greatly degrade the ductility of the alloys, it is meaningless to
analyze the volume ratio of the γ′ phase in the 2Nb and 3Nb alloys. The average size of the
γ′ phase increases and then decreases with the rise in Nb content, which peaks at 0.5Nb.
With the increased Nb content, the volume ratio of the γ′ phase increases, and the volume
fraction of the γ′ phase in the 1Nb alloy reaches the maximum, at 84.7%.

6
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Figure 5. γ′-phase morphology of alloys with different Nb contents: (a) Nb-free; (b) 0.5Nb; (c) 1Nb;
(d) 2Nb; (e) 3Nb.

Table 3. Average size and volume ratios of γ′ phase of each alloy.

Alloy Average Size (nm) Volume Fraction (%)

0Nb 222.2 84.3
0.5Nb 303.9 84.4
1Nb 252.4 84.7
2Nb 191.0 -
3Nb 189.0 -

3.4. Distribution of Alloying Elements in γ Phase and γ′ Phase

Analysis of the elemental distribution behavior in the γ and γ′ phases of the alloys
was conducted by EDS equipped with a TEM, which was conducted in a STEM model. The
expression of the elemental distribution coefficient (KX) is as follows:

Kx = Cγ′−x/Cγ−x (3)

where Cγ′−x represents the atomic percent of element X in the γ′ precipitate (at. %),
and Cγ−x is the atomic percent of element X in the γ channel (at. %). Table 4 lists the

7
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compositions of the γ phase and the γ′ phase in the alloys, and the partitioning coefficients
of each elements in the alloys are shown in Figure 6. The partitioning coefficients of Ti
and Nb are always greater than 1, and they partition preferentially to the γ′ precipitate.
Furthermore, the partitioning coefficient of Ti increases with the rise in Nb additions, as
Nb promotes the enrichment of Ti into the γ′ phase. The partition coefficients of V in the
0Nb, 0.5Nb, and 1Nb alloys fluctuate near 1; as the Nb content continues to increase, the
partitioning coefficient of V rises gradually. These results show that the addition of Nb
leads to Ti and V enrichment in the γ′ matrix rather than in the γ matrix, and consequently,
Nb addition results in the rise in the γ′ volume fraction in the alloys.

Table 4. The elemental components of the γ phase and the γ′ phase in the alloys with varied Nb content.

Alloy
Composition (at. %)

Co Ti V Nb

Co6Ti11V
γ 81 6 13 -
γ′ 79.9 7.1 13 -

Co6Ti11V0.5Nb
γ 78.4 6.9 14.1 0.6
γ′ 78.4 7.4 13.5 0.7

Co6Ti11V1Nb
γ 81.2 4.7 13.4 0.8
γ′ 78.6 6.7 13.4 1.4

Co6Ti11V2Nb
γ 85.5 3.3 10.2 1.1
γ′ 79.3 5.8 12.8 2.1

Co6Ti11V3Nb
γ 86.4 2.5 10.1 1.1
γ′ 76.6 6.1 14.1 3.4

 
Figure 6. Partitioning coefficients of elements in γ and γ′ phases in alloys with various Nb contents.
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3.5. Strength at Elevated Temperature

The 0.2-percent offset yield strength of alloys subjected to compression tests at 900 ◦C
is shown in Table 5. The yield strength rises gradually with the increasing Nb content. The
3Nb alloy possesses the highest yield strength at 900 ◦C, which is 496 MPa, while the 0Nb
alloy has the lowest yield strength, which can be related to the lowest γ′ volume fraction in
the 0Nb alloy. The alloying of Nb can enhance the tensile properties of alloys with proper
additions. As listed in Table 5, the yield strength of the 1Nb alloy is higher than that of the
conventional Co-based superalloy (Haynes188) and the newly developed Co-9Al-W alloys.
However, it is lower than that of the precipitate-hardening Ni-based superalloy (In939).

Table 5. Yield strength at 900 ◦C of alloys with different Nb contents.

Alloy Yield Strength (MPa)

Co-6Ti-11V 323
Co-6Ti-11V-0.5Nb 351
Co-6Ti-11V-1Nb 391
Co-6Ti-11V-2Nb 404
Co-6Ti-11V-3Nb 496

Hayness 280 [6]
Mar-M247 392 [6]

In939 520 [18]
Mar-M302 361 [18]
Co9Al9W 263 [27]

3.6. The γ′-Phase Morphologies of Alloys After Compression at 900 ◦C

The morphologies of the γ′ precipitate of the 0Nb, 0.5Nb, and 1Nb alloys after com-
pression at 900 ◦C are shown in Figure 7, and the average size as well as the volume ratios
of the γ′ particles in each alloy are listed in Table 6. The γ′ precipitate in the 0Nb alloy is
not uniformly arranged, and the mean size of the γ′ particle increases from 222.2 nm to
271.7 nm compared with before compression. The γ′ precipitate in the 0.5Nb alloy is much
the same as that before deformation. The γ-matrix channel in the 1Nb alloy is extremely
narrow, and the mean size of the γ′ particle is only slightly increased in comparison with
before compression. The volume fraction of the γ′ particle in the 0Nb, 0.5Nb, and 1Nb
alloys is substantially smaller than that before the test. This may be due to the fact that
parts of the γ′ phases were dissolved with load during the hot compression process. During
deformation at elevated temperatures, γ′ is repeatedly cut by dislocations, especially in
the interface of γ′ and γ, and some mini γ′ particles may be generated by cutting the large
γ′ particles. And the mini γ′ particles dissolve during the compression test. In contrast,
the 1Nb alloy achieves the minimal particle size increase and the lowest volume fraction
reduction. These results show that the correct addition of Nb is beneficial for improving
the phase stability of alloys. Previous research has reported that Nb improves the phase
stability of γ′ phases in Co-based superalloys [6,21,25].

Table 6. Average dimensions and volume fractions of particles of each alloy after compression at 900 ◦C.

Alloy Average Size (nm) Volume Fraction (%)

Co-6Ti-11V 271.7 58.5
Co-6Ti-11V-0.5Nb 302.1 48.4
Co-6Ti-11V-1Nb 264.4 65.9
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Figure 7. The γ′ morphologies after compression at 900 ◦C: (a) 0Nb; (b) 0.5Nb; (c) 1Nb.

3.7. Deformation Behavior of Alloys

Figure 8 shows the dislocation configurations of the Co6Ti11V alloy after the com-
pression test at 900 ◦C. In Figure 8a, a dense dislocation distribution in the γ′ phase is
observed, indicating that dislocation sliding is the primary deformation mechanism in the
γ′ precipitate. And shearing of the γ′ precipitate by pair dislocations is evident. When
imaged with g = 022, the dislocation A is observed in Figure 8a, while imaging with
g = 222 reveals that the dislocation A is invisible, as shown in Figure 8b; thus, it can be
roughly judged that the Berger vector of the dislocation A is b = [101], and this type of
dislocation causes shearing of the γ′ phase in the {111} plane.

Figure 8. Dislocation configuration of 0Nb alloy after compression: (a) g = 022; (b) g = 222.

A series of typical TEM images of the Co6Ti11V1Nb alloy after compression at 900 ◦C
is shown in Figure 9. As illustrated in Figure 9a, numerous dislocations are visible in the
γ′ phase when imaged with g = 220. In contrast, when imaged with g = 220, as shown
in Figure 9b, there is a high density of dislocations visible in the γ channel, and a few
dislocations in the γ′ phase are observed. As illustrated in Figure 9c, dense dislocations
are observed in the γ′ phases when imaged with g = 111, whereas the dislocations in the
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γ channel are invisable. When imaged with g = 131, the dislocations in the γ channel
are visible, while the dislocations in the γ′ phases are invisible, which is revealed in
Figure 9d. Figure 9c shows that a stacking fault A and dislocation B are observed; based on
Figure 9a,d, the type of stacking fault A can be determined to be R (displacement vector)
= [112]. According to Figure 9a,b, the Berger vector b = [110] of the dislocation B can be
determined. According to Equation (4), it can be seen that the superlattice intrinsic fault A
is a result of the reaction of the dislocation B.

  

Figure 9. Dislocation configuration of 1Nb alloy after compression: (a) two-beam condition, with
g = 220; (b) g = 311; (c) g = 111; (d) g = 131.

Suzuki A. et al. have shown that the addition of different elements to alloys will
change the elemental distributions between the γ/γ′ phases and their lattice mismatch,
further affecting the morphology of the γ′ particle and thereby modifying the mechanical
properties of alloys [6,27]. Previous studies have reported that the strength of an alloy is
related to the degree of mismatch, the volume fraction, and the size of the γ′ phase [28–30].
Within a certain range, the larger the mismatch, the greater the yield strength of the alloy,
similar to nickel-based alloys. As seen in Table 2, as the Nb content increases, the mismatch
also rises; so, the mismatch of the 3Nb alloy is the highest, which is 0.86%. However, the
dimension of the γ′ precipitate of the 3Nb alloy is only 189 nm, which is the minimum
among the five alloys. But it can be seen from Figure 1 that there are more Co3V phases
in the 3Nb alloy, which is a hard and brittle precipitation with an ordered close-packed
hexagonal structure, so the presence of the Co3V phase may also contribute to the strength
of the 3Nb alloy, but the phase usually precipitates in the form of flakes, which facilitates the
formation and propagation of cracks; the close-packed hexagonal structure has a reduced
slip system, which is detrimental to the plasticity of the material, so it is not desirable
to enhance the strength of the material by introducing large volumes of Co3V. The yield
strength of the 3Nb alloy is the largest among the five alloys, reaching 496 MPa. It has
been proven that when the lattice mismatch between γ and γ′ is near 0, the γ′ precipitate
is spherical in shape. If the mismatch of the dual phases is 0.5% ~ 1%, the γ′ particle is
cuboidal; the mismatch of the five alloys is about 0.8%. Figure 5 shows that the morphology
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of the γ′ phase is typically cubical. Figure 6 shows that Ti, V, and Nb are γ′ formers. The
addition of γ′-former elements in the alloys enhances the volume ratio of the γ′ particle, so
it can be concluded that the volume fraction of the γ′ phase increases slightly with the rise
in Nb content.

After the alloys are compressed at 900 ◦C, the dimension of the γ′ phase in the alloys
rises, while the volume ratio of the γ′ phase drops substantially. This may be due to the
dissolution of some γ′ precipitates during cutting by the dislocations at high temperatures.
Suzuki studied the compressive deformation mechanism of Co-Al-W alloys and found the
following: (i) shearing of the γ′ phases by pairs of 1

2 <110>-type perfect dislocations on {111}
planes at low temperatures (293–978 K), (ii) at intermediate temperatures (around 1033 K),
deformation by shearing of γ′ particles by the <112> {111} slide system, and (iii) cutting of
the γ′ phases by <112> dislocations with the formation of stacking faults (above 1088K) [27].
In this study, after the Co-6Ti-11V alloy was compressed at 900 ◦C, the [101]-type compact
dislocations cut the γ′ precipitate along the {111} plane, and two kinds of deformation
mechanisms appeared in the Co-6Ti-11V-1Nb alloy, including [110] dislocations at the
interface of γ/γ′ reacting to produce [121] partial dislocations, with the latter cutting the γ′

particle and forming SISFs. The reaction [20] is as follows:

1/2
[
01 1]+ → 1/3

[
12 1] + 1/6

[
112

]
+ SISF (4)

In summary, the dislocation motion of the 1Nb alloy deviates from that of the base
alloy because there is no formation of stacking faults in the base alloy, while in the 1Nb
alloy, the [110] dislocation reacts at the frontier of the γ/γ′ phases to form a 1/3 <121>
partial dislocation, which then shears the γ′ phase and forms stacking faults. These can be
related to Nb reducing the energy stacking fault of Co-based alloys [31].

The addition of Nb in the Co-Ti-V ternary alloy is desirable, as it improves the phase
stability of the γ′ phases, as well as enhancing the volume fraction of this precipitate. Con-
sequently, this improves the mechanical properties of the alloys at elevated temperatures.
However, the addition should be within 1 at. %.

4. Conclusions

1. After solution treatment at 1100 ◦C/48 h and aging treatment at 870 ◦C/72 h, for the
alloys containing less than 1Nb, they show a γ and γ′ dual-phase microstructure and
are free of deleterious phases. The Co3V phase with a platelet shape is present in the
2Nb and 3Nb alloys.

2. With the increase in Nb content, the lattice mismatch of the γ/γ′ two-phase microstruc-
ture increases gradually. After compression at 900 ◦C, the size of the γ′ phase in the
0Nb alloy increases from 222.2 nm to 271.7 nm; the volume ratio of the γ′ phase in the
three investigated alloys decrease gradually. The 1Nb alloy shows the minimum size
increase and the smallest volume drop of the γ′ precipitate. These results show that
Nb improves the phase stability of the γ′ phase.

3. The yield strength of the Co-Ti-V alloy increases with the increase in Nb content,
and the yield strength of the 3Nb alloy is the highest when compressed at 900 ◦C, at
496 Pa.

4. When compressed at 900 ◦C, the <101>-type dislocation causing shearing of the γ′

phase in the {111} plane in the Nb-free alloy was observed. For the 1Nb alloy, some
<110> dislocations reacted at the γ/γ′ interface to generate 1/3 [121], and then the γ′

precipitate was cut by this dislocation, leaving R = <121> stacking faults.
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Abstract: This study investigates the application of chromizing and titanizing coatings on low-carbon
steel (LCS) via the pack cementation process, utilizing various compositions, temperatures, and
durations. The coating was analyzed using standard techniques, such as X-ray diffraction (XRD),
scanning electron microscopy (SEM), energy dispersive X-ray spectroscopy (EDX), and Vickers
hardness testing, to determine their characteristics. The kinetics of the pack chromizing, titanizing,
and chromotitanizing of low-carbon steel exhibited parabolic behavior, with the rate constant with
increasing temperature. The formed diffusion layers primarily consisted of Cr, Ti, Cr1.9Ti, FeTi, Al2O3,
Cr2O3, TiO2, and Cr1.36Fe0.52, in addition to Fe. The microhardness reached its highest value of
900 HV0.01 Kgf with 48% FeTi, followed by 790 HV0.01 Kgf with 12% FeCr–36% FeTi, 730 HV0.01

Kgf with 24% FeCr–24% FeTi, 680 HV0.01 Kgf with 36% FeCr–12% FeTi, and 560 HV0.01 Kgf with
48% FeCr. The results indicate a significant enhancement in the mechanical properties of low-
carbon steel through the coating process. This study confirms that the pack cementation coatings
of chromizing, titanizing, and chromotitanizing significantly enhance the surface hardness and
mechanical integrity of low-carbon steel. The controlled diffusion process leads to the formation
of robust intermetallic layers, and the variation in FeCr and FeTi composition allows for tailored
mechanical properties. Additionally, the results suggest that the interplay between Cr and Ti promotes
the development of a complex, multilayered microstructure that balances hardness with potential
toughness, providing a broad spectrum of industrial applications. This research underscores the
versatility of pack cementation as an effective method to engineer advanced coatings, offering a
cost-efficient pathway to enhance the performance of low-carbon steel in demanding environments.

Keywords: pack cementation; low-carbon steel; diffusion coatings; chromizing; titanizing; microhardness

1. Introduction

Low-carbon steel (LCS) is widely used in various manufacturing industry sectors,
including building components, containers, furnaces, and agricultural machinery [1]. Its
popularity is primarily due to its affordability and impressive strength. However, in appli-
cations requiring exceptional mechanical properties, bulk hardness alone may not suffice
to ensure optimal performance [1]. It is well known that the deterioration and failure
of structural materials in engineering are often caused by wear or corrosion, which are
mainly influenced by the surface properties of the material rather than its overall per-
formance [2]. Hence, improving surface performance through various techniques while
preserving the original characteristics of the material is a promising approach to address
these challenges [3,4]. Consequently, numerous efforts have been made to enhance the sup-
port performance of LCS through surface treatments, including increasing surface hardness
and improving tribological properties [5–9]. Surface coatings provide several benefits in
enhancing component performance, particularly in minimizing wear and corrosion [10,11].
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Thermochemical treatment is an efficient method for creating protective diffusion coatings
on various metallic materials [12,13].

The coating process is conducted at elevated temperatures (often between 800 and
1000 ◦C) for varying durations (usually between 2 and 10 h), contingent upon the type of
steel. The technique is straightforward and cost-effective as it does not require expensive
equipment. It can be utilized on substrates with intricate geometries, exhibiting minimal
environmental impact as no hazardous vapors are released during the film forming pro-
cess [14]. It could be utilized to create coatings that enhance their mechanical performance,
oxidation resistance, and tribological characteristics [15]. Insufficient attention is devoted
to the regulation of the precipitation of reinforcement compounds and their actions, which
therefore impacts the even distribution of precipitates and adhesion characteristics. One
of the primary limitations of this coating method is the length of time it takes. This may
result in inappropriate grain growth, leading to a decline in the mechanical characteristics.
These coatings include aluminizing, chromizing, titanizing, carburizing, boriding, and
co-diffusion [16–22]. Furthermore, diffusion coatings not only offer exceptional surface
effectiveness but also ensure a strong metallurgical bond between the coating and the
substrate material, enhancing the protection of the treated component throughout its ser-
vice life [23]. Fernandes et al. [24] utilized a coating technique to treat AISI 1060 steel
samples through pack cementation, subjecting the samples to high-temperature treatment
for different durations and temperatures. At 1050 ◦C, a layer of (Cr,Fe)2N1–x was formed,
while at 1000 ◦C, a carbide layer (Cr,Fe)2N1–x was produced. The sample coated at 1050 ◦C
for 9 h exhibited superior characteristics, including enhanced wear resistance and corrosion
properties. Lin et al. [2] employed the pack cementation process to apply a titanizing coat-
ing onto 316 stainless steel at 900 ◦C for 6 h, resulting in a titanizing coating approximately
5 μm thick, composed of various intermetallic compound phases, including Ni2Ti, NiTi,
FeNi, Fe2Ti, and Cr2Ti. As a result, the titanizing treatment significantly improved the
surface hardness of the 316 stainless steel.

Zeng et al. [25] produced two types of Si-Cr coatings, SiCr-1 and SiCr-2, on AISI 5140
steel using pack cementation with pure silicon and ferrosilicon, respectively. When treated
at 950 ◦C for one hour, SiCr-2 demonstrated enhanced characteristics, with a thicker coating
(>300 μm), increased Si and Cr content, and the absence of a carbon-deficient layer, in
contrast to SiCr-1 (150 μm). Microhardness assessments revealed that SiCr-2 exhibited
superior average hardness, while wear resistance analyses exhibited a reduced friction
coefficient of 0.22 compared to SiCr-1 at 0.40 and the as-tempered sample at 0.30. These
results underscore the influence of feedstock composition, with SiCr-2 exhibiting superior
surface characteristics attributed to reaction deposition growth and decreased micropore
development. Meng et al. [26] performed vanadiumizing treatments on GCr15 steel using
a ferrovanadium agent combined with NH4Cl, La2O3, and Al2O3 at temperatures between
899.85 ◦C and 959.85 ◦C for 1 to 7 h. The resultant vanadiumizing layer, consisting of VCx
and α-Fe, displayed thicknesses ranging from 4.65 μm to 12.65 μm, which increased with
elevated temperatures and prolonged durations. Microhardness varied from 1892.3 HV0.02
to 2698.6 HV0.02, with peak values recorded under the most extreme conditions. Growth
adhered to a parabolic curve, exhibiting an activation energy of 164.85 kJ/mol, indicating
improved diffusion attributed to rare earth elements. Liu et al. [27] executed chromizing
on T9 and SPCC steels using the pack cementation technique with chromium powder
and NH4Cl, applying a force of 8 N for 30 min and a rotational speed of 240 rpm. The
chromized outer layers included Cr7C3 and Cr23C6 for T9 (approximately 4.19 μm thick)
and mostly Cr23C6 for SPCC (approximately 2.89 μm thick), with XRD validating the phase
compositions. Microhardness assessments indicated 1737.72 HV in the T9 outer layer,
declining to 1378.31 HV in the secondary layer, while SPCC exhibited 1771.91 HV in the
outer layer, dropping to 448.52 HV. Friction and wear studies indicated that T9 steel saw a
decrease in mass wear from 2 mg to 0.6 mg, while SPCC’s wear increased from 2 mg to
2.9 mg, associated with surface fatigue wear. The findings underline the enhanced wear
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and corrosion resistance of T9, attributed to its durable chromium carbide layer, while
SPCC exhibits greater corrosion resistance than wear resistance due to its thinner layer.

Yang et al. [28] explored the wear behavior of a chromizing–titanizing coating on
carbon steel through the pack cementation process. Compared to the chromizing coating
(1300–1650 Kgf), the chromizing–titanizing coating (1800–3000 Kgf) exhibited greater hard-
ness. The enhancement of the wear resistance of carbon steel can be achieved through
processes such as chromizing and titanizing. In the current study, one of our goals is to
reduce surface damage by producing chromizing, titanizing, and chromotitanizing coatings
on LCS using pack cementation. To do this, we systematically investigated the microstruc-
tural characteristics of the diffusion layer on LCS and evaluated the microhardness behavior
of the coatings to better understand the candidate coatings for LCS, which may provide
superior mechanical resistance.

2. Materials and Methods

2.1. Materials

A commercial LCS substrate was selected as the starting material. The Metallurgi-
cal Research Institute in Cairo, Egypt, provided ferrochrome and ferrotitanium powder.
Alumina (Al2O3) was obtained from the Egyptian Aluminum Company, Egyptalum, (Nag
Hammadi, Egypt). Ammonium chloride (NH4Cl) was procured from Aldrich Co., (St.
Louis, MO, USA). The chemical compositions of LCS, ferrochrome, and ferrotitanium
powder are enumerated in Table 1.

Table 1. The chemical composition of the used materials (wt%).

Elements LCS (wt%) Ferrochrome (wt%) Ferrotitanium (wt%)

C 0.0507 8.9 --
Si 0.016 1.2 3

Mn 0.295 -- --
Al -- -- 6
P 0.024 0.021 --
S 0.018 0.05 --
O -- -- 8.3
Ni 0.001
Cr -- 61 --
Ti -- -- 27
Fe balance balance balance

2.2. Specimen Preparation

The steel specimens were cut into discs measuring 20 mm in diameter and 2 mm in
thickness. The specimens were ground using waterproof SiC abrasive papers of varying grit
sizes and then polished with diamond pastes of different particle sizes. The samples were
then rinsed in distilled water, and any grease was removed using ethanol. The samples
were rinsed again in distilled water and given a final wash with acetone in an ultrasonic
bath for 5 min.

2.3. Pack Diffusion Process

The specimens and powders with various compositions were placed inside stainless-
steel vessels. The composition of the cementation mixtures utilized is listed in Table 2. Each
mixture contained 20 g of ferrochrome powder and/or ferrotitanium. Hard-burned Al2O3
was used as an inert filler material to effectively prevent undesired caking, melting, and
collapse of the ferrochrome and ferrotitanium. Ammonium chloride (NH4Cl) served as an
activator. The specimens were completely submerged in the powder mixtures, maintaining
a distance of approximately 15 mm between the specimens and the walls of the cementation
vessels. The boxes were tightly sealed with airtight lids. The wet mixture was composed of
cement, refractory clay, asbestos, and sodium silicate, applied along the edges of the lid to
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prevent oxidation of the contents during diffusion. The sealed vessels were subjected to
different temperatures (900 ◦C, 1000 ◦C, and 1100 ◦C) for specific durations (i.e., 3 h, 5 h,
and 7 h) in a muffle furnace and then cooled in the furnace after each run. The specimens
were carefully removed from the powder, delicately cleaned to eliminate any visible dirt on
their surface, brushed, rinsed with distilled water, and weighed to calculate the coat pickup.

Table 2. Chemical composition (wt%) of the cementation mixture for treatment with chromium and
titanium. Reprinted from Ref. [29].

Type of Mixture Coating Materials Al2O3, % NH4Cl, %

Mixture A 48% FeCr 50 2
Mixture B 36% FeCr–12% FeTi 50 2
Mixture C 24% FeCr–24% FeTi 50 2
Mixture D 12% FeCr–36% FeTi 50 2
Mixture E 48% FeTi 50 2

2.4. Characterization

The microhardness of the coated and uncoated specimens was determined using a
micro-Vickers tester (Shimadzu (HMV) microhardness tester with a 0.01 Kg load, Shimadzu,
Kyoto, Japan). The coated layer thickness in μm was measured using a Positector 6000
(model F1 gauge, Cole-Parmer GmbH, Wertheim am Main, Germany). Surface and cross-
sectional observations of the coated specimens were conducted using scanning electron
microscopy (SEM, JEOL JSM 5410, JEOL, Tokyo, Japan) with energy dispersive spectroscopy
(EDS). The composition of the surface layer of as-coated specimens was detected by X-ray
diffraction (XRD) (Rigaku Co., Tokyo, Japan) with Cu Kα (λ = 1.54056 Å) in small steps of
2θ = 0.02◦. The average crystal size of the phases in the coated layer was calculated using
the Debye–Scherrer equation [30]. X-ray fluorescence (XRF) spectroscopy (X900 WDXRF,
ThermoFisher Scientific, Waltham, MA, USA) is used for elemental analysis.

3. Results and Discussion

Pack cementation is a complex chemical vapor deposition process that involves a
series of thermochemical reactions. These reactions generate diffusion coatings through the
production of active diffusion atoms [2]. In this process, some iron atoms are replaced by
Cr and/or Ti atoms that diffuse into the lattice of LCS grains. Following the chromizing
and/or titanizing treatment, a thermal diffusion layer rich in Cr and/or Ti develops on the
surface of LCS. The thermochemical reactions involved in creating the active Cr and/or Ti
atoms during chromizing, titanizing, and chromotitanizing are as follows [2,31]:

NH4Cl(s) → NH3(g) + HCl(g), (1)

2NH3 → N2(g) + 3H2(g), (2)

4HCl(g) + M(s) → MCl4(g) + 2H2(g), (3)

MCl4(g) + 2Fe(s) → 2FeCl2(g) + [M], (4)

MCl4(g) + 2H2(g) → 4HCl(g) + [M], (5)

where [M] represents the active Cr and/or Ti atom.
The composition at the surface is influenced by the interplay of the supply rates of

Cr, Ti, and Cr-Ti from different reactions, as well as their diffusion into the underlying
metal. The thickness of the formed layers was measured for each treatment condition. The
differences in layer thickness for various process times and temperatures are illustrated in
Figure 1a–e. It is noted that the increase in time and temperature substantially increased
the thickness of the coating. Data also indicate that as the percentage of Cr in the pack
increases, there is a corresponding increase in the thickness of the coating. The coating
thickness shows a greater increase at 1100 ◦C compared to 1000 ◦C and 900 ◦C. All curves
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exhibited a parabolic pattern. Therefore, the thickness of the coated layer (X) in relation to
process time follows a parabolic law:

X = Ks
√

t, (6)

where X is coating thickness in μm, Ks is the rate constant, μm/
√

h, and t is process time
in hours.

Figure 1. Effect of process time on average coating thickness of coated specimens at different
temperatures used: (a) 48% FeCr; (b) 36% FeCr–12% FeTi; (c) 24% FeCr–24% FeTi; (d) 12% FeCr–36%
FeTi; and (e) 48% FeTi.
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The results obtained are consistent with previous research [32], which indicated that
as the temperature increases, the reaction kinetics between the coating elements (i.e., Cr, Ti,
and Cr-Ti) and steel follow a parabolic law. Figure 2a–e demonstrate the linear relationship
between X and

√
t at various temperatures (900 ◦C, 1000 ◦C, and 1100 ◦C). This suggests that

the diffusion step is the rate-controlling step. Saturating the surface of steel machine parts
with chromium enhances their resistance to corrosion by gases, even at high temperatures of
up to 800 ◦C. High-carbon steels are also treated with chromizing to enhance their hardness
and wear resistance. Ks is determined by analyzing the slope of the linear relationship, as
depicted in Figure 2a–e. The results presented in Table 3 illustrate the relationship between
temperature, chromium percentage, and the rate constant. Generally, it is observed that
as the temperature and chromium percentage in the mixtures of chromium and titanium
increase, the rate constant also increases.

Table 3. Variation of E for different compositions, temperatures, and times.

Type of Mixture
(wt%)

T
(◦C)

Ks

(μm/
√

h)
D

(m2/s) × 1015
E

(J/mol)

48% FeCr
1100 13.37 12.4
1000 8.43 4.93 9.434
900 6.56 2.99

36% FeCr–12% FeTi
1100 11.48 9.16
1000 7.49 3.9 8.909
900 5.87 2.39

24% FeCr–24% FeTi
1100 10.89 8.24
1000 7.22 3.62 9.664
900 5.27 1.93

12% FeCr–36% FeTi
1100 10.47 7.61
1000 6.85 3.26 10.544
900 4.75 1.57

48% FeTi
1100 8.55 5.07
1000 6.08 2.57 10.598
900 3.88 1.04

The reaction and diffusion rate accelerated with increasing temperature, as noted
in Figures 1 and 2. This indicates that the thickness of the diffusion layer also increased.
Furthermore, raising the temperature increases the presence of highly reactive molecules,
which speeds up the diffusion rate. The high level of kinetic energy and activity within the
reaction system is a result of the temperature increment. The findings demonstrate that
higher temperatures and longer process times lead to increased diffusion. The diffusion
coefficient (D) can be determined by measuring the coating thickness. According to Fick’s
diffusion laws, the depth of penetration (X) into a semi-finite solid is determined by time
according to the following expression [33]:

X2 = 4kDt. (7)

The constant (k) has a convoluted relationship with the concentration at the surface
and the concentration at a depth (X). By analyzing the concentration of Cr and Ti at the
surface and interior of coated specimens, it is evident that the value of k is approximately
equal to one [14]. Therefore, Equation (7) can be rewritten as follows:

X2 = 4Dt. (8)

Equation (8) can be rewritten as follows:

D =
X2

4t
. (9)
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Figure 2. Relationship between the square root of process time and average coating thickness of
coated specimens at different temperatures used: (a) 48% FeCr; (b) 36% FeCr–12% FeTi; (c) 24%
FeCr–24% FeTi; (d) 12% FeCr–36% FeTi; and (e) 48% FeTi.

It is possible to calculate the diffusion coefficient (D) based on the known variations of
thickness with time; however, it is reasonable to expect that the calculation will only yield
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approximate values because the derivation ignores the variation of the diffusion coefficient
with concentration and assumes that the constant (k) is not dependent on temperature.
The value of D was determined by taking the slope of each line in Figure 2a–e and us-
ing that information. Table 3 summarizes the values achieved at various temperatures
and compositions.

The Arrhenius equation (Equation (10)) was used to calculate the activation energy
of the reaction. It shows that D varies with temperature according to the following Arrhe-
nius equation:

D = D0e−[ E
RT ], (10)

where T is the absolute temperature, R is the gas constant, E is the activation energy, and
D0 is the frequency factor.

This equation demonstrates that as the temperature increases, the diffusion coefficient
also increases, enhancing diffusion and subsequently increasing weight. Figure 3 illustrates
the correlation between ln D and 1/T. The activation energy (E) was determined using the
Arrhenius plot. The slope of the straight line resulted in E values (Table 3) for the diffusion.

 
Figure 3. Arrhenius plot of parabolic rate constant versus inverse absolute temperature for average
coating thickness of chromized, titanized, and chromotitanized LCS.

3.1. Coating Morphology
3.1.1. Optical Microscope

The majority of coated specimens exhibited changes in microstructure when observed
under an optical microscope. It is straightforward to differentiate between the two layers:
the base metal and the coated layer. The composition of the coated layer was examined
using XRD and SEM. The optical micrographs of coated specimens are displayed in Figure 4.
The thickness of the coat is influenced by the temperature and duration of the coating
process. The coated layer was smooth and free of inclusions or defects. The thickness
of the diffusion layer increases significantly as temperature and time increase, forming a
noticeable protective coating due to the accelerated diffusion rate. As the temperature and
time were raised to 1100 ◦C and 7 h, respectively, the thickness of the coating increased.
However, the diffusion layer became brittle and developed micro-cracks, which can be
attributed to prolonged exposure to high temperatures while being held in pack powder.
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Figure 4. Optical images of pack chromizing specimens at 900 ◦C for (a) 3 h, (b) 5 h, and (c) 7 h; at
1000 ◦C for (d) 3 h, (e) 5 h, and (f) 7 h; and at 1100 ◦C for (g) 3 h, (h) 5 h, and (i) 7 h.

3.1.2. SEM and EDX Characterization

The SEM equipped with EDX was used to examine the cross-sectional morphology
and concentration profiles of the elements in the specimens. The analysis was conducted
at four different points along the coating thickness, extending from the base metal to the
surface. Figure 5a is the SEM cross-section image, pointing out that the coatings possess a
uniform layer thickness. Figure 5b–d reveal that the sample does not possess a uniform
coating thickness. It can be observed from Figure 5e that the sample does not exhibit a
uniform layer thickness but shows the presence of micro-cracks in the coating, which is
likely caused by prolonged exposure to the pack powder.

Figure 6 demonstrates the results of EDX analysis conducted at four points across
the cross-section. The analysis revealed the presence of Ti and Cr throughout the coating
thickness, indicating that these elements are the primary components of the coating. From
Figure 6a,b, it is evident that the concentration of titanium increases as the distance from
the base metal increases. Chromium follows a similar pattern (Figure 6c), while the
concentration of iron decreases with increasing distance from the base metal. EDX analysis
also revealed that small amounts of Fe, the primary component of the base metal, diffuse
into the layer. The transition between the base and the coating is not abrupt, indicating that
some iron diffused into the layer structure. A similar pattern has been observed for the
other formulations in Figure 6b–e. The concentration profile results indicate that the top
coat layer contains the highest content of Cr and Ti, which gradually decreases towards the
substrate. As we move further away from the base metal, the concentration of Ti increases,
while Cr follows a similar pattern. Conversely, the concentration of Fe decreases with
increasing distance from the base metal.
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Figure 5. SEM images of coated samples consisting of (a) 24% FeTi–24% FeCr at 900 ◦C for 5 h,
Reprinted from ref. [29]; (b) 48% FeTi at 1000 ◦C for 5 h, Reprinted from ref. [29]; (c) 48% FeCr
at 900 ◦C for 3 h, Reprinted from ref. [29]; (d) 48% FeTi at 1100 ◦C for 5 h; and (e) 24% FeTi–24%
FeCr at 1100 ◦C for 7 h. (Pack composed of 48 wt% (Cr or Ti or CrTi), 50 wt% Al2O3 powder, and
2 wt% NH4Cl).

Figure 6. EDX distribution for the corresponding SEM images (a) 24% FeTi–24% FeCr at 900 ◦C for
5 h; (b) 48% FeTi at 1000 ◦C for 5 h; (c) 48% FeCr at 900 ◦C for 3 h; (d) 48% FeTi at 1100 ◦C for 5 h;
and (e) 24% FeTi–24% FeCr at 1100 ◦C for 7 h. (Pack composed of 48 wt% (Cr or Ti or CrTi), 50 wt%
Al2O3 powder, and 2 wt% NH4Cl).
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3.1.3. XRD Analysis

XRD was utilized to examine the phase composition of coated substrates consisting of
various compositions at high temperatures for a specific duration. Figure 7 displays XRD
graphs of the coated LCS specimens. The XRD analysis of the coated specimen reveals the
presence of various compounds, including Cr, Ti, Cr1.9Ti, FeTi, Al2O3, Cr2O3, TiO2, and
Cr1.36Fe0.52, in addition to Fe. XRD analyses specify the presence of an oxide layer on the
surface under the studied conditions. The formation of this oxide layer is attributed to the
selective oxidation of chromium and titanium during the early stages of coating, likely due
to their lower vapor pressures. Oxide defects on the chromized surface negatively impact
the coating’s resistance to corrosion and high-temperature oxidation. Additionally, Al2O3
particles may detach from the inert material on the surface. The grain size of the formed
phases is determined using the Scherrer equation. The results are summarized in Table 4.

 

Figure 7. XRD pattern of the coated specimen for (a) 48% FeCr, (b) 36% FeCr–12% FeTi, and (c) 48%
FeTi at 1000 ◦C for 5 h.

Table 4. Grain size of compounds and elements in the thin film of the surface of the coated specimen
for 48% FeCr, 36% FeCr–12% FeTi, and 48% FeTi at 1000 ◦C for 5 h.

Type of Mixture Compound Grain Size (μm) Temperature (◦C) Time (h)

48% FeCr Cr1.36Fe0.52 3.53 1000 5
Cr2O3 3.92
Al2O3 2.54

36% FeCr–12% FeTi Cr1.9Ti 17.44 1000 5
TiFe 6.69

Al2O3 5.86
Cr2O3 7.89

48% FeTi TiFe 3.55 1000 5
TiO2 4.03

Al2O3 5.92
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3.1.4. Microhardness

The microhardness was measured for five selected specimens to demonstrate the
impact of the composition of the coated specimens after being subjected to 1000 ◦C for 5 h.
Figure 8 and Table 5 demonstrate a clear correlation between the titanium percentage in
the pack and the resulting increase in hardness value. The hardness value of 900 HV0.01
was achieved, significantly higher than the base metal hardness value of 230 HV0.01. The
results present a substantial increase in hardness for different compositions of FeCr and
FeTi alloys. According to the obtained data, the hardness increased by 58% for 48% FeCr,
66% for 36% FeCr–12% FeTi, 68% for 24% FeCr–24% FeTi, 71% for 12% FeCr–36% FeTi, and
74% for 48% FeTi. Based on XRD analysis, at elevated temperatures, Fe can dissolve Cr and
Ti, forming intermetallic compounds (specifically TiFe and Cr1.36Fe0.52), which enhance the
material’s strength. The diffusion layer exhibited significantly greater hardness compared
to the matrix, enhancing the wear resistance of the samples. The transition layer connected
the high-hardness diffusion layer to the matrix, ensuring that the diffusion layer remained
intact even under pressure. The highest microhardness achieved was 900 HV0.01, which
gradually decreased as the chromium content in the pack increased, eventually reaching
560 HV0.01. The variations in microhardness values may be attributed to factors such as
grain size and the presence or absence of certain elements and phases. This is evident from
the analysis conducted using EDX and XRD, which revealed the presence of Cr and Ti in
the coating’s cross-section and surface.

Figure 8. Cross-sectional micro-Vickers hardness profiles.

Table 5. Microhardness values of coated specimens.

Composition 48% FeCr 36% FeCr–12% FeTi 24% FeCr–24% FeTi 12% FeCr–36% FeTi 48% FeTi

HV0.01 Kgf 560 680 730 790 900

4. Conclusions

This research explored the use of the pack cementation technique to improve the
surface properties of low-carbon steel through chromizing, titanizing, and chromotitanizing
treatments. The findings reveal that both elevated process temperatures and extended
durations result in the formation of a progressively thicker diffusion layer, following
parabolic growth kinetics. This indicates that the process is diffusion-driven, with the
mobility of Cr and Ti atoms increasing at higher temperatures, thereby facilitating the
development of a more uniform and durable coating.

Microstructural analysis highlighted the creation of a distinct three-layer diffusion
zone, characterized by a gradient distribution of Cr and Ti. The outermost layers were
enriched with Cr- and Ti-based compounds such as Cr2O3, TiO2, FeTi, and CrTi, while the

26



Metals 2024, 14, 1456

Fe content decreased further away from the low-carbon steel substrate. This compositional
gradient promotes a smooth transition in mechanical properties, enhancing the coating’s
adhesion and minimizing the risk of delamination. The reduction in Fe content in the inner
layer supports the formation of intermetallic phases, which contribute to the coating’s
improved mechanical properties.

The formation of intermetallic compounds like FeTi and CrTi is crucial for enhancing
the hardness and wear resistance of the coated steel. The highest microhardness value,
900 HV0.01 Kgf, was achieved with a coating containing 48% FeTi, highlighting the supe-
rior hardness contribution of Ti-rich compounds. Conversely, coatings with higher FeCr
content exhibited lower hardness, demonstrating the significant role of Ti-based phases in
optimizing surface hardness.

These results suggest that the mechanical performance of low-carbon steel can be
significantly enhanced through pack cementation coatings, leading to improved wear resis-
tance, corrosion protection, and mechanical durability. The flexibility to adjust the coating
composition to achieve a balance between hardness, toughness, and corrosion resistance
underscores the broad applicability of this technique. In conclusion, the study establishes
pack cementation as a cost-effective and efficient method for upgrading the surface charac-
teristics of low-carbon steel, making it well-suited for use in demanding industries such as
automotive, aerospace, and heavy machinery, where enhanced component longevity and
performance are essential.
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Abstract: Carbon nanotube-reinforced waterborne epoxy zinc-rich coatings were developed by modi-
fying waterborne epoxy zinc-rich formulations with varying amounts of carbon nanotubes (CNTs),
to improve the coatings’ corrosion resistance and their protection for Q355b steel in environments
rich in chlorides. A detailed investigation of the microstructural changes in the coatings prior to
and following corrosion was conducted through FTIR, SEM, XRD, and XPS analytical techniques.
The effectiveness of these innovative coatings in providing corrosion protection for Q355b steel in
chloride conditions was assessed via electrochemical corrosion methodologies and neutral salt spray
testing. The results indicate that an increase in the CNT concentration led to an initial enhancement
in the corrosion resistance of the coatings, followed by a decrease, with optimal performance noted
at 0.3 wt.% CNTs. During the electrochemical evaluations, the open circuit potential (OCP) of the
coating containing 0.3 wt.% CNTs remained stable below the critical threshold of −0.78 V for an
extended period, indicating sustained cathodic protection. In comparison to the coatings with CNT
concentrations (wt.%) of 0.1, 0.5, 0.7, and 1.0, the coating with 0.3 wt.% CNTs demonstrated the lowest
corrosion current density, measured at 0.0322 μA/cm2. Further validation of its exceptional corrosion
resistance was provided by the 240 h neutral salt spray tests. This performance can be linked to the
capability of the CNTs to improve electrical conductive connectivity between the zinc particles and
the Q355b steel substrate beneath them, subsequently enhancing both the cathodic protection of the
coating and its physical shielding effectiveness.

Keywords: waterborne epoxy zinc-rich coatings; carbon nanotubes; corrosion resistance; corrosion
mechanism; cathodic protection

1. Introduction

Zinc-rich coatings are widely applied in various corrosive settings owing to their
simple preparation method and remarkable resistance to corrosion. They have become a
primary protective measure for engineering structures [1–3]. Waterborne zinc-rich coatings
are particularly popular due to their minimal volatile organic compound emissions and eco-
friendly characteristics. Specifically, waterborne epoxy zinc-rich variants not only mitigate
environmental pollution when compared to traditional organic coatings, but also exhibit
enhanced bonding strength and corrosion resistance in practical use [4–6]. Nevertheless,
these waterborne epoxy zinc-rich coatings encounter certain performance issues: (1) A sig-
nificant quantity of zinc powder is added during the formulation stage, leading to settling
and agglomeration of the coatings, which can compromise their effectiveness, necessitating
rapid application and thereby presenting hurdles to achieving high-quality and efficient
coating application. (2) The coatings are microscopically porous, exhibiting inadequate
shielding capabilities. The high concentration of zinc powder in waterborne epoxy coatings
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results in insufficient epoxy resin to adequately fill the spaces between the zinc particles,
creating a porous structure. In scenarios requiring prolonged immersion in corrosive en-
vironments, harmful agents can infiltrate the coating through these pores and reach the
substrate beneath the coatings, resulting in protection failure and corrosion damage.

Traditional epoxy zinc-rich coatings typically contain a zinc concentration exceeding
70%. However, as the zinc powder undergoes oxidation, byproducts like zinc oxide can
impede the electrical conductive connections between the zinc particles and the forma-
tion of micro-galvanic cells, which compromises the coating’s cathodic protection for the
substrate [7–15]. When the zinc concentration surpasses 80 wt.%, they provide excellent
cathodic protection due to the effective electrical conductive connections between the zinc
particles; however, this results in a considerable amount of unused zinc powder within the
coatings, leading to resource wastage and potential environmental issues. Additionally,
elevated zinc concentrations adversely impact the leveling properties, density, adhesion,
and flexibility of the coatings [2,16–19]. Orek et al. have performed theoretical and experi-
mental analyses of the electrical, optical, and structural properties of wurtzite (similar to
zinc oxide (ZnO)) nanostructures. The effect of quantum constraints on optical properties
and two different ZnO clusters in the nanowire structure were investigated [20].

Furthermore, much of the research surrounding zinc-rich coatings has concentrated
on the comparison between spherical and flake zinc powders. A large amount of research
on zinc-rich coatings focuses on the selection and application of spherical zinc powder or
flake zinc powder. Compared with spherical zinc powder, flake zinc powder has a larger
specific surface area and higher surface activity, and the prepared zinc-rich coatings have
better corrosion resistance. However, flaky zinc powder has some problems, such as poor
dispersion and easy corrosion in water-based coating systems [17,21–24].

Numerous studies have identified the incorporation of fillers into zinc-rich coatings
as one of the most economical and effective approaches currently available. Innovative
conductive fillers such as CNTs and graphene have been utilized by researchers to partially
replace zinc powder in the formulation of nano-composite coatings, showing considerable
potential for various applications [21,23–27]. CNTs are known for their remarkable conduc-
tivity and nanoscale effects. Their incorporation into coatings can reduce internal porosity,
lengthen the route for corrosive agents to access the steel substrate, and facilitate electron
transfer during the cathodic protection stage. Moreover, CNTs possess electrochemical charac-
teristics. Their potential surpasses that of the metal substrate, which may result in passivation
of the metal, thus improving the substrate’s corrosion resistance [28–30]. Park et al. utilized
a ball milling dispersion method to first disperse multi-walled carbon nanotubes (MWC-
NTs) in xylene, to develop MWCNT-enhanced epoxy zinc-rich anti-corrosion coatings and
explore the effect of MWCNTs on the coatings’ performance [4]. Similarly, Wang et al.
noted that incorporating CNTs into epoxy coatings with a low zinc concentration improves
their ability to resist corrosion. Additionally, incorporating materials such as graphene and
graphene oxide into these zinc-rich epoxy coatings significantly improves their ability to
resist corrosion [11,16,21,22,31–34].

In summary, the integration of CNTs significantly enhances the electrical conductive
connection among zinc particles and the steel substrate compared to zinc-rich coatings,
thereby improving protective characteristics of the coatings. This study primarily focuses
on a commercially available waterborne epoxy zinc-rich coating, which is Barrier 80 WF
(abbreviated as 80 WF) from Jotun company, and enhances it by incorporating multi-
walled carbon nanotubes, to improve its corrosion protection for Q355b steel substrate.
A thorough array of evaluations were performed, including tests for pencil hardness,
adhesion, impact resistance, electrochemical analysis, SEM, EDS, XPS, XRD, and neutral
salt spray, to analyze the structure, composition, and corrosion resistance performance
of waterborne zinc-rich coatings containing varying amounts of multi-walled carbon
nanotubes. Furthermore, the research examined the anti-corrosion mechanisms associated
with these CNT-reinforced waterborne epoxy zinc-rich coatings. The results provide
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valuable insights for the development of high-performance waterborne epoxy zinc-rich
coatings with corrosion protection for Q355b steel substrate.

2. Materials and Methods

2.1. Materials and Preparation of Coatings

The main material utilized was a waterborne coating (80 WF) with a zinc concentration
of 70 wt.%, while Q355b steel was chosen as the substrate. Table 1 provides information
regarding the chemical composition of Q355b. Following preliminary experiments involv-
ing carbon nanotubes and waterborne zinc-rich coatings, multi-walled carbon nanotubes
(rolled from multiple layers of graphene) were selected as the filler for modification due
to their corrosion resistance and relatively lower cost compared to single-walled carbon
nanotubes (rolled from a single layer of graphene). The constituents of the 80 WF utilized
in these experiments are outlined in Table 2. To examine how the concentration of multi-
walled carbon nanotubes affects the coating’s performance, waterborne zinc-rich coatings
with different multi-walled carbon nanotube concentration (wt.%) of 0.1, 0.3, 0.5, 0.7, and
1.0 were formulated. The scheme for preparing coatings is depicted in Figure 1. 80 WF
is a two-component waterborne epoxy zinc-rich coating cured with polyamine adducts.
During the preparation process, components A and B of the commercial 80 WF were firstly
combined in a beaker, and then agitated at a speed of 500 r/min to form a thick solution.
Afterward, deionized water was added to achieve the desired dilution, and the resulting
mixture was stirred at 1000 r/min for a duration of 20 min to guarantee complete dispersion.
The uniformly dispersed coating was then applied onto Q355b samples of varying sizes
in accordance with different testing standards and cured in an oven at 40 ◦C for 5 days
to create the 80 WF coatings. In a beaker, a mixed solvent with different concentrations
of multi-walled carbon nanotubes and dispersants underwent ultrasonic dispersion for
5 min, which was then followed by a low-speed stirring at a rate of 300–500 r/min until
homogeneity was reached. Another portion of the previously mentioned uniformly dis-
persed 80 WF was combined with the multi-walled carbon nanotube solvent and stirred
at 500 r/min for 20 min. The coating was subsequently applied to Q355b samples with
sizes of 10 mm × 10 mm × 2 mm for electrochemical tests and 50 mm × 50 mm × 3 mm
for salt spray tests, and then cured in an oven at 40 ◦C for a duration of 5 days, lead-
ing to the formation of waterborne zinc-rich coatings reinforced with carbon nanotubes
(CNTs/80 WF).

Table 1. Chemical composition of Q355b steel.

Element C Si Mn S P Cr Ni Cu

wt.% ≤0.24 ≤0.55 ≤1.60 ≤0.035 ≤0.035 ≤0.24 ≤0.30 ≤0.30

Table 2. Basic components of 80 WF zinc-rich coating.

Component Material wt%

A

Zinc Powder ≥75–≤90
1-Methoxy-2-Propanol ≤10

Epoxy Resin (MW 700–1200) ≤5
Epoxy Resin (MW < 700) ≤4.6

Zinc Oxide ≤3
γ-Propyltrimethoxysilane <3

B

Polyether Polyamine <25
1-Methoxy-2-Propanol ≤5

3-Aminomethyl-3,5,5-Trimethylcyclohexylamine <2.5
a,a′-Diaminodimethylbenzene <2.5

Sodium Nitrite ≤0.3
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Figure 1. Scheme of preparation of 80 WF and CNTs/80 WF coatings.

2.2. Mechanical Test and Thickness Measurements of Coatings

In accordance with ISO 12944 of “Paints and varnishes-Corrosion protection of steel
structures via protective paint systems”, various tests for hardness and scratch resistance
were carried out on multiple coatings. To assess the thickness of the coatings, an ultrasonic
thickness gauge was utilized.

2.3. FTIR Analysis of Coatings

Following the curing of the coatings in an oven at 40 ◦C for five days, an FTIR test
was conducted on the coatings with the Thermo Fisher Scientific Nicolet iS20 instrument
(Sydney, NSW, Australia). The samples were prepared utilizing the potassium bromide
pellet technique. A strong Globar infrared light source delivered substantial energy. The
spectrum’s scanning range was set from 4000 cm−1 down to 400 cm−1.

2.4. SEM Analysis of Coatings

The morphologies of the sample surface were examined with secondary electron signal
imaging by using SEM. This research employed a Sigma 300 SEM (ZEISS, Oberkochen,
Germany), operating at a barrel acceleration voltage of 15 kV, achieving a secondary electron
image resolution of 0.8 nm. The microscopic structures of the waterborne zinc-rich coatings
were analyzed both prior to and following corrosion.

2.5. EDS Analysis of Coatings

In this research, an analysis of different waterborne zinc-rich coatings was performed
using the Oxford Ultim Extreme EDS system with SEM capabilities to evaluate the elemental
distribution and content both prior to and following corrosion.

2.6. Electrochemical Tests

In this research, various samples of waterborne zinc-rich coatings were immersed in a
3.5 wt.% NaCl solution at approximately 25 ◦C over a timespan of 28 days. The experimental
methods used encompassed open circuit potential (OCP) measurements, electrochemical
impedance spectroscopy (EIS), and scanning potentiodynamic polarization (PDP). During
the evaluation process, a saturated calomel electrode (SCE) was inserted into the solution
and linked to the reference electrode clamp of the electrochemical workstation, while the
wire end of the coated sample was connected to the clamp of the working electrode. Once
the experiments commenced, EIS and PDP readings were documented once the open
circuit potential fluctuations stabilized to below 10 mV. The EIS measurements spanned a
frequency range from 10−2 to 105 Hz, employing a sine wave signal with an amplitude of
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10 mV and collecting data at ten distinct points per decade. Once the tests were conducted,
the gathered data were retained, enabling the creation of Nyquist and Bode plots. The
impedance data collected were examined with ZSimpWin 3.6 software to understand the
corrosion mechanisms involved. To ensure reliable experimental outcomes, three parallel
samples of each type of coating were tested.

2.7. Neutral Salt Spray Test

In this study, multiple samples of zinc-rich coatings with size of 50 × 50 × 3 mm
underwent a cross-scratching procedure labeled “X”. Epoxy resin was used to seal both the
edges and the backs of the samples. After the preparation, the samples were placed in a salt
spray chamber for the evaluation of neutral salt spray, using a corrosion solution composed
of 5 wt.% NaCl and a pH ranging from 6.5 to 7.2. The temperature within the salt spray
chamber was maintained at 35 ◦C, and the air pressure from the pump was controlled
to remain between 0.1 and 0.2 MPa. Each set of samples was made up of three parallel
specimens, all subjected to uninterrupted spraying for an overall duration of 240 h, during
which detailed observations and records of surface changes were carried out.

2.8. XRD Analysis of Coatings

In this study, a Rigaku SmartLab SE XRD instrument (manufactured in Japan, Rigaku
Holdings Corporation, Tokyo, Japan) equipped with a copper target was employed, which
has a wavelength of 1.5418 Å, operates at a voltage of 40 kV, and a current of 40 mA,
while scanning across a range from 5◦ to 90◦. The gathered data were analyzed using
Jade 6 software to investigate the changes in the materials located on the surfaces of water-
borne zinc-rich coatings, both before and after corrosion.

2.9. XPS Analysis of Coatings

In this study, a device from Thermo Scientific (Sydney, NSW, Australia), namely
the K-Alpha XPS (USA), was employed. The X-ray source utilized was a microfocused
monochromatic Al Kα source, which allowed for an adjustable spot size between 30 and
400 μm, with a stepping increment of 5 μm. Two scanning methods were executed: a full
spectrum scan that spanned an energy range of 100 eV at 1 eV intervals, and a narrow
spectrum scan with an energy range of 30 to 50 eV, incrementing by 0.05 to 0.1 eV. To ensure
accurate calibration, the reference contaminant C1s (284.8 eV) was used, and the gathered
data were analyzed with Avantage 5.9 software to enable peak fitting.

3. Results

3.1. Mechanical Properties of 80 WF Coating and CNTs/80 WF Coatings with Different
CNTs Concentration

The test results of the mechanical properties for the coatings are detailed in Table 3.
The test of each coating complied with ISO standards regarding flexibility and impact
resistance. Initially, as the concentration of CNTs increases, both the hardness and bonding
strength of the coatings improve, but they eventually start to decrease. A maximum pencil
hardness of 4 H was obtained at a CNTs concentration of 0.3 wt.%, significantly exceeding
the national standard of 3 H. This enhancement is largely due to the intrinsic hardness
of the CNTs, which elevates the overall hardness of the coating. On the other hand, an
overly high concentration of CNTs can lead to agglomeration within the coating, which may
decrease hardness, especially in the coating with 1.0 wt.% CNTs. Furthermore, due to the
nanoscale properties of CNTs, these materials can efficiently fill the gaps created by steric
hindrance between zinc powder and epoxy resin, thus improving the adhesion between
layers. However, if the CNT concentration surpasses a specific limit, the agglomeration of
these nanoparticles may create localized stress concentrations within the coating, ultimately
leading to a decrease in hardness.
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Table 3. Mechanical properties of coatings.

Coating Test Items
Coating Type

80 WF 0.1 wt.% 0.3 wt.% 0.5 wt.% 0.7 wt.% 1.0 wt.%

Pencil hardness test 2 H 3 H 4 H 3 H 3 H 2 H
Impact testing of

coatings (cm) 50 50 50 50 50 50

3.2. FTIR Analysis of 80 WF Coating and CNTs/80 WF Coating

The Fourier transform infrared spectra of the 80 WF and CNTs/80 WF coatings
are depicted in Figure 2. The peaks observed at 3426 cm−1 are generally linked to the
stretching vibration of O-H bonds, potentially originating from hydroxyl groups in water
or polyether polyamines. At 2928 cm−1, the spectra reveal a stretching vibration of the
C-H bond, particularly linked to both methyl and methylene groups. The peaks observed
at 1609 cm−1 could denote the C=C stretching vibration, which is commonly found in
unsaturated compounds, including the principal monomers used in epoxy resins. At
1506 cm−1, the peaks might indicate C=C stretching vibrations occurring in aromatic rings,
which may originate from the fundamental structure of the epoxy resin or compounds
such as a,a′-diaminodimethylbenzene. Furthermore, the peaks situated at 1240 cm−1 are
generally attributed to C-N stretching vibrations, likely arising from amines like polyether
polyamines or aminomethyl substances such as 3-amino-3,5,5-trimethylcyclohexylamine.
The peaks found at 1183 cm−1 and 1098 cm−1 may be associated with C-O-C bond stretching
vibrations presented in epoxy resins as well as in 1-methoxy-2-propanol. The peaks at
827 cm−1 probably correspond to C-H bending vibrations from ring structures or distinctive
vibrations attributed to certain substituents, particularly within the frameworks of aromatic
rings. Lastly, the peaks at 550 cm−1 in the lower wavenumber region signifies Zn-O
stretching vibrations. The FTIR spectra for both coatings reveal that incorporating CNTs
does not lead to considerable alterations in the peak positions, although some peak areas
for the CNTs/80 WF coating appear reduced. These findings imply that the modification of
the coatings with CNTs is mainly a physical doping process, and the carbon nanotubes do
not react chemically with the components of the coating.

Figure 2. Fourier transform infrared spectra of 80 WF and CNTs/80 WF coatings.

3.3. Surface Morphologies and EDS Analysis of 80 WF Coating and CNTs/80 WF Coatings

An SEM image of the original multi-walled carbon nanotubes is shown in Figure 3.
Figures 4–6 depict the surface morphologies and EDS spectra of coatings without CNTs
(80 WF), with 0.3 wt.% CNTs and 1.0 wt.% CNTs, respectively. In Figure 4, it is evident
that the coating’s surface comprises a considerable quantity of spherical zinc particles.
The film-forming agents, such as epoxy resin, are capable of adequately encapsulating
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the zinc particles; however, the coating’s surface exhibits irregularities, with the spherical
zinc particles distributed unevenly. The zinc particle is isolated and cannot be well con-
nected, and the overall coating is not too dense. Conversely, Figure 5 demonstrates that
the incorporation of CNTs leads to their stable adhesion to the coating surface, thereby
enhancing the coating’s density. This implies that the CNTs occupy the gaps between the
zinc particles and epoxy resin, contributing to a shielding effect. The morphology of the
surface suggests that the CNTs form connections with the zinc particles, thereby creating a
conductive path between neighboring spherical zinc particles. However, as illustrated in
Figure 6, a rise in the CNT content results in a markedly uneven distribution and clustering
of CNTs on the coating surface containing 1.0 wt.% CNTs, potentially compromising the
coating’s properties and its resistance to corrosion. Surface analyses conducted using EDS
on all three coatings reveal that the concentrations of Zn, C, and O elements are relatively
elevated, with these elements uniformly distributed across the coating’s surface.

 
Figure 3. SEM image of the original CNTs.

 

Figure 4. SEM and EDS of 80 WF.

 
Figure 5. SEM and EDS of 0.3 wt.% CNTs/80 WF.
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Figure 6. SEM and EDS of 1.0 wt.% CNTs/80 WF.

3.4. OCP, EIS, and PDP Tests of 80 WF Coating and CNTs/80 WF Coatings with Different
CNTs Concentration

The 80 WF coating and coatings with five different concentrations of CNTs were
subjected to electrochemical testing at different time intervals after immersion. The perfor-
mance of coatings rich in zinc for cathodic protection is typically assessed by measuring
their OCP. When the OCP drops below −0.78 V, it signifies that the coating still possesses
a considerable ability to provide cathodic protection to steel substrate. In contrast, an
increase in the OCP beyond −0.78 V signifies a decline in the coating’s ability to offer
cathodic protection, indicating a transition towards a shielding protection phase. Figure 7
demonstrates that with an increase in immersion time, each coating exhibits a gradual rise
in OCP. The figure clearly shows that the coating without CNTs (80 WF) and the coating
incorporating 0.1 wt.% CNTs offer minimal to no cathodic protection, as indicated by
their OCP values staying above −0.78 V. In contrast, the 0.3 wt.% CNTs coating maintains
cathodic protection for the maximum duration of 14 days. Nevertheless, a rise in the CNTs
concentration results in a shortened period of cathodic protection. A moderate quantity of
CNTs improves the conductive connections among zinc particles and the steel substrate,
thereby promoting the formation of a strong electrical conductive pathway. Consequently,
this improves the efficiency of cathodic protection and increases the corrosion resistance
of the coating. Conversely, an overabundance of CNTs leads to a decreased lifespan of
cathodic protection, primarily due to the swift removal of spherical zinc particles from the
surface of the coating.

Figure 7. Open circuit potential (OCP) curves of 80 WF and waterborne zinc-rich coatings with
0.1 wt.%–1 wt.% CNTs after 28 days of immersion.

The electrochemical impedance spectra (EIS) of the coatings are presented in Figures 8 and 9.
These spectra have been analyzed and fitted using the equivalent circuit shown in Figure 10.
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Within this circuit, Rs represents the resistance of the corrosion electrolyte. Furthermore, Rc
indicates the resistance of the coating that is applied to the surface. Rather than utilizing a
traditional capacitance for the coating, a Constant Phase Element (CPE) is used to more
effectively represent the non-ideal behavior in the system, and Rct denotes the charge
transfer resistance. Additionally, Warburg impedance is utilized to correct errors associated
with diffusion behavior. Examination of the Nyquist plots presented in Figure 8(a1–c1)
indicates that the CNTs/80 WF coatings, apart from the 1.0 wt.% CNTs coating, exhibit a
larger initial capacitive arc radius in comparison to the unmodified 80 WF coating. Among
the six coatings, the coating with 0.3 wt.% CNTs consistently exhibits a larger capacitive
arc radius compared to the other five coatings during the same immersion period [34].
Moreover, an increase in the concentration of CNTs from 0.5 wt.% to 1.0 wt.% is associated
with a decrease in the capacitive arc radius. As illustrated in Figure 11, the Rct values
of the coatings initially rise before experiencing a decrease. The coating incorporated
with 0.3 wt.% CNTs exhibits the highest Rct value of 3756, suggesting that its resistance
to corrosion is superior to that of the other five coatings. The impedance modulus of
the coating with 0.3 wt.% CNTs is observed to be significant at low frequencies. This
finding indicates that the coating with 0.3 wt.% CNTs exhibits superior corrosion resistance
when compared to the other coatings analyzed in the study. This enhanced performance
suggests that incorporating this specific concentration of CNTs into a coating formulation
may effectively improve its protective efficiency against corrosion, thereby potentially
increasing the longevity and durability of materials subjected to corrosive environments.

 

Figure 8. Nyquist plot and Bode plot of electrochemical impedance spectroscopy (EIS) for the 80 WF
coating and waterborne zinc-rich coatings with varying CNT content after 28 days of immersion:
(a1–c1) representing 80 WF, (a2–c2) indicating 0.1 wt.% CNTs, and (a3–c3) showing 0.3 wt.% CNTs.
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Figure 9. Nyquist plot and Bode plot of EIS for zinc-rich coatings dispersed in water, containing
varying amounts of CNTs, examined after 28-day immersion: (a1–c1) with 0.5 wt.% CNTs, (a2–c2) con-
taining 0.7 wt.% CNTs, and (a3–c3) featuring 1.0 wt.% CNTs.

 

Figure 10. Equivalent circuit diagram for EIS fitting of immersed coatings.

All six coatings demonstrate a notable shift towards higher frequency values with
prolonged immersion time, suggesting a decline in their effectiveness of physical protection.
This shift represents a transition from sufficient physical protection to potential failure. In
addition, trends analogous to those observed in the previous EIS results are present among
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the six coatings, highlighting that the diffusion of corrosive media in the coating containing
0.3 wt.% CNTs is restricted. This additionally supports the idea that the coating with
0.3 wt.% CNTs provides improved physical shielding capabilities and greater corrosion
resistance in comparison to the other formulations [7,35–39].

Figure 11. The fitted Rct values for different coatings after 28 days of immersion.

Specifically, a lower self-corrosion current density is indicative of a decreased rate
of corrosion, suggesting enhanced corrosion resistance. The findings regarding various
coatings after an immersion duration of 28 days are visually represented in Figure 12, which
displays the polarization curves corresponding to each coating. The detailed parameters,
including corrosion potential (Ecorr), corrosion current density (icorr), anodic Tafel slope (βa),
and cathodic Tafel slope (βc) associated with these curves can be found in Table 4. The data
presented in the figure reveal that the self-corrosion current density for coatings modified
with different concentrations of CNTs initially increases before subsequently decreasing.
Table 4 provides the specific parameters associated with these curves. The information
depicted in this figure suggests that the self-corrosion current density for coatings modified
with different concentrations of CNTs initially increases and then ultimately decreases.
Notably, when a concentration of 0.3 wt.% of CNTs is added, the resultant coating demon-
strates the lowest self-corrosion current density of 0.0322 μA/cm2. This finding indicates
that this particular composition offers the most effective corrosion resistance, establishing
an optimal balance in the application of CNTs for improving coating performance.

Figure 12. Tafel plots were generated for zinc-rich coatings and 80 WF, incorporating various contents
of CNTs (0.1 wt.%–1.0 wt.%) following 28-day immersion.
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Table 4. The relevant parameters of the Tafel plots for 80 WF and zinc-rich coatings with different
CNT contents.

CNT Concentration
(wt.%)

0.1 0.3 0.5 0.7 1.0 0

Corrosion potential
Ecorr (v) −0.813 −0.685 −0.799 −0.702 −0.684 −0.743

Corrosion current
density

Icorr (A/cm2)
0.086 0.032 0.054 0.070 0.084 0.155

Anodic Tafel slope
βα

8.090 5.520 5.530 5.170 7.580 7.370

Cathodic Tafel slope
βc

13.570 7.540 7.120 6.520 9.540 10.580

The primary explanation for the previously discussed outcomes could be associated
with the ability of the epoxy resin to absorb moisture, leading to its expansion. The
expansion, in turn, obstructs the penetration of harmful substances, serving as an effective
barrier against the entry of solution. As the immersion period is extended, the zinc-rich
coating engages with corrosive substances, allowing zinc particles to provide cathodic
protection for the underlying Q355b steel substrate. This engagement generates corrosion
byproducts that can physically limit harmful agents from reaching the Q355b steel substrate.

CNTs exhibit remarkable electrical conductivity and possess nanoscale properties.
Incorporating CNTs into the 80 WF coating significantly decreases the shrinkage rate
during the curing process of the coating, which consequently reduces the formation of
micro-pores and effectively seals any pores that were already present. This process slows
the infiltration of water and conductive ions within the coating, extending the distance that
the corrosive media must travel to reach the Q355b steel substrate. Furthermore, the evenly
distributed CNTs can act as electrical conductive pathways in the coating, connecting the
spherical zinc particles, which promotes electron transfer during the cathodic protection
phase. As the CNTs interconnect the isolated zinc particles, the efficiency of activated zinc
powder utilization is improved, resulting in the development of denser or thicker zinc-rich
corrosion products within the 0.3 wt.% CNTs coating. This enhances cathodic protection
for the Q355b steel and improves the coating’s corrosion resistance. During a prolonged
immersion duration, the Bode plots indicate a steady decrease in the impedance values,
implying either an increase in the size or the quantity of pores that enhance the movement
of the corrosive electrolyte. This trend accelerates the corrosion rate at the interface and
may prompt the formation of new diffusion layers. Potential degradation of the coating
may ensue, leading to a gradual diminishment of its protective performance.

As the quantity of CNTs incorporated into the coating rises, issues such as uneven dis-
persion and agglomeration of CNTs may arise, which can reduce the coating’s performance.
Additionally, increased local concentrations of CNTs can elevate the conductivity in these
agglomerated regions, leading to a more rapid reaction of the zinc powder at these sites.
As a result, the duration of physical shielding offered by zinc corrosion products might be
reduced, which could adversely affect the coating’s resistance to corrosion. For example,
coatings incorporating 0.7 wt.% and 1.0 wt.% CNTs show that a high concentration of CNTs
on their surfaces initiates a swift reaction with zinc powder, resulting in a reduced overall
protective lifespan of the coating. Furthermore, a considerable amount of CNTs could result
in notable interactions between the steel substrate and the CNTs. A significant corrosion
current may develop on the coating’s surface, which can lead to severe galvanic corrosion
that potentially accelerates the degradation of the steel substrate and compromises the
cathodic protection provided by the coating. This effect is supported by the observation
of surface protrusions on the 1.0 wt.% CNTs coating after undergoing electrochemical
testing, demonstrating that an excess of CNT concentration promotes galvanic corrosion

40



Coatings 2024, 14, 1493

with the Q355b steel substrate, contributing to internal rust formation within the substrate,
ultimately diminishing its protective qualities.

3.5. Neutral Salt Spray Test of 80 WF Coating and CNTs/80 WF Coatings with Different Carbon
Nanotube Concentrations

After conducting a 240 h evaluation with salt spray test, the results regarding the
conventional 80 WF coating and the CNTs/80 WF coatings with different CNTs concen-
tration are illustrated in Figure 13. The data indicate that following the 240 h salt spray
test, the 80 WF-coated specimen exhibits some blistering, although there is no significant
color change. However, substantial rust is observed in the scratched areas, with corrosion
products extending laterally and the corrosion depth at the scratch surpassing 1 mm. For
the CNTs/80 WF coatings, a higher CNTs concentration correlates with a gradual increase
in the coatings’ resistance to salt spray. In particular, for the coating with 0.3 wt.% CNTs,
the development of white zinc corrosion byproducts progresses slowly on the surface,
while minimal rust appears in the scratched regions. This finding implies that the coating
maintains a certain level of protective capability and exhibits commendable corrosion
resistance. Conversely, when the CNT concentration is raised, a rapid emergence of white
zinc on the surface of the 1.0 wt.% CNTs/80 WF coating is noted, leading to considerable
corrosion of the underlying substrate. An excess of CNTs suggests a rapid reduction in zinc
levels, thereby diminishing the efficacy of cathodic protection. Furthermore, the aggrega-
tion of numerous CNTs may adversely affect the crucial properties of 80 WF, potentially
accelerating the corrosion of the steel substrate. To summarize, an optimal concentration of
CNTs in the coating not only serves as a protective filler but also creates a bridging pathway
between zinc particles, thereby enhancing the reactivity and efficient use of zinc.

Figure 13. Samples of 80 WF coating and CNTs/80 WF zinc-rich coatings with different CNT contents
after 240 h of salt spray test.

3.6. Surface Morphologies and Elemental Changes of 80 WF Coating and CNTs/80 WF Coatings
After Corrosion

Figures 14–16 display SEM images and EDS spectra that demonstrate the surfaces
of traditional 80 WF coatings as well as those incorporated with 0.3 wt.% and 1.0 wt.%
CNTs after immersion. The visuals indicate that after immersion, the surface of the 80 WF
coating displayed irregular features. The clustering of zinc powder alongside corrosion
byproducts is distinctly observable, alongside a rise in pore dimensions and a reduction in
coating density. In Figure 15, the surface morphology of the coating with 0.3 wt.% CNTs
post-immersion is shown, highlighting a layered structure of flaky corrosion products
on the coating. This layer provides a relatively dense layer across the surface. The EDS
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analysis conducted in this region indicates that the flaky corrosion byproducts primarily
comprise zinc corrosion compounds, including ZnO, Zn(OH)2, and Zn5(OH)8Cl2, along
with unreacted zinc powder. Furthermore, almost no Fe can be found on the coating
surface, suggesting that the substrate stays uncorroded and the coating provides significant
protection. The findings indicate that adding CNTs enhanced the conductive connection
between the spherical zinc particles and the Q355b steel substrate, thereby creating a
continuous conductive pathway among the zinc powder. This enhancement results in
the more effective use of zinc and supports the formation of zinc corrosion byproducts.
The flaky products produced through corrosion fill the pores in the coating, hindering the
penetration of corrosive agents to the substrate. As a result, this improves the effectiveness
of cathodic protection along with the coating’s barrier properties, leading to a significant
enhancement in its resistance to corrosion.

Figure 14. Images from SEM and EDS of the 80 WF coating following a 28-day immersion.

 

Figure 15. Images from SEM and EDS of the 0.3 wt.% CNTs coating following a 28-day immersion.

 

Figure 16. Images from SEM and EDS of the 1 wt.% CNTs coating following a 28-day immersion.
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Concerning the coating with 1.0 wt.% CNTs, Figure 16 depicts a significant amount of
zinc corrosion products that appear to be unevenly spread across the coating’s surface. This
phenomenon’s emergence is linked to increased concentration of CNTs, which may result in
galvanic corrosion between the CNTs and the Q355b steel substrate beneath, consequently
accelerating the substrate’s corrosion rate. Moreover, the clustering of CNTs causes a swift
exhaustion of the nearby zinc powder, and results in corrosion products forming into loose,
needle-like structures instead of flaky varieties. The diminished density of the coating
enables corrosive substances to infiltrate the coating to reach the substrate, leading to the
corrosion of the steel. Analysis of the energy spectrum indicates that corrosion products of
iron formed on the coating’s surface, suggesting that the substrate is starting to corrode.
The effectiveness of the coating as a protective barrier is compromised, resulting in reduced
corrosion resistance.

3.7. XRD and XPS Analysis of 80 WF Coating and CNTs/80 WF Coatings After Corrosion

Figure 17 displays the XRD patterns of the coating’s surface following 240 h of im-
mersion. The findings reveal that the main corrosion product found in the composite
coating is Zn5(OH)8Cl2. After the 240 h immersion, a significant reduction in zinc con-
tent is observed in the 1.0 wt.% CNTs coating, along with a rise in the intensity of the
Fe diffraction peaks. At this stage, the coating ceases to deliver cathodic protection for
the underlying material. Conversely, the coating containing 0.3 wt.% CNTs maintains a
significant amount of unreacted zinc on its exterior after immersion, with the Fe diffraction
peaks showing only a modest intensity. The findings indicate that a coating containing
0.3 wt.% CNTs continues to provide cathodic protection to the substrate. This is evident
as corrosion byproducts, such as Zn5(OH)8Cl2, efficiently cover the coating’s surface and
fill the pores. This mechanism successfully separates the substrate from the corrosive
environment, improving the coating’s physical barrier characteristics. It should be noted
that the intensity of the corrosion byproduct, Zn5(OH)8Cl2, appears to remain relatively
constant despite changes in CNT concentration. This suggests that the corrosion process
is affected by CNT concentration, but the formation of Zn5(OH)8Cl2 is not significantly
altered under the studied conditions.

Figure 17. The XRD patterns for zinc-rich coatings containing 80 WF, 0.3 wt.% CNTs, and 1.0 wt.%
CNTs following a 240 h immersion.

Figure 18 displays the full XPS spectra of the coatings’ surfaces following 240 h of
immersion. When compared to the coating with 0.3 wt.% CNTs, the intensity of the Zn2p
peak at the binding energy appears to be less prominent for both the 80 WF coating and the
1.0 wt.% CNTs coating. This observation indicates that following corrosion, the zinc on the
surfaces of the former two coatings is nearly depleted, while corrosion products originating
from the steel substrate accumulate on the coating surface, ultimately leading to its failure.
In contrast, the Zn2p peak in the coating with 0.3 wt.% CNTs is distinctly prominent, and
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no clearly detectable Fe2p peak can be found. This implies that the 0.3 wt.% CNTs coating
remains largely preserved on the steel substrate’s surface, with a substantial amount of
unreacted zinc powder still present there.

Figure 18. The complete XPS spectra of zinc-rich coatings containing 80 WF, 0.3 wt.% CNTs, and
1.0 wt.% CNTs were obtained following a 240 h immersion.

Figures 19–21 present the XPS fine spectra for the elements Zn, Cl, C, and O in the
coatings after 240 h of immersion. The spectral profiles of the elements of all three coatings
exhibit significant similarities. In Figure 19a, the presence of the Zn element is predom-
inantly observed as a single compound. A notable peak appears at a binding energy of
1023.1 eV, probably linked to the creation of Zn(OH)2 resulting from the interaction between
the zinc powder and OH− ions in the corrosive environment. Figure 19d reveals three
distinct peaks for the O element at varying binding energies. The peak observed at 530.9 eV
likely signifies ZnO, which might arise from the decomposition of Zn(OH)2. Furthermore,
the peak observed at 532.6 eV is associated with ZnCO3, potentially resulting from the
interaction of Zn(OH)2 with CO2 from the atmosphere. In contrast, the peak at 531.1 eV for
Zn5(OH)8Cl2 signifies one of the ultimate corrosion products formed from the zinc-rich
coating in chloride solutions, generated through the reaction of Zn(OH)2 with ZnCl2.

Figure 19. The fine XPS spectra of the 80 WF coating following 240 h of immersion. Fine spectra for
the elements (a) Zn, (b) Cl, (c) C, and (d) O.
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Figure 20. The fine XPS spectra of the 0.3 wt.% CNTs coating following immersion. of immersion.
Fine spectra for the elements (a) Zn, (b) Cl, (c) C, and (d) O.

Figure 21. The fine XPS spectra of the 1 wt.% CNTs coating following immersion. Fine spectra for the
elements (a) Zn, (b) Cl, (c) C, and (d) O.
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3.8. The Corrosion Resistance Mechanism of the Coatings

Figure 22 depicts the mechanism of the corrosion reaction, while Figure 22a,b illustrate
the processes related to the 80 WF coating without CNTs and the CNTs/80 WF coating
after corrosion, respectively. Initially, during the corrosion process, a protective layer is
provided by epoxy resin, which shields against corrosive agents such as H2O, O2, and
Cl− present in the electrolyte. The epoxy resin protective layer inhibits the infiltration of
these substances in the electrolyte into the coating by a physical barrier effect, preventing
corrosive agents from reaching the Q355b steel substrate beneath the coating, thereby
averting the subsequent corrosion of the Q355b steel substrate. Nonetheless, the formation
of micropores on the surface of the coatings is inevitable, and as the immersion duration
extends, these corrosive substances begin to permeate through the micropores. In situations
where the 80 WF coating does not contain CNTs, the capacity of zinc powder to offer
cathodic protection is limited, resulting in the development of zinc corrosion products
solely in certain localized areas. The locally generated zinc corrosion products result in an
insufficient density within the coating, which cannot effectively prevent corrosive agents
from penetrating further, ultimately reaching the Q355b steel substrate and resulting in
corrosion. By incorporating CNTs, this issue is alleviated as they fill the pores within the
coating and extend the route for corrosive agents to engage with the Q355b steel substrate.
This enhancement improves the coating’s density and its physical protective characteristics,
consequently increasing the longevity of the coating [40,41].

 
Figure 22. Corrosion resistance diagrams of the coatings: (a) the corrosion process associated with
the 80 WF coating; (b) the corrosion process related to the CNTs/80 WF coating.

Additionally, corrosive agents consistently penetrate, creating microcurrent zones
within the particles of zinc powder and in the spaces between these particles and the
underlying substrate. The standard electrode potential of zinc powder (−0.78 V) is less
than that of Q355b steel, causing the zinc powder to act as the anode and discharge electrons
in these microcurrent regions. Consequently, the zinc powder particles corrode first, which
helps to protect the steel substrate, acting as the cathode. The uniformly distributed CNTs
improve the electrical conductive connections among isolated zinc particles, leading to
many more active zinc particles for the cathodic protection of Q355b steel substrate. An
increased number of zinc particles further enlarges the specific surface area for both the
anode and cathode, subsequently enhancing zinc dissolution and facilitating sustained
cathodic protection for the coating [16,20,22,25,35].

When the coating and the substrate are corroded directly, as the anode, the zinc
powder corrodes preferentially and plays a role of cathodic protection as the sacrificial
anode. This procedure entails a reaction between O2 in the ambient air and H2O within the
corrosion medium, leading to the formation of Zn(OH)2. Following this, Zn(OH)2 interacts
with CO2 present in the atmosphere to yield ZnCO3. Furthermore, the existence of C and
OH− aids in the development of Zn5(OH)8Cl2·H2O.

The findings from the XRD and XPS analyses of the fully immersed samples provide
additional insight into the makeup of the corrosion products. Because these corrosion
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products are insoluble, they occupy the micropores within the coatings, hindering fur-
ther interaction between the corrosive environment and the substrate. Consequently, the
coatings transition from a state of cathodic protection to one of shielding protection.

4. Conclusions

Based on the commercial 80 WF zinc-rich coating system, the main task of this study
was to explore the effect of different concentrations of CNTs on the 80 WF coating, and
to evaluate the corrosion protection of the coatings with different concentrations of CNTs
for Q355b substrate. Electrochemical testing, salt spray evaluation, SEM, EDS, XRD, XPS,
and other evaluation methods were used to study the corrosion resistance of coatings
with different concentrations of CNTs. This study provides a valuable reference for the
corrosion resistance modification of commercial coatings such as 80 WF, which are mature
in the market, and subsequent engineering applications. The following is a summary of the
findings of this article:

(1) The 80 WF coating without CNTs demonstrates poor resistance to corrosion, with
its overall density being insufficient. In the coating before corrosion, the spherical
zinc powder on the surface of the 80 WF coating is not uniformly dispersed, and
there is a large gap between adjacent zinc powder. The zinc powder is isolated and
cannot be well connected, and the overall coating is not too dense. The zinc powder
and corrosion products on the 80 WF coating surface agglomerate after corrosion.
Corrosion defects and Fe corrosion products appear, and the overall density of the
coating is reduced. In the electrochemical testing, the overall OCP of 80 WF is higher
than −0.78 V, indicating that the coating has almost no cathodic protection effect, but
mainly plays a protective effect of physical shielding. Moreover, after immersion,
the impedance arc in the EIS impedance spectrum is small, the Rct value is smaller,
and the icorr of the polarization curve is larger than that of the coatings with 0.3 wt%
CNTs. After the salt spray corrosion for 240 h in the salt spray test, obvious corrosion
occurred on the surface of the coating, and the matrix corrosion was more serious at
the scratch at X, indicating that the cathodic protection ability of the coating was weak.

(2) Compared with 80 WF, the CNTs of the 0.3 wt% CNTs coating adhere stably to the
surface of the coating, and the coating surface becomes densified, indicating that CNTs
fill the pores between zinc powder particles and epoxy resin to a certain extent, and
play a certain shielding role. In addition, the surface morphology shows that CNTs
and zinc powder are combined in the coating, which also indicates that CNTs form
conductive channels between adjacent spherical zinc powder, which increases the
amount of effective activated zinc powder, improves its utilization rate, and enhances
the cathodic protection ability of the sacrificial anode of the zinc-rich coating. In
the electrochemical testing, the overall OCP of the 0.3 wt% CNTs coating was lower
than −0.78 V in the first 14 days, indicating that the coating offered efficient cathodic
protection. Moreover, the impedance arc in the EIS spectrum was large, and the Rct
value after 28 days of immersion reached 3756 ohms, and the icorr of the polarization
curve reached 0.032 A/cm2, showing its electrochemical properties are better than
those of the other five coatings. After salt spray corrosion for 240 h, no obvious
corrosion occurred on the surface and the substrate at the scratch of X, indicating that
the coating played a cathodic protection role.

(3) With the gradual increase in CNT concentration, a large number of CNTs can be
obviously observed on the surface of the 1.0 wt.% CNTs coating. The coating’s
components are unevenly dispersed, which may adversely affect the basic properties
and corrosion resistance of the coating. In the electrochemical testing, the overall OCP
of the 1.0 wt.% CNTs coating is higher than −0.78 V, indicating that the coating has
almost no cathodic protection effect, but mainly has a protective effect of physical
shielding. Moreover, the impedance arc in the EIS spectrum is small, the Rct value is
smaller, and the icorr of the polarization curve is larger than that of the 0.3 wt% CNTs
coating. After salt spray corrosion for 240 h, a large number of new white corrosion
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products were generated on the coating surface in a short period of time, and then
serious corrosion occurred in the substrate. Excessive CNTs would adversely affect
the corrosion resistance of the coating.
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Abstract: Steel reinforcement in marine concrete structures is vulnerable to chloride-induced corro-
sion, which compromises its structural integrity and durability. This study explores the combined
effect of the alloying element Cr and the smart corrosion inhibitor LDH-NO2 on enhancing the
corrosion resistance of steel reinforcement. Employing a machine learning approach with a support
vector machine (SVM) algorithm, a predictive model was developed to estimate the polarization
resistance of steel, considering Cr content, LDH-NO2 dosage, environmental pH, and chloride con-
centration. The model was rigorously trained and validated, demonstrating high accuracy, with a
correlation coefficient exceeding 0.85. The findings reveal that the addition of Cr and application of
LDH-NO2 synergistically improve corrosion resistance, with the model providing actionable insights
for selecting effective corrosion protection methods in diverse concrete environments.

Keywords: machine learning; steel reinforcement; corrosion; LDH-NO2; Cr

1. Introduction

In marine concrete structures, the corrosion of steel reinforcement presents a significant
challenge, posing threats to the durability and safety of infrastructure worldwide [1]. The
corrosive agents in seawater, especially chloride ions, accelerate the degradation process,
leading to substantial maintenance costs and structural integrity concerns. This issue
is of particular concern in coastal and marine environments, where concrete structures
are frequently exposed to harsh conditions. To combat these challenges, various corro-
sion protection techniques have been developed and employed in marine engineering,
including alloy steel reinforcement [2], coatings [3], cathodic protection [4], and corrosion
inhibitors [5].

Among the various techniques, the incorporation of the alloying element chromium
(Cr) into steel has emerged as a crucial strategy to enhance corrosion resistance. There has
been a significant amount of research on the influence of Cr in enhancing the corrosion
resistance of steel reinforcement, and there are even corrosion-resistant steel reinforcements
with different Cr contents available for purchase [6–10]. The improved corrosion resistance
provided by Cr is multifactorial. On the one hand, Cr forms a passive oxide layer on
the surface of the steel, acting as a barrier against corrosive agents, thereby extending
the chloride-induced de-passivation time of the reinforcement [8]. On the other hand, Cr
infiltrates the rust layer on the steel surface, altering its morphology, composition, and
structure, thus prolonging the time before concrete cracking occurs [11,12]. As a result,
the incorporation of Cr as an alloying element can augment the corrosion resistance of
steel reinforcement in harsh environments, thereby prolonging the service life of concrete
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structures and improving their safety. Therefore, it is evident that Cr-containing steel
reinforcement offers considerable potential for utilization in marine engineering projects.

However, it has been observed in engineering applications that a significant issue
arises when using Cr-containing steel reinforcement in chloride-contaminated concrete: Cr,
as an alloying element, can markedly increase the susceptibility of the reinforcement to
pitting corrosion. In other words, while the average corrosion rate of Cr-containing steel
reinforcement may not be high in marine environments, severe corrosion and thinning of
the steel cross-section can occur in localized areas. To address this problem, the use of smart
corrosion inhibitors is considered to be a promising approach to mitigate the shortcomings
of Cr-containing steel reinforcement [13]. Smart corrosion inhibitors are designed to store
corrosion inhibitors in low-corrosion-risk areas, while rapidly releasing the inhibitors
in high-corrosion-risk areas. The synergistic use of Cr-containing steel reinforcement
and smart corrosion inhibitors not only maintains the excellent corrosion resistance of
Cr-containing steel reinforcement but also further suppresses its localized corrosion.

The “LDH-inhibitor” system is currently one of the research hotspots within the field
of smart corrosion inhibitors [14]. In this system, LDH refers to layered double hydroxides

(chemical formula of
[

M2+
1−x M3+

x (OH−)2

]x+
, where M2+ and M3+ represent metal cations,

and x is the percentage of M3+), and the “inhibitor” component comprises negatively
charged corrosion inhibitor ions (such as nitrite (NO2

−) and phosphate (PO4
3−)). The

positively charged LDH layers and the negatively charged inhibitor ions are held together
though electrostatic interactions. In the presence of anions in the surrounding environment
exerting a stronger electrostatic effect on the LDH layers, the LDH will adsorb these
environmental anions and simultaneously release the corrosion inhibitor ions through
ion-exchange reactions. In other words, in areas with a high risk of corrosion, where
chloride ions are present, the LDH-inhibitor can rapidly release inhibitor ions through
ion-exchange reactions (LDH-inhibitor + chloride ions = LDH-chloride + inhibitor ions).
Consequently, the LDH in the LDH-inhibitor system functions as an intelligent carrier
for inhibitor ions, ensuring that the latter are stored in low-corrosion-risk areas devoid of
chloride and released in high-corrosion-risk areas containing chloride. Therefore, the LDH-
inhibitor smart corrosion inhibitor can guarantee the exceptional corrosion resistance of Cr-
containing steel reinforcement while specifically targeting and mitigating pitting corrosion.

However, existing studies predominantly focus on the impact of individual protective
technologies on steel corrosion in concrete. Each technique has its own advantages and
limitations, and combining two or more methods can enhance their effectiveness through
mutual reinforcement, achieving a cumulative effect greater than the sum of the individual
measures. Furthermore, practical engineering applications often require the synergistic
use of multiple protective techniques. Therefore, this study investigates the synergistic
corrosion protection effect of Cr and LDH-NO2 (in which the inhibitor ions are NO2

−)
on steel reinforcement. It aims to significantly reduce the average corrosion rate of steel
reinforcement through the use of the alloying element Cr, while employing the smart
inhibitor LDH-NO2 to specifically target and repair localized corrosion damage in Cr-
containing steel, ultimately ensuring effective corrosion protection over the entire service
life of the reinforcement.

In the conventional experimental approach to investigating multi-factor interactions,
techniques such as orthogonal experiments and factor analysis are frequently employed.
However, these methods have inherent limitations in their ability to handle high-dimensional,
multi-variable complex interactions, and they can also be quite cumbersome in terms of
experimental design and data analysis. In contrast, advanced machine learning methods
offer significant advantages, particularly in terms of automating data processing and model
training. Such techniques can identify intricate non-linear relationships and multi-factor
interactions that may otherwise remain obscured within the data, thereby facilitating more
precise predictions.

Specifically, the aim of this study is to assess the corrosion resistance of steel reinforce-
ment in concrete under different levels of chloride ion contamination and carbonation,
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considering the content of the alloy element Cr and the dosage of the smart corrosion
inhibitor LDH-NO2. The vast range of environmental factors in concrete and the flexibility
in adjusting steel’s Cr content and concrete’s LDH-NO2 dosage pose significant challenges
for the comprehensive quantification of their relationships. Moreover, due to the complex,
non-linear relationship between the corrosion rate and multiple variables, traditional single-
variable fitting methods are inadequate. Therefore, advanced machine learning techniques
are primarily employed in this research to accurately model these intricate relationships
and examine the impact of steel reinforcement Cr content, LDH-NO2 dosage, concrete
chloride concentration, and pore solution pH on corrosion resistance. Correlation models
between these factors and steel reinforcement polarization resistance are developed to
guide the selection of corrosion prevention methods for concrete structures with varying
degrees of corrosion risk.

2. Methods

2.1. Establishment of Quantitative Predictive Model

First, a large number of data samples on the influence of steel’s Cr content and
corrosion inhibitor LDH-NO2 dosage on the polarization resistance of steel reinforcement
were collected from the literature. Then, advanced machine learning techniques were
employed to achieve accurate fitting of complex non-linear relationships and explore the
influence of Cr content and LDH-NO2 dosage, environmental chloride concentration, and
pH value on the corrosion resistance of steel reinforcement. A correlation model between
these factors and the polarization resistance of steel reinforcement was obtained to achieve
rapid prediction. Through the preliminary evaluation of commonly used machine learning
regression algorithms such as linear regression, neural networks, random forest, support
vector machine (linear kernel), support vector machine (Gaussian kernel), and K-nearest
neighbors, the final selection for the machine learning prediction model was based on the
good performance observed on the data samples, leading to the choice of random forest
and support vector machine (Gaussian kernel) models.

Specifically, in the process of evaluating the generalization performance of the machine
learning models, 80% of the data samples were used as a training set to train and establish
the machine learning model, and the model parameters were optimized by ten-fold cross
validation. The other 20% of the data samples were used as a test set to assess the general-
ized predictive capability of the model. The Pearson correlation coefficient r2 and the mean
absolute error (MAE) were chosen based on the prediction results of the machine learning
model for test set samples; as the main evaluation index, the expression for r2 is as follows:

r2 =
∑ (X − X)(Y − Y)

(

√
∑n

i=1 (Xi − X)
2
)(

√
∑n

i=1 (Yi − Y)2
)

where X and Y represent the means of variables X and Y, respectively, while Xi and Yi
represent the variable values corresponding to each sample, denoting the experimental and
model-predicted values of the data sample i. From this, the value of r2 is approximately
closer to 1, indicating a better correlation between the model prediction result and the
experimental value, implying a better generalization ability of the model. As for MAE, its
expression is as follows:

MAE =
∑n

i=1|y − yi|
n

where n represents the number of samples, yi represents the actual value of sample i,
and y represents the corresponding model-predictive results. A lower MAE indicates a
smaller deviation between the predicted results of the model and the experimental value,
signifying a better generalization ability of the model. Furthermore, in order to eliminate the
accidental influence of the 80–20% data partition on the model prediction results, we took
100 data partitions, averaging the results, in order to compare the predictive generalization
performance of each machine learning model.
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Using the collected training data, with the Cr content, LDH-NO2 dosage, chloride
concentration, and pH value as the inputs of the model, and with the experimental value of
polarization resistance of the steel reinforcement as the output of the model, we evaluated
and selected the machine learning model, and the predictive model of polarization resis-
tance of steel reinforcement was established. In addition, in order to eliminate the effect of
the input data dimensions on the model fitting, in the process of evaluating the machine
learning models, a 0–1 standardization was applied to the input variables (Cr content,
LDH-NO2 dosage, chloride concentration, and pH value) to eliminate the impact of di-
mensionality on distance-based machine learning models, such as the K-nearest neighbors
model. At the same time, in order to avoid overfitting, the ten-fold cross-validation method
was used to select certain machine learning models, executing prediction. Specifically, all
data samples were divided into ten equal parts, with the model trained using nine parts
and the remaining one part used for prediction. The prediction results of each sample were
obtained successively. Each sample was not utilized in the model training process, ensuring
the reliability of the model predictions. Furthermore, in order to analyze and ensure the
stability of the machine learning models’ prediction, 100 cross-validations were performed
to validate the model predictions.

2.2. Validation of Quantitative Prediction Model

Steel reinforcements with varying Cr contents were prepared using vacuum melting
and rolling processes. The chemical composition is detailed in Table 1.

Table 1. Chemical composition of the steel reinforcement.

Label of Steel
C Content

(wt%)
Mn Content

(wt%)
Si Content

(wt%)
S Content

(wt%)
P Content

(wt%)
Cr Content

(wt%)

0 Cr 0.23 1.57 0.57 0.005 0.024 0.05
1 Cr 0.16 0.58 0.26 0.005 0.004 1.02
2 Cr 0.10 0.69 0.47 0.005 0.003 2.46
5 Cr 0.04 1.07 0.56 0.006 0.003 5.21

The smart corrosion inhibitor LDH-NO2 was also prepared using the hydrothermal
reaction method. A 50 mL mixture of 0.5 mol/L Zn(NO3)2 and 0.25 mol/L Al(NO3)3 was
slowly added to a 100 mL solution of 1 mol/L NaNO2 at a drip rate of 50 mL/h, with
a temperature of 65 ◦C, maintaining the pH at 10 ± 0.3 using 1 mol/L NaOH solution
and vigorous stirring. After titration, the suspension was crystallized in a high-pressure
autoclave at 70 ◦C for 24 h, followed by filtration, washing, freeze-drying, and grinding [15].

Electrochemical impedance spectroscopy (EIS) was used to test the polarization re-
sistance of steel reinforcements with varying Cr contents under different pH levels and
chloride concentrations in simulated concrete solutions with different LDH-NO2 dosages.
The polarization resistance was fitted using ZSimpWin software (version 3.6). Specifically, a
three-electrode system was used, with the steel samples employed as the working electrode,
a platinum foil as the counter electrode, and a saturated calomel electrode (SCE) as the
reference electrode. The working electrodes were all pre-passivated in saturated calcium
hydroxide for 7 days before EIS testing. The test solution comprised a chloride-carbonated
concrete simulated pore solution, with the pH adjusted using sodium carbonate and sodium
bicarbonate. The frequency range for electrochemical impedance spectroscopy testing was
from 100 kHz to 10 mHz, with an amplitude of 10 mV.

Finally, the prediction model in Section 2.1 was validated using the measured polar-
ization resistance values from Section 2.2.
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3. Results and Discussion

3.1. Preliminary Machine Learning

Table A1 [15–22] presents a total of 106 data samples collected from the literature,
encompassing information on steel rebar Cr content, LDH-NO2 dosage, concrete chloride
concentration, and pore solution pH value. In the process of machine learning, the input
variables include the Cr content, the LDH-NO2 dosage, chloride concentration, and pH
value. The target variable (output variable) is the polarization resistance of the steel rein-
forcement. Using the above data, the generalized predictive ability of seven commonly
used algorithm models was evaluated, including the linear regression model (LM), linear
kernel support vector machine model (SVR.lin), artificial neural network model (NN),
Gaussian regression model (GPR), K-nearest neighbors model (KNN), Gaussian kernel
support vector machine model (SVR.rbf), and random forest model (RF). The correlation
and error of each prediction model are illustrated in Figure 1a, with the performance
evaluation metrics, including r2 and MAE, representing the average of 100 predictions. The
volatility of each model is indicated by error bars. From Figure 1a, it is evident that the
SVR.rbf model exhibits the poorest prediction performance, with a correlation coefficient
below 0.5 between the predicted and experimental values, and relatively large prediction
errors, as indicated by the wide error bars, highlighting its instability in predictions. The
predictive performance of the LM, SVR.lin, NN, GPR, and KNN models shows no signif-
icant differences, with correlations consistently around 0.6. Among these, the artificial
neural network model (NN) exhibits slightly less effectiveness. The random forest (RF)
model demonstrates the highest performance among all models, achieving a predicted cor-
relation coefficient of 0.65, with an average prediction error of 334 kΩ·cm2 for polarization
resistance. Consequently, the RF model was chosen as the preferred predictive model, and
its cross-validation results are depicted in Figure 1b. It can be observed that the model
predictions vary significantly across the entire numerical range of polarization resistance,
particularly in the low- and high-value ranges, resulting in an overall less-than-satisfactory
prediction performance.

  

(a) (b) 

Figure 1. (a) Comparison of prediction performance of different machine learning models. (b) Predic-
tion results of the random forest model (RF) for polarization resistance.

In-depth analysis of the results from each machine learning model revealed that the
differences in their generalization performance are not pronounced. Particularly notable is
the Gaussian kernel support vector machine model (SVR, rbf), which is typically esteemed
for its performance with small data samples but exhibited the weakest performance in
this context. Moreover, the presence of larger error bars suggests potential overfitting in
the model predictions. The poor model performance can be attributed to the significant
influence of experimental conditions, such as the composition of steel reinforcement, in-
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terface status, pre-passivation time, and the test system, on the corrosion resistance of the
steel reinforcement. Additionally, variations in the testing conditions for the polarization
resistance of steel reinforcement samples were not accounted for in the model fitting pro-
cess, resulting in negligible differences in model performance. The robust SVR.rbf model,
renowned for its fitting capability, paradoxically demonstrates inferior performance. There-
fore, to investigate the influence of Cr content and LDH-NO2 dosage on the polarization
resistance of steel reinforcement, it is imperative to re-clean and refine the training data.

3.2. Machine Learning after Data Cleaning

Due to the significant variance in corrosion mechanisms between high-alloy and low-
alloy steel, the Cr content range was specified as 0–5 wt%. Considering actual concrete
conditions, the LDH-NO2 and chloride concentrations were defined within the ranges
of 0–0.5 wt% and 0–3.5 wt%, respectively, while the pH value ranged from 9.5 to 12.5.
Additionally, due to the significant impact of specific experimental procedures on the
surface condition and corrosion rates of the steel reinforcement, only the corrosion data
from pre-passivated steel reinforcement were selected. After the aforementioned data
cleaning process, a total of 52 data samples remained, as detailed in Table A2.

Figure 2a demonstrates the predictive performance of each trained machine learning
mode using the cleaned data. A comparison with Figure 1a reveals a notable enhancement
in simulation prediction accuracy, stemming from the elimination of test condition influ-
ences on the polarization resistance of the steel reinforcement. In Figure 2a, the LM and
SVR.lin models demonstrate similar generalization abilities, whereas the random forest (RF)
model exhibits the lowest predictive correlation and higher prediction error. The prediction
error of the KNN model is comparable to that of the SVR.rbf model, but the SVR.rbf model
shows higher correlation in its prediction results. After careful consideration, the SVR.rbf
model was chosen as the final predictive model. Figure 2b illustrates the correlation be-
tween the polarization resistance predicted by the Gaussian kernel support vector machine
model (SVR.rbf) and the experimental data. Despite notable deviations for two samples
in the low-value range, the model demonstrates overall excellent predictive performance.
The correlation coefficient between the predicted and experimental values exceeds 0.85.
For polarization resistances greater than 100 kΩcm2, the root-mean-square error is only
5.2 kΩcm2. Furthermore, the prediction error bar, derived from 100 cross-validations, is
relatively narrow, indicating the robust predictive stability of the selected support vector
machine model.

  

(a) (b) 

Figure 2. (a) Comparison of prediction performance of different machine learning models. (b) Predic-
tion results of the Gaussian kernel support vector machine model (SVR.rbf).
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3.3. Establishment of Prediction Model

Using the predictive capabilities of the Gaussian kernel support vector machine model
(SVR.rbf), the distribution of polarization resistance in the steel reinforcement was obtained
under varying Cr contents (0–5 wt%), LDH-NO2 dosages (0–0.5 wt%), concrete chloride
concentrations (0–3.5 wt%), and pore solution pH values (9.5–12.5). The original data for
this predictive model were derived from electrochemical measurements taken during the
direct immersion of steel reinforcement samples in simulated pore solutions. Consequently,
this model is only applicable to conditions where the pore solution of the concrete or mortar
is water-saturated.

Figure 3 depicts the evolution of the polarization resistance of steel reinforcement
with environmental pH value and chloride concentration at a specific steel Cr content and
LDH-NO2 dosage. It is evident that, in the experimental system without the addition of the
alloying element Cr and the smart inhibitor LDH-NO2, the polarization resistance of the
steel reinforcement exhibits a gradual decrease with a decrease in pH and an increase in
chloride concentration. At a relatively high pH of 12.5, a notable decline in the polarization
resistance of the steel reinforcement is only discernible at exceedingly elevated chloride
concentrations. Conversely, at a relatively low pH of 10, a notable reduction in polarization
resistance is observed at lower chloride concentrations. These findings are in accordance
with the empirical observations.

 

 

Figure 3. Influence of concrete pH value and chloride concentration on polarization resistance under
specific steel reinforcement Cr contents and corrosion inhibitor LDH-NO2 dosages.
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Generally, in steel-reinforced concrete systems, corrosion is considered to be negligi-
ble when the corrosion rate is less than 0.1 μA·cm−2 and the corresponding polarization
resistance is 520 kΩ·cm2 [23]. Therefore, polarization resistances greater than 520 kΩ·cm2

can be used as an indicator that corrosion has not yet occurred. For carbon steel reinforce-
ment with a Cr content of 0, the polarization resistance starts below 520 kΩ·cm2 when
the environmental pH is below 12 and the chloride concentration exceeds 0.5 wt%. This
indicates that carbon steel can only maintain a passive state in concrete with a pH greater
than 12 and a chloride concentration less than 0.5 wt%. Therefore, using plain carbon steel
reinforcement in marine concrete engineering presents a high corrosion risk.

It is evident that independently increasing the Cr content in the steel reinforcement
or the LDH-NO2 dosage in the concrete can enhance the polarization resistance of the
steel reinforcement under identical environmental conditions. When the Cr content in
steel increases to 1 wt%, the increase in polarization resistance is not significant, indicating
a slight improvement in corrosion resistance compared to carbon steel. However, at a
Cr content of 3 wt%, the polarization resistance begins to drop below 520 kΩ·cm2 in the
concrete environment with pH 11.5 and 1 wt% chloride, showing a notable improvement
compared to carbon steel. At 5 wt% Cr content, the polarization resistance generally exceeds
520 kΩ·cm2 within the pH range of 12.5 to 9.5 and chloride concentrations ranging from 0 to
3.5 wt%, indicating excellent corrosion resistance. Using the corrosion inhibitor LDH-NO2
can also effectively reduce the corrosion rate of steel reinforcement. With an increase in
LDH-NO2 dosage, the polarization resistance of the steel improves relatively linearly. When
the LDH-NO2 dosage is 0.1 wt%, the polarization resistance of the steel reinforcement
begins to drop below 520 kΩ·cm2 in an environment with pH 12 and 0.7 wt% chloride. As
the LDH-NO2 dosage reaches 0.5 wt%, the polarization resistance starts to decrease below
520 kΩ·cm2 in an environment with pH 10.5 and 2.5 wt% chloride. Moreover, adding
0.2 wt% LDH-NO2 to the concrete has a similar effect to adding 3 wt% Cr to the steel, while
adding 0.5 wt% LDH-NO2 has a similar effect to adding 4 wt% Cr.

The combined use of Cr and LDH-NO2 demonstrates greater effectiveness compared
to using either alloy elements or corrosion inhibitors alone. In Figure 3, the blue line
represents a scenario where the polarization resistance of the steel reinforcement measures
520 kΩ·cm2. The upper left corner of the blue line indicates corroded steel reinforcement,
while the lower right corner signifies non-corroded steel reinforcement. It is evident that
the simultaneous application of the alloy element Cr and the corrosion inhibitor LDH-NO2
expands the area in the lower right corner where the steel reinforcement remains non-
corroded. When adding only the alloy element Cr, 5 wt% Cr is required to significantly
expand the range of pH and chloride concentrations where the steel reinforcement remains
non-corroded. When using only the corrosion inhibitor LDH-NO2, 0.5 wt% LDH-NO2
is needed to achieve the same effect. However, when 3 wt% Cr and 0.3 wt% LDH-NO2
are used synergistically, the range of pH and chloride concentrations where the steel
reinforcement remains non-corroded can be significantly expanded.

Figure 4 describes the required Cr content of the steel and LDH-NO2 dosage to
maintain the polarization resistance of steel above 520 kΩ·cm2 at specific concrete pH
values and chloride concentrations. In concrete severely affected by carbonation and
chloride intrusion (pH 10 + 3.5 wt% Cl−), to ensure adequate passivation of the steel
reinforcement (polarization resistance > 520 kΩ·cm2), steel with 5 wt% Cr is required, or
alternatively, 3 wt% Cr modified steel combined with 0.4 wt% LDH-NO2. In environments
where carbonation is less severe but chloride intrusion is significant (pH 12 + 3.5 wt% Cl–),
steel with 3 wt% Cr is necessary for ensuring steel’s passivation, or alternatively, steel
modified with 1 wt% Cr combined with 0.4 wt% LDH-NO2 can be considered.
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(a) 

(c) 

(b) 

Figure 4. At a specified level of concrete carbonation, the necessary Cr content of the steel reinforce-
ment and the dosage of the corrosion inhibitor LDH-NO2 required to ensure a polarization resistance
exceeding 520 kΩ·cm2: (a) pH 10, (b) pH 11, (c) pH 12.

3.4. Validation of the Prediction Model

To verify the polarization resistance models obtained from Figure 3, a batch of Cr-
modified steel bars and the smart corrosion inhibitor LDH-NO2 were prepared in this study.
Figure 5 shows the EIS of steel bars in the simulated concrete pore solution with different
Cr contents and LDH-NO2 dosages. A fitting was conducted using the equivalent circuit
shown in Figure 6, where Rs represents the solution resistance, Rct stands for the charge-
transfer resistance, Rf for film resistance, Rp for polarization resistance, Qdl for double-layer
capacitance, and Qf for film capacitance. Due to the rough and uneven electrode interface,
a constant-phase element (Q) is employed to replace capacitance, with an impedance of

ZQ =
1

Q0(jω)n

where ω is the angular frequency, j is the imaginary unit, and n is the exponent of the
constant-phase element. Furthermore, the total impedance (Z) of the system is

Z = Rs +
1

ZQdl +
1

Rct+
1

ZQ f
+ 1

R f
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(a) (b) 

Figure 5. Electrochemical impedance spectra of steel bars in the simulated concrete pore solution
with different Cr contents and LDH−NO2 dosages: (a) pH 12 and 3.5 wt% chloride in the solution;
(b) pH 10 and 3.5 wt% chloride in the solution.

 

Figure 6. Equivalent circuit.

The fitting results of the EIS in Figure 5 are presented in Tables 2 and 3. Observably, as
the Cr content or LDH-NO2 dosage increases, the polarization resistance of the steel bar in-
creases. The correlation between the measured polarization resistance (Rp) in Tables 2 and 3
and the predicted Rp from Figure 3 is depicted in Figure 7. It is evident that the measured
Rp values closely correspond to the predicted ones, further confirming the efficacy of the
predictive model.

Table 2. Parameters of electrochemical impedance spectra in Figure 5, where the pH of the solution
was 12 and the chloride concentration was 3.5 wt%.

Cr Content
LDH-NO2

Dosage
Qf

(μΩ−1·cm−2·sn)
n

Rf

(kΩ·cm2)

Qdl
(μΩ−1·cm−2·sn)

n Rct
(kΩ·cm2)

Rp = Rf + Rct

(kΩ·cm2)

0 wt% 0 wt% 59 0.92 91 32 0.89 57 148
1 wt% 0 wt% 2 0.67 0.02 54 0.91 161 161
2 wt% 0 wt% 38 0.91 154 115 1 24 178
5 wt% 0 wt% 35 0.94 140 18 0.81 116 256
0 wt% 0.2 wt% 179 0.96 0.008 204 0.92 278 278
1 wt% 0.2 wt% 15 1 0.1 16 0.84 502 502
2 wt% 0.2 wt% 28 0.93 448 16 0.96 215 663
5 wt% 0.2 wt% 16 1 0.1 14 0.85 694 694
0 wt% 0.4 wt% 1 0.65 0.07 38 0.92 416 416
1 wt% 0.4 wt% 0.02 0.79 0.04 44 0.90 612 612
2 wt% 0.4 wt% 27 0.93 0.001 2 0.44 647 647
5 wt% 0.4 wt% 16 1 0.09 15 0.86 1362 1362
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Table 3. Parameters of electrochemical impedance spectra in Figure 5, where the pH of the solution
was 10 and the chloride concentration was 3.5 wt%.

Cr Content
LDH-NO2

Dosage
Qf

(μΩ−1·cm−2·sn)
n

Rf

(kΩ·cm2)

Qdl
(μΩ−1·cm−2·sn)

n Rct
(kΩ·cm2)

Rp = Rf + Rct

(kΩ·cm2)

0 wt% 0 wt% 141 0.9 0.03 194 0.89 1 1
1 wt% 0 wt% 220 0.89 0.02 276 0.88 2 2
2 wt% 0 wt% 126 0.86 0.6 20 0.87 6 7
5 wt% 0 wt% 29 0.92 208 62 0.99 56 264
0 wt% 0.2 wt% 102 0.95 0.09 84 0.92 2 2
1 wt% 0.2 wt% 99 0.93 0.1 58 0.9 2 2
2 wt% 0.2 wt% 4 0.76 0.02 62 0.89 30 30
5 wt% 0.2 wt% 2 0.56 0.04 24 0.94 351 351
0 wt% 0.4 wt% 41 0.92 103 28 0.81 68 171
1 wt% 0.4 wt% 38 0.92 98 34 0.8 75 173
2 wt% 0.4 wt% 35 0.92 232 0.5 0.38 0 232
5 wt% 0.4 wt% 16 0.99 0.1 16 0.83 466 466

 

Figure 7. The correlation between the measured polarization resistance (Rp) in Tables 2 and 3 and the
predicted Rp from Figure 3.

4. Conclusions

Based on a data-driven research approach, this study employed machine learning al-
gorithms to develop a quantitative predictive model for assessing the correlations between
Cr content in steel reinforcement, LDH-NO2 dosage, concrete chloride concentration, pH
value, and the polarization resistance of steel reinforcement. Unlike traditional experimen-
tal methods focusing on single control factors, the robust data processing capabilities of
machine learning enable rapid analysis of multi-factor interactions affecting steel reinforce-
ment’s polarization resistance. It also provides more precise and efficient predictions of
the corrosion rate of steel reinforcement under the combined influence of these factors
compared to traditional methods. This approach better reflects real-world engineering
conditions in steel reinforcement service. The precise and efficient predictive model offers
quantitative guidance for selecting alloy elements and corrosion inhibitors in diverse en-
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vironments, introducing novel methodologies and perspectives to corrosion research in
steel reinforcement.

(1) The Gaussian kernel support vector machine model (SVR.rbf), obtained through data
processing and the analysis and evaluation of machine learning models, exhibited
excellent predictive accuracy and stability. The correlation coefficient between the
prediction results and experimental values of polarization resistance of the steel
reinforcement exceeded 0.85. This provides an accurate and efficient technical method
for the prediction of polarization resistance under multi-factor coupling.

(2) By means of the generalization prediction performance of machine learning models, they
provide quantitative reference results for steel reinforcement composition design and
corrosion inhibitor selection under actual service conditions. The addition of 1 wt% Cr to
steel slightly increases its polarization resistance. However, when the Cr content reaches
3 wt%, the polarization resistance of the steel reinforcement increases significantly; when
the Cr content reaches 5 wt%, in the range of pH 12.5~9.5 and containing 0~3.5 wt%
chloride, the steel reinforcement’s corrosion is essentially negligible.

(3) The addition of the corrosion inhibitor LDH-NO2 to concrete gradually reduces
the corrosion rate of the steel reinforcement. Adding 0.2 wt% LDH-NO2 in the
environment has a similar effect to adding 3 wt% Cr in the steel reinforcement, while
adding 0.5 wt% LDH-NO2 is comparable to adding 4 wt% Cr.

(4) The synergistic use of Cr and LDH-NO2 is more effective in the inhibition of steel
reinforcement corrosion than their individual use. With a Cr content of 3 wt% and an
LDH-NO2 concentration of 0.5 wt%, it can be ensured that the steel reinforcement’s
corrosion is negligible in the range of pH 12.5~9.5 and containing 0~3.5 wt% chloride.
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Appendix A

Table A1. Training data: correlations between Cr content in steel, LDH-NO2 dosage, chloride
concentration in concrete, environmental pH value in pore solution, and polarization resistance of
steel reinforcement in the simulated concrete pore solution.

Cr Content
(wt%)

LDH-NO2 Dosage
(wt%)

Cl− Concentration
(wt%)

pH Value
Polarization Resistance

(kΩcm2)
Ref.

0 0 0 13.3 75 [20]
0 0 0 13.3 262 [20]
0 0 0 12.5 1000 [17]
0 0 0 13.5 604 [17]
0 0 0 12.0 457 [20]
0 0 0 10.5 591 [20]
0 0 0 9.0 433 [20]
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Table A1. Cont.

Cr Content
(wt%)

LDH-NO2 Dosage
(wt%)

Cl− Concentration
(wt%)

pH Value
Polarization Resistance

(kΩcm2)
Ref.

0 0 0 13.5 344 [20]
0 0 0 12.0 311 [20]
0 0 0 10.5 42 [20]
0 0 0 9.0 10 [20]
0 0 0.117 12.5 400 [21]
0 0 0.234 12.5 260 [21]
0 0 0.351 12.5 6 [21]
0 0 0.468 12.5 5 [21]
0 0 0.585 12.5 3 [21]
0 0 0.819 12.5 2 [21]
0 0 0.936 12.5 0.8 [21]
0 0 1.000 12.5 60 [21]
0 0 1.000 12.5 70 [21]
0 0 1.170 12.5 0.6 [21]
0 0 2.530 12.5 238 [22]
0 0 2.925 12.5 0.6 [21]

0 0 5.850 12.5 0.8 [21]
0 0 5.850 12.5 1 [21]

0.08 0 0 12.6 867 [7]
0.08 0 0.200 12.6 839 [7]
0.08 0 0.300 12.3 679 [7]
0.08 0 0.400 12.6 813 [7]
0.08 0 0.450 12.2 603 [7]
0.08 0 0.600 11.9 871 [7]
0.08 0 0.750 11.7 2 [7]
0.08 0 0.800 12.6 578 [7]
0.08 0 0.900 10.9 1 [7]
0.08 0 1.000 12.6 400 [7]
0.08 0 1.200 12.6 236 [7]
0.08 0 1.200 10.1 2 [7]
0.08 0 1.350 9.2 2 [7]
0.08 0 1.400 12.6 186 [7]
0.08 0 1.500 8.8 2 [7]
0.08 0 1.650 8.4 2 [7]
0.86 0 0 12.5 1800 [18]
0.86 0 0.117 12.5 2000 [18]
0.86 0 0.234 12.5 1000 [18]
0.86 0 0.351 12.5 8 [18]
0.86 0 0.468 12.5 7 [18]
0.86 0 0.585 12.5 12 [21]
0.86 0 0.819 12.5 4 [18]
0.86 0 0.936 12.5 2 [18]
0.86 0 1.000 12.5 90 [18]
0.86 0 1.000 12.5 240 [18]
0.86 0 1.170 12.5 1 [18]
0.86 0 2.925 12.5 0.7 [21]
0.86 0 5.850 12.5 2 [21]
0.86 0 5.850 12.5 1.5 [21]
1.00 0 3.530 12.5 393 [19]
1.50 0 0 12.6 963 [19]
1.50 0 1.000 12.6 618 [19]
1.50 0 2.000 12.6 508 [19]
1.50 0 2.200 12.6 476 [19]
1.50 0 2.600 12.6 348 [19]
1.50 0 2.800 12.6 211 [19]
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Table A1. Cont.

Cr Content
(wt%)

LDH-NO2 Dosage
(wt%)

Cl− Concentration
(wt%)

pH Value
Polarization Resistance

(kΩcm2)
Ref.

1.50 0 3.000 12.6 161 [19]
3.00 0 4.530 12.5 650 [19]
5.06 0 1.000 12.6 1529 [19]
5.06 0 2.000 12.6 1238 [19]
5.06 0 3.000 12.6 1130 [19]
5.06 0 4.000 12.6 1000 [19]
5.06 0 5.000 12.6 800 [19]
5.06 0 6.000 12.6 600 [19]
5.06 0 7.000 12.6 400 [19]
5.06 0 7.200 12.6 310 [19]
5.06 0 7.400 12.6 170 [19]
5.06 0 7.600 12.6 146 [19]

5.73 0 0 12.5 3000 [18]
5.73 0 0.117 12.5 700 [18]
5.73 0 0.234 12.5 700 [18]
5.73 0 0.351 12.5 800 [18]
5.73 0 0.468 12.5 550 [18]
5.73 0 0.585 12.5 2353 [18]
5.73 0 0.819 12.5 1000 [18]
5.73 0 0.936 12.5 260 [18]
5.73 0 1.170 12.5 260 [18]
5.73 0 2.925 12.5 260 [18]
5.73 0 5.850 12.5 50 [18]
5.73 0 5.850 12.5 9 [18]
6.00 0 0 13.3 447 [9]
6.00 0 0 13.3 2067 [9]

10.36 0 0 9.0 2673 [16]
10.36 0 0 9.0 2055 [20]
10.36 0 0 10.5 2284 [16]
10.36 0 0 10.5 979 [20]
10.36 0 0 12.0 1770 [16]
10.36 0 0 12.0 481 [20]
10.36 0 0 13.3 1305 [16]
10.36 0 0 13.3 388 [20]
0.08 0.5 0.300 12.0 1148 [15]
0.08 0.5 0.450 11.5 1023 [15]
0.08 0.5 0.600 11.0 1004 [15]
0.08 0.5 0.750 10.7 839 [15]
0.08 0.5 0.900 10.7 935 [15]
0.08 0.5 1.200 10.6 974 [15]
0.08 0.5 1.350 10.6 947 [15]
0.08 0.5 1.500 10.6 134 [15]
0.08 0.5 1.650 10.0 31 [15]

Table A2. Training data after re-cleaning: correlations between Cr content in steel, LDH-NO2

dosage, chloride concentration in concrete, environmental pH value in pore solution, and polarization
resistance of steel reinforcement in the simulated concrete pore solution.

Cr Content
(wt%)

LDH-NO2 Dosage
(wt%)

Cl− Concentration
(wt%)

pH Value
Polarization Resistance

(kΩcm2)

0.08 0 0 12.6 867
0.08 0 0.2 12.6 839
0.08 0 0.4 12.6 813
0.08 0 0.8 12.6 578
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Table A2. Cont.

Cr Content
(wt%)

LDH-NO2 Dosage
(wt%)

Cl− Concentration
(wt%)

pH Value
Polarization Resistance

(kΩcm2)

0.08 0 1.0 12.6 400
0.08 0 1.2 12.6 236
0.08 0 1.4 12.6 186
1.5 0 0 12.6 963
1.5 0 1.0 12.6 618
1.5 0 2.0 12.6 508
1.5 0 2.2 12.6 476
1.5 0 2.4 12.6 424
1.5 0 2.6 12.6 348
1.5 0 2.8 12.6 211

1.5 0 3.0 12.6 161
5.06 0 1.0 12.6 1529
5.06 0 2.0 12.6 1238
5.06 0 3.0 12.6 1130
5.06 0 4.0 12.6 1000
5.06 0 5.0 12.6 800
5.06 0 6.0 12.6 600
5.06 0 7.0 12.6 400
5.06 0 7.2 12.6 310
5.06 0 7.4 12.6 170
5.06 0 7.6 12.6 146
0.08 0.5 0.3 12.0 1148
0.08 0.5 0.45 11.5 1023
0.08 0.5 0.6 11.0 1004
0.08 0.5 0.75 10.7 839
0.08 0.5 0.9 10.7 935
0.08 0.5 1.2 10.6 974
0.08 0.5 1.35 10.6 947
0.08 0.5 1.5 10.6 134
0.08 0.5 1.65 10.0 31
0.08 0 0.3 12.3 679
0.08 0 0.45 12.2 603
0.08 0 0.6 11.9 871
0.08 0 0.75 11.7 1.672
0.08 0 0.9 10.9 1.362
0.08 0 1.2 10.1 1.846
0.08 0 1.35 9.2 1.822
0.08 0 1.5 8.8 2.495
0.08 0 1.65 8.4 1.556
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Abstract: The fabrication of Ti-Mg composite biomaterials was investigated using spark plasma
sintering (SPS) with varying Mg contents and sintering pressures. The effects of powder mixing,
Mg addition, and sintering pressure on the microstructure and mechanical properties of the com-
posite materials were systematically analyzed. Uniform dispersion of Mg within the Ti matrix was
achieved, confirming the efficacy of ethanol-assisted ball milling for consistent mixing. The Young’s
modulus of the composite materials exhibited a linear decrease with increasing Mg content, with
Ti-30vol%Mg and Ti-50vol%Mg demonstrating reduced modulus values compared to pure Ti. Based
on density measurements, compression tests, and Young’s modulus results, it was determined that
the sinterability of Ti-30vol%Mg saturates at a sintering pressure of approximately 50 MPa. Moreover,
our immersion tests in physiological saline underscore the profound significance of our findings.
Ti-30vol%Mg maintained compressive strength above that of cortical bone for 6-to-10 days, with
mechanical integrity improving under higher sintering pressures. These findings mark a significant
leap towards the development of Ti-Mg composite biomaterials with tailored mechanical properties,
thereby enhancing biocompatibility and osseointegration for a wide range of biomedical applications.

Keywords: spark plasma sintering; Ti-Mg composites; biomaterials; stress shielding; Young’s modulus

1. Introduction

In recent years, with the increase in demand for medical care due to aging and
longevity, there is an expectation for the development of high-functioning and high-value-
added biomaterials. Metallic biomaterials are often used as load-bearing components,
taking advantage of their high fracture toughness and fatigue strength. Alongside existing
biomaterials such as stainless steel (SUS316L), Co-Cr alloys, industrial pure titanium, and
titanium alloys, functional metallic biomaterials such as shape memory alloys, gradient
function materials, and biodegradable Mg materials have been developed [1,2]. Among
these, industrial pure titanium and titanium alloys are widely used in dental and surgical
implants due to their high specific strength and excellent corrosion resistance. While
the Young’s modulus of titanium alloys (approximately 110 GPa) is significantly smaller
compared to other metallic biomaterials like stainless steel or Co-Cr alloys, it is still much
larger than the Young’s modulus of cortical bone (7–30 GPa) [2–4]. This difference leads
to stress shielding, where a significant portion of stress is preferentially borne by the
implant, potentially causing an inhibition of bone growth and a decrease in bone density [5].
Therefore, efforts have been made to develop materials such as β-type titanium alloys and
porous materials to decrease Young’s modulus [6,7].

It has been found that the Young’s modulus of β-type titanium alloys is lower com-
pared to α-type titanium alloys, and the non-toxic Ti-29Nb-13Ta-4.6Zr (TNTZ) alloy, which
exhibits the lowest Young’s modulus of approximately 60 GPa, has been developed [2,8,9].
Additionally, porous materials have a lower apparent Young’s modulus and can enhance
osseointegration, where implants bond with living bone at the optical microscope level,
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allowing for a sufficient fixation of implants [10]. However, there are challenges with
β-type titanium alloys, such as the high cost and high melting point of alloying elements
like Nb, Ta, Mo, or Zr [11]. On the other hand, porous materials often experience stress
concentration in pore regions, leading to inferior mechanical properties, making them more
suitable for low-load environments [12].

To address these challenges, research on Ti-Mg composite materials has been con-
ducted [13–15]. Magnesium is an essential element in the body and has a modulus of
41 GPa, which is close to the modulus of cortical bone compared to other metallic bioma-
terials and is cost-effective [16,17]. Since the modulus of composite materials is roughly
proportional to the volume fraction, compounding magnesium with a lower modulus than
titanium results in Ti-Mg composite materials having a lower modulus than pure titanium
and titanium alloys [18,19]. Moreover, when biodegradable magnesium dissolves in the
body, the originally magnesium-containing parts transform into pores, changing Ti-Mg
composite materials into porous titanium [20,21]. Therefore, Ti-Mg composite materials
exhibit properties that initially have superior strength compared to porous titanium due to
the presence of magnesium during implantation. As magnesium dissolves during bone
recovery and growth, it transforms into porous titanium with low modulus and excel-
lent osseointegration with living bone [22–24]. The density and melting point of Ti are
4.506 g/cm3 and 1668 ◦C, respectively, while the density and melting point of Mg are
1.738 g/cm3 and 650 ◦C, respectively. Due to the significant difference in density and melt-
ing point, obtaining Ti-Mg composite materials with a uniform structure using conventional
casting methods is difficult [25]. Powder metallurgy is practical for manufacturing such
metal composite materials with significant differences in properties. Powder metallurgy
is a method of producing dense materials by diffusion of metal atoms between powder
particles, eliminating the need to melt the metal and allowing for material fabrication
at lower temperatures compared to casting methods [26]. In manufacturing Ti-Mg com-
posite materials, the Spark Plasma Sintering (SPS) method has several advantages over
other methods [27], such as liquid Mg infiltration, as shown in Table 1, making it suitable
for biomedical applications. Specifically, SPS allows for the precise control of sintering
temperature and pressure, ensuring uniform microstructural development and enhanced
densification. This accurate control minimizes thermal gradients and results in superior
mechanical properties. Additionally, SPS significantly reduces processing time compared
to liquid infiltration methods and allows for the fine-tuning of microstructural characteris-
tics through adjustable sintering parameters. This flexibility enables tailoring mechanical
properties to meet specific biomedical requirements, such as desired Young’s modulus and
strength [28].

Table 1. Comparison between spark plasma sintering (SPS) and liquid Mg-infiltration methods.

Feature Spark Plasma Sintering (SPS) Liquid Mg Infiltration

Temperature Control Precise, localized heating reduces thermal gradients. High temperatures required for Mg melting (>650 ◦C).

Reaction Time Short sintering times due to efficient heating and pressure. Longer processing times are needed for complete infiltration.

Microstructure Control Fine control over microstructure through adjustable parameters. Dependent on porous Ti structure and Mg flow dynamics.

Porosity Control Ability to produce dense and controlled porosity composites. Porosity depends on the initial Ti structure.

Material Homogeneity Uniform distribution of Mg within Ti matrix. Potential for uneven Mg distribution.

Mechanical Properties Tunable properties through precise control of sintering parameters. Limited by the inherent properties of porous Ti and Mg.

Scalability Suitable for small-to-medium-scale production. It can be challenging for large-scale uniform production.

Equipment and Cost Requires SPS equipment, potentially high initial cost. Lower equipment cost but higher operational complexity.

Post-processing Needs Minimal, often no additional machining is required. It may require additional machining to achieve the final
shape.

Applications Ideal for biomedical implants with tailored properties. Suitable for large implants where high porosity is needed.

In this study, Ti-Mg composite materials, which are difficult to manufacture using
conventional casting methods, were fabricated using SPS, one of the powder metallurgy
techniques. SPS involves the intermittent flow of direct current through the sample, causing
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discharge between powder particles, heating by joule heating, and pressure application,
effectively shortening the sintering time due to rapid heating rates [29,30]. Moreover,
materials fabricated using SPS typically exhibit high-density uniform structures, and
the short sintering time reduces the likelihood of grain coarsening, resulting in sintered
bodies with excellent mechanical properties [28,31]. For the Ti-Mg composite materials
produced by changing the composition and sintering pressure, their mechanical properties
were evaluated by observing the microstructure, compression tests, and Young’s modulus
measurements. How changes in the amount of Mg added and sintering pressure affect
the microstructure and mechanical properties was investigated. Additionally, Mg was
dissolved by immersing the Ti-Mg composite materials in a physiological saline solution.
Mg toxicity typically results from an excessive intake of medications containing magnesium
or impaired kidney excretion [32]. Therefore, it is crucial to regulate and monitor its
solubility carefully. The compression test was performed on samples immersed for different
durations to investigate the mechanical integrity of the composite materials.

2. Materials and Methods

Using pure Ti powder (purity 99.98%, spherical, maximum particle size 45 μm) and
pure Mg powder (purity 99.5%, irregular shape, average particle size 180 μm) as raw mate-
rials, three types of powder were prepared: pure Ti, Ti-30vol%Mg, and Ti-50vol%Mg. Pure
Ti remained pure Ti powder, while a pulverizing ball mill (Pulverisette 7 classicline, Fritsch,
Germany) was used to mix the composite powder. A stainless-steel mixing container was
filled with 50 wt% ZrO2 balls with a diameter of 1 mm and 5 wt% ethanol as the mixing sol-
vent. After mixing for 5 min at 500 rpm, the rotation was stopped for 5 min, then reversed,
and mixing was continued for another 5 min at 500 rpm. After mixing, ZrO2 balls were
separated from the mixed powder using a 600 μm sieve. The purpose of the ball mill in this
study is to prevent powder aggregation by solvent and aim for a more uniform mixture
rather than particle crushing. The powder-mixing operation was conducted in a glove
box filled with Ar gas. Before the sintering process, X-ray diffraction (XRD, MiniFlex600
by Rigaku, Tokyo, Japan) analysis was performed with angle conditions set at 20◦–90◦
and a step size of 0.01◦ on three types of powders (pure Ti powder, pure Mg powder,
and Ti-30Mg mixed powder), to verify their composition and crystallinity [33,34]. Carbon
paper with a thickness of 0.2 mm was placed on the bottom and sides of the graphite die
(NJS-Japan, Tokyo, Japan), and each powder was filled into the graphite die inside a glove
box. The powders were then compressed using a hydraulic pump at 20 MPa for 1 min to
obtain a compacted body. The sintering container, now containing the compacted body,
was carefully installed in the chamber of the SPS device (511S, SPS Syntex, Tokyo, Japan).
The vacuum level inside the chamber was meticulously maintained at 50 Pa. The sintering
temperature, a critical parameter that directly influences the final properties of the sintered
samples, was set to 580 ◦C. Similarly, the sintering pressure, another key parameter that
significantly affects the sintering process, was set to 25, 50, 75, and 100 MPa, respectively.
These settings were crucial to achieving the desired sintering results. After sintering, the
samples were unloaded without waiting for cooling and cooled while maintaining the
vacuum inside the chamber. Table 2 shows the Mg content and sintering conditions of the
fabricated samples.

Table 2. Specimen conditions for Mg content and sintering pressure.

Specimen Mg Content (Vol%) Sintering Pressure (MPa)

Pure Ti 0 50
Ti-30Mg 30 50
Ti-50Mg 50 50

Ti-30Mg (TM25) 30 25
Ti-30Mg (TM75) 30 75

Ti-30Mg (TM100) 30 100
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The sintered specimen was cut using a microcutting system (Accustom-5, Struers,
Tokyo, Japan), and the cross-section was polished with #500 to #4000 SiC emery papers,
followed by polishing with 3 μm diamond spray as the abrasive. After ultrasonic cleaning
with isopropanol for 5 min., observations were made using an optical microscope (OM)
(DMI3000M, Leica Microsystems, Wetzlar, Germany) and field emission scanning electron
microscopy (FESEM) (JSM-7200F, JEOL, Tokyo, Japan), and an elemental analysis and
element distribution map (EDM) were performed using energy dispersive spectroscopy
(EDS) (JED-2300 Analysis Station Plus, JEOL, Tokyo, Japan). The powder, fracture surface,
and post-infiltration structure were also observed using FESEM without polishing.

The sintered specimens were cut into dimensions of 4 mm × 4 mm × 8 mm and
polished using #1000 SiC emery paper. The vertical, horizontal, and height dimensions
of the samples were measured three times using a micrometer, and the average values
were used to determine the dimensions. The weight of each sample was measured to
calculate its density. Compression tests were conducted using an Autograph universal
testing machine (AG-1 1000 kN, Shimadzu, Tokyo, Japan). Nominal strain and nominal
stress were calculated using the above measurement values in the compression tests. The
tests were performed three times for each specimen, and stress–strain curves were plotted
based on the results. To measure Young’s modulus, an ultrasonic pulse velocity test was
conducted. This is a non-destructive technique that involves propagating ultrasonic pulses
through the sample using longitudinal and transverse wave transducers. Young’s modulus
was then determined based on the velocity of the ultrasonic pulses.

Using SiC emery paper ranging from #500 to #4000, the bottom of the sintered spec-
imens was polished to be parallel, then polished with a diamond spray (3 μm). After
preparing cylindrical specimens with a diameter of approximately 20 mm and a thick-
ness of about 9 mm, the thickness of the samples was measured at seven points using a
micrometer, and the average of five data points, excluding the maximum and minimum
values, was taken as the thickness of the sample. For the measurements, an ultrasonic flaw
detector (USM35X, GE Measurement and Control, MA, USA), longitudinal wave probe
(G5KB, GE Measurement and Control, MA, USA), and transverse wave probe (B2C10SN,
ITeS Corporation, Tokyo, Japan) were used. Measurements were conducted seven times for
both longitudinal and transverse waves, and the average of five data points, excluding the
maximum and minimum values, was taken as the velocity to calculate Young’s modulus.
Due to the insufficient size of the immersion test samples, a unique approach was taken to
calculate Young’s modulus [35,36]. The slope in the elastic region of the stress–strain curve
obtained from the compression test was used. However, it is important to note that the
Young’s modulus calculated from this slope in the compression test shows lower values
than the usual Young’s modulus. Therefore, the evaluation of the Young’s modulus change
according to the immersion time was conducted by setting 0 days of immersion as 100%
and evaluating the decrease rate of Young’s modulus.

For the immersion test, two types of sintered materials were prepared for compression
testing and observation, respectively, and each sintered material was cut into rectangular
shapes of 4 mm × 4 mm × 8 mm. The sides were polished with #1000 SiC emery paper,
and then the height, width, and length were each measured three times using a micrometer.
Finally, ultrasonic cleaning was conducted for 300 s using isopropanol. A physiological
saline solution was prepared by adding 18 g of sodium chloride to 2 L of distilled water.
The specimens were immersed in 50 mL of physiological saline solution per 10 mm2 of
sample surface area, and the temperature was maintained at 37 ◦C using a muffle furnace
(FO-60P, Glass Kiki Co., Ltd., Tokyo, Japan) [37]. After the immersion test, the samples were
washed with distilled water for 60 s, followed by compression testing. Additionally, the
observation samples were immersed in a mixture of chromic acid and nitric acid for 60 s to
remove corrosion products, then they were washed with distilled water before observation.
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3. Results and Discussion

3.1. Evaluation of Powders

Figure 1a,b, respectively, show the appearance of Ti and Mg powders observed through
FESEM. The appearance of the Ti-30Mg mixed powder obtained by mixing this raw material
powder is shown in Figure 1c. The portion indicated by the white arrows in this figure is Mg
particles, and it was observed that large and irregularly shaped Mg particles are dispersed
within the relatively small spherical Ti powder. Mechanical mixing was performed using
a ball mill. However, there was no significant difference in the particle size of the Mg
particles compared to that of the Mg raw material powder. Due to the short mixing time
of 10 min, most of the Mg particles appear to have remained uncrushed. Generally, the
effective diameter of pores for bone cells to penetrate and proliferate within pores in porous
biomaterials is reported to be between 100 μm and 400 μm [38,39]. Since the average
size of the Mg particles remained uncrushed at 180 μm in this mixing condition, good
osteoinductivity of the porous body after Mg dissolution can be expected.

 

Figure 1. FESEM micrographs of (a) Ti powder, (b) Mg powder, and (c) the Ti-30Mg mixed powder
obtained from (a,b). (d) XRD patterns of the powders.

Additionally, the analysis of the Mg particle surfaces in the mixed powder revealed
smooth surfaces. However, the Mg particles, after mixing, were found to be covered
with fine attachments. The EDS point analysis of these attachments mostly revealed
pure Mg, while in some white attachments, an oxygen concentration of 53.41 at% was
determined, indicating magnesium oxide. The temperature of the mixing vessel rises due to
collisions between the vessel walls, ZrO2 balls, and the raw material powder in the ball mill,
promoting the reaction between ethanol and Mg particles and resulting in the formation
of compounds. Figure 1d represents the XRD analysis results for the powder. No peaks
other than Ti and Mg were observed in pure Ti and pure Mg. Although peaks of Ti and Mg
were observed simultaneously in Ti-30Mg, peaks of oxides were not observed. Although
the presence of reaction products was identified through FESEM and EDS analysis, they

70



Materials 2024, 17, 3470

were only present on the surface of Mg particles and in small amounts overall. Hence, no
peaks were observed.

3.2. Microstructure of Sintered Composites

Figure 2a–c depict micrographs of Pure Ti, Ti-30Mg, and Ti-50Mg by optical micro-
scope, respectively. The vertical direction represents the compression direction during
sintering. Although 580 ◦C is a relatively low sintering temperature for Ti, the result of
sintering with Pure Ti showed only a small amount of porosity. According to density mea-
surements, the relative density was 91%, meaning the porosity was 9%, indicating sufficient
densification of Pure Ti even at 580 ◦C, as shown in Table 3. With a sintering pressure of
50 MPa, it can be observed that Mg is uniformly dispersed within the Ti matrix in Ti-30Mg
and Ti-50Mg. Mg particles appear slightly flattened perpendicular to the compression
direction, indicating deformation due to sintering pressure. Based on the calculation of
porosity using relative density, the addition of Mg resulted in a decrease in porosity due
to its effect of filling the pores between Ti particles. The lowest pressure sample, Ti-30Mg
(TM25), exhibited a porosity of 6.4%, while TM50-TM100 showed results close to 0%.

 

Figure 2. Optical micrographs of (a) Pure Ti, (b) Ti-30Mg, and (c) Ti-50Mg samples. (d) Enlarged
optical micrographs of Ti-30Mg.

Table 3. Porosity data after sample preparation by SPS.

Specimen Porosity of Sample (%)

Pure Ti 9.0
Ti-30Mg 0
Ti-50Mg 0

Ti-30Mg (TM25) 6.4
Ti-30Mg (TM75) 0
Ti-30Mg (TM100) 0
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Furthermore, an increase in porosity within the Ti matrix compared to Pure Ti can be
observed. Figure 2d presents an enlarged image of the microstructure of Ti-30Mg, where,
as indicated by the red circle, the regions without Mg show well-progressed sintering with
neck growth between Ti particles, whereas, as noted in the yellow circle, Ti particles near
the Mg particles do not exhibit neck growth and maintain the shape of the raw powder.
This suggests that insufficient sintering stress is applied to Ti particles near Mg particles due
to Mg deformation, resulting in delayed sintering progress. The increase in porosity within
the Ti matrix is also presumed to be due to the deformation of Mg during sintering. Various
parameters affect the structure and mechanical properties in the production of specimens
through powder sintering, such as composition, powder particle size, powder mixing
method, and sintering conditions. Especially in the case of discharge plasma sintering,
the sintering conditions vary, and changes in temperature, holding time, heating rate,
pressure, discharge pulse interval, electric current, etc., alter the sintering characteristics.
In this study, the sintering temperature was limited to a maximum of 650 ◦C to conduct
sintering at a temperature where Mg does not dissolve. Therefore, to enhance the sintering
characteristics of Ti particles, the effect of sintering pressure on the sintering properties of
Ti-30vol%Mg composition was investigated in the present study.

Figure 3a–c depict the microstructure of specimens TM25, TM75, and TM100, re-
spectively, which were sintered under different pressures of 25, 75, and 100 MPa, using
Ti-30vol%Mg mixed powder raw materials. TM100 sintered at the highest pressure of
100 MPa showed fewer pores within the Ti phase. Through the microstructure, it was
possible to confirm that sinterability improves with increasing sintering pressure. To quan-
tify sinterability, the density of each specimen was measured, and density changes with
pressure variations were represented, as shown in Figure 3d. The density of TM25 showed
a smaller value (3.44 g/cm3) compared to other specimens, indicating the presence of many
pores within the specimen. While the density increased significantly up to 3.70 g/cm3

in TM50, there was only a slight increasing trend in TM50, TM75, and TM100, with no
significant difference in density. When manufacturing Ti-Mg composites using SPS, the
porosity of the composite material can be influenced by several factors, in addition to
sintering pressure, such as sintering temperature, Mg composition, and the size and shape
of the powders [15,40]. Specifically, as the Mg composition increases, the diffusion of Mg,
which has a relatively lower melting point, occurs rapidly, leading to a decrease in porosity
and an increase in density [15,41].

The sintering process consolidates powder particles into a solid mass by applying
heat and pressure. Several mechanisms govern this process, including powder particle
interactions, diffusion kinetics, and microstructural evolution [42]. During sintering, pow-
der particles come into contact with each other due to applied pressure. At the contact
points, known as necks, atomic bonds form between particles, facilitating the consolidation
process. The initial stage involves surface diffusion, where atoms migrate along the particle
surfaces to form bonds [43–46]. As sintering progresses, bulk diffusion becomes dominant,
with atoms diffusing through the lattice of particles to further densify the material. Dif-
fusion plays a critical role in sintering, as it governs the movement of atoms within the
powder compact. The diffusion rate depends on factors such as temperature, pressure,
and the chemical composition of the powder [43]. High temperatures increase atomic
mobility, promoting faster diffusion and densification. Pressure reduces the activation
energy required for diffusion, accelerating the sintering process. Additionally, the chem-
ical composition of the powder influences the diffusion kinetics, as different elements
diffuse at varying rates [47]. As sintering progresses, the microstructure of the material
undergoes significant changes. Initially, pores between powder particles are eliminated
as necks form and grow. As sintering continues, the pores decrease in size and number,
increasing material density. The microstructure evolves from a network of interconnected
pores to a solid, dense structure. However, excessive sintering can result in grain growth
and the formation of large pores, negatively impacting the mechanical properties of the
material. The microstructural analysis revealed a uniform dispersion of Mg within the
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Ti matrix, which was achieved through mechanical alloying and spark plasma sintering.
This uniform distribution is critical for ensuring consistent mechanical properties through-
out the composite. The formation of fine Ti-Mg intermetallic phases suggests successful
bonding between the titanium and magnesium particles, which is crucial for enhancing the
composite’s mechanical performance. The presence of these intermetallic phases can be
attributed to the high heating rates and localized temperature spikes inherent in the spark
plasma sintering process, promoting rapid diffusion and reaction between Ti and Mg.

 

Figure 3. Optical micrographs of Ti-30vol%Mg sintered at (a) 25 MPa (TM25), (b) 75 MPa (TM75),
and (c)100 MPa (TM100). (d) Relationship between sintering pressure and density.

3.3. Mechanical Properties Depending on Mg Contents

Figure 4a shows the stress–strain curves obtained from compression tests of Pure Ti,
Ti-30Mg, and Ti-50Mg. In the compression test of Pure Ti, the specimen did not fracture, and
the stress continued to increase, so the test was stopped at the point exceeding the fracture
strain of Ti-30Mg and Ti-50Mg. The compressive strength of cortical bone is estimated
to be approximately 180 MPa, and all specimens exhibited higher strengths than cortical
bone. When comparing the stress–strain curves of pure Ti, where Mg compounds are not
present in the powder, and Ti-30Mg and Ti-50Mg, where Mg compounds are formed on
the surface of Mg, no significant decrease in mechanical properties due to compounds
in the powder was observed. The yield stresses were 311 MPa for Pure Ti, 334 MPa for
Ti-30Mg, and 239 MPa for Ti-50Mg, with Ti-30Mg showing a higher value than pure Ti.
This is believed to be due to the solid solution of oxygen in Ti. According to the Ti-O binary
phase diagram, the solubility limit of oxygen in Ti is approximately 33% at both sintering
and room temperatures, which is significantly high. It is considered that oxygen solubility
occurred due to exposure of the powder to air during transportation until installation in
the chamber of the SPS device, as well as oxygen atoms from ethanol, the mixing solvent.
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On the other hand, the yield stress of Ti-50Mg was lower than that of Pure Ti and Ti-30Mg.
This is attributed to a more significant decrease in strength due to a reduction in the volume
fraction of Ti than to solid solution strengthening by oxygen in Ti. Figure 4b illustrates
the relationship between Mg content and Young’s modulus measured by the ultrasonic
pulse method. Meanwhile, the Young’s modulus of typical pure Ti is 106 GPa, and that
of pure Ti is 92 GPa, which is believed to be due to the presence of 9% porosity in the
sintered composite specimen. The Young’s modulus of Ti-30Mg and Ti-50Mg were 81 GPa
and 75 GPa, respectively, confirming that the Young’s modulus decreases with increased
Mg content.

 
Figure 4. (a) Compressive stress–strain curves of pure Ti, Ti-30Mg, and Ti-50Mg. (b) Relationship
between Mg content and Young’s modulus.

The microstructure and phase composition can significantly affect the stress–strain
response observed in compression tests of Ti-Mg composites. The microstructure influences
the load-bearing capability and deformation mechanisms of the composite [48,49]. A well-
sintered microstructure with fewer pores and a uniform distribution of Mg within the
Ti matrix tends to exhibit better mechanical properties. Pores act as stress concentrators
and can initiate cracks, reducing the material’s strength and ductility [50]. The content of
Mg in the composite has a direct effect on Young’s modulus due to the lower modulus
of Mg compared to Ti. Generally, as the Mg content increases, the overall modulus of
the composite decreases. This is because the modulus of composite materials is roughly
proportional to the volume fraction of the constituent phases [51]. Therefore, with a higher
volume fraction of Mg (which has a modulus of 41 GPa) compared to Ti (which has a
modulus of about 110 GPa), the composite’s modulus will be lower than pure Ti.

Figure 5 depicts SEM images of the fracture surface after compression testing of
Ti-30Mg and the results of element distribution mapping by EDS analysis. The fracture
surface of the Mg portion exhibits a river line crack pattern, indicating brittle fracture
in the Mg portion. In contrast, the Ti portion maintains the shape of the raw powder,
suggesting that the fracture in the Ti portion mainly occurred at the particle boundaries
of the powder. From these observations, it can be understood that atomic diffusion at the
Ti particle boundaries did not sufficiently progress. Optimizing the sintering conditions
is expected to enhance the overall mechanical properties of the composite material by
improving the sinterability of Ti [52].
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Figure 5. (a) Fractography of Ti-30Mg by FESEM. Element distribution maps of (b) Ti, (c) Mg,
(d) O by EDS.

Figure 6a plots the changes in uniaxial compressive strength (UCS) and yield strength
with variations in sintering pressure, obtained from the stress–strain curves of TM25, TM50,
TM75, and TM100 from the compression test results. Only TM25 showed distinctly differ-
ent compression test results compared to other specimens, with minimum compressive
strength and yield strength. TM50, TM75, and TM100 showed no significant differences in
compression behavior, compressive strength, or yield strength, similar to density. Addi-
tionally, Figure 6b presents the results of Young’s modulus measurements at each sintering
pressure. Young’s modulus increased with increasing sintering pressure, from 57 GPa in
TM25 to 91 GPa in TM75 and TM100. Since this study aims to produce Ti-Mg composite
materials with low Young’s modulus, a lower modulus is desirable. However, considering
that Mg dissolves during insertion into the body, leading to porous Ti, and prioritizing the
sinterability of the matrix Ti, an increase in Young’s modulus due to increased sintering
pressure is considered a favorable outcome. Since only TM25 showed significantly lower
values in density measurements, and there were no significant differences in TM50, TM75,
and TM100, it can be assumed that the sinterability of Ti-30vol%Mg saturates around
50 MPa.
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Figure 6. (a) Changes in UCS and Yield strength with variations in sintering pressure. (b) Relationship
between sintering pressure and Young’s modulus.

The significant effect of sintering pressure on Young’s modulus, compared to UCS
or yield strength, can be attributed to the microstructural changes that occur during the
sintering process. Higher sintering pressures lead to better densification of the material,
reducing porosity and increasing the contact area between grains [28]. This improved
grain boundary contact enhances the material’s ability to resist deformation, thereby
increasing Young’s modulus. Sintering pressure helps in achieving a more homogeneous
microstructure. A uniform microstructure with fewer defects and voids contributes to a
higher Young’s modulus because the material can deform elastically more uniformly under
stress. Young’s modulus is more sensitive to changes in microstructure and density than
UCS or yield strength [53]. While UCS and yield strength are influenced by factors like
grain size and the presence of flaws, Young’s modulus is directly related to the stiffness of
the material, which is significantly affected by the degree of densification and the quality of
grain boundaries. During sintering, pressure aids in the formation of stronger bonds and
larger necks between particles. These stronger inter-particle bonds contribute to a higher
elastic modulus, as the material can better resist elastic deformation.

The Mg content and the sintering parameters significantly influence the mechanical
properties of the Ti-Mg composites. The addition of Mg reduces the overall density of the
composites, making them lighter than pure titanium. This reduction in density is advanta-
geous for biomedical implants, as it can lead to less stress on surrounding bone and tissue.
The Young’s modulus of the composites can be tailored by adjusting the Mg content. Com-
posites with 5–15 wt% Mg exhibited Young’s modulus closer to that of natural bone, which
is beneficial in minimizing stress-shielding effects. This characteristic addresses a signifi-
cant drawback of conventional titanium implants, which have a much higher modulus than
bone, leading to stress shielding and bone resorption over time. The compressive strength
of the composites decreases with increasing Mg content. However, the values obtained
are still within acceptable ranges for load-bearing applications. This trade-off between
modulus and strength must be carefully balanced to optimize implant performance.

3.4. Immersion Test in Physiological Saline

Figure 7 shows the microstructure of Ti-30Mg after immersing in physiological saline
for 1 day. The observation was conducted after immersion for 1 min in a mixed solution
of chromic acid (H2CrO4) and silver nitrate (AgNO3) to remove corrosion products. In
Figure 7a, the dissolution of Mg and the formation of pores on the sample surface were
observed. The micrograph in Figure 7b, magnified inside the pores, shows that most Ti
particles maintain the shape of the raw powder. Here, as in the cross-sectional micrograph
of OM, it can be observed that the sintering of Ti particles around the Mg powder was not
fully completed. Figure 7c shows the element distribution maps of the pore region after
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the dissolution of Mg. Mg was detected on the pore’s surface, and oxygen was distributed
along with Mg.

 

Figure 7. (a) A FESEM micrograph of the surface of the Ti-30Mg sample, (b) a magnified micrograph
for pore observation after 1 day of immersion in saline solution, (c) Element distribution maps of O,
Mg, and Ti by EDS.

Figure 8a presents the stress–strain curves of compression tests after immersion tests
for various durations. At the same time, Figure 8b shows the changes in UCS and fracture
strain according to immersion time. After 6 days of immersion, the compression strength
was 214 MPa, and Ti-30Mg could maintain a strength higher than that of cortical bone
(approximately 180 MPa [54]) until 6 days after immersion. Both compression strength
and fracture strain decreased with increasing immersion time. UCS and fracture strain
showed nonlinear deceleration with immersion time. In both cases, it was observed
that the experimental results closely matched a sigmoidal curve based on the Boltzmann
function. Figure 8c shows the stress–strain curves obtained from compression tests of
TM100 (Ti-30Mg) fabricated with a sintering pressure of 100 MPa for various immersion
times. At the same time, Figure 8d illustrates the changes in compressive strength and
fracture strain during immersion. Similar to the compression test results for TM50 (Ti-30Mg)
in Figure 8b, the UCS and fracture strain decreased with increasing immersion time due to
the dissolution of Mg within the composite material. The UCS on the 9th and 10th days of
immersion were 250 MPa and 276 MPa, respectively, maintaining strengths exceeding those
of cortical bone until the 10th day. Figure 9a plots the variation in UCS with increasing
immersion time for both TM50 (Ti-30Mg) and TM100 (Ti-30Mg), with a green dash-dot
horizontal line representing cortical bone strength. It can be inferred that the mechanical
integrity improves with increasing sintering pressure, as TM100 maintains strength above
that of cortical bone for a longer duration compared to TM50.

Mechanical property changes were relatively significant in the early stages of immer-
sion. However, as time increased, the changes became relatively small, and there was
almost no change in fracture strain after the 6th day. This is believed to be because Mg
dissolved from the entire sample surface during the early stages of immersion, but sub-
sequently, dissolution of Mg from the center of the sample was required. The dissolution
of Mg occurs through the chemical reactions below [55], resulting in the generation of
hydrogen gas and corrosion products where Mg is dissolved.

Mg + 2H2O = Mg(OH)2 + H2

Mg(OH)2 + 2Cl− = MgCl2 + 2OH−

When hydrogen gas or corrosion products are generated inside the pores, it takes time
for the solution to penetrate into the center of the specimen. Therefore, as the immersion
time passes, it is expected that mechanical property changes will diminish, especially after
a certain period has elapsed.
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Figure 8. Compressive stress–strain curves of Ti-30Mg samples with (a) 50 MPa and (c) 100 MPa of
sintering pressures immersed in saline for various times up to 10 days. Changes of UCS and fracture
strain of Ti-30Mg with (b) 50 MPa and (d) 100 MPa of sintering pressures increasing immersion times
in saline for up to 10 days.

  

Figure 9. (a) Relationship between UCS and immersion time of TM100 (Ti-30Mg) and TM50 (Ti-30Mg).
(b) Changes in the ratio of Young’s modulus to the initial Young’s modulus with an increase of the
immersion time for TM100 (Ti-30Mg) and TM50 (Ti-30Mg).

At the outset, the immersion phase is crucial as it sets the stage for the corrosion
process. Here, the Mg in the Ti-Mg composite swiftly interacts with the saline solution,
leading to the creation of Mg(OH)2 and hydrogen gas [56,57]. These reactions initiate the
formation of a porous Mg(OH)2 layer on the surface, which initially provides some defense
but gradually transforms into more soluble MgCl2 in the presence of chloride ions from the
saline solution. As immersion continues, the protective Mg(OH)2 layer gradually breaks
down, releasing Mg ions into the solution. The generated hydrogen gas can form bubbles
at the interface, further promoting Mg degradation [19,58]. This stage is characterized by
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significantly reducing mechanical properties as Mg content diminishes. Over time, the
corrosion rate slows down as the more easily accessible Mg is depleted, and the remaining
Mg is less exposed due to deeper penetration into the composite. The changes in mechanical
properties, mainly compressive strength, decrease at this stage [18]. Our immersion tests
have yielded significant findings. Ti-30vol%Mg maintained its compressive strength above
that of cortical bone for a considerable period of up to 10 days. This behavior suggests
that the composite can retain its mechanical integrity for a sufficient duration, potentially
supporting the initial bone healing processes. The release of Mg ions plays a critical role
in the biodegradation process. Mg ions are known to be biocompatible and can enhance
osteogenesis. However, the localized increase in pH due to the formation of OH− ions
needs to be managed to prevent adverse effects on surrounding tissues.

Figure 9b illustrates the variation in Young’s modulus during immersion for specimens
of TM50 (Ti-30Mg) and TM100 (Ti-30Mg). Here, the reduction in Young’s modulus was
evaluated with respect to the specimen at 0 days before immersion, which was considered
100%. It can be observed that Young’s modulus decreases with increasing immersion time
for both specimens. For TM50 (Ti-30Mg), Young’s modulus decreased by 40% after 6 days
of immersion compared to before immersion, resulting in a modulus of approximately
49 GPa, considering that the modulus of Ti-30Mg was measured to be 81 GPa. In the case
of TM100 (Ti-30Mg), the modulus decreased overall by 31% after 10 days of immersion,
indicating a modulus of approximately 63 GPa at Day 10 of immersion, considering that the
modulus of TM100 measured by ultrasonic pulse method was 91 GPa. It was observed that
sintering pressure enhancement led to improved sinterability and mechanical properties.
However, in cases where the specimens maintained strengths above that of cortical bone
(6 days for TM50 and 10 days for TM100), the modulus after extended immersion was
higher for TM100 than TM50. To suppress stress shielding, it is ideal for the modulus
after immersion to be as small as possible and closer to that of cortical bone. By adjusting
multiple conditions, such as increasing sintering pressure to enhance sinterability and
increasing Mg content to reduce the modulus, it is possible to produce Ti-Mg composite
materials with higher strength and lower modulus.

4. Conclusions

Uniform Ti-Mg composite materials were fabricated by mixing pure Ti powder
with low-modulus and biodegradable Mg powder using spark plasma sintering. The
effects of mixing powder, evaluating Ti-Mg composite materials, and the influence of
Mg addition and sintering pressure on the properties of Ti-Mg composite materials were
investigated systematically.

1. The uniform dispersion of Mg in Ti-30Mg and Ti-50Mg and the confirmation of the
effectiveness of powder mixing with ethanol-added ball milling in producing uniform
Ti-Mg composite materials further solidify the reliability of our findings.

2. Young’s modulus of pure Ti, Ti-30Mg, and Ti-50Mg is 92 GPa, 81 GPa, and 75 GPa,
respectively. This indicates a linear decrease in Young’s modulus of Ti-Mg composite
materials with Mg addition.

3. From density measurement, compression tests, and Young’s modulus measure-
ment results, only TM25 (Ti-30Mg) showed significantly smaller values, while TM50
(Ti-30Mg), TM75 (Ti-30Mg), and TM100 (Ti-30Mg) showed no significant differences.
Therefore, the sinterability of Ti-30vol%Mg saturates around a sintering pressure of
approximately 50 MPa.

4. TM50 (Ti-30Mg) showed a decrease in Young’s modulus from 81 GPa to 49 GPa after
6 days of immersion, while TM100 (Ti-30Mg) showed a decline from 91 GPa to 63 GPa
after 10 days of immersion, indicating a reduction in stress shielding phenomenon.

5. During immersion in physiological saline, TM50 maintained compressive strength
above cortical bone for 6 days and TM100 for 10 days. This confirms that the mechani-
cal integrity of Ti-30vol%Mg improves with increasing sintering pressure.

79



Materials 2024, 17, 3470

Author Contributions: Conceptualization, E.K., M.O. and T.M.; methodology, T.M.; software, T.M.;
validation, T.M., M.O. and E.K.; formal analysis, T.M.; investigation, T.M. and M.O.; data curation,
T.M. and M.O.; writing—original draft preparation, T.M. and M.O.; writing—review and editing,
M.O.; visualization, T.M. and M.O.; supervision, E.K.; project administration, E.K. All authors have
read and agreed to the published version of the manuscript.

Funding: This research received no external funding.

Institutional Review Board Statement: Nor applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: The raw data supporting the conclusions of this article will be made
available by the authors on request.

Conflicts of Interest: The authors declare no conflicts of interest.

References

1. Otsuka, Y.; Mizutani, M. Introduction of Biomaterials for Beginners: II.Metallic Biomaterials. Zair. J. Soc. Mater. Sci. Jpn. 2014, 63,
480–486. [CrossRef]

2. Kaur, M.; Singh, K. Review on Titanium and Titanium Based Alloys as Biomaterials for Orthopaedic Applications. Mater. Sci. Eng.
C 2019, 102, 844–862. [CrossRef] [PubMed]

3. Mehta, N.; Hall, D.J.; Pourzal, R.; Garrigues, G.E. The Biomaterials of Total Shoulder Arthroplasty: Their Features, Function, and
Effect on Outcomes. JBJS Rev. 2020, 8, e19. [CrossRef] [PubMed]

4. Lai, Y.S.; Chen, W.C.; Huang, C.H.; Cheng, C.K.; Chan, K.K.; Chang, T.K. The Effect of Graft Strength on Knee Laxity and Graft
In-Situ Forces after Posterior Cruciate Ligament Reconstruction. PLoS ONE 2015, 10, e0127293. [CrossRef] [PubMed]

5. Noyama, Y.; Miura, T.; Ishimoto, T.; Itaya, T.; Niinomi, M.; Nakano, T. Bone Loss and Reduced Bone Quality of the Human Femur
after Total Hip Arthroplasty under Stress-Shielding Effects by Titanium-Based Implant. Mater. Trans. 2012, 53, 565–570. [CrossRef]

6. Sidhu, S.S.; Singh, H.; Gepreel, M.A.H. A Review on Alloy Design, Biological Response, and Strengthening of β-Titanium Alloys
as Biomaterials. Mater. Sci. Eng. C 2021, 121, 111661. [CrossRef] [PubMed]

7. Guo, S.; Meng, Q.; Zhao, X.; Wei, Q.; Xu, H. Design and Fabrication of a Metastable β-Type Titanium Alloy with Ultralow Elastic
Modulus and High Strength. Sci. Rep. 2015, 5, 14688. [CrossRef] [PubMed]

8. Xing, F.; Li, S.; Yin, D.; Xie, J.; Rommens, P.M.; Xiang, Z.; Liu, M.; Ritz, U. Recent Progress in Mg-Based Alloys as a Novel
Bioabsorbable Biomaterials for Orthopedic Applications. J. Magnes. Alloys 2022, 10, 1428–1456. [CrossRef]

9. Lei, S.; Zhang, J.; An, X.; Guo, Y.; Xu, X.; Ma, Z.; Yao, W.; Kong, Q. Mechanical and Corrosion Properties of Ti–29Nb–13Ta-4.6Zr
Alloy Prepared by Cryomilling and Spark Plasma Sintering. Vacuum 2023, 215, 112316. [CrossRef]

10. Putra, N.E.; Mirzaali, M.J.; Apachitei, I.; Zhou, J.; Zadpoor, A.A. Multi-Material Additive Manufacturing Technologies for Ti-,
Mg-, and Fe-Based Biomaterials for Bone Substitution. Acta Biomater. 2020, 109, 1–20. [CrossRef]

11. Niinomi, M.; Nakai, M.; Hieda, J. Development of New Metallic Alloys for Biomedical Applications. Acta Biomater. 2012, 8,
3888–3903. [CrossRef]

12. Krishna, B.V.; Bose, S.; Bandyopadhyay, A. Low Stiffness Porous Ti Structures for Load-Bearing Implants. Acta Biomater. 2007, 3,
997–1006. [CrossRef] [PubMed]

13. Liang, L.; Huang, Q.; Wu, H.; Ouyang, Z.; Liu, T.; He, H.; Xiao, J.; Lei, G.; Zhou, K. Stimulation of in Vitro and in Vivo
Osteogenesis by Ti-Mg Composite Materials with the Sustained-Release Function of Magnesium Ions. Colloids Surf. B Biointerfaces
2021, 197, 111360. [CrossRef] [PubMed]

14. Ouyang, S.; Huang, Q.; Liu, Y.; Ouyang, Z.; Liang, L. Powder Metallurgical Ti-Mg Metal-Metal Composites Facilitate Osteocon-
duction and Osseointegration for Orthopedic Application. Bioact. Mater. 2019, 4, 37–42. [CrossRef] [PubMed]

15. Xue, J.; Luo, F.; Zhang, Y.; Fang, Y.; Jiang, X. Strengthening Mechanisms of Ti–Mg Composite for Biomaterials: A Review. Adv.
Eng. Mater. 2023, 25, 2300620. [CrossRef]

16. Pham, D.N.; Hiromoto, S.; Yamazaki, T.; O, M.; Kobayashi, E. Enhanced Corrosion Resistance and in Vitro Biocompatibility of
Mg-Zn Alloys by Carbonate Apatite Coating. ACS Appl. Bio Mater. 2021, 4, 6881–6892. [CrossRef] [PubMed]

17. Pham, D.N.; Hiromoto, S.; O, M.; Kobayashi, E. Influence of Substrate Microstructure on Hydroxyapatite Coating and Corrosion
Behavior of Coated Mg[Sbnd]Zn Alloys. Surf. Coat. Technol. 2021, 421, 127414. [CrossRef]

18. Esmaily, M.; Svensson, J.E.; Fajardo, S.; Birbilis, N.; Frankel, G.S.; Virtanen, S.; Arrabal, R.; Thomas, S.; Johansson, L.G.
Fundamentals and Advances in Magnesium Alloy Corrosion. Prog. Mater. Sci. 2017, 89, 92–193. [CrossRef]

19. Pan, S.Q.; Zhang, F.; Wen, C.; Zeng, R.C. Advances in Mg–Al-Layered Double Hydroxide Steam Coatings on Mg Alloys: A
Review. J. Magnes. Alloys 2023, 11, 1505–1518. [CrossRef]

20. Wang, J.; Dou, J.; Wang, Z.; Hu, C.; Yu, H.; Chen, C. Research Progress of Biodegradable Magnesium-Based Biomedical Materials:
A Review. J. Alloys Compd. 2022, 923, 166377. [CrossRef]

21. Sezer, N.; Evis, Z.; Kayhan, S.M.; Tahmasebifar, A.; Koç, M. Review of Magnesium-Based Biomaterials and Their Applications. J.
Magnes. Alloys 2018, 6, 23–43. [CrossRef]

80



Materials 2024, 17, 3470

22. Verma, R.P. Titanium Based Biomaterial for Bone Implants: A Mini Review. Mater. Today: Proc. 2020, 26, 3148–3151. [CrossRef]
23. Meenashisundaram, G.K.; Wang, N.; Maskomani, S.; Lu, S.; Anantharajan, S.K.; Dheen, S.T.; Nai, S.M.L.; Fuh, J.Y.H.; Wei, J.

Fabrication of Ti + Mg Composites by Three-Dimensional Printing of Porous Ti and Subsequent Pressureless Infiltration of
Biodegradable Mg. Mater. Sci. Eng. C 2020, 108, 110478. [CrossRef]

24. Miao, L.; Gao, M.; Chen, S.; Wang, J.; Zhang, H.; Tan, L.; Pan, Y. The Mechanical Properties and Bioactivity of Ti–Mg Composites
as Orthopedic Implants: A Pilot Study. J. Mater. Res. Technol. 2024, 28, 1074–1083. [CrossRef]

25. Yang, H.; Chen, X.; Huang, G.; Song, J.; She, J.; Tan, J.; Zheng, K.; Jin, Y.; Jiang, B.; Pan, F. Microstructures and Mechanical
Properties of Titanium-Reinforced Magnesium Matrix Composites: Review and Perspective. J. Magnes. Alloys 2022, 10, 2311–2333.
[CrossRef]

26. Eessaa, A.K.; Elkady, O.A.; El-Shamy, A.M. Powder Metallurgy as a Perfect Technique for Preparation of Cu–TiO2 Composite by
Identifying Their Microstructure and Optical Properties. Sci. Rep. 2023, 13, 7034. [CrossRef]

27. Hu, Z.Y.; Zhang, Z.H.; Cheng, X.W.; Wang, F.C.; Zhang, Y.F.; Li, S.L. A Review of Multi-Physical Fields Induced Phenomena and
Effects in Spark Plasma Sintering: Fundamentals and Applications. Mater. Des. 2020, 191, 108662. [CrossRef]

28. Ratzker, B.; Sokol, M. Exploring the Capabilities of High-Pressure Spark Plasma Sintering (HPSPS): A Review of Materials
Processing and Properties. Mater. Des. 2023, 233, 112238. [CrossRef]

29. Liu, W.; An, R.; Wang, C.; Zheng, Z.; Tian, Y.; Xu, R.; Wang, Z. Recent Progress in Rapid Sintering of Nanosilver for Electronics
Applications. Micromachines 2018, 9, 346. [CrossRef] [PubMed]

30. Anselmi-Tamburini, U.; Garay, J.E.; Munir, Z.A. Fundamental Investigations on the Spark Plasma Sintering/Synthesis Process.
Mater. Sci. Eng. A 2005, 407, 24–30. [CrossRef]

31. Liu, S.; Zhang, G.; Shi, M.; Yang, X.; Li, A. Microstructure and Properties of Porous Titanium Prepared by Spark Plasma Sintering.
Metals 2019, 9, 82. [CrossRef]

32. McDonnell, N.J.; Muchatuta, N.A.; Paech, M.J. Acute Magnesium Toxicity in an Obstetric Patient Undergoing General Anaesthesia
for Caesarean Delivery. Int. J. Obs. Anesth. 2010, 19, 226–231. [CrossRef]

33. Van Le, H.; Hiromoto, S.; O, M.; Kobayashi, E.; Nguyen, N.V.; Cao, N.Q. In Vitro Cellular Biocompatibility and in Vivo Degradation
Behavior of Calcium Phosphate-Coated ZK60 Magnesium Alloy. Biomed. Mater. 2023, 18, 035003.

34. Oh, M.; Iwamoto, H.; Kobayashi, E. Influence of Carbon Nanotubes on the Morphology of Cu6Sn5 in Cu/(Sn–Ag–Cu) Solder
Joints. Results Mater. 2024, 21, 100553. [CrossRef]
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Abstract: With the continuous exploitation of the marine resources, the equipment should meet the
marine complex working environment. In this study, a type of environmentally friendly coating
was prepared. Based on low surface energy environmental protection and anti-fouling, a film
forming material with water-based epoxy-modified silicone resin emulsion was prepared. And
industrial fillers were added to give it both inorganic and organic properties. Meanwhile, various
contents of graphene oxide (GO) were added in the coating system. The coating properties were
comprehensively analyzed, and the optimal GO content was obtained as 0.1 wt. %. The composite
coating was studied by seawater immersion experiments, and the failure process of the coating in was
proposed. The composite coating prepared in the present study has both environmental protection
and hydrophobic anti-fouling characteristics, and its comprehensive performance is excellent through
various performance evaluations, i.e., it meets the requirements of long-term coating, environmental
friendliness and anti-fouling and corrosion resistance.

Keywords: water-based coating; graphene oxide; antifouling coating; corrosion resistance

1. Introduction

During the use of aquaculture network facilities, communities derived from the at-
tachment of contaminated organisms to ship hulls make it easy for bacteria and parasites
to breed, which will adversely affect the production of aquatic products [1]. A lack of
resistance to biological attachment is one of the serious challenges faced by oceanfront
equipment. Biological adhesion not only increases the maintenance cost of equipment, but
also leads to equipment failure and corrosion failure. Coatings are among the most widely
used methods for marine equipment maintenance. Traditional solvent-based antifouling
coatings use organic solvents as dispersing media to prevent microbial attachment through
the release of sterilizers in the coating system. However, the use of organic solvents con-
sumes a lot of fossil energy, and organic solvents are harmful to the health of construction
workers because of their volatility. In addition, the release of sterilizers causes pollution to
the marine environment, and is more likely to accumulate in marine organisms, threatening
the safety of humans who eat marine organisms. Sun [2] grafted low-toxic structural com-
pounds as sterilization factors onto the side chain of acrylic resin to control the hydrolysis
of sterilization factors to achieve self-polishing of the coating. Compared with heavy metal
copper sterilization factors they are green, but they are still toxic and still pose a threat to
marine microorganisms. In order to solve this industry dilemma, researchers continue to
innovate and devote themselves to the development of new materials and new technologies
to realize new coatings that are environmentally friendly and anti-fouling.

The birth of the new water-based coating should meet the requirements of being
environmentally friendly, such as the advantages of small pollution and low volatile
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organic matter emissions. However, most of the protective waterborne coatings cannot
possess environmental protection, anti-corrosion and anti-adhesion properties at the same
time. Water-based epoxy-modified silicone resin emulsions have the properties of both
epoxy resin and silicone resin emulsions, high adhesion and low surface energy, thereby
meeting the requirements of environmental protection and anti-fouling. The new water-
based coating can realize the performance of traditional sol-based coatings and conform to
the concept of environmental protection, and it has promising application prospects in the
field of anti-corrosion. Through different modification means and technical optimization,
the performance of the new water-based coating can be further improved to meet the needs
of more practical applications. Xu [3] synthesized a water-based silicone nanocomposite
coating with long-term hydrophobicity and self-cleaning performance by combining a
silicone emulsion with a TiO2 dispersion by using a mechanical blending method. But
its long-term self-cleaning performance was lacking in a natural pollution environment.
After mixing the cationic silicone emulsion made by Khanjani [4] with an acrylic emulsion
the mixed emulsion was cured at room temperature by using the low glass transition
temperature of the acrylic emulsion, and the resulting coating had good hydrophobic and
mechanical properties. However, the existence of two emulsions in the coating system
required consideration of compatibility and the content of the single components, which
was a huge workload.

In order to improve the overall performance of the silicone resin emulsion coating,
inorganic fillers were added to the coating system to be more suitable for engineering
applications. Wang [5] successfully developed a two-component inorganic coating, and
systematically studied the influence of film forming additives on the stability of the coating,
and then finally determined the best formula and curing time. Shan [6] used a nanosilica
sol as the main film forming material and added an appropriate amount of inorganic filler
to prepare an inorganic coating with excellent performance. In recent years, graphene
showed great application potential in various fields [7]. It is wise to add it as a filler to
water-based resin emulsion with low surface energy to improve the corrosion resistance
of coatings. However, because the surface of the emulsion particles is rich in hydroxyl
groups, it is easy for them to agglomerate and they have a high activity, which will lead to
a reduction in the dispersibility and stability. Tian [8] used ammonium-grafted graphene
oxide as a dispersant, which effectively solved the problem of microscopic defects in the
preparation of water-based epoxy resin, and improved the compatibility and dispersion
of graphene nanoparticles in water-based epoxy resin. Huang [9] significantly improved
the cathodic protection and barrier properties of the coating by adding different contents
of graphene to the water-based epoxy zinc-containing coating, which benefited from the
graphene lamellar barrier effect [10] and conductive effect [11]. Chen [12] introduced
graphite (g)-C3N4 into the aqueous epoxy solution by using an ultrasonic dispersion
technology, and the modified water-based composite epoxy coating also showed excellent
barrier properties. These research studies focus on the uniform distribution of fillers and
the improvement of corrosion resistance of coatings, while there are few research studies
on low-surface-energy silicone resins.

Based on the above discussions, a simple mechanical stirring method was used to
add the inorganic filler to the water-based epoxy-modified silicone resin emulsion, and the
crosslinking agent was formed to cure it at room temperature to prepare a stable coating
with environmental protection and corrosion resistance. The microstructure, phase change
and corrosion resistance of the coating were analyzed by scanning electron microscopy
(SEM), X-ray diffraction (XRD) and electrochemical impedance spectroscopy (EIS). The
failure mechanism of organosilicone resin was discussed. The addition of the inorganic filler
gives the coating both inorganic and organic properties, i.e., more excellent comprehensive
properties. The high silicon content of the epoxy-modified silicone resin emulsion gives
the coating better hydrophobic properties. In addition, the flake structure of graphene
oxide can effectively alleviate the corrosion of a metal matrix. This work provides a
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new method against microbial attachment and for protection of metal equipment in a
marine environment.

2. Methods

2.1. Materials and Reagents

The epoxy-modified silicone resin emulsion (SH9607) was manufactured by Hubei
Longsheng Sihai New Materials Co., Ltd. (Shenzhen, China) The array of active additives
encompassed dipropylene glycol methyl ether (DPM), sourced from Shenzhen Jinlong
Chemical Technology Co., Ltd. (Shenzhen, China); alkynyl glycol 104E, obtained from Air
Chemical Products Co., Ltd. (Tokyo, Japan); the water-based dispersible agent SN5040
and the antifoaming agent J0401, both procured from Shenzhen Jitian Chemical Co., Ltd.
(Shenzhen, China); and the leveling agent BYK381, purchased from BYK Chemical (Wesel,
Germany). As for fillers, single-layer graphene oxide was acquired from Suzhou Car-
bonfeng Graphene Technology Co., Ltd. (Suzhou, China), talc was sourced from Guilin
Guiguang Talc Development Co., Ltd. (Guilin, China), mica powder was obtained from
Chuzhou Wansilk New Material Co., Ltd. (Chuzhou, China), iron red was purchased from
Henan Bairun New Material Co., Ltd. (Zhengzhou, China), zinc tetrahydrate phosphate
was sourced from Sinopdrug Group Chemical Reagent Co., Ltd. (Shanghai, China), and
the curing agent KH550 was procured from Dongguan Kangjin New Material Technology
Co., Ltd. (Dongguan, China) Q235 served as the substrate for the coating in the conducted
experiments, eliminating the need for any further pretreatment.

2.2. Preparation of Different Coatings

The schematic depiction of the composite coating preparation is presented in Figure 1.
The Q235 steel plate, measuring 10 mm × 10 mm × 1 mm, underwent polishing using SiC
paper graded from 100 to 800, followed by ultrasonic cleaning with absolute ethanol (99.9%)
for 10 min. Subsequently, the plate was dried in an air-drying oven maintained at 60 ◦C. To
ensure the effective dispersion of fillers within the coating system, the active additives were
initially introduced into the aqueous solvent, and a pretreatment solution was obtained
through uniform stirring. High-speed grinding was then employed to incorporate the fillers,
resulting in a uniformly colored paste. This colored paste was subsequently combined
with the emulsion in a fixed proportion, completing the preparation of the coating. Prior to
spraying, the composite coating and curing agent were mixed in a mass ratio of 20:1 and
allowed to age for 20 min. The mixture was then sprayed onto the substrate surface
and left for curing at room temperature for 7 days, yielding the desired coating with a
thickness of approximately 60 ± 5 μm. To investigate the optimal filler dosage, a series
of GO-modified composite coatings containing fillers in varying concentrations (0 wt. %,
0.01 wt. %, 0.05 wt. %, 0.1 wt. % and 0.15 wt. %) were prepared and labeled as G0, G1, G5,
G10, and G15, respectively.

Figure 1. Schematic diagram of composite coating preparation process.
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2.3. Characterization

Optical microscopy and scanning electron microscopy (SEM) (condition: EHT = 3.00 KV,
WD = 7.4~8.4 mm) were employed to meticulously observe the morphological features
of the modified composite coatings with varying concentrations of GO. Precise mea-
surements of the coating’s water contact angle were conducted using the droplet angle
measurement method on a Shanghai Zhongchen JC2000D3-X (Shanghai, China) contact
angle/surface tension measuring instrument. Furthermore, X-ray diffraction (XRD) and
SEM (condition: EHT = 3 KV, WD = 8.0~8.4 mm) were utilized to comprehensively charac-
terize the microstructural and phase changes in the G10 coating before and after simulated
seawater immersion. Ultrasonic thickness gauges (CT400) were utilized to ensure consistent
thickness of coatings with different contents. The corrosion resistance of various coatings
was rigorously tested in a 3.5 wt. % NaCl solution using an electrochemical workstation
(reference 600+). Additionally, the long-term corrosion behavior of the G10 coating was
specifically evaluated in simulated seawater. For the electrochemical measurements, a
coated steel sample with an exposed area of 1 cm2 served as the working electrode, a
saturated calomel electrode was used as the reference electrode, and a platinum plate
electrode functioned as the counter electrode. The impedance spectrum measurements
were conducted within a frequency range of 100 kHz to 0.1 Hz, with an amplitude of
5 mV. To minimize the influence of external factors, the entire experimental process was
conducted within a Faraday cage.

3. Discussion and Results

3.1. Status of Filler

The cross section of the composite coating modified with different contents of GO
was polished, and the morphology was observed with an optical microscope to judge
the compatibility and the distribution of the GO. As shown in Figure 2a–e, the surface
morphology of the coating did not show the state of incompatible fillers, indicating that the
fillers were evenly distributed in the composite coating and could be well bonded together
by the film-forming material. As shown in Figure 2f–j, cross section micro-morphologies
of GO composite coatings with different contents can be seen. The lamellar fillers were
detected. The film-forming materials on the surface of the G0 coating (due to its poor
electrical conductivity and light color) are obvious, but there are more pores between
lamellar fillers. The surface density of the G1 coating is improved. Some of the larger
fillers are embedded in the surface of the coating, and the smaller fillers are completely
wrapped in the film-forming material. The surface of the G5 coating is similar to that of
G1. There is a large flake filler on the surface, and the density of the coating is further
improved. There is basically no protruding sheet filler on the surface of the G10 coating,
which indicates that the compatibility between the filler and the film-forming material is
the best, and the coating is the densest. For the G15 coating surface, more pores are in
appearance. Meanwhile the density of the coating is poor, due to too much graphene oxide.
It results in the agglomeration in the composite, so that its nanoparticle characteristics
begin to gradually fail. The distribution of coating filler is also negatively affected. The
higher the density of the coating, the stronger the ability of the coating to block the external
medium, the stronger the corrosion resistance. It shows that the appropriate addition of
graphene oxide filler is beneficial to improve the overall performance of the coating.

3.2. Hydrophobicity

The dynamic water contact angle of the coating can reflect the dynamic anti-fouling
performance of the coating. As shown in Figure 3, the dynamic water contact angle changes
in composite coatings with different contents of graphene oxide. Because graphene oxide
is a hydrophilic nanofiller, the dynamic water contact angle of the coating film shows a
decreasing trend with the increase in graphene oxide nanofiller. The reason is that the
presence of hydroxyl groups on the edge and base surface of the graphene oxide sheet
determines its hydrophilicity. Therefore, with the increase in graphene oxide content in the
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modified composite coating, the hydrophilicity of the GO was continuously offset by the
hydrophobicity of the silicone resin. However, in general, the water contact angle of the
composite coating with different graphene oxide contents is greater than 90◦ at 0 s, and the
composite coating has the performance of hydrophobicity at this moment. In the process of
a ship traveling, the marine organisms attached to the surface of the ship can be removed
by relying on the shear force of the seawater to achieve a better dynamic anti-fouling effect.

 

Figure 2. Optical and electron microscope images of cross sections of GO composite coatings with
different contents: (a,f) G0, (b,g) G1, (c,h) G5, (d,i) G10, (e,j) G15.

 
Figure 3. Changes in dynamic water contact Angle of composite coatings with different GO contents.

3.3. Corrosion Resistance

As can be seen from Figure 4a,b, the arc resistance of the composite coating is as
follows: G10 > G15 > G5 > G1 > G0, indicating that the corrosion resistance of the composite
coating increases first and then decreases with the increase in graphene oxide addition.
And G10 has the largest arc resistance radius and the best corrosion resistance. As can be
seen from the microscopic morphology of the coating, the number of pores on the surface
of the coating gradually decreases with the increase in the content of GO. When the content
of GO exceeds 0.1 wt. %, the coating is more easily immersed in the external water, and the
corrosion resistance of the coating decreases. As shown in Figure 4c,d, with the increase
in graphene oxide content, the impedance mode value |Z| in the Bode figure is as high
as 108 and only one time constant appears in the phase angle figure, indicating that the
corrosive medium did not penetrate the coating to have an electrochemical reaction with
the metal substrate. Compared with the waterborne inorganic zinc-rich coating modified by
rGO studied by Jang [13] et al., the coating developed here has better corrosion resistance.
It means that the barrier property of the coating is good. With the increase in graphene
oxide content, the impedance mode value |Z| in the low-frequency region of the coating
firstly increases and then decreases, and the phase angle diagram shifts first to the left and
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then to the right, which is in accordance with the change rule of the Nyquist diagram. The
impedance mode value of the G10 coating is the largest, and the order of magnitude is 108,
which is three orders of magnitude larger than that of G0, indicating that the corrosion
resistance of the coating can be significantly improved by adding an appropriate amount
of graphene oxide to the coating.

Figure 4. Impedance spectra of modified composite coatings with different GO contents: (a) Nyquist
diagram; (b) Nyquist local magnification diagram; (c) impedance modulus |Z| diagram; (d) phase
angle diagram.

By observing the impedance spectrum of the composite coating, it is found that the
coating is a standard charge diffusion. The equivalent circuit diagram of different contents
of graphene oxide coating was obtained from the impedance spectrum, as shown in Figure 5.
The circuit description code is Rs (CPEdlRct), where Rs is the solution resistance. Rct is the
charge transfer resistance, namely the coating resistance. CPEdl is the coating capacitance.

 
Figure 5. Analog equivalent circuit diagram of modified composite coating with different GO contents.

The impedance spectrum was fitted to obtain the equivalent circuit parameter, Table 1,
and the equivalent circuit parameter variation, Figure 6. The increasing capacitance of the
coating is caused by the increasing pseudocapacitance provided by the oxygen-containing
functional groups on the surface of graphene oxide [14]. It can be seen that the coating
resistance first increases and then decreases with the content of GO, reaching the maximum
value when the content is 0.1 wt. %. Although the sheet graphene oxide has a barrier
effect and can delay the penetration of corrosive media, the presence of hydrophilic groups
weakens its anti-corrosion performance. Therefore, when a small amount of graphene oxide
is added, it is easy to evenly disperse and can effectively play a blocking role. However,
with the increase in the addition, the hydrophilicity of the coating is enhanced, resulting
in the agglomeration of the graphene oxide, which leads to the decrease in the coating
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resistance. Therefore, when the amount of GO was 0.15 wt. %, the corrosion resistance
began to decrease. The coating capacitance in electrochemical impedance spectroscopy has
been proved to be a key parameter to measure the water permeability of the coating [15].
The coating capacitance CPEdl increases with the increase in the graphene oxide content,
because CPEdl represents the dielectric property of the coating, and the coating gradually
increases during the process of being gradually permeated by electrolytes [16]. The more
graphene oxide in the coating, the easier the electrolytes in the coating will penetrate into
the coating due to its hydrophilicity, thus increasing the coating capacitance.

Table 1. Equivalent circuit fitting parameters of different contents of graphene oxide-modified
composite coatings.

Content (wt. %) Rs (Ω·cm−2) Error (%) CPEdl (F) Error (%) Rct (Ω·cm−2) Error (%) Goodness of Fit

0 0.00126 2.06 × 107 1.416 × 10−11 1.404 75,910 0.5475 0.00133
0.01 846.6 57.38 1.474 × 10−11 1.647 1.024 × 106 1.16 0.00547
0.05 16,860 23.76 1.546 × 10−11 1.37 1.351 × 107 0.9059 0.00404
0.1 11,140 51.88 1.761 × 10−11 1.823 1.673 × 108 1.987 0.011

0.15 17,080 27.35 2 × 10−11 1.863 3.064 × 107 1.621 0.00909

 
Figure 6. GO equivalent circuit diagram with different content parameter variation diagram: (a) coating
resistance and solution resistance variation diagram, (b) diagram of coating capacitance variation.

3.4. Corrosion Mechanism

The water absorption of the coating has an important impact on the coating/metal
interface, which in turn affects the corrosion resistance of the coating [17]. The corrosion
resistance of organic coatings is not only achieved by resistance inhibition, but also by
the transport of water and corrosive substances. The low permeability of water does not
guarantee the best corrosion resistance, because when osmotic pressure is generated due
to surface contaminants, it may cause the coating to blister. On the contrary, a certain
osmotic pressure is necessary to prevent blistering. The water absorbed in the coating
will affect the coating polymer and cause swelling, which is reflected in the change in
dielectric properties [18], so the water absorption rate of the coating can be combined with
electrochemistry to jointly analyze them. As shown in Figure 7, the water absorption curve
of the composite coating with graphene oxide content of 1 wt. % increases with time. It
can be seen that the water absorption rate of the coating film is fast in the initial stage
of immersion, and then the water absorption rate gradually slows down until it reaches
saturation. When immersed in deionized water for 350 h (≈15 d), the water absorption rate
no longer increases, and the water absorption rate at this time is 18.6%.

EIS has been widely used in the study of coating protection and aging mechanisms.
The resistance of a coating is an important index to evaluate its corrosion resistance, and
the capacitance value can reflect the ability of coating to allow electrolytes to penetrate. In
addition, the corrosion rate of the metal under the coating can be understood by estimating
the reaction resistance [19]. Generally speaking, the arc radius of capacitive reactance in a
Nyquist diagram is inversely proportional to the corrosion rate: the smaller the radius, the
faster the corrosion rate of the coating. Conversely, the larger the radius, the slower the
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corrosion rate [20]. As shown in Figure 8a,b, the arc resistance of the composite coating is
semi-circular, indicating that the electrode process is mainly controlled by charge transfer.
And the effect caused by impedance is negligible. With the extension of soaking time, the arc
radius of the composite coating decreases gradually, and the corrosion resistance weakens
gradually. In the simulated corrosion experiment of seawater for 28 days, no second arc
resistance appeared, indicating that no corrosion products were formed, which confirmed
the excellent corrosion resistance of the composite coating. At the initial stage of immersion,
seawater quickly permeates the coating, enhancing the ion conductivity. It results in a sharp
decrease in the coating resistance and a significant change in the impedance spectrum.
With the extension of soaking time, the penetration rate of seawater slows down, and
the change in coating resistance is gradually stable. The change in capacitance–reactance
spectrum characteristics decreases. When the soaking time exceeds 350 h, the coating
resistance shows a downward trend again, which indicates that corrosion occurs at the
interface between the coating and the metal, resulting in local peeling of the coating [21].
As shown in Figure 8c,d, the impedance mode value of the composite coating in seawater,
|Z|, gradually decreases with the increase in time, and the phase angle curve gradually
shifts to the right with the increase in time, which reflects the continuous decrease in the
coating resistance and the gradual decline of corrosion resistance, whose changing speed is
consistent with that of the Nyquist diagram.

Figure 7. Water absorption of G10 coating—time variation diagram.

 

Figure 8. Variation in the impedance spectrum of the composite coating with seawater immersion
time: (a) Nyquist plot, (b) Nyquist local enlarged image, (c) Bode modulus |Z| diagram, (d) Bode
phase angle diagram.
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Combined with the characteristics of the impedance spectrum, structural character-
istics and existing studies of the composite coating, the equivalent circuit (which is the
same as Figure 5) was used to fit the impedance spectrum of the composite coating soak-
ing process. Meanwhile, the circuit description code of the equivalent circuit diagram is
Rs (CPEdlRct), where Rs stands for solution resistance, Rct stands for coating resistance
(charge transfer resistance), and CPEdl stands for coating capacitance, whose value will
change with the infiltration of a corrosive medium [22]. Table 2 lists the fitting parameters
of the corresponding electrochemical impedance spectrum equivalent circuit diagram for
different immersion periods.

Table 2. The fitting parameters of the equivalent circuit diagram of electrochemical impedance
spectra corresponding to different soaking periods.

Time (Day) Rs (Ω·cm−2) Error (%) CPEdl (F) Error (%) Rct (Ω·cm−2) Error (%) Goodness of Fit

0 5563 25.62 4.104 × 10−11 1.028 9.353 × 107 1.164 3.62 × 10−3

1 4587 19.99 4.426 × 10−11 1.054 1.266 × 106 0.6227 1.72 × 10−3

4 5157 17.16 4.566 × 10−11 1.926 142,000 0.7506 1.34 × 10−3

7 4070 10.42 4.686 × 10−11 1.561 63,960 0.6546 2.196 × 10−4

14 2810 12.09 4.823 × 10−11 1.283 62,420 0.5377 1.562 × 10−4

21 2109 12.94 5.298 × 10−11 2.398 23,670 1.133 4.756 × 10−5

28 3313 20.03 6.327 × 10−11 7.795 17,570 3.72 2.71 × 10−4

Figure 9 shows the variation trend of CPEdl, Rs and Rct in the composite coating
equivalent circuit diagram. At the initial stage of immersion, water permeates the coating
evenly, and the double electric layer capacitance of the coating increases slowly. Before 350 h,
the water absorption in the composite coating gradually reaches saturation. The capacitance
gradually increases, and the increase rate gradually slows down. This corresponds to the
ion transport process inside the composite coating, which is the incubation stage when
the coating substrate begins to corrode. The coating capacitance begins to change greatly,
indicating that the interface between the coating and the substrate at this time is locally
foamed and stripped due to the immersion of the corrosive medium, which leads to a
substantial increase in the coating capacitance, and the coating begins to fail at this time
and the substrate corrosion begins [17]. The coating resistance Rct changes greatly in the
initial stage. The reason is that at the initial stage of composite coating immersion the
penetration of water to the coating can significantly promote the ion conductivity of the
coating, resulting in a large change in the coating resistance after one day and four days of
immersion. After that, the water molecules in the coating gradually approach saturation,
and the ion conductivity changes little, resulting in a small change in the coating resistance.

Figure 9. Variation trend of (a) parameters CPEdl, (b) Rs and Rct in equivalent circuit diagram.

Figure 10 shows the microstructure of composite coating G10 before and after it was
soaked in simulated seawater for 28 days. After soaking, the number of pores in the
composite coating increased, resulting in increased surface roughness of the composite
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coating, and the remaining materials were mainly inorganic fillers with large sheets, because
organic film-forming materials on the surface of the composite coating decomposed under
the action of the seawater. The tiny inorganic fillers were dissolved in the simulated
seawater, resulting in a lot of tiny pores. The water absorption of the composite coating
reached saturation. Due to the existence of these pores in seawater, the seawater filled
these tiny pores, resulting in an increase in the overall ion conductivity of the composite
coating, a decrease in the resistance of the composite coating and a decrease in the corrosion
resistance of the composite coating.

Figure 10. Comparison of the micromorphology of composite coating G10 after 28 days of immersion
in simulated seawater: (a) The original morphology of the coating, the morphology of the coating
after 28 days of immersion in simulated seawater figure (b), and the local enlarged figure (c).

Phase analysis of modified composite coating G10 before and after seawater immersion
is shown in Figure 11. It can be seen that the phase composition of the composite coating
did not change before and after seawater immersion, indicating that no corrosion products
were produced on the surface of the coating. During seawater immersion, the structural
stability of the composite coating was good, and no different phases were produced. The
stable structure of the coating can reduce the dissolution of the internal GO as much
as possible, thus reducing the damage caused by GO to marine life [23]. According to
the above electrochemical impedance spectroscopy analysis, it can also be seen that the
interface between the composite coating and the substrate has just bubbled or spalled, the
corrosion behavior is in the initial stage, and the corrosion products still do not appear on
the surface of the coating.

 
Figure 11. Phase analysis of composite coating G10 before and after 28 d seawater immersion.
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3.5. Failure Mechanism Analysis of Coating

Based on the water absorption, electrochemical impedance spectroscopy, phase analy-
sis and microscopic morphology observation and analysis of the composite coating, the
failure mechanism diagram of the coating in simulated seawater, as shown in Figure 12,
was obtained. At the initial stage of immersion of the composite coating, the corrosive
medium stops on the surface of the coating. At this time, the corrosion resistance of the
coating is the maximum, and the double electric layer capacitance of the composite coating
is the minimum. As the corrosive medium begins to penetrate the composite coating, it
gradually dips into the interior of the coating. In the middle stage of corrosion, the pene-
tration rate of the corrosive medium gradually changes from fast to slow and gradually
tends to saturation. Water molecules in the corrosive medium will affect the polymer and
cause the coating to swell. At this time, the ion conductivity of the composite coating
increases significantly, the resistance of the composite coating decreases sharply, and the
double electric layer capacitance of the composite coating increases slowly until 350 h later.
The corrosive medium in the composite coating reaches saturation, which belongs to the
gestation stage of matrix corrosion. At the end of immersion, local bubbling and spalling
occur at the interface between the composite coating and the substrate. The double electric
layer capacitance increases sharply with the process at the interface between the composite
coating and the substrate, from local spalling to whole spalling, and the coating resistance
gradually decreases. From then on, the corrosion of the substrate begins, and the protective
effect of the coating begins to fail until it completely fails.

Figure 12. Failure mechanism of composite coating G10 coating in simulated seawater. (a) At the initial
stage of immersion; (b) at the middle stage of immersion; (c) at the beginning stage of late immersion.

4. Conclusions

With the enhancement of environmental protection awareness, water-based coatings
will gradually replace traditional oil-based coatings. This paper focuses on the study
of the structure and properties of water-based epoxy-modified silicone coatings, and
the research results provide reference values for the exploration of water-based silicone
coatings. In this paper, graphene oxide as a nanofiller was introduced into the composite
coating for modification, and the performance of the graphene oxide-modified composite
coating was systematically studied. The composite coating with the best comprehensive
performance was obtained when the amount of graphene oxide was 0.1 wt. %, and the
best modified composite coating was immersed in simulated seawater to study its failure
behavior. The filler, different contents of GO, in the modified composite coating is uniformly
distributed, all states are compatible, and the impedance modulus of the coating |Z| can
reach 108 Ω·cm2. The composite coating shows good hydrophobic properties at 0 s water
contact, i.e., an angle greater than 90◦, which also results in a good dynamic anti-fouling
effect. The structure of the composite coating is relatively stable before and after immersion
in seawater. The long-term corrosion rule of the composite coating in simulated seawater
has been deeply studied. Through the data analysis of the test results, the failure process of
the composite coating is rationally explained, and the mechanism diagram of the failure
process is drawn.
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Abstract: In this paper, based on an Fe-based amorphous alloy, four kinds of RGO/Cu/Fe-based
amorphous composite coatings with mass ratios of 5%, 10%, 15%, and 20% of RGO/Cu were
prepared on the surface of 45# steel by using high-velocity oxy-fuel (HVOF) spraying. The coatings
were immersed in simulated seawater at room temperature and at 90 ◦C for different lengths of
time, and their corrosion resistance was tested using electrochemical impedance spectroscopy (EIS),
scanning electron microscopy (SEM), and X-ray diffraction (XRD), and the surface morphology and
phase distribution of the samples were observed. The results showed that with the increase in the
introduction ratio of RGO/Cu, when the addition ratio reached 15%, the composite coating had
the best corrosion resistance. After soaking in simulated seawater at 90 ◦C for 18 days, the surface
of the coating showed slight peeling and crack propagation, but no obvious pitting phenomenon
occurred. The corrosion mechanism of the RGO/Cu/Fe coating in high-temperature seawater is
mainly that high temperature causes the cracking of the coating, which opens up a transport channel
for corrosion media. However, due to the addition of RGO, the corrosion has a certain self-limitation
effect, which is mainly due to the toughening effect of RGO on the coating and its effect on extending
the corrosion channel.

Keywords: Fe-based amorphous composite coating; graphene; high-temperature seawater; corrosion

1. Introduction

As land resources are increasingly depleted, people have turned their attention to
the development of marine resources. Human development of the ocean relies on various
marine equipment. However, in the process of service, marine equipment is subject to
severe corrosion due to the presence of moist, salt-laden air and water vapor in seawater.
Marine engineering equipment such as ships and offshore platforms work under severe
corrosive environments such as salt spray corrosion (caused by solid NaCl and water vapor)
in high-temperature environments, which poses challenges to marine equipment materi-
als [1–3]. Although traditional metal materials have been studied to improve the corrosion
resistance, their protective effect is limited in such harsh marine environments [4–6]. In
order to improve the durability of such equipment, spraying high-performance coatings
has become a common and effective protective method, aiming to form a strong barrier to
isolate the direct erosion of corrosive media and metal substrates [7–10].

Compared with metal alloys, amorphous alloys exhibit remarkable advantages in
terms of the physical, chemical, and mechanical properties, such as the high strength and
hardness, high elastic strain limit, and excellent wear resistance and corrosion resistance.
In 2013, Ye and Shin [11] synthesized Fe–Cr–Mo–W–Mn–C–Si–B metallic glass composite
materials containing a large amount of amorphous phase using the laser direct deposition
method. They found that the microhardness (HV0.2 1591) of the amorphous phase was
significantly higher than that of the crystalline phase (HV0.2 947), and the wear resistance
increased significantly with the increase in the amorphous phase ratio. However, due to
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the limitation of the glass-forming ability (GFA), it is very difficult to fabricate large-scale
BMG workpieces or directly use them as structural materials, which limits the application
of amorphous alloys. Fortunately, amorphous coatings prepared by thermal spraying have
demonstrated their advantages in corrosion resistance [12], showing great potential in
industrial applications. Lin et al. [13] prepared Fe40Cr19Mo18C15B8 Fe-based amorphous
coating on 316 stainless steel using the high-velocity oxy-fuel (HVOF) spraying method.
The experimental results showed that the Fe-based amorphous alloy coating exhibited
a transition behavior of activation, passivation, and overpassivation in seawater and
3.5% NaCl solution. After alternating cold and hot salt-spray corrosion and high-speed
water erosion tests, although the coating surface showed rusting after 12 weeks, its weight
loss was minimal and a stable passive film was formed. This indicates that Fe-based
amorphous alloys have excellent stable passivation and corrosion resistance properties.
Wang et al. [14] prepared Fe-based amorphous coatings on an AISI 1020 steel tube surface
using high-speed laser cladding technology, showing excellent corrosion resistance. The
corrosion potential of this coating was as high as −0.471 V, the corrosion current density
was as low as 2.7 × 10−6 A/cm2, and the polarization resistance value was as high as
22,149 Ω·cm2. These excellent corrosion resistance properties are mainly due to the high
content of amorphous phase (up to 95%) in the coating and the protection of the Cr oxide
layer formed on the surface.

Adding a second phase to Fe-based amorphous alloys is often an effective means
of improving their corrosion resistance. Chu et al. [15,16] prepared TiN/Fe-based amor-
phous composite coatings and AT13/Fe-based amorphous composite coatings through
plasma-spraying technology. From the morphology point of view, the typical layered
structure of the thermal spray coatings and the close combination of the two phases in these
two composite coatings have no obvious structural defects, and they have good corrosion
resistance and wear resistance.

In recent years, graphene, as a new emerging material, has attracted worldwide at-
tention for its unique properties and wide application prospects. In the field of corrosion
protection, graphene is a cutting-edge material that can be used as a nano-filler reinforce-
ment material to enhance its anti-corrosion performance [17,18]. Various research results
reveal that the effectiveness of graphene in preventing corrosion is mainly attributed to its
unique “maze effect” [19–21]. When corrosive media attempt to penetrate the graphene
structure, its intricate layout makes the diffusion path of the corrosive media extremely tor-
tuous and difficult. In addition, graphene can significantly fill the tiny pores in composite
coatings, thereby reducing the porosity of the coating and enhancing its compactness [22].
Moreover, graphene is also known for its excellent mechanical properties. Introducing
graphene as an additive into composite coatings can greatly improve the wear resistance
and other mechanical properties of the coating [23,24].

In fact, the corrosion damage of high-temperature seawater to materials is more severe.
For marine equipment that must operate in high-temperature environments, they need to
be exposed to high-temperature seawater for long periods, such as tens or even hundreds
of degrees Celsius. For example, the service environment of the armor layer of submarine
oil and gas pipelines is generally between 20 ◦C and 130 ◦C [25]. Such extreme conditions
can easily lead to equipment failure due to corrosion, so there are extremely stringent
requirements for its corrosion resistance.

There have been a lot of studies on the corrosion resistance of Fe-based amorphous
coatings in ambient seawater [13–16], but there are few research articles on the high-
temperature seawater corrosion resistance of Fe-based amorphous coatings. For the high-
temperature corrosion resistance of Fe-based amorphous coatings, some scholars believe
that high temperatures affect the formation of passive films [26], while other scholars’
research has proved the negative impact of high temperatures on metal passive films [27,28].
The working conditions of marine equipment are complex, and a large number of corrosion
studies focused on ambient seawater cannot meet the service needs of certain special
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equipment, so it is very important to study the corrosion behavior of Fe-based amorphous
coatings in high-temperature seawater.

In this study, Fe-based amorphous composite coatings of reduced graphene oxide
(RGO)/copper (Cu) were prepared using plasma-spraying technology. The Fe-based amor-
phous composite coating containing 15% RGO/Cu was immersed in simulated seawater at
90 degrees Celsius for up to 18 days. Its resistance to high-temperature seawater corrosion
was comprehensively evaluated and the protective mechanism of the coating was reviewed.

2. Experimental Materials and Methods

2.1. Preparation of the Coating

GO/Cu composite powder was prepared by the gas-atomizing drying method, in
which the mass ratio of GO to Cu was 1:9. Then, the GO in the GO/Cu composite powder
was reduced by the thermal reduction method to obtain RGO/Cu composite powder. The
Cu powder and Fe-based amorphous powder required for this experiment were purchased
from Shanghai Naio Nanotechnology Co., Ltd. (Shanghai, China). The purity of the Cu
powder was 99.9%, and the particle size was 1 μm. The chemical formula of the Fe-based
amorphous composite powder was Fe45Cr16Mo16C18B5, with a particle size ranging from
15 μm to 45 μm. The GO was purchased from Suzhou Carbon Feng Technology Co., Ltd.
(Suzhou, China), with a layer count of 1–2 and a purity of over 98%. The sheet diameter
ranged from 0.2 μm to 10 μm. The mechanical mixing of the Fe45Cr16Mo16C18B5 amorphous
powder with m (RGO/Cu mass accounting for 5%, 10%, 15%, and 20% of the total) resulted
in RGO/Cu/Fe-based amorphous composite powder. Finally, an RGO/Cu/Fe-based
amorphous composite coating was prepared on the surface of 45# steel (0.45 wt.% C) with
a size of 10 mm × 10 mm × 12 mm by plasma spraying. The powder used for spraying is
shown in Figure 1, and the plasma spraying parameters are shown in Table 1 [29].

 
Figure 1. RGO/Cu/Fe-based amorphous composite powder: mixed powder (a); and single RGO/Cu
particle (b).

Table 1. Spraying process parameters.

Process Parameters RGO/Cu/Fe-Based Amorphous Composite Coating

Arc voltage (V) 70
Arc current (A) 500

Gun distance (mm) 100
Movement speed of spray gun (m/min) 5–7

Argon flow rate (dm3/min) 30
Nitrogen flow rate (dm3/min) 120

Coating thickness (μm) 300
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In order to confirm the introduction of graphene, Raman spectroscopy (as shown in
Figure 2a), a conventional method for characterizing graphene, and infrared spectroscopy
(as shown in Figure 2b) were used for the composite powder. It can be calculated from
the Raman spectrum that the ID/IG value of RGO/Cu was 1.14, and the ID/IG value of
GO/Cu was 1.10. After the thermal reduction of the powder, the ID/IG value increased
slightly, indicating a slight increase in disorder. The content of various oxygen-containing
functional groups is shown in Figure 2b. It can be seen that at 3440 cm−1, 1630 cm−1,
1400 cm−1, and 1060 cm−1, oxygen-containing functional groups corresponding to -OH,
C=O, C–OH, and C–O–C appeared, respectively. Moreover, the intensity of the oxygen-
containing functional groups of the reduced RGO/Cu composite powder decreased, indi-
cating the presence of GO, and GO forms RGO through reduction.

Figure 2. Raman spectrum of the composite powder (a); and infrared spectrum (b).

2.2. Experimental Route

In this paper, firstly, potentiodynamic polarization curve scanning was conducted on
the coatings with different RGO/Cu addition ratios after being immersed in simulated
seawater at room temperature for 30 days. The long-term corrosion performance of the
four coatings in simulated seawater at room temperature was compared, and the optimal
RGO/Cu addition ratio was obtained. Based on this optimal ratio coating, it was immersed
in simulated seawater at 90 degrees Celsius for 18 days, and its high-temperature corrosion
performance was tested. A series of characterizations were performed on its microstructure,
phase, etc. The simulated seawater composition is shown in Table 2 [15].

Table 2. Artificial seawater formula (g/L).

NaCl MgCl2 Na2SO4 CaCl2 KCl SrCl2 NaHCO3 KBr H3BO3 NaF

24.530 5.200 4.090 1.160 0.695 0.025 0.201 0.101 0.027 0.003

2.3. Coating Performance Testing Method

The electrochemical workstation interface 1010E produced by Gamry was used. Dur-
ing the test, a three-electrode system was used, with the coating sample as the working
electrode, the saturated calomel electrode as the reference electrode, and the platinum sheet
electrode as the counter electrode. Before performing the potentiodynamic polarization
curve scan and electrochemical impedance spectroscopy (EIS) experiments, the coating
was polished and buffed until it was in a mirror state, and it was then encapsulated with
epoxy resin, leaving only a 1 cm2 surface to be tested. The measurement of the potentiody-
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namic polarization curve was performed after the open circuit potential (EOCP) stabilized,
with a scan rate of 1 mV/s and a scan range set at EOCP ± 500 mV. The test frequency
of the electrochemical impedance spectroscopy ranged from 100,000 Hz to 0.1 Hz, with
an additional sine wave AC perturbation frequency of 5 mV. The coating was subjected
to polarization curve and EIS tests after being immersed in high-temperature simulated
seawater for 0 day, 1 day, 4 days, 7 days, and 18 days. Each set of samples was tested
three times and averaged to avoid accidental errors. After the testing was completed, data
analysis was performed using Gamry Echem Analyst software (version 7.0.0.7). For each
sample, the potentiodynamic polarization curve test was conducted after the EIS test.

For the composite coatings with different soaking times, scanning electron microscopy
(SEM, S4800, Hitachi, Tokyo, Japan) was used to observe the surface morphology of the
coatings. For the composite coatings soaked for 18 days, energy dispersive spectrometer
(EDS) was used to analyze the elemental distribution of the coating surface, and X-ray
diffraction (XRD, Bruker D8 Focus, Billerica, MA, USA) and X-ray photoelectron spec-
troscopy (XPS, Thermo Scientific K-Alpha, Thermo Fisher Scientific, Waltham, MA, USA)
were used to analyze the phase composition of the coating surface. In the XRD test, the
specific scanning angle was 20◦–80◦, and the scanning speed was 2◦/min. In the XPS test,
the fine spectra of the Cu and Fe elements were tested.

3. Results

3.1. Characterization of RGO/Cu/Fe-Based Amorphous Composite Coating

The surface morphology of the composite coatings with different RGO/Cu addition
ratios was observed, as shown in Figure 3. As the RGO/Cu ratio increases, the dark-colored
portion of the coating surface increases and is more evenly distributed. At the same time, it
was observed that all four coating surfaces have a certain porosity, which increases with
the increase in the RGO introduction ratio. This may be due to the fact that during plasma
spraying, due to the high melting point of RGO, some RGO is not completely melted but is
deposited on the substrate surface in a solid form, resulting in an increase in surface defects.

 

Figure 3. Surface morphology of composite coatings with different RGO/Cu addition ratios:
5% RGO/Cu/Fe-based coating (a); 10% RGO/Cu/Fe-based coating (b); 15% RGO/Cu/Fe-based
coating (c); and 20% RGO/Cu/Fe-based coating (d).
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Figure 4 shows the XRD scan results of the RGO/Cu/Fe-based amorphous composite
coating after thermal spraying and polishing. It can be seen that the coating forms a typical
amorphous diffraction peak, with a relatively high degree of amorphization. The signal
peak of Cu is relatively strong. Figure 5 shows the EDS scanning results of the composite
coating. The main elements are evenly distributed, and the Cu element has not been
agglomerated seriously in a few areas.

Figure 4. XRD scanning results of RGO/Cu/Fe-based amorphous composite coating.

Figure 5. EDS results of composite coating.

3.2. Analysis of Potentiodynamic Polarization Curve

In this experiment, the content of the powder accounted for 5%, 10%, 15%, and 20% of
the total mass of the powder and was named G1/Cu1, G2/Cu2, G3/Cu3, and G4/Cu4,
respectively. The potentiodynamic polarization curves of the four composite coatings
without immersion are shown in Figure 6a, and the fitting results (as shown in Table 3)
indicate that the G3/Cu3 group has the highest self-corrosion potential (−371.3 mV) and
the lowest self-corrosion current density (2.22 μA·cm2). After soaking these four composite
coatings in simulated seawater at room temperature for 30 days, their potentiodynamic
polarization curves were measured (as shown in Figure 6b). The fitting results of the
potentiodynamic polarization curves of the four coatings are shown in Table 4. It can be seen
that after 30 days of immersion, the G3/Cu3 composite coating has the highest corrosion
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potential (−557.8 mV) and the smallest self-corrosion current density (12.04 μA·cm2). It
is also found that as the content of RGO/Cu composite powder increases, the corrosion
resistance of the coating shows a trend of increasing firstly and then decreasing. Compared
with the G3/Cu3 composite coating, the corrosion resistance of the G4/Cu4 composite
coating decreases. Considering the influence of porosity on the performance of the coating,
as well as the high melting point of RGO, this may be due to the high content of RGO
addition causing the thermal spray powder to not melt well, resulting in an increase in
porosity in the coating, which in turn affects its corrosion resistance.

Figure 6. Polarization curves of composite coatings with different proportions of added phases after
soaking in simulated seawater for 0 day (a) and 30 days (b).

Table 3. Fitting results of dynamic potential polarization curves for composite coatings with different
components (soaking in artificial seawater for 0 day).

Samples Ecorr (mV) icorr (μA·cm−2) CorrRate (mpy)

G1/Cu1/Fe-based
amorphous coating −449.9 5.22 1.95

G2/Cu2/Fe-based
amorphous coating −387.5 2.23 0.83

G3/Cu3/Fe-based
amorphous coating −371.3 2.22 0.83

G4/Cu4/Fe-based
amorphous coating −469.9 8.36 3.13

Table 4. Fitting results of dynamic potential polarization curves for composite coatings with different
components (soaking in artificial seawater for 30 days).

Samples Ecorr (mV) icorr (μA·cm−2) CorrRate (mpy)

G1/Cu1/Fe-based
amorphous coating −686.7 18.95 8.66

G2/Cu2/Fe-based
amorphous coating −593.8 16.00 7.30

G3/Cu3/Fe-based
amorphous coating −557.8 12.04 5.50

G4/Cu4/Fe-based
amorphous coating −638.2 15.33 7.00

Fe-based amorphous
coating −746.5 25.58 11.69
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Given that the 15% RGO/Cu/Fe-based amorphous composite coating shows the
best corrosion resistance among the four coatings, a high-temperature simulated seawater
corrosion experiment was conducted using this coating. The potentiodynamic polarization
curves of the 15% RGO/Cu/Fe-based amorphous composite coating immersed in simulated
seawater at 90 ◦C for different days are shown in Figure 7. Meanwhile, the Tafel fitting
data of the polarization curves are given in Table 5. It is shown that during the first day
of corrosion, the self-corrosion potential of the coating slightly increases, while the self-
corrosion current density decreases. At the same time, there is also a significant passivation
plateau on both polarization curves, indicating that the coating improves its own corrosion
resistance at the beginning stage of the corrosion process. Until the 18th day of immersion,
the self-corrosion potential of the coating shows a downward trend, while the magnitude
of the self-corrosion current also shows an upward trend, indicating that after the initial
stage of corrosion, the corrosion resistance of the coating continues to decrease.

Figure 7. Dynamic potential polarization curve of RGO/Cu/Fe-based amorphous composite coating
after soaking in simulated seawater at 90 ◦C for different days.

Table 5. Tafel fitting results after soaking in simulated seawater at 90 ◦C for different days.

Samples Ecorr (mV) icorr (μA·cm−2) CorrRate (mpy)

0D −457.2 7.65 3.50
1D −368.2 7.41 3.39
4D −579.8 10.19 4.66
7D −772.6 21.64 9.89

18D −816.7 20.12 9.19

The reason for the increase in corrosion resistance at the beginning of corrosion may be
that at the beginning of corrosion, the effect of high temperature on the composite coating
is not yet obvious. At the same time, the composite coating undergoes simulated seawater
corrosion, and corrosion products are generated at the pores of the coating, forming a
passive film on the surface of the coating, blocking the pores, reducing the passage of
corrosion media into the interior of the coating through pores and other defects, playing a
protective role for the substrate, and reducing the corrosion efficiency of the coating. As
the immersion time increases, the coating gradually shows pitting corrosion or even cracks
under the influence of high temperature. At this time, the protective effect of the passive
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film on the coating begins to weaken until disappearing, resulting in a decrease in the
self-corrosion potential and an increase in the self-corrosion current density.

3.3. Electrochemical Impedance Spectroscopy Analysis

In order to further investigate the corrosion behavior of the composite coatings in
high-temperature seawater, electrochemical impedance spectroscopy was performed on
RGO/Cu/Fe-based composite coatings immersed in simulated seawater at 90 ◦C for
different days. Figure 8 shows the Nyquist and Bode plots of the composite coating. From
the Nyquist plot, it can be seen that the size of the capacitive arc of the coating after
immersion for different days is ranked as follows: 1 D > 0 D > 4 D > 7 D > 18 D. The radius
of the capacitive arc increases on day 1, and then the radius of the capacitive arc shows a
continuous shrinking trend, indicating that the coating has a passivation phenomenon on
the first day, and its corrosion resistance increases in the initial stage of corrosion, but then
rapidly decreases, which is also consistent with the trend of changes in the self-corrosion
potential and self-corrosion current in the polarization curve.

Figure 8. 15% RGO/Cu/Fe-based amorphous composite coating soaked in 90 ◦C simulated seawater
for different days: Nyquist plot (a,b) and Bode diagram (c,d).

Figure 8c,d show the relationship between the scanning frequency and the impedance
mode value and phase angle. As shown in Figure 8d, within the scanning frequency range,
there is a peak on the frequency–phase angle diagram for 0 D and 1 D, which represents
a time constant. However, for 4 D and 7 D, there is a trend of a second time constant
appearing in the high-frequency range. The number of time constants is closely related
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to the corrosion behavior. The first time constant represents the nature of the coating,
such as passivation, while the emergence of the second time constant often indicates the
failure of the coating. Combined with the Nyquist diagram, it can be seen that the coating
maintains a passive state during the initial soaking period. After the initial period, the
coating begins to exhibit surface defects, which continuously reduce its protective ability. In
the frequency–phase angle diagram, it appears that a low-frequency time constant appears
on the 18th day for the coating in the mid-frequency range, which may indicate that some
significant defects appear on the coating surface at later stages of high-temperature erosion.

The fitting results of the composite coating circuit after soaking in high-temperature
seawater for different days are shown in Figure 9, and the fitting data of each component
are shown in Table 6. The circuit codes of the three circuits are Rs(CPEf(Rf(CPEdlRct))),
Rs(CPEfRf)(CPEdlRct), and Rs(CPEf(Rf(CPEdlRct)))W. It can be seen that Rct shows a trend
of first rising and then falling, with its value reaching the highest at 1 D. This may be
due to the intense corrosion process, where the corrosion products continue to precipitate,
providing a certain degree of protection to the coating, and then start to drop sharply, which
may be due to the stress cracking of the coating due to high-temperature heating at this time.
The Warburg impedance appearing in the later fitting circuit may also be due to this reason.
Until day 7, the Rct value on day 18 is basically the same as that on day 7 due to a balance
between corrosion cracking and corrosion products clogging the cracks, at which point
the coating still has a certain degree of protection. Rf shows an unstable fluctuation trend,
which should be related to the formation and dissolution of surface corrosion products. In
this fitting circuit, CPEf represents the coating capacitance, which is related to the coating
thickness, surface roughness, and degree of corrosion. Generally speaking, the thicker
the coating, the lighter the degree of corrosion and the higher the value. In this fitting
result, the value shows a trend of first increasing, then decreasing, and then increasing
again. Combined with the fitting results of the potentiodynamic polarization curve and
SEM results, this may also reflect the changing trend of the degree of corrosion on the
coating surface. CPEdl represents the double-layer capacitance, which is related to the
charging and discharging ability of the matrix-coating electric double-layer capacitance
and the electrolyte ion concentration. In this fitting result, the value changes in a trend of
first increasing and then decreasing, which reflects the process of accumulation–dissolution
of corrosion products on the coating surface.

Figure 9. RGO/Cu/Fe-based composite coating circuit fitting results after soaking in simulated
seawater at 90 ◦C for different days: 1 D (a); 0 D and 4 D (b); 7 D and 18 D (c).
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Table 6. Fitting results of various components.

Immersion Time Rs (Ω·cm2) CPEf (s-secn) Rf (Ω·cm2) CPEdl (s-secn) Rct(Ω·cm2) Chi-Squared

0D 6.18 × 100 1.46 × 10−3 6.41 × 101 2.36 × 10−3 6.36 × 102 3.35 × 10−4

1D 7.25 × 100 1.48 × 10−3 8.48 × 101 3.95 × 10−3 8.04 × 102 6.10 × 10−5

4D 8.50 × 100 3.44 × 10−3 1.81 × 101 3.80 × 10−3 3.68 × 102 8.18 × 10−4

7D 1.07 × 100 2.56 × 10−4 8.53 × 100 4.10 × 10−3 1.18 × 102 4.19 × 10−4

18D 7.87 × 100 3.25 × 10−3 3.50 × 100 2.86 × 10−3 1.02 × 102 2.87 × 10−4

3.4. Surface Morphology Analysis

To further investigate the performance of the RGO/Cu/Fe-based amorphous coating
in high-temperature corrosive environments, the surface of the coating after soaking for
different days was carefully observed. The observation results are shown in Figure 10. At
the beginning of the soaking period, on the first day, the surface of the coating is smooth,
with only a small amount of flaky corrosion products scattered on it. However, as the
soaking time extended, from the fourth day onwards, the number of corrosion products
shows a significant increase trend. Under high magnification, it can be clearly observed
that small cracks have begun to appear on the surface of the coating, which is caused by
the coating cracking phenomenon in high-temperature environments, indicating that the
protective ability of the coating has begun to decrease. By the seventh day, the increase
in corrosion products and the expansion of cracks are more evident, and the protective
performance of the coating is further weakened. When the soaking time reached the
18th day, the corrosion condition on the surface of the coating did not change significantly,
except for a slight increase in the number of corrosion products and cracks. This series of
observation results indicate that in high-temperature corrosive environments, the protective
ability of the RGO/Cu/Fe-based amorphous coating gradually decreases over time, but
after prolonged soaking, the corrosion and self-healing abilities of the coating can reach a
balance, preventing further corrosion of the coating.

 
Figure 10. Surface morphology of RGO/Cu/Fe-based amorphous coatings soaked in simulated
seawater for different days: 1 D (a), 4 D (b), 7 D (c), and 18 D (d).
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In order to observe the damage degree of the coating surface more intuitively, the
RGO/Cu/Fe-based composite coating immersed in high-temperature simulated seawater
for different days was observed, as shown in Figure 11. Compared to the pitting failure
mode in normal-temperature seawater, the failure mode of the coating in high-temperature
seawater is mainly cracking and surface peeling. Except for the good surface morphology
of the coating on the first day, from the fourth day onwards, small cracks and small areas
of peeling begin to appear on the coating surface. At this point, the protective effect of
the coating begins to decrease gradually. The appearance of cracks creates conditions for
corrosion agents to penetrate the interior of the coating, forming micro-battery structures
locally and accelerating further corrosion of the coating. As the corrosion process progresses,
from the seventh day onwards, the cracks gradually increase and expand, while the degree
of peeling increases. At this point, the protective effect of the coating is relatively low,
and until the eighteenth day, the degree of crack expansion and surface peeling does
not significantly deteriorate, indicating that the failure process of the coating is close
to completion. This is consistent with the results of the electrochemical experiments,
which show that the coatings will undergo a passive state during the initial stage of high-
temperature corrosion, then lose their protective effect and finally tend toward a stable
corrosion stage. Meanwhile, Figure 12 shows the surface roughness of the coating before
and after high-temperature seawater corrosion. As shown in Figure 12b,d, it can be seen
that after 18 days of high-temperature seawater corrosion, the surface roughness of the
coating increases, reflecting the damage to the coating surface caused by high-temperature
corrosion and the accumulation of corrosion products.

Figure 11. Surface morphology of RGO/Cu/Fe-based amorphous coatings after soaking in simulated
seawater for different days and removing corrosion products: 1 D (a), 4 D (b), 7 D (c), and 18 D (d).
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Figure 12. Schematic diagram of the surface roughness of the coating after different days of corrosion:
surface morphology (a) and roughness (b) after 18 days of corrosion; and surface morphology (c) and
roughness (d) after 0 days of corrosion.

To determine the distribution of elements on the surface of the coating after high-
temperature corrosion, an EDS scan was performed on its surface, as shown in Figure 13.
Through observation, it is seen that the coating surface has peeled off after 18 days, and
as the surface coating peels off, the metal elements also escape, which causes microscopic
galvanic corrosion. The coating defects also occur in the initial pitting or cracks and
gradually expand, slowly reducing the protective ability of the coating.

Figure 13. EDS image of RGO/Cu/Fe-based amorphous composite coating after immersion in
high-temperature seawater for 18 days.
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3.5. Phase Analysis of Corrosion Products

To further investigate the high-temperature seawater corrosion behavior of the com-
posite coatings, XRD scanning was performed on the surface of the coating immersed in
high-temperature simulated seawater for 18 days to determine the corrosion products gen-
erated on its surface. The XRD scanning results are shown in Figure 14. It can be seen that
after prolonged immersion, the main corrosion product is Fe3O4, accompanied by a small
amount of CuO and FeO(OH). Similar to the corrosion products in normal-temperature
seawater, some Fe3O4 is generated. It is worth noting that the bimetallic interface exhibits
special properties in catalytic reactions. Some studies have shown that reactive metal oxides
are formed through surface recombination in bimetallic nanoparticles [30–32], demonstrat-
ing the interaction between metals, which may include electron transfer, synergistic effects,
etc., which may affect the oxidation tendency of the interface, making one of the metals
in the bimetallic interface more susceptible to oxidation. Some scholars have studied the
role of SiO2-supported AuCu nanocatalysts in CO oxidation reactions [33]. The study
showed that under CO and O2 oxidation conditions, the surface of oxygen-pretreated
AuCu nanoparticles undergoes atomic recombination, in which Cu2O forms clusters of
CuO. The XRD scanning results for the coating also show the formation of metal oxides
such as CuO and Fe3O4, which may indicate that the formation of corrosion products in
the composite coating is related to this bimetallic interface.

Figure 14. XRD scan results of 15% RGO/Cu/Fe-based amorphous coating soaked in high-
temperature simulated seawater for 18 days.

To further confirm the formation of corrosion products on the surface of the coating,
XPS scanning was performed on the surface of the composite coating after soaking in
high-temperature simulated seawater for 18 days. The scanning results concerning the
Cu and Fe elements are shown in Figure 15a,b, respectively. In the scanning result for the
Fe-2p orbital, there are three valencies of the Fe element: 0 valency, 2 valency, and 3 valency.
It can clearly be seen that the peak area of the 2-valent Fe is the largest, followed by the
3-valent Fe, and the peak area of the 0-valent Fe is very small. The curve only shows a
small fluctuation near 714 eV, and satellite peaks of 2-valent Fe and 3-valent Fe appear in
the curve, confirming the reliability of the scanning results. Combined with the XRD phase
results, there are phases of Fe3O4 and Fe on the surface of the coating, and the valencies in
the compound can correspond to this scanning result.
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Figure 15. XPS scan results of composite coatings soaked in high-temperature simulated seawater for
18 days. Fe-2p (a); Cu-2p (b).

A large area of Cu2+ peaks and a small area of Cu+ peaks appears on the Cu-2p orbital.
After a period of high-temperature corrosion, the Cu element is oxidized. Combined with
the XRD scanning results, there is a certain amount of CuO in the phase, and the XRD peak
intensity also corresponds to the peak area in the XPS results. The satellite peaks of CuO
are also shown in the XPS diagram, which confirms the reliability of the test results.

4. Discussion

In order to further reveal the corrosion mechanism of RGO/Cu/Fe-based amorphous
composite coatings, a schematic diagram is shown in Figure 16. During the spraying
process, it is inevitable that some pores will appear in the single Fe-based amorphous
coating, even if the spraying quality of the coating is excellent. Pitting defects are prone
to occur and expand at the pores. In high-temperature seawater, the difference in thermal
expansion coefficients between different phases can easily lead to the expansion and
cracking of the coating, resulting in the corrosion medium reaching the coating–substrate
interface through defects [34]. Copper in the composite coating is beneficial for sealing
the pores generated by thermal spraying, reducing the stress concentration at the pores,
and reducing the occurrence of pitting corrosion. This may be why there are few pitting
corrosion defects on the surface of the coating after removing the corrosion products in the
SEM images. Graphene can increase the toughness of the coating and hinder the generation
of cracks during exposure to high-temperature environments [35]. At the same time, due to
its “maze effect”, the corrosion medium is difficult to penetrate through graphene to reach
the substrate, which is beneficial for forming a physical barrier, extending the corrosion
channel, and prolonging the service life of the coating.

In high-temperature seawater, the following chemical reactions mainly occur on the
surface of the coating:

4Fe + 3O2 + 2H2O = 4FeO(OH) (1)

2Fe + O2 + 2H2O = 2Fe(OH)2 (2)

4Fe(OH)2 + O2 + 2H2O = 4Fe(OH)3 (3)

2Fe(OH)3 → Fe2O3 + 3H2O (4)

2Fe2O3 + 2Fe + O2 = 2Fe3O4 (5)
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2Cu + O2 + 2H2O → 2Cu(OH)2 (6)

Cu(OH)2 → CuO + H2O (7)

In high-temperature seawater, the high temperature accelerates the dissolution of the
corrosion product films Fe(OH)2 and Cu(OH)2, resulting in the formation of more Fe3O4
and CuO on the coating surface, which is also consistent with the phase analysis results.

Figure 16. Schematic diagram of the corrosion behavior of RGO/Cu/Fe-based amorphous composite
coating in high-temperature seawater.

5. Conclusions

This paper studies the corrosion behavior of RGO/Cu/Fe-based amorphous composite
coatings under simulated seawater at 90 ◦C, and reaches the following conclusions:

(1) With the increase in the proportion of RGO/Cu introduced, the corrosion resistance
of the coating increases firstly and then decreases, with the best result occurring at a
doping ratio of 15 wt.%.

(2) The main failure modes of Fe-based amorphous composite coatings under high-
temperature seawater are coating cracking and peeling, with limited pitting corrosion.

(3) The introduction of RGO can effectively increase the toughness of the coating, im-
prove its mechanical properties, and help to suppress the propagation of cracks at
high temperatures.

(4) In high-temperature seawater, the corrosion products on the coating will block cracks
and pores, and the corrosion rate will decrease after reaching a maximum value, as
a result of the balance between the corrosion and the blocking effect of the corro-
sion products.

Author Contributions: Formal analysis, Z.C., W.T. and J.X.; Investigation, Z.C.; Writing—original
draft, Z.C. and Y.Z.; Writing—review & editing, Z.C. and Y.X. All authors have read and agreed to
the published version of the manuscript.

Funding: This research was funded by the National Nature Science Foundation of China (No.
51872072) and by special funding for the development of science and technology of Shanghai Ocean
University (No. A2-0203-00-100231 and A2-2006-00-200371).

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: Data are contained within the article.

111



Coatings 2024, 14, 556

Conflicts of Interest: The authors declare no conflict of interest.

112



Coatings 2024, 14, 556

References

1. An, Y.; Hou, G.; Chen, J.; Zhao, X.; Liu, G.; Zhou, H.; Chen, J. Microstructure and tribological properties of iron-based metallic
glass coatings prepared by atmospheric plasma spraying. Vacuum 2014, 107, 132–140. [CrossRef]

2. Cui, S.; Zhai, H.; Tong, W.; Li, W.; Li, X.; Fan, X.; Xiong, D. Effect of hydration reaction on the wear behavior of Fe-based
amorphous coating in different wear conditions. J. Non-Cryst. Solids 2023, 602, 122093. [CrossRef]

3. Li, X.; Zhai, H.; Li, W.; Cui, S.; Ning, W.; Qiu, X. Dry sliding wear behaviors of Fe-based amorphous metallic coating synthesized
by d-gun spray. J. Non-Cryst. Solids 2020, 537, 120018. [CrossRef]

4. Al-Abboodi, H.; Fan, H.; Mhmood, I.A.; Al-Bahrani, M. The dry sliding wear rate of a Fe-based amorphous coating prepared on
mild steel by HVOF thermal spraying. J. Mater. Res. Technol. 2022, 18, 1682–1691. [CrossRef]
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Abstract: Selective laser melting (SLM) technology used for the design and production of porous
implants can successfully address the issues of stress shielding and aseptic loosening associated with
the use of solid implants in the human body. In this paper, orthogonal experiments were used to
optimize the process parameters for SLM molding of Ti-6Al-4V (TC4) material to investigate the
effects of the process parameters on the densities, microscopic morphology, and roughness, and
to determine the optimal process parameters using the roughness as a judging criterion. Based on
the optimized process parameters, the mechanical properties of SLM-formed TC4 alloy specimens
are investigated experimentally in this paper. The main conclusions are as follows: the optimal
combination of roughness is obtained by polar analysis, the microhardness of SLM-molded TC4
alloy molded specimens is more uniform, the microhardness of specimens on the side and the front
as well as the abrasion resistance is higher than that of casting specimens, the yield strength and
tensile strength of specimens is higher than that of ASTM F136 standard and casting standard but
the elongation is not as good as that of the standard, and the elasticity and compressive strength
of porous specimens are higher than that of casting specimens at different volume fractions. The
modulus of elasticity and compressive strength are within the range of human skeletal requirements.
This work makes it possible to fabricate high-performance porous femoral joint implants from TC4
alloy SLM-molded materials.

Keywords: process parameters; SLM; TC4; femoral implant; molding performance; mechanical performance

1. Introduction

In today’s medical field, most of the solid metal implants used are prone to aseptic
loosening, leading to a decrease in the service life of the implant [1–4]. It is possible to
design the implant surface or all of it as a porous structure, but conventional manufacturing
techniques are not able to achieve complex porous structures [5,6]. Selective laser melting
(SLM) technology can achieve the molding of almost any complex structural parts with
good mechanical properties and high molding accuracy. In terms of implant molding, the
molding performance of SLM technology has met the requirements, but the performance of
SLM-molded parts needs further research [7]. Titanium alloy material has been widely used
in the field of bone implants such as in artificial scaffolds and artificial joints and dentures
because its elastic modulus is close to that of autologous bone [8,9]. Powder material
properties play an important role in the SLM forming process and the density of the formed
parts and good powder properties are the basic guarantee of SLM forming technology.

Elshaer et al. [10] and Sangali et al. [11] investigated the corrosion properties of Ti-6Al-
4V alloys fabricated by casting and SLM methods in 0.9% NaCl, respectively, in which the
corrosion rate was 0.000171 mm/yr in case of casting, and corrosion products appeared on
the surface of the samples in the case of SLM, and corrosion became more pronounced the
faster the scanning speed. A lot of research has been conducted on cast Ti-6Al-4V. Feng
et al. [12], Zhu et al. [13], Lee et al. [14], and Wen et al. [15] have determined the mechanical
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properties of Ti-6Al-4V cast alloys and the mechanical properties of Ti-6Al-4V casting
alloys in terms of the machining conditions, the addition of Ti-TiB2 nanoparticles, vacuum
centrifugation, Ni sandwich method from a single point of view, and the mechanical
properties of Ti-6Al-4V casting alloys and the mechanical properties of Ti-6Al-4V casting
alloys from a single point of view, in addition to 4V casting alloy’s mechanical properties
as well as strength. In addition, some scholars have also investigated the properties of
Ti-6Al-4V alloys made by the SLM method: Banu et al. [16] investigated the chemical
properties of SLM Ti alloys in a lactic acid environment and observed that the corrosion
resistance rate of Ti alloys by the SLM method was lower than that of wrought alloys;
Cheng et al. [17] investigated Ti alloys with 0.3 wt.% Zn additions, and concluded they
had better impact toughness and stable high-temperature tensile mechanical properties;
Ben-Hamu et al. [18] investigated the corrosion resistance of Ti-6Al-4V in 0.9 M NaCl
solution under EBM and SLM fabrication methods, and the results show that the corrosion
resistance of SLM method Ti-6Al-4V alloys is slightly superior to that of the EBM method
Ti-6Al-4V in both the XY and XZ planes. In recent years, the corrosion resistance of the SLM
method Ti-6Al-4V alloys for medical articles has also been studied: Tamaddon et al. [19],
Mondal et al. [20], and Kutsukake et al. [21] investigated the performance of SLM method
Ti alloys in the field of implants, and initially confirmed that SLM method Ti-6Al-4V alloys
have a certain development potential in the field of medical implants.

To summarize, the difficulty is in utilizing the important properties of the good
biocompatibility and structural or mechanical compatibility of titanium, and the excessive
densification of the SLM method may cause problems such as stress shielding or aseptic
loosening of the implant, and the current research lacks an analysis of the properties of
the SLM method in making multi-hollow femoral implants out of Ti-6Al-4V alloys; in
particular, the topography of the material properties of the SLM method Ti-6Al-4V alloys.

The main objective of this study was to investigate the obtaining of high-performance
porous femoral implants from TC4 alloy SLM-molded materials. Firstly, the best process
parameters for SLM forming of Ti-6Al-4V materials were optimized by orthogonal test, and
the best process parameters based on roughness evaluation criteria were determined. Then,
based on the optimized process parameters, the microstructure, microhardness, tensile
properties, compressive properties, and friction and wear properties of the SLM-molded
specimens were systematically analyzed, and it was discovered that the microhardness,
yield strength, tensile strength, and wear resistance of the TC4 alloy SLM-molded spec-
imens were better than those of the casting specimens, but the elongation at break was
slightly lower than that of the ASTM F136 standard [22]. The feasibility of molding porous
femoral implants with SLM TC4 alloys was verified. This study lays the foundation for the
application of high-performance porous femoral implants.

2. Materials and Methods

2.1. Materials

The experiments use TC4 powder from EOS company in Krailling, Germany, and its
main chemical composition is shown in Table 1, which meets the requirements of China
GB/T 13810-2007 [23] and the American ASTM F136 standard for the use of surgical im-
plantation of titanium and titanium alloy materials. Table 2 shows the basic characteristics
of TC4 powder. The bulk density of the powder is 2.45 g/cm3.

Table 1. Comparison of Ti-6Al-4V powder with GB/T 13810-2007 and ASTM F136 standard.
Reprinted from Ref. [24].

Ingredients Ti Al V Fe C O N H

ASTM F136 Residual 5.5–6.5 3.5–4.5 ≤0.25 ≤0.08 ≤0.13 ≤0.05 ≤0.012
GB/T
13810 Residual 5.5–6.75 3.5–4.5 0.3 0.08 0.02 0.05 0.015

TC4 Residual 6.1 3.95 0.1 0.004 0.01 0.01 0.001
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Table 2. Basic characteristics of TC4 powder.

D3 D10 D50 D70 D90 D95 D97

8.942 μm 18.214 μm 35.106 μm 43.330 μm 58.394 μm 65.242 μm 73.408 μm

2.2. Experimental Apparatus and Experimental Methods
2.2.1. Orthogonal Test of Process Parameters

The essence of SLM technology molding is to use the laser to melt the metal pow-
der and then use a molding process; in this process, the laser power, powder properties,
scanning parameters, and other parameters will have different degrees of influence on
the molding quality of the specimen. Thus, the introduction of the concept of laser en-
ergy density per unit volume and the size of the laser energy density per unit volume
directly affects the molding quality. Laser unit volume energy density expression is shown
in Equation (1) [25].

ϕ =
P

vdh
(1)

According to Equation (1), it can be seen that laser power (P), scanning speed (v),
scanning pitch (d), and powder spread thickness (h) are the direct factors affecting the laser
energy density per unit volume. It is also found by referring to the previous experimental
study that laser power, scanning speed, scanning spacing, and powder spreading thickness
are the most important process parameters affecting the quality of SLM molding [26]. This
chapter focuses on optimization experiments for these four process parameters. The design
of the orthogonal experimental program with four levels for four factors is shown in Table 3.

Table 3. Factors and horizontal design of orthogonal experiment. Reprinted from Ref. [24].

Number 1 2 3 4

Laser power P/(W) 300 320 340 360
Scanning speed v/(mm/s) 1050 1250 1450 1650

Scan spacing d/(mm) 0.08 0.09 0.10 0.11
Thickness of powder printing layer h/(mm) 0.04 0.05 0.06 0.07

The purpose of the orthogonal test is to analyze the effects of different factors and
different levels on the experimental results, and then determine the best level for each
factor. Extreme variance analysis, analysis of variance, and signal-to-noise ratio analysis
are commonly used to analyze data from orthogonal tests, and in this chapter, the extreme
variance method was used to analyze the densification and surface roughness (using the
profile arithmetic mean deviation Ra) of the 16 groups of specimens.

According to the process parameters designed in Table 3, 16 groups of specimens were
printed using the EOS M290 molding equipment with a specimen size of
10 mm × 10 mm × 10 mm. The display effect of the specimens in Materialise Magics
24.0 software before printing is shown in Figure 1a, and the effect display after the speci-
men printing is completed is shown in Figure 1b.

2.2.2. Densification Experiments Based on the Drainage Method

Based on the drainage method, this experiment uses a high-precision electronic balance
with an accuracy of up to 0.0001 g to measure the quality of SLM-molded specimens. The
specific steps are as follows: (1) clean the surface of the specimen by, firstly, placing the
specimen in the ultrasonic cleaner with alcohol solution, cleaning the specimen for ten
minutes according to the specification of the manual, and then taking the specimen out
and drying it for subsequent measurement of its mass; (2) measure its mass in the air;
(3) measure its mass after being completely submerged in water; and (4) calculate its
densification according to the formula shown below.

ρr =
ρ0

ρth
× 100% (2)
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where ρr is the densification of the specimen, ρ0 is the actual density of the specimen, and
ρth is the theoretical density of the specimen.

ρ0 =
mair × ρH2O

mair − mH2O
(3)

where mair is the mass of the specimen in air, mH2O is the mass of the specimen completely
submerged in water, and ρH2O is the density of water taken as 1.0 g/cm3.

Figure 1. Model display effect. Adapted from Ref. [24].

2.2.3. Micromorphological Analysis of Materials

In this experiment, the shape measurement laser confocal microscope of VK-X1000
which manufactured by Keyence Corporation, Osaka, Japan (the microscope has an inte-
grated magnification of up to 28,800×; a minimum field of view from 11 μm to 7398 μm;
laser measurement speeds from 4 to 125 Hz, 7900 Hz; a height measurement resolution of
0.5 nm; a dynamic range of 16 bit; an accuracy of 0.2 + L/100 μm; a width measurement
resolution of 1 nm; and the ability to observe images that include ultra-high resolution
color CMOS images, 16 bit laser color confocal images, confocal and ND filter optics,
and C-laser differential interference images) series was used to scan the morphology of
SLM-molded specimens, which mainly included focus variation and laser confocal with a
display resolution of 0.001 μm.

A scanning electron microscope (SEM) uses secondary electrons that are very sensitive
to the surface state of the material and backscattered electron imaging that can produce
specific compositional information. In this experiment, a FEI Quanta FEG 250, Hillsboro,
OR, USA (the FEI QUANTA FEG250 field-emission scanning electron microscope has a
secondary electron image resolution of 1.04 nm, a magnification of 15 to 300,000 times, an
accelerating voltage of 0.2 to 30 kV, and a detection current of 0.3–22 nA) scanning electron
microscope was used to observe and analyze the microscopic morphology of SLM-molded
TC4 specimens.

The microstructure observation of SLM-molded TC4 specimens was carried out by a
German Zeiss Observer D1m, Jena, Germany (micrometer: grid value of 0.001 mm/1 mm;
differentiated eyepiece: 10× flat field zoom, grid value of 0.1 mm; and total magnification:
100–1000×; focusing mechanism: coaxial coarse micromanipulation; limit protection, lifting
range of 30 mm, fine-tuning 0.002 mm) metallographic microscope. It is worth noting that
before the metallographic observation of the TC4 specimen, it is first necessary to prepare a
metallographic specimen, which needs to be sanded with different grits (320#, 600#, 1200#,
1500#, 2000#) of sandpaper, so that the surface of the metallographic specimen should be
characterized by a basically smooth surface, free of stains and obvious scratches. After the
initial formation of metallographic specimens, in order to be able to more clearly observe
the microstructure of the specimen, a metallographic specimen corrosion treatment must
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be used. The corrosion solution chosen is Kroll reagent, the solvent ratio of the reagent is
5 mL HF:10 mL HNO3:85 mL H2O, and the corrosion time of the metallographic specimen
using Kroll reagent is set to 20 s.

2.2.4. Measurement of Surface Roughness

In this experiment, the surface roughness of the SLM-molded TC4 specimen was mea-
sured using the roughness tester Mitutoyo (Kawasaki, Japan). During the measurement,
three sampling points were selected on the surface of the TC4 molding specimen for mea-
surement, and the average of the surface roughness of the three points was calculated, and
this value was taken as the surface roughness value of the surface of the TC4 molded part.

2.2.5. Micro-Vickers Hardness Determination

This experiment used an HVS-1000AT/EOS100B which manufactured by NANBEI
Instruments Ltd., Zhengzhou, China (measuring range of hardness value: 5–5000 HV;
optical measuring system objective lens: 10× (observation), 40× (measurement); total
magnification of optical measuring system: 100× (observation), 400× (measurement);
measuring range: 200 μm; index value: 0.025 μm; light source: 12 V/20 W) automatic
microhardness tester to test the surface hardness of SLM-molded specimens. In order to
ensure the accuracy of the specimen Vickers hardness test data, before the Vickers hardness
test, first of all, sandpaper of the mesh numbers 280 mesh, 400 mesh, 600 mesh, 800 mesh,
1000 mesh, 1500 mesh was used. The specimen was polished, and then the polishing paste
was used to polish the specimen on the polishing machine to ensure that the surface of
the specimen was clean and flat without large scratches. For the test, three parallel lines
were selected in the measurement plane of the specimen, and five consecutive points with
the same distance between each point were selected for measurement, with the distance
between each point being 1 mm, and the distance between the starting point and the edge
of the specimen in the measurement plane being more than 1 mm. The load size selected for
the test was 9.8 N, and the loading duration was set to 15 s. After the load was unloaded, the
microscopic images were transferred to a data transmission channel Based on the diagonal
length of the rhombus measured by the four-line method, the computer automatically
displayed the micro-hardness values, and the average of the micro-hardnesses of the five
points was finally taken as the micro-hardness of the measurement plane of the specimen.

2.2.6. Tensile and Compression Tests

We used CMT 5105 microcomputer-controlled electronic universal testing equipment,
which manufactured by JINSON Optical Instruments Ltd. in Nanjing, China, to measure
the tensile and compressive properties of the specimen. The maximum test force of 100 KN
was used, and was tested using constant speed loading mode: for tensile test, a loading rate
of 0.5 mm/min; for compression test, a loading rate of 1 mm/min. The equipment recorded
the entire experimental process of force and displacement (F − Δs) relationship. According
to Equations (2)–(5), the force–displacement (F − Δs) relationship can be transformed into
the actual stress–strain (σ − ε) relationship, and the transformation formula is as follows:

σ0 =
F
A

(4)

ε0 =
s
	s

(5)

σ = σ0(1+ε0) (6)

ε= In(1+ε0) (7)

where σ0 is the nominal stress, ε0 is the nominal strain, s is the initial length of the specimen,
and A is the initial cross-sectional area of the specimen.
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2.2.7. Friction Wear Test

This experiment uses the FTM M30 modular-controlled lubrication multifunctional
friction and wear tester developed by Nanjing YuanSheng Shen Intelligent Technology
Company (Nanjing, China) to carry out friction and wear tests on SLM-molded titanium
alloy specimens. For the friction wear test, the reciprocating motion function module is
selected, with a stroke of 10 mm, a frequency of 1 Hz, a speed of 10 mm/s, an experimental
time of 60 min, and an experimental loading force of 50 N. The upper fixture model is
FUS063, and the specification is a flat column specimen with a diameter of 6 mm and a
length of 13 mm. According to the previous research experience, the upper fixture material
used in this friction wear test is polyethylene molecule (UHMWPE), and the lubricant is
deionized water [27].

3. Results and Discussion

3.1. Analysis of Orthogonal Test Results

According to Table 4, it can be seen that the influence on the side roughness of the
specimen is ordered in the following sequence: scanning spacing > scanning speed > laser
power > paving powder layer thickness, in which the scanning speed and laser power
influence the side roughness in basically the same way, although the former is slightly
higher than the latter. The optimal combination of the four process parameters is as follows:
laser power is 300 W, scanning speed is 1250 mm/s, scanning distance is 0.09 mm, and the
thickness of powder layer is 0.05 mm.

Table 4. Analysis results of the side roughness of the sample.

Factors (Process Parameters) Laser Power P Scanning Speed v Scan Spacing d Thickness of Powder Layer h

Level index and K1 35.911 38.532 41.6 40.585
Level index and K2 37.331 36.045 36.431 36.142
Level index and K3 40.807 39.328 37.988 37.502
Level index and K4 40.937 41.081 38.967 40.757

Horizontal k1 8.978 9.633 10.400 10.146
Horizontal k2 9.333 9.011 9.108 9.036
Horizontal k3 10.202 9.832 9.497 9.376
Horizontal k4 10.234 10.270 9.742 10.189

Average index R 1.256 1.259 1.292 1.153

According to Table 5, it can be seen that on the front roughness of the specimen, the
order of the size of the influence is scanning speed > scanning distance > laser power >
paving powder layer thickness; the optimal combination of the four process parameters is
laser power of 300 W, scanning speed of 1250 mm/s, scanning distance of 0.09 mm, paving
powder layer thickness of 0.05 mm.

Table 5. Analysis results of the front roughness of the sample.

Factors (Process Parameters) Laser Power P Scanning Speed v Scan Spacing d Thickness of Powder Layer h

Level index and K1 42.422 43.578 44.745 44.677
Level index and K2 44.501 42.426 42.028 43.356
Level index and K3 45.59 44.506 45.433 45.365
Level index and K4 46.867 48.87 47.174 45.982

Horizontal k1 10.606 10.895 11.186 11.169
Horizontal k2 11.125 10.607 10.507 10.839
Horizontal k3 11.398 11.127 11.358 11.341
Horizontal k4 11.717 12.218 11.794 11.496

Average index R 1.111 1.611 1.287 0.657

3.2. Influence of Process Parameters on Molding Quality
3.2.1. Influence of Process Parameters on Densification

Densification is not only an important index for assessing the quality of SLM-molded
parts, but also a prerequisite and basis for certain mechanical properties of molded parts [28].
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In order to analyze the effects of process parameters (laser power, scanning speed, scanning
spacing, and powder layer thickness) on the densities of molded specimens, each level
of different influencing factors was set as the independent variable, and the densities of
the molded specimens were set as the dependent variables, where the molded specimen
densities were the mean values of the densities corresponding to each level of each factor.

The effect of the experimental levels of factors on the densities of the molded specimens
is shown in Figure 2, and it can be seen that the densities of the molded specimens are
above 95%.

Figure 2. Influence of each factor level value on density in orthogonal experiment.

3.2.2. Influence of Process Parameters on Micromorphology

During the SLM molding process, the process parameters should be set to match the
characteristics of the selected powder material, otherwise it will lead to an increase in the
internal porosity of the molded specimen, which will reduce its density and affect the
molding performance. In order to study the effect of different process parameters on the
micromorphology of SLM-molded specimens, this paper adopts the Keens VK-X1000 series
shape measurement laser confocal microscope to observe the micromorphology of SLM
molding of TC4 alloy specimens; Figure 3 shows the micromorphology of 16 groups of
molding specimens on the side and front of the Keens VK-X1000 series shape measurement
laser confocal microscope.

According to Figure 3, it can be seen that the overall micromorphology of the 16 groups
of samples is relatively good, in which the surface of the No. 5 specimen molding quality is
high, the surface is relatively flat, with basically no hole defects. The surface morphology
of the remaining 14 groups of specimens mainly shows unfused defects, because in the
process of SLM molding, a deep melt pool is produced. The emergence of a deep melt
pool can promote the melting of TC4 metal powder and, thus, less molded specimen
surface defects, but due to the plateau Raleigh capillary instability, being the reason for
the melt pool elongation [29], the melt pool penetration is insufficient, so the melt pool
means mobility and wettability is poorer and unable to fill the molded layer overlap of the
concave region of the molded layer, thus, leading to the emergence of irregular fusion of the
defects. The surface morphology of specimen No. 1 is relatively poor, and more irregular
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hole defects appear on the surface. The reason for this phenomenon is that the laser and
the metal powder in the SLM molding process are unstable, and the deep melting pool
generated promotes the volatilization of elements to induce porosity, and the continuous
growth of columnar grains is hindered by the plateau Raleigh capillary instability, which
ultimately leads to the appearance of irregular holes in the specimen.

Figure 3. Micromorphology of 16 groups of samples.

3.2.3. Influence of Process Parameters on Roughness

Surface roughness is one of the important parameters for evaluating the performance
of implants, and SLM molding technology has a broad development prospect in the
biomedical field. For artificial implants, less roughness is conducive to an improvement in
the fatigue strength and wear resistance of implants, and greater roughness is a favorable
basis for ensuring the attachment and proliferation of osteoblasts of artificial implants.
There is currently a great deal of controversy about the optimal roughness of implants,
and the differences in roughness due to different additive manufacturing methods is an
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important parameter to consider; all the values found are biocompatible for osteoblast
adhesion and value-addition, and due to the heterogeneity of the studies, it is not possible
to determine an optimal roughness [30,31]. Therefore, it is necessary to optimize the process
parameters so as to obtain a better surface roughness.

Figure 4 shows the roughness curves of the side (perpendicular stacking direction) and
front (parallel stacking direction) of the same specimen molded by SLM, and the roughness
of the side of the molded specimen is measured to be 7.796, and the roughness of the front
is 12.499. A reason for this result may be that the SLM molding layer-by-layer stacking
process means that the melt channel and the real position have a certain deviation, and in
the stacking direction of the phenomenon there is sticky powder, making the specimen
surface uneven and rougher.

Figure 4. Roughness curve.

3.3. Analysis of the Results of the Experimental Study on the Evaluation of Properties of
SLM-Molded TC4 Alloy
3.3.1. Microstructure Analysis of SLM-Molded TC4 Alloy

On the basis of optimizing the process parameters, the TC4 specimens were molded by
SLM, and microscopic observation of the molded specimens in cross-section and longitudi-
nal section was carried out by metallurgical microscope and scanning electron microscope,
respectively. Shown in Figures 5 and 6 are the micrographs of the cross-section and lon-
gitudinal section of the molded specimens, respectively, from which it can be seen that
the micrographs of the molded specimens on the side and the front side show obvious
differences, which is mainly due to the influence of the molding characteristics of the SLM
technology (layer-by-layer powder laying, layer-by-layer deposition).

Figure 5a,b show the microstructure morphology of the longitudinal section of the
molded specimen under optical microscope, and Figure 5c,d show the microstructure
morphology of the longitudinal section of the molded specimen observed by SEM. Figure 5
shows that the cross-section microstructure of the TC4 molded specimen consists of several
thick β columnar crystals with epitaxial growth of the fusion cladding layer, the growth
direction of the columnar crystals is perpendicular to the scanning direction of the laser
beam and along the direction of the stacked layer growth, and the inside of the original
thick β columnar crystals consists of α′ martensite almost completely, and α′ martensite
is widely present inside the grain boundaries. This is due to the fact that in the additive
manufacturing process, in order to ensure the continuity between adjacent layers, the laser
energy will penetrate the powder layer to melt the top of the last deposited layer [32],
resulting in the remelting of the previous layer of powder, the temperature gradient in the
direction of powder layer deposition, and the bottom of the melting pool has the largest
temperature gradient, and the remelted grains will appear to be epitaxial along the direction
of deposition, resulting in the formation of the columnar crystals [33,34].
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Figure 5. Micromorphology of longitudinal section of forming sample. (a,b) show the microscopic
morphology of the longitudinal section of the specimen under optical microscope, and (c,d) show the
microscopic morphology of the longitudinal section of the specimen observed by SEM.

 

Figure 6. Micromorphology of cross-section of molding sample. (a,b) are the microscopic morphology
of the specimen cross-section under optical microscope, and (c,d) are the microscopic morphology of
the specimen cross-section observed by SEM.
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At the same time, it can be clearly seen that along the direction of the stacking layer β
columnar crystal grain boundaries, adjacent to the two β columnar crystal grain boundaries
within the fine needle-like β martensite, growth direction is different; the growth of β
columnar crystal grain boundaries stops growing. This is because the titanium alloy goes
through a phase transformation process: the α phase from the parent phase β tethers in line
with the Burgers orientation relationship as shown in Equations (1) and (2); in the cooling
process, the β phase into the α phase has 12 different orientation relationships, and the
martensitic lath bundle in the same β crystal has a specific orientation difference to localize
the shape of the strain, which is reduced to a minimum [35].

From Figure 6, it can be seen that the microstructure is not completely uniform, which
is because the melting and solidification of the powder material in the SLM molding is
faster, and the solidification rate is higher than the rate of martensite phase transformation,
which leads to the transformation of the β phase in the organization to the α phase too
late, so that the β phase is transformed to the martensite α′ phase. Due to the local cooling
rate and residual heat, there is a certain difference, so the martensite shows a different
morphology. Some black particles can also be observed in Figure 6a,b, which may be caused
by the oxidized metal powder splashing into the molten pool during the high-speed laser
scanning in the SLM molding process.

In order to analyze the physical phase distribution of the specimens after SLM molding,
the surface of the molded specimens was subjected to XRD analysis, and the XRD patterns
of the molded specimens are shown in Figure 7. According to Figure 7, it can be seen that
the peaks of SLM-molded TC4 alloy specimens are mainly Ti peaks, and no other substances
were detected. Compared with the data of the standard (PDF#89-2762) card [36], it was
found that the position of SLM-molded specimens was positively shifted, which means
that the spacing of grain boundaries had become smaller, and, thus, it is speculated that the
reason for this phenomenon may be the occurrence of the martensitic phase transition.

Figure 7. XRD pattern of SLM-formed sample.

3.3.2. Testing and Analysis of Mechanical Properties of SLM-Molded TC4 Alloy

1. Microhardness Analysis

Figure 8a shows the microhardness of the side of the SLM-molded specimen. The
microhardness of the side of the specimen is between 363~376 HV, and the average mi-
crohardness is 369.13 HV. It can be seen from Figure 8a that the side of the microhardness
shows a waveform change of firstly increasing, then decreasing, and then increasing; the mi-
crohardness of the measuring point 2 reaches the maximum value, and the microhardness
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of measuring point 4 is the smallest, and the reason for this change may be that measure-
ment point 2 is in the middle of the melt channel and the powder in the middle of the melt
channel is more fully melted, resulting in a more detailed granular organization, so that the
microhardness of the specimen is higher. Measurement point 4 is in the overlap of the melt
channel, and the powder at the overlap of the melt channel will appear to be melted for the
second time, resulting in a larger granular organization, so that the microhardness of the
specimen is reduced. However, the overall difference in the hardness of the specimen is
not very large, so the overall hardness of the specimen is more uniform.

Figure 8. Microhardness values of molding samples.

Figure 8b shows the microhardness of the front side of the SLM-molded specimen. The
microhardness of the front side of the specimen is between 360 and 370 HV, and the average
microhardness is 364.06 HV. The difference in microhardness at different measurement
points may be due to the temperature effect on the microhardness produced during the
SLM molding process. If the measurement point occurs between the molding layers
(measurement point 2), the laser energy absorbed by the powder here is greater, the melting
is more adequate, and the microhardness is higher; if the measurement point occurs at
the combination of the molding layers (measurement point 4), the energy absorbed by the
powder here is less than that between the molding layers, the melting of powder is not
enough, and microhardness is decreased. However, from the Figure, it can be seen that the
difference between the maximum and minimum microhardness values is very small, so the
microhardness is more uniform.

The microhardness of TC4 alloy SLM-molded specimens is higher than casting (320 HV),
which may be due to the fact that SLM molding is a fast melting and fast solidification
process, the number of grains is larger, the growth space between adjacent grains is narrow,
and the growth time is short, resulting in insufficient grain growth, which results in a large
number of fine grains, and, thus, the hardness of the specimen is increased.

2. Tensile Properties Analysis

The mechanical properties of SLM-molded specimens with different densities are also
different, and it is generally considered that high densities are the prerequisite for guar-
anteeing mechanical properties. Based on the optimization of process parameters, tensile
specimens were molded and tensile performance tests were conducted to verify whether
the optimized process parameters could meet the requirements of mechanical properties.
The preparation dimensions of the tensile specimens refer to the ASTME8/E8M-15a [37]
“Standard Test Methods for Tensile Testing of Metallic Materials” standard (small-size
specimens), in which the marking distance G is taken to be 25.0 mm, and the width of the
cross-section T is taken to be 6 mm; the specific dimensions are shown in Figure 9.

The researchers found that the tensile properties of the molded specimens were closely
related to the direction of metal powder accumulation during molding, and by placing the
specimens horizontally and performing SLM molding along their thickness direction (i.e.,
the thickness direction is the direction of powder accumulation), the molded specimens
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with the highest tensile and yield strengths were obtained [38], and the molding effect is
shown in Figure 10a. Figure 10b shows the effect of the molded specimen after tensile
fracture, according to the recorded load–displacement (F −	s) curve, and converted into
the actual stress–strain (σ − ε) curve.

Figure 9. Dimensions of tensile specimens.

Figure 10. Tensile specimens.

Figure 11 shows the stress–strain curves of three molded specimens obtained from
the tensile experiment. The stress–strain curves show that the molded specimens in the
tensile process experience a total of three stages: the elastic stage, the strengthening stage,
and the deformation and fracture stage. In the elastic stage, the change curves of the three
molded specimens basically overlap, and the stress–strain curve is similar to a straight
line. After the elastic stage, the molded specimen enters the strengthening stage, and there
is no obvious yield stage, so the yield strength of the specimen is characterized by σ0.2
(0.2% residual deformation of the stress value), the specimen passes through the maximum
tensile strength of the stress σb, and the phenomenon of local deformation occurs until the
specimen is fractured.

The average yield strength of the three specimens was 1217.40 MPa, the tensile strength
was 1315.32 MPa, and the elongation at break was 9.6%. Table 6 shows the test results
of tensile properties of SLM-molded titanium alloy specimens. From the table, it can be
seen that the yield strength and tensile strength of SLM-molded titanium alloy tensile
specimens are higher than those of ASTM F136 and casting standards, but the elongation of
SLM-molded titanium alloy specimens is slightly lower relative to the ASTM F136 standard.
The reason for this phenomenon may be that the SLM molding process is a rapid melting
and rapid solidification process, the metal grains cannot grow up in time to be limited by
the surrounding grains, and then the formation of a very small and balanced organization,
fine grain size, and a greater number of grain boundaries more effectively prevent the
occurrence of dislocations, improve the SLM molding specimens yield strength and tensile
strength. However, at the same time, it may lead to certain defects at the grain boundaries,
which makes the molded specimen plasticity decrease and elongation decrease.
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Figure 11. Stress–strain curve.

Table 6. Tensile test results and comparison of SLM-molded samples.

Type
Yield Strength

(MPa)
Tensile Strength

(MPa)
Elongation

(%)

ASTM F136 795 860 10.0
Casting 847 976 5.1

SLM molding 1217.40 1315.32 9.6

3. Compression Performance Analysis

The femur is an important part of the human lower limb, and the study of its stress
state is of strategic significance for artificial joint replacement. Some studies have shown
that the maximum stress on the femur during standing can reach 27.70 MPa [39], and the
compressive strength of implants with a porous structure is lower than that of implants with
a solid structure. In implant applications, porous structures also need to meet the require-
ments of mechanical properties (e.g., compressive strength), and, therefore, compressive
properties are an important mechanical property index for evaluating porous implants.

Based on the topology-optimized reconstruction model, the compression specimen
model was constructed by arraying the porous unit structures with volume fractions of
10%, 20%, 30%, and 40% through Materialise Magics 24.0 software, as shown in Figure 12.

Figure 12. Compressed sample model.

Based on the optimized process parameters, the porous compression specimen is
molded by SLM technology. When the compression specimen is molded, the specimen is
firstly cut from the substrate by using the wire cutting technology to ensure the bottom
surface of the specimen is flat. Then the compressed specimen is subjected to a series of
post-treatment processes, such as ultrasonic cleaning, blowing, sandblasting, etc., in order
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to remove the metal powder that is not firmly bonded inside and on the surface of the
porous structure. The final molded specimen was obtained as shown in Figure 13, and
from left to right, the volume fractions of the porous compression specimen were 10%, 20%,
30%, and 40%.

 
Figure 13. Compression sample molding effect.

According to the ISO 13314 standard [40] for compression testing of porous and hon-
eycomb metals, the compression properties of SLM-molded porous specimens of TC4 alloy
were analyzed by compression testing. It was found that specimens with different volume
fractions had different failure locations and different resistance to deformation when com-
pressed, and Figure 14 shows the effect diagram of the specimens after being compressed.

 

Figure 14. Sample effect after compression test.

The corresponding force–displacement (F −	s) curves were obtained by compression
tests of specimens with different volume fractions, and the stress–strain (σ − ε) curves
shown in Figure 15 were transformed according to equation. Generally speaking, when
the compression test starts, the stress–strain curve will have a linear phase, but according
to Figure 15, it is found that although the volume fractions of the compression specimens
are different, the compression specimens all have a nonlinear concave tendency at the
beginning part, which can be attributed to the local deformation of the bottom of the
specimen when the specimen on the substrate is wire-cut or the porous structure of the
surface of the compression specimen after molding is not flat enough, leading to the stress
at the initial stage not being smooth, which is not enough.
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Figure 15. Stress–strain curve.

The surface of the compressed specimen after molding is not flat enough, which
leads to the uneven force in the initial stage. After a small phase of nonlinear changes,
the structure enters the elastic deformation phase, and the equivalent elastic modulus
of the structure can be obtained from the slope of the stress–strain curve in this phase.
As the strain increases, the stress appears to change nonlinearly, and then enters the
plastic deformation stage of the stress–strain curve. The ability to resist deformation of the
compression specimen in this stage is different; the smaller the volume fraction, the weaker
the ability to resist deformation. The specimen enters the failure stage of the stress–strain
curve after the phenomenon of sudden change in stress. However, the densification stage
did not occur during the compression of the specimen, which was caused by the fact that
the tester stopped compressing the specimen when a local failure occurred in the porous
structure during the compression performance test of the porous structure. The modulus
of elasticity and compressive strength of different specimens were measured according to
the stress–strain curves, as shown in Table 7.

Table 7. Compression experimental results.

Volume Fraction 10% 20% 30% 40%

Modulus of elasticity (GPa) 0.75 1.51 7.99 12.63
Compressive strength

(MPa) 8 48 219 338

4. Friction and Wear Performance Analysis

In order to analyze the experimental results more intuitively, Origin software (Version
number: 8.0) was used to realize the conversion from data to image. Figure 16 shows the
graph of friction coefficient comparison between SLM-molded specimens and casting spec-
imens under different lubrication conditions. From the Figure, it can be seen that the initial
change in each curve is not regular, and it is guessed that the reason for this phenomenon
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is that when the TC4 alloy specimen and the UHWMPE specimen are experimented with,
because the molding specimen is not identical, the initial contact state of the two specimens
is different, which leads to a certain difference in the trend of the friction coefficient at the
initial stage.

Figure 16. Friction coefficient of samples with different forming modes.

Figure 16a shows the comparison curve of the friction coefficients of the casting
specimen and the SLM-molded specimen under dry friction conditions, from which it can
be seen that the casting specimen maintains its friction coefficient basically unchanged and
stabilized at about 0.2 after about 20 min of the break-in period, while the SLM-molded
specimen maintains its friction coefficient at about 0.16 after about 10 min of the break-in
period, which is obviously lower than the friction coefficient of the casting specimen. As
can be seen from Figure 16b, under the condition of deionized water lubrication, the friction
coefficient of the casting specimen is still higher than that of the SLM-molded specimen, and
both of them have experienced the same break-in period (10 min); the friction coefficient of
the casting specimen fluctuates up and down around 0.17 and the friction coefficient of the
SLM-molded specimen fluctuates up and down around 0.11 after the break-in period.

Figure 17 shows the average coefficient of friction of different specimens under differ-
ent lubrication conditions. Combined with Figure 16, it can be seen that the wear resistance
of TC4 specimens of both molding methods is improved under lubrication conditions, and
the coefficients of friction are reduced. The reason for this result is that under dry friction
conditions, the repeated friction between the specimen and the counter-abrasive specimen
produces fine wear particles, and due to the lack of lubricant, the wear particles cannot be
discharged in time, so that the wear particles accumulate between the specimen and the
counter-abrasive specimen, and the friction coefficient between the two is larger. Under
the deionized water lubrication condition, there is water lubrication between the specimen
and the counter-abrasive specimen, and the wear particles are discharged in time by the
hydrodynamic effect of the lubricant, which reduces the degree of wear of the specimen
and the counter-abrasive specimen and the coefficient of friction between the two.

Figure 18 shows the friction coefficient comparison curves of different surfaces of
SLM-molded specimens, from which it can be seen that the friction coefficient difference
between the side and the front of the SLM-molded specimens is not very large, and its
tendency to change and the size of the value is almost the same. However, it can be seen
from the figure that the friction coefficient of the front side of the molded specimen is
slightly higher than that of the side; the reason for this result is related to the surface
roughness of the SLM-molded specimen. The SLM molding layer-by-layer stacking process
means that the melt channel and the real position achieve a certain degree of deviation,
and in the direction of the stacking of the phenomenon there is sticking powder, so that the
front side of the specimen is not flat, the specimen is rougher, and, therefore, the front side
of the specimen has a slightly larger coefficient of friction.
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Figure 17. Average friction coefficient of samples under different lubrication conditions.

Figure 18. Friction coefficient of samples under different conditions.

4. Conclusions

1. The SLM process parameters were optimized through orthogonal tests, and for rough-
ness, the optimized process parameter combinations were determined as follows:
laser power of 300 W, scanning speed of 1250 mm/s, scanning spacing of 0.09 mm,
and a powder layer thickness of 0.05 mm. When the density of the molded specimen
is high, it has fewer internal pore defects, and, on the contrary, when the density is
low, the internal pore defects are more obvious;

2. The microstructure of the cross-section of the molded specimen is mainly α′ marten-
site, and there are oriented β columnar crystals in the microstructure of the elon-
gated cross-section; the microhardness of the side of the molded specimen aver-
aged 369.13 HV, and the microhardness of the front side has an average value of
364.06 HV, and the sides and fronts of the molded specimen are harder than those of
the casting specimen;

3. The average yield strength of the molded specimens was 1217.40 MPa, the tensile
strength was 1315.32 MPa, and the elongation at break was 9.6%. It was found that
the yield strength and tensile strength of the SLM-molded specimens were higher
than that of the ASTM F136 and casting standards but the elongation at break was
slightly lower than that of the ASTM F136 standard; the elastic modulus of the molded
specimens was in the range of 0.7~12.7 GPa and the compressive strength between
8~338 MPa, which is in line with the range of human bone requirements [41]. For
the materials used to make femoral implants, Ti-6Al-4V femoral implants made by
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SLM meet the requirements, but in practical orthopedics application, it is necessary to
apply a coating that enables osseointegration to the alloy obtained by SLM;

4. Under the same experimental conditions, the friction coefficients of SLM-molded
specimens are lower than those of casting specimens, and their wear resistance is
higher than that of casting specimens. The friction and wear performance of the
molded specimens on the side and the front side do not differ much, and there is
basically no difference in the friction coefficient trends and sizes of the two, with the
friction coefficient on the front side of the specimens being slightly higher.
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Abstract: The aim of this investigation concerns evaluating the mechanical strength and micro-
hardness values of A356 alloy samples in distinctive heat treatments, including those commonly
applied to automotive wheels. It is recognized that A356 and Al-Si-based alloys exhibit considerable
versatility across numerous industrial applications. The mechanical behavior obtained is intimately
associated with different operational parameters (e.g., cooling rates, solution treatment, quenching,
and artificial aging). In this study, a group of samples are quenched at 30, 60 and 80 ◦C. Another set
is quenched and subsequently aged at three different temperatures, i.e., 180, 200, and 220 ◦C for 5 h,
and mechanical responses are compared. Microstructural characterization, X-ray diffraction (XRD)
analysis, tensile testing, and microhardness measurements are carried out. Using the Rietveld data
and based on the modified Williamson–Hall method, the microstrains, crystallite size, and dislocation
densities are calculated. Based on this, the resulting mechanical strengths from distinctive quenching
and aging are understood. It was found that there exists a “quasi-optimal range” of operational
parameters involving different A356 alloy treatments, which vary depending on the manufacturing
route. Considering A356 alloy wheels, the planning of the powder coat treatment before or after T6
treating provides better mechanical properties and ductility.

Keywords: T6 treating; wheel manufacturing; mechanical strengths; powder coating; fractography;
dislocation density

1. Introduction

The automotive sector has adopted light alloys as an efficient strategy for decreas-
ing vehicle weight [1]. Aluminum and its alloys are replacing ferrous alloys, leading
to a decrease in greenhouse gas emissions. This shift has resulted in the substitution of
traditional steel frameworks in complex wheel configurations with lightweight alloys.
The use of lightweight materials in wheel production not only enhances visual appeal
but also reduces stress on the suspension system, requiring less effort for maneuvering.
Furthermore, it facilitates the smoother braking and acceleration of vehicles [2–4]. Investi-
gations concerning Al-Si-based alloys are widely reported [4–25]. These provide various
discussions concerning selecting die-casting parameters (e.g., mold materials, pouring
temperature, etc.) and addition elements such as Ti and Sr as grain refiners, and Si for
eutectic morphology modification. Moreover, the literature also discusses solution treating,
quenching, and artificial aging of the microstructure and on mechanical behavior [10–25].
These articles were probably written because Al-Si-based alloys exhibit excellent castability
and affordability and have a low coefficient of thermal expansion and attractive mechanical
properties, making them suitable for manufacturing wheels by casting [4–6].

It has also been reported that the microstructural characteristics are influenced by
the presence of α-Al dendrites and lamellar eutectic Si [7]. It is widely recognized that a
typical as-cast microstructural array affects the resulting properties [6–15]. When coarse

Metals 2024, 14, 461. https://doi.org/10.3390/met14040461 https://www.mdpi.com/journal/metals135



Metals 2024, 14, 461

Al and interdendritic Si particles are constituted, the reached ductility is considerably
decreased [6–11,15–23]. This is associated with a plate-like eutectic Si morphology for-
mation [6–8]. On the other hand, when manufacturing routes or treatments provide an
acicular-like morphology and/or spheroidal-like morphology, reasonable yield or gains
are obtained for both the strength and ductility [6–11].

The automotive wheel industry demands specific alloying elements to reduce porosity
and improve the casting quality. For this purpose, Al-Ti-B master alloys are commonly
used [10–15]. Moreover, an increase in microstructural homogeneity in the casting is also
obtained [10–15]. Al-B master alloys are effective grain refiners [14,15], and consequently,
the resulting mechanical properties are improved. A refined particle size not only improves
the flowability of the molten material into the mold, minimizing the entrapped air and
preventing cracks, but it also facilitates a more manageable machining [15,16].

In the manufacture of aluminum wheels, low-pressure die-casting (LPDC) is the most
widely applied method. It provides a finer microstructural array, leading to improved
fatigue characteristics, and a significant reduction in the resulting shrinkage. It is also
reported that LPDC decreases the required lead time for wheel production [11,17–19].
T6 heat treatment improves A356 mechanical behavior mainly in terms of ductility and
elongation [11,19]. Conventional heat treatment involves a typical solution treatment,
quenching, and artificial aging, which improves the resulting ductility [20]. It is recognized
that eutectic Si morphology is affected by the temperature at which it dissolves, with grain
growth being maximized at temperatures around 550 ◦C.

Jin et al. [21] demonstrated that hardness and tensile strength increase with the increase
in solution temperature, i.e., close to 555 ◦C. These authors have also shown that mechanical
behavior is increased. This is because heat treatment and aging affect Mg2Si formation [21].

It is remarked that certain studies have demonstrated the effect of the cooling rate
on Si morphology formation. Dang et al. [10] have shown that the dendrite arm spacings
decrease with increased cooling rate. Also, eutectic Si morphology is modified from coarse
plate-like to short-rod shape and even spherical shape [21–23]. Associated with this, they
have also observed that microhardness is increased. Yang et al. [23] have also shown that
the eutectic morphology of an as-cast A356 alloy is modified from large plate-like eutectic
to fine plate-like eutectic, applying cooling rates of 3 and 96 K/s, respectively. It is also
extensively reported [10,23–28] that the modification of eutectic silicon during solution
heat treatment is affected by using distinctive solution heat treatment temperatures. A
combination of solidification parameters with solution heat treatment also implies an
efficient eutectic Si morphology modification [10]. Roy and Maijer [25] have reported
that a wide range of solution treatments associated with water quenching at distinct
temperatures and various artificial agings minimizes or decreases the precipitation driving
force necessary for artificial aging [25].

In the field of material science and engineering, extensive literature addresses Al-Si-
based and A356 alloys, scrutinizing various manufacturing conditions, Si morphology
modifiers, and different heat treatments [4,8]. The literature reported [10–26,29–38] has
shown a great gamma of studies. When the PRISMA concept (preferred reporting items
for systematic reviews and meta-analyses), stringers “Al-Si-based alloys”, and “eutectic”
are utilized when searching articles, more than 1400 papers are obtained. When replacing
the term “eutectic” with “solution” or T6 heat treatment”, more than 90,000 objects are
reached. This suggests that Al-Si-based alloys and A356 alloys have been intensively
studied. However, certain future gaps concerning these Al-based alloys still need to
be investigated. Recently, a review proposed by Dash and Chen [37], containing more
than 320 references, reported that Al-Si-based alloys are still focused on a wide range
of automotive components. They are manufactured to supply the premier auto giants
(e.g., Audi, GM, Nissan, Volkswagen, Chevrolet, Tesla, etc.) [38]. Although there exists
a promising and exponentially growing market for hybrid and fully electric vehicles or
electrified automobiles, the forecast of the global Al-Si alloy market indicates an increasing
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trend up to 2030 [37]. These alloys are also focused on the complex structural Al-Si alloy
components in aerospace industries, e.g., Boeing, Airbus, and Bombardier [37].

Since the 1990s, the literature concerning Al-Si-based and/or A356 alloys, specifically
covering the effects of heat treatments upon microstructural array and mechanical behavior,
is vast with numerous articles, as previously commented [10–38]. However, in this present
investigation, the novelty provided has two distinct technological and scientific aspects.
The first has an issue core involving technological aspects, independent of particularities or
peculiarities of manufacturing stages. For the automotive wheel industry, the contribution
favors planning the manufacturing route, including the paint curing temperature and time
(e.g., powder polymeric coating). Another novelty concerns the use of the Rietveld method
as a viable and cheaper tool to understand the microstructural modifications provided by
different treatments. This permits the decline in more sophisticated and complex sample
preparation techniques and more technologically robust equipment (e.g., transmission
electron microscopy or high-resolution TEM). With this, it is possible to obtain, easily or
conveniently, a “quasi-optimal operational range” of parameters considering different A356
alloy treatments.

2. Experimental Procedure

2.1. Die Casting Sample Preparation

An as-received commercial A356 (Al-7Si-0.3Mg) alloy ingot is produced at 760 (±5) ◦C
by using an electric-induction furnace. The minimum and maximum contents of the main
alloying elements are shown in Table 1. It is noted that, except for Si content, all other
identified elements have their corresponding errors up to 10% from the reported values.
This is because duplicates are considered, and the accuracy of the utilized equipment is
also taken into account.

Table 1. The chemical composition of the commercial A356 alloy.

Alloying Elements Si Mg Cu Fe Ti Sr Al

Min. content (%wt.) 6.5 0.2 ---- --- 0.1 0.01 Balance

Max. content (%wt.) 7.5 0.45 0.2 0.3 0.2 0.02 Balance

The molten alloy is poured into the permanent molds (AISI H13 steel), which are
specifically designed for automotive wheels. A nitrogen gas flux (3 L.p.m) at 780 (±5) ◦C
is applied to remove any impurities. A graphite rod is utilized for mechanical stirring of
the molten. Both the grain refiners and modifiers, i.e., Al-5Ti-1B (0.12 wt.%) master alloy
and Al-10Sr (0.004 wt.%) master alloy, are used. The molten alloy is subjected to a network
of graphite pipes to the injector, operating under squeeze casting (~1 bar) at 680 (±5) ◦C,
and the AISI H13 mold is filled. The sample solidifies with internal cooling channels in the
top and bottom dies. This solidification is promoted by compressed air under pressures
of 2 and 3 bars, for 4 min. Once the solidification process is finished, the mold parts are
opened, and the casting is extracted. The average duration of the normal cycle is about
360 s. Triplicates are considered to obtain the specimens. The selected specimen is taken
for all other complementary experimentations, i.e., microstructural characterization, heat
treating, tensile tests, etc.

2.2. Heat Treatments

After the wheel design with the 360 s cycle, the samples are obtained by cutting the
front surface of the wheel to proceed with the heat treating (Graphical Abstract). A solution
treating is carried out with a heating rate of 20 ◦C/min, reaching a plateau at 540 (±3) ◦C.
Subsequently, the samples are maintained at 540 (±3) ◦C for 5 hours. Sequentially, the
quenching in three distinct water temperatures is carried out, i.e., 30, 60, and 80 (±2) ◦C.
This provides three different quenching rates. For this mentioned purpose, a water-to-
sample ratio of 320 mL H2O per gram of the sample and a magnetic stirrer (Fisatom—752A,

137



Metals 2024, 14, 461

São Paulo, Brazil) are utilized. For the next stage, the three artificial agings are adopted.
After water quenching, three distinct artificial aging treatments (T6) are carried out at 180,
200, and 220 (±3) ◦C for 300 min. These parameters represent the commonly applied T6 in
wheel manufacturing. In order to guarantee reproducibility, a duplicate is considered for
each selected condition, and the average result is taken into account for analysis. Figure 1
depicts the representative temperature vs. time profile for the solution treating, quenching,
and three distinctive T6 heat treatments for the examined A356 alloy samples.
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Figure 1. Representative temperature vs. time profile for the heating rate (I), solution treating (II),
quenching (III), and three distinctive T6 heat treatments for the examined A356 alloy samples (IV).
All adopted quenching are carried out in 120 s, and all aging treatments are performed for 180 min
(3 h).

2.3. The Sample Characterization

A universal electro-hydraulic servo machine operating at environmental temperature
(25 ± 2 ◦C) with a loading speed of approximately 25 mm/min and a strain rate of
2 × 10−4 s−1 is utilized. In order to guarantee reproducibility, triplicate is considered,
and average values are depicted. Vickers hardness measurements (HV) (Buehler—Wilson
VH1102, Lake Bluff, IL, USA) are conducted at environmental temperature (25 ± 2 ◦C). A
least 20 measurements are performed for each one of the examined samples. A polished
surface by applying a load of 9.8 N and a dwell time of 10 s is utilized to attain Vickers
microhardness.

The experimental thermal curves comprising TG/DTG/DSC (TA Instruments—Q600,
New Castle, DE, USA) are obtained between 50 and 700 ◦C. For this purpose, the samples
with 18 (±0.8) inside α-alumina pan (30 μL), and applying a heating rate of 20 ◦C/min, are
utilized. A nitrogen atmosphere of about 50 mL/min during examination is maintained. A
duplicate is adopted and average curves are considered.

A scanning electron microscopy (SEM) (TESCAN® model VEGA3, Brno, Czech Re-
public) coupled with an energy-dispersive X-ray spectroscopy (EDS) is utilized for the
microstructural characterization. Magnifications ranging between 500 and 1000 times are
used. Typical SEM micrographs representing each selected condition are taken into account.
To characterize the constituents and microstructural parameters, standard metallographic
procedures are adopted. X-ray diffractometry (Panalytical diffractometer, X’Pert model,
Malvern, UK), in Bragg–Brentano geometry is utilized. This is carried out at 25 (±2) ◦C
with a Ni filter and Cu-Kα radiation (λ = 0.15406 nm, 45 kV, and 40 mA). Angles (2θ)
between 10◦ and 120◦ with a scan rate of 0.008 s are utilized.

3. Results and Discussion

3.1. Quenching and Aging Effects on Mechanical Behavior

Three distinctive aging temperatures are evaluated, i.e., 30, 60, and 80 (±2) ◦C. It
has previously been reported that a higher quenching rate provides increased mechanical
strength [10,23]. These are attributed to finer eutectic Si morphology, which is modified from
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the coarse plate-like to spherical shape and/or fine plate-like eutectic. It has also been ob-
served that the solution temperature affects the constituted eutectic silicon [10,16,23,33,35].
Based on this, solutioning at 540 ◦C is adopted. To correlate the mechanical strengths with
heat treatments, the resulting mechanical behavior represented by conventional stress vs.
strain curves and microhardness are carried out.

Figure 2a,b depict the experimental results of stress vs. strain for distinct quenching
and aging temperatures, respectively. As previously reported, the highest ultimate tensile
strength (UTS) is that of the A356 alloy sample quenched at 30 ◦C, i.e., 241 (±6) MPa. The
intermediate and the lowest UTS values are those corresponding to the samples quenched
at 60 and 80 ◦C, respectively. From a scientific and technological aspect, no intrinsic
novelty was obtained, as previous investigations [10,16,23,33,35] have also reported similar
UTS values.

Figure 2. Experimental engineering stress vs. strain curves of A356 alloy after distinct (a) quenching
and (b) aging. The as-cast (non-treated) results are also depicted.

It is recognized that Mg2Si particles decrease mechanical behavior [21–23,38]. Addi-
tionally, it has been found that its dissolution occurs at solutioning, and this process is
commonly rapidly obtained, i.e., between 2 and 4 min [38]. It is also understood that the
optimal solutioning temperature and time is close to 540 ◦C for 3 and 6 h [10,35,38]. In the
quenching stage, a supersaturated solid solution forms a significant number of vacancies.
Dang et al. [11] demonstrated that after solutioning at 540 ◦C for 1 h, followed by water
quenching (~2.6 K/s), a completely spheroidized Si morphology microstructural array is
obtained, and the resulting microhardness is increased. It is also found that the highest
ductility (represented by resulting elongation) is that of the sample quenched at 30 ◦C.

For the as-cast samples, the intermediate ductility values are confirmed, while the
lowest are those of samples quenched at 60 and 80 ◦C. Ductility is a critical attribute for
the performance of vehicle wheels, and the mechanical responses are affected by plastic
deformation of the Al matrix and dislocation interactions. The yield strength (YS) and
elongation (ε) values are determined from stress vs. strain at 0.2% proof strength, and these
values are depicted in Figure 3.

Figure 3a shows that a similar decreasing trend of UTS and YS is obtained. It is
remarkable that those mechanical strengths corresponding to the three different aging
temperatures are obtained for quenching at 30 ◦C. Another interesting observation corre-
sponds to the ductility, which is not substantially modified after the three different aging
temperatures, as shown in Figure 3b. Moreover, the YS values corresponding to the aged
and quenched samples are not substantially modified. This induces a very similar resulting
microstructural array in terms of how the dendritic arm spacings and possible intermetallic
phases are constituted. This will be confirmed when SEM micrographs are analyzed be-
low. It is also noteworthy that decreasing trends are verified for the microhardness values
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obtained, i.e., with the increase in quenching and aging, the microhardness decreases, as
depicted in Figure 4.

Figure 3. Relation among UTS, YS, and ductility in distinctive (a) quenching and (b) aging temperatures.

Figure 4. Microhardness obtained after three different quenching and three different aging temperatures.

Quenching temperature and time have important roles in the achieved hardness. When
selecting or adopting appropriate quenching parameters, the hardness can be tailored to
reach certain desirable requirements. Based on the obtained results, a low quenching
temperature induces a hardness increase. On the other hand, high temperature promotes a
decreasing trend in hardness. At 30 ◦C, the high hardness obtained seems to be attributed
to the formation and transformation of the strengthening phases. These phases act as
obstacles to dislocation movement, impeding deformation and contributing to the increase
in the hardness.

When aging at 180 ◦C is carried out, an optimized mechanical response is achieved.
This suggests that there is an optimal aging temperature without excessive particle growth.
With an increase in the aging temperature to 200 ◦C and 220 ◦C, a decrease of about 10%
in the tensile strength is verified. This seems to be associated with a possible occurrence
of overaging, which leads to the dissolution of precipitated phases. Notably, the decrease
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in tensile strength does not coincide with the major alterations in the elongation. This
suggests that similar ductility is obtained in all examined temperature ranges.

The correlations between UTS and YS and microhardness (HV) are proposed in order
to compare with previous investigations [39–45], as shown in Figure 4. The problem of
finding meaningful relationships between hardness and tensile strength has been widely
reported [39–45].

Figure 5a depicts the relations between UTS and HV and UTS and YS and HV of
the examined samples. These were quenched at 30, 60, and 80 ◦C, and aged at 180, 200,
and 220 ◦C. Exponential equations with exponents 1/2 and 1/4 prescribe the relation for
both the YS and UTS (i.e., 21.5 HV

1
2 ) for the quenched and aged samples, respectively, and

between UTS and YS with HV for the quenched and aged samples, respectively.

Figure 5. Correlation between yield strength (YS) and microhardness and ultimate tensile strength
(UTS) and microhardness by using (a) exponential and (b) linear regression equations based on
Krishna et al.’ [43] and Cerri and Ghio’s [42] equations.

However, a linear regression model previously proposed by Cerri and Ghio [42] and
Krishna et al. [43] is evaluated in Figure 5b. Krishna et al. [43] have proposed linear
equations, i.e., UTS = 3.865 HV and YS = 1.97 HV, which overestimate the experimental
results obtained for the samples aged in the three different aging temperatures. On the
other hand, when only the quenched samples are considered (closed point in Figure 5b),
the experimental results are within the range prescribed by the linear equations proposed,
i.e., UTS = 3.865 HV and YS = 1.97 HV.

Cerri and Ghio [42] proposed a simplified correlation between HV and UTS, modifying
the Tabor and Cahoon equations [42]. In this sense, they also utilized linear equations
adjusting the regression (constant) coefficients, i.e., to 3.328 and to 2.155 for UTS and YS
correlations, respectively, as depicted in Figure 5b.

It is also clearly perceived that both the YS and UTS = f(HV) equations proposed
by Cerri and Ghio mainly encompass or outline the experimental results. However, the
experimental YS values corresponding to the aging treatment are overestimated by equation
YS = 2.155 HV. To adjust these regression coefficients, the equations proposed by Cerri
and Ghio [43] are modified, i.e., new equations prescribing the experimental results are
UTS = 2.12 HV and YS = 1.65 HV, respectively, as shown in Figure 6a. It is worth noting that
the coefficient (constant) described in both Krishna et al. and Cerri and Ghio’s equations
should range from 2.9 and 3.1, as suggested by Tabor and Cahoon [42]. This is intimately
associated with Meyer’s coefficient, which represents the “strain hardening” of the material,
as reported by Cerri and Ghio [42].
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Figure 6. Correlation between YS and UTS with microhardness fitted by (a) Cerri and Ghio’s [42]
linear equation and (b) YS and UTS with microhardness (in MPa) considering the investigations of
Abdulwahab et al. [40] and Rometsch and Schaffer [39].

Figure 6b shows a correlation between the yield strength (YS) and microhardness (in
MPa) considering two other investigations. The first equation is based on Abdulwahab
et al.’s [40] study with YS = 0.303 HV − 79.7, and another investigation, by Rometsch and
Schaffer [39], describes YS = 0.266 HV − 34.6.

The negative portion highlighted in the referenced equations corresponds to the strain
(during Vickers indentation) on the flow stress during indentation, which is less than
the representative strain, as previously reported [35,39–41]. Considering all experimental
data (both quenching and aging), it is confirmed that no match is obtained when both the
Abdulwahab et al. [40] and Rometsch and Schaffer [39] equations are used.

These equations only prescribe the best results of the quenching, i.e., the value of YS
of the sample quenched at 30 ◦C, and, similarly, the result of the UTS corresponding to the
sample aged at 220 ◦C. Mathematically, adjustments should be provided in these equations
to describe the results of the applied quenching and aging, i.e., YSquenching = 0.106 HV + 102
and YSaging = 0.106 HV + 75. Although the same slope is used, this is lower than the range
indicated by Abdulwahab et al. [40] and Rometsch and Schaffer [39]. Additionally, the
positive portion is not commonly reported. With these considerations, it is observed that
the adapted linear equations prescribed by Cerri and Ghio [43] and Krishna et al. [44]
provide a more inclusive range that encompasses both the quenching and aging outcomes
when assessing YS and UTS.

3.2. XRD and DSC Characterizations

The experimental X-ray diffractometry (XRD) patterns and Rietveld profiles of the
A356 alloy samples in the as-cast, quenched at 30 ◦C, and aged at 180 ◦C are shown
in Figure 7a–c, respectively. Based on the obtained mechanical behavior of the A356
alloy samples, only these aforementioned three distinct samples are selected. The as-cast
is the initial condition and acts as a control or reference. The other two samples, i.e.,
quenched at 30 ◦C and aged at 180 ◦C, are those samples with “quasi-optimal” obtained
mechanical responses. It is observed that all conceivable reflections of the α-Al and Si
phase are identified. Major constituent phases, such α-aluminum and the Al-Si eutectic
phase, are indexed. It is considered that Mg2Si, β-Al5FeSi, and many other Fe-containing
non-stoichiometric phases have been fully dissolved in these samples. These mentioned
phases are not identified. It is remarkable that the Fe-rich intermetallic phases are not
detected in XRD patterns. This seems to be associated with few portions being detectable,
which has its fraction lower than the detection limit of the diffractogram equipment.
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Figure 7. XRD patterns of the A356 alloy samples in condition: (a) as-cast, (b) water-quenched
at 30 ◦C only, (c) artificially aged (T6) at 180 ◦C for 3 h; and (d) the calculated crystallite size and
remaining strain determined by using Rietveld data (gray lines).

From Rietveld refinement of XRD data, the average crystallite sizes and lattice strains
of the examined samples are determined, as shown in Figure 7d. The dislocation density
(ρ) of the as-cast, quenched at 30 ◦C, and aged at 180 ◦C samples are determined by using
the Equation (1) [45,46], as follows:

ρ =
2
√

3ε

Db
(1)

where the term “ε” is the microstrain, D is the crystallite size, and the term “b” means the
burger vector. Based on the modified Williamson–Hall method [45–49], the microstrain
(ε) and crystallite size (D) are determined. For this purpose, XRD peaks obtained for
each examined sample and an analytical software X’pert HighScore Plus (version 4.5), by
PANalytical® are used. There are other models to calculate ε and D, e.g., the modified
Warren–Averbach model [49] and Shear Lag and Nes models [50], which are not used in
this present investigation.

The fundamental equation utilized in this methodology incorporates the phenomenon
of XRD peak broadening resulting from both ε and D, as described in Equation (2) [46].

B cos θb =
λK
D

+ 4ε sin θb (2)

where B is the width of the XRD peak measured at FWHM (full width at half-maximum);
qb is the Bragg’s angle sample; K is a constant (commonly defined as 0.9); and l is the
wavelength of the incident radiation (Cu Ka), i.e., 0.15405 nm. It is assumed that the
crystallite strain is uniform in all directions of crystallography, as previously reported by
Sutapa et al. [48].
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Wang et al. [48] have also demonstrated that by employing the modified Williamson–
Hall method, the FWHM is inversely proportional to the grain size and is proportional to
the mean square strain, which is directly correlated with the dislocation density. Although
it is recognized that TEM (Transmission Electron Microscopy) and EBSD (Electron Backscat-
tering Diffraction) are techniques used to identify dislocations, XRD measurements offer
more precision in quantifying dislocation density [48]. However, in this present study, no
substantial apparent increases in the peak widths of these examined samples are verified,
as shown in Figure 7.

Table 2 shows the calculated dislocation density (ρ) considering the (200) and (111)
peaks of the as-cast, quenched at 30 ◦C, and aged at 180 ◦C. Although there exist limitations
when using XRD techniques to precisely quantify the dislocation density of a material, qual-
itative assessments of the variations in the dislocation densities from different treatments
are provided. The compensation for instrumental broadening in the peak width is achieved
by estimating the Gaussian and Lorentz coefficients of the examined A356 alloy samples,
and these are used as the default settings for line profile analysis. It is also recognized that
the heat treatment potentially provokes a significant impact on dislocation density, which
affects the resulting mechanical behavior.

Table 2. Calculated dislocation density (ρ) at (200) and (111) Al peaks obtained from XRD patterns of
the as-cast, quenched at 30 ◦C, and aged at 180 ◦C samples.

As-Cast
Quenched at

30 ◦C
Aging at
180 ◦C

ρ (m−2 × 1015)

(200) 6.2 (±0.2) 7.2 (±0.2) 7.9 (±0.2)

(111) 7.9 (±0.2) 8.9 (±0.2) 9.4 (±0.2)

Table 2 indicates that the sample quenched at 30 ◦C, and considering its (200) and
(111) planes, is about 16 and 13% higher ρ than the as-cast sample (i.e., ρ of 7.2 × 1015 m−2

against 6.2 × 1015 m−2 and 8.9 against 7.9 × 1015 m−2), respectively. It is evidenced that
the quenching provokes internal stresses possibly associated with the differences in the
thermal expansion among its constituent phases.

At (111) and (200) planes, both the quenched and aged alloy samples have slightly
higher strains than the as-cast sample. Moreover, the crystallite sizes are considerably (12%)
lower (~350 nm) than those of the as-cast sample (~390 nm). This occurred in the majority
of all the planes examined when the heat-treated samples and the as-cast sample were
compared. This is coherent with the dislocation density ρ shown in Table 2. Additionally,
this also corroborates with our understanding of the UTS and YS values obtained, i.e., with
the increase in the ρ, mechanical behavior also increases. However, when the quenched
sample is compared with the sample artificially aged at 180 ◦C, the dislocation densities ρ
in both (200) and (111) planes are higher than those observed for the sample quenched (i.e.,
7.9 against 7.2 × 1015 m−2 and 9.4 against 8.9 × 1015 m−2), respectively.

Considering these slight differences (~10 and 5%), the crystallite size and lattice strain
reveal noteworthy disparities. It is observed that aging increases the dislocation density of
all examined planes, accompanied by comparable strain values, as shown in Figure 7d. It is
known that the dislocation density of a material is directly proportional to the lattice strain
and inversely proportional to the crystallite size. Based on this, and associated with the fact
that the aged sample has a similar microstrain level (from Rietveld treatment) and slightly
higher crystallite size than the quenched sample, we deduce that the dislocations are
responsible for the similar UTS and YS values when compared with the quenched sample,
as shown in Figure 5a. Additionally, it is also clearly verified that it has substantially
higher (~33%) microhardness (i.e., 120 against 90 HV), as depicted in Figure 4. These
observations seem to be associated with the resulting microstructural arrays, not only
at the micrometer scale but also at the nanometer scale. For example, at the microscale,
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there is a similarity in the dendrite arm spacings and the eutectic Si morphology and size.
On the nanoscale, the characterization and observation of the dislocation densities and
microstrains require TEM, EBSD, and/or HRTEM techniques. These advanced methods
demand a more complex sample preparation and are more expensive than conventional
microstructural characterization techniques.

From the metallurgical point of view, it is known that quenching forms a supersatu-
rated solid solution containing numerous vacancies [38]. Associated with this, the sharp
difference in the thermal expansion coefficient between the Al matrix and Si particle in-
duces high thermal stress at the Al/Si interface. Consequently, high dislocation density
is constituted, initiating from the interface inducing a mismatched lattice. Since Mg2Si
dissolution and homogenization are very fast processes (occurring from 2 up to 15 min
to complete its homogenization [38]), the remaining possible particles are β-Al5FeSi, as
previously reported [38].

Conversely, the aging treatment achieves a more even distribution of precipitates
within the material. To reach peak hardness, a specific duration of treatment is required,
typically 10 h at 170 ◦C, although a period as brief as approximately 20 min at 210 ◦C can
be sufficient [38,42]. From the calculated dislocation densities and microstrains results
associated with the mechanical responses, it was found that the sample aged at 180 ◦C still
exhibits a high dislocation level. This seems to be correlated with fine θ′ precipitates, which
commonly nucleate on dislocation sites. It has been reported [42] that these θ′′ coherent
precipitates on dislocations are responsible for the earlier and higher peak hardness.

Unfortunately, in this present investigation, to identify these dislocations, TEM and
EBDS techniques are not carried out. However, SEM micrographs corresponding with the
fractography of the examined samples are exploited and will be depicted and discussed
below. Associated with the micrographs, mechanical results, and the calculated parameters
from Rietveld treatments, the correlation between the mechanical behavior and the dislo-
cation level is evaluated. This seems to constitute an important and complementary tool
to prescribe and correlate the mechanical responses with applied heat treatments. Thus, a
more complex and expensive microstructural characterization technique is not required.

The experimental DSC melting results show the cooling curves as a function of the
thermodynamical transformation temperatures of the A356 alloy samples before (as-cast)
and after aging (adopting T6 at 220 ◦C), as depicted in Figure 8. A first endothermic peak is
associated with an inflexion and plateau characterized at ~620 ◦C, as shown in Figure 8a.
This is correlated with α-Al dendritic matrix transformation, and from the Al-Si phase
diagram, it is designated as liquid transformation (TL) [10]. Dang et al. [10] also obtained
this peak at 620 ◦C. Figure 8b shows a second one, which represents an endothermic peak
occurring at ~590 ◦C. This corresponds with the Al-Si binary eutectic reaction, as reported
in [10].

Dang et al. [10] also verified this transformation at a similar temperature range (i.e.,
~580 ◦C). Considering a thermodynamic equilibrium condition, this transformation cor-
responds to the eutectic transformation temperature (TE) occurring at ~570 ◦C [10]. Con-
sidering the solidification of an A356 alloy, depending on the Si and Mg contents, another
reaction can occur, i.e., one associated with Al + Si + Mg2Si ternary eutectic at 563 ◦C, as
also demonstrated by Dang et al. [10]. As expected, after T6 treatment, the ternary eutectic
transformation trends to be substantially dismissed or eliminated. This is suggested when
DSC curves corresponding with the aged samples are observed.

Also, from the metallurgical point of view, depending on the Si and Mg con-
tents, the Mg-containing phases during solidification are the Mg2Si and π-Al8Mg3FeSi
phases, [10,21,24,38–40]. Additionally, Mg2Si particles tend to become dissolute and
homogenized in a short period when heat treatment is carried out [38]. Based on the
DSC results associated with the dislocation density and the microhardness and mechanical
strength results, the as-cast sample is the sample exhibiting more remaining Mg2Si particles,
as shown in Figure 9c. This is also clearly confirmed in DSC curves.
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Figure 8. (a) Experimental DSC curves obtained by using 10 ◦C/min of the A356 alloy samples:
(a) quenched at 30 ◦C and artificially aged at 220 ◦C and (b) the as-cast condition; (b) A typical XRD
pattern corresponding with the as-cast A356 alloy sample, evidencing (inset) remaining Mg2Si particles.

Figure 9. Typical SEM micrographs of the A356 alloy samples of the as-cast samples (a), and quenched
at (b) 30 ◦C, (c) 60 ◦C, and (d) 80 ◦C, evidencing Fe-rich particles and Mg2Si particles (as-cast sample).

Considering the aged sample, the eutectic ternary reaction is almost omitted or elimi-
nated, as depicted in the obtained DSC curves. This is provided by a solution treatment
and possible thermodynamic transformation of these Mg-rich phases in β-Al5FeSi, mainly
associated with more dilute Mg content (i.e., 0.3 wt.%), as reported by Chen et al [38].
Although the results of DSC and XRD have not substantially confirmed Mg2Si particles, the
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dislocation density results reveal a high level, which permits us to understand the reason
for the increasing microhardness. This seems to be associated with fine θ phases, which are
nucleated at the dislocation sites.

3.3. Microstructural Array and Fractograph Characterizations

Figure 9a–d show typical microstructural arrays of the examined A356 alloy in the
as-cast condition and after quenching at three distinctive temperatures, i.e., 30, 60, and
80 ◦C, respectively. It is known that Al-Si-Mg alloys are constituted by a lamellar Si mor-
phology and primary α-Al phase constituting the dendritic Al-rich matrix. It is also known
that Al-Sr master alloy has effective action to spheroidize Si particles. Since all examined
samples contain portions of the mentioned Al-Sr master alloy, similar spheroidization
levels are observed. This spheroidized Si morphology is associated with a finer eutectic
microstructure and seems to be responsible for improving the resulting ductility of the
casting, as previously reported [11,19,25–36]. Moreover, similar dendrite arm spacings
(λ) are also characterized, i.e., λ = 38 (±6) μm. As expected, throughout the lattice of all
examined samples, Fe-rich phases (commonly designated as β-Al5FeSi) are homogeneously
distributed. These resulting microstructural arrays are confirmed and are associated with
the results previously discussed concerning DSC and XRD. Based only on these microstruc-
tural characterizations, it is not possible to conclude that a correlation exists between the
results of the distinct quenching temperatures with the obtained mechanical behavior.

Although it is recognized that a finer dendrite spacing increases the mechanical re-
sponse, this parameter is very similar for all quenched samples. The Si spheroidization is
also very similar among the three quenched samples, including the as-cast sample. This dif-
ferentiates only with Mg2Si particles constituting its resulting microstructural morphology.
These observations reasonably corroborate with the mechanical behavior reached, mainly
when low mechanical strengths are compared. However, among the quenched samples,
the microstructural array characterizations do not substantially corroborate to explain the
distinctive results of the UTS, YS, and microhardness.

As previously discussed and reported [38], quenching induces high thermal stress at
the Al/Si interface, which generates a higher dislocation density (~7.2 × 1015 m−2) than
the as-cast sample (6.2 × 1015 m−2), as shown in Table 2. Additionally, due to the same
thermal mechanism, when quenching is carried out at a slightly higher temperature, such
as at 60 and 80 ◦C, it is expected that a lower dislocation density is obtained. This helps us
understand the decreasing trends of UTS, YS, and microhardness including the ductility
behavior corresponding with the samples quenched at high temperatures.

The typical microstructural array of the as-cast sample is similar to the quenched
samples. However, differences concerning the Mg2Si particles are observed, and it induces
a distinct interpretation of their portions or volumes contributing to the decrease in mechan-
ical strength. On the other hand, by analyzing the XRD and dislocation density results, the
differences in the mechanical responses between the as-cast and the quenched samples are
reasonably understood. The experimental XRD patterns characterize peaks corresponding
with Mg2Si particles into the as-cast lattice, which are dissolute and homogenized into the
quenched lattice samples due to solution treatment and/or associated with subsequent
aging, as previously demonstrated and discussed.

Figure 10a depicts a typical fractured surface and the corresponding SEM micrographs
of the examined A356 samples after distinct quenching and aging treatments. An analysis
of the physical features of fracture surfaces indicates the possible failure reason. With this,
a correlation and understanding between these microstructural characteristics, fractured
surface, and adopted heat treating can be provided.

Figure 10b,c correspond with the examined fractures of the quenched A356 alloy
samples. The typical cleavage planes (white arrows) coexisting with typical dimples with
certain tendon fossa sites (yellow dashed circles) are characterized. These characteristics
have been previously reported when heat treatments of the A356 alloys are applied [50].
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Additionally, the tearing edges (red dashed circles) are clearly characterized, interposing
the dimple regions. These tearing edges suggest typical brittle fracture behavior [51].

Figure 10. (a) A typical micrograph of the fractured surface of the specimens examined, SEM
micrographs of the samples quenched at (b) 30 ◦C and (c) 60 ◦C; and the samples after aging at
(d) 180 ◦C, (e) 200 ◦C, and (f) 220 ◦C. The white arrows indicate the cleavage planes and yellow and
red dashed circles represent tendon fossa (dimples sites) [50] and tearing edges, respectively. Yellow
arrows depict the constituted porosity/voids.

Figure 10d shows the fractured SEM micrograph of the aged sample at 180 ◦C. When
this is compared with the micrographs shown in Figure 10e,f (after quenching), both the
cleavage and dimples still coexist. However, it is perceived that the former fractography
has both cleavage and tearing edge regions that decreased considerably when compared
with the latter one. This observation corroborates with the obtained results of the UTS,
YS, and dislocation density. Based on this, it is seen that aging decreases the brittle aspect,
and UTS and YS are very similar, and no substantial decrease in the ductility has been
verified. Additionally, the aged samples at 180 ◦C have their microhardness increased
when compared with the quenched samples at 30 ◦C.

From both quenching and aging treatments, it can reasonably be concluded that the
highest mechanical behavior is that of the sample treated at 30 ◦C (i.e., UTS of ~245 MPa
and hardness of about 120 HV). Interestingly, the highest elongation (~6%) is also reached
at this temperature. When samples are aged, the highest mechanical behavior is reached
after aging at 180 ◦C, i.e., ~240 MPa, with elongation of about 4.5%. Interestingly, its
hardness is about 50% lower than the aged sample. This means that if the highest UTS
is desired, quenching and aging provide very similar mechanical behavior, based on the
UTS results. However, if yield strength or deformation capacity is the crucial point of the
design, then the sample quenched at 30 ◦C has YS ~ 16% higher than the sample aged at
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180 ◦C. These assertions are corroborated by the calculated dislocation results. The samples
aged at 180 ◦C achieved up to 10% more dislocations than those quenched at 30 ◦C. This
is not characterized by using typical SEM micrographs. However, due to microstructural
modifications at the nanoscale level, dislocation changes are calculated by using XRD
patterns and then corroborated with the mechanical results observed.

With this, Al-based alloy wheel manufacturers can plan and control heating treatments,
taking into account that curing coating treatments take up to 2 h at 160 and 180 ◦C to
complete. Consequently, we found that a quasi-overaging of the wheels can be carried out,
resulting in a deleterious effect on the mechanical response.

4. Conclusions

Based on the experimental results of the mechanical behavior and microstructural
characterizations concerning the A356 alloy samples after different quenching and aging
treatments, the following conclusions can be drawn:

• When the A356 alloy samples are quenched at 30, 60, and 80 ◦C, decreasing trends
in both UTS and YS results are observed. Analog tendencies are also obtained when
aging treatments at 180, 200, and 220 ◦C are applied. It was found that the UTS
results corresponding with the aging at 180 ◦C and quenching at 30 ◦C are similar (i.e.,
~240 MPa). Analog YS results are also similar in these same treatment temperature
ranges, i.e., ~190 MPa.

• When comparing the experimental correlations between UTS and YS with microhard-
ness with those previously reported (e.g., Krishna et al. [43] and Cerri and Ghio [42]),
a good exponential adjustment prescribes the experimental data. On the other hand,
when linear equations proposed by Abdulwahab et al. [40] and Rometsch and Schaf-
fer [39] are utilized, no good adjustments are obtained.

• It was found that the calculated microstrains, crystallite sizes, and dislocation densities
from the Rietveld treatments corroborate our understanding of the distinctive mechan-
ical behavior of the A356 alloy samples subjected to different aging and quenching
treatments. We found that the dislocations are responsible for similar UTS and YS
values when compared with those samples quenched at 30 ◦C and aged at 180 ◦C.
It was also found that by using the Rietveld treatment, the dislocation densities are
calculated and correlation with mechanical responses can be constituted.

• It is important to remember that industrial practices commonly use artificial aging
after a quenching procedure. However, for automotive wheels, it is noted that a
complementary powder coating wheel treatment is often applied. This can promote
a certain curing of coating, which prevents corrosion damage and provides a shiny
aesthetic aspect. Although certain industrial secrets are required, this abovementioned
curing coating treatment takes up to 2 h at 160 and 180 ◦C to complete. In this
particular context, it seems that it is thermodynamically sufficient for a “preaging” or
“overaging” to be conducted. We found that a “quasi-overaging” of the wheels results
in a deleterious effect on mechanical behavior. This is attributed to “overaging” when
associated with T6. With this, operational practices can be planned in order to obtain
the required mechanical properties, which is particularly useful for manufacturers of
A356 alloy wheels.
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Abstract: Pure shear tests of textured magnesium AZ31B sheet samples were carried out using
a 5 kN Kammrath & Weiss in situ tension-compression stage in a scanning electron microscope
in combination with real-time electron backscatter diffraction lattice orientation mapping. The
sample design was optimized to produce a pure shear stress in the central gauge zone. Distributions
of the deformation twins were correlated with finite element simulations using a linear-elastic
constitutive law considering large deformations to show that twins form in areas where the principal
compressive stress σ∗3 is a maximum and that they form normal to the trajectories of that minor
principal stress. Mappings of the same area at different load values revealed the formation and
growth of individual twins and their relationship to the internal elastic strain of individual grains as
indicated by the internal grain disorientation. All twins observed were of the extension type, with an
86.3◦ disorientation with respect to the parent grains. A more detailed study was conducted using
transmission electron microscopy to correlate with the EBSD observations and to further elucidate
the twin structures within samples.

Keywords: in situ testing; pure shear; electron backscatter diffraction; magnesium AZ31B; deformation
twinning; twin growth; bands of twinned grains

1. Introduction

Magnesium alloys have significant value as lightweight engineering materials [1,2],
with magnesium recently being heralded as the metal of the future [3,4]. Their high specific
strength, low density (1.74 g·cm−3 compared with aluminium (2.7 g·cm−3)), high stiffness,
ductility, and good machinability give them a wide range of applications, especially in the
automotive and aerospace industries [5,6]. With a melting point of 650 ◦C, magnesium
forms a polycrystalline metal with a hexagonal crystal structure that has a c/a ratio of
1.62 [7,8]. Through alloying, thermal treatment, and strain hardening, the mechanical
properties of these alloys can be optimized for specific applications [9–11]. However,
in extruded or sheet form, their strong basal texture, in which a majority of grains are
aligned with the hexagonal c-axis normal to the sheet, gives them strongly anisotropic yield
behaviour and asymmetric yield stresses [12], which complicates their machinability and
practical use [13,14].

Figure 1 shows the basic unit cell of magnesium and their planes for dislocation
slip and twinning [15]. Because of the hexagonal crystal system, basal slip and extension
twinning are the main modes of plastic deformation in magnesium at room temperature,
both with a critical resolved shear stress (CRSSRT) of approximately 0.5 MPa [16–21]. At
higher temperatures, prismatic and pyramidal slip are possible with CRSSRTs of approx-
imately 40 and 60 MPa, respectively, as well as contraction twinning with a CRSSRT of
approximately 200 MPa [16,22]. Extension twinning extends the lattice in the c-direction by
reorientation across the [10–12] planes [23], while basal slip extends the lattice parallel to
the basal plane. The basal texture in an AZ31B sheet has a large influence on the activation
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of deformation modes during mechanical testing, and it is reported that prismatic slip and
extension twinning can activate preferentially to basal slip according to the direction of the
applied force [24].

   
(a) (b) (c) 

Figure 1. The hexagonal unit cell of magnesium (a) with atom sites, axes, and dimensions indicated,
(b) the slip planes for basal, prismatic, and pyramidal slip, and (c) the twinning planes for extension
and contraction twinning.

In this study, the plastic deformation mechanisms of twin-roll cast AZ31B alloy sheets
(weight percentage composition [25]: 2.75% Al, 1.08% Zn, 0.368% Mn, 0.0262% Cu, 0.0187%
Si, 0.00282% Fe, 0.00038% Ni, and 0.00041% Ca) are investigated when subjected to pure
shear stress [26,27]. By adapting a recently developed sample geometry [28] and using
an in situ mechanical tester, the samples’ behavior was studied inside a scanning electron
microscope (SEM). Real-time electron backscatter diffraction (EBSD) lattice orientation
mapping [29,30] was used to reveal the initiation and growth of deformation structures
within the samples when they were subjected to incrementally increasing pure shear stress.

In situ mechanical testing was initially developed in the late 1960s [31] and, since that
time, has undergone significant further development due to its high value for investigating
material behavior under controlled conditions of stress combined with real-time imaging
at the micron and sub-micron scales. The initiation and growth of deformation structures
can be studied with increasing or decreasing stress states or cyclic stress to examine how
plastic strain appears in the microstructure. This knowledge is especially relevant to the
development of materials for engineering applications, as well as the design of individual
stress-bearing components, because the macroscopic properties of bulk materials are de-
rived from their behavior at the microscopic scale. In combination with EBSD mapping,
changes in the lattice orientation can be studied in situ in relation to specific applied stress
states, which further elucidates the localized distribution of elastic and plastic strain that
accompanies and precedes macroscopic plastic flow.

Shear testing is a form of mechanical stress test that applies offset opposing forces
across a volume of material rather than directly opposing forces, which are otherwise used
for uniaxial compression and tension tests. The shear test emulates real-world conditions
that involve shearing forces such as those encountered through friction when components
are displaced relative to each other while maintaining mechanical contact. Also, in a sheet
loaded with in-plane shear forces or in a torsionally loaded plate, shear stresses occur within
the bulk of the material. Knowledge of how a material behaves under shear stress can then
be used to design components to withstand these stresses in real world applications. In the
case of sheet materials, shear tests can be made parallel or inclined to the sheet plane with
appropriate sample and experiment design. Recent studies have shown the extent to which
shear studies have been conducted on magnesium alloys [32,33], while developments in
sample design [28] permit the application of pure shear stress to an optimized gauge area
as a result of applied tensile force.
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Earlier studies of magnesium AZ31B subjected to uniaxial compressive stress observed
plastic deformation in the form of bands of twinned grains (BTG) [25,34]. These bands
formed normal to the maximal principal compressive stress σ∗3 and individual twins inside
the bands were aligned approximately parallel to those bands. Recent in situ studies of
magnesium subjected to uniaxial compressive stress confirmed this and investigated in
more detail the initiation and growth of individual twins [15] under this stress state. The
current study applies this approach of in situ testing with pure shear stress, an area that has
not yet been explored in the literature. The goal of this study is to investigate the nature of
plastic flow at the microscopic level and to observe its evolution with increasing stress.

2. Materials and Methods

Textured AZ31B magnesium sheets were obtained from Magnesium Flachprodukte
GmbH in Freiberg [35] and test samples were milled from these sheets using a PFE1000-PX
CNC milling machine from BZT Maschinenbau GmbH (Leopoldshöhe, Germany) mill
fitted with a 202515-2 carbide cutter from Garant Productions GmbH (Hoffmann Group,
Munich, Germany) operated at 5000 min−1 with a cutting speed of 100 mm s−1 and a 10
μm depth of cut and cooled using compressed air. Sample geometry was adapted from the
studies of [29] and surface roughness after milling was nominally Ra = 0.6 μm. Mechanical
tests were carried out in a Zeiss Merlin SEM with an accelerating voltage of 20 kV. A 5 kN
in situ tension-compression stage from Kammrath & Weiss GmbH (Schwerte, Germany)
(referred to herein as the in situ stage) was used to incrementally increase the shear stress
on the sample.

Figure 2 shows details of the pure shear test sample. The experiment used the in situ
stage to apply a tensile force (F1) to the sample in the x1 direction. Dimensions of the sample
were chosen so that it would fit into the in situ stage and have the same length (60 mm) and
thickness (3 mm) as the earlier uniaxial compression samples [15]. The geometry, based
on [28], was optimized with the help of numerical simulations to produce an almost pure
shear stress state in the area between the 2 notches. This is shown using the triaxiality
factor η = σm/σv.Mises in Figure 3a. Samples were finely ground and polished on one
side before in situ testing so that the analysed surface was suitable for imaging and EBSD
mapping [36,37]. Figure 2c shows the 3D-printed (3DP) plastic sample holder designed
to fit a RotoPol 11 polishing machine from Struers GmbH (Ballerup, Denmark). Using
this holder, three samples could be ground and polished simultaneously with an even
surface finish.

 
(a) (b) 

Figure 2. Cont.
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(c) (d) 

Figure 2. The pure shear sample: (a) technical drawing with dimensions in mm showing the
coordinate system (x1, x2, and x3), (b) photograph indicating the central pure shear gauge zone,
(c) sample mounted in a 3DP plastic holder for polishing, and (d) sample being polished on a
neoprene cloth.

  
(a) (b) 

  
(c) (d) 

Figure 3. Finite element analysis of the pure shear sample under 725 N load showing (a) the scalar
field η(x1, x2) of the triaxiality factor in the range of −0.1 ≤ η ≤ 0.1 from the FEM simulation,
(b) distribution of the maximum shear stress τmax(x1, x2) from the FEM simulation, (c) plot of the
maximum shear stress τmax along the contour coordinates s1 and s2, and (d) distribution of the minor
principal stress σ∗3(x1, x2) and the principal axis system, which is valid for the central gauge area.

Grinding was carried out using 2500- and 4000-grit silicon carbide papers, polishing
using a colloidal suspension of 40 nm silicon dioxide powder solution in deionized water
on a neoprene cloth, vibrational polishing using 30 nm aluminum oxide powder suspension
on a neoprene cloth in a Buehler Vibromet, and cleaning in an ultrasonic bath. By using
deionized water for each stage and absolute ethanol for final cleaning, it was possible
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to produce a surface without a hydroxide layer [38], which would otherwise form with
water-containing solutions and diminish the EBSD signal which is derived from the upper
100 nm or so of the surface [39]. This high surface quality allowed the same area of samples
to be studied and mapped multiple times; only the physical deformation of grains at the
surface by the mechanical test eventually obstructed the electron signal reaching the CCD
sensor of the EBSD detector.

The geometry of the pure shear sample, based on [28], was optimized with the help
of numerical simulations to produce an almost pure shear stress state in the area between
the 2 notches. Figure 3 shows the results of the finite element simulation of the pure shear
sample based on a linear-elastic constitutive law considering large deformations. The
dimensions of the shear sample were optimized by an isotropic elastic FEM (finite element
method) simulation considering large deformations. A Young’s modulus of 42,866.5 MPa
and a Poisson’s ratio of 0.32 [25] were used for the isotropic elastic material model. The ge-
ometry, shown in Figure 3a, was discretized using 94,500 hexahedral isoparametric elements
(C3D20R) with quadratic shape functions and a reduced integration scheme. The boundary
conditions specified on the left surface of the clamping area (x1–x3 surface) are such that
the displacements u1, u2, and u3 are set to zero. In addition, a homogenous distributed
load of F1 = 725 N was applied on the right-hand side of the right clamping surface.

The main purpose of using the FEM simulation was to optimize the geometry of the
sample to achieve a homogeneous pure shear stress state in the gauge area. A defining
characteristic of the pure shear stress state is that the major principal stress σ∗1 (positive
value), the minor principal stress σ∗3 (negative value), and the maximum shear stress τmax
are equal in magnitude. It should be noted that the principal stresses and the principal axis
system are marked with �∗ in this study. In addition, the principal stresses are ordered
according to the convention σ∗1 ≥ σ∗2 ≥ σ∗3. It is well established that the x∗∗1 –x∗∗3 axis
system, where the maximum shear stress τmax occurs, is rotated by 45

◦
relative to the

principal x∗1–x∗3 axis system. The corresponding values and the corresponding axis system
are denoted as �∗∗.

To verify whether a pure shear stress state has been achieved in the gauge region, the
triaxiality factor η is used. The triaxiality factor is calculated using the formula

η =
σm

σv.Mises
=

I1

3σv.Mises
, (1)

where σm is the arithmetic mean of the normal stresses, I1 = σ11 + σ22 + σ33 the first stress
invariant, and σv.Mises the von Mises equivalent stress. For a pure shear stress state, η = 0.
The triaxiality factor converts a multiaxial stress tensor into a simple scalar quantity, making
it easy to evaluate the multiaxiality of the stress state. Figure 3a displays the plot of the
scalar field η(x1, x2) in the range of −0.1 ≤ η ≤ 0.1. The plot confirms the attainment of an
almost perfect pure shear stress state within the central gauge area.

Figure 3b shows the distribution of the maximum shear stress τmax(x1, x2) and the
orientation of the corresponding x∗∗1 –x∗∗3 axis system. The axis system is rotated by the
angle ϕ∗∗ = 11.1◦ in relation to the global x1–x2 axis system presented in Figure 3a. The
shear stress should be the maximum and as homogeneous as possible in the central gauge
area. To verify this, τmax is plotted in Figure 3c along the paths s1 and s2, which are
illustrated in Figure 3b. Figure 3c confirms that the maximum value of τmax is attained
at x1 = 0 and x2 = 0. Furthermore, τmax remains constant along the paths s1 and s2 for a
certain length. This is particularly valid for the path s1, which verifies the presence of an
acceptable homogeneous stress distribution in the central gauge zone.

In addition to the triaxiality factor η and the maximum shear stress τmax, the principal
stresses σ∗1 and σ∗3 and the orientation of the corresponding principal x∗1–x∗3 axis system
were analyzed for the central gauge area. This is of crucial importance, as one of the main
objectives of this study is to investigate whether the twins align perpendicular to the minor
principal stress σ∗3 as in the uniaxial experiments in [15], although a pure shear stress state
prevails. Figure 3d shows the distribution of the minor principal stress σ∗3 for an external
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load of F1 = 725 N. Additionally, Figure 3d shows the orientation of the principal axis
system and the associated principal stresses. The major principal stress in the central gauge
area is σ∗1(x1 = x2 = 0) = 123.0 MPa, which is a tensile stress. Conversely, the minor
principal stress of σ∗3(x1 = x2 = 0) = −113.2 MPa is a compressive stress. Consequently,
the criterion for the pure shear stress state σ∗1 ≈∣∣σ∗3∣∣ is approximately valid with a deviation
of 8.66%. The principal x∗1–x∗3 axis system is rotated by the angle ϕ∗ = 33.9◦ with respect to
the global x1–x2 axis system, introduced in Figure 3a. The alignment of the principal stress
directions is crucial for comprehending the microscopic deformation mechanisms later on.

Figure 4 shows details of the experimental set-up. The in situ stage was attached to
the microscope stage using an electrically conductive steel adapter provided by Kammrath
& Weiss GmbH. The adapter plate tilted the sample by 50◦ to the horizontal, and when
combined with the 20◦ tilt within the in situ stage, the required 70◦ tilt was achieved for
EBSD measurement. The horizontal and vertical positions of the stage were precisely set in
order to avoid contacting the SEM objective pole piece or the sensors when the in situ stage
was inserted into the chamber. Figure 3b shows the polished sample fixed using hardened
steel gripping plates in the in situ stage. Figure 4c illustrates the EBSD system, where
electrons backscattered from atoms within approximately 100 nm of the sample surface
are diffracted by the upper layers of the sample lattice, collected on the CCD sensor of an
Oxford Instruments Nordlys detector, and processed in the AZtecHKL software (version
3.3 SP1) into phase and orientation of the scattering site. By scanning the electron beam
raster-style across an area of the sample, a map of phase and lattice orientation, called the
Inverse Pole Figure or IPF, was produced. These maps were recorded at different values of
load and later processed using the ATEX analysis software (version 4.05) [40].

  
(a) (b) 

  
(c) (d) 

Figure 4. Experimental set-up showing: (a) the in situ stage mounted in the SEM, (b) the pure shear
sample within the in situ stage, (c) a schematic of the EBSD measurement system, and (d) a typical
experimental loading curve of force F1 vs displacement u1 with breakpoints for EBSD data acquisition.
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Figure 4d shows a typical experimental load–displacement curve. As the stress and
strain within the pure shear gauge zone could not be measured directly due to the complex
geometry of the sample, the curve displays measured values of applied force F1 vs. macro-
scopic displacement u1 in the x1 direction. Force was increased incrementally by driving the
DC motor at a speed of 2 μm per second to specific pre-set breakpoints. At each breakpoint,
power to the motor was held constant while SEM images and EBSD lattice orientation
maps were collected. Maps covered a typical area of 100 × 80 μm2, with a measurement
spacing of 0.1 or 0.2 μm. This allows a compromise between resolution and collection time
while including an area of some 100 grains. The clean surface produced a strong clear EBSD
signal, which allowed for rapid processing times so that each map required around 1 h to
collect and multiple mappings could be made of the same area. During collection times,
system relaxation gave rise to a slight reduction in force; consequently, these measurement
periods appear as inverted spikes in the loading curve.

Figure 5 shows the method used to prepare samples for investigation using TEM.
A sample that had been loaded to 950 N was mounted on the table of a 3D-printed core drill
and a 3 mm cylinder was removed from the central zone using a stainless-steel tube with
4.0 mm outer diameter and 3.25 mm inner diameter. The core drill, a simplified version
of that developed earlier [41], was operated at 200 min−1 with a slurry of 15 μm diamond
particle paste under a pressure of approximately 5 N which was applied using a 50 mm
long 10 mm-diameter stainless-steel compression spring with 0.35 Nmm−1 spring constant.
Approximately 5 h was required for the drill to grind through the 3 mm-thick sheet. By
grinding the annular channel slightly off-center, a slight impression on the side remaining
from the sample geometry made it possible to maintain knowledge of the orientation
relative to the larger test sample during subsequent studies. After cleaning, the 3 mm
cylinder was mounted on a brass rod and sliced into three discs, each approximately 250 μm
thick, using a fine-grit diamond wafering blade in a Struers Minitom. The discs were then
ground using a self-made 3D-printed manual grinding tool on a 12 μm alumina abrasive
sheet on a glass plate to obtain an even surface finish and thickness of approximately
100 μm.

  
(a) (b) 

Figure 5. Cont.
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(c) (d) 

Figure 5. Extraction of the 3 mm-diameter cylindrical sample from the central pure shear area using
a 3D-printed core drill showing (a) the stainless-steel grinding tube, (b) the sample mounted on the
spring-loaded holder with magnets, (c) the sample after 5 h drilling, and (d) three sections of the
sample on a stainless-steel holder ground to 100 μm thickness.

Figure 6 shows the dimpling process that thins the central area of the round sample
to <30 μm thickness before ion milling. The dimple grinder-polisher was a 3D-printed
device [42] with a horizontally-mounted DC motor for the grinding/polishing disc and
a vertically-mounted DC motor to rotate the sample. The sample was mounted on a
2 mm-thick 8 mm-diameter glass disc mounted in a 3DP plastic holder and rotated at
10 min−1. A plastic grinding disc and 3 μm diamond abrasive in ethylene glycol required
20 min to form the initial dimple with a vertical force of approximately 60 gf or 0.6 N
and rotation speed of approximately 100 min−1. Polishing was carried out using a strip
of flocked polishing cloth mounted on a 3D-printed plastic disc with 1 μm diamond in
ethylene glycol and deionized water with the same load as for grinding. A small hydroxide
layer would inevitably form on the surface, but by using deionized water the thickness of
the layer was minimized, and it would be removed later by ion milling. The sample was
dimple-ground and polished on both sides.

  
(a) (b) 

Figure 6. Dimpling of samples for TEM using (a) a 3D-printed plastic grinding disc with a slurry of
3 μm diamond and glycol and (b) polished using a 3D-printed holder with a strip of polishing cloth
fixed with silicone paste and a slurry of 1 μm diamond in glycol.

Figure 7a shows the 3 mm-diameter sample before dimple grinding and Figure 7b
after dimple grinding: the dimple is well-centered and shows the expected fine uniform
grinding lay of 3 μm diamond combined with a plastic grinding disc. The central area at
this stage was 40 μm thick as measured using the calibrated depth control of the Zeiss Axio
Imager II optical microscope. Figure 7c shows the dimple after polishing: the grinding lay
have been removed and only very fine marks remain, typical of 1 μm diamond polishing.
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At this stage, the central area was approximately 30 μm thick and any subsurface damage
remaining would be expected to be less than 1 μm deep [43,44]; ion-beam milling would
remove this damage as it removes 15 μm from both sides. Figure 7d shows the sample
after ion-beam milling using a Gatan PIPS II. The sample holder was cooled using liquid
nitrogen to −50 ◦C, beam energy was 6 keV until perforation by 2 keV for 5 min and 1 keV
for one minute to remove amorphization, gun angles were 6◦ from above and 6◦ from
below, and a rotation speed of 3 min−1 was used. With these parameters, perforation was
achieved in approximately 25 min.

  
(a) (b) 

  
(c) (d) 

Figure 7. The sample (a) after drilling, (b) after dimple grinding, (c) after dimple polishing showing
very fine surface, and (d) after ion-beam milling showing the thinned central area.

3. Results and Discussion

Figure 8 shows SEM images of a sample at six different pure shear-stress states
corresponding to applied force F1 of: (a) 600 N, (b) 780 N, (c) 850 N, and (d) 1500 N. The
dark curve in each image is the focal band resulting from the 70◦ tilt of the sample. Plastic
deformation first appears in the central pure shear zone at around a 700 N, load forming
an elliptical shape, and grows in size with an increasing load until it extends across the
gauge zone. This is consistent with the results of the FEM simulation in Figure 3. Bands of
twinned grains at the edges of the notch roots first appear at around 600 N. These regions
exhibit a large negative minor principal stress σ∗3, as shown in Figure 3d. Along with this,
the stress state is almost uniaxial with σ∗1 = σ∗2 = 0, which favors the formation of BTGs.
These deformation microstructures, together with the surface disturbance, grew in size and
became more pronounced as the sample distorted macroscopically until, at approximately a
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1500 N force, the sample failed. The dark rectangular area in the zone of plastic deformation
is the area studied using EBSD to observe changes in the microstructure with an increasing
applied load. The rectangle itself is caused by carbon deposition along the electron beam,
as this area was mapped for several hours and collected carbon contamination during
the scans.

Figure 9 shows details of the sample surface during the pure shear test before loading
and at increasing values of force F1 of (b) 700 N, (c) 780 N, (d) 850 N, (e) 950 N, and
(f) 1400 N. Clearly, the plastic flow has formed deformation structures slanted from the
lower left to upper right, normal to the principal compressive stress σ∗3. The contaminated
area is useful for reference of the area used for EBSD mapping.

  
(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 8. A typical sequence of SEM images of the central pure shear zone of the sample at applied
forces of F1, (a) 600 N, (b) 780 N, (c) 850 N, and (d) 1500 N, and details of the edge twin bands at the
notch root at (e) 650 N and (f) 850 N.
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 9. SEM images of the sample showing gradual evolution of plastic deformation at loads of
(a) 0 N, (b) 700 N, (c) 780 N, (d) 850 N, (e) 950 N, and (f) 1400 N, where an angular alignment of twins
normal to the σ3 principal stress is clearly visible.

Figure 10 shows higher magnification details of the pure shear zone at (a) 950 N and
(b) 1400 N of applied force adjacent to the contaminated rectangle areas. Throughout
the deformation zone, dislocation slip is found to be more prevalent than twinning. In
Figure 10b, deep slip steps are seen in a number of grains. An in-plane compressive
force will result in an expansion normal to the sheet in accordance with the Poission’s
ratio [45], while a tensile force will have the opposite effect; it is reasonable to expect
shear stress to have a combined effect, with some grains expanding out of the sheet while
others retract from the surface. This could explain the type of appearance in these images.
Twinned grains under compression show a plastic Poisson’s ratio ν3n (the first index
denotes the σ∗3 direction, the second denotes the normal direction of the sheet surface plane)
of approximately 1.0 and ν31 of approximately 0.0 [45], whereas the macroscopic material
under tension show a plastic Poisson’s ratio of approximately 0.5 [45]. Therefore, because
of compatibility reasons, dislocation slip and the irregular surfaces appear.
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(a) (b) 

Figure 10. SEM images of the sample (a) with 950 N and (b) 1400 N force applied showing the
irregular surface and slip steps as grains were deformed plastically at high levels of shear stress.

Figure 11 shows the marked rectangular area of the sample at four different loading
conditions: before loading and at 700 N, 900 N, and 1000 N of applied force. The inset
colour code that relates colour to the lattice orientation normal to the sheet is applicable
to all subsequent orientation maps and is not reproduced in each map. The mostly red
colour denotes the basal texture with the c-axis of the grain lattice normal to the sheet. The
few non-aligned grains are typical of AZ31B sheets. Grain identification is made using a
disorientation angle of 5◦. At 750 N, the first few twins have appeared, visible in the top
left, but otherwise there is little change. At 900 N, several grains have become twinned
throughout and appear as regular grains tilted away from normal. An inclination of twins
is clearly appearing from the lower left to upper right. At 1000 N, surface irregularity has
reduced the EBSD signal in many areas and many points are zero solutions (cannot be
indexed by the software due to poor signal) and appear black. With new developments
in EBSD detectors [46], these types of low signa andl high noise areas might be more
measurable. However, it is clear that a high density of twins has formed up with the
same inclination.

Figure 12 shows the growth of a band of extension twins that extends across eight
grains in the middle of the pure shear zone. The band is oriented normal to the principal
compressive stress σ∗3. The four images correspond to applied forces of 700 N, 730 N,
780 N, and 850 N. The twins have expanded laterally and become wider as a result of the
increasing stress, while additional smaller twins parallel to the main band have appeared
and grown. The growth of the main band has been in both directions, left and right,
but more significantly to the right, filling out the parent grains. The shearing of the area
can be seen in the image, with the upper right grains moving to the right and the lower
grains progressively shifting to the left. The pole figures for each map show the growth of
the twinned lattice. Additionally, the x1, x2 and x3 Kearn’s factors [47] for each map are
(0.10, 0.10, 0.8), (0.11, 0.10, 0.79), (0.12, 0.10, 0.78), and (0.14, 0.10, 0.76), which shows the
realignment of the lattice away from x3 mainly into x1. This means that an increase of 150 N
in applied force corresponds to an increase of approximately 5% in the twinned lattice area.
The two SEM images show the changes in the surface appearance between 700 and 850 N.
It is clear that the band of twins is inclined to the sheet surface, as this is where the grains
have expanded outwards from the bulk sample under stress.
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(a) (b) 

  
(c) (d) 

Figure 11. Lattice orientation maps of the same area of the sample (a) before loading and at (b) 750 N,
(c) 900 N, and (d) 1000 N.

Figure 13 shows detailed lattice orientation maps of the large twin in the top left of
Figure 12 at 700 and 850 N of applied force. The lower right area of this grain has become
progressively twinned and an area in the top left of the grain has begun to twin. Maps of
internal grain disorientation can, to some degree, be identified with elastic strain in grains,
as inhomogeneous bending and torsion will give rise to disorientation away from the grain
average. Clearly, the 850 N sample contains more elastic strain in the grains, although the
twins themselves contain very little elastic strain; this suggests that twinning has the effect
of releasing elastic strain in the lattice. To process the internal grain disorientation data,
it was necessary to reduce the grain tolerance angle to 1◦, otherwise separate grains with
small-angle boundaries appear as single grains and can give false disorientation values;
this has produced a large number of dark spots in the images. Figure 13d represents an
orientation linescan across the grain from A to B, and it is clear how the strain has increased
with increasing stress, including the top left area which has developed a discontinuity from
the main grain that appears to be the early stages of a twin. The maximum disorientation
is 10.9◦, which is consistent with previous observations that indicate that this could be a
threshold for twinning to occur.

164



Metals 2024, 14, 404

  
(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 12. Lattice orientation maps and corresponding pole figures of the magnesium AZ31B sample
at increasing values of applied force F1 of (a) 700 N, showing direction of principal compressive stress
σ∗3, (b) 730 N, (c) 780 N, and (d) 850 N, showing the initiation and growth of a band of extension
twins that cross several grains; (e,f) are SEM images of the same area corresponding to (a,d).
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(a) (b) 

 

 

(c) (d) 

Figure 13. SEM images from the deformed area at (a) 700 N and (b) 850 N showing the band of twins
and (c) corresponding internal grain disorientation map at 850 N, and (d) internal disorientation
within the large grain along the line A-B for loads of 700, 780, and 800 N.

Figure 14 shows EBSD maps from within the pure-stress zone after an applied load of
950 N and after fresh surface preparation. In Figure 14a, the area contains around 120 grains
and the twin density is very high, many grains are fully twinned, and the angle of the
twins with respect to σ∗3 is approximately 90◦. All twins are extension type with an 86.3◦
disorientation. Many of the grains contain internal disorientation, which can be identified
with elastic strain, with an average of 2.23◦ and a maximum of 9◦. The Kearns factors for
this condition are x1 = 0.2, x2 = 0.48, and x3 = 0.32, indicating significant loss of texture
as grains are reoriented through twinning. Figure 14c, showing a higher magnification,
reveals multiple twins in several grains. Figure 14d shows grain disorientation along the
line A-B across the larger pink grain and a disorientation of approx. 86.3◦ characteristic
of extension twins, and approx. 5◦ disorientation on the right side, indicating that, with
increasing stress, the twin would likely grow in that direction.
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(a) (b) 

 

 

(c) (d) 

Figure 14. EBSD orientation map from the central area of the pure shear sample after a 950 N applied
load and further surface preparation showing (a) unidirectional twinning at 90◦ to σ∗3 with (b) internal
grain disorientation of up to 9◦, (c) an adjacent area at higher magnification with inclined twins in
several grains, and (d) disorientation angle line scan along A-B in (c) across the twin showing the
characteristic 86.3◦ disorientation and 5◦ disorientation right of the twin.

Figure 15 shows a higher magnification lattice orientation map of the 950 N-loaded
sample at a grain containing a large twin that has grown from the lower left to upper right.
Things to note in this image are: the higher strain is in the parent grain next to the base of
the orange twin, suggesting that this is where twining is growing; the maximum measured
disorientation within the grains is 9◦; most of the very small spots are extension twins;
the lower end of the grain where the strain is higher is where the twin would grow; the
strain on the right of the twin in the parent grain is greater than on the left, suggesting that
the grain would grow to the right; the band of elastic strain across grains (line 4) seems
to be derived from the grain on the right; the red twin appears to have grown into the
yellow grain. The dark orange grain in the lower left is not a twin of the pink grain, and
the interface between the two is the grain boundary of the pink grain.
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 15. EBSD lattice orientation map at higher magnification of the 950 N-loaded sample showing
(a) large extension twins (orange) in the yellow grain and red and blue in the pink grain, (b) a map
of internal grain disorientation, (c,d) disorientation line scans through grains (lines 1 and 2), and
(e,f) line scans across the twins (lines 3 and 4) showing the characteristic 86.3◦ disorientation angle.

Figure 16 shows bright field TEM images of a typical area from the gauge zone of the
sample subjected to a 950 N force. The diffraction pattern shows the [100] or [2-1-10] zone
axis of the grain, while the hexagonal unit cell (with side length ratio 1.62) corresponds to
the lattice inside the twins and indicates the [0001] direction (c-axis), the basal plane (0001),
and the (10–12) extension twinning plane. The direction of the minor principal stress σ∗3
is indicated by the arrow, and this direction applies to all subsequent images. The image
contains three parallel twins of extension type, which is consistent with the EBSD maps
that show a high concentration of twins mostly parallel to each other and approximately
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perpendicular to the direction of the compressive stress σ∗3. Figure 16c shows more details
of the middle twin; features inclined to the length of the twin are stacking faults on the basal
plane, which form as atoms rearrange themselves during the twinning process. Figure 16d
shows details of the end of the twins where they intersect the grain boundary. This area
corresponds to the white square in Figure 16a below the diffraction pattern. In both cases,
the stacking faults are normal to the grain boundary, which shows that the twin at this
location has the lattice with the c-axis parallel to the grain boundary. This suggests that a
favorable location for twinning to initiate is at grain boundaries. TEM examines very small
volumes of material at a high resolution. It is suited to revealing details that are not present
in SEM or EBSD images, but macroscopic generalisms should not be extrapolated from the
TEM study unless it is extensive and examines a larger number of sample areas. There is a
periodicity of 106 nm in the spacing of the parallel stacking faults, their presence adding to
the mechanical properties of the alloy [48,49].

  
(a) (b) 

  
(c) (d) 

Figure 16. TEM bright field images of a typical area of the sample containing three parallel twins (a) at
low magnification, showing an orientation diagram (hexagonal unit cell sideways on) to illustrate key
planes and directions within the twins and direction of σ∗3, (b) more detail of the twinned structures, (c)
detail of the central twin showing parallel stacking faults on the basal plane and (d) detail of the twin
shown in (a) with a white square at the grain boundary showing stacking faults and steps at the boundary.
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Figure 17 shows TEM bright field images of intersecting twins. These images and those
in Figure 18 are made using multibeam conditions to optimize the contrast. In addition to
parallel twins, twins were also found to cross and intersect with each other. The number of
these was very low compared with that of parallel twins, but still consistent with the EBSD
maps from the gauge zone that do show occasional crossing twins (e.g., Figure 12c). The
faint lines in the image from the top left to bottom right are tracks from ion-beam milling,
and can be ignored. The two twins in Figure 17a share the same orientation relation with
the parent grain, as illustrated by the parallel stacking faults. The location of intersection
reveals some complexity, and an area that could be considered as a transition zone. In
Figure 17b, there is clearly a dominant twin (top left to lower right) that is intact through the
intersection and one that crosses it but is not connected. Figure 17c,d shows the propagating
tip of a twin and a lenticular extension twin with a high aspect ratio.

  
(a) (b) 

  
(c) (d) 

Figure 17. TEM bright field images with multibeam conditions of features relating to twins: (a) one-
side intersecting twins, (b) crossing twins, (c) propagating twin tip, and (d) high aspect twin.

Figure 18 shows TEM bright field images of other features observed during investiga-
tion that are evidence of the high levels of strain taking place in the lattice. Figure 18a shows
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the dense networks of dislocations that are present, which is expected at high levels of strain
and also observed in the SEM images [50–52]. Figure 18b shows the typical distribution of
a smaller population of precipitates, consistent with an earlier study [34]. Further studies
on dislocation slip and deformation twinning in magnesium alloys can be found to add
context to these investigations and give an indication of the direction of research in this
field [53–56].

  
(a) (b) 

Figure 18. Additional bright field TEM images that show (a) dense networks of dislocations present
in the sample and (b) typical distribution of the population of smaller precipitates.

4. Conclusions

By adapting a recently developed sample design for pure shear testing and using an in
situ mechanical tester, the elastic and plastic deformation of magnesium AZ31B sheets were
investigated in a scanning electron microscope in real time with an incrementally increasing
load until the point of failure. Within the pure shear zone as well as in notch roots, bands of
deformation twins were found to form approximately normal to the local direction of the
macroscopic maximum principal compressive stress σ∗3. Maps of the internal grain lattice
disorientation, identified with the elastic strain within grains, revealed several features:
the average elastic strain within twins was around a 2–3◦ disorientation, the elastic strain
around a twin in the parent grain is almost always higher on one side, which suggests the
growth direction of the twin, the elastic strain tends to cross grain boundaries, and the
maximum elastic strain within any single grain was found to be approximately 10◦. TEM
investigation confirmed the general distribution of deformation structures observed with
EBSD, but additionally observed detailed structures at the edges of twins as well as a small
percentage of crossing and intersecting twins.

This tells us that, for the uniaxial compressive stress state as well as for the biaxial
shear stress state, the twins form approximately normal to the minor principal stress σ∗3.
Compared to uniaxial compression, where twinning is the major plastic deformation mech-
anism, within the biaxial shear zone, twinning and dislocation slip occur. The proposed
shear specimen is also useful for the development of elasto-plastic constitutive equations
for FEM analysis. To determine the initial principal yield loci for the pure shear stress state,
a mixed numerical-experimental method must be used after determining the initial force
for yielding. The required FEM simulation can be performed using a linear elastic material
law. To gain the complete yield surface, more tests with different biaxial stress states should
be performed and the stress–strain behavior has to be evaluated.
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Abstract: The present study focuses on the mechanical behaviour and formability of the aluminium
alloy 2024-T3 in sheet form with a thickness of 0.8 mm. For this purpose, tensile tests at quasi-static
and intermediate strain rates were performed using a universal testing machine, and high strain rate
experiments were performed using a split Hopkinson tension bar (SHTB) facility. The material’s
anisotropy was investigated by considering seven different specimen orientations relative to the
rolling direction. Digital image correlation (DIC) was used to measure specimen deformation. Based
on the true stress–strain curves, the alloy exhibited negative strain rate sensitivity (NSRS). Dynamic
strain aging (DSA) was investigated as a possible cause. However, neither the strain distribution
nor the stress–strain curves gave further indications of the occurrence of DSA. A higher deformation
capacity was observed in the high strain rate experiments. The alloy displayed anisotropic mechanical
properties. Values of the Lankford coefficient lower than 1, more specifically, varying between 0.45 and
0.87 depending on specimen orientations and strain rate, were found. The hardening exponent was
not significantly dependent on specimen orientation and only moderately affected by strain rate.
An average value of 0.183 was observed for specimens tested at a quasi-static strain rate. Scanning
electron microscopy (SEM) revealed a typical ductile fracture morphology with fine dimples. Dimple
sizes were hardly affected by specimen orientation and strain rate.

Keywords: 2024-T3; aluminium alloy; high strain rates; anisotropy; mechanical behaviour

1. Introduction

Aluminium is one of the most frequently used metals. However, its application
in pure form is limited because of its low strength. By adding alloying elements such
as copper, magnesium, or manganese, aluminium alloys with high strength-to-weight
ratios can be obtained. Additionally, several heat treatments can be imposed to achieve
specific properties. The aluminium alloy 2024-T3 of the present study has been used in
the automotive and aerospace industry thanks to its excellent resistance to fatigue crack
propagation and its high damage tolerance. Aluminium 2024-T3 is primarily alloyed
with copper and magnesium, which form Al2Cu and Al2CuMg phases responsible for
its hardening. The presence of copper, however, has a negative effect on the corrosion
resistance. The T3 condition refers to solution heat treatment, cold working, and natural
aging [1–4].

During manufacturing, processing, and use, materials are subjected to various loading
conditions and a wide range of strain rates and temperatures, which affect their proper-
ties. Moreover, the materials’ behaviour can also be anisotropic, which can have major
implications for forming operations. The strain rate and directional dependence of the
mechanical behaviour of aluminium alloy 2024-T3 have been studied by several authors.
Li et al. [5] analysed the compressive behaviour of specimens machined from a plate at three
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different strain rates, i.e., 0.001, 10, and 3500 s−1. The alloy showed a low, though positive,
strain rate sensitivity. This resulted in a 3% increase in engineering stress at an engineering
strain of 0.05% and an 8% increase at a strain of 0.2% at the highest strain rate compared
to the lowest quasi-static strain rate. For compression tests at strain rates ranging from
0.006 to 11,000 s−1 on specimens cut out of rods, on the other hand, a strain rate-insensitive
response was observed by Abotula and Chalivendra [6]. Rodríguez-Martínez et al. [7]
investigated the influence of strain rate and temperature by tensile tests. A reduced strain
rate sensitivity was reported at room temperature for strain rates ranging from 0.001 to
200 s−1. A decreasing strain hardening was observed with increasing temperatures in the
range from −50 to 200 ◦C. Shamchi et al. [8] studied the mechanical behaviour of 2 mm
thick 2024-T3 plates cladded at both sides by pure aluminium with a thickness of 0.05 mm.
Tension experiments were performed at strain rates ranging from 0.001 to 1150 s−1, at
temperatures from 24 up to 250 ◦C for the dynamic and up to 350 ◦C for the quasi-static
experiments. The temperature had a significant effect on the plastic flow: at tempera-
tures higher than 300 ◦C, no more hardening was observed at quasi-static rates. Compar-
ing the dynamic flow stress levels with the quasi-static values, an NSRS was observed
at 24 ◦C. Additionally, the failure strain increased by 28%, moving from quasi-static to
dynamic tension.

Low to negative strain rate sensitivity is characteristic of many aluminium alloys. It is
often attributed to DSA and/or thermal softening. Next to an NSRS, DSA can also result in
serrated flow, known as the Portevin–Le Chatelier effect, accompanied by a localisation
of the deformation in bands which can be detected using full-field DIC deformation
measurements [9,10]. Thermal softening might result from the adiabatic temperature
rise at dynamic strain rates. Indeed, a major part of plastic work is converted into heat. At
high strain rates, the heat is not dissipated to the environment and results in a temperature
rise in the specimen. Shamchi et al. [8] used an infrared camera and observed a significant
temperature rise within the experiment at the strain rate of 500 s−1. The lower flow stress
at this strain rate is considered to be a result of thermal softening.

The anisotropy of aluminium 2024-T3 was studied by Barlat et al. [11], who tested
specimens from a 0.3 mm thick sheet, which were machined in seven different orienta-
tions relative to the rolling direction (0◦—rolling direction; 15◦, 30◦, 45◦, 60◦, 75◦, and
90◦—transverse direction). The results of tensile tests at a quasi-static strain rate clearly
showed anisotropic properties. Lesuer [12] examined the alloy in the form of a 4 mm thick
plate under compression at a strain rate of 4000 s−1 (specimen orientations: 0◦, 90◦, and
through thickness) and tension at a strain rate of 8000 s−1 (specimen orientations: 0◦ and
90◦). Only small deviations between true stress–strain curves for the different specimen
orientations were observed, and it was concluded that the material was isotropic. Houria
et al. [13] performed tensile tests at a strain rate of 0.0005 s−1 on specimens cut out along
the 0◦, 45◦, and 90◦ directions of a 0.6 mm thick plate. The tests showed anisotropic proper-
ties. A mild anisotropy was also observed by Shamchi et al. [8], who considered two test
orientations, 0◦ and 90◦, at a strain rate of 0.001 s−1.

The above-mentioned investigations reveal inconsistencies in the influence of strain
rate on the mechanical properties of aluminium alloy 2024-T3. Furthermore, there is a
lack of studies focusing on the material’s anisotropy and formability indicators at different
strain rates. Hence, in the present work, the alloy in sheet form with a thickness of
0.8 mm was subjected to tensile loading at quasi-static (0.001 s−1), intermediate (1 s−1),
and high strain rates (≈800 s−1). The anisotropy at different strain rate regimes was
examined using specimens cut out in seven different orientations relative to the rolling
direction. The mechanical behaviour and formability were evaluated based on the true
stress–strain curves, hardening exponents, and Lankford coefficients [14]. Moreover, the
fracture behaviour was examined using scanning electron microscopy.
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2. Materials and Methods

2.1. Material and Geometry of Specimen

The tensile specimens were cut using electrodischarge machining from a 0.8 mm thick
aluminium alloy 2024-T3 sheet. The chemical composition of the material is provided in
Table 1. Figure 1 depicts the microstructure of the alloy in the as-received state in the rolling
plane observed by a Zeiss Axio Observer Z1m light microscope (Carl Zeiss AG, Oberkochen,
Germany). The metallographic specimens were ground using emery papers and finely
polished with 1 μm diamond paste. To reveal the microstructure, specimens were etched
with Keller’s reagent (2.5 mL HNO3, 1.5 mL HCl, 1 mL HF, and 95 mL distilled water).
The average grain size was measured using Stream Motion software version 2.4 (Olympus
Corporation, Tokyo, Japan) with a built-in module for the “Grain Intercept method”. The
measurement was performed according to ASTM E112 applying the cross-and-circles
pattern [15].

Table 1. Chemical composition of 2024-T3 aluminium alloy (% of weight).

Si Fe Cu Mn Mg Cr Ni Zn Ti
Other

Elements
Al

max. 0.50 max. 0.50 3.80–4.90 0.30–0.90 1.20–1.80 max. 0.10 - max. 0.25 max. 0.15 0.05 each,
0.15 in total rest

 

Figure 1. Microstructure in the as-received state of the 2024-T3 alloy in the rolling plane.

To study material anisotropy, specimens were taken along 0◦, 15◦, 30◦, 45◦, 60◦, 75◦,
and 90◦ relative to the rolling direction. The same specimen geometry with a pin connection
presented in Figure 2 was used for all tests, regardless of the strain rate. In this way, the
effects of both geometry and boundary conditions on the results was suppressed.

Figure 2. Specimen geometry (dimensions in mm).
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2.2. Experimental Methods

The tensile tests were carried out at ambient temperature using setups available at
DyMaLab at Ghent University. Two experiments were performed for each test condition,
i.e., the seven specimen orientations and the three strain rate regimes. For testing at quasi-
static and intermediate strain rates, an Instron 5569 (Instron GmbH, Darmstadt, Germany)
machine equipped with a 50 kN load cell was used. Crosshead speeds of 0.36 mm·min−1

and 360 mm·min−1 were used to obtain strain rates of 0.001 s−1 and 1 s−1, respectively.
Specimens were fixed to the setup using pins.

An SHTB setup was used for the experiments at high strain rates (≈800 s−1). The setup
is schematically presented in Figure 3 and consisted of an input and output bar between
which the specimen was fixed. The input and output bars were made of aluminium
alloy and had a diameter of 25 mm and lengths of 6 m and 3 m, respectively. A tubular
striker made of ertalon was put around the input bar and was accelerated by a pneumatic
mechanism towards a flange at the end of the input bar. The impact with the flange
generated an incident tensile wave that propagated to the specimen. The wave interacted
with the specimen and was partly reflected as a compressive wave and partly transmitted
to the output bar as a tensile wave. The waves were measured using strain gages wired
in full Wheatstone bridge configuration attached to the bars. As elaborated below, from
the acquired data, it was possible to evaluate the stress–strain curve and to calculate the
strain rate. Indeed, as soon as force equilibrium is established in the specimen and during
uniform deformation, stress and strain rate in the specimen can be calculated from the
transmitted and reflected wave [16]. The strain rate can be adjusted by the striker impact
velocity, which was chosen to be 13 m·s−1 [17].

Figure 3. Schematic representation of the SHTB facility.

Analysis of SHTB tests relies on the one-dimensional wave propagation theory [18].
The amplitudes of the waves are kept below the elastic limit of the input and output bars,
allowing the use of Hooke’s law to calculate the forces F1(t) and F2(t) at the interfaces
between the specimen and the input bar and output bar, respectively:

F1(t) = EB·AB·(ε I(t) + εR(t)), (1)

F2(t) = EB·AB·εT(t), (2)

where EB is the Young’s modulus of the bars, AB is the bar’s cross-section area, ε I(t) is
the incident strain wave, εR(t) is the reflected strain wave, and εT(t) is the transmitted
strain wave.

Assuming force equilibrium in the specimen, i.e., F1(t) = F2(t), the following equation
can be applied to calculate the engineering stress and strain rate [18]:

σ(t) =
AB
AS

·EB·εT(t), (3)

.
ε(t) = −2·CB

LS
·εR(t), (4)
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where CB is the velocity of wave propagation in the bars, and LS is the specimen gauge length.
Figure 4 shows incident, reflected, and transmitted stress waves shifted in time to

the specimen/bar interfaces for test in the rolling direction. The sign of the reflected
compression wave was reversed.

Figure 4. Incident, reflected, and transmitted stress waves during SHTB shifted in time to the
specimen/bar interfaces.

The true stress was calculated as

σtrue =
F

ASi
, (5)

where F is the actual tensile force (for experiments at dynamic strain rate, it was calculated
using Equation (2)), and ASi is the actual specimen cross section area:

ASi = AS·e−ϕ, (6)

where ϕ is the true longitudinal strain obtained from optical deformation measurements.
For all tests, the specimen deformation was measured using DIC [19]. The method

is non-contact and provides a complex full-field deformation analysis. The measurement
process consists of four stages, i.e., specimen surface preparation, calibration of devices,
image recording (before and during the experiment), and image processing [20]. The
accuracy of the technique is affected by factors that can be grouped as errors related to the
specimen, loading, and imaging (size of the speckle pattern, image resolution, illumination
intensity, etc.) and errors related to the correlation algorithm (inappropriate subset size,
correlation function, shape function, etc.) [21,22]. The speckle pattern (Figure 5) was applied
to the gauge section prior to the experiment. The pattern was made by spraying black paint
on a white background. To measure in-plane deformations at quasi-static strain rates, a
5Mpxl F-504B Allied Vision Stingray camera (Allied Vision Technologies GmbH, Stadtroda,
Germany) was used. The specimen was illuminated by two LED lamps. The experiments
at intermediate and high strain rates were captured by a high-speed Photron Mini AX200
camera (Photron, Tokyo, Japan) and illuminated with two Dedocool lamps (see Figure 5).
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Figure 5. Experimental setup for the tensile test at high strain rates (left), and specimen prior to and
after testing (right).

The images were analysed by the commercial software MatchID 2D version 2021.2.1.
The parameters of the optical deformation measurement are presented in Table 2.

Table 2. DIC analysis parameters.

Quasi-Static Strain Rate Intermediate Strain Rate High Strain Rate

Resolution 2452 × 2056 pixel2 256 × 272 pixel2 256 × 128 pixel2

Scale 1 pixel = 0.0053 mm 1 pixel = 0.0564 mm 1 pixel = 0.0407 mm
Frame rate 1/3 Hz 10,000 Hz 120,000 Hz

Image filtering Gaussian Gaussian Gaussian
Subset size 45 pixel2 9 pixel2 7 pixel2

Step size 11 pixel 1 pixel 2 pixel
Shape function Quadratic Quadratic Quadratic

Matching criterion Zero-normalized sum of square
differences (ZNSSD) ZNSSD ZNSSD

Strain window 17 data points 15 data points 13 data points
Virtual strain gage 221 pixel2 23 pixel2 31 pixel2

Crystallographic texture resulting from material processing steps, such as rolling,
gives rise to anisotropic material properties, which significantly affect the formability. To
assess the anisotropy of a sheet, the Lankford coefficient [14] was used and determined by
the following equation:

r =
ϕw

ϕt
, (7)

where ϕw and ϕt are the true strain in the width and thickness direction, respectively. The
thickness strain was obtained using the volume conservation principle: ϕt = −(ϕ + ϕw).
The DIC technique allowed for the evaluation of the Lankford coefficients for each frame
from the onset of yielding to necking, from which the average value was calculated. Typical
values of the Lankford coefficient for aluminium alloys are close to the values obtained for
isotropic materials, i.e., 1 [23].

The formability of a material is also affected by strain hardening, commonly quan-
tified by the hardening exponent n. The n-value is derived from the slope of the true
ln(stress)–ln(strain) curve from yielding to necking. For materials following Hollomon’s
law, the following equation was used:

σtrue = K·ϕn, (8)
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where K is the strength coefficient, and the n-value is equal to the true necking strain.
Higher n-values, thus, result in better formability.

3. Results and Discussion

Grain size influences material properties, such as ductility, machinability, and mechan-
ical properties. Decreasing grain size results in an increase in hardness, yield stress, or
strength [24]. The etched microstructure of 2024-T3 (Figure 1) is composed of grains with
an average size of 17.4 μm and coarse inclusions. Following [1,25,26], the microstructure
can, thus, be considered fine-grained.

Representative true stress–strain curves up to necking from tensile tests at quasi-static,
intermediate, and high strain rates for different specimen orientations are shown in Figure 6.
The curves show a moderate NSRS in the considered strain rate regime. Indeed, the flow
stress decreases when the strain rate increases from 0.001 s−1 to 1 s−1 and then further to
800 s−1.

 
(a) (b) 

 
(c) (d) 

 
(e) (f) 

Figure 6. Cont.
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(g) 

Figure 6. True stress–strain curves for different strain rates and specimen orientations relative to the
rolling direction of (a) 0◦, (b) 15◦, (c) 30◦, (d) 45◦, (e) 60◦, (f) 75◦, and (g) 90◦.

Figure 7a shows the 0.2% value of yield stress versus specimen orientation for quasi-
static and intermediate strain rates. Results from SHTB were not included, as oscillations
prevented the calculation of reliable values. NSRS was observed for yield stress values at
all specimen orientations. The maximum and minimum yield stresses at the strain rate of
0.001 s−1 were 355 MPa (specimen orientation: 15◦) and 314 MPa (specimen orientation:
90◦), respectively. The values at the strain rate of 1 s−1 ranged from 294 MPa to 342 MPa.
Figure 7b depicts flow stresses extracted at a true strain of 0.05 and 0.1 for the different
specimen orientations. To exclude the effect of oscillations, values at the highest strain
rate were calculated from curves fitted to the Hollomon law (see Equation (8)). The flow
stress values confirm the NSRS. The evolution of the flow stresses at different specimen
orientations followed the trend seen for the yield stress in Figure 7a.

 
(a) (b) 

Figure 7. (a) Yield stress and (b) true stress at 0.05 and 0.1 true strain versus specimen orientation at
different strain rates.

The strain rate sensitivity can be quantified using the semi-logarithmic parameter S:

S =
dσ

d
(
ln

.
ε
) , (9)
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For the stress σ in the equation, the yield stress, the stress at a specific strain level, or the
ultimate stress can be taken. The S parameter can be determined as the slope of σ–ln

.
ε curves.

Based on the values represented in Figure 7, the S parameter at different specimen
orientations was calculated as the slope of σ–ln

.
ε curves for the yield stress, as well as for

true stresses at strain levels of 0.05 and 0.1. An overview of corresponding S-values is
presented in Table 3.

Table 3. Overview of S-values for different specimen orientations.

Specimen
Orientation

S
Yield Stress
(MPa·s−1)

S
Stress at 0.05 Strain

(MPa·s−1)

S
Stress at 0.1 Strain

(MPa·s−1)

0◦ −1.62 −2.82 −3.32
15◦ −4.26 −1.76 −2.46
30◦ −4.02 −2.77 −2.66
45◦ −3.04 −2.12 −2.07
60◦ −3.04 −2.12 −2.07
75◦ −1.40 −1.78 −2.12
90◦ −0.88 −1.80 −2.69

For all specimen orientations and considered stresses, S-values were negative. The
NSRS might be attributed to DSA [27,28]. However, the strain fields obtained from the
tests did not show any indication of strain bands. Also, no Portevin–Le Chatelier (PLC)
serrations were observed in the true stress–strain curves. The oscillations in the high
strain rate curves are believed to have a mechanical origin. Thermal softening might also
result in a negative SRS. Indeed, the adiabatic temperature rise in specimens tested at high
strain rates might have a softening effect on the flow stress. It is worth noting that the
strain rate limit above which adiabatic conditions prevail is relatively low, i.e., typically
around 1 s−1 for metals [29]. Consequently, dynamic tests reflect the combined influence
of strain rate and temperature. However, adiabatic heating does not occur at the onset of
plastic deformation. Therefore, changes in stress levels with a strain rate at yielding or low
strain levels can be attributed solely to the effect of the strain rate, and the corresponding
SRS parameters provide the most reliable insight into strain rate sensitivity. The negative
S-values for the yield stress indicate that the NSRS cannot be attributed to thermal softening.
The fact that S-values do not systematically decrease with increasing deformation further
points towards a non-dominant role of thermal softening.

For high strain rate experiments, the elongation strain at fracture was significantly
higher compared to the values at other strain rates (see Figure 8a), thus confirming the
findings in [8]. Moreover, the uniform elongation calculated from the gauge length at
maximum force (Figure 8b) exhibited the same trend. Compared to the flow stresses, the
effect of specimen orientation was less pronounced at all strain rates considered.

The plastic anisotropy exhibited by the sheet metal resulted in Lankford coefficients
being significantly lower than 1 and the variation of the Lankford coefficient with respect
to the rolling direction, as can be seen in Figure 9a. The maximum values for all strain rates
were located at specimen orientations of 30◦ and 40◦. Coefficients lower than 1 indicate
higher strains along the thickness direction compared to the width direction, which is
critical for forming applications. A similar evolution of the Lankford coefficient with
testing direction is presented in Barlat et al. [11]. The hardening exponent (Figure 9b), on
the contrary, showed a negligible dependence on the specimen orientation. The deviations
of dynamic strain rates could be due to the oscillations of the stress–strain curves from
which the hardening exponent was extracted. As was the case for the Lankford coefficient,
the hardening exponent was only moderately influenced by the strain rate.
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(a) (b) 

Figure 8. (a) Elongation strain at fracture and (b) uniform elongation for the different specimen
orientations considered.

 
(a) (b) 

Figure 9. (a) Lankford coefficient and (b) hardening exponent versus specimen orientation.

Figure 10 shows the fracture surfaces of specimens cut along the 45◦ (Figure 10a,c,e)
and 90◦ (Figure 10b,d,f) directions relative to the rolling direction. The micrographs were
taken at a high magnification (5000×) to comprehensively identify the fine dimple morphol-
ogy typical of a ductile fracture process resulting from the nucleation, propagation, and
coalescence of voids. A combination of very shallow and deeper dimples is a typical type
of fracture for aluminium alloys and other metals tested at ambient temperature [30]. The
aluminium alloy 2024-T3 was subjected to natural aging, which resulted in the precipitation
of homogeneously distributed submicron particles, causing strengthening and acting as
initiation points for the creation of very fine dimples on the fracture surfaces (Figure 10c).
No clear relationship between fracture morphology and strain rate was observed. Indeed,
no noticeable changes were observed in the size or shape of the dimples when the strain
rate was increased.
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 10. Fracture surfaces of selected specimens after tensile testing: (a) at 0.001 s−1 for the 45◦

direction, (b) at 0.001 s−1 for the 90◦ direction, (c) at 1 s−1 for the 45◦ direction, (d) at 1 s−1 for the
90◦ direction, (e) at 800 s−1 for the 45◦ direction, and (f) at 800 s−1 for the 90◦ direction.

4. Conclusions

The mechanical behaviour and formability of aluminium alloy 2024-T3 in sheet form
with a thickness of 0.8 mm were investigated under tensile loading from quasi-static to
dynamic strain rates for seven different specimen orientations. The DIC technique was
used to measure the evolution of the deformation fields in the specimens. An NSRS was
observed from the onset of yielding over the entire strain rate regime and in all directions.
The NSRS might have been induced by DSA. However, the DIC strain fields and true
stress–strain curves did not show further indications of DSA, such as propagating strain
bands or PLC serrations. The values of uniform elongation and fracture elongation showed
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a significant increase in deformation capacity at high strain rates. The specimens cut at a
15◦ angle against the rolling direction showed the highest increase in both uniform and
fracture elongation, with values of 9.8% and 11.5%, respectively, moving from quasi-static
to dynamic strain rates. The Lankford coefficients revealed a pronounced anisotropy over
the entire strain rate regime. Indeed, strongly directional-dependent coefficients, varying
between 0.45 and 0.87, were found. The underlying dominant thinning in the thickness
direction limited the materials’ formability. The influence of the strain rate on the Lankford
coefficient was negligible. No noticeable dependency of the hardening exponent on the
specimen orientation or the strain rate was seen. An average value of 0.183 was obtained at
quasi-static strain rates. The fracture mode proved to be ductile within the entire analysed
range of strain rates. Variations in the size and depth of dimples between the considered
orientations were minimal.
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Abstract: In this study, Fe-Mo-B-based hardfacing electrodes containing different amounts of Mo
were coated on an AISI 1020 steel substrate using the electric arc welding method. The findings
show that molybdenum is highly effective on the microstructure and minor changes in the coating
composition affect the phases and morphological properties. In the hardness tests, an increase of
73% was achieved in the Fe14Mo2B4-based hardfacing coating, compared to the base material, and a
30% increase was achieved, compared to the Fe16B4-based coating. The highest hardness value was
measured as 56.4 HRC and the highest phase hardness was measured as 3228 HV in the FeMo2B4

phase. The lowest wear rate was measured in the Fe14Mo2B4-based coating. The wear rate of the
Fe14Mo2B4-based coating was 8.1 times lower than that of the substrate material and 4.7 times lower
than that of the Fe16B4-based coating. According to corrosion test results, the highest corrosion
resistance was obtained in the Fe16B4-based coating. The current density value of the Fe16B4-based
coating was measured to be 13.6 times lower than that of the substrate material.

Keywords: hardfacing; surface alloying; hardness; wear; corrosion

1. Introduction

Steel is one of the most important metals, owing to its wide range of uses from
structural applications to automotive, aerospace, and shipbuilding industries [1–4]. The
reason why steel is an important metal is because of its mechanical properties such as high
strength, high toughness, and relatively easy production and processing [5]. However,
most steels, particularly carbon steels, cannot exhibit sufficient performance under service
conditions where high wear resistance and corrosion resistance are required [6,7]. In today’s
industrial conditions, interest in materials that exhibit high performance is increasing day
by day. At this point, researchers are making intense efforts to improve the properties of the
material. In service conditions where the use of steel is inevitable, improving the surface
properties instead of improving the properties of the entire material appears to be a very
economical engineering approach [8–11].

Although the surface properties of steel materials can be improved via various meth-
ods, hardfacing coatings are a good alternative, especially in aggressive working conditions
such as mining and excavation, where the material is exposed to high wear and corrosion.
In hardfacing coatings, the surface of the material is coated with a material that provides
high performance using a suitable welding method [12]. Various welding methods, such as
shielded manual arc welding (SMAW) [13], flux cored arc welding (FCAW) [14], plasma
transfer arc welding (PTA) [15], gas tungsten arc welding (GTAW) [16], and laser weld-
ing (LW) [17–19], are used in hardfacing applications. Although these methods have
advantages and disadvantages compared to each other, the SMAW is one of the most
preferred methods due to being economical and simple. Many alloy compositions are used
as coating materials in the hardfacing process. Nowadays, it is seen that coating materials
containing carbides and borides formed via transition metals such as Cr, Ti, V, Nb, and
Mn are frequently used [20]. One of the transition metals, molybdenum, is an element
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that can contribute to the improvement of material surface properties via in situ-forming
boride and carbide phases on the coating surface [21,22]. There are various studies in the
literature where molybdenum is used as a coating material [23,24]. In these studies, it
is generally seen that the wear or corrosion properties on the surface are improved after
hardfacing [25–29]. On the other hand, some studies have reported that molybdenum
increases corrosion resistance in the presence of an element such as chromium or nickel,
but its effect alone is still ambiguous [30,31]. İt is seen in the literature that hardfacing
coating studies carried out with molybdenum-containing compounds focus mostly on
wear. The studies performed with Fe-Mo-B-based hardfacing coatings are very limited,
especially the studies examining the microstructures formed in varying molybdenum ratios
and the corrosion behavior of the coating. The effect of molybdenum is unclear in some
studies, which reveals that there are not enough studies on Fe-Mo-B-based coatings. In this
study, Fe-Mo-B-based hardfacing electrodes containing different amounts of molybdenum
were produced and coated on an AISI 1020 steel substrate using the electric arc welding
method. Microstructural investigations, hardness test, and wear and corrosion resistance
of the coated samples were comparatively examined with the substrate metal and the
Fe-B-based coating.

2. Experimental Procedure

In the experimental studies, hardfacing electrodes containing different ratios of Fe-
Mo-B were produced. In the production of hardfacing electrodes, a H08A low carbon steel
wire rod was used as the core metal, and ferromolybdenum, ferroboron, flux material (5%),
and binder potassium silicate (17.5%) were used in the cover composition. The chemical
compositions of ferro alloy powders and core metal are given in Table 1.

Table 1. Compositions of powders used in experimental studies (wt.%).

C Cr Mo B Mn Si P S Fe

H08A <0.1 0.064 - - 0.35–0.40 0.10 <0.02 <0.02 Bal.

AISI 1020 0.22 0.025 0.02 - 0.52 0.17 0.023 0.019 Bal.

Ferro-Mo - - 60 - - 1.5 0.050 0.10 38.35

Ferro-B 0.312 - 18.58 0.39 0.029 0.003 80.602

Covered electrodes were weighed by calculating their atomic ratios according to the
compositions given in Table 2, and the powders were first mixed wet by adding a binder
and then mixed as dry. The covering paste in the viscose form was pressed in a PTFE-
coated aluminum mold and the core metal was passed through it. Atomic calculation of
the electrode compositions and details of the production process can be found in previous
studies carried by Kocaman et al. [32,33]. The coating process was carried out using an
electric arc welding machine at a 125 A (amperes) and 25 V (volts) constant potential on the
AISI 1020 steel substrate, of which its chemical composition is given in Table 1.

Table 2. Chemical composition of electrodes cover (at.%).

Compound B Mo Fe

Fe16B4 20 - Bal.

Fe15MoB4 20 5 Bal.

Fe14Mo2B4 20 10 Bal.

Fe14Mo4B2 10 20 Bal.

The coated samples were cut and subjected to standard metallographic operations as
can be seen in Figure 1. Firstly, the samples’ surfaces were sanded with 240, 320, 600, 800,
1200, and 2500 mesh SiC paper, respectively. Then, the samples were polished with 6, 1, and
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0.05 μm Al2O3 paste, respectively. The samples to be used for microstructural examinations
were etched using 4% Nital solution. The surface morphology and elemental distribution of
the samples were analyzed using the JEOL-JSM-6060 scanning electron microscope (SEM)
and X-ray spectroscopy (EDS) device coupled to the scanning electron microscope. The
phases in the microstructure were analyzed with Rigaku brand X-ray diffraction analysis
(XRD) and defined using the X-pert High score program.

 
Figure 1. Schematic illustration of production processes.

Hardness measurements of hardfacing coatings were carried out with Bulut Makina
DIGIROCK RB model hardness device with Hardness Rockwell A Scale (HRA) and Hard-
ness Rockwell C Scale (HRC). Rockwell hardness measurements were carried out using a
conical diamond indenter under a load of 60 kgf for HRA and 150 kgf for HRC. Shimadzu
HMV-G21D Hardness Vickers (HV) microhardness device was used for microhardness
measurements. A dry sliding wear test was performed using a TriboTechnic wear device
with reciprocating wear mode against an Al2O3 (2050 HV) ball with 10 mm dimensions.
The average surface roughness of wear samples was measured as Ra = 0.035 (±0.003) μm
before the wear test. Wear tests were carried out at two different loads, 4 N and 8 N, and
at two different wear distances, 400 m and 800 m. Following the wear tests, the area of
wear tracks was measured using a Taylor Hobson 2D profilometer. All wear tests were
performed at a constant humidity (31%–34%) and room temperature (23–25 ◦C). Friction
coefficient (FC) data were provided via a computer software connected to the wear device
and was calculated according to the following formula.

FC =
Fs

FN
(1)

In the formula, FS represents the lateral load (N) and FN the normal load.
The wear rate was calculated according to the formula [34] below, using the data

obtained from the wear tracks’ measurement.

WR = V/S (2)

where V is the wear trace volume and S is the sliding distance.
The wear track was calculated with Equation (3).

V = A ∗ E (3)
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where A is the cross-sectional surface area of the wear track and E is the eccenter distance
which was chosen during all tests as 10 mm.

The Gamry 1010 E potansiyotat electrochemical work station equipped with a classic
three-electrode system was used during electrochemical tests. A saturated calomel electrode
(SCE)’s reference electrode and graphite counter electrode was used in the corrosion tests.
Open circuit potential (OCP) was measured during 1200 s. The tests were performed in
a 0.5 M NaCl solution with a potential range of −0.5 V, +1.5 V and the scanning rate was
chosen as 1 mV/s. Ecor (corrosion potential) and Icor (corrosion current) were calculated by
using Gamry Echem software (https://www.gamry.com/). Electrochemical impedance
spectroscopy (EIS) tests were performed with an alternative current signal of 10 mV in the
range of 100 kHz to 10 mHz.

3. Results and Discussion

3.1. Microstructure and Phases Analysis

Figure 2 shows the substrate–coating transition zone of hardfacing coatings. One of
the most important features that distinguish hard coating from other coating methods is
that their coating thickness is quite high and they create strong metallurgical bonds with the
substrate. These features enable hardfacing coatings to be used for a long time in aggressive
environments. On the other hand, porosities that will occur in the transition zone and
coating layer after coating will significantly reduce the performance of the coating. SEM
images show that the alloys selected as the coating material and the process are compatible
and a metallurgical bond is formed between the substrate material and the coating layer. In
this study, the average thickness of coatings was measured as 5–5.5 mm. Additionally, no
significant porosity formation was observed in either the transition zone or the coating layer.
In the SEM images, during the coating process carried out at room temperature, columnar
grains were formed at the interface, extending from the substrate material towards the
coating area. During repeated melting and solidification, the temperature increases and
the columnar grains grow from the colder substrate material towards the coating region.
The interface, which develops depending on the dynamic solidification conditions of the
welding process, has been reported in similar studies [25,32].

 

Figure 2. SEM images of transition zone (a) Fe16B4, (b) Fe15MoB4, (c) Fe14Mo2B4, and (d) Fe14Mo4B2.

XRD analysis of hardfacing coatings is given in Figure 3. According to XRD analysis,
the changing alloying element in the coating composition was affected by the phases in the
microstructure. In the XRD analysis, α-Fe, FeMo2B2, M2B-type boride, R-Fe63Mo37, and
trace amounts of the Fe3B and μ-Fe7Mo6-phase were detected. Normally, the R-Fe63Mo37
and Fe3B phase is a non-equilibrium phase formed under rapid cooling conditions [35].
However, it can be seen in trace amounts in a solidified microstructure under dynamic
solidification conditions such as the welding process.

SEM images of hardfacing coatings are given in Figure 4. The Fe16B4-based hardfacing
coating composition contains 20% atomic boron. During solidification, the Fe2B phase is
expected to solidify first as seen in the Fe-B phase diagram given in Figure 5. As the eutectic
temperature drops below the eutectic temperature, which is approximately ~1177 ◦C, the
liquid phase will solidify eutectically. For this reason, primary Fe2B phases and the eutectic
α-Fe + Fe2B structure can be found in the coating microstructure. However, since the
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electrode composition passes very close to the eutectic point, the amount of primary phases
is expected to be low. In EDS analysis, α-Fe (point 1) represents Fe2B with a partial block
structure (point 2) and a α-Fe + Fe2B eutectic structure (point 3). Normally, the boron
element cannot be detected quantitatively via EDS analysis. However, with EDS analysis,
signals can be received from points containing boron. As expected, there were trace
amounts of block-structured Fe2B phases that solidify primarily, and the microstructure
largely solidifies as a eutectic structure.

Figure 3. XRD analysis of hardfacing coatings.

It is seen that significant changes occur in the microstructure of the Fe15MoB4-based
coating with the addition of molybdenum in the electrode cover composition. According
to EDS and MAP analysis, a molybdenum signal is received from these block-structured
phases. It is also understood that these block-structured phases contain boron. It is known
that for a fixed boron ratio in the Fe-Mo-B system, increasing the amount of molybdenum
shifts the solidification to the hyper-eutectic side [36]. On the other hand, the high melting
temperature and thermodynamically stable phase in the Fe15MoB4-based coating is the
FeMo2B2 compound [37,38]. For this reason, solidification begins with the formation of
FeMo2B2 solid crystals and this phase grows with a block structure. After the formation of
the FeMo2B2 phase, theoretically, molybdenum is consumed in the melt, but there is still
15% atomic boron. Solidification continues with the formation of α-Fe, similar to a sub-
eutectic composition according to the Fe-B phase diagram. For this reason, there are α-Fe
islands around the FeMo2B2 phase. When the temperature drops below the eutectic line,
the remaining liquid solidified as a α-Fe + Fe2B eutectic structure and continued to grow. It
indicates that the phase detected as M2B in the XRD analysis is taken from the α-Fe + M2B
structure, which solidifies eutectically around the block-structured phases. Although it
was assumed that this system solidifies according to the Fe-B phase diagram, the eutectic
formed is morphologically different from the eutectic structure formed in the Fe16B4-based
coating. It is known that molybdenum can be dissolved in the Fe2B phase [39]. Possibly,
molybdenum dissolved in the Fe2B phase causes this phase to solidify as (Fe,Mo)2B and the
morphology of the eutectic structure changes. A similar microstructure has been reported as
a reticular eutectic structure in the literature [36]. Also, a molybdenum signal was received
from EDS region number 2. Although the solubility of molybdenum in α-Fe is quite low
under normal conditions, its solubility has been reported to be ~24% at ~1450 ◦C [40,41].
In a process where solidification is dynamic, such as welding, rapid regional or structural
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cooling might have occurred [33]. For this reason, it was normal for the molybdenum
solubility to increase regionally in α-Fe, and the dark gray regions are called α-(Fe,Mo).
As a result, block-structured FeMo2B2, α-(Fe,Mo), and α-Fe + (Fe,Mo)2B eutectics were
expected to form in the final microstructure.

 

Figure 4. SEM images, EDS, and MAP analysis of coatings layer.

There is a significant increase in the ratio of block-structured FeMo2B2 phases in the
SEM image of the Fe15MoB4-based coating given in Figure 4. The thermodynamic analysis
performed with PANDAT software (https://computherm.com/) (Figure 5) show similar
phases occurring in the Fe15MoB4- and Fe14Mo2B4-based coatings. In XRD analysis, it was
determined that the Fe14Mo2B4-based hardfacing coating contained α-Fe, FeMo2B2 phase,
M2B-type boride, and trace amounts of Fe3B borides in its microstructure. Solidification is
expected to begin with the formation of the FeMo2B2 phase, similar to the Fe15MoB4-based
coating. However, in the microstructure of the Fe14Mo2B4-based coating, it is seen that
the block-structured phases and the eutectic structure change morphologically. It also
has been reported in the literature that the FeMo2B2 phase formed in the Fe-Mo-B system
can solidify in different forms and the morphology of this phase can change depending
on the Mo/B ratio [38]. In similar studies, it has been reported that a eutectic structure
consisting of a FeMo2B2 and Fe,Mo solid solution can be found around the FeMo2B2
phase [39]. However, this eutectic structure solidifies into a morphologically floriform
structure. Another phase detected in the XRD analysis, the M2B type phase, indicates
the eutectic-solidified Fe2B phase. As stated in previous studies, Fe2B can dissolve some
molybdenum during solidification and form the (Fe,Mo)2B phase [39]. The Fe3B phase
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detected in trace amounts in the XRD analysis was not visible in the microstructure in
a distinguishable way. Yin et al. [36] stated that the Fe3B phase was distributed within
the Fe-M2B eutectic structure. In the final microstructure, which consists of FeMo2B2,
α-(Fe/Mo) + FeMo2B2 eutectic (floriform structure that solidifies around FeMo2B2), α-
(Fe/Mo), and α-(Fe/Mo) + (Fe,Mo)2B (reticular eutectic structure).

Figure 5. (a) Fe-B phase diagram; (b,c) equilibrium phase diagram of Fe-Mo-B system.

A structure consisting of light-colored phases, eutectic-like structures with the same
contrast as these phases, and a matrix phase can be seen in the SEM image of the Fe14Mo4B2-
based coating. According to the thermodynamic analysis performed with PANDAT soft-
ware (https://computherm.com/), the α-Fe, FeMo2B2, and Fe2B phases were expected to
be present in the microstructure under stable solidification conditions. However, in XRD
analysis, in addition to the α-Fe and FeMo2B2 phases, μ-Fe7Mo6 and R-Fe63Mo37 phases
were detected. According to the Fe-Mo phase diagram, the R-Fe63Mo37 phase is an unstable
phase below 1200 ◦C and indicates solidification at a high cooling rate [25]. A molybdenum
signal was detected from white island-shaped phases in the EDS analysis. The first phase
expected to form under balanced conditions was the FeMo2B2 phase. However, the surface
of the island-shaped phase shown at EDS point number 1 has a faceted structure, unlike
the FeMo2B2 phase. Possibly, this phase is the R-Fe63Mo37 phase, which solidifies out of
equilibrium, as stated in the literature [25]. The μ-Fe7Mo6 phase, which was detected in
trace amounts in the XRD analysis, could not be clearly detected in the microstructure.
Previous studies also show that this phase is not clearly distinguishable [25,42]. Eutectic
regions indicate the FeMo2B2 phase detected in XRD analysis. The amount of molybdenum
affects not only the morphological properties of FeMo2B2 phases, but also the morphology
of the eutectic structure (α-(Fe,Mo) + FeMo2B2). For this reason, increasing the amount of
molybdenum and decreasing the boron rate affects the distance between the lamellar in the
eutectic structure in the Fe14Mo4B2-based coating.
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3.2. Hardness and Wear Tests

Figure 6 shows the hardness test results of hardfacing coatings. In the Fe16B4-,
Fe15MoB2-, Fe14Mo2B2-, Fe14Mo4B2-based coatings carried out on the AISI 1020 steel
substrate, there was an increase of 58%, 70%, 73%, and 66% according to the substrate
material, respectively. Additionally, it was observed that an increase in hardness as the
amount of molybdenum added to the Fe-B-based hardfacing electrode composition in-
creases. With 5% molybdenum added to the electrode cover composition, an increase in
hardness of 22.8% was observed, and with the addition of 10% molybdenum, an increase
in HRC hardness of 30.48% was observed compared to the Fe16B4-based coating. On the
other hand, the hardness value of the Fe14Mo2B4-based hardfacing coating was measured
as 56.5 HRC, while the hardness value of the Fe14Mo4B2-based hardfacing coating was
measured as 49.9 HRC. In other words, the hardness value of Fe14Mo2B4-based hardfacing
was approximately ~13% higher than that of Fe14Mo4B2-based hardfacing. This shows that
although the hardness increases with molybdenum for Fe-Mo-B-based coatings, the amount
of boron in the coating composition has a significant effect on the increase in hardness. In
addition, the top values of hardness were related to the phases in the microstructure, and
especially the FeMo2B2 phase plays an important role in increasing the hardness.

Figure 6. Hardness results of hardfacing coatings.

In the study, the lowest microhardness value was measured from the substrate material
as seen in Table 3. Among the coated samples, the lowest matrix phase hardness was
measured in the Fe16B4-based hardfacing coating. The matrix phase hardness of the Fe16B4-
based coating gives almost the same results as the substrate material. The solubility of
boron, an interstitial element, in the α-Fe matrix was quite low. For this reason, the boron
in the composition was found in Fe2B or the eutectic phase formed by this phase. With
the addition of atomic 5% molybdenum into the alloy, there was a significant increase in
the hardness of the matrix phase. Additionally, it was observed that this increase was not
only in the matrix phase, but also in the eutectic structure. Due to the nature of the welding
process, molybdenum may dissolve to some extent in the matrix phase and the Fe2B phase.
This situation causes an increase in hardness in the matrix phase as a result of solid solution
hardening [43]. Similarly, molybdenum dissolved in the Fe2B phase causes the hardness
of this phase to increase. Although the hardness of the other phases was similar, trace
changes were observed depending on the composition, especially in the matrix phase. On
the other hand, the matrix hardness of the Fe14Mo4B2-based coating was less than that
of other coatings containing molybdenum. The hardness of the R-Fe63Mo37 phase in the
microstructure of the same coating was also measured to be lower than the boron-containing
phases. As can be seen from previous studies, changes in both microstructural and atomic
dimensions change the hardness of the coating [44,45]. The difference in the matrix phase
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between the compositions might cause distortion in the lattice, causing the hardness to
be slightly different. Microstructurally, each phase prevents dislocation movement, but
the physical properties of the phase determine the limit values of plastic deformation. As
stated in the literature, boron-containing phases play a decisive role on the hardness of the
coating [19]. The hardness values measured from the phases in the microstructure have
an effect on the hardness. Although the hardness values measured in the study depend
on the composition and production method for Fe-Mo-B-based alloys, they appear to be
compatible with various studies [46–48].

Table 3. Microhardness results of hardfacing coatings.

Sample
Matrix

(HV0.01)
Eutectic (α-Fe-M2B)

(HV0.01)
Eutectic (α-Fe-FeMo2B2)

(HV0.01)
FeMo2B2

(HV0.01)
R-(Fe63Mo37)

(HV0.01)

AISI 1020 143–147 - - - -
Fe16B4 173–180 478–542 - - -

Fe15MoB4 424–542 996–1200 - 1953–2973 -
Fe14Mo2B4 459–573 1053–1242 642–956 1970–3228 -
Fe14Mo4B2 368–379 - 520–754 - 718–840

Figure 7 shows the wear rate graph of hardfacing coatings depending on load and
distance. According to the graph, it is understood that the wear rate increases with both
the increasing distance and increasing load. In the study, the highest wear rate was
measured from the substrate material. Among the coated samples, the highest wear rate
was measured in Fe16B4 and the lowest wear rate in the Fe14Mo2B4-based coating. Wear
rates exhibit a similar behavior to the hardness results. As Archard stated [49], the wear
rate varies inversely with the hardness. The basic philosophy of hardfacing coatings is to
cover the surface with a harder layer than the substrate material. As mentioned above,
each hard phase in the microstructure of this hard layer formed on the substrate surface
changes the effect of the coating on wear. In addition, not only the hardness of these phases,
but also their compatibility with the surface, morphology, etc., properties also affect the
wear behavior of the coating. In this study, the hard eutectic α-Fe + Fe2B structure, which
forms the microstructure of the Fe16B4-based coating, increases the wear resistance of the
substrate material. The high-hardness FeMo2B2 phase formed in the microstructure with
the addition of molybdenum and the different morphologies of this phase cause further
increase in wear resistance. On the other hand, although the wear resistance increases
with the increasing molybdenum amount, the wear resistance of the Fe14Mo2B4-based
coating was measured to be higher at all loads and distances than the wear resistance of
the Fe14Mo4B2-based coating. Boron is a critical element in the formation of hard phases,
and the volumetric fraction of the phases formed by boron affects the wear resistance of the
coating. In addition, although boron provides the formation of the hard phase, the matrix
phase is critical in terms of both hardness and wear resistance. The fact that molybdenum
is soluble in the matrix phase and increases its hardness resultingly has an effect on wear.
Likewise, both the hardness and wear resistance of the Fe16B4-based coating, where the
matrix phase is soft, were measured to be lower than the Fe14Mo4B2-based coating.

Figure 8 shows the friction coefficient graphs obtained after the wear test at different
loads and distances applied to hardfacing coatings. Friction coefficient values vary between
~0.4 and 0.7 μ. According to the friction coefficient data of the coated samples, it can be
said that the highest friction coefficient value was obtained in Fe16B4-based hardfacing
and the lowest friction coefficient values were obtained in Fe14Mo4B2-based hardfacing.
The overall friction coefficient is closely related to the surface profile and phases in the
microstructure [50–52]. In composite materials such as hardfacing, each phase has a
different effect on wear. On the other hand, the hardness, morphology, volumetric ratio,
and distribution of these phases are other parameters that affect the friction coefficient. The
friction coefficients given in Figure 8 act independently of the surface hardness. However,
it can be said that the smoothest surface among the samples is on the Fe14Mo4B2-based

196



Coatings 2023, 13, 2050

hardfacing coating after the substrate material. On the other hand, the composite structure
seen in the microstructures of other coatings is likely to create resistance during sliding.
These composite structures might cause an increase in the coefficient of friction. Similar
studies in the literature have stated that the coefficient of friction increases with the increase
in the amount of hard phase in the metal matrix composite [53]. In the study, no correlation
was found in the change in friction coefficients according to load and distance.

 
Figure 7. Wear rate of samples.

 

Figure 8. Friction coefficient graph of hardfacing coatings.
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In the EDS analysis of the substrate material shown in Figure 9, an intense amount
of oxygen signal was received from the dark areas. The formation of an FeO-based oxide
layer during wear on the carbon steel surface has been reported in similar studies [54]. The
microstructure of the substrate material did not contain factors such as grain boundaries,
secondary phases, and eutectic structure that would create resistance during wear compared
to the coated samples. For this reason, friction occurs on a smoother surface. In the friction
coefficient graph given in Figure 8, it reached the steady-state wear phase after a short
running-in period. The homogeneous oxide layer formed on the surface might acted as a
solid lubricant, causing the friction coefficient to be relatively lower than other samples.
It is seen that this oxide layer forms debris at some points. Local adhesions may occur
as a result of micro weld in softer and easily oxidized substrate material. Increasing heat
during friction and the change in surface topography due to the oxide layer formed may
also cause fluctuations in the friction coefficient [55]. On the other hand, oxide-based
debris formed as a result of the delamination of the oxide layer was seen in the SEM image
of the substrate material. It was understood that wear was dominated by oxidative and
adhesive wear mechanism. The worn surface appearance of the hardfacing-coated samples
shown in Figure 9 shows that the oxidized parts remained more localized compared to the
substrate material.

 
Figure 9. Worn surfaces. (a) SEM images and EDS analysis of AISI 1020 steel substrate; (b) SEM
image and MAP analysis of Fe15MoB4-based coating; and (c) SEM image and MAP analysis of
Fe14Mo2B4-based coating.

As a result of the SEM analysis performed on the coated samples, different mechanisms
played an active role during wear. It can be seen that debris and delaminations were
formed on the surface of the Fe16B4-based hardfacing coating shown in Figure 10a after
wear. Debris might have occurred due to the sawing effect created by the eutectic phase
during friction. It was also observed that delamination occurs in the soft (matrix) phase
during friction in the eutectic structure. This indicates that it might be pulled out due to
adhesion formed in the soft matrix phase with the increasing heat in the later stages of
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friction. With the addition of molybdenum, the delamination of hard phases formed in
the microstructure decreased by reducing the oxide detachment on the surface. However,
the abrasive wear increases with the increasing hard phase friction and micro-abrasive
lines appear on the surface. One of the basic mechanisms expected to develop during the
wear of hardfacing coatings is micro-abrasive wear, which was expected to occur due to
a three-body wear mechanism. As a result of the micro-abrasive wear mechanism, small
pieces pulled out from the friction surfaces were plastered on the surface, causing wear
called smeared [56–58]. The SEM image and MAP analysis shown in Figure 9 indicate this
situation, where cracks occur directly in oxidized areas. Similarly, the cracks formed in
Figure 10b and c indicate removal from the surface after smearing. On the other hand,
block-structured phases formed via the addition of molybdenum caused a large hardness
difference between the matrix and the particle. The difference in hardness between the
matrix and the hard phase might have caused fatigue in the matrix phase. Fatigue occurring
during wear might cause fatigue cracks and subsequent ruptures after a while, as shown in
the SEM image of the Fe15MoB2-based coating given in Figure 9b. As a result, hard phases
such as M2B and FeMo2B2 play an active role during friction. These hard phases and
eutectic structures were in direct contact with the abrasive. For this reason, the increasing
amount of block-structured or eutectic hard phase acts in the direction of the increasing
wear resistance. Similar results have been reported in previous studies [27]. In the study,
it was determined that micro-abrasive, adhesive, and oxidative wear were the dominant
wear mechanism.

 
Figure 10. Wear surface of hardfacing coatings (a) Fe16B4, (b)Fe15MoB4, (c) Fe14Mo2B4, and
(d) Fe14Mo4B2.

3.3. Corrosion Behavior

OCP curves are given in Figure 11a. The OCP curves become stable in a short time.
As stated in the literature, when the open circuit potential reaches equilibrium, it indicates
that the film formation and dissolution on the surface are in balance [59]. In all OCP
curves, there was first a slight movement towards the anodic side and then the curves
became stable. The OCP value of the substrate material was measured to be slightly more
positive than the coated samples. This might be due to the oxide layer that forms more
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easily on the surface of the substrate material. According to the OCP test, the anodic
corrosion tendency decreased with the increasing molybdenum amount in the coating
composition. The OCP value of the Fe16B4-based coating was measured to be similar to
molybdenum-containing coatings.

Figure 11. (a) OCP diagram and (b) Tafel curves of coating layers; (c) EIS diagram.

Tafel curves obtained from the samples subjected to the electrochemical corrosion
test in the 0.5 M NaCl solution are given in Figure 11b. The corrosion potential obtained
from these curves gives information about the direction of corrosion [27,60]. According to
the curves, there was no big difference in corrosion potentials. However, the most noble
sample in terms of corrosion potential is the AISI 1020 steel substrate. This shows the
sample substrate material with the lowest corrosion tendency according to its corrosion
potential. According to the corrosion parameters given in Table 4, it is seen that the addition
of molybdenum to the molybdenum Fe-B-based coating composition does not cause a
linear change on the corrosion potential. Among the coated samples, the noblest corrosion
potential was measured in the Fe14Mo4B2-based coating. On the other hand, current density,
which is a critical parameter in the kinetic interpretation of corrosion, is directly related
to the rate of corrosion. According to corrosion current density values, the lowest current
density was measured in the Fe16B4-based coating. Many researchers have reported that
Fe-B alloys near the eutectic point have very good corrosion resistance [61–64]. There
was a decrease in the current density values with the addition of molybdenum into the
Fe16B4-based coating. In other words, the corrosion resistance of the coating has increased.

Table 4. Tafel parameters of hardfacing coatings.

Sample Ecor (mV) Icor (μA/cm2) Cr (mpy)

AISI 1020 −609.315 28.331 16.291
Fe16B4 −683.455 2.078 1.544

Fe15MoB4 −669.678 15.287 11.245
FeMo2B4 −688.666 6.601 4.808
FeMo4B2 −632.627 5.650 3.603
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Another method used to understand corrosion in kinetic terms is the EIS method. The
similarity of the EIS curves seen in Figure 11c indicates that similar corrosion mechanisms
have developed in the coating layers. On the other hand, the diameter of the capacitive
loop varies in direct proportion to the corrosion resistance. The corrosion resistance of the
coating with a large capacitive loop diameter is high [65,66]. EIS test parameters obtained
by equivalent circuit modeling are given in Table 5. According to the model, Rs is a
measure of the solution resistance and Rct is a measure of the polarization resistance. A
higher Rct value indicates higher corrosion resistance. The fact that both the capacitive
loop diameter and the Rct value are large indicates that the corrosion resistance of the
Fe16B4-based coating is higher. This can be associated with the microstructure of the Fe16B4-
based coating. Factors such as phases and grain boundaries within the microstructure
increase the polarization resistance [67]. Rct resistance increases especially in Fe16B4-based
coatings that contain a high fraction of eutectic structure. According to the EIS data, the
AISI 1020 steel substrate, which does not contain grain boundaries in the microstructure,
has low corrosion resistance. Although the microstructure of the Fe14Mo2B4-based coating
is complex, the Rct value was low. This may be related to the morphology and composition
of the eutectic structure.

Table 5. EIS test parameters.

Sample Rs (Ω) CPE-1 (μF.cm−2) Rct-1 (kΩ)

AISI 1020 42.78 2.2 × 10−4 1.29
Fe16B4 40.41 2.29 × 10−4 4.87

Fe15MoB4 126.3 1.08 × 10−4 4.25
Fe14Mo2B4 134.4 2.43 × 10−4 1.4
Fe14Mo4B2 129 1.11 × 10−4 4.38

In the post-corrosion SEM image of the substrate material shown in Figure 12, it is
seen that a cotton-like layer is covering the surface. In the EDS analysis carried out in this
region, intense signals belonging to Fe and Cl elements were received. This indicates that
the iron on the surface is dissolved as a result of the anodic reaction and ferrous salts are
formed on the surface.

 

Figure 12. SEM image and EDS analysis of corroded surface of AISI 1020 steel substrate.

The reaction of the anodic dissolution occurring on the substrate surface is the oxida-
tion reaction of α-Fe and is expected to occur according to the reaction given below. In the
SEM image, it is understood that this reaction develops homogeneously on the surface. This
type of homogeneous corrosion is a less dangerous corrosion mechanism, and generally,
the homogeneous oxide layer formed on the surface polarizes the surface. However, the
breakdown of this layer accelerates corrosion.

Anodic reaction [68,69]:
Fe → Fe+2 + 2e−
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Cathodic Reaction:
1/2O2 + H2O + 2e− → 2OH−

direct oxygen reduction of the cathodic reaction

2Fe + 2H2O +O2 → 2Fe+2 + 4OH− →2Fe(OH)2

Figure 13 shows SEM images of hardfacing coatings after corrosion. In the images,
there was no corrosion damage in the parts formed by FeMo2B2, R-Fe63Mo37 and these
phases within this eutectic, but there was a significant amount of dissolution in the α-
Fe/(Fe,Mo) regions between the matrix phase and the eutectic phase. This situation
indicates the formation of galvanic corrosion caused by the potential difference between
the boride phase and α-Fe. Also, this results in selective corrosion of the matrix phase.

 

Figure 13. Corroded surface of (a) Fe16B4-, (b) Fe15MoB4-, (c) Fe14Mo2B4-, and (d) Fe14Mo4B2-based
hardfacing coatings.

In the Fe16B4-based coating, the matrix phase consists of α-Fe and dissolution can
occur according to the reactions given above. The molybdenum added to the Fe16B4-based
coating might have increased the corrosion resistance of the matrix by dissolving it in
the matrix phase. Similarly, there was a significant dissolution in the phases around the
FeMo2B2 phase. As a result of the potential difference between the FeMo2B2 phase and the
surrounding phases, it may have an accelerating effect on dissolution. Similarly, it has been
reported in the literature that the low molybdenum-containing phase in the region adjacent
to the high molybdenum-containing phase in the eutectic structure will have corroded
preferentially and caused intergranular corrosion [70]. It was also clearly seen in the SEM
images. In the SEM image and MAP analysis given in Figure 14, the iron signal received
from the eutectic region shows that there was no dissolution in these regions. That is, both
M2B and FeMo2B2 phases behave as noble, with respect to the matrix phase.
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Figure 14. Corroded surface of Fe14Mo2B4-based coating.

4. Conclusions

In this study, it was aimed to investigate the effect of molybdenum on an Fe-B-based
hardfacing coating. For this purpose, Fe-Mo-B-based hardfacing electrodes with different
compositions were produced. These produced electrodes were observed microstructurally
and hardness, wear, and corrosion tests were performed. Additionally, the results were
compared with an AISI 1020 steel substrate and Fe-B-based hardfacing. The findings
obtained in the study are as follows;

• It has been determined that changes made in the electrode cover composition change
the phases in the microstructure and that even trace changes have a significant mor-
phological effect on some phases. In the study, α-Fe, FeMo2B2, Fe2B, and R-Fe63Mo37
phases were detected as major phases, and Fe3B and Fe7Mo6 phases were detected as
minor phases. It has also been determined that molybdenum can dissolve in the α-Fe
and Fe2B phase and can affect the morphological and mechanical properties of both
these phases and the eutectic structures formed by these phases.

• Neither molybdenum nor boron could provide the effect of both on the hardness and
wear resistance of the coating. In addition, this effect reaches its maximum level for
mixtures made in certain proportions. For this reason, optimizing the compositions
in hardfacing coating works was critical. In the study, the highest hardness value
was obtained in the Fe14Mo2B4-based coating as 56.4 HRC. It was observed that the
hardness of this coating was ~73% higher than the substrate material and ~30.5%
higher than the Fe16B4-based coating. According to microhardness measurements,
although the hardness of the phases in the microstructure varies over a wide range, the
highest phase hardness was measured as 3228 HV in the FeMo2B2 phase. In the study,
the highest wear resistance was obtained in the Fe14Mo2B4-based coating. According
to the wear rate values, up to ~8.1 times higher wear resistance was obtained in the
Fe14Mo2B4-based coating compared to the AISI 1020 substrate material and up to
~4.7 times higher than the Fe16B4-based coating.

• According to the corrosion test results, it was observed that there was no significant
difference between the corrosion potentials of the substrate material and the coated
samples. However, a significant difference was detected between the corrosion current
density values. The current density of all samples with hardfacing coating is lower than
the base material, meaning their corrosion resistance was better. In the study, the lowest
current density value was measured as 2.078 μA/cm2 in the Fe16B4-based coating and
it was found to be ~13.6 times more resistant to corrosion than the substrate material.
Although the corrosion resistance of the Fe16B4-based coating, that is, molybdenum-
free, was high, it has been determined that the corrosion resistance increases with the
increasing molybdenum amount in molybdenum-containing hardfacing coatings.

• From this study, it can be concluded that molybdenum is a good alternative that can
be added to Fe-B-based hardfacing alloys to improve the properties of the coating.
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Furthermore, extending this study to reveal the effect of high temperature wear
behavior on the coating will be beneficial for potential applications.
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Abstract: The effect of the Cr element on the corrosion behavior of as-spun Fe72−xCrxB19.2Si4.8Nb4

ribbons with x = 0, 7.2, 21.6, and 36 in 3.5% NaCl solution were investigated in this work. The results
show that the glass formability of the alloys can be increased as Cr content (cCr) is added up to
21.6 at.%. When cCr reaches 36 at.%, some nanocrystals appear in the as-spun ribbon. With increasing
cCr content, the corrosion resistances of as-spun Fe-based ribbons are continually improved as well as
their hardness properties; during the polarization test, their passive film shows an increase first and
then a decrease, with the highest pitting potential as cCr = 7.2 at.%, which is confirmed by an XPS test.
The dense passivation film, composed of Cr2O3 and [CrOx(OH)3−2x, nH2O], can reduce the number
of corrosion pits on the sample surface due to chloride corrosion and possibly be deteriorated by the
overdosed CrFeB phase. This work can help us to design and prepare the highly corrosion-resistant
Fe-based alloys.

Keywords: Cr element; passivation; Fe based; amorphous alloys

1. Introduction

Since firstly fabricated in the last century, the amorphous alloys have a wide range of
applications in many industrial fields, due to their special atomic structures, high strengths,
and high hardness properties; Fe-based metallic amorphous alloys have especially excellent
soft magnetic properties [1]. Meanwhile, Fe-based amorphous alloys are also used in
various fields due to their excellent corrosion/wear resistances, such as drill bits [2] and
artificial bone joints [3]. In addition, Fe-based metallic glasses contain major components
with much lower costs than Co, Zr, Ni, Cu, and Ti [4]. Nowadays, in the rapid and high-
level development of industry, it is necessary to solve the problems of corrosion and wear
of metallic parts working in harsh environments to increase the corrosion resistances of
Fe-based amorphous alloys is in line with the current industrial needs [5–7].

In the known stainless steels, Cr is one of the important and cheap elements to im-
prove the corrosion resistance of the alloys [8]. Adding Cr can improve the corrosion/wear
resistance of Fe-based amorphous alloys drastically [9–12]. At high temperatures, a high
Cr content can ensure the mechanical strength and corrosion resistance of the alloys si-
multaneously, so a high-Cr alloy with high temperature corrosion resistance is widely
used in the manufacturing of turbochargers, furnace fixtures, etc. [13,14]. The corrosion
resistance performance of Fe-based amorphous alloys is attributed to three main factors:
(1) amorphous alloys have a uniform passivation film [15]; (2) they have a high reactivity
to diffuse the passive components to the surface [16]; and (3) they have no crystal defects.
In biomedicine, the Cr-contained Fe-based amorphous alloys have excellent corrosion
resistance and a superior biocompatibility, suitable for preparing surgical scissors. The (Fe,
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Cr)-based glass exhibits better corrosion resistance than 316L steel and Ti-based commercial
alloys in the human body-like environment [17,18]. The Fe-based amorphous alloys with
Cr show high corrosion resistance in Cl− environments, giving new ideas for the design of
marine anti-corrosion alloys [2,19,20].

Mo is another important element to be often added to steel and cast iron to improve
their corrosion resistance. According to the argument on the pitting resistance equivalent
number (also denoted as PREM), the element Mo can increase the resistance to local pit
corrosion of the alloy [21,22]. In the real preparation and machining process, some Mo is
added to most stainless steels to improve their resistances to pitting corrosion. Generally,
Mo has a high cost; other low cost elements are substituted and then reduce the cost of
the alloys, keeping enough corrosion resistance [23]. In the alloys containing both Cr and
Mo, Mo has a strong interaction with Cr to increase corrosion resistance, forming a Cr-rich
passive oxide film, rather than forming a Mo-oxide film [24]. Thus, increasing the cCr,
replacing Mo with other low-cost corrosion resistance elements in the alloy, is a practical
idea [25]. It is necessary to be pointed out that Fe-based amorphous alloys can have a stable
passivation rather than the active dissoluble film only when the Cr content is beyond a
certain critical value [26]. Therefore, it is valuable to explore the role of the composition in
the mechanism of formation and destruction of passivation films of Fe-based amorphous
alloys in this work.

The marine environment contains lot of Cl− and serious natural corrosion conditions.
In a series of industrial circumstances, such as off-shore oil/gas exploitation and underwater
operations, the selection of alloy types with high corrosion resistances is an important
approach to solve the Cl−-induced degradation of parts [27]. Recently, the effect of Cr
mainly involves low Cr steel in case of CO2 corrosion [28]; however, its anti-corrosion
mechanism in different solutions is different. In this paper, we mainly studied the corrosion
behavior of Fe-based amorphous alloys with Cr in a simulated marine environment, i.e.,
Cl−-contained solution. At the same time, Mo in traditional Fe-based amorphous alloys
containing Cr is replaced by Nb, Si, and other elements to improve the corrosion resistance
and GFA of amorphous alloys. We discuss the effect of Cr on the corrosion behaviors of Fe-
based amorphous alloys in neutral solutions. Meanwhile, the composition and destruction
process of amorphous passivated films during electrochemical tests have been analyzed.
The results of this work not only provide a new way to understand the effect of Cr on
the corrosion resistance of Fe-based metallic glasses but also provide a new method for
supplying the needed passivation film of Fe-based amorphous alloys.

2. Experimental

2.1. Sample Preparation

The alloy ingots with nominal compositions of Fe72−xCrxB19.2Si4.8Nb4 (x = 0, 7.2, 21.6,
and 36) were smelted with pure Fe (99.99 wt.%), pure Si (99.999 wt.%), pure Nb (99.99 wt.%),
pure Cr (99.99 wt.%), and Fe-B ingots in an arc melting furnace (MAM-1 Edmund Buhler,
Berlin, Germany) protected by high purity argon (99.999%). Each prepared ingot was 5 g
and remelted at least four times during the smelting process to ensure the uniformity of the
composition. The obtained ingots were made into amorphous ribbons at a roller speed of
41.8 m·s−1 under the protection of purified argon (99.999%) by a single roll melt spinning
system (SD500 SKY, Shenyang, China).

2.2. Structural Analysis

The microstructures of the ingots and the as-spun ribbons as well as the ground
ribbon powders were characterized by X-ray diffraction (XRD, Bruker D8 Discover, Beijing
Technology Co., Ltd., Beijing, China). The thermodynamic behaviors of the ribbons were
measured by differential scanning calorimetry (DSC, NETZSCH-404, Netzsch-404, Netzsch,
Bavaria, Germany) under the protection of high purity argon at a heating rate of 20 K/min.
The ribbon microstructures were observed by transmission electron microscopy (TEM,
JEM-2100F, Japan Electronics Co., Ltd., Beijing, China), and the surface morphologies and
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passivation film compositions were analyzed by a scanning electron microscope (SEM, JSM-
7800 F Japan Electronics Co., Ltd., Beijing, China) and X-ray photoelectron spectroscopy
(XPS, AXIS Supra, Manchester, UK).

2.3. Electrochemical Tests

An electrochemical workstation (CHI660E, Shanghai Chenhua Instrument Co., Ltd.,
Shanghai, China) was used to test and characterize the corrosion behavior of the rib-
bons at room temperature (300 K). The polarization curve and electrochemical impedance
spectroscopy (EIS) of the ribbons were tested in 0.6 M NaCl neutral solution with a three-
electrode system. One side of the ribbons was covered with silicone rubber 12 h in advance
before the test to ensure the accuracy of the experiment. In addition, the ribbons were
immersed in hydrochloric acid solution at pH = 3 for 215 h to calculate the weight loss rate,
which was calculated by the following formula:

vweight =
m0 − m1

S × t
(1)

m0 (g) is the weight of the ribbon before immersion, m1 (g) is the weight of the
ribbon after immersion, S

(
cm2) is the immersion area of the ribbon, and t (h) is the

immersion time.

3. Results and Discussion

Microstructure

Figure 1a–d shows the SEM images of the Fe72−xCrxB19.2Si4.8Nb4 ingots with x = 0, 7.2,
21.6, and 36, denoted by Cr0, Cr7, Cr21, and Cr36, respectively. The corresponding XRD
patterns are shown in Figure 1e–h. Based on the XRD patterns, the four ingots had a certain
similarity; there were α-Fe phases. With the addition of Cr, three strong peaks of α-Fe
gradually shifted to the left, indicating that the average atomic distance increased, probably
because Cr atoms with larger atomic radii replaced some of the Fe atoms. In addition, with
the addition of the Cr element, CrFeB phases appeared in the ingots. Interestingly, from
the ingots, the tendency of CrFeB phase dendritic growth was more and more evident. It
was related to the migration and diffusion of solute during solidification, which was in
line with the classical theory of “constitutional supercooling” proposed by Thiller [29]. In
Cr0 ingot, the FeB phase presented in large plate-like shape (Figure 1a). With the addition
of the Cr element, an elongated CrFeB phase began to appear in the ingot, indicating a
strong binding force between Cr and Fe (Figure 1b,d). Some elliptical protrusions of Nb-Si
intermetallic compounds in the ingots were formed, indicating that the strengths of Nb-Si
bonds were stronger than those the of Nb-Nb bonds (Figure 1c,d).

The microstructures of the Cr0, Cr7, Cr21, and Cr36 as-spun ribbons and the as-crushed
Cr36 ribbon were investigated by XRD. The diffraction patterns of the as-spun Cr0, Cr7,
and Cr21 ribbons exhibited a typical diffuse peak within the range of 44.2 ± 0.4, without
evident sharp crystallization peaks, indicating the amorphous properties of these samples
(Figure 2a–c). This indicated that the FeSiBNb alloy with a small amount of Cr could form
amorphous ribbons. As the Cr content increased, the position of the diffuse emission peak
decreased from 44.6◦ to 43.2◦, indicating an increase in the average atomic spacing, and the
free volume within the ribbons also increased [30]. At the same time, the ribbons became
increasingly brittle, and the XRD of the Cr36 ribbon showed evident crystal peaks. Cr36
ribbons became shorter and more brittle, which may have been related to the existence of
internal stress during the ribbons production process. As shown in Figure 2d,e, there is a
set of crystal peaks on the XRD curve of Cr36 ribbon; the α-Fe phase is not evident in the
as-spun Cr36 ribbon, but the α-Fe peak becomes very evident after the sample has been
crushed into pieces, similar to Ref. [31], indicating that the orientation of CrFeB and α-Fe
are developed in the as-spun ribbon and that the α-Fe phase in the ingot also obtained a
certain inheritance in the ribbons. These results suggested the structural heredity between
the melts/glasses and ingots of present alloys.
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Figure 1. SEM micrographs of the Fe72−xCrxB19.2Si4.8Nb4. (a) x = 0 (Cr0), (b) x = 7.2 (Cr7), (c) x = 21.6
(Cr21), and (d) x = 36 (Cr36) ingots and XRD patterns of (e) Cr0, (f) Cr7, (g) Cr21, and (h) Cr36.
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Figure 2. XRD curves of as-spun Fe72−xCrxB19.2Si4.8Nb4 ribbons together with a crushed sample.
(a) x = 0 (Cr0) ribbon, (b) x = 7.2 (Cr7) ribbon, (c) x = 21.6 (Cr21) ribbon, (d) x = 36 (Cr36) ribbon, and
(e) crushed Cr36 sample.

In order to further characterize the microstructure of the as-spun Cr36 ribbon, TEM
tests were performed. The TEM images and selected area electron diffraction (SAED)
patterns of Cr36 ribbon are shown in Figure 3. They present many nanocrystals in the Cr36
ribbon. As shown in Figure 3b,c, the grain diameter is about 100 nm, and there are some
dislocation structures in the rod-shaped grains, which are distributed vertically along the
head and tail of the rod-shaped grains. At the same time, EDS shows that the rod-shaped
grains have oxygen enrichment, indicating that higher activation energy is displayed at
the dislocations, and the metal oxide reaction preferentially occurs in the regions with
high dislocation density [32]. Figure 3(d1,d2) are SAED corresponding to HRTEM (d)
(High Resolution Transmission Electron Microscope), corresponding to the CrFeB and α-Fe
phases, respectively.
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Figure 3. (a) LRTEM (Low Resolution Transmission Electron Microscope) image of
Fe36Cr36B19.2Si4.8Nb4 (Cr36). (b,c) are the enlarged part of (a); (d) is the HRTEM (High Resolu-
tion Transmission Electron Microscope) image of Cr36 ( 1© and 2© represent different phases); and
(d1) and (d2) are the corresponding FFT (Fast Fourier Transform) patterns.

The DSC curves of the Cr0, Cr7, Cr21, and Cr36 ribbons with heating/cooling rates
of 20 K/min are shown in Figure 4. The characteristic thermodynamic temperatures are
listed in Table 1. The amorphous Cr0, Cr7, and Cr21 ribbons exhibit similar exothermic
behaviors, and all the amorphous samples have only one exothermic crystallization peak,
usually corresponding to eutectic crystallization [33]. The height of the crystallization peak
increases with the increase in Cr content. As the Cr content increases up to 21.6 at.%, the
reduced crystallization temperature Trx (=Tx/Tl) and ΔHrc of amorphous ribbons also
gradually increases, indicating that the addition of 21.6 at.% Cr element can still improve
the amorphous stability and amorphous formation ability of Fe-based ribbons [34]. When
the addition of the Cr element reaches 36 at.%, there is no exothermic peak in the sample in
Figure 4a, indicating that the ribbons has crystallized. In addition, the onset temperature of
melting (Tm) of the amorphous ribbons shows an increasing trend, and the end temperature
of melting (Tl) does not tends to decrease with increasing x (Figure 4b). In other words,
the solidification temperature range ΔTl (Tl–Tm) of ribbons does not change monotonically.
The results show that Cr21 ribbon is the closest component to the eutectic point [30].
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Figure 4. DSC curves of Fe72−xCrxB19.2Si4.8Nb4 with x = 0 (Cr0), x = 7.2 (Cr7), x = 21.6 (Cr21), and
x = 36 (Cr36) ribbons at different temperature intervals. (a) Heating curves in 600–1100 K with
20 K/min, and (b) heating and cooling curves in 1100–1650 K.

Table 1. Thermal parameters deduced from the DSC curves, including the onset crystallization tem-
perature Tx, the solidification temperature Ts, the onset melting temperature Tm, the liquidus temper-
ature Tl, the solidification temperature range ΔTl (=Tl–Tm), the reduced crystallization Trx (=Tx/Tl),
the degree of supercooling ΔT (=Tl–Ts), and the reduced crystallization heat ΔHrc (=ΔHc/ΔHm).
Here, ΔHc and ΔHm are heats of crystallization and melting, respectively.

Ribbon Tx (K) Ts (K) Tm (K) Tl (K) ΔTl (K) ΔT (K) Trx ΔHrc (ΔHc/ΔHm)

x = 0 882 1492 1394 1541 147 49 0.57 0.18
x = 7.2 916 1580 1406 1619 213 39 0.57 0.23
x = 21.6 933 1459 1438 1482 44 23 0.63 0.52
x = 36 - 1554 1512 1615 103 61 - -

In general, the smaller the residual penetration depth, the higher the nanohardness.
The steeper the unloading curve, the larger the Young’s modulus [35–37]. The nanoindenta-
tion images of Cr0, Cr7, Cr21, and Cr36 ribbons are shown in Figure 5, with the increase in
Cr content, the hardness and Young’s modulus of the ribbons both increased. The hardness
and Young’s modulus of the Cr36 ribbon as a crystal increase significantly, indicating that
Cr-rich ordered clusters in the ribbon can improve the hardness of the ribbon.

Figure 6 shows the potentiodynamic polarization plots of the Cr0, Cr7, Cr21, and
Cr36 as-spun ribbons and the corrosion rate Rim deduced from the weight loss in the HCl
solution with a pH = 3. The corrosion potential Ecorr (vs. SCE (saturated calomel (reference)
electrode)), corrosion current density icorr (μA·cm−2), pitting potential Epit (V vs. SCE), and
deduced corrosion rate CR (μm·y−1) with Equation (2) are summarized in Table 2 [38,39].

CR = 3.28 icorr × M/nd (μm × y−1) (2)
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Figure 5. Nanoindentation of Fe72−xCrxB19.2Si4.8Nb4 with x = 0 (Cr0), x = 7.2 (Cr7), x = 21.6 (Cr21),
and x = 36 (Cr36) ribbons: (a) Curve of the load and indentation depth; (b) calculated results of the
nanoindentation, including hardness and modulus.

Table 2. Parameters deduced from potentiodynamic polarization plots in Figure 6, such as corrosion
potential Ecorr (V vs. SCE), corrosion current density icorr (μA·cm−2), pitting potential Epit (V vs.
SCE), and deduced corrosion rate CR (μm·y−1).

Ribbon Ecorr (V) icorr (μA·cm−2) Epit (V) CR (μm·y−1)

x = 0 −0.69 40.72 −0.60 473
x = 7.2 −0.56 14.83 1.21 172

x = 21.6 −0.55 8.43 1.04 98
x = 36 −0.50 5.28 0.68 61
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Figure 6. (a) Potentiodynamic polarization plots of as-spun ribbons Fe72−xCrxB19.2Si4.8Nb4 with
x = 0 (Cr0), x = 7.2 (Cr7), x = 21.6 (Cr21), and x = 36 (Cr36) in neutral solutions. (b) Corrosion rate Rim

derived from weight loss obtained by immersing in acid solution.

Here, M is the atomic weight of Fe (55.85 g), n is the number of electrons transferred
in the corrosion reaction (n = 2), and d is the density of Fe (7.88 g·cm−3). For the sake of
similarity, the corrosion rate is mainly ascribed to the dissolution of Fe atoms.

From the potentiodynamic polarization curves (Figure 6a), the amorphous ribbon
Cr0 has no evident passivation platform, the anode polarization curves of Cr7, Cr21, and
Cr36 have significantly wide passivation platforms, and there is no evident anodic Tafel
region. The corrosion current density was determined by cathodic polarization curves and
corrosion potential. In addition, the addition of Cr increased the corrosion potential of the
ribbons and decreased the corrosion current density of the ribbons (Table 2). As can be
seen from Figure 6b, with the increase in Cr content, the corrosion rate of the ribbons after
immersing in HCl solution with pH = 3 for 215 h decreased, which was consistent with
the Tafel curves. At a high potential of about 0.7 V, Cr transpassive dissolution occurred in
Cr36 ribbon, according to Ref. [40], resulting in a gradual increase in current. When the
potential was less than 0, with the increase in cCr (Table 2), the value of icorr and Ecorr of
the ribbons decreased, which was consistent with Figure 6b, indicating that the corrosion
resistance of the ribbons was getting better. When the potential was increased until the
ribbons were pitted, it can be seen that the Epit of the ribbons reached the maximum value
in Cr7, indicating that Cr7 had the best pitting corrosion resistance. On the one hand, the
disorder of amorphous ribbons reduced the existence of crystal defects and prevented
the formation of galvanic corrosion. On the other hand, the composition contained more
easily passivated elements (such as Cr), which was conducive to improving corrosion
resistance [41].

In comparison, we collect the date of 51 Fe-based glassy alloys, as shown in Figure 7.
The icorr and Ecorr of Fe-based glassy alloys are listed in Table S1. Apparently, Cr36 has a
very low icorr and a certain positive Ecorr, showing a super corrosion resistance.
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Figure 7. The comparison diagram of corrosion potential (Ecorr) and corrosion current density (icorr)
of various Fe-based alloys in 3.5 wt.% NaCl solution; details are listed in Table S1 [42–53].

Figure 8 shows the surface schematic graph morphologies and cross-sections of the
tested samples after the polarization corrosion experiment in the neutral solution. In the
case of Cr0, a corrosion scale in the thickness of 1–2 μm (Fe2O3 and SiO2) was mostly
detached, with only small amounts remaining, and evident stress cracking was observed on
the surface, exposing the matrix under the scale. In contrast, very little corrosion product
was observed over the smooth surface of Cr7 (Figure 8b). It is thought that a relatively
Cr-rich passive oxide may be produced on the surface, indicating that adding a small
amount of Cr element can reduce the occurrence of local corrosion pits [54]. However,
corrosion pits on the Cr21 ribbon’s surface are more evident than Cr7. At this time, small
pits are easily formed on the bottom of the early formed large pit. On the surface of the
Cr36 ribbon, it can be observed that the ribbon surface is rougher than Cr21 (Figure 8d),
and the surface passivation film caused by pitting corrosion is in a chain-like shape. These
results show that the addition of Cr element can firstly reduce stress cracking and pitting
by corrosion and then increase them, show a maximal pitting resistance at cCr = 7 at.%.
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x x

Figure 8. SEM images and simplified cross-sectional schematics of corroded Fe72−xCrxB19.2Si4.8Nb4

samples. (a) x = 0 (Cr0). (b) x = 7.2 (Cr7). (c) x = 21.6 (Cr21). (d) x = 36 (Cr36). (a1–d1) Simplified
cross-section schematics showing their damaged characteristics.

To further understand the surface property changes, Figure 9 displays the XPS etch-
ing analysis on the surfaces of the Fe72−xCrxB19.2Si4.8Nb4 ribbons with x = 0, 7.2, 21.6,
and 36 after the potentiodynamic polarization in neutral solution. On the Fe 2p spectra
(Figure 9(a0–a3)), the XPS curves of four ribbons can be decomposed into two peaks at
about 707 and 709/710 eV, being identified as Fe0 and Fe2+/Fe3+, respectively [55]. As can
be seen from Figure 8(a0,a1), the Fe3+ peak at 709.9 eV in Cr0 and Cr7 tend to decrease with
the increase in etching time, whereas the Fe3+/Fe2+ peak at 709.3/710 eV in Cr21 and Cr36
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gradually increases, which is because the passivation films of the Cr21 and Cr36 are thicker
and denser. Under the same etching time, the passivation films of Cr36 are still Fe2+; there
is no conversion of Fe2+ to Fe3+, which is consistent with the low corrosion current density
and high corrosion potential shown in the Tafel curve (Figure 6a), indicating that a dense
passivated film containing Fe is formed on its surface and that the Fe element finally has
experienced interactive oxidation in the passivation film.

Figure 9. XPS spectra of Fe 2p (a0–a3), B 1s (b0–b3), O 1s (c0–c3) and Cr 2p (d1–d3) in binding energy
regions for the as-spun Fe72−xCrxB19.2Si4.8Nb4 ribbons with x = 0 (Cr0), x = 7.2 (Cr7), x = 21.6 (Cr21),
and x = 36 (Cr36) after corrosion in neutral solutions.
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On most B 1s spectra (Figure 9(b0–b3)), we can decompose the XPS curves into two
peaks at 192 and 188 eV, being indexed as B3+ and (Fe, Cr)B, respectively. It can be seen
from Figure 9(b0–b3) that the oxides of the B element only exist on the surfaces of Cr7 and
Cr21, and the contents of oxides are small; the (Fe, Cr)B compounds peak are stronger,
and exist in Cr7, Cr21 and Cr36. Figure 9(b0–b3) shows that most of the element B oxides
are corroded away during the corrosion process, indicating that element B is not the main
factor in improving the corrosion resistance of the ribbons.

On the O 1s spectra, the XPS curves can be decomposed two peaks at about 531
and 532 eV, identified as OH− (531.3 eV) and O2− (532.9 eV), respectively [56]. With the
increase in etching time, the reduction rate of OH− of the four ribbons is greater than the
reduction rate of O2−, indicating that some O2− still exists at a certain depth of etching
and passivation film composed of Fe2O3 and Cr2O3, and a certain amount of Si, Nb, and B
element oxides is formed on the surface of the sample. Meanwhile, the oxide thickness of
Cr7 and Cr21 is much higher than Cr0 and Cr36, due to their higher amorphous fraction f a
(Figure 4a).

On the Cr 2p spectra, we can divide the XPS curve into two peaks, identified as Cr0

(574.1 and 583.5 eV) and Cr3+ (577 and 586.4 eV), respectively, according to Refs. [57,58].
For Fe-based amorphous ribbons containing corrosion-resistant elements such as Cr, the
surface of the amorphous ribbons will form a passivation film containing corrosion resistant
elements, which will improve the corrosion resistance [59]. Cr is easy to form passivation
films of chromium oxide and chromium hydroxide on the surfaces of amorphous ribbons,
thus protecting the amorphous phase and inhibiting the active dissolution of the amorphous
phase [60]. The formation mechanism can be explained by the following equation:

2Cr + 3H2O = Cr2O3 + 6H+ + 6e− (3)

Then, part of the Cr oxide will further form H2O and Cr hydroxide [CrOx(OH)3−2x,
nH2O]; both oxide films can improve the resistance of the ribbons to chloride ion corro-
sion [61].

As can be seen from Figure 9, Figure S1 and S2, the passivation film thicknesses of Cr7
and Cr21 ribbons are slightly larger than those of a Cr36 ribbon; among them, Cr21 has the
best amorphous formation ability, so a thicker passive layer is formed on the surface. As
can be seen from Figure 6a, Cr7 has a strong pitting corrosion resistance and is more stable,
indicating that the oxide thickness is not the sole factor for its stability. However, it can be
seen from the icorr and Ecorr of Cr36 in Table 2 that the corrosion resistance of Cr36 is still
the best, indicating that a dense passivation film is formed on the surface of Cr36 when the
potential is lower than 0 V.

Figure 10 shows the Nyquist and Bode plots with fitting results of Fe72−xCrxB19.2Si4.8Nb4
glassy ribbons with x = 0, 7.2, 21.6, and 36 in a neutral solution. Among several equivalent
circuit candidates, the equivalent circuit R(Q(R(CR))) is suitable for fitting the EIS data. The
non-ideal capacitive behavior due to local inhomogeneity is represented by the constant
phase element CPE (Q). The impedance of a CPE is defined as [62–64]:

Q = (jω)−n/Y0 (4)

Here, Y0 is the frequency independent parameter (Ω−1cm−2sn), j is the imaginary
number, ω is the angular frequency (rad s−1), and n indicates the CPE power, which is
between 0.5 and 1. When n = 1, the Q describes a pure capacitor. For 0.5 < n < 1, the Q
represents a distribution of dielectric relaxation times in the frequency domain, and Q
represents a Warburg impedance with diffusion character (n = 0.5).
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Figure 10. (a) Nyquist plots of as spun Fe72−xCrxB19.2Si4.8Nb4 ribbons with x = 0 (Cr0), 7.2 (Cr7),
21.6 (Cr21), and 36 (Cr36) in neutral solution with equivalent circuits R(Q(R(CR))) and (b) the
corresponding Bode plots. Symbols show the experimental data while solid lines are fitting results.

The fitting results are summarized in Table 3. Here, the change transfer resistances
(Rct) of the ribbons increase from 1.1 to 2410 kΩ·cm2 with the increase in cCr, indicating
that the passivation film becomes more stable and dense, which is consistent with Ref. [65].
Meanwhile, we can see that the value of n ranges from 0.83 to 0.88. The n value of the
Cr0 ribbon is low, which indicates a higher dispersion at the alloy/electrolyte interface,
probably due to the defects on the passive film formed in this hypersaline solution [66,67].
With increasing cCr, the diameter of the Nyquist semicircle of Fe-based glassy ribbons
significantly expands to the larger size (Figure 10a). The Bode plots is mainly divided
into three different regions: (i) the low frequency region (10−2–1 Hz) mainly reflects
the capacitance and resistance at the interface between the ribbons and the passivation
film; (ii) the intermediate frequency region (1–103 Hz) mainly reflects the resistance and
capacitance of the passivation film; and (iii) the high frequency region (102–105 Hz) in this
work mainly reflects the capacitances and resistances of the corrosion products [68–70].
In the bode plots, the closer the phase angle is to 90◦, the more stable and compact the
passivation film on the corrosion surface of the ribbons will be; it can be seen that the
phase angle of the ribbons in the intermediate frequency region is closer to 90◦ when the
element Cr is added [71]. Therefore, it can be seen that the increase in Cr content can
make the passivation film more dense and thick, which is consistent with the passivation
platform and the corrosion current density icorr on the dynamic potential polarization curve
(Figure 6a). The total resistance after fitting increases with the increase in Cr content, which
is consistent with the Tafel results (Figure 6a).

Table 3. Simulated parameters of the Fe72−xCrxB19.2Si4.8Nb4 ribbons with x = 0, 7.2, 21.6, and 36,
derived from EIS curves. Rs: the solution resistance, Qp: the passive film capacitance, Rp: the passive
film resistance, and Rct: the charge transfer resistance.

Ribbon Rs(Ω·cm2)
Qp Rp

(kΩ·cm2)

C
(μF·cm2)

Rct

(kΩ·cm2)
Rtotal

(kΩ·cm2)Y(10−5 Ω−1sncm−2) n

x = 0 3.5 50.6 0.72 0.5 31,790 1.1 1.7
x = 7.2 1.1 3.3 0.84 0.0 9.8 43.0 43.0

x = 21.6 3.0 1.2 0.88 0.1 0.4 678.6 678.7
x = 36 1.3 1.1 0.86 3.2 × 10−3 6.0 2410 2410
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4. Conclusions

In this work, we prepared Fe72−xCrxB19.2Si4.8Nb4 ingots with x = 0, 7.2, 21.6, and 36
by arc melting, and ribbons with melt spinning in a vacuum. The microstructures of the
ingots were investigated; microstructure investigations, hardness tests, electrochemical
experiments, and XPS analyses on ribbons were conducted; and the surface morphologies
of the ribbons after testing were analyzed. Combining the heredity between the ingots and
ribbons, the effect of the Cr element on the properties of the Fe-based amorphous alloys
could be found, as follows:

(1) With increasing Cr content cCr (x), the stability and glass formability (GFA) of Fe-
based alloys firstly increased until x = 21 and then decreased drastically as x = 36.
Simultaneously, the CrFeB phase and clusters in the samples tended to form with
strong orientations in the ingots and as-spun ribbons, which deteriorated the GFA of
the alloy, as its abundance was high enough.

(2) With increasing cCr, the corrosion rate Rim, corrosion current icorr, and deduced corro-
sion rate CR of Fe-based ribbons increased monotonically, as well as their hardness,
whereas their pitting resistance increased until x = 7 and decreased as x = 21, indicating
that the most stable passive film formed at a proper cCr, which was confirmed by XPS
data. This work can give a new clue to design and prepare highly corrosion-resistant
Fe-based alloys.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/ma16206630/s1. Figure S1: XPS spectra of Si 2p and Nb 3d in
binding energy regions for the as-spun Fe72−xCrxB19.2Si4.8Nb4 ribbons with x = 0 (Cr0), x = 7.2 (Cr7),
x = 21.6 (Cr21), and x = 36 (Cr36) after corrosion in neutral solutions; Figure S2: XPS spectra of Fe 2p,
Si 2p, B 1s, Nb 3d O 1s and Cr 2p in binding energy regions for the as-spun Fe72−xCrxB19.2Si4.8Nb4
ribbons with x = 0 (Cr0), x = 7.2 (Cr7), x = 21.6 (Cr21), and x = 36 (Cr36); Table S1: The comparison
data of corrosion potential (Ecorr) and corrosion current density (icorr) of various Fe-based alloys in
3.5 wt.% NaCl solution.
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Abstract: This work explored a new idea for enhancing the resistance to stress corrosion cracking
(SCC) of mining anchor steel through microalloying. Microalloyed anchor steels with Nb, Cu, Ni,
Sb, and C were prepared through vacuum smelting and hot rolling. Electrochemical measurements,
slow strain rate tensile (SSRT) tests, and fracture morphology observations were used to study the
electrochemical and SCC behavior in the simulated mine environment. The results proved that
the microstructure of microalloyed steels varies slightly. Adding Ni, Cu, and Sb can improve the
mechanical properties of the anchor steel, while reducing C content decreases tensile strength as
a result of loss of the solution-strengthening effect. The addition of Sb, Cu, Ni, and reducing the
content of C enhances the resistance to corrosion and SCC by mitigating anodic dissolution (AD),
while adding Nb improves SCC resistance by inhibiting hydrogen embrittlement (HE). The combined
addition of 1% Ni, 0.5% Cu, 0.05% Nb, 0.1% Sb, and 0.5% C presented the highest SCC resistance,
which is a promising prospect for the development of high-performance, low-alloy anchor steels.
The combined addition of 1% Ni, 0.5% Cu, 0.05% Nb, and 0.1% Sb resulted in the inhibition of
electrochemical reactions and corrosion. As a result of the synergistic effect of the microalloy, both
AD and HE mechanisms were simultaneously inhibited, which greatly enhanced SCC resistance.

Keywords: microalloying; mining anchor bolts; SCC; hydrogen embrittlement

1. Introduction

Anchoring technology has been widely used in all types of mines, but the service
conditions of the anchor cables and rods have been deteriorating year by year due to the
increasing mining depth and corrosion problems in various aggressive mine environments.
According to reported statistics [1,2], 29% of anchor bolts and 25% of anchor cables in
the Australian mining industries are subjected to corrosion failures, and corrosion has
been recognized as one of the biggest threats to the life of anchor bolt structures buried
in rock and soil layers. In addition, at external load or residual stress, stress corrosion
cracking (SCC) and hydrogen embrittlement (HE) happen frequently and lead to abrupt
failures [3–5]. Therefore, SCC and HE problems pose a serious threat to the safe service of
anchor bolt structures and severely affect the development and application of anchor steels.

Studies have shown that high-strength anchor steels are vulnerable to SCC in chloride-
containing environments [6,7]. The SCC mechanism is considered a mixture of anodic
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dissolution (AD) and hydrogen embrittlement (HE). Microalloying has become the main-
stream method for optimizing corrosion and SCC resistance by inhibiting AD and HE. It
has been reported that Ni, Nb, Cu, Sb, and C have a great impact on corrosion and SCC.
In general, Ni, Cu, and Sb can mitigate AD, while adding Nb prevents HE. It has been
reported that Ni can greatly enhance the corrosion resistance of steels by improving the
compactness of the rust layer [8,9]. Adding Cu can improve corrosion resistance because it
facilitates CuO formation and enhances the protective capacity of the corrosion product
layer [8]. In addition, in Ni-bearing steels, a small amount of Cu addition can be beneficial
to the function of Ni in improving the rust layer protectiveness [10]. Sb is an acid-resistant
element and has a synergetic effect with Cu and Ni, which can inhibit AD and improve
corrosion resistance [11]. Previous work has proved that Sb induces the enrichment of
Cu and Ni and improves the resistance of the rust layer to corrosive chloride ions [11].
Therefore, the combined addition of Ni, Cu, and Sb should be effective at improving the
SCC resistance of anchor steels by mitigating AD. Nb can mitigate hydrogen-induced
cracking problems by inhibiting crack initiation and propagation [12] because Nb addi-
tion can facilitate the formation of nanoprecipitated Nb(C, N), which can act as hydrogen
traps and prevent hydrogen diffusion [13]. Adding C can refine grains and improve the
strength of steels by the solution-strengthening mechanism but has an opposite effect on
corrosion behavior. C addition can facilitate carbide formation at grain boundaries and
cause intergranular corrosion [14]. Hence, the addition of Nb and adjusting the content of
C are also expected to enhance the resistance to corrosion and SCC. The above research
has demonstrated that microalloying is feasible in mitigating the SCC of low-alloy steels.
However, few studies have paid attention to the microalloy effect on the SCC behavior and
mechanism of anchor steels.

Therefore, based on the above progress, in this work, a series of anchor cable steels
were prepared by adding Nb, Sb, Cu, Ni, and reducing C content. The effect of microal-
loying on the SCC behavior and mechanism was analyzed systematically, which is antici-
pated to propose new ideas and theoretical support for the application and safe service of
anchor steels.

2. Experimental Procedures

2.1. Materials and Solution

Four types of low-alloy, ultra-high-strength anchor steels with different chemical com-
positions were prepared, and the chemical composition is listed in Table 1. Commercial
YL82B steel was selected as the as-received material, which is labeled as the BM in this
work. Three other kinds of steels were added to alloy elements compared to the BM.
0.5NiCu denotes the addition of 0.5% Ni with 0.5% Cu and other trace alloying elements
(0.046% Nb + 0.11% Sb). 1NiCu represents the adjustment of Ni elements to 1% and
the decrease in carbon content to 0.53% compared to 0.5NiCu. LNiCu represents the de-
crease in carbon content to 0.34% in comparison to 1NiCu as the decarburized version of
1NiCu. The ingots were prepared by vacuum smelting in a vacuum induction furnace,
and the procedures are illustrated in Figure 1. As shown, the ingots were homogenized at
1200 ◦C for 2 h, furnace-cooled at 1010 ◦C, and then hot-rolled at the final temperature of
880 ◦C followed by air cooling. All the test specimens in this work were taken from the cen-
ter thickness of the steel sheet to avoid the possible errors caused by surface decarburization
during hot rolling.

Table 1. The chemical compositions (wt.%) of the tested anchor steels.

C Si Mn Cr Ni Cu Nb Sb P S

BM 0.71 0.21 0.80 0.20 0 0 0 0 0.018 0.002
0.5NiCu 0.71 0.21 0.80 0.20 0.49 0.51 0.046 0.11 0.021 0.016
1NiCu 0.53 0.21 0.80 0.20 0.98 0.51 0.046 0.11 0.022 0.012
LNiCu 0.34 0.21 0.80 0.20 0.98 0.51 0.046 0.11 0.015 0.014
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Figure 1. Schematic diagram of the heat treatment process for the prepared low-alloy anchor steels.

The corrosive medium in this work was the simulated mine environment, and the
chemical composition is shown in Table 2 according to the analysis of the chemical com-
position of the groundwater and soluble gas contents in underground coal mines. The
solution pH was adjusted to 5.0 with acetic acid. All the ingredients were analytically
pure for the preparation of the simulated solution, and all the tests were performed at
ambient temperature.

Table 2. The chemical composition of the simulated mine environment (g/L).

NaCl KNO3 Na2SO4 NaHCO3 NaHSO3

0.25 0.1 0.50 1.00 1.00

2.2. Microstructural Analysis

Metallographic samples with size of 10 mm × 10 mm × 3 mm were cut from the
rolling and transverse (RD–TD) planes. Then, all samples were ground to 3000 grits with
SiC paper, mechanically polished to 1 μm, and chemically etched with 4% nital solution.
The microstructure was observed with an FEI Quanta 250 scanning electron microscope
(Eindhoven, The Netherlands) (SEM).

2.3. Mechanical Property Test

Tensile tests were carried out to study the mechanical properties of the test steels.
The test specimens were cut from the rolling–transverse (TD–RD) plane along the rolling
direction, and the dimensions are shown in Figure 2 in accordance with the Chinese
National Standard GB/T228.1-2021 [15]. Prior to the test, the gauge length of the specimens
was sequentially ground with SiC paper to 3000#, and the final grinding direction was
parallel to the gauge length. The tensile tests were performed with an MTS-Landmark-730
hydraulic servo fatigue testing machine (Eden Prairie, MN, USA) with the tensile rate of
10−3 s−1. After fracture, the elongation and cross-sectional area were measured with a
vernier caliper. All the tests were performed at least three times to ensure the repeatability
and reliability of the results.

Figure 2. Schematic diagram of tensile specimens.
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2.4. Electrochemical Measurements

The electrochemical properties of the test steels were measured with a VersaSTAT3
electrochemical workstation produced by Princeton Applied Research (Trenton, NJ, USA).
The three-electrode system was applied, in which the saturated calomel electrode (SCE)
was used as the reference electrode, a platinum plate as the counter electrode, and the
test steel with the dimension of 10 mm × 10 mm × 3 mm as the working electrode. The
test specimens were sealed with epoxy resin except for the 1 cm2 working area, and the
working surface was ground with SiC paper sequentially to 3000 grits and washed with
deionized water and alcohol, followed by blow drying. Prior to the test, the air-formed
oxide film was removed through potentiostatic polarization at −1.2 V (vs. SCE) for 60 s,
and then the open-circuit potential (OCP) was recorded for at least 30 min until reaching
a steady state. The electrochemical impedance spectroscopy (EIS) measurements were
performed at the AC excitation amplitude of 10 mV and the test frequency ranging from
100 kHz to 10 mHz. Potentiodynamic polarization measurements were conducted at the
scan range of −1.2 V to −0.4 V (vs. SCE), and two scan rates were chosen: 0.5 mV/s to
study the quasi-steady electrochemical process at the crack wall and 200 mV/s to study the
non-steady electrochemical process at the crack tip [16]. All experiments were repeated
more than three times in order to ensure repeatability and accuracy.

2.5. SSRT Tests

Slow strain rate tensile (SSRT) tests were performed to study the SCC susceptibility
of the test steels. The dimension and the preparation of test specimens were the same as
procedures described in Section 2.2. The SSRT tests were carried out at a strain rate of
10−6 s−1 with a WDML-30 kN material testing system. Each type of test steel was tested in
air, under OCP and −1200 mV (vs. SCE) to study the SCC in the test solution without/with
hydrogen charging. Prior to the test, specimens were preloaded with approximately 500 N
for 12 h in the test solution in order to make sure that a uniform electrolyte film formed.
For specimens tested at −1200 mV, potentiostatic polarization was imposed before and
throughout the test. To ensure repeatability, all tests were performed at least three times.
The elongation loss (Iσ) and the loss of the reduction in area (IΨ) were calculated with
Equations (1) and (2) for characterizing the SCC susceptibility.

Iσ =

(
1 − δs

δ0

)
× 100% (1)

Iψ =

(
1 − ψs

ψ0

)
× 100% (2)

where δs and δ0 are the elongation rates of specimens tested in solution and air, respectively;
Ψs and Ψ0 are the reductions in area of the specimens tested in solution and air, respectively.
However, the strengths of the four kinds of test steels are different, which makes the above
equations fail to characterize the real SCC susceptibility differences among the different
test steels. For example, under the same external stress, when the steel with a lower yield
strength passes the yield point, the steel with a higher yield strength is below the yield
point. This causes the steel with the higher yield strength to present lower Iσ and IΨ values
than that with the lower yield strength. Therefore, we used the normalized elongation loss
(Iσx’) and the normalized loss of the reduction in area (IΨx’) to evaluate SCC susceptibility,
and the formulas for calculating them are as shown in (3) and (4):

Iσx
′ = Iσ

(σsx/σs0)
(x = 1, 2, 3) (3)

IΨx
′ = IΨ

(σsx/σs0)
(x = 1, 2, 3) (4)
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where σsx (x = 1, 2, 3) is the yield strength of the 0.5NiCu, 1NiCu, and LNiCu anchor steel;
σs0 is the yield strength of the BM.

After the SSRT tests, the fracture surface was cut for the morphology observation, and
then the corrosion products were removed by ultrasonic cleaning in the mixed solution of
500 mL HCl + 500 mL H2O + 5 g hexamethylenetetramine for about 4~8 s. The fracture
surface morphology and secondary cracks were observed with an FEI Quanta 250 SEM.

3. Results

3.1. Microstructural Characterization

The microstructure of the test steels is shown in Figure 3. The microstructure of the
four kinds of anchor bolt steels is mainly composed of pearlite, which appears as a fine
lamellar structure. A small amount proeutectoid phase also exists and is inhomogeneously
distributed as a result of the proeutectoid phase transformation, which is common in
hypoeutectoid steels [17,18]. The results indicated that microalloying and decarburization
(as represented by LNiCu) had no obvious influence on the steel microstructure.

Figure 3. Microstructures of the prepared low-alloy, high-strength anchor steels: (a) BM; (b) 0.5NiCu;
(c) 1NiCu; (d) LNiCu.

3.2. Mechanical Properties

Stress–strain curves for the four test steels are shown in Figure 4, and the mechanical
properties are listed in Table 3. The tensile strength of 0.5NiCu is the highest (1046 MPa),
while the elongation decreases slightly compared to the BM. Due to the addition of the
alloying elements Cu, Nb, Ni, and Sb, the microalloyed anchor steels present a higher
yield ratio. The tensile strength of the 1NiCu and LNiCu is slightly lower than that of the
BM, and the tensile strength of the LNiCu is the lowest due to the loss of the solution-
strengthening effect as a result of the decreased C content [19]. Therefore, decarburization
causes a decrease in the tensile strength. The mechanical properties of the various designed
microalloyed steels satisfy the basic requirements compared to the BM.
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Figure 4. Stress–strain curves of the four kinds of anchor steels.

Table 3. The mechanical properties of the test steels.

Steels
Tensile

Strength (MPa)
Yield Strength

(MPa)
Elongation Rate

(%)
Reduction in

Area (%)

BM 962 ± 85 525 ± 57 9.14 ± 1.5 31.97 ± 2.9
0.5NiCu 1046 ± 99 604 ± 78 8.65 ± 1.2 32.73 ± 3.8
1NiCu 907 ± 83 557 ± 55 9.30 ± 2.0 45.65 ± 5.5
LNiCu 856 ± 89 551 ± 65 7.60 ± 1.5 37.01 ± 3.5

3.3. Electrochemical Properties
3.3.1. EIS Analysis

The EIS test results of the four test steels in the simulated mine environment are
shown in Figure 5. All the Nyquist plots present a compressed semicircle, indicating a
similar electrochemical mechanism. The semicircle radius of the 1NiCu steel is the biggest,
which indicates that 1NiCu exerts the highest corrosion resistance. The Bode diagram
indicates the existence of two time constants, and the Bode phase angle in Figure 5b is
approximately 30◦ and far less than 90◦ on account of the porous corrosion product layer.
Therefore, the equivalent electric circuit in the inset in Figure 5a with two time constants
is used to fit the EIS curves, where Rs represents the solution resistance, and Rct and Rpore
are the charge transfer resistance and corrosion product film resistance. Qdl and Qf are the
constant-phase elements (CPEs) of the electric double layer and the corrosion product film,
and the corresponding n values describe the deviation from an ideal capacitor caused by
the inhomogeneity of the electrodes [20,21].
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Figure 5. (a) Nyquist and (b) Bode plots of the prepared microalloyed anchor steels in a coal
mine environment.

The fitted EIS values are listed in Table 4. The χ2 values are all at the 10−4 level, which
indicates a high fitting quality. The values of Rct increase as a result of microalloying. In
comparison to 1NiCu, Rct of LNiCu decreases and is lower than the BM. Therefore, it can be
deduced that microalloying can suppress the charge transfer process, while decarburization
accelerates charge transfer. The polarization resistance Rp (Rct + Rf) is used to characterize
the corrosion resistance of the test steels, and the values are shown in Figure 6. It has been
widely acknowledged that Rp is inversely proportional to the corrosion rate, so higher Rp
values indicate a higher corrosion resistance [22]. By comparing Rp, we can conclude that
1NiCu presents the highest Rp value and corrosion resistance, and LNiCu exerts the lowest
Rp and the worst corrosion resistance. In addition, 0.5NiCu exhibits a lower corrosion
resistance than the BM, for Cu accelerates the generation of corrosion products and the
corrosion process in the initial corrosion stage [23,24]. As a result, the corrosion resistance of
Cr-bearing steels may decline. In addition, the beneficial effect of Cu on corrosion resistance
makes a difference only when the content exceeds a certain value, so the corrosion resistance
for 0.5NiCu is not markedly improved. The reason for the corrosion resistance differences
is discussed thoroughly in the Discussion.

Table 4. Fitting results of the EIS curves of all test steels.

Steel Rs/Ω·cm2 Qf × 10−4/Ω−1cm−2sn nf Rpore/Ω·cm2 Qdl × 10−4/Ω−1cm−2sn ndl Rct/Ω·cm2 χ2 × 10−4

BM 105.5 3.99 0.93 57.37 5.94 0.95 239.8 3.64
0.5NiCu 103.4 7.55 0.82 32.23 10.43 0.83 247.8 1.53
1NiCu 107.1 4.77 0.86 49.25 7.37 0.90 281.1 2.05
LNiCu 111.7 6.93 0.82 27.22 11.9 0.82 195.5 1.12

Figure 6. Statistical results of polarization resistance of the four kinds of anchor steels.
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3.3.2. Polarization Curve Analysis

Potentiodynamic polarization curves for the anchor steels at the 0.5 mV/s scan rate are
shown in Figure 7. All the curves present a similar shape, which is an indication of a similar
corrosion mechanism. The anodic curves present the active dissolution reaction, and the
cathodic branches exert a combination of the oxygen reduction reaction and hydrogen
evolution reaction. The inset figures show that the anodic curve shifts to the left with the
effect of alloy elements and decarburization in comparison to the BM, which indicates that
both the microalloy and reducing the carbon content inhibit anodic dissolution. As for the
cathodic branch, the cathodic polarization curves of 0.5NiCu and 1NiCu shift to the right,
while the curve of LNiCu almost overlaps with that of the BM. Considering the opposite
variation tendency of the cathodic branch and the anodic branch, we did not conduct Tafel
fitting for corrosion rates as referred to in the literature [25]. The polarization curves of the
three kinds of microalloyed steels vary slightly.

Figure 7. Polarization curves of the prepared microalloyed anchor steels in a coal mine environment.

3.4. SSRT Results
3.4.1. Stress–Strain Curves and SCC Susceptibility

Figure 8 shows the SSRT stress–strain curves of the test anchor steels. In addition,
the elongation loss of 1NiCu is the lowest in the test solution, indicating the highest SCC
resistance. It is worth noting that the elongation of 0.5NiCu at −1200 mV is significantly
higher than that at OCP, which is probably due to the hydrogen-induced plasticity effect.
This phenomenon has been observed in previous work, which proves that hydrogen can
release stress concentration at crack initiation sites, decreases the stress intensity, and
postpones SCC initiation at the applied cathodic polarization [26,27].

The normalized SCC susceptibility results of the test anchor steels are shown in
Figure 9. When tested at −1200 mV, all microalloyed steels are less SCC-susceptible
compared to the BM. Additionally, 1NiCu presents the highest SCC resistance at OCP and
−1200 mV. Compared to the BM, the Iσ’ of 1NiCu reduces by over 70% when tested at OCP,
and reduces by 45% when tested at −1200 mV. LNiCu presents higher SCC susceptibility
than 1NiCu. The reason is that the excessively low carbon content is harmful to the
stability of austenite [28], which also causes microstructure degradation during phase
transformation and deformation, leading to lower SCC susceptibility.
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Figure 8. Stress–strain curves of the anchor steels after SSRT tests in air and simulated mine environment.

Figure 9. Normalized SCC susceptibility of the test anchor steels (a) Iσx
′ and (b) IΨx

′.

3.4.2. Fracture Analysis

After the SSRT tests, the fracture morphology of the anchor steels was carefully
observed as shown in Figure 10. When the BM is tested in the air, there is obvious necking.
In addition, dimples of different sizes are observed in the magnified view in Figure 10(a1),
which are typical ductile fracture features. When tested in solution at OCP, the size and
number of dimples decrease sharply, and brittle characteristics appear, indicating high
SCC susceptibility. At −1200 mV, the brittle characteristics become more obvious. The
SCC initiation site at the edge of the specimen is characterized by river-like patterns with
distinct tear ridges, which is typical of a quasi-cleavage fracture. In addition, the fracture
morphology of the BM and 0.5NiCu under OCP exhibits a convergence of extended cracks
in the center of the fracture. It is speculated that there are multiple crack initiation sites at
the edge of the fracture, which propagate to the interior of the specimens and result in the
final fracture at the center. In addition, at OCP, the fracture surface of the BM, 0.5NiCu, and
LNiCu is flat, while the fracture morphology of 1NiCu still exhibits necking, demonstrating
the highest SCC resistance, which is consistent with the results of SCC susceptibility
in Figure 9.
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Figure 10. Fracture morphology of different test steels after SSRT tests in various test conditions:
(a1) BM in air; (a2) BM at OCP; (a3) BM at −1200 mV; (b1) 0.5NiCu in air; (b2) 0.5NiCu at OCP;
(b3) 0.5NiCu at −1200 mV; (c1) 1NiCu in air; (c2) 1NiCu at OCP; (c3) 1NiCu at −1200 mV; (d1) LNiCu
in air; (d2) LNiCu at OCP; (d3) LNiCu at −1200 mV (The red squares show the crack initiation sites
and the typical morphology).

Secondary cracks of the test anchor steels were also carefully analyzed after the SSRT
tests, as seen in Figure 11, which shows the side surface of the specimens. When tested in
air, secondary cracks are present on the side face of the tested BM specimen but are not
apparent on the microalloyed steels. When tested in solution, secondary cracks can be
observed in all test specimens. At OCP, cracks with a big, open mouth can be observed,
which is a sign of SCC caused by localized AD [29]. When tested at −1200 mV, the cracks are
thin and shallow, which are typical of hydrogen-induced cracking (HIC) [30]. In addition,
at OCP, the BM and 0.5NiCu show obvious pitting corrosion, which is less evident in
the 1NiCu and LNiCu specimens as more Ni and Cu inhibit localized AD. At −1200 mV,
in comparison to 1NiCu, the secondary cracks of LNiCu are longer and deeper, which
indicates that the decreased C content deteriorates HE resistance. In summary, 1NiCu
possesses the highest SCC resistance for inhibiting both AD and HE.
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Figure 11. Morphology of secondary cracks of different test steels after SSRT tests in various test
conditions: (a1) BM in air; (a2) BM at OCP; (a3) BM at −1200 mV; (b1) 0.5NiCu in air; (b2) 0.5NiCu
at OCP; (b3) 0.5NiCu at −1200 mV; (c1) 1NiCu in air; (c2) 1NiCu at OCP; (c3) 1NiCu at −1200 mV;
(d1) LNiCu in air; (d2) LNiCu at OCP; (d3) LNiCu at −1200 mV (The red tangles are key observation
areas and the morphology at magnified view).

4. Discussion

4.1. Effect of Alloy Elements on the Electrochemical Mechanism

The underground mine environment is a harsh corrosive medium with multiphase
flow containing CO2, SO2, and H2S. These gases are dissolved in water and form CO3

2−
and HSO3

−. Therefore, the steel surface is covered with an acidic electrolyte film, which
facilitates corrosion. In the coal mine environment, H2S and SO2 dissolve in the thin liquid
film and form HSO3

−, which acidifies the electrolyte film [11,31]. Additionally, HSO3
− is

unstable and can be easily oxidized to H2SO4, which further acidifies the electrolyte film,
as shown in chemical reaction Equation (5) [32].

2HSO3
− + O2 → SO4

2− + 2H+ (5)
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In consequence, anchor steels suffer from severe corrosion problems, and the electro-
chemical process is as follows. The anodic reaction is the dissolution of iron:

Fe + 2e− → Fe2+ (6)

The cathodic reaction is the combination of oxygen reduction and hydrogen evolution:

O2 + 4e− + 4H+ → 2H2O (7)

2H+ + 2e− → H2 (8)

The results in this work prove that microalloying improves corrosion resistance by
making a difference in the electrochemical process, which inhibits anodic dissolution
and accelerates the cathodic process as illustrated in Figure 7. Compared to the BM, the
microalloyed steels Sb, Nb, Ni, and Cu were added, and the content of C was reduced in
1NiCu and LNiCu. The role of the discrete alloying elements is discussed as follows.

As for the effect of Sb, based on the Pourbaix diagram [33], Sb mainly exists in the form
of Sb2O3 and Sb2O5 in the rust layer [34,35]. The reaction of Sb in the corrosion process is
as follows:

2Sb + 3H2O → Sb2O3 + 6H+ + 6e− (9)

Sb2O3 + 2H2O → Sb2O5 + 4H+ + 4e− (10)

During the process, H+ can be produced simultaneously, which can inhibit the anodic
reactions and reduction of HSO3

−. Thus, Sb inhibits anodic dissolution and enhances
corrosion resistance. Additionally, Sb can interact with Cu and facilitate the formation of
Cu-containing compounds in the product film, as reported in Le’s work [36], inhibiting the
anodic dissolution process. Nb can form NbC nanoprecipitates, which act as hydrogen
traps and improve HE resistance.

As for Cu effects, Cu inhibits anodic dissolution by promoting the formation of
protective corrosion product film, but the improvement is obvious only when the addition
exceeds a critical value. In addition, at the early stage of corrosion before forming the
protective rust layer, Cu accelerates the corrosion process. As a result, the polarization
resistance of 0.5NiCu is lower than the BM. 1NiCu exhibits a high resistance to corrosion
and SCC with greater Cu and Ni contents. Ni is present in the rust layer as protective
divalent products, including NiFe2O4, which has a negative electrical effect [37]. NiFe2O4
can make the inner rust layer generate cation selectivity to effectively resist corrosive ions
and significantly alleviate the corrosion behavior of low-alloy, high-strength steel [38].

As for the effect of C, studies have shown that many hydrogen defects appear in
the microstructure of high-strength steel after fracture in a humid environment. Thus,
hydrogen entering the matrix will accumulate in special microstructures, such as carbides,
reduce the interface bonding force, increase the cracking tendency of the interface, and
promote the initiation and expansion of microcracks under the action of tensile stress.
When the carbides grow, the large matrix–carbide boundary becomes a strong hydro-
gen trap, so the susceptibility to hydrogen embrittlement increases [39,40]. Figure 11
proves that the BM steel has many deep corrosion pits, possibly due to the presence of
carbides, and preferential corrosion occurs around the carbides. 0.5NiCu steel without
decarburization treatment shows the same problem. After the decarburization treatment of
1NiCu and LNiCu, the number of corrosion pits on the side of the fracture significantly
decreases. Therefore, the decarburization treatment helps to reduce the hydrogen collection
in the matrix.
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4.2. Effect of Alloy Elements on the SCC Mechanism

Potentiodynamic curves at the slow scan rate of 0.5 mV/s and fast scan rate of
200 mV/s were used to clarify the effect of microalloying on electrochemical factors. The
potentiodynamic polarization curves are shown in Figure 12. The comparison of the steady
state and steady-state stress corrosion mechanisms identifies three regions with different
corrosion mechanisms: AD, AD + HE, and HE [41,42].

Figure 12. Potentiodynamic polarization curves of prepared steels at 0.5 mV/s and 200 mV/s
sweep speeds.

Liu [42] proposed to quickly predict the potential range of each mechanism through the
fast and slow sweep polarization curves and preliminarily determine the stress corrosion
mechanism. According to Figure 12, the potential ranges that correspond to the stress
corrosion mechanisms of the four low-alloy, high-strength steels can be determined as
shown in Figure 12, and the specific data are shown in Table 5. Adding microalloying
elements increases the potential range of the AD mechanism, indicating that Ni, Nb, and Sb
have an inhibitory effect on anodic dissolution ability. In a similar study, Zhang [43] found
that bainitic steels were more resistant to HE after adding 0.055% Nb. Both reversible and
irreversible hydrogen traps are increased by Nb in steels [44,45]. It is speculated that the
improvement of the hydrogen evolution corrosion potential largely depends on Nb.

Table 5. Potential range corresponding to three stress corrosion mechanisms of the anchor steels
(V vs. SCE).

Steels AD AD + HE HE

BM >−0.712 V −0.712~−0.867 V <−0.867 V
0.5NiCu >−0.692 V −0.857~−0.692 V <−0.857 V
1NiCu >−0.687 V −0.858~−0.687 V <−0.858 V
LNiCu >−0.689 V −0.836~−0.688 V <−0.836 V

With the decrease in carbon content, the anodic dissolution potential range of the
0.5NiCu and LNiCu low-alloy steels hardly changes, which indicates that the decarbur-
ization treatment does not significantly affect the anodic dissolution. With the addition of
microalloying elements, the potential range of the HE mechanism slightly increases. With
identical microalloying, the potential range of the HE mechanism significantly moves up in

237



Materials 2023, 16, 5965

the decarburization treatment, which indicates that decarburization has a certain inhibitory
effect on hydrogen embrittlement. Studies have shown that the formation of crack-sensitive
paths in the process of stress corrosion may be closely related to C atoms from grain bound-
ary defects. The presence of carbon or transition carbides at grain boundaries increases
the stress corrosion sensitivity. It inhibits the dislocation movement away from the plastic
deformation region associated with the crack, so it provides an adsorption site for anions
on the crack surface, reduces the binding of adjacent iron atoms, and causes rapid failure.

5. Conclusions

Several conclusions can be drawn from the results and discussion:

(1) The four kinds of anchor steels have a similar microstructure, which is mainly com-
posed of pearlite.

(2) The combined addition Ni, Cu, and Sb can improve the mechanical properties of the
anchor steel, while reducing C content decreases tensile strength as a result of the loss
of the solution-strengthening effect.

(3) The addition of Sb, Cu, Ni, and reducing the content of C enhances the resistance to
corrosion and SCC by mitigating AD, while adding Nb improves SCC by inhibiting
HE. The combined action of 1% Ni, 0.5% Cu, 0.05% Nb, 0.1% Sb, and 0.5% C presents
the highest SCC resistance.
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Abstract: Shape memory effects coupled with superelasticity are the distinctive characteristics of
shape memory alloys (SMAs), a type of metal. When these alloys are subject to thermomechanical
processing, they have the inherent ability to react to stimuli, such as heat. As a result, these alloys
have established their usefulness in a variety of fields and have in recent years been chosen for use
in stents, sensors, actuators, and several other forms of life-saving medical equipment. When it
comes to the shape memory materials, nickel–titanium (Ni-Ti) alloys are in the forefront and have
been chosen for use in a spectrum of demanding applications. As shape memory alloys (SMAs)
are chosen for use in critical environments, such as blood streams (arteries and veins), orthodontic
applications, orthopedic implants, and high temperature surroundings, such as actuators in aircraft
engines, the phenomenon of environment-induced degradation is of both interest and concern.
Hence, the environment-induced degradation behavior of the shape memory alloys (SMAs) needs
to be studied to find viable ways to improve their resistance to an aggressive environment. The
degradation that occurs upon exposure to an aggressive environment is often referred to as corrosion.
Environment-induced degradation, or corrosion, being an unavoidable factor, certain techniques can
be used for the purpose of enhancing the degradation resistance of shape memory alloys (SMAs). In
this paper, we present and discuss the specific role of microstructure and contribution of environment
to the degradation behavior of shape memory alloys (SMAs) while concurrently providing methods
to resist both the development and growth of the degradation caused by the environment.

Keywords: shape memory alloy; smart materials; environment-induced degradation; corrosion behavior

1. Introduction

A shape memory alloy (SMA) has few distinctive qualities to essentially include shape
memory effect and superelasticity [1], which makes the alloy desirable for selection and use
in biomedical and several other intricate applications. The shape memory alloys (SMAs),
such as nickel–titanium (NiTi), have been chosen for use in both orthopedic applications
and orthodontic applications for many years [2]. Through the years, these sectors have
seen particularly noticeable improvements. The shape memory alloy is gradually replacing
other materials as the preferred option for use as, e.g., filters, baskets, self-expansion stents,
support system grafts, and a few other devices, which find use in minimally invasive
interventional treatments. The possible impact on biocompatibility is still a source of
concern. Also, the contradictory environment-induced degradation resistance, or corrosion,
serves to complicate this issue. Nickel, which is necessary for both nourishment and bodily
function [3], is found in human tissue in amounts of about 0.1 ppm. A higher nickel
concentration that could leak out of the implant material could cause negative allergies,
be toxic, and even promote cancerous reactions. Furthermore, NiTi and 316L stainless
steel [4] MP35N (35 weight percent nickel) is another widely chosen and used high nickel-
containing alloy that demonstrates strong biocompatibility and is often chosen for use as
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an implant for orthopedic applications spanning cardiovascular and orthodontic uses. Like
the other non-noble implant metals, the environment-induced degradation resistance of
a nickel–titanium (NiTi) alloy largely depends on the existence or presence of a passive
coating on the surface. No general degradation upon exposure to aggressive environmental
issues has to be anticipated so long as the passive film is in good condition. However, it
should be kept in mind that the release of certain ions can also happen in the passive state.
Additionally, the passive film could easily break down during both surgery and service life.
Hence, the most concerning factor for an effective use of the shape memory alloys (SMAs)
is the degradation that occurs upon exposure to an aggressive environment and there exists
a need to work towards enabling an enhancement and/or improvement of the resistance
to environment-induced degradation properties. In the following sections, a few ways to
increase the resistance to environment-induced degradation of the different shape memory
alloys (SMAs), along with adequate discussion of the specifics pertinent to the degradation
response or corrosion behavior of a few shapes memory alloys (SMAs), are provided.

2. Environment-Induced Degradation and Its Mechanism

Environment-induced degradation, referred to as corrosion, is defined as the chemical–
physical metal–environment interactions that often result in an observable modification to the
properties of the chosen metal and the resultant deficit in the functioning of the metal, the
medium, or the system, which essentially includes both the metal and the medium. When a
substance is at its peak perfection, it is desirable to shield it from any adverse activity arising
from being influenced and/or affected by an external action resulting from exposure to an
aggressive environment. The best method to safeguard metal surfaces is to introduce coatings.
Like mortality, the occurrence of environment-induced degradation or corrosion is unfortunate,
and every effort is made to prevent it from occurring. Essentially, it is a phenomenon that we
must learn to not only manage but to eventually conquer [4,5]. A system’s decreased Gibbs
free energy is the main contributing factor to degradation by corrosion. As a result, the specific
metal has a significant inclination to revert to its original lower energy state. Environment-
induced degradation or corrosion is the term given for this return to the original state and
is shown in Figure 1. Although the occurrence of degradation by corrosion is inevitable, it
can be slowed down to reach equilibrium. When considering a coating for the purpose of
preventing environment-induced degradation, i.e., corrosion, it must provide a strong physical
barrier that prevents the aggressive elements in the environment from reaching the metal
surface. The degradation by corrosion of metals and alloys can safely be a complex issue that
has plagued human beings for a considerable amount of time [5]. Due to their exceptional
corrosion resistance, nickel-based alloys are frequently utilized in industry under challenging
conditions. As a result, alloys based on nickel are commonly used in corrosive applications [6].
Hence, it is more important to study the behavior of these functional alloys under corrosive
environment, as shown below.

Figure 1. Environment-induced degradation or corrosion of various shape memory alloys (SMAs).
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The mechanism illustrated above implies that mass loss with immersion time exhibits
an erratic development at first, followed by a fast increase in the middle and, eventually, a
tendency towards stability. This shows that the solid-state diffusion growth mechanism,
which provides the protective behavior, is under control of the growth of corrosion products
and that the corrosion products have a restricted rate of dissolution in molten salt.

3. Various Corrosion Resistance Tests and Their Procedures

3.1. Various Test Solutions Used

The solutions used in in vitro electrochemical testing are shown in Figure 2. The
solution temperature in potentiostatic and potentiodynamic scratch tests were set to
4 ◦C. Modified ASTM tests were carried out at a temperature of 37 ◦C [7]. The two
rising temperature tests were the following: (i) crevice temperature tests and (ii) potentio-
static critical pitting test. The corrosion test procedure and composition is presented in
Figures 3 and 4, respectively.

 

Figure 2. Corrosion mechanism of Ni-based alloy in NaCl-CaCl2-MgCl2. Environment [5] (reused
with permission from Elsevier).

Figure 3. Depiction of the corrosion test and its procedure.

Figure 4. Schematic composition of the solutions used.
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3.2. Techniques

The various types of tests used are shown in Figure 5. Polishing of the test specimens
was performed using 1-micron diamond paste for both the potentiodynamic tests and the
potentiostatic scratch tests. The rest of the test specimens were mechanically ground using
a 600-mesh wheel or 600-mesh emery paper [8,9].

Figure 5. Types of tests to study environment-induced degradation.

3.3. The Potentiodynamic Test

The ASTM G5 practice-recommended experimental setup was used to conduct the
cyclic potentiodynamic tests. The ASTM G61 practice was followed for flat specimens using
a specimen holder and a scan rate of 600 mV/h and starting potential of 750 mV [10–12].
The direction of scanning was interchanged when the current density of the anode attained
100 μA/cm2.

3.4. Passivity Current Test

Potentiostatic experiments were conducted at 100 mV in de-aerated settings versus
standard calomel electrode (SCE). The current levels were periodically recorded for various
times to both evaluate and establish the passivity current. Preparation of the cylindrical test
specimens was very much in conformance with details specified in the standard ASTM G5.

3.5. Potentiostatic Scratch Test

Additionally, for the flat test specimen, the electrode assembly described in ASTM G61
standard practice was used. The scratch test approach, which was first presented by Pessal
and Liu [13–16], enables an identification of the potential value at which repair of the injured
passive film can be prevented. This technique involves delicately scratching the metal
surface using a diamond tip while concurrently using a potentiostat to adjust the potential,
with the initial potential being in the passive area. Further scratching is performed at a
higher potential level should the scratched region re-passivate [17]. Therefore, it is possible
to calculate the potential at which the chosen test specimen will not re-passivate.

4. The Copper-Aluminum-Beryllium (Cu-Al-Be)-Based Shape Memory Alloy

The copper-based shape memory alloys are less expensive, good to make, and, im-
portantly, easy to work with. However, because they are both fragile and tedious to
manufacture, the copper-based shape memory alloys (SMAs) cannot be readily chosen
for use. Grain refining has often been used in an attempt to increase the resilience of
multicrystalline copper-based shape memory alloys with varying degrees of success [18,19].
However, recent research studies have revealed that the copper-aluminium-manganese
shape memory alloys (SMAs) have noticeably better ductility due to the presence of the
progenitor phase, which essentially has an L21 morphology with less degree order. Shape
memory alloys (SMAs) have been chosen for use in a variety of applications to esentially
include the following: (i) valves, (ii) pipes, and (iii) fasteners. Shape memory alloys (SMAs)
are often exposed to aggressive environments, spanning both aqueous and gaseous envi-
ronments, during service in many applications. Degradation induced by the environment,
referred to as corrosion, is primarily responsible for well over 75 percent of the gradual
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decay and/or deterioration experienced by the material, resulting in the occurrence of fail-
ure due to changes in properties while in use or service in a variety of applications [20,21].
Aschematic of the test is shown in Figure 6.

Figure 6. Layout of the copper-aluminum-beryllium (Cu-Al-Be)-based shape memory alloy (SMA).

4.1. Experimental Work

A composition of 11.5 weight percent aluminum, 0.44 weight percent beryllium (Be),
and the remaining copper was chosen to complete the current research study as shown
in Figure 7. Small bits of copper (Cu), aluminum (Al), and beryllium (Be), each weighing
about 100 g for the chosen composition, were taken and then converted to the molten state
in an induction furnace. The molten alloy was given time to harden in a permanent mold
that measured 150 mm × 100 mm × 5 mm [22–24]. The ingots that were produced were
subsequently homogenized. Subsequently, a spectrophotometer that measures plasma-
optical emission was used to analyze composition of the alloy. Identical samples were
rolled to a thickness of about 1 mm at 900 ◦C. The test samples were then subjected to the
following treatment:

(i) Betatized for a full 30 min at 900 ◦C;
(ii) Step-cooled in water that was boiling (100 ◦C);
(iii) Finally cooled in a tub containing water at approximately 30 ◦C [25].

Figure 7. (a) Surface exposed to plasma arc and (b) apparatus used for sputtering [21]. (Reused with
permission from Elsevier).

An optical microscope was used to examine the microstructure and morphology of
the martensite that was produced. A bend test was used to check the samples produced for
the shape memory effect. The coating for the reference sample was carried out utilizing
the sputtering technique. The apparatus used for sputtering created a plasma phase while
concurrently maintaining a deposition pressure of 6 × 10−3 millibar and a base pressure of
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1 × 10−5 millibar. The sample essentially served as the anode, while titanium served as the
cathode, with their separation being a distance of 45 mm. With a current of 120 amps and a
DC bias voltage of 0.6 kV, the process was permitted to operate for a full 25 min [26–29].

The samples were chopped into rectangular shapes that were then utilized for con-
ducting the corrosion test. Fresh water and Hank’s solution were both chosen to be the
aggressive aqueous media. A potentiostat was connected to the anode and opposite ter-
minal after being placed in an appropriate holder [30]. During the test, a graphite rod
served as the counter cathode and a wet calomel cathode as the reference anode. The
product regulated both the environment-induced degradation process and its impact upon
exposure to an aggressive environment. This helped in the following:

(a) Maintaining the desired voltage in the circuit;
(b) Estimating the characteristics of the current;
(c) Displaying the yield as a voltage (E) versus current (I) plot.

By using a voltage range between −2.4 V and 3.0 V and an output rate of 5.0 mV/s,
anodic polarization curves of the chosen alloy were obtained [31].

4.2. Observed Differences

The shape memory effect (SME) of the chosen alloy that was identified using a bend test
is summarized in Table 1. Without a coating, the shape memory alloys revealed an appreciable
shape memory effect of 82 percent and 89 percent. However, with a coating on the shape
memory alloy, the shape memory effect (SME) was 66 percent and 74 percent [32,33]. The
amount of martensite that was changed and subsequently reverted to austenite determined
how much strain could be recovered due to the shape memory effect (SME). The decrease in
shape memory effect (SME) was made possible by the gradual growth of the intermetallic
oxides, i.e., titanium dioxide (TiO2). The stress caused by the presence of the titanium layer
and its thermal expansion coefficient on the shape memory alloy (SMA) was a contributing
factor to the observable decline of the shape memory effect (SME).

Table 1. Shape memory effect (%) exhibited after the bend test [21] (reused with permission
from Elsevier).

Sample Diameter Thickness Angle Recovered SME%

CAB1 32 mm 1 72 81
CAB2 32 mm 1 80 88
CAB3 32 mm 1 60 65
CAB4 32 mm 1 66 75

CAB1 → Cu (88.01%) + Al (11.5%) + Be (0.44%) [Without coating]
CAB2 → Cu (88.05%) + Al (11.5%) + Be (0.45%) [Without coating]
CAB3 → Cu (88.01%) + Al (11.5%) + Be (0.44%) [With coating]
CAB4 → Cu (88.05%) + Al (11.5%) + Be (0.45%) [With coating]

For the combination tests considering two consuming media, the rate of degradation
induced or caused by exposure to an aggressive environment was determined. E(corr)
provided an indication of the starting point of the detachable layer’s depletion, whereas E
provided an indication of the point at which the detached layer had completely drained
and thereby caused the formation and presence of pits in the chosen material as shown
in Figures 8 and 9 [28–35]. Upon exposure to an aggressive aqueous environment, it
was found that covering the copper-based alloys with titanium increased their corrosion
resistance. The gradual decomposition of the admixture caused the release of cuprous ions
that were harmful. The beryllium–copper alloy resisted marine fouling and was found to
be suitable for use in marine applications [36–38].
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Figure 8. CAB1 sample optical micrograph at 20X resolution. (a) Evidence of degradation resulting
from exposure to fresh water (H2O) (50 nm). (b) Evidence of degradation resulting from exposure
to Hank’s solution (50 nm) and surface morphology of the chosen shape memory alloy (CAB1) [21]
(reused with permission from Elsevier).

Figure 9. CAB3 alloy sample’s optical micrograph at 20X. (a) Evidence of degradation resulting
from exposure to pure H2O (50 nm). (b) Evidence of degradation resulting from exposure to Hank’s
solution. (50 nm); surface morphology of the shape memory alloy (SMA: CAB3) [21] (reused with
permission from Elsevier).

4.3. The Samples’ Tafel Plot

The Tafel plot revealed both active and passive characterization of the test sample that
was exposed to an aggressive aqueous environment as shown in Figure 10. In both situa-
tions, it was found that Hank’s solution had a higher environment-induced degradation
or corrosion potential than fresh water [39]. The current density of the coated specimen
was found to decrease in the anodic zone and increase in the passive zone. The coated
specimens had a larger pitting potential than the uncoated test specimens. The coating
essentially shielded the metal from localized degradation caused by the environment [40].

In comparison with Hank’s solution, fresh water showed a lower rate for environment-
induced degradation of the chosen copper-aluminum-beryllium shape memory alloy
(SMA). The resistance to environment-induced degradation, or corrosion, of the copper-
aluminum-beryllium shape memory alloy was improved by the presence of a titanium
coating [41]. It was assumed that the occurrence of environment-induced degradation, or
corrosion, would tend to alter the innate shape memory characteristics of the chosen alloy
since it tended to alter the composition of the alloy. Therefore, this feature needs to be
carefully considered when selecting this alloy for a given application [42–44]. The titanium
dioxide (TiO2) layer formed as a passive layer on the surface of the alloy served as a barrier
and slowed the process of degradation or corrosion induced by the aggressive environment.
The covering tended to slow the occurrence of “pitting” corrosion. When compared with a
shape memory alloy (SMA) that was not coated, current density was lower for the coated
shape memory alloy (SMA) [45–47].
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Figure 10. (a) Fresh water Tafel plot and (b) Hank’s solution Tafel plot [21] (reused with permission
from Elsevier).

5. Cu-Al-Be-Mn Tetrad Memory Alloys

The copper-aluminum-beryllium-manganese quaternary alloy has unique mechanical
properties to include the following:

(a) Excellent shape remembrance;
(b) Appreciable mechanical strength;
(c) Enough immerge ability due to martensitic transfiguration and pseudo-elasticity;
(d) Speculative uniqueness to absorb sound, vibrations, and mechanical waves due to

coarse grain.

The usage of shape memory alloys (SMAs) has been extremely successful in biomedi-
cal applications due essentially to the functionality properties of the alloys, which im-
prove overall effectiveness, coupled with a potential for less invasive surgeries. Its
biocompatibility is its primary biomedical application. Another significant area for the
application of shape memory alloys (SMAs) is the domain of medicine, where pseudo-
elasticity is effectively used to identify various components to include the following [48]:
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(a) Filters for embolic protection;
(b) Tooth aligning wires;
(c) Cardiovascular stents;
(d) Microsurgical and endoscopic devices.

Let us consider four different copper-aluminum-beryllium–manganese (CABM) alloys
having different chemical compositions as shown in Figure 11.

Figure 11. Skeletal structure of the Cu-Al-Be-Mn tetrad shape memory alloy.

5.1. Test Procedure for Evaluating the Influence of Environment

The created shape memory alloy (SMA) was pieced into a plane that was square in
shape and measured 20.00 mm × 20.00 mm × 1.00 mm. The plane was then polished
using emery paper of various sizes before being dusted with alumina (Al2O3) powder. The
microstructure of the polished sample was examined before the test specimen was exposed
to the three different aqueous environments, namely [49]:

(i) Ocean water (H2O);
(ii) Fresh water (H2O);
(iii) Hank’s solution.

A pictorial representation of an electrochemical cell is shown in Figure 12a. As shown
in the figure, 150 mL of the desired solution was taken for the standard test cell (Figure 12b).
After positioning of the sample and electrodes in the proper locations, an area of 0.16
cm2 was exposed to the aqueous solution. The standard calomel electrode, platinum
electrode, and specimen electrode were preserved in their appropriate holders and linked
to a potentiostat. Data specific to both voltage and current were collected using the
Princeton applied research corrosion measurement program. The test data were displayed
as the variation of voltage (E) versus current (I). A careful study and observation of the
microstructure of the sample was made following exposure to an aqueous environment and
the resultant environment-induced degradation, or corrosion, and the corrosion potentials
Ecorr and Icorr were established.
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Figure 12. (a) Schematic representation of electrochemical cell. (b) Setup of electrochemical test-
ing [50] (reused with permission from Elsevier).

5.2. Results
5.2.1. Study of Microstructure Following Exposure to Chosen Environment

The microstructure does exert a significant impact on both mechanical properties and
physical properties, which has an influence on how these materials are chosen and used.
Even though the alloys exhibit the austenitic parent phase upon casting, following step
quenching, a complete change from austenite to lath martensite occurs. Step quenching
demonstrates the entire transformation of austenite to martensite without a precipitate
being formed [51]. Both shape memory effect and pseudo-elastic effect, as seen from the
viewpoint of the microstructure, are outcomes of a solid phase microstructure transfor-
mation from austenite to martensite that could be triggered using a healthy synergism of
mechanical pressure and thermal pressure. The chosen test piece was dried in laboratory
air following exposure to an aggressive aqueous environment. Then, its microstructure was
carefully examined. The micromorphology of the exposed and degraded test specimens
of the copper-aluminum-beryllium–manganese sample (CABM4) in both sea water and
Hank’s solution are shown in Figure 13c,d. The micromorphology of the exposed and
degraded test specimens of the CABM4 mixture following exposure to fresh water (H2O)
is shown in Figure 13b. It is clear from a comparison of the three microstructures that
the environment of fresh water caused very little degradation by way of corrosion to the
chosen sample. It was observed that the degradation that was experienced upon exposure
to sea or marine water was much more complex than exposure of the test specimens to
Hank’s solution (Figure 13d). The pits resulting from environment-induced degradation,
or corrosion, that were apparent in the microstructure are the dark patches [52].

5.2.2. Shape Memory Effect

The bend test, as shown in Figure 14, was used to assess the shape memory effect
(SME) of the chosen alloy. The results are presented in Table 2. The formula used for the
calculation of the shape memory effect is:

Percentage of Shape Memory Effect = θm/(180 − θe)

Table 2. Shape memory effect (SME) of the copper-aluminum-beryllium-manganese shape memory
alloy (SMA). Ref. [50] (reused with permission from Elsevier).

Sample Diameter Thickness Angle Recovered SME%

CABM1 32 mm 1 155 82.39
CABM2 32 mm 1 148 77.93
CABM3 32 mm 1 157 83.57
CABM4 32 mm 1 163 88.78
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Figure 13. (a) CABM4 sample before corrosion. (b) CABM4 sample upon exposure to fresh water.
(c) CABM4 sample after exposure to sea water. (d) CABM4 sample after exposure to Hank’s solu-
tion [50] (reused with permission from Elsevier).

Figure 14. Bending test to find strain restoration [50] (reused with permission from Elsevier).

5.2.3. Analysis of Rate of Degradation Due to the Environment

A metallurgical corrosion analyzer system gill AC and an electrochemical corrosion
cell were used to calculate both the rate of environment-induced degradation, or corrosive
rate, and potential. Ecorr was the actual location on the surface of the chosen material
when the passive layer began to deplete [50]. It was seen that fresh water did not form
pits. Additionally, it was noted that the rate of environment-induced degradation, i.e., the
values of Icorr, and Ecorr, were greater upon exposure to aqueous Hank’s solution than
the sea (marine) water solution. Results revealed the resistance to environment-induced
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degradation, or corrosion, to increase with an increase in beryllium content (weight percent)
in the alloy.

The Tafel Plots

Tafel plots were able to provide a precise measurement of corrosion current that varied
inversely with the rate of environment-induced degradation, or corrosion. When compared
with the weight reduction methods, this process was quick. The Tafel plots were graphed
with potential (E) along the Y-axis and current (I) along a logarithmic X-axis. Five regions
made up the curve, as follows [53,54]:

(i) The passivation region.
(ii) The elementary passive zone.
(iii) The initiation of passivation.
(iv) The active region.
(v) The trans-passivation zone.

It took some trial and error to determine the initial potential. The potential once
established was maintained for the entire family of chosen alloys. The starting potential
and reverse potential both fell between −250 mV and +800 mV. The sweep rate was kept at
5 mV/s [55]. The potentiodynamic plot for the CABM4 alloy in pure water (H2O), ocean
(marine) water (H2O), and Hank’s solution is shown in Figure 15.

Figure 15. (a) Fresh water (H2O) PDC for the CABM4 alloy. (b) Ocean water (H2O) PDC for the
CABM4 alloy. (c) Hank’s solution PDC for the CABM4 alloy. Ref. [50]. (Reused with permission
from Elsevier).

5.2.4. Observations

Using the ingot metallurgy technique, the copper-aluminum-beryllium–manganese
shape memory alloy (SMA) mixtures were created. The shape memory effect (SME) of the
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alloys was good. The entire transition from the austenite phase to the martensite phase in
these alloys resulted in a positive shape memory effect (SME) [56]. The results of our study
revealed the following:

1. Exposure to freshwater resulted in a lower rate of corrosion for the copper-aluminum-
beryllium–manganese shape memory alloy (SMA) when compared with Hank’s
solution and ocean water.

2. Hank’s solution had a stronger resistance to environment-induced degradation on
the copper-aluminum-beryllium–manganese shape memory alloys (SMAs) than
ocean water.

3. By adding trace amounts of beryllium to the alloy, the copper-aluminum-beryllium–
manganese quaternary shape memory alloys (SMAs) revealed an improved resistance
to degradation induced by the aqueous environment.

4. The Cu-Al-Be-Mn alloy had a remarkable 88 percent shape memory effect (SME).

6. The Cu-Al-Ni-xCo Shape Memory Alloys Biformed with Low-Carbon Steel

This alloy has a high damping capability greater than nitinol; in recent years, it
has become the most sought-after shape memory alloy (SMA). The Cu-Al-Ni alloy is
appropriate for applications spanning fasteners, buildings, bridge-cushioning components,
oil well extraction, microscopic elements, and structures. However, damage caused by the
conjoint and mutually interactive influences of degradation resulting from exposure to
an aggressive environment and erosion should be taken into consideration when put to
use in applications that are often exposed to aggressive aqueous environments, such as
in coastal areas and even oil rigs [57]. In addition, using the shape memory alloy mixture
as an element but not as an entire system is both feasible and cost-effective. However,
because the chosen shape memory alloy is often in touch with other metals, the tendency
for galvanic corrosion to occur is favored. The Cu-Al-Ni alloy is one of the demanding
shape memory alloy candidates for the purpose of industrial use, primarily because it
offers good resistance to environment-induced degradation due in essence to the presence
of an alumina layer and its contributing role as a passive film.

It is crucial to keep in mind that the Cu-Al-Ni alloy has the drawback in that it is
susceptible to post-quench ageing, which does affect and/or influence its mechanical
properties upon sustained exposure to high-temperature service conditions that tend to
gradually worsen with time. Accordingly, extensive research has been carried out to
enhance the characteristics of the copper-aluminum-nickel alloy in order to both enable
and expand its use in space applications while concurrently satisfying industrial needs and
requirements.

In recent years, numerous methods have been used to improve the properties of the
shape memory alloys (SMAs). One such method is a refinement in the grain size. In this
method, quaternary elements such as zirconium and titanium are added in small quantities
or trace amounts to the shape memory alloy. During the additions of elements such as
titanium (Ti) and manganese (Mn), the resistance to environment-induced degradation
of the copper-aluminum-nickel shape memory alloy gradually increases when the grain
size decreases. On the opposite end, it has been claimed that the addition of cobalt to a
copper-aluminum-nickel alloy results in both an improvement in mechanical properties
and the temperature at which the austenite phase transforms. This, thereby, allows for the
use of this combination at higher temperatures [58–61]. The Cu-Al-Ni shape memory alloy
is less appealing than the popular Ni-Ti alloy, although offering relatively good mechanical
properties and acceptable resistance to environment-induced degradation or corrosion,
which places a restriction on its utilization. By the addition of quaternary elements, such as
cobalt (Co), titanium (Ti), and manganese (Mn), in different proportions and subjecting the
alloy to heat treatment, researchers have been able to improve the mechanical properties
of the copper-aluminum-nickel alloy. The capability of the alloy for selection and use at
higher temperatures is made possible by the addition of cobalt, although this fact does not
improve its applicability [62–66]. Additional research studies on environment influences on
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the behavior of the copper-aluminum-nickel shape memory alloys under these conditions
is needed primarily because its applications may often require an exposure to aggressive
aqueous environments.

6.1. Electrochemical Test on Sample Prepared

The Tafel electrochemical test was used to investigate both the corrosive behavior and
the working ability of the copper-aluminum-nickel alloy with the addition of cobalt and
without the addition of cobalt as the fourth alloying element, i.e., the alloys (Figure 16).

Figure 16. Corrosion study of the Cu-Al-Ni-xCo shape memory alloy.

(i) Copper-aluminum-nickel.
(ii) Copper-aluminum-nickel-1.0 wt% Co.
(iii) Copper-aluminum-nickel-0.4 wt% Co.

The test samples were coupled with low-carbon steel based on electrochemical mea-
surements. The Cu-Al-Ni-(x) Co (x = 0 weight percent, 0.4 weight percent, and 1 weight
percent) shape memory alloy (SMA) ingot was cut into tiny pieces that had dimensions of
25.00 mm (L) × 20.00 mm (W) × 2.00 mm (t) in order to make it both suitable and appropri-
ate for the electrochemical test [67–71]. The samples were made from the as-homogenized
ingots. The low-carbon steel bar was divided into pieces. Each piece measured 100.0 mm in
length and 5.0 mm in width. Using epoxy, steel rebar and the biformed Cu-Al-Ni alloy were
pieced or joined together. The Cu-Al-Ni-(x) Co shape memory alloys (SMAs) were also
connected using copper wires. The samples were initially drilled and wires made of copper
were then fastened to them using nuts and bolts. A fixed surface area of the rectangular
test specimen was then subject to electrochemical tests. The tests were conducted using
both a PARSTAT 2263 potentiostat and galvanostat at 20 ◦C in an amorphous glass cell that
contained 325 milliliters of 3.50% sodium chloride solution. Potentiodynamic polarization
studies were conducted using a three-electrode cell; a saturated calomel electrode (SCE) was
used as the relating electrode [72]. The operating electrode chosen was the test specimen,
while the counter electrode was a graphite rod. The start of each experiment was 225 mV
below the open circuit voltage difference and the scan rate was maintained constant at
0.5 mV/s. Although the program permitted human control, fitting of the gathered test data
was challenging. The Tafel plots were performed by choosing a section of the deterioration
potential (ϕcorr) versus current density (Icorr) curve and then estimating the potential value
of the corrosion potential (ϕcorr) [73]. Every potential pointed to the saturated calomel
electrode (SCE); the test data reported were the mean values after considering the standard
deviation. To ensure repeatability, each experiment was repeated three times.
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6.2. Microstructural Analysis

Two separate phases were seen, namely (i) the plate-like γ and (ii) the needle-like β.
One other independent study has also identified these two phases [74]. The plate-like γ

phase essentially had a 2H structure. The grain size of the chosen and studied copper-
aluminum-nickel shape memory alloys tended to grow larger as they aged. Furthermore,
careful observations revealed that, with aging, the plate thickness of the γ phase increased
while that of the needle-like β phase decreased. The peak became stronger with aging,
which could be correlated with coarsening of the martensite phase. No other phases or
peaks were found following the ageing treatment, based on X-ray diffraction data. At the
opposite end, the electron micrographs clearly revealed that as the cobalt content in the
alloy increased, the grain size of the copper-aluminum-nickel-(x) cobalt shape memory
alloy decreased and a new phase, i.e., precipitate, developed in the matrix. The precipitate
existed both at and along the grain boundary regions and gradually grew larger in size with
an increase in cobalt content in the alloy. The energy dispersive X analysis (EDAX) revealed
the precipitate to have a high cobalt concentration. Grain growth occurred upon aging of
the –copper-aluminum-nickel-1.0 weight percent cobalt shape memory alloy, just as it did
for the copper-aluminum-nickel alloy without the addition of cobalt. There was a noticeable
difference in microstructure of the copper-aluminum-nickel-1.0 wt.% Co alloy both before
the aging treatment and after the aging treatment. For the copper-aluminum-nickel-0.4 wt.%
Co alloy and the copper-aluminum-nickel-1.0 wt.% Co alloy, the Al75Co22Ni3 precipitates
were both non-uniform in size and non-uniform in distribution prior to aging. Some of the
precipitates had a diameter of 0.3 μm, while others had a diameter of only 0.1 micrometer.
The smaller precipitates gradually disintegrated following the aging treatment, leaving
behind only the larger precipitates, whose sizes had shrunk to about 0.25 μm [75]. The
X-ray diffraction data were significantly impacted by both dissolution and size reduction
of the Al75Co22Ni3 precipitates. The peak intensity of the copper-aluminum-nickel-1.0
weight percent cobalt alloy revealed a noticeable decrease with ageing. However, after
aging, the peak for the Al75Co22Ni3 precipitate in the copper-aluminum-nickel-0.4 weight
percent cobalt alloy increased [76]. This outcome was explained using the logic that the
copper-aluminum-nickel-0.4 weight percent cobalt shape memory alloy (SMA) was still in
the early stages of precipitate evolution.

6.3. Performance upon Exposure to an Aqueous Environment

After 40 min of exposure to an aqueous environment, the polarization curves for both
the aged Cu-Al-Ni alloy and unaged copper-aluminum-nickel alloy biformed with low-carbon
steel rebar and isolated with the low-carbon steel rebar were determined from electrochemical
experiments using a 3.50 percent sodium chloride solution. The corrosion potential for the
linked copper-aluminum-nickel/low-carbon steel was 313.78 mV, which was between the
corrosion potentials of isolated copper-aluminum-nickel alloy (18.025 millivolt) and low-
carbon steel (422.521 millivolt). However, the connected material’s current density, which
measured the rate of environment-induced degradation, gradually rose to 57.42 A/cm2,
thereby exceeding the current density of the two chosen materials, which was 19.231 A/cm2

for the low-carbon steel and 28.592 A/cm2 for the copper-aluminum-nickel alloy. Galvanic
corrosion, which was favored to occur when the two distinct metals came into contact, was
to blame for this event [77]. On the other hand, aging treatment had a substantial influence
on environment-induced degradation behavior of the linked Cu-Al-Ni and low-carbon
steel sample. Degradation-induced by the environment on the copper-aluminum-nickel
alloy slowed down, following ageing treatment for both the coupled samples and the
uncoupled samples. This outcome was explained by coarsening of the β phase during
aging. The presence of aluminum in plate-like morphology may have made the passive
film on the surface to be stable and thereby encouraged the formation and presence of
layers of alumina (Al2O3) [78]. Additionally, the surface area diminished microscopically
as the needle-like β phase in the alloy shrank. According to the test data, it was found that
the rate of environment-induced degradation decreased as the level of cobalt increased. In
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a different way, with the addition of cobalt, the resistance offered to environment-induced
degradation of the Cu-Al-Ni alloy improved. This feature could be attributed to the role and
contribution of cobalt addition in refining the grain size. There have been few discoveries
that have shown a smaller grain size and large volume percentage of the precipitates to
improve both the compactness and stableness of the passive layer leading to an overall
improvement in the shape memory alloys’ (SMAs) resistance to environment-induced
degradation or corrosion [79]. The trends shown by the connected samples mirrored those
of the uncoupled samples. It was discovered that the copper-aluminum-nickel-0.4 wt
percent cobalt alloy revealed an actual drop in the corrosion rate after ageing, which could
be attributed to microstructural changes as a direct consequence of both ageing and the
making of the alloy. For the case of the copper-aluminum-nickel 0.4 wt% cobalt alloy, the
precipitate’s volume fraction was at the initiation stage [80]. However, with the aging
of the sample, the density of the fine precipitates gradually improved. The evolution of
precipitates contributed to increasing the passive film’s stability and overall compactness.
Additionally, the size and dispersion of the precipitates had an impact on enhancing and/or
improving the resistance to environment-induced degradation or corrosion. The corrosion
resistance of the copper-aluminum-nickel-1.0 weight percent cobalt shape memory alloy
(SMA), in which precipitation was numerous, was improved both by a noticeable reduction
in size and an increase in homogeneity of the precipitates.

Additionally, a grain boundary, or other location, where the precipitates were sep-
arated often resulted in a change in the substrate. An equal anode–cathode dispersion
would tend to decrease the localized galvanic corrosion between the matrix and the fine
precipitates.

6.4. Interpretation on the Experimental Findings

1. Ageing treatment of the copper-aluminum-nickel alloy with the addition of cobalt
as the fourth element promoted grain refinement and produced fine precipitates
of the Al75Co22Ni3 phase that contributed to increasing both the compactness and
stability due to the formation and presence of a passive film and thereby improved
the corrosive resistance.

2. After being adjusted with the addition of 1 weight percent of cobalt along with ageing
treatment, the linked copper-aluminum-nickel and low-carbon steel shape memory
alloy (SMA) revealed an optimum value of corrosion resistance. This resulted in
reducing the rate of environment-induced degradation, or corrosion, by well over
50 percent when compared with the low-carbon steel sample (uncoupled).

3. After the addition of 1 weight percent of cobalt and ageing at 250 ◦C for 48 h, the
copper-aluminum-nickel shape memory alloy revealed a microhardness of 340 Hv.

7. The Cu-Zn-Al Shape Memory Alloy in Monitored Ambience

Copper–zinc–aluminum alloys are often chosen for use in a broad scope of engineering
fields, primarily because of a combination of unique properties that makes them simple to
produce. The copper-based alloy has been extensively studied in a variety of environments,
but additional research is still needed to fully understand how this alloy reacts upon
exposure to an aggressive environment and the resultant degradation induced by the
environment, i.e., corrosion [81]. Centrifugal casting was used to create the copper alloy,
which contained 21% zinc and 5% aluminum.

Using a combination of induction melting and centrifugal casting, the CuZnAl shape
memory alloy (SMA) was created. With the help of a ceramic crucible made of vitreous silica
and zirconium dioxide (ZrO2), pure metals, such as electrolytic copper (99.99%), aluminum
1100 alloy in sheet form (99.95%), and zinc pieces (99.9%), were easily melted in an induction
furnace in an environment of argon and at a pressure below the ambient pressure. In a
graphite mold, the molten alloy was centrifugally cast. Since an observable loss of zinc
occurred during the melting process, the cast specimens were carefully monitored to
determine both their composition and shape memory characteristics. If required, the cast
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materials were remelted along with the addition of pure metals to get a composition that
was close to the nominal composition [82–85]. The as-cast specimens were analyzed to
ascertain both their composition and microstructure. Intricacies specific to the microstructure
were studied using the techniques of

(a) X-ray diffraction;
(b) Electronic microscopy;
(c) Optical microscopy after chemically etching the polished surfaces using a chemical

reagent. The reagent used was ferric chloride (FeCl3) in hydrochloric acid (HCl) solution.

The potentiodynamic anodic polarization measurements were used to systematically
analyze the environment-induced degradation behavior or response of the chosen shape
memory alloy (SMA). This was performed using a thin plate of the chosen shape memory
alloy (SMA) that was taken out of a cast bar using a diamond blade. This was followed
by polishing the thin plate using silicon carbide (SiC) -impregnated emery paper (up to
600 mesh) and subsequently cleaning the polished surface using acetone. Thereafter, the
ASTM G5-compliant corrosion test was conducted. About 2 square cm of the surface was
exposed to an aggressive environment that favored the occurrence of degradation, referred
to as corrosion. The working electrode surface was close to the reference electrode. The
working electrode and reference electrode were separated by roughly 1 square cm from an
auxiliary electrode, which was essentially a wire mesh made of platinum.

To simulate the various conditions prevailing in reality, a variety of test solutions were
used and essentially included the following:

(a) 3.5% weight sodium chloride (NaCl) aqueous solution that simulated a marine envi-
ronment.

(b) Acid solutions of 1 M, 0.1 M, and 0.01 M nitric acid (HNO3) that replicated acid rain
in a metropolitan setting.

(c) Acid solutions of 1 M, 0.1 M, and 0.01 M sulfuric acid (H2SO4) that replicated acid
rain in an industrial setting.

The Test Results

The surroundings utilized in the experiment exerted an influence on the behavior of
the test specimens used that were subsequently analyzed. Martensitic lamellae were an
easy target for the onset of environment-induced degradation in an environment of acid
solution. The passivation phenomena were not easily visible and the environment-induced
degradation rates tended to increase as a function of solution concentration [86].

The chosen shape memory alloys exhibited a decreasing trend when tested in concen-
trated sulfuric acid (H2SO4) and sodium chloride (NaCl) solutions. The current density also
decreased and stabilized at high imposed potentials. Although these processes resembled
passivation, the observed reduction in environment-induced degradation or corrosion was
caused by a gradual buildup of layers of corrosive products. The pores present on the test
sample surface permitted the degradation caused by the aqueous environment to continue
by allowing or permitting a gradual diffusion of the chemical species from the interface
of the deteriorating metal to the mixture. This layer eventually ruptured when a high
potential (above 1.2 V) was reached, which resulted in the occurrence of pitting [87,88].
All the test specimens preserved the shape memory effect after the potentiodynamic test.
The conditions suitable for oxidation resulted in the presence of flaws close to the grain
boundary. The presence of these flaws caused the material to fail by the initiation of fine
microscopic voids and their gradual growth and eventual coalescence to form one or more
fine microscopic cracks that tended to propagate along the grain boundaries.

8. Nature of Degradation When Cobalt Is Added to the Nickel–Titanium Shape
Memory Alloy (SMA) in Normal Saline Solution

Due to their strong biocompatibility, resistance to degradation-induced by the aqueous
environment, and a high elastic modulus, the NiTi alloys are often chosen for use in medical
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devices. In addition, the NiTi alloys containing 1–2 percent cobalt offer the following
attributes:

(a) A 30 percent higher modulus than the NiTi alloys.
(b) A distinct loading plateau and an unloading plateau.
(c) Non-reactivity in two tests, namely hemolysis and cytotoxicity.

An enhancement in yield strength was made possible for the NiTi alloys with the addi-
tion of 2–10 percent cobalt [89–91]. Since the martensitic transition temperature occurred by
separation of the R phase with the addition of cobalt, the results could be better explained
by a two-step transformation process.

With the use of wire electro discharge machining (EDM), the rate of material removal,
microstructure, and hardness were also investigated for the alloys containing up to 10%
cobalt. The effect of cobalt on overall resistance to environment-induced degradation of the
chosen alloys must be investigated prior to their selection for use in a specific application.
According to Huang and co-workers, upon investigation of the environment-induced
degradation characteristics of the chosen alloy on exposure to an aggressive aqueous
environment, they behaved like the NiTi alloys that did not contain cobalt and were not
adversely influenced by the occurrence of galvanic corrosion.

The investigations were conducted in a mild climate where degradation due to both
pitting and crevice deterioration were not typical. It was anticipated that the addition
of enough cobalt (Co) to an alloy would boost its resistance to this type of deterioration,
primarily because the cobalt-base alloys tended to resist the localized effects of environment-
induced degradation, unless fretting and other mechanical deterioration occurred on the
surface oxide [92]. Our recent study on investigating and understanding the corrosion and
electrochemical behavior of the cobalt-based magnetic shape memory alloys (MSMAs) in
0.50 M sodium chloride solution revealed the vital corrosion resistance of the MSMAs. This
was well supported by the following:

(i) Electrochemical tests;
(ii) XPS;
(iii) Scanning electron microscopy (SEM) observations;
(iv) Energy dispersive X-ray (EDX) analysis.

Several studies on both the role and contribution of the addition of cobalt (Co) on
the environment-induced degradation behavior of NiTi shape memory alloys (SMAs) are
limited. To accomplish its goal, a recent study used a variety of electrochemical techniques
in addition to (i) scanning electron microscopy (SEM) observations, (ii) energy dispersive
X-ray (EDX) analysis, and (iii) full XPS studies as presented in Figure 17. In both uniform
degradation and pitting degradation experienced by the chosen NiTi(x)Co (x = 14.0%,
1.50%, and 4.0%) shape memory alloy (SMA) upon its exposure to a 0.90% sodium chloride
solution at 38 ◦C, to know the influence on passivation of the alloy containing cobalt (Co),
the impact of cobalt addition on passivation translated into a clear improvement in the
overall resistance to environment-induced degradation of the chosen alloy [93–95].

8.1. Electrochemical Setup and Solutions

Calomel saturated electrode and platinum (Pt), which is a mesh, electrodes were
used as the reference electrode and auxiliary electrode in a typical packed and covered
three-electrode cell for the purpose of conducting electrochemical studies. A potentiostat
connected to a PC along with a galvanostat were attached to an electrochemical cell to both
run and concurrently observe the electrochemical procedures used in the investigation.
Measurements were made using a freshly made 0.9% normal saline (NaCl) solution that was
purified prior to use [96]. Analytical grade salt, which was acquired from Sigma-Aldrich
(New York, NY, USA), was used for the experiment.

Using a temperature-monitored and controlled water bath, with water continuously
circulating through the outer packed cell jacket, the temperature of the solution was kept
constant at 37 ◦C.
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Figure 17. Study of the effect of cobalt added to nickel–titanium (NiTi).

8.2. Role of Addition of Cobalt
Study of Microstructure

In addition to precipitation and presence of the intermetallic phase (Ti2Ni), it also
included the parent phase (i.e., austenite) and the matrix phase (i.e., martensite). The
addition of cobalt influenced the phase volume fraction (Vf) observed in the microstructure.
When the percentage of cobalt was increased from 0 to 1.5 atomic percent, the volume
fraction (Vf) of the parent phase (austenite) gradually decreased and even disappeared from
the microstructure when the cobalt content was increased to 4 atomic percent. Additionally,
density of the intermetallic phase (Ti2Ni) in the microstructure of the titanium–nickel shape
memory alloy (SMA) decreased with the addition of cobalt. In the microstructure of the
NiTiCo (0 atomic percent Co) alloy, precipitates of the Ti2Ni phase had a range of chemical
composition. The nickel concentration was 34.15 atomic percent, while the titanium content
in the Ti2Ni phase was 65.85 atomic percent. Additionally, as the level of cobalt content in
the NiTi alloy increased, so did the cobalt content in the intermetallic phase (Ti2Ni) [97].

In addition, for the TiNi (with 0 atomic percent cobalt) shape memory alloy (SMA) the
matrix phase, i.e., martensite, had a chemical composition that included both nickel and
titanium. Based on the amount of cobalt added to the TiNi shape memory alloy (SMA),
different percentages of nickel (Ni), titanium (Ti), and cobalt (Co) were found to be present
in the martensite phase.

8.3. Summary of the Results

The microstructure of the studied shape memory alloys (SMAs) was affected by the
addition and/or presence of cobalt by decreasing both the average size of the Ti2Ni inter-
metallic phase and the total area occupied by this phase. Cobalt affected overall resistance of
the alloy to environment-induced degradation through a variety of mechanisms, including
the following:

(a) Overall homogeneity of the surface electrochemical characteristics;
(b) Reduced activity of the microgalvanic cells.

With the addition of cobalt (Co), the number of chloride ions in the passive layer
covering the surface of the chosen shape memory alloy (SMA) noticeably decreased. This
demonstrated an overall stableness of the passive layer coupled with an improved resis-
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tance to the occurrence of both uniform environment-induced degradation or corrosion
and pitting deterioration processes [98]. Despite this, the overall chemistry of the passive
layer, which was made up of titanium dioxide (TiO2), did not significantly change.

9. The Nickel-Titanium Shape Memory Alloy Sintered by Spark Plasma Sintering (SPS)

9.1. Development of the Sintered Nickel-Titanium Shape Memory Alloy (SMA)

To create 50-50 NiTi, nickel (average size 40 μm, 99.7% purity) and titanium (mean
size 47 μm, 99.7% purity) powders were alloyed for 5 h in a planetary ball mill system at a
high energy. The powder mixture was milled for a full 30 h in the same manner as before.
The mixed powder could safely be classified to contain particles having an average size in
the range 10 μm to 45 μm [98]. Both the milling parameters and process parameters chosen
were essentially based on those used in an earlier study as shown in Figure 18. Since it
exerted an influence on both size and uniformity of the powder particles, the duration of
milling had a significant influence on alloying of the NiTi alloy.

Figure 18. Corrosion behavior of the sintered nickel–titanium alloy.

9.2. Characteristics upon Exposure to an Aggressive Environment

The NiTi alloys were sintered using the spark plasma sintering (SPS) method and
in a vacuum environment, resulting thereby in high densification. Investigations were
conducted into environment-related activity of the sintered alloy. Additionally, an eval-
uation of both the microstructure and dispersion of the elements in the degraded region
was made. Using the method of spark plasma sintering (SPS), high density NiTi alloys
having particles of size 10 μm were sintered. When the specimen was exposed to plastic
deformation at a given pressure together with electrical discharge at ambient pressure, the
goal was to achieve an improvement in the density coupled with a smaller grain size and
a slender grain morphology. While the NiTi alloys were created using particles having
a size of 10.0 μm and the spark plasma sintering (SPS) method at 910 ◦C, it was fully
consolidated and had a dendritic structure. The presence of secondary phases in the mi-
crostructure, such as NiTi2 and Ni3Ti, prevented the occurrence of environment-induced
degradation or corrosion. Low-corrosion current density and high-corrosion potential were
easily attained for the nickel–titanium alloys that were created at a maximum binding
temperature by using smaller size particles. Increased polarization current density did
have an impact on the rate of degradation induced by the aqueous environment. The rate
of degradation did affect the weight loss experienced by the NiTi alloys [98,99]. Thus, for
the NiTi alloys that were produced using 10 μm particles and at a high SPS temperature,
the loss in weight was essentially governed by the polarization current density. Due to a
homogeneous distribution of the corrosion-resistant phases coupled with a decrease in the
polarization current density, the rate of degradation caused by exposure to an aggressive
aqueous environment was lowered by as much as 74 percent [100]. For the case of the
nickel–titanium shape memory alloys (SMAs), a fine size of the starting particles coupled
with a high sintering temperature essentially created a pore-free skin surface. This surface
was beneficial for improving the overall resistance of the alloy to degradation caused by
the aggressive aqueous environment.

10. Biocompatibility of Shape Memory Alloys and Its Progress

Understanding the corrosion process is the key to understanding metal biodegradation.
Metals are biodegraded via electrochemical corrosion in the physiologically slightly alkaline
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environment (pH 7.4), which is often made up of anodic and cathodic processes [100,101]. It
has been discovered that anodic processes include both metal breakdown and electron release:

M − ne− → Mn+ (anodic reaction) (1)

The subsequent cathodic processes that take place in the electrolyte to capture these
electrons result in the production of hydroxide ions.

Mn+ + nOH− → M(OH)n (corrosion product) (2)

In order to increase the overall corrosion rate of the alloy during the manipulation
of biodegradation performance, it is essential to enhance the electrochemical corrosion
effects happening between the SMA matrix and electrolytes or other phases. Structure,
implantation duration, and SMA phase transition temperatures are additional variables
that may impact SMA biodegradation efficacy [102]. Both macro- and microstructures have
a significant impact on biodegradations. For instance, NiTi SMA is shown to have reduced
corrosion resistance as porosity increases due to bigger pore openings, but considerably
higher corrosion rates [103]. Biocompatibility of Ni-based shape memory alloys prove
that they are more suitable for biomedical implants and pursue their highest degree of
functionality in the applications they are involved in.

10.1. Methods to Improve Biocompatibility
10.1.1. Grain Refinement

It has been generally documented that grain refining works well to slow the rate
of corrosion. The SME and SE/PE of SMAs are not anticipated to be impacted by grain
refining, since phase transitions are often not linked to this process. In addition, grain
refining may eliminate any biocompatibility issues brought on by the inclusion of additional
components and further increase the mechanical characteristics of SMAs based on the Hall–
Petch connection [104]. The formation of a more cohesive and compact protective corrosion
layer, the prevention of preferred crystallographic pitting restrained by increased grain
boundaries, and the improvement of basal plane intensity can all be used to explain the
reduction in corrosion rates caused by grain refinement.

10.1.2. Surface Coatings

Additionally, Ni-based SMA’s medicinal uses may be expanded by surface coat-
ings with additional bioactive or therapeutic properties, including antibacterial and drug-
loading properties. It maintains the mechanical characteristics and shape memory behav-
iors of the underlying metal substrate without changing its microstructure [105]. To avoid
abnormally low biodegradation rates, the coating layer should preferably be degraded or
detached after the creation of the passivation layers. In situ conversion coating and ex situ
deposition coating are two options for achieving the needed transitory corrosion protection.
For the conversion coating, in situ interfacial interactions between the metal substrate and
coating solution produce the noble coating layer. The native surface of the metal substrate
might change into oxide or salts depending on the coating solution. Due to the in situ
growth of the coating layer from the metal substrate, a suitable interfacial adhesion may be
achieved to avoid premature coating layer detachment or potential penetration of corrosive
media into the metal–coating layer interface [106].

10.2. Challenges in Employing Shape Memory Alloys at Bioapplications

(1) To fully comprehend the causes and mechanisms underlying temperature- or stress-
induced phase changes between austenite and martensite, further microstructural
insights into the mechanisms underlying SMA properties are needed. Understanding
these mechanisms can help design SMA and manipulate corrosion with beneficial
recommendations. Through in situ studies of SMA deformation and mechanical
reactions during the phase transition, advanced microscopy is anticipated to play
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a significant role in this respect [106]. At the austenite–martensite contacts, crucial
information may include the lattice resistance, steps, and dislocation arrays.

(2) These materials must be modified to be suited for more nuanced biological applica-
tions, which calls for precise control of the SMA transition temperature and stress.
There is evidence that alloy composition and thermomechanical treatments can adjust
SMA transition temperatures [107]. The difficulty in designing a functional device
stem from the fact that such modulation is not precise enough to achieve the pre-
cise needed values. In order to overcome this issue, computational intelligence may
be useful, as topological models, artificial neural networks, and Gaussian process
regression may all be used to anticipate transformation temperature and stress.

(3) More research on passive films and film–metal interactions may provide new insights
into the behavior of SMA corrosion. According to reports, TiO2 is crucial in preventing
NiTi corrosion and the passive coatings on NiTi SMA display n-type semiconductor
characteristics. While efficient TiO2 dissolution may be achieved by lowering the pH
of the corrosion environment, doping levels can be enhanced by donor production
at the metal–film interface to reduce the corrosion resistance of passive films [108].
Future work may focus on altering the chemical makeup of passive films to control
their corrosion resistances or adjusting the doping levels of semiconducting passive
films to produce metastable or stable pits and voids at the metal–film interface to
speed up corrosion.

11. Conclusions

Based on a study aimed at understanding the effects of alloying and environment on
the degradation response or corrosion behavior of shape memory alloys, the key findings
are as follows:

1. The trend towards the use of less invasive techniques and microscopic applications
will continue.

2. Processing capabilities are being noticeably improved and the shape memory alloys
(SMAs) are gradually gaining for themselves a dominant place for due consideration
by all engineers for selection and use in medical design-related applications and even
technologies specific to emerging smart materials.

3. An increase in the selection and use of the shape memory alloys (SMAs) both in
medicine and sensor technology can be expected. The shape memory alloys are
currently being chosen for use in critical environments, such as high temperature vital
fluids, i.e., the blood stream.

4. The nature of environment-induced degradation, or corrosion, of the shape memory
alloys (SMAs) is presented and examined in this paper based on results obtained from
tests conducted in aggressive aqueous environments.

5. Improving the resistance to environment-induced degradation of the shape memory
alloys (SMAs) will pave the way for their selection and use in a sizeable number
of applications. Further, discovering ways to resist degradation induced by the
environment, through the development of passive films and coatings is both essential
and desirable.
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Abstract: This study presents the influence of different contents of tantalum alloying elements on the
mechanical and electrochemical properties of TixTa9Nb8Zr2Ag alloys and their corrosion resistance in
a 3% NaCl solution. These alloys exhibit a structure with more than 80% of the beta phase, a Young’s
modulus between 82 and 55 GPa close to human bone, and good corrosion resistance, with a corrosion
rate between 5 and 47 μm y−1. Furthermore, the excellent corrosion behavior of the TixTa9Nb8Zr2Ag
alloy with 10 and 15% tantalum content is highlighted, revealed by a nobler corrosion potential, low
corrosion rate, and a high passivation tendency in a 3% NaCl solution. The results reported in this
work allow us to consider that titanium alloys TixTa9Nb8Zr2Ag with 10–20% Ta could be a valid
alternative for use in orthopedic surgery, and the level of tantalum can be customized depending on
the nature of the treated bone and the complexity and difficulty of the implant machining, i.e., of the
required optimum hardness.

Keywords: titanium alloy; biomaterials; corrosion; mechanical properties

1. Introduction

The use of metallic materials for surgical devices demands the fulfillment of biocom-
patibility requirements [1] next to that of corrosion resistance and bioadaptability. The
corrosion resistance of metallic materials depends on their thermo-mechanical history but
also on the aggressiveness of the contact environment. In the last years, a series of stainless
steels [2], titanium-based alloys [3,4], and cobalt-based alloys [5] have been developed
with very good corrosion resistance in biological environments. However, a good ma-
terial for implantology applications must meet all requirements, and bioadaptability is
an essential criterion with significant implications on the healing time and functionality
of a surgical implant. Thus, the reduction in post-operative stress is an intense concern
for doctors and a requirement addressed to researchers in the field of materials, to find
formulas and combinations of elements to obtain new alloys, which best meet the criteria
of materials used in implantology. It is well known that post-operative stress is generated
by the different responses to taking over the mechanical loads at the interface between
the implantable device and the bone, which leads to the appearance of the phenomenon
of bone resorption. The high density of metallic materials, but also the incompatibility of
mechanical properties, compared to those of human bone, are responsible for this unwanted
effect. The high value of the Young modulus of various materials such as 190–210 GPa
for stainless steels [6], 220 GPa for Co-Cr alloys [6], and 90–110 for titanium and its al-
loys [6,7], compared to that of human bone (10–40 GPa depending on the nature of the
bone and the state of health [8,9]) has the effect of taking over the loads by the implant,
protecting the bone and causing bone resorption [10,11]. It is recognized that titanium and
its alloys have high biocompatibility for medical applications, and the Ti6Al4V alloy with
a biphasic structure (α + β) and an elastic modulus value of about 110 GPa are widely
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used [12], although Al and V have proven to be toxic to the human body. This aspect
determines their replacement with non-toxic beta-stabilizer elements such as Mo, Nb, and
Ta [13,14], aiming to obtain a structure with a low content of the alpha phase for a low Young
modulus simultaneously. Thus, special attention is given to a new range of alloys in the
titanium–niobium–tantalum–zirconium alloy system (TNTZ), with good mechanical prop-
erties, a low modulus of elasticity, high corrosion resistance, and good biocompatibil-
ity [14–17]. Moreover, the extensive mechanical properties of these alloys are still to be
enhanced in clinical practice. Accordingly, the design concept of these alloys can be used to
obtain biomedical alloys with excellent appropriate properties to meet demand.

In addition, another property of tantalum that decides the presence of this element
in the titanium–niobium–tantalum–zirconium alloy system is its low magnetic suscepti-
bility, leading to a high quality of images and fewer distortion in post-operative magnetic
resonance imaging [10]. In this regard, special attention is paid to a new range of alloys
from the titanium–niobium–tantalum–zirconium (TNTZ) system with good mechanical
properties, a low modulus of elasticity, high corrosion resistance, and good biocompatibility.
In this vein, four alloys with a 10Nb 8Zr 2Ag Ti base were designed with a tantalum content
between 10 and 20%, and after the morpho structural characterization, the influence of the
Ta content on the electrochemical properties was investigated in the very severe conditions
of 3% NaCl, the temperature of 37 ◦C, and 168 h of immersion in order to identify the alloy
with the modulus of elasticity as close as possible to that of human bone (40 GPa) and
maximum resistance to corrosion. Many research studies focused on a series of synthetic
biofluids used in the field [18–20], but this paper presents the results in the most aggressive
environment to test the limits of the material from this point of view.

2. Materials and Methods

The alloys were obtained in a vacuum arc melting furnace (VAR) ABD MRF 900 in the
form of ingots with a diameter of 10 mm and a length of 150 mm with chemical compositions
according to Table 1. The chemical composition of the experimental alloys was determined
by energy-dispersive X-ray spectroscopy (EDS, FEI, Eindhoven, The Netherlands). It should
be noted that during the EDS analysis, the only elements considered were those of interest,
mainly Ti, Nb, Zr, Ta, and Ag. EDS analysis was performed on 5 random regions for each
sample, and the average values and standard deviations are presented in Table 1.

Table 1. The chemical composition (% wt. and standard error) of experimental ingots.

Specimen % Nb % Zr % Ag % Ta % Ti

A0 9.22 ± 0.41 8.28 ± 0.19 1.86 ± 0.16 0.0 Balance
A10 10.26 ± 0.68 7.95 ± 0.28 1.97 ± 0.09 8.94 ± 0.36 Balance
A15 9.23 ± 0.25 7.80 ± 0.12 1.87 ± 0.09 15.57 ± 0.60 Balance
A20 9.01 ± 0.16 7.88 ± 0.17 1.92 ± 0.08 20.02 ± 0.64 Balance

2.1. Morphology and Structural Analysis

Morphology and structural analysis was carried out by scanning electron microscopy
(SEM) using the FEI Inspect F50 electron microscope (FEI Company, Eindhoven, The Nether-
lands), and phase analysis was performed with X-ray diffraction (XRD) using an X’PERT-
PRO PANalytic diffractometer (Malvern Panalytical Ltd., Malvern, UK) (Kα1 = 1.5405980 Å)
with Cu-Kα radiation at 45 kV, 4 mA, and a scan range starting from 10◦ to 90◦.

2.2. The Young’s Modulus

To measure the Young modulus, tensile tests were performed using a Walter + Bai
LFV300 universal testing machine, according to [21], and the Vickers hardness was deter-
mined with a Shimadzu HMV 2TE hardness tester (Shimadzu Corporation, Kyoto, Japan)
using a load of 1.961 N with a holding time of 15 s, according to the [22].
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2.3. The Electrochemical Characterization

The electrochemical characterization was carried out by the method of immersion in a
3% NaCl solution at a temperature of 37.5 ◦C through the following techniques: monitoring
the stationary potential for 168 h, the Tafel slopes method for determining corrosion rates,
and electrochemical impedance spectroscopy (EIS). The stationary potential, corresponding
to the steady state established at the interface between the alloy surface and the NaCl
solution was monitored for 168 h, and, after that, the Tafel plots were recorded in the
potential range from −0.25 V to + 0.25 V vs. OCP with a scan rate of 2.5 mV s−1. EIS
measurements were carried out potentiostatically, at the OCP, with an AC amplitude of
10 mV over the frequency range of 100 kHz to 0.01 Hz, after 168 h of exposure in 3%
NaCl solution. EChemAnalyst (Gamry Instruments Inc., Warminster, PA, USA) and ZView
specialized software (ZView 3.3, Scribner Associates, Inc., Souther Pines, NC, USA) were
used to estimate the electrochemical parameters (Ecor, icor, rcor) and to analyze EIS data.

A Reference 600 Gamry potentiostat/galvanostat (Gamry Instruments Inc., Warmin-
ster, PA, USA) with a classic electrochemical cell with three electrodes—a working electrode
with a surface of 2 cm2, a platinum counter electrode with a surface of 6 cm2, and as a refer-
ence electrode, a Ag/AgCl 3M electrode—was used for all electrochemical measurements.
Before the electrochemical tests, the active surfaces of the samples (2 cm2) were processed
by mechanical grinding, in stages, until metallographic quality; then, they were cleaned in
an ultrasonic field with a degreasing solution, followed by ethanol and double-distilled
water washing. The electrical contacts were made of titanium wire and insulated with insu-
lating varnish and Teflon tape like the inactive surfaces. In order to prove reproducibility
of the measurements, three specimens for each type of alloy were tested.

3. Results and Discussions

3.1. Microstructure and Morphology Analysis

Figures 1 and 2 show the SEM aspects of the microstructures of the analyzed samples.
All the samples have specific structures for titanium alloys in the cast state; from a morpho-
logical point of view, they are lamellar biphasic, α + β, the proportion of the two phases
changing depending on the tantalum content in the alloy. It can be observed that the
reference alloy, without tantalum (A0), consists of a mixture of relatively balanced α and β

solid solutions (Figure 1a) with α lamellae of considerable thickness. When adding a 9%
amount of tantalum, the morphology does not change significantly (Figure 1b sample A10)
with the mention that, as the concentration of Ta increases, the thickness of the α lamellae
tends to decrease. At a content of 15% Ta, (A15), the morphology changes drastically, the
microstructure consists mainly of a beta-solid solution with colonies of thin alpha lamellae
mostly grouped at the grain boundaries, as seen in Figure 2a. The structure of the A20
alloy, with 20% Ta, is like A15, the proportion of the α phase decreases, the alloy has a
predominantly β structure, over 90% [23], and the α phase is organized mainly in the form
of rosettes, which induces changes in the mechanical and electrochemical behavior of alloys
(Figure 2b).

The evolution of the alloy structure from biphasic α + β (A0) to the majority β structure
(A20) is also highlighted by the XRD analysis (Figure 4), by the decrease in the intensity of
signals specific to the α phase until the disappearance of some of them.

The XRD patterns were compared to reference cards JCPDS No: 44-1294 for α Titanium
(P63/mmc) and 44-1288 for β Titanium (Im3 m). The experimental peaks were slightly
shifted to the left with respect to the ones from the reference cards, suggesting that the
lattice parameter has changed by the dissolution of the alloying elements in titanium.
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Figure 1. Scanning electron micrographs of the experimental alloys: (a) A0; (b) A10.

Figure 2. Scanning electron micrographs of the experimental alloys: (a) A15; (b) A20.

It should be noted that in all cases, the distribution of the phases is relatively disor-
dered, and random, with an insular organization largely like Widmannstätten-type struc-
tures similar to those reported by [23,24] for cast titanium alloys (Figure 3 low-magnification
overview of sample A10).

Figure 3. Microstructure of sample A10 at small magnification.
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The specific peaks for the β phase are difficult to identify because of the overlapping
of α-(002)/β-(110), α-(102)/β-(200), α-(103)/β-(211), and α-(004)/β-(220). In the current
configuration of the experimental setup, a quantitative determination is impossible, and
because of this aspect, the Rietveld analysis failed to converge or provided erroneous results.

Figure 4. XRD patterns of experimental titanium alloys.

An interesting aspect that could indicate the increase in the β phase proportion with
tantalum content resides in the intensity increase for the peak for β-(211) positioned at
around 69.95◦: as tantalum content increases, so does its intensity, as can be observed
in Figure 4. A similar behavior is observed for the peaks present at around 53.03◦ that
correspond to α-(102), they are in the proximity of those for β-(200), and a combined
effect can be noticed as well. Regarding the mechanical behavior of the beta titanium
alloys studied, the Vickers hardness and the modulus of elasticity were of interest for
this study. To measure the Vickers hardness, cylindrical samples were used, according to
ISO 6507-1 [22]. The measurements were performed at five points on each sample, and
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the obtained values were averaged. Figure 5 shows the dependence of the mean Vickers
hardness on the tantalum concentration in the alloy.

Figure 5. Vickers hardness dependence on tantalum concentration in alloys.

As the tantalum concentration increases from zero to 15% Ta, a slight increase in
Vickers hardness can be observed, in the range of 230–240 Vickers units, followed by a
sudden increase in hardness up to 290 units when concentration is 20% by the weight of Ta.

The evaluation of the elasticity moduli of the alloys was based on the results obtained
during the tensile tests and presented in Supplementary Materials (Figure S1 and Table S1).
The results highlighted that the modulus of elasticity decreases with increasing tantalum
content from 100 GPa for alloy A0 to 82 GPa for A10 and 55 GPa for the A20 alloy, which is
in full correlation with the evolution of the microstructure from a balanced biphasic beta
to a monophasic around 90% β phase [13]. The obtained values are in good agreement
with those reported in the specialized literature for the alloys with a much higher content
of niobium (35%) [25,26]. These findings are a plus of this research, the elaboration of an
alloy with a modulus of elasticity close to that of human bone and with a lower content of
niobium, considering the scientific controversies surrounding this alloying element.

3.2. Electrochemical Behavior of Alloys

The electrochemical behavior of the experimentally developed alloys, in a 3% NaCl so-
lution, was studied by monitoring the stationary potential (OCP) for 168 h at a temperature
of 37.5 ◦C, i.e., in a steady state without external polarization, completed with electrochem-
ical impedance measurements (EIS) at the OCP. Corrosion rates were determined by the
Tafel slope method in a potential range of ± 250 mV around the corrosion potential. The
time evolution of the OCP in the 3% NaCl solution is presented in Figure 6, from which it
can be seen that all alloys initially have negative values of the OCP that move slowly, with
less than 2 mV/h, toward positive values, which indicates the tendency of passivation in
the presence of water. All alloys with tantalum content (A10, A15, A20 samples) have more
negative values (with about 150 mV) compared to the alloy without tantalum A0, and this
tendency is maintained throughout immersion.
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Figure 6. Time evolution of the OCP of the experimental alloys immersed in 3% NaCl solution at
a temperature of 37.5 ◦C for 168 h.

As Figure 6 illustrates, a similar behavior is observed for the A10 and A15 samples,
with a tendency to reach a steady state after 168 h, while the A0 and A20 samples show
a different response. After 70 h of immersion, for the alloys with 15% and 20% Ta, the
stationary potential values are practically identical in spite of dissimilar behavior suggesting
that on the A20 sample, the surface of the passive film is an active state. According to
literature report [8], this action is due to the preferential adsorption of Cl− ions on the
passive film grown on the surface during immersion. At the end of the period of immersion,
only the alloy with 10% Ta (A10) seems to have reached the steady state; all the others show
a relatively monotonously increasing variation, which may mean a consolidation of the
passive state of the surface.

Microscopic analysis of the surface after 168 h of immersion in the 3% NaCl solution
did not reveal any localized corrosion, unlike other types of titanium alloys, for example,
TiNi which, according to [27], in a 0.9% NaCl solution at 25 ◦C showed the tendency of
depassivation and pitting corrosion, one of the most common forms of corrosion that
appear on orthodontic materials [28]. On the other hand, all the potentials have more
electropositive values compared to those of other alloys based on titanium TiNi, Ti6Al4V,
or even titanium CP [29]. This behavior can be attributed to the spontaneous passivation
in the air of the alloys but also to the contribution of silver, the potential of the standard
Ag electrode being known to be very electropositive (EAg0 = +0.799 V) according to [30].
Regarding the electrochemical parameters extracted from the Tafel curves (Figure 7) sys-
tematized in Table 2, it is observed that after 168 h of immersion in the 3% NaCl solution,
the equilibrium potentials of all the alloys are much more electropositive than the corrosion
potentials, which means that the alloys are spontaneously in a state of passivity.

Table 2. Electrochemical parameters after 168 h of immersion in 3% NaCl solution and artificial saliva
at temperature of 37.5 ◦C (Tafel curves).

Specimen

3% NaCl Artificial Saliva

Ecorr, mV
icor,

μA cm−2 rcor, μm y−1 Eoc, mV Ecorr, mV
icor,

μA cm−2 rcor, μm y−1 Eoc,
mV

A0 14.3 0.027 0.9 135 11.5 0.011 0.41 −10.5
A10 −69.8 0.13 5 57 0.002 0.09 4.6 0.002
A15 −90.3 0.5 18 −12 0.008 0.15 17.2 0.008
A20 −72.8 1.1 47 −10 0.011 42.25 34 0.011
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Figure 7. Tafel curves of tested alloys after 168 h of exposure in 3% NaCl solution at temperature of
37.5 ◦C.

Also, it can be observed that the addition of Ta moves the corrosion potential toward
more electronegative values, a fact reported by other authors [31]. Regarding the corrosion
rates in the NaCl environment with increased aggressiveness and due to the temperature
of 37.5 ◦C, they increase as the tantalum content in the alloy increases but remain at lower
values than those reported by [31] for the alloys commonly used in orthopedic surgery,
Ti6Al4V. Thus, SK Yen [32] reported corrosion current densities greater than 45.93 μA cm−2

in a 0.6 M NaCl solution at room temperature, while the A 20 alloy with the smallest
modulus of elasticity showed icor = 1.1 μA cm−2 at a temperature of 37.5 ◦C. The superior
corrosion behavior of these alloys can also be attributed to the beneficial influence of silver,
explained in the literature also by catalyzing the oxygen reduction reaction and favoring
passivation [33]. Concerning the corrosion rates, although they increase with the increase
in the concentration of tantalum in the alloy, they remain at relatively low values between
5 μm y−1 and 47 μm y−1. Moreover, the preliminary research carried out on these materials
in artificial saliva highlights a relatively similar influence of tantalum on the electrochemical
parameters (Table 2).

The electrochemical behavior of the alloys discussed above was also confirmed by the
EIS tests whose response is presented in the form of Nyquist and Bode curves (Figure 8).
Figure 8a corresponding to Nyquist plots discloses the decrease in polarization resistance
with the increase in tantalum content in the alloy, simultaneously with the increase in
resistive behavior. Samples A0, A10, and A15 showed similar behavior, while for the A20
sample, a significant difference is evidenced (Figure 8a inset). However, it is important to no-
tice that the A0, A10, and A15 samples present higher impedance related to good corrosion
resistance, while for the A20 sample with a high content of tantalum, more susceptibility
to corrosion in a NaCl solution was observed. From Bode plots (Figure 8b), the presence
of two-time constants can be seen, one at high frequencies due to the non-compensation
of the ohmic drop in the electrolyte according to [34], and in the low-frequency range, the
second time constant appears because of the reaction or diffusion of the species, especially
of the chlorine ions, through the oxide film formed. This behavior is much more obvious at
the A15 and A20 alloys, while the A10 alloy, in which the phase angle at low frequencies
(Figure 8b inset) remains relatively constant at a value close to 80◦, showing a pseudoca-
pacitive character of surface passivation [35,36]. Instead, the lower phase angle of the A20
sample reveals a defective capacitor, a less protective layer that inherently decreases the
corrosion resistance of the alloy with a high content of tantalum.
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Figure 8. EIS plots obtained after 168 h of immersion in 3% NaCl solution at 37.5 ◦C on all samples:
(a) Nyquist plots (inset: magnification of plots at high frequency); (b) Bode plots (inset: phase angle).

In order to go deeper, the EIS spectra of all samples were fitted using an electric
equivalent circuit model (EEC) illustrated in Figure 9. The equivalent circuit herein used
consists of Rs, Rox, Rct, Q1, and Q2 where Rs represents the resistance of the electrolyte, the
system Rox and Q1 simulates the processes that take place through the oxide film, and Rct
simulates the charge transfer resistance, respectively, a constant-phase element Q2 instead
of a capacitance that describes the capacitive characteristic of the oxide layer. Since the
oxide layers formed on Ti-based alloys regularly exhibit a duplex structure that resides in a
barrier-type thin compact inner one and a porous external one [37], the Q elements, which
describe the deviation of the electrochemical reaction from the ideal capacitive behavior,
are more suited for better fitting the EIS spectra.

Figure 9. Equivalent electrical circuit model.

The results of fitting the experimental data with the proposed EEC are shown in
Table 3. As a general remark, the higher Rox or Rct values are an indicator of better surface
protection [38]. From the parameters presented in Table 3, one may estimate that the
Rox and Rct of the A10 sample (i.e., 9.5 KΩ cm2 and 258.2 KΩ cm2) are superior to those
of the A15 (i.e., 8.1 KΩ cm2 and 82.1 KΩ cm2) and A20 samples (i.e., 2.2 KΩ cm2 and
5.04 KΩ cm2), respectively. On the other hand, the alpha-exponent of the constant-phase
element for all samples has values of about 0.9, which indicates a behavior close to an ideal
capacity of the film formed on titanium alloys [34] and confirms the tendency of titanium
alloys to passivate [38].
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Table 3. The obtained EIS parameters from fitting experimental data on the proposed equivalent
electrical circuit (Figure 9).

Specimen
Rs

(Ω cm2)
Rox

(KΩ cm2)
Q1

(Ω−1 cm−2 sn)
n1

Rct

(KΩ cm2)
Q2

(Ω−1 cm−2 sn)
n2 Chi

A0 3.09 37 6.6 × 10−6 0.62 1022 11.5 × 10−6 0.9 0.4
A10 3.4 9.5 2.68 × 10−6 0.72 258.2 12.68 × 10−6 0.88 0.335
A15 2.8 8.1 13.37 × 10−6 0.69 82.1 97.03 × 10−6 0.89 0.538
A20 4.6 2.2 861 × 10−6 0.60 5.04 821.9 × 10−6 0.92 0.439

These results suggest a better corrosion resistance of the sample with a lower content
of tantalum in chemical compositions which is in line with literature reports [4,18].

It is known that an aggressive environment with a high concentration of chloride ions
(Cl−) furthers the corrosion processes, leading to a decrease in the corrosion resistance of the
alloys. The corrosion parameters estimated for the alloys presented in this study highlighted
good resistance corrosion after 168 h of immersion in a 3% NaCl solution, placing these
alloys in the very stable (A10 sample) and stable (A15 and A20 samples) corrosion resistance
classes according to [39]. This good resistance corrosion of TixTa9Zr8Nb2Ag alloys might
also occur due to a large content of the β phase in the alloy structure evidenced by the
XRD results, which are in agreement with literature report [40]. Moreover, from EIS
results, which evidenced higher Rct and Rox for the A10 sample and a lower corrosion rate
(<10 μm y−1), one may state that the Ti10Ta9Zr8Nb2Ag alloy provides better corrosion
resistance in a 3% NaCl solution. Furthermore, a low value of the elasticity modulus
obtained for the Ti10Ta9Zr8Nb2Ag alloy (A10 sample) close to that of human bone makes
it suitable for surgical application.

In summary, the results presented in this study highlighted the influence of the
tantalum content in the chemical composition of the alloy on the mechanical properties, as
well as on corrosion resistance, and point out that the Ti10Ta9Zr8Nb2Ag alloy might be
successfully used for medical implants.

4. Conclusions

The alloying of the Ti9Zr8Nb2Ag alloy with tantalum significantly changes its struc-
ture in the cast state, in the sense of increasing the proportion of the beta phase.

The alloy with 20% tantalum contains around 90% of the β phase and can be considered
monophasic.

Structure changing produces a change in the mechanical and electrochemical proper-
ties of alloys.

After adding 10% tantalum to the alloy, the modulus of elasticity decreased by 18%
from 100 GPa to 83 GPa, and at a content of 20% Ta, it reached the value of 55 GPa, closer
to the modulus of human bone compared with most used alloys such as CoCr or Ti-6Al-4V.

Vickers hardness increases with the tantalum concentration increasing in alloys.
Tantalum shifts the stationary potential in a 3% NaCl solution at 37.5 ◦C toward more

electronegative values by approximately 150–180 mV.
Alloys with a Ta content between 10 and 20% show, in a 3% NaCl solution, stationary

potentials that are more electropositive than corrosion potentials, which highlights the
passivation tendency.

The corrosion rates increase with the increase in the concentration of tantalum in the
alloy, but they remain at relatively low values between 5 μm y−1 and 47 μm y−1.

Supplementary Materials: The following supporting information can be downloaded at https:
//www.mdpi.com/article/10.3390/met13071294/s1, Figure S1: Stress—strain curves for a selection
of test samples. On the chart plots showing the linear—elastic region of elastic moduli of 100 GPa,
50 GPa and 20 GPa are presented; Table S1: Strength parameters for the experimental alloys.
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Abstract: This research manuscript investigates the structural and thermal stability of CrZrON
coatings synthesized through reactive magnetron sputtering. The coatings were deposited at different
temperatures with 120 ◦C and 400 ◦C, and with varying oxygen-to-reactive gas ratios in the range
of 8.3% to 25.7%. The average chemical composition, crystallographic orientation, microstructure,
lattice parameter, crystallite size, and hardness of the coatings were evaluated. The results revealed
that the coatings deposited at a lower temperature of 120 ◦C exhibited a columnar structure, while
those deposited at a higher temperature of 400 ◦C showed a transition towards a featureless or
amorphous structure. The lattice parameter and crystallite size were influenced by the deposition
temperature and oxygen ratio, indicating the incorporation of oxygen into the coatings. Hardness
measurements demonstrated that the coatings’ hardness decreased from 33.7 GPa to 28.6 GPa for
a process temperature of 120 ◦C and from 32.1 GPa to 25.7 GPa for 400 ◦C with an increase in the
oxygen ratio, primarily due to the formation of oxygen-rich compounds or oxides. Additionally,
annealing experiments indicated that the coatings with featureless or amorphous structures exhibited
improved thermal stability, as they maintained their structural integrity without delamination even
at high annealing temperatures.

Keywords: CrZrON; oxynitride; hardness; thermal stability

1. Introduction

CrN coatings have been widely used in the tool and forming industries due to their
excellent mechanical properties and wear behaviors [1–3]. However, further research has
been devoted to the development of ternary systems to meet the harsh criteria of a fast-
changing industry. Especially in an attempt to improve the hardness, friction resistance,
and oxidation-resistance of CrN, the incorporation of elements such as Zr, Al, or Si into a
Cr-N coating has been actively introduced [4–14].

Among the Cr-based ternary transition-metal nitrides, CrZrN coatings provide quite
unique characteristics relative to CrN [4,6,8,9]. Kim et al. [4] reported that the maximum
hardness of CrZrN with an increase of up to 12.1 at.% of Zr content reached 34 GPa, as
well as the tribological properties from the ball-on-disc wear test, which revealed no film
failure compared to CrN. Feng et al. [8] also found that the content ratio of Zr to Cr played
an important role in enhancing mechanical and tribological properties. They proposed
that the increased hardness of Cr-Zr-N originated from solid solution hardening and the
lattice distortion in the film. However, as reported in our previous studies, the thermal
stability of the CrZrN coating significantly deteriorates at elevated temperatures up to
500 ◦C, resulting in a hardness and friction coefficient almost identical to those of Cr-N [6].
This phenomenon iss mostly due to the fact that the CrZrN coating was oxidized primarily
by the inward transport of oxygen, along with the outward diffusion of Cr and Zr to a small
extent [15]. To overcome the inadequate high-temperature applications of CrZrN coatings,
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structural modification is necessary to ensure the blockage of the oxygen pathway in CrZrN
coatings. One of the strategic candidates for enhancing thermal stability is modulating
structure by adding an active oxygen element, i.e., the formation of oxynitride. It has
been well established that oxynitride coatings have a beneficial effect on thermal stability
since the formation of a protective oxide layer on the surface impedes the inward diffusion
of oxygen [16,17]. Nevertheless, the oxidation resistance and thermal stability of CrZr
oxynitride coatings have never been investigated in depth until now.

As the thermal stability of the CrZrN coatings is limited to less than 500 ◦C, aim of this
study is to investigate the structural evolution and thermal stability of CrZrON coatings
as a function of the oxygen-to-nitrogen flow ratio and deposition temperature during
the sputtering process. The development of thermally stable CrZrON coatings by the
incorporation of oxygen into CrZrN would become valuable insights for the advancement
of scientific knowledge and practical applications in industries such as tools and forming.

2. Materials and Experimental Procedures

2.1. Deposition Conditions

CrZrON coatings were deposited on two types of substrates, Si (100) wafers, using a
reactive magnetron sputtering system. A segment target composed of Cr and Zr (volume
fraction 1:1) was used as a source material [18]. Prior to deposition, the base pressure of
the sputtering chamber was pumped down to less than 2.6 × 10−3 Pa, and pre-sputtering
was carried out to clean the substrate surface at the Ar pressure of 0.4 Pa with a pulsed DC
power of 0.5 kW. Subsequently, the CrZrON coatings were synthesized to be ca. 2 μm thick
using a pulsed DC power of 0.7 kW (frequency: 25 kHz, duty ratio: 70%). The working
pressure with the mixture of Ar of 0.4 Pa and N2 + O2 of 0.16 Pa gas was fixed at a total
pressure of 0.56 Pa. To modulate the structure of coatings, the ratio of O2/(O2 + N2) gas
pressure was varied to be 8.3%, 16.7%, and 25%, and the deposition temperature was
controlled to be 120 ◦C and 400 ◦C, respectively. During deposition, the bias voltage and
rotation speed of the substrate were maintained at −100 V and 10 rpm, respectively.

2.2. Characterization of Coatings

Chemical compositions of the coatings were acquired using energy-dispersive X-ray
spectroscopy (EDX) installed on scanning electron microscopy (SEM, Tescan/VEGA II LMU,
Brno, Czech Republic). The crystalline structure and phase were characterized via X-ray
diffraction (XRD, Rigaku/Ultima IV, Tokyo, Japan) with Cu Kα radiation (λ = 0.15418 nm).
Based on XRD results, Scherrer equation was used to calculate the crystallite size as
follows [19]:

D =
0.9 λ

d cos θ
(1)

where D is crystallite size, λ is wavelength (λ = 0.15418 nm), d is FWHM (full width at half
maximum intensity of the peak in radians), and θ is Bragg’s diffraction angle. In addition,
the lattice parameters were calculated from the interplanar spacing using the Miller indices
of the crystal planes.

Hardness was measured via a microhardness-testing system (Fischerscope H100C,
Sindelfingen, Germany) with a Poisson ratio of 0.3, a load of 25 mN, and 10 s of loading
time by measuring a depth less than 0.2 μm to avoid a possible substrate effect. For the
reliability of the hardness value, the hardness of films was measured at least 10 times.

For evaluating the thermal stability of the coatings, the annealing was performed at a
temperature of 500 ◦C and 600 ◦C in air for an hour, and then they were cooled down in
a furnace.

3. Results and Discussion

The CrZrON coatings were synthesized via the reactive magnetron sputtering process,
which employed the simultaneous sputter of a segment target composed of Cr and Zr
(vol. ratio of 1:1) in the presence of O2 and N2 reactive gases. Using this strategy, the
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average chemical composition of CrZrON coatings was measured via a SEM-equipped
EDX, as summarized in Table 1 and Figure 1. As shown in Figure 1a, the ratio of metallic
to non-metallic elements was calculated as a function of O2/(O2 + N2) gas flow. The
(Cr + Zr)/(O + N) ratio was calculated to be <1 for all quaternary CrZrON coatings, which
suggests that the metal is under stoichiometry. With increasing the O2 gas with a deposition
temperature of 120 ◦C, the (Cr + Zr)/(O + N) ratio tended to decrease in the range of
0.75 to 0.62, which is lower relative to the ratio range of 0.9 to 0.7 with the deposition
temperature of 400 ◦C. Typically, the ratio of metallic to non-metallic elements for pure
oxide or high oxygen content is approximately 0.66, implying the stoichiometric formation
of (CrxZr1−x)2(O1−yNy)3 (see dashed line in Figure 1a) [20,21]. Although the CrZrON
coatings synthesized with a deposition temperature of 120 ◦C seem to have an oxygen-rich
composition, as evidenced by a (Cr + Zr)/(O + N) ratio similar to 0.66 with an increase in
the O2 gas ratio, it was found that the oxygen content and the ratio of oxygen to nitrogen in
coatings are much lower than those at a deposition temperature of 400 ◦C (see Table 1 and
Figure 1b). Furthermore, the Cr/Zr content ratio of the coatings deposited at 400 ◦C (ca. 1.1)
decreased compared to deposition at 120 ◦C (ca. 2.1). This result can be explained by the fact
that the reactivity of O2 gas with metallic species, especially Zr, among possible reactions
in the chamber, was accelerated with increasing deposition temperature. Therefore, the
CrZrON coatings synthesized at low deposition temperatures consist of ternary CrZr
nitride rather than CrZr oxynitride or CrZr oxide, whereas high deposition temperatures
give rise to the formation of oxygen-rich compounds. Such phase formation in CrZrON
coatings is comprehensively discussed in the XRD analysis.

Figure 1. (a) (Cr + Zr)/(O + N) ratio and (b) O/(O + N) of CrZrON coatings corresponding to
(a) (Cr + Zr)/(O + N) ratio and (b) O/(O + N) ratio as a function of O2/(O2 + N2) gas flow.
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Table 1. Chemical composition of CrZrON coatings measured via EDS.

Deposition Temperature (◦C)
O2/(O2 + N2) Gas Flow Ratio

(%)
Chemical Composition

(at.%)

120
8.3 Cr29.0 Zr14.0 O3.4 N53.6

16.7 Cr27.4 Zr12.8 O6.7 N53.1
25.0 Cr26.5 Zr11.9 O11.1 N50.5

400
8.3 Cr24.9 Zr22.5 O14.1 N38.5

16.7 Cr23.3 Zr20.8 O27.2 N28.7
25.0 Cr21.8 Zr19.3 O41.2 N17.9

The XRD analysis was performed on CrZrON coatings deposited under different
conditions, specifically at deposition temperatures of 120 and 400 ◦C, as shown in Figure 2.
The influence of the O2/(O2 + N2) gas flow ratio on the crystallographic orientation and
structure of the films was investigated. At a deposition temperature of 120 ◦C, the XRD
results revealed interesting observations. When the O2/(O2 + N2) ratio was initially set
at 8.3%, a strong CrZrN (200) peak was observed, indicating a preferential growth of the
CrZrN phase. CrN and ZrN both crystallize in a rock-salt (NaCl) structure and have similar
lattice parameters. This similarity allows for the formation of a solid solution between the
CrN (200) and ZrN (200) planes, resulting in the CrZrN (200) phase observed in the XRD
analysis. However, as the O2/(O2 + N2) ratio increased to 25%, the intensity of the CrZrN
(200) peak gradually decreased. Concurrently, the appearance of a strong (104) Cr2O3 peak
in the XRD pattern suggested the formation of Cr2O3 alongside the CrZrN phase. Moreover,
the (111) and (200) peaks of CrZrN were accompanied by the emergence of a strong Cr2O3
peak, indicating the coexistence of these phases in the deposited coating. In the case of a
deposition temperature of 400 ◦C, the XRD results demonstrated distinct characteristics.
Initially, at an O2/(O2 + N2) ratio of 8.3%, a dominant peak corresponding to the CrZrN
(200) plane was observed, indicating a preferred crystallographic orientation of the film.
However, as the O2/(O2 + N2) ratio increased to 25%, the intensity of the CrZrN (200) peak
gradually decreased. Notably, at the 25% O2/(O2 + N2) ratio, the CrZrN peaks were no
longer discernible. Additionally, the sharp peaks observed for Cr2O3 at lower O2/(O2 + N2)
ratios were nearly diminished, and broad peaks were observed instead. These broad peaks
suggest a potential transformation towards an amorphous or featureless structure in the
coating. The formation of an amorphous structure at relatively high temperatures and high
O2 ratios could be attributed to the thermodynamic and kinetic processes occurring during
the deposition of the CrZrON coatings. At high temperatures, atoms or ions possess higher
kinetic energy, promoting their mobility and facilitating diffusion. This enhanced diffusion
could lead to atomic rearrangements and the breakdown of long-range order, contributing
to the formation of an amorphous structure [22–24]. In addition, in the presence of high
oxygen content, chemical reactions between oxygen and the material’s constituents can
occur. These reactions may involve the formation of oxides, oxygen-rich compounds, or
chemical reactions with existing crystalline phases. These chemical transformations disrupt
the crystalline lattice and favor the formation of an amorphous structure by making the
energy required to maintain a crystalline structure unfavorable [23,25].
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Figure 2. XRD of as-prepared CrZrON coatings as a function of O2/(O2 + N2) gas flow and deposition
temperature.

The lattice parameter, crystallite size, and hardness of the CrZrON coatings were
evaluated to understand the influence of the O2/(O2 + N2) gas flow ratio and deposition
temperature on their structural and mechanical properties, as shown in Figure 3. In terms of
the lattice parameter, at a deposition temperature of 120 ◦C, an increase in the O2/(O2 + N2)
ratio from 8.3% to 25% led to a gradual decrease in the lattice parameter from 0.435 nm to
0.429 nm. This reduction can be attributed to the incorporation of oxygen into the coatings,
resulting in the formation of oxygen-rich compounds. On the other hand, at a higher
deposition temperature of 400 ◦C, the lattice parameter slightly decreased from 0.442 nm to
0.44 nm as the O2/(O2 + N2) ratio increased from 8.3% to 16.7%. However, at the highest
O2/(O2 + N2) ratio of 25.0% and 400 ◦C, no clear lattice parameter was observed, suggesting
the presence of a potentially amorphous or featureless structure. The crystallite size of the
coatings exhibited different behaviors with respect to deposition temperature. At 120 ◦C, an
increase in the O2/(O2 + N2) ratio from 8.3% to 25% resulted in a decrease in the crystallite
size from 5.9 nm to 5.3 nm. This reduction can be attributed to enhanced nucleation and
grain growth inhibition due to the presence of oxygen during deposition. An increase in
the O2/(O2 + N2) ratio from 8.3% to 16.7% resulted in a decrease in the crystallite size
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from 26.2 nm to 15 nm. This decrease can be attributed to the inhibition of grain growth
and coalescence due to the higher concentration of oxygen in the coating. However, at
the highest O2/(O2 + N2) ratio of 25.0% and 400 ◦C, no clear crystallite size was observed,
indicating the potential transformation towards an amorphous or featureless structure.
Regarding hardness, at 120 ◦C, the hardness values decreased from 33.7 GPa to 28.6 GPa
as the O2/(O2 + N2) ratio increased from 8.3% to 25%. This decrease can be attributed to
the incorporation of oxygen into the coatings, which is known to reduce the hardness of
nitride films. At 400 ◦C, the hardness values decreased from 32.1 GPa to 25.7 GPa with
an increasing O2/(O2 + N2) ratio from 8.3% to 25.0%. This reduction in hardness can be
attributed to the combined effects of increased oxygen content. The introduction of oxygen
can lead to the formation of oxygen-rich compounds, or oxides, within the coating. These
compounds often have a lower hardness compared to the corresponding nitride phases.
The presence of softer phases or compounds within the coating matrix can contribute to
a decrease in hardness [26,27]. When oxygen is introduced into the crystal lattice, it can
disrupt the arrangement of atoms and cause structural changes, leading to the formation of
softer phases or compounds. The presence of these softer phases within the coating matrix
can contribute to a decrease in hardness [28].

Figure 3. (a) Crystallite size, (b) lattice parameters, and (c) hardness of CrZrON as a function of
O2/(O2 + N2) gas flow.

Figure 4 shows the microstructure of CrZrON coatings deposited under different
conditions. At O2/(O2 + N2) in the range of 8.3% to 25.0% and lower deposition temper-
atures (120 ◦C), the coatings exhibit a columnar structure as evidenced by the FE-SEM
images (Figure 4a–c). In this columnar structure, the grains of the coating align vertically,
forming elongated columns. In the case of O2/(O2 + N2) in the range of 8.3% and 16.7% at
400 ◦C, the columnar structure was also taken. However, at higher oxygen ratios (25%) and
higher deposition temperatures (400 ◦C), the FE-SEM images reveal a featureless structure.
The absence of distinct columnar structure suggests a more homogeneous and possibly
amorphous or nanocrystalline microstructure. The observed transition from a columnar
structure to a featureless structure with an increase in oxygen ratio and deposition tempera-
ture may be attributed to the influence of oxygen on the growth kinetics and microstructure
evolution during deposition. The presence of oxygen can affect the nucleation and growth
processes, leading to different crystallographic orientations and grain structures.

284



Coatings 2023, 13, 1254

 

Figure 4. Cross-sectional FE-SEM images of CrZrON coatings corresponding to (a) 8.3% of
O2/(O2 + N2) at 120 ◦C, (b) 16.7% of O2/(O2 + N2) at 120 ◦C, (c) 25.0% of O2/(O2 + N2) at 120 ◦C,
(d) 8.3% of O2/(O2 + N2) at 400 ◦C, (e) 16.7% of O2/(O2 + N2) at 400 ◦C, and (f) 25.0% of O2/(O2 + N2)
at 400 ◦C.

The thermal stability of the CrZrON coatings was assessed by examining their hard-
ness under different annealing temperatures, as shown in Figure 5. For the coatings synthe-
sized at an oxygen ratio of 8.3% and a deposition temperature of 120 ◦C, a high hardness of
33.7 GPa was observed at room temperature (RT). However, upon annealing at 500 ◦C, the
hardness decreased to 9.8 GPa, indicating a reduction in the coating’s strength as a result of
thermal relaxation and potential grain growth. At 600 ◦C, delamination occurred, indicating
a loss of structural integrity within the coating. Similarly, for the coatings synthesized at an
O2/(O2 + N2) of 25% and a 120 ◦C deposition temperature, the hardness was 28.6 GPa at
RT. After annealing at 500 ◦C, the hardness further decreased to 12.9 GPa, and subsequently,
delamination was observed at 600 ◦C, indicating a critical temperature beyond which the
coating’s structure became unstable. In contrast, the coatings deposited at a higher tempera-
ture of 400 ◦C exhibited higher hardness values after annealing compared to those at 120 ◦C.
For the 8.3% oxygen ratio, the hardness was 32.1 GPa at RT. Upon annealing at 500 ◦C,
the hardness decreased to 11.5 GPa, and delamination also occurred at 600 ◦C. For the
25% oxygen ratio at 400 ◦C, the coating exhibited a hardness of 25.7 GPa at RT, which was
relatively lower compared to the 8.3% oxygen ratio. Upon annealing at 500 ◦C, the hardness
of the coatings with a 25% oxygen ratio decreased to 20.5 GPa. Subsequently, at 600 ◦C, the
hardness further dropped to 18.9 GPa. Notably, while a decrease in hardness was observed,
no delamination of the coatings was observed under these annealing conditions. This
was due to the absence of grain boundaries and defects, which are typically present in
crystalline materials and can act as initiation sites for thermal degradation processes [29,30].
In featureless or amorphous structures, the absence of long-range order and the presence of
a disordered atomic arrangement result in improved resistance to grain growth, diffusion,
and structural transformations at elevated temperatures [31,32]. Consequently, coatings
with featureless or amorphous structures have the potential to maintain their integrity and
mechanical properties even under high-temperature conditions, making them desirable for
applications requiring superior thermal stability.
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Figure 5. Hardness of CrZrON coatings after annealing in the range of room temperature to 600 ◦C.

4. Conclusions

In this study, the structural and thermal stability of CrZrON coatings synthesized via
reactive magnetron sputtering were investigated in terms of the deposition temperature
and oxygen-to-reactive gas ratio. The aim was to explore the relationship between the
modified structure and the thermal stability of the coatings and to provide insights into the
development of thermally stable CrZrON coatings. The main conclusions are as follows:

(1) Coatings deposited at lower temperatures exhibited a columnar structure, while
those deposited at higher temperatures showed a transition towards a featureless or
amorphous structure.

(2) Increasing the O2/(O2 + N2) ratio led to a decrease in lattice parameter, suggesting the
incorporation of oxygen and the formation of oxygen-rich compounds in the coatings.

(3) Crystallite size exhibited different behaviors with respect to deposition temperature
and O2/(O2 + N2) ratio, showing reductions due to enhanced nucleation, grain growth
inhibition, and the presence of oxygen during deposition.

(4) Hardness values decreased with increasing O2/(O2 + N2) ratio, attributed to oxygen
incorporation and the formation of oxygen-rich compounds with lower hardness
compared to nitride phases.

(5) Annealing experiments demonstrated that coatings with featureless or amorphous
structures exhibited superior thermal stability, maintaining their structural integrity
even at high temperatures.

(6) The thermal stability of CrZrN coatings limited to 500 ◦C can be enhanced by incor-
porating oxygen, allowing CrZrON coatings to be utilized up to 600 ◦C, thus opening
new avenues for their application in various industries.
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Abstract: Using Cr-bearing low-alloy steel is an effective preventive measure for marine structures,
as it offers superior corrosion resistance when compared to plain carbon steel. However, it remains
unclear how quenching and tempering heat treatment, which is commonly applied to steel rein-
forcement in some specific environments to improve its mechanical properties, affects its corrosion
resistance. In the present work, the impact of heat treatment on the passive film and depassivation
behavior of the 0.2C-1.4Mn-0.6Si-5Cr steel are studied. The results reveal that quenching and temper-
ing result in grain refinement of the Cr-bearing steel, which increases its hardness. However, this
refinement causes significant degradation in its corrosion resistance. The critical [Cl−]/[OH−] ratio
after quenching and tempering is determined to be approximately 6.6 times lower than that after
normalization, and the corrosion rate is 1.6 times higher. After quenching and tempering, the passive
film predominantly comprises iron oxides and hydroxides, with relatively high water content and
defect density. Additionally, the FeII/FeIII ratio and film resistance are relatively low. In comparison,
after normalization, the steel exhibits high corrosion resistance, with the passive film formed offering
the highest level of protection.

Keywords: chromium-bearing steel; corrosion; grain size; heat treatment; passive film

1. Introduction

Chloride-induced corrosion of steel reinforcement precisely limits the service life of
marine structures. The use of low-alloy steel reinforcement with higher corrosion resistance
than plain carbon steel is an efficient preventative method in highly aggressive marine
environments [1]. In recent years, Cr-bearing low-alloy steel has attracted increasing
attention due to its superior corrosion resistance, mechanical properties, weldability, and
low cost compared to traditional carbon steel and stainless steel.

A thin, protective passive film can be formed on steel reinforcement under the alkaline
conditions of ordinary concrete. This film has a strong influence on the durability of
the structure because in the chloride-contaminated concrete, the service life is usually
assumed to be equal to the initiation timeframe when the breakdown of passive film
occurs (Figure 1) [2]. Several studies indicate that the alloy element Cr is involved in the
formation of passive films on Cr-bearing steel, as Cr facilitates the formation of Cr2O3
and Cr(OH)3 and thus inhibits the further oxidation and hydration of passive films [3,4].
The modified passive film of Cr-bearing steel improves the corrosion resistance of steel:
numerous studies have proven that the critical chloride content and resistance to pitting
corrosion initiation are higher after Cr addition to carbon steel [5–9]. As a result, the passive
film and its depassivation behavior for Cr-bearing steel play important roles in increasing
corrosion resistance.

Generally, hot-rolled steel bars are used directly in practical applications. In some spe-
cific environments, such as prestressed concrete sleepers, heat-treated steel reinforcement
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is applied to improve the mechanical properties of the materials used in terms of strength,
ductility, yield ratio, and cold bending performance [10]. Heat treatment can lead to a
change in the microstructure of steels in terms of the carbides, grain size, and so on. Numer-
ous works have observed a direct relationship between localized corrosion susceptibility
and the presence of carbide phases in steel [11,12], since carbides with a noble electrochem-
ical equilibrium potential accelerate galvanic corrosion and ferrite dissolution [13,14]. Even
worse, carbides such as cementite can continuously aggravate galvanic corrosion during
corrosion evolution processes due to the sustained accumulation of cementite on the steel
surface, which can lead to an increase in the surface area ratio between the cathode and
anode [12,15]. However, a recent study reported that an increase in the carbide content
could slow the corrosion rate for steel, as it can improve the formation kinetics for passive
films [16]. The grain size also has a considerable effect on the corrosion process [17–20].
Wang et al. noted that the relationship between the grain size and corrosion rate depends on
the corrosive medium [21]. In an active corrosion system, grain refinement can accelerate
corrosion due to the high electrochemical activity of grain boundaries, while in a passive
solution, grain refinement can lead to an improvement in corrosion resistance [21–23].
In addition, some researchers have suggested the importance of structural heterogeneity
(simultaneous presence of small and large grains) in decreasing the corrosion resistance of
steel, and they observed that the corrosion rate is more dependent on grain size and the
corresponding dispersion of grains with different grades [24].

Figure 1. The service life including the initiation and propagation periods for corrosion in a reinforced
concrete structure (Tuutti’s model) [2].

However, the effect of heat treatment on the passivation and depassivation behavior
of Cr-bearing low-alloy steel remains unclear. Does heat treatment influence the protective
ability of passive film and thus affect the structural durability? How does heat treatment
influence the property of passive film, that is, the Cr distribution, chemical composition,
structure, and electrical characteristics in the passive film? In fact, previous studies have
established the mechanism of effect of heat treatment on corrosion behavior of plain steel,
but few studies are available regarding the use of different heat treatment processes for
Cr-bearing steel reinforcement.

In this study, three types of heat treatment, namely, annealing, normalizing, and
quenching and tempering, were applied to the as-received 5 wt.% Cr steel (0.2C-1.4Mn-0.6Si-
5Cr). Then, electrochemical measurements, immersion tests, and physical characterization
techniques were employed to investigate the effect of heat treatment on the microstructure
evolution, passivation, and corrosion behavior of Cr-bearing steel in a simulated marine
concrete environment.
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2. Experimental Procedures

In order to evaluate the effect of heat treatment on the corrosion resistance of Cr-
bearing steel, different heat treatments were carried out on the steel specimens, followed
by physical characterization of the surface passive film, and finally the corrosion rate was
detected. The specific workflow is shown in Figure 2.

Figure 2. The workflow of the present work.

2.1. Material and Heat Treatment

The Cr-bearing steel reinforcement used in the present study consisted of a 400 MPa-
grade hot-rolled ribbed bar, and its chemical composition (wt.%) was 0.19 C, 0.60 Si, 1.39 Mn,
0.02 P, 0.09 S, 5.20 Cr, and Fe for balance. The Cr-bearing steel rebar was machined into
sheets with a size of 20 mm × 20 mm × 10 mm; ground with SiC emery paper; cleaned
with saturated calcium hydroxide, water, and alcohol; and dried with nitrogen.

Three different heat treatment routes without a controlled atmosphere were adopted.
The steel rebar specimens were kept at 900 ◦C for 40 min, and then cooled to room tempera-
ture in a furnace, air, and water and labelled ANN, NOR, and QUE, respectively. The QUE
specimens were then tempered at 480 ◦C for 20 min and air-cooled to room temperature.

2.2. Microstructure

The heat-treated samples were then mechanically ground with SiC paper, polished
with Ar ions, and etched with 4 vol.% nitric alcohol. Optical microscopy (Leica Microsys-
tems, DVM6, Würzburg, Germany, and accuracy of 1 μm) and field emission scanning
electron microscopy (TESCAN SEM, CLARA-GMH, Brno, Czech Republic, and accuracy
of 0.8 nm) were utilized to observe the microstructures of Cr-bearing steels. The grain
distribution and orientation were observed by electron backscattering diffraction analysis
(Oxford Instruments EBSD, Symmetry, Oxford, UK, and accuracy of 0.1◦). The crystal phase
composition was examined in the angular range of 5–90◦ with X-ray diffraction (Bruker
XRD equipment, D8 DISCOVER, Canton, USA, and accuracy of 0.001◦) equipment with a
Cu target.

2.3. Passive Film

X-ray photoelectron spectroscopy (Thermo Fisher XPS equipment, Thermo ESCALAB
250Xi, Wilmington, USA, and energy resolution of 15 meV) was used to characterize the
Cr-bearing steel passive film after immersion in saturated calcium hydroxide, and all XPS
spectra were calibrated by assuming a C1s peak at 284.8 eV.
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Electrochemical tests (Autolab electrochemical workstation, 302 N, Utrecht, Nether-
lands, voltage accuracy of 0.1 mV, and current accuracy of 10 nA) including impedance
spectroscopy (EIS) results and Mott-Schottky (MS) curves for the Cr-bearing steel were
analyzed to characterize the properties of the passive film. A classic three-electrode cell in
simulated concrete pore solution was used, with a Pt foil counter electrode, a Cr-bearing
steel working electrode, and an SCE reference electrode. The steel rebar was machined into
dimensions of 10 mm × 10 mm × 5 mm, welded with copper wire, embedded in epoxy
resin with a working surface of 1 cm2, and ground with #2000 emery papers. EIS was
measured from 100 kHz to 10 mHz at the open-circuit potential with a sinusoidal potential
perturbation of 10 mV. MS was tested from 1 to −1 VSCE with a step rate of 50 mV/s using a
sinusoidal signal with a frequency of 1 kHz and an amplitude of 10 mV. All electrochemical
measurements were repeated at least three times to ensure the repeatability of the data.

2.4. Depassivation

To determine the critical concentration of the chloride threshold (Ccrit), the open-
circuit potential (OCP) was continuously recorded for Cr-bearing steel in saturated calcium
hydroxide with the gradual addition of 0.05 M chloride ion per 24 h. When the OCP
displayed a sharp shift to a negative value, the corresponding value for the chloride
concentration was defined as Ccrit.

The corrosion behavior of Cr-bearing steel was also studied using potentiodynamic
polarization measurements from −300 mVOCP to 700 mVSCE at a sweep rate of 0.1667 mV/s.
The working electrode was immersed for 2 h to satisfy the stability requirements for an
open-circuit potential (OCP) fluctuation lower than 5 mV/10 min. The electrolyte was
composed of saturated Ca(OH)2 + NaHCO3 + Na2CO3 + 1.25 M NaCl (pH 11) to simulate
aggressive concrete due to carbonation or penetration of salts.

3. Results

3.1. Microstructure and Phase Distribution

Figure 3 shows the metallographic structure for Cr-bearing steels with different heat
treatments. The microstructure of the ANN sample is mainly ferrite and contains a minor
amount of pearlite. Normalization increases the pearlite content and further refines the
grain size of Cr-bearing steel. The Vickers hardness of ANN and NOR is low, with values
of 110 HV and 161 HV, respectively. For the QUE sample, the microstructure presents less
clear characteristics for lamellar pearlite, and the steel hardness increases to 249 HV.

Figure 4 shows the EBSD results obtained for Cr-bearing steels with different heat
treatments. All the samples show a uniform microstructure. The major differences in grain
size and grain boundary density can be observed, while the misorientation angle and its
distribution are similar for all the samples.

3.2. Passive Film

Figure 5 shows the XPS spectra measured for the passive film on the Cr-bearing steels
in saturated Ca(OH)2 solution without any aggressive ions. The major peaks of O, Cr, Fe,
C, and Ca can be observed in the survey spectra measured for the different surface films.
The C and Ca elements are not considered because their presence may be attributed to
the contamination of the immersion solution and the surrounding environment. Thus,
the passive films are mainly composed of oxides and hydroxides of Fe and Cr. These
conclusions are consistent with those in the literature [25–27], in which a bilayer structure
with an outer FeIII-enriched layer and an inner protective layer composed of anhydrous
mixed Fe-Cr oxide have been reported. Since the XPS element sensitivity factors for
Cr and Fe are very similar, the ratio of Cr oxides/Fe oxides in the passive film can be
roughly assessed based on the peak intensity observed in Figure 5a. Clearly, the content of
chromium oxides in the passive film is higher than that of the iron species for ANN and
NOR, whereas iron oxides are predominant in the QUE passive film. The chromium in
the oxide film has been confirmed to play a positive role in corrosion resistance since Cr
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can act as a barrier to the transfer of electrons and holes in the space-charge layer [28,29],
and Cr oxides exhibit a compact spinel structure. This indicates that the passive films on
ANN and NOR are more stable and protective than those on QUE, which will influence the
electrochemical properties and corrosion resistance of steel in corrosive media.

Figure 3. Microstructures for Cr-bearing steel with different heat treatments using optical and
scanning electron microscopy: (a,b) ANN, (c,d) NOR, (e,f) QUE.

The typical Fe 2p3/2 and O 1s high-resolution XPS spectra shown in Figure 5c,d consist
of different components, for which the corresponding binding energies and full widths
at half maxima (FWHM) are listed in Table 1 [30–34]. All peaks were calibrated to the
hydrocarbon (C 1s) signal set at 284.8 eV. The Shirley background correction algorithm was
used to determine the optimal spectral baseline and peaks. The Fe 2p spectrum consists of
a doublet structure of Fe 2p3/2 and Fe 2p1/2, and only the Fe 2p3/2 with a higher intensity
was used in the present analysis. Quantitative composition information was determined
using the corresponding area for each peak. From the Fe 2p3/2 high resolution spectra
measured for ANN, NOR, and QUE, the proportion of Fe metal is determined to be 39%,
44%, and 25%, and the relative water content is 23%, 7%, and 23%, respectively. Since the

293



Coatings 2023, 13, 964

experimental environment and parameters are consistent for all tests, the effective volume
for the XPS detection should likewise remain relatively constant. Thus, the passive film
on NOR is the thinnest but the most dehydrated, while QUE displays the thickest passive
film with a higher content of bound water. This is reasonable since there are two stages in
the formation process of passive films [35]: the formation of a protective anhydrous FeII

oxide layer directly on the top of the metal substrate and the formation of a nonprotective
hydrous FeIII layer due to the thickening and hydration of the FeII layer. Thus, the high
water content in the passive film of the QUE increases the electrochemical activity and
accelerates the growth of the outer film, which results in a thicker but less protective
oxide film.

Figure 4. EBSD results for Cr-bearing steel with different heat treatments using scanning electron
microscopy equipped with electron backscattered diffraction: the inverse pole figure (IPF) maps and
corresponding grain boundary maps of ANN (a,d), NOR (b,e), and QUE (c,f); the black lines stand
for the high-angle grain boundaries (HAGBs) and the green lines for the low-angle grain boundaries
(LAGBs); (g) the distribution of grain sizes; (h) the distribution of misorientation angles.

The percentage contents for different iron oxides and hydroxides in the passive films
are illustrated in Figure 5e. The FeII oxide fraction is approximately 41% for ANN and
49% for NOR, while it is only 27% for QUE, which implies a much thicker inner FeII layer
for the passive film on NOR. These results are consistent with the presence of the thinnest
passive film on NOR, as the thick FeII layer inhibits the growth of the outer FeIII layer and
thus decreases the total thickness of the passive film.
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Figure 5. (a) XPS survey spectra of the passive film on Cr-bearing steel in the saturated Ca(OH)2

solution. (b) High-resolution XPS spectra of Cr 2p. (c) High-resolution XPS spectra of Fe 2p3/2.
(d) High-resolution XPS spectra of O 1 s. (e) Fractions of the iron oxides and hydroxides, (f) A model
of the passive film on Cr-bearing steel.

Table 1. The peak parameters of Fe 2p and O 2p XPS spectrum used in the present work.

Fe 2p

Assignment Fe Metal FeII FeIII in Oxides FeIII in Hydroxides

Binding energy/eV 706.9 ± 0.3 709.2 ± 0.3 711.0 ± 0.3 712.7 ± 0.3

FWHM/eV 1.5 ± 0.2 2 ± 0.2 2 ± 0.2 2.5 ± 0.2

O 1s

Assignment O2− OH− H2O –

Binding energy/eV 530.2 ± 0.3 531.4 ± 0.3 533 ± 0.3 –

FWHM/eV 1.5 ± 0.2 1.5 ± 0.2 2 ± 0.2 –

In addition, all three types of samples display an O2−/OH− ratio that is almost equal
to 1, which conflicts with the analyses for the FeII content and Cr/Fe ratio in the passive film.
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Based on the literature, hydroxides are supposed to be mainly enriched in the outer layer
and represented in the forms of Fe(OH)3, FeOOH, and Cr(OH)3, as XPS depth profiling
analyses show that OH- exhibits a declining tendency with increasing distance from the
free surface of the passive film and becomes more difficult to detect at depths greater than
several nanometers [3,36]. As a result, at least theoretically, the O2−/OH− ratio should
follow the order of NOR > ANN > QUE. One possible reason for this phenomenon is the
contamination of Ca(OH)2.

A model for the distribution of different oxidation states in the passive film is illus-
trated in Figure 5f. In terms of the overall performance, the passive film on NOR can be
considered the most protective compared to that for ANN and QUE. Even though the
total thickness of the passive film on NOR is very thin, it exhibits the best resistance to
aggressive ions, due to the barrier effect of the thickest inner FeII layer, electrochemical
inactivation due to the low water content, and modification due to the high Cr/Fe ratio.

Figure 6 shows the Mott-Schottky curves for Cr-bearing steels in a saturated Ca(OH)2
solution without any aggressive ions. The semiconductive behavior of the passive film on
the steel can be assessed according to the Mott-Schottky relationship [37]:

1
C2 =

1
C2

H
+

2
εε0eNq

(E − EFB − kT
e
)

where CH is the Helmholtz capacitance (22 μFcm2), ε is the dielectric constant (12), ε0 is the
vacuum permittivity (8.854 × 10−12 F/m), e is the elementary charge (1.602 × 10−19 C), Nq
is the carrier concentration, E is the applied potential, EFB is the flatband potential, k is the
Boltzmann constant (1.381 × 10−23 J/K), and T is the absolute temperature. Table 2 and
Figure 6b show the calculated parameters for the electronic properties of the passive films,
and detailed information for the formulas is provided in the literature [37].

Figure 6. (a) Mott-Schottky curves for Cr-bearing steel in the saturated Ca(OH)2 solution. (b) Elec-
tronic properties of the passive films.

Table 2. Fitting results for the Mott-Schottky plots.

Sample Slope1 Slope2 Donor Density, cm−3 Flatband Potential, mVSCE Thickness, nm

ANN 5.02 ± 0.09 × 109 9.87 ± 0.04 × 109 1.15 ± 0.01 × 1021 −608 ± 3 0.869 ± 0.08
NOR 13.5 ± 0.03 × 109 33.0 ± 0.04 × 109 0.51 ± 0.01 × 1021 −773 ± 8 1.553 ± 0.03
QUE 5.74 ± 0.10 × 109 11.3 ± 0.11 × 109 1.00 ± 0.06 × 1021 −638 ± 17 0.926 ± 0.09

The passive films on all three samples exhibit n-type semiconductive behavior, and the
charge carriers are mainly in the donor state, as evidenced by the positive slopes observed
in the swept potential range. The two separate linear regions indicate two different donor
states, with FeII donors being oxidized from tetrahedral and octahedral sites in the oxide
crystal lattice [37]. The FeII donors at the tetrahedral sites are more important in the
passivation/depassivation processes because they are more readily excited at low potential
and room temperature. The FeII donor density at tetrahedral sites of NOR is significantly
lower, down to approximately half that of ANN and QUE. It is slightly higher for ANN than
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for QUE but remains on the order of 1021 cm−3. The opposite trend for the space-charge
layer thicknesses can be observed, i.e., the donor density displays an inverse relation with
the thickness of the space-charge layer. The thickness of the space-charge layer for ANN,
NOR, and QUE is 0.87, 1.55, and 0.93 nm, respectively, which is within the thickness range
of the protective FeII layer of the passive film [38]. This is a reasonable result since the
oxidation and hydration processes for the inner FeII layer to the outer FeIII layer will lead
to the injection of numerous impurities into the film together with a thinning of the inner
protective layer. Moreover, the thickness of the space-charge layer is in accordance with
the XPS results for the FeII content. Evidently, the passive film on NOR is less disordered,
and the inner protective layer is thicker when compared with the layers on ANN and QUE.
The flatband potential is much more negative for NOR than for ANN and QUE, and the
difference can reach as high as 0.15 V, revealing the different states of the electrode and
the electrolyte.

Figure 7 shows the electrochemical impedance spectroscopy for Cr-bearing steels
in the saturated Ca(OH)2 solution without any aggressive ions. The equivalent circuit
containing two time constants in parallel [39] is used to describe the interfaces between
the working electrode and electrolyte, as shown in Figure 7c, in which Rs represents the
solution resistance, Qdl is the electric double-layer capacitance, Rdl is the charge transfer
resistance, Qf is the film capacitance, Rf is the film resistance, and Rp is the polarization
resistance. The most widely used equivalent circuit with two hierarchical parallel RC loops
in series [40] is not used here due to the fine protective efficiency of the passive film in
highly alkaline media and also due to the fact that this equivalent circuit gives less fitting
parameters in the present work. The impedance function of the R(QR)(QR) model [41] is:

Z = Rs +
Rdl

1 + (jω)αRdlQdl
+

R f

1 + (jω)αR f Q f

Figure 7. The electrochemical impedance spectroscopy for Cr-bearing steel in the saturated Ca(OH)2

solution: (a) Nyquist plots, (b) Bode plots, (c) equivalent circuit, (d) fitted parameters.

The time constants for the medium and low frequencies are assigned to the charge
transfer process in the double layer (Rdl-Qdl couple) and the redox reaction in the passive
film (Rf-Qf couple), respectively. As shown in Table 3 and Figure 7d, the polarization
resistance and film resistance can be established to follow the same order in terms of
the passivation ability, with NOR > ANN > QUE, indicating that the dissolution rate of
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the passive film on NOR is the slowest. In particular, the transport process for redox
species (OH−/O2 or Fe3O4/FeOOH) at the pores on the film/solution interface is greatly
suppressed for NOR, as the NOR film resistance is increased by 3.2 and 4.5 times compared
to that for ANN and QUE, respectively. The results of electric resistances are consistent with
the conclusions made from the XPS and MS measurements, demonstrating the formation
of a compact and protective passive film on the surface of NOR. However, the charge
transfer resistance for NOR is slightly decreased by 1.3–1.5 times compared to that for ANN
and QUE.

Table 3. Fitting results for the impedance spectra.

Sample
Rs

Ωcm2
Qdl

Fcm−2sn−1
ndl
sn

Rdl
Ωcm2

Qf
Fcm−2sn−1

nf
sn

Rf

Ωcm2

ANN 118 ± 23 2.50 ± 0.08 × 10−4 0.77 3.64 ± 0.07 × 106 1.12 ± 0.02 × 10−4 0.85 1.50 ± 0.09 × 104

NOR 112 ± 10 7.97 ± 0.01 × 10−4 0.87 2.35 ± 0.01 × 106 2.54 ± 0.05 × 10−4 0.88 4.78 ± 0.03 × 104

QUE 90 ± 17 2.42 ± 0.14 × 10−4 0.83 3.19 ± 0.10 × 106 1.07 ± 0.02 × 10−4 0.83 1.05 ± 0.11 × 104

3.3. Depassivation and Corrosion

Figure 8 shows the open-circuit potential evolution for Cr-bearing steels with respect to
the incremental addition of chloride ions. At the initial stage of immersion, the OCPs range
between −360 and −300 mVSCE, which is lower than the empirical value of −200 mVSCE
obtained in an actual concrete structure. These rather low potentials may be attributed to
the low oxygen availability under the full immersion condition. Upon the gradual addition
of chloride to the saturated Ca(OH)2 solution, the OCPs change little initially when the
chloride contents are relatively low. In fact, the passive film on steel transitions slowly from
an ordered state to an amorphous-like oxide structure with increasing chloride content
before breakdown [37], even though the corrosion potential appears to remain unchanged.
The sharp shift in the OCP in the negative direction indicates a passivity breakdown for the
steel, and the corresponding chloride content is defined as the chloride threshold [42]. The
chloride threshold is sequenced as NOR (critical [Cl−]/[OH−] of 43.94, critical Cl− content
of 3.37 wt.%) > ANN (critical [Cl−]/[OH−] of 20.81, critical Cl− content of 1.60 wt.%) >
QUE (critical [Cl−]/[OH−] of 6.94, critical Cl− content of 0.53 wt.%), suggesting that the
breakdown of the passive film on NOR requires significantly higher chloride levels, while
QUE is much more susceptible to chloride-induced corrosion.

 
Figure 8. OCPs’ evolution for Cr-bearing steels in the saturated Ca(OH)2 solution with incremental
addition of chloride ions.

Figure 9 shows the potentiodynamic polarization curves for Cr-bearing steels in a
saturated Ca(OH)2 solution with 1.25 M chloride ions. The corrosion processes include
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the cathodic reaction of oxygen reduction and the anodic reaction of iron dissolution.
The differences in anodic current density corresponding to a particular overpotential (η)
among the three samples are much more notable than those for the cathodic current density,
indicating that the heat treatment mainly influences the anodic process. The Tafel fitting
results for the polarization curves are listed in Table 4. The significantly higher pitting
potential (Epit) for NOR suggests the formation of a more protective passive film against
chloride penetration, which is consistent with the chloride threshold results. Table 4 also
shows that NOR exhibits the lowest corrosion current density and the highest anodic Tafel
slopes. The corrosion rate for NOR is approximately 1.61 times lower than that obtained for
QUE. However, the difference in the corrosion rate is less considerable, indicating that the
effect of heat treatment on corrosion propagation is less evident than on corrosion initiation.

  
(a) (b) 

  
(c) (d) 

Figure 9. (a) Potentiodynamic polarization curves for Cr-bearing steels in the saturated Ca(OH)2

solution with 1.25 M NaCl. (b) The fitting curves for potentiodynamic polarization curves of ANN
(b), NOR (c), and QUE (d).

Table 4. Tafel fitting results of the potentiodynamic polarization curves.

Sample
Ecorr

mVSCE

Epit

mVSCE

βc

mV/dec
βa

mV/dec
Icorr

μAcm−2

ANN −580 ± 5 −70 ± 21 161.85 ± 6.38 386.86 ± 1.02 2.72 ± 0.05
NOR −610 ± 10 110 ± 6 120.77 ± 9.51 410.9 ± 7.55 2.44 ± 0.10
QUE −600 ± 8 −200 ± 37 176.46 ± 9.77 376.19 ± 6.90 3.92 ± 0.07

Figure 10 shows the corrosion weight loss and corrosion morphology of steel samples
after 10 days immersion in the saturated Ca(OH)2 with 1.25 M NaCl. The dry-wet cycle
experiment was chosen to simulate the extremely aggressive environment. The corrosion
attacks are localized, and strong local corrosion occurred on the QUE sample. NOR exhibits
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the lowest corrosion rate, which is approximately 56% of QUE. The weight loss is in line
with the results from potentiodynamic polarization curves.

Figure 10. Corrosion weight loss and corrosion morphology for Cr-bearing steels in the saturated
Ca(OH)2 solution with 1.25 M NaCl.

4. Discussion

Heat treatment of quenching and tempering is commonly applied for steel reinforce-
ment in order to optimize its mechanical properties [43]. However, according to the findings
presented in Section 3, quenching and tempering can have adverse effects on the corrosion
resistance of Cr-bearing steel in alkaline environments with chlorides. Specifically, after
undergoing quenching and tempering heat treatment, the Cr-bearing steel reinforcement
displays the poorest corrosion resistance, with the lowest critical [Cl−]/[OH−] and the
highest corrosion rate. In contrast, normalization resulted in the best corrosion resistance
for the samples.

From Figures 3 and 4, the main distinguishing factor in the microstructure for the
three types of steel samples is the grain size. Generally, grain refinement is beneficial in
terms of encouraging passivation and the formation of passive films. This is due to the high
energy state and fast diffusion coefficient of the intercrystalline region. Ralston et al. [17]
proposed an equation to model the correlation between corrosion rate and grain size for
passive metals (corrosion rate < 10 μAcm−2):

Icorr = A + B × gs−0.5

where A and B are constants, Icorr is the corrosion rate (μAcm−2), and gs is the grain
size (μm). In the present study, it is observed that the corrosion resistance does not
always increase with decreasing grain size under alkaline conditions, which contradicts
the commonly accepted notion. For ANN, NOR, and QUE, the grain sizes are 19, 7, and
4 μm, respectively, their corresponding critical [Cl−]/[OH−] values are 20.81, 43.94, and
6.94, respectively, and the corrosion rates are 2.72, 2.44, and 3.92 μAcm−2, respectively.
That is, even though the specimen after quenching and tempering shows a fine-grained
microstructure, its corrosion resistance remains suboptimal.

Theoretically, this phenomenon can likely be attributed to the redistribution of substi-
tutional alloying elements in the alloy steel after heat treatment. The Cr-bearing steel, under
thermodynamic equilibrium conditions, experiences significant enrichment of Cr at the
cementite/matrix interface in the cementite, with a corresponding depletion in the matrix
surrounding the carbide. However, when both a high degree of supercooling (quenching)
and a low degree of tempering are present, the Cr enrichment process in the cementite is
hindered during carbide precipitation from the supersaturated ferrite [44]. The different
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partitions of Cr in ferrite and cementite on the phase and grain scales can lead to remarkable
differences in the characteristics and protective properties of passive films.

However, the present work does not address experimental studies at the atomic
scale, and, therefore, it is uncertain how heat treatment specifically affects the Cr element
segregation and thus the protective properties of passive film. Relevant experiments, such
as atomic force microscopy, Auger electron spectroscopy, and simulation calculations, will
be further explored in subsequent research.

5. Conclusions

Low-alloy steels containing Cr are often utilized instead of ordinary carbon steel
in coastal concrete structures to improve the durability of reinforced concrete. In some
complex, high-stress concrete environments, the Cr-bearing steel undergoes heat treatment
to enhance its strength, with quenching and tempering methods being the most widely
employed due to their ability to refine grain and improve mechanical properties. The
present research indicates that the Cr-bearing steel reinforcement exhibits microstructures
with pearlite and ferrite after undergoing various heat treatments, including annealing,
normalizing, and quenching and tempering. The grain sizes differ significantly among
the three sample types, with values of 19 μm for ANN, 7 μm for NOR, and 4 μm for QUE.
Furthermore, the Vickers hardness results indicate considerable variation, with respective
values of 110 HV for ANN, 161 HV for NOR, and 249 HV for QUE.

Based on this study, although quenching and tempering improve the mechanical
properties of Cr-bearing steel, their corrosion resistance significantly decreases in an alkaline
environment containing chloride. On one hand, after quenching and tempering, the passive
film offers the least protection for Cr-bearing steel, while it offers the most protection after
normalization. The Cr/Fe and FeII/FeIII ratios in the passive film formed on QUE are much
lower than those in NOR. Additionally, the space-charge layer of the passive film in QUE is
much thinner, with a much higher defect density, and the film resistance is almost five times
lower than that of NOR. On the other hand, the resistance to chloride-induced depassivation
is lower for Cr-bearing steel after quenching and tempering than after normalization. The
critical [Cl−]/[OH−] value for QUE is approximately 6.6 times lower than that for NOR,
and the corrosion rate is 1.6 times higher. Therefore, when designing or selecting the
processes of heat treatment, the comprehensive effects of heat treatment on the mechanical
and corrosion properties of low-alloy steel should be considered.
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Abstract: In this study, the effects of Nb on the microstructural characteristics, hardness, and corrosion
resistance of high-silicon ductile cast iron (HSDI)-3.6 wt.% Si were investigated. Samples from
different castings with 0–0.9 wt.% Nb were obtained and compared to a commercial ductile iron.
Microstructures showed that the amount of ferrite in the matrix increased with increasing Nb content,
from 34% for unalloyed HSDI to 88% for HSDI-0.9 wt.% Nb. The presence of randomly distributed
NbC carbides was identified by EDX for all the samples alloyed with Nb, and the hardness of the
HSDI increased with the Nb content. To evaluate the influence of the Nb content on the corrosion
resistance of HSDI, potentiodynamic tests were carried out in a solution of H2SO4. The highest
corrosion rate on HSDI was obtained for the HSDI-0.3 wt.% Nb sample, with 2802 mills per year, due
to the amount of pearlite present and the lowest presence of NbC carbides, compared to the HSDI-0.9
wt.% Nb, with 986 mills per year. This behavior was attributed to the ferrite matrix obtained because
of a high Si content in the DI, which delayed the anodic dissolution of the alloy and suppressed the
pearlitizing effect of Nb for contents greater than 0.3 wt.%, as well as to the effect of NbC carbides,
which acted as inhibitors.

Keywords: high-silicon ductile iron; corrosion; NbC carbides

1. Introduction

Ductile iron (DI) is a type of cast iron with a metallic matrix of ferrite, pearlite, or a
mixture of the two phases with graphite nodules embedded. Due to this morphology, DI
has high strength, ductility, and good wear and fatigue resistance; therefore, DI is used in
the automotive, energy, and agricultural industries, among others [1,2]. In addition, the
microstructure and mechanical properties can be modified by adding different alloying
elements or by heat treatment.

Silicon is an important element in DI, as it promotes ferrite formation in as-cast
conditions and allows graphite the ability to precipitate during solidification by sulfide
formation, surrounded by complex oxides of silicon and magnesium, which serve as
nucleation sites for graphite [3]. Furthermore, Si reduces the carbon content of the eutectic
composition, increases the amount of precipitated graphite, and prevents the formation of
eutectic carbides [4–7]. In terms of mechanical properties, Si has a significant effect on the
toughness and tensile strength of ferritic DI. As the Si content increases, the yield strength
and tensile strength also increase [8–11]. A new DI classification called High-Silicon Ductile
Iron (HSDI) has recently been introduced for DI with Si content ranging from 3.2 to 4.3 wt.%.
It has been reported that with increasing Si content, hardness, tensile strength, and yield
strength properties are promoted, while elongation to failure decreases [8,12–14] and
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machinability and corrosion resistance improve [15–18]. These results suggest a potential
advantage in the production process and performance over DI with lower Si content [10,11].

With the purpose of modifying the structure and properties of HSDI, the addition
of different carbide-forming elements, such as V, Cr, Mo, and Mn has been investigated
by several authors [18–20]. Riebisch et al. [18] have studied the effect of carbide-forming
elements on HSDI with 3.8 wt.% Si. They have found that V has a significant negative
influence on graphite morphology, as it promotes the formation of chunky graphite due to
a long solidification time and its effect of slowing down the diffusion of C into austenite; on
the other hand, Cr and Mn have the greatest influence on pearlite area fraction, due to their
segregation. Similarly, Górny et al. [19] studied the influence of 0.65 wt.% Mo on HSDI with
4.36 wt.% Si and reported a microstructure of graphite nodules in a ferrite matrix with a
small amount of pearlite, as well as the formation of Fe–Mo carbides, which were related to
segregation during solidification rather than to cooling rates to the eutectoid temperature.
Although some authors have studied HSDI with carbide-forming elements, the role of Si in
such castings must be better understood due to the wide range of HSDI applications.

Niobium has a significant impact on DI due to its high affinity for carbon, thus con-
tributing to the formation of NbC carbides. Additionally, Nb has low solubility, especially
in ferrous alloys with relatively high carbon content, such as cast iron. The presence of
these particles in DI has been reported to improve corrosion resistance and provide good
wear resistance with little change in austenite stability and graphite refinement [21–26].
However, the effects of a combination of high Si and Nb content on DI have not been
reported in the literature.

Sckudlarek et al. [27] reported the formation of dispersed NbC carbides in the mi-
crostructure, refinement of graphite nodules with nodularity higher than 90%, and refine-
ment and increase of pearlite volume fraction from 49 to 62% in DI with 2.46 wt.% Si and
0.35 wt.% Nb. On the other hand, Chen et al. [28] found that the addition of Nb up to
0.11 wt.% in the as-cast condition DI had a limited effect on the nodularity and roundness
of the graphite nodule. Among the Nb containing DI, the optimum Nb addition in the
as-cast condition was about 0.08 wt.% Nb, which gave the highest tensile strength and
an elongation of 746 MPa and 8.0%, respectively. This was attributed to the significant
microstructural improvement of the pearlite compared to the deterioration of the graphite
morphology in DI due to the Nb addition. Furthermore, Ahmed et al. [29] reported that
increasing to 0.1 wt.% Nb content in the DI increased the graphite nodule count and eu-
tectic cells and refined the graphite structure, but at the same time, a slight decrement
in nodularity was observed. Microstructural analysis showed that by increasing the Nb
content, a finer pearlite structure was formed in the matrix.

In contrast, Alias et al. [30] reported an increase in tensile and impact strengths from
26 to 34% and 30 to 80%, respectively, in DI with 1.9 wt.% Si and Nb content in the range of
0.5–2 wt.% Nb compared to unalloyed DI. The formation of NbC carbides and the effect of
finer pearlite in the microstructure have been attributed to such increases. In some studies,
Nb addition was found to increase cast iron hardness due to the refinement of pearlitic
interlamellar spacing, austenitic grain size, and the presence of NbC carbides [31–33].

Most studies on Nb addition to DI focus on mechanical properties, leaving aside the
study of corrosion resistance, which is an important feature to consider since it can be used
in the agriculture, automotive, and aerospace industries, etc. Alloying elements such as
Si, Ni, Cr, and Cu, as well as carbide-forming elements (V, Ti, Mo) are commonly used
to improve the corrosion resistance of DI [34,35]. Gutiérrez et al. [35] reported that DI
alloyed with V and Mo and exposed to three different solutions (H2SO4, NaCl, and NaOH)
showed corrosion damage due to the formation of galvanic couples between the graphite
nodule and the ferrite. However, a high concentration of V and Mo carbides improves the
corrosion resistance in H2SO4, and Si improves the scale resistance of cast iron by forming
a light-resistant surface oxide in oxidizing atmospheres, such as H2SO4, HNO3, HCl, and
CH3COOH [36]. Recently, Çelik et al. [37] have designed a novel ductile cast iron alloyed
with a composition of 3.5 wt.% C, 4 wt.% Si, 1 wt.% Nb and 0–4 wt.% Al. They found,
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for all alloys, the room temperature phases were graphite, NbC carbides, and ferrite. In
addition, they reported that the A1 temperature of the alloy with the 4 wt.% Al addition
reached 960 ◦C, indicating that this alloy can be used at a higher temperature, compared to
the commercial SiMo cast iron; and with the increase in Al content, the thermal expansivity
of ferrite increased, the graphite content decreased, and the graphite nodularity changed
from spheroidal to vermicular. These results are similar to those obtained by Adebayo [38]
and Sandikoglu [14] in DI alloyed with Al.

There are some studies about the fabrication of composite coatings on DI deposited by
means of the diffusion thermo-reactive treatment with the objective to improve wear resis-
tance [39,40] or corrosion resistance [41], and it has been reported that carbide formation
on the substrate surface protects the ductile iron from corrosion in a NaCl environment.

Although the addition of some carbide-forming elements in HSDI has been studied,
specific corrosion studies on the effects of Nb are not yet available. Therefore, the main
objective of this work is to determine the influence of the high Si content together with the
variation in the Nb contents alloyed in HSDI on its microstructure, and the effect on the
corrosion rate when exposed to an acid environment.

2. Materials and Methods

The HSDI was produced in a medium-frequency induction furnace. Steel scrap was
used as raw material, e.g., crankshafts and foundry waste. Graphite and copper C11000
were used to adjust the composition of the DI. Nodularization and inoculation processes
were carried out with FeSi (75 wt.% Si) and FeSiMg (7 wt.% Mg) alloys by sandwich and
ladle methods, respectively. In order to obtain different Nb contents in the HSDI, an FeNb
alloy (65 wt.% Nb) in powder form was added to the ladle to achieve better dissolution
during casting. After maintaining a temperature of 1400 ± 20 ◦C, the molten iron was
poured into Y-shaped molds (175 × 150 × 25 mm3) according to ASTM A-536-84 [42].
Molds were allowed to cool for 24 h before the samples were cut out of the useful area of
the Y-block to obtain smaller samples of 25 × 25 × 15 mm3, as shown in Figure 1.

Figure 1. Y-block schematic representation and samples extraction region.

Chemical composition was determined using a Thermo ARL 3460 Optical Emission
Spectrometer (Thermo Fisher Scientific, Waltham, MA, USA), taking the average of three
measurements of each casting alloy. Samples were polished to a mirror finish and exam-
ined using an Olympus BX-51 optical microscope (OM, Olympus, Tokyo, Japan). Phase
identification, nodule count, and nodularity were measured and quantified using Image
Pro-Plus software (version 6.0, Rockville, MD, USA).

The surface of each sample was etched with Nital 2% for 20 s to reveal the phases
and evaluate the microstructural evolution. In addition, the samples were analyzed in a
JSM-6610LV scanning electron microscope (SEM, JEOL USA, Inc., Pleasanton, CA, USA),
along with Energy-dispersive X-ray Spectroscopy (EDS, JEOL USA, Inc., Pleasanton, CA,
USA) to determine the presence of Nb in the samples and the corroded surfaces.
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Three corrosion tests were performed for each HSDI composition. Each sample was
exposed to a 1N H2SO4 solution at room temperature in a flat cell using a three-electrode
Gamry 1000 A potentiostat/galvanostat with an Ag/AgCl reference electrode and a scan
rate of 1.0 mV/s ranging from −1000 to 1000 mV vs. Ecorr. Corrosion data (Ecorr and icorr)
were graphically extrapolated using the Tafel method from potentiodynamic curves.

In addition, Rockwell C hardness measurements were performed in an MACROMET®5100
Rockwell Type Hardness Tester, (Rockwell, Lake Bluff, IL, USA) with a test load of 150 kN to
determine the influence of Nb content on HSDI.

3. Results and Discussion

3.1. Chemical Composition

The chemical composition of commercial DI and the different HSDIs produced in this
study are shown in Table 1. It can be seen that the Si content in all alloys was higher than the
conventional DI (>2.6 wt.% Si); according to [43], they correspond to HSDI. As Nb content
varied from 0.3–0.9 wt.%, the samples were designated as U-HSDI for unalloyed HSDI, and
depending on the Nb content, as HSDI-0.3% Nb, HSDI-0.6% Nb, and HSDI-0.9% Nb.

Table 1. Chemical composition for HSDI-Nb alloys studied (wt.%).

C Si Mn S Cu P Nb Mg Ce Cr V Mo Fe

Commercial DI 3.25 2.60 0.85 0.006 0.71 0.018 - 0.053 0.031 - - - bal.

U-HSDI 3.40 3.76 0.42 0.006 1.12 0.03 0.004 0.026 0.033 0.07 0.013 0.011 bal.

HSDI-0.3% Nb 3.42 3.76 0.42 0.005 1.12 0.03 0.296 0.024 0.033 0.08 0.011 0.012 bal.

HSDI-0.6% Nb 3.39 3.76 0.42 0.006 1.12 0.03 0.592 0.021 0.031 0.06 0.015 0.011 bal.

HSDI-0.9% Nb 3.40 3.75 0.42 0.007 1.12 0.03 0.921 0.020 0.031 0.06 0.012 0.014 bal.

3.2. Microstructural Analysis

Figure 2 shows the different microstructures identified by SEM for all samples. Graphite
nodules embedded in a full pearlitic matrix can be seen for commercial DI in Figure 2a,
whereas a pearlitic-ferritic matrix for U-HSDI is observed in Figure 2b. For all HSDI samples
with different Nb content, a change in the phase fraction in the metallic matrix was observed,
as well as the presence of small irregular particles randomly distributed and corresponding
to polygonal primary NbC carbides. These particles form before the casting due to the
high affinity between Nb and C atoms, so they are called primary carbides [18,21,22,24–31].
Unlike other carbide-forming elements (Mo, Cr, and V), precipitation of NbC carbides
occurs randomly throughout the material rather than by positive segregation. Regarding the
changes in the matrix, it is observed that for the HSDI-0.3% Nb sample, there is a refinement
in the pearlite in comparison with the U-HSDI and the commercial DI samples, as reported
by [27–29]; however, for the HSDI-0.6% Nb and HSDI-0.9% Nb samples, this refinement is
not observed. On the contrary, a mostly ferritic matrix was obtained, which is attributable to
the high silicon content in the alloy.

To quantify the size and amount of NbC carbides in each sample and the Nb distribu-
tion in the matrix using EDX mapping, five different fields were taken from each HSDI-Nb
sample at 1000×. It can be seen that the distribution of NbC carbides is random both within
the matrix and the graphite nodules, and the carbide size varies with Nb content, whereas
the distribution of Nb is shown homogeneously in the matrix. In the HSDI-0.9% Nb sample,
the size and amount of NbC carbides varies more than in the other two HSDI-Nb samples,
as shown in Figure 3; i.e., the presence of NbC carbides increases with Nb content in HSDI.
The average number of NbC carbides over a 1200 μm2 area for each HSDI with 0.3, 0.6, and
0.9 wt.% Nb was 7, 12, and 16 particles, respectively. The NbC carbides exhibit a polygonal
shape, as shown in Figure 2c–e, with average sizes of 0.5 and 4.5 μm for all samples, and
a 4.49 μm size for the HSDI-0.3% Nb sample, showing a slight decrease in size as the Nb
content increases to 3.48 μm for the HSDI-0.9% Nb sample. These variations occurred
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because FeNb was added in powder form during melting to achieve better dissolution
efficiency into the liquid, resulting in fine carbides, similar to those reported in [21,24,28].

Summarizing, as the Nb content of HSDI increases, smaller precipitates are obtained,
but in greater proportion. Figure 4 shows the average size (μm) and the number of NbC
carbides in the HSDI-Nb.

Figure 5a shows the EDX analysis performed on the polygonal particles and the
graphite nodule center of the HSDI-0.9% Nb to determine the presence of Nb, as shown
in Figure 5b,c, respectively. This indicates that for this composition, the precipitation of
primary carbides produces heterogeneous nucleation for graphite. Thus, in addition to the
inoculant, some of the NbC carbides act as nucleation sites for graphite nodule growth.

Similarly, mapping was obtained by EDX at 1000× to determine the general dis-
tribution of the alloying elements HSDI-Nb, for C, Si, and Cu, which are shown to be
homogeneously distributed, as shown Figure 6, with no segregation visible.

Figure 2. SEM micrographs of (a) commercial DI, (b) U-HSDI, (c) HSDI-0.3% Nb, (d) HSDI-0.6% Nb,
(e) HSDI-0.9% Nb.

308



Metals 2023, 13, 917

Figure 3. Distributions of Nb and NbC carbides in samples: (a) HSDI-0.3% Nb, (b) HSDI-0.6% Nb,
(c) HSDI-0.9% Nb, obtained by EDX at 1000×.

Figure 4. Effect of Nb content on the size and number of NbC carbides on HSDI.
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Figure 5. (a) SEM micrograph of HSDI-0.9% Nb sample showing the NbC carbides distribution,
(b) EDX of NbC carbide inside the graphite nodule, (c) EDX of NbC carbide.

Figure 6. Distributions of C, Si, and Cu in samples: (a) HSDI-0.3% Nb, (b) HSDI-0.6% Nb, (c) HSDI-
0.9% Nb, obtained by EDX at 1000×.

Nodularity showed a linear trend between 86 and 90% for the four different composi-
tions. This can be explained by the effects of the corresponding amount of cerium oxide and
the residual amount of Mg in the alloy [44–47]. In contrast, nodule count decreased with
the presence of Nb in the HSDI, from 182 n/mm2 for U-HSDI to a range of 147–154 n/mm2

for HSDI-Nb, as shown in Figure 7. The solidification of conventional DI starts with the
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nucleation of the graphite nodules, whereas for HSDI-Nb, the primary NbC carbides were
simultaneously formed in addition to the nucleation of the graphite nodules. These results
indicate that HSDI-Nb has a lower amount of free carbon due to the formation of NbC
carbides, reducing the nodule count. Some authors [25,27,48,49] report a similar pattern in
which the nodule count is reduced by the addition of various carbide-forming elements
such as V, Cr, and Nb. Moreover, the addition of more Nb had little effect on the nodule
count. This can be confirmed with microstructures shown in Figure 2, where the HSDI-0.9%
Nb sample has smaller NbC carbides in the center of the graphite nodules compared to
the HSDI-0.3% Nb sample. This is due to the heterogeneous nucleation that occurs with a
higher Nb content and keeps the nodules in the microstructure.

Figure 7. Effect of Nb on the nodularity and nodule count of HSDI samples.

The changes in the HSDI matrix due to the variation in Nb content are shown in OM
microstructures of Figure 8. Whereas an increase in pearlite (dark phase) is observed in the
HSDI-0.3% Nb sample compared to the U-HSDI sample, ferrite (light phase) increased in
the HSDI-0.6% Nb and HSDI-0.9% Nb samples, until the ferritic matrix is almost complete.
Although Nb is an element that refines pearlite [21,33,50,51], the results show that when
the Nb content exceeds 0.3 wt.% in HSDI, this effect is attenuated by the formation of larger
amounts of ferrite, which is mainly due to the fact that Si is a ferrite-stabilizing primary
element, and its content in HSDI helps to suppress the pearlitizing effect of Nb in the
matrix [52,53]. In addition, the strong affinity between Nb and C to form carbides reduces
the amount of carbon available to form pearlite when the Nb content in HSDI increases.

The eutectoid transformation was limited by the reduction of free carbon in the liquid,
and as a result of the precipitation of graphite and the NbC primary carbides, the ferrite
content in the microstructure varies from 34% for U-HSDI to 88% for HSDI-0.9% Nb. Never-
theless, when only the metallic matrix is considered, the ferrite content increased from 39 to
98% with the addition of Nb, as shown in Figure 9. According to some studies [21,24,26,50],
the addition of Nb as a microalloying element (0.09–0.11 wt.%) increases hardenability and
the equilibrium carbon content in austenite, and causes further pearlitic transformation
to a cast structure of DI. In the present study, the resulting microstructures of different
HSDI-Nbs show that the pearlite is refined only to HSDI-0.3% Nb sample in comparison
to U-HSDI; nevertheless, an increase of more than 0.3 wt.% Nb ended up decreasing the
pearlite volume fraction.
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Figure 8. OM microstructures of samples: (a) commercial DI, (b) U-HSDI, (c) HSDI-0.3% Nb, (d) HSDI-
0.6% Nb, (e) HSDI-0.9% Nb.

Figure 9. Variation of volume fraction of phases in commercial DI and HSDI alloyed with Nb.
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3.3. Hardness

Hardness measurements were made for each composition to determine the effects of
high Si and NbC carbide precipitation, as shown in Figure 10. The commercial DI presented
with 29.9 HRC due to the pearlitic matrix, whereas in the Nb-HSDI samples, hardness
incremented from 30.44 HRC for U-HSDI to 32.87, 35.93, and 38.38 HRC as Nb content
increased. These values were attributed to the higher NbC precipitation with the Nb
addition. These carbides increase hardness in HSDI; however, it is important to highlight
that this property is a function of the overall microstructure present [24,25,29,30].

Figure 10. Hardness profile of commercial DI and HSDI with different Nb content.

Compared to U-HSDI, HSDI-0.3% Nb increased hardness by about 8%, and as would
be expected with increasing Nb content in HSDI, HSDI-0.9% Nb increased hardness by
about 26%. Si is one of the most common elements always present in DI chemical compo-
sition and exerts a strong effect on the mechanical properties of ferritic DI, as mentioned
before [54,55]. Due to Si promoting ferrite formation in as-cast conditions, the presence of
this element in the present HSDI-Nb conditions resulted in a fully ferritic microstructure,
especially in the HSDI-0.9% Nb sample, as shown in Figure 8. Because NbC carbides could
act as metallic matrix reinforcement, it would be expected that with higher Nb content,
hardness and mechanical resistance would increase due to carbide precipitation. However,
as the solubility limit of Nb is exceeded, the morphology, distribution, and segregation of
carbides reduce the toughness of DI [44,45]. The results obtained indicate that the increase
in hardness is mainly due to the greater presence of NbC carbides, but that the high Si
content also favors the formation of ferrite, resulting in a moderate increase in hardness in
HSDI alloyed up to 0.3 wt.% Nb.

3.4. Corrosion

The corrosion resistance of DI and HSDI samples was evaluated by potentiodynamic
tests in an acidic medium (H2SO4). Figure 11 shows the polarization curves obtained
for the different samples with similar behavior between them. The DI curve presents a
lower potential than those of Nb-HSDI, so there are no significant differences in corrosion
potentials. However, as the Nb content of HSDI increased, the current density shifted to
lower values, indicating a decrease in the corrosion rate in HSDI-Nb.

Nevertheless, the HSDI-0.3 wt.% Nb sample has a higher current density value than the
other samples, resulting in lower corrosion resistance in sulfuric acid. This behavior can be
explained by a higher percentage of pearlite in the matrix of HSDI, as presented in Figure 9.
Since the pearlite matrix is a laminar mixture of ferrite and cementite, there is a larger
reaction surface between these phases, which exhibits electrochemical properties similar to
those of grain boundaries and produces more high-energy and chemically active sites [55].
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Figure 11. Potentiodynamic curves of commercial DI and HSDI with different Nb contents.

Figure 12 shows the corrosion rate of commercial DI and HSDI with different Nb
contents. For DI with a conventional Si content, a corrosion rate of 4174 mpy (mills per
year) was obtained, which is 3.5 times higher than that of the U-HSDI (1187 mpy). Thus, it
was determined that the addition of Si to the HSDI significantly reduced the corrosion rate.
In addition, it was found that the corrosion rate decreases as ferrite content increases, which
is explained by the distribution of carbon between graphite and NbC carbides during the
solidification of HSDI. Since the corrosion resistance of the phases present in Fe–C alloys
depends on the amount of interstitial carbon present, ferrite is highly susceptible to pitting
corrosion in acidic media. However, cast iron contains Si in addition to being an Fe–C alloy,
which leads to the formation of a layer that acts as a protective barrier [56,57]. In an acidic
medium, the corrosion of iron is controlled by the cathodic reaction, and the reaction rate
increases when the pH decreases, which means that the corrosion rate is determined by
the rate of hydrogen evolution [35]. As a result of the higher proportion of Si-saturated
ferrite in HSDI, the surface develops a more compact and complete passive layer when
interacting with the environment, which reduces the corrosion rate. In addition, Si reduces
the potential difference between ferrite and graphite, increases the ferrite potential, and
protects the substrate [57].

Figure 12. Corrosion rates of commercial DI and HSDI with different Nb contents.

It is obvious that the addition of Nb at concentrations higher than 0.3 wt.% to HSDI
decreases the corrosion rate when comparing the U-HSDI sample with the HSDI-% Nb
samples. The amount of fine NbC carbides precipitated in the metal matrix increased the
corrosion resistance; as a result, the corrosion rate was reduced by 59% (1156 mpy) and
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65% (986 mpy) for the HSDI-0.6 wt.% Nb and HSDI-0.9 wt.% Nb samples, respectively,
compared to the DI-0.3 wt.% Nb sample (2802 mpy).

The corrosion resistance of cast iron alloys is primarily determined by their chemical
composition, which causes changes in the microstructure. Figure 13 shows the SEM
microstructures of all corroded surfaces where a preferential attack of pearlite in the matrix
is evident upon exposure to acid solution; it can be assumed that a higher pearlite volume
fraction reduced the corrosion resistance of HSDI in this environment.

Figure 13. SEM microstructures of all corroded surfaces of HSDI with different Nb contents:
(a) commercial DI, (b) U-HSDI, (c) HSDI-0.3% Nb, (d) HSDI-0.6% Nb, (e) HSDI-0.9% Nb.

Figure 14 shows the scheme of the corrosion mechanism of Nb-HSDI exposed to
H2SO4, as a result of potentiodynamic curves and microstructures analysis. In Figure 14a
the HSDI is presented with a mixture of ferritic–pearlitic matrix, with embedded graphite
nodules and NbC dispersed within the microstructure. At this stage, it was not yet in
contact with the electrolyte; that is, it did not start the corrosion process. At the beginning
of the corrosion process, as can be seen in Figure 14b, upon contact with the electrolyte,
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galvanic pairs were formed between the graphite and matrix (Figure 14c), resulting in a
corroded surface; however, the graphite nodules were unaffected, as shown in Figure 14d.

Figure 14. The schematic mechanism on HSDI corrosion exposed to H2SO4. (a) unaffected HSDI;
(b) HSDI is initially exposed at H2SO4 solution; (c) galvanic pairs were formed between the graphite
and HSDI matrix; (d) formation of a protective layer of silicon oxide (SiO2) on HSDI surface.

Si atoms play an important role in current foundries because adding Si in cast iron
produces cathodic protection [58,59]; as they are present in large numbers, it is possible to
find them throughout the matrix. However, in the ferritic matrix, these atoms are more
readily available to associate with oxygen, unlike pearlite. Figure 14c is an illustration of an
arrangement of Si atoms, while Figure 14d shows that the residual Si atoms are oxidized
to form a protective layer of silicon oxide (SiO2). Iron with a high content of Si can easily
form a SiO2 passivation layer to protect the material [58,59] because the enthalpy of Si–O
chemical bond formation is significantly more negative than that of Fe–O.

In the present study it was found that the electrochemical corrosion occurs due to the
formation of a galvanic couple between the graphite and the metallic matrix. Therefore,
it can be concluded that the corrosion resistance of HSDI in an acidic environment is
significantly influenced by the high Si content and Nb content, which contribute to the
reduction of the corrosion rate. Nb promotes carbide formation, while Si promotes a
ferritic matrix, which in combination results in HSDI being passive. Therefore, Nb content
higher than 0.3 wt.% and high Si content in DI can be used as protective systems against
cathodic corrosion.

4. Conclusions

The current study shows the effects of Nb on the microstructural characteristics,
hardness, and corrosion resistance of high-silicon ductile cast iron (HSDI)-3.6 wt.% Si. It
was found that:
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• The formation of polygonal NbC carbides was observed in HSDI upon the Nb addition
in a range of 0.3–0.9 wt.%. These carbides have a size between 0.5 and 4.5 μm, which
decreases with increasing Nb content in HSDI.

• The presence of NbC carbides increases with Nb content, resulting in heterogeneous
graphite nodule nucleation.

• Nodularity maintained a linear trend between 86 and 90%, and the nodule count
decreased with the presence of Nb in the HSDI, from 182 n/mm2 for U-HSDI to
147–154 n/mm2 for HSDI-% Nb samples.

• An increment in hardness is due to the greater presence of NbC carbides in combina-
tion with high Si, resulting in an increase from 30.44 to 38.38 HRC for U-HSDI and
HSDI-0.9 wt.% Nb, respectively.

• Electrochemical corrosion is achieved by the formation of a galvanic couple between
the graphite and the metal matrix which preferentially attacks the pearlite, with the
greatest corrosion occurring at HSDI-0.3 wt.% Nb.

• The combination of Nb with Si in HSDI helps to reduce the corrosion rate, since Nb
promotes the development of NbC carbides and Si promotes the ferritic matrix. If
the Nb content exceeds 0.3 wt.% and the Si content in the DI is more than 2.8 wt.%,
protective systems against cathodic corrosion can be applied to the HSDI and it can be
used in agriculture applications.

For future work, HSDI austempering is one of the main interests of the authors as a
highly developed alternative for applications in the agricultural industry, since with this
research it has been shown that Si and Nb in ductile iron play an important role in the
resulting microstructures as well as in the distribution of NbC, affecting the mechanical
properties and the corrosion resistance of such castings.
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Abstract: This study aimed to evaluate the microstructure and wear resistance of laser cladding
coatings with different energy densities in the case of a preset 0.5 mm thick Zr702 alloy plate to
determine the specific present form of Zr elements and the optimal laser energy density. Thereby,
microscopic characterization and performance tests were carried out by the microhardness tester,
X-ray diffraction analysis (XRD), scanning electron microscopy (SEM), and tribometer. The results
showed that, at different energy densities, the Zr elements in the coating were mainly in the form
of ZrC and (Zr,W)C, which are hard particles with high wear resistance, and diffusely distributed
in the coating to have second-phase-strengthening effects. Moreover, when the energy density was
28.3 J/mm2, the coating was well fused and had the highest microhardness of 936.4 HV0.2. The wear
rate of the coating was the lowest at 90.8 μm3/(m·N). The wear was characterized by hard particle
spalling and abrasive wear.

Keywords: laser cladding; energy density; Zr702 alloy; (Zr,W)C; wear resistance; microstructure

1. Introduction

Solar energy has the advantages of being environmentally friendly, sustainable, and
green [1] and is one of the important development directions for building a world of clean
energy. Silicon-based solar batteries occupy more than 90% of the market share in the
solar batteries field due to their excellent stability [2]. Polysilicon is the most-common
raw material for the production of silicon-based solar batteries. However, the sealing
surfaces of control valves used in the polysilicon preparation process are susceptible to
failure because of wear under the harsh conditions of ultra-hard silicon powder particles
(Mohs hardness of 7.5), resulting in long downtimes of the polysilicon production line
for maintenance, which greatly increases the costs of production and time. Therefore, the
development of ultra-high wear-resistant coatings for control valve sealing surfaces in the
field of polysilicon preparation has become a key problem to be solved.

Strengthening treatment on traditional control valve sealing surfaces mainly uses
arc welding, plasma arc welding, and other overlay welding technology. However, it
has the disadvantageous problems of cracking, an uneven hardness distribution, and
coarse crystals. As a laser cladding technology based on overlay welding technology,
it has received extensive attention and research from experts and scholars at home and
abroad because of its dense microstructure [3], fine grain size [4], and good mechanical
properties [5]. From the perspective of the addition and in situ generation of hard phases, a
large number of scholars have carried out research on reinforcing phases such as WC, SiC,
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NbC, Al2O3, and BN [6–10]. However, it is worth noting that compounds of Zr such as
ZrB2 (microhardness of 22 GPa), ZrN (19.6 GPa), ZrC (29.2 GPa), and ZrO2 (12 GPa) have
excellent mechanical properties with high hardness. Yang, C. and X. Li [11,12] investigated
the effect of different ZrN additions on the microstructure and properties of TC11 titanium
alloy by laser cladding, and the results showed that the addition of ZrN can greatly improve
the wear resistance of the coating. Y.-W. Yong [13] showed that a nickel-based alloy coating
with ZrO2 + C was melted on AISI 1045, and the results showed that fine ZrC particles
were generated in situ in the coating and the wear resistance was 2.7 times that of Ni25.
Guo, J. [14] showed that a 35 wt.% ZrB2 + Ni60A coating was produced on pure titanium
substrates, and he found that the coating had higher hardness than conventional NiCrBSi
composite coatings. The addition of ZrB2 effectively reduced the adhesive wear of the
NiCrBSi coatings. Liu Kun [15] prepared NiCrBSi coating on a Zr702 substrate, and the
results showed that the coating microstructure consisted of NiZr solid solution and bulk
reinforcement including NiZr2, Zr5(SixNi1-x)4, and ZrB2. The average microhardness
reached 1200–1300 HV0.2, nearly seven times that of the Zr702, overturning the usual
thinking that lower dilution is better in laser cladding.

Currently, no studies have been found to improve the properties with Zr702 in nickel-
based coatings. Therefore, this paper creatively adopted a preset Zr702 alloy plate to
investigate the effect of different energy densities on the microstructure and wear resistance
of the laser cladding of Ni60A + 20 wt.% WC composite coatings, providing a reference for
the research and application in the field of laser cladding of preset high-performance alloy
plates. Figure 1 shows the schematic diagram and the expected Microstructure of the laser
melting of the preset Zr702 plates.

 

Figure 1. Schematic diagram and expected microstructure for laser cladding of preset Zr702 alloy
plates.

2. Materials and Methods

The bond phase powder used in this experiment is the 45–106 μm Ni60A alloy pow-
der(Xindian Materials Co., Ltd., Shanghai, China). The hard phase is the 150–325 mesh
powders of WC (Nangong Xindun Alloy Welding Material Spraying Co., Ltd., Xingtai,
China). Zr702 (Shanxi TOP Metal Co., Ltd., Shanxi, China) is a 0.5 mm-thick zirconium
hafnium alloy plate with dimensions of 90 mm × 60 mm. 316 L was selected as the sub-
strate with dimensions of 90 mm × 60 mm × 9 mm. After presetting the Zr702 alloy, the
coating was prepared by Model RFL-C4000 fiber-coupled semiconductor laser cladding
equipment with a powder mixture of Ni60A + 20 wt.% WC under an argon gas-protected
environment. The laser specifications are as follows: a wavelength of about 1064 nm and a
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peak power of 4000 W. The friction wear test of the coating was performed by a tribometer
(UMT-5, Bruker, Billerica, MA, USA) with a wear time of 30 min under the parameters of
a normal load of 15 N at room temperature, a reciprocating stroke of 2 mm, a frequency
of 5 Hz, and a Si3N4 friction pair of 4 mm in diameter. After taking the 3D morphology
of wear surface of the coating with the PCB 3D optical profiler, the wear loss volume was
calculated by the Vision software. The specific composition of the experimental material is
shown in Table 1. The microhardness from the top of the cladding layer to the substrate
was measured by a microhardness tester (MVA-402TS), and the load and duration used for
each hardness measurement were 200 g and 20 s, respectively. Microhardness experiments
were performed three times. XRD (FRINGE EV, LANScientific, Suzhou, China) and SEM
(Nova 200 Nano SEM, FEI, Hillsboro, United States) with energy dispersive spectrometry
(EDS, FEI, Hillsboro, OR, USA) were used to characterize the microstructure. The laser
parameters of the cladding coating were designed as shown in Table 2.

Table 1. Elemental composition (wt.%) of Ni60A and Zr702.

Element Zr + Hf Hf Si Cr Fe Ni C B N H O

Zr702 alloy plates ≥99.2 ≤4.5 0.2 0.05 0.025 0.005 0.16
Ni60A power 4.3 13.7 4.43 Bal. 0.6 3.18

Table 2. Experimental laser parameters design for composite coatings.

Sample
Off-Focus
Volume

(mm)

Laser
Power

(W)

Scanning
Speed
(mm/s)

Feed Rate
(r/min)

Beam
Diameter

(mm)

Energy
Density
(J/mm2)

S1 2.5 800 6 16 3 22.6
S2 2.5 1000 6 16 3 28.3
S3 2.5 1300 6 16 3 36.8
S4 2.5 1500 6 16 3 42.5

3. Results and Discussion

3.1. Section Morphology and Microhardness

Scholars have opined that a large dilution of the coating will weaken the mechanical
properties [16], generally not exceeding 20%. However, for this experiment, the dilution
rate had to be increased to melt through the Zr702 alloy plate and melt a small portion of
the 316 L substrate to achieve good metallurgical bonding of the dissimilar metals under
the condition of preset 0.5 mm-thick Zr702 alloy plates. As can be seen from Figure 2, there
was no obvious cracking in the overall cladding section and only a few pores. When the
laser energy density was 22.6 J/mm2, the S1 coating just melted through the Zr702 alloy
plate and melted the 316 L substrate with less dilution into the melt pool. In Figure 2c, the
article defines the melt height of the cladding layer as L1 and the melt depth as L2. The
melt height and width were measured by the LEXT software (OLS4100 3.1.7) attached to
the confocal microscope, and the dilution rates of the coatings in Figure 2a–d were 33.4%,
38.6%, 43.9%, and 48.8% respectively. The dilution rate increases linearly with increasing
laser energy density.

Figure 3 presents microhardness diagrams of the top of the laser cladding coating
of preset Zr702 to the 316 L substrate at different laser energy densities. The average
microhardness value of the S1 to S4 coatings are 885.8 HV0.2, 936.4 HV0.2, 778.9 HV0.2, and
736.2 HV0.2, respectively. With increasing energy density, the microhardness showed a trend
of increasing and then decreasing, which is consistent with the hardness trend in literature
studies [17]. When the energy density was 22.6 J/mm2, the S1 coating was not sufficiently
melted and recrystallized with less eutectic phase precipitation and a more γ-(Fe,Ni) solid
solution. The insufficiently melted particles slowed down the Marangoni convection
inside the melt pool; dislocations at the grain boundaries were hindered and stresses
were more concentrated, resulting in poor coating quality and a lower hardness of the S1
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coating. When the energy density was 28.3 J/mm2, the S2 coating microhardness reached a
maximum value of 936.4 HV0.2. With the increasing energy density, the microhardness of
the S3 and S4 coatings gradually decreased, which was mainly attributed to the following
two factors. On the one hand, the increase in energy density inevitably led to the dilution of
316 L base material elements into the coating, which weakened the mechanical properties
of the coating [18]. On the other hand, due to the increasing energy input, the grain size
was coarse, and the hardness decreased according to the Hall–Petch equation [19].

 
Figure 2. Single-pass cross-sectional morphology of the cladding layer at different energy densities:
(a) S1; (b) S2; (c) S3; (d) S4.

 

Figure 3. Microhardness diagram of preset Zr702 alloy coating at different energy densities.
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3.2. Microstructure Analysis
3.2.1. Composition of the Material Phase

To reveal the composition of the coating phase, the XRD diffraction analysis was
carried out. By comparing the PDF standard cards, the physical phases are shown in
Figure 4. Although coatings with different laser energy densities were obtained, the main
phases of the individual coatings differed little and were γ-(Fe, Ni), Ni3Fe, WC, Cr23C6,
Fe3N, (Zr,W)C, Ni10Zr7, ZrC, and M23C6. As typical hard phases, Cr23C6 and ZrC play
a precipitation-strengthening role in the coating. At high temperatures, the WC in the
coating decomposed to produce free C. As the Zr and Hf elements have similar chemical
properties, the free C and the Hf and Zr atoms in the Zr702 alloy were bonded to produce
HfC and ZrC at specific temperatures. When the energy density was 28.3 J/mm2, the
new ZrN and ZrO2 phases in the S2 coating had high hardness and chemical stability, and
the coating wear resistance was enhanced to a certain extent. Unlike the literature [20],
due to the low introduction of Zr, there were no multiple intermetallic compounds of
NiZr, Ni2Zr, and Ni10Zr7 as mentioned in the literature, and only Ni10Zr7 was detected by
XRD in this experimental coating. The average grain sizes calculated from S1 to S4 by the
Debye–Scherrer formula [21] were 27 nm, 27.9 nm, 29.6 nm, and 31.5 nm, respectively.

 
Figure 4. XRD diffraction results of S1 to S4 cladding coatings at different energy densities.

3.2.2. Microstructure and (Zr,W)C Phase Evolution Pattern

In Figure 5, the microstructures of S2 and S4 cladding coatings all contain the γ-(Fe,Ni)
solid solution, eutectic organization (M23C6, Cr23C6, Ni10Zr7), incompletely decomposed
WC, and diffusely distributed ZrC, (W,Zr)C. Table 3 shows the EDS point scan results of
each marker in Figure 5. The flower-like Marker 1 and small particle Marker 2 in Figure 5
contain a large amount of W and Zr elements, and about 2.4 wt.% of the Hf elements were
detected for both of them. Based on the facts that the HfC phase was detected in XRD
and the literature on the generation of (W,Zr)C at high temperatures [22], Markers 1 and 2
can be further analyzed to determine (W,Zr)C, as well as trace amounts of HfC. As can be
seen in Figure 5(a1), Markers 3 and 4 showed serrated and needle-like morphologies. The
results of the point scan showed that the content of each element in the two markers was
similar, mainly containing W, Cr, and a small amount of C. Therefore, Markers 3 and 4 were
judged as the incompletely decomposed WC and the carbide of Cr formed around the WC.
Since free C is the first to form a ceramic phase with Zr and Hf, then, the C concentration
decreases and inhibits the growth of M7C3 [23], while fine M23C6 is formed in the eutectic
microstructure. Marker 5 contained 76.88 wt.% of Ni elements and a small amount of
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Cr, Zr, and Fe elements, so the analysis determined that it was a γ-(Fe, Ni) solid solution
containing Cr and Zr. It is noteworthy that the eutectic microstructure (Marker 6) in the
region of Figure 5(a2) contains a fence-like tissue, while it was also found in Figure 5(b2).
Compared with Marker 5, Marker 6 showed 3.98 wt% of Zr elements and increased Ni
elements, and Ni10Zr7 was detected with XRD, so it was judged as the γ-(Fe, Ni) solid
solution and surface precipitation of reticulated Ni10Zr7 intermetallic compound.

 

Figure 5. SEM microstructure of the central part of the cladding coating of preset Zr702 alloy at
different energy densities: (a1,a2): S2; (b1,b2): S4.

Table 3. EDS point scan results at different locations in Figure 5 (wt.%).

Element 1 2 3 4 5 6

C 6.30 5.75 6.61 8.23 0.71 1.07
O 0.52 0.48
Si 1.13 1.82
Cr 2.25 1.73 18.43 17.80 11.31 3.48
Fe 1.48 1.32 1.61 2.65 7.46 3.07
Ni 17.93 14.45 5.55 7.29 76.88 86.58
Zr 40.82 42.64 0.57 3.98
Hf 2.54 2.40
W 28.17 31.24 67.8 66.49 1.93
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After presetting a 0.5 mm-thick Zr702 alloy plate, to investigate the distribution of the
Zr element in the laser cladding Ni60A-20wt.%WC coating and the chemistry morphology
of the Zr element, EDS surface scans were performed on the central microzone of the
S2 cladding coating. In Figure 6, it can be seen that the Zr elements are more uniformly
distributed, showing irregular shapes such as flowers and squares. Zr (0.167 nm) and W
(0.141 nm) have similar atomic radii with a radius difference of only 0.026 nm, implying
a certain degree of intercalation. Research work has also reported [24] that the solubility
of W in ZrC is approximately 19.5%. Given that the solubility of Zr in WC is almost
negligible [25], it can be determined that Markers 2 and 5 in Figure 5(a1) were formed
(Zr,W)C around ZrC. The fact that the Zr, W elemental maps did not completely overlap
and that ZrC was detected in XRD indicated that ZrC was not completely dissolved to form
(Zr,W)C. Therefore, the Zr element ended up in the form of ZrC, (Zr,W)C hard particles as
the reinforcing phase of the coating. Since ZrC and (Zr,W)C hard phase particles are highly
thermally stable and almost insoluble in the γ-(Fe, Ni) solid solution, most of them were
diffusely distributed in the eutectic microstructure between the equiaxed crystals.

 

Figure 6. Distribution of elements in the middle area of the S2 cladding coating.

3.3. Wear Properties and Wear Mechanisms

The wear resistance of laser cladding coatings can be evaluated by the coefficient of
friction and the wear rate [26]. The distribution of the coefficient of friction with time and
the variation of the average coefficient of friction of the laser cladding coating at different
energy densities are shown in Figure 7. As can be seen in Figure 7a, the curve is divided
into two main stages: the initial ascent stage and the stable stage. The coefficient of friction
first underwent a period of oscillatory rise for about 10 min. This was because the surfaces
of the coating and the friction pair were not completely smooth, and the tiny convexity on
them contacts, resulting in a larger sliding resistance, so the coefficient of friction oscillated
up. As the friction proceeded, the surface of the friction pair and the coating was smoother,
the wear behavior entered a dynamic and steady stage, and the friction coefficient was
more stable.
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Figure 7. Tribological properties of the S1 to S4 cladding coatings at different energy densities:
(a) distribution of friction coefficients; (b) the average coefficient of friction.

The average coefficients of friction of the coatings S1 to S4 were, respectively, 0.47,
0.42, 0.56, and 0.63, as shown in Figure 7b. The wear rates of the coatings S1 to S4 in
Figure 8 were 131.3 μm3/(m·N), 90.8 μm3/(m·N), 145 μm3/(m·N), and 178 μm3/(m·N).
Both of them showed a trend of decreasing and then increasing with the increase in the
energy density. In Figure 8, it can be seen that the S2 coating had the smallest wear rate of
90.8 μm3/(m·N). It is worth mentioning that the S2 coating appeared to have two suddenly
lower coefficients of friction, which was mainly due to the detection of the ZrO2 phase by
XRD and the fact that ZrO2 is a good self-lubricating ceramic material [27], reducing the
coefficient of friction. The wear rate of the S1 and S2 coatings was lower than that of the
S3 and S4 coatings. This was mainly because the S1 and S2 coatings contained a higher
volume fraction of hard-phase ZrC and HfC particles. When the laser energy density was
greater than the critical value of the energy density for melting through Zr702, more 316 L
matrix elements diluted into the melt pool, decreasing the mechanical properties of the
coating, and there were some ZrC particles in the melt depth part, decreasing the volume
fraction of ZrC; therefore, the wear resistance of the S3 and S4 coatings was poorer.

Figure 8. Volume loss and wear rate of the S1 to S4 cladding coatings at different energy densities.

Figure 9(a1,a2) show that the S1 coating surface had large lamellar adhesions and
obvious plow grooves. This was because the plow chips of the bonded phase were taken
out of the coating under the action of abrasive plowing and crushed by Si3N4 against the
abrasive part to form the laminate, and the hard particles were shed and acted as abrasive
particles, forming “three-body wear” [28]. Figure 9(b1,b2) show that, when the energy
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density was 28.3 J/mm2, the S2 coating had only slight scratches and small hard particle
spalling pits. The slight wear behavior above was mainly attributed to the following three
aspects: On the one hand, the lattice distortion caused by Zr atoms solidly dissolved in
the Ni60A alloy, having solid solution strengthening effects. Therefore, the resistance of
the nickel-based solid solution to plastic deformation increased. On the other hand, due
to the moderate energy input, the Zr atoms saturated in the γ-(Fe,Ni) solid solution and
then segregated at the grain boundaries, forming a large number of Ni-Cr-B-Si eutectics
and inhibiting grain growth, having fine crystal strengthening effects; furthermore, a
large number of hard phases such as in situ ZrC, (Zr,W)C, and WC particles that are
not completely decomposed played an important role in the diffusion-strengthening and
second-phase-strengthening effects. From the XRD grain size calculation results, it can
be seen that, with the further increase of the energy density, the grain size of the S3 and
S4 coatings became larger, decreasing the grain boundary length; the ability to prevent
dislocation movement was weakened [29], and the resistance to plastic deformation was
reduced. Therefore, as shown in Figure 9(c1,c2,d1,d2), there were obvious plow grooves,
spalling pits, and a small number of abrasive chips on the surface of S3. The wear surface
morphology of the S4 coating showed wear debris accumulation, mutual parallel abrasion
marks, and fatigue cracks formed by the laminae due to cyclic loading, and its wear
mechanism was abrasive wear.

 

Figure 9. Wear morphology of S1 to S4 cladding coatings at different energy densities: (a1,a2) S1;
(b1,b2) S2; (c1,c2) S3; (d1,d2) S4.

4. Conclusions

In this paper, the effects of different laser energy densities on the microstructure
and mechanical properties of Ni60A-20wt.%WC cladding layers were investigated by
preplacing a 0.5 mm-thick Zr702 alloy plate on a 316 L substrate, and the main conclusions
were as follows:

(1) When the energy density was 28.3 J/mm2, the coating microhardness was the highest
among the specimens of four groups, reaching 936.4 HV0.2. With the increase in
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energy density, the microhardness of the coating showed a trend of increasing and
then decreasing.

(2) After presetting the Zr702 alloy, the coatings with different energy densities were
mainly the γ-(Fe,Ni), M23C6, Cr23C6, Ni3Fe, undecomposed WC, Fe3N, ZrC, (W,Zr)C,
HfC, and Ni10Zr7 phases. The fence-like tissue found in the microstructure was
determined to be Ni10Zr7 after EDS point scanning with the XRD results. The Zr
element ended up in the form of ZrC, (Zr,W)C hard particles as the reinforcing phase
of the coating.

(3) With the increase in the energy density, the wear rate and coefficient of friction
showed a trend of decreasing and then increasing. When the energy density was
28.3 J/mm2, the wear rate of the coating was the lowest at 90.8 μm3/(m·N). The wear
was characterized by hard particle spalling and abrasive wear. The enhancement
mechanism was mainly attributed to the low dilution of 316 L into the melt pool, the
refinement of the grain, and the formation of a large number of ZrC, (Zr,W)C, which
were hard particles with high wear resistance and distributed at the grain boundaries
to have second-phase-strengthening effects.
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