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1. Introduction and Scope

Microstructure design is key in targeting the desired material’s properties. It is therefore
essential to understand the relations between properties and microstructure and how they
are driven via a specific process [1–5]. The following five journals contribute to this topic:
Aerospace, Alloys, Crystals, Materials, and Metals. Contributions related to microstructure design
and characterization are collected in this topic, together with their relation to the mechanics,
fatigue, wear, and corrosion resistance of different kinds of metals and alloys. The goal of this
Topic is to present contributions related to the relationship between the microstructure and
properties of metals and alloys for different applications, including aeronautical and aerospace
applications. Different process routes are considered (thermo-mechanical routes and additive
manufacturing) in this topic. Welding is a mandatory issue in many applications: this is why
contributions related to welding are also included in this topic.

2. Contributions

This topic includes 18 articles, two communications and a review paper. Among these,
10 papers were published in Metals, 4 papers in Materials, 1 in Alloys, 3 in Crystals, and
3 in Aerospace, covering several aspects concerning microstructure properties in metals
and alloys.

X. Zhu et al. [6] present a method for the automatic detection of sorbite content in high-
carbon steel wire rods. A semantic segmentation model of sorbite based on DeepLabv3+ is
established. The sorbite structure is segmented, and the prediction results are analyzed
and counted based on the metallographic images of high-carbon steel wire rods marked
manually. For the problem of sample imbalance, the loss function of Dice loss + focal loss is
used, and the perturbation processing of training data is added. The results show that this
method can realize the automatic statistics of sorbite content. The average pixel prediction
accuracy is as high as 94.28%, and the average absolute error is only 4.17%. The composite
application of the loss function and the enhancement of the data perturbation significantly
improve the prediction accuracy and robust performance of the model. In this method, the
detection of sorbite content in a single image only takes 10 s, which is 99% faster using the
manual cut-off method, which takes 10 min. On the premise of ensuring detection accuracy,
the detection efficiency is significantly improved, and the labor intensity is reduced.

Z. Li et al. [7] report in situ observations of the austenite grain growth and martensite
transformations in developed NM500 wear-resistant steel conducted via confocal laser
scanning high-temperature microscopy. The results indicated that the size of the austenite
grains increased with the quenching temperature (37.41 μm at 860 ◦C → 119.46 μm at
1160 ◦C) and austenite grains coarsened at ~3 min at a higher quenching temperature of
1160 ◦C. Furthermore, a large amount of finely dispersed (Fe, Cr, Mn)3C particles redis-
solved and broke apart at 1160 ◦C, resulting in many large and visible carbonitrides. The
transformation kinetics of martensite were accelerated at a higher quenching temperature
(13 s at 860 ◦C → 2.25 s at 1160 ◦C). In addition, selective prenucleation dominated, which
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divided untransformed austenite into several regions and resulted in larger-sized fresh
martensite. Martensite can not only nucleate at the parent austenite grain boundaries,
but also nucleate in the preformed lath martensite and twins. Moreover, the martensitic
laths presented as parallel laths (0–2◦) based on the preformed laths or were distributed in
triangles, parallelograms, or hexagons with angles of 60◦ or 120◦.

Z. Wu et al. [8] propose solving the problem of poor metallurgical bonding of Cu/Al
bimetallic composites caused by high-temperature oxidation of Cu, by different coating
thicknesses of Ni layer on Cu rods used to fabricate the Cu/Al bimetallic composite by
gravity casting. The effect of liquid–solid volume ratio and coating thickness on microstruc-
ture and properties of a Cu/Al bimetallic composite were investigated in this study. The
results indicated that the transition zone width increased from 242.3 μm to 286.3 μm and
shear strength increased from 17.8 MPa to 30.3 MPa with a liquid–solid volume ratio
varying from 8.86 to 50. The thickness of the transition zone and shear strength increased
with the coating thickness of the Ni layer varying from 1.5 μm to 3.8 μm, due to the Ni
layer effectively preventing oxidation on the surface of the Cu rod and promoting the
metallurgical bonding of the Cu/Al interface. The presence of a residual Ni layer in the cast
material hinders the diffusion process of the Cu and Al atom. Therefore, the thickness of
the transition zone and shear strength exhibited a decreasing trend as the coating thickness
of the Ni layer increased from 3.8 μm to 5.9 μm. Shear fracture observation revealed that
the initiation and propagation of shear cracks occurred within the transition zone of the
Cu/Al bimetallic composite.

L. Li et al. [9] investigate the impact of various heat treatments on the strength and
toughness of TA15 aviation titanium alloys. Five different heat treatment methods were
employed in the temperature range of 810–995 ◦C. The microstructure of the alloy was
examined using a scanning electron microscope (SEM) and X-ray diffraction (XRD), and its
mechanical properties were analyzed through tensile, hardness, impact, and bending tests.
The findings indicate that increasing the annealing temperature results in an increase in the
phase boundary and secondary α phase, while the volume fraction of the primary α phase
decreases, leading to a rise in hardness and a decrease in elongation. The tensile strength
of heat-treated samples at 810 ◦C was notably improved, displaying high ductility at this
annealing temperature. Heat treatment (810 ◦C/2 h/WQ) produced the highest tensile
properties (ultimate tensile strength, yield strength, and elongation of 987 MPa, 886 MPa,
and 17.78%, respectively). Higher heat treatment temperatures were found to enhance
hardness but decrease the tensile properties, bending strength, and impact toughness. The
triple heat treatment (810 ◦C/1 h/AC + 810 ◦C/1 h/AC + 810 ◦C/1 h/AC) resulted in the
highest hardness of 601.3 MPa. These results demonstrate that various heat treatments
have a substantial impact on the strength and toughness of forged TA15 titanium alloys.

S. Kusmanov et al. [10] describe how to modify the surface of austenitic stainless steel
by anodic plasma electrolytic treatment. Surface treatment was carried out in aqueous
electrolytes based on ammonium chloride (10%) with the addition of ammonia (5%) as
a source of nitrogen (for nitriding), boric acid (3%) as a source of boron (for boriding),
or glycerin (10%) as a carbon source (for carburizing). Morphology, surface roughness,
phase composition, and microhardness of the diffusion layers in addition to the tribological
properties were studied. The influence of physicochemical processes during the anodic
treatment of the features of the formation of the modified surface and its operational
properties are shown. The study revealed the smoothing of irregularities and the reduction
in surface roughness during anodic plasma electrolytic treatment due to electrochemical
dissolution. An increase in the hardness of the nitrided layers to 1450 HV with a thickness
of up to 20–25 μm was found due to the formation of iron nitrides and iron-chromium
carbides with a 3.7-fold decrease in roughness accompanied by a 2-fold increase in wear
resistance. The carburizing of the steel surface leads to a smaller increase in hardness (up
to 700 HV) but a greater thickness of the hardened layer (up to 80 μm) due to the formation
of chromium carbides and a solid solution of carbon. The roughness and wear resistance of
the carburized surface change are approximately the same values as after nitriding. As a
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result of the boriding of the austenitic stainless steel, there is no hardening of the surface,
but, at the same time, there is a decrease in roughness and an increase in wear resistance on
the surface. It has been established that frictional bonds in the friction process are destroyed
after all types of processing as a result of the plastic displacement of the counter body
material. The type of wear can be characterized as fatigue wear with boundary friction
and plastic contact. The correlation of the friction coefficient with the Kragelsky–Kombalov
criterion, a generalized dimensionless criterion of surface roughness, is shown.

Y. Sun et al. [11] study the microstructure and mechanical properties of as-homogenized
Mg-xLi-3Al-2Zn-0.2Zr alloys (x = 5, 7, 8, 9, 11 wt.%). As the Li content increased from
5 wt.% to 11 wt.%, the alloy matrix changed from the α-Mg single-phase to α-Mg+β-Li
dual-phase and then to the β-Li single-phase. With the increase in Li content, the alloy
strength decreased while the elongation increased, and the corresponding fracture mech-
anism changed from cleavage fracture to microvoid coalescence fracture. This is mainly
attributed to the matrix changing from α-Mg with hcp structure to β-Li with bcc structure.
Additionally, the increase in the AlLi softening phase led to the reduction of Al and Zn
dissolved in the alloy matrix with increasing Li content, which is one of the reasons for the
decrease in alloy strength.

C. Ferro et al. [12] clarify the crucial role of Additive Manufacturing (AM) in the fourth
industrial revolution. The design freedom provided by this technology is disrupting limits
and rules from the past, enabling engineers to produce new products that are otherwise
unfeasible. Recent developments in the field of Selective Laser Melting (SLM) have led to a
renewed interest in lattice structures that can be produced non-stochastically in previously
unfeasible dimensional scales. One of the primary applications is aerospace engineering
where the need for light weights and performance is urgent to reduce the carbon footprint
of civil transport around the globe. Of particular concern is fatigue strength. Being able
to predict fatigue life in both LCF (Low Cycle Fatigue) and HCF (High Cycle Fatigue) is
crucial for a safe and reliable design in aerospace systems and structures. In the present
work, an experimental evaluation of compressive–compressive fatigue behavior has been
performed to evaluate the fatigue curves of different cells, varying sizes, and relative
densities. A Design of Experiment (DOE) approach has been adopted in order to maximize
the information extractable in a reliable form.

Y. Guo et al. [13] report on the Nd-Fe-B hot-deformation magnet with high resistivity
which was successfully prepared by hot-pressing and hot-deformation of Nd-Fe-B fast-
quenched powder with amorphous glass fiber. After the process optimization, the resistivity
of the magnet was increased from 0.383 mΩ·cm to 7.2 mΩ·cm. Therefore, the eddy current
loss of magnets can be greatly reduced. The microstructure shows that the granular glass
fiber forms a continuous isolation layer during hot deformation. At the same time, the
boundary of Nd-Fe-B quick-quenched the flake and glass fiber from the transition layer,
which improves the binding of the two, and which can effectively prevent the spalling
of the isolation layer. In addition, adding glass fiber improves the orientation of the hot
deformation magnet to a certain extent. The novel design concept of insulation materials
provides new insights into the development and application of rare earth permanent
magnet materials.

G. Stornelli et al. [14] show how the presence of micro-alloying elements in HSLA
steels induces the formation of microstructural constituents, capable of improving the
mechanical performance of welded joints. Following double welding thermal cycle, with
second peak temperature in the range between Ac1 and Ac3, the IC GC HAZ undergoes a
strong loss of toughness and fatigue resistance, mainly caused by the formation of residual
austenite (RA). The present study aims to investigate the behavior of IC GC HAZ of a S355
steel grade, with the addition of different vanadium contents. The influence of vanadium
micro-alloying on the microstructural variation, RA fraction formation and precipitation
state of samples subjected to thermal cycles experienced during double-pass welding was
reported. Double-pass welding thermal cycles were reproduced by heat treatment using
a dilatometer at five different maximum temperatures of the secondary peak in the inter-
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critical area, from 720 ◦C to 790 ◦C. Although after the heat treatment it appears that the
addition of V favors the formation of residual austenite, the amount of residual austenite
formed is not significant for inducing detrimental effects (from the EBSD analysis the values
are always less than 0.6%). Moreover, the precipitation state for the variant with 0.1 wt.%
of V (high content) showed the presence of vanadium rich precipitates with size smaller
than 60 nm of which, more than 50% are smaller than 15 nm.

S. Najafi et al. [15] study the influence of rare earth (RE) elements on the microstructure
and mechanical performance of an extruded ZK60 Mg alloy. Two types of RE elements
were added to a ZK60 material and then extruded at a ratio of 18:1. The first new alloy
contained 2 wt% Y while the second one was produced using 2 wt% Ce-rich mischmetal.
The microstructure, the texture, and the dislocation density in a base ZK60 alloy and
two materials with RE additives were studied by scanning electron microscopy, electron
backscattered diffraction, and X-ray line profile analysis, respectively. It was found that the
addition of RE elements caused a finer grain size, the formation of new precipitates, and
changes in the initial fiber texture. As a consequence, Y- and Ce-rich RE elements increased
the strength and reduced the ductility. The addition of these two types of RE elements to
the ZK60 alloy decreased the work hardening capacity and the hardening exponent mainly
due to grain refinement.

C. Xia et al. [16] study coarse particles in Cu-0.39Cr-0.24Zr-0.12Ni-0.027Si alloy with
scanning electron microscopy and transmission electron microscopy. Three types of coarse
particles were determined: a needle-like Cu5Zr intermetallic phase, a nearly spherical
Cr9.1Si0.9 intermetallic phase and (Cu, Cr, Zr, Ni, Si)-rich lath complex particles. The
crystallographic orientation relationships of the needle-like and nearly spherical coarse
particles were also determined. The reasons for formation and the role of the coarse phases
in Cu-Cr-Zr alloys are discussed, and some suggestions are proposed to control the coarse
phases in the alloys.

C. Liu et al. [17] study Ta hard coatings prepared on PCrNi1MoA steel substrates
by direct current magnetron sputtering, and their growth and phase evolution could be
controlled by adjusting the substrate temperature (Tsub) and sputtering power (Pspu) at
various conditions (Tsub = 200–400 ◦C, Pspu = 100–175 W). The combined effect of Tsub
and Pspu on the crystalline phase, surface morphology, and mechanical properties of the
coatings was investigated. It was found that higher Pspu was required in order to obtain
α-Ta coatings when the coatings are deposited at lower Tsub, and vice versa, because the
deposition energy (controlled by Tsub and Pspu simultaneously) within a certain range was
necessary. At the optimum Tsub with the corresponding Pspu of 200 ◦C-175 W, 300 ◦C-150 W,
and 400 ◦C-100 W, respectively, the single-phased and homogeneous α-Ta coatings were
obtained. Moreover, the α-Ta coating deposited at Tsub-Pspu of 400 ◦C-100 W showed a
denser surface and a finer grain, and as a result exhibited higher hardness (9 GPa), better
toughness, and larger adhesion (18.46 N).

M. Cohen et al. [18] analyze an assemblage of tiny provincial silver coins of the local
(Judahite standard) and (Attic) obol-based denominations from the Persian and Hellenistic
period Yehud and dated to the second half of the fourth century BCE to determine their
material composition. Of the 50 silver coins, 32 are defined as Type 5 (Athena/Owl) of
the Persian period Yehud series (ca. 350–333 BCE); 9 are Type 16 (Persian king wearing a
jagged crown/Falcon in flight) (ca. 350–333); 3 are Type 24 series (Portrait/Falcon) of the
Macedonian period (ca. 333–306 BCE); and 6 are Type 31 (Portrait/Falcon) (ca. 306–302/1
BCE). The coins underwent visual testing, multi-focal light microscope observation, XRF
analysis, and SEM-EDS analysis. The metallurgical findings revealed that all the coins from
the Type 5, 16, 24, and 31 series are made of high-purity silver with a small percentage of
copper. Based on these results, it is suggested that each series was manufactured using
a controlled composition of silver–copper alloy. The findings present novel information
about the material culture of the southern Levant during the Late Persian period and
Macedonian period, as expressed through the production and use of these silver coins.
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A. Khajesarvi et al. [19] study the effects of carbon, Si, Cr, and Mn partitioning on
ferrite hardening using a medium Si low alloy grade of 35CHGSA steel under ferrite–
martensite/ferrite–pearlite dual-phase (DP) conditions. The experimental results illustrated
that an abnormal trend of ferrite hardening had occurred with the progress of ferrite
formation. At first, the ferrite microhardness decreased with increasing volume fraction
of ferrite, thereby reaching the minimum value for a moderate ferrite formation, and then
it surprisingly increased with subsequent increase in ferrite volume fraction. Beside a
considerable influence of martensitic phase transformation induced residual compressive
stresses within ferrite, these results were further rationalized in respect of the extent
of carbon, Si, Cr and Mn partitioning between ferrite and prior austenite (martensite)
microphases leading to the solid solution hardening effects of these elements on ferrite.

Q. Liu et al. [20] investigate the anchoring performance of a short-lapped-rebar splice
with a corrugated metal duct and spiral hoops. A total of 30 specimens were designed
considering the influences of the rebar diameter and the lapped length, and the tension
testing of the splice was carried out. The results show that the specimens with 0.15 times
the suggested length in GB 50010-2010 fail by the fracture of rebar, while the specimens
with 0.1 times and 0.05 times the suggested length show the pull-out failure of rebar. The
ultimate bond strength of specimens with the suggested length is higher than that of the
conventional specimens. The stress of the anchored rebar in the short-lapped-rebar splices
is distributed symmetrically along the longitudinal direction. The maximum bond stress of
the anchored rebar reaches 35 MPa, which is approximately 1.4 times higher than in the
conventional specimens. A semi-empirical model for predicting the ultimate bond strength
of the short-lapped-rebar splice is proposed, and it shows good agreement with tested
values; the average error estimated from the proposed model is only 4.49%.

R. Canumalla et al. [21] evaluated, ranked, and selected near-α Ti alloys from the
literature for high-temperature applications in aeroengines driven by decision science
by integrating multiple attribute decision making (MADM) and principal component
analysis (PCA). A combination of 12 MADM methods ranked a list of 105 alloy variants
based on the thermomechanical processing (TMP) conditions of 19 distinct near-α Ti
alloys. PCA consolidated the ranks from various MADMs and identified top-ranked
alloys for the intended applications as: Ti-6.7Al-1.9Sn-3.9Zr-4.6Mo-0.96W-0.23Si, Ti-4.8Al-
2.2Sn-4.1Zr-2Mo-1.1Ge, Ti-6.6Al-1.75Sn-4.12Zr-1.91Mo-0.32W-0.1Si, Ti-4.9Al-2.3Sn-4.1Zr-
2Mo-0.1Si-0.8Ge, Ti-4.8Al-2.3Sn-4.2Zr-2Mo, Ti-6.5Al-3Sn-4Hf-0.2Nb-0.4Mo-0.4Si-0.1B, Ti-
5.8Al-4Sn-3.5Zr-0.7Mo-0.35Si-0.7Nb-0.06C, and Ti-6Al-3.5Sn-4.5Zr-2.0Ta-0.7Nb-0.5Mo-0.4Si.
The alloys have the following metallurgical characteristics: bimodal matrix, aluminum
equivalent preferably ~8, and nanocrystalline precipitates of Ti3Al, germanides, or silicides.
The analyses, driven by decision science, make metallurgical sense and provide guidelines
for developing next-generation commercial near-α Ti alloys. The investigation not only
suggests potential replacement or substitute for existing alloys but also provides directions
for improvement and development of titanium alloys over the current ones to push out
some of the heavier alloys and thus help reduce the engine’s weight to gain advantage.

Q. Zhao et al. [22] study the effect of the trace rare-earth element Ce on the microstruc-
ture and properties of cold-rolled medium manganese steel after ART (austenite-reverted
transformation, ART) annealing was studied. The microstructure of the experimental steel
was observed using SEM, and the mechanical properties were tested using a universal
tensile testing machine. The volume fraction of the retained austenite and the texture of the
steel were measured using XRD. The results showed that the original austenite grain size of
the experimental steel was smaller after adding the trace rare-earth element Ce. After ART
annealing, the grain size distribution of the experimental steel with rare-earth Ce was more
uniform, and the comprehensive mechanical properties were better. Under the conditions
of quenching at 800 ◦C for 5 min and annealing at 645 ◦C for 15 min, the maximum product
of tensile strength and elongation was 28.47 GPa%.

W. Wang et al. [23] report on the dendritic growth and physical properties of broad-
temperature-range Co-4.54%Sn alloy. The maximum undercooling attains 208 K at molten
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state, and the dendritic growth velocity is quite sluggish in highly undercooled liquid Co-
4.54%Sn alloy because it has a broad solidification range of 375 K (0.21 TL); the maximum
value is only 0.95 m/s at the undercooling of 175 K, which then decreases with undercooling.
The microstructure refines visibly and the volume fraction of the interdendritic βCo3Sn2
phase clearly decreases with undercooling. The microhardness and electrical resistivity
increase with undercooling owing to the enhancement of solute content of the primary
αCo phase and refinement of the microstructure where the increased crystal boundary
hinders the electronic transmission. Meanwhile, the saturation magnetization also reduces
with undercooling due to the crystal particle and boundary increasing significantly, and
the dendritic growth velocity and solute content increase in the primary αCo phase under
rapid solidification.

T. Tretyakova et al. [24] study the influence of the rigidity of the loading system on
the kinetics of the initiation and propagation of the Portevin-Le Chatelier (PLC) strain
bands due to the jerky flow in the Al-Mg alloy. To estimate the influence of the loading
system, the original loading attachment, which allows for a reduction in the stiffness in
a given range, was used. Registration of displacement and strain fields on the specimen
surface was carried out via the Vic-3D non-contacting deformation measurement system
based on the Digital Image Correlation (DIC) technique. The mechanical uniaxial tension
tests were carried out using samples of Al-Mg alloy at the biaxial servo-hydraulic testing
system Instron 8850. As a result of tensile tests, deformation diagrams were obtained for
Al-Mg alloy samples tested at different values of stiffness of the loading system: 120 MN/m
(nominal value), 50 MN/m, 18 MN/m, and 5 MN/m. All diagrams show discontinuous
plastic deformations (the Portevin-Le Chatelier effect). It is noted that a decrease in the
rigidity of the loading system leads to a change in the type of jerky flow. At constant
parameters of the loading rate, temperature, and chemical composition of the material, the
PLC effects of types A, B, and C are recorded in tests.

T. Hu et al. [25] describe the diffusion of TM and the nucleation and growth of particles
in Al alloys based on first principles.

M. Gaggiotti et al. [26] present a review on the effect of ultrafast heating (UFH) treatment
on carbon steels, non-oriented grain (NGO) electrical steels, and ferritic or austenitic stainless
steels. The study highlights the effect of ultrarapid annealing on microstructure and textural
evolution in relation to microstructural constituents, recrystallization temperatures, and its
effect on mechanical properties. A strong influence of the UFH process was reported on grain
size, promoting a refinement in terms of both prior austenite and ferrite grain size. Such an
effect is more evident in medium–low carbon and NGO steels than that in ferritic/austenitic
stainless steels. A comparison between conventional and ultrafast annealing on stainless
steels shows a slight effect on the microstructure. On the other hand, an evident increase in
uniform elongation was reported due to UFH. Textural evolution analysis shows the effect of
UFH on the occurrence of the Goss component (which promotes magnetic properties), and
the opposite with the recrystallization g-fiber. The recovery step during annealing plays an
important role in determining textural features; the areas of higher energy content are the
most suitable for the nucleation of the Goss component. As expected, the slow annealing
process promoted equiaxed grains, whereas rapid heating promoted microstructures with
elongated grains as a result of the cold deformation. It is worth mentioning, and may be useful
for readers, that, after this review, the same authors published experimental investigations
related to the effect of ultra-fast heating on stainless steels [27,28].
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Abstract: The key parameters of growth and nucleation of Al3TM particles (TM = Sc-Zn, Y-Cd
and Hf-Hg) have been calculated using the combination of the first principles calculations with
the quasi-harmonic approximation (QHA). Herein, the diffusion rate Ds of TM elements in Al is
calculated using the diffusion activation energy Q, and the results show that the Ds of all impurity
atoms increases logarithmically with the increase in temperature. With the increase in atomic number
of TM, the Ds of 3–5d TM elements decreases linearly from Sc, Y and Hf to Mn, Ru and Ir, and then
increases to Zn, Ag and Au, respectively. The interface energy γα/β, strain energy ΔEcs, chemical
formation energy variation ΔGV and surface energy Eave

sur were further computed from the based
interface and slab models, respectively. It was found that, with the increase in the atomic number of
TM, the interface energies γα/β of Al/Al3TM (TM = (Sc-Zn, Y-Cd)) decreased from Sc and Y to Mn
and Tc and then increased to Zn and Cd, respectively (except for the (001) plane of Al/Al3(Fe-Co),
the (111) plane of Al/Al3Pd and the (110) and (111) planes of Al/Al3Cd). The strain energies ΔEcs of
Al/Al3TM (TM = (Sc-Zn)) increased at first, and then decreased for all cycles. The chemical formation
energy ΔGV of all Al3TM changed slightly in the temperature range of 0~1000 K, except that the
ΔGV of Al3Sc, Al3Cu, Al3(Y-Zr), Al3Cd, Al3Hf and Al3Hg increased nonlinearly. With the increase in
atomic number at both 300 and 600 K, the ΔGV of 3–5d TM elements increased from Sc, Y and Hf to
Mn, Tc and Re at first, and then decreased to Co, Rh and Ir, respectively, and slightly changes at the
end. With the increase in atomic number of TM, the variation trends of the surface energies of Al3TM
intermetallic compounds present similar changes for all cycles, and the (111) surface always has the
lowest values.

Keywords: DFT framework; nucleation and growth; diffusion behavior; L12 Al3TM

1. Introduction

Al-based alloys have been widely applied in the electronics, aerospace and automotive
industries due to their low density, high specific strength and welding strength [1]. Adding
transition elements (TMs) can significantly improve the mechanical and thermodynamic
properties of Al alloys [2–6]. For example, the existence of Sc (0.3%) in the Al matrix
increases the ultimate rupture strength of annealed Al sheets from 55 to 240 MPa [7], and
L12-Al3Zr in the Al matrix is used as a grain refiner to improve the coarsening resistance
and creep properties [8,9]. However, the high cost of Sc and Zr limits their applications
in commercial Al alloys. Specifically, intermetallic compounds with TMs are suitable
candidates for high temperature applications, as the crystal types in the Al matrix may
be L12, D022, D023 or D019 structures [8,10–12], of which the L12 phase is an important
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intermetallic compound and has been widely studied [13–16]. Moreover, the TMs can be
used to substitute the expensive Sc and Zr elements in L12-Al3Sc and Al3Zr.

The previous research proved that fixing the dislocations and grain boundaries can
effectively refine the deformed and recrystallized grains, depending on the dispersed
distribution of L12 Al3TM particles during rising heat [17,18]. The diffusion rate of TM
solute atoms in an Al matrix and the interfacial properties of Al3TM/Al are important
parameters for the investigation of nucleation, the growth of L12 Al3TM phases [19–21], and
the low-index bonds of particles to matrix [22,23]. However, the experimental exploration
of appropriative substitution TMs is difficult because of the complex environment and the
expensive cost [15,23–28]. Fortunately, in recent years, with the development of modern
computer technologies, theoretical identification (e.g., first-principles (FP) calculations
based on density functional theory (DFT) [15]) in the complicated systems (e.g., metals and
ceramics) has become the most powerful method to accomplish this [29–32].

The stability and nucleation behavior of L12-Al3Sc and Al3Li binary phases have first
been investigated using the framework of density functional theory (DFT) calculation
by Mao et al. [15]. Their results showed that the L12-Al3Sc and Al3Li structures have
lower formation energies than those of the corresponding D023, D019 and D022 structures.
Furthermore, they found that the interface and strain energies of Al3Sc are much higher than
those of Al3Li for all (001), (110) and (111) interfaces. Zhang et al. [33] have comprehensively
studied the solubility of RE (RE = Y, Dy, Ho, Er, Tm and Lu) in Al based on the free energy
difference between L12 bulk and Al solid solution matrix in the DFT theoretical framework.
Their results indicated that the solubility of all rare earth (RE) (RE = Y, Dy, Ho, Er, Tm and
Lu) elements increases with the increase in temperature (~1000 K). They also believed that
Dy and Y elements can become better candidates for Sc due to the better stability of Al3Dy
and Al3Y compounds and their almost identical solubility compared to the higher-cost Sc
element. Sun et al. [34] have calculated low-index (001), (110) and (111) surface energies
of L12-Al3Sc particles adopting slab model with 15 Å vacuum region. Their results show
that when the surface energies of non-stoichiometric (001) and (110) surfaces of Al3Sc
are calculated, their values should be considered as different under different Al chemical
potentials, and in a wide range of Al chemical potentials, the surface energies of the (111)
surface with AlSc-terminated have lower values, indicating that they are more stable than
other surfaces.

However, up to date, the diffusion rates Ds of TMs in Al, the surface properties of L12-
Al3TM and the interface of Al3TM/Al-matrix have not been systematically investigated.
Specifically, the nucleation and growth of L12-Al3TM (TM = Sc-Zn, Y-Ag, Hf-Au) particles
at finite temperatures have not been obtained, and their relationship to the atomic number
of TM hasn’t been described in detail due to the large computational cost required. In
the present work, by combining the first-principles calculations with the quasi-harmonic
approximation (QHA), the relationship between the particles’ nucleation/growth and
atomic number/temperature are discussed. First, the diffusion rates Ds of TMs as a
functional of atomic number and temperature have been researched. Then, the relationship
between the driving force and the hindrance of particle nucleation and the atomic number
of TM is explained based on the interface model. Finally, the effects of the surface stability
of different intermetallic compounds with the change in atomic number based on the slab
model are obtained.

2. Computed Methods

All calculations in this work were performed in Vienna ab initio Simulation Package
(VASP) [34] with the 5.4.4 version, which adopts the framework of density functional theory
(DFT) [35] calculations to solve the Kohn–Sham equation and obtain the total energy from
different models. In the calculated processing of VASP, to relax all models to their most
stable ground state, the electron–core interaction was described by the projector augmented
wave (PAW) [36] method. The optimal choice of exchange–correlation functional was
considered using the generalized gradient approximation (GGA) with the Perdew–Burke–
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Ernzerh (PBE) version [31]. A 10 × 10 × 10 k-point sampling grid with the Gamma-
centered Monkhorst–Pack method [37] in the first Brillouin zone was selected via strict
convergence testing (see Figure 1) for bulk properties calculation. A cut off energy of the
plane-wave basis of 500 eV was chosen for the whole calculated process. The energy and
force tolerance were set to 10−7 eV and 0.01 eV/Å, respectively, by using conjugate gradient
(CG) minimization and Broyden–Fletcher–Goldfarb–Shannon (BFGS) schemes [38].

Figure 1. The total energy of Al3Sc as a function of k-point sampling grids.

Here, based on the slab model, we investigated three low-index surfaces, containing
(100), (110) and (111) surfaces of Al and L12-Al3TM, which adopted 14, 14 and 16 layers,
respectively [24,39]. All interfaces of (100), (110) and (111) surfaces of Al/L12–Al3TM are
calculated by using the 18 layers interface model. A 10 × 10 × 1 k–mesh grid for both cases
was tested to be suitable for this work. To simulate diffusion behavior, we constructed a
3 × 3 × 3 supercell with 4 × 4 × 4 k–mesh grids to obtain the diffusion barriers of the
solute diffusion of TMs in the Al matrix based on the climbing-image nudged elastic band
(CI-NEB) [40] method. Meanwhile, a spring force constant of 5 eV/Å was considered to
keep all the images separated, and these CI-NEB iterations were continued until the forces
on each atom were less than 0.05 eV/Å.

3. Conclusion Description

3.1. Diffusion

In the process of heating up, some atoms will detach from their original equilibrium
positions and then diffuse to a new site while obtaining enough energy. Thus, the diffusion
behavior is a common phenomenon in the field of material science and engineering. Ac-
cording to the Lifshitz and Slyozov and Wagner methods [41,42], the growth of particles is
affected by the diffusion behavior of solute atoms, and the faster diffusion in the Al matrix
is beneficial for the grain growth. In the current work, to investigate diffusion behavior, we
first show a vacancy-substitution model, as depicted and visualized in Figure 2a by VESTA
codes. The vacancy-substitution model can be divided into two types: the self-diffusion of
the violet Al atom and the impurity diffusion of the TM pink ball [24,39]. The black arrow
represents the diffusion path for the TM atom. To further investigate the diffusion behavior,
the diffusion coefficient as a function of jump frequency I is expressed, which satisfies the
Arrhenius equation as follows [40,43–45]:

D(T) =
λa2

2Z
I (1)
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where λ (λ = 2), Z (Z = 1) and a are the number of directions for atomic transitions, the
dimension of diffusion and the corresponding atomic distance of diffusion, respectively.

Here, the jump frequency for both diffusions in solid-state was established using the
classical transition state theory (TST) [46,47]:

I = νexp(−
Q
κT ) (2)

where ν, Q, T and κ are the effective frequencies associated with the vibration of the
transition atom, the diffusion activation energy, the special temperature and the Boltzmann
constant, respectively.

According to Winter–Zener theory (WZT), the ν can be approximately expressed
as [48]:

ν=

(2EDi f f

ma2

) 1
2

(3)

where m represents the atomic mass of transition atoms. Herein, two types of diffusion
activation energies Q corresponding to self D0 and impurity Ds diffusion coefficients are
gained using first principles calculations. The Q for self-diffusion contains two separate
energies: vacancy formation energy Evac and the migration energy of Al atom Em in Al
matrix. For impurity diffusion activation energy, the activation energy Q consists of three
parts: the substitutional solution energy Es of a TM atom replacing a Al atom, vacancy
formation energy Ef in the presence of TM in Al107TM supercell, and the migration energy
of diffusion Em [49]:

Es = EAl107TM − 107EAl − ETM (4)

Ef = E(Al106TM:Vac) − EAl107TM + EAl (5)

Eb = Es + Ef (6)

where ETM and EAl are the energies of single TM and Al atoms in the stable bulk, respec-
tively, and Eb is the binding energy of a TM atom substituting a vacancy in Al matrix.

To further investigate the physical mechanism of behaviors, the electron localized
function (ELF) has been drawn using the VESTA code [50]. The ELF is defined as:

ELF =
1

1 +
(

Dr
Dhr

)2 (7)

where Dr and Dhr are the true electron gas density and the pre-assumed uniform electron
gas density, respectively.

The Em, Eb (Evac), Q and Ds (D0) for TM and Al at 300 K with available experimental
and theoretical values are summarized in Table 1 [51–54]. It can be seen that errors between
the present and previous values in literatures for Em, Eb (Evac) and EDiff are within 20%,
and the current value of EDiff of Sc element is only ~2% larger than that of the experiment
value. To visually illustrate the regularity of the variations of activation energy Q as
a function of the atomic number of TM, it is further plotted in Figure 2b. The result
shows that the Q increases at first and then decreases as the atomic number increases
(Sc-Zn, Y-Ag, Hf-Au) in the Al matrix (except for Cr of 2.23 eV), indicating that there is
a correlation between the valence electron configuration of impurity elements and the
activation energy Q. Additionally, the TM elements in the fourth cycle generally have
lower diffusion activation energies Qs, ranging from 0.35 to 2.60 eV. For Mn-Co, Tc-Rh and
Re-Ir, they have larger Qs in the Al matrix, which are 2.45~2.60, 3.82~3.94 and 3.95~4.26 eV,
respectively, indicating that their diffusion abilities are relatively weak in the Al matrix.
Meanwhile, for Cu-Zn, Ag and Au, the activation energy Q is very low, or even negative for
a Cd of −0.12 eV and an Hg of −0.30 eV, as shown in Table 1, which shows they are easier
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to move in the Al matrix. In the undoped-Al system, self-diffusion activation energies Q0
is lower compared to all Qs in the doped system, except for the Qs of Cu, Zn, Y and Ag,
indicating that the diffusion of most TM atoms is more difficult than self-diffusion.

The variation in activation energy Q with the temperature increasing can be calculated
from the above results by combining them with the quasi-harmonic vibration (QHA) [55];
by doing this, the change in diffusion rate D with the temperature can be obtained via
Equations (1)–(3), and the results are summarized in Table 1 and Figure 2c,d. It should
be noted that only the self-diffusion rate D0 as a function of Q is presented in the inlet of
Figure 2c, owing to the fact that that all activation energies Q of TM elements are nearly
the same. The self-diffusion rate D0 of 3.55 × 10−28 m2·s−1 for Al in this work is in general
agreement with the experimental extension values from 1.76 × 10−27~4.42 × 10−12 m2·s−1

in the range of 300~1000 K and 1.47 × 10−14~1.36 × 10−12 in the range of 739~917 K in
literature [56,57], seen from Table 1 and Figure 2c. Meanwhile, the theoretical predicted D0
of 3.55 × 10−28 m2·s−1 of Al is lower than that of the experiment at 300 K. The reason for
this may be that it is difficult to accurately determine the D0 due to the influence of crystal
structure defects, dislocations and grain boundaries in experiments. The Ds of all impurity
atoms except for Cd and Hg increases logarithmically with the increase in temperature.
A negative Q for Cd and Hg cases makes it impossible to theoretically calculate values
according to Equations (1) and (2). Reasonably, the D indicate the inverse pattern to Q;
higher barriers mean slower passage. Additionally, the larger the value at 300 K, the lower
the increasing rate. This trend result is consistent with the variation trend of Ds for Mg,
Si and Cu with temperature calculated by Mantina et al. [44]. Figure 2d further shows
the diffusion rate Ds at 300 K as a function of the atomic number of TM, and it can be
seen that the diffusion rate Ds first decreases linearly from 2.05 × 10−37, 6.47 × 10−24 and
2.79 × 10−44 m2·s−1 for Sc, Y and Hf to 2.43 × 10−50, 6.77 × 10−73 and 1.60 × 10−78 m2·s−1

for Mn, Ru and Ir and then increases with the increase in atomic number to 3.09 × 10−13,
9.17 × 10−17 and 2.93 × 10−29 m2·s−1 for Zn, Ag and Au, respectively (except for Cr of
3.36 × 10−44 m2·s−1).

From the above results, it can be seen that higher peaks occur for half- or near half-full
d shells for all cycles considered. The reason for this may be that half- or near half-full
d shells of the TM element in the Al matrix are more stable and more energy is required
to force them to move from the stable site to the vacancy. Although the atomic diffusion
barrier changes similarly with the increase in atomic number in the same period, TM with
3d shells present a faster diffusion behavior. To explore the underlying potential, the ELF
of Sc and Ru doping systems on the (010) plane are presented in Figure 2e,f. The value
of ELF, which is selected as 0 to 1, demonstrates the probability of finding an electron in
the neighborhood space. To be specific, when it equals 0, it reflects a strongly delocalized
electron area; when it equals 1, it corresponds to a strongly localized electron area. It can be
seen that, when Sc and Ru are the first nearest neighbors of the vacancy, different values of
ELF are exhibited. The Ru would make the surrounding electrons appear more likely than
Sc, resulting in Ru being difficult to diffuse to the vacancy.

Table 1. The calculated diffusion barrier Em (eV), vacancy–solute binding energy Eb (eV), diffusion
activation energy Q (eV) and diffusion rate Ds (m2·s−1) for TM atoms in Al matrix at 300 K. It should
be noted that for pure Al, Eb and Ds are in fact Evac and D0, respectively. Note: A negative activation
energy Q can’t meet calculating Ds according to Equations (1)–(3).

Element Em Eb Q Ds

Al
0.68

0.55–0.70 [54]
0.57 [58]

0.63
0.60–0.80 [54]

0.63 [58]

1.31
1.15–1.50 [54]

1.20 [58]
1.31 [56]

3.55 × 10−28

1.76 × 10−27 [56]

Sc 0.85 0.97 1.82 1.79 [55] 2.05 × 10−37

Ti 1.43 0.84 2.27 6.04 × 10−45

V 1.90 0.42 2.32 1.09 × 10−45

Cr 2.14 0.09 2.23 3.36 × 10−44
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Table 1. Cont.

Element Em Eb Q Ds

Mn 2.11 0.49 2.60 2.43 × 10−50

Fe 1.90 0.63 2.53 3.10 × 10−49

Co 1.55 0.90 2.45 7.79 × 10−48

Ni 1.06 0.97 2.03 6.44 × 10−41

Cu 0.57 0.22 0.79 2.94 × 10−20

Zn 0.40 −0.04 0.35 3.09 × 10−13

Y 0.36 0.63 0.99 6.47 × 10−24

Zr 1.19 0.98 2.17 2.16 × 10−43

Nb 1.88 0.75 2.63 4.94 × 10−51

Mo 2.46 0.75 3.22 7.40 × 10−61

Tc 2.54 1.27 3.82 7.25 × 10−71

Ru 2.25 1.69 3.94 6.77 × 10−73

Rh 1.68 2.16 3.84 2.81 × 10−71

Pd 0.98 1.71 2.68 5.51 × 10−52

Ag 0.51 0.06 0.56 9.17 × 10−17

Cd 0.35 −0.46 −0.12 -
Hf 1.41 0.80 2.21 2.79 × 10−44

Ta 2.10 0.41 2.51 2.90 × 10−49

W 2.85 0.17 3.02 9.43 × 10−58

Re 3.09 0.86 3.95 2.93 × 10−73

Os 2.77 1.36 4.14 1.96 × 10−76

Ir 2.15 2.11 4.26 1.60 × 10−78

Pt 1.27 2.15 3.42 1.77 × 10−64

Au 0.53 0.78 1.31 2.93 × 10−29

Hg 0.21 −0.50 −0.30 -

Figure 2. (a) The diffusion model. (b) The calculated diffusion barrier of a vacancy Em, vacancy
solute binding energy Eb (vacancy formation energy Evac for self-diffusion in Al matrix) and diffusion
activation energy EDiff with the change in atomic number. (c) The diffusion rate D and EDiff as a
function of temperature. (d) The impurity diffusion rate Ds as a function of the atomic number of
TM. (a,b) represent the experimental values from Murphy et al. [57] and Volin et al. [56], respectively.
(e,f) The ELFs on the (010) planes of Sc and Ru doping systems, respectively.
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3.2. Nucleation

According to the classical nucleation method (CNT) [44,56,57], the total energy of the nu-
cleation process of second phases can be expressed as follows: ΔGtot =

4
3 πR3(ΔGV + ΔECS)+

4πR2γα/β. Here, a positive strain energy contribution would be a hindrance when Al3TM
grains gradually form, while the difference in free energy in bulk between the matrix and
particles and the interfacial free energy would promote particle nucleation.

Here, to calculate interface energy γα/β, we adopt a total energy of interface model
that subtracts the total energy of the phases on either side of the interface in a two-phase
system [23]:

γα/β =
Eα/β −

(
Eα + Eβ

)
2A

(8)

where A is the area of the interface, Eα/β is the total internal energy of the relaxed α/β system
containing an interface and Eα and Eβ are the total internal energies of phases α and β from
the strains of all directions, respectively.

The chemical formation energy difference ΔGV of L12-Al3TM precipitates can be
expressed in dilute solid solution based thermodynamics, AlnTM → Al3TM + Aln−3. It can
be shown as [15]

ΔGV = ΔGAl3TM + (n − 3)ΔGAl − ΔGAlnTM (9)

where n (n = 31) and ΔG are the number of atoms and Gibbs free energy, respectively. To
investigate the dependence of ΔGV on temperature, the non-equilibrium free energy ΔGV
is derived as the following equation [15,59]:

G(V, P, T) = min[F(V, T)] + PV (10)

where F(V; T) is the free energy computed by the sum of electronic internal energy and
phonon Helmholtz free energy F(V, T) = Uel + Fvib. P is the circumstance pressure.

Due to lattice mismatch, both the harmonic and non-harmonic contributions were
observed to calculate the strain energy ΔECS of the L12 precipitation phases [15]:

ΔECS

(
x, Ĝ

)
= min

as

(
xΔEeqi

α

(
as, Ĝ

)
+ (1 − x)ΔEeqi

β

(
as, Ĝ

))
(11)

where as is the constrained superlattice parameter, Ĝ is the direction and x is the mole
fraction of phase α. ΔEeqi

α and ΔEeqi
β are the epitaxial deformation energies of phases α and

β, respectively.
Figure 3a shows the interface model for calculating the interface properties in this

work. The Al matrixes are highlighted in dashed rectangles, and different layer numbers are
used for the calculation convenience. Comparing the present results with references [15,23]
listed in Table 2, there are larger errors compared by Mao and Li et al. [15,23], and these
errors are further discussed. The main reasons are as follows:

1. Li et al. [23] adopted the vacuum slab model for the calculation, resulting in the values
of interface energies being affected by different terminal surfaces, and the interface
energy of Al/Al3Ti of 61.85 mJ·m−2 calculated by the vacuum model is in a good

agreement with that of Li et al. according to γα/β =
E∗

α/β−(Eslab,α+Eslab,β)
S + Eα

sur + Eβ
sur,

where E∗
α/β is the total energy of the vacuum slab model system, Eslab denotes the

total energy of the fully relaxed surface slabs and Eα
sur and Eβ

sur represent the surface
energies of the α and β surface slabs, respectively. Meanwhile, the strain energy
caused by lattice mismatch in the vacuum slab model was not taken into account in
the above equation.

2. Mao et al. [15] had investigated interface properties in a periodic supercell and,
considering the strain energy of interface model, they calculated interface properties
with less accuracy, performed on a 0.13 (1/Å) spacing Monkhorst–Pack k-point mesh
and an energy cutoff of 300 eV.
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Figure 3. (a) The interface models. (b–d) The calculated interface energy γα/β and (e–g) strain energy
ΔEcs with the change in atomic number. (h) The chemical formation energy ΔGV with the change in
temperature. (i,j) The chemical formation energy ΔGV as a function of atomic number under different
constant temperature conditions. (a) represent the calculated result of Li et al. [23].
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Table 2. The calculated interface energy γα/β (mJ·m−2) and strain energy ΔEcs (meV·atom−1) in
Al/Al3TM interface systems. (Note: A * symbol represents the calculated result from the vacuum
slab model).

Dir. (001) (110) (111)

Systems γα/β ΔECS γα/β ΔECS γα/β ΔECS

Al/Al3Sc

108.65
108.00 [15]
165.00 [23]
176.00 [23]

0.32
0.60 [23]

-
-

194.41
159.00 [15]
178.00 [15]
193.00 [23]

1.50

204.81
191.00 [23]
189.00 [15]
203.00 [15]

1.52

Al/Al3Ti
−38.48
61.85 *

52.00 [23]

0.20
0.30 [15]

−38.90
61.00 1.12 66.67

79.00 [15] 1.36

Al/Al3V −147.83 1.77 −203.77 5.10 −75.76 7.56
Al/Al3Cr −270.04 1.52 −379.95 9.92 −167.43 23.16
Al/Al3Mn −468.86 −0.14 −429.65 13.80 −225.66 28.62
Al/Al3Fe −291.22 10.64 −283.37 16.58 −113.54 23.69
Al/Al3Co −200.04 12.06 −205.31 14.01 −49.49 22.43
Al/Al3Ni −195.59 5.83 −176.89 6.20 −109.50 15.46
Al/Al3Cu −143.59 0.59 −108.27 2.40 −48.53 8.43
Al/Al3Zn −53.81 0.64 −88.33 0.67 −33.48 0.24
Al/Al3Y 93.37 5.13 159.60 9.72 181.29 14.30
Al/Al3Zr 20.15 0.65 1.39 2.43 86.32 2.48
Al/Al3Nb −143.96 1.48 −160.59 2.07 −109.57 0.56
Al/Al3Mo −309.65 1.87 −319.59 1.20 −201.04 18.33
Al/Al3Tc −699.48 −14.84 −516.46 7.24 −201.10 20.79
Al/Al3Ru −173.70 3.92 −228.40 8.52 −82.71 12.26
Al/Al3Rh −138.07 2.92 −197.66 6.71 −42.72 9.98
Al/Al3Pd −132.75 1.53 −153.88 1.94 −60.52 1.79
Al/Al3Ag −142.47 0.86 −46.85 1.31 −5.67 0.40
Al/Al3Cd −75.68 0.51 −261.59 4.33 −55.69 9.33
Al/Al3Hf −37.53 1.14 −25.31 1.79 69.41 1.59
Al/Al3Ta −169.68 0.50 −198.59 1.36 −124.38 1.26
Al/Al3W −232.18 0.29 −467.97 4.35 −276.16 4.24
Al/Al3Re −146.35 4.59 −1242.00 26.49 −396.57 33.54
Al/Al3Os −243.80 4.34 −328.80 8.72 −174.06 13.36
Al/Al3Ir −87.86 3.71 −173.40 6.26 −3.44 10.60
Al/Al3Pt −190.37 0.38 −734.31 2.90 −246.39 17.81
Al/Al3Au −118.52 0.58 −80.77 1.02 −33.30 0.67
Al/Al3Hg −93.95 0.94 −341.48 3.64 −251.40 24.04

The calculated γα/β with the increase in atomic number is further depicted in Figure 3b–d.
According to the CNT, the theoretical nucleation radius R* cannot be calculated by a negative
γα/β, and the γα/β of all Al/Al3TM are less than 0 mJ·m−2, except for the (111) of Al/Al3Sc,
Al/Al3Ti, Al/Al3(Y-Zr) and Al3Hf systems.

It can be seen from Figure 3b,c that the γα/β of Al/Al3TM (TM = (Sc-Zn, Y-Cd))
decreases from Sc and Y to Mn and Tc, and then increases to Zn and Cd, respectively,
except for the (001) of Al/Al3(Fe-Co), the (111) of Al/Al3Pd and the (110) and (111) of
Al/Al3Cd. These trends of γα/β for Al/Al3TM (TM = (Hf-Hg)) in the (110) and (111)
systems present two Al/Al3Re and Al/Al3Pt compound troughs in Figure 3d, and they
show the same change with the increase in atomic number. For the (001) system, the γα/β

of Al/Al3TM (TM = (Hf-Hg) is larger than −250 mJ·m−2, and the Al/Al3TM with 3d64s2

has the lowest γα/β. Figure 3e shows the variation of strain energy ΔEcs of Al/Al3TM
(TM = (Sc-Zn) with the increase in atomic number. It can be seen that the ΔEcs increases
from 0.32~1.52 meV·atom−1 for Sc to 12.06 meV·atom−1 for Co on the (001) system, to
16.58 meV·atom−1 for Fe on the (110) system, and to 28.62 meV·atom−1 for Mn on the
(111) system, respectively, and then they all decrease to 0.24 ~ 0.67 meV·atom−1 for Zn
(except for Al/Al3Mn, of the order of −0.14 meV·atom−1). For the (110) and (111) systems
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of Al/Al3TM (TM = (Y-Cd, Hf-Hg)), as seen in Figure 3f,g, respectively, the largest values
of ΔEcs for the (110) and (111) interface systems are all located at Al/Al3Re, being 26.49
and 33.54 meV·atom−1, respectively, while the (001) interface system of Al/Al3Tc has the
lowest value of ΔEcs, being −14.84 meV·atom−1.

The trends of ΔGV as a function of temperature for all Al3TM compounds have been
calculated according to Equations (10) and (11), and results are shown as Figure 3h. The re-
sults show that the ΔGV of all Al3TM change slightly in the temperature range of 0~1000 K,
except that the ΔGV of Al3Sc, Al3Cu, Al3(Y-Zr), Al3Cd, Al3Hf and Al3Hg increase non-
linearly from −89.69, −1.44, −130.51, −93.86, −1.65, −72.35, and 0.65 meV·atom−1 to
−24.38, 66.09, −88.46, −44.47, 71.60, −2.05 and ~88.51 meV·atom−1, respectively. Further-
more, the obtained ΔGV as a function of the atomic number of TM is shown in Figure 3i,j,
and the calculated values of −66.46 and −61.54 meV·atom−1 for Al3Sc and Al3Ti, respec-
tively, at 600 K agree well with the value of −61.14 meV·atom−1 at 350 ◦C (623 K) for
Al3Sc and −66.15 meV·atom−1 at 300 (573 K) for Al3Ti calculated by Li et al. [15]. From
Figure 3i, one can see that the ΔGV at 300 K increases from −80.96 meV·atom−1 for Sc,
−120.46 meV·atom−1 for Y and −66.82 meV·atom−1 for Hf to 20.37 meV·atom−1 for Mn,
53.89 meV·atom−1 for Tc and 74.50 meV·atom−1 for Re, and then decreases slightly to
−11.72 meV·atom−1 for Co, 9.62 meV·atom−1 for Rh and 4.89 meV·atom−1 for Ir, respec-
tively. As a final step, they change slightly. At 600 K, the variation trends of ΔGV for 3–5d
TMs are the same as those at 300 K.

3.3. Surface Energy

In the framework of Peierls theory, a lower surface energy of bulk materials in com-
parison to an unstable stacking fault will cause metals to crack from material failure [42,60].
Thus, it is necessary to analyze surface energy for all Al3TM particles and the Al matrix.
The surface energy of Al is given by the following formula [61,62]:

Esur =
Eslab

Al − Nμbulk
Al

2A
(12)

where Eslab
Al and N are the total energy and the number of Al atoms in the slab model,

respectively. μbulk
Al represents the chemical potential of a single atom in bulk Al.

For stoichiometric surfaces (111) of the Al3TM slab, the calculated formula is given as
follows:

3μslab
Al + μslab

TM = μbulk
Al3TM (13)

Esur =
Eslab

Al3TM − Nμbulk
Al3TM

2A
(14)

where μslab
Al , μslab

TM and μbulk
Al3TM are the chemical potential of Al, AlTM-terminated and Al3TM

bulk, respectively. N and A are the number of Al3TM cells and the surface area, respectively.
To further discuss the non-stoichiometric (001) and (110) surfaces of the Al3TM

(3NTM �= NAl), we used the following the equation [24,63]:

Esur =
Eslab

Al3TM − Nμbulk
Al3TM + nμslab

Al

2A
(15)

where n is the number of the rest (n < 0) and missing (n > 0) Al atoms.
To obtain μslab

Al in the systems, we first need to avoid Al and Sc bulk phases. Therefore,
μslab

Al and μslab
Sc are limited, as follows:

μslab
Al − μbulk

Al < 0 (16)

μslab
TM − μbulk

TM < 0 (17)
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Further, the thermodynamic stability of AlTM compounds should meet the equation
given by:

3μbulk
Al + μbulk

TM + ΔHf = μbulk
Al3TM (18)

Combined with Equations (12) and (15)–(17), two limit values of μslab
Al are respectively

given by:
μa

Al = μslab
Al = μbulk

Al (19)

μb
Al = μ

slab
Al = μbulk

Al +
1
3

ΔHf (20)

The calculated surface energies of AlTM from different Al chemical potentials, μa
Al and

μb
Al , are summarized in Table 3 as references. To solve the dependence of surface energy on

Al chemical potential, the average surface energy of non-stoichiometric surfaces is obtained
by two identical index surfaces of different termination [24,63]:

Eave
sur =

1
4A

[
EAl

slab + EAlTM
slab −

(
NAl

slab + NAlTM
slab

)
×μbulk

Al3TM

]
(21)

where EAl
slab, NAl

slab and EAlTM
slab , NAlTM

slab are the relaxed energy and total number of TM atoms
in Al and AlTM-terminated surfaces, respectively.

Table 3. The calculated surface energy Esur (J·m−2) of the (001) and (110) surfaces from different Al
chemical potential μa

Al and μb
Al in Al3TM.

Systems

(001) (110)

Al-Ter. AlTM-Ter. Al-Ter. AlTM-Ter.

μa
Al μb

Al μa
Al μb

Al μa
Al μb

Al μa
Al μb

Al

Al3Sc 1.10 1.69 1.42 0.84 1.19 1.61 1.63 1.22
Al3Ti 1.04 1.53 1.70 1.21 0.99 1.34 1.84 1.49
Al3V 1.03 1.24 1.61 1.40 0.86 1.01 1.77 1.63
Al3Cr 0.97 0.92 1.54 1.59 0.63 0.60 1.50 1.53
Al3Mn 0.93 0.99 1.55 1.49 0.42 0.47 1.19 1.14
Al3Fe 1.06 1.23 1.57 1.39 0.78 0.90 1.51 1.39
Al3Co 0.97 1.29 1.32 0.99 0.77 0.99 1.32 1.09
Al3Ni 0.78 1.10 1.03 0.71 0.73 0.96 0.90 0.68
Al3Cu 0.83 0.89 0.99 0.92 0.87 0.92 0.85 0.80
Al3Zn 0.84 0.82 0.78 0.80 0.93 0.91 0.75 0.77
Al3Y 1.13 1.63 0.96 0.46 1.12 1.47 1.34 0.98
Al3Zr 0.88 1.46 1.36 0.77 0.88 1.29 1.59 1.18
Al3Nb 0.81 1.16 1.32 0.97 0.70 0.95 1.61 1.37
Al3Mo 0.36 0.51 0.88 0.73 0.26 0.36 1.17 1.08
Al3Tc 1.02 1.29 1.62 1.35 0.00 0.18 0.77 0.59
Al3Ru 1.17 1.67 1.62 1.11 0.80 1.15 1.53 1.18
Al3Rh 0.85 1.54 1.01 0.31 0.66 1.15 1.04 0.55
Al3Pd 0.58 1.05 0.67 0.20 0.44 0.80 0.47 0.12
Al3Ag 0.68 0.63 0.53 0.58 0.72 0.68 0.50 0.53
Al3Cd 0.81 0.63 0.23 0.41 0.72 0.60 0.40 0.53
Al3Hf 0.96 1.45 1.63 1.14 0.94 1.29 1.78 1.43
Al3Ta 0.91 1.10 1.66 1.46 0.75 0.89 1.82 1.68
Al3W 0.64 0.54 1.45 1.54 0.57 0.50 1.50 1.56
Al3Re 0.90 0.95 1.76 1.70 0.00 0.04 0.93 0.89
Al3Os 1.08 1.40 1.81 1.49 0.59 0.82 1.52 1.29
Al3Ir 1.07 1.75 1.38 0.69 0.77 1.26 1.39 0.91
Al3Pt 0.66 1.30 0.71 0.07 0.49 0.97 0.55 0.08
Al3Au 0.55 0.70 0.35 0.20 0.46 0.57 0.31 0.20
Al3Hg 0.67 0.45 −0.15 0.07 0.35 0.20 0.19 0.34
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Figure 4a shows the slab model for calculating Esur, and the detail calculated results
of Eave

sur of Al3TM (RE = Sc-Zn, Y-Cd and Hf-Hg) are depicted in Table 4. It can be seen
that for pure Al, Al3(Sc-V) and Al3(Y-Nb), the calculated values of this work are in good
agreement with references [24,64,65]. The Eave

sur of low index surfaces of cubic Al follows in
the sequence of (110) > (100) > (111), which follows the general law of surface energies for
face-centered cubic metals [66]. Figure 4c–e illustrates the change in Eave

sur with the atomic
number of TM elements, and it can be found that the variation tendency of Eave

sur of Al3TM
intermetallic compounds presents similar characteristics for different cycles. For example,
the Eave

sur of Al3TM for 3d elements firstly decreases from Sc to Mn, and then increases to Fe,
and then decreases to Ni, and finally changes slightly in the (001) surface. The variation
ranges of Eave

sur for the (001), (110) and (111) surfaces of Al3TM are 0.25~1.44, 0.26~1.45 and
−0.32~1.18 J·m−2, respectively, and the (111) surface has the lowest surface energy for
all elements. As can be seen from Figure 4e,f, we have calculated the values of ELF by
using the Equation (7) on the (111) plane of Al3Sc and Al3Mo. It can be seen that the (111)
plane of Al3Sc has more strongly localized electron areas than the (111) plane of Al3Mo,
indicating that strongly localized electrons make the surface energy lower. Clearly, if the
Eave

sur of Al3TM is larger than that of Al, they would increase the toughness of Al alloys such
as Al3Sc. However, the complete toughness is not only determined by the above results but
also by assessing the information of generalized stacking fault energy (GSFE) for particles
in the Al matrix. The work needed for this is underway and will be published elsewhere.

Table 4. The calculated surface energy Esur (J·m−2) in Al or Al3TM.

Systems (001) (110) (111)

Al 0.79; 0.93 [23] 0.87; 0.98 [23] 0.68; 0.73 [39] 0.81 [23]
Al3Sc 1.26; 1.32 [24] 1.41; 1.45 [24] 1.18; 1.22 [24]; 1.17 [39]
Al3Ti 1.37 1.42 0.92; 0.93 [39]
Al3V 1.32 1.32 0.72; 0.65 [39]
Al3Cr 1.25 1.07 0.33
Al3Mn 1.24 0.81 0.33
Al3Fe 1.31 1.15 0.56
Al3Co 1.14 1.04 0.67
Al3Ni 0.91 0.82 0.57
Al3Cu 0.91 0.86 0.69
Al3Zn 0.81 0.84 0.73
Al3Y 1.05 1.23 1.06; 1.11 [39]
Al3Zr 1.12 1.23 0.80; 0.94 [39]
Al3Nb 1.06 1.16 0.54; 0.59 [39]
Al3Mo 0.62 0.73 −0.32
Al3Tc 1.32 0.39 −0.22
Al3Ru 1.39 1.17 0.44
Al3Rh 0.93 0.85 0.46
Al3Pd 0.62 0.46 0.21
Al3Ag 0.61 0.61 0.46
Al3Cd 0.52 0.56 0.47
Al3Hf 1.30 1.36 0.87
Al3Ta 1.28 1.29 0.66
Al3W 1.04 1.05 0.13
Al3Re 1.32 0.46 −0.32
Al3Os 1.45 1.06 0.41
Al3Ir 1.22 1.08 0.73
Al3Pt 0.69 0.52 0.30
Al3Au 0.45 0.38 0.35
Al3Hg 0.26 0.27 0.27
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Figure 4. (a) The slab model. (b–d) The calculated average surface energy Eave

sur with the change in
atomic number. (e,f) The ELF on the (111) plane of Al3Sc and Al3Mo systems, respectively.

4. Conclusions

In this work, we have calculated the diffusion rates of TM elements in Al and the
key parameters of nucleation and growth of second phase particles Al3TM (TM = Sc-Zn,
Y-Cd and Hf-Hg) using the first principles combing with quasi-harmonic approximation
in the theoretical framework of density functional theory. Firstly, as can be seen from the
discussed results, the trends of the Q, chemical formation and surface energies with the
change in atomic number in the same cycle are similar. The reason may be related to the
valence electron configures (VECs) of TM elements because TM in the same cycle has the
same VECs. Meanwhile, the calculation interface and strain energy of Al3TM/Al composed
of the same cycle of TM elements show a lack of similarity. The reason for this may be that
the interface and strain energy are co-determined by the matrix and second phases. Here,
the main conclusions are as follows:

1. In the vacancy–substitution model, the diffusion activation energy Q first increases,
and then decreases with the increase in atomic number (Sc-Zn, Y-Ag and Hf-Au) in
the Al matrix, except for Cr; the TM elements in the fourth cycle generally have lower
Qs.

2. Mn-Co, Tc-Rh and Re-Ir elements have larger activation energies Qs in the Al matrix,
while Cu-Zn, Ag and Au have lower activation energies Qs; even Cd and Hg elements
have negative activation energies. In the undoped-Al system, the self-diffusion
activation energy Q0 is lower compared to all Qs in the doped system, except for the
Qs of Cu, Zn, Y and Ag.

3. The diffusion rate Ds of all impurity atoms increases logarithmically with the increase
in temperature. With the increase in atomic number, the diffusion rate Ds first de-
creases linearly from Sc, Y and Hf to Mn, Ru and Ir, and then increases to Zn, Ag and
Au for 3–5d TM elements, respectively.

4. With the increase in atomic number, the interface energy γα/β of Al/Al3TM (TM =
(Sc-Zn, Y-Cd)) decreases from Sc and Y to Mn and Tc, and then increases to Zn and
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Cd, respectively, except for (001) in Al/Al3(Fe-Co), (111) in Al/Al3Pd and (110) and
(111) in Al/Al3Cd. Meanwhile, the strain energy ΔEcs increases from Sc to Co in the
(001) system, to Fe in the (110) system, and to Mn in the (111) system, respectively,
and then they all decreases to Zn, except for Al/Al3Mn. The largest values of ΔEcs for
(110) and (111) interface systems are all located at Al/Al3Re, while the (001) interface
system of Al/Al3Tc has the lowest value.

5. The variation in chemical formation energy ΔGV of all Al3TM changes slightly in the
temperature range of 0~1000 K, except that the ΔGV of Al3Sc, Al3Cu, Al3(Y-Zr), Al3Cd,
Al3Hf and Al3Hg increase nonlinearly. With the increase in atomic number at 300 K,
the ΔGV increases from Sc, Y and Hf to Mn, Tc and Re at first, and then decreases to
Co, Rh and Ir, respectively, and finally, it slightly changes. The variation trends of the
ΔGV for 3–5d TMs are the same as those at 300 K.

6. With the increase in atomic number, the trend of Eave
sur of Al3TM intermetallic com-

pounds presents a similar change in different cycles and the (111) surface always has
the lowest surface energy in all surfaces of Al3TM particles.
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Abstract: This work is devoted to the study of the influence of the rigidity of the loading system
on the kinetics of the initiation and propagation of the Portevin-Le Chatelier (PLC) strain bands
due to the jerky flow in Al-Mg alloy. To estimate the influence of the loading system, the original
loading attachment, which allows reducing the stiffness in a given range, was used. Registration
of displacement and strain fields on the specimen surface was carried out with the Vic-3D non-
contacting deformation measurement system based on the Digital Image Correlation (DIC) technique.
The mechanical uniaxial tension tests were carried out using samples of Al-Mg alloy at the biaxial
servo-hydraulic testing system Instron 8850. As a result of tensile tests, deformation diagrams
were obtained for Al-Mg alloy samples tested at different values of stiffness of the loading system:
120 MN/m (nominal value), 50 MN/m, 18 MN/m, and 5 MN/m. All diagrams show discontinuous
plastic deformations (the Portevin-Le Chatelier effect). It is noted that a decrease in the rigidity of
the loading system leads to a change in the type of jerky flow. At constant parameters of the loading
rate, temperature, and chemical composition of the material, the PLC effects of types A, B, and C are
recorded in tests.

Keywords: jerky flow; Portevin-Le Chatelier effect; strain band; plasticity; stiffness; loading system;
digital image correlation; aluminum-magnesium alloy

1. Introduction

By understanding the physical, mechanical, and strength properties of materials, we
can ensure the high reliability of structures and prevent industrial accidents caused by
mechanical failures. It is necessary to take the influence of real external impacts and the
material response into account. Inelastic behavior and failure of critical structural elements
are related to elastoplastic deformation of the material, accompanied by a change in its
structure, physical and mechanical properties during loading. Some structural materials, for
example, Al-Mg, Al-Cu, Ni-Cr, and Ni-Fe-Cr alloys, are characterized by the manifestation
of the effects of discontinuous yield in certain ranges of temperatures and loading rates [1–3].

Under uniaxial tension, the effect of the jerky flow manifests itself in the formation of
teeth on the deformation curve in the case of kinematic loading (the Portevin-Le Chatelier
effect) or in the form of steps in the case of force loading (the Savart-Masson effect). The
PLC effect reduces the surface quality of the material, causes non-uniform development
of deformations, and causes a significant decrease in strength and ductility. In this case,
the formation of strain bands and macroscopic localization of plastic flows lead to a differ-
ence in thickness of structural elements, stress concentration, defects, and, therefore, the
initiation of macroscopic failure processes [4–8]. It is a promising approach to obtaining
and systematizing experimental data on the jerky flow under various types of mechanical
effects. The study analyzes the kinetics of strain fields during the initiation and develop-
ment of macroscopic localization and instability of plastic flow based on the example of
Al-Mg alloys [6,8].

Metals 2023, 13, 1054. https://doi.org/10.3390/met13061054 https://www.mdpi.com/journal/metals
25



Metals 2023, 13, 1054

This work considers the failure as a result of the stability loss of inelastic deformation
processes [9–12]. The theoretical and experimental study of the basic laws of post-critical
deformation makes it possible to predict conditions of destruction of deformable bodies
and analyze possibilities for controlling destruction. At the postcritical stage of defor-
mation, the formation of macroscopic failure conditions occurs, which are not uniquely
associated with the stress-strain state. The diagram breaks off at the highest point only
at zero stiffness of the loading system in the case of “soft” (force) loading. Under ‘hard’
(kinematic) loading, a complete diagram characterizes the relationship between the load
and displacement and shows a decrease in the force applied to the sample to zero. The
loading system [13–15] plays a key role in the transition from the stage of equilibrium
accumulation of damage to the nonequilibrium, avalanche-like stage of destruction. As the
effects of the intermittent flow are characterized by instability of the ongoing deformation
processes [1,6,10], we expect a significant dependence of this phenomenon on parameters
of the loading system’s stiffness.

Special attention should be paid to the experimental study and theoretical description
of the spatio-temporal inhomogeneity of inelastic deformation, the development of defects,
and destruction, taking into account the influence of the type of complex stress-strain state
of the material. It is well known, that in most cases, the material in a structure works
under complex stress states and complex thermomechanical influences [16–22]. Mechanical
tests are associated with significant methodological difficulties and technical limitations
of the schemes and loading modes, as well as the methods of recording and interpreting
the results obtained [22–27]. Of interest is the development of existing techniques and the
creation of new scientifically grounded approaches to the experimental study of inelastic
behavior and fracture of advanced structural metals and alloys based on original techniques
that allow creating the required characteristics of the loading system in the working part of
the sample. Thus, the aim of the work is to study how the stiffness of the loading system
affects the manifestation of the jerky flow effect in an Al-Mg alloy using an original device
of variable stiffness and the digital image correlation technique.

2. Materials and Methods

A structural Al-Mg alloy was chosen as the material for the study. The chemical
composition, according to GOST 4784-97, is shown in Table 1. Specimens were made from
a rod with a diameter of 20 mm as delivered (without additional heat treatment) on a lathe.

Table 1. Chemical composition of Al-Mg alloy.

Element Al Mg Mn Fe Si Zn Ti Cu Be

Composition, %.wt. 92.55 6.12 0.84 0.27 0.17 0.005 0.039 0.001 0.005

In tensile tests with the attachment having a variable stiffness, solid cylindrical speci-
mens were used, a scheme of which is shown in Figure 1. On one of the gripping parts, a
thread is cut to fix it to the tooling rod. This sample geometry meets the requirements of
GOST 1497-84 “Metals. Tensile Test Methods “.

Figure 1. Scheme of a solid cylindrical sample for testing with fixtures with variable stiffness.
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Mechanical uniaxial tensile tests are carried out at the Instron 8850 biaxial servo-
hydraulic testing system, which allows tensile-compression tests with a maximum load
of 100 kN and torsion with a maximum torque of 1000 Nm. Kinematic loading is real-
ized with a traverse speed of 2.4 mm/min, which corresponds to a material strain rate
of 6.67·10−4 s−1. The stiffness of the loading system is changed by using specialized
equipment with a variable stiffness.

The equipment shown in Figure 2 consists of the following elements: body—1, con-
sisting of two parts connected by means of a threaded connection, a package of plate
springs—2; a guide rod—3; compensation rings—4; hardened washers—5; fastening nuts
for fixing the package of springs—6; a rod to install the equipment in the grips of the testing
machine—7; and a threaded hole for fastening in the equipment of the test specimen—8.
Elements 3 and 5 are hardened to prevent damage and bite to the springs when the package
is loaded. There is a patent (RU 153985 U1) for the rigging with a variable stiffness used in
the work for tensile tests with various loading parameters.

  
(a) (b) 

 
(c) 

Figure 2. A scheme containing the main elements (a), a general view (b) and elements of attachment
with a variable stiffness (c).

By changing the stacking order and the number of plate springs (see Table 2) we
provided the required stiffness of the loading system in the range of 5 MN/m to 120 MN/m.

In total, four values of the rigidity of the loading system are implemented during the
work: 120 MN/m (nominal value), 50 MN/m, 18 MN/m and 5 MN/m (Figure 3). The
maximum stiffness of the tooling coincides with the stiffness of the Instron 8850 testing
machine when using hydraulic grips.
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Table 2. Setting up of plate springs inside the attachment with a variable stiffness.

Set Number of Plate Springs Setting-Up of Plate Springs Stiffness, MN/m

1 - - 120
2 10 < < 50
3 2 < > 18
4 10 < > 5

  
(a) (b) 

Figure 3. Stiffness characteristics for various setting-ups of plate springs corresponding to the values:
1—120 MN/m, 2—50 MN/m, 3—18 MN/m, 4—5 MN/m (a), testing equipment set-up (b).

Plate springs are installed according to the required scheme. Further, the tooling
is installed in the grips of the testing machine in series with the sample. The sample is
fixed to the tooling rod by means of a threaded connection. Then a constant velocity
displacement is applied to the sample, the change in loading is recorded, and the evolution
of the deformation field on the surface of the working part of the sample is recorded. The
test system controller allows synchronization with the Vic-3D non-contact video system
based on the digital image correlation (DIC) method.

3. Results

As a result, the ‘load-elongation’ curves were obtained for samples of the Al-Mg alloy
at different values of stiffness of the loading system: 120 MN/m (Figure 4), 50 MN/m
(Figure 5), 18 MN/m (Figure 6), and 5 MN/m (Figure 7). To demonstrate the jerky type
flow, enlarged fragments of these diagrams are additionally shown. The curves are plotted
according to the built-in sensor of the testing system.

For the values of the loading system’s stiffness of 120 MN/m (Figure 4b) and 50 MN/m
(Figure 5b), the loading diagrams show single load drops (or ‘teeth’), which are maintained
by the initiation and propagation of a single PLC band. Up to a certain load level, uniform
deformation of the sample is observed, which corresponds to a smooth section of elastic
deformation and the initial stage of hardening. At the stage of supercritical deformation,
the diagram is characterized by the presence of a large number of closely spaced teeth
(Figures 4b and 5b).

A decrease in the level of the loading system’s stiffness in relation to the sample leads
to a change in the type of jerky flow of the Al-Mg alloy and an increase in the frequency
and amplitude of the load jumps. Figure 6 shows the loading curve for a sample installed
in a special gripping device, which realizes a stiffness of 18 MN/m. At a minimum stiffness
level of 5 MN/m, we noted a decrease in the frequency of jumps on the diagram but an
increase in their amplitude (Figure 7). An increase in the load leads to an increase in the
amplitude of the load disruptions (Figure 7b).
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(a) 

(b) 

Figure 4. The load-displacement curve for the loading system stiffness of 120 MN/m (a) and enlarged
sections (blue boxes) of the curve illustrating the discontinuity of the plastic flow (b).

To determine the level of critical deformation (εcr), at which the effect of the jerky flow
begins to appear, deformation diagrams were constructed by using an additional software
module of the video system called the ‘virtual’ extensometer (Figure 8a). The ‘virtual’
extensometer allows for the non-contact determination of the deformation in the gauge
length of the specimen based on the displacement fields’ analysis. Thus, the ‘stress-strain’
curves for each group of the samples were obtained. As an example, Figure 8b shows a
deformation diagram for a specimen tested at the maximum level of the loading system
(120 MN/m).

 
(a) 

Figure 5. Cont.
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(b) 

Figure 5. The load-displacement curve for the loading system’s stiffness of 50 MN/m (a) and enlarged
sections of the curve illustrating the discontinuity of the plastic flow (b).

 

(a) (b) 

Figure 6. The load-displacement curve for the loading system’s stiffness of 18 MN/m (a) and the
enlarged section (blue box) of the curve illustrating the discontinuity of the plastic flow (b).

 
(a) (b) 

Figure 7. The load-displacement curve for the loading system’s stiffness of 5 MN/m (a) and the
enlarged section (blue box) of the curve illustrating the discontinuity of the plastic flow (b).

This figure shows the moment of the onset of unstable plastic deformation at a result of
the initiation of the effect of the jerky flow of the material. The level of critical deformation
of the onset of the PLC effect is 2.36%. The εcr values for different levels of stiffness of the
loading system are shown in Table 3.
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(a) (b) 

 

Figure 8. The location of the ‘virtual extensometer’ of the Vic-3D measurement system (a); the
stress-strain curve in the case of the loading system’s stiffness of 120 MN/m (b).

Table 3. Influence of the loading system’s stiffness on the critical strain value at the onset of the
PLC effect.

Stiffness of the Loading System, MN/m 120 50 18 5

Critical strain of the onset of the PLC effect, % 2.36 2.51 2.85 3.18

Spatial-Time Inhomogeneity Depending on the Stiffness of Loading System

The analysis of the evolution of inhomogeneous deformation fields and local rates
of longitudinal deformation is carried out to study the kinetics of the development of the
macroscopic localization of the plastic flow depending on the loading system’s stiffness. At
the moment of the breakdown of the load on the diagram, a sharp localization of the plastic
flow occurs in the sample, and the front of the PLC strip is formed. Depending on the
type of jerky flow (type A, B, or C), the deformation band begins to either move uniformly
along the length of the sample (in the case of the discontinuous flow according to type A).
A random occurrence of PLC bands is observed in the sample, causing frequent drops in
the load of small amplitude (type B) or drops in the load of large amplitude (type C).

To visualize the formation and propagation of PLC bands, the authors proposed the
presentation of the results in the form of a series of deformation profiles (εyy) plotted along
the length of the sample at equal time intervals. With the help of this representation, it
is possible to characterize the basic laws and kinetics of the spatial-time inhomogeneous
fields. As an example, Figure 9 shows a series of εyy profiles for a specimen tested at
the loading system stiffness of 120 MN/m. The time interval between the deformation
profiles is 2 s. The origin of coordinates for the abscissa axis (Oy) is fixed in the center of
the gauge length of the specimen. Under uniaxial tension of the aluminum-magnesium
alloy, the effect of quasi-periodic homogenization of plastic deformation is observed, which
consists of alternating stages of localization of the plastic flow when PLC bands appear and
propagate, as well as stages of macroscopic leveling of longitudinal deformations on the
surface of the cylindrical sample.

For the values of the loading system’s stiffness of 120 MN/m and 50 MN/m, the jerky
flow of type A is found. Figure 10 shows the development of longitudinal deformation
fields at a stiffness of 120 MN/m, illustrating the formation and development of a single
PLC band (marked with a white arrow).
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Figure 9. Series of plots of longitudinal deformations plotted at equal time intervals along the
specimen length in the case of a stiffness of 120 MN/m.

We consider a series of longitudinal strain profiles (Figure 11) for a single strain
band shown in Figure 9. Numbers 1–6 (Figure 11) denote the profiles of longitudinal
deformations, for which Figure 10 shows the corresponding strain fields. The propagation
of a single strain band proceeds uniformly from one capture to the opposite one with a
constant speed of the band’s front movement.

Figure 10. Evolution of the longitudinal strain fields on the surface of an Al-Mg alloy specimen in
the case of a stiffness of 120 MN/m.
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Figure 11. Series of plots of longitudinal deformations plotted at equal time intervals along the
specimen length during the single PLC band propagation.

The deformation of the material is interrupted after the crossing of the front of a single
PLC band. The process of active plastic deformation is concentrated in a small area, in the
area of the strain band. To illustrate this process, data on the evolution of local rates of
longitudinal strain (dεyy) are given (Figure 12).

Figure 12. Evolution of local rates of the longitudinal strain fields on the surface of an Al-Mg
alloy specimen in the case of a stiffness of 120 MN/m, numbers 1-6 corresponded to the plots of
longitudinal deformations in the Figure 11.

In Figure 12, the white arrow indicates the direction of movement of the PLC band.
Based on the obtained data, a series of profiles of local rates of longitudinal strain with
equal time intervals was plotted as well (Figure 13).
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Figure 13. Series of plots of the local rate of longitudinal strain plotted at equal time intervals along
the specimen length in the case of 120 MN/m.

Figure 14 shows the change in the maximum and minimum local rates of longitudinal
deformation depending on the frame number. The values of the rates are given in the
interval of frames during which the initiation and propagation of the PLC band occurred
(Figure 12). At the moment when a single band occurs, the deformation rate of the material
in the region of the band is 0.66%/s, while in the rest of the sample, elastic unloading is
recorded (negative values of the strain rates). The formed strain band flows at a constant
rate of deformation of the order of 0.32%/s.

Figure 14. Frame dependence of maximum and minimum values of the local rate of longitudinal
strain during the initiation and propagation of the single PLC band in the case of 120 MN/m.

A similar analysis of the spatio-temporal inhomogeneity and influence of the loading
system’s stiffness on the kinetics of PLC bands was carried out for the remaining samples
from the test program presented in the work. When the stiffness is 50 MN/m, a series
of longitudinal strain profiles (Figure 15) and a graph of maximum/minimum local rates
of longitudinal strain (Figure 16) are similar to the results obtained when the stiffness is
120 MN/m. In the course of uniaxial tension, the manifestation of discontinuous flow type
A is observed. At the moment when the single strain band occurs, the strain rate of the
material in the region of the band front is slightly higher and amounts to about 0.74%/s.
The advance of the formed band proceeds at a constant strain rate of 0.36%/s.
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Figure 15. Series of plots of longitudinal deformations at equal time intervals along the specimen
length in the case of stiffness 50 MN/m.

Figure 16. Frame dependence of the maximum and minimum values of the local rate of longitudinal
strain during the initiation and propagation of the single PLC band in the case of 50 MN/m.

The reduction of the loading system’s stiffness to 18 MN/m significantly affects the
jerky flow. The frequency of load drops and their amplitude are higher. The effect of
quasi-periodic homogenization of the plastic flow becomes less pronounced (Figure 17).
The discontinuous flow type is mixed (A + B).

At times on the sample surface, the propagation of the single bands of the localized
plastic flow can be recorded (Figure 18). Nevertheless, unlike the previous values of stiffness
(120 MN/m and 50 MN/m), the movement of the strip along the length of the sample takes
place at different speeds. It is of interest that the profiles designated by numbers 1–6 in
Figure 19 bring inhomogeneous fields of local rates of longitudinal deformation (Figure 20)
in order to estimate at what rate the material is deformed at the front of the band.

The deformation rate at the front of the strain band increases and takes values in the
range from 0.39%/s to 1.33%/s (Figure 20). The deformation rate of the material when
the PLC band appears exceeds the applied rate in the test (0.67%/s) due to an increase in
the compliance of the loading system. Consequently, elastic unloading of the peripheral
regions of the sample is observed at a rate of −0.14%/s.
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Figure 17. Series of plots of longitudinal deformations at equal time intervals along the specimen
length in the case of a stiffness of 18 MN/m.

Figure 18. Series of plots of longitudinal deformations at equal time intervals along the specimen
length during the single PLC band propagation.

Figure 19. Evolution of local rates of the longitudinal strain fields on the surface of Al-Mg alloy
specimen in case of stiffness 50 MN/m, numbers 1-6 corresponded to the plots of longitudinal
deformations in the Figure 18.
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Figure 20. Frame dependence of maximum and minimum values of the local rate of the longitudinal
strain during the initiation and propagation of the single PLC band in the case of 18 MN/m.

At the minimum level of stiffness of the loading system, implemented in this work,
RLS = 5 MN/m, load drops of a large amplitude are observed in the diagram, which corre-
sponds to type C discontinuous flow. Figure 21 shows a series of longitudinal deformation
profiles illustrating the kinetics of PLC bands. It should be noted that due to the high
compliance of the loading system at the moment when the next PLC strip appears, a
significant drop in the load is observed (Figure 7). Strain bands are formed randomly on
the sample surface.

Figure 21. Series of plots of longitudinal deformations plotted at equal time intervals along the
specimen length in the case of a stiffness of 5 MN/m.

For a more detailed analysis of the kinetics of the discontinuous flow at stiffness of
5 MN/n, a series of longitudinal deformation profiles was derived for a part of the loading
(Figure 22). In this case, PLC stripes appear in the sample, but do not advance along the
length. On the graph ‘local rate of longitudinal deformation—frame’ (Figure 23), one can
distinguish a rather high intensity of the plastic flow at the front of the strip at the moment
of its formation; values of the order of 3%/s are recorded.
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Figure 22. Series of plots of longitudinal deformations plotted at equal time intervals along the
specimen length during the several PLC bands propagation.

Figure 23. Frame dependence of maximum and minimum values of the local rate of longitudinal
strain during the initiation and propagation of the single PLC band in the case of 5 MN/m.

4. Discussion

To estimate the degree of inhomogeneity of the process of macro-localization of the
plastic flow under the Portevin-Le Chatelier effect, the coefficient of inhomogeneity of plastic
deformation of the material (kPLC) during loading is considered. The coefficient is equal
to the ratio of the maximum value of longitudinal deformation (εyy (max)) to the average
value of deformations (εyy (mean)) for each frame recorded by the video system (1):

kPLC = εyy(max)/εyy(mean), (1)

Based on the analysis of the evolution of inhomogeneous fields of longitudinal defor-
mations, the time dependence of the kPLC coefficient for the stage of material hardening,
which is characterized by the presence of the effect of intermittent flow of the material, was
constructed (Figure 24). For the stage of tooth formation and yield area, as well as for the
stage of material softening, the change in kPLC was not considered.
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(a) (b) 

 
(c) (d) 

Figure 24. Time dependence of the coefficient of inhomogeneity of plastic deformation due to the
Portevin-Le Chatelier effect in the case of the loading system’s stiffness: 120 MN/m (a), 50 MN/m (b),
18 MN/m (c), and 5 MN/m (d), blue dotted line corresponds to beginning and ending of the
manifestation of the PLC effect.

5. Conclusions

Thus, this work shows the high efficiency of using the specialized equipment to
reduce the stiffness of the loading system in order to experimentally study the spatial-time
inhomogeneity of the plastic flow of the aluminum-magnesium alloy. Mechanical tests
for uniaxial tension of standard cylindrical specimens in the range with the stiffness of
the loading system equal to 120 MN/m, 50 MN/m, 18 MN/m, and 5 MN/m have been
implemented. We carried out the analysis of the kinetics of the occurrence and propagation
of the deformation bands of the localized plastic flow under the Portevin-Le Chatelier effect
using the digital image correlation method. Experimental data have been obtained that
illustrate how the properties of the loading system affect the unstable plastic flow.

It is shown that despite the constant chemical composition of the material, external
loading factors (temperature, stretching rate), the type of discontinuous yield depends
on the value of the loading chain compliance. At higher values of the loading system’s
stiffness (120 MN/m and 50 MN/m), the initiation of single PLC bands and their uniform
distribution along the length of the sample (type A) are recorded on the material surface.
With an increase in the compliance of the loading system, the intermittent fluidity passes
to types B and C. On the loading curves, the amplitude of the load disruptions increases,
which is accompanied by plastic deformation of the material in the area of the front of the
PLC bands and the unloading of elastic deformations in the rest of the sample’s volume
(outside the front of the strip). Reducing the stiffness of the loading system leads to multiple
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increases in the maximum values of the local rate of longitudinal strain during the initiation
and propagation of the single PLC band. At high loading stiffness (120 MN/m), the
maximum values of the local rate of longitudinal strain during the initiation of the single
PLC band were 0.69%/s, at a loading stiffness of 50 MN/m–0.76%/s, at a loading stiffness
of 18 MN/m–1.33%/s, and at a minimum loading stiffness (5 MN/m)–3.11%/s. In this
case, the minimum values of the local rate of longitudinal strain during the propagation of
the single PLC band decreased from 0.39%/s to 0.1%/s. These results are consistent with
the experimental stretching diagrams obtained. Thus, at the maximum loading stiffness
(120 MN/m), the diagrams show extended sections between single teeth, which correspond
to the stage of propagation of the single PLC band. At the minimum loading stiffness
(5 MN/m), the diagrams show successive teeth that correspond to the initiation of the
single PLC band. This kind of research is relevant and requires further comprehensive
theoretical and experimental studies and the implementation of a wider range of properties
of the loading system.

The practical significance of the work is determined by the fact that the manifestation
of the effects of intermittent flow in Al-Mg alloys leads to a significant decrease in the
strength and plasticity of material in structures. The processes of strip formation and
spontaneous macroscopic localization of plastic flow lead to the appearance of different
thicknesses of structural elements, a decrease in the surface quality of parts, the appearance
of concentrators, defects, and, as a result, to subsequent destruction or violation of the
structural strength of parts. The study of the influence of the stiffness of the loading
system on the of the Portevin-Le Chatelier effects has not been previously considered. The
presented work shows that the stiffness of the loading system, as well as other parameters
(deformation rate, temperature, chemical composition), has a direct effect on the kinetics of
initiation and propagation of PLC deformation bands and the type of intermittent fluidity.
Therefore, the loading stiffness must be considered along with other parameters when
designing structures and planning experimental research programs that use materials that
exhibit of the Portevin-Le Chatelier effects.
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Abstract: The high undercooling of binary Co-4.54%Sn alloy has a significant influence on its mi-
crostructural characteristics and physical properties. Here, we report that the dendritic growth
and physical properties of broad-temperature-range Co-4.54%Sn alloy remarkably depends on the
undercooling during the rapid solidification. The maximum undercooling attains 208 K at molten
state, and the dendritic growth velocity is quite sluggish in highly undercooled liquid Co-4.54%Sn
alloy because it has a broad solidification range of 375 K (0.21 TL); the maximum value is only
0.95 m/s at the undercooling of 175 K, which then decreases with undercooling. The microstructure
refines visibly and the volume fraction of the interdendritic βCo3Sn2 phase obviously decreases
with undercooling. The microhardness and electrical resistivity increase with undercooling owing to
the enhancement of solute content of the primary αCo phase and refinement of the microstructure
where the increased crystal boundary hinders the electronic transmission. Meanwhile, the saturation
magnetization also reduces with undercooling due to the crystal particle and boundary increasing
significantly, and the dendritic growth velocity and solute content increase in the primary αCo phase
under rapid solidification.

Keywords: rapid solidification; dendritic growth; microhardness; electrical resistivity; magnetic
property

1. Introduction

The broad solidification temperature range is the temperature range of a solid–liquid
two-phase mixture which is larger than 0.2 TL, in which the alloy ingot is in a semisolid state
for this liquid/solid range during the solidification; this range is called the broad mushy
zone [1,2]. For a binary single-phase alloy, a solidification nucleates from the liquid to solid
phase over a broad temperature interval, and then grows rapidly and forms a single-phase
microstructure for a considerable time in this mushy zone [2]. Therefore, the phenomenon
of solidification shrinkage and hot tearing is caused by thermal contraction, as the higher
density of the solid driving the cracking process and hindered liquid flow prevents any
void from being filled with liquid. Several defects, such as low fluidity, shrinkage porosity,
heat cracking, segregation, and so on, take place inside this interval [1–5]. The rapid
solidification of high undercooling is an effective method to avoid or eliminate these defects.

The rapid solidification of metallic alloys under high undercooling has the advan-
tages of extended solubility, refined microstructures and the formation of a metastable
phase [6–11]; thus, it can reduce defects, effectively improve microstructure and achieve
excellent physical properties. Some binary single-phase alloys with a broad solidifica-
tion temperature range show special phenomena during the rapid solidification of high
undercooling; for example, dendritic growth velocity decreases when the undercooling
exceeds a critical value, and the final microstructure is vermicular dendrite instead of
equiaxed grains. Moreover, the undercooling and cooling rates have significant influence
on the microstructure, microhardness and electrical resistivity properties during the rapid
solidification [12,13].
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Co-Sn alloys have been widely studied in recent years owing to their application
properties; for example, the production of Co-Sn-based metallic glasses and anode materials
in lithium ion batteries [14–16]. In addition, the investigation of Co-Sn alloys have also
focused on the structural transformation of different Sn content or eutectic alloys [17],
physical properties of the viscous flow, surface tension and enthalpy of mixing near the
eutectic concentration [18,19]. However, there are scarce studies on the structural evolution,
dendritic growth and physical properties of binary Co-Sn alloys with a broad solidification
temperature range and rapid solidification at high undercooling.

In this work, we selected a special composition of Co-4.54%Sn alloy with a broad
solidification temperature range of 375 K (0.21 TL) to explore the microstructural evolu-
tion and dendritic growth characteristics under substantial conditions of undercooling.
Moreover, the physical properties of the microhardness, electrical resistivity and magnetic
characteristics are investigated at different undercoolings.

2. Experimental Procedure

The rapid solidification experiments were performed using the glass fluxing method
with a high vacuum chamber. The master alloy of binary Co-4.54%Sn alloy composition
was prepared using the arc-melting technique from component metals of high purity
above 99.999%. An in situ alloying procedure was applied to prepare about 1 g Co-
4.54%Sn alloy using radio frequency induction heating. The sample was contained in
an 8 mm ID × 10 mm OD × 12 mm alumina crucible and placed into the experimental
chamber, then it was evacuated to a 2 × 10−4 Pa vacuum with a turbo pump and subse-
quently backfilled with argon gas to 105 Pa. The sample was superheated to 250~350 K
above its liquidus temperature and kept submerged in a pool of molten fluxing agent
for 3~5 min. It was naturally cooled down and solidified by switching off the induction
heating power. Each sample was subjected to the melting–solidifying cycle 3~5 times. Their
heating and cooling curves were recorded using a Land NQO8/15C infrared pyrometer
(Sensortherm Gmbh, Steinbach, Germany), while the dendrite growth velocity was mea-
sured with an infrared photodiode device (Mikrotron, Unterschleißheim, Germany). The
phase constitutions of binary Co-4.54%Sn alloy were analyzed by Rigaku D/max 2500 X-ray
diffractometer (XRD) (Rigaku, Tokyo, Japan), whereas their solidification structures and so-
lute distribution profiles were investigated with FEI Sirion electron microscope (SEM) (FEI
Sirion, the Netherlands) and INCA Energy 300 energy-dispersive spectrometer (EDS) (FEI
Sirion, the Netherlands). The microhardness was measured using an HXD-2000TMC/LCD
Vickers hardness tester (Kexin, Beijing, China). The magnetic characteristics was analyzed
using a VSM instrument. The resistivity was tested using the four-point probe method.

3. Results and Discussion

3.1. Rapid Solidification Structures

The phase constitution of Co-4.54%Sn alloy was selected with the largest solid sol-
ubility point of Sn solute in Co solvent; as shown in the binary Co-Sn phase diagram of
Figure 1a,b, the liquidus and solidus temperatures were 1760 and 1385 K, respectively,
and the solidification temperature range attained 375 K (0.21 TL). From the equilibrium
phase diagram, it can be seen that the primary face-centered cubic αCo solid solute phase
formed in the liquid phase when the temperature reduced to 1760 K; firstly, during the
solidification, the solute content was about 0.56 wt.%Sn in the αCo phase, and then the
βCo3Sn2 intermetallic phase was generated as the temperature lowered to about 1443 K.
Subsequently, the close-packed hexagonal εCo phase had the potential to form once the
temperature decreased to about 695 K. Furthermore, the X-ray diffraction patterns showed
three phases of αCo, βCo3Sn2 and εCo displayed at the different undercoolings under
the rapid solidification, which corresponds with the equilibrium phase diagram. The mi-
crostructures of binary Co-4.54%Sn alloy relate to the undercooling at rapid solidification,
which are shown in Figure 2a–d. At the small undercooling of 11 K, the microstructure of
the primary αCo phase was characterized by the coarse and well-developed dendrites, the
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βCo3Sn2 phase distributed into the interdendrites, shown as the white phase and the εCo
phase displayed the dark structures, as seen in Figure 2a. Subsequently, the microstruc-
ture was remarkably refined and the dendritic feature disappeared gradually; the volume
fraction of βCo3Sn2 phase decreased at the same time, but the volume fraction of the εCo
phase increased with the increase of undercooling. Ultimately, the microstructure of the
primary αCo phase grew with the disorder at the largest undercooling of 189 K, and a
small number of βCo3Sn2 particles and a large number of εCo phase distributed randomly
into the matrix of the primary αCo phase. Clearly, the phase constitution has not changed
at the rapidly solidified condition. It is worth noting that the eutectic-like microstructure
exists in the whole undercooling of the binary Co-4.54%Sn alloy, as seen in Figure 3a,b,
which grew around the βCo3Sn2 phase. Meanwhile, the eutectic-like structure appears
coarsening and the volume fraction increased obviously with increase of undercooling and
decrease of the βCo3Sn2 volume fraction, and formed eutectic cell characteristics at the
largest undercooling of 189 K.

 

Figure 1. Selection of alloy composition and X-ray diffraction of rapidly solidified alloy droplets.
(a) Co-4.54%Sn alloy location in phase diagram and (b) XRD pattern.

 

Co + Co3Sn2 

Figure 2. Microstructures at different undercoolings, (a) 11 K, (b) 94 K, (c) 122 K, and (d) 189 K.

45



Metals 2023, 13, 1046

 

Figure 3. Eutectic structures within interdendritic spacings, (a) ΔT = 11 K, and (b) ΔT = 189 K.

3.2. Dendritic Growth Kinetics

The dendritic growth velocity is an important feature under the rapid solidification
condition, which has an influence on the microstructure and physical properties of binary
Co-4.54%Sn alloy. Figure 4a displays the measured and calculated growth velocity of
the primary αCo phase, which presents two characteristics. At first, the dendritic growth
velocity of primary αCo phase increased with the increase of undercooling, and a maximum
velocity of 0.95 m/s was obtained at 175 K undercooling, which demonstrates a sluggish
tendency for this alloy. However, the dendritic growth velocity slowed down once the
undercooling exceeded 175 K and the dendrite decreased to 0.85 m/s growth velocity at
the largest undercooling of 208 K. A Gaussian function was derived by fitting the actual
dendrite growth versus undercooling to

V = 1.37 × 103 exp
(
−1.71 × 10−21

kB · ΔT

)
exp

(
−−1.14 × 10−19

kB · T

)
(1)

Figure 4. Measured and calculated dendritic growth velocity and solute content of rapidly solidified
binary. Co-4.54%Sn alloy versus undercoolings, (a) dendritic growth velocity, and (b) solute content.

The LKT model for dendritic growth developed by Lipton, Kurz and Trivedi [20],
which was further extended by Boettinger, Coriell and Trivedi (BCT) [21], has proven to
be the most competent model for predicting dendritic growth characteristics with linear
liquidus and solidus lines during rapid solidification. Cao et al. [22] modified the LKT/BCT
dendritic growth theory to be applicable to predicting the kinetic characteristics of dendritic
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growth in the alloy systems which have extremely curved liquidus and solidus lines. This
model is comprised by the following seven principal equations:

ΔT = ΔTt + ΔTc + ΔTr + ΔTk (2)

R =
Γ
σ∗

[
ΔH
CPL

Ptξt − 2m′
LC0(1 − kV)Pc

1 − (1 − kv)Iv(Pc)ξc

]−1

(3)

ΔT: bulk undercooling; ΔTt: thermal undercooling; ΔTc: solutal undercooling; ΔTr:
curvature undercooling; ΔTk: kinetic undercooling; V: dendritic growth velocity; R: the
dendrite tip radius; ΔH: heat of fusion; CPL: specific heat of the liquid phase; Pt and Pc:
thermal and solutal Peclet numbers; ξt and ξc: thermal and solutal stability functions; m′

L:
actual liquidus slope; C0: alloy composition; kv: actual solute partition coefficient; Iv(Pc):
solutal Ivantsov function; Γ: Gibbs–Thomson coefficient; and σ∗: the stability constant
equal to 1/

(
4π2).

From the LKT/BCT dendritic growth model, it can be seen that the dendritic growth
velocity increased remarkably when the undercooling was larger than 25 K, and was
1~3 orders of magnitude larger than the actual dendritic growth velocity at the undercooling
of 58~208 K. Therefore, the actual dendritic growth velocity was quite sluggish under the
rapid solidification. According to the theoretical calculation of the LKT/BCT model, the
dendritic growth is mainly controlled by the solutal diffusion if the undercooling is smaller
than 91 K, which corresponds with the slower velocity. Subsequently, the effect of thermal
diffusion becomes an increasingly important factor and finally replaces solutal diffusion as
the dominant controlling factor once the undercooling exceeds 91 K.

The solute content of primary αCo phase was detected using the EDS method, and the
results show the increasing tendency of undercooling, as seen in Figure 4b. For example,
the solute content C∗

S was 0.96 wt.%Sn when the undercooling ΔT was 11 K, which is
the smallest level of undercooling acquired by the experiment. If the undercooling ΔT
attained the largest undercooling 189 K of the experimental sample, the solute content
also achieved 4.19 wt.%. According to the equilibrium diagram of Figure 1a,b, the solute
content of primary αCo phase was only 0.56 wt.%Sn once the temperature decreased to
1760 K and the primary αCo phase began to grow from the liquid phase. Obviously, the
solute trapping takes place during the rapid solidification. From Figure 2, it can be seen
that the dendritic structure of the primary αCo phase refined remarkably with the increase
of undercooling caused by the strong recalescence, the volume fraction of the βCo3Sn2
phase decreased apparently at the same time and a large number of Sn solutes diffused in
the solvent interstitial of the primary αCo phase and led to the higher solute content. The
variations of the liquid concentration C∗

L and the solid concentration C∗
S at the liquid/solid

interface with undercooling were calculated using the LKT/BCT model, as illustrated
in Figure 4b; the experimental value was close to the calculated C∗

S result at the largest
undercooling of 189 K. Apparently, the segregationless solidification may occur once the
undercooling exceeds 189 K for binary Co-4.54%Sn alloy at t rapid solidification.

3.3. Microhardness and Electrical Resistivity

The microhardness of the binary Co-4.54%Sn alloy is illustrated in Figure 5a. As the
undercooling was small, ΔT = 11 K, the microhardness Hv was 228.6 HV, and then increased
with undercooling. The maximum microhardness attained was 335.5 HV where the under-
cooling ΔT was 189 K, which is 1.47 times larger than the value of 11 K undercooling. The
liner fitting function at different undercoolings is demonstrated as:

Hv = 221.13 + 0.65ΔT (4)
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Figure 5. Microhardness and resistivity of Co-4.54%Sn alloy at different undercoolings, (a) micro-
hardness and (b) resistivity.

Apparently, undercooling has a significant influence on microhardness. From the
analysis above, it can be seen that large undercooling had more obvious recalescence,
which led to the refined microstructure, and also enhanced the dendritic growth velocity
and solute content. Therefore, the refined structure had increased grain boundary and
larger solute content, which improved the microhardness under rapid solidification [23]. In
addition, the microstructure also affected the hardness of Co-4.54%Sn alloy. Similarly, the
undercooling also prompted the resistivity of binary Co-4.54%Sn alloy to rise, as displayed
in Figure 5b. To describe the relationship between resistivity ρr and undercoolings ΔT, an
expression is proposed:

ρr = 67.71 + 0.63ΔT − 1.15 × 10−3ΔT2 (5)

At the small undercooling of 11 K, the electrical resistivity ρr was only 76.4 μΩ·cm.
The electrical resistivity grew rapidly with the increase of undercooling, and the largest
electrical resistivity ρr of 145.2 μΩ·cm was obtained at the undercooling of 189 K, which is
1.9 times larger than that of 11 K. There are two reasons for this phenomenon. According to
the classical nucleation energy definition, the nucleation energy of melt varies inversely
with the square of the undercooling. Clearly, the nucleation energy decreases rapidly with
the increase of undercooling, which enhances the number of crystal nuclei and refines the
microstructure obviously. The growing crystal boundary hinders the electronic transmis-
sion, resulting in the electrical resistivity increasing. On the other hand, the reciprocal of
relaxation time for lattice scattering caused by the impurity defect is proportional to the
content of impurity concentration. Since the lattice distortion will cause strong electron
scattering and reduce the mobility of free electrons, the more serious the lattice distortion
of the total solute matrix in the constituent phase, the higher the resistivity of the alloy [24].
As shown in Figure 4b, the solute content of the primary (αCo) phase enhances with the
increase of undercooling, which generates the lattice distortion influence significant on the
electronic transmission, thus improving the electrical resistivity.

3.4. Magnetic Properties

The magnetic characteristics of the Co-4.54%Sn alloy were measured at different
undercoolings, as demonstrated in Figure 6. The Co-4.54%Sn alloy shows typical soft
magnetic features (Figure 6a). Figure 6b describes the process of domain growth and
magnetization rotation under an external magnetic field. The magnetic domains parallel to
the applied magnetic field will grow, and the remaining magnetic domains will shrink. With
the increase of magnetic field H, B increases rapidly, and magnetic domain growth takes the
way of magnetic domain wall movement. When the external magnetic field is increased,
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the magnetic rotation begins, and the slope of the curve of B relative to H becomes smaller.
Finally, the magnetic moment direction of each magnetic domain remains horizontal with
the direction of the external magnetic field, and the B value does not change.

T/K

Ms

Mr

H
c/1

05  A
/m

ΔT/K

1  randomize

2  domain growth

3  domain grow larger

4  magnetization rotation of domain

Figure 6. Magnetic characteristics of Co-4.54%Sn alloy solidified at different undercoolings. (a) Hys-
teresis loop, (b) magnetic domain growth and rotation process, (c) Ms and Mr and (d) coercivity Hc.

The saturation magnetization is generally related to the composition, the magnetic
domain wall and the lattice constant of the material. The magnetic properties of the material
are determined by the exchange interaction between the electrons in the material [25–27].
Its coercivity and saturation magnetization mainly depend on the material composition,
crystal defect, internal stress and grain size [28]. Table 1 specifies the magnetic parameters
of the Co-4.54%Sn alloys at different undercoolings.

Table 1. The magnetic property parameters of Co-4.54%Sn alloy under different undercoolings.

ΔT Ms (emu/g) Mr (emu/g) Hc (kA/m) Mr/Ms

11K 178.92 3.04 7.3 0.017
58K 158.40 3.91 20.81 0.025

122K 156.49 7.63 24.84 0.049
189K 149.94 2.01 12.42 0.013

With the increase of undercooling, the saturation magnetization of the alloy decreases
from 178.92 emu/g to 149.94 emu/g, which is caused by the refinement of the microstruc-
ture, and the enhancement of dendritic growth velocity and solute content for the primary
phase. Han et al. showed that alloy variants with larger average particle size usually have
higher saturation magnetization, which is consistent with this result [29]. Compared with
the undercooling of 11 K (3.04 emu/g, 7.3 kA/m), the undercooling of 189 K has lower
remanent magnetization and higher coercivity, which are 2.01 emu/g and 12.42 kA/m,
respectively. In addition, with the increase of undercooling, the squareness ratio showed an
“increase first and then decrease” trend. The remanent magnetization and coercivity also
exhibited a trend of increasing first, then decreasing with the increase of undercooling and
solute content, as shown in Figure 6c,d. The reason is that the crystal particle and boundary
are raised significantly due to the refinement of microstructure and enhancement of solute
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content with the increase of undercooling, and a large amount of solute is distributed into
the primary phase, which leads to the decrease of saturation magnetization and the increase
of the remanent magnetization and coercivity. When the undercooling ΔT was 189 K, the
remanent magnetization and coercivity were decreased in that the volume fraction of
eutectic cell was higher than the undercooling of 11 K. Furthermore, a more in-depth study
of the magnetic mechanism is still needed.

4. Conclusions

In summary, the broad temperature range of binary Co-4.54%Sn alloy was rapidly
solidified using the fluxing method and the maximum undercooling attained 208 K. XRD
analyses show that three phases of αCo, βCo3Sn2 and εCo were displayed during the
solidification, which corresponds with the equilibrium phase diagram. The microstructure
of the primary αCo phase remarkably refines and the volume fraction of βCo3Sn2 phase
of interdendritic structure decreases evidently with undercooling. The dendritic growth
velocity presents an increasing tendency at the beginning stage and the maximum velocity
reaches 0.95 m/s when the undercooling is lower than 175 K, and then it decreases once the
undercooling exceeds 175 K. Otherwise, the microhardness and resistivity of Co-4.54%Sn
alloy increase with undercooling owing to the refinement of the microstructure, and the
increase of solute content in the primary αCo phase is caused by the high undercooling and
rapid solidification. In addition, the saturation magnetization reduces with the increase of
undercooling, which is also due to the crystal particle and boundary increasing significantly
and solute content being enhanced in the primary αCo phase, which results in the under-
cooling and dendritic growth velocity under rapid solidification. Moreover, the remanent
magnetization and coercivity enhance shows a “increase first and then decrease” trend.
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Abstract: This paper presents a method for the automatic detection of sorbite content in high-carbon
steel wire rods. A semantic segmentation model of sorbite based on DeepLabv3+ is established.
The sorbite structure is segmented, and the prediction results are analyzed and counted based on
the metallographic images of high-carbon steel wire rods marked manually. For the problem of
sample imbalance, the loss function of Dice loss + focal loss is used, and the perturbation processing
of training data is added. The results show that this method can realize the automatic statistics of
sorbite content. The average pixel prediction accuracy is as high as 94.28%, and the average absolute
error is only 4.17%. The composite application of the loss function and the enhancement of the data
perturbation significantly improve the prediction accuracy and robust performance of the model. In
this method, the detection of sorbite content in a single image only takes 10 s, which is 99% faster
than that of 10 min using the manual cut-off method. On the premise of ensuring detection accuracy,
the detection efficiency is significantly improved and the labor intensity is reduced.

Keywords: high carbon steel wire rod; sorbite content; deep learning; semantic segmentation

1. Introduction

High-carbon steel wire rods are the main raw materials for the production of spring
steel, prestressed steel strands, steel cords, steel wire ropes, and other products. Their
plasticity, strength, and uniformity of structure are crucial for subsequent processing. The
delivery status of high carbon steel wire rods is generally hot-rolled, and its microstructure
is a sorbite structure. Sorbite is a non-equilibrium pearlite-type structure and a dual-
phase mixed structure of sorbite ferrite and cementite. Its difference from pearlite is that
a slice of sorbite and cementite in sorbite are thinner and the spacing between slices is
smaller. Sorbite and cementite slices can be distinguished by a magnification of more than
600 times under an optical microscope. Due to the small slice spacing and many interphase
boundaries, the sorbite structure has enhanced resistance to plastic deformation under the
action of an external force, excellent strength, and plasticity, and is the most ideal structure
for high-carbon wire rod steel [1]. In addition to sorbite, there are also pearlite, martensite,
net cementite, and other structures in the high carbon steel wire rods. The content of sorbite
is one of the important indicators to evaluate the performance of high-carbon wire rods.
Generally, the content is required to be not less than 80%. The higher, the better.

At present, the standard for sorbite structure testing of high-carbon steel wire rods
is the YB/T 169-2014 Metallegrephic Tat Method of Sorbite in High Carbon Steel Wire
Rod [2]. Three detection methods are specified in the standard. The first method is the
metallographic manual method. According to the stereological quantitative metallography
principle, the grid number point method or grid truncation method is adopted, i.e., in a
grid with a determined size or area, the sorbite volume fraction is calculated by manually
counting the proportion of the grid intersection or grid length occupied by the sorbite
structure to the total number of grid intersections or lengths. The second method is standard

Metals 2023, 13, 990. https://doi.org/10.3390/met13050990 https://www.mdpi.com/journal/metals
53



Metals 2023, 13, 990

sample detection with an image analyzer. The standard sample with a determined sorbite
content is used for synchronous sample preparation, corrosion, and detection with the
sample to be tested to determine the reference grayscale value Gs of the standard reference
sample. The sample to be tested is grayed with the same grayscale value Gs, and the sorbite
volume fraction is quantitatively measured by the grayscale value. The third method
is comparison. The microstructure of the sample to be tested through a metallographic
microscope is observed, it is then compared with the standard rating chart of sorbite content,
the standard chart with the closest structure to the sample to be tested is determined, and
the sorbite volume fraction or sorbite grade of the sample to be tested is estimated. The
three detection methods have their own advantages and disadvantages. Methods 1 and 2
produce more accurate detection results but have many detection steps and low efficiency.
Method 3 is simple, fast, and efficient, but the error rate is large (the sorbite content of 10%
is a grade in the standard chromatogram) and is greatly affected by the inspector. The
consistency of the results is low.

At present, the detection of sorbite content is controversial, there are three reasons
for this. Firstly, there is a heavy reliance on the individual researcher’s background and
experience which both introduce significant bias and potentially error into the process of
detecting sorbite content. Secondly, the detection of sorbite content is greatly affected by
the level of sample preparation; it is difficult to obtain a perfect microstructure to clearly
distinguish the structure details and to determine the size of the region of a certain type
of microstructure, due to the poor sample prepared by the polishing process. Corrosion
defects can be caused by a number of factors, such as inadequate etching or over etching.
Inadequate etching would lead to an incomplete microstructure display, and sorbite is
easily misjudged as pearlite. Over etching would lead to the microstructure image showing
a sense of relief, forming microstructure artifacts. Thirdly, there is a pearlite-sorbite transi-
tional microstructure (PS) in high-carbon wire rods [3], and its lamellar spacing is between
the pearlite and sorbite in high resolution; whether this type of transitional structure is
classified as pearlite or sorbite also directly affects the judgment of the results. Therefore,
the accurate detection of the sorbite content of high-carbon wire rods has been a problem
in the steel industry.

With the rapid development of electronic information technology and artificial intelli-
gence technology, computer vision (CV)—a discipline that studies how to make computers
“see” like humans—is widely used in various industries, such as text recognition, and
medical diagnosis [4,5]. The computers are objective and fast, and they are supposed to
play an important role in the field of detection. In the field of materials, the automatic
metallographic analysis of metal materials based on computer vision and machine learning
technologies has become the focus of researchers at home and abroad. Chowdhury [6]
used pre-trained convolutional neural networks (deep learning algorithms) to extract mi-
crostructure features, and used support vector machine, voting, nearest neighbors, and
random forest models for classification, and obtained a high classification accuracy. Az-
imi [7] employed pixel-wise segmentation based on full convolutional neural networks
(FCNN), together with the deep learning method to classify and identify the microstructure
of mild steel, achieving a 93.94% classification accuracy. Park [8] employed a pixel-wise
segmentation method via U-NET architecture built upon FCNN, and employed several
techniques ranging from data augmentation, the Amazon computing service, to semantic
segmentation. The system achieved a maximum classification accuracy of 98.689% for the
pearlite and ferrite phases. Therefore, the automatic detection of the sorbite content based
on machine learning is feasible. This paper builds a semantic segmentation model based
on the deep learning algorithm and uses the sorbite tissue image calibrated by technical
experts as the training data set to segment and analyze the sorbite, thus realizing the
automatic detection of the sorbite content of high-carbon steel wire rods.
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2. Acquisition and Calibration of Data Set

2.1. Sample Preparation

A hundred metallographic samples were prepared by selecting rolls of 55SiCr, 65Mn,
72A, and SWRH82B hot rolled wire rods with a diameter of 6–12 mm, 25 in each. After
cutting, grinding, and polishing, a 4% nitric acid alcohol solution was used for corrosion
for 25–35 s (the higher the carbon content is, the longer the corrosion time is). When a clear
microstructure was displayed, the ZEISS Axio Observer optical metallographic microscope
(Manufactured by Carl Zeiss, Munich, Germany) was used for observation. Twenty-five
metallographic photographs were taken randomly from the edge to the center of each
metallographic specimen, totaling 2500.

2.2. Image Calibration

The metallographic images were distributed to experts to determine the sorbite region
and sorbite content in each image using the grid truncation method. The sorbite area (dark
zone) was then labeled using LabelMe software version 5.1.1. Figure 1 shows an example
of the sorbite labeling in a single metallographic image. For this study, 2500 valid metallo-
graphic images and their labeling files were collected, with an image size of 2048 × 1536.

Figure 1. Example of sorbite content labeling. (a) Original image; (b) Labeling image.

3. Model and Method

3.1. Network Architecture

In this paper, the residual neural network ResNet [9] was selected as the backbone
network for feature extraction, and DeepLabv3+ [10] and U-Net ++[11] were used as
semantic segmentation models for the segmentation and statistics of sorbite content.

The network structure of ResNet is based on VGG-19, which is improved, and residual
elements are added by a short circuit mechanism. In ResNet-34, it adopts 3 × 3 filters, and
its design principle is that: first, in the same output feature map, the number of filters in
each layer is the same; second, when the size of the feature map is reduced by half, the
number of filters will double to ensure the time complexity of each layer. The network ends
with a global average pooling layer and a 1000-dimensional fully connected layer with
softmax. The rest of the residual neural network structure is deformed on this basis.

The U-Net++ network structure is shown in Figure 2, which consists of several parts:
the convolution unit, down-sampling and up-sampling modules, and skip connection
between convolution units. In the U-Net model structure, nodes X0.4 only form a skip
connection with nodes X0.0, while in the U-Net++ model structure, nodes X0.4 connect the
outputs of four convolution units X0.0, X0.1, X0.2, and X0.3 at the same layer, where each
node Xi.j represents one convolution down-sampling or deconvolution up-sampling. The
U-Net++ network has a nested structure and dense skip paths, which is conducive to aggre-
gating features with different semantic scales on the decoder subnetwork and has achieved
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excellent performance levels in other fields [12,13]. In this paper, after grayscale processing,
the sorbite was quite different from other tissues, which was intuitively applicable to
this problem.

Figure 2. Schematic diagram of the U-Net++ network structure [11], with permission from Springer, 2023.

Enter X0.0 from X0.0 on the first layer of the model, and calculate according to the
following formula in turn:

xi,j =

⎧⎨
⎩

μ
(
xi−1,j), j = 0

μ
([[

xi,k]j−1

k=0
, T

(
xi+1,j−1

)])
, j > 0

(1)

where μ denotes the convolution, [] denotes the feature cascade, T denotes the decon-
volution up-sampling, and xi,j denotes the output of the node Xi,j, where i denotes the
down-sampling layer along the encoder index and j denotes the convolution layer along
the skip index dense block.

The skip connection can introduce high-resolution information in the image into the
result of the up-sampling, thereby ensuring high segmentation accuracy. Taking the first
layer of the model as an example, the skip connection results are shown in Figure 3.

Figure 3. Schematic diagram of the U-Net++ skip connection results [11], with permission from
Springer, 2023.

The deep supervision process was introduced into the U-Net++ network model. The
shallow feature perception of the image can be increased by deconvolutional up-sampling
of the results xi,0 obtained by down-sampling at each level, and then adding the final
up-sampling segmentation results x0,j corresponding to each level of the training loss
calculation process [14]. The split loss function designed accordingly is shown in the
following formula:

Loss =
1

J ∑J

i=1
Lj(x

0,j) (2)
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where Loss is the total segmentation loss, Lj is the loss function used to calculate the
segmentation loss of x0,j, and J is the number of all nodes except the down-sampling nodes
in the first layer of the model.

Compared with the U-Net++ network, the DeepLabv3+ network greatly reduces the
actual running graphic memory occupancy under the same setting and slightly improves
the performance, which is also suitable for this problem. The structure of the DeepLabv3+
network is shown in Figure 4. The network with a codec structure was generated based
on the DeepLabv3 network structure, in which DeepLabv3 was used as the encoder part
to extract and fuse multi-scale features. A simple structure was added as the decoder to
further merge the underlying features with the higher-layer features, improve the accuracy
of the segmentation boundary, and obtain more details, forming a new network that merges
atrous spatial pyramid pooling (ASPP) [15] and codec structures.

Figure 4. Schematic diagram of the DeepLabv3+ network structure [10], with permission from
Springer, 2023.

Atrous convolution is the core of the DeepLab series model [10,16,17], which is a
convolution method to increase the receptive field and is conducive to extracting multi-
scale information. Atrous convolution adds voids based on ordinary convolution, in which
a parameter dilation rate is added to control the size of the receptive field. As shown
in the Figure 5, taking 3 × 3 convolution as an example, the grey lattice represents the
3 × 3 convolution kernel, and the receptive field after ordinary convolution is 3. When
rate = 2, the receptive field after convolution by the atrous convolution module is 5,
which is increased by 2 compared with the ordinary convolution receptive field. When
rate = 3, the receptive field after convolution by the atrous convolution module is 7, which
is increased by 4 compared with the ordinary convolution receptive field. Due to the mesh
effect of atrous convolution, some information will be lost in the image after the atrous
convolution operation.

For two-dimensional signals, in particular, for each position i on the output feature
map y and the convolution filter w, an atrous convolution was applied on the input feature
map x, with the following formula:

y[i] = ∑k
x[i + rate·k]w[k] (3)

Atrous spatial pyramid pooling (ASPP) uses atrous convolution with different expan-
sion rates to make up for the defects of atrous convolution, captures the context of multiple
layers, fuses the obtained results, reduces the probability of information loss, and helps to
improve the accuracy of convolutional neural networks.

57



Metals 2023, 13, 990

Figure 5. Schematic diagram of the atrous convolution receptive field.

3.2. Loss Function

The loss function was used to evaluate the difference between the prediction result of
the model and the actual situation. Different loss functions are used in different models. In
general, the better the loss function, the more accurate the model predictions. The main
microstructure of high-carbon steel is sorbite, the content of which is generally more than
50% and is more than 70% in most samples. Therefore, the proportion of sorbite in the
metallographic image is extremely unbalanced with the proportion of the background.
In the sample shown in Figure 1, the sorbite content (dark part) was about 97%. For the
data set of this paper, the statistics of sample proportions with different sorbite contents
are shown in Table 1. Samples with a sorbite content higher than 80% accounted for
56.5% of the total. In general, unbalanced samples can cause training models to focus
on predicting pixels as dominant types, while “disregarding” the minority types, which
negatively affects the model’s ability to generalize on test data. Therefore, it is necessary
to use the appropriate loss function or its combination to deal with the imbalance of the
sample. Table 1 shows the proportion of samples with different sorbite contents in the
data set.

Table 1. Proportions of samples with different sorbite contents in the data set.

Sorbite Content/% [0–50) [50–60) [60–70) [70–80) [80–90) (≥90)

Sample
Proportion/%

0 4.7 12.2 26.6 38.3 18.2

The detection of sorbite content is essentially a problem of a significant imbalance
between positive and negative samples in a binary classification, and a large number
of background pixels affect the segmentation accuracy of the model. Therefore, focal
loss was selected as the semantic segmentation loss function in this paper. This function
was originally proposed by He [18] to solve the model performance problems caused by
the imbalance of data classes and the difference in classification difficulty in the image
domain. Focal loss adds a parameter γ to the cross-entropy loss function and constructs
an adjustment factor (1 − p(x))γ to solve the problem of the sample imbalance. The
calculation formula of the loss function is as follows:

FL(p(x)) = −(1 − p(x))γlog(p(x)) (4)

where the sample p(x) with accurate classification tends to 1, the regulation factor tends
to 0; the sample 1 − p(x) with inaccurate classification tends to 1, the regulation factor
tends to 1. Compared with the cross-entropy loss function, focal loss does not change for
inaccurately classified samples and decreases for accurately classified samples. Overall,
it is equal to adding the weight of the sample with inaccurate classification to the loss
function, p(x). It also reflects the difficulty of classification. The greater the p(x), the higher
the confidence of classification, the more easily the representative sample is classified; the
smaller the p(x), the lower the confidence of classification, the lower the confidence of
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classification, and the more difficult it is to classify the representative sample. Therefore,
focal loss is equivalent to increasing the weight of difficult samples in the loss function, so
that the loss function tends to be difficult samples, which is helpful to improve the accuracy
of difficult samples.

In addition, the problem of region size imbalance between the sample foreground and
the background of the sorbite image can be handled by the Dice loss [19] function. Dice
loss is a region-dependent loss, that is, the loss of the current pixel is not only related to the
predicted value of the current pixel, but also related to the value of other pixel points. The
specific loss function formula is:

Dice Loss = 1 − 2|X ∩ Y|
|X|+|Y| (5)

where X represents the target segmented image, Y represents the predicted segmented
image, and the intersection form of Dice Loss can be understood as a mask operation.
Therefore, regardless of the size of the image, the calculated loss of the fixed-size positive
sample area is the same, and the supervision contribution to the network does not change
with the size of the image. Dice Loss training tends to tap into foreground areas and thus
adapts to the smaller foreground situation in this paper. Training loss, however, is prone
to instability, especially against small targets. In addition, gradient saturation occurs in
extreme cases. Therefore, considering the sample situation of sorbite content, this paper
combines Dice Loss with focal loss.

3.3. Data Augmentation

Due to different sample preparation levels, corrosion depths, shooting equipment,
illumination, and other factors, the sorbite metallographic images collected were very
different. It was not possible to exhaust all the possibilities and obtain images that were
representative enough. Therefore, data enhancement was needed to expand the distribution
of data sources and features, improve the size and quality of the training data sets, and
solve the problem of limited data. At the same time, data enhancement can also cope
with the problem of multi-distributed data scenarios. Data augmentation typically [20]
includes flipping, cropping, rotation, zooming, color transformation, noise injection, etc. In
this project, considering the characteristics of sorbite, simple flipping, rotation, cropping,
zooming, and color transformation could not only enhance the data but may also destroy
the label information of the sample to a certain extent, bringing negative effects to the model
learning. For this paper, an enhancement method based on noise injection was designed. In
the training, a certain amount of data perturbation was added to the initial sample image,
and the original pixel labels were not changed incorrectly so that the model could focus
more on learning the difference between the sorbite pixel values and background pixel
values, rather than just learning the pixel values of the sorbite. In this way, the model was
able to ignore irrelevant factors in the training process to a certain extent and make more
accurate judgments. The specific perturbation expression is as follows, where Xij represents
the pixel value of the ith row and jth column of the sorbite sample (where R = rand(−a, a)):

Xij =

{
Xij + R, 0 < Xij + R < Xthres and Xij < Xthres

Xij + R, Xthres < Xij + R < 255 and Xij > Xthres

(6)

In the practical application process, let a = 10, and the samples before and after adding
the noise injection enhancement mode are shown in Figure 6.
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Figure 6. Comparison of the effects before and after sample enhancement. (a) Original image; (b)
Image after noise injection.

3.4. Training and Evaluation Indexes of the Model

In this paper, preprocessed sorbite images were used as data sets, and each data set
was randomly divided into training data sets and test data sets in a 9:1 ratio. Training then
took place with each training set in turn, and testing was conducted on the test set of all
data sets separately. All models were based on the PyTorch framework, the programming
language was Python, and the graphics card was NVIDIA GeForce RTX 3090. The model
learning rate used in this paper was 0.0001, the batch size was 4, and the number of iteration
rounds was 100.

In this paper, the accuracy of semantic segmentation was evaluated by pixel accuracy
(PA), intersection over union (IoU), and mean square error (MSE). For a binary task, the
following four situations may occur. TP (true positive) indicates that a sample is predicted
to be a positive class with a positive class true label. FN (false negative) indicates that a
sample is predicted as a negative class with a positive class true label. FP (false positive)
indicates that a sample is predicted as a positive class with a negative class true label. TN
(true negative) indicates that a sample is predicted as a negative class with a negative class
true label.

Assuming that there are a total of n classes in the test data set, pii indicating the
number of classes predicted as class i in class i data, and pij indicating the number of
classes predicted as class j in class i data, PA is defined as the ratio of the number of
correctly classified pixels to the total number of pixels, and the formula is as follows:

PA =
∑n

i=1 pii

∑n
i=1 ∑n

j=1 pij

(7)

That is, pixel accuracy (PA) represents the percentage of the pixel value predicted
correctly to the total pixel value, and the calculation formula is as follows:

PA =
TP + TN

TP + FP + FN + TN
(8)

Mean pixel accuracy (mPA) is averaged by summing the pixel accuracy of each
category.

IoU is the most commonly used semantic segmentation evaluation standard, which
is the ratio of the intersection of real and predicted labels to their union. IoU can better
evaluate the performance of semantic segmentation methods. The calculation formula of
IoU is as follows:

IoU =
TP

TP + FP + FN
(9)

The mean intersection over union ratio (MIoU) was averaged over the sum of the
intersection over union for each category.
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Mean absolute error (MAE) is a measure reflecting the degree of difference between
the estimator and the estimated quantity, which was used to characterize the difference
between the predicted proportional result and the true proportional result of the model.
The MAE reflects the average distance that the predicted value deviates from the true value,
that is,

MAE = ∑n

i=1

1

n
|f(xi)− yi)| (10)

4. Results and Discussion

Researchers have conducted some research and exploration in improving the accuracy
of the determination of sorbite content. Wuhan Iron & Steel Group [21] used SEM and
OM to observe the microstructure in the same region under different magnifications, and
the analysis results indicated that the so-called “pearlite” structure was a kind of etching
morphology of the sorbite structure with different orientations on the cross-section of the
metallographic sample surface. Zhejiang University of Technology [22] found that the
etching condition has a significant influence on the display and identification of sorbite
structure, and some of the bright white areas under the optical microscope may be local
flat areas of sorbite structure, while some of the “pearlite” may also be local depressions
resulting in a “magnified lamellar structure”, so it is unreliable to rely on light region and
dark regions to determine the sorbite content. Liuzhou Steel Group [23] used digital image
storage technology for the accurate detection of sorbite content. All these studies were car-
ried out based on the traditional grayscale image, pearloid slice spacing, etc. The problem
of fluctuations in the detection process and the need for manual intervention are still not
well resolved. Therefore, the automatic detection of the sorbite content based on artificial
intelligence is a focus of current research. Luo [1] established a library of high-carbon wire
rod sorbite material for neural network learning, and successfully realized the intelligent
identification of sorbite by using artificial intelligence and deep learning technology.

In this paper, DeepLabv3+ and U-Net++ semantic segmentation models were used,
respectively. ResNet34 was used as the backbone network for training and verification, and
the prediction of each pixel of the output sample image was judged to be correct or not.
The evaluation results are shown in Table 2. It can be seen that the semantic segmentation
model based on DeepLabv3+ improved the mPA by 0.7% and reduced the MAE by 10.7%
compared with U-Net++ and obtained more accurate prediction results. This semantic
segmentation model was also more refined compared to the classification model in Luo’s
article. The visualization effect is shown in Figure 7. The white part in the figure is the part
of the correct prediction by the model, and the red part is the part of the incorrect prediction
by the model. The segmentation results show that the model had a good segmentation
effect, and an MIoU of 74.89% indicates that the predicted results of the model were more
accurate than the manually annotated boundary.

Subsequently, the DeepLabv3+ semantic segmentation recognition model was used to
test the unlabeled sorbite metallographic images. For each sorbite metallographic image
tested, the sorbite image and the length of a single pixel point of that image were input,
then the recognition model output the sorbite content of the image. The output results were
compared with the manually calibrated test results, and some of the test results are shown
in Table 3. The test recognition deviations were almost all less than 5%, and the recognition
results were very good.

Table 2. Comparison of the test results of different frames.

Seg_Model Backbone mPA MIoU MAE Epoch Time(s)

DeepLabv3+ ResNet34 94.28% 74.89% 4.17 9

U-Net++ ResNet34 93.58% 73.24% 4.68 9
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Figure 7. Schematic diagram of the sorbite sample segmentation effect.

Table 3. Part of the test results of unlabeled metallographic images.

No. Prediction Truth MAE

1 81.18 85.69 4.51

2 85.79 85.43 0.36

3 87.11 86.62 0.49

4 90.71 88.99 1.71

5 91.58 89.32 2.26

6 92.35 90.29 2.06

7 92.08 90.36 1.72

8 90.05 89.63 0.42

9 90.11 87.98 2.13

10 90.67 88.70 1.96

11 88.31 86.57 1.73

12 87.65 85.89 1.75

13 85.06 89.95 4.88

14 91.27 91.27 0.00

15 90.34 87.14 3.20

At the same time, Luo [1] did not consider the imbalance of positive and negative
distributions and foreground and background imbalance in sorbite samples, while this
paper used loss function and its combination to deal with the imbalance problem, and the
prediction results of different loss functions were also tested and analyzed. The three sets
of results were based on DeepLabv3+, and the Backbone used was ResNet-34. The results
are shown in Table 4. The model of the focal loss function alone predicts a mPA of 94.18%
and a MAE of 4.46%, which demonstrates a good segmentation effect. The results of using
the dice loss function alone were poor. After the combination of the two, the prediction
results were optimized, and the mPA and MAE were improved to 94.28% and 4.17%,
respectively. This fully illustrates that the focal loss + Dice loss combined loss function
selected in this paper is correct and reasonable considering the imbalance of positive and
negative distributions and the foreground and background imbalance in sorbite samples
analyzed in 3.2. In this paper, the detection of sorbite content in a single image only took
10 s, which was 99.9% faster than that of 10 min using the manual cut-off method. On the
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premise of ensuring detection accuracy, the detection efficiency was significantly improved
and the labor intensity was reduced.

Table 4. Training results of the different loss schemes.

Loss mPA MIoU MAE Epoch Time(s)

Focal Loss + Dice Loss 94.28% 74.89% 4.17 9

Focal Loss 94.18% 73.18% 4.46 9

Dice Loss 71.01% 52.76% 21.89 9

Lou [1] standardized the sample preparation process without considering the diver-
sity of data sources and feature distributions due to different sample preparation levels,
corrosion depths, shooting equipment, illumination, and other factors. In this paper, a data
augmentation was performed to expand the distribution of data sources and features, and
the actual effects of the data augmentation were verified. The training and verification
results of the data set before and after the perturbation added to the sample image were
compared and analyzed. The data set was divided into three sub-datasets according to
the different sample batches, and then the three sub-datasets were divided into training
sets and test sets at a ratio of 9:1. The training set and test set of the first sub-dataset were
written as Training set 1 and Test set 1, respectively, and so on for the others. Then training
according to the respective training set followed by the testing of all test sets was conducted.
In this project, the model prediction results of the original data and the model prediction
results after adding perturbation were statistically analyzed, and the evaluation indexes
were characterized by MAE, i.e., the absolute error between the sorbite content output by
the model compared to the sample and the real sorbite content. The results are presented
in Tables 5 and 6. It can be seen that the results of the training and validation of the raw
data had better prediction results for the autologous test dataset. However, the difference
between the prediction results of the three test sets was reduced after the perturbation
was added, indicating that the generalization ability and robustness of the model were
improved after the perturbation was added.

Table 5. Prediction results of the original model.

Training Set\Test Set Test Set 1 Test Set 2 Test Set 3

Training set 1 3.36 3.84 4.18
Training set 2 7.40 5.77 8.09
Training set 3 8.56 9.19 4.43

Table 6. Model prediction results after adding perturbation.

Training Set\Test Set Test Set 1 Test Set 2 Test Set 3

Training set 1 3.47 3.79 3.51
Training set 2 6.65 5.50 7.19
Training set 3 7.82 8.02 4.12

The original sample images collected in this project were all 2048 × 1536, with a high
resolution and large size. In general, large-size images contain more data information and
reflect more features of the predicted object. However, using large-size images requires
higher computing power, and if the characteristic size of the measured object is much
smaller than the image size, using large-size images as the training set cannot achieve
better results. In this project, considering the characteristic size of sorbite, we used a sliding
window to divide each original image into sixteen 512 × 384 images, and then trained
and tested the model. This operation can not only reduce the requirements for computing
power and improve the efficiency of model training and prediction, but also evaluate the
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uniformity of the distribution of sorbite content in the whole image through the calculation
of each small image. Specifically, after the model predicted the sorbite content of the 16
local areas cut from each image, the variance was calculated, and the standard deviation
was used to evaluate the sample uniformity. The formula can be expressed as:

Uniformity =
√

∑4×4

i=1
(R i −μ)2/4 × 4 (11)

where Ri represents the ferrite content of the i th local region. Uniformity is the evaluation
index of sample uniformity. The lower the value, the better the uniformity. Figure 8 shows
that the experimental effect of uniformity evaluation can characterize the uniformity of the
microstructure of the sample, so that the macroscopic performance of the original material
can be inferred.

Figure 8. Effect of sample uniformity analysis.

5. Conclusions

In this paper, DeepLabv3+ was selected as the semantic segmentation model, and
ResNet-34 was used as the backbone network to establish an intelligent detection model
of sorbite content based on deep learning. The metallographic images of high-carbon
steel wire rods were manually labeled and cut as data sets. To solve the multi-distribution
problem of the source and characteristics of the samples, this paper used the Dice loss
and focal loss functions to design data perturbation processing to enhance the accuracy of
the prediction results and the robustness of the model. Meanwhile, the uniformity of the
samples was evaluated by separately predicting and analyzing the sorbite content in the
slit region. The results show that the proposed method can realize the automatic statistics
of sorbite content. The average pixel prediction accuracy was as high as 94.28%, and the
average absolute error was only 4.17%. The composite application of the loss function and
the enhancement of the data perturbation significantly improved the prediction accuracy
and robust performance of the model. In this method, the detection of sorbite content in a
single image only took 10 s, which was 99% faster than that of 10 min using the manual
cut-off method. On the premise of ensuring detection accuracy, the detection efficiency was
significantly improved and the labor intensity was reduced.
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Abstract: In situ observations of the austenite grain growth and martensite transformations in
developed NM500 wear-resistant steel were conducted via confocal laser scanning high-temperature
microscopy. The results indicated that the size of the austenite grains increased with the quenching
temperature (37.41 μm at 860 ◦C → 119.46 μm at 1160 ◦C) and austenite grains coarsened at ~3 min
at a higher quenching temperature of 1160 ◦C. Furthermore, a large amount of finely dispersed
(Fe, Cr, Mn)3C particles redissolved and broke apart at 1160 ◦C, resulting in many large and visible
carbonitrides. The transformation kinetics of martensite were accelerated at a higher quenching
temperature (13 s at 860 ◦C → 2.25 s at 1160 ◦C). In addition, selective prenucleation dominated, which
divided untransformed austenite into several regions and resulted in larger-sized fresh martensite.
Martensite can not only nucleate at the parent austenite grain boundaries, but also nucleate in the
preformed lath martensite and twins. Moreover, the martensitic laths presented as parallel laths
(0~2◦) based on the preformed laths or were distributed in triangles, parallelograms, or hexagons
with angles of 60◦ or 120◦.

Keywords: in situ observation; austenite; martensite; twins; quenching temperature

1. Introduction

Wear, fracture and corrosion are usually the main failure modes during the service of
metal materials. Wear will not directly cause the failure of metal parts, but equipment parts
are difficult to repair due to wear. Besides, frequent replacement significantly reduces the
working efficiency and service life of equipment, thus leading to a large amount of material
and energy loss [1–4]. At present, among the metal wear-resistant materials, austenitic
high manganese (Mn) steel, high chromium (Cr) cast iron and low alloy wear-resistant
steel are the most widely used. Among them, austenitic high manganese steel has a surface
austenitic structure, quickly producing work hardening by a phase transition under strong
extrusion or impact. The core of austenitic high manganese steel still retains good toughness
and plasticity because of the austenitic structure [5–7]. However, the wear resistance of
austenitic high manganese steel is relatively low under low or medium stress conditions,
which severely limits their application scope in the wear-resistant materials field [8]. High
chromium cast iron, as a second-generation wear-resistant material, is currently recognized
as the best wear-resistant material [9–11]. A lot of non-network carbide M7C3 with a
hardness of 1600 HV is precipitated in high chromium cast iron and the toughness and
plasticity is better than that of white cast iron [12]. Therefore, mechanical equipment made
of high chromium cast iron can meet the needs of long-term wear resistance in complex
environments. However, due to the large number of valuable elements such as Cr and
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nickel (Ni), the production of high chromium cast iron is complex, which also increases the
production cost and limits its wide application in industrial production [13]. In view of the
many problems regarding the service and production of the above two steels, low-alloy
wear-resistant steel has gradually become the research topic of the new generation of
wear-resistant metal materials [14–18].

Various wear-resistant steel products are made by Chinese iron and steel manufac-
turers, among which the production technology of the products below NM400 is rela-
tively mature. Tempered martensite is obtained by off-line re-austenitizing after rolling
to improve the strength hardness, and then the toughness is improved by subsequent
tempering. Martensite has ultra-high strength and hardness among the different microstruc-
tures in steel, and it is usually selected as an important microstructure in the production
of ultra-high strength steel. Therefore, among all the kinds of low-alloy wear-resistant
steels, martensitic wear-resistant steel is promising. The wear resistance of martensite
mainly relies on its high hardness, but the wear resistance under high impact is erratic
due to its poor toughness. Therefore, many studies on martensitic wear-resistant steel
have focused on improving its toughness and plasticity [19–21]. It has been revealed
that martensitic laths and blocks are the organizational units affecting strength and hard-
ness, while martensitic packets affect the plasticity and toughness [22,23]. In addition,
Liang et al. found that crack propagation could be effectively inhibited by using smaller
sizes and angles of the martensitic packet [24]. The main structure control unit affecting
fracture, the size of martensitic block, was identified by Inoue et al. through a study on the
cleavage fracture of tempered martensitic steel [25]. Moreover, some scholars improved
the fracture toughness and elongation of martensitic steel by optimizing the composi-
tion and heat treatment process, so that about 30% residual austenite was obtained at
room temperature [26].

In addition, the wear resistance of martensitic steel had been studied extensively.
Liang et al. reported that low-alloy martensitic wear-resistant steel exhibited better wear
resistance under moderate impact wear, and its comprehensive mechanical property was
more than twice that of austenitic high manganese steel [27]. Cao et al. prepared Ti-
Cr-B (boron) microalloyed high-strength wear-resistant steel with tempered martensite,
in which a high dislocation density and tempered carbide precipitation hardened the
matrix [28]. In the work of Ma et al., they found that the solid solution carbon con-
tent in the martensitic structure was a direct factor affecting the wear resistance and
subsurface hardness [29].

Research on high-grade low-alloy wear-resistant steel is insufficient. A high-grade
NM500 wear-resistant steel is presented in the present study. Martensite transformation
greatly influenced the microstructure and properties of the low-alloy wear-resistant steel,
and the quenching temperature and the subsequent cooling also played a decisive role in
these properties. However, few studies about NM500 wear-resistant steel have studied the
relationship between grain growth and martensite transformation. Moreover, a dynamic
investigation into austenite grain growth and martensite transformation in NM500 wear-
resistant steel has not been conducted. Therefore, the phase transformation behavior of
NM500 wear-resistant steel in a continuous cooling process was analyzed by confocal
laser scanning high-temperature microscopy (CSLM). The novelty of the present work is
summarized in two aspects: (1) the grain growth behavior of high grade NM500 wear-
resistant steel at two quenching temperatures was first recorded and compared and (2) the
martensite transformations in different austenite grains were dynamically analyzed. The
results of the present study will provide a reference to understand austenite grain growth
and martensite transformation at different quenching temperatures.

2. Experimental Procedures

Figure 1 shows the VL2000DX-SVF17SP confocal laser scanning high-temperature
microscope and the corresponding quenching process. This CSLM equipment consists
of a flow control device, a console, a display, high temperature microscope, etc., which
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can observe and capture all kinds of physical and metallurgical phenomena in real time.
It studies the dynamic process at a high resolution in real time through high-speed
laser scanning imaging. A higher automation degree was achieved through digital im-
age information storage and processing technology. The light source of CSLM was
a blue laser, whose wavelength and resolution were about 410 nm and 0.25 μm, re-
spectively. Various phases emerged under the effect of thermal etching, rather than
chemical corrosion.

 
Figure 1. (a) The confocal laser scanning high-temperature microscope and (b) in situ observa-
tion process.

The experimental steel was a developed high-grade NM500 steel with the chemical
composition Fe-0.23C-0.20Si-1.49Mn-1.15Cr-0.25Ni-0.37(Nb+V+Ti+Mo)-0.022Cu-0.00174B-
0.01P-0.002S (wt.%). Figure 2 illustrates the structure of the confocal laser scanning high-
temperature microscope. A small cylindrical sample with dimensions of Φ 6 mm × 5 mm
was finish machined, and the two faces of the sample were polished until a mirror surface
was obtained. Subsequently, the sample was placed into the Al2O3 crucible for in situ
observation. Before the experiment, the sample chamber was vacuumed to 6 × 10−3 Pa, and
then argon gas was introduced to prevent sample oxidation. Microstructure evolution was
recorded throughout the whole process with a recording frequency of 5 photos/s. Figure 1b
demonstrates the heating process with two different quenching temperatures. Firstly, the
samples were reheated to 860 ◦C and 1160 ◦C, respectively, at a rate of 5 ◦C/s and then held
for 1 h. Subsequently, the maximum cooling rate was applied to cool the specimens to room
temperature after thermal holding to simulate the quenching process. The heating rate
of 5 ◦C/s was determined by an empirical value considering its small size. Two different
quenching temperatures of 860 ◦C and 1160 ◦C were chosen according to the minimum
and maximum tempering parameters in industrial production. The holding time of 1h was
utilized also based on the requirements of industrial production. It should be noted that
the average cooling rate during quenching was estimated to be only 8 ◦C/s due to the low
cooling ability at a low temperature range. However, the cooling rate before martensite
transformation could reach 15 ◦C/s, totally ensuring the martensite transformation. In
addition, to facilitate the analysis of grain size evolution, the eyepiece was manually
changed during the in situ observation experiment. An appropriate magnification was
selected due to the different size of parent austenite grains (PAGs) at 860 ◦C and 1160 ◦C.
Meanwhile, the precipitates quenched at 1160 ◦C were identified by transmission electron
microscopy (TEM) using a thin film specimen.
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Figure 2. The structure of a confocal laser scanning high-temperature microscope.

3. Results and Discussion

3.1. Austenite Nucleation

Figure 3 shows the morphologic changes from room temperature to the preset temper-
ature of 860 ◦C. Some particles were present on the surface of the sample, and these dark
particles were (Fe, Cr, Mn)3C precipitates (Figure 3a) determined by the following results.
Due to the increased amount of Cr and Mn, (Fe, Cr, Mn)3C precipitates dominated in the
as-received steel treated by hot rolling and subsequent air cooling. When the temperature
was increased to 548.7 ◦C, some corrugated folds appeared on the sample surface. These
folds correspond to the grain boundaries of the initial ferrite (pearlite), which gradually
emerged under the effect of thermal etching (Figure 3b). As the temperature increased to
701.6 ◦C, another corrugated fold gradually covered the grain boundaries of the existing
ferrite (Figure 3c). Additionally, this corrugated fold became more and more clear and
gradually formed the grain boundaries of polygonal grains as the temperature rose to
827.7 ◦C (Figure 3d) and 862.9 ◦C (Figure 3e). It was inferred that the corrugated fold at
701.6 ◦C was an austenitic grain boundary, that is, the Ac1 temperature (the beginning
temperature at which the pearlite transforms to austenite during the heating process) was
about 701.6 ◦C when the steel was reheated at 5 ◦C/s. The measured Ac1 temperature
of this experimental steel was about 658 ◦C using a thermal simulated test, a little lower
than that obtained via in situ observations. The measured Ac1 temperature was obtained
with a very slow heating rate (about 0.1 ◦C/s), and the Ac1 temperature increased with the
increase in the heating rate (5 ◦C/s). Moreover, austenization process of the sample finished
more quickly at a higher heating rate. The austenization process completed at 862.9 ◦C
(Figure 3e), but the grain boundary morphology of the initial microstructure remained.
Meanwhile, the visible (Fe, Cr, Mn)3C precipitates became clearer and their size increased.

Austenite transformation is related to the nucleation rate and the growth rate, and can
be expressed as Equations (1) and (2) [30,31]:

N = fNexp (−QN/KΔT) (1)

G = fGexp (−QG/KΔT) (2)

where N is the nucleation rate, G is the growth rate, QN and QG are the nucleation and
growth activation energies, respectively, fN and fG are the impact factors between structure
and nucleation with growth, respectively, and ΔT is the superheat. This equation reveals
that the superheat increases with the increase in the heating rate, which increases the nucle-
ation and growth rates of the austenitic transformation. Therefore, the rate of austenitic
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transformation increased significantly, the time required from initial austenization to com-
plete austenization was greatly reduced, and thus the required phase transition interval
was correspondingly reduced. In addition, the transformation of steel during continuous
heating is equivalent to the accumulation of countless isothermal transformations. The
relationship between the isothermal incubation period and the transition temperature can
be established using Scheil’s superposition principle [32]:

∑i=n
i=1

Δt
Ai

= 1 (3)

 
Figure 3. Morphology variations from room temperature to 860 ◦C. (a) 25.5 ◦C, before heating;
(b) 548.7 ◦C, initial grain boundaries appeared; (c) 701.6 ◦C, austenization began; (d) 827.7 ◦C,
obvious austenite grains; (e) 862.9 ◦C, the preset quenching temperature.

Differential Equation (4) is obtained when Δt is small enough.

∫ t=tn

t=0

dt
A(T)

= 1 (4)

where Δt and dt are the transformation time at temperature T and Ai and A(T) are the
corresponding incubation periods. The relationship between the incubation period and the
transition temperature is shown in Equation (5):

∫ Ts

T1

dt
A(T)

=
∫ Ts

T1

1
A(T)

· 1
dT
dt

·dT =
∫ Ts

T1

1
A(T)

·1
v
·dT = 1 (5)

The relationships between the transformation rate, C, transformation beginning and end-
ing temperatures, Ts and Tf, and the heating rate, v, are interpreted by Equations (6) and (7),
where the transformation volume is f.

c =
d f
dt

, v =
dT
dt

(6)

∫ t=tn

t=0

d f
dt

dt =
∫ Tf

Ts

d f
dt

·dT
v

=
∫ Tf

Ts

C
v
·dT = 1 (7)
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where T1 is the equilibrium temperature and tn is the time to the transformation ending
temperatures Tf. This equation proves that with the increase in the heating rate, both the
initial temperature and the end temperature of the phase transition increase. In addition,
the dissolution and diffusion of carbonitrides is inevitable during the austenization process
of experimental steel, and atoms migrate between phases through the diffusion mechanism.
With the increase in the heating rate, the diffusion of carbon and alloying elements at the
equilibrium temperature decreases, thus increasing the austenitic transition temperature. In
the process of continuous heating, with the increase in temperature, the diffusion coefficient
and diffusion rate of atoms increase greatly, so the driving force of the austenite phase
transformation is enhanced.

The morphological variations from room temperature to 1160 ◦C are displayed in
Figure 4. Some (Fe, Cr, Mn)3C particles appeared on the sample surface (Figure 4a) and
corrugated folds appeared at 550.4 ◦C (Figure 4b). Another corrugated fold gradually
covered the grain boundaries of the existing ferrite structure at 704.7 ◦C (Figure 4c). The
corrugated fold became more and more clear and gradually formed the grain boundaries of
polygonal grains at 828.4 ◦C (Figure 4d). The Ac1 temperature was basically the same as that
in specimen reheated to 860 ◦C. This is because the heating processes of the two samples
were the same before heating to 860 ◦C. However, when the sample was reheated to
1160 ◦C (Figure 4e), more large-sized grains appeared and the grain boundaries became
sharper and clearer. In addition, the number of clearly visible (Fe, Cr, Mn)3C particles
increased significantly, and they gradually became more coarse. This can be explained by
the gradual dissolution of some invisible finely dispersed (Fe, Cr, Mn)3C particles at 1160 ◦C.
The austenite grain boundary mobility increased, quickly resulting in the coarsening of
austenite grains. The increased amount of visible (Fe, Cr, Mn)3C particles was attributed to
the ripening of more micro/nano (Fe, Cr, Mn)3C particles at high temperatures. Compared
with the sample quenched at 860 ◦C, the austenite grains quenched at 1160 ◦C clearly
coarsened. Figure 5 shows the (Fe, Cr, Mn)3C particles in the specimen quenched at 1160 ◦C
by TEM and the related energy spectrum. (Fe, Cr, Mn)3C particles was a compound of
cementite (Fe3C) with other alloy elements. A few microalloy elements such as Ti, V, and
Mo were captured due to their increased solvation at higher temperatures. In addition,
apparent quenching dislocations were observed in the lath martensite.

 
Figure 4. Morphology variations from room temperature to 1160 ◦C. (a) 23.2 ◦C, before heating;
(b) 550.4 ◦C, initial grain boundaries appeared; (c) 704.7 ◦C, austenization began; (d) 828.4 ◦C, obvious
austenite grains; (e) 1160.7 ◦C, the preset quenching temperature.
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Figure 5. (a,b) TEM images and (c) energy spectrum showing (Fe, Cr, Mn)3C particles at 1160 ◦C.

3.2. Austenite Growing

Figure 6 shows the morphologic changes from 1~10 min with a time interval of 1 min
when the quenching temperature was 860 ◦C. Compared with the morphology after just
reaching the preset temperature, the grain boundaries of austenite grains were clearer after
1 min (Figure 6a). This is because the grain boundary grooves are more easily exposed
after longer thermal etching. In addition, the austenite grain boundaries were narrow and
straight with a grain boundary angle of 120◦. Some local small grains gradually merged
into large ones, as shown in the rectangle in Figure 6f,j. In addition, the austenite grain
boundaries expanded and migrated to form large grains, as shown by the pink arrows
in Figure 6d,j. The gradual merging of small grains and the migration of some grain
boundaries indicated a unconspicuous growth process and trend.

During the thermal holding process, a fog-like substance shown by the oval in
Figure 6c appeared. The fog-like substance gradually turned black, and then subsequently
disappeared. This dark mist is the vapor of alloying elements, which tends to steam out-
ward from the steel matrix when reheated. A similar phenomenon was also reported in the
research of Lan et al. [33]. Manganese (Mn) volatilization was determined by a simultane-
ous thermal analysis, and they clarified that Mn tended to migrate to the substrate surface
and volatilize when the temperature was high enough. In addition to the clearly visible
precipitates at the beginning of reheating, many fine (Fe, Cr, Mn)3C particles also appeared
in the austenite grains during thermal holding, as shown in Figure 6d. These fine (Fe, Cr,
Mn)3C particles gradually appeared as some of the unprecipitated (Fe, Cr, Mn)3C particles
matured and emerged. The (Fe, Cr, Mn)3C particles matured during thermal holding, as
shown in Figure 6j.

The morphologic variation in a time interval of 10 min from 20~60 min at the quench-
ing temperature of 860 ◦C is exhibited in Figure 7. The coarsening of (Fe, Cr, Mn)3C particles
was more obvious, and there were more areas where small grains merged into large grains.
In addition, twins could be observed in austenite grains (Figure 7a). The existing fog-like
steam gradually volatilized and disappeared during thermal holding, while it appeared in
other areas. This may be explained by the uneven distribution of some alloying elements
such as Mn. In addition, austenite grain coarsening was obvious during thermal holding,
in which the proportion of small grains decreased gradually. Moreover, and the intramural
twins were more clearly visible (Figure 7e). The intracrystalline twins can be considered as
annealing twins [34]. There were more alloying elements in the experimental steel, which
significantly reduced the stacking fault energy. Compared with ordinary carbon steel,
intracrystalline twins are more likely to occur in alloyed steels. The appearance of twins
segregated and refined the grains, thus increasing the resistance of dislocation movement
and strengthening the steel.
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Figure 6. Morphologies during thermal holding at 860 ◦C from 1~10 min. (a) 1 min; (b) 2 min;
(c) 3 min; (d) 4 min; (e) 5 min; (f) 6 min; (g) 7 min; (h) 8 min; (i) 9 min; (j) 10 min.
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Figure 7. Morphologies during thermal holding at 860 ◦C from 20~60 min. (a) 20 min; (b) 30 min;
(c) 40 min; (d) 50 min; (e) 60 min.

Figure 8 presents the morphologic evolution from 1~10 min at the quenching tem-
perature of 1160 ◦C. The austenite grains were much clearer after holding at 1160 ◦C for
1 min (Figure 8a) as a result of continuous thermal etching. The migration of grain bound-
aries was obvious during holding, as shown in Figure 8a,b (blue arrow 1) and Figure 8b,c
(blue arrow 2). Part of the original grain boundaries gradually faded away during grain
boundary migration, and the old ones were gradually filled in. In addition, except for the
outward expansion of grain boundaries, small grains were partitioned by surrounding
large grains, as shown in the oval in Figure 8d. Alloy element steam, as shown in Figure 7c,
also appeared in the specimen reheated to 1160 ◦C. In addition, many annealing twins
traversing or occupying the whole grain were captured in the austenite grains. (Fe, Cr,
Mn)3C particles ripened during the holding process, as shown in Figure 8j. The gradual
appearance of fine (Fe, Cr, Mn)3C particles was attributed to (Fe, Cr, Mn)3C ripening at
1160 ◦C, which was captured by limited magnification. Compared with the grain morphol-
ogy at 860 ◦C for 20~60 min, the grain size was obviously coarsened at 1160 ◦C, and there
were many dense fine (Fe, Cr, Mn)3C particles inside the grains.

The coarsening of austenite grains at 1160 ◦C is related to the redissolution of (Fe,
Cr, Mn)3C particles. Firstly, the atomic size of Cr/Mn/Ti is very different to Fe, which
causes a certain solute atomic dragging effect. Reconcentration of a large number of
solute atoms such as Cr, Mn, vanadium (V), and titanium (Ti) at the grain boundaries or
subgrain boundaries could prevent the migration of grain boundaries and thus inhibit
recrystallization. In addition, (Fe, Cr, Mn)3C particles were preferentially precipitated at
the grain boundaries and dislocation lines, pinning the austenite grain boundaries and
hindering the growth of austenite grains. Grain boundary migration caused austenite grain
growth. The surface energy increased when the grain boundaries contacted the (Fe, Cr,
Mn)3C particles. Only when the thermal activation energy was greater than the increased
surface energy were the (Fe, Cr, Mn)3C particles cut or bypassed by the grain boundary.
Therefore, the (Fe, Cr, Mn)3C particles significantly slowed down the formation of austenite
and prevented the growth of grains. Similar observations were made in the work of G.
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Khalaj et al., where they established a model to predict the austenite grain size in Nb/Ti
microalloyed steel [35]. Since the solute concentration around small particles was greater
than those around large particles, the solute atoms spread from small particles to large
particles, resulting in the redissolution of small particles and the growth of larger particles.
Therefore, the fine precipitates gradually redissolved and continuously formed large size
carbonitride particles when the holding time was long enough at 1160 ◦C.

 

Figure 8. Morphologies during thermal holding at 1160 ◦C from 1~10 min. (a) 1 min; (b) 2 min;
(c) 3 min; (d) 4 min; (e) 5 min; (f) 6 min; (g) 7 min; (h) 8 min; (i) 9 min; (j) 10 min.
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Figure 9 displays the morphologic changes with a time interval of 10 min from 20 to
60 min at 1160 ◦C. Dense, small (Fe, Cr, Mn)3C particles formed in the austenite grains.
This signifies that the coarsening of (Fe, Cr, Mn)3C particles was more obvious compared
to that during the holding time of 10 min. In addition, the grain boundaries of small-size
austenite were gradually absorbed by the surrounding large-size austenite. In addition,
apparent twins were observed in austenite grains (Figure 9a). Furthermore, austenite grain
coarsening still occurred during holding from 20 to 60 min, in which the proportion of small
grains further decreased. The intra twins were more clearly visible (Figure 9e) because of
the larger austenite grains.

 

Figure 9. Morphologies during thermal holding at 1160 ◦C from 20~60 min. (a) 20 min; (b) 30 min;
(c) 40 min; (d) 50 min; (e) 60 min.

3.3. Grain Size

Figure 10 summarizes the grain size and growth rate of austenite at different quenching
temperatures. Enough grains were present to ensure an improvement in the accuracy of the
statistical process. Grains less than half the average size grain were not counted, and grains
larger than half the average size grain were considered. There was little difference in the
austenite grain size during the reheating stage before the preset quenching temperatures.
However, the austenite grain size at 860 ◦C was always smaller than that at 1160 ◦C.
Figure 10b shows the growth trend of austenite grains with time at 860 ◦C. The growth
process was relatively slow, and the obvious coarsening of austenite grains was complete
after holding for about 30 min. The growth process of austenite grains was very rapid and
intense, and the coarsening of austenite grains was completed within 10 min at 1160 ◦C.
Austenite grain growth rate curves at different quenching temperatures were obtained
through the first derivative (Figure 10d–f). The austenite grain growth rate was significantly
faster at 1160 ◦C. In addition, when the quenching temperature was 1160 ◦C, the maximum
austenitic growth rate appeared at the holding time of ~3 min, whereas it occurred at
~30 min at 860 ◦C.
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Figure 10. (a–c) Grain size and (d–f) growth rate of austenite from formation to thermal holding at
different quenching temperatures.

It can be concluded that the austenite grains coarsened in a short time and the coars-
ening rate was higher at 1160 ◦C. This is because the austenite grain boundary migration
ability was increased at a higher temperature. The atomic diffusion process was more rapid,
and part of the grain boundary faded and disappeared more easily. In addition, many
small dispersed (Fe, Cr, Mn)3C particles redissolved and ripped, which led to a significant
decrease in the migration ability of austenite grain boundaries. Furthermore, the growth
rate began to decrease gradually when austenite grains coarsened extensively. This was
because the energy for grain growth can no longer be provided as the heating temperature
was unchanged, and the redissolution and breaking of the (Fe, Cr, Mn)3C particles was
basically resolved. Consequently, the pinning effect of (Fe, Cr, Mn)3C particles on austenite
grain boundaries was stabilized, so the austenite coarsening gradually weakened.

3.4. Martensite Transformation

The above-mentioned austenite grain growth rules indicated that the austenite grain
size greatly varied at different quenching temperatures. It has been pointed out that the
austenite grain size affected the martensitic transformation temperature and the phase
transformation behavior of supercooled austenite during cooling. Figure 11 shows the
martensitic transformation during cooling in the sample quenched at 860 ◦C. Lath marten-
site appeared, as shown by the blue arrow in Figure 11a, when the temperature decreased
to 369.2 ◦C. This martensite was primary martensite, also called fresh martensite (FM). The
martensitic phase transition point (Ms) of the sample was about 369.2 ◦C, while the Ms tem-
perature of this steel was determined to be 340 ◦C via a thermal simulation experiment. The
effective Ms was obtained via a thermal simulation experiment through the overall volume
expansion effect of the martensitic transformation, while in situ observation determined the
Ms just according to the temperature at which the martensite appeared in one certain grain.
Generally speaking, the Ms determined by in situ observations is higher than that reflected
in thermal simulation experiments. This is because the martensitic transformation does not
start at the same time in all grains, although the nucleation and growth of martensite explo-
sively proceeded following this. In addition, martensite nucleated from the grain boundary
and grew in between grains until stopping at the grain boundary. More and more lath
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martensite explosively appeared as the temperature decreased, and most lath martensite
traversed the entire grain. Furthermore, some lath martensite was found to nucleate and
grow from the twins (Figure 11b). Since the formed martensite stimulated the nucleation
of the surrounding untransformed austenite, the austenite nucleated and grew in parallel
after this trigger. Therefore, the lath martensite grew in a parallel manner in some austenite
grains. The lath martensite appeared simultaneously with an angle of 60◦ at 267.5 ◦C. In
addition, some lath martensite simultaneously formed parallel to each other. More FM was
observed as the temperature continued decreasing accompanied by secondary martensite
(SM). SM refers to martensite with slightly thin laths formed around FM, which appeared
at a certain angle with FM (Figure 11c). More and more surface reliefs due to martensitic
transformations gradually appeared at the PAG boundaries (Figure 11d). Most martensite
stopped growing when they encountered grain boundaries, and some martensite met each
other, which also stopped the growth of lath martensite (Figure 11e). The nucleation and
growth of martensite were very weak when the temperature approached room temper-
ature. Most martensite transformations finished within 13 s, and the rate of martensitic
transformations gradually slowed down. However, the distortion caused by martensitic
transformations prevented martensitic transformations in the surrounding austenite. Small
parts of the regions were retained as residual austenite, in which the sharing of elements
such as carbon in ferrite to residual austenite was mainly completed (Figure 11f). The
growth rate of lath martensite was relatively fast, but the growth rate of longitudinal lath
martensite was faster than that of lateral lath martensite. Although the martensitic transfor-
mations explosively proceeded, the martensitic transformations were not simultaneous.
Martensitic transformations selectively started in PAGs, but this selective process was very
short. Nevertheless, the temperature of the sample may remain unchanged or even slightly
increase during the cooling process since martensitic transformations release more latent
heat of transformation. Therefore, isothermal martensite formation was inevitable. This la-
tent heat caused by martensitic transformations was also one of the reasons for the selective
initiation of martensitic transformations. The supercooling degree became smaller at a con-
stant or slightly increased temperature; thus, martensitic transformations were inhibited. In
addition, the selective initiation of martensitic transformations was also related to the distor-
tion caused by martensitic transformations. Martensitic transformations in untransformed
austenite were strongly inhibited by the surrounding martensitic transformations.

The martensitic transformation of the sample quenched at 1160 ◦C is displayed in
Figure 12. The martensitic phase transition point, Ms, was about 310.0 ◦C (Figure 11a),
which was lower than that in the sample quenched at 860 ◦C (369.2 ◦C). The Ms temper-
ature should be higher in a larger austenite. However, the results of in situ observations
of martensitic transformations were extraordinary. The possible reason for this is that the
martensitic transformations observed by the in situ method were local to the sample surface,
with a limited view field. An unobserved view field may have shown the martensitic trans-
formations at a relatively higher temperature. In addition, it is difficult to unify the different
starting temperatures of martensitic transformations due to the uneven composition caused
by the evaporation of alloying elements. It was accidentally observed that lath martensite
grew through grain boundaries in Figure 12c. These newly formed grain boundaries were
relatively straight. In addition, some lath martensite nucleated and grew from the twins.
The reason why the twins acted as martensitic nuclei was that martensitic transformations
require structural and energy fluctuations. As a kind of crystal defect, twins provide a large
defect energy which meets the structural and energy fluctuation requirements. Increasingly
more FM and SM gradually appeared with the decrease in temperature, in which the SM
appeared at a certain angle to FM. Most martensite transformations finished within 2.25 s,
and the rate of martensite transformations slowed down. However, the distortion caused
by martensite transformations inhibited the martensite transformations in surrounding
austenite (Figure 12j). Martensite growth was a nondiffusion interfacial cooperative push-
ing process, and the martensite specific volume was larger than that of austenite. Therefore,
elastic deformation was caused, accompanied by volume expansion, during the martensite
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phase transition. Additionally, then a large distortion energy formed, which hindered
further martensite transformations.

 

Figure 11. Martensite transformations of supercooled austenite quenched at 860 ◦C. (a) 369.2 ◦C,
martensite appeared; (b) 274.6 ◦C, martensite increased; (c) 267.5 ◦C, martensite nucleated and grew
at the twins; (d) 264.9 ◦C, SM and surface relief; (e) 260.5 ◦C, martensitic lath collisions; (f) 102.2 ◦C,
martensitic transformation stopped and residual austenite formed.

Martensitic transformations in the same sample did not appear at first in large-sized
grains but appeared in the PAGs in a seemingly chaotic manner. This may be explained
by the differences in the size, composition, and defect density in PAGs, which led to
the selectivity of martensite nuclei. In addition, the grains were coarser due to a higher
quenching temperature; thus, the driving force of martensitic transformations was greater.
Additionally, the migration rate of phase interfaces increased accordingly, so the martensitic
transformations were faster.

Figure 13 shows the martensitic transformation of supercooled austenite at different
quenching temperatures, which is a summary based on in situ observations. Martensite
nuclei did not occur simultaneously during the quenching process of supercooled austenite,
but selectively proceeded and increased in batches in some areas. This nucleation pattern
divided untransformed austenite into multiple regions. In different regions, the size of
firstly formed martensite (fresh martensite) was large and the size of subsequent martensite
(secondary martensite) was small. This is because the shape of martensite depends on the
stress field between the nucleated lath martensite and other martensitic nuclei. The parent
austenite presented obvious different grain sizes at different quenching temperatures. In
addition, the size and volume fraction of the coarse (Fe, Cr, Mn)3C particles in the matrix
increased with the quenching temperature.
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Figure 12. Martensite transformation of supercooled austenite quenched at 1160 ◦C. (a) 310.0 ◦C,
martensite appeared; (b) 304.7 ◦C, martensite increased; (c) 303.5 ◦C, martensite traversed grain
boundaries; (d) 302.1 ◦C, martensite increased and appeared at 60◦ angles; (e) 300.9 ◦C, martensitic
packet; (f) 299.6 ◦C, SM increased; (g–i) 298.4 ◦C, explosive martensite; (j) retained austenite.
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Figure 13. Schematic diagram of martensitic transformations of supercooled austenite at (a) 860 ◦C
and (b) 1160 ◦C.

Martensitic nucleation and growth in different parent austenite grains did not affect
each other in the early stage of martensitic transformations, during which less martensite
formed. The martensitic transformations gradually increased as the temperature decreased,
and the martensitic laths restricted each other. In general, there were three types of
martensitic nucleation. Firstly, martensite nucleated along the PAG boundaries and grew
in between the grains until stopping when it collided with other lath martensite or grain
boundaries. In addition, martensite nucleated at annealing twins, which had lattice defects
and provided better structural and energy fluctuations. Moreover, martensite nucleated
at the preformed lath martensite and grew in the austenitic grains at about 60◦ or 120◦ to
form new lath martensite. The lath packet exhibited two types: parallel laths (0~2◦) based
on the preformed laths and martensitic laths at 60◦ or 120◦ in the other direction stimulated
by the preformed laths, finally forming triangle, parallelogram, or hexagon morphologies.
The formation of SM laths also strongly inhibited the martensitic transformations of the
surrounding untransformed austenite and promoted the formation of residual austenite.

4. Conclusions

1. The austenite grains in NM500 steel at a quenching temperature of 860 ◦C (37.41 μm)
were smaller than those at a quenching temperature of 1160 ◦C (119.46 μm). Austenite
grains coarsened at ~3 min and ~30 min, respectively, at quenching temperatures of
1160 and 860 ◦C. In addition, a large amount fine dispersed (Fe, Cr, Mn)3C particles
redissolved and broke apart at 1160 ◦C, resulting in many large, visible carbonitrides.

2. The nucleation of martensite did not proceed simultaneously during the quenching
process. Selective prenucleation dominated, which divided untransformed austen-
ite into several regions and resulted in a larger size fresh martensite compared to
secondary martensite.

3. Martensite can not only nucleate at parent austenite grain boundaries, but it can also
nucleate in the preformed lath martensite and twins. The larger the parent austenite
grain size, the smaller the constraints of martensite growth, resulting in longer fresh
martensite and secondary martensite. In addition, the martensite transformation
(2.25 s) was shorter at a higher quenching temperature of 1160 ◦C than that (13 s)
at 860 ◦C. In addition, martensitic lath could traverse the unstable parent austenitic
grain boundaries.

4. The martensitic lath was present in parallel laths (0~2◦) based on preformed laths or
distributed in triangles, parallelograms, or hexagons with an angle of 60◦ or 120◦.
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Glossary

Words/Equations Abbreviation/Parameter Meaning
Confocal laser scanning high-temperature microscope CSLM
Parent austenite grains PAGs
Fresh martensite FM
Secondary martensite SM

N = fNexp (−QN/KΔT) & G = fGexp (−QG/KΔT)

N: the nucleation rate;
G: the growth rate;
QN and QG: the nucleation and growth activation energies;
fN and fG: the impact factors between structure and nucleation
with growth;
ΔT: superheat.

∑i=n
i=1

Δt
Ai

= 1 &
∫ t=tn

t=0
dt

A(T) = 1
Δt and dt: the transformation time at temperature T;
Ai and A(T): the corresponding incubation periods.

∫ Ts
T1

dt
A(T) =

∫ Ts
T1

1
A(T) · 1

dT
dt
·dT =

∫ Ts
T1

1
A(T) · 1

v ·dT = 1 &

c = df
dt , v = dT

dt &∫ t=tn
t=0

df
dt dt =

∫ Tf
Ts

df
dt · dT

v =
∫ Tf

Ts
C
v ·dT = 1

C: transformation rate;
Ts and Tf: the temperatures at the beginning and ending of the
transformation;
v: heating rate;
T1: equilibrium temperature;
tn: the time to the transformation ending temperature Tf.
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Abstract: Due to exceptional conductivity, lightweight nature, corrosion resistance, and various other
advantages, Cu/Al bimetallic composites are extensively utilized in the fields of communication, new
energy, electronics, and other industries. To solve the problem of poor metallurgical bonding of Cu/Al
bimetallic composites caused by high-temperature oxidation of Cu, different coating thicknesses
of Ni layer on Cu rods were used to fabricate the Cu/Al bimetallic composite by gravity casting.
The effect of liquid–solid volume ratio and coating thickness on microstructure and properties of a
Cu/Al bimetallic composite were investigated in this study. The results indicated that the transition
zone width increased from 242.3 μm to 286.3 μm and shear strength increased from 17.8 MPa to
30.3 MPa with a liquid–solid volume ratio varying from 8.86 to 50. The thickness of the transition
zone and shear strength increased with the coating thickness of the Ni layer varying from 1.5 μm
to 3.8 μm, due to the Ni layer effectively preventing oxidation on the surface of the Cu rod and
promoting the metallurgical bonding of the Cu/Al interface. The presence of a residual Ni layer in
the casted material hinders the diffusion process of the Cu and Al atom. Therefore, the thickness of
the transition zone and shear strength exhibited a decreasing trend as the coating thickness of the Ni
layer increased from 3.8 μm to 5.9 μm. Shear fracture observation revealed that the initiation and
propagation of shear cracks occurred within the transition zone of the Cu/Al bimetallic composite.

Keywords: Cu/Al bimetallic composite; liquid–solid volume ratio; coating thickness

1. Introduction

Due to a combination of the high electrical and thermal conductivity of Cu [1] with the
light weight of Al [2–6], Cu/Al bimetallic composites [7–14] were widely used in the electric
power transportation industry. Cu/Al composite materials can replace copper materials
in generators and aluminum materials in external power grids, as well as the contact
surfaces between the two, thereby reducing the use of copper resources and reducing the
accident rate in power generation and supply. Although the compound casting method has
exhibited great superiority in fabricating irregular shapes of Cu/Al bimetallic composites, it
still has some drawbacks in the aspects of the rapid growth of intermetallic compounds and
the oxidation of the solid Cu substrate. The hard and brittle transition zone was formed at
the interface of the Cu/Al bimetallic composite, which reduced the mechanical properties
of the material. Therefore, optimization of the transition zone has become a hot topic in the
research and development of Cu/Al bimetallic composite.

It was widely reported that the transition zone played an important role in the mi-
crostructure and mechanical properties of Cu/Al bimetallic composites [15]. There have
been extensive studies on the formation mechanism of the transition zone. For example,
Wang et al. [16] used synchrotron X-ray technology to study the interfacial diffusion behav-
ior and microstructure evolution of Cu/Al bimetals. Cu and Al first diffuse to each other
and then form α-Al dendrites and intermetallic compounds (IMCs) between the matrix.
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The liquid–solid ratio was one of the key factors for the formation of the transition zone in
the preparation of bimetallic composite by gravity casting. For example, it has been found
that the bonding quality of AZ91 and AZ31 alloys was better when the liquid–solid ratio
was larger [17]. Other studies have shown the preparation of high chromium cast iron
and medium carbon steel bimetals by gravity casting. With the increase of liquid–solid
product ratio, the diffusion activity of elements increased, leading to the increase of the
interfacial transition zone width and shear strength [18]. It has been reported that the
transition zone consisted of the intermetallic compounds and the remelting zone, and the
cooling rate influenced the thickness of intermetallic compounds, the microstructure of
the remelting zone, and the morphology of the remelting zone/Al interface [19]. Tavasoli
et al. [20] reported the effect of pouring temperature on the transition zone, and the results
showed that an increase in Al melting temperature resulted in a gradual increase in the
thickness of intermetallic compounds and interfaces. Chen et al. [21] found that pouring
temperature, cooling mode of Cu plate surface, and starting time of forced cooling after
pouring had no effect on the microstructure species of the transition zone.

In addition, during the preparation of the Cu/Al bimetallic composite by gravity
casting, an oxidation reaction occurred on the surface of Cu during preheating [22], and
the formation of an oxide film reduced the metallurgical bonding property of the interface
between Cu and Al. Therefore, it was particularly important to cover the surface of the
copper with a protective film to prevent oxidation [23]. A suitable protective film can
not only prevent the surface oxidation of Cu, but also promote the metallurgical bonding
between Cu and Al. Boucherit et al. [24] achieved friction stir welding of Cu/Al using a
zinc interlayer and found that Zn can significantly reduce the formation of intermetallic
compounds such as Al2Cu and Al4Cu9, thereby improving the shear lap tensile strength of
the joint. Ye et al. [25] adopted a new Zn-Al-Si filler metal to braze Cu/Al and found that
Si could inhibit the growth of intermetallic compounds, thus significantly improving the
corrosion resistance of Cu/Al bimetallic materials. Breedis et al. [26] found that adding
a certain amount of Ni to copper alloys can inhibit the growth rate of Cu/Al intermetal-
lic compounds, effectively reduce the content of intermetallic compounds, improve the
microstructure of copper alloys, and effectively improve its properties. It was found that
by depositing Ni-P coating on a copper substrate by electroless plating, the intermediate
coating acted as a protective film, which could reduce the rate of intermetallic compound
generation [27]. If Ni was used as the intermediate layer during the pouring process of
Al and Cu, it can be seen from the Cu-Ni binary phase diagram that due to the infinite
solubility of Cu and Ni, intermetallic compounds will not be generated and copper matrix
oxidation can be prevented. Liu et al. [28] reported that a uniform Ni protective layer on the
electroplating of the copper matrix can prevent the surface oxidation of the copper matrix,
and the Ni layer dissolved during the interfacial reaction during the pouring process,
promoting the metallurgical combination of copper and aluminum.

At present, the research on interface processing of Cu/Al composite materials mainly
focuses on coating materials and coating methods, while there are few studies on the effect
of coating thickness on the microstructure and properties of Cu/Al composite materials.
In this study, the fabrication of Cu/Al bimetallic composite was achieved by gravity
casting, and the effect of liquid–solid ratio and coating thickness on the microstructure
and properties of Cu/Al bimetallic composites was discussed. The appropriate thickness
of the transition zone will significantly improve the mechanical properties of the Cu/Al
bimetallic composites.

2. Materials and Methods

The Cu/Al bimetallic composite was fabricated by pure copper rods and aluminum
rods. In order to prevent oxidation of the copper while being kept at elevated temperature, a
layer of nickel was plated on the surface of the copper rods before casting. The electroplating
solution consisted of 840 g Ni2SO4, 100 g NiCl2·6H2O, and 3 L deionized water. The nickel-
plating voltage was 4V, and the nickel-plating time was 10, 25, and 40 min, respectively.
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The electroplating device was shown in Figure 1. Both the casting mold and nickel-plated
copper rod were kept at 500 ◦C with the resistance furnace at the beginning of the test. The
pure aluminum rod was melted and refined in a steel crucible at approximately 740 ◦C. The
melt was left to stand at 720 ◦C for about 10 min to ensure the equilibrium temperature
after the refining slag was skimmed. Then, the aluminum melt was cast into the steel
mold equipped with the nickel-plated copper rod, and after waiting until it had completely
cooled and solidified, it was removed from the mold.

Figure 1. Electroplating Operation Console.

The metallographic specimen was first polished on different grit sandpaper, then with
a combination of mechanical polishing and hand polishing on a velvet polish cloth with
a solution of 0.5 μm aqueous magnesium oxide. The microstructure of Cu/Al bimetallic
composite was observed by AXIO-type metallographic microscopy (OM). The Ultima IV
X-ray diffraction (XRD) was used to analyze to the types of intermetallic compounds in
the transition zone of materials, with a voltage of 35 kV and a scanning speed of 10◦/min;
diffraction angle range was 10◦ ≤ θ ≤ 45◦. Jade 6.0 software was then used to perform
phase calibration on the acquired dates. The sampling locations of hardness and shear
samples were shown in Figure 2. The hardness (HV) of the Cu/Al bimetallic composite
were tested on the HXD-1000TM digital microhardness tester with a load of 200 g and
loading time of 15 s. The cylindrical shear specimen with diameter of 16 mm and height of
6 mm was fabricated by the electric spark machine. The shear specimen was performed on
HXD-1000TM electronic universal material testing machine with the speed of 1.0mm/s.
Then, the FEI Scios-2 HiVac scanning electron microscopy (SEM) was used to analyze the
shear surface of the Cu/Al bimetallic composite.

  

Figure 2. Casting mold drawing and shear material: (a) casting mold diagram; (b) Cu/Al bimetallic
composite; (c) schematic diagram of shear strength test.
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3. Results and Discussion

3.1. Effect of Liquid–Solid Volume Ratio on the Microstructure and Properties of
Cu/Al Bimetallic Composite
3.1.1. Effect of Liquid–Solid Volume Ratio on the Microstructure of
Cu/Al Bimetallic Composite

The Ni electroplating time for this part was 25 min. The metallographic structure of
the Cu/Al bimetallic composite prepared at different liquid–solid volume ratio was shown
in Figure 3. It was found that a distinct transition zone was formed at the junction of Cu and
Al when casting at 720 ◦C. The thickness of the transition zone increases with the increase
of the liquid–solid volume ratio, as the solidification time increases with the increase of the
high-temperature liquid volume ratio, which means that Al and Cu atoms have a longer
diffusion time. Figure 4 displayed the statistical results of dissociation thickness of the Cu
and the thickness of the transition zone. With increasing the liquid–solid volume ratio of
Cu and Al from 8.86 to 50, the thickness of the transition zone increased from 242.3 μm
to 286.3 μm and the dissolved thickness of Cu increased from 74.3 μm to 90.3 μm. The
ratio between the thickness of the transition zone and the dissolved thickness of Cu was
3.26 and 3.17 with increasing the liquid–solid volume ratio. Then, the ratio of Cu to Al in
the transition zone was constant with increasing the liquid–solid volume ratio. Therefore,
it is reasonable to infer that the phase composition of the transition zone did not change
with the liquid–solid volume ratio, which was consistent with the literature [28].

  

Figure 3. Metallographic structure of Cu/Al bimetallic composites prepared with different
liquid–solid volume ratios: (a) VR8.86; (b) VR50.

Figure 4. Thickness of the copper matrix and transition zone in composite fabricated with different
liquid–solid volume ratio.
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3.1.2. Effect of Liquid–Solid Volume Ratio on the Properties of Cu/Al Bimetallic Composite

(1) Shear strength

The shear strength of the Cu/Al bimetallic composite was described in Figure 5. The
shear strength of the Cu/Al bimetallic composite increased with increasing the liquid–solid
volume ratio. As shown in Figure 5, the shear strength was 17.8 MPa and 30.3 MPa for
VR8.86 and VR50, respectively. With the increasing volume ratio from 8.86 to 50, the
shear strength of the Cu/Al bimetallic composite increased 70%. As discussed above,
the thickness of the transition zone was increased with the liquid–solid volume ratio. In
addition, the microhardness of the phase (Al2Cu, AlCu, and Al4Cu9) in the transition
zone was higher than the pure Cu. This may account for the fact that the shear strength
increased with the thickness of the transition zone. To further confirm this phenomenon,
metallographic and SEM observation of the shear fracture of the Cu/Al bimetallic composite
were performed.

Figure 5. Shear strength of Cu/Al bimetallic composite fabricated with different liquid–solid
volume ratio.

Figure 6 depicted the metallographic observation of the shear fracture of Cu/Al
bimetallic composite fabricated with different liquid–solid volume ratio. It was shown that
the yellow was Cu and some intermetallic compounds remained at the edge of Cu after the
shear test. In addition, the content of the remaining intermetallic compounds remained
at the edge of Cu increased with the thickness of the transition zone. This phenomenon
indicated that the shear fracture was directly related to the transition zone.

  

Figure 6. Metallographic observation of shear fracture of Cu/Al bimetallic composite fabricated by
different liquid–solid volume ratio: (a) VR8.85; (b) VR50.
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As displayed in Figure 7, XRD results of shear fracture surface of Cu/Al bimetal-
lic composite indicated that the Al2Cu, Al4Cu9, and AlCu phase remained at the sur-
face of the Cu rod after the shear test. The SEM photograph of the shear fracture of
the Cu/Al bimetallic composite fabricated by different liquid–solid ratio was shown in
Figure 8. Combined with energy spectrum analysis and XRD results, the phase calibration
of the shear fracture was illustrated in Figure 8. In summary, it was concluded that the
initiation and propagation of shear cracks occurred in the transition zone of the Cu/Al
bimetallic composite.

(2) Microhardness

Figure 7. XRD patterns on shear fracture of Cu/Al bimetallic composite fabricated with different
liquid–solid volume ratio.

  

  

Figure 8. SEM photograph of shear fracture of Cu/Al bimetallic composite fabricated with different
liquid–solid volume ratio: (a1,a2) VR8.86; (b1,b2) VR50.
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The distribution of microhardness indentations and statistical results for the interfaces
of Cu/Al bimetallic composite fabricated with different liquid–solid volume ratio were
depicted in Figure 9, from left to right: Al, transition zone, Cu. It was reported [29] that
the hardness of Al2Cu was 400–500 HV, and the microhardness of [α(Al) + Al2Cu] eutectic
structure was about 150–200 HV. The microhardness of the transition zone of Cu/Al
bimetallic composite was 140–180 HV, which was higher than Cu and Al. In addition, with
the increase of liquid–solid volume ratio, the thickness of the intermediate transition layer
increased, the content of the mesophase was higher, and the microhardness was increased.

Figure 9. Microhardness of composite fabricated by different liquid–solid volume ratio: (a) indentation
metallographic observation; (b) hardness distribution.

3.2. Effect of Coating Thickness on the Microstructure and Properties of Cu/Al
Bimetallic Composite
3.2.1. Effect of Coating Thickness on the Microstructure of Cu/Al Bimetallic Composite

The coating thickness of the Ni layer on the Cu rod was 1.5 μm, 3.8 μm, and
5.9 μm with prolonging of the electroplating time from 10 min to 40 min, respectively.
Then, the Al melt was cast into the mold equipped with an Ni-plated Cu rod, and the
liquid–solid volume ratio was 50. The interfacial metallographic structure of Cu/Al bimetal-
lic composite with different electroplating time was displayed in Figure 10. The transition
zone width increased from 246 μm to 286 μm with the coating thickness varying from
1.5 μm to 3.8 μm. It was found that the thickness of the Ni plating was very uneven accord-
ing to the metallographic observation of the Cu rod with Ni plating time of 10 min. Even
some parts of the Ni layer had fallen off while kept at 500 ◦C. Then, the anti-oxidation effect
of the Ni layer was sharply reduced, and part of the surface of the Cu rod was oxidized
before casting the Al melt. This accounted for the smaller transition zone thickness for the
electroplating time of 10 min.
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Figure 10. Interface microstructure of Cu/Al bimetallic composite with different electroplating time:
(a) 10 min, (b) 25 min, and (c) 40 min.

The coating thickness and the width of the transition zone were summarized in Table 1.
As shown in Table 1, the transition zone width first increased and then decreased with
increasing the coating thickness of Ni from 1.5 μm to 5.9 μm. Exactly, the transition zone
width decreased from 286 μm to 268 μm with the coating thickness varying from 3.8 μm
to 5.9 μm. SEM image and chemical elements mapping of Al, Ni, and Cu of the Cu/Al
bimetallic composite fabricated with 3.8 μm coating thickness was shown in Figure 11
Combined with Figure 10, it was inferred that the Ni layer on the Cu rod was dissolved by
pouring in the high temperature Al liquid at the beginning of the casting. Subsequently,
part of the Cu rod in contact with the Ni layer began to dissolve. Then, the Cu atoms
diffused through the liquid Ni layer to the liquid Al, and the Al atoms diffused through
the liquid Ni layer toward to the Cu side. At the same time, the Ni atoms diffused to both
sides, which promoted the metallurgical combination of the Cu and Al. As the temperature
dropped, different intermetallic compounds began to precipitate and transition zones
gradually formed. As displayed in Figure 11, the 3.8 μm Ni layer had almost diffused out
at elevated temperature. Therefore, the 3.8 μm Ni layer only partially limited the diffusion
of the Cu and Al atoms, resulting in a peak thickness of the transition zone.

Table 1. Coating thickness and transition zone width of fabricated materials after different electro-
plating time.

Cu/Al 10 min 25 min 40 min

dclad. (μm) 1.5 ± 0.15 3.8 ± 0.2 5.9 ± 0.3
dtran. (μm) 246 ± 5.4 286.3 ± 6.8 268 ± 5.5

Figure 11. SEM image and chemical elements mapping of Al, Ni, and Cu of the Cu/Al bimetallic
composite fabricated with 3.8 μm coating thickness.
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The SEM image and chemical elements mapping of Al, Ni, and Cu of the Cu/Al
bimetallic composite fabricated with 5.9 μm coating thickness was demonstrated in
Figure 12. It was shown that there were still Ni layers distributed at the transition zone
of the Cu/Al bimetallic composite with increasing the thickness of the Ni layer to 5.9 μm
in Figure 12. The Ni layer was effectively limited the diffusion of the Cu and Al atoms at
elevated temperature, which reduced the transition zone width to 268 μm.

Figure 12. SEM image and chemical elements mapping of Al, Ni, and Cu of the Cu/Al bimetallic
composite fabricated with 5.9 μm coating thickness.

The content of Ni in the transition zone increased with increasing the coating thickness
of electroplating Ni. When the thickness of the Ni layer was 1.5 μm, the Ni layer had
been diffused in the transition zone during the casting process. Therefore, the transition
zone of the Cu/Al bimetallic composite with Ni layer thickness of 3.8 μm and 5.9 μm was
characterized. Table 2 summarized the interface Al, Cu, and Ni elements content of Cu/Al
bimetallic composite in Figures 11 and 12. The results also indicated that with increasing
the thickness of the Ni layer, the diffusion of the Cu and Al was limited.

Table 2. Interface element content of Cu/Al bimetallic composite (wt, %).

Element
Time

25 min 40 min

Cu 49.84 44.73
Al 48.55 53.92
Ni 0.87 1.22

3.2.2. Effect of Coating Thickness on the Properties of Cu/Al Bimetallic Composite

(1) Shear Strength

The shear strength in transition zone of the Cu/Al bimetallic composite fabricated
with different coating thickness was depicted in Figure 13. With increasing the coating
thickness from 1.5 μm to 3.8 μm, the shear strength in transition zone increased from
18.6 MPa to 30.3 MPa, an increase of 62.9%. The shear strength decreased from 30.3 MPa to
26.7 MPa with the coating thickness varying from 3.8 μm to 5.9 μm. As discussed above,
when the coating thickness was 1.5 μm, the Ni layer cannot effectively prevent the oxidation
of the Cu rod, which results in poor metallurgical bonding of the Cu/Al interface. When
the coating thickness was 3.8 μm, the Ni layer was effective in preventing the oxidation
of the copper rod and promoting the mutual diffusion of Cu and Al atoms. Furthermore,
due to the partial diffusion of the Ni layer, the binary phase structure in the transition zone
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changed into the ternary phase structure, which resulted in a great improvement in the
metallurgical bonding property of the Cu/Al interface. When the coating thickness was
5.9 μm, the Ni layer was not only effective in preventing the oxidation of the Cu bar, but
also greatly limiting the mutual diffusion of Cu and Al, which had an adverse effect on the
metallurgical bonding of Cu/Al interface.

Figure 13. Shear strength of Cu/Al bimetallic composite fabricated with different coating thickness.

As illustrated in Figure 14, the phase composition of the transition zone changed
with increasing the coating thickness of the Ni layer. For example, the diffraction of AlCu
phase decreased with increasing the coating thickness of the Ni layer, indicating that the
proportion of AlCu phase in the transition zone decreased. The diffraction of Al3Ni2 phase
was found with the coating thickness of the Ni layer reached to 5.9 μm. Above all, the XRD
results were consistent with the analysis of the influence of the Ni layer on the diffusion of
Cu and Al.

Figure 14. XRD results of shear fracture surface of Cu/Al bimetallic composite fabricated with
different coating thickness.

Figure 15 depicted metallographic observations of shear fracture in the transition
zone (Cu side) of Cu/Al bimetallic composite fabricated with different coating thickness.
As shown in Figure 14, the content of residual intermetallic compounds at the Cu side
increased with increasing the coating thickness of the Ni layer.
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Figure 15. Shear fracture morphology of Cu/Al bimetallic composite fabricated with different coating
thickness: (a) 1.5 μm; (b) 3.8 μm; (c) 5.9 μm.

The SEM morphology of the shear surface of the Cu/Al bimetallic composite fabricated
with different coating thickness was displayed in Figure 16. Foam-like fluffy holes and
cracks were found on the shear fracture surface in Figure 16a, which was consistent with
poor metallurgical bonding due to surface oxidation of the Cu rod. As shown in Figure 16b,
the foam-like fluffy holes disappeared and the length of cracks become shorter, indicating
better shear strength than the former. As for Figure 16c, the Ni layer of 5.9 μm limited the
diffusion of Al atom to the Cu side, resulting in a relatively low content of intermetallic
compounds in the Cu side of the transition zone. Therefore, the morphology resembling a
slip band appeared on the dissociation surface.

(2) Microhardness

  

  

  

Figure 16. SEM morphology of shear surface of Cu/Al bimetallic composite fabricated with different
coating thickness: (a1,a2) 1.5 μm; (b1,b2) 3.8 μm; (c1,c2) 5.9 μm.
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Observations and statistical results of the interfacial microhardness of Cu/Al bimetal-
lic composite fabricated with different coating thickness were described in Figure 17. The
results showed that the micro-hardness of the Cu/Al bimetallic composite demonstrated
a slight decreasing trend after a small increase, while the hardness of the interfacial com-
pounds did not increase significantly. Ni elements were dissolved and diffused to the
matrix under different electroplating times and different coating thickness, and the hard-
ness of the electroplated Ni layer is 160–180 HV, which was close to the microhardness of
the transition zone without the coating Ni layer. Therefore, it can be inferred that the Ni
layer thickness has little effect on the microhardness of Cu/Al bimetallic composites.

Figure 17. Microhardness of Cu/Al bimetallic composite with different coating thickness: (a) Indentation
metallographic observation; (b) Hardness distribution.

4. Conclusions

The Cu/Al bimetallic composite was successfully fabricated by gravity casting. The
effect of surface treatment and liquid–solid volume ratio on the microstructure and prop-
erties of the Cu/Al bimetallic composite were studied. The thickness of the transition
zone was directly related to the mechanical properties of the Cu/Al bimetallic composite.
Therefore, the quantitative regulation method of the thickness of the transition zone may
become a new research hotspot in Cu/Al bimetallic composite fabrication. The following
results and conclusions can be drawn:

(1) The thickness of transition zone, shear strength, and microhardness of transition zone
increased with increasing the liquid–solid volume ratio of Cu/Al bimetallic composite
fabricated by gravity casting.

(2) The thickness of transition zone and shear strength increased with the coating thick-
ness of the Ni layer varied from 1.5 μm to 3.8 μm, due to the Ni layer effectively
preventing oxidation on the surface of the Cu rod and promoting the metallurgical
bonding of Cu/Al interface.

(3) The thickness of the transition zone and shear strength decreased with increasing the
coating thickness of Ni layer from 3.8 μm to 5.9 μm, due to the thick Ni layer limiting
the diffusion of Cu and Al atoms.
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(4) The initiation and propagation of shear cracks occurred in the transition zone of
Cu/Al bimetallic composite.
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Abstract: To investigate the impact of various heat treatments on the strength and toughness of TA15
aviation titanium alloys, five different heat treatment methods were employed in the temperature
range of 810–995 ◦C. The microstructure of the alloy was examined using a scanning electron
microscope (SEM) and X-ray diffraction (XRD), and its mechanical properties were analyzed through
tensile, hardness, impact, and bending tests. The findings indicate that increasing the annealing
temperature results in an increase in the phase boundary and secondary α phase, while the volume
fraction of the primary α phase decreases, leading to a rise in hardness and a decrease in elongation.
The tensile strength of heat-treated samples at 810 ◦C was notably improved, displaying high
ductility at this annealing temperature. Heat treatment (810 ◦C/2 h/WQ) produced the highest
tensile properties (ultimate tensile strength, yield strength, and elongation of 987 MPa, 886 MPa,
and 17.78%, respectively). Higher heat treatment temperatures were found to enhance hardness but
decrease the tensile properties, bending strength, and impact toughness. The triple heat treatment
(810 ◦C/1 h/AC + 810 ◦C/1 h/AC + 810 ◦C/1 h/AC) resulted in the highest hardness of 601.3 MPa.
These results demonstrate that various heat treatments have a substantial impact on the strength and
toughness of forged TA15 titanium alloys.
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1. Introduction

The TA15 titanium alloy (Ti-6.5Al-2Zr-1Mo-1V) is classified as a medium strength
titanium alloy with a high aluminum equivalent α type, making it highly desirable for its
exceptional specific strength, creep resistance, ductility, fracture toughness, and fatigue
properties. Its exceptional qualities make it a preferred material in the aviation field [1–3].
However, the alloy’s mechanical properties are highly sensitive to its microstructure charac-
teristics, such as phase composition, morphology, distribution, and grain size [4–6]. Given
the high temperature sensitivity of titanium alloys, their microstructure and mechanical
properties rely heavily on thermal mechanical processing and heat treatment [7].

In recent years, numerous researchers have explored the microstructure and mechani-
cal properties of forged TA15 titanium alloys [8,9]. Sun et al. [10] investigated the tri-modal
microstructure evolution in near-β and two-phase field heat treatments of forged TA15
alloys and found that a microstructure consisting of approximately 15% equiaxed αp and a
significant amount of thick and long lamellar αs exhibited excellent comprehensive me-
chanical properties. Sun et al. [11] further studied the evolution of the lamellar α phase
during two-phase field heat treatment in TA15 alloys and found that the volume fraction of
the primary lamellar α decreased, the average thickness increased, and the average length
variation trend was complex. Li et al. [12] studied mesoscale deformation mechanisms in
relation to slip and grain boundary sliding in TA15 alloys during tensile deformation and
found that grain boundary slip occurred at the equiaxed α (αp)/β and lamellar α (αl)/β
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boundaries during deformation. Sun et al. [13] conducted a study on the microstructure
and mechanical properties of TA15 alloys after thermomechanical processing and success-
fully fabricated equiaxed and fine-grained TA15 alloys with a mean grain size of 2 μm.
Lei et al. [14] examined the microscopic damage development and crack propagation char-
acteristics of TA15 titanium alloys with a trimodal structure consisting of equiaxed α (αp),
lamellar α (αl), and β transformed matrix α (βt) for the first time. Xu et al. [15] discovered
that heat treatment could improve the mechanical and fatigue properties of TA15 alloy
joints produced through friction stir welding. In their study, Wu et al. [16] discovered
that using a dual heat treatment approach, which involves near-β heat treatment followed
by (α + β) heat treatment, is an effective way to achieve a tri-modal microstructure in
TA15 titanium alloys. This particular microstructure was found to have exceptional overall
performance. Additionally, Zhao et al. [17] investigated the recrystallization behavior of
TA15 titanium alloy sheets with numerous predeformed substructures during annealing
and hot drawing at 800 ◦C. Meanwhile, Wu et al. [18] focused on the microstructure and
mechanical properties of heat-treated and thermomechanically processed TA15 titanium
alloy composites. They discovered that composite microstructures consisting of two or
three phases exhibited excellent mechanical properties, while fully lamellar microstructures
had the highest fracture toughness.

Despite the numerous studies conducted on the microstructure and mechanical prop-
erties of wrought TA15 titanium alloys, there is still a lack of research focusing on the
effects of multiple heat treatments at high temperatures [19]. In a study conducted by Zhao
et al. [20], the impact of vacuum annealing on the microstructure and mechanical proper-
ties of TA15 titanium alloy sheets was investigated. It was discovered that the recovery,
recrystallization, and phase transformation of TA15 sheets annealed in different modes
significantly affected their microstructure and mechanical properties. Furthermore, the
strength of TA15 titanium alloy sheets was observed to improve, and the plastic toughness
increased as the annealing temperature increased, although the strength decreased.

In addition, many scholars have studied dynamic recrystallization at high tempera-
tures [21–23]. Wang et al. [24] investigated the thermal deformation mechanism of laser-
welded TA15 joints through high-temperature tensile tests ranging from 800 ◦C to 900 ◦C,
and found that at 900 ◦C and a strain rate of 0.001 s−1, the maximum elongation was
292%. Vo et al. [25] simulated the flow stress of TA15 titanium alloys in compression
tests at temperatures of 975, 1000, 1025, 1060, and 1100 ◦C and strain rates of 0.1 and
1 s−1. Yang et al. [26] studied the hot tensile properties of TA15 by conducting tensile
tests at temperatures ranging from 750 ◦C to 850 ◦C at strain rates of 0.001, 0.01, and
0.1 s−1, and the metallographic results showed that the primary α phase transformed
into equiaxed crystals, while the secondary α phase and the lamellar β phase bent and
fractured. Hao et al. [27] conducted tensile tests on TA15 titanium alloys over a wide tem-
perature range from −60 ◦C to 900 ◦C and at a strain rate of 0.001 s−1. They used electron
backscatter diffraction (EBSD) to analyze the evolution of microstructure and deformation
mechanisms at different temperatures. At relatively low temperatures (60 ◦C, 23 ◦C, and
400 ◦C), the dislocation slip mechanism dominated the deformation, even when twinning
was detected. However, the spheroidization and dynamic recrystallization (DRX) of α
lamellae dominated the deformation mechanism at high temperatures (600 ◦C and 800 ◦C),
leading to flow softening. Zhao et al. [17,28] found significant recrystallization behavior
in the TA15 alloy during high temperature tensile tests at 800 ◦C. Li et al. [29] studied the
effect of strain and temperature on hot deformation using an exponential Zener-Hollomon
equation, and tested the effectiveness of the proposed constitutive equation in isothermal
compression tests at temperatures ranging from 800 ◦C to 1000 ◦C, with strain rates of 10, 1,
0.1, 0.01, and 0.001 s−1 and a strain of 0.9. Feng et al. [30,31] studied the tensile properties
and fracture mechanisms of TA15 titanium alloys at temperatures ranging from 400 ◦C
to 700 ◦C, and attempted to improve its high-temperature plastic deformation ability by
adding TiBw. Zhao et al. [32] analyzed the deformation non-uniformity and slip mode of
TA15 titanium alloy sheets during hot tensile tests at 750 ◦C along the rolling direction.
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Li et al. [33] revealed the flow softening and plastic damage mechanisms in the uniaxial
thermal tensile tests of titanium alloys at temperatures ranging from 910 ◦C to 970 ◦C and
strain rates of 0.01 to 0.1 s−1. Zhao et al. [34] studied the evolution of texture in the rolling
direction of TA15 sheets through experiments and crystal plasticity simulations in a tensile
test at 750 ◦C. Liu et al. [35] investigated the correlation between the α value and strain in
TA15 titanium alloys deformed at 750 ◦C.

The research presented above highlights the need to further investigate the impact
of different heat treatments on the strength and toughness of forged TA15 titanium alloy
sheets. Consequently, several heat treatment experiments were conducted to systematically
explore the effect of heat treatment parameters on the microstructure of the forged TA15
titanium alloy sheets. Furthermore, microhardness, room temperature tensile, impact,
and bending tests were conducted on TA15 titanium alloy sheets subjected to different
heat treatments. The resulting data was analyzed to assess the impact of different heat
treatments on the strength and toughness of the forged TA15 titanium alloy sheets.

2. Experimental Procedures

2.1. Materials and Heat Treatment

Table 1 presents the chemical composition of TA15 titanium alloys, while the rectangu-
lar samples used in this study were 100 mm × 77 mm × 5 mm in size. The heat treatment
furnace type is an SA2-9-12TP 1200 ◦C box atmosphere furnace. The furnace adopts a
double-shell structure and an intelligent programmable temperature control system. The
heating element is a resistance wire thermocouple with a temperature range of 0–1200 ◦C,
and the temperature control accuracy is ±1 ◦C. Table 2 outlines the various heat treatment
methods utilized, including two multiple heat treatment methods (TriAC and TriWQ) to
examine the effect of high temperatures on the microstructure and mechanical properties
of the TA15 titanium alloy. Additionally, other samples (810AC, 810WQ, and 940WQ) were
utilized to evaluate the impact of cooling rates on microstructure and mechanical properties.
The samples were polished using silicon carbide paper (300, 600, 1000, 1500, and 2000) and
etched using Kohler reagent (H2O:HNO3:HCl:HF is 190:5:3:1). The microstructure was
analyzed using an S-7800N Scanning Electron Microscope (SEM), and phase identification
was conducted using X-ray diffraction (XRD).

Table 1. Chemical composition (wt%) of TA15 titanium alloy used in the study.

Alloy Element Al Zr Mo V Fe C Ti

Mass fraction 6.3 1.9 1.32 1.68 0.04 0.01 Bal

Table 2. Heat treatment conditions for different samples.

Sample Name Heat Treatment Condition

None No heat treatment
810AC 810 ◦C for 2 h—Air cooling(AC)
810WQ 810 ◦C for 2 h—water quench (WQ)
940WQ 940 ◦C for 1 h—water quench (WQ)
TriAC Step1: 965 ◦C for 1 h—Air cooling(AC)

Step2: 950 ◦C for 1 h—Air cooling(AC)
Step3: 810 ◦C for 1 h—Air cooling(AC)

TriWQ Step1: 995 ◦C for 1 h—water quench (WQ)
Step2: 940 ◦C for 1 h—water quench (WQ)
Step3: 810 ◦C for 1 h—water quench (WQ)
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2.2. Mechanical Properties Test

To determine the microhardness of the TA15 titanium alloy, an indentation test was
conducted, measuring the microhardness of each sample at 100 g load and 15 s residence
time. Nine indentation tests were performed on each sample at 0.5 mm intervals, and the
average value was taken as the microhardness of the material. Due to limitations in the
testing equipment, the extensometer was not used in the experiment. Figure 1 displays the
dimensions of the sample used for the tensile, bending, and impact toughness tests. The
room temperature tensile and bending tests were carried out using a DDL100 electronic
universal testing machine, and the calculation formula for bending properties was applied.
Impact properties were evaluated using an NI150 metal pendulum impact testing machine
(ASTM, E23-2018).

 

Figure 1. Size of samples with different mechanical properties.

3. Results and Discussion

3.1. Microstructure Observation

Figure 2 displays the X-ray diffraction patterns of TA15 titanium alloys subject to
various heat treatments. All samples exhibit α phase, while some also exhibit β phase.
However, after TriAC or TriWQ treatment, only α phase is detected. Figure 3 illustrates the
microstructures of TA15 titanium alloys under different heat treatment methods. Combined
with XRD diffraction results and SEM images, it is evident that the initial sample com-
prises primary equiaxed α phase and β grain microstructures (Figure 3a). However, the
microstructures present various morphologies after different heat treatments. Figure 3b–d
demonstrate that the microstructures comprise secondary α phase and transformed β

phase after 810AC, 810WQ, and 940WQ treatments, respectively. Figure 3e,f indicate that
the main microstructure after TriAC and TriWQ treatments is acicular α phase, with the α

phase being slenderer after TriWQ treatment than after TriAC treatment.
To better illustrate the variation in elemental content between the α and β phases, we

conducted an EDS scanning analysis of the initial sample’s microstructure, as presented
in Figure 4. The TA15 alloy consists predominantly of Ti, Al, and V. The EDS mapping
results indicate that the α phase is primarily composed of Ti and Al elements, whereas the
β phase contains more Mo and O. Additionally, V is found to be evenly distributed across
the entire surface.

102



Aerospace 2023, 10, 436

Figure 2. X-ray diffraction patterns of the TA15 Titanium Alloy under different heat treatment conditions.

 

Figure 3. SEM images of the TA15 Titanium Alloy under different heat treatment methods: (a) None,
(b) 810AC, (c) 810WQ, (d) 940WQ, (e) TriAC, (f) TriWQ.

3.2. Microhardness

The average microhardness of TA15 alloys with various heat treatments is presented
in Figure 5. It is evident that the microhardness of the untreated sample is the lowest,
measuring at 310.5 HV. All heat treatment methods result in an improvement of microhard-
ness in TA15 titanium alloys. However, there is no significant increase in microhardness
observed with 810AC and 810WQ, which measured at 365.9 HV and 338.2 HV, respectively.
The 940WQ sample exhibited a more extensive decomposition of metastable β phase than
the 810WQ sample, resulting in an increased microhardness [19]. The TriAC sample, with
the largest volume fraction of α phase, has the highest microhardness at about 601.3 HV.
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Furthermore, the TriAC and TriWQ samples underwent triple heat treatment processes,
which fully decomposed the β phase and led to even higher microhardness [36].

Figure 4. EDS mapping and elemental content analysis of TA15 microstructure.

Figure 5. Effect of different heat treatment methods on microhardness of the TA15 titanium alloy.

3.3. Impact Toughness

Figure 6 illustrates a comparison of impact toughness among different heat treatment
methods. The impact toughness of the initial sample measures at 32.19 J/cm2, while
the 810AC sample displays a slightly higher value at about 34.69 J/cm2. In general, the
impact toughness of the untreated sample and low-temperature treated samples are higher
than those of the other samples. Conversely, the impact toughness of the 940WQ, TriAC,
and TriWQ samples significantly decreased, measuring at 13.13, 18.75, and 5.31 J/cm2,
respectively. It can be inferred that the presence of transformed α phase and acicular α

phase will greatly reduce the impact properties of the TA15 titanium alloy.
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Figure 6. Influence of different heat treatment methods on impact resistance of the TA15 titanium alloy.

3.4. Bending Properties

Figure 7 and Table 3 show that the overall bending properties of TA15 titanium alloys
after heat treatment are reduced significantly. The data in Table 3 are calculated by the
formula in Li et al. [37]:

mE =
L3

S
48I

·
(

ΔF
Δ f

)
(1)

Rbb =
FbbLS
4W

(2)

where I = bh3/12, b is the width of the sample, h is the thickness of the sample, LS is the
distance between the two support points of the sample on the bending test device, and
LS =100 mm, Fbb is the maximum bending stress, and W is the section coefficient of the
sample (W = bh2/6).

Based on the analysis presented in Figure 7 and Table 3, it can be observed that the
bending strengths of the 810AC and 810WQ samples are approximately 4920.0 MPa and
5572.5 MPa, respectively. Additionally, the bending strengths of the 940WQ, TriAC, and
TriWQ samples are approximately 1773.75 MPa, 1267.5 MPa, and 5572.5 MPa, respectively.
It is worth noting that the samples subjected to higher heat treatment temperatures (940WQ,
TriAC, and TriWQ) exhibit a more significant decline in strength than those subjected to
lower heat treatment temperatures (810AC and 810WQ).

Table 3. Bending performance test results of different specimens.

Sample Name
Slope of the Linear
Elasticity mE (MPa)

Maximum Bending
Force Fbb (N)

Bending Strength
Rbb (MPa)

None 466,811.41 2003.1 7511.25
810AC 59,630.48 1312.3 4920.0
810WQ 489,572.17 1486.6 5572.5
940WQ 364,184.23 473.2 1773.75
TriAC 360,134.39 338.3 1267.5
TriWQ 253,875.59 214.5 802.53
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Figure 7. Effects of different heat treatment methods on bending properties of the TA15 titanium alloy.

3.5. Tensile Properties

Figure 8 illustrates the impact of different heat treatments on the tensile properties of
TA15 titanium alloys. The data in Table 3 suggests that heat treatment results in a reduction
in elongation (ε), with the highest elongation of approximately 27.92% observed in the
initial sample. The yield strength (YS) of 810AC and 810WQ samples decreases slightly and
insignificantly, while the ultimate tensile strength (UTS) increases significantly, with values
of 987 MPa and 984 MPa, respectively. Notably, the tensile strengths are similar to the
bending strengths observed in Figure 7. However, for the samples subjected to higher heat
treatment temperatures (940WQ, TriAC, and TriWQ), YS, UTS, and elongation all decrease
significantly. Specifically, the YS of TriAC and TriWQ samples are 529 MPa and 364 MPa,
respectively, while their UTS are 272 MPa and 325 MPa, respectively. Furthermore, the very
low elongation of TriAC and TriWQ samples suggests that the fracture mechanism is close
to a brittle fracture.

Figure 8. Effects of different heat treatments on tensile properties of the TA15 titanium alloy.

106



Aerospace 2023, 10, 436

3.6. Fracture Analysis

To gain a thorough understanding of the fracture mechanism during a tensile test, an
analysis was performed on the fracture characteristics of TA15 tensile samples, as presented
in Figure 9. The fracture surface in Figure 9a exhibits numerous evenly distributed dimples,
indicative of the sample’s strong toughness and typical ductile fracture. In Figure 9b, a
ductile fracture with numerous large depressions is shown. The size and depth of the
dimples have increased significantly compared to the initial sample, and many shallow and
small depressions are present, indicating that the ductile fracture is the primary fracture
mechanism of the 810WQ sample. Lastly, Figure 9c depicts the tensile fracture morphology
of the 810WQ sample. Compared to the None sample, the fracture surface undulation of the
810WQ TA15 titanium alloy is larger and contains many deep dimples, with a large number
of small dimples distributed around them, which are indicative of ductile fractures [37]. As
shown in Figure 9d, the fracture morphology of the 940WQ sample exhibits an obvious
river-like tearing ridge, and the fracture is similar to a quasi-cleavage fracture. These results
indicate that the plasticity of the TA15 titanium alloy after 940WQ treatment is significantly
reduced, as the αSr strongly hinders slip and makes it more difficult to deform the sample,
with the dislocation almost unable to cross the α/β boundary. Furthermore, Figure 9e
shows that the cleavage steps, cleavage plane, and tear edges of the TriAC sample cover
most of the fracture plane, with no dimple observed, and an unstable fracture tear edge
existing on the cleavage plane. A portion of the fracture direction is nearly perpendicular
to the tensile direction, resulting in a uniform fracture surface. Brittle fracture is the
predominant mechanism in the fracture process, which aligns with the elongation value
of 5.59%. As illustrated in Figure 9f, the TriWQ sample’s fracture mainly exhibits fluvial
tearing ridges, with micropores present at the grain boundary, representing a prominent
characteristic of brittle intergranular fractures. These results indicate that the TriWQ sample
exhibits low toughness and is prone to breakage, consistent with its ultimate tensile strength
of 364 MPa and an elongation of 2.9% (refer to Table 4). Therefore, it can be inferred that
the ductility of the TA15 titanium alloy is significantly reduced after triple heat treatment,
as a result of a large number of αS and layered α+β structures that hinder slip.

 

Figure 9. Tensile fracture morphology of the TA15 titanium alloy under different heat treatment
methods: (a) None, (b) 810AC, (c) 810WQ, (d) 940WQ, (e) TriAC, (f) TriWQ.
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Table 4. Measured mechanical properties of TA15 under different conditions.

Sample Name
Ultimate Tensile

Strength σu (MPa)
Yield Strength

σy (MPa)
Elongation

ε (%)

None 936 ± 21 891 ± 18 27.92 ± 1.2
810AC 987 ± 25 886 ± 17 17.78 ± 1.3
810WQ 984 ± 40 805 ± 32 16.2 ± 2.3
940WQ 618 ± 84 105 ± 32 14.02 ± 3.2
TriAC 529 ± 36 272 ± 25 5.59 ± 0.8
TriWQ 364 ± 41 325 ± 38 2.9 ± 0.2

The impact fracture surfaces displayed in Figure 10a–c demonstrate distinct ductile
fracture characteristics. The surface of the fracture exhibits multiple depressions of varying
sizes with minimal surface undulations. The region situated between the deeper dimples
is characterized by small dimples, which is a classic feature of ductile fractures. This
type of fracture is a result of extensive plastic deformation before the sample’s eventual
rupture. In contrast, Figure 10d–f indicate that the impact fracture morphology displays
a prominent cleavage plane, indicating a brittle fracture. However, some regions of the
cleavage plane are overlaid with shallow dimples, representing a brittle ductile mixed
fracture. After annealing at 810 ◦C, the dimple size of the sample increases significantly
compared to the original sample, indicating excellent ductility and impact toughness.
Conversely, at temperatures exceeding 940 ◦C, the area of the fracture cleavage plane of the
sample increases significantly, and the size and number of dimples decrease, leading to a
considerable reduction in impact toughness, as illustrated in Figure 6.

 

Figure 10. Impact fracture morphology of TA15 titanium alloys under different heat treatment
methods: (a) None, (b) 810AC, (c) 810WQ, (d) 940WQ, (e) TriAC, (f) TriWQ.

Figure 11 illustrates the mechanism and schematic diagram of the impact of post-heat
treatment on the microstructures and mechanical properties of TA15 titanium alloys. A
lower heat treatment temperature has minimal effect on the mechanical properties. The
transformed α phase and acicular α phase lead to a slight increase in microhardness
(Figure 5). However, the impact toughness (Figure 6), tensile elongation (Figure 8), and
bending strength (Figure 7) experience a significant decrease. Despite the reduction in
toughness and plasticity, both the tensile fracture surface and impact test fracture surface’s
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dimples indicate that it is a typical ductile fracture. However, a higher heat treatment
temperature induces a complete transformation in the sample’s microstructure morphology.
The transformed α phase leads to a significant increase in microhardness (Figure 5) but
a substantial reduction in plasticity (Figure 6). Consequently, the mechanical properties,
including impact toughness (Figure 6), tensile elongation, tensile strength (Figure 8), and
bending strength (Figure 7), undergo a considerable decrease due to the reduction in
plasticity. Moreover, the fracture mode changes from a ductile fracture with lower heat
treatment temperatures to a brittle fracture with higher heat treatment temperatures.

 

Figure 11. Mechanism and schematic diagram of the effect of post heat treatment on the microstruc-
tures and mechanical properties of TA15 titanium alloys.

4. Conclusions

This paper investigates the effects of heat treatment on the microstructures and mechan-
ical properties of forged TA15 titanium alloy sheets using SEM, XRD, and microhardness
characterization. Bending, impact, and tensile tests were performed to analyze the impact
of different heat treatments on the strength and toughness of the alloy. Based on the results,
the following conclusions are drawn:

(1) At a lower heat treatment temperature of 810 ◦C, cooling methods have minimal
impact on the mechanical properties of the forged TA15 titanium alloys. The mi-
crostructure, microhardness, tensile strength, and impact toughness are similar to the
initial samples.

(2) At a higher heat treatment temperature above 940 ◦C, all cooling methods signifi-
cantly alter the microstructures and mechanical properties. Transformed α phase
and acicular α phase result in increased microhardness but decreased strength and
plasticity. Potentially, oxidation may be one of the main factors leading to performance
degradation after high-temperature heat treatment.

(3) The tensile fracture morphology of the forged TA15 titanium alloys after different heat
treatments is significantly different. The fracture morphology of the 940WQ sample
is similar to quasi-cleavage fracture, and the tensile fracture of the TriAC sample is
mainly brittle transgranular fracture, while the 810WQ and 810WQ samples have
better tensile properties and exhibit deeper and more pronounced dimples than the
initial sample.
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Abstract: The results of modifying the surface of austenitic stainless steel by anodic plasma elec-
trolytic treatment are presented. Surface treatment was carried out in aqueous electrolytes based
on ammonium chloride (10%) with the addition of ammonia (5%) as a source of nitrogen (for ni-
triding), boric acid (3%) as a source of boron (for boriding) or glycerin (10%) as a carbon source (for
carburizing). Morphology, surface roughness, phase composition and microhardness of the diffusion
layers in addition to the tribological properties were studied. The influence of physicochemical
processes during the anodic treatment of the features of the formation of the modified surface and
its operational properties are shown. The study revealed the smoothing of irregularities and the
reduction in surface roughness during anodic plasma electrolytic treatment due to electrochemical
dissolution. An increase in the hardness of the nitrided layers to 1450 HV with a thickness of up
to 20–25 μm was found due to the formation of iron nitrides and iron-chromium carbides with a
3.7-fold decrease in roughness accompanied by an increase in wear resistance by 2 orders. The
carburizing of the steel surface leads to a smaller increase in hardness (up to 700 HV) but a greater
thickness of the hardened layer (up to 80 μm) due to the formation of chromium carbides and a
solid solution of carbon. The roughness and wear resistance of the carburized surface change are
approximately the same values as after nitriding. As a result of the boriding of the austenitic stainless
steel, there is no hardening of the surface, but, at the same time, there is a decrease in roughness
and an increase in wear resistance on the surface. It has been established that frictional bonds in the
friction process are destroyed after all types of processing as a result of the plastic displacement of the
counter body material. The type of wear can be characterized as fatigue wear with boundary friction
and plastic contact. The correlation of the friction coefficient with the Kragelsky–Kombalov criterion,
a generalized dimensionless criterion of surface roughness, is shown.

Keywords: plasma electrolytic treatment; nitriding; boriding; carburizing; austenitic stainless steel;
surface roughness; microhardness; wear resistance

1. Introduction

Stainless steels are used as structural and functional materials in products operating
under aggressive conditions in the food, chemical, and thermal power engineering indus-
tries, among others. Products made of this material are characterized by high ductility,
toughness, heat resistance and corrosion resistance but low strength and hardness. To
harden stainless steels, surface plastic deformation technologies aimed at creating grain
boundaries and substructural hardening are effectively used, for example, in ultrasonic
strain engineering technology [1] and ultrasonic shot peening [2,3]. The disadvantage of
deformation surface treatments is the significant increase in roughness and the need for
subsequent finishing [1–3]. Laser shock peening increases the thickness of the hardened
layer to 2 mm and have been proven to solve this problem [4–6].

Metals 2023, 13, 872. https://doi.org/10.3390/met13050872 https://www.mdpi.com/journal/metals
113



Metals 2023, 13, 872

Alternatives to the mechanical treatment of the metal surface include physical and
chemical methods of surface hardening, such as plasma electrolytic treatment, which has a
complex effect on the operational properties of metal products [7–9]. The majority of studies
cover the cathodic variant of plasma electrolytic diffusion saturation variety. Thus, during
the cathodic plasma electrolytic nitriding (PEN) of 316L steel in a solution of ammonium
nitrate and potassium hydroxide, the formation of FeN0.076 and Fe3O4 in the surface layer
was revealed [10]. After PEN, the 10–15 μm thick oxide layer containing 39–41% oxygen
is formed on the surface of the steel in a carbamide electrolyte. The maximum nitrogen
content in steel of 0.68% is no longer detected at a depth of 30 μm. The cathodic nitriding
of austenitic stainless steel in solutions of ammonium carbonate leads to the formation of
nitrides (Fe2N, Fe4N, CrN and Cr2N) and oxides (Fe3O4 and Cr2O3) of iron and chromium,
and the microstructure of the nitrided layer contains a nitride zone and an internal nitriding
zone [11]. As the temperature increases, more high-nitrogen nitride, Fe2N, is formed. The
nitriding of stainless steel has shown a positive result for increasing wear and corrosion
resistance. After the PEN of 316L steel in solutions of carbamide or ammonium nitrate
with the addition of potassium hydroxide, the dry friction coefficient with a corundum
ball decreases from 0.19 in the untreated sample to 0.13 with an increase in wear resistance
of 4.4–10 times [10]. The PEN of 304, 316L and 430 stainless steels in sodium nitrite
solution proved to be an effective method of inhibiting pitting corrosion in 0.5M sodium
chloride solution [12].

After the cathodic plasma electrolytic carburizing (PEC) of 12Cr18Ni10Ti steel, FeO
iron oxides were detected in the glycerin electrolyte [13]. An increase in the applied voltage
increased the degree of grain grinding to an extent to which nanoscale crystals formed
alongside the increase in surface roughness [14]. After the carburizing of 12Cr18Ni10Ti
steel, the compression of ferrite and austenite crystal lattices was observed, which occurs
due to the displacement of the lines (110) α-Fe and (111) γ-Fe. Additional phases of Fe3O4,
(Cr,Fe)7C3, Fe15Cr4Ni2, CrN and CrFe were detected in the PEC of 304 austenitic steel in a
chloride-glycerin electrolyte [15] and 403 stainless martensitic steel, including Fe3O4, CrFe,
FeO and CrC [16]. Cathodic carburizing during pulse treatment (250~600 V; 1500 Hz) in an
electrolyte of glycerin and sodium chloride on 1Cr18Ni9Ti steel forms a hardened layer
with a thickness of 0.2 mm and a microhardness up to 513 HV for 3–5 min [17]. After the
cathodic carburizing of 304 steel in an electrolyte of glycerin (80%) and potassium chloride
at a voltage of 350 V for 3 min, the thickness of the layer hardened to 762 HV reaches
0.085 mm [18].

In the cathodic plasma electrolytic nitrocarburizing (PENC) of 316L stainless steel in
a carbamide electrolyte, the main phase appears as austenite nitrogen [19]. Additionally,
oxides and oxygen-containing phases, including NiFe2O4, FeCr2O4 [20], Fe2O3, Fe3O4,
Cr2O4 [21] and Fe(Fe,Cr)2O4 [22,23], nitrides, including Fe3N [21], CrN and Cr2N [23],
carbides, including Cr3C2 and Cr7C3 [23], and silicon dioxide [21] are detected. The cathodic
PENC of 304 steel in carbamide electrolytes increased microhardness up to 1380 HV with
an increase in surface roughness from 0.025 to 0.14 μm and a 4.2-fold increase in wear
resistance [19]. In one study, 316L steel after cathodic PENC in carbamide electrolytes
with various additives had an increase in microhardness up to 1200 HV and 50 times
the wear resistance [22] and, in another, an increase up to 1600 HV and 4.5 times the
wear resistance [23].

The disadvantage of cathode plasma electrolytic treatment is the low controllability of
the technological process and consequent properties. In addition, the increase in surface
roughness that accompanies the cathodic treatment option requires additional finishing.
The anodic version of plasma electrolytic saturation as a way to increase the operational
properties of stainless steel products has not been practically considered in the literature.
This option of plasma electrolytic treatment, however, in addition to hardening and in-
creasing wear and corrosion resistance allows us to reduce surface roughness and exclude
subsequent finishing treatment [24–27]. In this paper, the possibility of increasing hardness
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and wear resistance of the stainless steel surface with various types of anodic plasma
electrolytic diffusion saturation (nitriding, boriding and carburizing) is considered.

2. Materials and Methods

2.1. Samples Processing

Cylindrical samples (∅ 11 mm × 15 mm) of austenitic stainless steel (wt.%: 18 Cr;
10 Ni; 2 Mn; 0.8 Ti; 0.8 Si; 0.5 Mo; 0.3 Cu; 0.2 V; 0.2 W; 0.12 C; 0.03 P; 0.02 S and balanced Fe)
were ground with SiC abrasive paper to a grit size of P100 to Ra~0.75 μm and ultrasonically
cleaned with acetone.

These samples were subjected to anodic plasma electrolytic diffusion saturation with
nitrogen (nitriding), boron (boriding) or carbon (carburizing). Plasma electrolytic treatment
was carried out in a cylindrical electrolyzer with an axially symmetric electrolyte flow
supplied through a nozzle located at the bottom of the electrolyzer (Figure 1) [28].

Figure 1. Setup for anodic plasma electrolytic treatment and schematic diagram: 1—electrolyte;
2—cold water; 3—heat exchanger; 4—power supply; 5—treated sample; 6—electrolytic cell;
7—flowmeter; 8—pump.

In the upper part of the electrolyzer, electrolyte was overflowing into the sump and
was further pumped through a heat exchanger at a rate of 2.5 L/min, which was measured
with a 0.4–4 LPM flowmeter (accuracy of ±2.5%) (Pribormarket, Arzamas, Russia). This
scheme provides stabilization of the processing conditions. Solution temperature was
measured using a a K-type thermocouple (Termoelement, Moscow, Russia) placed at the
bottom of the chamber and maintained at 30 ± 2 ◦C. The samples were connected as the
positive output, and the electrolyzer (Figure 1) was connected as the negative output of the
15 kW DC power supply.

The treatment was carried out in aqueous solutions of electrolyte based on ammonium
chloride (10 wt.%) with the addition of ammonia (5 wt.%) for PEN, boric acid (3 wt.%) for
plasma electrolytic boriding (PEB) or glycerin (10 wt.%) for PEC.

After switching the voltage to 200 V, the samples were immersed in the electrolyte at
a speed of 1–2 mm/s. If the rate of immersion was slow, a vapor-gaseous envelope was
easily formed on an initially small surface area of the sample near the electrolyte surface
and extended further across the sample as it submerged. Once the sample was immersed
at a depth equal to its height, the voltage was changed to the value in Tables 1–3 in order to
reach the prescribed treatment temperature. The sample temperature was measured with
a K-type thermocouple (Termoelement, Moscow, Russia) and a multimeter APPA109N
(accuracy up to 3% over a temperature range of 400–1000 ◦C) (APPA TECHNOLOGY
CORPORATION, Taipei, Taiwan (China)). The thermocouple was fixed in a hole made in

115



Metals 2023, 13, 872

the samples at a distance of 2 mm from the sample’s bottom. The treatment continued for
5 min, and, after diffusion saturation, the samples were quenched in electrolyte (hardening).

Table 1. Conditions of PEN and results of sample testing.

Temperature
(◦C)

Voltage
(V)

Current
(A)

Weight Loss of
Samples during PEN

(mg)

Surface Roughness Ra 1

(μm)

650 160 7.2 51.0 ± 0.3 0.24 ± 0.03

700 166 7.5 53.5 ± 0.4 0.28 ± 0.03

750 182 7.1 53.1 ± 0.1 0.22 ± 0.03

800 188 7.3 61.1 ± 0.3 0.20 ± 0.02

850 191 7.7 76.1 ± 0.2 0.21 ± 0.01
1 Untreated sample Ra is 0.75 ± 0.05 μm.

Table 2. Conditions of PEB and results of sample testing.

Temperature
(◦C)

Voltage
(V)

Current
(A)

Weight Loss of
Samples during PEB

(mg)

Surface Roughness Ra 1

(μm)

800 149 11.7 50.1 ± 0.3 0.33 ± 0.04

850 155 11.3 38.0 ± 0.2 0.38 ± 0.04

900 170 11.5 45.5 ± 0.2 0.49 ± 0.03

950 194 10.5 50.8 ± 0.3 0.62 ± 0.06
1 Untreated sample Ra is 0.75 ± 0.05 μm.

Table 3. Conditions of PEC and results of sample testing.

Temperature
(◦C)

Voltage
(V)

Current
(A)

Weight Loss of
Samples during PEC

(mg)

Surface Roughness Ra 1

(μm)

750 138 10.2 90.9 ± 0.5 0.33 ± 0.04

800 157 8.8 64.1 ± 0.4 0.17 ± 0.04

850 175 8.2 52.5 ± 0.3 0.23 ± 0.03

900 195 6.9 41.6 ± 0.2 0.24 ± 0.01
1 Untreated sample Ra is 0.75 ± 0.05 μm.

2.2. Study of the Surface Morphology and Microstructure

The Micromed MET (Micromed, St. Petersburg, Russia) optical metallographic mi-
croscope with digital image visualization served to study the surface morphology and
microstructure of the cross-section of the austenitic stainless steel samples.

2.3. The Microhardness Measurement

The microhardness of the cross-sections of the treatment sample was measured us-
ing a Vickers microhardness tester (Falcon 503, Innovatest Europe BV, Maastricht, The
Netherlands) under a 0.1 N load. According to 5 measurements, the average value of
microhardness was found.

2.4. Surface Roughness and Weight of Samples Measurement

The surface roughness was measured with a TR-200 profilometer (Beijing TIME High
Technology Ltd., Beijing, China). According to 10 measurements, the average value of
roughness indicators was found. The change in the weight of the samples was determined
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on a CitizonCY224C electronic analytical balance (ACZET (Citizen Scale), Mumbai, India)
with an accuracy of ±0.0001 g after removing traces of salts by washing the samples in
distilled water and subsequently drying.

2.5. Study of Phase Composition

X-ray diffraction (XRD) analysis was used to determine the phase composition of the
samples. The XRD patterns were obtained by PANalytical Empyrean X-ray diffractometer
(Malvern Panalytical, Malvern, UK) with CoKα radiation by a simple scanning mechanism
in the theta-2theta-mode with a step of 0.026◦ and a scanning rate of 4.5◦/min. Phase
composition analysis was performed using the PANalytical High Score Plus software [29]
and the ICCD PDF-2 and COD databases [30].

2.6. Study of Tribological Properties

The friction scheme “shaft-block” was used in friction tests (Figure 2) [31,32].

Figure 2. Friction scheme. 1—sample; 2—counter body; 3—pendulum; 4—strain gauge. M—frictional
moment; N—force acting on the counter body and the pendulum from the side of the sample; F—force
acting on the pendulum from the strain gauge; L—distance from the axis of rotation to the axis of
symmetry of the strain gauge, R – radius of the sample.

The counter body was made of tool alloy steel (wt.%: 0.9–1.2 Cr, 1.2–1.6 W, 0.8–1.1 Mn
and 0.9–1.05 C) in the form of a plate with a semicircular notch 10 mm in diameter enclosing
the surface of the sample. The sample was mounted on a shaft driven by an electric motor.
The counter body was mounted on a platform sliding along cylindrical guides. The platform
was moved using a pneumatic cylinder. The cylinder, guides and the platform were able
to rotate with the pendulum. The pendulum shaft was located coaxially with the sample.
Such a scheme makes it possible to preserve the common rotation axis for the sample and
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the counter body as they exhaust and to avoid the influence of misalignment on the results
of measurements of the frictional moment. Friction tests were carried out in dry friction
mode under a load of 10 N. The sliding speed of the sample along the counter body was
1.555 m/s. The friction path was 1000 m. The parameters of the microgeometry of the
friction tracks’ surface were measured using the TR200 profilometer (Beijing TIME High
Technology Ltd., Beijing, China). The temperature of the friction contact was measured
on the friction track directly at the exit from the contact area using the MLX90614 digital
infrared thermometer (Melexis Electronic Technology, Shanghai, China).

2.7. Wear Mechanism Calculation

Wear resistance is an important operational property of machines and mechanisms.
Largely, wear resistance is caused by the contact interaction in tribo-conjugations, which
is based on the properties of the surface layers. The processes implemented in tribo-
conjugation depend on roughness. The rough surface model makes it possible to determine
the type of tribo-tension stress state (elastic contact or plastic contact) and the wear mecha-
nism and to evaluate the relationship of plasma electrolytic treatment conditions and the
microgeometry parameters of the surface layer.

The model is based on experimental profilograms of friction tracks. The calculation is
performed in relation to the contact of a rough surface with a smooth solid surface since
the roughness of the sample surface significantly exceeds the roughness of the counterbody.
This calculation is faster and easier to perform than the contact of two rough surfaces [32,33].

To describe the microgeometry of the surface of friction tracks, it is necessary to know
the function of vertical material distribution throughout the rough layer and the function
of the vertical material distribution throughout the single micro-roughness of the rough
surface. The distribution of the material over the height of the rough layer is described by
the curve of the support surface (Abbott curve). Curves are taken directly from the profiler
by at least 15 pieces per 1 friction track on each ring.

To approximate the experimental reference curve, the Demkin function is selected [34].

η(ε) = lm

(
z

Rp

)ν

= b
(

z
Rmax

)ν

= bεν
max =

Ar

Ac
=

Pc

Pr
=

nr

nc
, (1)

where z is the profile cross-section level measured from the protrusions line; Ar is the actual
contact area; Ac is the contour contact area; Pr is the average actual pressure on the friction
contact; Pc is the contour pressure; nr is the number of contacting protrusions; nc is the
number of all protrusions on the contour area.

It is more convenient to calculate the heights of the experimental profile in relative terms:

ε =
z

Rp
, εmax =

z
Rmax

, (2)

where Rp is the smoothing height (the distance from the protrusions line to the midline
in terms of the base length); Rmax is the maximum height of irregularities; z is the profile
cross-section level measured from the protrusions line; ε and εmax are relative dimensionless
profile heights relative to the midline.

The parameters of the reference curve v and b are determined experimentally from the
results of measurements of the parameters of the rough body profile:

ν = 2lm

(
Rp

Ra

)
− 1, (3)

b = lm

(
Rmax

Rp

)ν

, (4)

where Ra is the arithmetic mean deviation of the profile. Additionally, lm is the relative
reference length of the profile on the midline:
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lm =

n
∑
1

Δli

l
, (5)

where l is the base length; Δli is the length of the segments cut off by the middle line in the
profile. The lm parameter is determined by direct measurements of the profilometer on the
friction tracks.

To calculate the actual pressure Pr at the tops of the micro-steps, it is necessary to
determine the type of deformations on the friction contact: elastic or plastic. The evaluation
is made using the Greenwood–Williamson criterion:

Kp =
Θ

HB

√
Rp

r
, (6)

Θ is the reduced modulus of elasticity:

Θ =

(
1 − μ2

1
E1

+
1 − μ2

2
E2

)−1

, (7)

where μi and Ei are Poisson’s coefficients and the elastic modulus of interacting bod-
ies, respectively.

The dimensionless parameter Kp takes into account the roughness and physical prop-
erties of the material at the same time. It describes the deformation properties of a rough
surface. If the value of this parameter is lower than 3, then the deformations of the irreg-
ularities in contact with a flat surface will be completely elastic; if Kp exceeds 3, then the
deformations will be predominantly plastic.

The average radius of a single micrometer, which characterizes the shape of the
protrusion, is calculated directly from the profilometer data:

r =
S2

m
8Ra

· γ1

γ2
2

, (8)

where Sm is the average step of the irregularities; γ1 is the vertical increase in the profiler;
γ2 is the horizontal increase in the profiler.

With elastic contact, the deformation of individual protrusions can be calculated
according to the classical Hertz contact problem. Then, the average actual pressure at the
contact is determined by the following expression:

Pr = (0.43Θ)
2ν

2ν+1

(
2N
ηAc

) 1
2ν+1

(
Rp

r

) 2ν
2ν+1

, (9)

where N is the normal load. With plastic contact, the average voltage at the contact is
numerically equal to the microhardness Pr ≈ HB.

The actual contact area is determined by the ratio of the normal load to the actual pressure:

Ar =
N
Pr

. (10)

Substituting the reference curve (1) z = h into the equation leads to the following
expression of the absolute convergence of the surfaces:

h = Rmax

(
Pc

bPr

) 1
ν

. (11)

Then, the ratio of the number of contacting protrusions nr to the number of all protru-
sions on the contour area nc can be determined using the Demkin function (1):

nr

nc
=

(
N

Pr · lm

) ν−1
ν

, (12)
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where lm is the relative reference length of the profile at the midline level.
The relative embedding of the sample and the counterbody is the ratio of the absolute

embedding to the average radius of the micronerosity:

h
r
=

Rmax

r
·
(

N
b · Pr

) 1
ν

=
8RaRmax

S2
m

·
(

N
b · Pr

) 1
ν · γ2

2
γ1

. (13)

Relative convergence (13) characterizes the type of violation of frictional bonds in
tribocontact. For steel surfaces, in the case when h/r < 0.01, destruction occurs because of
friction fatigue, and friction bonds are broken due to elastic displacement of the sample
material. At a value of h/r < 0.1, low-cycle friction fatigue develops, and the friction
surfaces are destroyed due to plastic displacement of the sample material with residual
deformation of the friction track after the passage of micro-steps along it.

To assess the bearing capacity of roughness, the dimensionless Kragelsky–Kombalov
criterion is calculated [35]:

Δ =

(
100
lm

) 1
ν ·

(
Rp

r

)
. (14)

The complex (14) represents the most complete roughness assessment, including not
only geometric but also statistical characteristics of the height distribution of the protrusions
as well as the average radius of the rounding of the micro-protrusions. On a friction-worn
surface, Δ shows how much its bearing capacity has been preserved. The lower the
calculated value of Δ on the friction track, the higher the bearing capacity of the rough
profile and the more favorable conditions for friction with the minimum possible wear.

The mathematical expression for the approximation of the Abbott curve (1) allows
us to give a theoretical estimate of the wear value of the sample. If only the volume of
embedded irregularities dV with density ρ is involved in the deformation, then

dm = ρ · dV = ρArdz, (15)

where the contour area is defined by expression (10), and dz is the depth of the embedding
of irregularities, which can vary from zero to the full value of the relative embedding of h,
as defined by expression (11). Thus, weight wear is determined by volume V and is directly
proportional to the area of the actual contact:

Δm = ρV = ρ

z∫
0

Ardz = ρ

ε∫
0

bενdε =
ρArh
ν + 1

. (16)

3. Results

3.1. Morphology and Roughness of the Surface

After processing, under all varying conditions, there is a decrease in the weight of
samples and a decrease in the surface roughness (Tables 1–3). At the same time, each
type of diffusion saturation has its own characteristics. Thus, when nitriding with an
increase in temperature from 650 to 850 ◦C, despite the practically constant value of the
current strength, the surface roughness decreases with an increase in the intensity of anodic
dissolution (the loss of sample weight) (Table 1). The surface morphology becomes more
homogeneous with an increasing temperature when the textures of the untreated surface
are completely removed (Figure 3).

The boriding of the steel surface was carried out at higher temperatures and, despite
higher values of current and released power compared to those during nitriding, there is
a smaller decrease in the weight of samples and roughness (Table 2). With an increase in
temperature from 800 to 950 ◦C, the roughness increases but does not exceed the initial value.
Pores are visible on the borided surface under all processing conditions, which determine
its heterogeneity and the higher roughness compared to during nitriding (Figure 4).
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 3. Morphology of the steel surface before (a) and after PEN at different treatment temperatures:
(b) 650 ◦C; (c) 700 ◦C; (d) 750 ◦C; (e) 800 ◦C; (f) 850 ◦C.
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(a) (b) 

  
(c) (d) 

 
(e) 

Figure 4. Morphology of the steel surface before (a) and after PEB at different treatment temperatures:
(b) 800 ◦C; (c) 850 ◦C; (d) 900 ◦C; (e) 950 ◦C.

For the carburizing process, with an increase in temperature from 750 to 900 ◦C, there
is a linear decrease in the current and weight of the samples (Table 3). At the same time,
the surface roughness changes non-linearly: with an increase in the PEC temperature from
750 to 800 ◦C, it decreases by a factor of 4.4 compared to the initial value, and with a

122



Metals 2023, 13, 872

subsequent increase in temperature to 900 ◦C, a slight increase is observed (Table 3). The
surface morphology after PEC is more uniform compared to after PEB, but after treatment
at 900 ◦C, the treated material (steel) become visible (Figure 5).

  
(a) (b) 

  
(c) (d) 

 
(e) 

Figure 5. Morphology of the steel surface before (a) and after PEC at different treatment temperatures:
(b) 750 ◦C; (c) 800 ◦C; (d) 850 ◦C; (e) 900 ◦C.
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3.2. Phase Composition, Structure and Microhardness of the Surface Layer

According to the metallographic analysis, because of the plasma electrolytic treatment,
the diffusion saturation of the surface occurs with the formation of modified layers detected
under the surface oxide layer (Figures 6–8).

 

Figure 6. Microstructure of cross-section of the steel surface after PEN at 850 ◦C. 1—oxide layer;
2—modified layer; 3—initial structure.

 

Figure 7. Microstructure of cross-section of the steel surface after PEB at 850 ◦C. 1—modified layer;
2—initial structure.

 

Figure 8. Microstructure of cross-section of the steel surface after PEC at 850 ◦C. 1—modified layer;
2—diffusion layer (N and C solid solution); 3—initial structure.
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Depending on the type of processing, the modified layers will have a different phase
composition and structure. According to X-ray analysis, after PEN, the oxide layer consists
of α-Fe2O3 and γ-Fe2O3, and the modified layer includes phases FeN0.0939 and CrFe7C0.45,
which form due to diffusion processes, and intermetallides of the initial components of the
alloy (Figure 9).

Figure 9. X-ray diffraction patterns of the steel surface layer after PEN at different treatment tempera-
tures with the indication of ICDD card number.

After PEB, a porous FeO oxide is detected in the oxide layer, except for γ-Fe2O3,
and no inclusion compounds were detected in the modified layer, except for intermetal-
lides (Figure 10).

Figure 10. X-ray diffraction patterns of the steel surface layer after PEB at different treatment
temperatures with the indication of ICDD card number.
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As a result of the PEC, a more complex structure comprising three subsequent layers is
formed: a surface oxide layer consisting of Fe2O3 and Fe3O4 phases; an outer modified layer,
including intermetallides and chromium carbide; and a diffusion layer (a solid solution of
diffusion atoms in the initial matrix) (Figure 11).

Figure 11. X-ray diffraction patterns of the steel surface layer after PEC at different treatment
temperatures with the indication of ICDD card number.

Measurements of the microhardness of the surface layers showed that after PEN the
surface is hardened to the depth of its modification, reaching 1400–1450 HV after nitriding
at 650–700 ◦C (Figure 12). With an increase in the PEN temperature, the hardness of the
nitrided layer decreases, which is associated with the coagulation of nitride particles and
the breakdown of coherence. PEN at the maximum temperature of 850 ◦C nearly doubles
the hardness on the surface compared to that in the core.

Figure 12. Microhardness distribution in the surface layer after PEN at different treatment temperatures.
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After PEB, surface hardening does not occur (Figure 13).

Figure 13. Microhardness distribution in the surface layer after PEB at different treatment temperatures.

After PEC, the microhardness increases with the rise in saturation temperature, similarly
to during the carburizing of carbon steels [36,37], reaching 700 HV, and the thickness of the
hardened layer correlates with the thickness of the modified and diffused layers (Figure 14).

Figure 14. Microhardness distribution in the surface layer after PEC at different treatment temperatures.
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3.3. Tribological Properties of Treated Surface

The results of tribological tests and calculations of the microgeometry parameters of
the friction track surface are presented in Tables 4–6. According to the data presented in
Table 4, the PEN of the steel surface under all varying treatment modes leads to a reduction
in weight wear by two orders. At the same time, there is an increase of 10–18 degrees
in the temperature in the friction contact area, and the friction coefficient reached 1.5–1.9
of the previous value with a tendency to decrease the latter with an increase in the PEN
temperature. The dynamics of the change in the friction coefficient as the contact surfaces
slide show their rapid stabilization (Figure 15).

Table 4. Friction parameters and microgeometry of the worn surface after PEN. Kragelsky–Kombalov
criterion Δ; magnitude of the absolute penetration in the tribocontact h; average radius of rounding r;
relative penetration of the deformed surfaces of the tribocontact h/r; Greenwood-Williamson criterion
Kp; actual contact area Ar; the ratio of the actual and normal contact area Ar/Aa (relative error under
3.5%); the ratio of the number of vertices on the contour area to the number of micronerities that
entered tribocontact nc/nr; friction track temperature over the last 100 m of the path at friction Tfr per
1 km; average friction coefficient over the last 100 m of the path with friction μ per 1 km; weight loss
during friction at 1 km of the path Δmfr.

T (◦C) Δ h (MCM) r (MCM) h/r Kp
Ar

(MCM2)
Ar/Aa nc/nr

Tfr
(◦C)

μ Δmfr (Mг)

untreated 0.989 ± 0.017 1.44 ± 0.02 14.38 ± 0.24 0.100 ±
0.002 22.5 ± 0.4 8.22 ± 0.14 0.24 202 ± 5 68 0.401 ±

0.004 23.2 ± 0.3

650 0.379 ± 0.006 0.48 ± 0.01 6.09 ± 0.11 0.079 ±
0.001 17.2 ± 0.4 2.07 ± 0.04 0.06 71 ± 1 79 0.698 ±

0.008 0.4 ± 0.1

700 0.408 ± 0.007 0.46 ± 0.01 5.54 ± 0.09 0.083 ±
0.001 21.3 ± 0.5 1.95 ± 0.03 0.06 78 ± 2 81 0.773 ±

0.009 0.5 ± 0.1

750 0.402 ± 0.007 0.48 ± 0.01 5.98 ± 0.10 0.080 ±
0.001 19.2 ± 0.4 2.62 ± 0.04 0.08 70 ± 1 86 0.615 ±

0.007 0.4 ± 0.1

800 0.398 ± 0.007 0.47 ± 0.01 5.95 ± 0.11 0.079 ±
0.001 18.8 ± 0.4 0.31 ± 0.01 0.01 69 ± 1 78 0.586 ±

0.007 0.4 ± 0.1

850 0.387 ± 0.007 0.45 ± 0.01 6.03 ± 0.10 0.074 ±
0.001 20.0 ± 0.5 2.87 ± 0.05 0.08 73 ± 1 81 0.606 ±

0.007 0.4 ± 0.1

Table 5. Friction parameters and microgeometry of the worn surface after PEB. Kragelsky–Kombalov
criterion, Δ; magnitude of the absolute penetration in the tribocontact, h; average radius of rounding,
r; relative penetration of the deformed surfaces of the tribocontact, h/r; Greenwood–Williamson crite-
rion, Kp; actual contact area, Ar; the ratio of the actual and normal contact area, Ar/Aa (relative error
under 3.5%); the ratio of the number of vertices on the contour area to the number of micronerities
that entered tribocontact, nc/nr; friction track temperature over the last 100 m of the path at friction,
Tfr, per 1 km; average friction coefficient over the last 100 m of the path with friction, μ, per 1 km;
weight loss during friction at 1 km of the path, Δmfr.

T (◦C) Δ h (MCM) r (MCM) h/r Kp
Ar

(MCM2)
Ar/Aa nc/nr

Tfr
(◦C)

μ Δmfr (Mг)

untreated 0.989 ± 0.017 1.44 ± 0.02 14.38 ± 0.24 0.100 ±
0.002 22.5 ± 0.4 8.22 ± 0.14 0.24 202 ± 5 68 0.401 ±

0.004 23.2 ± 0.3

800 0.451 ± 0.008 0.45 ± 0.01 5.33 ± 0.09 0.084 ±
0.001 22.6 ± 0.4 6.82 ± 0.12 0.20 115 ± 3 62 0.478 ±

0.005 24.7 ± 0.2

850 0.415 ± 0.007 0.54 ± 0.01 6.73 ± 0.11 0.080 ±
0.001 16.3 ± 0.3 6.51 ± 0.11 0.19 112 ± 3 74 0.388 ±

0.004 3.3 ± 0.1

900 0.430 ± 0.007 0.52 ± 0.01 6.54 ± 0.11 0.079 ±
0.001 17.2 ± 0.3 6.43 ± 0.11 0.19 118 ± 3 83 0.386 ±

0.004 1.8 ± 0.1

950 0.462 ± 0.008 0.53 ± 0.01 5.98 ± 0.10 0.089 ±
0.002 24.4 ± 0.4 6.72 ± 0.11 0.19 120 ± 3 76 0.564 ±

0.006 26.2 ± 0.1
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Table 6. Friction parameters and microgeometry of the worn surface after PEC. Kragelsky–Kombalov
criterion, Δ; magnitude of the absolute penetration in the tribocontact, h; average radius of rounding,
r; relative penetration of the deformed surfaces of the tribocontact, h/r; Greenwood–Williamson crite-
rion, Kp; actual contact area, Ar; the ratio of the actual and normal contact area, Ar/Aa (relative error
under 3.5%); the ratio of the number of vertices on the contour area to the number of micronerities
that entered tribocontact, nc/nr; friction track temperature over the last 100 m of the path at friction,
Tfr,per 1 km; average friction coefficient over the last 100 m of the path with friction, μ, per 1 km;
weight loss during friction at 1 km of the path, Δmfr.

T (◦C) Δ h (MCM) r (MCM) h/r Kp
Ar

(MCM2)
Ar/Aa nc/nr

Tfr
(◦C)

μ Δmfr (Mг)

untreated 0.989 ± 0.017 1.44 ± 0.02 14.38 ± 0.24 0.100 ±
0.002 22.5 ± 0.4 8.22 ± 0.14 0.24 202 ± 5 68 0.401 ±

0.004 23.2 ± 0.3

750 0.362 ± 0.006 0.43 ± 0.01 7.22 ± 0.12 0.059 ±
0.001 16.8 ± 0.3 4.43 ± 0.08 0.13 87 ± 2 45 0.313 ±

0.003 0.3 ± 0.1

800 0.412 ± 0.007 0.46 ± 0.01 6.54 ± 0.11 0.071 ±
0.001 23.5 ± 0.4 3.76 ± 0.06 0.11 120 ± 3 51 0.452 ±

0.005 0.5 ± 0.1

850 0.387 ± 0.007 0.42 ± 0.01 7.06 ± 0.12 0.061 ±
0.001 17.3 ± 0.3 3.81 ± 0.06 0.11 94 ± 2 79 0.354 ±

0.004 0.3 ± 0.1

900 0.423 ± 0.007 0.49 ± 0.01 6.32 ± 0.11 0.078 ±
0.001 24.1 ± 0.4 3.27 ± 0.06 0.09 125 ± 3 76 0.497 ±

0.005 0.1 ± 0.1

Figure 15. Dependence of friction coefficient on sliding distance of the untreated and PEN samples.

It is shown that as a result of PEN, the value of Kragelsky-Kambalov criterion becomes
2.5 times lower regardless of processing temperature. Calculations of microgeometry of
worn surface parameters before and after PEN allowed us to determine the deformation
properties of the rough surface (according to the Greenwood-Williamson criterion), which
are predominantly plastic. According to the calculated h/r indicator, it can be stated that
the destruction of friction bonds occurs due to the development of low-cycle friction fatigue
and friction surfaces are destroyed due to plastic displacement of the sample material with
residual deformation of the friction track.

Test results of PEB samples presented in Table 5 showed, that only after processing
under 850 and 900 ◦C weight wear value was 7 and 12.9 times, respectively, as low as
before. Under these conditions, friction coefficient decreased insignificantly compared to
the untreated surface (Figure 16). The greatest increase in temperature in the friction contact
area occurs with the greatest reduction in weight wear. The values of Kragelsky–Kombalov
criterion of PEB samples after friction do not notably exceed similar parameters of the
nitrided surfaces. The calculation showed the presence of plastic deformation properties
of a rough surface according to Greenwood-Williamson criterion, and the destruction of
friction bonds occurs in the same way as for nitrided surfaces.
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Figure 16. Dependence of friction coefficient on sliding distance of the untreated and PEB samples.

Evidently, as a result of PEC, there is a significant decrease in weight wear correspond-
ing to the values obtained after nitriding, while the friction coefficient can both increase
(after PEC at 800 and 900 ◦C) and decrease (after PEC at 750 and 850 ◦C) compared to the
untreated surface with a rapid stabilization of its values (Table 6, Figure 17). A decrease in
temperature in the friction contact area at low nitriding temperatures and an increase after
treatment at 850 and 900 ◦C were revealed. The values of the Kragelsky–Kombalov criterion
of the PEC samples after friction correlate with those for the nitrided surfaces in addition
to those for the deformation properties of the surface and the mechanical destruction of
friction bonds, according to the calculated parameters of worn surface microgeometry.

Figure 17. Dependence of friction coefficient on sliding distance of the untreated and PEC samples.

4. Discussion

Surface morphology during anodic plasma electrolytic treatment in aqueous elec-
trolytes is determined by the competition of the processes of high-temperature oxidation,
which leads to the formation of an oxide layer with a growth of roughness on the surface,
and the anodic dissolution of the treated material, which leads to the alignment of the
surface profile and a decrease in roughness [38–40]. In the considered cases of the anodic
diffusion saturation of austenitic stainless steel samples, in general, the prevalence of anodic
dissolution is observed, alongside a decrease in surface roughness. This determines the
fundamental difference between the result of the anodic and cathodic treatment shown in
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the Introduction. At the same time, at high saturation temperatures, the intensive oxidation
of the surface is observed, partially compensating for the decrease in the weight of the
samples and the roughness during anodic dissolution. Under these conditions, the surface
morphology will be determined by the structural features of the oxide layers—pores (after
PEB) and areas with traces of the detachment of the fragile oxidized material (after PEC at
high temperatures) are visually observed. Similar morphological features were observed
after the PEN [27,41], PEB [42,43] and PEC [36,37] of carbon steels, which determine the
general mechanism of the processes of the high-temperature oxidation and the anodic
dissolution of the surfaces of carbon and high-alloy steels.

In contrast to the plasma electrolytic treatment of carbon steels that do not contain
alloying additives, the surface hardening of austenitic stainless steel with a low carbon
content develops due to the formation of inclusion compounds in the form of carbides
and nitrides. In this case, an increase in microhardness reaches the depth of phase trans-
formations up to 20–25 microns, which is observed during PEN (Figure 12). During PEC,
when quenching with the formation of martensite or the consolidation of the crystal lattice
is possible, due to the presence of carbon diffusion at a greater depth than nitrogen, the
surface layer hardens up to 80 μm (Figure 14).According to this mechanism, the hardening
of low-carbon unalloyed steels is possible during anodic PEC [36,37] and PENC [39,40,44].
The results of PEB clearly showed that the absence of inclusion compounds in the surface
layer does not lead to an increase in microhardness (Figure 13), while the PEB of medium
carbon steel (0.45 wt.% C) makes it possible to harden the surface to 1800 HV [42,43].

Despite the decrease in the hardness of samples after PEN with an increase in the pro-
cessing temperature, their wear resistance does not decrease and the relationship between
hardness and wear resistance in the function of nitriding temperature is not one-digit.
Wear resistance is affected by the formation of nitride particles and the formation of a
low level of micro-deformations in the lattice. Nitrides formed in the diffusion layer can
be incoherent, coherent or semi-coherent. Coherent and semi-coherent nitrides lead to
the greater deformation of the matrix than incoherent ones. Plastic deformation plays
a leading role in the wear process. At a higher nitriding temperature, the matrix of the
diffusion layer apparently has greater plasticity, which significantly reduces the level of
micro-deformations of the crystal lattice of the iron matrix. Therefore, wear resistance does
not decrease following a decrease in hardness. The level of weight wear within the margin
of error does not change.

Samples after PEB show the maximum level of weight wear and the highest friction
coefficient after treatment at temperatures of 800 and 950 ◦C, which corresponds to the
cases of the most developed pores on the surface (Figure 4). The X-ray analysis of the
sample after saturation (Figure 10) shows the presence of FeO on the surface, which can
lead to both an increase in the friction coefficient and friction weight losses.

The minimum weight wear after PEC is achieved by processing at 900 ◦C. It is influ-
enced by two factors, including the maximum hardness (Figure 14) and a large number of
oxides (Figure 5c), among which Fe3O4—a highly effective lubricant—appears, according
to X-ray analysis (Figure 11) [45].

All samples after PEN, PEB and PEC show a correlation of the friction coefficient
with the Kragelsky–Kombalov criterion, which is a generalized dimensionless criterion for
surface roughness. With a predominance of plastic deformations in the tribo-conjugation,
the molecular component of the external friction coefficient does not depend on the micro-
geometry of the surface. In addition, the deformation component of the friction coefficient
increases with an increase in complex Δ. The friction cumulative coefficient also increases
with an increase in Kragelsky–Kombalov criterion. In all plasma electrolytic treatment
sessions, the maximum Kragelsky-Kombalov criterion on the friction track correlates with
the highest friction coefficient of this sample.

The Kragelsky–Kombalov criterion determines the bearing capacity of the roughness
profile. The smaller Δ is, the higher the bearing capacity of the roughness profile. Tables 4–6
show that the loss in weight during friction is smaller in samples with lower values of the
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Kragelsky–Kombalov criterion. The maximum value Δ on the friction track of an untreated
sample (0.989) corresponds to weight loss during friction of 23.2 ± 0.3 g.

PEN at all temperatures reduces Δ 2.4 to 2.6 times, and the weight loss due to friction
at 1 km falls 46–58 times. PEB at 850 and 900 ◦C shows a 2.3–2.4 times lower value of Δ, and
weight decreases 12.9 and 7.0 times, respectively. At 800 and 950 ◦C, values of Δ increase;
in addition, a pronounced porosity of the oxide surface, leading to a strong increase in
weight losses, becomes of great importance. After PEC, the friction on the track is less than
double compared to an untreated sample, and such a roughness profile provides weight
losses per 1 km of friction 232 times as small as in an untreated sample.

The relief of a rough surface also influences the friction coefficient via the distribution
of material along the height of a single protrusion, that is, the shape and size of the
protrusion. With a decrease in the radii of the curvature of the vertices of the microfoils,
their deeper penetration into the volume of the material occurs in absolute magnitude, and
the friction coefficient (the deformation part) increases, which is confirmed by Tables 4–6.

Friction bonds in the process of friction after treatment are broken as a result of the
plastic displacement of the counter body material, as indicated by the value of the relative
insertion h/r < 0.1 in all cases. The type of wear can be characterized as fatigue wear with
boundary friction and plastic contact for samples after all the described types of processing.

The assumption about the type of wear and the nature of the destruction of friction
bonds is confirmed by the values of the Greenwood–Williamson complex parameter, which
are greater than 3 for all the described types of processing (Tables 4–6).

The actual contact area differs significantly from the nominal (geometric contact area
of counterbody with the sample). The actual contact area has a minimum value of 1% (PEN
at 800 ◦C, Table 1) of the nominal value and a maximum of 20% (PEB at 800 ◦C, Table 5) for
treated samples versus 24% for untreated.

In all cases of processing, an unsaturated plastic contact is realized during the friction
process. With this type of contact, the deformation of micro-dimensions does not influence
the load increase and the number of protrusions increases with the load increase. As
can be seen from Tables 4–6, the number of protrusions that come into contact in the
tribo-connection is always smaller than the number of protrusions on the contour area.

The highest values of the friction coefficients after plasma electrolytic treatment are
demonstrated by samples with PEN. Moreover, the values of their friction coefficients
after all nitriding temperatures are greater than those of the untreated sample, but the
weight wear is two orders smaller than that of the untreated one. Equation (16) serves
to explain this fact. The actual contact area Ar of samples with PEN is the smallest of all
experimental series of samples and varies from 1 to 8% of the nominal depending on the
PEN temperature (Table 4). For comparison, the actual contact area of samples after PEB
is 19–20% of the nominal (Table 5) samples with that of PEC being 9–13% of the nominal
(Table 6) samples at different temperatures. A strong decrease in the actual contact area
of PEN samples at values of absolute penetration h, which is comparable to that of other
series, leads to low values of friction losses of weight per 1 km at fairly high values of the
coefficient of friction.

Thus, the study showed a number of fundamental differences between the results of
anodic plasma electrolytic saturation with light elements of austenitic stainless steel from
the cathodic treatment option. In particular, with smaller prolonged saturation, as with
the anodic treatment, there is no accumulation of high concentrations of diffusant atoms in
the surface layer or a formation of inclusion compounds with a high content of nitrogen
and carbon, such as Fe2-3N during the cathodic nitriding of steel; 12Cr18Ni10Ti [6], Fe2N,
Fe4N, CrN and Cr2N during the cathodic nitriding of 316L steel [9]; and (Cr,Fe)7C3 and
CrN during the cathodic cementation of 304 steel [15]. Nevertheless, after anodic PEC, the
microhardness value of the diffusion layers (700 HV) exceeds that obtained by cathodic
carburizing (513 HV [17]), and the results of the tribological tests showed an improvement
in the wear resistance index by two orders of magnitude, significantly exceeding the results
on the friction of nitrided 316L steel by the cathodic method [8]. The analysis of friction track
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microtopology showed the correlation of the Kragelsky–Kombalov criterion and the friction
coefficient. All this testifies to the complex influence of the hardness of the reinforced layer
and the composition and morphology of the surface. Thus, the effectiveness of the use
of anodic plasma electrolytic treatment to increase the hardness and wear resistance of
austenitic stainless steel is shown.

5. Conclusions

(a) The paper shows the possibility of increasing the hardness and wear resistance of
an austenitic stainless steel surface using anodic plasma electrolytic treatment. The positive
effect of anodic dissolution on the reduction in surface roughness, as well as the complex
effect of high-temperature oxidation and anodic dissolution on the morphology of the
surface, has been confirmed. The structural features and phase composition of the modified
surfaces are revealed, which determine the hardness of the surface layers and, together
with the morphology of the surface, the tribological properties of the processed products.

(b) The hardness of the nitrided layers increases to 1450 HV with a thickness of up to
20–25 μm due to the formation of iron nitrides and iron-chromium carbides with a decrease
in roughness of 3.7 times after PEN. This leads to an increase in wear resistance by two
orders of magnitude.

(c) The PEC of the steel surface leads to an increase in hardness up to 800 HV and a
thickness of the hardened layer up to 80 μm due to the formation of chromium carbides
and a solid solution of carbon. The roughness and wear resistance of the treated surface
change by approximately the same values as after PEN.

(d) It was revealed that when PEB is conducted on austenitic stainless steel, there is
no hardening of the surface, but, at the same time, there is a decrease in roughness and an
increase in the wear resistance of the surface.

(e) The frictional bonds in the friction process of each type of treatment are broken
because of the plastic displacement of the counterbody material. The type of wear can be
characterized as fatigue wear with boundary friction and plastic contact. The correlation of
the friction coefficient and the Kragelsky–Kombalov criterion, a generalized dimensionless
criterion of surface roughness, is shown.
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Abstract: The microstructure and mechanical properties of as-homogenized Mg-xLi-3Al-2Zn-0.2Zr
alloys (x = 5, 7, 8, 9, 11 wt.%) were studied. As the Li content increased from 5 wt.% to 11 wt.%, the
alloy matrix changed from the α-Mg single-phase to α-Mg+β-Li dual-phase and then to the β-Li
single-phase. Homogenized With the increase in Li content, the alloy strength decreased while the
elongation increased, and the corresponding fracture mechanism changed from cleavage fracture to
microvoid coalescence fracture. This is mainly attributed to the matrix changing from α-Mg with hcp
structure to β-Li with bcc structure. Additionally, the increase in the AlLi softening phase led to the
reduction of Al and Zn dissolved in the alloy matrix with increasing Li content, which is one of the
reasons for the decrease in alloy strength.

Keywords: Mg-Li alloy; microstructure; mechanical property; fracture mechanism

1. Introduction

Alloying Mg with Li can produce the lightest Mg-Li alloy; its density (1.25–1.65 g/cm3)
is close to that of plastic, with only 3/5–3/4 of that of conventional Mg alloy and
1/2–2/3 of that of Al alloy. The Mg-Li alloy exhibits a unique phase transition with
the change in Li content, i.e., the alloy is an α-Mg single-phase alloy with an hcp structure
when the Li content is lower than 5.7 wt.%, the alloy is a β-Li single-phase with a bcc
structure when the Li content is higher than 10.3 wt.%, and the alloy is an α-Mg+β-Li
dual-phase alloy with an hcp+bcc structure when the Li content is between 5.7 wt.% and
10.3 wt.% [1]. The addition of Li can reduce the c/a axial ratio of the Mg lattice and even
change the crystal structure from an hcp structure to a bcc structure, which makes the Mg-Li
alloy exhibit incomparable plastic deformation ability compared to a conventional Mg
alloy [1,2]. In addition, the Mg-Li alloy also shows the advantages of high specific strength,
excellent damping, good electromagnetic shielding performance, and weak anisotropy,
being lightweight and having good prospects in the fields of energy saving, and emission
reduction, especially in aerospace and electron industries [3,4]. Taking aerospace satellites
as an example, the application of the Mg-Li alloy can achieve a weight reduction effect of
about 20–50%, significantly improving the payload of the satellite, and thus generating
huge economic benefits.

However, since the binary Mg-Li alloy exhibits low strength, it is necessary to add
alloying elements to strengthen the binary Mg-Li alloy. Al and Zn are the common alloying
elements for a Mg-Li alloy; they can improve the strength of the Mg-Li alloy by solid
solution strengthening and second phase strengthening, owing to their high solid solubility
in the Mg matrix and ease of combining with other elements to form compounds [5].
Previous research has shown that Al and Zn have similar effects on Mg-Li alloy; that is, the
alloy strength increases while the elongation decreases with the increase in Al content or
Zn content [5,6]. In the Mg-Li-Al alloy, the Al content is generally less than 5 wt.%–6 wt.%,
above which the alloy strength does not increase significantly and the elongation loss is
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obvious. When the Zn content exceeds 2.5 wt.%, it has a negative effect on the corrosion
resistance of the Mg-Li alloy, so the Zn content is usually controlled within 2.5 wt.% [7]. Zr
is often used as a grain refiner to improve the microstructure and mechanical properties of
an alloy, and its addition amount is generally 0.1 wt.%–0.3 wt.%. In recent years, due to
the excellent mechanical properties of Mg-Li-Al-Zn (LAZ) alloys, much research has have
focused on improving the mechanical properties of LAZ532 and LAZ832 alloys through
alloying with rare earth elements [8–11]. Cui et al. [8] revealed that the addition of Y element
into the LAZ532 alloy could form an Al2Y strengthening phase, reduce the AlLi softening
phase, and refine grains, and the tensile strength was increased by 32.66% when the Y
content was 0.8 wt.%. Zhu et al. [9] indicated that Y and Nd had a synergistic strengthening
effect on the LAZ532 alloy, and the grain refinement effect was the best and the mechanical
properties reached their maximum values (UTS = 231 MPa, δ = 16%) when adding 1.2 wt.%
Y and 0.8 wt.% Nd simultaneously. Zhao et al. [10] showed that the LAZ832-0.5Y alloy had
the best tensile strength of 218.5 MPa and elongation of 16.9%, which was mainly attributed
to the grain refinement and second phase strengthening effect caused by the addition of Y.
However, there are few systematic studies on the microstructure and mechanical properties
of Mg-Li-Al-Zn alloys with different Li contents.

In this work, the microstructure and mechanical properties of as-homogenized Mg-
xLi-3Al-2Zn-0.2Zr alloys (x = 5, 7, 8, 9, 11 wt.%) were investigated, and the fundamental
reason for the variation of mechanical properties was explained.

2. Experimental Procedures

The alloys used in this work were prepared by melting pure Mg (>99.9 wt.%), pure Li
(>99.9 wt.%), pure Al (>99.9 wt.%), pure Zn (>99.9 wt.%), and the Mg-Zr (30 wt.%) master
alloy in a vacuum induction melting furnace under pure argon atmosphere. The melts
were held at 730 ◦C for 10 min, and then poured into a stainless steel mold with a diameter
of 80 mm and cooled to room temperature. After that, the cast ingots were homogenized at
280 ◦C for 24 h to obtain the experimental alloys with uniform composition and microstruc-
ture. Choosing the homogenization temperature of 280 ◦C not only ensured that the alloys
could be completely homogenized, but also ensured that the alloys were kept warm for
a long time without any combustion hazards. The densities of as-homogenized alloys
were determined with an electronic density balance (AEL-200, Mettler Toledo, Greifensee,
Switzerland). The phase composition was analyzed using an X-ray diffractometer (XRD,
D/Max 2500, Rigaku, Tokyo, Japan) using monochromatic Cu Kα radiation, and the 2θ
was in the range of 20◦ to 80◦ with a step size of 0.02◦ and a scan rate of 4◦/min. The
microstructure was observed with a scanning electron microscope (SEM, Quanta-200, FEI,
Eindhoven, The Netherlands), an electron probe microanalyser (EPMA, JXA-8230, JEOL,
Tokyo, Japan), and a transmission electron microscope (TEM, Tecnai G20ST, FEI, Eindhoven,
The Netherlands). The samples for TEM observation were firstly ground to 80 μm, then
thinned to perforation with a twin-jet electropolisher, and finally thinned for 20 min using
an ion-beam thinner at a small angle. The electrolyte for twin-jet electropolishing was a
mixed solution containing 8 vol.% perchloric acid and 92 vol.% alcohol, and the specific
experimental parameters were a temperature of about −30 ◦C, working voltage of 12–20 V,
and working current of 12–16 mA. The tensile tests were carried out with a tensile tester
(MTS-858, MTS, Costa Mesa, CA, USA) at a tensile rate of 2 mm/min, and the dimensions of
samples for tensile tests were 30 mm in gauge length and 6 mm in diameter. The hardness
was measured with Vickers hardness tester (HV-50AP, Mitutoyo, Kanagawa, Japan) with a
loading force of 98 N and a holding time of 10 s.

3. Results and Discussion

3.1. Microstructure

Figure 1 shows the XRD patterns of as-homogenized Mg-xLi-3Al-2Zn-0.2Zr alloys.
Among these alloys, the LAZ532-0.2Zr alloy is a typical α-Mg single-phase alloy with an
hcp structure, while the LAZ1132-0.2Zr alloy is a typical β-Li single-phase alloy with a
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bcc structure. When the Li contents were 7 wt.%, 8 wt.%, and 9 wt.%, the alloys were
α-Mg+β-Li dual-phase alloys with an hcp+bcc mixed structure. Obviously, as the Li content
increased from 5 wt.% to 11 wt.%, the matrix phase of the alloy changed from α-Mg single-
phase to α-Mg+β-Li dual-phase and then to β-Li single-phase, and the crystal structure
transformed from hcp structure to hcp+bcc structure and then to bcc structure, which are
results consistent with the phase diagram of the Mg-Li binary alloy [12]. Except for the
matrix phase, all alloys contained the AlLi phase (fcc structure), and the corresponding
phase peaks become more and more obvious with increasing Li content. No phases
containing Zn and Zr elements were detected in the alloys, which indicates that Zn and
Zr exist in the alloy matrix in the form of solid solutions and do not form intermetallic
compounds.

Figure 1. XRD patterns of as-homogenized Mg-xLi-3Al-2Zn-0.2Zr alloys: (a) x = 5; (b) x = 7; (c) x = 8;
(d) x = 9; (e) x = 11.

Figure 2 displays the SEM micrographs of as-homogenized Mg-xLi-3Al-2Zn-0.2Zr
alloys. The as-homogenized LAZ532-0.2Zr alloy was composed of a light gray α-Mg matrix
phase, with a kind of white fibrous phase in the α-Mg matrix. According to the XRD results
(Figure 1) and works in the literature [13,14], this fibrous phase can be identified as the AlLi
phase, and it exists in the α-Mg matrix in the form of eutectic. As-homogenized LAZ732-
0.2Zr, LAZ832-0.2Zr, and LAZ932-0.2Zr alloys consisted of a light gray α-Mg matrix and
a dark gray β-Li matrix. With the increase in Li content, the α-Mg phase changes from a
smooth block to long strip, and its content decreases gradually. It can be seen from the local
enlarged view in the lower left corner of Figure 2c that a white fibrous phase similar to that
in Figure 2a is distributed in the α-Mg matrix and a white granular phase is distributed
in the β-Li matrix. According to the XRD results (Figure 1) and the literature [15,16], both
the fibrous phase in the α-Mg matrix and the granular phase in the β-Li matrix were the
AlLi phase. The as-homogenized LAZ1132-0.2Zr alloy consisted entirely of a dark gray
β-Li matrix phase, and a large number of AlLi particles were uniformly distributed in the
β-Li matrix.
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Figure 2. SEM micrographs of as-homogenized Mg-xLi-3Al-2Zn-0.2Zr alloys: (a) x = 5; (b) x = 7;
(c) x = 8; (d) x = 9; (e) x = 11.

Figure 3 depicts the element distribution of as-homogenized LAZ532-0.2Zr, LAZ832-
0.2Zr, and LAZ1132-0.2Zr alloys. Clearly, both the fibrous AlLi phase and the granular
AlLi phase were rich in Al and Zn, and poor in Mg. It is worth noting that Li is too light to
detect. The enrichment of Zn in the AlLi phase was mainly due to the high solid solubility
of Zn in Al (83.1 wt.%) [17]. A part of the added Al element was combined with Li to form
the AlLi phase, and the remainder was dissolved in the alloy matrix. Because the solid
solubility of Al in Mg (12.7 wt.%) is much higher than that of Al in Li (extremely limited),
the dissolved Al element was mainly distributed in the α-Mg matrix. A part of the added
Zn element was enriched in the AlLi phase, and the remainder was dissolved in the alloy
matrix. Because the solid solubility of Zn in Mg (6.2 wt.%) is lower than that of Zn in Li
(12.5 wt.%), the solid solution concentration of Zn in the β-Li matrix was higher than that
in the α-Mg matrix, but the difference was not great.

Figure 4 displays the TEM micrographs of the AlLi phase in the as-homogenized
LAZ832-0.2Zr alloy. The AlLi phase distributed in the α-Mg matrix and β-Li matrix shows
quite different morphologies. Fibrous AlLi phases with a width in the range of 0.02–0.11 μm
are found in the α-Mg matrix, and round-like AlLi particles with a diameter in the range of
0.42–0.92 μm are observed in the β-Li matrix, which is consistent with the microstructure
shown in Figures 2 and 3.
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Figure 3. EPMA area analysis of (a) LAZ532-0.2Zr, (b) LAZ832-0.2Zr, and (c) LAZ1132-0.2Zr alloys.

 

Figure 4. TEM micrographs of (a) fibrous AlLi phase and (b) round-like AlLi phase in as-homogenized
LAZ832-0.2Zr alloy.
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3.2. Mechanical Properties

Figure 5 shows the stress–strain curves and hardness of as-homogenized Mg-xLi-3Al-
2Zn-0.2Zr alloys, and the densities and mechanical properties of the alloys are listed in
Table 1. The ultimate tensile strengths (UTS) of as-homogenized LAZ532-0.2Zr, LAZ732-
0.2Zr, LAZ832-0.2Zr, LAZ932-0.2Zr, and LAZ1132-0.2Zr alloys were consecutively 197.2,
185.4, 181.4, 168.7, and 143.7 MPa; their elongations (δ) were consecutively 10.1%, 11.6%,
21.5%, 24.7%, and 27.3%; and their hardness was consecutively 68.6, 64.1, 61.3, 58.9,
and 56.2 HV. In addition, the specific strength decreased from 124.8 MPa/(g/cm3) to
100.5 MPa/(g/cm3) as the Li content increased from 5 wt.% to 11 wt.%, exhibiting excellent
specific strength. Clearly, as the Li content increases, the strength and hardness of the
alloy decreases while the elongation increases, which is consistent with the variation law
reported in previous research [18,19]. This result is mainly attributed to the transformation
of the crystal structure of the Mg-Li alloy from the hcp structure to the bcc structure. It
has been reported that the hardness of the α-Mg matrix is higher than that of the β-Li
matrix [20]. With the increase in Li content, the content of the soft β-Li matrix in the alloy
increased gradually, and thus the hardness of the alloy decreased gradually. In the Mg-Li
alloy, the hard α-Mg matrix with hcp structure showed higher strength and worse ductility,
while the soft β-Li matrix with bcc structure showed lower strength and excellent ductility.
For the dual-phase Mg-Li alloy, plastic deformation occurred preferentially in the soft
β-Li matrix during the deformation process, and then the hard α-Mg matrix began to
undergo plastic deformation when the stress transmitted from the β-Li matrix to the α-Mg
matrix was greater than the elastic limit of the α-Mg matrix. This is because the β-Li matrix
with bcc structure is softer and has more independent slip systems than the α-Mg matrix.
Table 2 lists the independent slip systems and the critical resolved shear stress (CRSS) in
Mg and Li at room temperature [21–24]. The common slip systems in Mg are 〈→a 〉 basal
slip, 〈→a 〉 prismatic slip, 〈→a 〉 pyramidal slip, and 〈→c +

→
a 〉 pyramidal slip. The slip direction

of these 〈→a 〉 dislocation slips is 〈11
−
20〉 direction perpendicular to the c axis, which cannot

coordinate the strain in the c axis, while 〈→c +
→
a 〉 dislocation slip along 〈11

−
23〉 direction

can coordinate the strain in the c axis. At room temperature, the CRSS required for the
basal slip initiation of Mg is about 0.45–0.81 MPa, and the CRSS required for prismatic slip
and pyramidal slip is about 100 times that required for basal slip. Therefore, the basal slip
is the easiest to initiate during the deformation process of Mg at room temperature, but
the prismatic slip and pyramidal slip are difficult to initiate. However, the basal slip of
Mg can only provide two independent slip systems, which fails to meet the requirements
of five independent slip systems in Von Mises criterion, and thus Mg has poor plasticity
and is difficult to deform. Due to the limited slip systems of Mg, twinning often occurs
to coordinate the c-axis strain during deformation at room temperature. Compared with

compression twins ({10
−
11} and {10

−
12}), tension twin ({10

−
12}) is the most easily initiated

twinning mode in Mg at room temperature because of its lower CRSS (2.0–2.8 MPa) and
smaller shear displacement [25]. For Li with a bcc structure, the primary slip system is
the {110}〈111〉 with the secondary slip systems of {112}〈111〉 and {123}〈111〉. It has been
reported that the {110}〈111〉 slip system of Li has a lower CRSS (0.54–0.57 MPa), and the
corresponding number of the independent slip system is 12, so Li exhibits good ductility
during the deformation process [23]. Moreover, it has been considered that the excellent
plasticity of the β-Li matrix is attributed to the nearly equal CRSS values of the primary slip
system ({110}〈111〉) and secondary slip systems ({112}〈111〉 and {123}〈111〉) [24]. There-
fore, as the Li content increases, the content of the β-Li matrix with bcc structure increases
gradually, and accordingly the tensile strength decreases while the elongation increases. In
addition, as the Li content increases, the AlLi softening phase increases gradually, as shown
in Figure 1, and the contents of Al and Zn dissolved in the alloy matrix decrease, which
is one of the reasons for the gradual decrease in the alloy strength, although the effect is
not great.

142



Alloys 2023, 2

Figure 5. (a) Stress–strain curves and (b) hardness of as-homogenized Mg-xLi-3Al-2Zn-0.2Zr alloys.

Figure 6 depicts the fracture morphologies of as-homogenized Mg-xLi-3Al-2Zn-0.2Zr
alloys. The fracture surface of the as-homogenized LAZ532-0.2Zr alloy was full of cleavage
planes and cleavage steps, showing typical cleavage fracture characteristics. Cleavage
fracture is caused by the stacking of dislocation at the grain boundary or twin boundary,
which usually occurs along the cleavage plane, and the main cleavage planes of the α-Mg

matrix with hcp structure were {0001} and {1
−
100} with low index. In addition to cleavage

planes and cleavage steps, many dimples could be observed on the fracture surfaces of
as-homogenized dual-phase alloys (LAZ732-0.2Zr, LAZ832-0.2Zr, and LAZ932-0.2Zr), and
the cleavage steps decreased while the dimples increased with the increase in Li content.
Because a dimple is the basic feature of the microvoid coalescence fracture, the fracture
modes of as-homogenized dual-phase alloys are mixture fractures of cleavage fracture
and microvoid coalescence fracture. In the early stage of microvoid coalescence fracture,
the microvoids are formed by the fracture of the second phase (AlLi), the separation of
the second phase from the matrix, and the separation of the phase interface, owing to the
elastic and plastic difference between the second phase and the matrix. The fracture surface
of the as-homogenized LAZ1132-0.2Zr alloy was full of dimples with almost no cleavage
steps, so its fracture mode was a microvoid coalescence fracture. The fracture mode of the
as-homogenized alloys changed from cleavage fracture to microvoid coalescence fracture
with increasing Li content, indicating that the elongation of the alloy gradually became
better, which is consistent with the variation trend of elongation in Figure 5a.
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Table 1. Density and mechanical properties of as-homogenized Mg-xLi-3Al-2Zn-0.2Zr alloys.

Alloy
Density
(g/cm3)

UTS
(MPa)

δ

(%)
Hardness

(HV)
Specific Strength

(MPa/(g/cm3))

LAZ532-0.2Zr 1.58 197.2 10.1 68.6 124.8

LAZ732-0.2Zr 1.53 185.4 11.6 64.1 121.2

LAZ832-0.2Zr 1.51 181.4 21.5 61.3 120.1

LAZ932-0.2Zr 1.48 168.7 24.7 58.9 114.0

LAZ1132-0.2Zr 1.43 143.7 27.3 56.2 100.5

Table 2. Independent slip systems and the CRSS in Mg and Li at room temperature [21–24].

Metal
Type of Slip

Plane
Type of Slip

Direction
Slip Plane Slip Direction CRSS (MPa)

Number of Independent
Slip Systems

Mg
(hcp)

basal slip 〈→a 〉 {0001} 〈11
−
20〉 0.45–0.81 2

prismatic slip 〈→a 〉 {1
−
100} 〈11

−
20〉 39.2–40 2

〈→a 〉 {11
−
20} 〈11

−
20〉

pyramidal slip
〈→a 〉 {10

−
11} 〈11

−
20〉

45–81
4

〈→c +
→
a 〉 {11

−
21} 〈11

−
23〉 5

〈→c +
→
a 〉 {11

−
22} 〈11

−
23〉

Li
(bcc)

prismatic slip 〈→c +
→
a 〉 {110} 〈111〉 0.54–0.57 12

pyramidal slip 〈→c +
→
a 〉 {112} 〈111〉 — 12

〈→c +
→
a 〉 {123} 〈111〉 — 24

 

Figure 6. Fracture morphologies of as-homogenized Mg-xLi-3Al-2Zn-0.2Zr alloys: (a) x = 5; (b) x = 7;
(c) x = 8; (d) x = 9; (e) x = 11.

Figure 7 depicts the side surfaces of the fracture for as-homogenized Mg-xLi-3Al-2Zn-
0.2Zr alloys. In as-homogenized LAZ532-0.2Zr and LAZ732-0.2Zr alloys, the microvoids
mainly came from the rupture of AlLi particles with larger sizes (marked by a red oval),
and large microcracks could even be observed in the α-Mg matrix (marked by a yellow
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oval), while no microvoids were found around the fibrous AlLi phase and tiny AlLi
particles. In the as-homogenized LAZ832-0.2Zr alloy, the microvoids mainly came from
the separation of AlLi particles from the matrix, and in addition the separation of the
matrix phase interface (marked by a blue oval) due to the AlLi particles was extremely
tiny. In as-homogenized LAZ932-0.2Zr and LAZ1132-0.2Zr alloys, microvoids caused by
the rupture of AlLi particles and the separation of AlLi particles from the matrix were
observed. Since the fracture mechanism of the α-Mg matrix is mainly cleavage fracture,
large and straight microcracks could be observed in the α-Mg matrix. These microcracks
grew through the grains and continued to expand, and finally showed the cleavage steps.
The fracture mechanism of the β-Li matrix was a microvoid coalescence fracture with the
basic feature of dimples, and the microvoids were formed by the rupture of the AlLi phase
and the separation of the phase interface. According to statistics, AlLi particles with a
diameter greater than 1.55 μm break easily during the tensile test, the smaller particles are
prone to separate from the matrix, and extremely tiny particles cannot produce microvoids
easily. The formation of microvoids at tiny particles is more difficult than at large particles,
because the tensile stress required for the formation of microvoids is inversely proportional
to the square root of particle size. Therefore, except for the fact that the increase of the β-Li
matrix greatly improves the alloy elongation, tiny AlLi particles inhibit the formation of
microvoids and are also conducive to the improvement of elongation.

 

Figure 7. Side surfaces of the fracture for as-homogenized Mg-xLi-3Al-2Zn-0.2Zr alloys: (a) x = 5;
(b) x = 7; (c) x = 8; (d) x = 9; (e) x = 11.

4. Conclusions

(1) When the Li content increases from 5 wt.% to 11 wt.%, the alloy matrix changes from
the α-Mg single-phase to the α-Mg+β-Li dual-phase, and then to the β-Li single-phase.
All alloys contain the AlLi phase, and its content gradually increases with the increase
in Li content;

(2) Part of the Al element in the alloys forms the AlLi phase, and the remainder is mainly
dissolved in the α-Mg matrix. Zn element in the alloys does not form compounds;
part of Zn is enriched in the AlLi phase, and the rest is dissolved in the α-Mg matrix
and β-Li matrix;
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(3) As the Li content increases, the tensile strength and hardness of as-homogenized
Mg-xLi-3Al-2Zn-0.2Zr alloys decrease while the elongation increases, and the corre-
sponding fracture mode changes from cleavage fracture to microvoid coalescence
fracture. This is mainly ascribed to the matrix of alloys changing from α-Mg with an
hcp structure to β-Li with a bcc structure.
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Abstract: There is evidence that Additive Manufacturing (AM) plays a crucial role in the fourth
industrial revolution. The design freedom provided by this technology is disrupting limits and
rules from the past, enabling engineers to produce new products that are otherwise unfeasible.
Recent developments in the field of Selective Laser Melting (SLM) have led to a renewed interest
in lattice structures that can be produced non-stochastically in previously unfeasible dimensional
scales. One of the primary applications is aerospace engineering where the need for light weights and
performance is urgent to reduce the carbon footprint of civil transport around the globe. Of particular
concern is fatigue strength. Being able to predict fatigue life in both LCF (Low Cycle Fatigue) and
HCF (High Cycle Fatigue) is crucial for a safe and reliable design in aerospace systems and structures.
In the present work, an experimental evaluation of compressive–compressive fatigue behavior has
been performed to evaluate the fatigue curves of different cells, varying sizes and relative densities.
A Design of Experiment (DOE) approach has been adopted in order to maximize the information
extractable in a reliable form.

Keywords: additive manufacturing; lattice structures; fatigue strength; trabecular structures

1. Introduction

Additive Manufacturing (AM) has emerged as a game-changer in the field of aerospace
engineering, providing new opportunities for the design and manufacture of complex struc-
tures and systems with improved thermo-mechanical properties [1–5]. Currently, one of the
key challenges in aerospace engineering is the development of low power effective anti-ice
systems, which are essential for ensuring safe and efficient operations in cold and icy con-
ditions [6–8]. State-of-the-art anti-icing systems use hot air spilled from the turbine engine
compressors [9]. These systems present low thermal efficiencies and high losses [10–13]. In
recent years, lattice structures made of AlSi10Mg alloy have emerged as a promising candi-
date for the development of innovative anti-ice systems [14–16]. Lattice structures indeed
present interesting thermal and mechanical properties for heat and structure components
making them the ideal candidate for a novel anti-icing material to integrate into the leading
edge structure (Figure 1). The emerging benefit could be a sensible reduction of the air
spilled and therefore, a reduction of the fuel consumption. Unfortunately, lattice structures
in the core of the sandwich panel are subjected to cyclic loads. Being able to predict the
fatigue strength under cyclic loading is currently one of the greatest challenges [17,18]. A
search of the literature revealed a few studies, which experimentally evaluated the fatigue
curves of lattice structures made of AlSi10Mg fabricated by AM [19,20]. In order to fill the
gap between the requirements for a safe design of a critical component and the available
literature, an extensive analysis campaign has been developed. This paper presents results
aimed at investigating the fatigue strength of lattice structures made of AlSi10Mg alloy
fabricated by AM in order to provides insights into the design of innovative systems for
aerospace applications [21].
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(a) (b) 

Figure 1. Integrated Anti-Ice Panel. (a): Isometrical View of the proposed novel anti-ice panel
(b): Cross Section of the patented solutions.

Fatigue strength is a crucial parameter in the design of aerospace components, espe-
cially those that are subjected to cyclic loading. Lattice structures, also known as cellular
or honeycomb structures, are highly desirable due to their lightweight nature and high
stiffness-to-weight ratio [22–24]. They have been used in various applications, including
heat exchangers, sandwich panels, and energy absorption systems [25–28]. AlSi10Mg is
an aluminum alloy that has been extensively used in AM due to its excellent mechanical
properties and good weldability [29]. In the case of anti-ice systems, lattice structures made
of AlSi10Mg have been proposed as a potential solution due to their ability to provide
excellent anti-ice performance by allowing a continuous flow of hot air to pass through
the structure, thus melting the ice on its surface [21,30]. However, the fatigue strength
of these structures is not well understood, which poses a significant challenge in their
design and optimization. The experimental study presented in this paper involved the
testing of AlSi10Mg lattices fabricated by AM under cyclic loading to determine their
fatigue limits. The results of this study will provide new insights into the behavior of these
structures under cyclic loading and will help in understanding their failure mechanisms.
The findings will also aid in the development of design guidelines for lattice structures and
will enable the optimization of innovative anti-ice systems for aerospace applications [31].
In summary, the experimental evaluation of the fatigue strength of lattice structures is of
strong significant interest to the aerospace industry.

2. Materials and Methods

2.1. Design of Experiment (DOE)

The fatigue tests on trabecular lattices had the primary objective to experimentally
characterize the fatigue life curve of different types of non-stochastic foams built with
AlSi10Mg by AM. The data for this study were collected using a DOE approach [32] in
order to provide novel information regarding the effects of design parameters (cell type,
cell size and relative density) on lattice fatigue performance [33]. Although some research
has been carried out on fatigue with this approach [33], none of the previous studies have
reported such a wide investigation for AlSi10Mg.

Three different trusses layout have been selected: Body-Centered Cubic with vertical
beams (Bccz), Octet and Rhombic Dodecahedron. For each cell type, two cells sizes, 5 mm
and 7 mm, were adopted with two relative densities: 25% and 30%. In order to limit the
number of specimens and the cost of the experimental campaign, the DOE with three
factors and hybrid levels for each factor was executed in fractional factorial form. The
details of the specimens produced for the fatigue test are reported in Table 1.
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Table 1. Factors selected to design specimens for fatigue tests.

Cell Type Cell Size [mm] Relative Density [%]

Bccz 5 25
Bccz 5 30
Bccz 7 30

Rhombic Dodecahedron 5 25
Rhombic Dodecahedron 5 30
Rhombic Dodecahedron 7 30

Octet Truss 5 25
Octet Truss 5 30
Octet Truss 7 30

2.2. Specimen Design

The trabecular specimens presented a height/base side ratio of 2:1, similar to the one
proposed previously [7]. Each specimen had a square bottom and a longer height to prevent
the effect of borders and specimen shape. A picture of Bccz is shown in Figure 2 while
detailed drawings with dimensions are reported in Appendix C. All specimens have two flat
skins 1 mm thick at the square bases. This skin has been added in order to uniformly distribute
the stress on first layer cells and to avoid peaks caused by manufacturing imperfections.

 

Figure 2. CAD Design of a Specimen.

2.3. Fatigue Test Setup

Compression–compression fatigue tests were carried out according to protocols in the
scientific literature [34–37].

A variable maximum load of 80%, 60%, 40% and 20% of the static yield (σ02 calculated
according to ASTM E9) was imposed in order to obtain the Wohler curves. The ratio
parameter of R = 0.1 implies that the compressive load on the specimens oscillates with a
sinusoidal from 10% to 100% of the imposed load with a frequency speed of 50 cyclic loads
per second (50 Hz).

The maximum value of the compression is defined as σM and can be obtained from
Equation (1); the parameter x corresponds to a linear multiplying value of 80%, 60%,
40% and 20%; σ02 is the average yield load of the static uniaxial compression tests on the
corresponding trabecular specimens. This value has been separately calculated by previous
experimental static compressive test on analogous specimens [38].
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The minimum value of the compression is reported as σm, obtained from Equation (2),
where the R parameter is maintained equal to 0.1. The median value between σM and σm is
σa, calculated using Equation (3). In order to evaluate the Wohler curve, it is then necessary
to record the Number of cycles (N) corresponding to the specimen failure. The imposed
upper limit for the cycles is N equal to 1.5 × 107, suitable for airframe structures and the
systems safe-life approach [39].

σM = xσ02 (1)

σm = RσM (2)

σa = (σM − σm)/2 (3)

The values of σM, σm, σa and N are tabulated in Appendix A. All the specimens,
three for each type, were processed with an Instron machine. The test machine setup has
been prepared with a flat attachment, a load cell of 50 kN and a constant displacement of
1 mm/min, as shown in Figure 3.

 

Figure 3. Testing Machine Setup.

The same AlSi10Mg material as [7] was used. The specimen’s size was maintained as
much as possible to be coherent to the 20 mm × 20 mm × 40 mm proposed in [7] in order
to preserve the comparability of the data.

3. Results

In this section, the results obtained from the fatigue tests will be disclosed. All the
numerical evidence are reported in Appendix A subdivided by cell type. For each cell type,
Wohler curves will be provided and discussed. The Wohler curves relate the amplitude of
the load, σa, for each sample and the number of cycles at which the specimen breakdown
occurs. Subsequently, images of broken specimens will be shown to provide insights on the
failure mechanism.

3.1. Rhombic Dodecahedron

The graph in Figure 4. reports the Wohler curves for all the rhombic specimens
tested. At equal σa (load amplitude), the greatest fatigue life was that of specimens with
a smaller cell size, 5 mm, and higher density, 30%. The second longest endurance was
produced by cells with a 7 mm cell size and 30% relative density. The lowest fatigue
life was witnessed from specimens with a 5 mm cell size and 25% relative density. The
most relevant aspect of this graph was the effect of cell size. Increasing cell size, while
maintaining fixed the relative density of the specimen (i.e., same amount material per cubic
centimeter), noticeably reduced the fatigue life as reported by the comparison between
7_30 and 5_30 cells.
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Figure 4. Wohler curves for rhombic dodecahedron specimens.

The effect of relative density was less stable in all the tested stress amplitudes. As
reported in Appendix B, in the main effect graph in Figure A1, the effect of the relative
density was not monotonous. While at higher loads the increase of the relative density
seemed to provide a higher fatigue life, this was not true for lower loads (60% and 20% of
the yield stress). This aspect will require further dedicated analysis in the future.

The photos of the rhombic specimens before the fatigue test are shown in Figures 5 and 6.
while pictures of specimens after the test are shown in Figure 6.

The failure occurred along a 45◦ plane with respect to the Z-axis and started from a
corner of the specimen. The deformation evidenced before the failure was almost absent;
the connections broke internally one by one along the plane until the resistant section
became insufficient and caused the collapse of the specimen. From the images, it was
possible to observe that the breaking of the specimens subjected to higher loads (80% and
60% of σ02) was clearer and more similar to the one from the static compression tests. On
the other hand, the rupture of the specimens subjected to lower loads (40% and 20% of σ02)
was more irregular and acted through several fractures’ planes simultaneously, causing the
final separation of the specimen into more than two pieces. This difference was particularly
marked for the 7 mm cells, as visible in Figure 6. For cells with a lower relative density,
such as 5-25, irregular fractures were already present for higher loads, such as 60% of σ02.

   
(a) (b) (c) 

Figure 5. Lateral view of the Rhombic dodecahedron AlSi10Mg specimens for fatigue test: (a) Rhom-
5-25, (b) Rhom-5-30 and (c) Rhom-7-30.
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(a) (b) (c) 

  
 

 
(d) (e) (f) 

   
(g) (h) (i) 

Figure 6. Rhombic cells subjected to fatigue test: (a) cell size 5 mm, relative density 25%, max load
80% σ02; (b) cell size 5 mm, relative density 25%, max load 60% σ02; (c) cell size 5 mm, relative density
25%, max load 40% σ02; (d) cell size 5 mm, relative density 30%, max load 80% σ02; (e) cell size, 5 mm
relative density 30%, max load 60% σ02; (f) cell size 5 mm, relative density 30%, max load 40% σ02;
(g) cell size 7 mm, relative density 30%, max load 80% σ02; (h) cell size 7 mm, relative density 30%,
max load 60% σ02; (i) cell size 7 mm, relative density 30%, max load 40% σ02.

3.2. Octet Truss

The graph in Figure 7 reports the Wohler curves for all the tested Octet truss speci-
mens. In accordance with the present results, the longest fatigue life was shown by the
5-30 specimens, followed by the specimens 7-30 and 5-25 with intersecting behaviors.

Similar to the case with Rhombic cells, Octet truss curves for 5-30 and 7-30 were almost
parallel to each other, with the 7-30 case shifted to lower cycles. This behavior suggests a
clear negative effect of increasing of the cell size with same relative density.

As for the 7-30 vs. 5-25 trend, relative density played a beneficial effect at higher loads
(80% and 60% of σ02) and reported a dissimilar trend at lower loads (40% and 20% of yield
stress). Additionally, in this scenario, further analyses are required to deeply investigate
the effect of this parameter. It is important to note that specimens 5-30 and 5-25 reached the
imposed fatigue limit (1.5 × 107 cycles) without breaking with a σM equal to the 20% of
yield stress.

The photos of the Octet specimens before the fatigue test are reported in Figure 8 while
pictures of specimens after the test are in Figure 9.
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Figure 7. Wohler curves for Octet truss specimens.

   
(a) (b) (c) 

Figure 8. Lateral view of the Octet truss AlSi10Mg specimens for fatigue test: (a) Octet truss 5-25,
(b) Octet truss 5-30 and (c) Octet truss 7-30.

The fracture of the specimen was, in part, similar to that evidenced during compression
tests. The failure occurred along a 45◦ plane with respect to the Z-axis and started from a
corner of the specimen. Deformation before the failure was almost absent; the connections
broke internally one by one along the plane until the resistant section became insufficient
and caused the collapse of the specimen. The failure mode of the 5-25 specimens subjected
to all loads was more irregular compared to the others and acted simultaneously on several
planes causing the final separation of the specimen into more than two pieces. Similarly,
the 7-30 specimens subjected to higher loads (80% and 60% of σ02) also failed in a similar
manner to that seen for the compression tests; on the other hand, the failure mode of the
same cells when subjected to lower loads (40% and 20% of σ02) was more irregular and
acted on several planes simultaneously, causing final separation of the specimen into more
than two pieces.
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4  

 
 

(a) (b) (c) 

 
  

 

(d) (e) (f) 

 

  

(g) (h) (i) 

Figure 9. Octet cells subjected to fatigue: (a) cell size 5 mm, relative density 25%, max load 80% σ02;
(b) cell size 5 mm, relative density 25%, max load 60% σ02; (c) cell size 5 mm, relative density 25%,
max load 40% σ02; (d) cell size 5 mm, relative density 30%, max load 80% σ02; (e) cell size 5 mm,
relative density 30%, max load 60% σ02; (f) cell size 5 mm, relative density 30%, max load 40% σ02;
(g) cell size 7 mm, relative density 30%, max load 80% σ02; (h) cell size 7 mm, relative density 30%,
max load 60% σ02; (i) cell size 7 mm, relative density 30%, max load 40% σ02.

3.3. Bccz

The fatigue Wohler curves for the Bccz specimens, presented in Figure 10, remained
partially completed due to the different resistance behaviors found. The specimens already
reached the preset limit of 1.5 × 107 cycles at 60% of the load for the 5 mm cells and 40%
for the 7 mm cells; for this reason, it was impossible to obtain complete Wohler curves.
Further improvements will enhance the span of loads tested by introducing a setup to
produce between 80% and 100% of the yield load. The greatest fatigue resistance of the
Bccz specimens was given by the vertical struts. During the static compression tests, the
vertical struts deformed and then broke with buckling-like deformation. The photos of the
Bccz specimens before the fatigue test are shown Figure 11 while pictures of specimens
after the test are shown in Figure 12.

In the fatigue tests, the imposed load was not sufficient to reach the buckling limit for
the vertical struts. As visible in Figure 12, the failure of the specimen, when it occurs, was
due to the breaking of the struts at the central nodes, as seen for Rhombic and Octet cells.
The fracture then followed the plane at 45◦ only in some points, but in most cases, there
was a sparse and irregular separation of the cells. Further analysis will be dedicated to a
higher σM.
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Figure 10. Wohler curves for Bccz specimens.

   
(a) (b) (c) 

Figure 11. Lateral view of the Bccz AlSi10Mg specimens for fatigue test: (a) Bccz 5-25, (b) Bccz 5-30
and (c) Bccz 7-30.

 

(a) (b) 

  

(c) (d) 

Figure 12. Bccz cells subjected to fatigue: (a) cell size 5 mm, relative density 25%, max load 80% σ02;
(b) cell size 5 mm, relative density 30%, max load 80% σ02; (c) cell size 7 mm, relative density 30%,
max load 80% σ02; (d) cell size 7 mm, relative density 30%, max load 60% σ02.
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4. Discussion

Several reports have shown that different cell topologies provide different fatigue
life behaviors [40,41]. This section will provide a comparison of the three architected cells
subjected to the same load path.

What is striking about the graphs reported in Figure 13 is the homogeneous trend. Bccz
cells, as commented above, always performed better, followed by Octet cells and Rhombic
cells. The last two cells’ topologies presented similar curves, which showed different trends
than that of the Bccz cells. A possible explanation for this might be that Rhombic and
Octet cells are bending-dominated cells [42] while Bccz cells are stretch-dominated cells
that benefit enormously when the compression load on the vertical cells does not reach the
buckling limit.

(a) 

(b) 

Figure 13. Cont.
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(c) 

Figure 13. Wohler curves: (a) cell size 5 mm and 25% relative density; (b) cell size 5 mm and 30%
relative density; (c) cell size 7 mm and 30% relative density.

The results provided are significant in at least two major respects. Firstly, they provide
reliable encouraging data on the fatigue life of different cells with various cell sizes and
different relative densities. Secondly, they establish some useful correlations between
design parameters and fatigue life.

Despite these promising results, further work is still required to establish the real
fatigue limit of Bccz cells and deeply evaluate the effect of relative density on the fatigue
performance for bending-dominated cells type.

5. Conclusions

Wohler fatigue curves for different types of trabecular structures have been evaluated
for the first time. This study has identified clear trends and correlations for the cell type
and cell size effects on the number of cycles at rupture during compression–compression
fatigue. Further investigations are needed to deepen our understanding of some nonlinear
phenomena on the effect of the relative density. Overall, this study has strengthened the
idea that lattice structures are a valid resource for aerospace structures due to their light
weight and their high specific structural performances. In spite of its limitations, this study
certainly adds important novel findings to aid our understanding of fatigue life prediction.

6. Patents

In this paper, research on the fatigue life of trabecular structures was performed. This
work is part of effort towards a patent for a novel anti-icing system for aircraft use [8].
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Appendix A

AlSi10Mg specimens for fatigue test with Bccz cell. The identification code of the
specimens is: Celle shape-Cell size-Solid volume fraction (nominal)-Serial number.

Table A1. BCC-Z Fatigue Results.

Id Code σM [MPa] σm [MPa] σa [MPa] N

Bccz-5-25-1 12.6 1.26 5.67 10,178,091
Bccz-5-25-2 12.6 1.26 5.67 12,441,038
Bccz-5-25-3 12.6 1.26 5.67 -
Bccz-5-25-4 9.4 0.94 4.23 >15,000,000
Bccz-5-25-5 9.4 0.94 4.23 >15,000,000
Bccz-5-25-6 9.4 0.94 4.23 -
Bccz-5-25-7 6.3 0.63 2.84 >15,000,000
Bccz-5-25-8 6.3 0.63 2.84 >15,000,000
Bccz-5-25-9 6.3 0.63 2.84 -

Bccz-5-25-10 3.1 0.31 1.40 >15,000,000
Bccz-5-25-11 3.1 0.31 1.40 >15,000,000
Bccz-5-25-12 3.1 0.31 1.40 -
Bccz-5-30-1 20.3 2.03 9.14 654,563
Bccz-5-30-2 20.3 2.03 9.14 762,810
Bccz-5-30-3 20.3 2.03 9.14 -
Bccz-5-30-4 15.2 1.52 6.84 >15,000,000
Bccz-5-30-5 15.2 1.52 6.84 >15,000,000
Bccz-5-30-6 15.2 1.52 6.84 -
Bccz-5-30-7 10.2 1.02 4.59 >15,000,000
Bccz-5-30-8 10.2 1.02 4.59 >15,000,000
Bccz-5-30-9 10.2 1.02 4.59 -

Bccz-5-30-10 5.1 0.51 2.30 >15,000,000
Bccz-5-30-11 5.1 0.51 2.30 >15,000,000
Bccz-5-30-12 5.1 0.51 2.30 -
Bccz-7-30-1 19.5 1.95 8.78 326,837
Bccz-7-30-2 19.5 1.95 8.78 440,166
Bccz-7-30-3 19.5 1.95 8.78 326,161
Bccz-7-30-4 14.6 1.46 6.57 3,362,847
Bccz-7-30-5 14.6 1.46 6.57 3,331,678
Bccz-7-30-6 14.6 1.46 6.57 2,249,586
Bccz-7-30-7 9.8 0.98 4.41 >15,000,000
Bccz-7-30-8 9.8 0.98 4.41 >15,000,000
Bccz-7-30-9 9.8 0.98 4.41 >15,000,000

Bccz-7-30-10 4.9 0.49 2.21 >15,000,000
Bccz-7-30-11 4.9 0.49 2.21 >15,000,000
Bccz-7-30-12 4.9 0.49 2.21 >15,000,000

AlSi10Mg specimens for fatigue test with Rhombic dodecahedron cell. The identification code of the specimens is:
Cell shape-Cell size-Solid volume fraction (nominal)-Serial number.

Table A2. Rhombic Dodecahedron Fatigue Results.

Id Code σM [MPa] σm [MPa] σa [MPa] N

Rhom-5-25-1 12.1 1.21 5.45 9044
Rhom-5-25-2 12.1 1.21 5.45 6480
Rhom-5-25-3 12.1 1.21 5.45 -
Rhom-5-25-4 9 0.9 4.05 45,544
Rhom-5-25-5 9 0.9 4.05 45,031
Rhom-5-25-6 9 0.9 4.05 -
Rhom-5-25-7 6 0.6 2.70 291,522
Rhom-5-25-8 6 0.6 2.70 274,062
Rhom-5-25-9 6 0.6 2.70 -
Rhom-5-25-10 3 0.3 1.35 >15,000,000
Rhom-5-25-11 3 0.3 1.35 >15,000,000
Rhom-5-25-12 3 0.3 1.35 -
Rhom-5-30-1 17.1 1.71 7.70 12,100
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Table A2. Cont.

Id Code σM [MPa] σm [MPa] σa [MPa] N

Rhom-5-30-2 17.1 1.71 7.70 10,947
Rhom-5-30-3 17.1 1.71 7.70 -
Rhom-5-30-4 12.8 1.28 5.76 47,132
Rhom-5-30-5 12.8 1.28 5.76 26,329
Rhom-5-30-6 12.8 1.28 5.76 -
Rhom-5-30-7 8.6 0.86 3.87 327,084
Rhom-5-30-8 8.6 0.86 3.87 307,454
Rhom-5-30-9 8.6 0.86 3.87 -
Rhom-5-30-10 4.3 0.43 1.94 >15,000,000
Rhom-5-30-11 4.3 0.43 1.94 3,755,825
Rhom-5-30-12 4.3 0.43 1.94 -
Rhom-7-30-1 17.7 1.77 7.97 4281
Rhom-7-30-2 17.7 1.77 7.97 3281
Rhom-7-30-3 17.7 1.77 7.97 3970
Rhom-7-30-4 13.3 1.33 5.99 14,484
Rhom-7-30-5 13.3 1.33 5.99 12,010
Rhom-7-30-6 13.3 1.33 5.99 10,550
Rhom-7-30-7 8.9 0.89 4.01 53,097
Rhom-7-30-8 8.9 0.89 4.01 46,449
Rhom-7-30-9 8.9 0.89 4.01 46,723
Rhom-7-30-10 4.4 0.44 1.98 1,471,143
Rhom-7-30-11 4.4 0.44 1.98 2,004,674
Rhom-7-30-12 4.4 0.44 1.98 -

AlSi10Mg specimens for fatigue test with Octet truss cell. The identification code of the specimens is: Cell
shape-Cell size-Solid volume fraction (nominal)-Serial number.

Table A3. Octet Truss Fatigue Results.

Id Code σM [MPa] σm [MPa] σa [MPa] N

Oct-5-25-1 18.5 1.85 8.33 18,568
Oct-5-25-2 18.5 1.85 8.33 36,394
Oct-5-25-3 18.5 1.85 8.33 -
Oct-5-25-4 13.9 1.39 6.26 128,641
Oct-5-25-5 13.9 1.39 6.26 151,236
Oct-5-25-6 13.9 1.39 6.26 -
Oct-5-25-7 9.3 0.93 4.19 971,841
Oct-5-25-8 9.3 0.93 4.19 1,119,612
Oct-5-25-9 9.3 0.93 4.19 -

Oct-5-25-10 4.6 0.46 2.07 >15,000,000
Oct-5-25-11 4.6 0.46 2.07 15,000,000
Oct-5-25-12 4.6 0.46 2.07 -
Oct-5-30-1 22.7 2.27 10.22 64,099
Oct-5-30-2 22.7 2.27 10.22 52,684
Oct-5-30-3 22.7 2.27 10.22 -
Oct-5-30-4 17 1.7 7.65 239,878
Oct-5-30-5 17 1.7 7.65 234,151
Oct-5-30-6 17 1.7 7.65 -
Oct-5-30-7 11.3 1.13 5.09 880,174
Oct-5-30-8 11.3 1.13 5.09 645,908
Oct-5-30-9 11.3 1.13 5.09 -

Oct-5-30-10 5.7 0.57 2.57 >15,000,000
Oct-5-30-11 5.7 0.57 2.57 >15,000,000
Oct-5-30-12 5.7 0.57 2.57 -
Oct-7-30-1 22.9 2.29 10.31 10,607
Oct-7-30-2 22.9 2.29 10.31 9009
Oct-7-30-3 22.9 2.29 10.31 25,343
Oct-7-30-4 17.2 1.72 7.74 42,201
Oct-7-30-5 17.2 1.72 7.74 68,178
Oct-7-30-6 17.2 1.72 7.74 35,084
Oct-7-30-7 11.5 1.15 5.18 136,536
Oct-7-30-8 11.5 1.15 5.18 86,464
Oct-7-30-9 11.5 1.15 5.18 204,722

Oct-7-30-10 5.7 0.57 2.57 3,108,586
Oct-7-30-11 5.7 0.57 2.57 -
Oct-7-30-12 5.7 0.57 2.57 -
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Appendix B

This section reports the quality analysis of the outcomes provided by the fatigue experiments.

 

(a) (b) 

 

(c) (d) 

  
(e) (f) 

  
(g) (h) 

Figure A1. Rhombic Dodecahedron Cells Fatigue Outcome Statistical Analysis: (a) normal probability
plot, max load 80% σ02; (b) main effect plot, max load 80% σ02; (c) normal probability plot, max
load 60% σ02; (d) main effect plot, max load 60% σ02; (e) normal probability plot, max load 40% σ02;
(f) main effect plot, max load 40% σ02; (g) normal probability plot, max load 20% σ02; (h) main effect
plot, max load 20% σ02.
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(c) (d) 

  
(e) (f) 

  
(g) (h) 

Figure A2. Octet Truss Cell Fatigue Outcome Statistical Analysis: (a) normal probability plot, max
load 80% σ02; (b) main effect plot, max load 80% σ02; (c) normal probability plot, max load 60% σ02;
(d) main effect plot, max load 60% σ02; (e) normal probability plot, max load 40% σ02; (f) main effect
plot, max load 40% σ02; (g) normal probability plot, max load 20% σ02; (h) main effect plot, max load
20% σ02.
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(a) (b) 

 

(c) (d) 

Figure A3. Bccz Truss Cells Fatigue Outcome Statistical Analysis: (a) normal probability plot, max
load 80% σ02; (b) main effect plot, max load 80% σ02; (c) normal probability plot, max load 60% σ02;
(d) main effect plot, max load 60% σ02.

Appendix C

(a) 

Figure A4. Cont.
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(b) 

(c) 

Figure A4. Bccz Cells Design: (a) 5 mm cells, 25% relative density; (b) 5 mm cells, 30% relative
density; (c) 7 mm cells, 25% relative density.
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(a) 

(b) 

(c) 

Figure A5. Octet Cells Design: (a) 5 mm cells, 25% relative density; (b) 5 mm cells, 30% relative
density; (c) 7 mm cells, 25% relative density.
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(a) 
 

(b) 

 
(c) 

Figure A6. Rhombic Cells Design: (a) 5 mm cells, 25% relative density; (b) 5 mm cells, 30% relative
density; (c) 7 mm cells, 25% relative density.
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Abstract: The Nd-Fe-B hot-deformation magnet with high resistivity was successfully prepared by
hot-pressing and hot-deformation of Nd-Fe-B fast-quenched powder with amorphous glass fiber.
After the process optimization, the resistivity of the magnet was increased from 0.383 mΩ·cm to
7.2 mΩ·cm. Therefore, the eddy current loss of magnets can be greatly reduced. The microstructure
shows that the granular glass fiber forms a continuous isolation layer during hot deformation. At the
same time, the boundary of Nd-Fe-B quick-quenched the flake and glass fiber from the transition
layer, which improves the binding of the two, and which can effectively prevent the spalling of the
isolation layer. In addition, adding glass fiber improves the orientation of the hot deformation magnet
to a certain extent. The novel design concept of insulation materials provides new insights into the
development and application of rare earth permanent magnet materials.

Keywords: Nd-Fe-B; composite magnet; glass fiber; high resistivity; thermorheological property

1. Introduction

Permanent magnet materials are important for industry, military, and information
technology [1–4]. At present, in an environment where green and clean energy is promoted,
the demand for permanent magnet materials in the fields of wind power, electric vehicles,
electric motors, robots, and aerospace is continuously increasing [5]. Among the permanent
magnets, the demand for Nd-Fe-B increased the most, reaching 2.1×104 t production in
2020. However, after 2011, the price of rare earth soared due to fluctuations in prices [1].
At the same time, Ce-containing dual-main phase (DMP) Nd-Fe-B magnets emerged and
became popular due to their balanced utilization of high-abundance rare earth elements [6].
DMP magnets are made by adding Ce-Fe-B during the preparation of Nd-Fe-B magnets
to form magnets with both Nd-Fe-B and Ce-Fe-B main phases, and they have excellent
magnetic properties compared to single main phase Nd-Fe-B magnets [7,8].

As the temperature increases, all magnets inevitably face the problem of irreversible
demagnetization, and the above means only alleviating the problem to a certain extent.
After the high temperature demagnetization of the magnet, it still has enough magnetic
properties for use. The ideal magnet should have a high magnetic energy product and a
square demagnetization curve, which undoubtedly describes Nd-Fe-B magnets. However,
the Curie temperature of 315 ◦C limits its usable condition, which has to be lower than 80 ◦C
(N grade); otherwise, irreversible demagnetization will occur. Although the coercivity is
increased by adding heavy rare earth elements such as Dy and Tb, and although the Curie
temperature is increased by adding Co, the maximum service temperature is not more than
240 ◦C (AH grade) [3]. When the Nd-Fe-B magnet rises from 20 ◦C to 100 ◦C, the magnetic
energy product will decrease by half, and the motor power will decrease [9], which will
cause a waste of magnetic energy.

Because the resistivity of rare earth permanent magnets is very small, the eddy current
generated in them is the main factor for the heating of magnets. Reducing the eddy current
loss in magnets and thus reducing the temperature of magnets during operation is a
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problem that needs to be considered. Through the optimization of motor structure designs,
although a certain effect has been achieved [9–11], the magnet resistivity is often used as
a fixed value, so the optimization results are not satisfactory. In addition to optimizing
the design of the motor structure, Aoyama [12] noted that increasing the resistivity of the
magnet can also effectively reduce the eddy current loss. Considering the skin effect of
the eddy current and the insulation of the main phase grains or raw material particles
in the magnet, the electron transport in the magnet can be reduced by the heat source,
and the resistivity can be increased. Thus, the working temperature of the magnet can
be decreased. Gabay [13] introduced CaS for insulation and isolation, and it was found
that adding sulfur (phosphorus) compounds would form NdS, which would reduce the
metallurgical bonding of the cladding layer. Although the introduction of SiO2 increases
the resistivity to a certain extent, Nd will combine with O to form NdO, resulting in the
loss of the Nd-rich phase and the reduction of magnetic properties [14]. Fluoride is suitable
for addition to permanent magnet materials because of its inertia. The addition of NdF
increased the magnetic resistivity by 200% [15]. Komuro et al. [16] prepared a magnet with
a fluoride coating with a resistivity of 1.4 mΩ·mm. The surface resistivity of the magnet
increased by 10 times, and the rotor temperature decreased by 50%. Although these works
have made some progress, some problems still occur. In the above methods, most of the
materials involved are inorganic compounds. In the process of magnet insulation and
coating, these inorganic compounds cannot deform with the magnet; thus, spalling occurs
during the deformation process of the magnet, which cannot effectively isolate the magnet.
In addition, it is often necessary to complete the coating process with the help of liquid
re-rich phase flow. The participation of the rare-earth rich phase in the coating will not only
reduce the insulating ability of the coating layer but also cause the loss of the rare-earth
rich phase and reduce the magnetic properties.

The method of adding insulating materials and the form of insulating materials
play an important role in the resistivity of composite materials. McLachlan [17] gave the
general effective media equation and described the different wetting and coating conditions
between the conductive phase and the insulating phase. For calculating the resistivity of
composite materials with continuous isolation layers:

ρm = ρh(1 − Φ)mΦ

ρm is the resistivity of the composite, ρh is the resistivity of the low-conductivity
phase, Φ is the volume fraction of the high-conductivity phase, and mΦ is the exponent for
randomly oriented high-conductivity ellipsoids.

Depending on the value range of mΦ, a thin layer of insulation distributed contin-
uously helps to isolate electron transport between adjacent particles, thus increasing the
resistivity of the composite magnet. As seen from the metal binary phase diagram, most
of the crystalline compound insulating materials have very high melting points, which
cannot follow the deformation of the magnet during the particle coating process. Moreover,
spalling occurs during the deformation process. At the same time, liquid re-rich phase
flow is often needed to complete the coating process. The isolation layer formed by these
crystalline compounds is still dispersed rather than continued under the non-wetting or
intermediate wetting case discussed for the general effective media equation.

In this work, to overcome the shortcomings of the insulating layer, we designed a
composite magnet doped with amorphous materials. In contrast to crystalline materials,
amorphous materials, which can be deformed well with magnetic powder, will exhibit
viscous flow with an increasing temperature. Through the systematic study of magnets
with amorphous glass fibers, it is verified that this design can significantly improve the
resistivity of the magnets and facilitate the preparation of magnets with oriented textures.
The new design idea provides a new way to develop high-resistivity rare earth permanent
magnets with oriented textures.
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2. Materials and Methods

The magnetic powder was commercial melt-spun ribbon powder with a composition of
Nd30.7Febal(Co3.98Ga0.48)B0.89 (wt.%), and the glass fiber was crushed through a 2000 mesh
screen, with a composition of CaO·SiO2. Three different additions of mixed magnetic
powder were prepared, and the additions were 2 wt.%, 5 wt.%, and 10 wt.%, respectively.
The mixing powder was hot-pressed at temperatures of 550 ◦C under 130 MPa for 2 min.
After that, the sample was heated to 850 ◦C and kept warm for 1 min with a deformation
rate of approximately 60~70%. A simple hot-deformed magnet without the addition of
glass fiber was also prepared. The resistivity was by a four-point probe resistivity. The
microstructure was studied using scanning electron microscopy (SEM) JEOL JSM 7100F, and
energy dispersion spectrum (EDS) was used for elemental analysis. X-ray diffraction (XRD)
was used to examine the crystalline constituents and detected on PANalytical Empyrean
Series 2. The orthogonal experiment in Table L9(34) was used to explore and optimize
the magnet preparation experimental parameters. For the experimental parameters, the
hot-pressing temperature was 550 ◦C, 575 ◦C, and 600 ◦C, and then the hot-deformed
temperature was 850 ◦C, 870 ◦C, and 890 ◦C, respectively.

3. Results

Backscattered electron (BSE)-SEM image from the hot-pressed magnet is shown in
Figure 1a. The black regions are the grainy glass fiber between the original flakes of Nd-Fe-
B, and they have relatively rough interfaces. BSE-SEM image of the hot-deformed magnet
sample (Figure 1b) shows that glass fiber particles aggregate to form a continuous isolation
layer after being hot deformed, and the interface with Nd-Fe-B flakes becomes smoother.
Figure 1c is a partial enlargement of Figure 1b. It can be seen that the glass fiber not only
aggregates itself but also forms transitional layers between the glass fiber and the Nd-Fe-B
flakes, as shown by the line segment in Figure 1c.

 
Figure 1. BSE-SEM images obtained from magnet with 10 wt.% addition (a) hot-pressed temperature
at 550 ◦C, (b) hot-deformed temperature at 850 ◦C, and (c) partial enlargement of (b), yellow arrows
and circles indicate different C-axis orientations of the magnet.

As shown in Figure 2, as the additions increase, the glass fiber tends to coat the
main-phase grains. The distribution style of the magnetic flakes and the glass fiber was
perpendicular to the c-axis direction, stacked in layers. Meanwhile, the distribution of the
glass fiber made the grain boundary more clearly visible with increasing additions.

Figure 3 show the element maps in different directions of the hot deformed magnet.
According to the role of element distribution, it is clear that only a small amount of Si
atoms diffuse into the boundary of the Nd-Fe-B grains, and Fe atoms diffuse in the opposite
direction; thus, the formation of the transitional layers is mainly caused by the mutual
diffusion of Fe and Si elements.

Figure 4 shows the XRD of the hot deformed magnet with different glass fiber addi-
tions. There are the characteristic peaks of the calcium-containing compound, the peaks(
221

)
and

(
311

)
in Figure 4b,e, and the peak (002) in Figure 4d of the CaFe(Si2O6) phase.

The diffracted intensity of Ca element and CaO increased obviously with the increase of
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glass fiber addition, indicating that the glass fiber decomposed during the hot deformation
process. This also means that there is a diffusion reaction between the glass fiber and the
magnetic powder, which effectively improves the resistivity.

 
Figure 2. The same magnification BSE-SEM images obtained from (a,b) hot-deformed magnet with
2wt.% glass fiber, (c,d) with 5wt.% glass fiber, (e,f) with 10wt.% glass fiber. Furthermore, the direction
of images (a,c,e) are parallel to the pressure, and (b,d,f) are perpendicular to the pressure, yellow
arrows and circles indicate different C-axis orientations of the magnet.
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Figure 3. EDS mapping in a different direction of hot-deformed magnet with 10%wt glass fiber.
(a1–a5) parallel to the pressure direction and (b1–b5) are perpendicular to the pressure direction.

Figure 4. XRD patterns of the hot-deformed magnet with different glass fiber additions: (a) 2 wt.%
(indexed as L1), (b) 5 wt.% (indexed as L2), and (c) 10 wt.% (indexed as L3). (a–h) are different main
peak areas of XRD, and the height of the peaks was scaled to the same height.

The results of the orthogonal experiment are shown in Tables 1 and 2. Where Xi is
the different measurement, Q is the variation sum of squares, and EOV is the estimator of
variance. As shown in Table 2, all three factors are significantly affected. Furthermore, in
the variance analysis results, the relationship of the three factors should be ABC, and the
optimal analysis condition is A3B1C3.
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Table 1. Resistivity of hot-pressed permanent magnets with different mass fractions of glass
fiber-doped.

Mass Fraction m
(wt.%)

Hot-Pressed
Temperature T1 (◦C)

Hot-Deformed
Temperature T2 (◦C)

Xi (mΩ·cm)

1 2 3

A1(2) B1(550) C1(850) 0.99 0.97 0.97
A1(2) B2(575) C2(870) 1.05 1.08 1.03
A1(2) B3(600) C3(890) 1.18 1.05 1.02
A2(5) B1(550) C2(870) 0.86 0.86 0.86
A2(5) B2(575) C3(890) 0.90 0.92 0.90
A2(5) B3(600) C1(850) 1.00 1.02 1.18

A3(10) B1(550) C3(890) 1.84 2.35 3.01
A3(10) B2(575) C1(850) 0.81 0.78 0.84
A3(10) B3(600) C2(870) 0.88 0.90 0.92

Table 2. Analysis of Variance.

Source of
Variation

Q DOF EOV F f
Significance Level

(*, **, ***)
The Optimal

Level

m (wt.%) 2.12 2 1.06 10.47 3.49 ** A3
T1 (◦C) 1.21 2 0.61 6.00 3.49 ** B1
T2 (◦C) 1.15 2 0.58 5.71 3.49 ** C3
error 2.02 20 0.10
total 6.50 26

Significance level: * insignificant, ** significant, *** highly significant.

Figure 5 shows the confirmatory experiment results carried out under the explored
conditions. The electrical resistivities of the magnets are 0.532, 2.35, and 7.2 mΩ·cm when
the amount of glass fiber added is 2 wt.%, 5 wt.%, and 10 wt.%, respectively. Compared
to the 0.383 mΩ·cm of the magnet without glass fibers, the resistivities of the magnets are
increased by approximately 39%, 513%, and 1780%. It is more than 25 times the resistivity
of the magnet with 10 wt.%, in contrast to the nano-silica layer coating magnets [14].

Figure 5. Electrical resistivity and magnetic energy products of the hot-deformed ones in confirmatory
experiment samples with different additions.

4. Discussion

Figure 6a shows the microstructure of the magnet without glass fiber. The gray part in
the image is the main Nd-Fe-B phase, and the highlight is the rare-earth rich phase between
Nd-Fe-B layers. Nd-Fe-B particles change into sheets due to endure along the direction
of pressure (arrow in Figure 6a). Figure 6b shows the microstructure of the magnet with
10wt% glass fiber added. The black part is the glass fiber, and the gray part is the Nd-Fe-B
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main phase. The dark area between the glass fiber and the Nd-Fe-B sheet is the transition
layer (dashed blue area in the image).

 
Figure 6. SEM image of hot-deformed magnets, (a) without glass fiber, (b) with 5wt% glass fiber;
(c) partial enlarged drawing of (b,d) EDS line scanning near the transition layer.

EDS line scanning was carried out for the distribution of interface elements between
magnetic powder and glass fiber, and the results are drawn in Figure 6c,d. The Fe element
kept a high element concentration in the Nd-Fe-B phase, and the concentration decreases
step-by-step as the distance approaches the magnetic powder interface. The variation
tendency of Nd element concentration is consistent with that of the Fe element. Never-
theless, the mutation occurs in eutectoid tissue, where the Nd element concentration is
more than that of Fe element at this mutation position. The Si element, on the contrary,
whose concentration emerges gradually, decreases from glass fiber to the Nd-Fe-B phase
until the Nd element is in the position of the mutation. The Ca element concentration is
almost the same as Si element concentration, with only a small change, simultaneously, and
simultaneously disappeared until the Nd element reached the position of the mutation.

According to energy spectrum analysis, the Si element is present in all interface
reaction regions, indicating that the Si element is capable of a wide range of diffusion
phenomena. Xu et al. [18] investigated the corrosion of Ni-based alloys with various
elements added by molten glass and discovered that the metal elements in the alloy could
reduce the Si element from glass. Its reduction reaction is:

Si4++4e → Si0 (1)

The Fe element is enriched at the forefront of the interfacial reaction, indicating that it
was the first to participate in the reaction process. In their studies on the interface reaction
between Kovar alloy/Invar alloy and glass, Luo et al. [19] and Khachatryan et al. [20]
discovered that FeO, Fe3O4, and Fe2O3 can be formed sequentially as the O concentration
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changes. These products can react with the glass indefinitely, eventually forming the
Fe2SiO4 phase. As a result, Fe oxidation occurs because:

Fe0 − 2e → Fe2+ (2)

Fe2+ − e → Fe3+ (3)

Finally, the interface reaction process at the forefront of the interface between magnetic
particle and glass fiber should begin with the contact of the surface of the magnetic particle
and glass fiber, and the elements on both sides should begin to diffuse. Because the Fe
element is the first to participate in the reaction, FeO, Fe3O4, and Fe2O3 are produced
sequentially. Furthermore, the CaFe(Si2O6) phase is formed in the glass fiber by combining
with the CaO, and the reduced Si element diffuses into the magnetic particles. The precise
equation is:

Fe0 − 2e → FeO (4)

Fe2+−e → Fe2O3 (5)

Fe2O3+FeO → Fe3O4 (6)

Fe3O4+SiO2 → Fe2SiO4+O2 (7)

Fe2SiO4+CaO + SiO2 → CaFe(Si2O6) (8)

Si4++4e → Si0 (9)

It should be pointed out that in this reaction, the O element will be released, so the O
element will also diffuse into the interior of the magnetic particle.

As previously stated, the O element was released during the reaction process. Because
of the higher activity of RE elements, the Nd element began to combine with the O element
at this point to form the Nd2O3 RE-rich phase. This reaction consumes the released O
element, and the Fe element that has diffused with it must be diffused further into the glass
fiber to keep the reaction going. This explains why there is a mutation in the concentration
of Nd elements in this region. The precise equation is:

Nd + O → Nd2O3 (10)

In the preparation process of the thermal deformation magnet, the glass fiber was
added to the magnetic particle interface reaction, forming a variety of reaction products,
and through analysis of the three sections, there was no doubt that the interface reaction
between the magnetic particle and the glass fiber was controlled by the diffusion process.
At the forefront of the interface, the Fe element substituted the Si element in the glass fiber,
forming a series of oxides, for instance, that eventually reacted with each other and formed
the CaFe(Si2O6) phase. Analysis of the energy spectrum near the interface indicates that
the concentration of the Nd element increases abnormally before the Fe-rich zone, and the
Nd element can hardly diffuse through the CaFe(Si2O6) phase, just like a wall blocking the
diffusion direction of the RE element. Similarly, the Ca element does not spread beyond the
Fe-rich zone into the interior of the magnetic powder. It is inferred that the glass fiber that
was added has an important role to form a “Fe-rich wall”, which can effectively block the
“leakage” of RE elements from the main-phase grains. This phenomenon can be applied in
the process of the diffusion of heavy RE elements in the magnet, or to regulate the diffusion
of heavy RE elements into the magnet.
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In the above process, CaO and SiO2 decomposed from glass fiber will be pushed
into the narrow grain boundary with the softening flow of glass fiber, more fully isolating
the ferromagnetic coupling between the main grains, and oxides have a good insulation
effect, so the diffusion reaction between the glass fiber and magnetic powder can lead to an
increase in resistivity.

The structure of the above experimental magnets is shown in Figure 3. The black
area is glass fiber, the bright white area is the rare-earth rich phase precipitated during the
preparation of the magnets, and the gray part is the Nd-Fe-B phase. With the increase in
glass fiber addition, the distribution of black glass fiber gradually changed from sporadic
distribution to continuous distribution. According to the design of the orthogonal experi-
ment, Figure 7a–c show the morphology of glass fiber with 2 wt.% addition. Due to the
small amount of addition, glass fiber is less distributed among Nd-Fe-B grain lamellas and
scattered in the matrix structure. Figure 7d–f show the morphology of the glass fiber with
the additional amount of 5 wt.%. It can be seen that with the increase in the addition, the
distribution of the glass fiber between Nd-Fe-B laminates increases, and, thus, the resistivity
of the magnet increases. However, it can be seen that due to the insufficient addition, there
is still a large area uncoated between the Nd-Fe-B lamellae. When the addition amount
reaches 10 wt.%, as shown in Figure 7g–i, the glass fiber has formed a relatively complete
coating layer, and so the resistivity of this group of samples is, relatively, the highest.

Figure 7. Sample morphology of orthogonal experiment, (a–i) experiments 1–9, respectively.

By comparing different deformation temperatures, Figure 7a,f,h is 850 ◦C. Due to
the low temperature, the magnetic particle deformation degree is small, the glass fiber
deformation degree is also insufficient, and the glass fiber aggregates in the magnet. With
the increase in deformation temperature, that is, Figure 7b,d,i are the morphologies at
870 ◦C, and Figure 7c,e,g are the morphologies at 890 ◦C. The analysis shows that the defor-
mation of the grain increases gradually, while the aggregation of the glass fiber decreases,
indicating that the glass fiber is also deformed in the process of thermal deformation and is
squeezed into the grains to form the coating layer. Compared with 9 groups of experimental
samples, sample no. 7 (Figure 7g) has the best coating effect, a large deformation degree,
uniform distribution of tissue, and, therefore, the highest resistivity.

Figure 8 shows the schematic of the preparation process of the magnets with glass
fiber. Based on the microstructure, glass fibers are fully embedded around the magnetic
particles and maintain the original particle shape during the hot-pressed process. After
being hot-deformed, the magnetic flakes change into thin sheets and distribute in parallel
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to the direction of pressure. The glass fiber particles aggregate with each other and form
a thin sheet distributed among the magnetic sheets, effectively separating the magnetic
flakes. Moreover, there is a transitional layer at the contact surface between the glass fiber
and the magnetic sheets, indicating that there is a mutual diffusion of elements between
the two, forming a new phase. Therefore, the magnetic flakes and the glass fiber can be
firmly bonded together, thus effectively avoiding the isolation failure caused by peeling,
which is beneficial for improving resistivity.

Figure 8. Schematic of the preparation process of the magnets with glass fiber.

With increasing additions of the glass fiber, the intensity of the main-phase peaks
decreases; nevertheless, the intensity of the main-phase peak (006) is abnormal in Figure 4h.
There is no doubt that the orientation degree (I(006)/I(105)) increased dramatically, which
means that the orientation of the magnet is improved. This is due to the glass fiber
collaborative deformation with Nd-Fe-B powders during the hot deformation process.
According to Zhu’s theory [21], the grains of magnetic powders slide and rotate in the
thermorheological process. Softened glass fiber acts as a lubricant in the gaps of the Nd-
Fe-B powders, and the grains of the Nd-Fe-B powders are more likely to slide and rotate
under the action of external force, as shown in Figure 9.

Figure 9. Diagram of the deformation with and without lubrication.

In contrast to other insulating materials, adding amorphous glass fiber to the magnet
greatly improves the resistivity. Shen [22] calculated and simulated the relationship between
eddy current loss and the resistivity of magnets by FEA models. As shown in Figure 10,
the relationship between the resistivity of a magnet and the reduction of the eddy current
losses in magnets was shown. It should be pointed out that pu (per unit) is the resistivity of
sintered Sm2Co17 magnets (8.503 × 10−2 mΩ·cm). The resistivity of the magnet prepared
in this work is 85 times that of the one in Figure 10. This means that eddy current losses are
reduced by at least two thirds, relative to the magnets that have not been treated with high
resistivity. Therefore, the addition of the amorphous glass fiber magnet can reduce eddy
current loss very effectively.
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Figure 10. Magnet resistivity vs. reduction of eddy losses in magnets, where pu (per unit) is the
resistivity of sintered Sm2Co17 magnets (8.503 × 10−2 mΩ·cm), and take the loss of one-time unit as
100%. Data from [22].

5. Conclusions

We have shown that the highest resistivity of the obtained magnet was 7.2 mΩ·cm,
which is almost 18 times as high as that of the magnet without additions and 25 times higher
than that of the nano-silica layer coating Nd-Fe-B magnets. Thus, the eddy current loss of
the magnets can be effectively reduced. The continuous coating between the glass fibers
and magnet particles is diffusion controlled, which can effectively prevent the incomplete
coating phenomenon caused by the peeling of the coating during thermal deformation.
At the same time, the analysis results show that the addition of glass fibers can improve
the deformation ability of the magnet and thus improve the orientation of the magnet.
This work proves that adding amorphous glass fiber is an effective means for improving
the resistivity of magnets. The novel design concept of insulation materials provides new
insight into the development and application of rare earth permanent magnet materials.
Furthermore, the search for additives that can substantially improve the resistivity with an
enhanced magnetic energy product should be considered in future work.
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Abstract: The inter-critically reheated grain coarsened heat affected zone (IC GC HAZ) has been re-
ported as one of the most brittle section of high-strength low-alloy (HSLA) steels welds. The presence
of micro-alloying elements in HSLA steels induces the formation of microstructural constituents,
capable to improve the mechanical performance of welded joints. Following double welding thermal
cycle, with second peak temperature in the range between Ac1 and Ac3, the IC GC HAZ undergoes a
strong loss of toughness and fatigue resistance, mainly caused by the formation of residual austenite
(RA). The present study aims to investigate the behavior of IC GC HAZ of a S355 steel grade, with
the addition of different vanadium contents. The influence of vanadium micro-alloying on the mi-
crostructural variation, RA fraction formation and precipitation state of samples subjected to thermal
cycles experienced during double-pass welding was reported. Double-pass welding thermal cycles
were reproduced by heat treatment using a dilatometer at five different maximum temperatures of
the secondary peak in the inter-critical area, from 720 ◦C to 790 ◦C. Although after the heat treatment
it appears that the addition of V favors the formation of residual austenite, the amount of residual
austenite formed is not significant for inducing detrimental effects (from the EBSD analysis the values
are always less than 0.6%). Moreover, the precipitation state for the variant with 0.1 wt.% of V (high
content) showed the presence of vanadium rich precipitates with size smaller than 60 nm of which,
more than 50% are smaller than 15 nm.

Keywords: vanadium micro-alloying; microstructure; residual austenite; precipitation

1. Introduction

Recent developments of high strength low alloyed steels (HSLA) for energy sector
focused on the need to target optimized combinations of strength, toughness, weldability
on industrial scale at affordable prices [1–5]. A similar scenario also applies over other
application sectors (e.g., offshore structural application and shipbuilding) with different
specific requirements, which are set as a function of technological and exercise needs [6].
Vanadium, due to its own thermodynamic and kinetic ability to precipitate in form of
carbide and nitride, is considered a key element in the metallurgical design of modern
HSLA steels [7–9], as it enables efficient and cost-effective solution across a broad range of
applications [10–13]. For example, in high strength-high toughness steels for pipelines, the
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increase in the available strength level up to X80–X100 grade of line pipe steels, promoted
in the latest decades, has produced economic advantages estimated in the billion-dollar
range [14].

The evolution of the effect of microalloying on the microstructure and the properties of
a girth weld is challenging as this depends on the number of inter-correlated metallurgical
phenomena correlated to the steel chemical composition and the welding processing
conditions [15–17].

Despite the importance of microalloying for the development of high strength steels
with increased toughness, a decay of material properties in girth welded joints is reported
in literature [18] which has limited an excessive use of microalloying.

Thermal cycles experienced during welding have a large impact on equilibrium set
between high strength and high toughness in HSLA steels as these cycles are the main
cause of toughness loss in the heat affected zone (HAZ).

Welds and heat-affected zones are critical when considering structural integrity, specif-
ically, fracture and fatigue properties [19,20]. Weld design in thicker gauge plates requires
consideration of the time required to perform the weld, which is partially controlled
through the heat input. With the aim of saving time, reducing component manufacturing
costs, and improving efficiency, high heat input welding technology has been widely used.

Historically, the lowest toughness was expected in the grain coarsened heat affected
zone (GC HAZ), which is the part of the HAZ closest to the welding fusion line [21–24].
During welding, the GC HAZ experiences peak temperatures up to the melting point,
followed by rapid cooling. The high temperatures can lead to significant austenite grain
coarsening [25], the combination of a coarse austenite grain size and rapid cooling promotes
brittle microstructures, which contain high proportions of ferrite side-plates and bainite [26].

In recent years, it has been found that the most degraded part in the HAZ is the inter-
critically reheated grain coarsened HAZ (IC GC HAZ), which is the region of the GC HAZ
reheated to temperatures between the Ac1 and Ac3 by subsequent welding passes [27].
During the inter-critical thermal cycle, partial transformation to austenite occurs, particu-
larly where austenite stabilizers, such as carbon or manganese, are segregated in the initial
microstructure [28]. These areas include pearlite/bainite colonies. When cooling, these
high carbon regions transform into pearlite/bainite or residual austenite (RA) depending
on the hardenability of the austenite and cooling rate [29]. The presence of RA phase is
generally regarded as the major factor which reduces the HAZ toughness [30,31].

However, it is also reported that the loss in toughness is not just due to the presence of
RA phase, but is related to the distribution and morphology of the RA constituent, and the
matrix microstructure. Cui et al. [32] reported that block residual austenite significantly
deteriorates impact toughness of super-critical reheated coarse grain heat affected zone
(SC CGHAZ).

Niobium is commonly added to enhance the strength of HSLA steels. However, under
welding conditions, niobium adoption shows detrimental effect on the HAZ toughness,
although its effect is strongly dependent on heat input [33]. At medium to high heat
input despite a precipitation hardening effect via Nb(C,N), niobium has a detrimental
influence on the fracture toughness of GC HAZ. Niobium reduces the grain boundary
ferrite formation and promotes the nucleation of coarse structure of ferrite with aligned
RA resulting in increased mechanical properties. A small addition of niobium suppresses
ferrite nucleation at prior austenite grain boundaries and increase the volume fraction
of either martensite or bainite. Previous studies reported that the major advantages of a
niobium addition, i.e., the grain refinement and the resultant improvement of base metal
mechanical properties, appear to be outweighed by the detrimental effects of martensite
formation, when the steel plates are welded [34].

On the other hand, vanadium leads to grain refinement and precipitation strength-
ening to HSLA steels. The effect of vanadium on the GC HAZ microstructure is quite
different from that of niobium. Vanadium has a beneficial effect on the toughness of the
GC HAZ, because it reduces the bainitic colony size and, due to the low misfit between
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vanadium nitrides (VN) and ferrite in comparison with other types of inclusions, promotes
intragranular nucleation of acicular ferrite [20,35].

Moreover, alloying associated with the precipitate formation is an important consider-
ation in weld design to achieve desirable microstructures in the HAZ [36]. For instance,
Zajac et al. [37] performed HAZ simulations on 25 mm-thick HSLA plates (Fe-0.09%C-
1.4%Mn-0.08%V-0.010%Ti-xN) with low (0.003%N) and high (0.013%N) nitrogen contents.
They showed that for the high nitrogen steel, intragranular forms for a wider range of
cooling rates as compared to the low nitrogen steel. In contrast, in high nitrogen steel for
the high heat input (slowly cooled) conditions, a significant fraction of coarse ferrite grains
forms at the austenite grain boundaries, which leads to poorer toughness compared to the
low nitrogen steel. Zajac et al. [37] interpreted that the increased fraction of coarse grain
boundary ferrite was associated with V(C,N), the amount of which would likely be in-
creased during slow cooling; it should be noted that the mechanism for V(C,N) to accelerate
the formation of grain boundary ferrite is not clearly discussed in the study. Zajac et al. [37]
also pointed out that the precipitation status, which depends on the peak temperature in
HAZ simulation, influences austenite grain size and amount of ‘free’ nitrogen, both of
which affect phase transformations upon cooling.

Hu et al. [38] and Wu et al. [39] showed that V(C,N) with sizes between 20–30 nm
were not detrimental on impact toughness because of their small sizes.

Following the above mentioned latest developments, the influence of vanadium on
the toughness and fatigue resistance of the IC GC HAZ is not fully understood and requires
further investigation. To understand the effective resistive behavior due to the addition of
vanadium in the IC GC ZTA of a welded joint, it is first of all considered appropriate to
investigate the real effect of the alloying elements on the microstructural characteristics.

In this regard, this study aims to assess the effect of vanadium alloying on material
properties (in terms of microstructural constituent variation, RA formation and precipita-
tion state) of an S355 steel (EN10025-2), when subjected to welding-representative thermal
cycles in the IC GC HAZ.

2. Materials and Methods

S355 steel grade (EN10025-2) plates for structural application were manufactured by
Vacuum Induction Melting (VIM) plant in the form of three 80 kg ingots (diameter 120 mm)
in four variants, including its base reference. The nominal chemical composition of the
considered steels are reported in Table 1.

Table 1. Nominal chemical composition of the considered steels (wt.%) (Fe to balance).

C Mn V Si Nb

Reference material 0.16 1.45 - 0.03 -
Variant I 0.16 1.45 0.05 0.03 -
Variant II 0.16 1.45 0.10 0.03 -
Variant III 0.16 1.45 0.03 0.03 0.02

The ingots have been hot rolled down to 16 mm thickness in 10 passes. The steels
chemical compositions to be investigated were designed in order to have a Carbon Equiva-
lent Content (Ceq) value lower than 0.42%, according to International Institute of Welding
(IIW) Equation (1), as a function of weight percentage (%) [40]:

Ceq = % C +
% Mn

6
+

% Cr + % Mo + % V
5

+
% Cu + % Ni

15
(1)

The hot rolled microstructures are reported in Figure 1 after 2% Nital etching. Starting
from the hot rolled material, cylindrical specimens (10 mm in length, 4 mm in diameter)
were machined to be heat treated in controlled conditions by using a dilatometer. The IC
GC HAZ thermal cycles, in accordance with Figure 2, were designed to simulate a double
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pass submerged arc welding process with heat input of 2.5 kJ/mm in 16 mm thick plate [41].
The initial temperature of the first pass was assumed at the room temperature (25 ◦C) while,
for the second pass, the value was set to 150 ◦C. Because of the technological limitations
of the dilatometer, the samples were heated up to 1100 ◦C with a heating rate of 100 ◦C/s
whilst the holding time was set at 3 s. The cooling profile was set in order to guarantee
the cooling time between 800 ◦C and 500 ◦C (t8/5) of about 25 s [41,42]. The second peak
of weld conditions, with a peak temperature in the inter-critical zone, was selected by
considering the values of critical temperature Ac1 and Ac3. In fact, these temperatures,
obtained by dilatometric test, were reported in Table 2 and they are dependent on steel
variants. Ac1 and Ac3 can be estimated through empirical equations taking into account
the alloy elements [43]. However, in this study Ac1 and Ac3 were assumed equal to
715 ◦C and 815 ◦C respectively so that the peak temperature of the second pass was in the
inter-critical zone for all steel variants. Therefore, the heat treatments were designed with
the aim to reproduce different microstructures corresponding to different positions of the
HAZ in a welded joint. In particular, the inter-critical zone of the second welding pass has
been simulated with five different peak temperatures: 720, 735, 750, 775 and 790 ◦C (see
Figure 2).

Figure 1. Hot rolled material (2% Nital etching) ((a) Reference material, (b) Variant I, (c) Variant II,
(d) Variant III).

In order to investigate the presence of residual austenite (RA) and to define the most
suitable methodology to assess the RA presence in the considered steels after the heat
treatment, three different methods have been applied: X-ray Diffraction (XRD), Electron
Backscattered Diffraction (EBSD), and LePerà selective etching. XRD analysis was carried
out by using a Smartlab Rigaku diffractometer equipped with Cu kα source radiation and
a D/teX Ultra 250 SL detector, operated at 40 kV and 30 mA in continuous mode in the
angular range 30–110 2θ degree. The automated sample alignment routine has been used.
EBSD measurements were performed with the aim to detect the presence and position of
RA islands, by means of a field emission gun scanning electron microscope (FEG-SEM)
(Ultra-Plus Carl-Zeiss-Oberkochen, Jena, Germany) equipped with an EBSD detector (C
Nano Oxford Instruments, Stockholm, Sweden), using a 0.1 μm scanning step size. RA
was revealed by building up phase maps, taking into account both face-centered cube (fcc)
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and body-centered cube (bcc) phases: automatic image analysis of such maps allowed to
determine RA volume fraction.

Figure 2. Experimental thermal profiles as acquired by thermocouples as obtained by dilatometry.

Table 2. Critical temperature Ac1 and Ac3 evaluated by means of dilatometric test.

Ac1 (◦C) Ac3 (◦C)

Reference material 715 825
Variant I 712 820
Variant II 715 845
Variant III 700 815

LePerà solution (1 g H2S2O5 + 100 mL H2O + 4 g C6H3N3O7 + 100 mL C2H5OH)
for about 60–90 s was conducted for selective etching. The microstructure was then
analyzed by optical microscopy (OM) (Eclipse LV150 NL, Nikon, Tokyo, Japan) whilst the
image analysis was performed using dedicated software (AlexaSoft, X-Plus, serial number:
6308919690486393, Florence, Italy), in order to determine the RA fraction. The procedures
were performed on low magnification image and on three different fields: the RA %
reported refers to the average of three values. Vickers hardness tests were made by means
of a HV50 (Remet, Bologna, Italy) instrument by using a load of 10 kg. Three hardness tests
were performed on each sample. Precipitation state was analyzed by transmission electron
microscope (TEM) on extraction replica specimens. The observations were performed with
a JEOL 200CX transmission electron microscopy (JEOL Ltd., Tokyo, Japan). The analysis
was carried out over a significant area, evaluating the chemical composition (by means of
EDX analysis) and the average size of the precipitates, within a limit of 50 precipitates for
each sample analysed.

3. Results and Discussions

3.1. Microstructure and Hardness

The microstructural evolution detected by SEM for all the considered steels subjected
to heat treatments (as shown in Figure 2) is reported in Figures 3–6.

Moving from 790 ◦C to 720 ◦C the microstructure changes from ferrite-perlite to bainite,
regardless the chemical composition, as confirmed by EBSD pole figure maps, reported in
Figures 7–10. This demonstrated that the formation of certain microstructural constituent,
after welding thermal cycles, is not sensitive to micro-alloying addition in the selected
ranges (V up to 0.10% and V-Nb addition up to 0.05%). Moreover, it is visible that Variant
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II shows the smallest and more uniform grain size among all the other variant for a peak
temperature of 790 ◦C.

Figure 3. Microstructures as obtained by dilatometric cycles (reference material).

Figure 4. Microstructures as obtained by dilatometric cycles (variant I).
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Figure 5. Microstructures as obtained by dilatometric cycles (variant II).

Figure 6. Microstructures as obtained by dilatometric cycles (variant III).
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Figure 7. EBSD polar figure maps of specimens subjected to dilatometric cycles (reference material).

Figure 8. EBSD polar figure maps of specimens subjected to dilatometric cycles (variant I).
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Figure 9. EBSD polar figure maps of specimens subjected to dilatometric cycles (variant II).

Figure 10. EBSD polar figure maps of specimens subjected to dilatometric cycles (variant III).
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Figure 11 shows the quantification of high angle grain boundaries (HAGBs %)
(φ > 10◦), obtained by EBSD analysis, for each condition. The tendency of all the variants,
except for Reference material, is to increase HAGBs fraction with the increase of the inter-
critical temperature. Variant II has the highest fraction of HAGBs in comparison to other
variants. At the same time, Variant I shows the same trend of Variant II and exhibits higher
fraction of HAGBs in comparison to Variant III, except for 735 ◦C and 790 ◦C. This suggests
that, in regards to the HAGBs fraction, Variant II is expected to show the highest fatigue
and toughness performance, since these grain boundaries type are responsible for a higher
deflection of cracks during a fatigue cycle and an obstacle to cleavage propagation [44–46].

Figure 11. High-angle grain boundaries quantification (HAGBs %) (φ > 10◦) for each condition.

The hardness dependence of all the considered variants as a function of the inter-critical
temperature is reported in Figure 12. As expected, after welding thermal cycle, for each
steel variant there is an increase of hardness value compared to hot rolled state. Moreover,
while the reference material appears to be independent on the tested temperature, Variant I
is subjected to a hardness loss starting from a hardness value approximately similar to that
of the reference material. A clear effect of micro-alloying is reported for Variant II (0.10% V)
and Variant III (0.03% V–0.02% Nb). These results show that an increase in the inter-critical
temperature leads to a decrease of hardness. Typically, at a fixed inter-critical temperature
of 720 ◦C an increase by approximately 30 Vickers points of each variant in comparison to
its initial value in hot rolled state is present. For a temperature of 790 ◦C, Variant I kept
the same hardness, Reference material experienced an increase of 30 Vickers points, while
Variant III and Variant II experience an increase of hardness by 20 Vickers points. These
results are consistent with the ones published by [47,48].

In particular, both for Variant II and for Variant III, a peak of hardness at 735 ◦C is
evident and the nature of this behavior can be attributed to both the presence of residual
austenite and a different precipitation state. A desired strengthening of the steels due to
formation of the residual austenite would be detrimental in terms of toughness [30,31].
Otherwise, an adequate state of precipitation (fine and homogeneously dispersed precipi-
tates) would ensure the strengthening and, at the same time, a better fatigue behavior [49].
The investigation of these aspects (RA and precipitation state) has been conducted and is
illustrated in the Sections 3.2 and 3.3.
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Figure 12. Hardness dependence on inter-critical temperature for the different considered materials.

3.2. Residual Austenite

In order to evaluate the RA content on the above considered specimens, XRD patterns
have been acquired. Results reported in Figure 13 for the reference material and for Variant
III show no evidence of variation between the different conditions, since the RA fraction
is low enough to stand below the intrinsic sensibility threshold of the technique (equal to
about 1 wt.%). Therefore, X-ray diffraction technique showed to be not suitable for RA
determination in HAZ for the considered set of samples.

Figure 13. XRD spectra for reference material (a) and variant III (b) as a function of second tempera-
ture peak.

RA content has also been evaluated by the analysis of phase maps as obtained by
EBSD (Figures 14–17).
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Figure 14. EBSD phase maps. Red zones: RA phase (reference material).

Figure 15. EBSD phase maps. Red zones: RA phase (variant I).
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Figure 16. EBSD phase maps. Red zones: RA phase (variant II).

Figure 17. EBSD phase maps. Red zones: RA phase (variant III).
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Quantitative optical microscopy metallography after LePerà selective etching has been
applied to the same specimens and the micrographs referring to Variant I and Variant II are
shown as an example in Figures 18 and 19.

Figure 18. Microstructures of the considered specimens after LePerà etching. Red zones: RA phase
(Variant I).

Figure 19. Microstructures of the considered specimens after LePerà etching. Red zones: RA phase
(Variant II).
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RA fractions as a function of second peak temperature for the considered steels are
reported in Figure 20, as obtained by the analysis of EBSD phase maps (Figure 20a) and by
optical metallography after selective etching (Figure 20b), giving scope for a comparison.
RA % values as obtained by light microscopy analysis after selective etching appears to be
higher in magnitude than those by crystallographic information given by EBSD. Moreover,
the reference material shows more residual austenite than the rest of the variants in the
selective etching technique. Such a result, not predicted, is already mentioned in literature
(e.g., [18]) and it is related to the fact that the selective etching could partially affect some
zones neighboring the austenite areas, together with some limitations in the measurements
accuracy. Therefore, although the EBSD technique applies for smaller investigation areas,
it is still more accurate for evaluating RA % values compared to selective etching. As a
consequence, the values obtained by analyzing the EBSD phase maps were considered
more reliable. However, the capability of observing an extended area by optical microscopy
enables the estimation of localization and distribution of residual austenite. In fact, as
shown in Figures 18 and 19, the constituent RA is arranged along bands, precisely in
correspondence with the segregated areas of the original microstructure (Figure 1), where
the stabilizing elements of austenite (such as C of Mn) are more concentrated [28]. It is also
worth to mention that the RA values determined by means of EBSD technique are well
below the X-ray diffraction threshold (equal to 1 wt.%), thus confirming the unsuitability
of such a technique in the analysis of RA content in inter-critical zones of welded joints
of considered steels. Furthermore, taking each steel variant as a separate reference, RA
values shown in Figure 20 prove that the temperature of the second peak does not seem to
influence the content of RA regardless of the technique used (either EBSD or LePerà selective
etching). In this regard it is useful to consider these two methods as complementary, EBSD
to determine the numerical value and LePerà selective etching method to give a localization
overview of RA in HAZ of welded joint. Moreover, the experimental results of RA %
obtained by EBSD technique (Figure 20a) show that V addition promotes the formation of
residual austenite in agreement with [33]. However, there is no evidence that such low RA
contents which were determined can be considered responsible for the hardness behavior
reported in Figure 10. In this regard, in order to understand the hardness peak at 735 ◦C
shown in Figure 10, the analysis of the precipitation state conducted by TEM is reported in
the Section 3.3.

Figure 20. Quantified RA % with EBSD phase maps (a) and selective etching (b) as a function of the
second peak temperature for the different considered steels.
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3.3. Precipitation State

Precipitation state analysis has been performed on selected specimens corresponding
to the highest hardness values, according to Figure 12, in order to focus on the most critical
scenario on toughness and fatigue behavior perspective. In this paragraph, the analysis
of the Variant II (0.10% V) and Variant III (0.03% V and 0.02% Nb) with second peak
temperature in the inter-critical range at 735 ◦C is reported. Analysis of Variant II specimen
shows the presence of cementite regions (as expected) (Figure 21) and others with very fine
V-rich precipitates in the matrix (Figures 22 and 23). The precipitates size distribution is
reported in Figure 24, taking into account the chemical composition of precipitates. Results
show that V-rich precipitates range sizes is below 60 nm (vanadium content in largest
precipitates is lower than 0.5% as compared to a value larger than 30% for the precipitates
smaller than 60 nm). In addition, more than 50% of V-rich precipitates have a size below
15 nm. This means that in such a condition vanadium addition does not appear to be
critical in terms of fatigue resistance, as it would be expected in the case of its presence in
largest precipitates [50].

Similarly, the analysis of Variant III shows the presence of cementite (Figure 25) and
areas with precipitates rich in Nb-V (Figure 26) and Nb (Figure 27). However, in this specific
case, the distribution of the frequency of the size of the precipitates (Figure 28) shows a
different behavior of the precipitation, compared to Variant II. V is always present combined
with Nb, in precipitates smaller than 90 nm, whereas the larger precipitates, which size is
up to 250 nm, are only rich in Nb. Furthermore, only 30% of the precipitates of Nb-V are
smaller than 15 nm in size, evidencing that the combination of V and Nb micro-alloying
could compromise the fatigue performance in the HAZ of a welded joint [51].

Figure 21. TEM micrograph of Variant II steel after inter-critical treatment with second peak tempera-
ture at 735 ◦C. Highlighted are the areas of cementite.
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Figure 22. TEM micrograph of Variant II steel after inter-critical treatment with second peak tempera-
ture at 735 ◦C. Highlighted are the fine V-rich precipitates in the matrix.

Figure 23. TEM micrograph detail of Variant II steel after inter-critical treatment with second peak
temperature at 735 ◦C. Highlighted are the fine V-rich precipitates in the matrix.
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Figure 24. Precipitates size distribution (Variant II, 735 ◦C).

Figure 25. TEM micrograph of Variant III steel after inter-critical treatment with second peak temper-
ature at 735 ◦C. Highlighted are the areas of cementite.
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Figure 26. TEM micrograph of Variant III steel after inter-critical treatment with second peak temper-
ature at 735 ◦C. Highlighted are the Nb-V rich precipitates in the matrix.

Figure 27. TEM micrograph of Variant III steel after inter-critical treatment with second peak temper-
ature at 735 ◦C. Highlighted are the Nb rich precipitates in the matrix.
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Figure 28. Precipitates size distribution (Variant III, 735 ◦C).

4. Conclusions

The behavior of the inter-critical region of a S355 grade steel with different vanadium
content is reported in this paper. Double-pass welding thermal cycles were simulated using
a dilatometer, with the maximum temperature of the secondary peak in the inter-critical
area, in the range between 720 ◦C and 790 ◦C.

• Results show a negligible effect of vanadium addition on steel hardenability: this
is consistent with a poor dependence of the microstructure type on steel chemical
composition (in the considered variation range) taking into account the same inter-
critical temperature.

• A low residual austenite value is found in combination with an increase of residual
austenite content as the micro-alloying content increases. This result is independent
on the inter-critical temperature and is consistent with the negligible effect on harden-
ability. EBSD technique has shown being more accurate in the quantification of RA
fraction than selective etching in small areas, being consistent with them.

• HAGBs fraction, except for reference material, increase with the increase of inter-
critical temperature for all the variants. The Variant II with high V content (0.1 wt.%)
shows the highest HAGBs fraction for all the temperatures, which is expected to
improve the fatigue and toughness behavior.

• Vanadium micro-alloying promotes the formation of very fine precipitates in the IC
GC HAZ. Results also show that V-rich precipitates size is below 60 nm with more
than 50% of V-rich precipitates having a size below 15 nm. This means that vanadium
addition in such a condition does not appear to be critical in terms of fatigue resistance,
as it would be expected in the case of its presence in largest precipitates. On the other
hand, from the combination of V and Nb, the results of the analysis of the precipitates
showed that V is present in precipitates smaller than 90 nm and combined with Nb
and only 30% of the Nb-V precipitates have a size smaller than 15 nm. Furthermore,
the precipitates with size larger than 90 nm are purely Nb, which is compromising for
fatigue behavior.

In conclusion, in this work it has been demonstrated that vanadium addition in HSLA
steel does not lead to the formation of a significant percentage of residual austenite in
IC GC HAZ of a double-pass welding process. The combination of a more fine-grained
microstructure, higher fraction of HAGBs and the formation of fine precipitates, can
be promising for the improvement of fatigue and toughness behavior. This makes the
adoption of high strength vanadium micro-alloyed steels very promising in structural
applications, also enabling the use of a reduced quantity of raw-materials, hence mitigating
the environmental impact of the resulting formulations.

202



Materials 2023, 16, 2897

Author Contributions: G.S.: Conceptualization, Methodology, Formal analysis, Investigation,
Writing—original draft preparation, Writing—review and editing, A.T.: Conceptualization, Methodol-
ogy, Writing—review and editing, Supervision, D.M.G.: Investigation, Writing—review and editing,
M.M.: Investigation, Writing—review and editing, R.S.: Conceptualization, Methodology, Writing—
review and editing, Supervision, M.S.: Investigation, Writing—review and editing, C.T.: Investigation,
Writing—review and editing, G.Z.: Investigation, Writing—review and editin, Supervision, A.D.S.:
Conceptualization, Methodology, Formal analysis, Writing—original draft preparation, Writing—
review and editing, Supervision. All authors have read and agreed to the published version of
the manuscript.

Funding: This research was funded by Vantage Alloys AG, Zug, Switzerland.

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: The data presented in this study are available on request from the
corresponding author.

Acknowledgments: Authors thank Dario Venditti (RINA Centro Sviluppo Materiali SpA) for
TEM analysis.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Kim, D.W.; Yang, J.; Kim, Y.G.; Kim, W.K.; Lee, S.; Sohn, S.S. Effects of Granular Bainite and Polygonal Ferrite on Yield Strength
Anisotropy in API X65 Linepipe Steel. Mater. Sci. Eng. A 2022, 843, 143151. [CrossRef]

2. Roy, S.; Romualdi, N.; Yamada, K.; Poole, W.; Militzer, M.; Collins, L. The Relationship Between Microstructure and Hardness in
the Heat-Affected Zone of Line Pipe Steels. JOM 2022, 74, 2395–2401. [CrossRef]

3. Stornelli, G.; Di Schino, A.; Mancini, S.; Montanari, R.; Testani, C.; Varone, A. Grain Refinement and Improved Mechanical
Properties of Eurofer97 by Thermo-Mechanical Treatments. Appl. Sci. 2021, 11, 10598. [CrossRef]

4. Stornelli, G.; Gaggia, D.; Rallini, M.; Di Schino, A. Heat Treatment Effect on Maraging Steel Manufactured by Laser Powder Bed
Fusion Technology: Microstructure and Mechanical Properties. Acta Metall. Slovaca 2021, 27, 122–126. [CrossRef]

5. Stornelli, G.; Gaggiotti, M.; Mancini, S.; Napoli, G.; Rocchi, C.; Tirasso, C.; Di Schino, A. Recrystallization and Grain Growth of
AISI 904L Super-Austenitic Stainless Steel: A Multivariate Regression Approach. Metals 2022, 12, 200. [CrossRef]

6. Lo, K.H.; Shek, C.H.; Lai, J.K.L. Recent Developments in Stainless Steels. Mater. Sci. Eng. R Rep. 2009, 65, 39–104. [CrossRef]
7. Benz, J. The Effect of Vanadium and Other Microalloying Elements on the Microstructure and Properties of Bainitic HSLA Steels.

Mater. Sci. Technol. Conf. Exhib. 2017, 1, 490.
8. Fazeli, F.; Amirkhiz, B.S.; Scott, C.; Arafin, M.; Collins, L. Kinetics and Microstructural Change of Low-Carbon Bainite Due to

Vanadium Microalloying. Mater. Sci. Eng. A 2018, 720, 248–256. [CrossRef]
9. Baker, T.N. Microalloyed Steels. Ironmak. Steelmak. 2016, 43, 264–307. [CrossRef]
10. Di Schino, A.; Gaggiotti, M.; Testani, C. Heat Treatment Effect on Microstructure Evolution in a 7% Cr Steel for Forging. Metals

2020, 10, 808. [CrossRef]
11. Tian, Y.; Zhao, M.C.; Zeng, Y.P.; Shi, X.B.; Yan, W.; Yang, K.; Zeng, T.Y. Elimination of Primary NbC Carbides in HSLA Steels for

Oil Industry Tubular Goods. JOM 2022, 74, 2409–2419. [CrossRef]
12. Li, X.; Cai, Z.; Hu, M.; Li, K.; Hou, M.; Pan, J. Effect of NbC Precipitation on Toughness of X12CrMoWNbVN10-1-1 Martensitic

Heat Resistant Steel for Steam Turbine Blade. J. Mater. Res. Technol. 2021, 11, 2092–2105. [CrossRef]
13. Mancini, S.; Langellotto, L.; Di Nunzio, P.E.; Zitelli, C.; Di Schino, A. Defect Reduction and Quality Optimization by Modeling

Plastic Deformation and Metallurgical Evolution in Ferritic Stainless Steels. Metals 2020, 10, 186. [CrossRef]
14. Bay, Y.; Bhattacharyya, R.; Mc Cormick, M.E. Use of High Strength Steels. Elsevier Ocean. Eng. Ser. 2001, 3, 353.
15. Narimani, M.; Hajjari, E.; Eskandari, M.; Szpunar, J.A. Electron Backscattered Diffraction Characterization of S900 HSLA Steel

Welded Joints and Evolution of Mechanical Properties. J. Mater. Eng. Perform. 2022, 31, 3985–3997. [CrossRef]
16. Geng, R.; Li, J.; Shi, C.; Zhi, J.; Lu, B. Effect of Ce on Microstructures, Carbides and Mechanical Properties in Simulated

Coarse-Grained Heat-Affected Zone of 800-MPa High-Strength Low-Alloy Steel. Mater. Sci. Eng. A 2022, 840, 142919. [CrossRef]
17. Shi, S.C.; Wang, W.C.; Ko, D.K. Influence of Inclusions on Mechanical Properties in Flash Butt Welding Joint of High-Strength

Low-Alloy Steel. Metals 2022, 12, 242. [CrossRef]
18. Lambert-Perlade, A.; Gourgues, A.F.; Besson, J.; Sturel, T.; Pineau, A. Mechanisms and Modeling of Cleavage Fracture in

Simulated Heat-Affected Zone Microstructures of a High-Strength Low Alloy Steel. Metall. Mater. Trans. A 2004, 35A, 1039–1053.
[CrossRef]

19. Miletić, I.; Ilić, A.; Nikolić, R.R.; Ulewicz, R.; Ivanović, L.; Sczygiol, N. Analysis of Selected Properties of Welded Joints of the
HSLA Steels. Materials 2020, 13, 1301. [CrossRef]

203



Materials 2023, 16, 2897

20. Cho, L.; Tselikova, A.; Holtgrewe, K.; de Moor, E.; Schmidt, R.; Findley, K.O. Critical Assessment 42: Acicular Ferrite Formation
and Its Influence on Weld Metal and Heat-Affected Zone Properties of Steels. Mater. Sci. Technol. 2022, 38, 1425–1433. [CrossRef]

21. Kim, B.C.; Lee, S.; Kim, N.J.; Lee, D.Y. Microstructure and Local Brittle Zone phenomena in High-Strength Low-Alloy Steel Welds.
Metall. Trans. A 1991, 22, 139–149. [CrossRef]

22. Di Schino, A.; Mortello, M.; Schmidt, R.; Stornelli, g.; Tselikiva, A.; Zucca, G. Studio della microstruttura in zona termicamente
alterata di un acciaio S355 microlegato al vanadio. Riv. Ital. Della Saldatura 2023, 75, 7–16.

23. Prasad, K.; Dwivedi, D.K. Some Investigations on Microstructure and Mechanical Properties of Submerged Arc Welded HSLA
Steel Joints. Int. J. Adv. Manuf. Technol. 2008, 36, 475–483. [CrossRef]

24. Kvackaj, T.; Bidulská, J.; Bidulský, R. Overview of Hss Steel Grades Development and Study of Reheating Condition Effects on
Austenite Grain Size Changes. Materials 2021, 14, 1988. [CrossRef] [PubMed]

25. Mengaroni, S.; Cianetti, F.; Calderini, M.; Evangelista, E.; Di Schino, A.; McQueen, H. Tool steels: Forging simulation and
microstructure evolution of large-scale ingot. Acta Phys. Pol. A 2015, 128, 629–632. [CrossRef]

26. Ouchi, C. Advances in Physical Metallurgy and Processing of Steels. Development of Steel Plates by Intensive Use of TMCP and
Direct Quenching Processes. ISIJ Int. 2001, 41, 542–553. [CrossRef]

27. Spanos, G.; Fonda, R.W.; Vandermeer, R.A.; Matuszeski, A. Microstructural Changes in HSLA-100 Steel Thermally Cycled to
Simulate the Heat-Affected Zone during Welding. Metall. Mater. Trans. A 1995, 26, 3277–3293. [CrossRef]

28. Di Schino, A.; Testani, C. Corrosion behavior and mechanical properties of AISI 316 stainless steel clad Q235 plate. Metals 2020,
10, 552. [CrossRef]

29. Lee, S.; Kim, B.C.; Kwon, D. Correlation of Microstructure and Fracture Properties in Weld Heat- Affected Zones of Thermome-
chanically Controlled Processed Steels. Metall. Trans. A 1992, 23, 2803–2816. [CrossRef]

30. Taillard, R.; Verrier, P.; Maurickx, T.; Foct, J. Effect of Silicon on CGHAZ Toughness and Microstructure of Microalloyed Steels.
Metall. Mater. Trans. A 1995, 26, 447–457. [CrossRef]

31. Taillard, R.; Foct, J.; Verrier, P.; Maurickx, T. Residual Austenite and Its Effect on Fracture Toughness of Coarse-Grained Heat-
Affected Zone of H.S.L.A. Steels. In Proceedings of the ESOMAT 1989—Ist European Symposium on Martensitic Transformations
in Science and Technology, Bochum, Germany, 9–10 March 1989; EDP Sciences: Les Ulis, France, 1989; pp. 495–502.

32. Cui, J.; Zhu, W.; Chen, Z.; Chen, L. Microstructural Characteristics and Impact Fracture Behaviors of a Novel High-Strength
Low-Carbon Bainitic Steel with Different Reheated Coarse-Grained Heat-Affected Zones. Met. Mater. Trans. A Phys. Met. Mater.
Sci. 2020, 51, 6258–6268. [CrossRef]

33. Li, Y.; Crowther, D.N.; Green, M.J.W.; Mitchell, P.S.; Baker, T.N. The Effect of Vanadium and Niobium on the Properties and
Microstructure of the Intercritically Reheated Coarse Grained Heat Affected Zone in Low Carbon Microalloyed Steels. ISIJ Int.
2001, 41, 46–55. [CrossRef]

34. Mitchell, P.S.; Hart, P.H.M.; Morrison, W.B. The Effect of Microalloying on HAZ Toughness. In Proceedings of the International
Conference Microalloying, Pittsburgh, PA, USA, 11–14 June 1995; pp. 149–162.

35. Babu, S.S.; Bhadeshia, H.K.D.H. Stress and the Acicular Ferrite Transformation. Mater. Sci. Eng. A 1992, 156, 1–9. [CrossRef]
36. Stornelli, G.; Gaggiotti, M.; Gattia, D.M.; Schmidt, R.; Sgambetterra, M.; Tselikova, A.; Zucca, G.; Di Schino, A. Vanadium alloying

in S355 structural steel: Effect on residual austenite formation in welded joints heat affected zone. Acta Metall. Slovaca 2022, 28,
127–132. [CrossRef]

37. Zajac, S.; Siwecki, T.; Hutchinson, B.; Svensson, L.E.; Attlegård, M. Weldability of High Nitrogen Ti-V Microalloyed Steel Plates
Processed via Thermomechanical Controlled Rolling; Internal Report IM-2764; Swedish Institute for Metals Research: Stockholm,
Sweden, 1991.

38. Hu, J.; Du, L.X.; Wang, J.J.; Xie, H.; Gao, C.R.; Misra, R.D.K. High Toughness in the Intercritically Reheated Coarse-Grained
(ICRCG) Heat-Affected Zone (HAZ) of Low Carbon Microalloyed Steel. Mater. Sci. Eng. A 2014, 590, 323–328. [CrossRef]

39. Wu, H.; Xia, D.; Ma, H.; Du, Y.; Gao, C.; Gao, X.; Du, L. Study on Microstructure Characterization and Impact Toughness in the
Reheated Coarse-Grained Heat Affected Zone of V-N Microalloyed Steel. J. Mater. Eng. Perform. 2022, 31, 376–382. [CrossRef]

40. Kasuya, T.; Yurioka, N. Carbon Equivalent and Multiplying Factor for Hardenability of Steel. Weld. Res. Suppl. 1993, 72, 263.
41. Li, Y.; Baker, T.N. Effect of Morphology of Martensite–Austenite Phase on Fracture of Weld Heat Affected Zone in Vanadium and

Niobium Microalloyed Steels. Mater. Sci. Technol. 2010, 26, 1029–1040. [CrossRef]
42. Qi, X.; Di, H.; Wang, X.; Liu, Z.; Misra, R.D.K.; Huan, P.; Gao, Y. Effect of Secondary Peak Temperature on Microstructure and

Toughness in ICCGHAZ of Laser-Arc Hybrid Welded X100 Pipeline Steel Joints. J. Mater. Res. Technol. 2020, 9, 7838–7849.
[CrossRef]

43. Sun, J.; Hensel, J.; Klassen, J.; Nitschke-Pagel, T.; Dilger, K. Solid-State Phase Transformation and Strain Hardening on the
Residual Stresses in S355 Steel Weldments. J. Mater. Process. Technol. 2019, 265, 173–184. [CrossRef]

44. Díaz-fuentes, M.; Iza-mendia, A.; Gutiérrez, I. Analysis of Different Acicular Ferrite Microstructures in Low-Carbon Steels by
Electron Backscattered Diffraction. Study of Their Toughness Behavior. Metall. Mater. Trans. A 2003, 34, 2505–2516. [CrossRef]

45. Zhao, M.C.; Yang, K.; Shan, Y.Y. Comparison on Strength and Toughness Behaviors of Microalloyed Pipeline Steels with Acicular
Ferrite and Ultrafine Ferrite. Mater. Lett. 2003, 57, 1496–1500. [CrossRef]

46. Rodriguez-Ibabe, J.M. The Role of Microstructure in Toughness Behaviour of Microalloyed Steels. Mater. Sci. Forum 1998, 284–286,
51–62. [CrossRef]

204



Materials 2023, 16, 2897

47. Zhu, Z.; Kuzmikova, L.; Li, H.; Barbaro, F. Effect of Inter-Critically Reheating Temperature on Microstructure and Properties of
Simulated Inter-Critically Reheated Coarse Grained Heat Affected Zone in X70 Steel. Mater. Sci. Eng. A 2014, 605, 8–13. [CrossRef]

48. Moeinifar, S.; Kokabi, A.H.; Madaah Hosseini, H.R. Influence of Peak Temperature during Simulation and Real Thermal Cycles
on Microstructure and Fracture Properties of the Reheated Zones. Mater. Des. 2010, 31, 2948–2955. [CrossRef]

49. Hajisafari, M.; Nategh, S.; Yoozbashizadeh, H.; Ekrami, A. Fatigue Properties of Heat-Treated 30MSV6 Vanadium Microalloyed
Steel. J. Mater. Eng. Perform. 2013, 22, 830–839. [CrossRef]

50. Avtokratova, E.; Sitdikov, O.; Latypova, O.E.; Markushev, M.v.; Linderov, M.L.; Merson, D.L.; Vinogradov, Y.A. Effect of
Precipitates on Static and Fatigue Strength of a Severely Forged Aluminum Alloy 1570C. In Proceedings of the IOP Conference
Series: Materials Science and Engineering, Yekaterinburg, Russia, 13–16 November 2018; Institute of Physics Publishing: Bristol,
UK, 2018; Volume 447.

51. Di Schino, A.; Barteri, M.; Kenny, J.M. Fatigue behavior of a high nitrogen austenitic stainless steel as a function of its grain size. J.
Mater. Sci. Lett. 2003, 22, 1511–1513. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

205





Citation: Najafi, S.; Sheikhani, A.;

Sabbaghian, M.; Nagy, P.; Fekete, K.;

Gubicza, J. Modification of the

Tensile Performance of an Extruded

ZK60 Magnesium Alloy with the

Addition of Rare Earth Elements.

Materials 2023, 16, 2828. https://

doi.org/10.3390/ma16072828

Academic Editors: Andrea Di Schino

and Claudio Testani

Received: 15 March 2023

Revised: 29 March 2023

Accepted: 31 March 2023

Published: 2 April 2023

Copyright: © 2023 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

materials

Article

Modification of the Tensile Performance of an Extruded ZK60
Magnesium Alloy with the Addition of Rare Earth Elements

Soroush Najafi 1, Alireza Sheikhani 1, Mahdi Sabbaghian 1, Péter Nagy 2, Klaudia Fekete 3
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Abstract: The influence of rare earth (RE) elements on the microstructure and mechanical performance
of an extruded ZK60 Mg alloy was studied. Two types of RE elements were added to a ZK60 material
and then extruded at a ratio of 18:1. The first new alloy contained 2 wt% Y while the second one
was produced using 2 wt% Ce-rich mischmetal. The microstructure, the texture, and the dislocation
density in a base ZK60 alloy and two materials with RE additives were studied by scanning electron
microscopy, electron backscattered diffraction, and X-ray line profile analysis, respectively. It was
found that the addition of RE elements caused a finer grain size, the formation of new precipitates,
and changes in the initial fiber texture. As a consequence, Y and Ce-rich RE elements increased the
strength and reduced the ductility. The addition of these two types of RE elements to the ZK60 alloy
decreased the work hardening capacity and the hardening exponent mainly due to grain refinement.

Keywords: ZK60 alloy; rare earth element; dislocation density; texture; work hardening

1. Introduction

Magnesium (Mg) and its alloys are promising materials for automobile or aerospace
applications or also as biodegradable implants. This extensive capability is due to properties
such as low density, high specific strength, good castability, a controllable corrosion rate,
and biocompatibility [1,2]. However, there are poor mechanical features of Mg, e.g., the
low room temperature formability [2,3]. For obtaining the better mechanical behavior
of Mg alloys, various strategies have been developed, such as hot deformation, dynamic
recrystallization (DRX), and alloying with additional elements [3–5]. This study investigates
the latter strategy in a ZK60 Mg alloy.

The ZK60 alloy is one of the most common Mg alloys with acceptable strength and
ductility, in which the main alloying elements are Zn and Zr in concentrations of about
6 and 0.5 wt%, respectively. Hot extrusion of a ZK60 alloy helps to improve the strength
due to grain refinement [4,6]. In hot deformation processes such as extrusion, DRX at grain
boundaries and the formation of twins cause grain refinement [4,7]. Other methods such as
severe plastic deformation (SPD) techniques can also refine the grain structure of a ZK60
alloy. For instance, Fakhar and Sabbaghian reported that applying five passes of repeated
upsetting (RU), as a powerful SPD method, could reduce the grain size of a rolled and
annealed ZK60 alloy from 40 μm to 2.8 μm [8].

Alloying is also an effective way to medicate the mechanical performance of Mg
alloys. It has been reported that the addition of rare earth (RE) elements can improve
the mechanical properties at ambient and high temperatures through the formation of
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thermally stable precipitates with high melting points at the grain boundaries and inside
the grains [6,9,10]. RE elements also influence mechanical properties by changing the
crystallographic texture. Due to the phenomenon of particle-stimulated nucleation (PSN),
precipitates also influence grain size, especially if they have a high volume fraction [11].
Owing to the hexagonal close-packed (HCP) structure of Mg alloys, their mechanical
behavior also depends on the activation of different dislocation slip systems, which is
influenced by their texture [12–14]. Li et al. proposed that a Yb addition effectively
refined recrystallized grains and yielded dense Mg–Zn–Yb nanoprecipitates that could
inhibit grain boundary migration, and also could promote the formation of the RE texture
component [15]. It was reported that the yield stress of the ZK60 alloy increased from
212 MPa to 308 MPa in a ZK60–3Ce alloy due to the development of a finer grain structure
and a large volume fraction of secondary phase particles (MgZn2Ce) [6].

The improvement of work hardening (WH) behavior is one of the most important ways
to enhance both the strength and workability of Mg alloys [16]. The enhanced hardening
capability leads to resistance against the creation of tensile mechanical instabilities and
therefore improves ductility. It has been shown that RE elements have a significant effect
on the strength and WH behavior of Mg alloys [17]. In our previous research, we studied
the effects of 1 and 2 wt% RE elements on the shear strength of a ZK60 alloy extruded at a
ratio of 12:1 [18]. It was reported by Zhou et al. that the WH in an extruded Mg–2Nd–0.5Zr
alloy was low, most probably due to the high density of basal dislocations and the relatively
low density of non-basal dislocations during deformation [19]. Shi et al. found that an
improved WH capability was achieved for an extruded Mg-6Zn-1Gd-0.3Ca alloy with
an increased volume fraction of recrystallized grains, which was attributed to the higher
dislocation storage capacity in the recrystallized volumes [20]. In that study, the volume
fractions of the recrystallized and the coarse deformed grains were tailored by rolling
and subsequent annealing under different conditions. It was also observed that when the
ratio of the volumes of recrystallized grains and coarse deformed grains increased, the
WH rate decreased in stage III, while an opposite trend was detected in stage IV for a
Mg–6Zn-1Gd-0.12Y alloy. These effects were closely related to the initial dislocation density
in the rolled and annealed samples, as well as the dislocation evolution under tension [21].

In this study, the change in the tensile performance of an extruded ZK60 alloy (at an
extrusion ratio of 18:1) due to the addition of RE elements is investigated, and its mechanical
behavior (strength and WH) is related to its microstructure and crystallographic texture.
In addition to the base ZK60 alloy, two other compositions were processed. One sample
contained 2 wt% Y while to the other alloy a Ce-rich mixture of large RE elements of a
total fraction of 2 wt% was added. This mixture of RE alloying elements contained Ce,
La, Nd, and Pr. The dislocation density in the extruded samples with or without RE
addition was studied by X-ray line profile analysis (XLPA). The grain structure and the
crystallographic texture were analyzed by electron back-scattered diffraction (EBSD). The
effect of the addition of RE elements on the microstructure and the mechanical performance
of the ZK60 alloy was discussed. To the knowledge of the authors, such a careful study of
the WH behavior of ZK60 alloys containing RE elements is missing from the literature.

2. Materials and Methods

Three alloys were investigated in this study: a ZK60 Mg-based alloy with the alloying
element concentrations of 6 wt% Zn and 0.5 wt%, Zr, and two other materials in which
2 wt% Y or 2 wt% Ce-rich RE elements were added to the ZK60 alloy (the relative fractions
of the constituents in wt% were 50.6% Ce, 23.2% La, 20.3% Nd, and 5.9% Pr). Similar to
our previous work [18], all three materials were prepared by melting them in an induction
furnace at 740 ◦C. After casting and homogenization at 440 ◦C for 12 h, extrusion was
performed on the samples at 180 ◦C at the extrusion ratio of 18:1.

The phase composition of the alloys was analyzed by X-ray diffraction (XRD) using a
Smartlab diffractometer (manufacturer: Rigaku, Tokyo, Japan). In the XRD experiments,
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a divergent beam was applied in Bragg–Brenatno (θ–θ) diffraction geometry using CuKα

radiation (wavelength: 0.15418 nm).
The microstructure was studied by scanning electron microscopy (SEM) using a ZEISS

SIGMA VP microscope (manufacturer: Carl Zeiss AG, Jena, Germany). During the surface
preparation, the samples were polished with an alumina suspension (particle size: 0.5 μm)
and then etched in a picral solution at room temperature. The same instrument was
used for energy-dispersive X-ray spectroscopy (EDS) in order to determine the chemical
composition of the secondary phases.

The crystallite size and the dislocation density were investigated by XLPA [22]. This
analysis was carried out on diffractograms measured by a high-resolution rotating anode
diffractometer (type: RA-MultiMax9, manufacturer: Rigaku, Tokyo, Japan) using CuKα1
radiation (wavelength: 0.15406 nm). The measured XRD patterns were evaluated by the
convolutional multiple whole profile (CMWP) fitting method which yielded the crystallite
size and the dislocation density in the studied samples. In this procedure, all peaks in the
measured pattern are fitted simultaneously using theoretical profile functions calculated
on the basis of the kinematical theory of XRD [23]. These calculated functions contained
unknown parameters of the microstructure, such as the median and the variance of the
crystallite size distribution and the dislocation density, which were then changed during the
CMWP procedure in order to obtain the best fit between the measured and the calculated
patterns. It should be noted that the calculated XRD pattern contains not only the diffraction
peaks but also the background under the peaks which was approximated by a spline.
The strongest 16 reflections of the main Mg phase in the diffraction angle (2θ) range
between 30 and 125◦ were used in the evaluation. An example for CMWP fitting will be
shown in Section 3.1. It should be noted that the recent development in XLPA enables the
determination of the microstructural parameters with the help of artificial intelligence [24].
This novel machine learning-based method is much easier to use and faster than the
conventional pattern-fitting procedure. However, the present Mg alloys cannot be evaluated
by this new method since it is available only for face-centered cubic (fcc) structures as yet.

The EBSD technique was used to investigate the crystallographic texture and to
characterize the grain boundaries in the samples. First, the surface of the specimens was
mechanically polished with a diamond paste down to 1 μm, and then refined by ion beam
polishing using a Leica EM RES102 system (manufacturer: Leica Mikrosysteme, Wetzlar,
Germany). The EBSD was carried out with Zeiss Cross Beam Auriga SEM (manufacturer:
Carl Zeiss AG, Jena, Germany) with a step size of 0.8 μm. The misorientation distribution
was determined by the EDAX OIM software (manufacturer: EDAX Inc., Mahwah, NJ, USA).
In addition, the OIM software was also used for the determination of the area-weighted
mean grain size from the EBSD images. In this evaluation, the regions containing at least 4
pixels and bounded by high-angle grain boundaries (HAGBs) with misorientation angles
higher than 15◦ were considered grains.

An electrodischarge machine (EDM) was used to prepare tensile specimens parallel
to the extrusion direction (ED) according to the ASTM E8-04 standard. The tensile tests
were carried out on at least three samples for each condition using a SANTAM tensile
machine with a capacity of 2 tons and at an initial strain rate of 10–3 s–1. The samples
containing Y and the specimens with Ce-rich rare earth elements are denoted as ZK60–2Y
and ZK60–2RE, respectively.

3. Results and Discussion

3.1. Microstructure and Texture of the Extruded ZK60 Alloys with and without RE Addition

The SEM micrographs in Figure 1a–c revealed that the addition of Y and Ce-rich
elements to the ZK60 alloy increased the volume fraction of precipitates from 2% to 14%
and 15% in the ZK60–2Y and ZK60–2RE alloys, respectively (see also Table 1). Spherical and
network-like precipitates were observed in both the Y- and RE-containing alloys; however,
the ZK60–2RE alloy contained more network-like secondary phase particles than the ZK60–
2Y alloy did. Figure 1d,e shows color-coded EDS elemental maps for the ZK60–2Y and
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ZK60–2RE alloys (Mg: orange, Zn: red, Y and Ce: turquoise). The EDS analysis suggests
that the precipitates were enriched in Y and Zn in the ZK60–2Y alloy, and in Ce and Zn in
the ZK60–2RE sample. Namely, the secondary phase particles indicated by the red arrows
in Figure 1a–c had the following composition, as obtained by EDS (in at.%): 66.1% Mg and
33.9% Zn for the ZK60 alloy, 29.6% Mg, 33.1% Zn and 27.3% Y for sample ZK60–2Y, and
89.2% Mg and 10.8% Ce for the ZK60–2RE alloy. The corresponding EDS spectra are shown
in Figure 2.

 

Figure 1. SEM images for (a) ZK60, (b) ZK60–2Y, and (c) ZK60–2RE alloys. The bright areas in the
SEM images correspond to the secondary phase particles. The red arrows and the letters A, B and
C show the locations where the EDS analysis was performed. The corresponding EDS spectra are
shown in Figure 2. Color-coded EDS elemental maps for (d) ZK60–2Y and (e) ZK60–2RE alloys
(Mg: orange, Zn: red, Y and Ce: turquoise).

Table 1. Microstructural characteristics and mechanical properties of the three studied alloys (f P:
fraction of secondary phase particles as obtained by SEM; f DRX: fraction of recrystallized volumes
determined by EBSD; f HAGB: HAGB fraction obtained by EBSD; ρ: dislocation density determined by
XLPA; UTS: ultimate tensile strength).

Alloy
Grain Size

(μm)
f P

(%)
f DRX (%) f HAGB (%)

ρ
(1014 m−2)

Crystallite
Size (nm)

σy (MPa) UTS (MPa)

ZK60 6.5 ± 0.3 2 ± 0.5 96.1 95.2 1.2 ± 0.2 119 ± 14 212 ± 9 299 ±11
ZK60–2Y 2.1 ± 0.2 14 ± 1 63.4 92.5 1.0 ± 0.2 96 ± 10 303 ± 6 348 ± 8

ZK60–2RE 2.8 ± 0.1 15 ± 1 61.2 92.7 2.3 ± 0.2 74 ± 10 299 ± 7 337 ± 5
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Figure 2. EDS spectra corresponding to (a) point A in Figure 1a, (b) point B in Figure 1b, and (c) point
C in Figure 1c.

The structure of the secondary phase particles was studied by XRD. A part of the XRD
patterns containing peaks of the precipitates is shown in Figure 3. Using the ICDD PDF-2018
database, the particle structures were identified. It was found that the particles in the ZK60
alloy were Mg4Zn7 (PDF card no.: 01-071-9625) with a monoclinic structure. The magnitude
of the edge vectors of the cell (i.e., the lattice constants) are a = 2.596 nm, b = 0.524 nm,
and c = 1.428 nm. The angles between these edge vectors are α = 90◦, β = 102.5◦, and
γ = 90◦. In the ZK60 alloy, the precipitates were identified as Mg3Y2Zn3 (PDF card no.:
00-036-1275) with an fcc structure (the lattice constant is 0.6833 nm). In the ZK60–2RE alloy,
the secondary phase particles were identified as Mg41Ce5 (PDF card no.: 01-071-7012) with
a tetragonal crystal structure. The lattice constants of this structure are a = 1.478 nm and
c = 1.043 nm. It is worth noting that there is reasonable agreement between the chemical
compositions determined by EDS (see the former paragraph) and the nominal compositions
of the precipitate structures identified by XRD. The slight difference could have been caused
by the fact that it was not possible to exclude a fraction of the EDS signal that came from
the material beneath the particles. In addition, the actual compositions of the precipitates
may have slightly differed from the nominal chemical compositions given in the XRD cards
without changing the structure; therefore, these small differences could not be observed by
XRD. Similarly to SEM, XRD also suggested a higher amount of precipitates in the ZK60–2Y
and ZK60–2RE alloys compared to the ZK60 alloy (see Figure 3).

211



Materials 2023, 16, 2828

Figure 3. A part of the XRD patterns for the studied alloys.

The grain orientation maps and misorientation angle distribution histograms obtained
by EBSD for the three alloys are shown in Figure 4. The analysis of the EBSD images
revealed that the grain size of the ZK60 alloy was reduced from 6.5 μm to 2.1 μm and 2.8 μm
when Y and Ce-rich RE elements were added to the base alloy, respectively (Figure 4a–c).
According to the misorientation angle distribution histograms (see Figure 4d–f), the fraction
of HAGBs (θ > 15°) was more than 90% for all three alloys. In addition, the presence of
a sharp peak at 30°indicated the occurrence of continuous DRX (CDRX) [25]. Thus, it is
suggested that the fine grains in the extruded samples formed due to recrystallization. On
the other hand, some large elongated grains were present in the ZK60–2Y and ZK60–2RE
alloys (see Figure 4g,h). These grains can be attributed to the segregation of large atoms,
such as Ce, La, Nd, and Pr or Y, due to dislocations and grain boundaries which hindered
recrystallization during extrusion and increased the required strain to complete the DRX
process [18]. On the other hand, coarse secondary phase particles (usually larger than
1 μm) could promote PSN as a DRX mechanism in the ZK60–2Y and ZK60–2RE alloys [26].
It is obvious from Figure 5a that the predominant texture component for all alloys was
fiber-like, in which the c-axis of the HCP crystals were aligned perpendicular to ED, and
the (1010) and (2110) planes were parallel to the surface analyzed by EBSD. This type of
texture is common in extruded Mg alloys and limits their formability due to the limited
activation of easy glide systems [2]. It is evident in Figure 5a–c that the texture intensity
increased with the addition of Y and Ce-rich RE elements. This type of texture change can
be explained by the higher volume fractions of un-DRXed grains (see Figure 4a–c).

212



Materials 2023, 16, 2828

Figure 4. (a–c) EBSD grain orientation maps (the extrusion direction is horizontal), and (d–f) mis-
orientation angle distribution histograms for ZK60, ZK60–2Y, and ZK60–2RE alloys, and higher
magnification EBSD maps for (g) ZK60–2Y, and (h) ZK60–2RE alloys.

The average crystallite size and the dislocation density were determined by the XLPA
method. As an example, Figure 5d demonstrates the CMWP fitting on the X-ray diffraction
pattern obtained for the ZK60–2Y alloy. Only a part of the fitted pattern is shown in the
figure. Table 1 shows that the crystallite size decreased with the addition of RE alloying
elements. This trend is in line with the grain size reduction observed by EBSD. On the
other hand, the crystallite size obtained by XLPA was much smaller than the grain size
determined by EBSD. This phenomenon is well-known in plastically deformed metallic
materials and is caused by the hierarchical nature of the deformed microstructures [22].
Indeed, during deformation, dislocations are formed and arranged into low-angle grain
boundaries and/or dipolar walls in order to reduce the energy of the dislocation structure.
The volumes separated by these dislocation boundaries exhibit low misorientations which
break the coherency of the scattered X-rays; therefore, XLPA detected these volumes as
individual crystallites which were considerably smaller than the grain size.
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Figure 5. Inverse pole figures for (a) ZK60, (b) ZK60–2Y, and (c) ZK60–2RE alloys, and (d) CMWP
fitting for the extruded ZK60–2Y alloy. The open circle and the solid line represent the measured data
and the fitted XRD pattern, respectively. The intensity is in a logarithmic scale. (e) The dislocation
density for the three studied alloys determined by CMWP fitting.

XLPA revealed that in the extruded ZK60 alloy the dislocation density was about
1.2 × 1014 m−2, which did not change remarkably due to the addition of 2% Y (see Figure 5e).
On the other hand, the dislocation density increased to 2.3 × 1014 m−2 in the ZK60–
2RE alloy. The higher dislocation density for sample ZK60–2RE can be attributed to the
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alloying effect since the large RE atoms could hinder the dislocation annihilation during the
extrusion either by dissolving into the Mg matrix or by forming precipitates. It is surprising
that the addition of 2% Y did not yield an increased dislocation density in the extruded
sample. This effect can be understood if we assume that most yttrium was concentrated in
the precipitates. Since a major fraction of these particles formed at the grain boundaries,
as suggested by SEM (see Figure 1), they had no significant effect on the dislocation
multiplication and annihilation occurring in the grain interiors. Therefore, the yttrium
addition did not increase the dislocation density compared to the base ZK60 alloy. For
sample ZK60–2RE, the relative fraction of RE atoms in the precipitates was much lower than
that for specimen ZK60–2Y. Namely, the fractions of RE atoms in Mg41Ce5 and Mg3Y2Zn3
particles were 11% and 25%, respectively. On the other hand, the volume fractions of
precipitates in the two alloys were similar (see Table 1). Therefore, most probably, the
ZK60–2RE alloy contained more solute RE atoms in the grain interiors than the ZK60-2Y
alloy did, which possibly contributed to the higher dislocation density after extrusion. In
addition, the average size of the Ce, La, Nd, and Pr atoms present in the ZK60-2RE sample
was about 5% larger than that of the Y added to the ZK60-2Y alloy. Therefore, the pinning
effect of the former elements should have been higher on dislocations compared to that of
the latter one. This effect coud have also contributed to the higher dislocation density in
sample ZK60-2RE.

3.2. Influence of RE Element Addition on the Mechanical Properties of the Extruded ZK60 Alloy

Figure 6a shows the tensile engineering stress–strain curves for all three alloys. The
ultimate tensile strength (UTS) values of the ZK60, ZK60–2Y, and ZK60–2RE alloys were
299, 348, and 337 MPa, while the elongation to failure values were about 30, 21, and 25%,
respectively. The formation of the new precipitates and their larger volume fraction due
to the addition of Y or Ce-rich elements increased the strength of the two new alloys
compared to the ZK60 counterpart. Similar results have been reported for other Mg
alloys containing RE elements. For example, according to the research carried out by
Sabbaghian et al., the UTS of an extruded Mg–4Zn alloy was enhanced from 301 to 336 MPa
after the addition of 1 wt% Gd due to grain boundary hardening, particle strengthening,
and texture hardening [27]. Moreover, another study revealed that the UTS of an extruded
ZK60 alloy increased from 336 to 378 MPa when 2 wt% Yb was added [15]. In the present
case, the addition of Y and Ce-rich RE alloying elements had different strengthening effects.
The volume fractions of the secondary phase particles in the ZK60-2Y and the ZK60-2RE
alloys were comparable; therefore, their hardening effects could be expected to be similar.
On the other hand, the grain size hardening should have been higher for the ZK60–2Y alloy
due to its smaller grain size (see Table 1), in accordance with the Hall–Petch relationship [28].
In addition, the strengthening contribution of the crystallographic texture was also higher
for sample ZK60-2Y due to the enhanced texture intensity (Figure 5). At the same time,
the dislocation density was much lower for ZK60-2Y alloy compared to ZK60-2RE which
yielded a reduced dislocation strengthening contribution in the former material. However,
the lower dislocation hardening was overwhelmed by the higher grain size and texture
strengthening effects, resulting in a higher strength for the ZK60-2Y alloy than for the
ZK60-2RE material.

Regarding the ductility, the reduced elongation to failure values for ZK60–2Y and
ZK60–2RE alloys compared to the initial alloy was basically caused by the reduced grain
size, since for smaller grains, the saturation of the dislocation density usually occurs
earlier [22,29]. In addition, an increased amount of precipitates at grain boundaries can
cause easier crack nucleation and propagation since these particles may act as stress
concentration sites under loading [25,27]. The significance of the weakening effect of
precipitates on grain boundary strength was more pronounced in the present ZK60–2Y
and ZK60–2RE samples, in which, due to the small grain size, the applied loads were
higher than that for the ZK60 alloy. Consequently, the base ZK60 alloy exhibited a greater
elongation to failure than the new alloys with RE additives did.
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Figure 6. (a) Tensile engineering stress–strain curves and (b) work hardening curves. The lines fitted
on the hardening curve in stage III were used for the determination of the values of θ I I I

0 and σs for
the three studied alloys.

For investigating the WH behavior, the WH rate (θ) was determined according to the
relationship:

θ =
dσ

dε
, (1)

where σ is the true stress and ε is the true strain. Figure 6b shows the θ versus σ − σy curve
for the three studied alloys where σy is the yield strength. The hardening capacity was
characterized by the following equation [30]:

Hc =
σUTS − σy

σy
. (2)

In Figure 6b, the approximately linear part of the curves is related to stage III which is
usually described with the help of the Voce equation, expressed as:

θ = θ I I I
0

(
1 − σ

σs

)
, (3)

where σs is the saturation stress. The values of θ I I I
0 and σs were obtained from the slope

and the intercept of the straight line fitted to the stage III segment of the θ versus σ − σy
curve in Figure 6b. For the comparison of the WH behavior of the three alloys, the WH
parameters are listed in Table 2. With the addition of 2% RE elements, the θ I I I

0 of the
ZK60 alloy increased from about 1016 MPa to the range between 1090 and 1194 MPa,
which was due to the stronger initial texture. The hardening capacity (Hc) for the ZK60
alloy was 0.81, which decreased to 0.34 and 0.47 for the ZK60–2Y and ZK60–2RE alloys,
respectively. The change in σs was similar to Hc, and with the addition of RE, the value
of σs reduced. Grain refinement in the ZK60–2RE alloy and especially in the ZK60–2Y
alloy reduced the WH parameters. A similar result was obtained in a former study in
which it was also suggested that the increase in the Mn content from 0 to 1.88 wt% in an
extruded Mg–1Sn alloy decreased the Hc, which was attributed to grain refinement [31].
In addition, the uniform plastic deformation stage in the tensile curve was fitted by a
power-law constitutive equation:

σ = Kεn, (4)
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where K is the strength coefficient, and n is the WH exponent. A higher value of n indicates
a more pronounced WH. It can be seen in Table 2, that n is influenced by the addition of RE,
and its value decreased from 0.3 to 0.13 and 0.19 for the ZK60–2Y and ZK60–2RE alloys,
respectively. The reduction of n can be related to the decrease in ductility of RE-containing
alloys, as shown in Figure 6a. The lower n value for the RE-containing alloys suggests
an early saturation of hardening with the increasing strain which is a typical feature of
metallic materials with reduced grain size. Indeed, the addition of RE elements resulted in
a significant decrease in grain size as shown in Table 1. Additionally, with the addition of
RE, the probability of activation of nonbasal slip systems increased due to the higher stress
level in the samples during straining (see Figure 6a) [32]. All of these factors caused the
reduction in the WH parameters of the RE-containing alloys compared to the ZK60 alloy.
For the ZK60–2Y alloy, which had the smallest grain size, the values of the WH parameters
are the lowest among the three studied samples.

Table 2. Extrapolated WH limit in stage III (θ I I I
0 ), corresponding saturation stress (σs), hardening

capacity (Hc), and work hardening exponent (n) for the three studied alloys.

Alloy θIII
0 (MPa) σs (MPa) Hc n

ZK60 1016 170 0.81 0.30
ZK60–2Y 1090 102 0.34 0.13
ZK60–2RE 1194 134 0.47 0.19

4. Conclusions

The influence of the addition of 2 wt% Y and Ce-rich RE elements on the microstructure
and mechanical behavior of an extruded ZK60 alloy was investigated. The following
conclusions were drawn from the experimental results:

(1) Adding RE elements to the ZK60 alloy caused grain refinement, the formation of
new precipitates, and an enhanced volume fraction of precipitates. The grain size
reduction from 6.5 μm to 2.1 and 2.8 μm due to the addition of Y and Ce-rich RE
elements, respectively, was attributed to the nucleation of new grains due to CDRX
and PSN phenomena, and the pinning effects of second phase particles that hindered
grain growth.

(2) In the RE-containing alloys, the texture intensity increased, and the highest texture
intensity was achieved in the ZK60–2Y alloy. The higher texture intensity was due to
the higher volume fractions of un-DRXed grains in the materials alloyed with Y and
Ce-rich RE elements. The higher dislocation density in the ZK60-2RE alloy compared
to the ZK60-2Y material can be explained by the expected higher concentration of
solute atoms and their larger atomic radii compared to sample ZK60-2Y.

(3) The addition of RE elements increased the strength due to the solute and precipitate
strengthening, and the grain size hardening. The ZK60–2Y and ZK60–2RE alloys
exhibited lower ductility than the base alloy did due to the smaller grain size and
the weakening effect of secondary phase particles on the grain boundary strength.
These precipitates acted as stress concentration sites under loading, resulting in crack
nucleation and/or easier crack propagation along the grain boundaries. The cracking
was also facilitated by the higher stress level caused by the small grain size. The ZK60–
2Y alloy exhibited the lowest work hardening rate due to the smallest grain size.
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Abstract: Coarse particles in Cu-0.39Cr-0.24Zr-0.12Ni-0.027Si alloy were studied with scanning
electron microscopy and transmission electron microscopy. Three types of coarse particles were
determined: a needle-like Cu5Zr intermetallic phase, a nearly spherical Cr9.1Si0.9 intermetallic phase
and (Cu, Cr, Zr, Ni, Si)-rich lath complex particles. The crystallographic orientation relationships of
the needle-like and nearly spherical coarse particles were also determined. The reasons for formation
and the role of the coarse phases in Cu-Cr-Zr alloys are discussed, and some suggestions are proposed
to control the coarse phases in the alloys.

Keywords: Cu-Cr-Zr alloy; coarse particle; crystal structure; orientation relationship

1. Introduction

High-strength and high-electrical-conductivity copper alloys have been extensively
used in railway contact wires [1,2], integrated circuit lead frame [3], heat exchangers [4]
and other electrical and electronic engineering contexts [5]. These kinds of alloys have
mainly included Cu-Fe systems, Cu-Ni systems, Cu-Cr systems and Cu-Mg systems [1–7],
and Cu-Cr system alloys are potentially the most representative of copper alloys with the
best balance of mechanical and electrical properties, especially Cu-Cr-Zr alloys [8–12]. In
the past years, many investigations have focused on Cu-Cr-Zr alloys to improve physical
and mechanical properties such as strength, conductivity, ductility and thermal stability
with alloying, plastic deformation, rotary forging, friction stir processing and equal channel
angular pressing [8–12], and the authors of this paper also carried out some studies in
this field [13–16]. These previous studies have greatly promoted the developments and
applications of Cu-Cr-Zr alloys in various fields.

It has been established unambiguously that Cu-Cr-Zr alloys are mainly strengthened
by nanosized precipitates, and the characteristics of the nanosized precipitates such as struc-
ture, morphology, crystallographic orientation relationships and precipitation sequence
were widely studied in the previous works [17–22]. It was reported that the microstruc-
ture had a bimodal particle distribution in Cu-Cr-Zr system alloys, while it has not been
reported for the binary Cu-Cr alloy [23,24]. Therefore, some researchers studied the coarse
particles in Cu-Cr-Zr system alloys [25–29]. Suzuki et al. [25] considered that the dispersed
precipitates located on the {111} plane of Cu were Cu3Zr phase. Tang et al. [26] reported
that intermetallic precipitates on the grain boundary in the Cu-Cr-Zr-Mg alloy were Cu4Zr.
Huang et al. [27] concluded that the coarse intermetallic particles were Cu51Zr14 with an
hcp structure using transmission electron microscope (TEM) and energy dispersive spec-
troscopy (EDS) analysis. Theoretical studies conducted by Ge [28] and Cui [29] showed that
the Cu51Zr14, Cu10Zr7, CuZr2, CuZr phase should exist in Cu-Zr metallic glass. Although
the previous researchers confirmed that Cr particles and (Cu, Zr) particles were present in
Cu-Cr-Zr system alloys by means of scanning electron microscope (SEM) and TEM investi-
gations, there has been no accurate experimental evidence and unanimous agreement on
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the types and structure of coarse particles or their crystallographic orientation relationships
with the matrix so far.

The present study focuses on the coarse particle types, structure and crystallographic
orientation relationship with matrix by means of SEM and TEM combined with EDS
analysis, electron diffraction and central dark field imaging technique. The purpose is
to clarify the controversies about coarse particles in Cu-Cr-Zr alloys and propose some
suggestions for designing and processing of the system alloys.

2. Materials and Methods

Material with a composition of Cu-0.39Cr-0.24Zr-0.12Ni-0.027Si (wt.%) was melted us-
ing electrolytic copper, pure chromium, magnesium, silicon and copper-13 wt.% zirconium
master alloy in a vacuum-induction melting furnace, and then cast in an iron mold with a
size of 35 × 120 × 180 mm. The ingot was planed on both sides to remove surface defects
and homogenized at 920 ◦C for 5 h and then hot rolled from 30 mm to 5 mm in thickness,
followed by quickly quenching into cold water. Samples were cut and then solution-treated
at 960 ◦C for 1 h in an air atmosphere muffle furnace.

Microstructure was characterized using an FEI Sirion 200 scanning electron microscope
equipped with EDS. SEM image observations and EDS analyses of coarse particles were
operated at a voltage of 15 kV. TEM specimens were mechanically thinned to 0.1 mm and
punched into discs of 3 mm in diameter, and then thinned by jet polishing in a 30 vol.%
nitric acid and 70 vol.% methanol solution at about −30 ◦C. Microstructure observations,
electron diffraction and energy dispersive analyses were carried out using a JEM 2100F
transmission electron microscope with an accelerating voltage of 200 kV. Jade software was
used to determine the crystal structure and lattice parameters, and CaRIne software was
applied to construct the cells of the matrix and precipitated phases and simulate the crystal
diffraction pattern under the specific zone axes.

3. Results

3.1. SEM Images and EDS Analysis Results of Coarse Particles in Cast Alloy

Figure 1 shows the SEM images and the results of the EDS analysis of coarse particles
in cast Cu-Cr-Zr-Ni-Si alloy. It can be seen from the figure that there are a large number of
dispersed micron particles both in the grain and at the grain boundary in the as-cast alloy.
In the enlarged SEM image, near-spherical and short rod-like particles with a size of about
0.5–3 μm can be observed, as indicated by the arrows in Figure 1b. The corresponding EDS
analysis showed that these micron particles mainly contain Si, Cr, Ni and Cu elements.

3.2. SEM Images and EDS Analysis Results of Coarse Particles in Solution-Treated Alloy

Figure 2 shows the SEM images and EDS analysis results of Cu-Cr-Zr-Ni-Si alloy
treated by solution. As can be seen from Figure 2a, after high-temperature solution treat-
ment, the large number of micron particles which occurred in the as-cast alloy disappear,
and only some coarse particles are distributed both in the grain and at the grain boundary,
as shown in Figure 2a,b. This indicates that most of the as-cast micron particles were
dissolved into the copper matrix during the high-temperature solution treatment. Two dif-
ferent characteristic particles can be observed in the backscattering electron image, as
shown in Figure 2b. Bright white lath particle “A” with a length of about 3 μm and a width
of about 1.5 μm was located inside the grains. The results of the EDS analysis showed
that the particle is composed of elements of Si, Zr, Cr and Cu. The cross-sectional of dark
black particle “B” exhibits a nearly circular shape, and mainly contains Cu, Cr and a small
amount of Si (about 1.77 at. %). Since the contrast in a backscattering electron image relates
to the atomic number (a conspicuous Z-contrast for FexSn1−x/MgO can be seen due to the
great difference in atomic numbers of Fe, Sn, Mg and O [30]), the contrast of particle A
mainly contained Zr element (atomic number is 40) and is obviously brighter than particle
B, which mainly contains Cr element (atomic number is 24).
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(a) 

(b) (c) 

Figure 1. SEM images and EDS analysis results of coarse particles in cast Cu-Cr-Zr-Ni-Si alloy.
(a) secondary electron image; (b) magnified secondary electron image; (c) EDS analysis results of
selected particle in (b).

  

  

(a) 

B 

(b) 

(c) (d) 

A 

Figure 2. SEM image and EDS analysis results of coarse particles in solution-treated Cu-Cr-Zr-Ni-Si
alloy. (a) secondary electron image in grain; (b) backscattering electron image at the grain boundary;
(c) EDS analysis results of particle “A”; (d) EDS analysis results of particle “B”.
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3.3. TEM Photographs and EDS Analysis Results of Coarse Particles in Solution-Treated Alloy

Figure 3 presents TEM photographs and EDS analysis results of coarse particles in
the solution-treated Cu-Cr-Zr-Ni-Si alloy. It can be seen from Figure 3a that needle-like
particles with a length of 100–200 nm (marked by red circle) grow from the grain boundary.
The EDS analysis results indicate that the particles are a compound containing Cu and
Zr elements. Figure 3c presents a nearly spherical phase with a size of about 200 nm in
diameter, and it is proved to be a kind of (Si, Cr, Cu)-rich compound. In addition, a lath
phase with a size of 300 nm × 100 nm, which mainly contains Si, Cr, Ni, Zr and Cu elements,
can be observed inside the grains in Figure 3e. Similar results had been obtained from other
samples which contain coarse particles with the same morphology. It can be inferred that
the TEM and EDS analysis results on morphology and the contained elements of Figure 3
are consistent with those of the SEM and EDS analysis in Figure 2.

 

 

 

 

 

 

(a) 

(b) 

(c) 

(d) 

(e) 

(f) 

Figure 3. TEM images and EDS analysis results of coarse particles in solution-treated Cu-Cr-Zr-Ni-Si
alloy. (a,b) needle-like particle and EDS analysis results; (c,d) nearly spherical particle and EDS
analysis results; (e,f) lath-like particle and EDS analysis results.
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3.4. TEM Images and Electron Diffraction Results of Coarse Particles in Solution-Treated Alloy

Figure 4 displays TEM images and the electron diffraction pattern of a coarse particle
in the Cu-Cr-Zr-Ni-Si alloy. The bright field image and dark field image clearly show a
needle-like particle that has a length of 820 nm and width of about 100 nm in Figure 4a,
with the corresponding electron diffraction pattern shown in Figure 4c. Two sets of patterns
can be distinguished from the electron diffraction pattern: one set of diffraction spots
has higher intensity and smaller spacing between crystal planes, while the other set of
diffraction spots shows slightly lower intensity and larger crystal face spacing. Angles
between the adjacent diffracted spots and the transmitted spot of the two patterns were
both measured to be about 54◦ and 36◦, and the distance ratios were both determined to be
about 1.1. The results fully comply with the diffraction pattern characteristic of f.c.c crystals
under the <011> zone axis. Therefore, it can be inferred that the two sets of diffraction
patterns are both induced by f.c.c crystals under <011> zone axes diffraction. The patterns
were indexed as shown in Figure 4d. According to the spots distance, the lattice parameters
of the two crystals were calculated as 0.3612 nm and 0.687 nm, respectively, and the two
phases were identified with reference to the PDF card as follows: one is the Cu matrix and

the other is the Cu5Zr intermetallic phase, which belongs to F
−
43 m (216) space group and

has an f.c.c structure with a lattice parameter of 0.687 nm. The red-circled spot shown in
Figure 4c was selected for an operation of central dark field, and the central dark field
image is presented in Figure 4b. It can be further confirmed that the set of patterns is
induced by the f.c.c structure Cu5Zr intermetallic phase.

  

  

(a) (b) 

(c) 

 

 
 

  

 
 

 
 

(d) 

Figure 4. TEM images and electron diffraction pattern of needle-like particle in the Cu-Cr-Zr-Ni-Si
alloy (�• Cu; �• Cu5Zr). (a) bright filed image; (b) dark filed image; (c) electron diffraction pattern;
(d) indexing result of (c).
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According to the electron diffraction pattern and TEM bright field image, it can be
ascertained that the Cu5Zr phase grows along the <111> direction of the Cu matrix. The
orientation relationship between the Cu5Zr phase and the matrix can also be determined as

follows:[011]Cu//[011]Cu5Zr, (
−
31

−
1)Cu//(

−
11

−
1)Cu5Zr.

Another nearly spherical particle with a size of approximately 40~120 nm in diameter
can be observed in Figure 4. A bright field image and a dark field image of the particle are
shown in Figure 5a,b, and the corresponding electron diffraction pattern is presented in
Figure 5c. It can be inferred that the extra diffraction is caused by the <001> zone axis of a
b.c.c structure phase, and the lattice constant of the phase is 0.288 nm, calculated by the
diffraction pattern. Based on the energy spectrum analysis results, which indicate a nearly
spherical phase containing Cr and Si elements, it can be concluded that the extra diffraction
is induced by a Cr9.1Si0.9 intermetallic phase. The indexing result is shown in Figure 5d. Ac-
cording to the indexing result, a Nishiyama–Wassermann (N–W) orientation relationship can
be found between the Cr9.1Si0.9 phase and Cu matrix, which is that:[011]Cu//[001]Cr9.1Si0.9,

(
−
1
−
11)Cu//(1

−
10)Cr9.1Si0.9, (

−
42

−
2)Cu//(

−
1
−
10)Cr9.1Si0.9//(

−
2
−
20)Cr9.1Si0.9.

  

  

(a) (b) 

(c) (d) 

 

 

 

 

 

 

 

 

Figure 5. TEM images and electron diffraction pattern of nearly spherical phase in the Cu-Cr-Zr-Ni-Si
alloy (�• Cu; �• Cr9.1Si0.9). (a) bright filed image; (b) dark filed image; (c) electron diffraction
pattern; (d) indexing result of (c).
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4. Discussion

4.1. The Determination of Coarse Particles in Cu-Cr-Zr System Alloys

Many investigations on the coarse particle types and their roles in Cu-Cr-Zr system
alloys have been carried out by means of phase diagram theory, SEM, TEM and EDS, and
great progress has been made. Batra et al. [19] investigated coarse particles with a size of
about 0.2 μm × 0.4 μm in the Cu-Cr-Zr alloy by electron diffraction and concluded that the
particles were b.c.c structure Cr particles. Club-shaped, hexagonal-shaped and spherical-
shaped coarse particles were observed in Cu-0.43Cr-0.17Zr- 0.05Mg-0.05RE alloy by Mu
et al. [31], and EDS analysis showed that the coarse particles were Cr phase and (Cu, Zr)
compound. Though the coarse Cr phase has been confirmed by most researchers, the type
and structure of the (Cu, Zr) compounds is still uncertain. Kawakatsu et al. [32] studied
the phase equilibrium at the copper corner of the isothermal diagram in Cu-Cr-Zr alloy
and suggested that Zr existed in the form of Cu3Zr in the alloy. Tang et al. [26] considered
the coarse particles as a Cu4Zr intermetallic phase in Cu-Cr-Zr-Mg alloy, but other’s work
on Cu-Cr-Zr alloy implied that Cu51Zr14 should exist [27]. Theoretical studies [33] and
SEM experimental studies [34] of Cu-Cr-Zr alloys showed that Cr phase and Cu5Zr inter-
metallic phase should be present. These results accord well with those of Holzwarth [23],
Correia [35] and Sun [36], who investigated the coarse particles in Cu-Cr-Zr alloy with SEM
and EDS analysis.

Due to the spatial resolution limitation of electron microscopes in the mode of EDS
(e.g., X-ray beam effectively analyzed by SEM-EDS can only be focused to a few hundred
nanometers), the previous EDS studies on the coarse phase with a size of a few microns or a
few hundred nanometers in Cu-Cr-Zr alloys could only show a qualitative result, and these
failed to precise determine the coarse particle types, structure and orientation relationship
with the matrix. However, electron beams can be focused to a few nanometers in TEM electron
diffraction mode, which greatly improves the accuracy and resolution of phase analysis.

The present work studied the presence of coarse particles in Cu-Cr-Zr-Ni-Si alloy as
well as its chemical composition using SEM, TEM and corresponding EDS analysis, and
established relations between the types and morphology of coarse particles. Three types of
coarse particles were found in the Cu-Cr-Zr-Ni-Si alloy: needle-like (Cu, Zr) particles with
a large aspect ratio, nearly spherical (Cu, Cr, Si) particles and lath (Cu, Cr, Zr, Ni, Si)-rich
complex particles with a small aspect ratio. It can be inferred that the morphology of coarse
particles varies with the composition.

Furthermore, the types, structure and crystallographic orientation relationships of
the coarse particles were precisely examined using TEM electron diffraction and central
dark field imaging techniques. Needle-like (Cu, Zr) particles were identified to be an f.c.c

structure Cu5Zr intermetallic phase, which belongs to space group F
−
43 m (216) with a

lattice parameter of 0.687 nm, having [011]Cu//[011]Cu5Zr, (
−
31

−
1)Cu//(

−
11

−
1)Cu5Zr orienta-

tion relationship with matrix. The Cu5Zr phase grows approximately along the <111>
direction of the copper matrix. As far as the authors know, this is the first time to show the
selected area electron diffraction of Cu5Zr intermetallic phase with a zone axis of [011] and
determine the orientation relationship with the matrix. The nearly spherical (Cu, Cr, Si)
particles were identified as Cr9.1Si0.9 intermetallic phases with a b.c.c structure, which had
a typical N–W orientation relationship with the matrix. The relationship is the same as the
results reported by Luo [37], Dahmen [38] and Hall [39] in Cu-Cr alloys. From the bright
field images and dark field images in Figures 4 and 5, it can also be found that a distinct
interface exists between the Cu5Zr phase and Cr9.1Si0.9 phase. In addition, SEM and TEM
results showed that the lath-like complex particles were composed of Si, Cr, Ni, Zr and
Cu elements; however, these structure types and the orientation relationship need to be
further studied.
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4.2. The Formation and Control of Coarse Particles in Cu-Cr-Zr System Alloys

The maximum solubility of the chromium and zirconium in equilibrium is 0.7 wt.%
and 0.15 wt.% [40], respectively, and the solubility of chromium and zirconium in copper
is less than 0.4 wt.% Cr and 0.15 wt.% Zr at 960 ◦C [41]. Since the composition of Cu-
Cr-Zr-Ni-Si alloy is close to or above the solubility limit at the solution temperature, the
coarse particles are almost formed during the solidification process. As can be seen from
the results of this work, high-temperature solution treatment (960 ◦C for 1 h) failed to
eliminate these coarse particles. The result that the dissolution of second particles was
very limited by prolonging the high-temperature solution treatment can be confirmed by
Appello [41]. Huang [27] suggested that the Cr-rich phase first solidified molten melt, and
Zr-rich phase solidified at the interface of the Cr-rich phase and melt. In other words, the
Cr-rich phase became as the solidified core of the Zr-rich phase. Spaic et al. [42] revealed
that the Cr-rich phase was the eutectic reaction product formed in the solidification process,
which explained the resistance against solution treatment.

It has been reported [43,44] that the second phase particles ranging from 1 nm to
100 nm have a significant strengthening effect on the mechanical properties of the material,
so the coarse particles do not contribute to the mechanical strength of the Cu-Cr-Zr-Ni-
Si alloy. Holzwarth [45] studied the mechanical properties of the Cu-Cr-Zr alloy under
different heat treatment conditions and revealed that the differences in the density and
spacing of the coarse particles had little effect on the mechanical properties. Furthermore,
due to the difference in the deformation ability of coarse particles and the matrix, it is easy
to generate stress concentration at the interface of coarse particles and matrix leading to the
occurrence of fatigue and fractures in the hot-working or cold-working process. In addition,
the formed coarse particles deplete the amount of solute elements dissolved in the matrix,
resulting in the reduction in the precipitation strengthening effect. Therefore, controlling
the amount and size of the coarse particles is essential for the precipitation-strengthened
Cu-Cr-Zr system alloys. Effective measures can be taken as follows:

(1) Reducing the content of alloying elements to ensure complete dissolution at the corre-
sponding solution temperature according to the phase diagrams, e.g., the content of
chromium element in the Cu-Cr-Zr alloys should be less than 0.3 wt.%, and zirconium
should be less than 0.12 wt.% when the alloys are solution-treated at 920 ◦C.

(2) Using master alloys instead of pure metals alloying elements for melting, which could
accelerate alloying elements with high melting-point to melt and dissolve into the matrix.

(3) Using modified treatment technology to refine precipitate particles formed in the
solidification process.

(4) Using severe plastic deformation in the hot-working or cold-working process, which
could partly fragment the coarse particles and redistribute the alloying elements,
ultimately relieving the negative effects of coarse particles on the performance of
Cu-Cr-Zr alloys.

5. Conclusions

(1) Three types of coarse particles were detected in the Cu-Cr-Zr-Ni-Si alloy and the
relations between types, composition and morphology of coarse particles were also
established.

(2) Needle-like (Cu, Zr) particles were accurately determined to be an f.c.c structure
Cu5Zr intermetallic phase, and the orientation relationship between the Cu5Zr phase

and Cu matrix was determined as [011]Cu//[011]Cu5Zr, (
−
31

−
1)Cu//(

−
11

−
1)Cu5Zr.

(3) Nearly spherical particles were identified as a Cr9.1Si0.9 intermetallic phase with a
b.c.c structure, having a typical N–W orientation relationship with the Cu matrix.
Another coarse particle with a lath shape was confirmed as a kind of (Cu, Cr, Zr, Ni,
Si)-rich complex compound.
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Abstract: Ta hard coatings were prepared on PCrNi1MoA steel substrates by direct current mag-
netron sputtering, and their growth and phase evolution could be controlled by adjusting the
substrate temperature (Tsub) and sputtering power (Pspu) at various conditions (Tsub = 200–400 ◦C,
Pspu = 100–175 W). The combined effect of Tsub and Pspu on the crystalline phase, surface morphol-
ogy, and mechanical properties of the coatings was investigated. It was found that higher Pspu was
required in order to obtain α-Ta coatings when the coatings are deposited at lower Tsub, and vice versa,
because the deposition energy (controlled by Tsub and Pspu simultaneously) within a certain range
was necessary. At the optimum Tsub with the corresponding Pspu of 200 ◦C-175 W, 300 ◦C-150 W,
and 400 ◦C-100 W, respectively, the single-phased and homogeneous α-Ta coatings were obtained.
Moreover, the α-Ta coating deposited at Tsub-Pspu of 400 ◦C-100 W showed a denser surface and
a finer grain, and as a result exhibited higher hardness (9 GPa), better toughness, and larger adhesion
(18.46 N).

Keywords: α-Ta coatings; substrate temperature; sputtering power; combined effect; direct current
magnetron sputtering

1. Introduction

Protective coatings with excellent properties, such as high strength, toughness, good
wear, and ablation resistance, are essential materials to ensure long-term, stable, and
safe service for key artifacts applied in extreme service environments. The widely used
Cr plating has a high melting point and large hardness to mitigate ablation and wear
at high temperatures. However, the Cr plating is brittle and often cracks, leading to
limited protection of artifacts [1–3]. In this case, a series of new ablation-resistant materials,
including alloys and ceramics [4,5], have been developed. Among them, Ta coating is
considered to be an alternative material to Cr plating because of its higher melting point,
more excellent anti-ablation ability, and better toughness [6,7].

It should be noted that Ta coatings display two crystalline phases with entirely distinct
characteristics: the stable α-Ta (Im3m space group, a = 3.304 Å) with a body-centered
cubic crystal lattice structure, which has a high melting temperature (2996 ◦C), moderate
hardness (8–12 GPa), and good toughness, and the metastable β-Ta (P421m space group,
a = 5.313 Å, c = 10.194 Å) with a tetragonal crystal lattice structure, which is harder
(18–20 GPa) but brittle and thermally unstable over 700 ◦C [8–10]. Magnetron sputtering
is commonly used to prepare Ta coatings. Unfortunately, β-Ta always nucleates priorly
using this method, which is unsuitable for protective materials. Therefore, many studies
have attempted to regulate the phase formation of Ta coatings by adjusting the sputtering
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conditions, including substrate temperature [11], sputtering power [12], pressure [13],
and post treatments [14], etc. Nevertheless, investigations on the phase formation in Ta
coatings have yielded some conflicting results. For example, some studies [15] reported
that a higher substrate temperature exceeding 365–375 ◦C was needed to promote α-Ta
formation against β-Ta formation. On the contrary, recent experiments showed that pure
α-Ta coatings could be fabricated even at a lower temperature of 200 ◦C [8]. The deposition
energy is believed to be the most important factor determining the structural evolution
of the coatings. An “energy window” was thus proposed, where α-Ta coatings could be
formed between a specific energy range, while other energies higher or lower than this
range would be beneficial to β-Ta coatings [16]. For magnetron sputtering, the substrate
temperature [11] and sputtering power [12] are typically regarded as two important process
variables concerned with the deposition energy, which can affect the surface activity of
the substrate and the mobility of deposited Ta particles at the same time. The effects of
substrate temperature [11] or sputtering power [12] on the preparation of Ta coatings have
been investigated separately; however, their combined effect on the growth and phase
evolution of Ta hard coatings has not yet been reported.

In this work, we conducted a comprehensive investigation on the structural evolution
of Ta coatings using direct current magnetron sputtering by adjusting the substrate temper-
ature (Tsub) and sputtering power (Pspu) simultaneously. The combined effect of Tsub and
Pspu is discussed and the relationship between phase structure, surface morphology, me-
chanical properties, and the deposition parameters are established, to obtain single-phased
α-Ta coatings with a fine structure and good mechanical properties.

2. Experimental Procedure

2.1. Preparation
2.1.1. Substrate Pretreatment

PCrNi1MoA steels (10 × 10 × 1 mm3 in size) were used as substrates. The substrates
were mechanically ground using sandpaper from P240 up to P2000 and then polished
by diamond suspension from 3 μm to 1 μm. The polished substrates were ultrasonically
cleaned in acetone for 15 min and then dried with cold air. The chemical compositions of
the alloy steel are shown in Table 1.

Table 1. Chemical composition of the alloy steel.

Element C Si Mn P S Cr

wt.% 0.361 0.252 0.413 0.011 0.001 1.516

Element Ni V Cu Mo Fe

wt.% 1.507 0.092 0.071 0.304 Bal

2.1.2. Deposition Device

This experiment adopts DC magnetron sputtering (DCMS) technology and the equip-
ment is single-target magnetron sputtering instrument (JCZK350A, Juzhi Vacuum Equip-
ment Company, China), which mainly includes a deposition chamber, vacuum system,
cooling system, gas supply system, heating system, control system, etc. Figure 1 shows
a schematic diagram of the magnetron sputtering.

2.1.3. Deposition Conditions

The cleaned substrates were installed on a substrate holder and loaded into the
chamber. A Ta target (purity: 99.95%) was used with dimensions of Φ50 mm × H4 mm.
The substrate-to-target distance was 70 mm. A chamber pressure of below 6.0 × 10−4 Pa
was reached before coating depositions. In deposition processes, Ar pressure and the
deposition time were fixed at 0.5 Pa and 1 h, respectively. The substrate temperature (Tsub)
was from 200 ◦C to 400 ◦C and the sputtering power (Pspu) was from 100 W to 175 W. The
deposition parameters are listed in Table 2.
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Figure 1. Schematic diagram of magnetron sputtering.

Table 2. Deposition parameters for Ta coatings.

Deposition Conditions Parameters

Target 99.95% Ta (Φ50 mm × H4 mm)
Substrate PCrNi1MoA steel (10 mm × 10 mm × 1 mm)

Distance between target and substrate 70 mm
Ar pressure 0.5 Pa

Deposition time 1 h
Substrate temperature (Tsub) 200–400 ◦C

Sputtering power (Pspu) 100–175 W

2.2. Characterization

The crystalline phase of coatings was identified by X-ray diffraction (XRD, Empyrean,
PANalytical, the Netherlands) with Cu-Kα radiation (λ = 0.154 nm) over a 2θ range of
20◦–90◦. The surface and cross-section morphology were characterized using a field emis-
sion scanning electron microscope (FESEM, Quanta-250, FEI Company, Hillsboro, OR,
USA) at an accelerating voltage of 20 kV. The three-dimensional profiler (ST400, Nanovea
company, Irvine, CA, USA) equipped with confocal optical microprobe was used to collect
the microscopic morphology, roughness, and flatness in a specific area of the sample surface.
The collection range was 1 mm × 1 mm and the collection accuracy was 0.02 μm.

The hardness and elastic modulus of Ta coatings were measured by a nano-indentation
tester (TI-980, Bruker, Billerica, MA, USA) at a loading force of 5 mN. Five measures were
recorded for each sample to ensure reliable results and all indentation depths were less
than 10% of the coating thickness to avoid the effect of the steel substrate.

The qualitative and quantitative adhesive properties of the samples were analyzed in
2 ways. Firstly, using Rockwell hardness tester (HRD-150, Bangyi Precision meter company,
China), the loading force of the Rockwell hardness meter was set to 150 kgf, an indentation
was pressed on the sample surface, and we observed the indentation under the optical
microscope to evaluate qualitatively the adhesion. Secondly, we quantified the adhesion
by the scratch tester (MST, Anton Paar, Austria) with a Rockwell C diamond indenter
(200 μm of radius). The scratch length, loading rate, and maximum loading force were
5 mm, 25 N/min, and 30 N, respectively. The larger the measured critical load, the better
the coating adhesive performance of the sample.
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3. Results and Discussion

3.1. Crystalline Phase

Figure 2 shows XRD patterns of Ta coatings deposited on steel substrates at Tsub from
200 ◦C to 400 ◦C as a function of power, respectively. The relevant texture coefficient (TC)
and full width at half maximum (FWHM) are illustrated in the inset.

Figure 2. XRD patterns of Ta coatings at different Tsub and Pspu. (a) 200 ◦C, (b) 300 ◦C, and (c) 400 ◦C.

At Tsub = 200 ◦C (Figure 2a), both α-Ta (JCPDF 04-0788) and β-Ta (JCPDF 25-1280) are
detected in the coatings at Pspu =100 W, 125 W, and 150 W. When Pspu is further increased

234



Metals 2023, 13, 583

to 175 W, all diffraction peaks can be indexed to α-Ta, indicating that single-phased α-Ta
coatings can be obtained by adjusting Pspu. To more accurately characterize the change of
the orientation degree, we introduce the texture coefficient TC(hkl), which can be evaluated
using the following formula [17,18].

TC(hkl) =
I(hkl)/I0(hkl)

1/N
[
∑ I(hkl)/I0(hkl)

]
where, I(hkl) and I0(hkl) are the measured intensity of the (hkl) plane and standard intensity
in the JCPDF card, respectively, and N is the number of reflections. The larger the TC(hkl),
the higher the orientation degree of the (hkl) plane. The fluctuation of TC(110) and TC(211)
of α-Ta as a function of Pspu is shown in the top-left corner of Figure 2a. It is discovered that
the TC(110) value decreases while the TC(211) value grows with increasing Pspu from 100 W
to 175 W. As is shown in Figure 2a, the different crystallization processes of coatings with
different thicknesses will affect the crystallization orientation. In the early growth stage, the
plane with low surface energy occupies a large coverage area. When the island growth ends,
the plane with high surface energy and a high longitudinal growth rate becomes higher
and subsequently expands into the surrounding area, contributing to the compression of
the plane with low surface energy. In the middle and late growth stages, the proportion of
the plane with high surface energy eventually exceeds the plane with low surface energy.
Meanwhile, as can be seen in the top-right corner of Figure 2a, the FWHM of (110) and (211)
decrease with increasing power, indicating better crystallinity at the higher power [19].
In addition, the FWHM is related to both crystallite size and the stress of the crystallites.
These effects can be separated using the Williamson–Hall method [20]. With the increase in
sputtering power, the ionization rate of Ar will lead to the increase in deposition rate and
more Ta atoms will accumulate near the nucleation point, resulting in an increase in the
grain size of the Ta coating. As can be seen from Figure 2a, the diffraction peaks of coatings
are getting closer to the standard peak lines with increasing power, meaning reduced stress.
Therefore, the increased crystallite size and reduced stress together promote the decrease
in FWHM.

At Tsub = 300 ◦C (Figure 2b), the diffraction peaks are all α-Ta at any powers. However,
different degrees of wrinkling and peeling from substrates macroscopically were observed
at the Pspu of 100 W, 125 W, and 175 W. The highest TC(211) and the lowest TC(110) were
obtained at 150 W. Furthermore, the FWHM at 150 W is lower than that of other powers.
As is shown in Figure 2b, at the relatively low power, there is not enough energy to diffuse
particles reaching the substrate due to the low kinetic energy, leading to poor adhesion and
incomplete crystallization. With the increase in the sputtering power, the crystallization of
the coating becomes better. However, when the power is too high, the particles deposited
on the substrate cannot diffuse enough and are covered by the newly incident particles
because of the fast deposition rate, which is not conducive to the crystallization of the
coating. Indeed, high nucleation energy may lead to excessive stress, cracks, and other
defects inside the coating.

At Tsub = 400 ◦C (Figure 2c), α-Ta was detected as the pure phase at Pspu = 100 W.
When the Pspu was elevated from 125 W to 175 W, the main diffraction peaks were indexed
from β-Ta to the mixed phase of α-Ta and β-Ta. The β-Ta phase further grew with crystal
planes oriented along (002), which is the densest plane [21], as is shown in Figure 2c. Myers
et al. [15] showed that the phase of Ta coating was correlated with its thickness. This
conclusion was based on the increase in the substrate temperature with the deposition
time, resulting in higher atomic mobility on the coating surface. Gregory Abadias et al. [22]
showed that the deposition process parameters did not affect the stability of the crystal
phase of α-Ta or β-Ta, indicating that the initial nucleation stage and the energy barrier of
the stable α-Ta or β-Ta nucleation were decisive for the phase.

Based on the experimental results in Figure 2, Figure 3 summarizes the evolution of
the phase composition of Ta coatings prepared under different Tsub and Pspu conditions. It
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can be seen that α-Ta is formed under specific temperature and power conditions. During
the deposition process of coatings, the effect of temperature and power on the coating
structure can be attributed to the surface activity of the substrate and the energy of the
Ta particles reaching the substrate. Accordingly, we speculate that the α-Ta formation
may be attributed to the deposition energy which needs to be maintained within a certain
range. On the grounds of this finding, we have reviewed some of the literature results. Hua
Ren et al. [23] reported that the coatings deposited at intermediate bias voltages had pure
α-Ta while they showed either mixed α-Ta with β-Ta or pure β-Ta at higher or lower bias
voltages. Kazuhide Ino et al. [24] found that the coatings exhibited β-Ta if the bombarding
energy was greater than 25 eV. It was confirmed that an appropriate energy input to the
deposition of Ta atoms is required to synthesize α-Ta and excessive high energy may be
unnecessary or even deleterious to α-Ta formation.

 
Figure 3. Evolution of phase composition at different Tsub and Pspu, the α and β were indicated by

 and  , respectively.

Therefore, Tsub and Pspu have a combined effect on growth and structural evolution of
Ta coatings. They may interact with each other to keep a specific deposition energy. For the
single-phased and homogeneous α-Ta coatings, the deposition conditions are 200 ◦C-175 W,
300 ◦C-150 W, and 400 ◦C-100 W.

3.2. Surface Morphology

Figure 4 shows the surface morphology and grain distribution histogram of the Ta
coatings deposited at Tsub-Pspu of 200 ◦C-175 W (Figure 4a,d), 300 ◦C-150 W (Figure 4b,e),
and 400 ◦C-100 W (Figure 4c,f), respectively. The size distribution histograms were obtained
by measuring more than 100 grains from the FESEM images.

As can be seen from the photographs, the surface morphology of single-phased
α-Ta coatings deposited in these different conditions are all characterized by triangular
pyramid-shaped particles with clear grain gaps, consistent with results published by M.
Grosser et al. [25]. According to the Thornton structural zone model, the deposition
pattern of Ta coating is the Z1 structure. This indicates that the diffusion distance of
the particles is very small, and the initial nucleus tends to capture the orientation of the
atoms on the coating surface at T/Tm < 0.1. While the substrate temperature increases
from 200 ◦C–400 ◦C (0.1 < T/Tm < 0.3), the diffusion kinetic energy of surface adsorbed
atoms increases, leading to increasing mobility of adsorbed atoms. The initially adsorbed
atoms rapidly self-diffuse towards the equilibrium position, eventually trapped by larger
grains to form the pyramid-shaped structure. The grain sizes of Ta coatings prepared at
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200 ◦C-175 W and 300 ◦C-150 W range from 120 nm to 240 nm, while the grains of the
sample prepared at 400 ◦C-100 W are smaller, within 60–120 nm, the surface of which is
also denser than that in the other two conditions.

 

Figure 4. FESEM images of surface morphology and grain size of the Ta coatings. (a,d) 200 ◦C-175 W,
(b,e) 300 ◦C-150 W, and (c,f) 400 ◦C-100 W.

Figure 5 shows the 3D profiles of Ta coatings in different deposition conditions. Com-
pared with the microstructural images obtained through SEM observation, the 3D profile
contains a larger observation interval which is more suitable for observing the overall
morphology distribution of millimeter-level samples. The surface height data of the Ta
coating under different conditions were obtained according to the 3D profiles, as is listed
in Table 3. Root mean square heights (Sq) of Ta coatings at 200 ◦C-175 W, 300 ◦C-150 W,
and 400 ◦C-100 W were 0.0402 μm, 0.0184 μm, and 0.0132 μm, respectively. Arithmetic
mean heights (Sa) of Ta coatings at 200 ◦C-175 W, 300 ◦C-150 W, and 400 ◦C-100 W were
0.0319 μm, 0.0145 μm, and 0.0103 μm, respectively. The results indicate that the surface
of the Ta coating at 400 ◦C-100 W is flatter, while the roughness of the Ta coating at
200 ◦C-175 W is higher. According to the histogram results of the grain distribution in
Figure 4, the coating grain size distributions at 400 ◦C-100 W and 300 ◦C-150 W have a con-
centrated grain size distribution, while the coatings at 200 ◦C-175 W are quite distributed
between 130 nm and 170 nm, resulting in higher roughness.

Figure 5. The 3D profile of the Ta coatings. (a) 200 ◦C-175 W, (b) 300 ◦C-150 W, and (c) 400 ◦C-100 W.
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Table 3. Height parameters of the Ta coatings in different conditions.

Height Parameters 200 ◦C-175 W 300 ◦C-150 W 400 ◦C-100 W
Header

Unabbreviated Form

Sq/μm 0.0402 0.0184 0.0132 Root mean square height
Sp/μm 0.141 0.0677 0.0482 Maximum peak height
Sv/μm 0.143 0.071 0.0678 Maximum pit height
Sz/μm 0.284 0.139 0.116 Maximum height
Sa/μm 0.0319 0.0145 0.0103 Arithmetic mean height

3.3. Cross-Sectional Morphology

Figure 6 shows the cross-sectional morphology of the Ta coatings deposited at Tsub-
Pspu of 200 ◦C-175 W, 300 ◦C-150 W, and 400 ◦C-100 W.

 

Figure 6. FESEM images of cross-sections of Ta coatings. (a) 200 ◦C-175 W, (b) 300 ◦C-150 W, and
(c) 400 ◦C-100 W.

The coatings exhibit a typical columnar crystal growth pattern mainly affected by the
shadowing effect. The anisotropy of columnar crystal growth leads to a large competitive
advantage for those crystals growing perpendicular to the interface, and columnar crystals
in other directions are submerged as the coating thickens. In addition, the thicknesses
of Ta coatings are approximately 3.78 μm, 3.34 μm, and 1.87 μm, respectively. When the
sputtering power increases, the sputtered Ta atoms from the target increase, resulting in
a high sputtering rate. However, according to the theory proposed by Kim et al. [26],
a lower deposition rate enables atoms to move through the crystals across larger regions,
and atoms are unlikely to be covered by subsequent adatom flux before being dampened
in a particular location, potentially improving the mechanical properties of materials.

3.4. Hardness and Modulus

The corresponding hardness and elastic modulus were measured using an indentation
tester for these coatings. It can be seen from Figure 7a that hardness and elastic modulus
both reach the maximum value under the sputtering condition of 400 ◦C-100 W, 9 GPa, and
157 GPa, respectively. In general, the high hardness of coatings is usually attributed to their
dense structure and small grain size. As shown in Figure 4, the Ta coating at 400 ◦C-100 W
exhibits the densest structure with a minimal grain gap. On the other hand, this is concerned
with the grain size that has an effect on mechanical properties of coatings due to the Hall–
Petch (H-P) effect [27]. On the basis of the dislocation theory, grain boundaries are obstacles
in the movement of dislocations, and refining grains can produce more grain boundaries. If
the grain boundary structure does not change, a larger external force is required to generate
dislocation plugging, thereby strengthening the material.
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Figure 7. (a) H and E, (b) H/E and H3/E2, (c) load–depth curves, and (d) elastic recovery ratio of
Ta coatings.

Furthermore, the enhanced hardness H is not a single important property of the
hard coating. For many applications, H/E (elastic strain failure strength) [28] and H3/E2

(plastic deformation strength) [17] calculated by hardness and modulus are more important
than their extremely high hardness. H/E and H3/E2 are important parameters of coating
materials in the field of wear, which are positively related to the toughness of coatings and
play a vital role in the crack resistance process [29]. Figure 7b shows the change in H/E
and H3/E2 calculated from hardness (H) and elastic modulus (E). It can be seen that H/E
and H3/E2 show similar variation trends, and both reach their highest at 400 ◦C-100 W,
which are 0.057 and 0.030 GPa, respectively. It also demonstrates that the Ta coating at
400 ◦C-100 W has better crack resistance and toughness, with abilities to endure mechanical
damage in abrasive wear applications and withstand impact energy from deformation to
fracture [28].

The load–depth curves of Ta coatings at various sputtering conditions are illustrated
in Figure 7c. The coatings were complied with an elastoplastic deformation according
to the curves. In the nanoindentation test, some of the total energy (WT) was recovered
as reversible elastic energy (WE), while some was lost as irreversible plastic deformation
energy (WP). The elastic recovery ratio (ηw), which can be defined as ηw = WE/WT, is
a measure to express the response of a material to indentation [30,31]. Take the coating
prepared at 300 ◦C-150 W as an example; WE and WT are given by the areas under the
loading and unloading curves, respectively, as shown in Figure 7c. The coating prepared at
400 ◦C-100 W has a higher ηw value of 0.39 in Figure 7d, indicating better resilience.

Figure 8 shows the comparison of the H/E and H3/E2 of α-Ta coatings prepared in
this work with other literatures. In previous studies, the H/E and H3/E2 varied within
a range of 0.0275–0.055 and 0.0058–0.031 GPa, respectively. Compared with other studies,
the α-Ta coating at 400 ◦C-100 W in our work has higher H/E and comparable H3/E2

in contrast to G. Abadias et al. [21], which can be attributed to its high densification and
homogeneous structure.
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Figure 8. Comparison of the H/E and H3/E2 of α-Ta coatings with other literatures [15,21,32–34].

3.5. Adhesion

From actual applications of Ta coatings, the adhesion and integrity of the coating-
substrate interface under projected loads are key performance concerns and the basis for
improving coating performance and extended applications [11].

The adhesive performance was evaluated according to the reference standard. The
standard diagram is shown in Figure 9, where grades one to four are acceptable failure
and five to six are unacceptable failure. Figure 10 shows the results of the testing of
α-Ta coatings under different conditions. The coatings prepared at 200 ◦C-175 W and
300 ◦C-150 W showed cracks and delamination, and the coating prepared at 300 ◦C-150 W
peeled off from the substrate more seriously. Therefore, the coating ratings at 200 ◦C-175 W
and 300 ◦C-150 W were HF3 and HF4, respectively. The coating prepared at 400 ◦C-100 W
showed good adhesion without obvious delamination around the indentation. Compared
with Figure 9, the overall coating rating was HF1. The better adhesion of the coating under
400 ◦C-100 W may be related to the dense structure and higher hardness.

According to the above analysis with respect to the morphology, hardness, and in-
dentation test, it is determined that 400 ◦C-100 W is the optimal condition for forming Ta
coatings. However, the coating indentation morphology can only qualitatively represent
the adhesion of the coating to a certain extent. In this work, a scratch tester was used to
quantify the adhesive properties of the Ta coating at 400 ◦C-100 W. The sudden variation of
the acoustic emission and friction force is the deciding factor of every scratch mechanism.

The scratch morphologies of the Ta coating at 400 ◦C-100 W are shown in Figure 11a.
As the applied load increases, the scratch width of the Ta coating surface also gradually
increases, and the scratch area is clearly visible. In the scratch test, Lc1 is the corresponding
load when cracks begin to appear and Lc2 is the minimum load for continuous peeling
between the coating and the substrate, indicating the failure of the adhesion of the coating-
substrate system. Usually, Lc2 is used to determine the failure of the coating [35]. From
the enlarged image of Lc1 in Figure 11b, the appearance of small cracks can be seen, and
the enlarged image of Lc2 in Figure 11c demonstrates that the coating begins to peel off
from the substrate at this time, exposing the color of the substrate. According to the micro
scratch curves in Figure 11d, it can be seen that Lc1 = 7.38 N and Lc2 = 18.46 N. The larger
the Lc1, the stronger the cracking resistance of the coating. The longer the distance between
Lc1 and Lc2, the better the coating’s resistance to crack propagation [36]. In previous work,
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Su et al. [32] found that mono-DC Ta coatings reached optimum adhesion compared with
mono-PP and multi-PD coatings. The first fracture of mono-DC coating occurred when
the load reached ~320 mN because the main diffraction peaks were β-Ta. Furthermore, Ay
Ching Hee et al. [37], using DCMS technology, observed that the initiation of cracking in Ta
coatings was at 2.5 N and the second critical load was at 18.6 N, with the coating separating
from the substrate.

Figure 9. Reference standard for the evaluation of adhesion.

 
Figure 10. HRC indentation test of Ta coatings. (a) 200 ◦C-175 W, (b) 300 ◦C-150 W, and
(c) 400 ◦C-100 W.

Compared with the studies in other literatures [32,37], the Ta coating prepared in this
work has good adhesion as well as strong resistance to cracking.
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Figure 11. Scratch results of Ta coating prepared at 400 ◦C-100 W (a) OM of the scratch, (b,c) SEM
morphology of the selected areas in Figure 4a, and (d) the micro scratch curve.

4. Conclusions

In this study, Ta hard coatings were prepared on PCrNi1MoA steel substrates by direct
current magnetron sputtering at various substrate temperatures (Tsub = 200–400 ◦C) and
sputtering powers (Pspu = 100–175 W). The basic conclusions are as follows:

The growth and phase evolution were observed to be controlled by Tsub and Pspu
simultaneously. Higher Pspu was required in order to obtain α-Ta coatings when the coat-
ings are deposited at lower Tsub, and vice versa. Therefore, Tsub and Pspu interacted with
each other and had a combined effect on coating growth. At a Tsub-Pspu at 200 ◦C-175 W,
300 ◦C-150 W, and 400 ◦C-100 W, single-phased and homogeneous α-Ta coatings were
obtained.

The α-Ta coating deposited at Tsub-Pspu at 400 ◦C-100 W showed a relatively denser
structure, finer grain (60–120 nm, and flatter surface, with the root mean square heights
(Sq) of 0.0132 μm.

The α-Ta coating deposited at Tsub-Pspu at 400 ◦C-100 W exhibited a higher hardness
(9 GPa), H/E (0.057), and H3/E2 (0.030 GPa), as well as an adhesion of 18.46 N.

Author Contributions: Conceptualization, C.L.; methodology, C.L.; software, C.L.; validation,
C.L.; formal analysis, C.L.; investigation, C.L.; resources, J.P., Z.X. and Q.S.; data curation, C.L.;
writing—original draft preparation, C.L.; writing—review and editing, J.P. and Z.X.; visualization,

242



Metals 2023, 13, 583

C.L.; supervision, C.W.; project administration, C.W. and Q.S.; funding acquisition, C.W. All authors
have read and agreed to the published version of the manuscript.

Funding: This research was funded by Guangdong Major Project of Basic and Applied Basic
Research (2021B0301030001), National Key R&D Program of China (2021YFB3802300), and Self-
innovation Research Funding Project of Hanjiang Laboratory (HJL202012A001, HJL202012A002,
HJL202012A003). And the APC was funded by Guangdong Major Project of Basic and Applied Basic
Research (2021B0301030001).

Data Availability Statement: The data that support the findings of this study are all own results of
the authors.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Chen, X.; Yan, Q.; Ma, Q. Influence of the laser pre-quenched substrate on an electroplated chromium coating/steel substrate.
Appl. Surf. Sci. 2017, 405, 273–279. [CrossRef]

2. Sarraf, S.H.; Soltanieh, M.; Aghajani, A. Repairing the cracks network of hard chromium electroplated layers using plasma
nitriding technique. Vacuum 2016, 127, 1–9. [CrossRef]

3. Podgornik, B.; Massler, O.; Kafexhiu, F.; Sedlacek, M. Crack density and tribological performance of hard-chrome coatings. Tribol.
Int. 2018, 121, 333–340. [CrossRef]

4. Peng, X.; Xia, C.; Dai, X.; Wu, A.; Dong, L.; Li, D.; Tao, Y. Ablation behavior of NiCrAlY coating on titanium alloy muzzle brake.
Surf. Coat. Technol. 2013, 232, 690–694. [CrossRef]

5. Wang, D.; Lin, S.S.; Liu, L.Y.; Xue, Y.N.; Yang, H.Z.; Bai, J.L.; Zhou, K.S. Effect of Bias Voltage on Microstructure and Erosion
Resistance of CrAlN Coatings Deposited by Arc Ion Plating. Rare Met. Mater. Eng. 2020, 49, 2583–2590.

6. Matson, D.W.; McClanahan, E.D.; Lee, S.L.; Windover, D. Properties of thick sputtered Ta used for protective gun tube coatings.
Surf. Coat. Technol. 2001, 146, 344–350. [CrossRef]

7. Liu, L.L.; Xu, J.; Lu, X.; Munroe, P.; Xie, Z.H. Electrochemical Corrosion Behavior of Nanocrystalline beta-Ta Coating for
Biomedical Applications. ACS Biomater Sci. Eng. 2016, 2, 579–594. [CrossRef]

8. Niu, Y.; Chen, M.; Wang, J.; Yang, L.; Guo, C.; Zhu, S.; Wang, F. Preparation and thermal shock performance of thick α-Ta coatings
by direct current magnetron sputtering (DCMS). Surf. Coat. Technol. 2017, 321, 19–25. [CrossRef]

9. Traving, M.; Zienert, I.; Zschech, E.; Schindler, G.; Steinhögl, W.; Engelhardt, M. Phase analysis of TaN/Ta barrier layers in
sub-micrometer trench structures for Cu interconnects. Appl. Surf. Sci. 2005, 252, 11–17. [CrossRef]

10. Zhou, Y.M.; Xie, Z.; Xiao, H.N.; Hu, P.F.; He, J. Effects of deposition parameters on tantalum films deposited by direct current
magnetron sputtering. J. Vac. Sci. Technol. A Vac. Surf. Film. 2009, 27, 109–113. [CrossRef]

11. Gladczuk, L.; Patel, A.; Singh Paur, C.; Sosnowski, M. Tantalum films for protective coatings of steel. Thin Solid Film. 2004, 467,
150–157. [CrossRef]

12. Al-masha’al, A.; Bunting, A.; Cheung, R. Evaluation of residual stress in sputtered tantalum thin-film. Appl. Surf. Sci. 2016, 371,
571–575. [CrossRef]

13. Latif, R.; Jaafar, M.F.; Aziz, M.F.; Zain, A.R.M.; Yunas, J.; Majlis, B.Y. Influence of tantalum’s crystal phase growth on the
microstructural, electrical and mechanical properties of sputter-deposited tantalum thin film layer. Int. J. Refract. Met. Hard Mater.
2020, 92, 105314. [CrossRef]

14. Navid, A.A.; Hodge, A.M. Controllable residual stresses in sputtered nanostructured alpha-tantalum. Scr. Mater. 2010, 63,
867–870. [CrossRef]

15. Myers, S.; Lin, J.; Souza, R.M.; Sproul, W.D.; Moore, J.J. The β to α phase transition of tantalum coatings deposited by modulated
pulsed power magnetron sputtering. Surf. Coat. Technol. 2013, 214, 38–45. [CrossRef]

16. Alami, J.; Eklund, P.; Andersson, J.; Lattemann, M.; Wallin, E.; Bohlmark, J.; Persson, P.; Helmersson, U. Phase tailoring of Ta thin
films by highly ionized pulsed magnetron sputtering. Thin Solid Film. 2007, 515, 3434–3438. [CrossRef]

17. Elmkhah, H.; Zhang, T.F.; Abdollah-zadeh, A.; Kim, K.H.; Mahboubi, F. Surface characteristics for the TiAlN coatings deposited by
high power impulse magnetron sputtering technique at the different bias voltages. J. Alloys Compd. 2016, 688, 820–827. [CrossRef]

18. Peng, B.; Xu, Y.X.; Du, J.W.; Chen, L.; Kim, K.H.; Wang, Q. Influence of preliminary metal-ion etching on the topography and
mechanical behavior of TiAlN coatings on cemented carbides. Surf. Coat. Technol. 2022, 432, 128040. [CrossRef]

19. Ferreira, F.; Sousa, C.; Cavaleiro, A.; Anders, A.; Oliveira, J. Phase tailoring of tantalum thin films deposited in deep oscillation
magnetron sputtering mode. Surf. Coat. Technol. 2017, 314, 97–104. [CrossRef]

20. Augustin, A.; Udupa, K.R.; Udaya, B.K. Crystallite size measurement and micro-strain analysis of electrodeposited copper thin
film using Williamson-Hall method. AIP Conf. Proc. 2016, 1728, 020492.

21. Colin, J.J.; Abadias, G.; Michel, A.; Jaouen, C. On the origin of the metastable β-Ta phase stabilization in tantalum sputtered thin
films. Acta Mater. 2017, 126, 481–493. [CrossRef]

22. Abadias, G.; Colin, J.J.; Tingaud, D.; Djemia; Belliard, L.; Tromas, C. Elastic properties of α- and β-tantalum thin films. Thin Solid
Film. Vol. 2019, 688, 137403. [CrossRef]

243



Metals 2023, 13, 583

23. Ren, H.; Sosnowski, M. Tantalum thin films deposited by ion assisted magnetron sputtering. Thin Solid Film. 2008, 516, 1898–1905.
[CrossRef]

24. Ino, K.; Shinohara, T.; Ushiki, T.; Ohmi, T. Ion energy, ion flux, and ion species effects on crystallographic and electrical properties
of sputter-deposited Ta thin films. J. Vac. Sci. Technol. A Vac. Surf. Film. 1997, 15, 2627–2635. [CrossRef]

25. Grosser, M.; Schmid, U. The impact of sputter conditions on the microstructure and on the resistivity of tantalum thin films. Thin
Solid Film. 2009, 517, 4493–4496. [CrossRef]

26. Kim, J.H.; Holloway, P.H. Textured growth of cubic gallium nitride thin films on Si (100) substrates by sputter deposition. J. Vac.
Sci. Technol. A Vac. Surf. Film. 2004, 22, 1591–1595. [CrossRef]

27. Jimenez, M.J.M.; Antunes, V.; Cucatti, S.; Riul, A.; Zagonel, L.F.; Figueroa, C.A.; Wisnivesky, D.; Alvarez, F. Physical and micro-
nano-structure properties of chromium nitride coating deposited by RF sputtering using dynamic glancing angle deposition.
Surf. Coat. Technol. 2019, 372, 268–277. [CrossRef]

28. Huang, B.; Liu, L.-T.; Du, H.-M.; Chen, Q.; Liang, D.-D.; Zhang, E.-G.; Zhou, Q. Effect of nitrogen flow rate on the microstructure,
mechanical and tribological properties of CrAlTiN coatings prepared by arc ion plating. Vacuum 2022, 204, 111336. [CrossRef]

29. Leyland, A.; Matthews, A. Design criteria for wear-resistant nanostructured and glassy-metal coatings. Surf. Coat. Technol. 2004,
177–178, 317–324. [CrossRef]

30. Jha, K.K.; Suksawang, N.; Lahiri, D.; Agarwal, A. Evaluating initial unloading stiffness from elastic work-of-indentation measured
in a nanoindentation experiment. J. Mater. Res. 2013, 28, 789–797. [CrossRef]

31. Xia, Y.; Xu, Z.; Peng, J.; Shen, Q.; Wang, C. In-situ formation, structural transformation and mechanical properties Cr—N coatings
prepared by MPCVD. Surf. Coat. Technol. 2022, 44, 128522. [CrossRef]

32. Su, Y.; Huang, W.; Zhang, T.; Shi, C.; Hu, R.; Wang, Z.; Cai, L. Tribological properties and microstructure of monolayer and
multilayer Ta coatings prepared by magnetron sputtering. Vacuum 2021, 189, 110250. [CrossRef]

33. Koller, C.M.; Marihart, H.; Bolvardi, H.; Kolozsvári, S.; Mayrhofer, P.H. Structure, phase evolution, and mechanical properties of
DC, pulsed DC, and high power impulse magnetron sputtered Ta–N films. Surf. Coat. Technol. 2018, 347, 304–312. [CrossRef]

34. Lin, J.; Moore, J.J.; Sproul, W.D.; Lee, S.L.; Wang, J. Effect of Negative Substrate Bias on the Structure and Properties of Ta Coatings
Deposited Using Modulated Pulse Power Magnetron Sputtering. IEEE Trans. Plasma Sci. 2010, 38, 3071–3078. [CrossRef]

35. Shi, X.W.; Li, X.R.; Yao, N.; Wang, X.C.; Song, K.L.; Zhang, S. A Study on Magnetic Filter Controlling TiN Films Prepared by Arc
Ion Plating. Appl. Mech. Mater. 2011, 117–119, 1071–1075. [CrossRef]

36. Zhang, S.; Sun, D.; Fu, Y.; Du, H. Toughening of hard nanostructural thin films: A critical review. Surf. Coat. Technol. 2005, 198,
2–8. [CrossRef]

37. Hee, A.C.; Jamali, S.S.; Bendavid, A.; Martin, P.J.; Kong, C.; Zhao, Y. Corrosion behaviour and adhesion properties of sputtered
tantalum coating on Ti6Al4V substrate. Surf. Coat. Technol. 2016, 307, 666–675. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

244



Citation: Cohen, M.; Ashkenazi, D.;

Gitler, H.; Tal, O.

Archaeometallurgical Analysis of the

Provincial Silver Coinage of Judah:

More on the Chaîne Opératoire of the

Minting Process. Materials 2023, 16,

2200. https://doi.org/10.3390/

ma16062200

Academic Editors: Andrea Di Schino

and Claudio Testani

Received: 13 February 2023

Revised: 6 March 2023

Accepted: 7 March 2023

Published: 9 March 2023

Copyright: © 2023 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

materials

Article

Archaeometallurgical Analysis of the Provincial Silver Coinage
of Judah: More on the Chaîne Opératoire of the Minting Process

Maayan Cohen 1,2, Dana Ashkenazi 3,*, Haim Gitler 4 and Oren Tal 1

1 Department of Archaeology and Ancient Near Eastern Cultures, Tel Aviv University, Ramat Aviv,
Tel Aviv 6997801, Israel

2 Leon Recanati Institute for Maritime Studies, University of Haifa, Haifa 3498838, Israel
3 School of Mechanical Engineering, Tel Aviv University, Ramat Aviv, Tel Aviv 6997801, Israel
4 Israel Museum, Derech Rupin 11, Jerusalem 9171002, Israel
* Correspondence: danaa@tauex.tau.ac.il or dana@eng.tau.ac.il

Abstract: Silver coins were the first coins to be manufactured by mass production in the southern
Levant. An assemblage of tiny provincial silver coins of the local (Judahite standard) and (Attic)
obol-based denominations from the Persian and Hellenistic period Yehud and dated to the second half
of the fourth century BCE were analyzed to determine their material composition. Of the 50 silver
coins, 32 are defined as Type 5 (Athena/Owl) of the Persian period Yehud series (ca. 350–333 BCE);
9 are Type 16 (Persian king wearing a jagged crown/Falcon in flight) (ca. 350–333); 3 are Type 24 series
(Portrait/Falcon) of the Macedonian period (ca. 333–306 BCE); and 6 are Type 31 (Portrait/Falcon)
(ca. 306–302/1 BCE). The coins underwent visual testing, multi-focal light microscope observation,
XRF analysis, and SEM-EDS analysis. The metallurgical findings revealed that all the coins from the
Type 5, 16, 24, and 31 series are made of high-purity silver with a small percentage of copper. Based
on these results, it is suggested that each series was manufactured using a controlled composition of
silver–copper alloy. The findings present novel information about the material culture of the southern
Levant during the Late Persian period and Macedonian period, as expressed through the production
and use of these silver coins.

Keywords: archaeometallurgy; Judah; non-destructive testing analysis; materials characterization;
Palestine; silver coins; southern Levant

1. Introduction

Analysis of the chemical composition of ancient coins can reveal their alloy content
and enable us to determine, among other things, whether certain issues were produced
using a controlled and relatively homogenous metallurgical composition. Moreover, the
elemental composition of a coin, when compared to a validated dataset, may indicate where
that coin was produced [1].

The study of the Provincial silver coinage of Judah was recently revised by Gitler et al.
(2023) [2], who presented a typological corpus of the 44 recorded Yehud coin types, as well
as a die study of the coins dated to the Late Persian, Macedonian, and Early Hellenistic
periods. Here, we present an archaeometallurgical study of some of the more common coin
types of the Yehud minting authority (Types 5, 16, 24, and 31) (Figure 1).

Type 5 of the Yehud coinage series (Figure 2) features a helmeted head of Athena
in profile, turned to the right on the obverse, while the reverse depicts an owl with the
body turned to the right and its head facing front. An olive spray or lily appears in the
upper left field, while in the right field, the legend YHD (an abbreviation of the name of
the province: Judah) is written in Paleo-Hebrew and Aramaic. These Athenian-styled gerah
denomination-based issues (1/20 of a local Judahite sheqel; mean weight of 0.48 g based
on a sample of 150 coins) were minted in the province of Judah during the Late Persian
period between 350 and 333 BCE (see [2]: Chapter III).

Materials 2023, 16, 2200. https://doi.org/10.3390/ma16062200 https://www.mdpi.com/journal/materials
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With Type 5, the Yehud coinage began a specialization in small denominations in
contrast to the larger denominations that had been previously minted for this province
(Types 1–4 in the Yehud corpus). Our initial research question was: can we determine
with sufficient certainty whether our die-linked issues were not only produced according
to a specific standard of metallurgical composition, but also from the same metal batch
throughout the minting of the series?

Our study then took this question a step further and sought to determine whether the
die-linked issues of Type 5 (Figure 3), which all feature the same obverse (O1) but with five
different reverses (R1, R2, R3, R4, and R5), were produced from different metal batches or
from the same specific batch that had been used to produce the flans for the entire Type
5 group which is connected to Obverse 1 (O1/R1, O1/R2, O1/R3, O1/R4, and O1/R5 are
shown in Figures 2–4). Basically, we sought answers that relate to the chaîne opératoire of
the earliest small denomination coins minted in the province of Judah.

Similarly, to other Yehud small denomination coins, Type 5 was struck from dies
that were damaged during the striking process but continued to be used (progressive
degradation of O1, see [2]: Figure II.1, p. 22). The die damage could have been caused by
excessive wear, breaks, or errors. In this peculiar chaîne opératoire, the artisans who struck
the coins apparently operated independently of local die engravers and thus were not able
to replace the damaged dies or to recut the motifs in order to repair them. Consequently,
the damaged obverse dies continued to be used and to produce coins whose obverse motifs
are barely discernable [3].

 

Figure 1. Location map of the research area, showing the fourth-century BCE regional division of
southern Palestine.
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Figure 2. Yehud gerah coins—Type 5 of the Yehud series (Athena/Owl) corpus with die combinations
O1 (obverse) and R1 (reverse), R2, R3, R4, and R5 ((a–e), respectively) with the YHD legend.
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Figure 3. Multi-focal light microscope (LM) enlarged observation of the Yehud gerah coins Type
5 die-linked connection, with the same obverse (O1) but different reverses (R1, R2, and R4): (a) O1/R1:
IAA 138139 (Khirbat Qeiyafa excavations), obverse, showing the helmeted head of Athena; (b) O1/R1:
IAA 138139, reverse, showing a lily, symbol of Jerusalem (left), owl (center), and Aramaic inscription
of Judea (YHD, right); (c) O1/R1: IMJ 34542, reverse; (d) O1/R2: IMJ 34537, reverse; (e) O1/R2: IAA
154383 (Khirbat Qeiyafa); (f) O1/R2: IMJ 34538, reverse; (g) O1/R4: Ramallah area hoard no. 1, IMJ
2006.53.26139 (RH2), reverse; (h) O1/R4: Ramallah area hoard no. 5, IMJ 2006.53.26142 (RH5), reverse;
and (i) O1/R4: IMJ 34556, reverse.
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Figure 4. Yehud coins: (a) Type 16 O2/R2, (b) Type 24 O1/R2, and (c) Type 31 O1/R1 of the
Yehud series.

A group of 50 specimens was chosen for this study: 32 coins of Type 5 (Figure 3), 9 coins
of Type 16 O2/R2 (Figure 4a), 3 coins of Type 24 O1/R2 (Figure 4b), and 6 coins of Type
31 O1/R1 (Figure 4c). The assemblage includes coins found at controlled archaeological
excavations and recorded by the Israel Antiquities Authorities (IAA); coins belonging to
the Ramallah area hoard, 2006, which belong to the Israel Museum’s collection [4]; and
coins from the Israel Museum’s collection (IMJ).

Because these coins derive from several different sources, we were able to determine
whether coins struck from the same pair of dies and found together in the alleged Ramallah
area hoard 2006 were produced from the same metal batch or from a different one than that
of the coins struck from the same pair of dies and which were either found in controlled
archaeological excavations or came from the antiquities market. We assume die-linked
coins that appear together in a hoard were probably minted contemporaneously in the
striking chain. Hence, our assumption is that their flans were probably prepared from the
same metal batch. We also sought to determine the logical striking order of the analyzed
Type 5 coins either recovered during controlled archaeological excavations or from the
antiquities market based on the deterioration of the obverse and reverse motifs, although
such determination is not always precise. We also cannot know how many other coins
might have been struck between any two ordered coins in our assemblage during the
minting chain process. Our analysis, based on the metallurgical results, may nonetheless
help to determine the minting order of a series.

2. Technological Background to Research

The study of ancient silver coins includes aspects associated with minting skills,
technological abilities, and political and economic considerations of a particular period,
and can assist in understanding the connection between political and economic events [5–7].
Moreover, it can assist in understanding the economic choices of the minting authorities
during times of crisis according to conflicts, as well as during times of reduced supply
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of metal [8]. For example, throughout history, during periods of high inflation, the silver
content of coins is lower than the standard. Hence, the concentration of silver during a
specific period can be used as an indicator for the estimation of economic, trade, and social
conditions [9].

During antiquity, silver was typically produced from silver-rich galena lead sulfide
(PbS) ore containing approximately 1–2 wt% Ag [10]. The cupellation method was a
multistage process engaging three separate hearths. The first hearth was used for enriching
smelted impure lead that contained silver (bullion). Wood fuel was used in order to remelt
the lead bullion at high temperature. The lead was oxidized to litharge (PbO), with a
melting temperature of 880 ◦C, inside a bellows-powered tuyères. Additional bullion was
added until an appropriate amount of silver-enriched lead was acquired. Next, the silver-
enriched lead was moved to a second hearth and oxidized again; however, at this stage, the
litharge was removed by sinking iron rods into the hearth to create coated litharge cones
on top of the rods. The rods were then removed, the litharge cones were thrown away, and
the rods were dipped again, finally leaving silver globules inside the hearth. In the third
hearth, several globules were melted and refined to obtain silver ingots and the remaining
lead oxide was absorbed in the porous container wall (cupel). The cupellation method is a
very effective process for producing silver metal with more than 95% purity [11].

A partial cupellation process resulted in silver alloy with lead presence. Hence, low
quantities or absence of lead in the silver alloy points towards a successful silver refining
process [12–14]. In addition, high content of lead transforms the silver alloy into a brittle
material after a long burial period. Therefore, a good state of preservation of ancient silver
objects is often connected to the absence of lead in the alloy.

Pure silver is a shiny white–grey metal with aesthetic appearance; it is a very soft metal
that has excellent ductility and malleability [15,16]. Copper was a main alloying element
in ancient silver coins. Ancient silver objects, including coins, are commonly available as
silver–copper alloys with various ratios of silver and copper [17]. The addition of more
than 3 wt% Cu to silver was frequently made to improve the mechanical properties of silver
objects and also act as a melting-point depressant. Hence, the presence of more than 3 wt%
Cu usually suggests that the copper was intentionally added [12,18–20].

Non-invasive and non-destructive testing (NDT) analyses of coins can be rather
challenging due to various factors that change the surface metal composition, including
long period corrosion processes and the presence of various corrosion products, tarnish
and oxide layers, silver enrichment of the surface, cleaning residues, and conservation
treatments [19,21,22]. The patina of ancient objects made of silver alloys may contain
Ag2O, Ag2S, and/or AgCl, which can result in uncertainties concerning the obtained
elemental data [9]. Therefore, the detected chemical composition obtained from the surface
of the coin can be fundamentally different from the chemical composition over the entire
volume of the coin [23]. Moreover, even when bulk material composition of ancient silver
coins is obtained by destructive testing methods, there may be uncertainties concerning
elemental analysis results that assume homogenous elemental distribution, which is often
incorrect [21]. Therefore, measuring the composition in several different areas for each coin
is recommended [24].

Surface-enrichment can be performed deliberately for technological and/or economic
considerations or naturally due to segregation of the metals during casting and cooling
stages, and because of corrosion processes [25]. For example, surface-enrichment, making
silver–copper coins look like pure silver (silver depletion), was common during the Roman
period. When silver–copper coin blanks were cast, they were kept at red heat condition to
oxidize the copper on the external surface. Following the copper oxidation, the blanks were
dripped into an organic acid bath which removed the copper from the surface, leaving
a silver-enriched layer of up to a few hundred microns deep (usually up to a depth of
approximately 200 μm). This process was employed by the Romans on silver–copper alloys
with a composition of up to 80 wt% Cu, allowing the treated coins to leave the mint looking
as if they were made of pure silver [26,27].
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Copper located near the external surface of ancient silver coins can be oxidized and
form corrosion products after a long burial period in aggressive environments; for example,
cuprite (Cu2O) and tenorite (CuO) can be formed on the coin surface. When these minerals
are removed from the surface, an Ag-rich exterior is achieved depleted in Cu [7]. Neverthe-
less, ancient silver coins have relatively high durability. In order to examine whether there
had been a silver-enrichment of the external surface, Ashkenazi et al. (2017) [19] grounded
the surface of a fourth-century BCE silver ring from the Nablus Hoard (Ring B) and found
that the Cu wt% concentration at the surface of the ring (before grinding) was similar to the
Cu wt% concentration of the bulk alloy (after grinding). This led to the conclusion that the
SEM-EDS measurements of the well-preserved fourth-century BCE shiny silver metallic
areas of the objects accurately represented the bulk concentration of the silver jewelry from
the Samaria and Nablus Hoards. X-ray fluorescence (XRF) and inductively coupled plasma
with atomic emission spectrometry (ICP-AES) analyses of southern Palestinian Persian
period silver coins also supported this conclusion [19].

3. Experimental Methods and Tests

Because of the rareness of the Yehud silver coins, invasive analysis of the objects was
not permitted; thus, the coins were studied by using non-destructive testing (NDT) methods:

(a) Visual testing (VT) inspection of the coins was performed in order to examine their
general preservation condition and locate the better preserved areas of each coin.

(b) A handheld X-ray fluorescence (XRF) Oxford X-MET8000 (Oxford Instruments, Abing-
don, UK) was employed to examine the obverse and reverse of each coin of group
Type 5 O1/R1, O1/R2, and O1/R4 to determine the elemental compositions of the
surface. The XRF instrument was combined with a Silicon Drift Detector equipped
with a 45 kV Rh Target X-ray tube. Each measurement was performed for 30 s with
a detected spot diameter of 5 mm. Oxygen could not be detected with this XRF tool
according to instrumental limitation.

(c) A multi-focal digital light microscope (LM) (HIROX RH-2000, Hirox, Limonest, France)
with high intensity LED lighting (5700 K color temperature) was used to inspect the
general preservation of the surface and to detect microscopic discontinuities and
defects. The coins were examined with an improved light sensitivity sensor at high
resolution HD (1920 × 1200) with a multi-focus system combining many levels of
light intensity and an integrated stepping motor, as well as powerful 3D software.

(d) Scanning electron microscopy (SEM) with energy dispersive spectroscopy (EDS) ex-
amination was performed with environmental SEM in high vacuum mode and an
Everhart–Thornley secondary electron (SE) detector. Both secondary electron (SE) and
back-scattered electron (BSE) modes were used. The coins’ surface composition (Sup-
plementary Materials, Tables S1–S8) was analyzed by EDS using a Si(Li) liquid-cooled
Oxford X-ray detector, calibrated with standard samples from the manufacturer, and
providing measurements with a first approximation error of 1% [28]. SEM-EDS
analysis accesses only a few micrometers beneath the surface of the analyzed metal;
however, it provides very precise information on the morphology of the inspected
area [29]. Before SEM-EDS examination, the coins’ surfaces were cleaned with ethanol
and dried. In order to measure the coins’ alloy composition, only bright metal regions
according to BSE mode were inspected. An example of SEM-EDS spectra of a typical
coin’s surface is shown in Supplementary Materials, Figure S1. Different scan areas
were examined using EDS between 20 μm × 20 μm and 800 μm × 800 μm. An average
composition was then calculated by analyzing each coin using 6–8 measurements
from different parts of each coin (both obverse and reverse sides were examined)
to collect statistical data on each coin (reliable elemental distribution, average com-
position values and standard deviation), and then the results were normalized to
100 weight percentage (wt%). The alloy composition was calculated after omitting
the peaks of oxides, corrosion products, and soil elements. In order to examine if the
surface analysis represented the bulk alloy composition, seven Yehud silver coins
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were locally ground in different areas with 240–320 silicon carbide grit papers to
reveal their bulk metal composition. The examined coins were IAA 153976 and IMJ
27424 (Type 5 O1/R1), IAA 101006 and IAA 154383 (Type 5 O1/R2), IMJ 27383 (Type
16 O2/R2), Trans-Jordan 11 (Type 24 O1/R2), and IMJ 34591 (Type 31 O1/R1). The
composition of these coins was detected in several areas before (Supplementary Mate-
rials, Tables S1, S2 and S6–S8) and after locally grinding their surface (Supplementary
Materials, Table S9).

4. Results

VT examination of the external surface of the Yehud gerah Type 5 O1/R1, O1/R2,
O1/R3, O1/R4, and O1/R5, and of the Yehud series Type 16 (O2/R2), Type 24 (O1/R2),
and Type 31 (O1/R1) (Figures 2–4) revealed that these coins were well preserved and
covered with grey oxide, but also included areas of exposed shiny silver metal. XRF
analysis results of the surface of coins Type 5 O1/R1, O1/R2, and O1/R4 revealed high-
purity silver with a small percentage (less than 5 wt%) of copper. Other elements were
also detected on the surface of the coins, including Si, Au, Pb, Sn, As, Bi, S, Fe, P, Mg, Mn,
Ca, Al, and Ti. One coin in the Type 5 group, O1/R1 (IAA 153976), revealed exceptional
composition according to XRF analysis with up to 46.7 wt% Ag and 44.5 wt% Cu. Two
coins in the Type 5 group, O1/R2 (IAA 154383 and IMJ 27387), also revealed exceptional
composition with up to 69.7 wt% Ag and 35.4 wt% Cu (for coin IAA 154383) and with up
to 58.4 wt% Ag and 33.1 wt% Cu (for coin IMJ 27387) according to XRF analysis. One coin
in group Type 5, O1/R4 (IAA 153981), also revealed exceptional composition according to
XRF analysis with up to 76.2 wt% Ag and 12.6 wt% Cu.

4.1. Yehud Gerah Type 5 O1/R1

Multi-focal LM observation of the Type 5 O1/R1 coins revealed well-preserved silver
metal depicting a helmeted head of Athena on the obverse and an owl on the reverse
(Figure 5a–c). On the right field of the reverse of the coins, the Paleo-Hebrew inscription
YHD appears (Figure 5a and Supplementary Materials, Figure S2b).

The bright areas observed in the SEM BSE mode are silver metal regions and the
dark areas according to BSE mode are covered with oxides and some corrosion prod-
ucts (Figure 5d). The SEM-EDS analysis results of eight specimens of the Yehud gerah
Type 5 O1/R1 coin surfaces (obverse and reverse, Figure 5d, and Supplementary Materials,
Figure S2) revealed that the coins were composed of silver, though other elements were also
detected, including Cu, Sn, O, Si, Cl, Al, Ca, P, and S (Supplementary Materials, Table S1).

The alloy of the coins revealed a composition of 93.2–100 wt% Ag and up to 6.8 wt%
Cu (Supplementary Materials, Table S1), where the average value of the coins’ alloy com-
position after omitting the peaks of oxides, corrosion products, and soil elements was
98.5 ± 2.0 wt% Ag and 1.5 ± 2.0 wt% Cu (where 42 different areas of the Type 5 O1/R1
coins’ obverse and reverse sides were measured). It seems that a silver content of ap-
proximately 97% was the equivalent of “pure silver”. This is entirely to be expected,
because elemental silver as measured by modern scientific equipment would not have been
available in antiquity. The closest refined silver bullion that could have been achieved by
traditional smelting and refining processes would also include traces of gold, lead, and
bismuth [2] (p. 334, n. 31).

IAA 153976 coin revealed a different alloy composition of 38.5–100 wt% Ag and up to
61.4 wt% Cu (Supplementary Materials, Table S1). Therefore, this coin was not included in
the average composition value and standard deviation (SD) calculations of group Yehud
gerah Type 5 O1/R1.
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Figure 5. Images of the Yehud gerah Type 5 O1/R1 coins: (a) IAA 138139 reverse, depicting an owl
(multi-focal LM), and (b–d) obverses of the coin depicting the head of Athena; (b) IAA 138139 (multi-
focal LM); (c) IMJ 27398 (multi-focal LM); and (d) IMJ 27398 (SEM, BSE mode), where the white
squares (areas 1 and 2) were examined by EDS analysis (the brighter areas are better preserved metal
than the darker areas).

4.2. Yehud Gerah Type 5 O1/R2

Multi-focal LM and SEM observations of the Type 5 O1/R2 coins revealed well-
preserved silver metal, where the dark areas are covered with oxides and corrosion products
and the bright areas represent shiny silver metal (Supplementary Materials, Figure S3).

The SEM-EDS analysis results of 10 specimens of the Yehud gerah Type 5 O1/R2 coin
surfaces (obverse and reverse) revealed that the coins were composed of silver, though
other elements were also detected, including Cu, O, Si, Cl, Al, Ca, Fe, S, Au, and Pb
(Supplementary Materials, Table S2). The bright areas observed in the SEM BSE mode
(Figure 6 and Supplementary Materials, Figure S3b) are silver metal regions and the dark
areas according to BSE mode are covered with oxides and some corrosion products.

The coins’ alloy after omitting the peaks of oxides, corrosion products, and soil elements
revealed a composition of 90.2–100 wt% Ag and up to 9.8 wt% Cu, where the average com-
position value of the alloy of the coins was 96.4 ± 2.5 wt% Ag and 3.6 ± 2.5 wt% Cu (where
53 different areas of the Type 5 O1/R2 coins’ obverse and reverse sides were measured).

IAA 154383 revealed a different alloy composition which is between 42.1–96.9 wt%
Ag and 3.1–57.9 wt% Cu. IMJ 27387 also revealed a different alloy composition which
is between 29.4–98.0 wt% Ag and 2.0–70.6 wt% Cu (Supplementary Materials, Table S2).
Therefore, these two coins were not included in the average composition value and SD
calculations of group Yehud gerah Type 5 O1/R2 coins.
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Figure 6. SEM images of the Yehud gerah Type 5 O1/R2 coins, with the reverse depicting an owl (BSE
mode): (a) IAA 177246; (b) IAA 153977; (c) IMJ 34553; and (d) IMJ 34537. The bright areas according
to BSE mode (areas 1–4 inside the squares) were examined by SEM-EDS analysis.

4.3. Yehud Gerah Type 5 O1/R3 Coins

SEM observation of the reverse of the Yehud gerah Type 5 O1/R3, IAA 153978 coin
(Figure 7a,b) shows a lily, the symbol of Jerusalem, on the left and an owl on the right side.
Only well-preserved silver alloy areas (bright areas according to BSE mode) were examined
by EDS analysis (Figure 7b, areas 1–4). SEM-EDS elemental mapping of the reverse of the
IAA 153978 coin (Figure 7c,d) revealed that the bright areas, according to the BSE mode,
featured silver metal and the dark grey areas were rich in Cl (Figure 7d and Supplementary
Materials, Figure S4), while the elements Cu and O (Supplementary Materials, Figure S4d,e,
respectively) were distributed relatively homogeneously.

The SEM-EDS analysis results of four specimens of the Yehud gerah Type 5 O1/R3 coins
(obverse and reverse surfaces) revealed that the coins were composed of silver, though other
elements were also detected, including Cu, O, Si, Cl, Al, Ca, S, and Au (Supplementary
Materials, Table S3).

The alloy of the coins after omitting the peaks of oxides, corrosion products, and soil
elements revealed a composition of 85.9–100 wt% Ag and up to 14.1 wt% Cu, where
the average composition value of the alloy of the coins was 97.6 ± 3.6 wt% Ag and
2.4 ± 3.6 wt% Cu (where 31 different areas of the Type 5 O1/R3 coins’ obverse and reverse
sides were measured).
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Figure 7. SEM images of the Yehud gerah Type 5 O1/R3 coin IAA 153978: (a) reverse, images of a
lily and an owl, SE mode; (b) reverse, BSE mode, where the bright areas 1–4 inside the squares were
examined by EDS analysis; (c) obverse, BSE mode; and (d) elemental mapping, where the green areas
are rich in silver and red areas are rich in chlorine.

4.4. Yehud Gerah Type 5 O1/R4

Multi-focal LM observation of the Ramallah area hoard coins (RH2–RH6) revealed
relatively smooth and well-preserved surfaces, with the reverse showing an image of a lily
on the left field, an owl, and the Paleo-Hebrew and the inscription YHD (Yeh[u]d, right)
(Figure 8a). Yet relatively smooth and well-preserved surfaces, as well as scratches and areas
covered with oxides and local corrosion products, were observed by SEM (Figure 8b–d).

SEM-EDS surface analysis results of eight specimens of the Yehud gerah Type 5 O1/R4,
the reverse of RH2–RH6, IAA 153980, and IMJ 34556 revealed that the coins were composed
of silver, though other elements were also detected, including Cu, O, Si, Cl, S, Al, and Ca
(Supplementary Materials, Table S4).

The alloy of seven Yehud gerah Type 5 O1/R4 coins revealed a composition of
95.9–100 wt% Ag and up to 4.1 wt% Cu (Supplementary Materials, Table S4), where the
average composition value of the alloy of the coins after omitting the peaks of oxides,
corrosion products, and soil elements (O, Si, Cl, S, Al and Ca) was 99.1 ± 1.2 wt% Ag and
0.9 ± 1.2 wt% Cu (where 48 different areas of the Type 5 O1/R4 coins’ obverse and reverse
sides were measured).

IAA 153981 revealed a different alloy composition of 81.6–98.0 wt% Ag and 2.0–18.4 wt%
Cu (Supplementary Materials, Table S4). Thus, this coin was not included in the average
composition value and SD calculations of group Yehud gerah Type 5 O1/R4.
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Figure 8. Images of the Yehud gerah Type 5 O1/R4, the reverse of the Ramallah area hoard coins (RH):
(a) general view of coin RH2 (multi-focal LM); (b) RH2 (SEM, SE mode); (c) RH3 (SEM, SE mode);
and (d) RH5 (SEM, SE mode). The areas 1–4 inside the squares were examined by SEM-EDS analysis.

4.5. Yehud Gerah Type 5 O1/R5

SEM observations of the Type 5 O1/R5 coins revealed areas of preserved silver metal,
with the reverse showing the image of an owl (Figure 9a), where the dark areas according
to BSE mode are covered with oxides and corrosion products and the bright areas represent
shiny silver metal (Figure 9b). Parallel cracks were observed on the surface of coin IMJ
27388, probably resulting from the striking process and local embrittlement of the silver
metal due to local corrosion attack (Figure 9c,d).

The SEM-EDS analysis results of two specimens of the Yehud gerah Type 5 O1/R5 coin
surfaces (obverse and reverse) revealed that the coins were composed of silver, though
other elements were also detected, including Cu, O, Si, Cl, Al, and S (Supplementary
Materials, Table S5).

The alloy of the Yehud gerah Type 5 O1/R5 coins after omitting the peaks of oxides,
corrosion products, and soil elements revealed a composition of 97.6–100 wt% Ag and
up to 2.4 wt% Cu, where the average composition value of the alloy of the coins was
99.7 ± 0.8 wt% Ag and 0.3 ± 0.8 wt% Cu (where 14 different areas of the coins’ obverse
and reverse sides were measured).
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Figure 9. SEM images of the Yehud gerah Type 5 O1/R5 reverse side with the image of an owl: (a) coin
IMJ 34558 (SE mode), where the areas inside the squares 1–4 were examined by EDS analysis; (b) coin
IMJ 34558 (BSE mode); and (c,d) coin IMJ 27388 with parallel cracks.

4.6. Yehud Half Gerah Type 16 O2/R2

Multi-focal LM observation of the Edom hoard no. 2 (IMJ 2020.33.2) coin revealed a
well-preserved silver metal, with the reverse depicting a falcon in flight (Figure 10a) and
the Paleo-Hebrew inscription YHD (Yeh[u]d) on the right field.

The bright areas observed in the SEM BSE mode are silver metal regions and the
dark areas according to BSE mode are covered with oxides and some corrosion products
(Figure 10d and Supplementary Materials, Figure S6c). The SEM-EDS analysis results
of nine specimens of the Yehud half gerah Type 16 O2/R2 coins (obverse and reverse,
Figure 10b–d and Supplementary Materials, Figure S5) revealed that the surface of the
coins were composed of silver, though other elements were also detected, including Cu, O,
Si, Cl, Al, Ca, Fe, S, Pb, K, and Mg (Supplementary Materials, Table S6).

The alloy of the Type 16 O2/R2 coins revealed a composition of 98.3–100 wt% Ag and
up to 1.7 wt% Cu (Supplementary Materials, Table S6), where the average composition
value of the alloy of the coins after omitting the peaks of oxides, corrosion products, and
soil elements was 99.9 ± 0.4 wt% Ag and 0.1 ± 0.4 wt% Cu (where 40 different areas of the
Type 16 O2/R2 coins’ obverse and reverse sides were measured).
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Figure 10. Images of the Edom hoard Type 16 O2/R2 coins, with the reverse side showing a design
of a falcon in flight: (a) multi-focal LM of coin Edom hoard no. 2 (IMJ 2020.33.2); (b) SEM observation
of coin Edom hoard no. 2 (SE mode); (c) coin Edom hoard no. 3 (SE mode); and (d) coin Edom hoard
no. 3 (BSE mode). The areas inside the squares 1–5 in (b,c) were examined by EDS analysis.

4.7. Yehud Attic Standard Quarter Obol Type 24 O1/R2

VT of the Type 24 O1/R2 Yehud quarter obol revealed a preserved silver metal. The
obverse depicts a facing head and the reverse an owl standing right, head facing. The
bright areas observed in the SEM BSE mode are silver metal regions and the dark areas are
covered with oxides and some corrosion products (Figure 11 and Supplementary Materials,
Figure S6). The SEM-EDS analysis results of three Yehud quarter obol Type 24 O1/R2
specimens (obverse and reverse surfaces, Figure 11 and Supplementary Materials, Figure S6
and Table S7) revealed that the coins were composed of silver, though other elements were
also detected, including Cu, O, Si, Cl, Al, Ca, and Fe (Supplementary Materials, Table S7).

The alloy of the coins revealed a composition of 100 wt% Ag. No presence of Cu
was detected in Type 24 O1/R2 coins (and Supplementary Materials, Table S7, where
20 different areas of the obverse and reverse sides of these coins were measured).
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Figure 11. SEM images of the Trans-Jordan hoard coin Type 24 O1/R2: (a) coin Trans-Jordan
11 obverse side with a facing head (SE mode); (b) coin Trans-Jordan 11 reverse side with and owl
(BSE mode); (c) coin Trans-Jordan 12 reverse (SE mode); and (d) coin Trans-Jordan 12 reverse (BSE
mode). The areas 1–4 inside the squares were examined by EDS analysis.

4.8. Yehud Attic Standard Hemiobol Type 31 O1/R1

SEM BSE mode observations of the obverse and reverse of Type 31 O1/R1 coins (head
of roaring lion/bird standing, right head reverted) revealed bright areas of well-preserved
silver metal, though dark areas covered with oxides and corrosion products were also
detected (Figure 12 and Supplementary Materials, Figure S7a).

The SEM-EDS analysis results of the obverse and reverse of the bright surfaces of
six specimens of the Yehud hemiobol Type 31 O1/R1 coins revealed that they were mostly
composed of silver, though other elements were also detected, including Cu, O, Si, Cl, Al,
Ca, Fe, S, and Au (Supplementary Materials, Table S8). One exceptionally dark surface
area of the reverse of coin IMJ 34593 (according to BSE mode) was also detected by EDS
(scanned area of 200 μm × 200 μm), showing a composition of 14.1 wt% Cu, 44.8 wt%
O, and 35.0 wt% Si, as well as the presence of 2.7 wt% Al, 1.4 wt% Fe, and less than
1.0 wt% of the elements Mg, S, and K. This measurement was not included in the average
composition value and SD calculations, since only well-preserved areas were included in
the calculations.

The alloy of Type 31 O1/R1 coins after omitting the peaks of oxides, corrosion products,
and soil elements revealed a composition of 91.0–100 wt% Ag and up to 9.0 wt% Cu,
where the average composition value of the alloy of the coins was 98.3 ± 3.7 wt% Ag
and 1.7 ± 3.7 wt% Cu (where 44 different areas of the obverse and reverse sides of Type
31 O1/R1 coins were measured).
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Figure 12. SEM images (BSE mode) of the Yehud hemiobol Type 31 O1/R1: (a) IMJ 34709 reverse side
with an image of a bird standing, right head reverted; (b) IMJ 34715 depicts a roaring lion on the
obverse; and (c) IMJ 34631 and (d) IMJ 34594 depict the reverse of these issues. The 1–4 areas inside
the squares were examined by EDS analysis.

4.9. Chemical Analysis of the Bulk of the Locally Ground Yehud Coins

The exceptional coins IAA 153976 Type 5 O1/R1 and IAA 154383 Type 5 O1/R2,
having high copper content (Supplementary Materials, Tables S1 and S2, respectively),
revealed different copper concentration before and after grinding.

The average copper content in the alloy of coin IAA 153976 before grinding was
27.4 ± 20.7 wt% Cu, while the average copper content in the alloy of coin IAA 154383 alloy
before grinding was 22.2 ± 18.9 wt% Cu. Yet the average copper content of the ground
areas of the alloy of coin IAA 153976 alloy was 32.7 ± 3.7 wt% Cu and of the ground areas
of the alloy of coin IAA 154383 was 16.9 ± 6.6 wt% Cu (Supplementary Materials, Table S9).
The SD of the exceptional coins was reduced dramatically after grinding the surface.

Good agreement was achieved between the surface and bulk compositions of silver
coins with low copper content. For example, the average copper concentration of the
alloy of coin IMJ 27424 (O1/R1, Supplementary Materials, Table S1) before grinding was
0.0 ± 0.0 wt% Cu and that of the ground bulk of coin IMJ 27424 was 1.3 ± 1.0 wt% Cu,
whereas the average copper content of the alloy of coin IMJ 27383 (Type 16 O2/R2, Supple-
mentary Materials, Table S6) before grinding was 0.2 ± 0.5 wt% Cu and that of the ground
bulk of coin IMJ 27383 was 0.0 ± 0.0 wt% Cu (Supplementary Materials, Table S9).

5. Discussion

The current research, as part of an ongoing study on the early indigenous southern
Levantine coinages, employed an archaeometallurgical NDT approach in order to analyze
die-linked Late Persian period and Macedonian period Yehud silver coins. In the case
of the current coins, based on their shiny metallic appearance, it is evident that the coins
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have been cleaned. Yet such cleaning procedures were not recorded and remain unknown.
Nevertheless, even in such circumstances, surface characterization of silver coins can be
performed without any additional polishing of the exterior when the coins’ surfaces are
shiny and the remaining oxides and corrosion products layers are thin enough [19,30,31].

All the examined Yehud coins were shown to be in a good state of preservation, based
on VT, multi-focal LM, and SEM SE and BSE observations. Such preservation can be
explained by the excellent corrosion resistance of silver, due to the formation of stable
Ag2O on the metal surface [32,33]. Nonetheless, the SEM BSE mode observation combined
with EDS analysis revealed the bright areas to constitute exposed silver metal regions and
the dark areas as covered with oxides and some corrosion products. The EDS analysis
of the surface of the Yehud coins also revealed the presence of the elements O, Si, Cl, Sn,
Au, Pb, Al, Ca, Fe, Mg, P, and S (Supplementary Materials, Tables S1–S8). The presence of
oxygen and chlorine can arise from both use and storage of the coins and is therefore of
little use in shedding light on the metallurgical aspects related to the coins. The absence
of lead in most of the examined areas of the coins (lead was only detected by EDS in
coin IMJ 34620 (reverse, area 3) of Type 5 O1/R2 and in coin Edom hoard no. 2 (reverse,
area 4) of Type 16 O2/R2) indicated that all coins were produced by a successful cupellation
refining process. The detection of Cl and S on the surface of the coins was predictable since
silver is sensitive to chloride and sulfide ions, leading to the formation of silver chlorides
(AgCl) and sulfides (Ag2S) as the main contamination products [19,33]. The presence of the
elements O, Si, Al, Ca, Fe, Mg, and P is related to the existence of corrosion products and
soil remains [6,19,20,33], yet the presence of Fe could also be related to natural impurities
in the silver ores [9]. In aggressive environments, silver alloy objects often also contain
other corrosion products related to base metals, such as cuprite and litharge [33]. No
presence of the elements Cr, Ni, and Cd was detected. These elements are typical of modern
forgeries [24], indicating the authenticity of all examined silver coins.

The presence of gold in silver alloys was apparently unfamiliar to the ancient minters.
Yet ancient silver coins often contain less than 1 wt% Au as an impurity associated with
the silver ore. Therefore, the gold content in silver coins can assist to distinguish between
silver sources used for coinage [34].

Good agreement was observed between the SEM-EDS analysis results of the surface
and the bulk after grinding the surface, and between the SEM-EDS analysis results and
the XRF analysis results of Type 5 O1/R1, O1/R2, and O1/R4 coins’ surfaces, where with
both methods, high-purity silver was detected, with an average copper content of less than
5 wt% Cu, as well as other elements, including, O, Si, Sn, Au, Pb, Al, Ca, Fe, Mg, P, and S.
The elements Mn, As, Bi, and Ti were also detected by XRF analysis on the coins’ surface
but were not detected by EDS analysis, whereas the presence of Cl was detected in the EDS
analysis but not by the XRF analysis.

Because of the importance of silver as a representative of the material cultural heritage
of different populations throughout history, numerous studies of ancient silver objects,
including coins, exist in the literature, studying the chemical composition, microstructure,
provenance, manufacturing processes, and the corrosion products of silver items. These
studies usually combine NDT and destructive testing methods, for example, LM and SEM
observation of metallographic samples, particle-induced X-ray emission (PIXE) analysis,
inductively coupled plasma (ICP) analysis, X-ray diffraction (XRD), and X-ray photoelec-
tron spectroscopy (XPS) analysis [19,22,23,27,28]. Some possible NDT methods that can
be applied for elemental bulk analysis of silver coins are the neutron activation analysis
(NAA) and the prompt-gamma activation analysis (PGAA) [34–39]. Yet these methods have
some limitations resulting from the high cross section for neutron capture by silver itself,
and therefore the silver data would prevent revealing trace elements that could be useful
fingerprint variations in the minting process. There are certain rare-earth metallic elements
with large neutron cross sections that could provide interesting data concerning differences
in the raw silver source. Another NDT technique that could be used to provide additional
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information concerning the coins’ bulk material composition is the muon induced X-ray
emission (MIXE) technique [40].

Ancient silver was commonly produced from silver-rich galena lead sulfide ore using
the cupellation process [10]. The presence of Pb and S in some of the measurements is
thus probably related to the cupellation process [11,21]. The cupellation technique is very
effective for the production of high-purity silver metal, with more than 95 wt% Ag [11],
which may explain the high purity of the discussed Yehud silver coins. While the presence
of Au and Sn might be related to the ore deposits that were used, the presence of Sn might
also be related to the addition of copper to the alloy.

Copper was a main alloying element in ancient silver coins and the addition of copper
to silver was often performed to depress the melting point as well as to improve the
mechanical properties of the alloy [12,18–20,22]. Since the presence of Sn is quite rare in
galena ores, its presence might point to alloying the silver with bronze instead of pure
Cu [21]. According to Brocchieri et al. (2020), the detection of high-purity silver coins
probably indicates that during the production process of these coins, the mint did not
suffer from economic constraints [5]. In addition to the Ag and Cu alloy elements and the
corrosion products and soil elements that were detected in all Yehud series coins, other
elements were also detected. For example, up to 4.7 wt% Sn was detected in a specific
300 μm × 300 μm scanned area of IAA 153975 (Type 5 O1/R1, Table S1). Up to 1.1 wt%
Au was detected in the reverse of coin IMJ 34553 and up to 1.2 wt% Au was detected
in the obverse of this coin (Type 5 O1/R2, Table S2). In addition, up to 1.7 wt% Pb was
detected in a specific 300 μm × 300 μm scanned area of IMJ 34620 reverse (Type 5 O1/R2,
Table S2). This may also support the assumption that each series was manufactured by
using a specific composition of silver–copper alloy.

Although SEM-EDS is a valuable NDT tool for surface analysis of ancient silver coins,
if the detected objects are covered with a thick oxide layer and contain massive corrosion
products, the analysis may not provide a representative characterization of the bulk alloy
composition of the object [19,30,41]. Ancient silver objects such as coins sometimes exhibit
silver enrichment of the surface and, as a result, a considerable reduction of copper on
the surface [33,42]. In silver objects retrieved from a soil environment after a long burial
period, a local selective galvanic corrosion attack on the copper-enriched areas may occur,
resulting in the diffusion of Cu from the bulk of the Ag object to its surface, causing the
formation of a cuprite layer on the external surface of the coin [43,44]. Moreover, under
some circumstances, unsuitable conservation methods may cause damage to the ancient
coins and affect their surface composition. Nevertheless, when the oxide layer is thin
and the shiny metal is exposed beneath, the limitations of SEM-EDS analysis should not
prevent the use of this method as a valuable tool for the characterization of ancient silver
coins. However, it is essential first to determine whether the composition of the surface
layer is representative of the bulk composition of the object [18,19,32,42,45]. In order to
do so, seven Yehud silver coins were locally ground in several areas to expose their bulk
metal and their composition was examined before and after grinding. Good agreement
was achieved between surface and bulk compositions of coins with low copper content
(Supplementary Materials, Table S9).

In order to obtain reliable results from the EDS surface analysis, only bright areas with
a shiny silver metal appearance were examined here for the calculations of the average
value and SD of the alloy composition of each group of coins (Table 1). Our results, after
eliminating the peaks of oxides and soil elements, revealed that five of the die combination
issues of the Yehud series Type 5 (O1: R1, R2, R3, R4, R5), Type 16 (O2/R2), Type 24 (O1/R2),
and Type 31 (O1/R1) are composed of high-purity silver with a small percentage of copper
(Table 1).
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Table 1. The average alloy composition (Cu wt% content) of the different Yehud Types 5, 16, 24, and
31, the late addition Yehud coins, and the Samaria and Nablus Hoards coins, according to SEM-
EDS analysis.

Coin Types
No. of

Examined Items
No. of Tests Performed

by SEM-EDS
Average Cu (wt%) Content

in the Ag-Cu Alloy

Yehud gerah Type 5 O1/R1 coins 7 42 1.5 ± 2.0

Yehud gerah Type 5 O1/R2 coins 8 53 3.6 ± 2.5

Yehud gerah Type 5 O1/R3 coins 4 31 2.4 ± 3.6

Yehud gerah Type 5 O1/R4 coins 7 48 0.9 ± 1.2

Yehud gerah Type 5 O1/R5 coins 2 14 0.3 ± 0.8

Yehud gerah Type 5 coins with
exceptional composition 4 28 20.7 ± 19.3

Yehud half gerah Type 16 O2/R2 coins 9 40 0.1 ± 0.4

Yehud quarter obol Type 24 O1/R2 coins 3 20 0.0 ± 0.0

Yehud hemiobol Type 31 O1/R1 coins 6 44 1.7 ± 3.7

Late addition to the Yehud corpus [2]:
270–271, Figure VIII, 84–85 3 22 0.4 ± 0.8

Coins from the Samaria and Nablus
Hoards [19] 80 160 4.1 ± 2.4

The copper content in the Type 5 coin alloy is between 0.3 ± 0.8 wt% Cu (for O1/R5)
and 3.6 ± 2.5 (for O1/R2). The copper content in the Type 16 coin alloy is 0.1 ± 0.4 wt%
Cu (for O2/R2); the copper content in the Type 24 O1/R2 is 0 ± 0 wt% Cu; and the
copper content in the Type 31 O1/R1 is 1.7 ± 3.7 wt% Cu (Table 1). Four coins (IAA
153976 of Type 5 O1/R1, IAA 154383 and IMJ 27387 of Type 5 O1/R2, and IAA 153981 of
Type 5 O1/R4) were not included in the average composition values and SD calculations
of the main group of each coins. The fact that these four coins contain a high amount of
copper (20.7 ± 19.3 wt% Cu, Table 1) may indicate that towards the end of the minting
process of each series there was a shortage of raw materials and therefore recycled silver
was used.

The manufacturing processes of the coins from all the examined groups were similar
(casting and striking a blank flan), with some slight differences (between pure silver alloy
for the case of Type 24 O1/R2 coins up to 3.6 ± 2.5 wt% Cu for the case of Type 5 O1/R2
coins). Three additional die-connected Yehud coins of the late addition type (a female {?}
head to the right with the Aramaic letter yod in the left field on the obverse and an owl
standing right, head facing on the reverse) were studied previously (Table 1) [2] and are
used here as a reference group with an average composition of 0.4 ± 0.8 wt% Cu, presenting
the similarities and differences in terms of metallurgical composition compared with the
above-mentioned coin types.

For comparison, the alloy composition of 80 selected Persian period Samarian silver
coins from the Samaria and Nablus Hoards, as well as other coins from the Israel Museum
collection, was 95.9 ± 2.5 wt% Ag and 4.1 ± 2.5 wt% Cu (SEM-EDS analysis after omitting
the peaks of oxides, corrosion products, and soil elements) [19]. Moreover, the average alloy
composition of the Persian period jewelry from the Samaria Hoard was 93.4 ± 1.65 wt% Ag
and 6.6 ± 1.6 wt% Cu, while that of the jewelry from the Nablus Hoard was 94.9 ± 1.9 wt%
Ag and 5.1 ± 1.9 wt% Cu (excluding the joining areas). In order to determine with sufficient
certainty whether the current studied die-linked silver coins were produced from the same
metal batch throughout the minting of each group, the copper concentration distribution
of each series is shown based on the SEM-EDS analysis results after omitting the peaks
of oxides, corrosion products, and soil elements (Supplementary Materials, Figure S8),
presenting the Cu wt% concentration range vs. the relative no. of measurements (%).
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Based on the average values and SD of the alloy composition of each series and the
copper concentration distribution of the different groups, each series (including the die-
linked issues of Type 5 O1/R1, O1/R2, O1/R3, O1/R4, and O1/R5 subtypes, as well as
Type 16 O2/R2, Type 24 O1/R2, and Type 31 O1/R1) was most probably manufactured by
using a controlled specific composition of silver–copper alloy.

Based on the current findings, a four-step methodology is suggested for the study of
ancient silver coins: (first) a VT should be performed on the objects; (second) the coins
should be examined by multi-focal LM in order to establish the areas where shiny silver
metal is exposed and whether there are corrosion products on the surface of the coin (the
silver alloy composition should be measured only in these shiny areas); (third) initial
examination of the coins’ surface should be conducted by XRF; and (fourth) the coins
should be examined by SEM-EDS analysis in both SE and BSE modes in order to determine
the state of preservation of each coin and its alloy composition. Only bright areas observed
in the BSE mode should be subjected to EDS analysis in order to determine the alloy
composition of each series of coins.

The elaborate iconographic designs on these tiny Persian period and Macedonian pe-
riod Yehud silver coins demonstrate high artistic and technological abilities
(Supplementary Materials, Figures S9–S16). Based on the average alloy composition val-
ues and SD of the examined series of the five die combination issues of the Yehud series
Type 5 (O1 linked with R1, R2, R3, R4, and R5), each series was struck from a different and
controlled specific composition of silver–copper alloy. Approximately 10% of the coins
revealed a different alloy composition, however, with a much higher amount of copper and
a heterogeneous composition. This implies that at a certain stage of the minting process, a
different batch of, possibly recycled, alloy was used rather than the standardized alloy that
was recorded for all the other coins of the same die connection.

6. Conclusions

In this study, 50 Late Persian period and Macedonian period silver coins were studied
by NDT metallurgical analysis. The results obtained from the SEM-EDS surface analysis
of well-preserved areas sufficiently represent the concentrations of the coins’ ground bulk.
Correspondence was received between the SEM-EDS analysis results and the XRF analysis
results. The results show that the coins are made of high purity silver with only small per-
centages of copper. All the coins were produced by similar techniques of casting flans and
striking them by plastic deformation. Based on the average alloy composition values and
SD, as well as the copper concentration distribution of the examined series, the five die com-
bination issues of the Yehud series Type 5 O1/R1–O1/R5, Type 16 O2/R2, Type 24 O1/R2,
and Type 31 O1/R1 groups, and the late addition Yehud coin type, each series was most
likely produced by a different and controlled specific composition of silver–copper al-
loy. However, four Type 5 exceptional coins (IAA 153976 O1/R1, IAA 154383 O1/R2,
IMJ 27387 O1/R2, and IAA 153981 O1/R4) revealed a different alloy composition with a
much higher amount of copper and heterogeneity. This implies that at a certain stage of
the minting process, a different batch of possibly recycled alloy was used instead of the
standardized alloy that was recorded for all other coins of the same die connection. The
current four-step methodology revealed novel information concerning the material culture
of the southern Levant during the Late Persian period associated with minting production
of silver coins. This four-step methodology can be used with additional bulk NDT methods
by other researchers to study various ancient silver objects.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/ma16062200/s1, Figure S1. SEM-EDS analysis showing the
spectra of a typical Yehud gerah silver coin (Type 5 O1/R3, IAA 153978, reverse); Figure S2. Images
of the Yehud gerah Type 5 O1/R1 coins: (a) IAA 138139 reverse depicting an owl (SEM, BSE mode);
(b) IAA 138139, reverse (multi-focal LM) showing the Paleo-Hebrew inscription YHD (Yeh[u]d);
(c) IMJ 27398 obverse depicting a helmeted Athena (SEM, SE mode); (d) IMJ 34543 reverse depicting
an owl (SEM, BSE mode); and (e) IMJ 34543 obverse depicting a helmeted Athena (SEM, BSE mode).
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The areas inside the squares were examined by EDS analysis; Table S1. SEM-EDS analysis results
of the Yehud gerah Type 5 O1/R1 coins, where SA represents the scanned area. Only bright areas
according to BSE mode of shiny metal were examined by EDS analysis; Figure S3. Images of Yehud
gerah Type 5 O1/R2: (a) coin IAA 154383, reverse (multi-focal LM), showing the face of an owl; and
(b) IAA 154383, reverse (SEM, BSE mode), where the bright areas represent shiny silver metal and
the dark areas are covered with oxide and corrosion products. The areas inside the squares were
examined by EDS analysis; Table S2. SEM-EDS analysis results of the Yehud gerah Type 5 O1/R2
coins, where SA represents the scanned area. Only bright areas according to BSE mode of shiny
metal were examined by EDS analysis; Figure S4. Yehud gerah Type 5 O1/R3, IAA 153978 (obverse),
SEM–EDS elemental mapping: (a) general view of the examined area; (b) the detected elements (Ag,
Ca, O, Cl), where the green areas are rich in silver and red areas are rich in chlorine; (c) presence of
Ag; (d) presence of Ca; (e) presence of O; and (f) presence of Cl; Table S3. SEM-EDS analysis results
of the Yehud gerah Type 5 O1/R3 coins, where SA represents the scanned area. Only bright areas
according to BSE mode of shiny metal were examined by EDS analysis; Table S4. SEM-EDS analysis
results of the Yehud gerah Type 5 O1/R4 coins (each scanned area was 300 μm × 300 μm). Only
bright areas according to BSE mode of shiny metal were examined by EDS analysis. RH represents
Ramallah Hoard (nos. 2–6); Table S5. SEM-EDS analysis results of the Yehud gerah Type 5 O1/R5
coins. Only bright areas according to BSE mode of shiny metal were examined by EDS analysis;
Figure S5. Yehud half gerah Type 16, O2/R2 coin, reverse depicting a falcon in flight: (a) Edom
hoard no. 4 (SE mode); (b) Edom hoard no. 5 (SE mode); and (c) Edom hoard no. 6 (BSE mode),
where the brighter areas according to the BSE mode are better preserved than the darker areas. The
areas inside the squares were examined by EDS analysis; Table S6. SEM-EDS analysis results of the
Yehud half gerah Type 16 O2/R2 coins. Only bright areas according to BSE mode of shiny metal were
examined by EDS analysis; Figure S6. SEM images of the Trans-Jordan hoard Type 24 O1/R2, obverse
depicting a facing head: (a) coin Trans-Jordan hoard no. 11 (SE mode); (b) coin Trans-Jordan hoard
no. 13 (SE mode); (c,d) coin Trans-Jordan hoard no. 12 (SE mode and BSE mode, respectively). The
areas inside the squares were examined by EDS analysis; Table S7. SEM-EDS analysis results of the
Yehud quarter obol Type 24 O1/R2 coins, where SA represents the scanned area. Only bright areas
according to BSE mode of shiny metal were examined by EDS analysis; Figure S7. SEM images of
the Yehud hemiobol Type 31, O1/R1, reverse depicting a bird standing right, head reverted: (a) IMJ
34593 (BSE mode); and (b) IMJ 34591 (SE mode). The areas inside the squares were examined by EDS
analysis; Table S8. SEM-EDS analysis results of the Yehud hemiobol Type 31 O1/R1 coins, where SA
represents the scanned area. Only bright areas according to BSE mode of shiny metal were examined
by EDS analysis; Table S9. SEM-EDS analysis results of the Yehud IAA 153976, IMJ 27424, IAA 101006,
IAA 154383, IMJ 27383, Trans-Jordan hoard no. 11, and IMJ 34591 coins after roughly grinding the
surface; Figure S8. The copper distribution of each silver coin group based on SEM-EDS chemical
analysis results, where the Cu wt% concentration is presented vs. the relative no. of measurements
(%): (a) Yehud gerah Type 5 O1/R1; (b) Yehud gerah Type 5 O1/R2; (c) Yehud gerah Type 5 O1/R3;
(d) Yehud gerah Type 5 O1/R4; (e) Yehud gerah Type 5 O1/R5; (f) Yehud half gerah Type 16 O2/R2;
(g) Yehud quarter obol Type 24 O1/R2; and (h) Yehud hemoibol Type 31 O1/R1; Figure S9. Yehud
gerah coins Type 5 O1/R1 (ca. 350–333 BCE) (Athena/Owl): IAA 138139, IAA 153975, IMJ 27424,
IMJ 27398, IMJ 34542, IMJ 34539, IMJ 34543, and IAA 153976; Figure S10. Yehud gerah coins Type
5 O1/R2 (ca. 350–333 BCE) (Athena/Owl): IAA 101006, IAA 177246, IAA 153977, IMJ 34538, IMJ
34553, IMJ 34537, IMJ 34554, IMJ 34620, IAA 154383, and IMJ 27387; Figure S11. Yehud gerah coins
Type 5 O1/R3 (ca. 350–333 BCE) of the Yehud series (Athena/Owl): IAA 153979, IAA 153978, IMJ
34555, and IMJ 27425; Figure S12. Yehud gerah coins Type 5 O1/R4 of the Yehud series (Athena/Owl):
RH2-RH6, IAA 153980, IMJ 34556, and IAA 153981; Figure S13. Yehud gerah coins Type 5 O1/R5
(ca. 350–333 BCE) of the Yehud series (Athena/Owl): IMJ 34558, and IMJ 27388; Figure S14. Yehud
coins Type 16 O2/R2 (Persian king wearing a jagged crown/Falcon in flight) (ca. 350–333): Edom
hoard nos. 1–6, IMJ 27383, IMJ 27414, and IMJ 34566; Figure S15. Yehud Attic standard quarter obol,
Type 24 O1/R2 (Facing head/Owl) of the Macedonian period (ca. 320(?)–312 BCE): Trans-Jordan
hoard nos. 11, 12, 13; Figure S16. Yehud coins Type 31 O1/R1 (Head of roaring lion/bird standing
right, head reverted) (ca. 306–302/1 BCE): IMJ 34631, IMJ 34593, IMJ 34591, IMJ 34709, IMJ 34594,
and IMJ 34715.
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Abstract: In this paper, the effects of carbon, Si, Cr and Mn partitioning on ferrite hardening were
studied in detail using a medium Si low alloy grade of 35CHGSA steel under ferrite-martensite/ferrite-
pearlite dual-phase (DP) condition. The experimental results illustrated that an abnormal trend of
ferrite hardening had occurred with the progress of ferrite formation. At first, the ferrite microhard-
ness decreased with increasing volume fraction of ferrite, thereby reaching the minimum value for
a moderate ferrite formation, and then it surprisingly increased with subsequent increase in ferrite
volume fraction. Beside a considerable influence of martensitic phase transformation induced residual
compressive stresses within ferrite, these results were further rationalized in respect of the extent
of carbon, Si, Cr and Mn partitioning between ferrite and prior austenite (martensite) microphases
leading to the solid solution hardening effects of these elements on ferrite.

Keywords: medium Si low alloy steel; step-quenched heat treatment; ferrite-martensite/ferrite-
pearlite DP microstructure; alloying element partitioning; ferrite hardening variation

1. Introduction

The low carbon, low alloy ferrite-martensite dual-phase (DP) steels are characterized
by a mixture of soft ferritic matrix phase in conjunction with dispersed hard martensite.
Attractive engineering properties are nowadays attained in these steels by the use of inno-
vative heat treatments [1], which allow significant improvement in continuous yielding
behavior, resulting in superior strength–ductility combinations in association with rapid
strain hardening at early stage of plastic deformation due to the formation of a favorable
microstructure [2–6]. These engineering properties are imparted by some of the variable mi-
crostructural parameters, such as ferrite and martensite volume fractions, their morphology
and distribution, ferrite grain size, and the complex interaction of microphases with each
other causing a considerable variation in mechanical behavior of low alloy DP steels [7–10].
Bag et al. [11,12] studied the impact and tensile properties of high martensite containing
low alloy, ferrite-martensite DP steels and reported that an equal amount of finely divided
ferrite and martensite microphases facilitate an optimum combination of high ductility
and strength with good impact toughness. Using a 0.11% C, 1.6% Mn, 0.73% Si steel, Cai
et al. [13] measured room temperature tensile properties of various samples with different
ferrite and martensite morphologies, but with almost the same martensite volume frac-
tion, derived from different primary microstructures. They reported that relatively higher
strengths were attained in the DP samples, which received an intermediate quenching heat
treatment, whereby the martensite content after intercritical annealing was very fine and
fibrous morphology in the microstructures. Chang et al. [14] studied the effect of ferrite
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grain size on the tensile properties of a low alloy DP steel and presented that the effect of
ferrite grain size on the yield strength was much stronger than on the tensile strength.

A careful literature review of relevant articles regarding the structure-property rela-
tionships of low alloy DP steels indicate that the individual hardening behavior of ferrite
and martensite microphases have been one of the noteworthy research topics in physical
metallurgy of advanced high strength low alloy steels [15–17]. Kumar et al. [8] have re-
ported that the ferrite hardness changed as a function of its volume fraction in a low alloy
ferrite-bainite DP steel. They found that about 8% alteration in ferrite microhardness can
be related with the ferrite-bainite DP samples consisting of 10 to 50% volume fraction of
ferrite in conjunction with the remaining bainite regions. Another experimental work has
also been conducted by Kumar et al. [8] showing that the mechanical behavior of low alloy
ferrite-martensite DP steels was relevant to the size of ferrite grains. Also, the interaction
between ferrite and martensite microconstituents has been believed to introduce unpinned
dislocations generated within ferrite, which can affect the ferrite strain hardening in the
low alloy ferrite-martensite DP steels [18,19]. Therefore, the ferrite hardening in ferrite–
martensite DP steels has been presented to be variable depending on various parameters
such as volume fraction, morphology and grain size of ferrite, and of course, the role of
carbon and other alloying elements partitioning between ferrite and prior austenite (marten-
site) microphases are questionable and have been not followed significantly. Accordingly,
it has been tried to find out the effect of carbon and other alloying elements partitioning on
the ferrite hardening of different ferrite–martensite DP microstructures using a commercial
grade of medium Si low alloy 35CHGSA steel by means of microhardness measurements
and EDS analyses.

2. Materials and Methods

In the present investigation, a commercial grade of medium silicon low alloy 35CHGSA
steel was used with the chemical composition indicated in Table 1. The heat treatment
schedules were designed to achieve multiphase microstructures including various volume
fractions of ferrite, pearlite, martensite and retained austenite microconstituents. The
practical heat treatment processes practical the following sequential stages: (a) normalizing
after austenitising at 900 ◦C for 15 min, (b) re-austenitising at 900 ◦C for 15 min to get fully
homogenous prior austenite grains, (c) step-quenching (SQ) in a salt bath at 720 ◦C for
1–30 min to achieve different volume fractions of ferrite, and (d) rapid water quenching to
transform all the remaining prior austenite to martensite. For each set of ferrite–martensite
and ferrite–pearlite DP microstructure, three specimens were heat-treated in order to
confirm the reproducibility of DP microstructures with respect to volume fractions of
ferrite, pearlite, and martensite. In this way, the related specimens were marked as SQ1,
SQ5, SQ15, and SQ30, representing the SQ holding times of 1, 5, 15 and 30 min, respectively,
in salt bath maintained at 720 ◦C prior to water quenching. The applied heat treatment
cycles are indicated schematically in Figure 1.

The metallography of heat-treated specimens was carried out on the transverse section
surfaces relative to hot rolling direction of as-received strap specimens according to ASTM E
3 standard [20]. The polished specimens were etched with a 2% Nital solution (2 mL HNO3
and 98 mL C2H5OH) [21] to reveal various microstructural features with good contrasting
resolution. The ferrite, pearlite, and martensite volume fractions were measured according
to the ASTM E562-02 standard [22]. The microstructural observations were carried out
using a Olympus-PMG3 light microscope and a TESCAN-MIRA 3-XMU field-emission
scanning electron microscope (FE-SEM) operating at an accelerated voltage of 15 kV. Both
the spot and line scan energy dispersive X-ray spectroscopy (EDS) analysis techniques were
largely applied to identify the carbon, Si, Cr and Mn concentrations in different locations
of ferrite. Microhardness tests were conducted within ferrite, pearlite, and martensite
microphases using a load of 5 g for ferrite grain and a somewhat higher load of 10 g
for pearlite and martensite areas, applied for 20 s duration using a FM700 Future Tech
microhardness tester, and the related data were presented as Vickers hardness numbers
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(VHNs). In addition, microhardness tests were also carried out at different locations of
select ferrite grains, but with a small load of 1 g applied for 20s duration loading time using
a Future Tech microhardness tester machine model FM700. Two different locations of each
step-quenched heat-treated samples were considered for conducting microhardness tests:
(1) the central area of ferrite grain, and (2) the ferrite region close to the ferrite-martensite
interfaces. The microhardness data were collected from at least five readings per sample,
and the data were reported as Vickers hardness numbers (VHNs).

Table 1. The chemical composition of researched low alloy, medium silicon commercial grade of
35CHGSA steel (in wt%).

C Si Mn Cr S P Mo Ni Ti V Fe

0.35 1.25 0.89 1.18 0.01 0.01 0.01 0.04 0.03 0.01 Balance

Figure 1. The schematic diagrams indicating heat treatment cycles used to achieve microstructures
involving different volume fractions of ferrite, pearlite and martensite microphases. WQ: water
quench; SQ: step quench [10].

The X-ray diffraction analysis was also carried out on a AW-DX300 Asenware X-ray
diffractometer using copper Kα radiation (1.54184 Å) and angular step size (in 2θ) of
0.05 degrees with a time step of 1 s. The residual stresses were quantified using the Sin2Ψ
analysis technique [23,24]. The following expression was used to calculate the amount of
residual stress within various SQ specimens [24]:

dφΨ − d0

d0
=

1 + v
E

σφ sin2 Ψ − v
E
(σ11 − σ22) (1)

where dφΨ is the d-spacing of diffracted planes oriented at an angle Ψ from the surface
normal, d0 is the d-spacing of (hkl) planes at Ψ = 0 deg, v is poisson’s ratio, E is young’s
modulus, σ11 and σ22 are principal stresses parallel to the surface, and σφ is the stress
acting in a chosen direction of surface at an angle φ from σ11. The σφ factor accounts
for differences in specimen orientation, and is related to σ11 and σ22 parameters. The
term (σ11 − σ22) is constant for a given specimen, and Equation (1) shows that a linear
variation between dφΨ and sin2 Ψ is expected [23]. The term (dφΨ − d0)/d0 can be plotted
against sin2 Ψ for several Ψ angles for a particular diffracted plane, and, the stress σφ can
be calculated from the slope. When, the deviation of d with sin2 Ψ data occurs, the residual
stress can be determined using additional mathematical and experimental treatments.
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3. Results and Discussion

3.1. Microstructural Characterization

Figure 2 represents typical light microstructures along with super imposed electron
micrographs (at top right hand side) of SQ specimens heat-treated at 720 ◦C for various
holding times. These micrographs show a significant increase in volume fraction, polygo-
nality, grain size, and continuity of ferrite as a consequence of longer isothermal holding
time at 720 ◦C. For more information, the progress of prior austenite decomposition in vari-
ous SQ heat-treated specimens was measured in term of microconstituent volume fractions,
and the associated results are given in Table 2. A careful microstructural analysis indicated
that the microstructures of SQ1, SQ5, and SQ15 heat-threated samples were characterized
by just a mixture of ferrite and martensite microphases, introducing ferrite-martensite DP
microstructures, while in the case of SQ30 heat-threated samples, a maximum volume
fraction of 15% ferrite along with the remaining 85% pearlite microconstituents formed in
the microstructures, representing the typical ferrite-pearlite DP microstructures. In other
words, with the increase in SQ holding time up to 30 min in the intercritical α+γ region,
there was enough time available for carbon atoms to diffuse from ferrite into the prior
austenite and equilibrate and this enabled enough carbon concentration within the prior
austenite regions for subsequent pearlite formation.

  

 

Figure 2. Light and FE-SEM micrographs of various SQ heat-treated specimens depicting the for-
mation of ferrite, pearlite, and martensite microphases in the microstructures. The blocky ferrite
grains were mostly surrounded by martensite areas in the SQ1 and SQ5 heat-treated specimens,
while continuous grain boundary ferrite was developed in the SQ15 and SQ30 heat-treated samples.
Microstructural features were characterized by ferrite-martensite DP microconstituents for SQ1, SQ5,
and SQ15 samples, while ferrite-pearlite microphases were formed in the SQ30 heat-treated ones.
Ferrite, pearlite, and martensite microconstituents are marked with F, P, and M symbols, respectively.
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Table 2. The progress of ferrite and pearlite formations realized at 720 ◦C for various SQ holding
times. The pearlite formation started after 15 min isothermal holding time.

Sample
Mark

SQ Holding
Time (min)

Ferrite Volume
Fraction (%)

Martensite Volume
Fraction (%)

Pearlite Volume
Fraction (%)

SQ1 1 3 97 -
SQ5 5 6 94 -

SQ15 15 13 87 -
SQ30 30 15 0 85

3.2. Ferrite Hardening Variation

The alteration of ferrite hardening as a function of SQ holding time in conjunction
with the changes in ferrite volume fraction, are illustrated in Figure 3. Figure 3a illustrates
that the progress of ferrite formation can be characterized with a typical S-shaped curve
indicating that the phase transformation of prior austenite to ferrite can be rationalized by a
general diffusional nature of nucleation and growth for ferrite formation during SQ holding
at 720 ◦C. The variation of ferrite grain size against SQ holding time is indicated in Figure 3b.
The abnormal trend in ferrite hardness as a function of SQ holding time is illustrated in
Figure 3c. Accordingly, the ferrite microhardness initially decreased from 352 to 217HV5g
with the increase in SQ holding time from 1 to 15 min, beyond which it surprisingly
increased to 245HV5g with further increase in SQ holding time to 30 min. It is interesting to
emphasize that the minimum ferrite microhardness occurred in the ferrite-martensite DP
specimens SQ15 consisting of 13% ferrite volume fraction with remainder phase fraction as
martensite, and subsequent increase in ferrite hardness was realized for the SQ30 samples
with essentially ferrite-pearlite microstructures. The minimum ferrite hardening response
can be fully supported by the verity that the SQ heat treatment at longer holding time can be
related to the more ferrite formation, in addition to the occurrence of significantly thermally
activated relaxation, which decreases the accumulation of transformational residual stresses
causing a lower hardness level in ferrite. In addition to the occurrence of these ferrite
softening phenomena during longer holding times at 720 ◦C, the abnormal higher ferrite
hardness realized in SQ30 samples suggests that another ferrite hardening mechanism must
be operational, such as solid solution hardening effects caused by diffusion of substitutional
alloying elements leading to simultaneous hardening of ferrite during the progress of its
formation.

To examine the hardening alteration of ferrite grains more precisely, the microhardness
test has been accomplished at different locations within certain ferrite grains using various
SQ heat-treated samples. Typical light optical micrograph in Figure 4 shows an example of
microhardness method followed, indicating indentation impressions taken from various
positions (the central regions of ferrite grains and the ferrite regions adjacent to the ferrite-
prior austenite interfaces) of ferrite grains using SQ5 heat-treated samples. It is obvious that
the minimum ferrite microhardness has been associated to the central location of ferrite
grains, and it increases as the microhardness test location is moved towards ferrite-prior
austenite interfaces, thus clarifying that the deformation resistance of ferrite is related to
the position of microhardness testing location. Therefore, as the microhardness location is
moved from the central location of ferrite grains towards the ferrite area adjacent to the
ferrite-prior austenite interfaces, the average ferrite microhardness increased from 122 to
145HV1g for the SQ5 specimens.
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Figure 3. Changes in: (a) volume fraction of ferrite as a function of SQ holding time; (b) ferrite grain
size against SQ holding time; and (c) ferrite microhardness versus SQ holding time. An abnormal
trend in respect of ferrite hardening occurred during the progress of ferrite formation in the SQ30
heat-treated samples. The ferrite microhardness measurements are related with a fixed loading force
of 5 g.
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Figure 4. Typical light micrograph with superimposed locations at which ferrite microhardness
tests were carried out and the associated ferrite microhardness data showed the alteration of ferrite
hardening within the specific ferrite grains recorded on heat-treated SQ5 ferrite-martensite DP
specimens. A greater ferrite hardening response was realized in the areas adjacent to the martensite
in contrast to the central areas of ferrite grains. The ferrite microhardness data are measured with a
fixed loading force of 1 g. F: Ferrite; M: Martensite [25].

3.3. Alloying Element Partitioning between Ferrite and Prior Austenite
3.3.1. Spot EDS Analysis for Alloying Concentration

The EDS analysis was accomplished widely at several positions within central ferrite
grains and the central vicinity martensite (prior austenite) regions in order to investigate
in detail the alteration of carbon, Si, Cr and Mn partitioning within ferrite and prior
austenite regions developed during the progress of ferrite formation at 720 ◦C using
various SQ heat-treated samples. Although, the measurement of carbon concentration
within ferrite and prior austenite (martensite) microphases by EDS analysis technique
accompanied some overestimation, but this technique can still be used as a comparable
study in order to identify the alteration of carbon concentration within ferrite and prior
austenite microphases as reported by several investigators [7,26,27]. In this way, the results
of spot EDS analysis for carbon, Si, Cr, and Mn concentrations within the central locations
of ferrite and martensite microphases are summarized in Tables 3 and 4 for various SQ heat-
treated samples. For a better comparison of carbon, Si, Cr and Mn partitioning within ferrite
and prior austenite with the progress of ferrite formation at 720 ◦C, the concentrations of
these alloying elements as a function of SQ holding times are shown in Figure 5 for central
ferrite and martensite areas. A careful investigation of the results depicted in Table 3 and
Figure 5a illustrates that the mean level of carbon concentration within the central region of
ferrite grains decreased continuously from 6.32 EDSNs for the short time ferrite-martensite
SQ1 samples to 5.87 EDSNs for the long time ferrite-pearlite ones in conjunction with a
concomitant increase in carbon concentration of prior austenite from 10.64 to 11.87 EDSNs,
respectively. These qualitative results illustrate that a higher level of carbon concentration
occurred within the prior austenite regions associated with the pearlite formation (SQ30) as
a consequence of greater ferrite areas, in comparison to the prior austenite formation related
to the short time treated SQ1 specimens. The Si concentration within the central areas of
ferrite grains increased with a gentle slope from 1.23 to 1.51 EDSNs, while this was almost
constant for the central location of prior austenite areas (Figure 5b, Table 3). The mean
Cr concentration also increased within the central ferrite grain from 0.83 to 1.09 EDSNs
with the increase in SQ holding times from 1 to 30 min (Figure 5c, Table 4). However,
the amount of mean Cr concentration in the central region of martensite areas did not
change for the SQ1, SQ5, and SQ15 samples with ferrite-martensite microstructures (nearly
0.93 EDSNs), while it increased suddenly to 1.25 EDSNs for the SQ30 sample with ferrite-
pearlite microstructures. These results indicate that Si and Cr atoms are partitioned from
growing ferrite-prior austenite interfaces towards the ferrite phase constituents during the
progress of ferrite formation, and Cr atoms, on the other hand, promote pearlite formation
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at the lateral stages of prior austenite phase transformation in SQ30 specimens heat treated
for the prolonged duration. Although, the Mn content of central ferrite grains has been
almost constant, the amount of mean Mn concentration increased in the central region of
martensite areas from 0.50 to 0.72 EDSNs with the increase in SQ holding time from 1 to
15 min. For longer isothermal holding of 30 min, the amount of mean Mn concentration
within the central region of pearlite increased to 0.78 EDSNs, emphasizing that Mn atoms
did partition to the prior austenite side during the progress of ferrite formation in the SQ
heat-treated specimens (Figure 5d, Table 4).

 

 

  

Figure 5. Changes in carbon (a), Si (b), Cr (c), and Mn (d) concentrations as a function of SQ holding
time for central regions of ferrite and martensite/pearlite areas using various SQ heat-treated samples.

Table 3. The results of mean EDS analysis with the related average (Ave.) and standard deviation
(S.D.) for carbon and Si concentrations within the central regions of ferrite grains and martensite
areas taken from various SQ heat-treated samples.

Sample
Mark

Carbon Content (EDSNs) Si Content (EDSNs)

Ferrite Martensite Ferrite Martensite

Ave. S.D. Ave. S.D. Ave. S.D. Ave. S.D.

SQ1 6.32 0.96 10.64 0.78 1.23 0.08 1.30 0.07
SQ5 6.10 0.63 11.67 0.99 1.30 0.05 1.32 0.12

SQ15 5.90 0.55 11.69 0.86 1.39 0.14 1.30 0.12
Pearlite Pearlite

SQ30 5.87 0.84 11.87 0.96 1.51 0.21 1.30 0.13
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Table 4. The results of mean EDS analysis with the related average (Ave.) and standard deviation
(S.D.) for Cr and Mn concentrations within the central regions of ferrite grains and martensite areas
taken from various SQ heat-treated samples.

Sample
Mark

Cr Content (EDSNs) Mn Content (EDSNs)

Ferrite Martensite Ferrite Martensite

Ave. S.D. Ave. S.D. Ave. S.D. Ave. S.D.

SQ1 0.83 0.16 0.92 0.10 0.52 0.11 0.50 0.16
SQ5 0.92 0.16 0.93 0.07 0.50 0.09 0.59 0.05

SQ15 1.01 0.20 0.93 0.10 0.53 0.05 0.72 0.06
Pearlite Pearlite

SQ30 1.09 0.10 1.25 0.07 0.56 0.11 0.78 0.12

3.3.2. Line Scan EDS Analysis for Alloying Concentration

To study the ferrite hardening mechanisms and related possibility of solid solution
hardening effects of carbon and other alloying elements, the EDS line scan analyses were
accomplished at various positions of ferrite grains as illustrated in Figure 6. The general
microstructures of short (SQ5) and long time (SQ30) treated samples are depicted by
electron micrographs presented in Figure 6a,b, respectively. The associated results of
EDS analyses for C, Si, Cr, and Mn concentrations across the ferrite grains are illustrated
in Figure 6a1–a4,b1–b4 taken from short (SQ5) and long time (SQ30) treated specimens,
respectively. The carbon concentration from the central position of ferrite grains toward
the ferrite area adjacent to the ferrite-prior austenite interfaces increased from 5.13 to
7.25 and 3.85 to 10.35 EDSNs, as respective SQ holding time increased from 5 to 30 min
(Figure 6a1,b1). These results show that the prior austenite to ferrite phase transformation
was related to a greater carbon concentration within ferrite areas formed at pre-existing
defect regions of prior austenite grain boundaries and that the progress of ferrite formation
was accompanied by further carbon rejection from ferrite to the remaining austenite regions,
causing a considerable gradient in the carbon concentration across ferrite grains. The Si
concentration from the ferrite region close to the ferrite-prior austenite interfaces, towards
the central location of ferrite grains, increased from 1.12 to 1.44 and 1.07 to 1.54 EDSNs
(Figure 6a2,b2), and also the Cr concentration increased from 0.78 to 1.00 and 0.75 to 1.11
EDSNs, with respective SQ holding time increasing from 5 to 30 min (Figure 6a2,a3,b2,b3).
These results illustrate that Si and Cr atoms are distributed from the growing ferrite-prior
austenite interfaces towards the ferrite grains. The Mn concentration, on the other hand,
increased from 0.44 to 0.73 and 0.51 to 0.78 EDSNs for central locations of ferrite grains
towards the ferrite regions adjacent to the ferrite-prior austenite interfaces of SQ5 and
SQ30 samples, respectively (Figure 6a4,b4). The higher carbon and Mn concentrations of
ferrite areas close to the ferrite-prior austenite areas can be associated to the considerable
contribution of solid solution hardening for these ferrite regions.

3.4. Ferrite/Martensite Residual Stress Analysis

Typical XRD analysis has been employed to detect and estimate the microstructural
microconstituents and the associated results are shown in Figure 7 for various SQ heat-
treated specimens. All the patterns show almost the same BCC diffracted ferrite/martensite
planes emphasizing that the peaks corresponding to ferrite or martensite microphases
occurred in the same diffracted angles and it is typically difficult to distinguish between
martensite and ferrite by XRD analysis because of low tetragonality of martensite developed
in this low carbon low alloy steel. Approximately very small peaks of retained austenite
(RA) can be also detected for ferrite-martensite DP specimens.
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Figure 6. Electron micrographs along with carbon, Si, Cr and Mn EDS line-scan curves taken from
short (SQ5) and long time (SQ30) treated samples presented in (a,a1–a4,) and (b,b1–b4); respectively.
(a,b) represent electron micrographs in conjunction with hypothetical EDS scan lines expanded within
ferrite grains followed in turn by (a1–a4); and (b1–b4) indicating the respective qualitative curves for
carbon, Si, Cr and Mn concentrations within ferrite grains, respectively. Ferrite grains, pearlite and
martensite are labeled as F, P and M symbols, respectively.
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Figure 7. Comparison of XRD patterns of various SQ heat-treated specimens.

Residual stress “Sin2Ψ” analysis was carried out using the various (211) diffracted
ferrite/martensite planes at Ψ angles including −30, −20, −10, 0, 15, 30 and 45 deg
from the XRD results shown in Figure 7. A ferrite/martensite peak was chosen for the
analysis because of the compositional effects, such as solute carbon variation in the prior
austenite, which could also cause shifting of ferrite/martensite peak. Figure 8 shows the
variation in residual stress values calculated from the Sin2Ψ analysis results obtained from
various SQ heat-treated specimens. For these calculations, E ~ 177 GPa and v = 0.26 were
used [28]. From the Sin2Ψ analyses, it has been determined that the d-spacing decreases
with increasing Ψ, indicating that ferrite/martensite is under higher residual compressive
stress condition in short-time treated SQ specimens. This phenomenon can be to correlated
a higher mutual ferrite-martensite interaction, thereby generating a considerable density of
geometrically necessary dislocations within lower ferrite containing SQ specimens. On the
other hand, with increasing in SQ holding time at 720 ◦C, the progress of ferrite formation
was enhanced, resulting in more recovered ferrite in the microstructures.

Figure 8. Compressive residual stress values (σφ) obtained from Sin2Ψ analyses versus SQ holding
time.
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3.5. Ferrite Hardening Mechanism

The experimental results indicate that not only the ferrite hardening is quite variable
as a function of volume fraction of ferrite, but also it has changed across a specific ferrite
grain (from central location towards the ferrite-martensite interfaces) for a particular SQ
heat-treated sample (Figures 3 and 4). For ferrite-martensite DP samples containing large
fractions of martensite, a significant contribution to ferrite hardening can be associated
to the high level of carbon concentration and of course, residual compressive stresses
extended within finer ferrite grains (Table 3, Figures 5a and 8). Fine ferrite grains with high
carbon concentrations indicate that in addition to the other ferrite hardening mechanisms
such as refinement of ferrite crystallite size as well as ferrite-martensite interaction, the
solid solution hardening effect of C should be considered to account for the variations
in ferrite hardness of short-time treated SQ specimens. Ferrite grains with higher carbon
concentrated will have inevitable occurrence of lattice distortion and creation of stress field
around solute iron atoms that can be contributed in part to the higher mechanical behavior
of ferrite in the ferrite-martensite DP samples containing higher martensite volume fraction.
On the other hand, it is obvious that the comprehensive partitioning of carbon will be
faster at ferrite-prior austenite interfacial regions with significant density of defects. This is
accompanied by the progress of prior austenite to ferrite phase transformation that can be
associated to the possibility of greater segregation of carbon atoms to the induced disloca-
tions as well as increased interaction of iron atoms with its stress fields leading to a greater
capability to constrain the mobility of geometrically necessary dislocations, which raises
the ferrite resistance to deformation through solid solution hardening mechanism [29,30].

The higher ferrite hardening in SQ heat-treated samples containing lower volume
fraction of ferrite can be made according to the enhanced interaction of martensite with
fine ferrite grains generating higher residual compressive stresses within ferrite (Figure 8).
The formation of greater martensite volume fraction in the short-time treated SQ samples
means that a smaller ferrite crystallite size is often surrounded by greater numbers of
martensitic packets. As a result, the lower fraction of an individual ferrite grain in the
short-time treated ferrite-martensite SQ samples experiences a higher localized compressive
residual stresses in comparison with the long-time treated ferrite-martensite SQ samples,
and hence, the ferrite hardness increases because of the lower mean spacing between
dislocations [15,31,32]. This ferrite hardening mechanism seems to be more and more
effective in the ferrite-martensite DP specimens containing a higher volume fraction of
martensite, beside the occurrence of finer grain boundary ferrite crystals in comparison
to the those of DP specimens containing lower volume fractions of martensite. Therefore,
it is reasonable to conclude that the short-time treated SQ specimens are characterized
by a higher density of dislocations caused by shear and extensive strain generated by the
associated martensitic phase transformation, since this path is expected to minimize the
accommodation strain energy for the formation of ferrite-martensite interfaces [33,34].

An abnormal trend in ferrite microhardness data occurred in respect of ferrite forma-
tion in the case of prolonged-time treated ferrite-pearlite SQ30 samples in comparison to
the ferrite-martensite DP microstructures of shorter-time treated SQ samples (Figure 3c).
This is interesting to emphasize that an abnormal high ferrite hardness occurred in the
SQ30 heat-treated samples containing the maximum level of 15% ferrite with lower carbon
concentration in association with the remaining 85% soft pearlite regions. These results
indicate that the abnormal ferrite hardening cannot be related to the solid solution hard-
ening effect of carbon and ferrite-martensite interaction, and that this ferrite hardening
phenomenon can be associated to a higher redistribution of Si and Cr atoms within ferrite as
shown in Figure 9. The Si and Cr concentrations within the central regions of ferrite grains
increased by gentle slopes comprising 1.39 to 1.51 and 1.01 to 1.09 EDSNs, respectively,
as the SQ holding time increased from 15 to 30 min, while the Si and Cr concentrations
were almost constant for the central martensite areas. Therefore, intense solid solution
hardening effects of Si and Cr atoms would give rise to the greater hardening of resultant
ferrite crystals in the prolonged-time treated SQ30 samples (Figures 3c and 9).
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Figure 9. Changes in ferrite microhardness, ferrite carbon content and ferrite Si content as a function
of progress of ferrite formation for the various SQ heat treated samples.

In addition to a greater solid solution hardening effect caused by relatively higher
carbon concentration in ferrite areas adjacent to the ferrite-prior austenite interfaces, the
corresponding higher ferrite hardness can also be in part related to the prior austenite to
martensite phase transformation causing localized higher residual compressive stresses
within adjacent ferrite regions. This is due to the generation of a high dislocation density
within ferrite, following water quenching from 720 ◦C to room temperature. The accom-
modation of compressive residual stresses generated during prior austenite to martensite
phase transformation can also be related to the generation of a greater level of mobile dislo-
cation in the vicinity of ferrite areas leading to a greater magnitude of ferrite microhardness
that increases from the central position toward the interfacial ferrite regions [35–37]. There-
fore, besides uneven partitioning of a greater concentration of carbon within ferrite region
adjacent to martensite, the mutual ferrite-martensite interaction generating a considerable
density of geometrically necessary dislocations within ferrite can be also considered to be
responsible in part for the higher hardening of ferrite area close to the ferrite-martensite
interfaces.

4. Conclusions

Ferrite hardening alteration was studied in a medium silicon low alloy commercial
grade of 35CHGSA steel under ferrite-martensite/ferrite-pearlite microstructures in relation
to possibility of carbon, Si, Cr and Mn partitioning between ferrite and prior austenite
microphases over a wide range of ferrite volume fractions. The conclusions are as followings:

1. The prior austenite to ferrite phase transformation has proceeded consistently with
increase in SQ holding time at 720 ◦C. By increasing of SQ holding time from 1 to
30 min, the volume fraction of ferrite increased from 3% to a maximum value of 15%,
respectively.

2. Both ferrite-martensite and ferrite-pearlite DP microstructures were realized during
SQ holding time extending over 30 min at 720 ◦C. For SQ holding time lower than
15 min, only the ferrite-martensite DP microphases formed in the microstructures,
while a mixture of ferrite and pearlite microphase constituents were realized in the
prolonged-time treated SQ30 samples.

3. The ferrite hardening is completely variable with volume fraction of ferrite in the SQ
samples. At first, the average ferrite microhardness sharply decreased from 352 to
217HV5g with the increase in volume fraction of ferrite from 3 to 13% under ferrite-
martensite DP microstructures, respectively. Then, the average ferrite microhardness
was abnormally higher from its lowest value of 217HV5g corresponding to the ferrite
volume fraction of 13%, to 245HV5g with a marginal increase in ferrite volume
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fraction to 15%, but with remaining fraction comprising of pearlite in SQ30 heat-
treated samples.

4. A significant alteration in ferrite hardening also occurred within a given ferrite grain of
a particular ferrite-martensite DP microstructure. The ferrite microhardness increased
from 122 to 145HV1g with increasing distance from the central ferrite areas toward
the ferrite-martensite interfaces of coarse ferrite grains realized in the SQ5 samples.

5. In contrast to almost constant Mn content of ferrite, the average Si and Cr concen-
trations for ferrite grains increased along gentle slopes from 1.23 to 1.51 and 0.83 to
1.09 EDSNs, respectively, with SQ holding time increasing from 1 to 30 min, respec-
tively. The further intense solid solution hardening effects of Si and Cr would give rise
to the abnormally greater hardening of resultant ferrite grains in the prolonged-time
treated SQ30 samples.

6. The carbon concentration of ferrite is completely variable depending on the progress
of ferrite formation. The average ferrite carbon concentration diminished from 6.32 to
5.90EDSNs with raising SQ holding time from 1 to 15 min, respectively. The average
carbon concentration has also increased from 5.13 to 7.25EDSNs as the indentation
location was moved from the central locations of ferrite grains towards the regions
adjacent to the ferrite-prior austenite interfaces of SQ5 samples. The higher carbon
concentration can be related to the more solid solution hardening of ferrite.

7. The residual compressive stresses decreased from 971 to 382 MPa with the increase
in SQ holding time from 1 to 30 min at 720 ◦C. The higher residual compressive
stresses of short time treated SQ specimens are associated in part to the higher ferrite
hardening of large martensite containing DP microstructures.
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Abstract: The precast concrete structure has the advantage of a short construction period, less labor
consumption, and less pollution. The lapped-rebar splice is a type of connection for assembled rein-
forced concrete shear walls in the precast concrete structure. In this study, the anchoring performance
of a short-lapped-rebar splice with a corrugated metal duct and spiral hoops is investigated. A total
of 30 specimens were designed considering the influences of the rebar diameter and the lapped
length, and the tension testing of the splice was carried out. The results show that the specimens with
0.15 times the suggested length in GB 50010-2010 fail by the fracture of rebar, while the specimens
with 0.1 times and 0.05 times the suggested length show the pull-out failure of rebar. The ultimate
bond strength of specimens with the suggested length is higher than that of the conventional speci-
mens. The stress of the anchored rebar in the short-lapped-rebar splices is distributed symmetrically
along the longitudinal direction. The maximum bond stress of the anchored rebar reaches 35 MPa,
which is approximately 1.4 times that in the conventional specimens. A semi-empirical model for
predicting the ultimate bond strength of the short-lapped-rebar splice is proposed, and it shows good
agreement with tested values; the average error estimated from the proposed model is only 4.49%.

Keywords: short-lapped-rebar splice; spiral hoop; corrugated metal duct; anchoring performance;
ultimate bond strength

1. Introduction

Due to the application of quick-assembled rebar technology (i.e., grouted sleeve con-
nections, metal or plastic duct connections, post-tensioned connections, and steel plate
connections), the precast concrete structures were developed rapidly in China. As corru-
gated metal duct connections [1] and lapped connections with the spiral hoops [2] have
the advantages of fast assembly, reliable connection, and convenient construction, they are
widely utilized in the precast concrete structure.

Previously, corrugated metal duct connections [1] were mainly utilized for connecting
the foundation and column in bridge engineering. Raynor et al. [3] first proposed a
post-tensioned metal duct connection, and the experiment of metal duct connections
under tension testing was performed. The results showed the metal duct connections
exhibited high bearing capacity and good ductility. Matsumoto et al. [4] studied the
bonding behavior of the corrugated duct connection, and a model for the anchorage
length of rebar was suggested. Brenes [5] discussed the major parameters affecting the
mechanical behavior of the corrugated duct connection, and a bond-stress-slip model was
developed. Steuck et al. [6] evaluated the minimum anchorage length of large-size rebar in
the corrugated duct connection. Galvis and Correal [7] proposed a model for the anchorage
length of two or three bundles of metal ducts in the corrugated duct connection.

The corrugated duct connection was then developed in precast shear walls or frames,
as shown in Figure 1 [8]. Here, a metal duct was first embedded in the formwork of the
precast specimen, and the metal duct was closely connected to the embedded rebar with
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fixed iron wire. Then, the metal duct was bent to the outside of the formwork at the highest
location for the later pouring of grout. Finally, the grout material was poured into the
metal duct after the anchored rebar was inserted into the metal duct during the in-site
assembly. Zhi et al. [8] experimentally investigated the seismic behavior of the corrugated
duct connection with the lapped rebar splice in shear walls. Seifi et al. [9] found that
the corrugated duct connection with a transverse confinement can effectively limit the
development of cracks in seismic loading. In Tazarv and Saiidi [10] and Hofer et al.’s [11]
cyclic testing, the good seismic behavior of the precast frames with the corrugated duct
connection was exhibited.

 
Figure 1. Corrugated metal duct connections [8].

As discussed above, there is extensive research focusing on the mechanical behavior
of the corrugated duct connection. However, the concrete near the zone of the connection
is easily cracked. For this reason, Ma et al. [12] proposed a new type of lapped connection
with spiral hoops and steel rod rotated holes, as shown in Figure 2. The stirrups with spiral
hoops were embedded in the scope of overlapping reinforcement and were then preset in
the formwork. After the pre-hardening of precast concrete, the holes with ribs were formed
by pulling out the rotated steel rod. The experiment of the pull-out splice testing was then
performed by Ma et al. [12] and Zhang [13], and the results showed this type of lapped
connection can effectively connect precast shear walls. From the results of seismic testing,
Gu et al. [14,15] pointed out the mechanical behavior of the precast shear walls with the
lapped connection was similar to that of shear walls in cast. Based on Jiang et al.’s test [16],
the precast shear walls with the lapped connection exhibited better ductility performance
than that of shear walls in cast.

 
Figure 2. Lapped connection [12].
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However, the spiral hoops and the steel rod rotated in the lapped connections are
difficult to fix during the precast process, and the rotation of the steel rod may cause the
cracking of the concrete. To solve this kind of problem, a new type of connection named
the short-lapped-rebar splice is proposed in this study, as shown in Figure 3. Compared
with Ma et al.’s method [12], the anchorage length in this new type of connection is shorter.
In addition, the spiral hoops are welded on the embedded rebar to be fixed, and the
metal duct avoiding the rotation of the steel rod is utilized. To investigate the mechanical
behavior (i.e., failure mode, ultimate strength, and strain variation) of the short-lapped-
rebar splices, the experiment of the short-lapped-rebar splices with the pre-set holes and
spiral hoops was tested in this study. A model for predicting the ultimate bond strength of
the short-lapped-rebar splices is developed.

Figure 3. The short-lapped-rebar splices.

2. Experimental Program

A total of 30 specimens for the short-lapped-rebar splices were designed considering
the influences of the lapped length and the rebar diameter. The pull-out tests were then
carried out to investigate the bond–slip behavior of the short-lapped-rebar splices.

2.1. Design of Specimens

In this study, the dimension for the short-lapped-rebar splices was 200 mm × 200 mm
× 300 mm, as shown in Figure 4. A corrugated metal duct with 300 mm in length, 40 mm
in diameter, 0.2 mm in wall thickness, and 5 mm in wave height was utilized. The spiral
hoops diameter was selected as 8 mm and three different diameters of rebar (i.e., 12 mm,
16 mm and 20 mm) were selected as the anchored rebar or the embedded rebar. The rebar
at the anchorage end was 200 mm longer than the splices and the rebar at the loading end
was 350 mm longer than the splices considering the length of the loading jack, as shown in
Figure 3. The inner diameter and the spacing of the spiral hoops are 75 mm and 50 mm,
respectively.
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Figure 4. Cont.
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Figure 4. Precast construction process. (a) Mold with spiral hoops, rebar, and duct (b) Grout pouring
(c) Anchored rebar with the locators (d) Arrangement of strain gauges.

2.2. Material Properties

According to GB17671-1999 [17], the average compression strength of CGM-340 high-
strength non-shrinkage grout after 28 days was 84.33 MPa, which is established from
the compression testing of three specimens, as shown in Table 1. Similarly, the average
compression strength of concrete from compression testing was 59.30 MPa according to
GB17671-1999 [17], as shown in Table 2. Tensile testing was also performed to obtain
the material property of rebar according to GB1499.2-2007 [18], as shown in Table 3. For
example, the average yield strength and the ultimate strength of rebar with the diameter of
12 mm were 430.08 MPa and 574.43 MPa, respectively.

Table 1. Compressive strength of high-strength grouted mortar.

Number Compressive Strength (MPa) Average Compressive Strength (MPa)

1 79.69
84.332 89.06

3 84.25

Table 2. Compressive strength of concrete.

Number Compressive Strength (MPa) Average Compressive Strength (MPa)

1 57.28
59.302 60.24

3 60.38

Table 3. Mechanical properties of rebar.

d/mm
Yield Strength

(MPa)
Average Yield

Strength (MPa)
Ultimate Strength

(MPa)
Average Ultimate
Strength (MPa)

Young’s Modulus
E (×105)

12
447.99

430.08
598.03

574.43 1.90423.09 570.15
419.16 555.11

16
441.22

435.58
593.57

590.29 1.98434.96 590.17
430.56 587.15
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Table 3. Cont.

d/mm
Yield Strength

(MPa)
Average Yield

Strength (MPa)
Ultimate Strength

(MPa)
Average Ultimate
Strength (MPa)

Young’s Modulus
E (×105)

20
449.83

448.29
594.62

594.80 2.07451.25 597.45
443.79 592.34

2.3. Precast Construction Process

The precast construction process of the short-lapped-rebar splices can be divided into
five steps: First, a unique wooden mold was made and the metal duct and the embedded
rebar were fixed on the mold, as shown in Figure 4a. Then, the spiral hoops were welded
on the embedded rebar. The concrete was then poured and the mold was kept for seven
days. Figure 4b shows the specimen with the pre-set duct hole after removing the mold.
After that, the anchored rebar with two circular plastic locators (Figure 4c) was installed in
the duct holes. Note that the first circular locator was used to ensure the designed lapped
length, and the second circular locator was used to fix the anchored rebar to the center of
the duct. The high-strength grouted mortar was finally poured into the duct holes and
cured for 28 days.

2.4. Testing Setup

To obtain the strain variation of rebar, six strain gauges were arranged at each 1/6 of
the lapped length, as shown in Figure 4d. Three displacement meters (i.e., SM1, SM2, and
SM3) (Jiangsu Donghua Testing Technology Co., Ltd, Taizhou, China) for obtaining the
displacements at the loading end, the anchorage end, and the specimen were also arranged,
as shown in Figure 5.

 
Figure 5. Testing schematic.

The tensile testing of the short-lapped-rebar splices was performed using a steel frame
loading rack (Beijing Tianyijiashi International Technology Co., Ltd, Beijing, China) with
the maximum bearing capacity of 1000 kN, as shown in Figure 5. The loading rate for the
rebar with 12 mm in diameter was 6 kN/min and that for the rebar with the diameter of
16 mm and 20 mm was 10 kN/min. To avoid the eccentricity, two steel rods were added at
both sides of the steel frame loading rack.
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3. Test results and Discussion

3.1. Failure Modes

As expected, two different failure modes, namely, the fracture of rebar and the pull-out
failure of rebar, were found, as shown in Table 4.

Table 4. Experimental results.

Specimen
LA-B-C

Failure Mode Yield Strength (MPa)
Ultimate Strength or Ultimate

Bond Strength (MPa)

L12-0.15-1 Rebar fracture 396.41 558.83
L12-0.15-2 Rebar fracture 395.52 571.48
L12-0.15-3 Rebar fracture 398.35 579.45
L16-0.15-1 Rebar fracture 394.85 591.41
L16-0.15-2 Rebar fracture 400.08 590.42
L16-0.15-3 Rebar fracture 413.91 614.45
L20-0.15-1 Rebar fracture 446.50 601.24
L20-0.15-2 Rebar fracture - -
L20-0.15-3 Rebar fracture 425.57 602.01
L12-0.10-2 Rebar fracture 396.14 591.21
L12-0.10-4 Rebar fracture 378.27 467.53
L16-0.10-4 Rebar fracture 398.64 521.55
L12-0.10-1 Rebar pull-out 400.12 30.61
L12-0.10-3 Rebar pull-out 399.06 30.3
L16-0.10-1 Rebar pull-out 406.50 31.04
L16-0.10-2 Rebar pull-out 419.09 30.09
L16-0.10-3 Rebar pull-out 403.41 30.64
L20-0.10-1 Rebar pull-out 434.78 28.37
L20-0.10-2 Rebar pull-out 421.91 27.04
L20-0.10-3 Rebar pull-out 422.10 28.12
L20-0.10-4 Rebar pull-out 433.66 27.45
L12-0.05-1 Rebar pull-out - 32.21
L12-0.05-2 Rebar pull-out - 31.13
L12-0.05-3 Rebar pull-out - 36.73
L16-0.05-1 Rebar pull-out - 41.62
L16-0.05-2 Rebar pull-out - 39.89
L16-0.05-3 Rebar pull-out - 37.31
L20-0.05-1 Rebar pull-out - 37.00
L20-0.05-2 Rebar pull-out - 35.38
L20-0.05-3 Rebar pull-out - 37.54

Note: L represents the short-lapped-rebar splices, A represents the diameter of rebar, B represents the ratio of
the length of the lapped-rebar splices to the suggested length of splices (550 mm for rebar with 12 mm diameter,
750 mm for rebar with 16 mm diameter, and 940 mm for rebar with 20 mm diameter) in GB 50010-2010 [19], C
represents the number of specimens (i.e., 1, 2, 3, and 4) in each group, and 4 represents the specimens with strain
gauges in machined grooves, as shown in Figure 4d.

For the specimen with 0.15 times of the suggested length in GB 50010–2010 shown
in Table 4 [19] (LA-0.15), the bond strength between grout and rebar was strong enough
to resist the tensile loading, and the failure mode for the fracture of rebar was shown,
as shown in Figure 6a. Clearly, all anchored rebar fractured at the center of splices. In
addition, a wide inclined crack appeared between the anchored rebar and embedded rebar
at the anchorage end of the splice, as shown in Figure 6a. This may be attributed to the
small eccentricity of tensile loading. For the specimens with 0.10 times and 0.05 times
the suggested length in Table 4 (LA-0.10, LA-0.05), the bond strength between grout and
rebar was not strong enough to resist the tensile loading, and the failure mode for the rebar
pull-out failure was shown, as shown in Figure 6b,c.
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Figure 6. Cont.
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Figure 6. Failure modes of the short-lapped-rebar splices (a) Rebar fracture failure (L20-0.15) (b) Rebar
pull-out failure (L20-0.1) (c) Rebar pull-out failure (L20-0.05) (d) Rebar fracture failure (L12-0.15).

In contrast, Specimen LA-0.1 or Specimen LA-0.05 shows the pull-out failure of rebar,
as shown in Figure 6b,c. Clearly, the shear failure of grout mortar was shown. Note that
spitted cracks were also found on the anchored rebar of Specimen LA-0.1.

As shown in Figure 6d, the rebar diameter had little effect on the failure mode in the short-
lapped-rebar splices, but the development of cracks was influenced by the rebar diameter. For
example, Specimen L12-0.15 shows smaller cracks than that of Specimen L20-0.15. This may
be attributed to the decrease in area (diameter) and yielding forces of rebar.

3.2. Ultimate Strength

Figure 7 shows the load–displacement curves of the short-lapped-rebar splices under
tensile loading. Clearly, Specimen L20-0.15 (Figure 7c) showed an obvious yielding stage
and hardening stage and it had higher strength than Specimen L20-0.10 and L20-0.05. In
contrast, the yielding stage was not exhibited for Specimen L20-0.05, and it fractured at
an early stage due to the limited bond strength between grout and rebar. Table 4 lists
the yield strength and the ultimate strength, including the ultimate bond strength of the
short-lapped-rebar splices. Compared with the conventional splices without high strength
grout [20] or transverse spiral hoops [21], the ultimate strength of the short-lapped-rebar
splices was significantly improved.

 
(a) 

Figure 7. Cont.
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(b) 

(c) 

Figure 7. Load–displacement curves. (a) L12 (b) L16 (c) L20.

As listed in Table 4, the effect of the rebar diameter on the ultimate strength of the
short-lapped-rebar splices is not significant. For example, the ultimate strength of Specimen
L20-0.15-1 is 1.12 times of that of Specimen L12-0.15-1 when the rebar diameter increases
from 12 mm to 20 mm.

3.3. Strain Variation of Rebar

Strain variations in the anchored rebar along the longitudinal direction at different
loading levels are depicted in Figure 8. Here, xi is the distance from the loading end to the
anchorage end. Clearly, the strain of the anchored rebar increases from the loading end to
the anchorage end, as shown in Figure 8. A similar phenomenon is also found in Kang’s
test [22], as shown in Figure 8.

According to Xu’s method [23], the average bond stress τi between the grout mortar
and the anchored rebar can be established from the strain of the anchored rebar. Figure 9
illustrates the distribution of the average bond stress τi along the longitudinal direction
at different loading levels. Compared with the stress distribution of the anchored rebar
in conventional specimens shown in Xu’s test [23], the stress of the anchored rebar in the
short-lapped-rebar splices is distributed symmetrically along the longitudinal direction, as
shown in Figure 9. In contrast, the stress of the anchored rebar in conventional specimens is
relatively high at the anchorage end. In addition, the bond stress of the short-lapped-rebar
splices is much higher than that of the conventional specimens shown in Xu’s test [23] and
GB50010-2010 [19].
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Figure 8. Strain variations of xi–average strain at different loading levels [22].

Figure 9. Strain distributions of xiτi under different loading levels [23].

3.4. Bond Slip Behavior

On the basis of the values of SMs, the slip displacement s between the grout mortar
and the anchored rebar can be obtained from Equation (1).

s = (SSM1 − SSM2)− (SSM2 − SSM3) (1)

where SM1 is the displacement of the anchored rebar in the loading end, SM2 is the
displacement of the anchored rebar in the anchorage end, and SM3 is the displacement of
the short-lapped-rebar splices.
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The total bond stress between the grout mortar and the anchored rebar is the sum of
the bond stress τi from the loading end to the anchorage end, as shown below.

τ =
P

πdll
(2)

where P is the axial load applied to the loading end of the anchored rebar, d is the diameter
of the anchored rebar, and ll is the lapped length of the anchored rebar.

Figure 10 shows the relationships between the total bond stress τ and the slip dis-
placement s. Clearly, the total bond stress increases linearly with the increase in the slip
displacement. The maximum bond stress (the ultimate bond strength) reaches 35 MPa,
which is approximately 1.4 times that in conventional specimens [23,24].

 
(a) 

 
(b) 

Figure 10. Cont.
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(c) 

Figure 10. Bond and slip relationships in Specimens. (a) L12-0.05 (b) L16-0.05 (c) L20-0.05.

4. Models for the Ultimate Bond Strength

4.1. Current Models

Previously, variety formulas for the ultimate bond strength of anchoring or lapping
rebar were provided in GB 50010-2010 [19], AS-3600 [25], ACI 318-05 [26], and Wu [27], as
shown in Equations (3)–(6).

τu = (0.82 + 0.9
d
la
)(1.6 + 0.7

c
d
+ 20ρsv) ft (3)

τu = 0.265(
c
d
+ 0.5)

√
fu (4)

τu = 0.083(1.2 + 3
c
d
+ 50

d
la
)
√

fu (5)

τu = (0.36 + 30.81
d
ls
)(2.48 − 6.2

d
D

+ 46.9ρsv) ft (6)

where τu is the ultimate bond strength, d is the rebar diameter, la is the anchorage length,
ls is the lapped length, c is the concrete cover thickness, ρsv is the spiral hoop ratio, f u is
the ultimate compressive strength of concrete or grout mortar, and f t is the ultimate tensile
strength of concrete or grout mortar, which can be established from Equation (7) [28].

ft = 0.26 fu
2/3 (7)

The comparison of the ultimate bond strength between various models and test data
is shown in Figure 11. As the high-strength grouted mortar and the spiral hoop effect is
not considered in AS-3600 [25] and ACI 318-05 [26], the estimated values from these two
specifications are much smaller than the tested values, and the maximum error reaches 20%.
Wu’s model [27] shows obvious difference with the test data as his model is developed
based on the experiment of the long-lapped-rebar splices. GB 50010-2010 [19] is a little
underestimated as the maximum error reaches −23%. For predicting the behavior of the
short-lapped-rebar splice, it is necessary to develop a more accurate model for the ultimate
bond strength.
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Figure 11. Comparison of ultimate bond strength between various models and test data. (a) GB50010-
2010 [19] (b) AS-3600 [25] (c) ACI 318-05 [26] (d) Wu [27].

4.2. A Semi-Empirical Model for the Ultimate Bond Strength

Figures 12–14 illustrate the mechanical mechanism of the short-lapped-rebar splice.
Similar to conventional splices, the shear force is carried by the friction force, mechanical
interlocking force, and chemical cemented force. However, in conventional splices, cracks
easily appear on the concrete near the zone of the connection. In the short-lapped-rebar
splice, the concrete is constrained by the spiral hoops, which can effectively limit the
development of cracks and increase the ultimate bond strength. As illustrated in Figure 12,
the shear force is transferred from the anchored rebar to the embedded rebar through grout,
metal duct, and concrete.

 

Figure 12. Bond mechanism of the short-lapped-rebar splices.

Figure 13 illustrates the stress distribution of the interaction surface between the
anchored rebar and the grout mortar along the longitudinal direction. Under the action of
external anchorage force F, the interaction surface between the rebar rib and grout mortar is
subjected to extrusion stress p and friction stress μp. On the basis of equivalent conditions,
the stress in the horizontal and circumferential direction can be obtained, as shown in
Equation (8). {

τ = p sin α + μp cos α
q = p cos α − μp sin α

(8)

where τ is the bond strength between the rebar and grout mortar; q is the circumferential
compressive stress; p is the extrusion stress between the rebar and the grout mortar; μ is
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the friction coefficient between concrete and rebar, which is 0.3; and α is the inclined angle
between rebar rib and grout mortar, which is 45 degrees [19,29].

 
Figure 13. Stress distribution of the interaction surface.

 

Figure 14. Stress distributed on the cross section.

The stress distributed on the cross section of the short-lapped-rebar splice is shown
in Figure 14. Note that the assumption that the stress and cracks only spread to the outer
bound of the spiral hoop is made. The constraining effect of the spiral hoop can be consid-
ered as a thick-walled cylinder with two rebar subjected to uniformly distributed stress,
as shown in Figure 14. Based on the thick-walled cylinder theory [29], the circumferen-
tial tensile stress of the grout mortar or concrete at a certain point can be obtained from
Equation (9). ⎧⎨

⎩
qπd = 1

2 q1πD

σθ = q1(D/2)2

(c+D/2)2−(D/2)2 [1 +
(c+D/2)2

r2 ]
(9)

where q1 is the compressive stress of the grout mortar, c is the protective layer of concrete,
D is the inner diameter of the spiral hoop, and r is the distance from the certain point to the
center of specimen, σθ is the circumferential tensile stress at the certain position.

Similar with Xu’s method [30], a constraint coefficient, β, is utilized to consider the
constraint effect of the spiral hoop, as shown below.

σθ |r=D/2 = β ft (10)

where β is the constraint coefficient of the spiral hoop, and it is suggested to be 1.2, according
to Xu’s test [30].

On the basis of Equations (7)–(10), the ultimate bond strength can be obtained, as
shown below.

τu = 1.12
D
d
(c + D/2)2 − (D/2)2

(c + D/2)2 + (D/2)2 ft (11)

As shown in Figure 15 and Table 5, there is a significant error between theoretical
and tested values. The reason for that is that the influences of the lapped length, the rebar
diameter, and the protective layer are not fully considered. As a result, another coefficient
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for considering the effects of the lapped length, the rebar diameter, and the protective layer
is proposed, as shown below.

τ′
u = ητu (12)

where τu is the ultimate bond strength, and η is the affecting coefficient considering the
effects of the lapped length, the rebar diameter, and the protective layer.

 

 
Figure 15. Comparison of the ultimate bond strength between estimated values and test data (a)
Theoretical model (b) Semi-empirical model.

From the results of the test, the affecting coefficient has good relations with the rebar
diameter, the ratio of the rebar diameter to the lapped length, and the ratio of the protective
layer to the rebar diameter, as shown in Equation (13).

η =

⎧⎨
⎩
(

0.08 d
ll
+ 0.007 c

d + 0.02)d c
d ≤ 5.0(

0.08 d
ll
+ 0.055)d c

d > 5.0
(13)

where τu is the ultimate bond strength, d is the anchored rebar diameter, ll is the lap length,
and c is the concrete cover thickness.

Based on Equations (7)–(13), the ultimate bond strength of the short-lapped-rebar
splice can be obtained. The comparison of the ultimate bond strength between the proposed
models and the tested values is shown in Figure 15 and Table 5. The average error estimated
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from the proposed model is only 4.49%, and the maximum error varies from −15% to 15%.
Clearly, the proposed model is more accurate than the existing models.

Table 5. Comparison of the ultimate bond strength between theoretical and semi-empirical values
and test data.

Specimen
τexp

(MPa)
fcu

(MPa)
ll

(mm)
d

(mm)
c/d τu

(MPa)
τ’u

(MPa)
Error
(%)

L12-0.10-1 30.61 84.33 55 12 5 35.00 30.43 0.59
L12-0.10-3 30.3 84.33 55 12 5 35.00 30.43 0.42
L12-0.05-1 32.21 84.33 28 12 5 35.00 37.50 14.10
L12-0.05-2 31.13 84.33 28 12 5 35.00 37.50 16.98
L12-0.05-3 36.73 84.33 28 12 5 35.00 37.50 2.05
L16-0.10-1 31.04 84.33 75 16 5 26.25 30.27 2.55
L16-0.10-2 30.09 84.33 75 16 5 26.25 30.27 0.58
L16-0.10-3 30.64 84.33 75 16 5 26.25 30.27 1.23
L16-0.05-1 41.62 84.33 38 16 5 26.25 37.25 11.74
L16-0.05-2 39.89 84.33 38 16 5 26.25 37.25 7.09
L16-0.05-3 37.31 84.33 38 16 5 26.25 37.25 0.17
L20-0.10-1 28.37 84.33 94 20 4.5 21.00 28.78 1.42
L20-0.10-2 27.04 84.33 94 20 4.5 21.00 28.78 6.04
L20-0.10-3 28.12 84.33 94 20 4.5 21.00 28.78 2.28
L20-0.10-4 27.45 84.33 94 20 4.5 21.00 28.78 4.61
L20-0.05-1 37 84.33 47 20 4.5 21.00 35.93 2.98
L20-0.05-2 35.38 84.33 47 20 4.5 21.00 35.93 1.52
L20-0.05-3 37.54 84.33 47 20 4.5 21.00 35.93 4.48

Note: τexp represents the values of tested data, τu represents the values of theoretical values, τ’urepresents the
values of semi-empirical model.

5. Conclusions

In this study, a new type of connection (the short-lapped-rebar splices) in precast
concrete structure was developed, and the failure modes, strain distribution, bond slip
behavior, and bond strength of the connection were experimentally investigated. A semi-
empirical model was proposed to predict the ultimate bond strength of the short-lapped-
rebar splices. The following conclusions are made:

(1) Two different types of failure modes for the short-lapped-rebar splices, namely, the
fracture of rebar and the pull-out failure of rebar, are found.

(2) The short-lapped-rebar splices have higher ultimate strength or ultimate bond
strength than that of the conventional lapped splices.

(3) The stress of the anchored rebar in the short-lapped-rebar splices is distributed sym-
metrically along the longitudinal direction, and the maximum bond stress is approximately
twice that of the conventional specimens.

(4) A semi-empirical model considering the effect of the spiral hoop is developed to
predict the ultimate bond strength of the short-lapped-rebar splices, which shows good
agreement with test data.

Note that the cyclic behavior of the short-lapped-rebar splices and structural reliability
of the short-lapped-rebar splices are not included in this study; the determination of the
lapped length of the rebar should be further studied before the design of the short-lapped-
rebar splices.
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Abstract: Near-α Ti alloys find themselves in advanced aeroengines for applications of up to 600 ◦C,
mainly as compressor components owing to their superior combination of ambient- and elevated-
temperature mechanical properties and oxidation resistance. We evaluated, ranked, and selected
near-α Ti alloys in the current literature for high-temperature applications in aeroengines driven by
decision science by integrating multiple attribute decision making (MADM) and principal component
analysis (PCA). A combination of 12 MADM methods ranked a list of 105 alloy variants based on
the thermomechanical processing (TMP) conditions of 19 distinct near-α Ti alloys. PCA consolidated
the ranks from various MADMs and identified top-ranked alloys for the intended applications as:
Ti-6.7Al-1.9Sn-3.9Zr-4.6Mo-0.96W-0.23Si, Ti-4.8Al-2.2Sn-4.1Zr-2Mo-1.1Ge, Ti-6.6Al-1.75Sn-4.12Zr-
1.91Mo-0.32W-0.1Si, Ti-4.9Al-2.3Sn-4.1Zr-2Mo-0.1Si-0.8Ge, Ti-4.8Al-2.3Sn-4.2Zr-2Mo, Ti-6.5Al-3Sn-
4Hf-0.2Nb-0.4Mo-0.4Si-0.1B, Ti-5.8Al-4Sn-3.5Zr-0.7Mo-0.35Si-0.7Nb-0.06C, and Ti-6Al-3.5Sn-4.5Zr-
2.0Ta-0.7Nb-0.5Mo-0.4Si. The alloys have the following metallurgical characteristics: bimodal matrix,
aluminum equivalent preferably ~8, and nanocrystalline precipitates of Ti3Al, germanides, or silicides.
The analyses, driven by decision science, make metallurgical sense and provide guidelines for
developing next-generation commercial near-α Ti alloys. The investigation not only suggests potential
replacement or substitute for existing alloys but also provides directions for improvement and
development of titanium alloys over the current ones to push out some of the heavier alloys and thus
help reduce the engine’s weight to gain advantage.

Keywords: near-α Ti alloys; aeroengine applications; multiple attribute decision making

1. Introduction and Background

The selection of materials for aeroengine applications to meet the stringent require-
ments of high specific strength, good creep and fatigue resistance, high fracture toughness,
oxidation and corrosion resistance, and so forth, is a challenge. To explore suitable ma-
terials for applications, including compressor blades, at temperatures of up to ~500 ◦C,
an effort to select materials using Cambridge Engineering Selector (CES) software was
attempted by maximizing several material performance indices, such as resistance to bend-
ing, fatigue, specific stiffness, and so on [1]. The analysis revealed titanium (Ti) alloys
provide the best performance in temperatures of up to ~500 ◦C considering the cost and
other trade-offs among the other competing alloy systems, viz., low alloy steels, stainless
steels, nickel-based superalloys, etc. However, once the selection is zoomed down to Ti
alloys, as per the analyses in [1], it is imperative to focus on the choice of apt Ti alloys for
applications where strength-efficient structures and corrosion resistance are immanent,
including aeroengines [2].

Since the beginning of the historical evolution in 1954, the high-temperature con-
ventional Ti alloys, also known as near-α Ti alloys [3–8], are the choice class among the
five different categories of Ti alloys for applications in compressor components in tempera-
tures of up to ~600 ◦C in aeroengines [9,10]. The most advanced current commercial near-α
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Ti alloys are IMI834 and Ti-1100, with the capability for applications up to ~600 ◦C [11,12].
However, several investigations have shown that low tensile ductility at room temperature
is a concern, which is attributed to various reasons, such as the precipitation of silicides,
silicides aided by Ti3Al, Ti3Al aided by silicides, Ti3Al, etc. [3]. Therefore, alternative ther-
momechanical processing (TMP) and stability of the microstructures in service conditions
are currently being investigated to mitigate the low tensile ductility at room temperature
(that is designer specific) in near-α Ti alloys, which is critical for compressor components in
aeroengines. The standard processing condition for the most current commercial alloy (IMI
834), suitable for up to ~600 ◦C, is typically considered the benchmark. However, generat-
ing creep, fatigue, fracture toughness, etc., obtaining data for the intended application/s
on every one of those alternatives and variations become time-consuming, tedious, and
expensive. Thus, to advance research and perform testing in a limited, faster, less expensive,
and more sensible way, it is necessary to sort and select a few alloys, among the several
alternative alloys available in the current literature, based on the important and easy to
obtain room temperature tensile properties, by adopting decision science driven methods.

Material selection, a holistic approach of selecting an optimal material from a list of
materials that is best suited for a given design and application, typically involves com-
promises between various material properties (mechanical, physical, chemical, etc.), cost,
availability, environmental effects, to name a few [13]. The most common approach to
material selection is Ashby’s material-selection approach—popularly referred to as the
materials property chart approach [13–15]. The less common techniques include multiple
attribute decision making (MADM) [16–23], cost per unit property method [15,24], Pareto-
optimal solutions [15], and artificial intelligence methods (e.g., neural networks) [15,25,26].
MADM refers to making preference decisions over the available alternatives (list of ma-
terials) characterized by multiple, usually conflicting attributes (i.e., properties) [22,23].
MADM techniques find applications widely in various industries, including but not lim-
ited to logistics, management, manufacturing, and so on [27]. In this paper, we compile,
evaluate, sort, and select near-α Ti alloys in the current literature for high-temperature
applications in aeroengines, driven by decision science integrating MADM and principal
component analysis (PCA). A combination of 12 MADM methods ranks a list of 105 alloy
variants based on the TMP conditions of 19 different near-α Ti alloys (the majority are
‘research’ alloys). PCA, a powerful tool that transforms a multi-dimensional dataset into
two dimensions [28–30], consolidates the ranks from various MADMs and identifies the
ten top-ranking alloy variants for the intended applications.

2. Methods

Figure 1 presents a flowchart of the decision science driven selection of near-α Ti
alloys from the literature for applications in compressor parts in aeroengines. The literature
data comprises 105 variants (based on the TMP routes) of 19 distinct near-α Ti alloys. The
method consists of three key routines: (i) Literature data (compilation of the near-α Ti
alloys), (ii) Ranking (ranking by MADM methods), and (iii) Analyses (rank consolidation
by PCA and interpretation).

306



Aerospace 2023, 10, 211

Figure 1. The flowchart of decision science driven analyses of the near-α Ti alloys. It comprises three
routines: literature data, ranking, and analyses.

2.1. Literature Data

We compiled a list of near-α Ti alloys (alternatives) and their room-temperature me-
chanical properties (attributes) from the literature. Table A1 (in Appendix A) presents
the alternatives, the near-α Ti alloys, screened for the current study primarily from peer-
reviewed journals and conference proceedings [31–52]. The table presents the nominal
chemistry, processing conditions, and imminent microstructure. Eleven of the above
19 alloys are ‘research’ alloys (viz., WJZ-Ti, KIMS, JZ1, JZ2, JL, LD-Ti423, TMC-Ti213,
TKT-1, TKT-2, TKT-3, and PC), implying they were fabricated and processed on a labo-
ratory scale (under development) followed by characterization and testing. Eight of the
19 are current commercial alloys (IMI685, IMI829, IMI834, Ti-1100, Ti6242S, TA19, TA29,
and Ti60). We identified room temperature % elongation (%EL), yield strength (YS), and
ultimate tensile strength (UTS) as the properties (attributes) for the current investigation.
For a targeted application, such as the compressor blade, the material needs to satisfy the
desired room-temperature attributes (i.e., %EL, YS, and UTS) before examining the other
important attributes, namely, the high-temperature properties, including creep resistance,
oxidation resistance, and corrosion resistance to optimize the alloy. In the parlance of
MADM, all of the identified attributes (%EL, YS, and UTS) are maximizing (or beneficial)
attributes, suggesting, for most applications, that the alloys ought to have the following
combination: high %EL, high YS, and high UTS. Table A2 (in Appendix A) is the decision
matrix comprising the alternatives (near-α Ti alloys) and attributes (properties %EL, YS,
and UTS) in the literature [31–52].

2.2. Ranking

We evaluated the decision matrix (Table A2) by several multiple MADM methods.
MADM refers to making preference decisions by evaluating and prioritizing alternatives
on multiple attributes [22,23]. Distinct components of the MADM are (i) the decision
matrix, which comprises the alternatives and the attributes, and (ii) attribute weights: the
priorities of attributes are expressed quantitatively according to the MADM theory—they
quantify the relative importance of each of the attributes [22,23,53]. The attribute weights
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are typical of three types [53]: (a) objective weights—based on the decision matrix utilizing
mathematical models without considering the decision maker’s preferences (e.g., mean
weighing, standard deviation method, entropy, etc.), (b) subjective weights, based on the
preference derived from the evaluations of the experts (from their previous experience)
or designers (constraints of design), or both, and (c) integrated weights, as the name
suggests, both objective and subjective weighting are combined to determine the weights.
We adopted objective and subjective attribute weights in this investigation.

We evaluated the weights by assigning equal weights (1/3) for each of the attributes
based on the understanding of these materials and their intended application. We identified
twelve MADM methods to evaluate the data matrix and rank the alloys, including the simple
additive weighting (SAW) [22,23,53–55], range of value method (ROVM) [56,57], additive
ratio assessment method (ARAS) [58–60], combined compromise solution (CoCoSo) [61–63],
operational competitiveness ratio (OCRA) [64–66], simple multi-attribute rating technique
(SMART) [22,53,67,68], weighted Euclidean distance-based approach (WEDBA) [23,69,70],
multi-attributive border approximation area comparison (MABAC) [71,72], multi-objective
optimization on the basis of ratio analysis (MOORA) [73,74], technique of order pref-
erence by similarity to ideal solution (TOPSIS) [22,53,75,76], multi-criteria optimization
and compromise solution (VIKOR)—the Serbian name is VIse Kriterijumska Optimizacija
Kompromisno Resenje—method [77–79], and measurement of alternatives and ranking
according to compromise solution (MARCOS) [80,81]. Each MADM approach comprises a
unique mathematical aggregation procedure to rank the alternatives. The MADMs iden-
tified were diverse. Applying such distinct aggregation procedures is likely to generate
a robust set of ranks of the alternatives. The ranks produced by each method, as would
be expected, are likely to deviate from one another; nevertheless, the correlation among
the various techniques is expected to strengthen the reliability of the results. The modus
operandi was soft coded in Microsoft Excel, as formulated in the respective references
of MADMs.

2.3. Analyses

The ranks obtained by various MADMs were correlated. We evaluated Spearman’s
correlation coefficients [82,83] among the ranks obtained from the 12 MADMs. We con-
solidated the ranks from various MADMs by estimating their mean and by principal
component analysis (PCA). PCA, a multivariate technique, reduces the dimensionality of a
dataset consisting of several interrelated variables by transforming to a new set of variables
termed the principal components (PCs), which are uncorrelated and are ordered so that
the first few PCs (typically one or two) retain most of the variation present in the original
data [28,29]. The score plot presents a visual representation of the rank evaluation. The
analyses were carried out using the commercial software Minitab® 20.

3. Results and Discussions

Figure 2 presents the ranks of the near-α Ti alloys from the literature evaluated by
the 12 MADMs. The ranks of the alloys represented as points in the figure by nature are
discrete; thin dotted lines for a better visual effect connect the ranks assessed by each
of the MADMs. Despite the unique mathematical aggregation procedures in various
MADMs, the peaks and troughs of several MADMs somewhat coincide. For example,
several MADMs assign similar ranks to WJZ-Ti-2, TKT-2, WJZ-Ti-1, PC-IMDF4, and KIMS-2
(green-shaded). Moreover, the rank assigned by various MADMs to most alloys differs
significantly, for instance, as in the alloys designated as Ti-1100-5, IMI834-5 and JZ2-3 (pink
shaded). Table 1 presents the Spearman rank (Sρ) that correlates ranks evaluated by the
12 MADMs. For example, the Sρ between CoCoSo and ROVM, MABAC and WEDBA, or
MARCOS and TOPSIS is >0.95, which indicates strong correlations. On the contrary, Sρ

between ARAS and SMART or TOPSIS and SMART is less than <0.3, which is expected
owing to the distinct mathematical aggregation formulation in various MADMs. Out of
the 66 combinations of MADM pairs, ~72% have rank correlations equal to or above 0.70,
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which elicits the robustness and validity of the ranking of the near-α Ti alloys. Therefore, it
is imperative to consolidate the ranks obtained from various MADMs. Based on Sρ among
all various combinations of MADMs, it is practical to consolidate the rankings evaluated
by the 12 different MADM evaluations. Accordingly, the mean-based (arithmetic mean)
rank consolidation of Figure 2 is shown in Figure 3. The ranks of the top ten data points
are WJZ-Ti-2, WJZ-Ti-1, TKT-2, TA19-2, TKT-6, TKT-1, TA19-1, KIMS-2, IMI834-2, and
PC-IMDF4 in that order.

Figure 2. The ranks of the near-α Ti alloys from the literature evaluated by the 12 multiple attribute
decision making (MADM) methods. Several MADMs assign relatively similar ranks (green shaded)
to WJZ-Ti-2, TKT-2, WJZ-Ti-1, PC-IMDF4, and KIMS-2, while Ti-1100-5, IMI834-5, and JZ2-3 are
assigned diverse set of ranks (pink shaded).

Table 1. The Spearman rank (Sρ) correlation of the near-α Ti alloys ranks from the literature evaluated
by the 12 multiple attribute decision-making (MADM) methods.

SAW ROVM CoCoSo OCRA SMART WEDBA MABAC MOORA TOPSIS VIKOR ARAS

ROVM 0.902
CoCoSo 0.903 0.999
OCRA 0.906 0.661 0.660
SMART 0.530 0.799 0.800 0.172
WEDBA 0.826 0.983 0.981 0.544 0.884
MABAC 0.902 1.000 0.999 0.661 0.799 0.983
MOORA 0.973 0.794 0.794 0.975 0.357 0.694 0.794
TOPSIS 0.925 0.698 0.696 0.998 0.216 0.584 0.698 0.984
VIKOR 0.902 1.000 0.999 0.661 0.799 0.983 1.000 0.794 0.698
ARAS 0.980 0.813 0.812 0.967 0.383 0.716 0.813 0.999 0.978 0.813
MARCOS 0.907 0.665 0.663 1.000 0.176 0.548 0.665 0.976 0.998 0.665 0.968
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Figure 3. The arithmetic mean-based rank consolidation of the near-α Ti alloys from the literature
evaluated by the 12 multiple attribute decision making (MADM) methods. The ranks of the top
10 data points are WJZ-Ti-2, WJZ-Ti-1, TKT-2, TA19-2, TKT-6, TKT-1, TA19-1, KIMS-2, IMI834-2, and
PC-IMDF4 in that order.

Figure 4 is the score plot that presents the consolidated rank by PCA, of the near-α Ti
alloys. It is the plot of the first two components (PC1 and PC2), post-reduction of the data
dimensionality (i.e., ranks from 12 MADMs) into a two-dimensional space. Table 2 presents
the eigenvalues (and their proportion) that capture the variation of the distribution of each
principal component. The first principal component (PC1) captures ~82% of the variation or
scatter in the original data, while the second principal (PC2) describes ~17% of the variation.
Since PC1 captures nearly 82% of the variation in the initial 12 dimensions (sets of ranks), it
approximates the rank of near-α Ti alloys. An imaginary reference line perpendicular to
PC1 traversing from left to right (−6 to 6) indicates the overall ranks of the near-α Ti alloys.
The alloy grades WJZ-Ti, TKT-2, TA19, TKT-6, TKT-1, KIMS, IMI834, and PC top the list,
followed by JZ1, JZ2, Ti-1100, and so on. The ranks of the top ten data points are WJZ-Ti-2,
WJZ-Ti-1, TKT-2, TA19-2, TKT-6, TKT-1, TA19-1, KIMS-2, IMI834-2, and PC-IMDF4 in that
order (the data points within the box in Figure 4), while certain variants of WJZ-Ti, JZ1,
and JZ2 also appear promising (the data points close to the box). The top-ranked alloys
by PCA-based consolidation are strikingly similar to the top-ranked alloys evaluated by
mean-based consolidation. Specifically, the PCA-based consolidation refines the IMI834-2
(rank#9) and PC-IMDF4 (rank#9) assigned by mean-based consolidation to rank#9 and #10,
respectively. Therefore, it is logical to label the score plot of PCA-based consolidated ranks
as a ‘rank chart’.
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Figure 4. Score plot by principal component analysis (PCA) of the ordinal data, i.e., PCA-based rank
consolidation of the near-α Ti alloys evaluated by the 12 MADM methods. The top-ranked alloy
variants evaluated by PCA-based consolidation are strikingly similar to the top-ranked alloy variants
evaluated by the mean-based consolidation. Specifically, the PCA-based consolidation refines the
IMI834-2 (rank#9) and PC-IMDF4 (rank#9) assigned by the mean-based consolidation to rank#9 and
#10, respectively.

Table 2. The eigenvalues and their proportion by the principal component analysis (PCA) of
the ranks of the near-α Ti alloys from the literature by the 12 multiple attribute decision making
(MADM) methods.

PC1 PC2 PC3 PC4 PC5 PC6 PC7 PC8 PC9 PC10 PC11 PC12

Eigenvalue 9.833 2.044 0.089 0.022 0.005 0.003 0.002 0.001 0.000 0.000 0.000 0.000
Proportion 0.819 0.170 0.007 0.002 0.000 0.000 0.000 0.000 0.000 0.000 0.000 0.000
Cumulative 0.819 0.990 0.997 0.999 1.000 1.000 1.000 1.000 1.000 1.000 1.000 1.000

For deeper insight into the rank chart (Figure 4) of near-α Ti alloys, Figure 5a–d
presents the score plots through the lens of various categories. Here, the region of interest
(green box) corresponds to the top 10 alloy variants. Key inferences from the figures are
as follows: (i) majority (seven out of 10) of the data points in the area of interest have
aluminum equivalent to 8 (Figure 5a), (ii) all of the data points in the region of interest
have a bimodal matrix, i.e., primary α + transformed β (Figure 5b), (iii) among the top ten
data points, five (WJZ-Ti-1, TKT-2, TKT-1, TA19-2, and TA19-1) have no precipitates; one of
them, WJZ-Ti-2, has precipitates Ti3Al in αp-1 (inside primary α); one of them (TKT-6) has
germanide precipitates; one has silicide precipitates (KIMS-2—Hf in silicide and no Zr); and
two (IMI834-2 and PC-IMDF4) have no information regarding the precipitates (Figure 5c)
based on the chemistry, thermomechanical processing and the thermal treatments, these
two variants would highly likely have Ti3Al and silicides; and lastly (iv) among the top
10 data points, five have no precipitates, four of them have nanocrystalline precipitates,
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and one has no information about any precipitate (Figure 5d). These analyses suggest
guidelines for developing next-generation commercial near-α Ti alloys. The alloy design
strategy for near-α Ti alloys for high-temperature applications with a combination of high
YS, high UTS, and high %EL has two distinct options: (i) a combination of the aluminum
equivalent to 8 and a bimodal matrix (primary α + transformed β) with no precipitates,
(ii) a combination of the aluminum equivalent to 8, bimodal matrix, and nanocrystalline
Ti3Al or germanide or silicide (no Zr, but Hf, as the silicides containing Hf, do not reduce
ductility, however, Hf provides solid solution strengthening [3]) precipitates in α.

Figure 5. Score plots by the principal component analysis (PCA) of the ordinal data, i.e., PCA-based
rank consolidation of the near-α Ti alloys evaluated by the 12 MADM methods through the lens of,
i.e., categorized based on (a) aluminum equivalent, (b) matrix, (c) precipitates, and (d) precipitate
size. The region of interest (green box) shows the top-ranked ten alloy variants.

In this investigation, we compile, evaluate, sort, and select near-α Ti alloys in the
current literature for high-temperature applications in aeroengines, driven by decision
science, by integrating MADM and principal component analysis (PCA). The evaluation
provided valuable insight into potential existing materials (‘research alloys’) to focus on
further research and development for commercialization. Among the top-ranked ten alloy
variants (WJZ-Ti-2, WJZ-Ti-1, TKT-2, TA19-2, TKT-6, TKT-1, TA19-1, KIMS-2, IMI834-2,
and PC-IMDF4), seven variants belong to the six ‘research grade’ alloys (WJZ-Ti, TKT-2,
TKT-6, TKT-1, KIMS, and PC), while the data point IMI834-2 is a variant of an existing
commercial alloy IMI834. Thus, all of these alloys appear to be strong contenders for
large-scale development and testing. Additionally, in the future, newly discovered novel
high-temperature Ti alloys (conventional and high-entropy alloys) can be included in the
list and evaluated to assess their relative position in the rank chart and infer their potential
to replace existing materials. In the near future, we plan to expand the decision science
driven material selection by including several other relevant mechanical properties as
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they become available. Lastly, this effort (i) validates the decision science driven MADM
coupled with PCA for sorting, ranking, and material selection, (ii) weeds out the alloys
that need not be pursued further with time-consuming experimental studies to generate
data on additional attributes that are required for use for the intended application/s, and
(iii) provide directions for advancing alloys that are under development or suggest some
critical improvements for possible newer alloys by providing metallurgical perspectives.
Developing a methodology that applies decision science principles to compile and sort a
relatively large literature data, select or identify top-ranked alloys, unearth metallurgical
patterns, and recommend guidelines for developing next-generation commercial near-α Ti
alloys for aeroengines is the novelty of the investigation.

4. Summary and Conclusions

We compiled, evaluated, ranked, and selected near-α Ti alloys in the current liter-
ature for high-temperature applications in aeroengines, driven by decision science by
integrating MADM and principal component analysis (PCA). A combination of 12 MADM
methods ranked a list of 105 alloy variants based on the thermomechanical processing
(TMP) conditions of 19 different near-α Ti alloys. PCA consolidated the ranks from vari-
ous MADMs and identified ten top-ranked alloy variants for the intended application/s.
The ten top-ranked alloy variants are WJZ-Ti-2, WJZ-Ti-1, TKT-2, TA19-2, TKT-6, TKT-
1, TA19-1, KIMS-2, IMI834-2, and PC-IMDF4 in that order and they correspond to the
following eight alloys: Ti-6.7Al-1.9Sn-3.9Zr-4.6Mo-0.96W-0.23Si, Ti-4.8Al-2.2Sn-4.1Zr-2Mo-
1.1Ge, Ti-6.6Al-1.75Sn-4.12Zr-1.91Mo-0.32W-0.1Si, Ti-4.9Al-2.3Sn-4.1Zr-2Mo-0.1Si-0.8Ge,
Ti-4.8Al-2.3Sn-4.2Zr-2Mo, Ti-6.5Al-3Sn-4Hf-0.2Nb-0.4Mo-0.4Si-0.1B, Ti-5.8Al-4Sn-3.5Zr-
0.7Mo-0.35Si-0.7Nb-0.06C, and Ti-6Al-3.5Sn-4.5Zr-2.0Ta-0.7Nb-0.5Mo-0.4Si. The top-ranked
alloys evaluated by PCA-based consolidation are strikingly similar to the top-ranked alloys
evaluated by mean-based consolidation. The top-ranked alloys suggest the following metal-
lurgical characteristics: bimodal matrix (primary α + transformed β), aluminum equivalent
preferably up to 8, and nanocrystalline precipitates of Ti3Al, germanides, or silicides. The
analyses driven by decision science made metallurgical sense. It provides guidelines for
developing next-generation commercial near-α Ti alloys. The alloy design strategy for
near-α Ti alloys for high-temperature applications with a combination of high YS, high
UTS, and high %EL has two distinct options: (i) a combination of the aluminum equivalent
to 8 and a bimodal matrix with no precipitates, or (ii) a combination of the aluminum
equivalent to 8, bimodal matrix, and nanocrystalline Ti3Al or germanide or silicide (not Zr,
but Hf, as the silicides containing Hf do not reduce ductility, to the contrary, Hf provides
solid solution strengthening) precipitates in α. Thus, novel alloys could be developed based
on these directions for the future. A similar analysis could include data from newer exotic
experimental materials, such as composites, for compressor parts.
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Appendix A

Table A1. The alternatives, a list of 105 variants of 19 distinct near-α Ti alloys identified for the inves-
tigation, chemistry (nominal composition), fabrication and processing conditions, and microstructure;
alloy designation is the unique identifier assigned to the variants.

Sl# Alloy Chemistry (Nominal) Processing Step 1 Processing
Step 2

Microstructure
Description

Alloy
Designation Ref.

1 IMI834
Ti-5.8Al-4Sn-3.5Zr-
0.7Mo-0.35Si-0.7Nb-
0.06C

834-(α + β)ST1025 ◦C
OQ 700 ◦C

Micro 1-Bimodal-αp
(15 vol.%/15–20 μm)
& Tr.β

IMI834-1

[31]

2 IMI834
Ti-5.8Al-4Sn-3.5Zr-
0.7Mo-0.35Si-0.7Nb-
0.06C

834-TMT-(α +
β)ST1000WQ 600 ◦C-4 h

Micro 2-Bimodal-higher
amount of αp than
Micro1

IMI834-2

3 IMI834
Ti-5.8Al-4Sn-3.5Zr-
0.7Mo-0.35Si-0.7Nb-
0.06C

834-TMT-βST1080
◦C WQ 600 ◦C-4 h Micro 3-Lamellar-Tr.β IMI834-3

4 Ti-1100 Ti-5.8Al-2.7Sn-4Zr-
0.4Mo-0.45Si

Ti-1100 ◦C Forged at
980 ◦C AQ Unaged

Micro A-Bimodal-αp
(15 vol.%/15–20 μm) &
Tr.β

Ti-1100-1

5 Ti-1100 Ti-5.8Al-2.7Sn-4Zr-
0.4Mo-0.45Si

Ti-1100 ◦C (α + β)
ST940 ◦C WQ 600 ◦C-4 h Micro B-Bimodal and

finer than Micro A Ti-1100-2

6 Ti-1100 Ti-5.8Al-2.7Sn-4Zr-
0.4Mo-0.45Si

Ti-1100 ◦C (α + β)
ST980 ◦C WQ 600 ◦C-4 h

Micro C-Bimodal coarse
compared to Micro B but
comparable to Micro-A

Ti-1100-3

7 Ti-1100 Ti-5.8Al-2.7Sn-4Zr-
0.4Mo-0.45Si

Ti-1100 ◦C-βST1020
◦C WQ 600 ◦C-4 h Micro D-Lamellar-Prior

β grain size 200 μm Ti-1100-4

8 Ti-1100 Ti-5.8Al-2.7Sn-4Zr-
0.4Mo-0.45Si

Ti-1100
◦C-βST1060WQ 600 ◦C-4 h

Micro E-Lamellar-Prior
β grain size 500 to 600
μm

Ti-1100-5

9 Ti-1100 Ti-5.8Al-2.7Sn-4Zr-
0.4Mo-0.45Si

Ti-1100 ◦C-TMT-(α +
β) ST1000 ◦C WQ 600 ◦C-4 h Micro F-Bimodal-finer

compared to Micro C Ti-1100-6

10 Ti-1100 Ti-5.8Al-2.7Sn-4Zr-
0.4Mo-0.45Si

Ti-1100
◦C-TMT-βST1060 ◦C
WQ

600 ◦C-4 h Micro G-Lamellar-finer
compared to Micro E Ti-1100-7

11 IMI685 Ti-6.18Al-5.27Zr-
0.5Mo-0.28Si 685-βST1050 ◦C-WQ Unaged Lamellar α’—No

precipitates IMI685-1

[32]

12 IMI685 Ti-6.18Al-5.27Zr-
0.5Mo-0.28Si 685-βST1050 ◦C-WQ 550 ◦C-24 h Lamellar α’—No

precipitates IMI685-2

13 IMI685 Ti-6.18Al-5.27Zr-
0.5Mo-0.28Si 685-βST1050 ◦C-WQ 650 ◦C-24 h Lamellar-Silicides S1 &

S2—NO Ti3Al IMI685-3

14 IMI685 Ti-6.18Al-5.27Zr-
0.5Mo-0.28Si 685-βST1050 ◦C-WQ 700 ◦C-24 h Lamellar-Silicides

S2—NO Ti3Al IMI685-4

15 IMI685 Ti-6.18Al-5.27Zr-
0.5Mo-0.28Si 685-βST1050 ◦C-WQ 800 ◦C-24 h Lamellar~0.1μm

Silicides S2—NO Ti3Al IMI685-5

16 IMI685 Ti-6.18Al-5.27Zr-
0.5Mo-0.28Si 685-βST1050 ◦C-WQ 700 ◦C-24 h Lamellar-finer Silicides

S2/41.2 nm—NO Ti3Al IMI685-6

[33]

17 IMI685 Ti-6.18Al-5.27Zr-
0.5Mo-0.28Si

685-βST1050
◦CWQ6CR 700 ◦C-24 h Lamellar-finer Silicides

S2/38.6 nm—NO Ti3Al IMI685-7

18 IMI685 Ti-6.18Al-5.27Zr-
0.5Mo-0.28Si

685-βST1050
◦CWQ12CR 700 ◦C-24 h Lamellar-finer Silicides

S2/33.4 nm—NO Ti3Al IMI685-8

19 IMI685 Ti-6.18Al-5.27Zr-
0.5Mo-0.28Si

685-βST1050
◦CWQ15CR 700 ◦C-24 h Lamellar-finer Silicides

S2/28.5 nm-NO Ti3Al IMI685-9

314



Aerospace 2023, 10, 211

Table A1. Cont.

Sl# Alloy Chemistry (Nominal) Processing Step 1 Processing
Step 2

Microstructure
Description

Alloy
Designation Ref.

20 IMI829 Ti-6.1Al-3.3Sn-3.2Zr-
1Nb-0.5Mo-0.32Si

829-βST1050
◦C-WQ Unaged Lamellar α’—No

precipitates IMI829-1

21 IMI829 Ti-6.1Al-3.3Sn-3.2Zr-
1Nb-0.5Mo-0.32Si

829-βST1050
◦C-WQ 625 ◦C-24 h Lamellar—Silicides S2

only-No Ti3Al IMI829-2

22 IMI829 Ti-6.1Al-3.3Sn-3.2Zr-
1Nb-0.5Mo-0.32Si

829-βST1050
◦C-OQ Unaged Lamellar α’—No

precipitates IMI829-3

23 IMI829 Ti-6.1Al-3.3Sn-3.2Zr-
1Nb-0.5Mo-0.32Si

829-βST1050
◦C-OQ 625 ◦C-24 h Lamellar-Silicides S2

only-No Ti3Al IMI829-4

24 IMI829 Ti-6.1Al-3.3Sn-3.2Zr-
1Nb-0.5Mo-0.32Si

829-βST1050
◦C-AC Unaged

Lamellar/Widmanstatten-
No precipitates-No
Silicides or Ti3Al

IMI829-5

25 IMI829 Ti-6.1Al-3.3Sn-3.2Zr-
1Nb-0.5Mo-0.32Si

829-βST1050
◦C-AC 625 ◦C-24 h

Lamellar/Widmanstatten-
Silicides S2 only-No
Ti3Al

IMI829-6

26 IMI829 Ti-6.1Al-3.3Sn-3.2Zr-
1Nb-0.5Mo-0.32Si

829-βST1050
◦C-FC Unaged

Aligned
alpha/Lamellar—No
precipitates

IMI829-7

27 IMI829 Ti-6.1Al-3.3Sn-3.2Zr-
1Nb-0.5Mo-0.32Si

829-βST1050
◦C-FC 625 ◦C-24 h

Aligned
alpha/LamellarS2—
Ti3Al

IMI829-8

[34]

28 IMI829
Ti-5.54Al-3.48Sn-
2.95Zr-0.97Nb-
0.34Mo-0.28Si

829-βST1050
◦C-AC Unaged Lamellar- No pecipitates IMI829-9

29 IMI829
Ti-5.54Al-3.48Sn-
2.95Zr-0.97Nb-
0.34Mo-0.28Si

829-βST1050
◦C-AC

625 ◦C-2
h-AC-575
◦C-1000 h-AC

Lamellar—Ti3Al (5 nm) IMI829-10

30 IMI829
Ti-5.51Al-3.48Sn-
3.04Zr-0.99Nb-0.33Mo
< 0.02Si

829NS-βST1050
◦C-AC Unaged Lamellar-No

precipitates IMI829NS-1

31 IMI829
Ti-5.51Al-3.48Sn-
3.04Zr-0.99Nb-0.33Mo
< 0.02Si

829NS-βST1050
◦C-AC

625 ◦C-2
h-AC-575
◦C-1000 h-AC

Lamellar—Ti3Al (5 nm) IMI829NS-2

[35]

32 Ti-1100 Ti-6Al-2.8Sn-4Zr-
0.4Mo-0.45Si

Ti1100-βST1093
◦C-AC

Unaged
(593C-8 h-AC)

Lamellar-No
precipitates Ti-1100-8

[36]
33 Ti-1100 Ti-6Al-2.8Sn-4Zr-

0.4Mo-0.45Si
Ti1100-βST1093
◦C-AC

Overaged
(Unaged +
593C-180 K
min-AC)

Lamellar-13 nm Ti3Al in
Tr β and 175 × 35 nm
Silicides

Ti-1100-9

34 Ti-1100 Ti-6Al-2.8Sn-4Zr-
0.4Mo-0.45Si

Ti1100-βST1093
◦C-AC

PAHT (Unaged
+ 593C-60 K
min + 750C-4
h-AC)

Lamellar-only Silicides
(~100 nm)-NO Ti3Al Ti-1100-10

35 IMI834
Ti-5.07Al-3.08Sn-
3.45Zr-0.31Mo-0.2Si-
0.66Nb-0.04C

834-βST1080
◦C-cooled to (α +
β)1010 ◦C-1 h-WQ

Unaged Lamellar-No
precipitates IMI834-4

36 IMI834
Ti-5.07Al-3.08Sn-
3.45Zr-0.31Mo-0.2Si-
0.66Nb-0.04C

834-βST1080
◦C-cooled to (α +
β)1010 ◦C-1 h-WQ

700 ◦C-2 h-AC Lamellar—Ti3Al (5 nm)
in Tr. β and Silicides IMI834-5

37 IMI834
Ti-5.07Al-3.08Sn-
3.45Zr-0.31Mo-0.2Si-
0.66Nb-0.04C

834-βST1080
◦C-cooled to (α +
β)1010 ◦C-1 h-WQ

825 ◦C-2 h-WQ
Lamellar—100 to 175
nm Silicides (Ti3Al
dissolved at 825 ◦C)

IMI834-6

[37]
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38 IMI834
Ti-5.78Al-4.54Sn-
4.05Zr-0.70Nb-
0.52Mo-0.44Si-0.055C

834-(α + β)ST1020
◦C-2 h-OQ
(12-15%αp)

600 ◦C-4 h Bimodal-Ti3Al in only
αp IMI834-7

39 IMI834
Ti-5.78Al-4.54Sn-
4.05Zr-0.70Nb-
0.52Mo-0.44Si-0.055C

834-(α + β)ST1020
◦C-2 h-OQ-
(12-15%αp)

650 ◦C-4 h Bimodal-Ti3Al in αp &
Tr. β and Silicides S2 IMI834-8

40 IMI834
Ti-5.78Al-4.54Sn-
4.05Zr-0.70Nb-
0.52Mo-0.44Si-0.055C

834-(α + β)ST1020
◦C-2 h-OQ-
(12-15%αp)

700 ◦C-4 h Bimodal-Ti3Al in αp &
Tr. β and Silicides S2 IMI834-9

[38]

41 WJZ-Ti Ti-6.7Al-1.9Sn-3.9Zr-
4.6Mo-0.96W-0.23Si

834-(α + β)ST940
◦C-2 h-AC Unaged Bimodal-No precipitates WJZ-Ti-1

[39]
42 WJZ-Ti Ti-6.7Al-1.9Sn-3.9Zr-

4.6Mo-0.96W-0.23Si
834-(α + β)ST940
◦C-1 h-AC 600 ◦C-2 h Bimodal-6 nm Ti3Al in

αp WJZ-Ti-2

43 WJZ-Ti Ti-6.7Al-1.9Sn-3.9Zr-
4.6Mo-0.96W-0.23Si

834-(α + β)ST940
◦C-1 h-AC 750 ◦C-2 h Bimodal-7 nm Ti3Al in

αp & Tr.β WJZ-Ti-3

44 WJZ-Ti Ti-6.7Al-1.9Sn-3.9Zr-
4.6Mo-0.96W-0.23Si

834-(α + β)ST940
◦C-1 h-AC 750 ◦C-12 h Bimodal-15 nm Ti3Al in

αp & Tr.β WJZ-Ti-4

45 TA29
Ti-5.8Al-4Sn-4Zr-
0.7Nb-1.5Ta-0.4Si-
0.06C

TA29-βST (at >
1050 ◦C) 750 ◦C-2 h

Lamellar—~100 nm
Silicides -small number
at IPB

TA29-1

46 TA29
Ti-5.8Al-4Sn-4Zr-
0.7Nb-1.5Ta-0.4Si-
0.06C

TA29-βST (at >
1050 ◦C) + 750
◦C-2 h

650 ◦C-8 h
Lamellar—~100 nm
Silicides at IPB & Ti3Al
(<5 nm)

TA29-2

77 TA29
Ti-5.8Al-4Sn-4Zr-
0.7Nb-1.5Ta-0.4Si-
0.06C

TA29-βST (at >
1050 ◦C) + 750
◦C-2 h

650 ◦C-100 h

Lamellar—~100
nm-Silicides at IPB and
some inside &Ti3Al in Tr.
β (~8 nm)

TA29-3

48 TA29
Ti-5.8Al-4Sn-4Zr-
0.7Nb-1.5Ta-0.4Si-
0.06C

TA29-βST (at >
1050 ◦C) + 750
◦C-2 h

650 ◦C-500 h

Lamellar—~100 nm
Silicides at IPB and
inside-IPB & Ti3Al in Tr.
β (26 nm L x13 nm thk.)

TA29-4

49 TA29
Ti-5.8Al-4Sn-4Zr-
0.7Nb-1.5Ta-0.4Si-
0.06C

TA29-βST (at >
1050 ◦C) + 750
◦C-2 h

650 ◦C-1000 h

Lamellar—~100 nm
Silicides at IPB and
inside & Ti3Al in Tr. β
(~20 nm dia.)

TA29-5

[40]

50 KIMS
Ti-6.5Al-3Sn-4Hf-
0.2Nb-0.4Mo-0.4Si-
0.1B

KIMS-(α + β)ST-1
h-WQ 650 ◦C-5 h

Bimodal—Ti3Al αp &
Tr.β uniformly and
Silicides-~80 nm

KIMS-1

[41]

51 KIMS
Ti-6.5Al-3Sn-4Hf-
0.2Nb-0.4Mo-0.4Si-
0.1B

KIMS-(α + β)ST-1
h-WQ 700 ◦C-2 h-AC Bimodal—150 nm

Silicides-IPB KIMS-2

52 JZ1 Ti-5.6Al-4.8Sn-2Zr-
1Mo-0.35Si

JZ1-(α + β)ST-1005
◦C-2 h-AC 700 ◦C-2 h-AC Bimodal—No

precipitates JZ1-1

53 JZ1 Ti-5.6Al-4.8Sn-2Zr-
1Mo-0.35Si

JZ1-(α + β)ST-1005
◦C-2 h-AC 700 ◦C-5 h-AC Bimodal—Ti3Al in αp +

Silicides (~100 nm) JZ1-2

54 JZ1 Ti-5.6Al-4.8Sn-2Zr-
1Mo-0.35Si

JZ1-(α + β)ST-1005
◦C-2 h-AC 700 ◦C-15 h-AC Bimodal—Ti3Al in αp +

Silicides (~100 nm) JZ1-3

55 JZ1 Ti-5.6Al-4.8Sn-2Zr-
1Mo-0.35Si

JZ1-(α + β)ST-1005
◦C-2 h-AC

700 ◦C-2
h-AC-600
◦C-100 h

Bimodal—Ti3Al in αp +
Silicides JZ1-4

56 JZ1 Ti-5.6Al-4.8Sn-2Zr-
1Mo-0.35Si

JZ1-(α + β)ST-1005
◦C-2 h-AC

700
◦C-5h-AC-600
◦C-100 h

Bimodal—Ti3Al in αp +
Silicides (~100 nm) JZ1-5

57 JZ1 Ti-5.6Al-4.8Sn-2Zr-
1Mo-0.35Si

JZ1-(α + β)ST-1005
◦C-2 h-AC

700
◦C-15h-AC-600
◦C-100 h

Bimodal—Ti3Al in αp +
Silicides (~100 nm) JZ1-6

[42]
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58 JZ2 Ti-6Al-4.8Sn-2Zr-1Mo-
0.35Si

JZ2-(α + β)ST-1015
◦C-2 h-AC 760 ◦C-2 h-AC Bimodal—Ti3Al in αp +

Silicides JZ2-1

59 JZ2 Ti-6Al-4.8Sn-2Zr-1Mo-
0.35Si

JZ2-(α + β)ST-1015
◦C-2 h-AC 760 ◦C-5h-AC Bimodal—Ti3Al in αp +

Silicides (~100 nm) JZ2-2

60 JZ2 Ti-6Al-4.8Sn-2Zr-1Mo-
0.35Si

JZ2-(α + β)ST-1015
◦C-2 h-AC 760 ◦C-10 h-AC Bimodal—Ti3Al in αp +

Silicides JZ2-3

61 JZ2 Ti-6Al-4.8Sn-2Zr-1Mo-
0.35Si

JZ2-(α + β)ST-1015
◦C-2 h-AC 760 ◦C-2 h-AC Bimodal—Ti3Al in αp &

Tr.β + Silicides JZ2-4

62 JZ2 Ti-6Al-4.8Sn-2Zr-1Mo-
0.35Si

JZ2-(α + β)ST-1015
◦C-2 h-AC

760
◦C-5h-AC-600
◦C-100 h

Bimodal—Ti3Al in αp &
Tr.β + Silicides (~100
nm)

JZ2-5

63 JZ2 Ti-6Al-4.8Sn-2Zr-1Mo-
0.35Si

JZ2-(α + β)ST-1015
◦C-2 h-AC

760 ◦C-10
h-AC-600
◦C-100 h

Bimodal—Ti3Al in αp &
Tr.β + Silicides JZ2-6

64 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

Unaged Bimodal—No
precipitates Ti60-1

65 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

650 ◦C-2 h-AC
Bimodal-No Ti3Al+
small number of
Silicides 100 nm-Stage 1

Ti60-2

66 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

650 ◦C-4 h-AC
Bimodal-No Ti3Al+
small number of
Silicides-100 nm-Stage 1

Ti60-3

67 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

650 ◦C-8 h-AC
Bimodal-No Ti3Al +
Silicides—100 nm-Stage
1

Ti60-4

68 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

650 ◦C-16 h-AC
Bimodal-No Ti3Al +
Silicides—100 nm
—Stage 1

Ti60-5

69 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

700 ◦C-2 h-AC Bimodal-No Ti3Al +
Silicides 100 nm Stage 1 Ti60-6

70 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

700 ◦C-4 h-AC Bimodal-Ti3Al in αp +
Silicides Ti60-7

71 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

700 ◦C-8 h-AC Bimodal-Ti3Al in αp +
Silicides Ti60-8

72 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

700 ◦C-16 h-AC Bimodal-Ti3Al in αp +
Silicides Ti60-9

73 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

700 ◦C-24 h-AC Bimodal-Ti3Al in αp +
Silicides Ti60-10

74 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

700 ◦C-48 h-AC Bimodal-Ti3Al in αp +
Silicides Ti60-11

75 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

750 ◦C-2 h-AC Bimodal-Silicides-Ti3Al
in αp Ti60-12

76 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

750 ◦C-4 h-AC Bimodal-Ti3Al in αp +
Silicides Ti60-13

[43]
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77 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

750 ◦C-8 h-AC Bimodal-Ti3Al in αp +
Silicides Ti60-14

78 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-(α +
β)ST1010 ◦C-2
h-OQ

750 ◦C-16 h-AC Bimodal-Ti3Al in αp +
Silicides—100 nm Ti60-15

79 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-1035C-near β
forged-(α +
β)ST1010 ◦C-2
h-AC

700 ◦C-2 h-AC Bimodal-No Ti3Al +
Silicides-~100 nm Ti60-16

80 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-1035C-near β
forged-(α + β)
ST1010 ◦C-2 h-AC

700 ◦C-2 h-AC-
600C-100
h-AC

Bimodal-Ti3Al in αp +
Silicides ~200 nm Ti60-17

81 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-1035C-near β
forged-(α +
β)ST1010 ◦C-2
h-AC

700 ◦C-2 h-A
-700 ◦C-100
h-AC

Bimodal-only Silicides
possibly (dissolution of
Ti3Al)

Ti60-18

82 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-1035C-near β
forged-(α +
β)ST1010 ◦C-2
h-AC

700 ◦C-2
h-AC-750
◦C-100 h-AC

Bimodal-only Silicides
possibly (dissolution of
Ti3Al)

Ti60-19

83 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-1070C- β
forged-(α +
β)ST1010 ◦C-2
h-AC

700 ◦C-2 h-AC Lamellar + No Ti3Al +
Silicides ~100 nm Ti60-20

84 Ti60
Ti-5.8Al-4Sn-3.5Zr-
0.4Mo-0.4Nb-1Ta-
0.4Si-0.06C

TA60-1070C-β
forged-(α +
β)ST1010 ◦C-2
h-AC

700 ◦C-2
h-AC-600
◦C-100 h-AC

Lamellar-Ti3Al in Tr. β +
Silicides ~100 nm Ti60-21

[44]

85 JL Ti-5.6Al-4.3Sn-3Zr-
1Mo-0.8Nd-0.34Si

JL-(α + β) forged-
(α + β)ST1010 ◦C-2
h-AC

Unaged
Bimodal—No
precipitates (αp is ~10%
vf.;~150 nm)

JL-1

[45]

86 JL Ti-5.6Al-4.3Sn-3Zr-
1Mo-0.8Nd-0.34Si

JL-(α + β) forged-
(α + β)ST1010 ◦C-2
h-AC

700 ◦C-2 h-AC Bimodal—Ti3Al in αp +
Silicides ~125 nm JL-2

87 JL Ti-5.6Al-4.3Sn-3Zr-
1Mo-0.8Nd-0.34Si

JL-(α + β) forged-
(α + β)ST1010 ◦C-2
h-AC

700 ◦C-12 h-AC Bimodal—Ti3Al in αp &
Tr. β + Silicides ~125 nm JL-3

88 JL Ti-5.6Al-4.3Sn-3Zr-
1Mo-0.8Nd-0.34Si

JL-(α + β) forged-
βST1030 ◦C-2
h-AC

Unaged
Lamellar—No
precipitates (colony size;
~350 nm)

JL-4

89 JL Ti-5.6Al-4.3Sn-3Zr-
1Mo-0.8Nd-0.34Si

JL-(α + β) forged-
βST1030 ◦C-2
h-AC

700 ◦C-2 h-AC Lamellar—Ti3Al in Tr. β
+ Silicides ~125 nm JL-5

90 JL Ti-5.6Al-4.3Sn-3Zr-
1Mo-0.8Nd-0.34Si

JL-(α + β) forged-
βST1030 ◦C-2
h-AC

700 ◦C-12 h-AC Lamellar—Ti3Al in Tr. β
+ Silicides ~125 nm JL-6

91 IMI834
Ti-5.8Al-4Sn-3.5Zr-
0.7Mo-0.35Si-0.7Nb-
0.06C

834-(α + β) ST1020
◦C-2 h-AC 700 ◦C-2 h-AC Bimodal—Ti3Al in αp +

Silicides ~125 nm IMI834-10 [46]
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Table A1. Cont.

Sl# Alloy Chemistry (Nominal) Processing Step 1 Processing
Step 2

Microstructure
Description

Alloy
Designation Ref.

92 Ti6242S Ti-5.7Al-1.9Sn-3.7Zr-
1.9Mo-0.09Si

Ti6242S-(α + β)
Hot rolled βST1052
◦C-1 h-CC

Unaged Lamellar-No
precipitates Ti6242-1

[47]

93 Ti6242S Ti-5.7Al-1.9Sn-3.7Zr-
1.9Mo-0.09Si

Ti6242S-(α + β)
Hot rolled β
ST1052 ◦C-1 h-CC

760 ◦C-600
h-AC

Lamellar-Silicides (>100
nm) Ti6242-2

94 LD-
Ti423

Ti-8Al-1Cr-1V-0.5Fe-
0.1Si

VIM-Open die
forged at (β)1100
◦C-Hot rolled at (α
+ β)1000
◦C-50%Reduction
(Rolled plate) or
HR

NA

Heterogenous
microstructure/similar
to bimodal (major
equiaxed αp 11 μm and
small amount of acicular
αs and β phases in the
interstices of equiaxed α)

LD-Ti423-1

[48]

95 LD-
Ti423

Ti-8Al-1Cr-1V-0.5Fe-
0.1Si

VIM-Open die
forged at (β)1100
◦C-Hot rolled at (α
+ β)1000
◦C-50%Reduction
(Rolled plate)

HR +(α + β) ST
at 1000 ◦C-1
h-AC-Aged at
560 ◦C-4 h-AC
(STA)

Heterogenous
microstructure/similar
to bimodal (major
equiaxed αp 20μm and
small amount of acicular
αs and β phases in the
interstices of equiaxed α)

LD-Ti423-2

96 TMC-
Ti213 Ti-2Al-1.3V

Thermomechanical
consolidation
(TMC) of TiH2 and
Ti6Al4V at a mass
ratio of 2:1, and
extruded to
produce
Ti-2Al-1.3V at 16 to
1 ratio at around
1200 ◦C

TMC-Vac
Anneal 700
◦C-6 h-FC

lamellar α/β (lamellae
of 0.9μm thk and ave.
lamellar colony size of
15.4 μm)

TMC-Ti213-1

[49]

97 TMC-
Ti213 Ti-2Al-1.3V

Thermomechanical
consolidation
(TMC) of TiH2 and
Ti6Al4V at a mass
ratio of 2:1, and
extruded to
produce
Ti-2Al-1.3V at 16 to
1 ratio at around
1200 ◦C

TMC-Vac
Anneal 700
◦C-6 h-FC-980
◦C-1 h-AC

equiaxed α grains and
α/β lamellar structured
domains (βt or β
transformed structure)

TMC-Ti213-2

98 TA19
Ti-6.6Al-1.75Sn-
4.12Zr-1.91Mo-0.32W-
0.1Si

α-β field rolled
plate, tempered in
the α-β field

970 ◦C-1 h-AC
(for equiaxed
structure (EM))

equiaxed α grains
(42%Vol.; 12 μm dia) and
α/β lamellar (αs 10 μm
length × 400 nm width);
g.b α 420 nm width

TA19-1

99 TA19
Ti-6.6Al-1.75Sn-
4.12Zr-1.91Mo-0.32W-
0.1Si

α-β field rolled
plate, tempered in
the α-β field

1015
◦C-35s-cooled
at 20 ◦C/s (for
semi equiaxed
structure
(S-EM))

Semi-equiaxed α grains
(41%Vol.; 13 μm dia) and
α/β lamellar (αs 11 μm
length × 410 nm width);
g.b α 850 nm width

TA19-2

[50]
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Microstructure
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Alloy
Designation Ref.

100 TKT-1 Ti-4.8Al-2.3Sn-4.2Zr-
2Mo

Double melted; β
forged qt 1100
◦C-groove rolled
to 50% reduction at
(α + β) 960 ◦C to
rods of 14mm dia

Annealed at
950 ◦C-1
h-AC-aged at
590 ◦C-8 h-AC

Bimodal microstructure
comprising primary
equiaxed α and α-β
lamellar (transformed β)
structures

TKT-1

[51]
101 TKT-2 Ti-4.8Al-2.2Sn-4.1Zr-

2Mo-1.1Ge

Double melted; β
forged qt 1100
◦C-groove rolled
to 50% reduction at
(α + β) 960 ◦C to
rods of 14mm dia

Annealed at
950 ◦C-1
h-AC-aged at
590 ◦C-8 h-AC

Bimodal microstructure
comprising primary
equiaxed α and α-β
lamellar (transformed β)
structures

TKT-2

102 TKT-6 Ti-4.9Al-2.3Sn-4.1Zr-
2.1Mo-0.1Si-0.8Ge

Double melted; β
forged qt 1100
◦C-groove rolled
to 50% reduction at
(α + β) 960 ◦C to
rods of 14mm dia

Annealed at
950 ◦C-1
h-AC-aged at
590 ◦C-8 h-AC

Bimodal microstructure
comprising primary
equiaxed α and α-β
lamellar (transformed β)
structures with
(TiZr)6(SiGe)3
precipitates

TKT-6

103 PC
Ti-6Al-3.5Sn-4.5Zr-
2.0Ta-0.7Nb-0.5Mo-
0.4Si

Induction skull
melted ingot
80mm dia ×
120mm length and
then 1100 ◦C β
upset forged to a
total height
reduction of 75%
(reduction ratio of
4 to 1)

ONE-
Isothermal
Multidirec-
tional Forging
(IMDF) at 1020
◦C-annealed at
650 ◦C-6 h

Mainly α laths (lamellar
mainly—mean size
2.13 μm) with small
amount of equiaxed α

PC-IMDF1

104 PC
Ti-6Al-3.5Sn-4.5Zr-
2.0Ta-0.7Nb-0.5Mo-
0.4Si

Induction skull
melted ingot
80 mm dia ×
120 mm length and
then 1100C β upset
forged to a total
height reduction of
75% (reduction
ratio of 4 to 1)

TWO-IMDFs at
1020 ◦C-
annealed at
650 ◦C-6 h

prior β boundaries start
to disappear and α laths
transform to spheroidal
α grains (equiaxed
α—mean size 1.85 μm)

PC-IMDF2

105 PC
Ti-6Al-3.5Sn-4.5Zr-
2.0Ta-0.7Nb-0.5Mo-
0.4Si

Induction skull
melted ingot 80
mm dia × 120 mm
length and then
1100 ◦C β upset
forged to a total
height reduction of
75% (reduction
ratio of 4 to 1)

FOUR-IMDFs
at 1020
◦C-annealed at
650 ◦C-6 h

large number of
spheroidal α grains
transformed from
lamellae

PC-IMDF4

[52]

Note: ST: solution treated; h: hours; AC: air cooled; OQ: oil quenched; WQ: water quenched; αp: primary alpha; Tr.
β: transformed beta; bimodal matrix: primary α + transformed β; and lamellar matrix: completely transformed β.
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Table A2. Database of 105 variants of 19 distinct near-α Ti alloys identified from the literature, which
form the decision matrix comprising the alternatives and their attributes.

Alloy Desig. Grade Al.eq. Matrix Precipitates Size YS UTS %El Ref.

IMI834-1 IMI834 8 Bimodal NA NA 1040 1125 9

[31]

IMI834-2 IMI834 8 Bimodal NA NA 1200 1255 13

IMI834-3 IMI834 8 Lamellar NA NA 1110 1220 4

Ti-1100-1 Ti-1100 7 Bimodal NA NA 900 965 13.5

Ti-1100-2 Ti-1100 7 Bimodal NA NA 965 1050 14

Ti-1100-3 Ti-1100 7 Bimodal NA NA 995 1090 8

Ti-1100-4 Ti-1100 7 Lamellar NA NA 1050 1160 7.5

Ti-1100-5 Ti-1100 7 Lamellar NA NA 1080 1190 5

Ti-1100-6 Ti-1100 7 Bimodal NA NA 1100 1200 10

Ti-1100-7 Ti-1100 7 Lamellar NA NA 1150 1250 2.5

IMI685-1 IMI685 7 Lamellar NP 0 919 1058 7.2

[32]

IMI685-2 IMI685 7 Lamellar NP 0 966 1090 7.3

IMI685-3 IMI685 7 Lamellar Silicides >50 1020 1132 4.7

IMI685-4 IMI685 7 Lamellar Silicides >50 1005 1102 4.8

IMI685-5 IMI685 7 Lamellar Silicides >50 954 1038 3.75

IMI685-6 IMI685 7 Lamellar Silicides 21–50 917.5 1021 5.55

[33]
IMI685-7 IMI685 7 Lamellar Silicides 21–50 980 1064 4.9

IMI685-8 IMI685 7 Lamellar Silicides 21–50 978 1060 2.5

IMI685-9 IMI685 7 Lamellar Silicides 21–50 1025.5 1067 2.65

IMI829-1 IMI829 8 Lamellar NP 0 886 970 10

[34]

IMI829-2 IMI829 8 Lamellar Silicides >50 1005 1023 2

IMI829-3 IMI829 8 Lamellar NP 0 863 951 11

IMI829-4 IMI829 8 Lamellar Silicides >50 960 1005 3

IMI829-5 IMI829 8 Lamellar NP 0 867 942 10

IMI829-6 IMI829 8 Lamellar Silicides >50 858 975 7

IMI829-7 IMI829 8 Lamellar NP 0 866 946 9

IMI829-8 IMI829 8 Lamellar Silicides >50 851 953 6.5

IMI829-9 IMI829 7 Lamellar NP 0 861 977.5 9.6

[35]
IMI829-10 IMI829 7 Lamellar Silicides aided

by Ti3Al in Tr.β >50 881.5 953 3.1

IMI829NS-1 IMI829 7 Lamellar NP 0 800 904 9.4

IMI829NS-2 IMI829 7 Lamellar Ti3Al in Tr.β-3 <7 819.5 891.5 9.05

Ti-1100-8 Ti-1100 8 Lamellar NP 0 915 1000 5.5

[36]Ti-1100-9 Ti-1100 8 Lamellar
Ti3Al in Tr.β
aided by
Silicides

7–20 955 982 0.18

Ti-1100-10 Ti-1100 8 Lamellar Silicides >50 895 980 4.15

IMI834-4 IMI834 7 Lamellar NP 0 987 1128 7.5

[37]IMI834-5 IMI834 7 Lamellar Ti3Al in Tr.β-3 <7 1028 1134 6.5

IMI834-6 IMI834 7 Lamellar Silicides >50 980 1098 7.5
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Table A2. Cont.

Alloy Desig. Grade Al.eq. Matrix Precipitates Size YS UTS %El Ref.

IMI834-7 IMI834 8 Bimodal Ti3Al in αp-1 <7 905 1037 13

[38]
IMI834-8 IMI834 8 Bimodal Ti3Al in αp &

Tr.β-2 7–20 953 1075 9.5

IMI834-9 IMI834 8 Bimodal Ti3Al in αp &
Tr.β-2 7–20 933 1060 8.7

WJZ-Ti-1 WJZ-Ti 8 Bimodal NP 0 1195 1300 18

[39]

WJZ-Ti-2 WJZ-Ti 8 Bimodal Ti3Al in αp-1 <7 1325 1450 18

WJZ-Ti-3 WJZ-Ti 8 Bimodal Ti3Al in αp &
Tr.β-2 7–20 1230 1250 12

WJZ-Ti-4 WJZ-Ti 8 Bimodal Ti3Al in αp &
Tr.β-2 7–20 1100 1120 5

TA29-1 TA29 8 Lamellar Silicides >50 995 1062 7.5

[40]

TA29-2 TA29 8 Lamellar Ti3Al in Tr.β-3 <7 990 1075 6.5

TA29-3 TA29 8 Lamellar Ti3Al in Tr.β-3 7–20 975 1060 3

TA29-4 TA29 8 Lamellar Ti3Al in Tr.β-3 7–20 1018 1085 2.5

TA29-5 TA29 8 Lamellar Ti3Al in Tr.β-3 7–20 975 1060 3.5

KIMS-1 KIMS 8 Bimodal Ti3Al in αp &
Tr.β-2 7–20 1113.8 1133.9 4.07

[41]
KIMS-2 KIMS 8 Bimodal Silicides >50 1032.6 1124.6 16.94

JZ1-1 JZ1 8 Bimodal NP 0 965 1030 15.5

[42]

JZ1-2 JZ1 8 Bimodal Ti3Al in αp-1 <7 965 1040 15

JZ1-3 JZ1 8 Bimodal Ti3Al in αp-1 <7 940 1030 15

JZ1-4 JZ1 8 Bimodal Ti3Al in αp-1 <7 1000 1060 16

JZ1-5 JZ1 8 Bimodal Ti3Al in αp-1 <7 1000 1070 14.5

JZ1-6 JZ1 8 Bimodal Ti3Al in αp-1 7-20 990 1060 15

JZ2-1 JZ2 8 Bimodal Ti3Al in αp-1 <7 965 1060 15.5

JZ2-2 JZ2 8 Bimodal Ti3Al in αp-1 7–20 960 1060 16.5

JZ2-3 JZ2 8 Bimodal Ti3Al in αp-1 7–20 960 1050 17

JZ2-4 JZ2 8 Bimodal Ti3Al in αp &
Tr.β-2 7–20 1040 1110 14

JZ2-5 JZ2 8 Bimodal Ti3Al in αp &
Tr.β-2 7–20 1040 1110 12.5

JZ2-6 JZ2 8 Bimodal Ti3Al in αp &
Tr.β-2 7–20 1030 1100 13

Ti60-1 Ti60 8 Bimodal NP 0 960 1080 11

[43]

Ti60-2 Ti60 8 Bimodal Silicides >50 962 1082 10

Ti60-3 Ti60 8 Bimodal Silicides >50 1000 1100 10

Ti60-4 Ti60 8 Bimodal Silicides >50 1000 1100 9

Ti60-5 Ti60 8 Bimodal Silicides >50 1000 1100 9

Ti60-6 Ti60 8 Bimodal Silicides >50 982 1082 10

Ti60-7 Ti60 8 Bimodal Ti3Al in αp-1 <7 970 1060 10

Ti60-8 Ti60 8 Bimodal Ti3Al in αp-1 <7 960 1070 10

Ti60-9 Ti60 8 Bimodal Ti3Al in αp-1 7–20 940 1060 10
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Ti60-10 Ti60 8 Bimodal Ti3Al in αp-1 7–20 960 1080 10

Ti60-11 Ti60 8 Bimodal Ti3Al in αp-1 7–20 980 1085 10

Ti60-12 Ti60 8 Bimodal Ti3Al in αp-1 <7 960 1082 10

Ti60-13 Ti60 8 Bimodal Ti3Al in αp-1 7–20 970 1080 9

Ti60-14 Ti60 8 Bimodal Ti3Al in αp-1 7–20 965 1080 10

Ti60-15 Ti60 8 Bimodal Ti3Al in αp-1 7–20 955 1077 11.5

Ti60-16 Ti60 8 Bimodal Silicides >50 1010 1060 11

[44]

Ti60-17 Ti60 8 Bimodal Ti3Al in αp-1 7–20 1050 1120 7

Ti60-18 Ti60 8 Bimodal Silicides >50 1021 1090 12

Ti60-19 Ti60 8 Bimodal Silicides >50 950 1018 11.5

Ti60-20 Ti60 8 Lamellar Silicides >50 1020 1080 9

Ti60-21 Ti60 8 Lamellar Ti3Al in Tr.β-3 7–20 1040 1100 4

JL-1 JL 8 Bimodal NP 0 944 1029 15.6

[45]

JL-2 JL 8 Bimodal Ti3Al in αp-1 <7 985 1057 12.2

JL-3 JL 8 Bimodal Ti3Al in αp &
Tr.β-2 <7 994 1066 12

JL-4 JL 8 Lamellar NP 0 933 1020 12.4

JL-5 JL 8 Lamellar Ti3Al in Tr.β-3 7–20 981 1052 8.4

JL-6 JL 8 Lamellar Ti3Al in Tr.β-3 7–20 970 1042 6.5

IMI834-10 IMI834 8 Bimodal Ti3Al in αp-1 <7 945 1012 14.5 [46]

Ti6242-1 Ti6242S 7 Lamellar NP 0 837 946 12
[47]

Ti6242-2 Ti6242S 7 Lamellar Silicides >50 875 925 5.8

LD-Ti423-1 LD-Ti423 8 Bimodal NP 0 948 1046 8.3
[48]

LD-Ti423-2 LD-Ti423 8 Bimodal NP 0 923 1013 8

TMC-Ti213-1 TMC-
Ti213 2 Lamellar NP 0 996 1059 13.9 [49]

TMC-Ti213-2 TMC-
Ti213 2 Bimodal NP 0 876 994 7.4

TA19-1 TA19 8 Bimodal NP 0 984 1067 23.9
[50]

TA19-2 TA19 8 Bimodal NP 0 1022 1113 22.8

TKT-1 TKT-1 6 Bimodal NP 0 980 1175 20

[51]TKT-2 TKT-2 6 Bimodal NP 0 1075 1285 19

TKT-6 TKT-6 6 Bimodal Germanides <500 1060 1255 18

PC-IMDF1 PC 8 Lamellar NA NA 982 1020 10.6

[52]PC-IMDF2 PC 8 Bimodal NA NA 1004 1043 12.7

PC-IMDF4 PC 8 Bimodal NA NA 1072 1118 15.6

Note: NA: not available; NP: no precipitates.
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Abstract: Rare-earth elements have been widely used in the field of functional materials, but their
effects on the cold-stamping formability of high-strength automotive steels have rarely been studied.
In this paper, the effect of the trace rare-earth element Ce on the microstructure and properties of cold-
rolled medium manganese steel after ART (austenite-reverted transformation, ART) annealing was
studied. The microstructure of the experimental steel was observed using SEM, and the mechanical
properties were tested using a universal tensile testing machine. The volume fraction of the retained
austenite and the texture of the steel were measured using XRD. The results showed that the original
austenite grain size of the experimental steel was smaller after adding the trace rare-earth element
Ce. After ART annealing, the grain size distribution of the experimental steel with rare-earth Ce was
more uniform, and the comprehensive mechanical properties were better. Under the conditions of
quenching at 800 ◦C for 5 min and annealing at 645 ◦C for 15 min, the maximum product of tensile
strength and elongation was 28.47 GPa·%.

Keywords: trace rare-earth element; cold-rolled medium manganese steel; original austenite;
microstructure; properties

1. Introduction

In recent years, the third generation of automobile steel, represented by medium
manganese steel (Mn content of 3–10%), has gradually become the main research hotspot
at home and abroad due to its excellent high-strength and high-plasticity mechanical
properties [1]. The design of alloy composition is an important factor affecting the final
properties of materials and has been extensively studied [2] As a strategic resource in China,
rare earth (RE) is widely used in the field of functional materials, such as high-performance
permanent magnet materials and luminescent materials, but is used less in metal structural
materials [3].

Some scholars have studied the effects of rare-earth elements on steel, such as Guo
Feng et al. [4], who found that rare earth can improve the morphology of inclusions, purify
grain boundaries, improve the strength of grain boundaries, reduce the possibility of crack
propagation through defects, and improve impact toughness. Zhao et al. [5] found that
the addition of rare earth increased the AC1 and AC3 phase transition temperatures of
low-carbon microalloyed high-strength steel, reduced the critical cooling rate of the pearlite
transformation, increased the incubation period, and made it easier to obtain a bainite
structure. Liu Chengjun et al. [6] pointed out that rare earth can refine the austenite grain
boundary to improve impact toughness. QU et al. [7] studied the second phase in rare-earth
HSLA steel and found that the average size of precipitates was refined by about 15 nm after
adding rare earth, indicating that rare earth can promote the precipitation of fine carbon
and nitride, which is beneficial for improving the strength and toughness of materials.
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At present, the effect of rare-earth elements on medium manganese steel is not clear, and
the role of rare earth in steel is not clear [8–10]. How to reasonably and effectively use
rare-earth elements in steel remains to be further studied.

The selection of rare-earth content is also critical to the study of the microstructure
and properties of steel. Considering the internal quality of the material, adding a large
amount of rare-earth elements produces large inclusions in the structure, which affects the
plasticity and performance of the material and deteriorates the forming performance of
automobile steel. From the perspective of production practice, automobile steel is mostly
plate, and a large number of rare-earth elements are added. During the casting process,
large particle inclusions block the casting nozzle and cause casting accidents. This study
selected trace rare-earth elements for testing and research.

In this paper, cold-rolled medium manganese experimental steels with 9 ppm rare-
earth Ce and without rare earth were selected for comparative study. The two groups of ex-
perimental steel were subjected to the ART annealing treatment, and their microstructures,
properties, and textures were analyzed to explore the effect of the trace rare-earth element
Ce on the microstructure and properties of cold-rolled medium manganese steel, which
provided a theoretical basis for the research and development of new third-generation
rare-earth automotive steel, which is very economically significant for the development of
the rare-earth steel and automotive fields.

2. Experimental Materials and Methods

The experimental steel was melted and cast by a laboratory vacuum induction furnace,
and the ingot size was 100 mm × 100 mm × 300 mm. Then, a 1 mm thick experimental
steel plate was obtained by rolling. The chemical composition of the test steel is shown in
Table 1. The phase transformation temperature of the experimental steel was measured
by a NETZSCH STA449 F3 comprehensive thermal analyzer at a rate of 20 ◦C/min to
950 ◦C under argon protection. The AC1 and AC3 values of the experimental steel without
rare earth were 596 ◦C and 734 ◦C, respectively. The AC1 and AC3 values of the rare-earth
experimental steel were 598 ◦C and 751 ◦C, respectively. The heat treatment process was
conducted as shown in Figure 1. The experimental steel plate was quenched at 800 ◦C for
5 min and then annealed at 625 ◦C, 645 ◦C, or 665 ◦C for 15 min.

Table 1. Chemical composition of test steel (%).

Steel C Mn Si Al Cu Ni Nb Ti P S Ce

0 RE 0.089 4.873 0.113 0.047 0.28 0.263 0.030 0.028 0.011 0.006 -
9 ppm RE 0.093 4.899 0.128 0.071 0.26 0.246 0.027 0.029 0.011 0.006 0.0009

The original austenite corrosion was carried out on the quenched experimental steel,
and the supersaturated picric acid solution was used as the corrosive agent. The metallo-
graphic structure after corrosion was observed, and the original austenite grain size distri-
bution was determined using Image Pro Plus software [11]. The small 10 × 10 × 1 mm3

pieces were cut from the annealed steel plate as a microstructure observation sample. The
samples were polished and corroded with 4% nitric acid alcohol. The microstructures were
observed using a field emission scanning electron microscope. The tensile specimens were
prepared according to the GB/T 228.1-2010 standard. The length direction was parallel
to the rolling direction. The original gauge was calculated by the proportional gauge
(L0 = 5.65

√
S0), and the tensile test was carried out on a universal tensile testing machine.

Two groups of experimental steels were tested using an X-ray diffractometer (XRD, X Pert
PRO MPD). The sample size was 10 mm × 15 mm. The (200), (220), (311) crystal plane
diffraction peaks of the FCC phase and the (200) and (211) crystal plane diffraction peaks
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of the BCC phase were measured, and the reverse-transformation austenite content was
calculated using the following formula:

Vi =
1

1 + G(Iα/Iγ)
(1)

Figure 1. Heat treatment process of test steel.

In the formula, G represents the lattice parameter correlation value of the FCC phase
and BCC phase [12], and the detailed correspondence is shown in Table 2. Vi is the volume
fraction of reversed austenite corresponding to different G values, Iγ is the integral intensity
of the (200), (220), and (311) crystal plane diffraction peaks of the FCC phase, and Iα is the
integral intensity of the (200) and (211) crystal plane diffraction peaks of the BCC phase.
The texture of the samples was also measured using an X-ray diffractometer. The ODF
cross section was characterized using the Roe method, and the content of each texture
component was calculated using the texture analysis software ResMat-TexTools.

Table 2. G values corresponding to different crystal face indices.

G-Value (200)γ (220)γ (311)γ

(200)α 2.46 1.32 1.78
(211)α 1.21 0.65 0.87
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3. Results and Analysis

3.1. Original Austenite Grains

According to the measured phase transition temperature, it was found that the AC3
temperature of the experimental steel increased after adding rare-earth elements. To further
verify this point, the two groups of experimental steels were subjected to original austenite
corrosion to observe the changes in the original austenite grains. Figure 2 shows the original
austenite metallographic structure and grain size distribution. It can be seen in panels (a)
and (b) that the austenite grains of the experimental steel with rare-earth Ce were smaller.
The increase in AC3 temperature by 17 ◦C indicates that the austenite grains nucleated
first in the austenitizing process of the experimental steel without RE elements, while the
austenite grains nucleated later in the experimental steel with RE elements. Therefore, after
the quenching treatment, the original austenite grains in the experimental steel containing
rare earth were smaller [11]. The average grain sizes of the original austenite of the two
groups of experimental steels were measured using Image-Pro Plus software to be 3.3 μm
and 2.5 μm, respectively. The grain size distribution is shown in panels (c) and (d). The
grain size of rare-earth experimental steel was small, where the grains between 2 and 4 μm
accounted for about 43.91% and the grains less than 2 μm accounted for about 40.92%. The
grain size of experimental steel without rare earth was mainly concentrated in 2~4 μm
(about 56.23%). It can be seen that with the addition of trace rare-earth elements the
austenite grains in the experimental steel were refined and the microstructure became more
uniform.

 
��ȝP ��ȝP 

Figure 2. Original austenite microstructure and grain size distribution of two groups of experimental
steels: (a,c) 0 RE and (b,d) 9 ppm RE.
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3.2. Microstructural Evolution

Two groups of experimental steels were annealed by ART, and the microstructure
after annealing was observed. The results are shown in Figure 3. It can be seen from
the diagram that the microstructure after annealing was mainly composed of ferrite and
retained austenite (or new martensite), in which the protruding structure was austenite
or new martensite and the concave structure was ferrite [13]. Panels (a) and (d) show the
microstructure at 625 ◦C. A large number of white granular carbides were dispersed in
the microstructure. Panels (b) and (e) show the microstructure at 645 ◦C. It can be seen
that there were still many white granular carbides on the ferrite [14], while there were
almost no white granular carbides on the protruding austenite structure. This was because
the annealing temperature was low at this time, the carbides had not been completely
dissolved during the growth of austenite, and these carbides were attached to the ferrite.
Panels (c) and (f) show the microstructure of the experimental steel at 665 ◦C. At this time,
the carbides had completely disappeared, and the microstructure was composed of ferrite,
austenite, and a small amount of new martensite. The austenite grains in the structure grew,
and there were two forms, which were the lath and block distributions in the structure.
This was also because the austenite grains grew with the increase in temperature, and some
larger austenite was transformed into martensite during cooling due to the lower stability
of carbon and manganese per unit volume.

 

 

Carbide 

F A M 

�ȝP 

�ȝP �ȝP �ȝP 

�ȝP �ȝP 

Figure 3. Microstructure of two groups of experimental steels at different annealing temperatures:
(a,d) 625 ◦C, (b,e) 645 ◦C, (c,f) 665 ◦C; (a–c) 0 RE, (d–f) 9 ppm RE.

Through the comparative analysis of the microstructure of the two groups of experi-
mental steels under different annealing processes, it was found that the grain size of the
experimental steel with trace rare-earth elements was smaller. There were two reasons for
this. On one hand, rare-earth elements themselves have the effect of grain refinement. The
radius of rare-earth atoms is about 1.5 times that of Fe atoms, which can only dissolve into
defects in the crystal but cannot dissolve into austenite to form a solid solution. Because
there are many defects at the grain boundary, it is easy to accumulate rare-earth atoms near
the grain boundary, which hinders the diffusion of atoms, thereby inhibiting the growth
of austenite grains and achieving the effect of grain refinement [15]. On the other hand,
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rare-earth elements have the effect of deoxidation and desulfurization, which can produce
fine and stable rare-earth oxides, rare-earth sulfides, or oxygen sulfides. These rare-earth
compounds can be used as heterogeneous nuclei to provide excellent conditions for the
refinement of crystallization.

3.3. Residual Austenite Content

The experimental steel was tested using XRD after different heat treatment processes,
and the results are shown in Figure 4. In the figure, γ represents the FCC phase, α represents
the BCC phase, and the volume fraction of austenite was calculated according to the integral
strength of the austenite and ferrite diffraction peaks. As can be seen in the figure, with
the increase in the annealing temperature, the austenite diffraction peak was enhanced.
When the annealing temperature was 645 ◦C, the austenite content was the highest. When
the temperature continued to increase, the diffraction peak of the FCC phase obviously
decreased, while that of the BCC phase increased, indicating that the austenite content
decreased with the increase in the annealing temperature, and new martensite was formed
in the matrix structure. The FCC phase diffraction peak of the experimental steel containing
rare earth was significantly higher than that of the experimental steel without rare earth. It
can be seen that the addition of trace rare-earth elements increased the volume fraction of
the retained austenite in the steel.

 
Figure 4. XRD patterns of the experimental steel at different annealing temperatures: (a) 0 RE,
(b) 9 ppm RE.

Figure 5 shows the calculated volume fractions of the retained austenite of the two
groups of experimental steels after different annealing processes. It can be seen in the
figure that with the increase in temperature, the content of retained austenite increased
first and then decreased. This was due to the unstable growth of austenite grains in the
microstructure at higher annealing temperatures; the insufficient distribution of C and Mn
elements, leading to the low contents of C and Mn elements per unit volume of austen-
ite; and the transformation tendency of martensite to increase during high-temperature
annealing, so some austenite transforms into martensite during the cooling process [16].
When the experimental steel was annealed at 645 ◦C, the austenite content was the largest,
and the residual austenite contents of the two experimental steels were 21.1% and 22.8%,
respectively. In comparison, it is found that adding trace rare-earth elements to steel was
beneficial for retaining more austenite at room temperature.
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Figure 5. Residual austenite contents of the experimental steels at different annealing temperatures.

3.4. Mechanical Properties

Figure 6 shows a comparison of the mechanical properties of the two groups of
experimental steels after the ART annealing treatment. It can be seen in the figure that the
yield strength and tensile strength of the two groups of experimental steels after annealing
were very similar, but the mechanical properties of the experimental steel with the rare-earth
element Ce were improved. The yield strength decreased with the increase in the annealing
temperature, and the maximum value was 850 MPa at 625 ◦C. The tensile strength increased
with the increase in the annealing temperature, and the maximum value was 1100 MPa at
665 ◦C. The elongation increased first and then decreased with the increase in the annealing
temperature and reached a maximum at 645 ◦C. The elongation of the experimental steel
without rare earth was 27.82%, while the elongation of the experimental steel with rare
earth was 33.89%. The change rule of the product of strength and elongation was consistent
with that of elongation, which increased first and then decreased. The maximum value is
obtained when the annealing temperature reached 645 ◦C. At this time, the products of
strength and elongation of the experimental steels without rare earth and with rare earth
were 24.3 GPa·% and 28.47 GPa·%, respectively. It can be seen that the rare-earth element
was beneficial for the improvement of the mechanical properties of the experimental steel,
and 800 ◦C for 5 min and 645 ◦C for 15 min was the best heat treatment condition for the
experimental steel.
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Figure 6. Mechanical properties of two groups of experimental steels at different annealing temper-
atures: (a) yield strength, (b) tensile strength, (c) elongation, and (d) the product of strength and
elongation.

The change in the product of strength and elongation was the same as that of the
austenite content after annealing at different temperatures, which indicates that the austen-
ite content is an important factor affecting the comprehensive mechanical properties of
experimental steel. Combined with the analysis of the XRD results, the reason for this
change in the experimental steel may be that at a lower annealing temperature there are
carbides in the microstructure and the C element in the matrix does not diffuse on a large
scale, that is, it is enriched in the reverse-phase-transformation austenite. At the same
time, the volume fraction of austenite is low and the stability is strong at this temperature.
The comprehensive effect of the second-phase strengthening of carbides and the solid-
solution strengthening of the C element makes the tensile strength and yield strength of
the experimental steel remain within a certain range. With the increase in annealing tem-
perature, the carbides in the microstructure continue to dissolve until they disappear, and
the second-phase strengthening effect in the alloy also decreases and disappears. When the
temperature is high, the microstructure of the experimental steel is transformed into ferrite,
austenite, and martensite multiphase structures. The volume fraction of reversed austenite
decreases and becomes unstable, and the TRIP (transformation-induced plasticity, TRIP)
effect is weakened accordingly. During the cooling process, the hard-phase martensite
increases. The higher the temperature, the more the martensite is transformed by cooling,
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so the tensile strength increases and the elongation decreases. Some scholars have also
put forward the same conclusion that increasing the temperature increases the austenite
content, but the austenite stability is poor, which is due to the tendency for martensite
transformation in high-temperature annealing and the coarsening of austenite, so it is
partially transformed into martensite during cooling and the tensile strength increases [17].

3.5. Texture Analysis

Good stamping properties are also an important goal in the field of automobile man-
ufacturing. Deep drawability is related to the composition of a favorable texture in the
steel. The larger the {111}/{100} coefficient of the favorable texture, the larger the r-value,
indicating that the deep drawability of the steel plate is better [18]. Therefore, the essence
of the study of the stamping properties of steel plates is to obtain more favorable textures in
the microstructure. The type and density distribution of related textures can be determined
with the orientation distribution function (ODF). The denser the orientation lines in the
ODF cross section, the greater the orientation density. However, in general, only the main
orientation distribution changes in the ODF diagram need to be analyzed. During the
rolling process of steel plate, the grain orientation gradually converges to the α orientation
line and the γ orientation line. Therefore, we mainly observed the texture type and density
(ϕ2 = 45◦) on these two orientation lines.

Figure 7 shows the textured ODF cross sections of two groups of experimental steels
at the optimal annealing temperature of ϕ2 = 45◦. It can be seen that there were {001}<110>,
{011}<110>, {111}<110>, and {111}<112> textures in the two experimental steels after holding
at 645 ◦C for 15min, and the texture density levels of the two experimental steels were very
close. The strong peak position of the two experimental steels was near the {111}<110>
texture on the γ orientation line, but the texture distribution of the experimental steel
with the rare-earth element Ce was more uniform, and the texture density was up to 2.6.
The contents of each orientation texture of the two groups of experimental steels were
compared, as shown in Table 3. It can be seen that the contents of each orientation texture
of the experimental steels increased slightly after adding rare-earth elements. Among them,
the content of the {111} texture increased more. Combined with the analysis of Figure 7, the
trace rare-earth elements may affect the texture of the experimental steel, which is beneficial
for improving the forming properties, but the effect is not obvious compared with the effect
on the mechanical properties. This requires further analysis of the changes in the favorable
texture {111} and unfavorable texture {100} components.

   

(a) (b) 

Figure 7. ODF cross sections of ϕ2 = 45◦ of two groups of experimental steels under different heat
treatment processes: (a) 0 RE, (b) 9 ppm RE.

Table 3. Texture contents of each orientation after the ART annealing process.

ART Annealing {001}<110> {112}<110> {223}<110> {111}<110> {111}<112>

0 RE 2.5 4.8 5.3 4.6 3.2
9 ppm RE 2.9 5.0 5.4 4.9 4.4
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The {111} texture of the steel sheet is beneficial for the improvement of stamping per-
formance, the {100} texture is not conducive to the improvement of stamping performance,
and the {110} texture is located between the two textures. The texture contents of the {111},
{110}, and {100} planes of the two groups of experimental steels under two heat treatment
processes were analyzed and calculated using ResMat-TexTools software, as shown in
Figure 8. In the figure, it can be seen that the contents of the favorable textures {111} and
{110} in the experimental steel with rare earth were higher than those in the experimental
steel without rare earth. The content of the {111} texture was 13.4%, the content of the {110}
texture was 19.6%, and the content of the unfavorable texture {100} was only 11.1%. Thus,
the addition of trace rare-earth elements is beneficial for improving the formability of steel.

Figure 8. Texture contents of two groups of experimental steels after different annealing processes.

4. Conclusions

(1) After adding trace rare-earth Ce, the AC3 temperature of the experimental steel
increased, which delayed the nucleation of austenite in the microstructure of the
rare-earth experimental steel during quenching, resulting in smaller original austenite
grain sizes.

(2) The grain size distribution of the experimental steel with 9 ppm RE was more uniform,
the residual austenite content was higher, and the mechanical properties were better
than those of RE-free steel. The maximum product of the strength and elongation of
the experimental steel with 9 ppm RE was obtained when quenching at 800 ◦C for
5 min and annealing at 645 ◦C for 15 min. At this time, the residual austenite content
of the experimental steel was 22.8%, the tensile strength was 840 MPa, the elongation
was 33.89%, and the product of strength and plasticity was 28.47 GPa·%.

(3) The texture distributions and density levels of the two groups of experimental steel
were similar after adding trace rare earth, but the volume fraction of the favorable
texture {111} increased and the volume fraction of the unfavorable texture {100}
decreased. It can be seen that the addition of trace rare-earth elements can improve
the microstructure of steel and improve the comprehensive mechanical properties.
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Abstract: The adoption of the ultrafast heating (UFH) process has gained much attention in the
last few years, as the green energy and minimization of CO2 emissions are the main aspects of
contemporary metal science and thermal treatment. The effect of ultrafast heating (UFH) treatment
on carbon steels, non-oriented grain (NGO) electrical steels, and ferriticor austenitic stainless steels is
reported in this review. The study highlights the effect of ultrarapid annealing on microstructure and
textural evolution in relation to microstructural constituents, recrystallization temperatures, and its
effect on mechanical properties. A strong influence of the UFH process was reported on grain size,
promoting a refinement in terms of both prior austenite and ferrite grain size. Such an effect is more
evident in medium–low carbon and NGO steels than that in ferritic/austenitic stainless steels. A
comparison between conventional and ultrafast annealing on stainless steels shows a slight effect
on the microstructure. On the other hand, an evident increase in uniform elongation was reported
due to UFH. Textural evolution analysis shows the effect of UFH on the occurrence of the Goss
component (which promotes magnetic properties), and the opposite with the recrystallization g-fiber.
The recovery step during annealing plays an important role in determining textural features; the
areas of higher energy content are the most suitable for the nucleation of the Goss component. As
expected, the slow annealing process promoted equiaxed grains, whereas rapid heating promoted
microstructures with elongated grains as a result of the cold deformation.

Keywords: ultrafast heating; heat treatment; carbon steels; stainless steels; NGO steel; microstructure

1. Introduction

In recent years, the application of ultrafast heating (UFH) treatment has gained con-
siderable attention from both the academic and industrial communities [1]. Such a heat
treatment is enabled by the possibility to electrically heat metallic materials by an electro-
magnetic induction process based on Joule heating through heat transfer passing through
an induction coil, generating an electromagnetic field. The rapidly alternating magnetic
field penetrates the object, generating so-called eddy currents inside the metallic compo-
nent. Such currents flow through the resistance of the material, thus heating it by the Joule
effect. UFH could strongly optimize industrial production processes in terms of time and
consequently productivity [2–5]. Results very near to industrial applications were reported
by Cola Jr. in AISI 8620 and in bainitic steels [6,7], but the most important limit appears to
be related to UFH rates with respect to conventional steel-processing lines [8].

UFH is a process based on induction heating (IH) that is widely used to heat-treat
specific areas more rapidly, and at a lower cost and lower amount of energy consumption
compared to conventional heat treatment methods [8,9]. The inductive heat treatment
offers several advantages over conventional heat treatments using a furnace, such as short
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processing times, high flexibility, and localized annealing [10–12]. The temperature varia-
tion over time of the annealing process is represented by the parameter of heating rate (HR).
Variation in HR affects the phase transformation kinetics and steel properties; an increase
in terms of HR raises the α/γ transformation temperature, thus leading to austenitic grain
refinement [13–16]. At the same time, an increase in phase transformation temperatures [17]
reduces the carbon amount that can be dissolved in austenite, thus lowering steel hard-
enability [6]. In addition, during fast heating, the solubility of carbonitrides and pearlite
areas is also evidently dependent on heating time and not just temperature, as what usually
happens in conventional annealing processes [18,19].

Concerning carbon steels, UFH can be adopted in the austenitization process step
(before quenching and tempering) [20–29]. In the case of austenitic stainless steels, UFH
is a promising method to be applied after cold rolling to promote grain refinement [30],
leading to an increase in terms of mechanical properties [31–33].

In carbon steels, the application of UFH inhibits the dislocation rearrangement that
is typical of recovery [33–36]. Hence, recrystallization occurs in direct competition with
austenitization [37–39]. The final microstructure of a steel subjected to UFH strongly
depends on heating rate and peak temperature [40,41]. In the case of a high HR and
inadequate peak temperature, a not fully recrystallized microstructure is achieved [42,43].
When conditions instead allow for complete recrystallization, the microstructure shows a
morphology resulting in plastic deformation.

Since recovery is usually negligible in the case of austenitic stainless steels, the im-
mediate start of recrystallization during UFH does not imply significant changes in the
mechanism [44]. Ferritic stainless steels, instead, show a final microstructure comparable
with that of industrial products [45,46], with a fully recrystallized structure and equiaxed
grains for appropriate temperatures [47–51].

The aim of this review paper is to highlight trends in variation in the above-mentioned
properties with heating rate, and to predict their behavior when possible for different
classes of materials, focusing on the main metallurgical topics (phase transformation,
recrystallization, and textural evolution).

2. Effect of UFH on Grain Size

In medium/low carbon steels, the application of UFH leads to a significant decrease
in grain size due to the suppression of grain boundary movements, and thus the growth of
austenite grains [52–58]. Figure 1 shows the prior austenite grain (PAG) size dependence
of heating rate (HR) [40]. In the case of 0.25 wt. % C heat-treated specimens with a peak
temperature at 850 ◦C, HR (between 10 and 1000 ◦C/s) and cooling rate of 20 ◦C/s, some
authors [40] investigated the effect of HR on the variation in ferritic grain size (Figure 2).
Results show an evident average PAG size refinement of about 55% (from 3.8 down to
1.7 μm) (Figure 1) that corresponds to a consequent decrease in ferritic grain size (about
20%, from 2.5 to 2 mm) (Figure 2) as the HR increased from 10 up to 1000 ◦C/s. A similar
steel grade (0.2 wt. % C) was considered by Hernandez-Duran et al. [57], who studied the
effect of the same HR as that in [40] on the ferritic grain size, and the results, reported in
Figure 2, show a similar refinement of ferritic grain size, with a reduction from 2 to 1.6 mm.

Petrov et al. [59] studied the effect of heating rate increase on a cold-rolled high strength
carbon steel grade for automotive applications. They indicated that, when varying the
heating rate in the range from 140 to 1500 ◦C/s, ferritic grain refinement was achieved from
4 to 1 μm. They also showed that excellent ultimate tensile strength (higher than 1200 MPa)
and acceptable fracture elongation were achieved. The above results were confirmed by an
increase in heating rate of up to 1500 ◦C/s [40] that, compared to 150 ◦C/s, led to a more
pronounced decrease in ferritic grain size of about 76%, from 2.6 to 0.6 μm (Figure 3).
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Figure 1. Effect of the heating rate increase on PAG size (data from [40]). Low/medium carbon steel
(0.25 wt. % C), peak temperature of 850 ◦C, and cooling rate of 20 ◦C/s.

Figure 2. Effect of the heating rate increase on ferritic grain size. Low/medium carbon steel
(0.25 wt. % C and 0.2 wt. % C), peak temperature of 850 ◦C and 950 ◦C, cooling rate of 20 ◦C/s
and 160 ◦C/s (data from [40,57]).

An example of microstructures obtained after UFH is reported in Figure 4, referring
to the industrial hot-rolled strips of a low-C steel (0.08% C, 0.3% Mn) and of an HSLA
steel (0.07% C, 0.5% Mn, 0.03% Nb), cold-rolled from 3 down to 0.5 mm, and processed
by imposing different peak temperatures and heating rates to find the optimal processing
conditions for achieving full recrystallization. No soaking was applied, and the strips were
cooled down just after reaching the peak temperature.
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Figure 3. Ferritic grain size variation as function of temperature for the heating rates of 150 and
1500 ◦C/s (data from [42]).

  
(a) (b) 

Figure 4. Microstructure of fully recrystallized steels subjected to UFH. (a) Low-C 0.08% C, 0.3% Mn
steel; (b) HSLA 0.07% C, 0.5% Mn, 0.03% Nb steel.

The first steel was processed with a peak temperature of 870 ◦C and a heating rate of
285 ◦C/s, obtaining an average ferritic grain size of 6.1 μm and a hardness of 136 HV300g
(Figure 4a). The second steel was processed with a peak temperature of 820 ◦C and a
heating rate of 325 ◦C/s, obtaining an average ferritic grain size of 5.4 μm and a hardness
of 158 HV300g (Figure 4b). The microstructures appeared to not be very refined, but the
resulting tensile properties, nevertheless, complied with grades DX51D and HX340LAD.

If ferritic stainless steels are considered, an increasing heating rate leads to less marked
grain refinement, as reported in [45]. Data reported in [45] showed that the average grain
size of AISI 430 steel decreased from 7.4 to 6.7 μm for a heating rate of 1000 ◦C/s. Similarly,
Salvatori and Moore [60] analyzed the effect of UFH on AISI 430 ferritic stainless steels,
and showed them to be able to reproduce industrial standard products with a heating rate
of up 1000 ◦C/s.
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3. Effect of UFH on Ac1–Ac3 Temperatures and on Recrystallization Phenomenon

The quantitative effect of heating rate increase on Ac1 and Ac3 temperatures is related
to the steel chemical composition, and several data are found in the literature showing in
many cases an increase in both critical temperatures with increasing heating rate.

In a low/medium carbon steel, Valdes-Tabernero et al. [48] (Figure 5) showed a more
pronounced increase in Ac1 than that in Ac3 in the range of heating rates from 1 to 200 ◦C/s.
An increase in Si and Mn leads to the opposite effect [38]. In this case, a stronger dependence
of Ac3 temperature on heating rate with respect to Ac1 was also reported (Figure 6).

Figure 5. Effect of HV increase on Ac1 and Ac3 temperature variation (steel chemical composition
0.19% C + 0.5% Si + 1.61% Mn + 1.06% Al), peak temperature of 1100 ◦C, and cooling rate of 300 ◦C/s
(data from [48]).

Figure 6. Ac1 and Ac3 temperature variation with an increase in HR (steel chemical composition
0.25% C + 1.5% Si + 3.0% Mn) (data from [40]).

Concerning the recrystallization process, the increase in heating rate led to an increase
in the recrystallization temperature, supported by the following evidence:

• The recrystallized fraction decreased with increasing heating rate: in a low carbon steel
at 750 ◦C for a heating rate of 150 ◦C/s, the recrystallized fraction was ~0.5%. At the
same temperature for a heating rate of 1500 ◦C/s, the recrystallized fraction decreased
to 0.1% [42]; in [43], compared to a conventional annealing treatment (10 ◦C/s and
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recrystallized fraction of ~77%), during an ultrafast annealing process (778 ◦C/s), the
recrystallized fraction became ~24%.

• In [42], the recrystallized fraction increased with increasing peak temperature: for a
peak temperature of 850 ◦C for two heating rates (150 and 1500 ◦C/s), the recrystallized
fraction was ~0.6% for 150 ◦C/s and ~0.2% for 1500 ◦C/s, a value greater than that for
750 ◦C (Figure 7).

• The recrystallization of ferrite takes place simultaneously with the α → γ phase
transformation [61].

Figure 7. Recrystallized fraction as a function of peak temperature for two different HRs (data
from [42]).

4. Effect of UFH on Mechanical Properties

4.1. Carbon Steels

Directly connected to the effect of ultrafast heating on grain size refinement, the
mechanical properties of carbon steels subjected to the UFH process showed a clear im-
provement. Specifically, the evolution of mechanical characteristics was reported for
low/medium carbon steel in the case of conventional annealing + soaking (10 ◦C/s + soak.),
conventional annealing (10 ◦C/s) and ultrafast annealing (500–1000 ◦C/s) prior to quench-
ing and partitioning (Q and P) heat treatment [40]. Results showed that the Ultimate Tensile
Strength (UTS)increased for a higher HR (Figure 8); from conventional annealing (HR of
CA = 10 ◦C/s) to ultrafast heating (HR of UFH = 1000 ◦C/s), the UTS shifted from 1097
to 1318 MPa (an increase of ~20%). The yield stress (YS), in the same range of heating
rate, decreased from 837 to 811 MPa (−3.2%), and uniform elongation εc increased from
2.6% to 12.8%.

A comparison of CA (5 ◦C/s) and UFH (500 ◦C/s) on dual-phase steel [39] showed the
following results: the UTS improved from 625.0 ± 3.6 MPa to 666.0 ± 2.6 MPa (~6.5%), the
YS increased from 277.0 ± 8.1 MPa to 372.0 ± 3.0 MPa (~34%), and the uniform elongation
and total elongation increased from 16.5 ± 0.2% to 18 ± 0.5% and from 23.3 ± 0.8% to
26.6 ± 0.5%, respectively (Figures 9 and 10).
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Figure 8. Effect of HR increase on UTS and Vicker hardness value of a low/medium carbon
steel undergone the UFH process compared to CA + soaking process (steel chemical composition
0.25% C + 1.5% Si + 3.0% Mn)). Peak temperature of 850 ◦C, and cooling rate of 20 ◦C/s (data
from [40]).

Figure 9. YS and UTS increase with increase in heating rate between CA (5 ◦C/s) and UFH (500 ◦C/s),
on dual-phase steel (data from [41]).
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Figure 10. Uniform and total elongation variation with increasing heating rate between CA (5 ◦C/s)
and UFH (500 ◦C/s) on dual-phase steel (data from [41]).

4.2. Stainless Steels

Regarding the mechanical properties in ferritic stainless steels [60]:

• The values were very similar to those typical of standard industrial production, even
if the tensile strength was a little lower. These properties improved as the holding time
increased and they did not seem to depend on heating rate. With further increases in
holding time, yield stress and tensile strength values remained almost constant, and
the total elongation increased.

• A thermal cycle using no holding time in the annealing treatment allowed for obtaining
a product that was quite comparable to the industrial standard in the whole range of
heating rates (500–1000 ◦C/s).

Instead, from data reported in [45]:

• The YS, UTS, and εc were practically equal for all specimens heated at a peak tempera-
ture below 900 ◦C. At a peak temperature of 900 ◦C, the yield strength was reduced,
even though the grain size and hardness did not change from those at 880 ◦C.

• As the annealing temperature increased to 900 ◦C, the yield strength decreased, which
is beneficial for formability.

In austenitic stainless steels, data from [44] show that:

• Without any holding time at a peak temperature of 700 ◦C/s and heating rates of
2 and 20 ◦C/s, the YS increased to 870 MPa, with an improvement in ductility and
uniform elongation (εc). Increasing from 2 to 100 ◦C/s, the UTS and YS did not change
too much (UTS from 1013 to 967 MPa and YS from 856 to 778 MPa)), but ductility
was improved.

• The uniform elongation was improved from 11% to 37% with the increase in HR from
2 to 100 ◦C/s.

5. Effect of UFH on Microstructure

The effect of heating rate on the microstructure was clearly reported in [43] for a process
involving a heating rate of 778 ◦C/s in comparison to a standard 10 ◦C/s heating rate.

The recrystallized volume for a low-carbon steel (0.14 wt. % C), decreased from
77.4% to 27.3%, the fraction of recovered ferrite increased from 8.6% to 54.5%, and the
martensite + pearlite fraction increased from 14% to 21.8% (Figure 11).
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Figure 11. Microstructural evolution for CA (HR: 10 ◦C/s) and UFH (HR: 778 ◦C/s), low-carbon
steel (0.14% C) (data from [43]).

This result is in contrast with that in [38,39], where an increase in Ac1 temperature was
reported with increasing HR; therefore, less martensite was expected in the microstructure
of the UFH sample than that in the CA sample.

The difference can be explained by the lack of ferritic recrystallization in the UFH sample.
A possible explanation of the above results can be that the peak temperature of the

specimen treated with CA was lower than that processed by UFH, and that, in the latter
treatment, some austenite was formed. In the case of CA, it is reasonable to assume that
not only was the peak temperature lower, but also the treatment time at high temperature
was longer, so that the recrystallized fraction could be higher than that of the steel treated
with UFH. When the steel was cooled, the austenite transformed into martensite.

From the comparison between CA + soaking and UFH prior to Q and P heat treat-
ment [38], for a carbon steel (0.25 wt. % C), the fraction of ferrite increased for higher
heating rates from 0% at 10 ◦C/s + soak. to 25% at 1000 ◦C/s. This was due to the very
short heating time and consequently the absence of complete austenitization. The most
important difference from 500 to 1000 ◦C was the fraction on fresh martensite (15% → 2%)
that was replaced by ferrite (5% → 25%) (Figure 12).

Therefore, for this class of steels, UFH heating rates of up to about 500 ◦C/s are still
suitable to achieve a similar microstructure to those of Q and P grades. Instead, for heating
rates above 500 ◦C/s, complex microstructures are produced where ferrite coexists with
retained austenite.

The dependence of microconstituent fraction formation as a function of a combination
of HR, peak temperature, and steel chemical composition is reported in Figures 13–16 (data
from [57]). The comparison is between a low-carbon steel (0.2 wt. % C) and stabilized
low-carbon steel (0.2 wt. % C + Mo + Ti + Nb), and the results show that:

• The martensite volume fraction decreased with increasing heating rate (Figures 13 and 14).
• At Ac3 temperature (Figures 14 and 15), the fraction of martensite showed an opposite

trend at 1000 ◦C/s with respect to lower temperature. This is evidence of the impact
of peak temperature on ultrafast heating treatment.

• Concerning the low-C stabilized steel, the effect of alloying elements on hardenability
was clear. After UFH at Ac3 temperature, the fraction of martensite was equal to 100%
(Figure 16).
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Figure 12. Microstructural evolution for different heating rates (data from [40]; steel chemical
composition: 0.25% C + 1.2% Si + 3.0% Mn).

Figure 13. Microstructural evolution at different HRs for peak temperature at 902 ◦C (data from [57];
steel chemical composition: 0.2% C).
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Figure 14. Microstructural evolution at different HRs for peak temperature at 915 ◦C (data from [57];
steel chemical composition: 0.2% C + Mo + Ti + Nb).

Figure 15. Microstructural evolution at different HRs for peak temperature at Ac3: 950 ◦C (data
from [57]; steel chemical composition: 0.2% C).
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Figure 16. Microstructural evolution at different HRs for peak temperature at Ac3: 950 ◦C (data
from [57]; steel chemical composition: 0.2% C + Mo + Ti + Nb).

The effect of an increased heating rate in reducing the final fraction of martensite at
the end of the treatment was apparent at 100 ◦C/s. Possible reasons to explain why the
martensite fraction was generally lower in the low-alloyed steel compared to the alloyed
one are, on one hand, the higher critical transformation temperatures and, on the other
hand, the lower hardenability. In the former case, the amount of austenite transformed
during the process was lower; in the latter case, a lower fraction of the austenite formed at
high temperature is converted to martensite during cooling.

6. Effect of UFH on the Textural Evolution and Magnetic Properties of NGO Steels

Nonoriented grain (NGO) electrical steels can be classified as low-C steels, and re-
garding the microstructural evolution, mechanical properties, and phase transformation
temperatures, the effect of UFH can be considered to be similar. In this section, the effect of
UFH on the textural evolution and magnetic properties of NGO steels is reported.

For NGO electrical steels, the role of ultrafast annealing on textural evolution is
evident, since an increase in the occurrence of Goss component is observed, which leads to
an improvement of magnetic properties [61–63].

The magnetic properties of Fe–Si steels strictly depend on textural evolution [64–70],
and consequently on the starting microstructure [71–73], annealing conditions [74], and
cold-rolling settings [75–80]. Core losses and eddy current losses are strongly dependent on
recrystallization and grain size morphology after cold rolling. Grain size and the absence
of impurities such as dislocations, grain boundaries, or precipitates are the most important
factors determining power losses. The most relevant textural components in electrical steels
are the Goss component (110) [001], the rotated Cube component (100) [011], and the γ-fiber
[111]//ND [78–82]. After cold rolling, the texture is characterized by very strong Goss
and cube component orientations that, in principle, are very positive in terms of magnetic
features; in fact, the matrix is highly deformed. However, the effect of the subsequent
recrystallization annealing treatment promotes the development of the γ-fiber, the typical
recrystallization texture of ferritic steels, and the consequent reduction in deformation
components. In conventional industrial lines, the nucleation of textural components starts
during the (slow) heating stage and interacts with the concurrent recovery process. There-
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fore, since the Goss and Cube components nucleate in high-energy zones of the material, the
UFH treatment could represent an opportunity to reduce the undesired effect of recovery,
and to produce NGO steels with better textural properties.

Wang et al. [64] explored different heat treatment approaches to optimize the magnetic
properties of electrical steels. A cold-rolled NGO steel was subjected to an extremely short
annealing cycle in the range of 3–30 s, with heating rates from 15 to 300 ◦C/s and peak
temperature from 880 to 980 ◦C. The presence of silicon (no less than 1%) increases the
critical temperatures of the steel, thus permitting the use of peak temperatures higher than
those of the corresponding low-carbon steels. In the case of fast heating, a very strong
{110}<001> (Goss) texture develops [64,72]. Its intensity increases with increasing heating
rate, but decreases as the annealing time increases. Moreover, in coarse-grained specimens,
the Goss component is significantly strengthened, and the {111}<112> component is slightly
weakened with increasing heating rate. On the other hand, in a fine-grained specimen,
the intensity of the Goss component showed only a slight increase, but the {111}<112>
component was greatly reduced.

Generally speaking, as the heating rate increases, the typical recrystallization texture
of ferrite (γ-fiber) weakens significantly due to the very short heating treatment, whereas
the Goss component is extremely favored. Since the nucleation of the Goss component
occurs in regions of the deformed matrix with higher stored energy (namely, shear bands),
higher heating rates reduce the negative effect of recovery, thus promoting their nucleation
and further growth [65–68,71]. This result is in agreement with the work of Hutchinson [83],
who reported a schematic ranking of the nucleation rate of different textural components as
a function of time during annealing. In fact, from a kinetic viewpoint, the {110} orientations
started nucleating earlier than {111} did, thus exploiting a larger kinetic advantage as the
heating rate increased.

Regarding the magnetic properties of NGO electrical steels as a function of heating
rate, the following results emerged from the experiments [63,64]:

• Magnetic induction was improved as the HR increased from 15 to 300 ◦C/s. This was
due to the optimized recrystallized texture caused by rapid heating.

• Core losses decreased as the heating rate increased from 15 to 100 ◦C/s. As a matter
of fact, this effect was apparent when the heating rate exceeded 100 ◦C/s since it
was associated with the decrease in mean grain size with increasing HR. Incidentally,
this induced a parallel decrease in classical eddy current losses, but an increase in
hysteresis losses.

• Annealing treatments up to 850 ◦C after cold rolling improved the magnetic properties
(higher permeability and lower energy losses) due to the increase in grain size and the
development of a {100} fiber-type texture.

7. Conclusions

The effect of ultrafast heating on different classes of steel, specifically on medium/low-
C, NGO, and stainless steels, was analyzed in this paper with respect to the main metallur-
gical aspects: phase transformation, recrystallization, mechanical properties, and textural
evolution. In particular, the variation trend with heating rate was highlighted, focusing
on the main metallurgical properties (phase transformation, recrystallization, and textural
evolution) for different classes of materials.

The conclusions can be summarized in the following points:

• The UFH treatment had a strong effect on reducing the grain size, in particular on
medium/low-C steels, with a PAG size reduction of 55%, shifting from 10 to 1000 ◦C/s.
Ferritic grains showed a maximal reduction of 76%, increasing from 150 to 1500 ◦C/s.
The effect on the stainless steels was similar but much less pronounced: the average
grain size reduction was 10% from 25 to 500 ◦C/s.

• In medium/low-C steels, with increasing heating rate, critical transformation points
Ac1 and Ac3 were shifted towards higher temperatures. Furthermore, the recrystal-
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lization temperatures were also shifted towards higher values in both carbon and
stainless steels.

• The increase in heating rate produces an improvement of almost all mechanical char-
acteristics. In medium/low-C steels, the comparison of conventional annealing and
ultrafast heating showed an increase in UTS and εc (about 20% and from 2.6% to 12.8%,
respectively); the YS remained at the same level. When UFH was applied to ferritic
stainless steels, the annealed strip has comparable mechanical characteristics with
those from standard industrial production. In austenitic stainless steels, there was
instead an improvement of the uniform elongation from 11% to 37% with increasing
heating rate from 2 to 100 ◦C/s.

• Textural evolution was directly connected to magnetic properties of NGO steels, and
higher heating rates promoted the nucleation of Cube and Goss components in the
high-stored-energy zones. Annealing time had a significant effect on the occurrence
of the Goss component that nucleates at the initial stages of recrystallization. More-
over, a slow heating with a longer recovery phase reduced the intensity of the Goss
component, and the overall texture is more random. In terms of magnetic properties,
the magnetic induction increased from 15 to 300 ◦C/s, and core losses decreased in a
range of heating rate from 15 to 100 ◦C/s. In the case of a heating rate greater than
100 ◦C/s, grain size underwent severe refinement, with a consequent decrease in eddy
current losses, and an increase in hysteresis losses.
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