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Abstract

Diffusion solidification is an effective method to produce non-dendritic microstructures
and reduce casting defects in magnesium alloys. However, the influence of precursor
alloy superheat on the solidification behavior and the resulting microstructure remains
insufficiently understood. In this study, pure magnesium was used as the high thermal mass
(HTM) alloy and three Mg-Al-Zn alloys with different aluminum and zinc contents were
used as the low thermal mass (LTM) alloys. The effects of superheat on grain morphology,
solute diffusion, and constitutional supercooling were investigated through a combination
of experimental casting and numerical simulation using Ansys Fluent and Matlab. The
results show that the solidified interface consists of five distinct regions, including two
base metals, two transition zones, and a central controlled diffusion solidification zone. A
higher superheat of the HTM alloy relative to the LTM alloy promotes a wider transition
zone and finer globular grains, whereas equal or lower superheat leads to columnar or
rosette structures. The Mg-30 wt.%Al-3.5 wt.%Zn alloy with moderate aluminum content
produces fine globular grains due to a thinner constitutional supercooling layer and a
higher degree of supercooling, which suppresses grain growth and increases nucleation
rate. In contrast, the Mg-55 wt.%Al-6.5 wt.%Zn alloy with high aluminum content forms
coarse rosette and columnar grains. Among the conditions investigated, the combination
of 10 °C HTM and 5 °C LTM superheats tends to promote the formation of fine equiaxed
grains. Increasing superheat above this range reduces supercooling and coarsens grains,
while decreasing superheat inhibits interface diffusion and promotes solute segregation.
The findings provide a theoretical basis for designing precursor alloy compositions and
superheat parameters in controlled diffusion solidification of magnesium alloys.

Keywords: controlled diffusion solidification; magnesium alloy; superheat; grain morphol-
ogy; constitutional supercooling

1. Introduction

Magnesium alloys are widely used in aerospace and aviation due to their low density
and high strength. Magnesium is also recognized as an important nutritional element with
diverse physiological functions [1-3]. However, their high chemical activity leads to the
formation of a loose and non-protective magnesium oxide layer, which makes the molten alloy
highly susceptible to ignition at elevated temperatures. Current research on flame retardancy
mainly focuses on alloying strategies. The addition of certain reactive elements can promote
the formation of a dense oxide layer [4,5]. Nevertheless, such oxide layers cannot provide
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long-term protection for high-temperature melts. Furthermore, adding large amounts of
alloying elements may adversely affect the mechanical properties of the alloy.

The growth of the protective oxide layer during the initial stage of magnesium alloy
melt oxidation is governed by diffusion [6]. Therefore, lowering the melt temperature
can suppress this oxidation kinetic process by reducing the diffusion rate, in addition to
forming a dense protective oxide layer on the melt surface. For AZ91 magnesium alloy,
holding in the semi-solid temperature range of 520 °C to 570 °C can lead to combustion. But
the holding time before combustion, defined as the ignition incubation period, decreases
with increasing holding temperature [7]. Consequently, lowering the pouring temperature
not only shortens solidification time but also extends the ignition incubation period of the
melt. Moreover, the ignition point of magnesium alloys generally lies above the solidus
temperature [8]. Thus, ignition during solidification can be avoided by reducing the
pouring temperature. However, an excessively low pouring temperature typically reduces
the filling capacity of the alloy, resulting in incomplete castings.

Controlled diffusion solidification is a new semi-solid solidification technology re-
cently proposed by Saha et al. [9]. The solid fraction of this method during casting is
usually less than 5% [10], which is much lower than that of conventional semi-solid solidifi-
cation, where the solid phase fraction is around 50%. This low solid phase fraction ensures
casting integrity under non-pressure-driven filling conditions. In addition to forming a
non-dendritic solidification microstructure, controlled diffusion solidification offers advan-
tages such as efficient shrinkage feeding, elimination of segregation, and reduction of hot
tearing [11,12].

The basic principle of controlled diffusion solidification involves holding two prefabri-
cated melts, namely a high thermal mass (HTM) alloy and a low thermal mass (LTM) alloy,
near their respective liquidus temperatures. These two melts are then mixed in a specific
mass ratio to form the target composition alloy. The HIM alloy generally possesses a lower
solute content and higher liquidus temperature, while the LTM alloy is characterized by
a higher solute content and lower liquidus temperature. The mass of HIM is equal to or
larger than that of the LTM. The compositions of the two precursor alloys must be matched
to achieve the desired target alloy composition upon mixing. After mixing, a large number
of primary crystalline nuclei appear in the HTM melt due to the cooling effect of the LTM
melt [13]. Whether these nuclei can grow into a non-dendritic microstructure is closely re-
lated to the composition of the prefabricated melts and the mixing process parameters [14].
Ashtari et al. successfully combined controlled diffusion solidification with the gravity tilt
casting process to fabricate castings of 2024, 6082, and 7075 aluminum alloys [13]. Saha et al.
found that controlled diffusion solidification eliminated the dendritic solidification of x-Al
in various wrought aluminum alloys, produced fine equiaxed grains, improved shrinkage
feeding efficiency, and reduced porosity [9]. ZL205A alloy can even be cast without a riser
using controlled diffusion solidification [15]. These findings demonstrate that controlled
diffusion solidification technology has significant advantages in suppressing in-mold ignition
and controlling defects during the casting of magnesium alloys.

At present, the formation mechanism of the non-dendritic microstructure in controlled
diffusion solidification remains unclear. According to the two-step nucleation theory,
controlled diffusion solidification differs from conventional nucleation theory in that energy
and composition fluctuations do not occur simultaneously, and thermal equilibrium is
established more rapidly than solute equilibrium [16,17]. This lack of understanding results
in an insufficient theoretical basis for designing prefabricated alloy compositions.

Ashtari et al. [18] proposed three principles for designing the prefabricated alloy com-
position to obtain a non-dendritic microstructure. (1) The liquidus temperature difference
between the HTM alloy and the LTM alloy should be at least 50-80 °C. (2) The mass ratio of
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HTM to LTM (HTM: LTM) is at least 3:1. (3) The equilibrium temperature of the melt mixing
process should be above the liquidus temperature of the target alloy. In fact, these design
criteria are derived from experimental observations and are not universally applicable.
For example, even when the liquidus temperature difference between the prefabricated
alloys is less than 50 °C, castings of 7xxx alloy with a non-dendritic structure can still be
obtained [19]. Ashtari also pointed out that the weighted average of the free energies of
the two prefabricated alloys is lower than the Gibbs free energy of the target alloy at its
liquidus temperature [13]. Birsan et al. changed the microstructure of the target alloy from
globular non-dendritic to rosette and then to dendritic by applying different superheats
of 2 °C, 15 °C, and 25 °C to HTM [20]. This result indicates that the superheats of HTM
and LTM have a great influence on the microstructure of the target alloy. However, the
relationship between the superheats of HTM and LTM has not been defined, and the design
of precursor alloy superheats lacks both a theoretical and an experimental basis. In this
study, the effect of different superheats on the grain morphology and diffusion distance of
pure magnesium (HTM) and Mg-Al-Zn magnesium alloy (LTM) during the solidification
of the mixed alloy was experimentally investigated, and numerical simulations assisted in
verifying the effect of temperature changes on the transition zone.

2. Materials and Experiments

In this study, 99.95 wt.% pure magnesium (Henan Mingmei Magnesium Technology
Co., Ltd., Hebi, China) was used as the HTM alloy. Three different Mg-Al-Zn magnesium
alloys were used as the LTM alloys. LTM alloys were prepared by melting pure magnesium,
Mg-30 wt.% Zn master alloy (Henan Mingmei Magnesium Technology Co., Ltd., Hebi,
China), and pure aluminum (Huazhu Aluminium Industry Co., Ltd., Foshan, China) under
a protective gas. A certain mass of pure magnesium and a certain mass of the Mg-Al-
Zn alloy were placed in two separate crucibles and heated to a temperature 10 to 20 °C
above the liquidus line, and then held at that temperature for 20 min, during which the
temperature was continuously monitored with a thermocouple. The furnace temperature
was subsequently reduced to the desired test temperature. A spoon made of 304 stainless
steel was used to reach into each crucible at the designated holding temperatures. To
minimize heat loss and contamination during melt transfer, the sampling spoon was kept
in the holding furnace prior to use. The spoon surface was coated with boron nitride to
prevent wetting and reaction with the molten alloy. The molten pure magnesium was
then quickly transferred onto the surface of the molten Mg-Al-Zn alloy within 2-3 s, as
illustrated in Figure 1. The melt was directly solidified in the 304 stainless steel spoons
(inner diameter ~30 mm, depth ~20 mm). To avoid rapid cooling, the spoon was placed
on a thermal insulation blanket immediately after pouring. A very low pouring height
(~5 mm) and small droplet size were employed to ensure gentle laminar contact between
the HTM and LTM, rather than impact mixing. More importantly, Figure 1 provides
direct experimental evidence: a sharp, straight, and visually distinct macroscopic interface
demarcation line is clearly preserved between the two melts. This feature confirms that the
two melts remained in a quasi-static contact state without macroscopic convective mixing
during the entire experiment, which justifies the use of a diffusion-dominated transport
model in the subsequent numerical analysis. The melt superheats used in the experiments
of this study are shown in Table 1. Every experimental condition was independently
repeated three times.

https://doi.org/10.3390 /met16070819


https://doi.org/10.3390/met16070819

Metals 2026, 16, 819

40f17

LTM1: Mg-55Al-6.5Zn
LTM2: Mg-30Al-3.5Zn
LTM3: Mg-20Al1-2.5Zn
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Figure 1. Schematic of the CDS process and the resultant ingot, and phase-diagram locations of the
three LTM alloys used in this study.

Table 1. CDS casting experimental parameters used in this study. T1 and T, present the pouring
temperature of HTM and LTM. T} 1 and T}, present the liquidus temperature of HTM and LTM. AT,
and AT, present the pouring superheat, and m, is the mass ratio of HTM to LTM (HTM: LTM).

HTM LTM
No. my
T1 (°O) Tr1 (°O) AT, T, (°O) T, (°O) AT,
HTM +

TM 1 Exl-1 660 650 +10 455 450 +5 1
M Ex2-1 660 650 +10 443 438 +5 1
iy 2* Ex2-2 655 650 +5 443 438 +5 1
Ex2-3 655 650 +5 448 438 +10 1
Ex3-1 660 650 +10 516 511 45 1
PLI,E\“/;[; Ex3-2 655 650 +5 516 511 +5 1
Ex3-3 655 650 +5 521 511 +10 1

To study the controlled diffusion solidification behavior between pure magnesium
and the Mg-Al-Zn alloys, specimen sections were cut, ground, polished, and etched with a
3% nitric acid alcohol solution. The composition distribution and phases at the interface
were analyzed using a NovaNano 450 field emission scanning electron microscope (SEM)
equipped with energy-dispersive X-ray spectroscopy (EDS) (FEI Company, Hillsboro, OR,
USA). Surface morphology was examined with a body microscope (Nikon Corporation,
Tokyo, Japan) and a metallurgical microscope (Carl Zeiss AG, Oberkochen, Germany). The
actual compositions of the alloys were measured using XRF (Bruker Corporation, Billerica,
MA, USA), and the results are shown in Table 2.
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Table 2. Chemical compositions of precursor alloys measured by XRF (wt.%).

Precursor Alloys Al Zn Mg
HTM — — 99.95
LTM1 55.16 6.23 Bal.
LTM2 31.56 3.61 Bal.
LTM3 22.72 2.60 Bal.

The mixing and solidification processes of the experiments listed in Table 1 were
simulated using Ansys Fluent 19.2 software to understand how temperature influences
solidification. A two-dimensional planar model was developed based on the volume of
fluid method (VOF), combined with the laminar flow equation and the energy equation. As
shown in Figure 2, two liquid phases were considered in the simulation. A uniform mesh
size of 1 um was applied, and heat losses from the funnel and crucible to the surroundings
were accounted for through both radiation and convection.

LTM
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Figure 2. Schematic diagram of the numerical model for CDS solidification simulation. (a) Schematic
of the solute diffusion model between the LTM and HTM. (b) Initial material configuration (left) and
simulated solute concentration distribution with a transition zone (right) in the mixed alloy.

The solute diffusion behavior at the CDS interface was calculated using a one-dimensional
diffusion model based on Fick’s second law (Equation (1)). It was discretized using the finite
difference method and solved with MATLAB (R2022b) software. Equation (2) is an empirical
formula obtained by fitting the relationship data between the liquidus temperature and the
solute concentration in the hypoeutectic region of the binary Mg-Al phase diagram using
MATLAB software. The R? value for the fitting was determined to be 0.946.

oC 02C

= _D| = 1

o (ay2 ) W
T = —3129C* + 1826C3 — 1052C? — 393.5C + 650 ()

Here, t is the time (s), D is the solute diffusion coefficient (m?/s), C is the solute
concentration (wt.%), y is the distance (m), and T} is the liquidus temperature (°C). The
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ambient temperature was set to 25.68 °C, and the convective heat transfer coefficient was
15 W/m?2 K. The material properties used in this calculation were obtained from JMatPro
7.0 software as listed in Table 3. The actual compositions listed in Table 2 were used as
inputs for the simulations and for Equation (2).

Table 3. The material parameters used for simulation in this study.

Parameters Values

HTM 1580

Density
LTM2 1870

(kg/m)
LTM3 1770
HTM 1410

Specific heat

LTM2 1170

(J/kg-K)
LTM3 2345
HTM 79.31
Thermal conductivity LTM2 59.11

(W/m-K) :
LTM3 64.27
HTM 1.35
Viscosity LTM?2 2.75
(mPa-s) :
LTM3 2.06
HTM 0.432
Diffusion coefficient LTM2 1.291
(x107° m2/s) :

LTM3 1.868

The Fluent model captures the macroscopic thermal history T(t) at the HTM/LTM interface.
This temperature history is then imported into the MATLAB model as a time-dependent
boundary condition, where the one-dimensional diffusion equation (Equation (1)) is solved
along the direction normal to the interface to obtain the solute concentration profile. The
constitutional supercooling tendency is subsequently estimated using Equation (2). In this way,
the two models are sequentially coupled, with Fluent providing the thermal driving conditions
and MATLAB resolving the associated solute redistribution at the interface.

The numerical simulation in this work is subject to several limitations. A formal
grid convergence study was not conducted. The 1 pm mesh size was adopted based
on literature precedence [21] and its ability to resolve the diffusion boundary layer, but
quantitative grid-independence for this specific setup remains unverified. Additionally,
the one-dimensional solute diffusion model simplifies the actual transport phenomena by
neglecting lateral solute redistribution, and quantitative validation against experimental
measurements is lacking. Therefore, the simulation results should be regarded as semi-
quantitative indicators of trends rather than precise predictions. Their primary role in this
paper is to support the interpretation of the experimental microstructural observations.
Future studies with systematic grid refinement and experimental validation are needed to
confirm the quantitative aspects of the model.

3. Results and Discussion
3.1. Analysis of the Interfacial Composition of Mg and Mg-Al-Zn Alloy

The aluminum content of LTM1 is relatively high compared to LTM2 and LTM3. It is
no longer a magnesium alloy but an aluminum alloy. As the aluminum alloy matrix cannot
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Transitional region

be corroded by nitric acid, the presence of the transition zone solidified with LTM1 is more
clearly visible than those of LTM2 and LTM3.

Figure 3 shows the SEM morphology of the cross-section of the mixing interface from
Ex1-1. Based on the EDS line scan result shown in Figure 3¢, the interface can be further
divided into five regions as labeled in Figure 3a. Area I is the bottom Mg-Al-Zn matrix.
Area Il is the transition zone on the Mg-Al-Zn alloy side. Area IlI is the solidification
microstructure of the central controlled diffusion solidification interface. Area IV is the
transition zone on the magnesium side. Area V is the top pure magnesium matrix. Due to
the differences in temperature and concentration, aluminum and zinc diffuse toward the
magnesium side. In area II, the element concentration gradient exhibits a gradual transition.
Near the magnesium side in area IV, the aluminum concentration decreases sharply.

(b)

Area V
Mg matrix

Area IV
Mg side transition zone

© "

Area III ——AIK 4 2.5k

Intermediate

Area Il .

-
E"l.‘]k Lok 7
500.0 |- 500.0 1>
° Db bt ,
—500. - L 1 L —500.0
0 200 400 600 800

Distance (um)

Figure 3. Interfacial microstructure between pure Mg and LTM1(Ex1-1) after controlled diffusion
solidification. (a) Interfacial structure diagram; (b) SEM microstructure; (c) EDS composition analysis
results.

To quantitatively analyze the variation in aluminum content across the interface,
local area EDS was performed as shown in Figure 4. The aluminum content decreased
from 49.95 wt.% in area I to 1.02 wt.% in area IV. The decrease was relatively gradual
in areas I to III, but dropped sharply in area V. During the mixing process, the diffusion
of aluminum into magnesium altered the solute concentration in the liquid phase. In
area III, the eutectic phase transformed from a lamellar morphology in region A to a
fibrous morphology in region B. Due to the chilling effect of LTM, extensive nucleation
occurred in pure magnesium. Solute atoms then diffused to form area III, while area IV
resulted from solute atom diffusion toward the magnesium side. Meanwhile, because
of the rapid advancement of the solid-liquid interface and the fast growth rate of nuclei,
the diffusion coefficients of liquid-liquid diffusion and liquid-solid diffusion differed by
orders of magnitude [22-25]. Solute atoms in area IV did not have sufficient time to diffuse
further into the magnesium side, leading to a sharp concentration drop. This finding is
consistent with the local interface reaction mechanism proposed by Khalaf [24] for the CDS
mixing process.
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Region

Figure 4. Variation in Al content (wt.%) at the mixing interface of pure Mg and LTM1(Ex1-1).

Figure 5 shows the EPMA morphology and elemental mapping of the mixing inter-
face between HTM and LTM2 (Ex2-1). The a-Mg phase appears globular in the mixing
region. According to the mapping analysis results, the aluminum content in area IV is
extremely low, and the magnesium content approaches that of pure magnesium. Severe
solute segregation is observed near the grain boundaries, where aluminum accumulates
sharply, while zinc shows little variation. These observations indicate that nucleation
occurs preferentially on the pure magnesium side, and the subsequent diffusion of solute
atoms toward the magnesium side leads to the formation of the solidification structure.
The solidification microstructure of the mixed interface of HTM and LTM3 is similar to that
of the LTM2 mixture.

(counts)
14,000
13,225
12,450

(counts)

Figure 5. EPMA morphology and mapping of mixed interface formed by LTM2 (Ex2-1).

Therefore, regardless of the Al content in the LTM alloy, no significant Al concentration
gradient forms at the mixed interface. In other words, the Al distribution across the mixed
interface is nearly uniform, with an Al content approximately 60% of that in the LTM alloy.
EPMA mapping of Al content reveals a distinct boundary between the mixed region and
the HTM side.
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CDS Region "‘“

3.2. Effect of Superheat on the Grain Morphology of CDS Mg-Al Alloys

As shown in Figure 6, the interfacial microstructures of different LTM compositions
mixed with pure magnesium under various superheats were observed using a stereomicro-
scope and a metallurgical microscope. The diffusion distance was determined based on the
boundary between the intermediate transition zone and the prefabricated alloy matrix or
the morphological transformation of the microstructure, and the distance was calculated
using Image-Pro Plus 6.0 software.

CDS Region

CDS'Region

Figure 6. Macroscopic and metallographic micrographs of the bonding interfaces between pure Mg
and LTM2/LTM3 alloys under various superheat conditions: (a—c) LTM2 with Ex2-1, Ex2-2, and
Ex2-3; (d—f) LTM3 with Ex3-1, Ex3-2, and Ex3-3 (see Table 1 for detailed conditions).

When the superheat of HTM is greater than that of LTM2, the transition zone width
is 165 um and the transition zone is mainly composed of spherical x-Mg solid solution
and eutectic phase, as shown in Figure 6a. When the superheats of HTM and LTM are
equal (Figure 6b), the transition zone width decreases by half to only 80 um, and the
number of spherical «-Mg decreases significantly. When the superheat of HTM is lower
than that of LTM2 (Figure 6¢), the transition zone width further decreases to 63 um, and
the microstructure begins to change from spherical x-Mg to a mixed structure of spherical
and columnar grains.

Three superheat conditions were examined when pure magnesium was mixed with
LTM3. A higher superheat of HTM relative to LTM3 produced a transition zone width
of 1400 um, as shown in Figure 6d. In this case, the transition zone consisted of x-Mg
solid solution, eutectic Mg, and Mgj7Al;,, and exhibited a progressive morphological
change from non-dendritic to columnar and finally to dendritic. Equal superheats between
HTM and LTM3 reduced the transition zone width to 560 pum, as seen in Figure 6e. Under
this condition, non-dendritic x-Mg was no longer evident, and the microstructure was
dominated by columnar and rose-like structures along with more pronounced equiaxed
dendrites. A lower superheat of HTM compared to LTM3 resulted in the smallest transition
zone width of 171 um, with the microstructure consisting exclusively of columnar crystals,
as shown in Figure 6f.

The above results were obtained only by macroscopic analysis of the transition zone
width and microstructure using metallographic microscopy. To ensure the accuracy of
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Mg-30A1

Mg-30A1

h Mg-30Al

the results, energy-dispersive X-ray spectroscopy was employed to analyze the transition
zone. Figure 7 shows the EDS results of the interface after mixing, illustrating how the
elemental composition at the interface front varies with the superheat. When the superheat
of HTM is greater than that of LTM, the aluminum content in the transition zone near the
Mg-Al side changes from 26 wt.% and 14 wt.% to 20 wt.% and 8 wt.% respectively for the
three LTM compositions, representing a decrease of approximately 6 wt.% in each case.
When the superheat of HTM is less than or equal to that of LTM, the aluminum content
changes to 23 wt.% and 11 wt.% respectively, and the zinc content also shows a decreasing
trend. Analysis of the test results from three different LTM2 superheats indicates that
when the HTM superheat exceeds the LTM superheat, both the transition zone width or
diffusion distance and the microstructure morphology are superior to those under lower
HTM superheat conditions.

Element |Weight%| Atomic%
Mgk | 8511 86.7
AIK | 1421 | 13.04

Mg | Element|W eight%| A tomic% (e)
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ZnK 0.78 03
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Figure 7. SEM images and EDS results of the bonding interfaces between pure Mg and LTM2/LTM3
alloys under various superheat conditions. (a-d) represent the LTM2 series: (a) LTM2, (b) Ex2-1,
(c) Ex2-2, (d) Ex2-3; (e-h) represent the LTM3 series: (e) LTM3, (f) Ex3-1, (g) Ex3-2, (h) Ex3-3 (see
Table 1 for detailed conditions).

As no convection was present during mixing of the controlled diffusion solidification
process in this study, a transition zone formed overall, yet a few isolated liquid droplets were
still observed. As shown in Figure 8, pure magnesium was broken into numerous droplets
surrounded by the Mg-Al alloy. These droplets were not the pure metal droplets produced
by instantaneous quenching as described in the literature. Instead, they originated from
interface collision and the single solute diffusion that occurred when a large volume of pure
magnesium fell into the Mg-Al melt. EDS line scans revealed that these so-called droplets
were not pure magnesium but «-Mg solid solution formed by the diffusion of aluminum
into magnesium. A relatively gentle aluminum concentration gradient existed near the
x-Mg phase, as seen in regions 1 and 2. This phenomenon likely resulted from the reverse
diffusion of solute toward the solid-liquid interface during the preferential nucleation of

https://doi.org/10.3390 /met16070819


https://doi.org/10.3390/met16070819

Metals 2026, 16, 819

11 of 17

supercooled magnesium droplets. In this case, constitutional supercooling was almost
negligible, which kept the solid-liquid interface relatively stable during conventional
solidification. Consequently, as shown in Figure 6, no pronounced dendritic structure was
produced in this study. Instead, the microstructure mainly exhibited a transformation trend

from non-dendritic to columnar and finally to dendritic.

LA U 500
gl o8 ﬁﬁﬁé"@
' 400
300

=
200 5

30

Distance (um)

Figure 8. The SEM morphology and EDS analysis results of pure magnesium droplets observed in
the mixed interface.

It is acknowledged that LTM2 exhibits the shortest solute diffusion distance among
the conditions examined. However, under the same superheat, the diffusion distance
in LTM2 is comparable to that in LTM3, with only a modest absolute difference. More
importantly, the present study focuses on the solidification behavior at the static contact
interface, where grain morphology at the interface is the primary evaluation criterion. In
actual CDS processes, forced convection promotes macroscopic homogenization through
melt fragmentation and droplet formation. The diffusion distances measured under the
static condition, therefore, serve primarily as a reference for understanding the subsequent
dynamic mixing, rather than as a direct measure of overall compositional uniformity. In
this study, the grain refinement achieved at the interface is considered a more meaningful
indicator of the solidification mechanism.

By neglecting constitutional supercooling and convection at the HTM and LTM in-
terface, the growth morphology of the interfacial microstructure during mixing mainly
depends on the temperature gradient G and the growth rate V. However, these two param-
eters cannot be directly parameterized through experiments. Therefore, the Fluent software
was used to calculate the temperature gradient across the entire two-dimensional interface
via finite element analysis.

Since the nucleation time for most metals is on the order of 1 x 10~% s and stable
nucleus growth occurs after nucleation [26], the temperature distribution along the y-axis
perpendicular to the mixing interface was simulated using Fluent software based on the
two-dimensional physical model established in Figure 2. Temperature distribution curves
along the y-axis were extracted at 1 x 10785, 1 x 1077 s, and 1 x 107® s. With pure
magnesium superheated by 10 °C and the LTM alloy superheated by 5 °C, the y-axis
temperature distributions after mixing of LTM3, LTM2, and pure magnesium are shown in
Figure 9. Due to the chilling effect of the LTM alloy on the HTM alloy, extensive nucleation
occurs in the HTM alloy near the LTM alloy region. Subsequent growth proceeds in the
direction away from the LTM alloy. At the early growth stage of 1 x 1078 s, the temperature
gradients in the solid and liquid phases exhibit steep positive values. As time advances,
the temperature rise of the LTM alloy causes the temperature gradients in the solid and
liquid phases to continuously decrease.
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Figure 9. Temperature distribution along y-axis and solid-liquid interface growth velocity at identical
superheats of 10 °C (HTM) and 5 °C (LTM). (a) The temperature field and (b) solid-liquid interface
growth velocity for mixing of HTM and LTM2; (c) the temperature field and (d) solid-liquid interface
growth velocity for mixing of HTM and LTM3.

The solid-liquid interface growth velocity can be calculated using Equation (3) [24].

_ KsGs—K Gp

1% e 3)

where Ks and K}, are the thermal conductivities in the solid and liquid phases, respectively.
Gs and Gy, are temperature gradients in the solid and liquid phases, respectively. p is the
density of the alloy, and H is the latent heat of solidification.

It should be noted that the growth velocities calculated from Equation (3) are theoreti-
cal estimates and have not been quantitatively validated against experimentally measured
microstructural features (e.g., dendrite arm spacing). These values are therefore used
primarily for qualitative trend analysis rather than precise prediction.

Figure 9b,d show the solid-liquid interface growth velocity at different time intervals
when pure magnesium is mixed with different LTM alloys. It can be observed that at the
initial stage indicated by point A, the HTM alloy region near the LTM alloy experiences a
chilling effect from the LTM alloy. Under this condition, the growth velocity reaches as high
as1m/s and 1.89 m/s. As the LTM alloy temperature rises, the chilling effect weakens. At
point B, the growth velocity drops sharply to 0.31 m/s and 0.44 m/s. At point C, the growth
velocity further decreases to only 0.08 m/s and 0.09 m/s. Because the liquidus temperature
difference between LTM2 and pure magnesium is greater than that between LTM3 and
pure magnesium, the chilling effect of LTM2 on pure magnesium is stronger. Consequently,
the solid-liquid interface advances faster with LTM2 than with LTM3, although this gap
narrows over time.

Since the primary magnesium phase nucleates and grows in the HTM alloy region
near the LTM alloy, the solid fraction increases, which restricts diffusion between the solid
and liquid phases and inhibits solute diffusion between the HTM and LTM alloys. As a
result, solute atom diffusion toward the pure magnesium side is suppressed, leading to a
shorter diffusion distance. Therefore, under the same superheat as in Figure 6a,d, the faster
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progression of the solid-liquid interface in LTM2 inhibits diffusion, leading to a diffusion
distance far shorter than that in LTM3.

It is worth noting that, although the LTM2 condition exhibits the fastest interface
advancement velocity and the shortest solute diffusion distance, which, to some extent,
restricts sufficient solute redistribution, the entire CDS solidification process is completed
within a few seconds. This extremely short time window does not provide sufficient time
for grain coarsening or growth engulfment. Therefore, despite the presence of diffusion-
limiting effects, the nucleation burst induced by the high undercooling in LTM2 has already
locked in an extremely high grain density at the initial stage of solidification. The refining
contribution from nucleation far outweighs any potential negative coarsening effects asso-
ciated with diffusion limitation, ultimately resulting in the finest equiaxed grain structure.

According to classical solidification theory, when the temperature gradient ahead of
the solid-liquid interface is greater than the liquidus temperature gradient, the interface
is stable and spherical grains tend to form. Conversely, an unstable interface leads to
constitutional supercooling. Depending on the degree of constitutional supercooling,
rosette or dendritic structures develop. Thus, the stability of the solid-liquid interface plays
a crucial role in determining the morphology of the growing crystals.

3.3. Solute Diffusion Behavior and Constitutional Supercooling Zone at the HTM/LTM Interface

Before establishing a causal link between constitutional supercooling and the grain
morphology transition, it is necessary to first rule out other competing mechanisms that
could potentially account for the observed microstructural evolution. In this study, three
common alternative mechanisms can be excluded based on direct experimental evidence.
First, if dendrite fragmentation induced by forced convection were the primary cause
of grain refinement, the macroscopic interface between the HTM and the LTM would
inevitably be disturbed by intense fluid shear. However, as shown in Figure 1, a sharp,
straight, and complete macroscopic interface demarcation line is consistently preserved
between the two melts, which directly rules out convection-induced fragmentation as the
dominant mechanism. Second, oxide films or inclusions at the interface could act as foreign
substrates to promote equiaxed grain formation. However, SEM and EDS analyses of the
interfacial region (see Figure 7) reveal no continuous oxide interlayer or significant foreign
particle enrichment, excluding the possibility that heterogeneous nucleation governs the
transition. Third, if the morphology change originated from systematic differences in
the overall solute concentration of the melt, the average composition at the interface
should vary distinctly across different superheat conditions. Yet, compositional analyses
indicate that the macroscopic average composition near the interface remains essentially
constant, ruling out bulk composition change as the driving force. In summary, none of
these three alternative mechanisms can coherently explain the continuous columnar —
rosette — globule transition observed experimentally. The only physical mechanism that
simultaneously accounts for both this morphological evolution and the increasing AT trend
is enhanced constitutional supercooling.

The five-region classification shown in Figures 3 and 4 reflects the spatial distribution
of distinct physical mechanisms active at the CDS interface. A key observation is the
asymmetric diffusion behavior between Area II and Area IV. This asymmetry originates
from the differences in thermophysical properties between the two melts, such as thermal
conductivity and liquidus temperature, which drive an asymmetric solute redistribution.
This asymmetric redistribution generates a localized peak of constitutional supercooling
within the central interface zone, designated as Area III, and it is this peak that triggers
the subsequent nucleation burst. Therefore, the presence of these five regions serves as
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spatial evidence that constitutional supercooling is the primary mechanism governing the
morphological evolution.

To determine the size of the constitutional supercooling zone, the heat and solute
diffusion processes were calculated. Solute diffuses from the LTM toward the HTM, while
heat diffuses from the HTM toward the LTM. Figure 10 shows the calculated results of solute
diffusion and liquidus temperature at 1 x 10~7 s after CDS mixing. The constitutional
supercooling layer was determined by combining these results with the temperature
distribution curve, as indicated in Figure 10b,d. The evaluation criteria include the width of
the constitutional supercooling layer, denoted as AY7 and AY>, and the maximum degree
of constitutional supercooling, denoted as AT} and ATy ;.
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Figure 10. Temperature distribution along y-axis at 1 x 107 s after mixing under different superheats.
(a,b) LTM2 + pure Mg; (c,d) LTM3 + pure Mg.

When pure magnesium is superheated by 10 °C and the LTM alloy is superheated by
5 °C, the width of the constitutional supercooling layer on the magnesium side near
LTM3 is 3.5 um, while that near LTM2 is only 1.1 um, meaning AY> is greater than AYj.
Therefore, under the same superheat conditions of 10 °C for pure magnesium and 5 °C
for the LTM alloy, the constitutional supercooling zone induced by LTM3 is significantly
larger than that induced by LTM2. Meanwhile, the maximum degree of supercooling
produced by the chilling effect of LTM2 is 69 °C, which is higher than that of LTM3 at 60 °C.
Consequently, the nucleation rate on the magnesium side near LTM2 is higher than that
near LTM3. As shown in Figure 6a,d, the mixture of LTM2 with pure magnesium results in
fine globular grains, whereas LTM3 produces a mixed microstructure of coarse rosette and
columnar grains.

When pure magnesium is superheated by 5 °C and the LTM alloy is superheated
by 5 °C, the width of the constitutional supercooling layer begins to increase. On the
magnesium side near both LTM2 and LTM3, the constitutional supercooling layer width
is approximately 5 um. However, because the supercooling caused by LTM2 on pure
magnesium is 82 °C, which is larger than that caused by LTM3 at 62 °C, LTM2 promotes
the development of globular grains, whereas LTM3 leads to columnar grain formation.
When pure magnesium is superheated by 5 °C and the LTM alloy is superheated by
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10 °C, the combination of a wider constitutional supercooling layer and a lower degree
of supercooling makes the interface more unstable, leading to the formation of coarse
columnar grains.

The simulation results also indicate that when the superheat of the LTM alloy is fixed
at 5 °C, increasing the superheat of the HTM alloy reduces the degree of supercooling and
decreases the nucleation rate, leading to coarser grains. This trend is clearly shown in
Figure 6. Therefore, the superheat of the HTM alloy should not exceed 10 °C.

Figure 11 presents the post-solidification diffusion distance and the solute concentra-
tion at the mixing interface obtained from the experimental results shown in Figures 6 and 7.
The solid line represents the solute diffusion distance, and the dashed line represents the
solute concentration difference at the interface. Since a higher temperature leads to a
larger diffusion coefficient, and for the same LTM alloy composition, a higher HTM alloy
temperature results in a greater diffusion distance. Therefore, under the condition of HTM
superheat at 10 °C and LTM superheat at 5 °C, a larger diffusion distance and a larger
solute concentration difference can be achieved, which improves melt mixing uniformity
and reduces macro segregation. Based on the overall results, mixing LTM2 with pure
magnesium under HTM superheat of 10 °C and LTM superheat of 5 °C yields a relatively
large diffusion distance and fine globular grains. However, because LTM2 causes exces-
sively rapid advancement of the solid-liquid interface during the early stage of nucleation
and growth, the diffusion distance is much shorter than that of LTM3. Therefore, during
dynamic mixing, enhancing the fragmentation effect of the pure magnesium melt and
reducing the droplet size of pure magnesium are necessary to improve melt uniformity.

1500
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Figure 11. Diffusion distance (x) and solute concentration difference (AC) for mixing at different
superheating temperatures.

4. Conclusions

1. After mixing, the solidified HTM/LTM interface consists of five regions: the base
metal on both sides, two transition zones, and the central CDS solidification structure.
Pure magnesium nucleates extensively at the contact position with the LTM alloy, and
the CDS solidification region is formed through solute diffusion from the LTM alloy.
2. Mixing LTM2 alloy with a composition of Mg30Al3.5Zn with pure magnesium pro-
duces fine globular grains, whereas Mg20AI2.5Zn forms coarse rosette and columnar
grains. The constitutional supercooling layer thickness formed by Mg30Al13.5Zn
with pure magnesium is smaller than that formed by Mg20Al12.5Zn, and the degree
of supercooling is larger than that of Mg20AI2.5Zn. This suppresses grain growth
and increases the nucleation rate. Therefore, Mg30Al13.5Zn is more favorable for the
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formation of fine globular grains. Due to the excessively rapid growth velocity of
the solid-liquid interface, solute diffusion is inhibited. Consequently, the diffusion
distance of solutes from the Mg30Al3.5Zn alloy toward the magnesium side and the
solute concentration difference between the matrix and the diffusion interface are
both smaller than those of Mg20AI2.5Zn.

3.  Higher superheat reduces constitutional supercooling, decreases nucleation, and
coarsens the grains. Within the experimental window of this study, the 10 °C HTM/
5 °C LTM condition achieved a favorable balance between preserving nucleation
undercooling and promoting interfacial diffusion, thus yielding relatively optimal
grain refinement.
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